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Solubility of Nitrogen in Molten Iron 


Manganese Alloys 


The solubility of nitrogen in molten iron-manganese alloys 
was measured as a function of concentration of manganese, tem- 


perature, and pressure. 


The experimental values for the solu- 


bility and heats of solution are larger than those obtained from 
the excess free energies calculated by the use of the ternary 
Gibbs-Duhem relationship developed by Darken and by the use 
of similar equations developed by Alcock and Richardson and 
Wagner. The failure of the regular-solution model used in the 
derivation of the equation is discussed. The possibility of 


‘“cluster’’ formation is considered. 


Mucu of the extant data on the solubility of gases 
in iron-based alloys was obtained in studies cover- 
ing the small concentration ranges found in com- 
mercial alloys. Summaries of recent work on 
solid iron alloys’ and on molten alloys” * show 
some progress in the understanding of the mech- 
anism of absorption. These summaries indicate 
that a better understanding of the solution process 
can be obtained by extending the alloying range. 

It was with this point of view that this study of 
the solubility of nitrogen in the iron-manganese 
system was undertaken. This alloy system is of 
particular interest because, among the various 
iron-based alloys for which thermodynamic 
data exist, it appears to be the closest to ideality,* 
a factor which would assist in making the simpli- 
fying assumptions necessary in the construction 
of any model. 

The system bears some inherent difficulties. 
For one, the vapor pressure of manganese is 
relatively high. Thus the Sieverts method, which 
‘permits the rapid collection of data, is not suit- 
able. In addition, the presence of manganese 
vapor in the atmosphere negates the use of optical 
pyrometry for temperature measurement and 
control. Previous attempts’ to study this system 
over the entire concentration range have met with 
many experimental difficulties. In these studies, 
special effort was made to develop techniques for 
the automatic control of the thermodynamic vari- 
ables. Since these techniques should prove of 
equal value in other high-temperature studies they 
are described in detail. 


EXPERIMENTAL 


Apparatus— The apparatus, illustrated in Fig. 1, 
consisted of a nonmagnetic stainless steel re- 
action chamber, of approximately 50 liters vol- 
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ume, connected to a high-capacity oil-diffusion 
pump--mechanical-backing pump system. Induc- 
tion heating was used with the power provided 

by a temperature-controlled 10-kc to 15-kw 
motor-generator unit (Tocco Division - Ohio 
Crankshaft). A vestibule through the cover of the 
reaction vessel permitted access to the inside of 
the vessel, without disturbing the atmosphere, 
during the experiment. 

Temperature control was achieved by the use 
of a thermocouple in a recrystallized alumina 
sheath mounted within the crucible and immersed 
in the metal bath. The leads were brought out 
through vacuum Seals and fed to the CAT con- 
troller (Leeds and Northrup) shown in the block 
diagram in Fig. 2. The control signal, supplied 
by the thermocouple, is converted to a secondary 
control signal to the voltage regulator in the 
motor-generator set. The voltage regulator in 
turn controls the output energy by means of cur- 
rent feedback applied to the field winding of the 
generator. A portable heat station provides a 
means by which the turns-ratio of the trans- 
former as well as the capacitance can be elec- 
trically matched to the furnace coil. 

Procedure—To assist in attaining equilibrium 
the gas was bubbled through the molten metal. 
This was accomplished by extending a recrys- 
tallized alumina tube to the bottom of a low-silica 
magnesia crucible (Lava Crucible and Refractory 
Con): 

Sealed to the top of the crucible was a cover 
consisting of a porous alumina disk (Norton Co.) 
with a 1/4-in. hole in the center. (The disks are 
very soft and the hole can be cut out with little 
difficulty using a circular saw or by drilling pilot 
holes anc breaking out the center.) A plug for the 
center hole was made out of the same porous disk 
material. The plug could be raised or lowered 
from the outside of the vessel to permit sampling 
or temperature measurement. Wound around the 
top of the crucible was a molybdenum susceptor 
approximately 17/2 in. wide and 0.02 in. thick. Thus, 
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Fig. 1—Apparatus used in this inves- 
tigation. A—10 kce-15 kw motor- 
generator. B—Thermocouple- 
ionization control. C—Temperature 
recorder-controller. D—To left and 
right are flowmeters. E—Pump-out 
chamber. F—Sight tube and magnetic 
shutter. G—Sampling gate valve. 
H—To left is ionization gage, to right 
is thermocouple gage. I—4-in. ball 
valve connecting reaction vessel to 
diffusion pump. J—Vacuum roughing 
line. K—Reaction vessel. 


the top of the crucible acted as a reflux condenser 
driving back into solution the manganese that 
evaporated during the experiment. The crucible 
was packed into the volume within the induction 
coil with ground refractory of the same composi- 
tion as the crucible. | 
The metals used were electrolytic manganese 
and electrolytic iron or Ferrovac E (Crucible 
Steel) iron. The total weight of metal was 800 g 
_per heat. The vessel was covered and evacuated, 
and after a vacuum of the order of 5 was 
reached, the motor generator was turned on and 
the temperature raised by means of a programmer 
ata rate of 60°C per hr. After 2 or 3 hr the ves- 
| sel was filled with the particular gas mixture with 
which the metal was to be saturated. 
After the metal was melted and the temperature 
| adjusted, the gas was kept flowing for 6 hr be- 
| fore the first sample was taken. One-half hr 
later another sample was taken, and the necessary 
| changes in flow rates, temperature, and so forth, 
were made. Under these new conditions the metal 
| was kept for 4 hr before a sample was taken. One- 
half hr later another sample was taken, and again 
| conditions were changed. In general, three or four 


| different conditions were studied during each heat. 
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Sampling, was accomplished with standard Taylor 
samplers (7/4-in. round copper bar, 4 in. long and 
reamed with a No. 6 tapered reamer) to which 
172-in. silica tube extensions were cemented. The 
extensions were the only part of the samplers to 
touch the metal bath. With such an arrangement 
samples could be taken without chilling the bath. 
Standard sampling techniques were used, and 
actual sampling time was of the order of 10 sec. 

Gas Mixtures—The various partial pressures 
of nitrogen were set by mixtures of research 
grade argon and prepurified nitrogen made by 
flowing the two gases at various flow rates. The 
flowmeters were of the U-tube manometer type 
with the capillaries joined to the U-tube by means 
of ball joints to permit frequent cleaning. After 
being mixed, the gases were passed through 
heated copper turnings, Drierite, and magnesium 
perchlorate. A special gas inlet® provided a con- 
stant head to the incoming gas and also prevented 
the oil from being drawn over when the reaction 
vessel was originally under vacuum. The flow- 
meters were calibrated at the exit of the gas inlet 
to within 1 pct with a precision wet test meter. 
The overall error in measurement of p}/ is con- 
sidered to be approximately 2 pct. 
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Fig. 2—Block diagram of the temperature-controlled 
induction heated furnace. 


RESULTS 


Solubility as a Function of Manganese Content— 
The solubility of nitrogen was measured in alloys 
covering the entire composition range. The melt- 
ing points of the alloys in this system range from 
1245°C (for pure manganese) to 1535°C (for pure 
iron). To minimize the loss of manganese, 1550°C 
was Selected as the lowest temperature at which 
all alloys were liquid, yet still permitted rapid 
sampling. The loss of manganese is important 
not because it causes an error in estimating the 
alloys content, since the samples are analyzed 
for manganese, but rather that attendant to the 
loss in manganese there is a change in equilibrium 
solubility which would continually shift as the 
manganese evaporates. 

The solubility of nitrogen at bn, = 1 in the iron- 


manganese alloys at 1550°C is shown in Fig. 3. 
The manganese contents determined by analyses 
of the samples are accurate to 1 pct of the ab- 
solute value. The nitrogen analyses are accurate 
to within 1 pct for nitrogen content above approx- 
imately 0.1 pet. For lower levels of nitrogen, the 
estimated error is closer to 3 pct. The Kjeldhal 
method was used here because vacuum fusion gave 
consistently lower results. 

Although bubbling the gas through the molten 
metal decreases the length of time to achieve 
equilibrium it also causes an increased loss of 
manganese due to transportation by the saturated 
gas and to diffusion of the vapor. The first effect 
is of minor importance; the second can lead to 
substantial losses. The rate of loss can be roughly 
calculated from an approximate formula given by 
Seybolt and Burke.” On the assumption that the 
average gas bubble is 1 cu cm in volume, the 
manganese rate loss through this mechanism can 
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Fig. 3—Solubility of nitrogen at 1-atm pressure in iron- 
manganese alloys at 1550°C. 


be expected to be of the order of 1.9 pct per liter. 
To keep the loss of manganese at a minimum, a 
low bubbling rate consistent with reaction rate 
considerations® was employed. The rates ranged 
from 10 to 30 liters per hr. 

To reduce the manganese loss further, the 
crucibles were covered as described earlier. With 
this arrangement the manganese loss was less 
than 2 pct during the 4 hr required to attain 
equilibrium. 

Solubility as a Function of Temperature— The 
solubility of nitrogen, at l-atm partial pressure, 
in various iron-manganese alloys as a function 
of temperature is shown in Fig. 4. The arrow in 
the figure points to a datum obtained by reversing 
the direction of the change in temperature in order 
to test the reversibility of the solution process. 
The result shows that the process can be con- 
sidered reversible with temperature. 

The accuracy of the temperature control de- 
pended, in this work, on the stability of the con- 
trol thermocouple. For use as the control ther- 
mocouple the following couples were tried: 

Pt/ Pt-10 pet Rh, Pt-5 pct Rh/ Pt-20 pct Rh, 

Pt-6 pct Rh/ Pt-30 pct Rh, tungsten/ molybdenum, 
rhenium/tungsten, and rhenium/molybdenum. The 
platinum group showed considerable instability of 
calibration and on continuous immersion the elec- 
tromotive force output decreased with time. When 
these thermocouples were used for automatic 
control, the average temperature rise was 15°C 
per hr. 

The tungsten-molybdenum thermocouple showed 
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Fig. 4—Solubility of nitrogen in iron-manganese alloys as 
a function of temperature. Manganese concentrations is 
given in weight fraction. 


some tendency toward breakage in addition to 
which the electromotive force output is relatively 
low. The other two refractory metal thermo- 
couples exhibited almost perfect behavior. The 
calibration did not change even upon immersion 
for 12 to 18 hr at 1550°C. The sensitivity of these 
thermocouples is one and a half times that of the 
platinum thermocouples. This made possible tem- 
perature control of +1°C or better. These couples 
were therefore used as the control thermocouples 
in this work. 

None of the thermocouples above were used for 
measurement purposes. The temperature was 
always measured by an immersion thermocouple 
of calibrated reference-grade Pt/Pt-10 pct Rh. 
This was inserted and removed through the top by 
means of a sliding shaft seal. Compensated lead 
wire was used throughout and the electromotive 
force output was read on a recorder. The tem- 
perature could thus be determined to +1°C. 

The amount of manganese lost was in all cases 
approximately the same—1.5 g per 100 g total 
weight per temperature increment. Thus, the 
Overall accuracy of the curves shown in Fig. 4 
is +5 pct. 

Solubility as a Function of Nitrogen Partial 
Pressure--The solubility of nitrogen as a function 
of pressure in various iron-manganese alloys at 
various temperatures is shown in Fig. 5. 
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Fig. 5—Solubility of nitrogen in iron-manganese alloys as 


a function of py. Manganese concentration is given in 
2 


weight fraction. 


Mixtures of argon and nitrogen were bubbled 
through the molten metal with the total pressure 
inside the vessel kept to local atmospheric plus 
10 to 30 mm Hg by means of a mercury bubbling 
tube. 

Increments in px. of 0.2 (atm)!”? were studied. 
Before the next flow rate setting of bx. was 
established, the atmosphere within the vessel 
was altered to correspond to the new flow rates. 
At first this was accomplished by flushing the 
system with pure gas at a rate and time deter- 
mined by the simple mixing equation. However, 
this method led to results high in nitrogen. Pre- 
heating: the gas to about 800°C had little effect. 
The high nitrogen analyses were attributed to 
thermal separation which is thought to have caused 
the argon to migrate toward the cooler periphery 
of the vessel. During the flushing period a rela- 
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tively larger amount of argon is then displaced by 
the gas entering under pressure. Analysis of the 
exiting gas by means of a calibrated thermal con- 
ductivity gas analyzer (Gow-Mac Gasmaster ) 
showed that the concentration of gas in the vessel 
was higher in nitrogen than expected from the 
mixing equation. 

The method finally established was to pump out 
the vessel to some predetermined pressure and 
admit pure gas until the next setting of PN, ° was 


achieved. Then, the new flow rate was established 
with relative rates to correspond to the new value 
of p¥°. The outflowing gas was then continually 

2 


analyzed to ascertain that the outflowing gas had 
the same composition as the inflowing gas. The 
efficiency of the refluxing method is such that 
even though the pressure within the vessel was 
for a very short time below atmospheric, the total 
manganese loss was less than 2 pct over a 4-hr 
period. 

Representative solubility plots to illustrate the 
effects discussed are shown in Fig. 5. The plotted 
data were obtained, for Lines 1, 4, and 5, by in- 
creasing increments of pressure. The dispersed 
points on Line 5 indicate the uncertainty in speci- 
fying the partial pressure of the gas by flow rates 
alone. As can be seen from the data points at 
bx. = 0.6, a difference of 0.1 in bx. occurs be- 


tween the calculated flow and the analyzed gas. 
In all other cases where the two values of p¥? 
2 


agree, the flow rates had been adjusted to bring 
them into accord with the gas analysis values. 
The data on Lines 2 and 3 were obtained by de- 
creasing increments in bx”, with the point at 


pi? = 1 taken from Fig. 3. These indicate defi- 
2 


nite adherence to Sieverts’ relationship within 
experimental error up to manganese concentra- 
tions of at least 76 pct. 

The amount of manganese lost was in all cases 
approximately the same—1.5 g per 100 g total 
weight per pressure increment. Thus, the over- 
all accuracy of the curves plotted in Fig. 5 is of 
the order of +5 pct. 


DISCUSSION 


At present nc completely successful method 
exists for calculating the solubility of a third 
element in binary alloys. Of the methods pro- 
posed, the most promising appears to be the 
thermodynamic approach of Darken® or the 
methods employing models developed by Alcock 
and Richardson*® and Wagner.”’ In the Darken 
method, use is made of the Gibbs-Duhem equa- 
tion for a ternary system and the assumption that 
at constant temperature and low gas concentration 
in the metal the relationship (In y2)/(1 — X2)’, 
where yz and X2 are the activity coefficient and 
the atomic fraction of dissolved gas, is a function 
only of the ratio of the atomic concentrations of 
the binary elements. Thus, the following equa- 
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tion, rigorous for regular solutions only, is 
derived: 


ab X,F*S [1] 


1) 2 (x, = 1) 


2 (x, =0) 
Here Vlg is the partial molar excess free energy 
of the dissolved gas under the conditions specified 
in the subscripts and F*S is the excess molar 
free energy of the binary alloy. All that is re- 
quired to calculate the solubility in the alloy is 
(a) the solubility of the gas in each of the pure 
components and (b) the activity of at least one 
component in the binary. The relationship 


= RT ny; [2] 


is substituted and the subscripts identified. Eq. [1] 
is then converted into the form 


(Xpe=D ) 
— F*S/RT [3] 


In yy (in —Inyn 


+ In NG 
It indicates that for our system, for which the bi- 
nary is considered to be very close to ideal, 

log yn VS Xy, Should be linear. This equation 
without the last term was also derived by Wagner” 
(his Eq. 2-46) for systems for which the binary is 
close to ideal. For convenience yy is taken as 
1/Cy where Cy is the weight percent of nitrogen. 
The broken straight line is the expected plot on the 
basis of Eq. [2] with F*S =0. The dotted line 
shown was obtained with FS calculated from the 
outer extreme of the data of Sanbongi and Ohtani. 
Thus, the slight positive deviation from ideality of 
the iron-manganese binary as indicated by these 
data accounts for only a small part of the dis- 
crepancy. The greatest difference between the 
experimental and the calculated values of FXS is 


1 kcal (at Xy,, = 0.5) which leads to an error in 
the calculated solubility of 20 pct. At up to 25 pct 
Mn, the calculated value of the solubility is in 
better accord and the error amounts to a maximum 
of 13 pet. 

A somewhat different derivation by Alcock and 
Richardson” utilizes the assumptions that the co- 
ordination number of the dissolved gas is the same 
in the pure metals and the alloys and that the ternary 
is regular. A chemical approach is taken in which 
the energy involved in the formation and destruc- 
tion of the interatomic bonds is calculated. 

An equation in terms of the heats of solution is 
derived and can be expressed in the form 


HM = _HM M [5] 


Nowa rey 
where the new symbols in the order of occurrence 
represent the heats of solution of the nitrogen in 
the binary, in pure manganese, in pure iron, and 
the heat of formation of the iron-manganese alloys. 
An equation similar to Eq. [3] can be derived by 
substituting the relationship, valid for strictly 
regular solutions, 


M= = 
[6] 
In Fig. 7 the relationship expressed by Eq. [5] is 
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Fig. 6—Plot of log y,, as a function of Xy,. The lower 


curve is taken from the smoothed curve of Fig. 3 and the 
circles are the experimental points. The straight dashed 
line is the theoretical curve for the iron-manganese sys- 
tem considered as an ideal binary. The dotted curve 
was calculated from selected data of Sanbongi and Ohtani 
as described in the text. 


plotted with the assumption of ideality in the iron- 
manganese alloys. The calculated results, repre- 
sented by the broken line, can be compared with the 
measured values of Tres obtained from Fig. 6. The 


discrepancies between the measured and calculated 
values for H¥ are as high as 60 pct. On the other 


hand, the measured values are considered to be ac- 
curate to within 10 pct. 

Although the agreement between the experimental 
results and those predicted by Eq. [3] can be re- 
garded as moderately good, the discrepancies are 
significant in the light of the other results presented 
by Alcock and Richardson.*° Seeking the source of 
the discrepancy in the F*S of the binary is unreal- 
istic since activity coefficients of the order of 2 
or 3 in the binary are required to bring the two 
values into accord. However, it is of interest that 
in the system studied here as well as those pre- 
sented by Alcock and Richardson” the corrections 
supplied by F*S are in the right direction even 
when this contribution does not completely ac- 
count for the deviation of log y from a straight- 
line relationship. The agreement between the ex- 
perimental solubility and that calculated from 
Eq. [3] is better in the system studied here than 
those discussed by those authors probably be- 
cause of the near ideality of the iron-manganese 
system. Thus, for this system, the postulation of 
random distribution is not too unrealistic. 

Another source for the discrepancy can be 
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dashed line is the theoretical curve for the iron- 
manganese system considered as an ideal binary. 


sought in the contribution of the electrons to the 
free energy of mixing.*’ Unfortunately no direct 
method of testing this hypothesis exists and the 
effect cannot be calculated a priori. 

The most reasonable explanation for the nega- 
tive deviations found in the log yy plot of Fig. 6 and 
the ine plot of Fig. 7 is that in the ternary there is 


no longer the near random distribution which ap- 
parently occurs in the binary. Rather, a ciustering 
appears to take place about the dissolved nitrogen 
atoms. Eqs. [1] and [5] indicate that any clustering 
involving the manganese atoms will contribute rela- 
tively large negative deviations to the measured 
free energy and heat of solution. The tendency to 
form clusters can be anticipated on the basis of 
the large differences between the solubility of 

gas in pure iron and pure manganese—0.045 pct 

in pure iron and 1.38 pct in pure manganese at 
1550°C. 

Some insight into the local structure surrounding 
the nitrogen atoms can be obtained by use of the 
equation given by Wagner™ (his Eq. 2-45) or the 
recently improved equation by Richardson.” Both 
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equations are closely related to Eq. [3] and were 
derived by taking into account the probability of 
formation of clusters of coordination number Z 
weighted by the energy of formation of these 
clusters or complexes. Excellent agreement is 
found between our experimental data and the 
solubility predicted by the Wagner equation with 
Z = 4, indicating that the nitrogen may be present 
in the center of a local tetrahedral ordering. Mod- 
erately good agreement for the Richardson equa- 
tion is obtained with Z = 10. However, the differ- 
entiation between Z = 6, 8, 10, or 12 is not very 
sharp. 

Although both the Wagner and Richardson equa- 
tions may be regarded as having a parameter which 
had to be adjusted to fit the data, the success in 
describing the system discussed here indicates 
that further development will have to take into ac- 
count the presence of local ordering in the binary 
and ternary. 

For tabulation purposes the quantity d log yy/a (% 
Mn), called the interaction parameter” e, is di- 
rectly calculable from Fig. 5. The value of e is 
thereby found to be —0.023. This compares well 
with the value of —0.02 given by Pehlke and 
Elliott.** The value of e predicted by Eq. [3] is 
—0.015. 


CONC LUSION 


The agreement between the experimentally de- 
termined solubility of nitrogen in molten iron- 
manganese alloys and that calculated from the 
regular solution model is moderately good. It is 
better here than in many systems previously 
studied probably because the assumption of ran- 
dom distribution in iron-manganese binary is not 
too unrealistic. The discrepancy between the cal- 
culated and experimental solubility can be explained 
by postulating ‘‘clustering’’ involving the nitrogen 
and the solvent atoms. A better fitting equation, 
based on this postulation and having an adjustable 
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parameter, indicates that the solvent atoms may 
have a local tetrahedral structure about the dis- 
solved nitrogen. 
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The Use of Heat -and Mass-Transfer Model Studies 


in the Evaluation of the Rates of Deposition of Metals 


in Complex Systems 


Rates of heat- and mass-transfer from rods to recirculating 
airy were determined within a cne-quarter-scale model of a 
metals deposition bulb. The dependence of local and averaged 


rates of transfer upon outlet geometry, number of rods, position 
upon a vod, and air flow vate was established for flow patterns 
The vesults are given 


created by radial and tangential air inlets. 


G. H. Kesler 
J. H. Oxley 


a qualitative interpretation in terms of vates and distribution of 


metal deposition in a prototype deposition bulb. 


Ir is well known that a number of metals can be 
prepared from volatile compounds containing them 
by causing dissociation of their compounds to oc- 
cur at heated surfaces. Examples of such metals 
include silicon, titanium, zirconium, and aluminum, 
which can be prepared from their halides. While 
the ability to prepare high-purity metals by this 
technique is of importance in itself, the rate of 
deposition of metal also is important in consider- 
ing the commercial potential of such a process. 

If the over-all process of deposition is broken 
down into separate steps of transport of materials 
to and from the heated deposition surface and es- 
tablishment of chemical equilibrium at the surface, 
as was described in a recent paper,’ then since 
surface temperatures are usually high and surface 
equilibrium is attained very rapidly, the rate- 
controlling step can be considered as either that 

of transport of reactants to the surface or of trans- 
port of products other than deposited metal away 
from the surface. These two transport steps are 
related through the reaction stoichiometry. 

It can be shown’ that the rate and distribution of 
metal in such a transport-controlled process are 
determined by the over-all and local mass-transfer 
coefficients in conjunction with the equilibrium 
conversions at the hot surfaces. The rate rela- 
tionship is: 


w =|KA (yqg—ys)| BrE 


where the bracketed group is the rate of arrival of 
the reactant at the surface of area A as determined 
by the mole fraction driving force (y, — ys) and the 
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convective transport constant K. The factor B is 
the weight fraction of metal in the reactant, and E 
is the equilibrium fractional conversion to metal. 

Numerical values of y, and y, are fixed by the 
vapor composition and the equilibrium composition 
of reactant at the surface; and £& can be deter- 
mined by thermodynamic calculations or by ex- 
periment. However, values for the convective 
coefficient K are available generally only for 
systems of simple geometry, such as cross-flow 
past a rod or sphere or parallel flow past a flat 
plate or through a tube. Often it is necessary to 
work with systems of more complex geometry and 
in which the vapor flow may not be uniform or ex- 
actly parallel or perpendicular to the surface. 

It is possible, of course, to establish working 
correlations for these more complex systems by 
direct experiment; but the experiments usually 
are costly in both time and money. To circumvent 
this objection and to aid in arriving at an under- 
standing of the relationships and interactions of 
the process variables, it is helpful to construct a 
model of the flow system in which air, water, or 
other convenient fluids can be substituted for the 
process vapors and with which mass-transfer 
measurements or analogous heat-transfer meas- 
urements can be made upon a simulated deposi- 
tion surface. By this means, a large number of 
measurements can be made in a reasonable time, 
and the correlation of these results can be applied 
to the prototype system. Examples of the appli- 
cation of these techniques are to be found in the 
literature (¢.g., Ref. 2). 

It is the purpose of this paper to illustrate these 
techniques by description of a model study which 
was done at Battelle Memorial Institute. The work 
to be described was of a preliminary nature; the 
investigation subsequently was extended to develop 
quantitative relationships among the significant 
dimensionless transport, geometric, and flow 
parameters. This more detailed study will be the 
subject of a future paper. 
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Fig. 1—Details of deposition-bulb model. 


EXPERIMENTAL 


In the process which was being investigated, it 
was desired to deposit titanium metal upon a num- 
ber of heated rods contained in a cylindrical vessel. 
The feed stream was titanium tetraiodide; and the 
measured rod temperatures were kept constant by 
adjusting their electrical input so that heat effects 


due to the endothermic reactions were cancelled out. 


Work with the prototype had shown that the over-all 
deposition rate and the distribution of metal upon 
the rods was sensitive to changes in the vapor flow 
pattern within the containing vessel, and it was 
necessary to arrive at an understanding of the re- 
lationship of deposition rates to system geometry 
and to process variables. Consequently, a one- 
quarter-scale glass and lucite model of the system 
was constructed. 

Details and significant dimensions of the model 
are shown in Fig. 1. Briefly, it consisted of the 
deposition chamber and its liner containing a 
number of rods representing deposition elements 
and a vapor outlet section. Metered air was in- 
troduced through appropriately sized inlets which 
simulated those of the prototype in location and 
number. The effects of number and location of 
rods in the model, rod diameter, number and lo- 
cation of vapor inlets, outlet orifice size, and air 
flow were investigated. 

Both mass- and heat-transfer experiments were 
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Fig. 2—Details of heat-transfer rods. 


made to obtain quantitative information on the flow 
patterns within the deposition chamber model. 
Mass-transfer experiments were made by coating 
several of the rods with p-dichlorobenzene. By 
making careful measurements of the coated rods 
before and after they were exposed to the air flow 
within the model, average and local rates of va- 
porization could be determined. These rates then 
could be used to calculate corresponding mass- 
transfer coefficients from the relation: 


To obtain the local and average coefficients of 
heat transfer, an assembly of two electrically- 
heated iron tubes was constructed. The construc- 
tion and dimensions of this tube assembly are 
shown in Fig. 2. Thermocouples were inserted 
into the tubes, and their junctions were soldered 
into small holes in the sides of the tubes, flush 
with their outer walls to give local tube tempera- 
tures. Measurements of power input to the tube 
assembly and of the average air temperature 
within the vessel were used together with the 
tube surface temperatures to obtain the heat- 
transfer coefficients from the relationship for 
convective heat transfer: 


q =NA (t, — tq) 


in making the calculations it was assumed that 
heat generated in the tubes by the electrical cur- 
rent was uniform and that axial conduction of heat 
in the tubes could be neglected. 

Rod complements were built up by placing dummy 
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Table |. Summary of Mass Transfer Test Data 


Radial Inlet Between A and F Positions 
Air Temperature, 27°C 
Air Pressure to Inlet, 14 Psig 


EXPERIMENT NO. 1 


Point of Initial Diam, In. Final Diam, In. 
Measurement First Second* Circumferential} Radialt 
¥, in. from Top 0.221 0.216 0.155 0.136 
lin. from Top 0.240 0.234 0.197 0.194 
3 in. from Top 0.243 0.247 0.201 0.206 
Midpoint 0.245 0.243 0.197 0.199 
3 in. from Bottom 0.249 0.246 0.197 0.203 
1 in. from Bottom 0.240 0.243 0.189 0.201 

Average 0.221 


From these, k = 171 lb per hr ft? (mole fraction) and u, = 19.8 ft per sec. 


EXPERIMENT NO. 2 


Rod Average Diam, In. kg, Lb/(Hr Ft’ Ay) ue Ft per Sec 
A 0.252 133 13.8 
Ay 0.237 127 11.9 
B 0.238 133 Sez) 
Bp 0.253 124 11.8 
Cc 0.248 120 11.0 
0.245 127 
D 0.250 115 10.2 
Dp 0.251 114 10.2 
E 0.247 140 14.8 
E, 0.241 137 13.9 
F 0.246 167 232 
Fp 0.242 141 14.6 

Average 


0.246 132 13.4 


EXPERIMENT NO. 3 


Rod Average Diam, In. kg, Lb/(Hr Ft? Ay) ue Ft per Sec 
A 0.186 148 1355 
Ap 0.185 133 
B 0.185 142 12.4 
Bp 0.181 134 10.9 
Cc 0.184 156 14.6 
C. 0.184 146 12.9 
D 0.183 184 20.2 
Dp 0.179 177 18.3 
E 0.176 206 24.1 
E, 0.180 173 17.6 
F 0.180 228 29.4 
F, 0.183 178 18.8 

Average 0.182 167 17.0 


EXPERIMENT NO. 4 


Rod Average Diam, In. kg, Lb/(Hr Ft* Ay) ue Ft per Sec 
A 0.306 147 22.0 
Ay 0.304 144 21.0 
B 0.304 126 16.4 
By 0.313 124 16.4 
& 0.312 121 15.6 
Cy 0.316 119 15.4 
D 0.319 124 16.6 
Dp 0.315 120 15.5 
E 0.301 139 19.5 
ey 0.314 106 11.9 
F 0.295 128 16.1 
F, 0.304 146 21:5 
Average 0.309 129 


*At right angles to first measurement. 
+With respect to model. 


aluminum rods in positions other than those oc- 
cupied by the heat-transfer rods in the heat-transfer 
tests. Rod positions were at 60-deg intervals 
around the model and were designated alphabetically. 
The air inlet was located halfway between the A and 
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F positions, Subscript b was used to indicate the 
innermost rods. 

The range of air flow rates which was used was 
that giving the same Reynolds’ numbers as those of 
the prototype basis the cross section inside the 
chamber shield. With this restriction it was not 
possible to duplicate local or average Mach num- 
bers as well since sonic velocities of air and tita- 
nium tetraiodide are widely different. While the 
Mach number might be of some significance in de- 
fining the flow patterns, especially in regions near 
the vapor inlets, its influence should be of secondary 
importance in contrast with the Reynolds’ number 
effect. 

In a few tests which were made with water as the 
operating fluid, no attempt was made to obtain close 
correspondence of Reynolds’ numbers since only 
visual observation was used to establish over-all 
flow patterns. Potassium permanganate was used 
as atracer in these tests, whereas smoke and light 
solid particles were used for the same purpose in 
some tests with air. 

The preliminary studies of the flow patterns by 
visual observation of tracers showed a recirculating 
flow and large-scale turbulence within the model. 
The recirculation velocities and the intensity of 
turbulence were much greater with a single inlet 
nozzle entering radially at the top of the model than 
they were with two radially opposed nozzles pro- 
ducing impinging jets. 

Mass-transfer data and results are summarized 
in Table I, It will be noted that the rates of vapor- 
ization of the p-dichlorobenzene from the rods were 
not uniform with respect to angular position around 
the rods, to distance along the rods, or to rod po- 
sition in the model. As shown in Fig. 3, the ay- 
erage mass-transfer coefficients varied inversely 
approximately as the four-tenths power of the rod 
diameter. Coefficients for individual rods, as for 
example, rods in the ‘‘E’’ position,showed similar 
although not always identical slopes, Fig. 3. 

It will be noted that the point representing Ex- 


250 


/ 


-0.4 


LB./HR-FT.2-ay 


SLOPE = 


© AVERAGE -& 
a E POSITION 


MASS TRANSFER COEFFICIENT 


15 .30 40 
ROD DIAMETER- INCHES 


Fig. 3—Dependence of mass-transfer coefficients upon 
rod diameter. 
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Fig. 4—Variation of heat-transfer coefficient with air 
rate in radial flow. 


periment No. 1 in Fig. 3 corresponds to the line 
representing other tests with rods in the ‘‘E”’ po- 
sition. Since this experiment was made with no 
rods in place other than the heat-transfer rods, 
whereas the other tests were made with a full rod 
complement, it appears that the number of rods 
installed had little or no influence upon the mass- 
transfer coefficients. 

The velocities designated as u, in Table I are 
those which would have been necessary to give the 
observed local coefficients of mass-transfer from 
a rod in pure cross-flow.*® They are to be con- 
trasted with the net superficial downward velocity 
of air flow of roughly 1.5 ft per sec in the model. 
The velocities are considerably greater than 
would be predicted from simple piston-type flow. 

Air rates of 7.4 to 33.5 cu ft per min were used 
in the heat-transfer experiments. Both radial and 
tangential air inlets were used, and the heat- 
transfer rods were placed in various angular po- 
sitions with respect to the inlets. The total number 
of rods was two to twelve. 

The observed variation in heat-transfer coef- 
ficient with air rate is shown in Fig. 4 for a 
radially-directed air inlet. The data are cross- 
plotted in Fig. 5 to show the variation of the co- 
efficient along the rods, It appears that the 
coefficients increased linearly with the mass rate 
flow of air and that they decreased with increasing 
distance along the rods and with distance away from 
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the air inlets. Since local heat-transfer coefficients 
are less in parallel flow than they are in cross- 
flow,* this distribution of coefficients suggests that 
the air flow was more nearly axial in direction at 
the lower end of the model. 

As was the case for mass transfer, the average 
heat-transfer coefficient for the radial inlet flow 
system was found to be nearly independent of the 
total number of rods installed. This is shown in 
Fig. 6. 

Results obtained with a tangential air inlet are 
shown in Figs. 7, 8, and 9. The variation of transfer 
rate with distance along the rod was not great with 
this flow system; but the radial variation was 
marked, as would be expected from the nature of 
the velocity distribution which exists in a vortex 
flow. Again, the total number of installed rods had 
little effect upon the heat-transfer coefficients. 

The outlet orifice area exerted a substantial in- 
fluence upon the heat-transfer coefficients in the 
tangential flow tests, as shown in Fig. 10. This 
also would be expected since as the outlet was made 
lasger, the outer, high-velocity parts of the vortex 
flow could enter the base of the model and undergo 
a randomization or dissipation of their energy be- 
fore returning to be again incorporated into the 
vortex. This return flow would necessarily occur 
since local velocities were so much higher than 
the net downward velocity. 

Although the detailed findings of this study are 
of considerable interest, the general observation 
that very high mixed-flow velocities exist in a sys- 
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tem of this nature is of most significance. The 
local heat- and mass-transfer rates corresponded 
in some instances to those which are associated 
with pure cross-flow velocities several times as 
great as the superficial downward velocity in the 
model. These findings imply three things of es- 
pecial significance in metal deposition studies: 

1) Since actual local velocities of flow can be 
several times as great as the superficial velocity, 
rates of deposition in transport-limited systems 
can be much greater than those predicted from the 
net superficial velocities; 

2) since velocities in the deposition chamber are 
greater than the net superficial velocity of flow, 
considerable internal back-flow and mixing of 
gases must occur. The vapors contained in the 
bulb, therefore, are not of the same composition 
as the feed vapors but are thoroughly mixed and 
are substantially the same in composition as the 
exit vapors. Rates of transport of reactant vapors 
to the deposition surface thus will be lower than 
those in a once-through system since the mole 
fraction of reactant in the free stream will be less 
than unity. The diffusional driving force, con- 
sequently, will be less. 

3) It is possible to approach sonic velocity 
locally, which may be only a few hundred feet per 
second for a high-molecular-weight vapor. Com- 
pressibility effects may thus complicate the flow 
and deposition picture. 


SUMMARY 


Mass- and heat-transfer coefficients have been 
determined within a model of a metals deposition 
chamber to obtain an insight into the flow patterns 
within the model and the prototype. The coeffi- 
cients indicate that mixed flows exist within the 
model and that their velocities may be several 
times as great as the net superficial velocity of 
the flow. Variations in deposition rate with po- 
sition of the element in the chamber, with gas 
flow rate, and with type of inlet may thus be ex- 
plained. Also, it would appear that rapid and 
nearly complete mixing of the vapors would be 
expected to occur within the deposition chamber. 
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NOMENCLATURE 


A—Area of deposition or rod surface, ft? 

B— Fractional weight of metal in vaporized 
compound 

E— Fractional equilibrium conversion to metal 
of available metal in metal compound 

h— Convective heat-transfer coefficient, 
Btu/ (ft”hr ° F) 

K-—Mass-transfer coefficient, lb/(hr ft? Ay) 

t,—Temperature of ambient gases, °F 

t;--Temperature of rod surface, °F 

w-—Rate of metal deposition or of vaporization of 
p-dichlorobenzene, lb/hr 

Va—Mole fraction of diffusing component in am- 
bient gases 

¥g—Mole fraction of diffusing component in equi- 
librium with the rod surface 
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Redetermination of the Chromium and Nickel 


Solvuses in the Chromium-Nickel System 


Quenched alloys, prepared by powder metallurgical techniques, 
were examined by microscopic and X-ray diffraction methods. 
The compositions and heat treatments were chosen so that the 
chromium and nickel solvuses could be determined and a range of 


composition and temperature, in which a eutectoid had been report- 
ed, could be explored in small intervals. The results showed no 
evidence of eutectoid reactions having taken place. 


A.Loys containing iron, chromium, molybdenum, 
and nickel are extensively used in high-temperature 
applications. In order to provide basic information 
on the solid-state reactions that occur in such alloys, 
the National Bureau of Standards is engaged in an 
extensive study of the equilibrium phases in the 
binary, ternary, and quaternary systems involving 
these four metals. Attention was directed to the 
chromium-nickel system because a review of the 
literature showed conflicting data. 

A recent compendium * of the constitution of binary 
alloys gives two diagrams for the chromium-nickel 
system, one a simple eutectic and the second a 
diagram showing a eutectoid and a eutectic. The 
eutectoid was the result of an allotropic transforma- 
tion in a high-temperature solid-solution form of a 
chromium-rich phase called 8. The approximate 
temperature and composition of the eutectoid was 
1200°C and 30at. pct Ni. In the preliminary study, at 
the Bureau, no transformation was indicated in the 
chromium-rich phase of ternary and quaternary 
alloys in which chromium and nickel were major 
components. Similar results have been reported 


Table 1. Powders Used in Alloy Preparation 


Powder Nickel, Carbonyl Chromium 
Mfr. International Nickel Co. Electro Metallurgical Co. 
Analysis *Spectrographic *Spectrographic tChemical Pct 
Al VW Vw 
Cc 0.02 
Ca 
Cu 0.01 
Fe W W 0.03 
Mg VW 
Mn At 
Ni VW 
0.051 
Pb 0.001 
S 0.023 
Si W VW 
W 0.004 


*T 0.0001 to 0.001 pct, VW 0.001 to 0.01 pct, W 0.01 to 0.1 pct. 
TAs given by the manufacturer (Lot analysis). 


C. J. BECHTOLDT and H.C. VACHER, Member AIME, 
are Solid State Physicist and Physicist, respectively, 
National Bureau of Standards, Washington, D.C. 
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from time to time in the literature.*~° In consequence 
of this situation, a systematic study was made of the 
constitution of heat-treated chromium-nickel alloys 
using metallographic and X-ray diffraction methods. 
The compositions of the alloys were selected so as 
to determine the boundaries of the chromium-rich 
and the nickel-rich phases and to explore in small 
intervals the ranges in composition and temperature 
in which the eutectoid had been reported. The results 
of this study are reported and discussed in the pres- 
ent paper. 


EXPERIMENTAL PROCEDURES 


Materials, Alloys, and Heat Treatments— The 
alloys were prepared by a powder metallurgy tech- 
nique similar to that used in earlier work.° Analyses 
of the materials used are given in Table I. Powders 
were mixed using a vibrator in 30-g batches of pre- 
determined composition; 2-g pellets were made from 
the mixture by compacting at room temperature ina 
1/2-in. diam mold under 60,000 lb per sq in. pres- 
sure. The pellets were sintered in dry hydrogen for 
10 days at 1300°C. At the end of the sintering treat- 
ment the specimens were quenched in water, which 
caused a pale green film to form on the chromium- 
rich alloys and thin black scale to form on the nickel- 
rich alloys. The pellets after sintering were approxi- 
mately 1/2 in. diam by 3/32 in. thick. 

The purification train® was modified by inserting 
a tube of titanium turnings, heated at 700°C to in- 
crease the efficiency of the removal of oxygen and 
nitrogen. It was found in the earlier work’ that the 
sintering treatment lowered the carbon, oxygen, and 
nitrogen contents of chromium-rich alloys to 0.01, 
0.01, and 0.004 wt pct, respectively, and that there 
was a loss of chromium. In order to ascertain the 
extent of this loss, the chromium contents of certain 
alloys were determined chemically. They included 
those alloys used to determine the parameter-com- 
position curves and those of critical composition, 
used to determine the chromium-solvus microscop- 
ically; these analyses were made on samples after 
the final heat treatments. The mixed powder values 
for the chromium content of those alloys that were 
not analyzed were adjusted to conform to a smooth 
curve based on the chemically analyzed values for 
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Fig. 1—Partial temperature-composition diagram for the 
chromium-nickel system. Numbers and symbols in paren- 
thesis represent per cent Ni and different investigators. 


the chromium contents. Nickel contents were obtain- 
ed by subtracting chromium values from 100 pct 

and are listed in Table II. The chemically analyzed 
and adjusted values in atomic percent nickel were 
used in constructing the diagrams described in the 
following sections. 

Specimens of the homogenized alloys were heated 
in dry hydrogen to the selected temperatures and 
held within 5°C for various periods and then quench- 
ed in water. The heating schedules were as follows: 


Temperature, °C Time at Temperature, Hr 
1450 2 
1400 2 
1325 16 
1300 16 
1275 16 
1250 
1225 16 
1200 16 
1175 16 
1150 16 
1100 100 
1000 250 

900 500 
800 1000 


In this study of the phasial relationships in alloy sys- 
tems involving chromium, iron, molybdenum, and 
nickel, review of the literature and exploratory tests 
indicated that the foregoing periods at temperature 
were more than sufficient to produce time-indepen- 
dent structures in the alloys. Specimens were heat 
treated at closer intervals near 1200°C in order to 
reduce the possibility of missing the reported 6 chro- 
mium solid-solution field and the intervening two- 
phase field. The composition of the alloys subjected 
to the foregoing heat treatments are indicated in 
Big! 1; 

icraceonis and X-Ray Diffraction Procedures— 
The chromium and nickel solvuses were determined 
by microscopic and by the parametric X-ray diffrac- 
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Table [l. Nickel Content of Alloys 


Analysis after Analysis after 
Mixed Sintering and Mixed Sintering and 
Powder Heat Treatment Adjusted] Powder Heat Treatment Adjusted 
Wt Pct Wt Pct At. Pet At. Pet} Wt Pct Wt Pct At.Pct At. Pct 
5 5.4 4.7 47 45.7 
8 8.7 TET. 50 48.6 
10 10.8 9.5 BES) 50.9 
14 14.9 13.4 60 62.8 58.9 
17 16.6 62.5 60.3 
20 EES 65 65.8 63.0 
23 24.6 22.4 70 67.9 
26 25.4 75 74.2 82.9 
29 31.6 29.0 85 85.3 83.7 
32 34.3 31.6 90 89.1 
35 36.2 Bo.) 95 96.1 94.5 
38 37.0 
41 40.0 
44 42.8 


tion methods. In the microscopic methods, the pel- 
lets were examined by conventional procedures to 
determine the number and relative amounts of the 
phases present in the quenched alloys. The same 
specimens then were mounted in an X-ray diffracto- 
meter, and diffraction patterns were obtained of pert- 
inent 26 ranges in order to identify the phases pres- 
ent. This procedure was modified slightly in exam- 
ining alloys in the range of 14 to 40 at. pct Ni that 
had been heat-treated at temperatures above 1100. 
It had been reported” that the quenched $-chromium- 
rich phase was sensitive to deformation and could be 
transformed to the @-chromium-rich phase by me- 
chanical polishing. In order to eliminate this possi- 
bility the specimens were not polished but were 
given a preliminary examination by X-ray diffraction 
methods immediately after quenching. Apparently 
the film that formed on the specimens in quenching 
was amorphous or very thin because only lines for 
the & or & plus y phases were recorded in the dif- 
fraction patterns. The specimens were then pre- 
pared for metallographic examination by convention- 
al procedures. 

The etching and electro-polishing solutions used 
in the microscopic examinations are listed in Table 
III. Examination showed, Fig. 2, a characteristic 
Widmanstatten structure in the chromium-rich phase 

(a) for those quenched alloys in which the nickel 
content of the chromium-rich phase was in excess 
of 14 at. pct. It was noted in these alloys that numer- 
ous audible clicks could be heard coming from the 
pellets for a period of approximately 5 min after 
quenching. The microstructure of the chromium- 
rich phase in alloys in the range 20 to 30 at. pct Ni 
could not be fully developed except by etching deeply; 
a light etch developed only the grain boundaries. 
There was a tendency for a film to form on the chro- 
mium-rich phase in alloys in the range of 30 to 38 at. 
pct Ni; when this occurred, the specimen was again 
electro-polished and etched. The nickel-rich phase 
(y) was readily outlined with etching reagents C and 
D in alloys in which it was the minor phase, Fig. 2(bd), 
2(d), and 2(f). The chromium-rich phase was also 
readily outlined by these etchants, Fig. 3. 

In examining specimens of the alloys quenched 
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hed in solution 
B. Reheating time and temperature 
© — Ole 


(d) 33.5 at. pct Ni. Etched in solution 
C. Reheating time and temperature 
1250°C—16 hr. X250. 


(b) 40.0 at. pet Ni. Et 
A. Reheating time and temperature 
1325°C—2 hr. X250. 


(e) 16.6 at. pct Ni. Etched in solution 
B. Reheating time and temperature 
1150°C—16 hr. X500. 


olutio (c) Etched in solution 
C. Reheating time and temperature 
1250°C—16 hr. X250. 


(f) 19.5 at. pet Ni. Etched in solution 
B. Reheating time and temperature 
1150°C—16 hr. X500. 


Fig. 2—Typical microstructure of some alloys used in locating the boundary of the chromium solvus. The boundary is be- 
tween the indicated nickel contents of the single phase and the two-phase alloys at the specified temperature. Etching so- 
lutions are listed in Table III. Reduced approximately 5 pct for reproduction. 


content in the alloys examined. This suggests that it 
is not a phase pertinent to the chromium-nickel sys- 
tem but is probably a phase involving chromium, 
nickel, and a small amount of nitrogen or oxygen in 
which the nitrogen and or the oxygen atoms are lo- 
cated at certain sites in the 6-Mn type structure.” 
The use of the same specimens for both the metal- 
lographic study and lattice parameter measurements 


Table Ill. Etching and Polishing Solutions 


B) 100-m1 water 
20-g potassium ferricyanide 
20-g potassium hydroxide 
Immersion 


A) 75-ml glacial acetic acid 
15-ml acetic anhydride 
10-ml 72 pct perchloric acid 
40 to 50 v, de for polishing 
10 to 20 v, de for etching 


C) 90-ml 95 pet ethanol 
10-ml conc. hydrochloric acid 
5 v de etching 


D) 100 ml water 
10-g chromic acid 
5 v de etching 


E) 10 pct solution 
(10-ml hydrochloric acid, sp. gr. 
1.18, diluted to 100 ml with water.) 
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had the distinct advantage of permitting the exami- 
nation of the same surfaces by two methods; thus 
specimens used in determining the parameter-com- 
position curves could be examined to make sure that 
no precipitation had occurred in quenching. The 
principal disadvantage of using block specimens for 
X-ray diffraction is that the relative intensities in 
the diffraction patterns will not be correct if the 
grain size is large. This, however, is not ordinarily 
from 800° and 900°C and in two alloys 50.9 and 53.1 
at. pet Ni, quenched from 1000°C, a phase was ob- 
served that could not be identified as either the chro- 
mium-rich or the nickel-rich phase. This constituent 
was observed after etching with 10 pct HC] solution 
followed by staining with alkaline ferricyanide. Its 
most distinguishing characteristics were the light 
grey color after immersing in the alkaline ferricyan- 
ide reagent and the relatively large size, Fig. 3. In 
some of the microstructures this unidentified con- 
stituent was very similar to the globular form of the 
chromium-rich phase and in some cases appeared to 
have a planar boundary withthe chromium-rich phase. 
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Fig. 3—Microstruc- 
ture of chromium- 
nickel alloy, 53.1 at. 
pet Ni after heating 
at 1000°C for 250 hr 
and quenching in 

_ water. Etched in so- 
. lution C followed by 
B. Phases identified 
were © (outlined 
white), G-Mn type 
constituent (outlined 
gray) and y(matrix). 
X1000. Reduced ap- 
proximately 12 pct 
for reproduction. 


Attempts to make a chemical separation of this con- 
stituent from the matrix were unsuccessful because 
the chromium-rich phase predominated in the resi- 
dues. Additional lines in the diffraction patterns, 
obtained from these residues that could not be attri- 
buted to the chromium-rich phase, indicated that the 
constituent had the cubic 6-Mn type structure with 
a, = 6.38A. There was no systematic variation in the 
amount of the 8-Mn type constituent with the nickel 
a factor in determining d-spacings. The planes and 
radiations for the chromium-rich and nickel-rich 
phases used in making the d-spacing determinations 
were: 

Chromium-rich phase—310 (Co-Ka;, Kas) and 211 

(Cr-Ka, Kaz) 

Nickel-rich phase—311 and 222 (Co-Ka@, Kas) and 

220 (Cr-Ka, Ka,) 
To assure the correctness of the 20 values the calib- 
ration of the diffractometer was checked using sili- 
con and silver standard samples over the same range 
of angles. The 26 values could be measured to + 0.02 
deg which corresponds to a variation of approxima- 
tely + 0.0002A in values for the lattice constants of 
the chromium- and nickel-rich phases. 


RESULTS AND DISCUSSION 


The Chromium Solvus—Representative microstruc- 
tures of the alloys that were used to determine the 
location of the boundary of the chromium-rich phase 
between 1100° and 1325°C are shown in Fig. 2. The 
microstructures show that precipitation, acicular in 
appearance, had occurred in the chromium-rich 
phase but not in the nickel-rich phase. This precipi- 
tate that was formed during quenching was uniformly 
distributed in equiaxed grains. Because the acicular 
precipitate was not present in alloys containing less 
than approximately 14 at. pct Ni, and because nitrides 
were not present in residues separated by residue 
methods, it was concluded that the acicular precipi- 
tate is not nitrides. The microstructures that did 
not show the clear globular nickel-rich phase, there- 
fore, were interpreted as representing single-phase 
alloys at the heat treating temperatures. It is im- 
portant to point out that the character of the micro- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


if T T T Li T T T T T T T T T T 
2.884 
8 + 
a 
2.88! 
= 
= 
uw 2.878 4 
= 
4 
ie 
4 TAYLOR & FLOYD =| 
1 1 1 1 1 1 1 
6 12 18 24 30 
CR ATOMIC PER CENT NICKEL NI 


Fig. 4—Parameter-composition diagram, chromium solvus. 
Clear symbols represent single-phase alloys quenched from 
the homogenous field; filled symbols represent two-phase 
alloys quenched from the indicated temperatures. 


structures, illustrated in Fig. 2(a), 2(c), and 2(e), 
did not change in the specimens of alloys whose com- 
positions and heat-treating temperatures are indi- 
cated in Fig. 1 as open circles in the a-chromium- 
rich phase field. This field includes the reported 
fields of stability for the 6-chromium-rich phase, 
the 6-chromium-rich plus a-chromium-rich phases, 
and part of the field for the 6-chromium-rich plus 
nickel-rich phases. See Stein and Grant’s results” 
as reproduced in Fig. 1. 

The diffraction pattern obtained from the specimen 
of the 37 at. pct Ni alloy that had been quenched from 
1325°C indicated that the acicular precipitate prob- 
ably was the nickel-rich phase in a highly distorted 
condition. The pattern showed lines for the a-chrom- 
ium-rich phase and one extremely diffuse line. The 
extra line correspond to the intense 111 line of the 
nickel-rich phase. The microstructure of specimens 
of an alloy containing 13.4 at. pct Ni, quenched from 
temperatures within the reported fields of the £- 
chromium-rich phase and the @ plus 6-chromium- 
rich phases did not show precipitation but only clear 
equiaxed grains. X-ray diffraction patterns of these 
quenched specimens showed only lines for the a- 
chromium-rich phase. The foregoing results have 
been taken as strong evidence in support of a simple 
eutectic diagram for the chromium-nickel system in 
which a 6-chromium-rich phase does not exist. 

The low slope of the chromium solvus at approxi- 
mately 1150°C probably is the cause of the abundant 
precipitation shown in the microstructures of the 
quenched alloys. In slowly cooled alloys containing 
approximately 35 at. pct Ni, this precipitation might 
be sufficient to cause abrupt discontinuities in ther- 
mal analysis” and electrical resistivity curves 
and thus lead to a conclusion that a eutectoid might 
exist. The form of the chromium solvus in the range 
1100 to 1325°C agrees with that in the generally 
accepted Cr-Ni diagram’ which was based largely on 
the work of Jenkins et al. The location of the chro- 
mium solvus in this temperature range is in good 
agreement with that of Williams,” Fig. 1. 

The location of the chromium solvus between 800° 
and 1100°C as shown in Fig. 1 was determined by 
the parametric method and is essentially the same 
as that previously indicated by Taylor and Floyd.“ 
The results are summarized in Fig. 4. Values for 
the lattice constants of the chromium-rich phase 
determined by Jette et al.*° and by Taylor and Floyd™* 
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Fig. 5—Parameter-composition diagram, nickel solvus. 
Clear symbols represent single-phase alloys quenched 
from the homogenous field; filled symbols represent two- 
phase alloys quenched from the indicated temperatures. 


for single-phase alloys also are included. The re- 
sults of these investigators for alloys containing 
nickel in excess of 4 pct deviate somewhat from the 
parameter-composition curve as drawn. Itis believed 
that these deviations are caused by impurities in the 
chromium used” and by inadequate quenching.™* 
Their results for alloys containing less than 4 pct Ni 
however are in very good agreement with the curve 
as extrapolated. 

The Nickel Solvus—The solubility of chromium in 
nickel was determined between 800° and 1300°C also 
by utilizing the microscopic and parametric methods. 
The results of this investigation and that of other 
investigations”****”® are summarized in Figs. 1 and 
5. It can be seen that there is good agreement in the 
results of all investigations. 

The Boundary of the Chromium Solidus— Alloys 
ranging in composition from 13 to 34 at. pet Ni were 
examined microscopically after quenching from 
1400° and 1450°C; both of these temperatures are 
above the eutectic temperature. In Fig. 1 the solidus 
was drawn between the points representing the alloys 
that showed equiaxed grains and those that showed 
indications of melting. These results were consis- 
tent with the results obtained with alloys below the 
eutectic temperature in that there was no evidence 
of the high-temperature 6-chromium-rich phase. 


SUMMARY 


Quenched alloys, prepared by powder metallurgical 
techniques, were examined by microscopic and X-ray 
diffraction methods. The compositions and heat- 
treatments were chosen so that the chromium and 
nickel solvuses could be determined and a range of 
composition and temperature, in which a eutectoid 
had been reported, could be explored in small inter- 
vals. The results have been incorporated inarevised 
chromium-nickel phase diagram, Fig. 6. The dia- 
gram differs slightly from the simple eutectic dia- 
gram given by Hansen in that the determination of the 
chromium solidus has been extended from 1345° to 
1450°C and the maximum solubility of nickel in 
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Fig. 6—Revised chromium-nickel diagram. Numbers in 
parenthesis are weight percent. 


chromium has been found to be 38 instead of 32 at. 
pet Ni. This increase is in accord with results re- 
ported by Williams.” The examinations of many al- 
loys, differing slightly in composition and heat treat- 
ment, showed no evidence in the microstructure of a 
6B phase or eutectoid formation. 
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Effect of Structure and Purity on the Mechanical 


Properties of Columbium 


Mechanical properties of columbium have been studied over 
the temperature range of -196 to 1093°C. The decreased strength- 
ening influence of cold-work at temperatures below ambient has 
been interpreted in terms of the Peierls-Nabarro effect. Maxima 
in the rate of strain hardening observed during tensile testing in 


the vange 250-600°C. have been correlated with interstitial im- 


A. L. Mincher 


purities to indicate the temperature ranges at which carbon, oxy- 


gen, and nitrogen, respectively, are responsible for strain aging. 


Tue growing need for structural materials for use 
above the useful service temperatures of the iron-, 
nickel-, or cobalt-base alloys has caused the refrac- 
tory metals to be considered as potential engineering 
materials. These metals, which include columbium, 
tantalum, molybdenum, and tungsten, are cailed re- 
fractory because the lowest melting point among 
them,that of columbium, is about 1000°C higher 

than the average melting temperatures of conven- 
tional high-temperature alloys. They are all body- 
centered cubic transition metals and, as such, their 
mechanical properties have basic characteristics 
which distinguish them from the face-centered cubic 
metals. For example, all show a much steeper rise 
in strength with decreasing temperature below room 
temperature than do the face-centered cubic metals, 
and their mechanical properties are strongly influ- 
enced by interstitially dissolved impurities. 

In order that these new metals may be used effi- 
ciently, it is necessary that their characteristics of 
behavior be fully known. In this paper, the mechani- 
cal properties of columbium will be examined over 
a wide range of temperatures. In particular, the influ- 
ences of cold-work and individual species of inter- 
stitial impurity atoms on mechanical properties will 
be described, and basic mechanisms which may con- 
trol the observed characteristics will be explored. 


EXPERIMENTAL 


The material used in this investigation was Union 
Carbide Metals Co. columbium roundels consolidated 
to four 4-in. diam ingots, three by consumable-elec- 
trode arc melting and one ingot by electron beam 
melting. Impurity contents of the ingots and methods 
of ingot conversion and treatment are summarized in 
Table I. The only metallic impurity occurring in any 
significant quantity was tantalum at about 0.1 pct. 
Iron, silicon, titanium, and zirconium were each less 
than 0.015 pct; boron was 1 ppm or less. This should 
have no appreciable influence on properties. The 
electron beam melted material, being the purest, will 
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be used as the basis for comparison in the discussions 
to follow. 

Tensile tests were conducted from —196 to 1093°C, 
on both cold-worked and fully recrystallized arc- 
melted and electron-beam melted columbium using 
standard 1/4-in. diam, 1-in. long gage length test 
specimens. A strain-rate of 0.005 in. per in. per min 
was employed until the 0.2 pct yield strength was 
achieved and then the strain-rate was increased to 
0.05 in. per in. per min for the balance of the test. 
Samples were protected in an inert atmosphere at 
tests above 300°C. 

The tensile properties obtained on the electron- 
beam melted columbium, E, in both the cold-swaged 
and recrystallized conditions are given in Fig. 1. 

The yield strength data of Dyson, et al.,’ obtained on 
recrystallized electron beam melted columbium and 
the tensile strength data reported by Tottle” on pow- 
der metallurgy columbium are included in Fig. 1. 
The material used by Tottle had been purified by 
vacuum sintering. There is excellent agreement be- 
tween Dyson’s data and those obtained in the present 
investigation. The tensile strengths obtained by 
Tottle were slightly greater than those obtained in 
this investigation on electron-beam melted columbium 
but varied with temperature in a similar manner. 
Tottle’s data showed a maximum in tensile strength 
near 500°C, as did our data on electron-beam melted 
material, and also showed a small maximum at 300°C. 
The significance of these maxima will become evident 
later in the discussion. 

The tensile properties of cold-swaged and recrys- 
tallized arc melted columbium are plotted in Fig. 2. 
It was found that the properties of the recrystallized 
arc-melted columbium from all three heats showed 
very close agreement exceptat temperatures between 
about 500° and 800°C. A reason for this range of 
disagreement will be suggested in the discussion. 

The generally good agreement, however, attests to 
the ability of cold-working and subsequent recrystal- 
lization to erase the effects of the three different 
primary breakdown procedures and to produce nearly 
equivalent structures in the samples derived from 
the three different heats. 

Wessel” reported tensile data on columbium having 
interstitial impurity contents between those of the 
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Table |. Interstitial Impurity Content and Treatments of Materials 


Grain 
Size, 
Heat Consolidation Impurity Content, Wt. Pet Primary Breakdown Secondary Working Recrystallization ASTM 
No. Method Cc fe) N H Procedure Procedure Treatment No. 
E Electron beam 0.021 0.010 0.009 0.0008 Vacuum annealed 4 hr Cold swaged to 2 hr at 1093°C 6 
melting at 1065°C, groove rolled total of 95 pct 
reduction 
A-1 Arc melting 0.037 0.040 0.034 <0.001 Forged 15 pct at 300°C Cold swaged 96 pct 1 hr at 1200°C 8 
A-2 Arc melting 0.030 0.040 0.020 <0.001 Extruded, 9.8/1 reduction Cold swaged 81 pct 3 hr at 1065°C 8 
ratio at 1260°C 
A-3 Arc melting 0.027 0.040 0.010 <0.001 Forged 82 pct at 1145°C Cold swaged 80 pct 3 hr at 1065°C 8 


electron beam and arc-melted columbium employed 
in this investigation but having grain sizes an order 
of magnitude larger than those employed here. It is, 
no doubt, this much finer grain size which caused the 
yield strengths determined in this study to be greater 
than those observed by Wessel. Because ductile-to- 
brittle transition temperature increases with grain 
size, this may also explain why Wessel found brittle 
fracture below —125°C in the tensile test, while no 
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Fig. 1—Tensile properties of electron-beam melted co- 
lumbium (C = 0.021 pet, O = 0.010 pct, N = 0.009 pct, H = 
0.0008 pct) (above) as-cold swaged 95 pct and (below) re- 
crystallized to ASTM 6 compared with data obtained by 
Dyson e/ a/. on electron-beam melted columbium and by 
Tottleon vacuum purified powder metallurgy columbium. 
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brittle fracture was obtained in this investigation in 
tests as low as -—196°C. 

The strength-temperature relations of samples 
from the arc-melted heats A-2 and A-3 tested in the 
cold-swaged condition were completely similar in 
form. This form is illustrated in Fig. 2 using data 
for A-2. Below about 550°C, the strengths of A-3 
were greater than those of A-2. Since one might 
expect the severe secondary cold-work given both of 
them to erase any differences caused by the different 
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Fig. 2—Tensile properties of arc-melted columbium (C = 
0.027 to 0.037 pet, O = 0.040 pet, N = 0.010 to 0.034 pet, H 
<0.001 pct) (above) as-cold swaged 81 pct and (below) re- 
crystallized to ASTM 8. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


60 


a 40 
A-/ | 
V. baa IN WAS; 
20 
"4 
0 1 | 300 °C 
0.00! 0.01 Ol 
STRAIN RATE, 
60 
o 
22°C 
0.00l 0.0! 0! Lo 


STRAIN RATE, MIN7! 


Fig. 3—Effect of strain rate on lower yield point and ulti- 
mate tensile strength at room temperature and 300°C. 


primary ingot breakdown procedures, this difference 
may arise from the higher nitrogen content of A-2. 

A comparison of the tensile properties of both the 
cold-swaged arc-melted and electron-beam melted 
material shows that the forms of the curves are 
similar. In both instances, temperature had little 
influence on tensile properties in the temperature 
range from about room temperature to 400°C. Above 
that temperature, the strengths commenced to de- 
crease and approached those of recrystallized ma- 
terial as temperature increased, probably indicating 
the onset of rapid recovery above 400°C in both types 
of material. 

In the temperature range between room tempera- 
ture and 400°C, the strengths of the two types of 
materials are significantly different, however. The 
yield strengths of the cold-worked arc-melted col- 
umbium exceed those of the cold-worked electron- 
beam melted material by about 25 kspi even though 
the electron beam melted material received more 
. cold reduction. Considering that the yield strengths 
of the two recrystallized materials at room tempera- 
ture differed by only 15 kspi, it may be suggested 
that, in the temperature range in consideration, 
impurities increased the rate of strain-hardening 
during working. 

Strain-rate sensitivity was investigated at room 
temperature and 300°C using fully recrystallized 
material from A-1 and only at room temperature 
using material from E, Fig. 3. The temperature 300°C 
was chosen for one set of tests since it corresponded 
to the position of the ultimate tensile strength peak 
shown in Fig. 2 for recrystallized, arc-melted ma- 
terial. No noticeable dependence of ultimate tensile 
strength on strain-rate was found for either tempera- 
ture or material, but the lower yield point of the arc- 
melted material increased slightly with increasing 
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Table Il. Comparison of Notched and Unnotched Room-Temperature 
Tensile Properties 


Mate- U.T.S.,  Elong., Rg, _U-T-S.W) 
rial Condition Specimen Psi Pct Pety Usl-SdUiny 
E Recryst. N 48,350 18 90 1.47 
Recryst. UN 32,800 60 93 

E Swaged N 89,300 8 79 1.48 
Swaged UN 60,400 20 84 

A-2 Recryst. N 73,500 10 69 1.40 
Recryst. UN 52,650 42 78 

A-2 Swaged N 133,500 2 14 1.46 
Swaged UN 91,200 15 19 

A-3 Recryst. N 70,500 12 68 1.40 
Recryst. UN 50,075 49 82 

A-3 Swaged N 125,500 3 2 152 
Swaged UN 82,150 17 68 


strain rate at both temperatures. The flow curves of 
the arc-melted material exhibited irregular serra- 
tions at 300°C, but, except for yield points, were 
smooth at room temperature. Yield points were ob- 
served from liquid nitrogen temperatures to room 
temperature in the electron-beam melted material 
and as high as 300°C in the arc-melted material. 

The effects of a notch on room-temperature tensile 
properties were studied using 1/4-in. tensile samples 
with 0.1770-in. root diam., 60-deg notches having 
0.005-in. root radii. The results are in Table II. 

In all cases, the ratio of notched to unnotched tensile 
strengths approached 1.5, a value typical for a fully 
ductile or notch insensitive material. These data 
indicated that at room temperature, neither purity, 

in the range studied here, nor cold-work caused 
columbium to be notch sensitive at the strain rate 
employed in the notched tensile test. However, an 
influence of purity on notch sensitivity at low temper- 
atures was shown by the impact test. Charpy V-notch 
impact tests were conducted on recrystallized elec- 
tron beam melted material and recrystallized arc 
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Fig. 4—Relation of impact energy absorption to temperature 
of recrystallized arc-melted and electron-beam melted 
columbium as determined by V-notch Charpy test. 
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Fig. 5—Comparison of the strength properties of cold-work- 
ed and recrystallized electron-beam melted columbium. 


melted columbium from A-2 and A-3, Fig. 4. Based 
on a 40-ft-lb criterion, the impact energy transition 
temperatures of A-2 and A-3 are about —35° and 
-—15°C. This order is somewhat surprising since 
A-3 was the purer of the two materials. The impact 
transition temperature of the material from E, how- 
ever, was at least 100°C lower than those of the arc- 
melted materials, clearly indicating the influence of 
the higher order of purity of the electron-beam 
melted material on fracture transition temperature. 
At the strain rates achieved at the base of the notch 
in the Charpy test, then, impurities can promote 
brittle fracture. It was interesting to note that the 
impact energy absorption of the electron beam melted 
columbium decreased with increasing temperature 

in the completely ductile region. This behavior is 
presumed to be analogous to the strong temperature 
dependence of the tensile strength properties in this 
same temperature range shown in Fig. 1. 


DISCUSSION 


Before examining the effects of structure and 
purity on the properties measured, a word must be 
said about the impurities present. In all the materi- 
als used in this study, the carbon content was slightly 
in excess of the solid-solubility limit. Some carbides 
were visible in all the materials. This has the impor- 
tant consequence that the amount of carbon in solid 
solution may be considered to be the saturation con- 
tent and, therefore, the same in all the samples at 
any given temperature. Moreover, the recrystalliza- 
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Fig. 6—Comparison of the tensile strengths of recrystallized 
arc-melted and electron-beam melted columbium. 


tion did not change the carbides from the sparse 
stringers of agglomerated particles produced by the 
working operations. For these reasons, it was con- 
cluded that the carbides did not materially influence 
the mechanical properties and that the dissolved 
carbon was not a variable in this investigation. How- 
ever, oxygen and nitrogen were completely in solid 
solution in all the materials at various concentrations, 
making them important variables. Oxygen contents 
of all the arc-melted materials were the same, but 
they were about four times that of the electron beam 
melted material. Nitrogen contents varied over an 
appreciable range in the three arc melted ingots. 
Hydrogen was found in amounts generally less than 
the limit of analysis. Consequently, the effect of 
hydrogen was not appraised in this study. 
Low-Temperature Properties—The tensile proper- 
ties of the electron-beam melted columbium have 
been replotted in Fig. 5 so that the yield and ultimate 
tensile strengths of the recrystallized and cold-worked 
material may be compared directly. The data show 
that in the temperature range from 0° to 400°C, the 
strength properties are only slightly temperature 
sensitive and that it is in this temperature range 
that cold-working makes its largest contribution to 
strength. Above 400°C, the strength curves for the 
swaged and recrystallized material tendto converge, 
no doubt because of recovery during the tensile test. 
Below room temperature, the strength curves of both 
cold-worked and recrystallized material ascend at a 
rapid rate. Most interesting, however, is that these 
curves tend to converge with decreasing temperature. 
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At liquid nitrogen temperatures, the yield strength 

of the cold-worked material was only 10 pct greater 
than that of the recrystallized material while at room 
temperature it was double the yield strength of the 
recrystallized columbium. 

In Fig. 6, the tensile properties of arc-melted and 
electron beam-melted, recrystallized columbium are 
compared. Fig. 6 shows that the strengthening effects 
of impurities apparently diminished as temperature 
decreases below ambient, since the strength curves 
of both types of material tend to converge. There is 
a 13 kpsi difference in yield strength between arc- 
melted and electron beam melted, recrystallized 
material at room temperature but only about a 2 kpsi 
difference at —196°C. It is important to note that all 
the fractures at -196°C were ductile. 

These facts indicate that with decreasing tempera- 
ture below room temperature, some new barrier to 
dislocation motion becomes increasingly important 
and eventually approaches in importance those pro- 
vided by the stress fields of other dislocations and 
the locking action of interstitial impurities. This 
indicates that the strength of the new barrier should be 
highly temperature dependent and the barriers more 
densely distributed than those being supplanted. 

This strong temperature dependence and dense 
distribution are the characteristics of the barriers 
offered by the Peierls-Nabarro forces as described 
by Heslop and Petch’ for iron alloys. Peiels-Nabarro 
force barriers are frictional forces opposing dislo- 
cation motion in a crystal lattice. Their distribution 
is much more dense than dislocation or impurity 
barriers since Peierls-Nabarro forces are cyclical 
with periods of oscillation over single atom distances. 
Heslop and Petch suggested that with decreasing 
temperatures, dislocations in body-centered cubic 
lattices become progressively narrower and, asa 
result, increasingly difficult to move. As a manifes- 
tation of this, they showed in their analysis of the 
lower yield point of iron a highly temperature depend- 
ent term which they related to the lattice frictional 
forces opposing dislocation motion, the Peierls- 
Nabarro forces. The current observations may be 
interpreted to mean that with decreasing tempera- 
tures, the Peierls-Nabarro forces of the columbium 
lattice increase sufficiently that the stress necessary 
to move a dislocation over a single lattice distance 
in columbium approaches that necessary to force a 
dislocation through the complex array of dislocations 
produced by cold-work or to overcome the pinning 
action of solutes. Inthis way the strengthening effects 
of cold-work and impurities diminish with decreasing 
temperatures. 

One would expect that this phenomenon would be 
observed in other body-centered cubic metals. Data 
obtained on recrystallized and on cold-worked vana- 
dium’, summarized in Fig. 7, confirm the obser- 
vations made on columbium. Although there is at 
room temperature an appreciable difference in yield 
and tensile strengths of the recrystallized and the 
cold-worked material, the strengths are virtually 
the same at —196°C. 

Strain-Aging—The tensile properties above room 
temperature show the characteristic features pro- 
duced by strain-aging during the tensile test. There 
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Fig. 7—Comparison of tensile strengths of cold-worked and 
recrystallized vanadium. 


are maxima in the tensile-strength vs temperature 
curves and corresponding plateaus in the yield- 
strength vs temperature curves for both types of 
recrystallized materials at temperatures above room 
temperature. These conditions are indicative ofa 
maximum in rate of strain-hardening corresponding 
to a maximum in tensile strength. Plastic flow during 
tensile tests at temperatures in the neighborhood of 
the maxima is accompanied by small, irregular oscil- 
lations in the flow stress. All these phenomena arise 
from the interaction of moving dislocations and mo- 
bile solute atoms which produce strain-aging® °° 
The data in Figs. 1 and 2 show that the temperatures 
corresponding to the maxima are distinctly different, 
however, for the electron-beam melted and arc-melt- 
ed columbium. The maximum for the electron-beam 
melted material is at about 500°C and that for the 
arc melted material is about 300°C. Fig. 6 shows 
that the yield strength of the arc-melted material 
lies above that of the electron-beam melted material 
and is nearly temperature insensitive between 0° and 
300°C and, thereafter, both the yield and tensile 
strengths of the arc-melted material decrease. The 
tensile properties of both arc-melted and electron- 
beam melted columbium are the same between 400° 
and 500°C, the temperature range of the strength 
maximum of the electron-beam melted material. 
Because any strain-aging occurring at 300°C in 
the electron-beam melted columbium is very weak, 
the interstitial element responsible for the 300°C 
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Fig. 8—Diffusivity of oxygen, carbon, and nitrogen in col- 
umbium according to Powers and Doyle.1! 


strain-aging maximum in the arc-melted columbium 
must be in low concentration in the electron-beam 
melted columbium. Furthermore, because the tensile 
strengths of the arc-melted materials are about the 
same at 300°C, the solute responsible must be about 
the same concentration in all three heats. Reference 
to Table I shows that the most likely candidate is 
oxygen. This is in agreement with the suggestion 
made by Dyson et al.’ The theories of strain-aging 
require that at the temperature where strain-aging 
produces the greatest strengthening, diffusivity of 
the interstitial solute responsible must be in the 
neighborhood of a critical level.*-'® The choice of 
oxygen as the element responsible for the lowest 
temperature strain-aging observed is consistent with 
the interstitial element diffusion data of Powers and 
Doyle,® reproduced in Fig. 8, where oxygen is shown 
to be the most rapidly diffusing interstitial element 
of the trio considered. Choosing 300°C from Fig. 1 
as the temperature at which oxygen promotes the 
greatest strengthening, one may employ Powers’ and 
Doyle’s data to obtain an estimate of the optimum 
interstitial diffusivity for strain aging, 10 '* cm’ per 
sec. One may expect, then, that nitrogen and carbon 
would cause strain-aging at higher temperatures 
where their diffusivity is similar to that of oxygen 
at 300°C. Again using Powers’ and Doyle’s diffusion 
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Fig. 9—Effect of nitrogen on tensile strengths of columbium 
in the temperature range 5000° to 900°C. 


data, the temperatures of diffusivity of carbon and 
nitrogen equivalent to that of oxygen at 300°C are 
about 500° and 600°C, respectively. These latter 
two temperatures correspond to the region of strong 
strain-aging in the electron beam columbium. It may 
be suggested then that those elements are responsible 
for this strain-aging-induced peak in the tensile 
strength. No doubt since the diffusivity of oxygen has 
increased by three orders of magnitude at this tem- 
perature, it will not play much of a part in causing 
strengthening by strain-aging in this temperature 
range. 

Because the concentration of dissolved carbon in 
both types of material is the same, any differences 
in properties during carbon and nitrogen strain-aging 
may be ascribed to nitrogen. This fact, then, may 
now be used to explain the variation in tensile pro- 
perties of recrystallized A-1, 2, and 3 in the 500° to 
700°C range. The tensile strengths for the tempera- 
ture range under question are shown on expanded 
scales in Fig. 9. The data show that in this tempera- 
ture range, tensile strength increases with increasing 
nitrogen content. This, then, is in agreement with 
the reasoning that nitrogen should strongly influence 
strength by strain-aging in this temperature range. 

Again, vanadium may be used to provide a parallel 
case. Tensile data for recrystallized vanadium,’ ’ 
plotted in Fig. 7, show a distinct maximum in tensile 
strength at 350°C indicative of strain-aging. The 
diffusion data of Powers and Doyle” were used to 
calculate the temperatures for diffusivity of carbon, 
oxygen, and nitrogen in vanadium equal to that level 
of diffusivity producing strain-aging in columbium. 
It was found that the temperature for this diffusivity 
of oxygen and carbon was about 350°C which, as Fig. 
7 shows, corresponds to the position of the maximum 
in the ultimate tensile strength curves. The temper- 
ature calculated for nitrogen strain-aging was about 
560°C, and apparently, as in the case of arc-melted 
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columbium, the tail of the high oxygen peak centered 
at 350°C obscures the nitrogen peak. 

This same line of reasoning would predict strain- 
aging by oxygen, carbon, and nitrogen to occur in 
tantalum about 310°, 600°, and 700°C. These first 
two temperatures correspond closely to the sharp 
maximum and a plateau in the tensile strength-tem- 
perature curves for tantalum determined by Pugh.” 
Again, the nitrogen peak appears to be overshadowed. 

One somewhat surprising observation made in the 
present study is that no especially large strain-rate 
sensitivity of tensile properties was found for the 
arc-melted columbium at 300°C, the temperature at 
which strain-aging was most prominent. Since the 
basic saislocation mechanisms involved in strain- 
aging® ° are dependent on glide velocity of disloca- 
tions, possibly this lack of strain-rate sensitivity 
means that the imposed strain-rate has little influence 
on glide velocity but instead influences rate of dis- 
location generation. 


SUMMARY AND CONCLUSIONS 


Cold-work and dissolution of oxygen, carbon, and 
nitrogen in columbium may cause considerable 
strengthening at temperatures in the range from 
about 0° to 500°C. As temperature decreases below 
room temperature, strength rises sharply, but the 
role of cold-work and impurities as strengthening 
mechanisms decreases. Some new barrier to plastic 
flow approaches in importance interstitial atom lock- 
ing and dislocation barriers. It is suggested that this 
barrier is the lattice frictional or Peierls-Nabarro 
forces. 


As temperature increases above room temperature, 
strain-aging mechanisms come into play. These 
mechanisms cause an increase in rate of strain- 
hardening and, consequently, under conditions where 
the mechanism is most effective, a maximum in the 
ultimate tensile-strength vs temperature curve. 
Since the basic mechanism of strain-aging involves 
diffusive motion of interstitial atoms, the tempera- 
ture at which strain-aging by a particular species of 
interstitial atom occurs will depend on the diffusivity 
of the interstitial atom. Analysis of the data reported 
here indicates that the critical level of diffusivity is 
about 10°'” cm’ per sec, and the corresponding tem- 
peratures for this level of diffusivity of oxygen, 
carbon, and nitrogen in columbium are about 300°, 
500°, and 600°C. This level of diffusivity also cor- 
rectly predicts the temperatures of reported tensile 
strength maxima which are believed to correspond 
to strain-aging in vanadium and tantalum. 
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Thermal Diffusivity of Armco Iron 


The thermal diffusivity (thermal conductivity divided by spe- 
cific heat) of Armco iron has been measured over the temperature 
vange 30° to 1025°C. The results ave in good agreement with the 
thermal diffusivity computed from published values of thermal 
conductivity and specific heat, except near the Curie point and at 


the a to y phase transition, where the measured diffusivity under- 
goes vapid variations. The differences observed are ascribed to 
a rapid variation in the electronic thermal conductivity near the 
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Curie point, and a decrease in the lattice thermal conductivity, at 


the a to y phase transition. 


ak major difficulty in measuring the thermal conduc- 
tivity of materials at high temperatures is the de- 
termination and elimination of radiation losses. It 
has been shown, however, that in measuring thermal 
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diffusivity D (thermal conductivity/specific heat) 
radiation losses can be taken into account exactly.’ 

In order to test the performance of a newly designed 
apparatus for measuring thermal diffusivity of solids,” 
we measured Armco iron to an accuracy of 2 pct in 
the temperature range 30° to 1025°C. This material 
was Selected since both the thermal conductivity, ”* 

K, and specific heat,’ C, are known accurately in this 
temperature range and thus the measured values of 

D could be compared with D computed from the pub- 
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Fig. 1—The reciprocal of the measured thermal diffusivity 
of Armco iron as a function of temperature. The full curve 
was computed from the literature values of the specific 
heat® C and thermal conductivity? x. 


lished values of kK and C. Our results are in good 
agreement with the computed values of D, except 
near the Curie point and the @to y phase transition 


where departures from previous results have been 
observed. 


EXPERIMENTAL 


A modification’ of Sidles and Danielson’s method’ 
of measuring thermal diffusivity was used. The 
measurements were made on Armca iron purchased 
from the Mapes and Sprowl Steel Co. The sample, 

2 in. in length and 3/16 in. in diam, was machined 
from rod stock. A small electrical heater was brazed 
with copper to one end of tne rod ina hydrogen atmos- 
phere. The heater provided a sine heat input to the 
sample of 2 w amplitude at a frequency of 0.05 cps. 
Three chromel-alumel thermocouples 3 mils in diam 
were welded to the rod at distances 1/4, 1/2 and 3/4 
in., respectively, from the sine heater. The amplitude 
of the temperature variation of the thermocouple 
nearest the heater was about 1°C. The attenuation 
and phase shift of the heat wave was determined from 
the recorded output of each of the thermocouples. In 
practice two thermocouples suffice to provide all the 
the necessary information; the third thermocouple 
used here gave an additional checkon the correctness 
of the measurements. The specimen was enclosed 

in an evacuated oven at a pressure of about 10°° mm 
of Hg. Measurements could be made up to 1070°C, 
the upper limitation being due to the copper braze of 
the heater to the iron specimen. 

Electrical conductivity measurements were made 
at room temperature on the Armco sample before 
brazing and after the completion of the experiments. 
The conductivity measured before brazing agreed 
with that of the Armco iron used by Powell.’ A 3 pct 
lower value of electrical conductivity obtained for 
the sample after brazing was ascribed to contamina- 
tion of the sample by copper during the brazing. 

The thermal diffusivity was computed according to 
Ref. 1 from the measured values of the attenuation 
and phase shift of the thermal wave. The reciprocal 
of the measured thermal diffusivity is plotted in Fig. 
1. The solid curve was computed from the specific 
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heat compilations of Darken and Smith’ and Powell’s® 
data on thermal conductivity. Only Powell’s measure- 
ments were used since Armstrong and Dauphinee* give 
results for k only up to 740°C and their measurements 
are in excellent agreement with Powell’s for temper- 
atures below this value. Corrections were made for 
the effect of thermal expansion, and volume change® 
at the a@toy transition. These corrections enter in 
the separation between the thermocouples on the 
sample and in aie ere the literature values of C 

to units of J. deg” + 


DISCUSSION 


The results of the present investigation (points in 
Fig. 1) agree well with the values of k/C computed 
from previous measurements of C and xk (solid curve 
in Fig. 1), except near the Curie point (770°C) and 
the ato y transition (910°C). The discrepancies can 
be seen more clearly in Fig. 2 where Powell’s values 
of K in the range 650° to 1000°C (full curve) are com- 
pared with xk computed from our measured diffusivity 
and literature values of specific heat” (dashed curve). 
The computed curve exhibits a change in slope near 
the Curie point and a discontinuity at the ato y trans- 
ition. The encircled point in Fig. 2 was ignored since 
both C and k/C vary very rapidly with temperature 
in this region and small errors in temperature or a 
temperature gradient on the sample as small as 1°C 
per cm can introduce large errors in the computed 
value of k. This source of error is negligible for all 
the other points. 

In comparing our results with those computed from 
previous measurements, it should be borne in mind 
that the properties of Armco iron depend on the crys- 
talline perfection of the sample. Thus the observed 
departures might be due to differences inthe samples 
used by the various workers. On the other hand, the 
measurements of C and/or k might be in error. In 
particular, in the measurements of Powell, large 
temperature gradients were used (8° to 100°), and it 
is possible that rapid variations in k could have been 
averaged out. In the present experiment the maximum 
temperature gradient on the iron was only about 1°C 
per cm and fine temperature effects should be re- 
solvable. 

There is supporting evidence for the effects observ- 
ed in k near the Curie point. The electrical conduc- 
tivity at this temperature exhibits a sharp change in 
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slope® and one would expect a similar effect in the 
thermal conductivity, sinceitis primarily electronic. 
In fact the sharp change of slope in our curve for xk 
near the Curie point, shown in Fig. 2, is of the ex- 
aa magnitude (compare Powell’s Fig. 3 in Ref. 
3(b 

On the other hand, the 7 pct decrease in k at the 
ato y transition, shown in Fig. 2, can be associated 
only with a decrease in the lattice contribution to the 
thermal conductivity, ,},, Since there appears to be 
no discontinuity in the electrical conductivity at this 
temperature. This implies that k,, must contribute 
sizeably to the total thermal conductivity. There is 
some theoretical evidence for a change in the lattice 
thermal conductivity. Seitz’ noted that the ato y 
transition in iron requires that the y phase have a 
slightly lower Debye temperature than the @ phase. 
A decrease in the Debye temperature would result in 
a decrease in k,,,-. For example, if the phonon con- 
tribution to the total thermal conductivity is as large 
as 30 pct, a 10 pct decrease in the Debye tempera- 
ture is sufficient to account for the decrease obtained 
in Kat the ato y transition’ Such a large value of 
Kp, would appear to be in contradiction with the fact 
that its value near 910°C, calculated from the Wiede- 
mann- Franz ratio is only of the order of 5 pet of the 
total thermal conductivity.° It is questionable® how- 
ever, whether the numerical value of the Wiedemann- 
Franz ratio, corresponding to degenerate metals, 
can be applied to transition metals at high tempera- 
tures. 

In conclusion it should be stressed that the results 
for x, unlike those obtained for the diffusivity, de- 
pend on the choice of specific heat data, and must 
therefore be considered tentative. 
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Intragranular Precipitation of Intermetallic 


Compounds in Complex Austenitic Alloys 


Seven austenitic alloys of various base compositions and 
minor -alloy additions were solution-treated, aged systematically 
between 1200° and 1800°F, and examined by X-ray and electron 
metallography. Intvagranular precipitations of Laves, o, 
NizTi, and yx phases were observed as a function of composition 
and aging time and temperature. Phase solubility limits were 


determined within 100F° intervals. These intermetallic compounds 
fall into two distinct general classes, and whichever class pre- 


dominates depends on base composition. 


Ir has become increasingly evident that multicom- 
ponent austenitic alloys are well characterized by 
their precipitation processes. Since certain groups 
of elements act as one, the relationships among 
these processes are reasonably simple; complete 
identification of such processes is usually attainable 
by a systematic aging study with a combination of 
techniques centered on microscopy and diffraction. 
Several nickel- and cobalt-base alloys illustrating 
cellular precipitation and its interaction with general 
precipitation were reported previously.* The group 
of alloys covered in the present paper demonstrates 
precipitation-hardening reactions involving two 
distinct classes of intermetallic compounds where 
the predominating class appears to depend on base 
composition. This dependency ties in with a crystal- 
chemistry regularity first obServed some twenty 
years ago by Laves and Wallbaum but never ampli- 
fied to our knowledge. 

Results of electron-microscope and X-ray dif- 
fraction studies on systematically aged hot-rolled 
alloys known commercially as S-816, S-590, René-41, 
Incoloy-901, M-308, and M-647 are reported here. 
Some of these alloys have previously undergone 
minor-phase analyses by other investigators. Alloy 
S-816 was investigated by Rosenbaum,” Lane and 
Grant,* and Weeton and Signorelli.2 Rosenbaum found 
only CbC in hot-rolled bars. Lane and Grant found 
CbC and a small amount of M,C in the cast structure 
and stated that both carbides form during aging, most 
of the precipitation being CbC. Weeton and Signorelli 
found CbC, M,,C, and a weak indication of o phase 
after a slow step-down cooling cycle from 2250° F. 
Rosenbaum also investigated hot-rolled samples of 
S-590 and identified CbC and M,C. Preliminary in- 
formation on René-41, gained partly from the present 
work, was reported by Morris.° Long-time precipi- 
tation phenomena in Incoloy-901 at 1350° F were in- 
vestigated by Clark and Iwanski.° Their raw data re- 
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semble those of our present heat with 0.1 pct B, while 
their interpretation of these data resembles our in- 
terpretation of data from another heat with only 0.001 
pet B; they made no statement as to boron content. 
No previous minor-phase studies of alloys M-308 or 
M-647 have been reported. 


EXPERIMENTAL METHODS 


Table I gives alloy compositions in both weight and 
atomic percent. Specimens were solution-treated 
from 1700° to 2200°F, aged at logarithmic-time inter- 
vals up to 1000 hours between 1200 and 1800 F, and 
examined in accordance with procedures previously 
described in detail.’’””* 

Phase extractions were carried out in electrolytic 
cells containing 800 ml of either 7 pct HCl in dena- 
tured ethanol or 20 pct H;PO, in water. After elec- 
trolysis for 48 hr at 0.1 to 0.2 amp per sq inch, resi- 
dues were separated by filtration or centrifuging. 
X-ray powder patterns of residues were recorded on 
a diffractometer for accuracy and on film for sensi- 
tivity. Lattice parameters were calculated by least- 
squares analyses of indexed sin” values, and relative 
abundances were estimated from intensities of strong- 
est lines of each phase. These phase abundances 
denote relative amounts with respect to each other 
rather than to the alloy. 

Mechanically polished specimens were etched ina 
freshly mixed solution of 92 pct HCl, 5 pct H,SO,, 
and 3 pct HNO3. Parlodion replicas for the electron 
microscope were chromium-shadowed in high vacuum 
at a glancing angle of 20deg. All electron micrographs 
are reproduced here with the shadowing source above. 
The correspondence between electron microstructures 
and phases identified by X-rays was established by a 
high redundancy of correlation between relative 
amounts at different stages of aging and examination 
above and below critical transformation or solubility 
temperatures. 


EXPERIMENTAL RESULTS 


S-816 and S-590—The phases found in S-816 and 
S-590 after various aging and solutioning treatments 
are listed in Table II. These data and the observed 
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Table |. Composition of Alloys Investigated 


Alloy Content 


Type Percent Cc N Al 40 Fe Ni Co Cr Mo W Si Mn Zt Cb Ta 12 S B 
S-816* weight 0.38 0.02 - - 4.46 19.39 41.96 19.81 3.97 3.87 0.56 1.22 - 3.95 0.38 0.02 0.02 - 
S-590* weight 0.41 0.07 23.75 19.91 20.97 20.36 4.20 4.43 0.63 1.29 — 4.02 0.02 0.01 
atomic 2.00 0.27 - - 24.89) 19) 2.53 0.04 0.02 
atomic 0.43 3.49 3.87 53.92 10.99 20.95 5.89 — 0.21 - 
High Boron weight 0.04 0.005 0.19 2.42 34.99 42.87 12.62 6.10 — 0.21 0.49 0.007 0.1 
Incoloy-901+ atomic 0.19 0.021 0.40 2.89 35.78 41.72 13.86 3.63 0.43 #051 - 0.013 0.5 
Incoloy-901+ atomic 0.20 0.38 2.88 34.10 41.00 0.36 14.51 3.67 —- - - 0.013 0.005 
M-308t weight 0.05 6.01 0.33 1.80 42.43 32.80 - 13.10 3.30 6.00 — - 0.18 - - - - - 
atomic 2222 932109 14.87 2.03 1.93 — - 0.12 - - 
M-647+ weight 0.04 0.01 0.56 2.70 51.32 23.80 - 15.80 5.60 — - - 0.17 - - - - - 
atomic 0.19 0.04 S219 2 2.92 - 0.11 —- - - 


*Air melted and forged into ’/-in. bar stock. 
tVacuum melted and forged into *{-in. bar stock. 


microstructures show that CbC is thermally inert or 
only slightly soluble up to at least 2200°F; it does 
not precipitate to a detectable extent during aging. 
M,C and Laves phase are the principal aging precipi- 
tates with solubility limits at higher temperatures 

in S-590. Both alloys had small amounts of an ad- 
ditional phase at 1600° to 1800°F evidenced by extra 
X-ray reflections, which, although consistent with o 
phase, could not be positively identified in the pres- 
ence of the other phases; a similar effect was previ- 
ously noted in N-155.’ All aging was preceded by a 
2100°F treatment, which completely dissolves M,C 
in S-816 and Laves phase in both alloys. 

Holding S-816 for 1000 hr at 1200°F produces a 
grain-boundary film which presumably is the early 
formation of a carbide; this increasingly coalesces 
at higher temperatures to globular M¢C particles as 
shown in Fig. 1(a). The same electron micrograph 
shows additional M,C that nucleated at the interface 
of a massive CbC particle, and some oriented Laves- 
phase plates. Here visual phase identification was 
achieved by examining microstructures at progres- 
sively increasing aging temperatures where first 
Laves phase and then M,C disappeared from the X- 
ray data, Table II. There was further correlation 
with respect to aging time. 

Microstructures in S-590 specimens are similar 
except that there is more abundant precipitation with- 
in the grains as evidenced by Fig. 1(b). Laves phase 
goes into solution at around 1950°F, and some M,C 


for reproduction. 
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Fig. 1—S-816 (a) and S-590 (6) solution- 
treated 8 hr at 2100°F and aged 1000 hr 
at 1400°F. Massive CbC particles, MgC 
at grain and interphase boundaries, and 
plates of Laves phase exist in both speci- 
mens but in greatly different amounts. 
X10,000. Reduced approximately 51 pct 


still remains at 2200°F. S-816 and S-590 illustrate 
the effect of base composition on amounts and solu- 
bility limits of thermally responsive phases. From 
Table I, one can note that S-590 differs from S-816 
mainly by a shift in base composition from cobalt 
toward iron with a resulting increase in precipitation 
tendencies. 

René-41—Table II also lists the X-ray data for 
René-41, whose composition is essentially that of 
M-252 with higher titanium and aluminum concentra- 
tions. The solubility limit of u* phase lies between 


*(Fe, Co), (Mo, W), was designated ‘‘mu’’ by P. A. Beck and his co- 
workers.” This phase is also called ‘‘epsilon,’’ after Takei and Mura- 
kami.*° 


1700° and 1800°F, that of y’ is between 1900° and 
1950°F while that of M,C is around 2150°F. All aging 
was carried out after water quenching from 2150°F. 
The lattice parameters of MeC and Mo3C¢ are greater 
than those found in M-252. The y’ lattice parameter 
is about 0.2 pct smaller than that of the matrix. Line- 
al analysis showed that aging for 1000 hr at 1600°F 
produces 26 pct y’ by volume. The same analysis 
indicated a greater volume of grain-boundary phases 
(3 pct) than i-phase particles (2.5 pct) with this aging 
treatment. An extraction replica was obtained of an 
early stage of grain-boundary precipitation that was 
identified as M,,C, by electron diffraction. X-ray 
data at late stages of aging, Table II, show that more 
u. phase is present than M,,C,, and so some of the 
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originally precipitating M23C, at grain boundaries 
must have slowly transformed to MgC. The formation 
of » phase as irregular Widmanstatten plates occurs 
with the overaging of y’ at 1500°F and above. All 
electron micrographs showed the typical general 
precipitation, coarsening and eventual solutioning of 
spherical y’ with increasing temperature;* the y’ 
changed from random fine spheroids at lower temper- 
atures to aligned medium cubospheroids at 1800°F 
and revert to random coarse spheroids above this 
temperature. 

The disappearance of TiC above 1500°F occurs 
with the growth of y’ and McC. When y’ and MgC 
begin solutioning at higher temperatures, there is a 
reversal to increasing TiC until it predominates at 
2150° to 2200°F. Fig. 2 shows a disrupted region 
where a large former TiC particle is disintegrating 
into a local ‘‘matrix’’ of y’. This y’ ‘‘matrix’’ ina 
local concentration of titanium is somewhat clarified 
by a previous investigation ofa nickel-titanium alloy” 
wherein precipitation of metastable cubic y’-NisTi 
phase precedes the formation of hexagonal NisTi. 

High-and Low-Boron Incoloy-901—These two heats 
contain boron in concentrations above and below its 
solubility limit. The alloy with 0.1 pct B contains a 
boride with a ternary-type structure described else- 
where.” Its spectrochemically determined composi- 
tion in atomic percent is: 


D 


Fig. 2—René-41 solution-treated 8 hr at 2150°F and aged 
1000 hr at 1600°F. Central region appears to be where 
former TiC decayed into y’ and M,C. The plates are py 
phase. X10,000. Reduced approximately 66 pct for repro- 
duction. 


Mot Tis JAlic 


This M3B, boride structure, which is isomorphous 
with Usis has also been found in several other 
alloys.’ 

In high-boron Incoloy-901, M3Bz is stable up to 
2200°F, but it was solutioned in a specimen quenched 
from 2400°F after 8hr in a dry hydrogen atmosphere. 
Specimens aged for 1000 hr, Table III, contain y’ 
from 1300° to 1500°F and pu phase from 1400° to 


Al Ni 


Table III. Phases Identified in High- and Low-Boron Incoloy-901, M-308, and M-647 after Various Aging Treatments 


Solution-Treated 8 Hr at 2100°F, water-quenched, and aged as indicated 


Time, Hr 1000 1000 1000 1000 1000 340 80 
Temp., °F 1200 1300 1400 1500 1600 1700 1800 
Alloy Phase Lattice Parameters (A) and Relative Abundances* 
High-Boron 4.327 m m 4.252 r 4.333 
Incoloy-901 (cubic) 
M,B, 5.792, 5.790, 5.800, 5.835, 5.799, 5.788, 5.794, 
(tetragonal) 3.147 m 3.137 m 3.128 m 3.134 m 3.133 m 3.135 m 3.142 m 
mu 4.758, 4.791, 4.757, 4.759, 
(trigonal) 25.768 mr 25.895 m 25.699 ma 25.709 vr - 
- at mrt - 
(cubic) 
Low-Boron TiC 4.328 a 4.321a vr vr vr 4.324 mr 4.328 a 
Incoloy-901 (cubic) 
TiN 4.266 m 4,25 ma vr vr vr 4.25 
(cubic) 
Laves Phase - 4.748, 4.758, 4.755, 4.757 4.753, — 
(hexagonal) 7.749 a 7.741 a 7.748 m 7.738 ma 7.734 a 
Ni,Ti - 5.124, Sy = 
(hexagonal) 8.349 a 8.327 a 8.328 a 
= at - = 
(cubic) 
M-308 mu - mt aj at 4.767, nd nd 
(trigonal) 25.797 a 
y = = mat mt rt nd nd 
(cubic) 
TiN r r ie r r nd nd 
(cubic) 
M-647 sigma - 8.895, 8.872, vr _- nd nd 
(tetragonal) 4.617 a 4.592 r 
chi - 8.936 a 8.913 a 8.908 a 8.9lla nd nd 
(cubic) 
y = = mat = = nd nd 
(cubic) 


*qa—abundant, m—medium, r—rare, nd—not determined 


tSelective line broadening indicates thin basal-plane plates of mu phase. 


ty’ was identified by microstructure alone. 
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1700°F. The X-ray peaks for u phase at 1400°F were 
broad except those due to the prism planes, which 
implies that the particles are thin platelets parallel 
to basal planes; these oriented platelets are shown 
together with a fine dispersion of y’ in Fig. 3(a). The 
deep etch pits are probably caused by boron segre- 
gation to grain boundaries and other lattice incoher- 
encies. At 1600°F y’ dissolves, leaving larger 
plates of phase and etch pits as remaining features, 
Fig. 3(d). 

Table III also lists X-ray results for Incoloy-901 
containing only 0.001 pct B. In addition to thermally 
inert TiC and TiN, Laves phase is present from 1300° 
to 1700°F, y’ from 1300° to 1400°F, and NisTi from 
1400° to 1600°F. Electrolytic residues that contained 
Ni,Ti gave unclear X-ray patterns for Laves phase; 
however, after Ni,Ti was selectively leached from 
residues by chemical means, positive X-ray identi- 
fication of the Laves phase was then obtained. Fig. 
4(a) shows plates of Laves phase near grain bounda- 
ries and finely dispersed y’ at 1300°F. Some parti- 
cles are aligned along octahedral planes prior to the 
formation of NisTi platelets. At 1400°F, some NisTi 
platelets are formed parallel to rows of y’, Fig. 4(d). 
The etch pits are absent in this low-boron heat. 

There is no evidence of carbide precipitation or 
TiC dissolution during the aging of Incoloy-901. A 
sufficient boron addition to Incoloy-901 produces a 
refractory boride phase rich in molybdenum, titanium, 
and chromium, and a segregation, at moderate aging 
temperatures, revealed as etch pitting in electron 
micrographs. First y’ and then Widmanstatten plates 
of phase precipitate on aging. At low boron concen- 
trations, Laves phase appears instead of p phase, y’ 
transforms to Ni3Ti, and there is no etch pitting. The 
electron micrographs of Clark and Iwanski° show 
etch pits of the same form as were found in our high- 


for reproduction. 
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Fig. 3—High-boron Incoloy-901 solution- 
treated 8 hr at 2100°F and aged 1000 hr 
at 1400°F (a) and 1600°F (b), showing 
thin » plates and deep etch pits at grain 
boundaries and lattice defects. Dispersed 
y’ particles are present at 1400°F and 
disappear at 1600°F. X10,000. Reduced 
approximately 51 pct for reproduction. 


Fig. 4—Low-boron Incoloy-901 solution- 
treated 8 hr at 2100°F and aged 1000 hr 
at 1300°F (qa) and 1400°F (6), showing 
dispersed y’ particles and plates of 
Laves phase along grain boundaries. 
Coalescence of y’ and its transformation 
to Ni3Ti platelets is shown in (0). 
X10,000. Reduced approximately 51 pct 


boron Incoloy-901, and their X-ray diffraction data 
indicate the presence of M3By. 

M-308 and M-647—Both of these alloys are initial 
hardened by general precipitation of y’. This phase 
is metastable since it dissolves after extensive agin; 
produces the more Stable intermetallic compounds 
identified in Table III. A continuous grain-boundary 
film forms at 1200°F, but it was not identified by 
X-rays owing to preferential electrolytic attack of 
this film. M-308 at high aging temperatures contains 
U phase, whose X-ray data are clear enough for lat- 
tice parameter calculations only after aging at 1600° 
F. Fig. 5(a) shows the fine, general dispersion of y’ 
and elongated u particles at 1400°F. Fig. 5(b) shows 
that y’ has dissolved with the continued growth of 
somewhat irregular Widmanstatten plates of wat 
1600°F. 

In the M-647 specimen aged at 1200°F there also 
was grain-boundary segregation that impaired the 
electrolytic-extraction process. Aging at higher 
temperatures produces Widmanstatten plates of 0 up 
to around 1500°F and massive, angular x phase up tc 
an unknown temperature above 1600°F. In Fig. 6(a), 
a fine dispersion of y’ is just visible among o plates 
at 1200°F. At 1400°F (not shown), the particles re- 
semble those in M-308, Fig. 5(a), and at 1500°F they 
disappear as shown in Fig. 6(b), leaving blocky x 
phase among plates of 0.* M-647 aged at 1600°F 


*Here again the correlation of relative amounts at various tempera- 
tures made it possible to identify the plates as o and the massive 


blocks as y phase. 


consisted of matrix and y phase only. The y phase 
was electrolytically isolated for chemical analysis, 
which indicated the unit-cell formula, Fee7NigCris 
(Mos.5Tig.5). The molybdenum and titanium atoms 
thus add up to 10 per unit cell, which is the number 
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(b) 
(b) 


of positions having a close-packed environment of 
coordination number 16 that is topologically equiva- 
lent to the larger atoms of Laves phase structures.’® 


DISCUSSION 


Having reported the precipitation processes in 
seven complex alloys, we now refer to early work on 
binary systems, the results of which are pertinent to 
this discussion. About twenty years ago, Laves and 
Wallbaum’””* investigated binary alloys of transition 
metals consisting of binary combinations of the A- 
with the B-group of metals in the chart below. The 
A-atoms are somewhat larger than the B-atoms. 

IVg VIg VIlg VIII Ip 
A-group—>|Ti V | Cr |Mn Zn Gaj|<—B8-group 
Zr Mo! Tc] Ru Rh|Pd Ag]Cd In 


lg 


Coy 


They observed a consistent change in crystal chemis- 


try for the B-rich intermetallic phases as the B-mem- 


ber passes to the right from cobalt and its homolog- 
ues to nickel and its homologues; 7.e., there is a 
distinct difference in crystal chemistry on either side 
of the dividing line shown in the chart. B-elements 

to the left of this line combine with A-elements to 
form the complicated structures of Laves (ABz) or 0 
phase (unstoichiometric); adding molybdenum and 
tungsten to the A-group introduces phase (A,B,) as 
well as more examples of Laves and o phases. B- 
elements to the right of the line form ordered, close- 
packed structures of the formula ABs, y’ phase and 
Ni3;li being examples from the present work. Vari- 
ations of these latter structures with respect to 
stacking sequence and ordering scheme have recently 
been described by Saito, Dwight, and Beck.’°~”’ Data 
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Fig. 5—M-308 solution-treated 8 hr at 
2100°F and aged 1000 hr at 1400°F (a) 
and 1600°F (b). Fine y’ particles are 
present at 1400°F and disappear at 
1600°F. The irregular plates are p 
phase. X10,000. Reduced approximately 
51 pet for reproduction. 


Fig. 6—M-647 solution-treated 8 hr at 
2100°F and aged 1000 hr at 1200°F (a) 
and 1500°F (0). Sigma plates are present 
at both temperatures; there are some 

y’ particles at 1200°F and massive 
blocks of x at 1500°F. X10,000. Reduced 
approximately 51 pct for reproduction. 


accumulated since Wallbaum’s short summary” have 
generally confirmed this effect, although there are 
indications that the dividing line should be moved to 
the left to bisect the cobalt group, as several exam- 
ples of ordered AB; cobalt compounds are known?” ”* 
as well as Laves, o and phases of cobalt. 

Frank and Kasper”® have shown that several struc- 
turally complicated intermediate phases of transition 
metals tend to minimize open space between atoms 
by containing only tetrahedral interstices, the small- 
est possible interstice between spheres of moderate 
size difference, and proved that first-shell coordina- 
tions of atoms in such structures must consist of the 
four Kasper polyhedra.’® All of the atoms in i, Laves, 
and o structures have coordinations of Kasper poly- 
hedra; 59 pct of the atoms in xy phase, 50 pct of the 
metal atoms in M,C, and 9 pct of those in M,3C, also 
have these polyhedra. Ordered close-packed AB3 
structures on the other hand have no Kasper polyhedra; 
these structures have octahedral holes as well as 
tetrahedral holes, which allows higher symmetry and 
small unit cells containing few atoms. Therefore, the 
Laves-Wallbaum dividing line apparently separates 
B members that seek minimum interstitial space 
from those that seek high symmetry. 

Among the complex austenitic alloys investigated 
here, the ‘‘Laves-Wallbaum effect’’ appears to deter- 
mine what kind of intermetallic compound dominates 
the aging process. Assuming little change with chro- 
mium and minor alloy content between the limits 
given in Table I, it is possible to plot a ternary Fe- 
Co-Ni diagram showing the various base compositions 
considered, Fig. 7. As one goes from a nickel-poor 
to a nickel-rich base, one can note in Tables II and 
III a corresponding shift in emphasis in precipitates 
from complicated structures containing Kasper poly- 
hedra to ordered, simple close-packed AB3-type 
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Fig. 7—Fe-Ni-Co base compositions in atomic percent 
assuming little change with about 20 pct Cr and other 
minor alloy elements. Subsequent experimental heats are 
represented by black dots. 


phases in terms of stability and thermal-solubility 
limits. 

Evidence of more statistical significance has re- 
cently been obtained’’ on the variation of structure 
type with base composition. Sixty alloys were pre- 
pared with the base-composition distribution shown 
in Fig. 7 where each black dot represents six or 
twelve heats of slightly differing minor alloy contents. 
The relative numbers of each base composition con- 
taining aging precipitates of the simple ordered close- 
packed type or the complex topological kind of close 
packing described by Frank and Kasper were distrib- 
uted as follows: 


Aging Precipitate 


Base Ordered AB; Structures wu, Laves, o,or x 
Fe 6 pet 83 pet 
Fe-Ni-Co 33 pct 67 pct 
Ni 56 pct 22 pet 
Co 8 pct 0 pet 


All alloys had 20 at. pct Cr with the exception that 
half of the twelve Fe-Co-Ni base alloys had only 10 at. 
pet Cr; omission of these does not affect the figures 
significantly. These figures also support the inference 
gained from alloys S-816 and S-590 that a cobalt base 
has a high solution capacity for intermetallic phases 
in comparison with an iron or a nickel base. For 
this reason the Fe-Co-Ni base rather than the Co 
base is listed above as the intermediate between the 
Fe- and Ni-base alloys. 

We believe that the correlation is useful for inter- 
preting the evolution of aging structures. For exam- 
ple, in René-41 the nickel-base matrix is favorable 
for y’ and unfavorable for u.-phase precipitation in 
the as-quenched condition. After copious y’-precipi- 
tation has occurred on aging, the resulting depletion 
of nickel in what remains of the matrix leaves it 
relatively concentrated in cobalt; by the foremention- 
ed effect, the matrix is now more favorable for pre- 
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cipitation of a structure with Kasper polyhedra. This 
does in fact occur in the form of yu phase; the neces- 
sary matrix change automatically assures a proper 
delay for further strengthening from this Widman- 
statten precipitation. 

The tendency for complicated structures to have 
Widmanstatten form is probably due to the kagomé 
layers*° of B-atoms on basal planes, since they are 
a basis for coherency with the close-packed planes 
of the matrix. Mu and Laves phases have undistorted 
kagomé: layers of B-atoms; in moderate amounts, 
they occur as Widmanstatten plates. Sigma, which 
often appears as Widmanstatten plates, has a modifi- 
cation, ‘‘kagomé tiling’’, that is slightly sheared to 
conform with tetragonal symmetry.~° The coherency 
strain for Laves and » phases would consist of simple 
dilation, while that of 0 would have a mild shear as 
well. Overalloying with A-elements would promote 
early coalescense and consequent incoherence; the 
intragranular Widmanstatten form would be replaced 
by a massive blocky, probably intergranular, form. 


CONC LUSIONS 


1) The principal phases which precipitate during 
the aging of S-816 and S-590 are M,C and Laves 
phase, while thermally inert CbC is always present. 
The higher cobalt content of S-816 increases the 
solutioning capacity for M,C and Laves phase. 

2) The high aluminum and titanium content of Rene- 
41 results in a high solutioning temperature for y’ 
The y’-precipitation predominates at early stages, 
and late precipitation of u phase occurs in Widman- 
statten form. Mz23C, precipitates at grain boundaries 
and later transforms to M,C, while TiC dissolves to 
generate more y’ and M,C. 

3) High-boron Incoloy-901 contains a refractory 
boride, M3B,; precipitation of y’, 1 phase, and a 
characteristic etch-pitting occur on aging. No etch- 
pitting is observed in low-boron Incoloy-901; y’, 
Ni,Ti and Laves phases form on aging, the Ni3Ti by 
transformation from y’. 

4) Both M-308 and M-647 are precipitation-hard- 
ened in the early stages of aging by metastable y’, 
which redissolves when phase appears in M- 308 
and o and x phases appear in M-647. 

5) There is a correlation between matrix compo- 
sition and the tendency to precipitate simple ordered, 
close-packed structures on one hand and complicated 
intermetallic structures on the other. This effect is 
related to a crystal-chemistry phenomenon first 
reported by Laves and Wallbaum. 
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Room-Temperature Deformation and Fracture 


Characteristics of Lithium—Fluoride Single Crystals 


The deformation and fracture characteristics of lithium- 
fluoride single crystals stressed in compression at room tempera- 
ture have been studied. In as-cleaved specimens the stress-strain 
curves were variable; two types of {110} fractures were observed 
in the vicinity of kink bands. The stress-strain curves of annealed 
crystals were veproducible; {100} cracks formed which propagated 
along the {100} and {110} planes. The deformation and fracture 


characteristics were affected by quenching and X-ray irradiation. 


Strupy of the mechanical behavior of nonmetallic 
materials has received considerable impetus in 
recent years because of the need to overcome the 
problem of brittleness before the refractory prop- 
erties of nonmetallics can be fully exploited. Ionic 
crystals provide a convenient and simplified start- 
ing point from which to study the deformation and 
fracture processes in nonmetallic materials. 

Early investigations of the mechanical behavior 
of non-metals were restricted largely to determina- 
tions of the crystallographic indices of the cleavage 
and fracture planes and the glide and twinning ele- 
ments. Until recently, only occasional systematic 
studies of the deformation characteristics of non- 
metals have been made; and investigations of the 
forces necessary to initiate plastic deformation 
and the factors which affect the flow characteristics 
have been restricted largely to studies of sodium 
chloride’ , magnesium oxide®~** and lithium fluor- 
ide. 147-22 
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Fracture studies on alkali halide and metal oxide 
single crystals have been limited despite the fact 
that these materials have a number of advantages 
for fracture studies. Because they are transparent, 
the cracks which form can be viewed in three di- 
mensions instead of in two dimensions as in metals. 
Also, they exhibit stress birefringence under polar- 
ized illumination, which enables the internal stress 
pattern and, therefore, the distribution of disloca- 
tions to be examined in the vicinity of the fracture. 

Early workers’ * have shown that ionic crystals 
with a cubic structure fracture in tension along the 
{100} plane normal to the applied stress. These 
fractures were brittle at room temperature and 
propagated very rapidly across the cross section 
of the crystal. More recently, Stokes, Johnston, and 
Li’ have studied crack formation in compressed 
magnesium-oxide single crystals. They found that 
the cracks, which were observed after about 3 pct 
strain, formed in the region of a kink band and lay on 
conjugate {110} slip planes instead of the usual {100} 
cleavage plane. Two different types of cracks were 
noted: Stroh?’ and secondary. The Stroh cracks did 
not exist merely on the surface but extended through 
the specimen in the form of tiny slits. A secondary 
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Fig. 1—Stress-strain curves of as-cleaved lithium-fluoride 
single crystals. The X’s indicate the fracture stress. 
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crack was observed, on the other hand, which was 
tapered and stopped within 20 yu of the surface. Gil- 
man et al.*"** have extensively investigated the nu- 
cleation of dislocations by cracks and the creation 
of cleavage steps by dislocations interacting with 
cleavage cracks in lithium fluoride. 

Lithium fluoride was chosen for the present study 
for three reasons: First, single crystals are readily 
available; second, since lithium fluoride melts at 
870°C, the effect of temperature up to the melting 
point on the stress-strain behavior can be studied 
with relative ease; and, third, the etch-pit method of 
revealing dislocations has been more fully investi- 
gated and is more reliable for this material than for 
any other?**® 

This paper reports the results of compression 
tests on single crystals of lithium fluoride for the 
purpose of determining the effect of annealing, 
quenching and X-ray irradiation on the stress-strain 
characteristics and fracture processes. 


EXPERIMENTAL PROCEDURE 


Large lithium-fluoride crystals were purchased 
from the Harshaw Chemical Co. Samples measuring 
approximately 0.10 in. by 0.10 in. by 0.30 in. were 
cleaved from the bulk crystals. All the specimens 
used in this investigation were cut from the same 
crystal. The bulk crystal contained a number of 
small angle boundaries; otherwise no flaws were 
observable with the microscope up to X500. 

As will be described later, it was found in agree- 
ment with Gilman, Johnston, and Sears*®*! that re- 
producible results could be obtained only for speci- 
mens which were first annealed at 800°C for 24 hr 
and rapidly cooled before testing. Therefore, except 
for the as-cleaved samples, all specimens were 
given this treatment. 

Tests were carried out in compression because in 
this type of test there is no grip problem. Ionic 
crystals, because of their brittle nature, cannot be 
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gripped by ordinary methods in tension. Also, be- 
cause lithium fluoride cleaves on the {100} plane, it 
is easy to prepare rectangular samples with parallel 
ends, which is an ideal shape for a compression test. 

The deformation was carried out in an Instron 
tensile machine. A compression rig was adapted to 
this machine. The driving rod and base plate were 
made of hardened AISI-1040 steel; the remainder of 
the fixture was of stainless steel. Specimens were 
loaded at the rate of 0.02 in. per min cross-head 
speed unless otherwise stated. Because the strains 
before fracture were small, it was not felt necessary 
to lubricate the ends of the specimen. All fractures 
occurred in the center section away from the com- 
pression plates. 

The dislocation density in the crystals was meas- 
ured by counting the pits produced after etching in 
CP-4 (120 cc concentrated HF, 200 cc concentrated 
HNO,, 2 cc Br, and 100 cc glacial acetic acid) and 
iron powder.*® Stress birefringence patterns were 
obtained using transmitted polarized light and a 
low-power microscope. It has been shown previously 
by Kear and Pratt,° and has been verified by the 
present author, that the patterns of etch pits pre- 
cisely match the stress lines; and it is reasonable 
to infer that the stress lines delineate rows of dis- 
locations. 

The down-quenching treatment consisted of an- 
nealing the crystals at an elevated temperature for 
4 hr, followed by an air or water quench to room 
temperature; up-quenching consisted of slowly cool- 
ing crystals to low temperatures and then, after 2 hr, 
air quenching to room temperature. 

Several specimens were X-rayed for the same 
time interval on each of the four rectangular faces. 
Crystals were X-rayed for 1/2, 2, 10, and 20 min 
prior to testing. The samples were placed ina 
frame at a reproducible distance: 1/4 in. from the 
window of an X-ray tube with a copper target oper- 
ated at 30 kv. and 12 ma. The two longest exposure 
times produced noticeable color change in the crys- 
tals. 


EXPERIMENTAL RESULTS 


a) As-Cleaved Specimens—Stress-strain curves 
are given in Fig. 1 for several crystals tested with- 
out any annealing treatment after cleavage (other 
than aging for 2 days at room temperature). In all 
the stress-strain curves the shear stress is resolved 
onto the (110) plane in the [110] direction. The large 
scatter in the stress-strain curves for as-cleaved 
crystals would make it difficult to evaluate the effect 
of other treatments on the stress-strain character- 
istics of lithium fluoride. Specimens were annealed 
24 hr at 400, 600, and 800°C and then cooled to room 
temperature at approximately 50°C per hr prior to 
testing. As the annealing temperature was increased, 
the resolved shear stress and the rate of work-hard- 
ening, as well as the variability between specimens, 
decreased. The effect of annealing temperature is 
summarized in Fig. 2. The critical resolved shear 
stress decreased linearly from a mean value of 1050 
psi in the as-cleaved crystals to 550 psi in crystals 
annealed at 800°C, Fig. 2(a); the initial rate of work- 
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Fig. 2—Influence of annealing temperature on (a) the cri- 
tical resolved shear stress and (bd) the initial rate of work- 
hardening. 


hardening decreased linearly from 40,000 psi in 
cleaved crystals to 12,500 psi in crystals annealed at 
800°C, Fig. 2(6). The dislocation density was between 
10° and 10’ dislocations per sq cm for as-cleaved 
crystals and was reduced to 10° dislocations per sq 
cm after the 800°C anneal. 

The fracture stress of as-cleaved samples, as 
denoted by the first jog in the load-extension curves, 
varied from 2500 to 3500 psi, Fig. 1. (This jog was 
found to correspond with the appearance of tke first 
macroscopic fracture.) The majority of the as- 
cleaved specimens showed kink bands. Figs. 3(@) and 
(0) are photographs taken with transmitted light and 
transmitted polarized light, respectively, of typical 
{110}-type fractures in a kinked sample. It is evident 
from the stress lines of Fig. 3(0) that the crystal 
was kinked about a {001} axis of rotation, with the 
plane of the kink parallel to the (110) plane. The long 
fracture [A in Figure 3(a)] lay parallel to the (110) 
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Fig. 3—{110} fractures in the vicinity of a kink band in as- 
cleaved crystals when viewed with (a) transmitted light 

and (b) transmitted polarized light. X300. Reduced approx- 
imately 42 pct for reproduction. 


plane and was situated for the most part within the 
kink band. Short-length cracks [denoted by the ar- 
rows in Figure 3(@)] parallel to the (110) plane were 
observed at the boundary of the kink band and within 
the kink band. At the right side of Fig. 3, a {100} 
cleavage fracture can be seen [B in Figure 3(q)]. 

b) Annealed Crystals—The stress-strain curves 
of the specimens annealed at 800°C prior to testing 
are shown in Fig. 4. In contrast to the curves for 
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Fig. 4—Stress-strain curve of crystals annealed at 800°C 
prior to testing. The X’s indicate the fracture stress of 
different crystals. 
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Fig. 5—Interior (100) and (110) fracture in an annealed 
crystal when viewed with (a) transmitted light, X300.() 
transmitted polarized light, X300.(c) transmitted light X 
X1200. (c) is of the circled area in (b). Compressive 
stress applied along the horizontal axis. Reduced approxi- 
mately 38 pct for reproduction. 


the as-cleaved crystals, there is little variability 
in the stress-strain curves of the different annealed 
specimens. The data points of seven different sam- 
ples fall within the dashed lines. Despite this agree- 
ment in stress-strain curves, the fracture stress 
varied from 2200 to 3200 psi, which corresponded 
to strains from 10 to 13 pct. 

Two types of fractures were observed: internal 
(which formed on the surface away from the edge 
of the sample and grew inward) and surface (which 
were restricted to the edges). The internal fractures 
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Fig. 6—Appearance of tears within (100) fractures in an 
annealed crystal, X1200. Reduced approximately 43 pct 
for reproduction. 


were the longest, sometimes running the entire 
length of the crystal, and were the only type which 
affected the load-extension curve. The surface 
fractures, which were often observed at small 
strains, rarely extended over a few hundredths 

of an inch into the crystal. 

Internal fractures will be considered first. These 
fractures generally formed near the center of the 
crystal. A typical example is shown in Fig. 5(@). The 
fracture shown at the left side of the picture was ob- 
served to initiate at the point A. This fracture then 
propagated parallel to the (100) plane for a distance, 
alternated between (100) and (110) fracture for a 
short region, joined with a second crack, and both 
propagated along (100) until, at the right of the pic- 
ture (110), fracture is again observed and the frac- 
ture ceases. A better understanding as to the origin 
and course of the fracture is obtained when the 
specimen is viewed under transmitted polarized 
light, Fig. 5(). It is evident that the (100) fracture 
at the left of the picture was initiated at a region of 
high stress concentration. This (100) fracture was 
able to propagate through the region filled with fine 
stress bands, but when the fracture encountered a 
broad band, it propagated along the (110) plane. The 
second crack, which formed in the center of the 
crystal [B in Figure 5(a@), showed the same char- 
acteristics. The fact that the fracture had difficulty 
in passing through the broad stress band is illus- 
trated in Fig. 5(c). It is apparent at high magnifica- 
tion that the crack alternated between (100) and (110) 
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Fig. 7—Interior (010) and (110) fracture. Compressive 
stress applied along the vertical axis, X1200. Reduced 
approximately 25 pct for reproduction. 


several times, rather than cleanly passing through 
the band. These internal fractures did not exist 
merely on the surface but continued through the 
specimen. 

When the fractures were examined along their 
course at high magnification, it was found that the 
width of the (100) fracture was not constant but con- 
tained a number of tears. Fig. 6 illustrates the two 
different types of tears which were observed. Fig. 


6(a) shows a tear in which the outline of the tear does 


not appear to follow a low-angle crystallographic 
plane; in Fig. 6(0) the outline is cubic. 
Fig. 7 illustrates a fracture which was observed 


to form along the (010) plane which lies normal to the 
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Boundary 
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Fig. 9—Stress-birefringence pattern showing the plastic 
strain in the interior of a crystal air-cooled from 600°C, 
X500. Reduced approximately 43 pct for reproduction. 
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Fig. 8— Edge-type fractures in an annealed crystal lying 
parallel to {110} planes. Compressive stress applied 
along the horizontal axis, X1000. Reduced approximately 
16 pct for reproduction. 


applied stress. This type of fracture was more prone 
to propagate along (110) than were (100) fractures 
which formed parallel to the applied stress. The 
(010) cracks were observed to propagate along (110) 
as soon as they encountered a fine stress band. 

Fig. 8 illustrates the two types of edge fractures 
that were observed. These fractures extended only a 
short distance into the crystal, stopping within 1/100 
of an inch of the surface. These fractures lay for the 
most part parallel to a {110} plane. In the first type, 
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Fig. 10—(010) fracture in a crystal quenched in water 


from 800°C, X150. Reduced approximately 31 pct for re- 
production. 
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Fig. 11—Stress-strain curves of crystals quenched in air 
and water from the various temperatures indicated. 


illustrated by A in Figure 8, the crack arose from a 
clean area. These were the shortest of the edge-type 
fractures. On the other hand, the longer edge frac- 
tures arose from a severely fractured region, as il- 
lustrated by B in Fig. 8. Both types of edge fracture 
were only a few hundredths of an inch deep as op- 
posed to the {100} fractures, which extended through 
the entire sample. 

c) Quenched Specimens—A series of tests was 
performed in which samples were down-quenched 
from 200°, 400°, 600°, and 800°C, or up-quenched 
from ice-water, dry ice and acetone, and liquid- 
nitrogen temperatures into air or water prior to 
testing. As shown by Kear and Pratt® down-quench- 
ing results in tensile and compressive stresses in 
the core and the shell, respectively; up-quenching 
results in a reverse set of stresses. An example of 
the birefringence pattern in a crystal quenched in 
air from 600°C is shown in Fig. 9. Quenching from 
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Fig. 13—Stress-strain curves of crystals exposed to X-ray 
irradiation for the times indicated. 
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Fig. 12—(100) fracture in a deformed crystal which had 
been air-quenched from 600°C prior to testing when viewed 
in transmitted polarized light, X500. Compressive stress 
applied along the horizontal axis. Reduced approximately 
25 pet for reproduction. 


600° and 800°C resulted in a rumpling of the surface, 
which was typical of a surface after deformation at 
high temperatures. A water quench from the same 
temperature produced a greater density of slip lines 
in both the shell and core zones, as well as a widen- 
ing of the shell. When samples were quenched from 
800°C in water, the specimens showed a linear core 
region, and the specimens fractured parallel to the 
(010) plane as shown in Fig. 10. 

The stress-strain curves of the quenched samples 
are shown in Fig. 11. The resolved shear stress and 
rate of work-hardening increase and the ductility de- 
creases as the temperature difference increases or 
the quench is more drastic. 

All specimens fractured parallel to the (100) plane. 
Fig. 12 shows the fracture in a sample which had 
been air-quenched from 600° prior to testing, when 
viewed with transmitted polarized light. It is evident 
that the fracture follows the boundary between the 
quenched-in shell and core zones. This type of (100) 
fracture was observed on all the quenched samples 
except those quenched from 200° and 0°C. In these 
latter samples fracture occurred in the interior and 
was similar to that observed in annealed crystals. 

d) X-Rayed Specimens—In Fig. 13 are plotted the 
stress-strain curves of specimens which were 
X-rayed for 1/2, 2, 10, and 20 min prior to testing. 
The resolved shear stress and the initial rate of 
work-hardening increased while the ductility de- 
creased as a function of exposure time. For the 
longest exposure time the crystals fractured at vari- 
able stresses with almost no ductility (<0.001). 

The specimens, instead of fracturing in one or two 
localized regions as do the annealed samples, frac- 
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Fig. 14—Fractures in a specimen X-rayed for 2 min prior 
to testing when viewed in (a) transmitted light and (0) 
transmitted polarized light. Compressive stress applied 
along the vertical axis, X300. Reduced approximately 27 
pet for reproduction. 


tured at many places at the stress indicated by the 
X’s in Fig. 13. Typical fractures in a specimen 
which has been exposed to irradiation for 2 min are 
shown in Fig. 14. All the cracks which are shown in 
this figure formed at approximately the same stress. 
X-rayed crystals were examined with transmitted 
polarized light, Fig. 14 (b). It is evident that the 
slip is not as uniform as in the annealed crystals. 
Also, the density of slip lines is higher for a given 
strain than for annealed crystals. The internal frac- 
tures in these samples are, however, similar to 
those in the annealed crystals in that they originated 
at regions of high stress concentration and propa- 
gated parallel to the (100) plane. Also, the surface 
cracks were parallel to the (110) plane and did not 
extend very far into the crystal. 


DISCUSSION OF RESULTS 


The effect of annealing on the stress-strain curves 
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Fig. 15—Appearance 
of etch pits in area 
C (a) and area D (b) 
of the sample shown 
in Fig. 5(b), X1000. 
Reduced approxi- 
mately 23 pct for 
reproduction. 


of lithium fluoride has been extensively investigated 
by Gilman and Johnston .’”* They have shown that the 
macroscopic flow properties are related to the mo- 
bilities of the individual dislocations. The effect of 
heat treatment, Fig. 2, is less severe in the present 
investigation than Gilman and Johnston’s because 
they used faster cooling rates. The high dislocation 
density for as-cleaved crystals 10°-10" per sq cm 
used in this investigation is probably due to the fact 
that dislocations are introduced into the crystal dur- 
ing cleavage.*® It has been shown”® that these dis- 
locations can be easily removed by annealing. 

Because stress lines are used extensively in the 
discussion it was advisable to determine if there was 
any correlation between stress lines and disloca- 
tions. It was found that the patterns of etch pits pre- 
cisely matched the stress lines. Similar results have 
been obtained by Kear and Pratt.° It was further 
demonstrated that the more intense the birefringence 
pattern the greater is the density of dislocations. The 
appearance of etch pits in area C, a bright area and 
in area Da less intense region are shown in Fig. 15. 
It is apparent from these micrographs that the dis- 
location density is greater in region C. It is evident 
from the above that stress lines serve as a good ap- 
proximation to not only the location but also the den- 
sity of dislocations. 

In the as-cleaved samples it has been shown that 
the initial fractures occurred in the region of a kink 
band. Two types of cracks were observed: One type 
was short in length and lay parallel to the (110) plane; 
the other type was longer, lay completely within the 
kink band, and lay parallel to the (110) plane. These 
cracks are thus similar to those observed in mag- 
nesium oxide by Johnston, Stokes, and Li. These 
authors attributed the short cracks to the coalescence 
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of edge dislocations piledup at the kink band, and 
hence called them Stroh cracks.” In the kink band, 
tensile stresses arise which aid the propagation of 
the Stroh crack and give rise to the longer (110) 
cracks, which they termed ‘‘secondary’’ cracks. 

It thus appears that, in both as-cleaved magnesium 
oxide and lithium fluoride, fracture can occur in the 
vicinity of kink bands by the formation of {110} 
cracks in the manner of Johnston et al. Unlike the 
cracks of Johnston ef al. short length fractures 
parallel to (110) was also observed within the kink 
band. It is also evident from Fig. 3 that (100) frac- 
tures can occur within a kink band. It should be 
pointed out that the {100} fractures are the most 
common fractures in the as-cleaved crystals. This 
type of fracture will be discussed in connection with 
annealed crystals. 

It was found that kink bands formed extensively in 
unannealed crystals and formed much less exten- 
sively in annealed crystals. In both cases the speci- 
mens were the same size and were carefully aligned 
in the same test fixture. It therefore appears that 
kink-band formation is not caused by the grip con- 
straints but rather by internal imperfections in the 
crystals which can be removed by annealing. It was 
also found that the crystals which contained kink 
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bands had higher rates of work-hardening than crys- 
tals in which no bands formed. 

Before discussing the fracture characteristics of 
annealed crystals the stresses in compression 
which arise will be discussed. In lithium-fluoride 
crystals two normal dodecahedral systems are ac- 
tive to about the same extent and there is a large 
amount of slip prior to fracture. Prior to fracture, 
therefore, the crystals assume the shape illustrated 
in Fig. 16(a). The interior region is compressed 
while the outside surfaces are bowed. Because of 
this bowing a horizontal tensile stress arises in the 
interior of the crystal. At the center of the speci- 
men the tensile stresses are equal and opposite. 
There is a maximum tensile stress aiding the for- 
mation and propagation of a crack at the center of 
the crystal. 

At the surface near the grips a longitudinal tensile 
stress is developed. This longitudinal stress on the 
surface gradually changes until at the center it be- 
comes a horizontal tensile stress. The exterior 
stresses are not as large as the interior stresses. 

It was observed from the stress pattern of 
Fig. 4(b) that the interior cracks which propagate 
along the (100) and (110) planes originate at regions 
of high stress concentration caused by the pileup of 
dislocations. If one considers a (100) cleavage plane 
intersected by the (110) and (110) slip planes in- 
clined at 45 deg to it, Fig. 16(6), a slip dislocation, 
with Burgers vector a/2 [110], gliding in the (110) 
plane meets along this axis a similar dislocation, 
with a Burgers vector a/2 [110], gliding along the 
(110) plane. These dislocations can then coalesce 
to form a new dislocation by Cottrell’s relation, 
a/2 [110] + a/2 [110] ~ a[100]. In so doing the 
elastic energy is not altered; the internal stress 
concentrations are, however, lowered by this re- 
action. The dislocation produced by the above re- 
action is a pure edge which lies in the (100) cleavage 
plane. It is thus geometrically identical with a cleav- 
age knife one lattice constant thick inserted between 
the faces of this plane. This crack can grow by other 
slip dislocations in the (110) and (110) planes running 
into it. The applied stress has little direct influence 
on the crack during the early stages of nucleation and 
acts mainly through the force it exerts to keep the 
dislocations moving into the crack. Similar cleavage 
cracks can form along the other {100}planes by simi- 
lar reactions. 

Once these (100) cracks had grown to stable size, 
they were observed to spread rapidly along the edge 
of the intersections, in the [001] direction, without 
crossing dislocation lines, thereby extending com- 
pletely through the crystal. These short cracks 
which now extended the width of crystal then propa- 
gated parallel to the (100) plane aided by the tensile 
stress, which arises from the bowing of the crystal. 

When a propagating (100) crack encountered a re- 
gion of high-stress concentration, however, it alter- 
nated between (100) and (110), trying to find the 
easiest way to pass through the region, Fig. 5(c). It 
appears that the distribution of dislocations is im- 
portant in determining the course of a propagating 
crack and that pileups of dislocations can block (100) 
cracks. This would be anticipated if the crack en- 
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countered dislocations at the head of a pileup lying 
on a {110} plane. In such a region there is a large 
localized stress concentration which acts at 45 deg 
to the horizontal tensile stress and therefore blocks 
the (100) crack. Thus if a (100) crack is to continue 
to propagate, it must avoid these regions of opposing 
high stress concentration, and to do this it travels 
parallel to the (110) plane. 

The tears which are observed within the {100} 
cracks, Fig. 6, are similar to those observed in 
stress corrosion cracking of stainless steel™ single 
crystals. It is noteworthy that in some cases the 
tears are crystallographic in nature; while in others 
they appear to be noncrystallographic. The tears 
appeared apparently at random along the {100} cracks 
in that some occur near stress bands while others 
occur in stress-free regions. They are similar in 
appearance to tears which can form between cracks 
lying on neighboring planes in the manner described 
by Gilman. 

Fig. 7 illustrates a (010) crack which formed 
normal to the applied stress. This crack formed 
in the same manner as the (100) cracks, i. e., aided 
by the high-stress fields generated by the pileup 
of dislocations.” Its propagation, however, is not 
aided by a tensile stress, and as soon as a slip line 
forms near the crack, it is observed to propagate 
along the (110) plane on which it is aided by a com- 
ponent of the tensile stress. After traveling a short 
distance on the (110) plane this crack changed to the 
horizontal (100) plane. It therefore appears that the 
(010) cracks which form normal to the applied stress 
are stable and can only grow by propagating first 
parallel to the (110) and then the (100) plane. 

On the surface of the annealed crystals two types 
of cracks were observed, both lying along the {110} 
planes, Fig. 8. It is believed that the cracks which 
arise from the severely fractured area are merely 
more extensive cases of the cracks which arise from 
clean areas. The longitudinal tensile stress which 
arises near the surface will aid the formation and 
propagation of these {110} cracks. 

When ionic crystals are quenched two phenomena 
occur: first, point defects characteristic of the an- 
nealing temperature are quenched into the crystal 
and, second, because of the lower thermal conduc- 
tivities of ionic crystals as compared with metals, 
quenching stresses and strains will arise. As the 
difference in temperature increases, more defects 
and strains will be present in the material after 
quenching. A similar effect will be observed for a 
water-vs-air quench from the same temperature. 

It is possible that the critical resolved shear stress, 
Fig. 10, increases due to the smaller number of un- 
activated dislocations present as the quench became 
more drastic or the temperature difference became 
higher. The observed increase in the rate of work- 
hardening may be due to the difficulty of forcing 
dislocations through the increased forest of defects 
or already-present dislocations. 

When a crystal which has been down-quenched is 
compressed, the slip nucleated in the compressed 
surface layers is propagated into the interior of the 
crystal. The slip being propagated into the interior, 
however, encounters conjugate {110} slip bands at the 
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Fig. 17—(a) Increase in resolved shear stress and (6) in- 
crease in rate of work hardening as a function of exposure 
time to X-ray irradiation. 


boundary between the tensile and compressive zones. 
By comparing Figs. 9 and 12 it can be seen that the 
slip lines formed in the compressive zone experience 
difficulty in passing into the tensile zone. The dis- 
locations piledup in this boundary region aided by 
the horizontal tensile force present in compressed 
samples can therefore form cracks which then 
propagate along the boundary, as illustrated in Fig. 
12. In crystals down-quenched from 200°C or up- 
quenched from ice water, the external zone is very 
thin and there is little slip from the quench; hence 
there are few pileups at the boundary, and interior 
cracks occur first. 
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In the most drastic quench employed, 7. e., from 
800°C into ice water, it was found that (010) cracks 
formed as shown in Fig. 10. When a crystal, uni- 
formly at a high temperature, is suddenly down- 
quenched, free thermal contraction of the cold sur- 
face is prevented by the still-warm interior. The 
immediate effect is to set up tensile stresses on the 
surface. In the most drastic quenches these stresses 
are large enough to cause the typical (010) tensile 
fracture. It can be seen that the (010) fracture oc- 
curred at the intersection of two wide stress bands 
on the surface. Thus it appears that tensile fractures 
are Similar to compressive cracks in that the cracks 
originate at the intersections of wide slip bands. 

It is now well established that alkali halide crys- 
tals harden on irradiation. The observed increase in 
hardening of neutron irradiated lithium fluoride has 
been shown by Gilman and Johnston’° to be due to in- 
ternal stress fluctuations. They conclude that there 
are two effects of radiation damage on dislocation 
motion in lithium fluoride; radiation causes static 
pinning of dislocations that are present during ir- 
radiation and increased resistance to the motion of 
fresh dislocations introduced by deformation after 
irradiation. The present results are consistent with 
the above theory in that the critical resolved shear 
stress and the rate of work hardening increase with 
increasing exposure time. In Fig. 17(@) and (0) are 
plotted the critical resolved shear stress and initial 
rate of work hardening respectively as a function of 
X-ray exposure time. It is apparent that the critical 
resolved shear stress increases rapidly for short 
exposure times and then levels off to approximately 
a constant value. The rate of work hardening also in- 
creases rapidly for short exposure times and then 
increases linearly at a slower rate. 

The only significant difference between the frac- 
tures in annealed and X-rayed crystals were that 
in X-rayed crystals the quantity of cracks was 
greater and that the internal type fractures occurred 
at random rather than only on the center of the crys- 
tal. 


CONC LUSIONS 


1) In as-cleaved lithium fluoride the stress-strain 
curves in compression are variable and kink bands 
form. 

2) Fractures similar to those observed by Stokes 
et al.*° in magnesium oxide were observed in the as- 
cleaved lithium fluoride. There were two types: 
short Stroh cracks, which lay along the (110) plane, 
and long secondary cracks, which formed along the 
(110) plane and lay completely within the kink bands. 

3) Although the stress-strain curves are repro- 
ducible in crystals annealed at 800°C, the fracture 
stress is highly variable, 2200 to 3200 psi. 
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4) The interior fractures in annealed crystals 
were observed to originate at regions of high stress 
concentration formed by the pileup of dislocations on 
intersecting {110} planes. These cracks propagate 
parallel to the (100) plane except in regions where 
they encounter other stress lines, where they propa- 
gate parallel to a {110} plane. 

5) Surface cracks in the annealed crystals lie 
parallel to {110} planes and originate from both 
clean and severely fractured areas. 

6) In quenched crystals the critical resolved 
shear stress and rate of work-hardening increase 
and the ductility decreases as the temperature dif- 
ference increases or the quench is more drastic. 

7) The fractures in quenched crystals propagate 
along the (100) plane, which separates the boundary 
between the quenched-in tensile and compressive 
zones. 

8) In the drastic quench from 800°C ‘‘tensile’’ 
fracture occurs parallel to the (010) plane. 

9) The critical resolved shear stress and rate 
of work-hardening increase with increasing ex- 
posure to X-ray irradiation. 

10) In crystals exposed to X-rays several (100) 
fractures occur Simultaneously throughout the in- 
terior rather than in one or two localized areas as 
in annealed crystals. 
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Effect of Grain Size on the Deformation of 


Polycrystalline Silver Chloride at Various Temperatures 


When silver chloride deforms by pencil glide at temperatures 


of 26° and ~72°C, grain size has no effect upon the proportional 
limit and the material necks down to a knife edge under tension. 
At -196°C, deformation takes place on fewer slip systems to pro- 
duce straight slip traces, the flow stress becomes sensitive to 
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grain size and fracture occurs by cleavage from an intergranular 


source without any reduction in area. 


Tuere are significant differences between the ap- 
pearance of the slip bands formed in silver chloride 
and in the alkali halides at room temperature. The 
bands in sodium chloride, e.g., are fine and geomet- 
rically straight, whereas in silver chloride they are 
coarse and wavy. Such differences in the slip behav- 
ior prompted us to inquire what the effects of grain 
boundaries might be on the mechanical properties of 
these solids. 

As an introduction to a general study of ionic poly- 
crystal behavior, we have investigated the effect of 
grain size on the stress-strain relationships in silver 
chloride at different temperatures. We have chosen 
silver chloride chiefly because polycrystals can be 
easily prepared free from cracks and macroscopic 
voids by conventional techniques. Moreover, as we 
shall see, the slip behavior can be readily modified 
by changing the temperature. 

It will be shown that the effect of grain size on the 
yield stress of silver chloride is strikingly dependent 
upon the temperature of deformation and that this 
temperature effect comes about through a change in 
the number of slip systems which operate at the 
onset of plastic flow. 


EXPERIMENTAL PROCEDURES 


Polycrystalline tensile specimens were made by 
recrystallizing cold-rolled AgCl sheet. Thirty-gram 
quantities of AR grade silver chloride powder were 
melted in a low heat capacity furnace, cast into cylin- 
drical forms 3/4 in. in diam and approximately 1 in. 
in length and then extruded with a 16:1 reduction ratio 
into rods 3/16 in. in diam. Extrusion temperatures 
were varied from room temperature to 350°C. In 
order to impart various degrees of cold work to the 
extruded rod. All extrusions were then cross rolled 
to sheet 0.040 in. in thickness at room temperature 
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and machined to form tensile specimens having a 
gage length of 0.750 in. with a width of either 0.250 
or 0.145 in.* Annealing was carried out in an air 


*It was essential to perform the rolling operation as quickly as prac- 
ticable after extrusion, inasmuch as rods stored more than a day or so 
prior to rolling were found to be subject to intergranular cracking, be- 
lieved to be due to a stress corrosion phenomenon. 


oven at 200°C for periods up to 20 hr. Specimens 
having average grain diameters ranging from 0.024 
to 0.40 mm were prepared by varying the extrusion 
temperature and annealing time in the conventional 
manner. To obtain specimens with grain sizes larger 
than 0.40 mm, lightly deformed thin prisims of silver 
chloride single crystals (supplied by Harshaw Chem- 
ical Co.) were recrystallized. 

Grain size determinations were made by an inter- 
cept method and revealed that the grains were equi- 
axed. Laue back-reflection X-ray patterns showed 
little tendency to form a preferred orientation tex- 
ture. 

Specimens which were to be used for the slip band 
studies were polished by immersion in fresh boiling 
concentrated NH,OH for 60 sec. They were then etch 
polished for 10 sec on each side by hand lapping on 
a stationary velveteen lap wetted with a dilute Hypo 
solution (5 g of Kodak Acid Fixer in 100 cc H,0). 
Finally the specimens were rinsed in warm water 
and alcohol, blown dry and carefully mounted in the 
tensile machine for testing. 

Tensile tests were performed at three tempera- 
tures, namely, 26°, —72°, and -196°C. A screw- 
driven hard tensile machine was used at a constant 
strain rate of 0.006 in. per in. per min. Loads were 
determined with a light- proof ring fitted with A-18 
strain gages and extensions were measured with a 
0.0001 in. dial gage. Constant level baths of alcohol 
with dry ice and liquid nitrogen were used to main- 
tain the two lower test temperatures. 


EXPERIMENTAL RESULTS 


Reproducibility—In view of the light sensitivity 
and reactive nature of silver chloride, it was neces- 
sary to determine whether reproducibility depended 
upon either exposure to light or to the condition of 
the surface. However, during the course of the work 
it became clear that variation of laboratory lighting 
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Fig. 1—Stress-strain curves of fine and coarse grained 
specimens of silver chloride obtained at -196°, —72°, and 


conditions had a negligible effect on the stress-strain 
curve and that reproducibility for a given grain size 
required no special precautions. It is seen in Fig. 2 
that a variation of the order of + 10 pct in the limit 
of proportionality was obtained for a given grain size 
irrespective of the surface treatment. The deviation 
in the remainder of the stress-strain curve was 
found to be no greater than this absolute spread in 
values of proportional limit. 

A number of specimens were given special surface 
treatments prior to testing. For example, four speci- 
mens were irradiated for 43 hr with intense white 
light (two to 150-w flood lights at a distance of 12 in.) 
to determine the effect of light exposure on their 
plastic behavior. The solid points indicated on Fig. 

3 represent the values of the proportional limit 
measured for these specimens. Even though the ir- 
radiation produced a dark purple surface layer 0.005 
in. thick, it is evident that the bulk properties of the 
specimens were unaltered. This observation is in 
agreement with the work of Lis who demonstrated 
that irradiation by X-rays has a marked effect on 
flow and fracture characteristics of single crystal 
AgCl, whereas ultraviolet irradiation has none. 
Similarly, specimens which had been chemically pol- 
ished and etched (for slip band studies) had stress- 
strain curves similar to those of unpolished speci- 
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Fig. 2—Effect of grain size 'D' on proportional limit at 
—196°, —72°, and 26°C. 


mens. In spite of these observations, the majority of 
specimens were tested in the as-annealed condition 
within two or three days of annealing and all tests 
were conducted under subdued incident lighting con- 
ditions. 

Stress-Strain Relationships— From a qualitative 
point of view, a decrease in grain size was found to 
increase the initial rate of work hardening at all three 
temperatures. Stress-strain curves of fine- and 
coarse-grained specimens obtained at each tempera- 
ture, are reproduced in Fig. 1. In quantitative terms, 
however, the rate of work hardening was found to be 
much more sensitive to grain size at liquid nitrogen 
temperature than at —-72° and 26°C. For example, at 
the two higher temperatures a decrease in grain size 
from about 0.14 to 0.04 mm increased the rate of 
work hardening at a strain of 0.005 by 28 and 20 pct, 
respectively. At -196°C, a comparable decrease in 
grain size increased the corresponding rate of work 
hardening 90 pct. As we shall see, distinction can be 
drawn throughout the present investigation between 
the behavior in the vicinity of liquid nitrogen temper- 
ature and the behavior in the higher temperature 
range (namely, 26° and -72°C). 

This difference in the degree to which grain size 
affects plastic behavior for the two temperature 
ranges is further emphasized in Fig. 2. Here we have 
plotted the proportional limit (which was defined in 
this study as the stress at which deviation from elas- 
tic behavior could first be detected) as a function of 
grain size at the respective temperatures. At —72° 
and at 26°C the proportional limit was found to be 
independent of grain size, having constant values of 
600 and 450 psi, respectively. It is interesting to note 
that in preliminary experiments on annealed mono- 
crystals of cubic orientation the proportional limit 
was found to be 470 psi at room temperature, which 
compares well with the polycrystal value. At -196°C, 
on the other hand, the proportional limit increased 
sharply as the grain size decreased below 0.2 mm. 
For specimens of a larger grain size, the proportion- 
al limit was practically constant and again had a 
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formed at —72°C. Average grain size 0.12 mm. Strain, 
0.05. X315. Reduced approximately 53 pct for reproduc- 
tion. 


value comparable to that of an annealed monocrystal 
tested at this temperature, namely 860 psi. It was 
clear therefore, that resistance to deformation at 
-—196°C was greatly influenced by grain size, whereas 
at the higher temperatures, the flow stress was sen- 
sitive to the presence of grain boundaries to a much 
smaller degree. 

Slip Band Formation—We have studied the nature 
and distribution of the slip bands produced at the 
three test temperatures as a function of strain and 
grain size. Nye’ has shown that room temperature 
deformation of silver chloride occurs by pencil glide 
which is manifested on external surfaces by wavy 
slip bands. Our observations have further shown 
that this mode of slip was operative not only at room 
temperature but also at —72°C, as illustrated in Fig. 
3. In contrast, the character of slip was radically 
different at liquid nitrogen temperature in that most 
slip traces were quite straight (see Fig. 4). In a few 
grains the slip traces were slightly curvilinear, but 
forking was never observed at this temperature. 
Analysis of slip traces formed on the surfaces of 
monocrystals deformed at —196°C indicated that the 
primary slip planes were {110}. This difference in 
slip behavior for the two temperature ranges will be 
discussed later in relation to the effect of grain size 
on mechanical properties. 

Let us consider first the typical development of 
slip as a function of strain in specimens of a given 
grain size deformed in the two temperature ranges. 
Fig. 5 illustrates the development of wavy slip bands 
in specimens having an average grain size of 0.2 mm 
strained by different amounts at room temperature. 
At 0.005 strain, the individual wavy slip bands were 
short and fine. At 0.02 strain the bands were coarse 
and much longer, often extending the full grain width; 
moreover some of the slip bands became forked. 
Also, additional interpenetrating pencil glide systems 
became operative in the neighborhood of grain bound- 
aries. After 0.05 strain the density of coarse slip 
bands increased and at least two pencil glide systems 
(occasionally even three) operated throughout each 
grain. A similar development of slip band distribution 
was observed at —72°C. A noticeable feature of these 
observations was the fact that individual slip bands 
often extended right across grain boundaries. In Fig. 
3, for example, a band can be seen to traverse at 
least four grains, Similar observations were report- 
ed by Nye. 
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Fig. 4—Appearance of slip bands formed at —196°C. Aver- 
age grain size 0.4 mm. Strain 0.005. X315. Reduced ap- 
proximately 51 pct for reproduction. 


The effect of a change in grain size was not to alter 
the appearance of the slip bands nor the qualitative 
aspects of their development illustrated in Fig. 5. 
Instead, in this higher range of temperature, a de- 
crease in grain size increased the stress necessary 
to promote the successive stages of slip described 
above. For example, a specimen having a smaller 
grain size of 0.03 mm had to be deformed to a strain 
of 0.05 to develop bands similar in appearance and 
distribution to those in the coarse-grained specimen 
strained only 0.02, shown in Fig. 5(d). 

At liquid nitrogen temperature, the development of 
slip in a given specimen was characterized by an 
increase in the density of straight slip bands, accom- 
panied by the onset of intersecting straight slip. At 
this temperature, slip bands very rarely penetrated 
grain boundaries. Fig. 6 illustrates the appearance 
of slip bands in a specimen having an average grain 
size of 0.23 mm deformed to a strain of 0.02. A de- 
crease in grain size at this temperature increased 
the stress necessary to detect slip and also reduced 
the slip band spacing at a given strain. 

For example, a specimen having a coarse grain 
size of 0.4 mm developed slip bands which could be 
resolved easily with the light microscope at a strain 
of 0.005 (the bands formed in this specimen are shown 
in Fig. 4). In contrast, ina specimen having a smaller 
grain size of 0.03 mm, slip bands could not be detec- 
ted after a strain of 0.01. Even after a strain of 
0.025, slip could be found only in a few isolated 
grains. 

Fracture Behavior— Besides the effect of grain 
size on the resistance to plastic flow at various tem- 
peratures, which has been the primary concern of 
this paper, we have made interesting observations 
on the mode of fracture of silver chloride. Again we 
shall point out the contrast in behavior between the 
two temperature ranges. 

It is most instructive to compare the fracture 
behavior of monocrystal and polycrystal forms of 
silver chloride when loaded at the different tempera- 
tures. For the upper temperature range (—72°C and 
26°C) both forms of silver chloride necked down to 
a knife-edged rupture after large uniform elongations. 
At -—196°C on the other hand, the monocrystals be- 
haved quite differently from the polycrystalline ma- 
terial. Whereas the monocrystals were extremely 
ductile and again necked down to a knife edge, the 
polycrystalline material was much less ductile. 
Fracture occurred at strains of the order of 0.05 or 
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less. More important, there was a change in fracture 
mode in the polycrystalline material in that it occur- 
red by cleavage which nucleated from an intergranular 
crack. Such material, regardless of grain size, did 
not undergo any reduction in area before fracture. 
We now know that this fracture behavior is common 
to sodium chloride and lithium fluoride polycrystals 
(produced by recrystallization of monocrystals) de- 
formed at room temperature. 


DISCUSSION 


We will now discuss the consequences of the change 
in slip behavior upon the mechanical properties of 


Fig. 6—Straight slip bands formed at liquid nitrogen temp- 
erature which terminate at grain boundaries. Average 
grain size 0.23 mm. Strain 0.02. X315. Reduced approxi- 
mately 48 pct for reproduction. 
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Fig. 5—The development of wavy slip 
bands in a specimen having an average 
grain size of 0.2 mm, strained by differ- 
ent amounts at room temperature. (a) 
0.005 strain, fine wavy glide bands with 
regular profile. (b) 0.02 strain, wavy 
glide bands becoming coarser with the 
onset of forking and interpenetrating slip. 
(c) 0.05 strain, slip coarse and dense 
with two or more well developed inter- 
penetrating slip systems in each grain. 


polycrystalline silver chloride at different tempera- 
tures. 

Ionic crystals having the rock-salt structure slip 
only in <110> directions but the choice of slip plane 
depends upon the temperature at which deformation 
occurs. In all of these solids, low-temperature de- 
formation produces straight slip bands, whereas wavy 
slip bands are formed during high-temperature de- 
formation. This change from slip on ‘“‘flat’’ crystal- 
lographic surfaces to pencil glide on corrugated sur- 
faces comes about through an increase in the number 
of operative slip planes. For pencil glide to occur, 
it is essential for screw dislocations to be able to 
transfer freely from one plane to another of the same 
zone whose axis corresponds to the direction of the 
Burgers vector of the screw dislocations. If slip is 
restricted to {110} or {100} planes alone, screw dis- 
locations cannot transfer from one glide plane to 
another because no two {110} or {100} planes inter- 
sect along a common <110> direction. Under these 
circumstances slip dislocations are confined prima- 
rily to those planes in which they were nucleated, 
with the result that the macroscopic slip surfaces 
are flat. Such conditions appear to prevail during 
the deformation of sodium chloride, lithium fluoride, 
and magnesium oxide monocrystals at 26°C and of 
silver chloride below liquid nitrogen temperature. 
Pencil glide in these materials becomes geometric- 
ally possible if slip can occur readily on {111} planes 
alone or any combination of {100}, {110}, or ae 
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planes. Wavy slip has been observed in sodium chlo- 
ride’ and lithium fluoride* monocrystals deformed 
above 300°C at which temperatures these solids can 
slip concurrently on {110} and {100} planes. Simi- 
larly pencil glide occurs in silver chloride at room 
temperature since slip can occur simultaneously on 
{100}, {110}, and {111} planes.” 

Nye’ has pointed out that the ability to undergo pen- 
cil glide should enable a slip band to propagate from 
one grain to its neighbor much more readily than if 
slip is confined to flat crystallographic surfaces. 
Our slip-band observations, Figs. 3 and 6, fully con- 
firm this point of view. In this connection it is im- 
portant to consider the relationship between the flex- 
ibility of slip (namely the number of slip systems 
and the ease with which screw dislocations can trans- 
fer from one slip plane to another) and the effective- 
ness of grain boundaries in strengthening silver chlo- 
ride. Let us assume that the proportional limit cor- 
responds to that stress at which dislocations are 
undergoing rapid multiplication and are beginning to 
move over large distances to form slip bands. We 
have found that in the high-temperature range where 
the slip behavior is relatively flexible, a decrease 
in grain size has no effect upon the proportional limit, 
Fig. 2. For example, the room-temperature value 
for a monocrystal compared well with that of a poly- 
crystal whose average grain size was 0.024 mm. It 
is apparent then that the tensile stress necessary to 
initiate long range plastic flow in a single crystal is 
also sufficient to propagate slip from grain to grain 
in polycrystalline material. In this sense, grain 
boundaries are not effective barriers to slip when 
pencil glide is the operative slip mode. 

When the slip behavior is much less flexible the 
grain boundaries do appear to block the initial propa- 
gation of long range slip, for, at liquid nitrogen tem- 
perature, the proportional limit of silver chloride is 
sensitive to grain size. This fact suggests that the 
proportional limit in sodium chloride or magnesium 
oxide should be even more Sensitive to grain size at 
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room temperature, for in these solids the slip bands 
are geometrically straight. 

We conclude that when a single-phase polycrystal- 
line material deforms homogeneously on a macro- 
scopic scale (rather than by discontinuous yielding), 
the degree to which the initial flow stress may be 
influenced by a change in grain size depends upon the 
flexibility of slip or the plastic anisotropy of the solid 
in question. A grain boundary constitutes a barrier 
to dislocations only if conformity of strain at the 
boundary cannot be accomplished at the stress neces- 
sary to generate, move, and multiply dislocations to 
form a Slip band in a single crystal. 

At later stages of plastic strain, grain size does 
appear to have some effect on the flow stress at a 
given strain no matter whether pencil glide is oper- 
ative or not. This corresponds with changes in the 
distribution of wavy slip; however, we cannot appre- 
ciate the significance of these observations until more 
is known about the strain hardening processes in 
silver chloride. 

It is further significant that when pencil glide is the 
operative slip mode, grain boundaries do not induce 
brittle cleavage in silver chloride. The relationship 
between slip mode and the fracture behavior of ionic 
polycrystals will be considered in more detail in a 
future paper. 
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Cube Texture in Ultra-Thin Molybdenum 


Permalloy Tape 


With identical annealing heat treatment the development of 
major annealed texture component seems to depend primarily 
upon the degree of cold reduction. Cube texture was evident on 
annealing 1/2-, 1/4-, and 1/8-mil tapes at 760°C, but it dissap- 
peared on 927°C annealing of 1/8-mil tape cold reduced 96.9 pct. 
Some cube texture remained as the strongest 927°C annealed tex- 
ture component in 1/4- and 1/2-mil tapes cold reduced 93.8 and 
87.5 pet, respectively. The switching coefficient increases and 
the squareness ratio of the hysteresis loop decreases proportion- 


ally with increasing cube pole concentration. 


Previous studies”? on the 1/8-mil ultra-thin 
molybdenum permalloy tape established cold rolled 
and annealed textures and their magnetic perform- 
ance for switch-core and coincident-current memory 
applications, The major cold-rolled texture was 
found to be of {110}<335> which is quite similar to 


YS 


Film H-843 Approx. 1/4X 


Fig. 1—Pole-density stereogram, {111} poles, giving the 
cold-rolled texture of 1/8 mil tape. Contour lines are in 
sequence of 1.5 times random intensity. Cross-hatched 
areas indicate pole-density levels above times random. 
Individual poles of ideal orientations are as indicated: 
A(110)[ 335]; ©O(110)[335); and (110) [001] . 
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the cold-rolled texture of silver and 70-30 cartridge 
brass. The major annealed texture components were 
found to be of {120} <001> and {113}<785>. 

Although the direction for easy magnetization for 
this type of alloy by the single-crystal technique is 
not avaliable, knowledge from related studies indi- 
cated [111] as the easy magnetization direction, 
similar to that of nickel.* Therefore, a cube orienta- 
tion, if present in the tape core, would be most de- 
trimental to its magnetic performance. 

In its cold-rolled state the tape had <111> direc- 
tions in the rolling plane 14.5 deg from the rolling 
direction.” But the coercive force of the tape in such 
condition will be excessive due to large amounts of 
internal stresses, and therefore makes its use im- 
possible for memory applications due to long switch- 
ing time. In lower nickel alloys, suchas 50-50 nickel- 
iron and 65 pct Ni-Fe sheets, previous investigators‘ ~’ 
found the presence of cube texture on annealing at 
900° to 1000°C. Although no cube texture was found 
in annealed 1/8-mil tape,” its presence in some 
annealed 1/4-mil tape cores was firmly established 
a year ago as verified by significant differences in 
magnetic properties. 

The present investigation is devoted to the orien- 
tation study and related magnetic measurements on 
three thicknesses of the ultra-thin tape, namely, 

1/8 mil, 1/4 mil, and 1/2 mil, cold rolled directly 
from annealed 4-mil stock in the cold-rolled state as 
well as after they were annealed at 760°C (1400° F) 
and 927°C (1700°F). The results obtained might serve 
to elucidate the development of annealed texture as 
well as to establish clearly the importance of prefer- 
red orientation on the magnetic performance of such 
memory tape core despite its well-known low mag- 
netic anisotropy exchange energy. 


EXPERIMENTAL PROCEDURE 


Samples were taken from one production heat 
(0.010 wt pct C, 0.004 P, 0.016 S, 0.80 Mn, 0.29 Si, 
79.69 Ni, 4.42 Mo, 0.054 Co, 0.002 Ti, -0.12° Al, 0304 
Mg, 14.56 Fe). Annealed 4-mil sheets were cold re- 
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Fig. 2—Pole-density stereogram, {111} poles, giving the 
cold-rolled texture of 1/4 mil tape. Individual poles of 
ideal orientations are as indicated: A(110)[ 335]; O(110) 

[ 335]; and [001]. 


duced directly in a cluster mill to ultra-thin tapes of 


thickness 1/8 mil, 1/4 mil and 1/2 mil, respectively. 


Annealing was conducted at 760° and 927°C ina dry 
hydrogen atmosphere with dew point around —51°C 
(-60°F). Except for degreasing these tapes were 
X-rayed in the as processed flat strip condition. 
Magnetic measurements were made on wound tape 
cores. 

The same X-ray technique and magnetic measure- 
ment were followed as reported elsewhere. ”” 


RESULTS 


A) Deformation Texture—Figs. 1, 2, and 3 show the 


{111} pole figures of cold-rolled tape of thicknesses 
1/8 mil, 1/4 mil, and 1/2 mil reduced directly from 
the intermediate annealed 4-mil stock. 

Although there appears no difference in texture 
components, significant differences in pole density 
certainly exist. 

The major texture component can be adequately 
described by {110} <335> and the minor component 
by (110)[001] as previously reported. ”* 

B) Annealed Texture— Figs. 4, 5, and 6 show the 
{111} pole figures of 1/8-, 1/4-, and 1/2-mil thick 
tapes after annealed at 927°C for 2 hr. 

Figs. 7, 8, and 9 show the {200} pole figures of 
1/8-, 1/4-, and 1/2-mil thick tapes after annealed 

Figs. 10, 11, and 12 show the {111} pole figures of 
1/8-, 1/4-, and 1/2-mil thick tapes after annealed 
at 760°C for 1 hr. 

In all annealed textures the strong {120} <001> 
and {113} <785> and the weak (110) [001] poles, as 
identified in each individual figure, were the same 
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Film H-845 Approx. 1/4X 
Fig. 3—Pole-density stereogram, {111} poles, giving the 
cold-rolled texture of 1/2 mil tape. Individual poles of 
ideal orientations are as indicated: A(110)[ 335); O(110) 
[335]; and 001]. 


as reported previously”* except for the (100)[001] or 
cube orientation. The latter texture component was 
not observed previously in annealed 1/8-mil tape, ”* 
and was only evident in thicker tapes in the present 
investigation. 

C) Magnetic Data— Table I summarizes the mag- 
netic data obtained on the annealed tape cores: 


Table |. Magnetic Data on Annealed Tape Cores 


Thickness B,/B yy at 
of Tape Heat Treatment H, 
1/8 mil 2 hr at 927°C 0.38 0.1 0.93 
1/4 mil 2 hr at 927°C 0.55 0.06 9.90 
1/2 mil Dee ODE 0.95 0.08 0.90 
1/8 mil 1 hr at 760°C 0.36 0.28 0.95 
1/4 mil 1 hr at 760°C 0.54 0.14 0.86 
1/2 mil 1 hr at 760°C 0.95 0.15 0.80 


DISCUSSION OF RESULTS 


Comparing cold-rolled deformation textures as 
shown in Figs. 1, 2, and 3 the following deductions 
are permissible: 


Table Il. Cold Rolled Texture. [111] Poles. 


Thickness Pct Cold Cold-Rolled. Texture Component 
of Tape Reduction {110} <335> (100) [001] 
1/8 mil 96.9 most intense present 
1/4 mil 93.8 less intense absent 
1/2 mil 87.5 least intense absent 


It is conceivable that with increasing cold deforma- 
tion the pole density of an end orientation increases. 
However, the appearance of the weak (110){001] com- 
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Fig. 4—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/8 mil tape after 2 hr at 927°C. 
Individual poles of ideal orientations are as indicated: 
A(120)[001]}; ©(210)[ 001] ; A(113)[ 785}; (113) [785]; 
(110) [001]; (100)[ 001) . 


ponent upon the severe deformation raises the ques- 
tion whether (110) [001] is to be considered as an end 
orientation in the face-centered-cubic metal or it is 
a secondary reaction product during formation of 
stacking faults, dislocations and slips. (110)[001] is 
related to {110} <112>, the well-known end orient- 
ation for face-centered-cubic metals by a 35 deg 
rotation about <110>. In the present submil tape 
(110) [001] is related to its major cold-rolled texture 
components, {110} <335>, by a 20 deg rotation about 

Another significant point to be emphasized on the 
deformation texture is that different annealed texture 
components in varying degrees of pole concentration 
can be developed from the same cold deformation 
textures with only slight variation in pole density of 
the end orientations. The following annealing texture 
data verify this statement. 

The annealed textures described in Figs. 4, 5, and 
6 are summarized in Table III. 

The annealed textures described in Figs. 7, 8, and 
9are summarized in Table IV. 

The annealed textures described in Figs. 10, 11, 
and 12 are summarized in Table V. 

It is evident from the above data that 1/2-mil cold- 
rolled tape had the least intense pole density of {110} 
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Fig. 5—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/4 mil tape after 2 hr at 927°C. 
Individual poles of ideal orientations are as indicated; 
A(120) [001] ; O(210)[ 001] ; A(113)[785] ; (113) [785] ; 
; and #(100)[001]. 


<335 > major cold-rolled texture components. On 
annealing at either 760° or 927°C the strongest an- 
nealed texture component was cube orientation with 
pes <785 > as the next intense major components 
and {120} <001> as minor components. The cube-on- 
edge orientation was not evident in the annealed tapes. 

In 1/4-mil cold-rolled tape the pole concentration 
of {110} <335> texture components was higher than 
that in the 1/2-mil tape. Cube orientation remained 
as the strongest texture component after both 760° 
and 927°C annealing. {120} <001> orientations be- 
came the next intense major components in both cases. 
{113} <785 > components became weaker on raising 
annealing temperature from 760° to 927°C. (110) [001] 
component was evident in tape annealed at 927°C but 
not at 760°C. 

1/8-mil cold-rolled tape gave the most intense pole 


Table IV. Cold Rolled and Annealed 2 Hr 927°C. {200} Poles. 


Thickness Pct Cold Annealed Texture Component 


of Tape Reduction (100)[001] {120}<001>{113<785> (110)(001] 
1/8 mil 96.9 absent strongest strong weak 
1/4 mil 93.8 strongest strong weak weak 
1/2 mil 87.5 strongest weak strong absent 


Table II]. Cold Rolled and Annealed 2 hr 927°C. {111} Poles. 


Annealed Texture Component 
{120}<001> 


Thickness Pct Cold 
of Tape Reduction (100)[001] 


Table V. Cold Rolled and Annealed 1 Hr 760°C. {111} Poles. 


Thickness Pct Cold Annealed Texture Component 


1/8 mil 96.9 absent strongest strong weak 
1/4 mil 93.8 strongest strong weak weak 
1/2 mil 87.5 strongest weak strong absent 


of Tape Reduction (100)[001] {120}<001> {113}<785> (110)[001] 
1/8 mil 96.9 weak strong weak absent 
1/4 mil 93.8 strongest strong weak absent 
1/2 mil 87.5 strongest weak strong absent 
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Fig. 6—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/2 mil tape after 2 hr at 927°C. 
Individual poles of ideal orientations are as indicated: 
A(120)[.001] ; O(210)[ 001] ; A(113) [785] ; © (113) [785] ; 
(i(110) [001] ; and (100)[001]. 


density of {110} <335> components. On annealing at 


760° and 927°C {120} <001> became the strongest 
texture components with {113} <785 > components, 


Approx. 1/4X 


Film H-850 


Fig. 8—Pole-density stereogram, {200} poles, giving the 
annealed texture of 1/4 mil tape after 2 hr at 927°C. 
Individual poles of ideal orientations are as indicated: 
A(120) [001] ; O(210)[ 001] ; A(113) [785] ; @ (113) [785] ; 
(110) [001] ; and (100)[001]. 
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Fig. 7—Pole-density stereogram, {200} poles, giving the 
annealed texture of 1/8 mil tape after 2 hr at 927°C. 
Individual poles of ideal orientations are as indicated: 
A(120) [001] ; O(210)[ 001] ; A(113)[785] ; @ (113) [785] ; 
(110) [001] ; and (100)[001]. 


the next intense. Cube texture component was barely 
visible on 760°C annealing, but it was not evident on 
927°C annealing. (110) [001] minor component was 


Approx. 1/4X 


Film H-851 


Fig. 9—Pole-density stereogram, {200} poles, giving the 
annealed texture of 1/2 mil tape after 2 hr at 927°C. 
Individual poles of ideal orientations are as indicated: 
A(120) [001] ; © (210) [001] ; A(113) [785] ; © (113) [785] ; 
001] ; and (100){001]. 
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Fig. 10—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/8 mil tape after 1 hr at 760°C. 
Individual poles of ideal orientations are as indicated: 
A(120) [001] ; (210) [001] ; &(113) [785] ; © (113) [785] ; 
LJ(110) [001] ; and (100)[001]. 


visible only on 927°C annealing but not on 760°C 
annealing. 

Among the pole figures constructed {111} pole 
figures are generally more definitive than {200} fig- 
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Film H-854 Approx. 1/4X 
Fig. 12—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/2 mil tape after 1 hr at 760°C. 
Individual poles of ideal orientations are as indicated: 
A(120) [001] ; O(210)[ 001] ; (113) [785]; @ (113) [785] ; 
; and (100)[{001). 
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Film H-853 Approx. 1/4X 


Fig. 11—Pole-density stereogram, {111} poles, giving the 
annealed texture of 1/4 mil tape after 1 hr at 760°C. 
Individual poles of ideal orientations are as indicated: 
A(120) [001] ; (210) [001] ; A(113)[785] ; (113) [785] ; 
(1(110)[001] ; and (100)[001]. 


ures, especially for minor texture components, be- 
cause of their more numerous and higher pole density 
levels reached. Between the two complementary 
methods the transmission method is more analytical, 
subjective to less spurious variables, accountable 
with more pole density levels, and less time consum- 
ing in recording in comparison with the back reflect- 
ion method. With the latter method background 
scattering increases disproportionally with increas- 
ing Bragg angle and also with lowering in pole-den- 
sity level which are not readily amenable to analy- 
tical treatment. Besides, surface contour and resi- 
dual stresses in the sample as well as adequate depth 
of penetration for incident X-ray have to be consider- 
ed. 

With identical annealing heat treatment the role of 
major annealed texture component seems to depend 
primarily upon the degree of cold reduction. Cube 
orientation was evident on 760°C annealing of tapes 
of all three thicknesses. On raising the annealing 
temperature to 927°C there was no trace of cube 
orientation in tape cold rolled 96.9 pct before anneal- 
ing. Yet cube orientation remained as the strongest 
annealed texture component intapes similarly treated 
at 927°C but cold rolled only 93.8 pct and 87.5 pct, 
respectively before annealing. On heating recrystal- 
lized copper and 50-50 nickel-iron sheets to 1000°C 
and above Dahl and Pawlek* found the recrystallized 
cube texture reverted into (120) [001] orientation. 
Rathenau and Custers’® studied the orientation of sec- 
ondaries grown in the 48 pct nickel-iron sheet after 
annealed at 1000°C and above. They found in most 
cases the secondaries were of (120)[001] and (210) 
[001] orientations as well as of (120)[310] and (210) 
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[120] orientations. Howe’ found the cube texture re- 
verted into (120)[001] orientation on annealing the 
recrystallized 65 pct Ni-Fe sheet to 1100°C. Thus, 
the present results agree to some extent, although 
not entirely, with previous investigators on the tran- 
sitional nature of cube texture in similar but not the 
same materials as the present tape. 


The facts that (110) [001] orientation was absent in 
tapes of all three thicknesses annealed at 760°C and 
also that it was present only as a weak component in 
927°C annealed 1/4- and 1/8-mil tapes seem to 
indicate its existence as a secondary reaction pro- 
duct of deformation and growth phenomena. 

No logical deduction can be drawn from data for 
rotation orientation relationship between annealed 
cube texture component and cold rolled texture com- 
ponents of tapes in all three thicknesses annealed at 
both 760° and 927°C. 

From the above texture results it is logical to con- 
clude that cube texture in annealed 1/4- and 1/2-mil 
tape could be responsible for the poor magnetic per- 
formance. At the same time it is interesting to note 
that 1/8-mil tape annealed at 927°C does not have 
cube texture component. 

Magnetic data tabulated in Table I support the de- 
ductions from the texture results listed in Tables 
III, IV, and V. Among tapes annealed at 760°C the 
cube pole concentration increases in the order of - 
increasing thickness. The switching coefficient, S,,, 
increases in the like manner, from 0.38 for 1/8 mil, 
0.54 for 1/4 mil, to 0.95 for 1/2 mil tape. With a 
constant applied field H, therefore, 1/2 mil tape with 
the highest value of S,,, would have the longest switch- 
ing time in microseconds. The squareness ratio of 
the hysteresis loop, B,/B,,, at the applied field of 
1/2 oersted decreases with the increasing cube pole 
concentration, from 0.95 for 1/8 mil, 0.86 for 1/4 
mil, to 0.80 for 1/2-mil tape. The observed coercive 
force does not vary in any logical order, with the 
highest value for the weakest cube pole concentration. 

Annealing the tapes at 927°C yielded a similar set 
of magnetic data as 760°C annealing. The switching 
coefficient, S,,, increases from 0.38 for 1/8 mil, 
0.55 for 1/4 mil, to 0.95 for 1/2-mil tape with the 
increasing order in cube pole concentration. The 
squareness ratio, B,;/B,,, decreases from 0.93 for 
1/8 mil, 0.90 for 1/4 mil, to 0.90 for 1/2-mil tape 
with the increasing order in cube pole concentration. 
No significant change in the observed value of coer- 
cive force, Hp, occurred. 

It is of interest to note that the quantitative dif- 
ferences in observed magnetic parameters between 
tapes differing in thickness but otherwise from the 
same heat and similarly processed and heat treated 
are larger than their equivalents between 1/8-mil 
tapes from different heats but otherwise similarly 
processed and heat treated.” In other words, the ob- 
served difference in magnetic measurement between 
tapes of various thickness from the same heat tran- 
scends its equivalent due to normal variations in 
melting, processing and heat treating. The difference, 
then, can be significantly related to texture variation. 

It remains to be seen from future study that by 
maintaining the same cold reduction from intermedi- 
ate annealed band and by annealing in the same man- 
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ner whether the same annealed texture could be pro- 
duced in tapes of various thickness. In other words, 
could the scale factor be the prominent factor in 
texture development ? 


SUMMARY AND CONCLUSIONS 


Quantitative pole density stereograms of {111} and 
{200} poles of 1/8-, 1/4- and 1/2-mil molybdenum 
permalloy tapes in their cold rolled, 760° and 927°C 
annealed conditions and some supporting magnetic 
data were developed in order to study the develop- 
ment of cube anneled texture and the correlation of 
the presence of cube texture with magnetic perform- 
ance. The following deductions can be drawn from 
experimental results: 

1) With identical annealing heat treatment the role 
of major annealed texture component seems to de- 
pend primarily upon the degree of cold reduction. 
Cube texture was evident on annealing all three thick- 
nesses of tape at 760°C. On raising the annealing 
temperature to 927°C there was no trace of cube 
texture in tape cold reduced 96.9 pct before annealing. 
But cube texture still remained as the strongest an- 
nealed texture component in tapes similarly treated 
at 927°C but cold reduced only 93.8 pct and 87.5 pct, 
respectively before annealing. The present results 
agree to some extent, although not entirely, with 
previous investigators on the transitional nature of 
cube texture in similar but not the same materials 
as the present tape. 

2) The switching coefficient, S,,, increases with 
increasing cube pole concentration in the order of 
increasing thickness of tapes annealed at 760° and 
927°C. Therefore, 1/2 mil tape with the highest value 
of S, would have the longest switching time in micro- 
seconds under a constant applied field. 

3) The squareness ratio of the hysteresis loop, 

Be Bin at the applied field of 1/2 oersted decreases 
with the increasing cube pole concentration in the 
order of increasing thickness of tapes annealed at 
760° and 927°C. 

4) No correlation could be found between cube pole 
concentration in annealed tapes and observed coercive 
force. 

5) The observed difference in magnetic measure- 
ment between tapes of various thickness from the 
same heat transcends its equivalent due to normal 
variations in melting, processing and heat treating. 
The difference, then, can be significantly related to 
texture variation. 
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Melts 


Self-diffusion coefficients of aluminum have been measured 
by the capillary reservoir technique in liquids of the CaO-SiO,- 
Al,O, system containing equimolar portions of CaO and SiO,, in 
the temperature range 1400° to 1520°C. For the melt containing 
6.0 mole pct Al,O, the results can be expressed by the equation 
D = [(4.3 + 0.3) X 10*] exp [(-85,000 + 17,500)/RT]cm’sec™'; for 


the melt containing 12.5 mole pct Al,O, by the equation 

D = (5.4 + 0.2) exp [(—60,000 + 10,000)/RT] cm’sec”’. A concept of 
the constitution of these melts has been developed which proposes 
,/CaO determine the dominant 


that the vatios O/(Si+Al) and Al, O 
species present. 


In recent years considerable work has been done 

on the system CaO-SiO,-Al,O, with a view to elucida- 
ting the structure of liquids of this system. Conduc- 
tivity,’ electromotive force,” viscosity, density,* and 
activity” measurements have all contributed to an 
understanding of the problem, but as yet there is no 
entirely satisfactory theory that can account for all 
the observed experimental results. In principle, 
measurements of self-diffusion coefficients should 
give further information which is not obtainable in 
other ways. Self- diffusion coefficients for calcium,” 
silicon, ° and oxygen’ have been measured. The pre- 
sent investigation extends the series of self-diffusion 
coefficient measurements to include aluminum and 
develops a concept of constitution for liquids of this 
system which is compatible with all the observed 
experimental results. 


EXPERIMENTAL 


The technique used in the measurement of the self- 
diffusion coefficient of aluminum was the capillary- 
reservoir method, A’ being incorporated in the 
melt contained in the capillary and inactive aluminum 
in the reservoir melt. This method was chosen be- 
cause it minimizes convection currents’ in the dif- 
fusion zone. It has the further advantage that the 
boundary conditions are such that a slight modifica- 
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tion of Anderson and Saddington’s® solution of Fick’s 
Law yields an equation which requires measurements 
only of the length and the initial and final average 
specific activities of the solidified melt within the 
capillary. 
[1-(C/Co)] = (2/1 )(Dt /n)?, 
where ¢ is the diffusion time, Cy is the average speci- 
fic activity of the melt contained in the capillary at 
t = O,C is the average specific activity of the melt 
contained in the capillary at ¢ =¢, 1 is the length of 
the capillary, and D is the self-diffusion coefficient. 
The equation is of somewhat different form than those 
previously applied to high temperature diffusion 
studies because the specific activity of the melt in 
the reservoir was negligible both before and after 
diffusion. 

The diffusion apparatus is shown schematically in 
Fig. 1. It consisted of a silicon carbide resistance 
furnace containing the inactive melt in a graphite 
crucible, internal dimensions 7/8 by 4 in., enclosed 
in a 1 1/4- by 1 1/2- by 30-in. McDanel tube. A 3/8- 
in. McDanel thermocouple sheath to which graphite 
radiation shields and a graphite protection tube were 
affixed, was used to hold the capillaries. By moving 
this sheath through a rubber seal at the top of the 
McDanel tube the capillaries could be lowered into 
or raised out of the melt. Temperature was measured 
with a Pt-Pt 13 pct Rh thermocouple which was calib- 
rated periodically against a standard couple. The 
furnace temperature was controlled to + 5°C through 
the thermocouple immersed in the melt. Tempera- 
ture variation over the depth of the melt was less 
than + 3°C. 

The inactive melts were prepared from pure native 
quartz, assaying better than 99.9 pct SiO,, A.R. grade 
Al,03 and A.R. grade CaCO3. The same quartz and 
CaCOs3 were used in preparing the active melts, the 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


To Potentiometer 
& Controller 


To Argon & Vacuum 


Rubber Stopper 


| McDanel Tube 
Shield 
Fig. 1—Experimen- 


H tal arrangement 

for the study of self- 
Graphite Protection diffusion in CaO- 
H SiO,-Al,0; liquids. 


SAN 


WQS) 


Graphite Crucible 


Melt 


Capillaries Drilled 
in Graphite 


radioactive aluminum being incorporated by using 
Al,O, having a specific activity of about 20,000 disin- 
tegrations per min per g. The SiO, was ignited at 
1000°C, the Al,O; at 1300°C, and the CaCO; dried at 
120°C, prior to use. The melts were prepared by 
prefusing the constituents, in their proper propor- 
tions, ina platinum crucible. It was found that in this 
way carbon pickup from the graphite apparatus during 
diffusion experiments was very low whereas melts 
prepared from their constituents in graphite contain- 
ers always had an appreciable carbon content. The 
prefused materials were powdered in an alundum 
mortar and thoroughly mixed to insure homogeneity. 
Two nominal compositions of 6 and 12.5 pct Al,Os, 
respectively, and equimolar percentages of CaO and 
SiO, were made. Only molar quantities are used in 
this paper. Table I shows that the compositions of 
the active and inactive melts were identical within 
the limits of analytical error. 

The radioactive silicate rods were prepared by 
loading the prefused powder into graphite capillaries, 
charging these into the furnace, pumping the tube for 
about 40 hr, while raising the temperature to about 
1200°C, to remove any entrapped air, and melting 
under argon. The furnace was then cooled, the capil- 
laries removed and polished on fine emery cloth so 
that the ends of the rods were planar. The capillaries 
were then replaced in the furnace, heated under re- 
duced pressure to a temperature of about 1200°C 
and brought to the temperature of the experiment 
under an argon atmosphere. After holding at temper- 
ature for 1 to 2 hr to insure thermal equilibrium the 
capillaries were immersed in the inactive melt and 
rotated several times to create a clean interface be- 
tween the active and inactive melts. After a measured 
time interval the capillaries were withdrawn from 
the melt, the furnace cooled and the rods recovered. 
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Table 1. Chemical Analyses of Melts After Diffusion 


Melt I Melt II 
Active Melt Inactive Melt Active Melt Inactive Melt 
CaO 47.2 47.2 43.8 43.6 
SiO, 47.0 47.0 43.7 43.7 
ALO, 6.0 6.0 05) 12.4 
c <0.005 <0.005 <0.005 <0.005 
Pt Not detected 


All concentrations expressed in mole percent. 


A similar procedure was used to obtain rods for Co 
determination, the capillaries being immersed in the 
melt at the temperature of the diffusion experiment 
for 2 or 3 min. A tendency for the radioactive melts 
to pull out of the capillaries during immersion was 
overcome by prior heating of the capillaries ina 
McDanel tube at 1550°C for about 10 hr under an 
atmosphere of argon. In this way a layer of 6-silicon 
carbide was formedonallsurfaces; this layer allowed 
the melts to ‘‘wet’’ the surfaces without reacting 
with them. 

Since the activity of each rod was in the range 7 to 
20 net counts per min, and the background activity 
in this vicinity was about 32 cpm, normal counting 
techniques were not sufficiently precise. It was there- 
fore necessary to employ special low-level counting 
techniques.*® A full description of this apparatus is 
not within the scope of this paper, but briefly it is so 
constructed that most of the background radiation is 
not recorded. In this way the background correction 
is reduced to about 0.2 cpm and a precision of about 
0.5 cpm is achieved. 

Because of the low activity of the rods, it was im- 
practical to determine radioactivity penetration 
curves. To test whether the boundary conditions re- 
quired by the diffusion equation were obeyed during 
the runs, varying diameter and length 
were used in runs of different time duration. It is 
felt that if any deviation from the boundary conditions 
occurred, the results should not have been reproduc- 
ible. The error involved in measuring the length of 
the capillaries is + 2.5 pct, while that involved in 
measuring the average specific activity of the rods 
is + 5 pct. The error in measuring the diffusion time 
is negligible so that the D values obtained are esti- 
mated to have an error of + 25 pct. The spread in 
the experimental results falls within this range in 
all cases except that for the 1520°C runs with the 
melt containing 6.0 pct Al,O,. It would seem from this 
that boundary conditions were essentially observed 
during the majority of the experiments. The bigger 
spread (+ 45 pct) at 1520°C is probably due to the 
occurrence of some convection in the capillaries at 
this higher temperature. 

The results of experiments designed to test the 
dependence of aluminum diffusivity on composition 
are shown in Tables II and III and in Fig. 2 as log D 
vs 1/T. The least-square curve, together with the 
90 pet confidence limits for the melt containing 6.0 
pet Al, O, are represented by the equation, 


(~85,000 + 17,500) 
RT 


D = [(4.3 + 0.3) x 10*] exp 


2 -1 
cm'sec 
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Table Il. Self-Diffusion Data of Aluminum in 
47.0 Pct CaO — 47.0 Pct Si02 —6.0 Pct Al203 


Avg. Spec. Spec. 
Diffu- Activity of Activity of 
Sion Length of Diffusion Sample After Sample Before 
Temp. Capillary, Time, Diffusion, Diffusion, Dd, 

=e Cm Sec Cpm/G Cpm/G Cm?/Sec 

1440 0.97, 7.92 x 10* 173 227. 5.4x 107’ 
1440 7.92x 10* 174 227 6.7107’ 
1440 1.25* 7.92 x 10* 184 227 5.6x 107’ 
1440 0.95 7.92 10* 175 227 4.8x 107’ 
1480 1.10 2.16 x 10* 190 227 12105 
1478 1.15 6.48x 108 160 227, 1.4x10~° 
1482 0.95* 4,32 x 10* 171 227 LOS 
1480 0.95* 1.72x 10° 125 227 8.8x 107’ 
1520 6.12 x 10* 161 227 1.4x 107° 
1520 1.00 6.12 x 10* 116 227 Sal elOm 
1520 1.05 6.12 x 10° 138 227 2.0* 10 


Table Ill. Self Diffusion Data of Aluminum in 
43.75 Pct CaO — 43.75 Pct Si02 — 12.5 Pct Al203 
Avg. Spec. Avg. Spec. 
Diffu- Activity of Activity of 
sion Length of Diffusion Sample After Sample Before 
Temp, Capillary, Time, Diffusion, Diffusion, 1D), 
2C Cm Sec Cpm/G Cpm/G Cm?/Sec 
1400 0.70* 6.84 x 10° 350 435 2.4 1077 
1403 0.62, 6.84 x 10* 327 435 2.8x 1077 
1398 eS 8.82 x 10* 370 435 2.6 x 1077 
1440 0.85 7.92 x 10* 332 435 4.0x10~’ 
1438 0.90* 6.84 x 10* 350 435 3.6 x 107’ 
1438 0.87 6.84 x 10* 343 435 3.9x 107” 
1485 0.80* 6.64 x 10* 296 435 5.9x 107’ 
1487 1.00 5.76 x 10* 346 435 
1485 0.68 6.84 x 10* 287 435 6.1 107’ 


*Capillary diameter 2.0 mm, all others 1.6 mm. 


*Capillary diameter 2.0 mm, all others 1.6 mm. 


and for the melt containing 12.5 pet Al,O; by, 


~60,000 + 10,000) 
RT 


2 -1 
cm sec . 


D = (5.4 + 0.2) exp ( 


The range of temperature covered by these ex- 
periments is dictated by the freezing point at the 
lower end and reaction of the melts with graphite at 
the upper limit. The compositions were chosen firstly 
to show the effect of changing alumina concentration 
on aluminum diffusivity and secondly because the 
composition of the high alumina melt is that for which 
the diffusion coefficients of Ca, Si,° and O” have been 
measured. 


DISCUSSION 


In recent years, it has become generally accepted 
that metal oxide-silica melts are ionic in nature 
and that silicon is present in the complex anions 
while the metal of the metal oxide is present usually 
as a simple cation. This theory has been built up by 
inductive reasoning and it has been impossible to 
derive quantitative relationships between such physi- 
cal properties as conductivity, diffusivity, viscosity, 
and so forth. The situation, then is that the so-called 
‘discrete ion’’ theory” has explained, qualitatively, 


1480 1440 1400 


6.0 mole % Al,0; 


D cm2/sec. 
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Fig. 2—Self-diffusion coefficients of aluminum in CaO- 
SiO,-Al,O3 melts at various temperatures. 
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observations of viscosity, conductivity and electrical 
transport phenomena in binary melts. The concept of 
of the constitution of melts of the system CaO-SiO,- 
Al,O, presented here is a modification of this theory 
with special emphasis on the complex role of Al,O3. 
It suffers from the same shortcomings outlined above 
in that it is completely qualitative, no quantitative 
relationships being evident. 

This discussion is confined to those liquids con- 
taining approximately equimolar proportions of lime 
and silica and up to 12.5 mole pct alumina. It is pos- 
tulated that calcium is present as simple Ca** ions 
but that silicon and aluminum are present as complex 
Silicates, aluminates, and alumina-silicates. These 
complex anions are the equivalent of the discrete 
ions mentioned earlier. At any given composition it 
is thought that there is a distribution of anion sizes 
ranging from small groups containing 1 or 2 silicon 
or aluminum atoms to complex groups containing up 
to 15 or possibly more silicon or aluminum atoms. 
However, each composition is characterized by some 
dominant size of the anionic complexes and the effect 
of changing composition is to shift the distribution of 
anion sizes. 

In binary silicate melts it is deduced that the size 
of the anions becomes smaller with increasing O/Si 
ratio.’° In the CaO-SiO,-Al,0, system both silicon 
and aluminum are capable of tetrahedral coordination 
with oxygen. Hence it is postulated that the dominant 
size of the anionic complexes becomes smaller with 
increasing O/Si+Al ratio. Since aluminais amphoteric 
in nature there seems no sound reason for supposing 
that all the aluminum is incorporated in networks. 
Hence, it is further postulated that the number of non- 
network aluminum atoms increases with increasing 
Al,0,/CaO ratio. These nonnetwork aluminum atoms 
exert a greater ‘‘bridging’’’° effect than calcium ions. 
To recapitulate, decreasing O/Si+Al causes an in- 
crease in the dominant size of the anionic groups 
while increasing Al,O,/CaO causes an increase in 
the binding between anionic groups. 

In the liquids studied in this work the O/Si+AlI ratio 
in the melt containing 6 pct Al,O; is 2.7 and in the 
melt containing 12.5 pct Al,Os the ratio is 2.5, where- 
as the Al,O,/CaO ratio is 0.13 in the 6 pet Al,O,; melt 
and 0.27 in the 12.5 pet Al,O, melt. It would be ex- 
pected on the basis of the above hypothesis then, that 
the melt containing 6 pct Al,O; would have a smaller 
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Table IV. Effect of Alg03 Content on Melt Properties at 1450°C 


Aluminum 
ALO,** Viscosity, Diffusivity, Conductivity,’ Density,‘ 
Mole Pct Poises Cm?/Sec Mho/Cm G/Cm? 
6.0 8.0 0.15 2.80* 
12.5 14.0 4.0x 107’ 0.10 2.85 


*19.5 mole pct. 
**Balance, equimolar portions of CaO and SiO,. 


dominant anion size and that the anions would be 
more loosely bound than those of the 12.5 pct Al,O, 
melt. 

If this interpretation is correct it is possible to 
make certain predictions concerning the variation of 
physical properties with composition in the melts 
under discussion; this variation of properties with 
composition should be continuous. Because of the 
smaller groups and looser binding in the melt con- 
taining 6 pct Al,O3 the viscosity coefficient should be 
less, at any one temperature, than that in the melt 
containing 12.5 pct Al,O;. For the same reason the 
Al diffusivity should be higher in the former melt 
than in the latter. The 6 pct Al,O, melt contains a 
higher concentration of Cat* ions than the 12.5 pct 
Al,O, melt and the anionic groups carry a lower 
charge hence it should be easier to move Catt ions 
through the 6 pct Al,O, melt than through that con- 
taining 12.5 pct Al,O,. Since it has been shown that 
Catt ions carry most of the charge’’’’” in electrical 
conduction, this quantity should be higher in the 6 pct 
Al,O, melt than in the 12.5 pct Al,O, melt. If additivi- 
ty of the component densities is assumed, the density 
of the high alumina melt should be higher than that 
of the low alumina melt but because the smaller 
anionic complexes in the 6 pct Al,O, melt allow 
closer packing than in the 12.5 pct Al,O, melt it 
would be expected that the density would be higher 
in the first case than in the second. 

All of the properties of the melts discussed above 
vary continuously with composition. Table IV shows 
values of these physical quantities extracted from 
the literature. These values are completely compati- 
ble with the predictions made concerning the effect 
of varying Al,O3 content on the constitution of the 
melts. However, to be acceptable the theory must 
also explain the different values of the diffusion coef- 
ficients, of all constituents of the melt containing 
12.5 pct Al,O; shown in Table V. Values of the 6 pct 
Ai,O, melt are not available for elements other than 
aluminum. 

It would be expected that Dc, would be the highest 
diffusion coefficient because Ca** ion is the smallest 
ion present in the melt and there are more of them 
than any other species. Da; should be next in the 
series because it is postulated that some aluminum 
is present in networks and some not and both types 
may participate in the diffusion process. Support for 
this postulate comes from the work on transference 
numbers in this melt, from which it is deduced that 
aluminum carries some of the electrical charge.” 
The diffusion coefficient for silicon should of course 
be lower than that for both calcium and aluminum 
because silicon forms part of the biggest species 
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Table V. Diffusivities in 43.75 Pct CaO — 43.75 Pct Si02—12.5 Pct 
Al203 Melt at 1450°C 


Diffusion Coefficient, 


Diffusing Element Cm?/Sec 
(ayy 8.0 x 10-° 
Cac 
Al 4.0107’ 
Sic 1.2107’ 


present in the melt. The extremely high diffusion 
coefficient for oxygen is difficult to understand. The 
Do value may be higher than Ds; or Da, because 
several oxygen atoms may accompany the movement 
of one Si or Al, as a group. Another possibility is 
that some oxygen moves with the calcium as an ‘‘ion 
pair’’. Other observations are required to resolve 
this question. 

The values of the activation energies of all the 
kinetic properties discussed above, except electrical 
conduction, fall in the range 70 + 20 kcal mole’ 
within the limit of experimental error. It would seem 
from this that some sort of bond breaking is involved 
in all of these processes; the activation energy for 
electrical conduction is 30 + 10 kcal which would 
indicate that, since the Ca** ions carry most of the 
charge, a different process is involved in transport- 
ing calcium in electrical conduction and diffusion. 
Lack of precision in available data does not justify 
more detailed interpretation. 

The concept here proposed for the constitution of 
melts in the CaO-Al,O,-SiO, system successfully 
explains, in a qualitative manner, most of the observed 
experimental data. It leaves unanswered a number 
of important questions. What is the precise mecha- 
nism of diffusion in liquid silicates? Why is the 
activation energy for diffusion so much higher than 
that for electrical conduction? Why is the diffusion 
coefficient for oxygen so high? It seems unlikely 
that studies of the type discussed in this paper will 
answer these questions. A new tool is needed. 


SUMMARY 


1) Diffusivity of aluminum in CaO-SiO,-A1,03 melts 
containing equimolar portions of CaO and SiO, has 
been measured as a function of Al2O3 concentration 
and temperature by the capillary reservoir technique. 

2) A concept of the constitution of liquids in the 
above system has been proposed; this accounts for 
the observations made in the present work and for 
the results of other kinetic investigations. 
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The Effect of Plastic Deformation on the Electrical 


Resistivity of Composite Silver Alumina Alloys 


The increase in electrical resistivity, Ap,,at 78°K was measured 
as a function of elongation, €, at 78K for a 2 pct (approximately) 
by weight finely divided alumina in silver material. The amount of 
increase in electrical resistivity (Ap_) is a function of the amount of 


alumina present and can be represented by: 


Ap.. 


where c and n are constants. The constant c increases and the 
exponent n decreases with increasing alumina content. Approxi- 
mately 33 pct of the resistivity increase is recovered upon anneal- 


ing at room temperature. 


Recent Ly, dispersed phase alloys’ have shown 
promise for use at elevated temperatures. These 
materials have a high creep resistance, a high-tem- 
perature strength considerably above that of the pure 
matrix, and a high electrical conductivity. These 
materials also show other properties such as retar- 
dation of recrystallization and resistance to flow 
even above the melting point of the matrix.” 

It is believed that high-temperature creep is retar- 
ded in these materials because the dispersed phase 
blocks the motion of dislocations. According to 
Schoeck® and also Weertman,* the rate controlling 
process is the climb of dislocations around the dis- 
persed phase particles. 

Any mechanical property of these materials, or 
any other material for that matter, can be explained 
on the basis of defect structures and their interrela- 
tions. It would certainly be interesting to learn some- 
thing about the effect of a dispersed phase on dislo- 
cation densities and also their effect on point defect 
concentrations following cold work. This is the pur- 
pose of the research discussed herein. 

The method used was the measurement of the elec- 
trical resistivity as a function of elongation at low 
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temperatures. This scheme has already been applied 
to the studies of pure metals.” 

Electrical resistivity measurements conducted on 
pure metals such as copper, silver, gold, and so 
forth, have indicated that defects such as vacancies 
and dislocations are formed during deformation.” 

It has been shown by van Bueren‘’ that the resistivity 
change, Ap, should increase with elongation, €, ac- 
cording to the following relation: 


Ap= Ace 


where A and B are constants of the system; Ap is in 
u2 em. The first term refers to the amount of re- 
sistivity change associated with line defects and the ° 
second term with the change associated with point 
defects. A later calculation yielded exponents of 3/4 
and 5/4, respectively.° 

Manintveld’ has shown that the resistivity of copper 
increases with strain according to a 3/2 power law, 
whereas van Bueren has shown that the resistivity 
of silver increases according to a 5/4 power law. 
Assuming then that van Bueren’s calculations are 
correct, it appears that line defects contribute very 
little to the electrical resistivity. There is some 
doubt, however, as to the validity of van Bueren’s 
expressions for all cubic metals.” In fact, the data 
on copper and silver are not conclusive. In this in- 
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Fig. 1—A representative plot of the increase of the electri- 
cal resistivity, Ap, at 78°K as a function of the elongation, 
€, at 78°K. 


vestigation silver hardened with finely divided 
alumina was pulled at 78°K and the subsequent resist- 
ivity changes at this temperature were followed. 

The purpose was to study the defects produced during 
deformation and to make a comparison with the 
results obtained on pure metals. 


EXPERIMENTAL PROCEDURE 


The material used in this investigation was pre- 
pared from high-purity silver oxide and ‘‘ Linde B”’ 
alumina. The alumina was added to a thick slurry 
of silver oxide and water at the rate of approximately 
2 g of alumina to every 100 g of silver. This mixture 
was ball milled for approximately one week and then 
dried. The silver oxide was reduced to silver by 
heating in air to 400°C for a short period of time. 
The mixture was then cold pressed at 25Tsi into 1 in. 
diameter billets approximately 2 in. long. These bil- 
lets were extruded at 600°C to 1/4-in. rod. The sec- 
tions of the rod that had surface cracks were cut off 
and discarded. The smoother sections were annealed 
in air at 900°C and subsequently cold drawn to 0.18 
cm in diameter. The reduction was carried out by 
reducing the rod approximately 2 to 5 pct and then 
annealing at 900°C for a few hours. Specimens 2 to 
3 in. long were then cut from the cold-drawn wire, 
and given a final anneal at 900°C for approximately 


hr. 
The specimens were then soldered into grips that 


also served as potential leads. These grips were 
mounted in a stainless steel Dewar into which liquid 
nitrogen could be placed. The base of the Dewar and 
the upper portion of the upper grip served as current 
leads. 

The elongation was determined by means of a dial 
gage rigidly supported on the tensile machine table. 
As the tensile machine table was lowered (tension) 
the deflection of the dial gage was noted. The dial 
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Table |. 


Specimen n pQ Cm pQ Cm 
1 1.00 0.480 0.4898 
2 1.10 0.503 0.4900 
3 0.97 0.561 0.5058 
4 1.06 0.399 0.4681 
5 0.99 0.460 0.4776 


gage was calibrated by measuring the reduction in 
area and the elongation after the specimen was 
removed from the rig. Initial areas and lengths were 
determined prior to testing. The dial gage was 
always zeroed when the specimen had 10 lb load on 
it. This load was still in the elastic region for these 
specimens. 

Five specimens were elongated at 78°K in various 
increments up to the fracture point. After each incre- 
ment of elongation, the resistivity was measured 
using a precision Kelvin Double Bridge. The resist- 
tivity was measured at 78°K with the load on the 
specimen. Very little, if any, resistivity change was 
noted when the load was relieved. 

Recovery experiments* were performed by elonga- 


*The recovery experiments were performed on the five specimens 
used for the elongation measurements and also a few others which were 
not studied as a function of elongation. 


ting the specimen at 78°K, then unloading and warm- 
ing it to room temperature. After an anneal of an 
hour the resistivity at 78°K was again measured and 
the decrease in resistivity noted. No further decrease 
in resistivity was noticed after an hour. Approximate- 
ly 33 pct of the resistivity increase annealed out at 
room temperature. 

Chemical analyses were performed on the various 
specimens with little success. The reason for this 
was that some of the alumina seeped through even 
the slowest filter paper. Another measure of the 
concentration, z.e., the resistivity before the speci- 
mens were elongated, was used as a criterion for 
alumina concentration. This technique will be discus- 
sed more fully later. 


RESULTS 


The resistivity at 78°K was calculated from the 
resistance elongation data by assuming constant 
volume during elongation. The data were then plotted 
on a log-log chart to determine the nature of the 
resistivity increase. In all instances the electrical 
resistivity appeared to increase according to 


Apr = Gels 


where c and 7 are constants; Ap, is the difference 
between the resistivity before pulling, Po, and the 
resistivity after pulling; and € is the change in length 
per unit length. Fig. 1 is a representative plot of Ap, 
vs €. In this figure the constant c, the exponent n, 
and p, are noted for the specimen. Table I summa- 
rizes the results obtained on this and four other 
specimens. 

It was noted from the data that m and c changed 
with py. The constant, c, increased linearly with an 
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Fig. 2—The change of the constants c¢ and n as a function 
of p,» Which is a measure of alumina content. The solid 
vertical line marks the resistivity of pure silver at 78°K, 
The ® refers to the value of c obtained by van Bueren for 
pure silver deformed at 78°K whereas O refers to the 
value obtained by van Bueren for pure silver deformed at 
20°K. 


increase in p, whereas the exponent, n, decreased 
aS Py, increased. These relationships are shown in 
2). 

The magnitude of p) seemed to vary from specimen 
to specimen because of variations in the alumina 
content of the material. Defects and impurities could 
also account for these differences. However, it is 
believed that since the matrix was obtained from high- 
purity silver oxide powder, the impurity content 
(other than oxygen) was low and essentially uniform. 
Secondly, because each specimen was treated in the 
same manner, 7.é., cold drawn and annealed, the 
defect concentration should have been very nearly 
uniform. It is recognized, however, that because of 
the nature of the dispersed phase in inhibiting recrys- 
tallization, the alumina particles could prevent full 
recovery of line defects to the level that would be 
encountered in pure silver. Variations in particle 
distribution, therefore, could cause a variation in the 
initial number of line defects and these could cause 
in part the high initial resistivity. Nevertheless, the 
greater portion of the initial resistivity (above that 
obtained for pure silver) is believed to be caused by 
the dispersed alumina. 

It is to be noted that if the plot of the constant c in 
Fig. 2 is extrapolated to the handbook resistivity 
value’* of pure silver at 78°K, the constant c at this 


*The resistivity at 78°K was determined by drawing a smooth curve 
through the data presented in the handbook and then picking off the 
resistivity at 78°K. 


point very nearly coincides with that obtained by van 
Bueren* 


*The data points representing the constants obtained by van Bueren 
were corrected so that they corresponded with the definitions used in 
this report. 


The results of the recovery experiments are shown 
in Fig. 3. The recovered resistivity, .App noted after 
warming the specimen for a long time at room tem- 
perature following cold working at 78°K is plotted 
against the total resistivity increase, Ap7 mentioned 
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Fig. 3—The amount of resistivity at 78°K recovered after 
a room-temperature anneal as a function of the total re- 
sistivity increase. 


earlier. There is a good bit of scatter in this data 
but a trend is in evidence. A similar data analysis 
for pure aluminum and molybdenum has yielded 
straight line relationships. The recoverable portion 
of the resistivity is attributable to point defect diffus- 
ion and annihilation at sinks such as dislocations. 
Approximately 33 pct of the resistivity is recovered 
at room temperature. 


DISCUSSION AND CONC LUSIONS 


The results of the experiments performed on sil- 
ver-alumina show that the dispersed phase greatly 
influences the formation of defects during cold-work. 
It appears that the presence of finely divided alumina 
enhances the production of line defects, i.e., an in- 
crease inc and a decrease inn. This would, of 
course, explain why the dispersion hardened materi- 
als are hard and have higher strengths. These fine 
particles also act as barriers to the motion of dis- 
locations and for this reason at low temperatures, 
where climb is inhibited because of lack of vacancies, 
dislocations should pile up very rapidly. This rapid 
build up of numbers of dislocations may explain the 
brittle fractures evident in these materials and the 
more rapid increase of electrical resistivity for the 
alloy as compared to that for the pure matrix materi- 
al alone. 

It is interesting to note that the extrapolated value 
of c obtained here compares very favorably with that 
obtained by van Bueren. Unfortunately the same can- 
not be said concerning the data for the exponent n. 

The percentage of recovered resistivity observed 
in Fig. 3 is of the same order of magnitude found by 
Manintveld. The scatter of the data in Fig. 3 is larger 
than was obse: ved for other materials.” It was hoped 
that this scatter could be explained by the differences 
in dispersed phase concentration. The scatter, how- 
ever, was not explained in this way. 
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Catastrophic Oxidation of Stainless Steel in the 


Presence of Lead Oxide 


A brief review is given to show that catastrophic oxidation of 
stainless steel in the presence of lead oxide is similar in many 
respects to catastrophic oxidation as caused by MoO; and V205. 
Experimental data are presented to show that lead oxide accelerates 
the normal oxidation process of stainless steel by chemically alter- 
ing the normally protective oxide film formed on the base metal. 
Data are given to show that similar veactions occur during oxida- 
tion of stainless steel in the presence of MoO3 and V203. 


John C. Sawyer 


Tue mechanism by which pure metals oxidize at 
high temperatures has been the subject of intensive 
research for many years and much has been ac- 
complished towards understanding the processes in- 
volved. The mechanisms by which alloys oxidize 
have also been investigated, but due partly to the 
fewer number of investigations and partly to the 
complexity of the oxide systems present, available 
knowledge is not as extensive as with pure metals. 
When oxidation processes are further complicated 
by atmospheres contaminated with sulfide, halide, 

or oxide vapors, the knowledge of fundamentals be- 
comes meager or altogether lacking. Thus, it is not 
surprising to find that the catastrophic oxidation of 
stainless steels in metal oxide vapors of MoO, and 
V,O; is not a well understood phenomenon despite the 
fact that a number of investigations have been under- 
taken. 

The literature in dealing with the subject of ca- 
tastrophic oxidation is primarily concerned with the 
effects of MoO; and V,O,, but does mention that other 
metal oxide vapors, one of which is lead oxide, ap- 
pear to promote a similar type of accelerated oxi- 
dation. While this latter effect is virtually unknown, 
the deleterious effect of lead oxide is of considerable 
commercial importance, as it is believed to be one 
of the fundamental reasons for exhaust-valve failure 
in gasoline engines. For this reason studies have 
been in progress for many years attempting to better 
understand the mechanism involved. 

Modern exhaust-valve alloys’? containing 20 to 
25 pct Cr plus nickel and/or manganese are in effect 
high-grade austenitic stainless steels exhibiting ex- 
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cellent oxidation resistance in air at exhaust valve 
operating temperatures of 1100° to 1700°F; yet these 
same alloys are prone to corrode during engine 
service because of the conditions attending their 
operation. These conditions are such that the valves 
become coated with deposits of complex lead com- 
pounds mainly derived from gasoline additives of 
tetraethyllead, ethylene dibromide, and ethylene 
dichloride. 

Literature searches*~” and discussions with various 
investigators show that considerable difference of 
Opinion exists as to the nature of the lead-bearing 
deposits found on the surface of exhaust valves and 
the atmospheres to which they are subjected; yet, 
all seem to generally agree that corrosion, a gradual 
transformation of alloy to nonmetallic products of 
corrosion, is a consequence of the presence of lead 
compounds. This majority opinion seems to be sub- 
stantiated by laboratory engine tests which show that 
corrosion does not occur to any appreciable extent 
when lead-free fuels are used. 

The first observations of catastrophic oxidation 
reported in the literature were probably made by 
Pfeil,® but it was Leslie and Fontana°® who undertook 
the first detailed study of the phenomenon. Their 
work was chiefly centered on the acceleration of oxi- 
dation which took place when stainless steels con- 
taining more than 3 pct Mo were heated in air with 
restricted circulation. These investigators reported 
that the presence of other oxides near the surface 
would further accelerate the rapid oxidation which 
occurred. While they recognized that the effect was 
attributable to the presence of molybdenum, it was 
Rathenau and Meijering’® who emphasized the fact 
that the presence of molybdenum in the alloy was 
incidental to the presence of MoO, vapor in the at- 
mosphere surrounding the specimens. Evans,” as 
well as Cunningham and Brasunas’’ studied similar 
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Fig. 1—Oxidation of stainless steel (VMS 201) caused by 
the application of PbO vapor to a localized area at 1700°F. 
2.5X. Reduced approximately 35 pct for reproduction. 


effects achieved with vapors of V,O, and recently 
Sachs** has published a comprehensive review of 
catastrophic oxidation as caused by this oxide. In 
reviewing these papers, there is no doubt that these 
investigators have adequately demonstrated that 
stainless steels undergo an abnormal type of oxi- 
dation at a catastrophic rate when heated in air 
containing vapors of MoO, and V.O;. Brasunas and 
Grant,** in a detailed study of the problem of ca- 
tastrophic oxidation, showed that oxides other than 
MoO, and VO; also accelerated oxidation and the 
similarity of the appearance led them to believe 
that some common mechanism was operative in all 
cases. 

The various investigators in discussing their 
work have attributed catastrophic oxidation to the 
dissociation of the oxide vapor, the formation of 
molten oxide films having high diffusion rates, 
cracking of the protective oxide films, and increased 
diffusion rates; yet, there seems to be no general 
agreement on which mechanism is operative. How- 
ever, sufficient evidence is available to show that 
not all oxides having high vapor pressures and low 
melting points e.g. P20;5, B203, and Sb20;3 cause this 
effect nor is the mere presence of a molten oxide 
e.g. PbO + 25% SiO, film sufficient to promote ca- 
tastrophic oxidation. 


PROCEDURE AND RESULTS 


The work to be described is for the most part 
concerned with the effects of lead oxide as related 
to the corrosion of exhaust-valve stainless steels. 
In general two types of investigations have been con- 
ducted: 

1) A study of the effect of PbO on the oxidation of 
stainless steel alloys; and 


Fig. 2—Sample of VMS 201 stainless steel prepared for oxi- 
dizing test using marker technique of Brasunas and Grant. 
3X. Reduced approximately 47 pct for reproduction. 
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Table |. Composition of Exhaust-Valve Alloys 


VMS 201 21-12 
Carbon 0.52 0.20 
Chromium 21.00 21.00 
Manganese 9.00 1-25 
Nickel 3.88 11.50 
Silicon 0.25 max. 1.00 
Sulphur 0.06 0.03 max 
Phosphorus 0.03 max. 0.03 max. 
Nitrogen 0.44 0.18 


Rods — As Extruded at 2050°F 
Sheet — As Rolled at 1850°F 


Heat Treatment: 


2) A study of the changes in the structure and val- 
ence of Cr,0,and Fe,0; brought about by contamina- 
tion with PbO. 

Catastrophic Oxidation with PbO— The oxidation of 
stainless steels in the presence of PbO vapor is char- 
acterized by the voluminous corrosion products which 
accumulate on the surface as shown by Fig. 1. This 
example was prepared by placing a 1/2-in. diam rod 
of VMS 201, a stainless steel valve alloy whose com- 
position and heat treatment are given in Table I, 
across the top of a magnesium-oxide crucible con- 
taining PbO and heating at 1700° F for approximately 
50 hr. The oxide vapors emanating from the crucible 
and impinging on the underside of the specimen 
caused the welt-like area of corrosion. This same 
effect can be produced in a much shorter time if the 
PbO is applied directly to the specimen surface prior 
to heating. The appearance suggests that oxidation 
is taking place at the metal-oxide interface. To con- 
firm this observation, platinum marker experiments 
were made using the techniques described by Brasunas 
and Grant.** Fig. 2 shows the VMS 201 stainless steel 
specimen before test with the platinum marker in 
place, while Fig. 3 is a photograph of the same speci- 
men after coating with PbO and heating to 1700° F in 
air for 1 hr. The tendency of the oxide to force the 
marker outward without becoming imbedded in the 
surface is indicative of the oxide growth taking place 
at the interface between the base metal and the oxide. 

To determine what other oxides would, produce ef- 
fects similar to PbO, small cylindrical specimens of 
VMS 201 were coated with various oxides and heated 
in an air atmosphere to 1700°F for 1 hr. The weight 


Fig. 3—Sample from Fig. 2 after coating with PbO and oxi- 
dizing in air at 1700°F for 1 hr. Flaking of oxide from top 
occurred during cooling. 3X. Reduced approximately 47 pct 
for reproduction. 
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Table Il. Weight Loss of VMS 201 Stainless Steel Coated with 
Various Oxides and Heated in Air to 1700°F for 1 Hr 


Weight Loss Weight Loss 


Oxide G/Dm?/Hr Oxide G/Dm?/Hr 
PbO 17.0 ZrO, 0.1 
MoO, 7.9 CeO 0.1 
V,0, 2.6 Fe,0, 0.0 
SiO, 0.4 Cr,0, 0.0 
MnO, 0.2 A1,0O, 0.0 
TiO, 0.2 CuO 0.0 
NiO 0.1 B,O, 0.0 
MgO 0.1 NbO 0.0 
Bi,O, 0.1 wo, 0.0 
0.1 Sb,0, 0.0 
CaO 0.1 None 0.0 


losses, determined after cleaning the specimens, are 
shown in Table II. Of the twenty-one oxides tested 
only PbO, MoO,, and V,O; caused noticable corro- 
sion. The similar appearance of the corrosion prod- 
ucts formed in the presence of these three oxides 
suggests that PbO behaves in a manner similar to 
MoO; and V,0;. It is interesting to note that Bi,O; 
and WO; reported by Brasunas and Grant” to also 
cause catastrophic oxidation, did not appear to do so 
in this experiment. 

Experiments were undertaken to explore the hy- 
pothesis that lead oxide corrosion at elevated tem- 
peratures is truly an acceleration of the normal 
oxidation process. To accomplish this, a thermo- 
balance was used to determine the weight changes 
during oxidation of a stainless valve alloy when con- 
taminated with PbO. The thermobalance constructed 
for this work consisted of a laboratory analytical 
balance modified by replacing the left hand pan with 
a Suitable counterweight. One end of a wire, passing 
through a hole drilled in the balance case and table 
top, was attached to the counterweight. The other end 
of the wire supported a 1 1/2 by 2 1/2 by 0.050-in. 
(approximately 50 sq cm) alloy specimen in an In- 
conel tube furnace mounted below the table top. The 
auxiliary equipment consisted of a temperature con- 
troller, cooling system to dissipate the radiated heat, 
and baffles to minimize convection currents within 
the Inconel tube. Since the amount of weight change 
experienced during oxidation was small, the balance 
was heavily damped to prevent oscillations and the 
position of a hair attached to the balance pointer was 
observed with a magnifying optical system provided 
with a reticule. Using this system it was possible 
to detect weight changes of 0.02 mg resulting in data 
relatively free from scatter. Since exact duplication 
of the data on repeated testing was rarely achieved, 
a number of tests were averaged with these averages 
being reported in the text. 

The first experiments consisted of recording the 
weight gain which occurred when sheet specimens of 
21-12 stainless steel (see Table I for composition 
and heat treatment) were heated to 1300°F in an air 
atmosphere. Comparison tests were then conducted 
in an atmosphere contaminated with PbO vapor. The 
average weight changes observed with respect to 
time are shown by the two lower curves in Fig. 4. 
Since the presence of the PbO vapor caused only a 
slight increase in the weight gain, further tests were 
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Fig. 4—Oxidation 21-12 under various conditions at 1300°F. 


made using similar samples which contained on the 
surface various amounts of PbO applied by spraying 
a suspension of PbO in acetone. These results, also 
plotted in Fig. 4, show that increasing amounts of 
PbO placed on the surface of the specimen cause 
greater weight gains to be experienced during oxida- 
tion. 

Since the additional weight gained by the samples 
containing PbO on the surface might be due to in- 
creased solubility of gas in the surface layer of 
oxide and PbO, as opposed to the formation of greater 
amounts of oxide from the base metal, a second group 
of tests was conducted. For these tests, sheet speci- 
mens of 21-12 were heavily coated with PbO and sub- 
jected to an air atmosphere at 1300°F for various 
lengths of time to determine whether an additional 
loss of base metal was associated with the increased 
weight gain. To accomplish this a record was made 
of the total weight gained for a given period as well 
as the metallic losses measured after electrolyti- 
cally cleaning the specimens of corrosion products 
ina molten salt bath. This method of cleaning did 
not attack the base metai to any significant degree. 
The results of these tests plotted against time, Fig. 
5, show that the ratio of weight gain to metal loss 
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Fig. 5—Oxidation of 21-12 coated with PbO at 1300°F. 
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Fig. 6—Effect of various amounts of PbO on Cr.2O3 at 1300°F. 


is approximately 0.43. If the amount of oxygen re- 
quired to transform a unit quantity of alloy to oxide 
is determined mathmetically, it is found to be 0.42- 
0.53 which is in good agreement with the experi- 
mental data. From these data it is concluded that the 
effect of lead oxide upon a stainless steel heated in 
air at 1300°F is an acceleration of the oxidation 
process. 

Effect of PbO and Cr,0,—In the preceding experi- 
ment, the specimens of stainless steel developed 
oxidation products of a complex nature comprised of 
several metal oxides derived from the base alloy. In 
order to study the changes in the oxides when con- 
taminated with PbO, a single oxide, Cr203, was se- 
lected for reaction with PbO in air at an elevated 
temperature. This selection was based upon the ob- 
servation that chromium exhibits good oxidation re- 
sistance in air at 1300°F through the formation of a 
single thin oxide film of Cr,Q3. 

The initial tests were to determine whether a 
weight gain was associated with the reaction of Cr20; 
and PbO at elevated temperatures. This was accom- 
plished by observing the weight changes of specimens 
heated to 1300°F in air using the thermobalance. The 
specimens for these tests consisted of silica plates 
1 1/2 by 2 1/2 by 1/8 in. dipped in a thick slurry of 
Cr.O03 and water to form a heavy coating of Cr;0O; on 
the plates. After drying, various amounts of PbO 
were sprayed on the surfaces using a mixture of fine 
PbO in acetone, and the specimens were again 
thoroughly dried. Although PbO will react with silica, 
the plates were considered inert, because the 
small amount of PbO added, limited reactions 
to the outer layer of Cr,03. The resulting data ob- 
tained for a number of specimens are plotted in Fig. 
6. These data show that a weight gain occurs, pre- 
sumably due to oxygen, and this weight increase is 
proportional to the amount of PbO added to the sur- 
face of the specimen. Analysis of the data reveals 
that 0.074 mg of oxygen is acquired from the at- 
mosphere for each milligram of PbO applied to the 
Cr,0,; surface. The weight gain accompanying the 
reaction of Cr,0; and PbO suggested the cause to be 
further oxidation of the original oxides with a result- 
ing increase in the valence of the metal ions present. 
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Table Ill. Comparison of Theoretical and Observed Ratios 


Cr/Pb 0,/PbO 
Theoretical 0.167 0.072 
Observed 0.158 0.074 


To determine whether the Cr+%ions, present in the 
Cr.,0;, had been further oxidized, an alcoholic di- 
phenylcarbazide spot test*® was applied to the product 
of reaction of Cr,0,; and PbO to detect the presence 
of Cr**ions. This test showed that the product of re- 
action contained a large quantity of Cr*°ions where 
none was detected in the mixture before reaction. 
X-ray diffraction examination of the reaction product 
showed that a new compound had been formed. From 
chemical analysis of the amounts of Cr, Pb, and Cr*® 
present in the reaction product of various mixtures of 
Cr,0, and PbO, it was estimated that the Cr/Pb mass 
ratio of the compound was approximately 0.158. From 
this and the O./PbO ratio previously determined, it 
is possible to show that the likely reaction of Cr20; 
and PbO proceeds as follows: 


2Cr,0,; + 6 PbO + 30,—-2 Pb.Cr20, 


Comparisons of the theoretical and observed ratios 
are in good agreement as shown in Table III. 

Spot tests for Cr*® made on oxides obtained from 
VMS 201 and 21-12 stainless steels heated in air 
show only Cr**present, but similar tests made on 
oxides obtained in the presence of PbO show a dis- 
tinct presence of Cr*® ions. 

Effect of PbO on Fe2O;—Since iron is also catas- 
trophically oxidized by PbO, experiments were un- 
dertaken to observe the effects of PbO on Fe,0;. The 
red nonmagnetic oxide FeO; is the stable form of 
iron oxide in air and this stability is maintained even 
at high temperatures. If approximately 30 pct PbO 
(weight) is combined with Fe,O, and the mixture re- 
acted at 1600°F, the resulting product is a black 
magnetic oxide. X-ray diffraction shows that a com- 
pound has been formed with a structure unlike that 
of Fe,O; or Fe;0,. Alcoholic dimethylglyoxime spot 
tests*® of this compound reveal the absence of Fe*? 
ions. Further analysis of the compound confirms 
that the iron is present only in the higher valence 
state of Fe**. These tests show that although the 
material is highly magnetic, it is not Fe,0,. 

Similar spot tests were made with the oxides 
formed on VMS 201 and 21-12 stainless steels when 
heated in air. These oxides were found to contain 
significant quantities of both Fe**and Fe*‘ions. If 
oxidation of these same alloys was carried out in 
the presence of PbO, only the Fe**ion was found. 
This stabilization of the higher valence state with 
PbO is the same type of effect previously observed 
with Cr,O, and PbO. 

Effect of MoO; and V,0;—A number of spot tests 
was made to determine whether MoOs;, and VO; 
caused similar effects. These tests demonstrated 
that neither oxide caused further oxidation of Cr+s, 
but both oxides caused the iron present in the scales 
of VMS 201 and 21-12 to assume only the Fe? state. 
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DISC USSION 


When Stainless steel is oxidized at elevated tem- 
peratures, a thin, continuous, nonvolatile film of 
oxide is formed on the surface of the alloy. The 
rate at which this film continues to form from the 
alloy is dependent upon the composition, crystalline 
nature, and thickness of the oxide layer enveloping 
the specimen as well as the external conditions pro- 
moting oxidation;7.e. time, temperature, atmosphere, 
and so forth. In order for the metal underlying the 
film to oxidize further, oxygen and metal ions must 
be brought together. In one case, oxygen from the 
surrounding atmosphere can enter the surface of the 
oxide film, diffuse through the film to the base metal, 
and react at the metal-oxide interface to form more 
oxide. As a second case, metal ions can diffuse out- 
ward from the base metal through the film to the 
oxide-gas interface to react with oxygen in the at- 
mosphere. The third case involves the simultaneous 
occurrence of both processes. Thus, the film of 
oxide which forms on the alloy surface is analogous 
to a permeable envelope which acts as a partial 
barrier between the metal and the atmosphere allow- 
ing a limited number of oxygen ions to pass inward 
and/or metal ions to pass outward. As the oxide 
which forms adds to the thickness of the already 
existing oxide film, the amount of oxygen or metal 
which can pass through the barrier is diminished 
because of the increased thickness. In the case of a 
stainless steel, the thin oxide film which forms in 
air at elevated temperatures acts as an effective ion 
barrier; hence, stainless steels have good oxidation 
resistance. 

When oxidation is carried out in the presence of 
lead oxide, the envelope of metal oxide which forms 
is not highly protective and oxidation proceeds ata 
more rapid rate depending upon the amount of lead 
oxide incorporated into the film. Under these cir- 
cumstances oxidation proceeds at the metal-oxide 
interface as was demonstrated bythe platinum marker 
experiments. 

The experimental data show that chromium and 
iron ions present in the normal oxides formed in air 
on stainless steel are Cr*?, Fe*?, and Fe**. Many 
investigators have postulated that these ions form a 
complex oxide, called a ‘‘spinel’’, through which 
metal and oxygen ions diffuse only with great diffi- 
culty. These complex oxides have the general chemi- 
cal form of A,0O,’BO which in the case of an iron 
chromium alloy would be Cr,0;:FeO. Tests made 
during this study show that when lead oxide is present 
during oxidation, the chromium and iron ions tend to 
assume the higher valence states of Cr*® and Fe*? 
resulting in the formation of a complex oxide which 
unlike the spinel appears to offer much less protec- 
tion to the base metal. Thus it is concluded that the 
action of lead ions is to prevent the formation of 
protective spinel type oxides through the stabilization 
of the higher valence states of Cr*® and Fe*3. 

As regards the effects of MoO, and V,O., the data 
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show that neither of these oxide contaminants caused 
oxidation of Cr**to the higher valence state, but both 
appear to act similar to lead oxide in causing the 
iron ions to appear in the Fe*? state only. In this 
respect the action of the three oxides appears to be 
identical. 


CONC LUSIONS 


1) The presence of lead oxide during the oxidation 
of a stainless steel causes an acceleration of the 
normal oxidation process similar to the effects of 
MoO, and V,O.. 

2) ‘Oxidation of a stainless steel in the presence of 
lead oxide occurs at the metal-oxide interface through 
inward diffusion of oxygen. 

3) The reaction of PbO with Cr,O, results in the 
oxidation of Cr** to Cr*® and the formation of a new 
compound tentatively identified as PbzCrzQO,. 

4) The reaction of PbO with Fe,O; results in the 
formation of a black magnetic oxide in which all of 
the iron ions are in the Fe*? state. 

5) When stainless steels are oxidized in air, ions 
of Cr*+*, Fe**, and Fe** are present in the oxides 
formed. If lead oxide is present during oxidation, 
ions of Cr+® and Fe+? are found in abundance with 
Fet? being absent. 

6) When oxidation of a stainless steel is carried 
out in the presence of MoO, or VO; , oxidation of the 
chromium ion Cr+? does not occur, but Fet2is ab- 
sent indicating the stabilization of the Fe*? ion. 

7) When lead oxide is present during oxidation of 
a stainless steel, accelerated oxidation occurs be- 
cause the chromium and iron ions assume the higher 
valency states of Cr*® and Fe*+* thereby preventing the 
formation of protective spinels. 
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The Hydrogen Reduction of a Low-Grade Siliceous 


lron Ore 


Sized fractions of Wisconsin Gogebic taconite were reduced 
with hydrogen over the temperature vange from 600° to 1000°C, 
In general, the degree and rate of reduction increase with tempera- 
ture. Particle size has no observable effect except in the smaller 


fractions at 900°C and above, where reduction is impeded, possibly 


Franklin J. Hill 


due to the siliceous nature of the ore. Gaseous diffusion appears 


to be significant as a vate controlling factor at certain stages. 


Tue depletion of high grade iron ore reserves in the 
United States has established the need to utilize all 
available iron ore deposits, both in long range plan- 
ning and from the viewpoint of national emergency. 
This has led to extensive research and development 
in this field. 

The beneficiation of Wisconsin Gogebic taconite ore 
has been previously studied by investigators at the 
University of Wisconsin,’ the United States Bureau of 
Mines,” Battelle Memorial Institute, and others. 
Methods investigated have included ‘concentration by 
flotation processes, magnetic and gravity separation, 
magnetic roasting and various combinations of them. 

The foregoing studies have been concerned with the 
production of an enriched ore suitable for blast fur- 
nace use. If the ore could first be reduced to metallic 
iron and then beneficiated, the product could be used 
directly in the open hearth or electric steel-making 
furnace. The by-passing of the blast furnace should 
enhance the economic feasibility of the beneficiating 
process. 

The work reported here,* was undertaken to estab- 
lish data on the hydrogen reduction of Wisconsin 
taconite that would eventually lead to the development 
of an economic direct reduction process for this and 
perhaps other low grade siliceous ores. 

The volume of work on direct reduction can be 
judged by the fact that 240 direct reduction processes 
were patented in the United States alone up to 1951,° 
and numerous additional processes have since been 
developed. 

Some of the factors contributing to direct reduction 
development are: 

1) The increasing capital cost of the blast fnece 
and its accessory equipment. 

2) The decreasing availability of high grade domes- 
tic ore. 

3) The high cost of steel scrap for use in the open 
hearth and electric furnaces. 

In general, direct reduction processes can be 
divided into two types; those using a solid reductant 
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(coal, peat, lignite) usually carried out in a kiln, and 
those using a gaseous reductant (H2, CO) in a shaft 
furnace or a fluidized bed retort. As there is no low 
cost coal readily available in northern Wisconsin but 
natural gas could be quite easily obtained, it is 
believed a gaseous reductant process would offer the 
greater feasibility for use on Wisconsin taconite. It 
is hoped that this preliminary work will beof interest 
to other investigators in this increasingly important 
field. 


TACONITE ORE 


The ore used in the investigation was obtained 
originally from the U. S. Bureau of Mines? and con- 
sisted of a representative composite made up from 
trench samples of the Norrie, Pabst, Plymouth, 
Pence, and Yale members of the Wisconsin Gogebic 
range iron formation. 

Chemically, the ore contains approximately 52 pct 
SiO, and 30 pct Fe. X-ray diffraction and other stud- 
ies ies the principal minerals tobe quartz (SiO,), 
hematite (Fe,0,), and goethite (Fe.O,-H,O). Minor 
amounts of iron containing silicates, siderite (FeCO,), 
and magnetite (FeO -Fe,O,) are present. The iron 
minerals and quartz are so finely disseminated that 
the ore requires grinding to less than 200 mesh (74 
uw.) for essential liberation.’”” 

The iron content of each of the several size frac- 
tions studied is shown in Table I. 


EXPERIMENTAL METHOD 


The method used throughout the investigation was 
based on that developed by the U. S. Bureau of Mines 
in Minneapolis’ in which the course of reduction is 
followed by the loss in weight of the ore sample. 

More specifically, a 100-g sample of the size frac- 


Table I. Ore Analysis 


Size 100 

0.371" 4mesh 4x8 8x14 14x28 28x48 100 200 

Iron Pct 29.8 29.8 31.9 30.4 30.3 
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Fig. 1—Stainless steel reactor tube. 


tion of ore to be reduced was placed on the stainless 
steel screen at the bottom of the stainless steel re- 
actor tube, Fig. 1. 

The reactor was placed ina 24 by 2-in. ID nichrome 
wound vertical tube furnace, the thermocouple, inlet, 
and exit connected, and the furnace turned on. Flexi- 
ble rubber tubing was used in making the gas inlet 
and exit connections to the reactor tube. 

When the temperature reached 100° to 200°C below 
the desired reduction temperature, the reactor was 
suspended from a triple beam balance (sensitivity 
0.1g) over the furnace, and nitrogen admitted at a 
flow of approximately 0.5 liter per min. 

After the desired temperature had been reached 
and maintained for 5 to 10 min to insure constant 
weight, the nitrogen was turned off and commercial 
tank hydrogen admitted, with the flow adjusted to 1 
liter per min by means of an adjustable valve and 
flowmeter. This flow was held constant during the 
reduction period. 

The temperature in the reactor was held to within 
plus or minus 3°C by the furnace controiler connected 
to a chromel-alumel thermocouple placed in the fur- 
nace. The reactor temperature was determined by a 
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Fig. 2—Equilibrium diagram for the system Fe-O-H. 
Percent H,O in H, + H,O vs temperature. 


separate chromel-alumel thermocouple placed in the 
well in the reactor, Fig. 1. 

The temperature and weight of the reactor were 
read and recorded every 15 min for the first hour, 
and every half hour thereafter, until four hours of 
reduction had passed or the weight remained constant 
for a half hour. The furnace was turned off and the 
reactor cooled in place under aslow flow of hydrogen. 

Iron analyses were made by the standard potassium 
dichromate procedure after dissolution of the finely 
ground ore sample in concentrated hydrochloric acid. 


THEORETICAL CONSIDERATIONS 


In a study concerned with the reduction of iron 
oxides with hydrogen, the equilibrium relations and 
rates of the following reactions must be considered: 


3 Fe,O, + H, = 2 Fe3,0, + H,O 
Fe,0, + H, = 3 FeO + H,O 
FeO + H, = Fe + H,O 

Fe3;0, + 4H, = 3 Fe + 4H,O 


The equilibrium relations of the reactions have 
been quite well established by thermodynamic stud- 
ies.”’”® Calculations have shown that for the first 
reaction a very small percentage of reducing gas 
concentration and temperatures of approximately 
600°C are satisfactory for reduction but that for the 
further reduction of the other reactions higher tem- 
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Fig. 3—Reduction of 0.371 in. by 4 mesh size fraction. 


peratures and/or reducing gas concentrations are 
required.® The equilibrium diagram for the system 
Fe-O-H is shown in Fig. 2.'° From the diagram, in 
which the water vapor percentage in the hydrogen- 
water atmosphere is plotted against the temperature, 
it can be seen that at a temperature as low as 600°C, 
up to 25 pct water vapor may be presentand still have 
a reducing atmosphere. 

The kinetics of the above reactions have also been 
studied extensively,’’’’”** The concensus of recent 
investigators is that the mechanism of reduction is 
a gas-solid reaction only at the oxide-metal interface 
and internal reduction proceeds by diffusion of iron. 
Above 560°C the reduction sequence is Fe,0,- Fe30,- 
FeO- Fe and below that temperature FeO is unstable 
giving the sequence Fe,0,- Fe,0,-Fe. The reduction 
rate has been found to givea linear relation with time 
and to increase with increase in temperature. The 
rate is also dependent on particle size, type of oxide 
reduced, reducing gas used, composition of reducing 
gas, and flow rate of reducing gas.** 


PRESENTATION AND DISCUSSION OF RESULTS 


Results of the investigation are illustrated by the 
percent reduction vs time curves for the 0.371 in. 
by 4 mesh and 14 by 28 mesh size fractions presented 
in Figs. 3 and 4. The percent reduction is based on 
the chemical analyses of Table 1 and the assumption 
that all of the oxygen available for the reduction re- 
action is combined with the iron as Fe,O3. 
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Fig. 4—Reduction of 14 by 28 mesh size fraction. 


It will be noted that all of these curves exhibit a 
relatively straight-line portion over the range from 
about 40 to 80 pct reduction, where normally one 
would expect to obtain a curve with continually de- 
creasing slope. Such curves would be obtained if the 
instantaneous reduction rate were proportional to the 
residual unreduced oxide. The reason for this 
straight-line portion is not entirely resolved. It is 
quite possible that this is related to the porosity and 
permeability of the particles studied, and suggests 
that a diffusional mechanism may be the principal 
factor controlling the reduction rate of this ore during 
this period. If the rate of reaction at the oxide-metal 
interface in this case controlled the reduction rate, 
as shown by McKewan”’ in his excellent studies on 
the kinetics of iron oxide reduction, the curves as 
plotted would not exhibit the straight line portion as 
discussed above. 

The possibility of ‘‘hydrogen starvation,’’ where 
the rate of hydrogen flow controls the reduction rate” 
has also been considered. This appears to be doubtful 
since, except in some instances during the first short 
periods, there was always an excess of hydrogen in 
the reactor over that required for the amount of re- 
duction obtained. 

Another point of interest is the extremely high rate 
of reduction during the first 15 min periodg It is the 
opinion of the authors that this is due to the almost 
immediate reduction of the large number of small 
iron oxide grains included on or near the original 
surface of the ore particles which are directly avail- 
able to the reducing gas. Subsequently, the rate is 
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Fig. 5—Effect of temperature on reduction time 
(0.371 in. by 4 mesh). 


controlled by diffusion processes leading to the ap- 
proximate straight line portion of the curves as pre- 
viously discussed. 

Effect of Temperature—Reference to Figs. 3 and 4 
shows that temperature has a pronounced effect on 
both rate of reduction and the total reduction obtained. 

At 600°C (the lowest temperature studied) the rate 
is relatively low and in no size fraction was a total 
reduction of over 80 pct attained in the four hour 
period. 

Attention is called to the fact that although the rate 
of reduction at 1000°C is high, the total reduction is 
low. This effect has not been reported by other inves- 
tigators and may arise from the siliceous nature of 
the ore. Sintering on the surface of the particles, 
particularly in the finer sizes, may hinder diffusion 
of the reducing gas or water vapor, Since at a given 
temperature the reaction rate is dependent on reduc- 
ing gas pressure and composition as well as the area 
of the iron-oxide interface. In addition, some scaling 
of the reactor on the outside surface was noted at 
this temperature and may in part have contributed to 
these results. 

This same effect is also exhibited at 900°C for the 
smaller size fraction shown in Fig. 4. There was no 
scaling of the reactor surface at this temperature 
which lends support to the sintering theory. 

In Fig. 5 the effect of temperature on the time 
required for 30, 60 and 90 pct reduction for the 0.371 
in. by 4 mesh size fraction is shown. In a direct 
reduction process the time required for reduction 
would be of great importance. It can be seen that the 
time necessary for high degrees of reduction is con- 
siderably reduced as the temperature of reduction 
increases. 

The effect of temperature on the rate of reduction 
is shown in Fig. 6, in which the slopes of the straight- 
line portion of the reduction curves for the 0.371 in. 
by 4 mesh size fraction, Fig. 3, are shown at the 
various temperatures of reduction. The points fall 
approximately on a straight line and show a linear 
relation between temperature and rate of reduction. 
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Fig. 6—Effect of temperature on reduction rate 
(0.371 in. by 4 mesh). 


Since this is the case, an Arrhenius plot (logarithm 
of reduction rate vs the reciprocal of the absolute 
temperature) will not give a straight line. This again 
suggests that the reaction itself is not controlling the 
reduction rate of this ore over the straight-line por- 
tions of the curves of Figs. 3 and 4. 

Curves similar to those discussed above, Figs. 5 
and 6, result from plotting the corresponding data 
from Fig. 4 for the 14 by 28 mesh size fraction. 

Effect of Particle Size—There appears to be no 
general correlation between particle size of the ore 
as such, and either the rate of reduction or total re- 
duction for temperatures below 900°C. 

As previously discussed under Effect of Tempera- 
ture the total reduction obtained above 900°C was 
low. This divergence became more apparent as the 
particle size was reduced and in fact in the size 
ranges below 28 mesh not only was the total reduction 
low but the rate of reduction at 900° and 1000°C was 
less than that obtained at 800°C. 

That the particle size has little effect at tempera- 
tures below 800°C but does show some effect at 
higher temperatures couid result from the nature of 
the ore. Previous investigations have shown reduci- 
bility to decrease as particle size increases but also 
to be dependent on the porosity and permeability of 
the material reduced, with reducibility being directly 
proportional to porosity.° 

The mineralogy of taconite shows the iron minerals 
to be intimately associated with the silica which 
comprises the major portion of the ore. Silica under- 
goes a phase transformation at 573°C (a to 6 quartz) 
which involves a volume change that may lead to con- 
siderable cracking of the ore particles. Thus, for a 
gaseous reduction reaction the taconite particles may 
exhibit a porosity and ‘‘effective’’ surface area 
generally unrelated to gross particle size. Barrett 
and Wood have shown particle size to have little 
effect on reducibility of a limonite ore which was 
porous and easily reduced.* 

The decrease in reduction rate and total reduction 
at temperatures of 900° and 1000°C with a decrease 
in particle size may result from sintering of silica, 
iron, or iron oxides, or to silica-iron oxide reactions 
on the surface of the particles. As the particle size 
is materially reduced, the surface area increases 
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and surface effects causing a decrease in diffusion work possible, and to the United States Bureau of 


of gases would be more pronounced in the smaller Mines for furnishing the ore samples. The authors 
size fractions. are also indebted to members of the Mining and 

Metallurgical Engineering Department staff for their 
SUMMARY assistance. 


A laboratory experimental investigation on the 
direct gaseous reduction of Wisconsin taconite has 
indicated that the iron-bearing minerals in this ore REFERENCES 
are readily reduced to the metallic state by hydrogen. 1p. L. Harris: Concentration of Wisconsin Gogebic Taconite, Report, Depart- 

7 ment of Mining and Metallurgy, University of Wisconsin, March 1954 (unpublished). 

In general, the degree of reduction as well as the ?P. Zinner and C. L. Holmberg: Investigation of the Iron-Bearing Formation 

rate of reduction increases with increase in tempera- of the Western Gogebic Range, Bureau of Mines, United States Department of the 
° ° ° Interior, R. I. 4155, 1947. 
ture from 600 to 1000 C. In some cases at 900 and 3F. Stephens, Jr., and Others: The Reduction-Oxidation Process of Magnetic 
1000°C complete reduction was not obtained, possibly Roasting for the Treatment of Taconites, J. Metals, 1953, vol. 5, p. 780. 
ante ‘Franklin J. Hill: Hydrogen Reduction of Wisconsin Taconite, M.Sc. Thesis, 

due to the siliceous nature of the ore. Department of Mining and Metallurgical Engineering, University of Wisconsin, 


Broadly speaking, ore particle size as such had no May 25, 1960. 


SJ. W. Franklin: Industry Looks at Direct Reduction, Engineering and Mining 


marked effect on reduction at 800°C and lower. At J., vol. 178, no. 12, December 1957. 

i R ibili d Si i f I 
900° and 1000°C both.the rate and degree. ofreduction ct 

xide Materials in Reducing Gases, /ndustrial and Engineering Chemistry, 
It is tentatively concluded that gaseous diffusion Analytical Edition wollte 1946: 
within the ore particles is the controlling factor at Mise. or 
certain stages of the reduction process. June, 1954, | 
°Li Kun: Thermodynamics of Direct Reduction Processes, preprint, Blast 
Investigations on the gaseous reduction of this type Furnace, Coke Over & Raw Materials Conference, April 4-6, 1960, AIME. 
of low grade siliceous ores are continuing in order Technical Data Handbook, Hoeganaes Sponge Iron Corp., New York. 
A 3 5 41W. M. McKewan: Kinetics of Iron Oxide Reduction, Trans. Met. Soc. AIME, 
to establish more clearly the mechanisms involved. wat ois 


2G, Bitsianes and T. L. Joseph: Solid Phase Identification in Partially Re- 
duced Iron Ore, AJME Trans., 1953, vol. 197. 
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Self-Diffusion of Copper in Molten Copper 


Self-diffusion coefficients of copper in molten copper have 
been measured by the capillary reservoir method in the tempera- 
ture range 1140° to 1260°C. The results can be vepresented by the 
equation D = [(1.46 + 0.01) X 10-*] exp [(-9710 + 710)/RT] cm/sec. 
The energy of activation agrees within the limit of experimental 


uncertainty with that for viscous flow. The relationship between John Henderson 
the diffusivity and coefficient of viscosity is best described by the 
equation D = kT/4mnv /sec. Ling Yang 


MeasurEMENT was made of the self-diffusion co- carried out in a purified argon atmosphere. A graph- 


efficient of copper in molten copper in the tempera- ite crucible, enclosed in a McDanel tube, was used 
ture range 1413° to 1533°K, using the capillary re- as a container for the melt because of its satisfactory 
servoir technique and Cu™ as the radioactive tracer. nature asa refractory material and the low solubility 
The procedures for filling the capillaries, making of carbon in copper. Graphite was also used for the 
the diffusion run and evaluating D.,, from the count- capillary material. A McDanel thermocouple sheath, 


ing results were the same as described previously.’’” to which graphite radiation shields were affixed, was 


All experimental operations involving the melt were used to hold the capillaries. By moving this sheath 
JOHN HENDERSON, Junior Member AIME, is with the Me- through a rubber seal at the top of the McDanel tube, 
tals Research Laboratory, Carnegie Institute of Technology, on the capillaries could be lowered into or raised out of 
leave from the Broken Hill Proprietary Co., Ltd., Research Di- the melt. A Globar furnace with a constant tempera- 
vision, Shortland 2N, N.S.W., Australia. LING YANG, Mem- ture zone (+ 2°C) of 2 in. was used to heat the assem- 
ber AIME, formerly of the Metals Research Laboratory, is now bly. The temperature of the furnace was the equilib- 
with the John Jay Hopkins Laboratory for Pure and Applied rium value corresponding to a given setting of the 
transformer. Temperature was measured with a Pt- 
10 pct Rh/Pt thermocouple and varied during a run 
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Table |. Self-Diffusion Data of Copper in Molten Copper 


Av. Spec. 
Diffu- Activity of Initial Spec. 
sion Length of Diffusion Sample after Activity of 
Temp. Capillary, Time, t, Diffusion, C, Bath, C,, D x 10° 
RSS l, Cm Sec cpm/g. cpm/g Cm?/sec 
1260 1.30 1500 3451 13510 5575 
1.60 1500 2802 13510 5.74 
1.58 1500 2950 13510 6.22 
1.30 1500 3533 13510 6.05 
1190 1293 2400 1143 
152 2400 905 3517 5.00 
1.20 2400 1158 3517 5.12 
1.30 2400 1150 3517 5.08 
1150 1.10* 1800 818 2755 4.66 
1.13* 1800 800 2755 4.68 
1140 1.42 2400 2251 8822 4.28 
1.42 2400 2303 8822 4.48 
1.10* 2400 2804 8822 4.18 
122% 2400 2592 8822 4.20 
1.35* 1800 2050 8220 4.96 
1.10* 1806 2342 8220 4.27 


*Capillary diameter 0.159 cm, remainder 0.119 cm. 


(25 to 40 min) less than + 3°C. Diffusion runs were 
carried out by immersing capillaries filled with non- 
radioactive melt into radioactive melt. Samples for 
Co determination were obtained by filling capillaries 
from the bath immediately before a diffusion run. 
After the run, the copper rods in the capillaries 
were recovered by mechanically removing the graph- 
ite. Because of the short half life (12.8 hr) of Cu™, 
the counting results obtained for the samples and 
that for the bath in a given run had to be corrected 
to the same time basis before being used for the 
calculation of the diffusion coefficients. The fact 
that the value of D.,, is reproducible for different 
capillary diameters and lengths and different diffus- 
ion times indicated that the boundary conditions re- 
quired by the equation used to calculate this value 
were essentially obeyed during the diffusion runs. 

The results are shown in Table I and can, together 
with the 50 pct confidence limits, be represented by 
the equation 


D =[(1.46 + 0.01) x 107°] exp [(-9710 + 710)/RT] 
x cm’/sec. 


Since the viscosity coefficient 7 of molten copper 
has been measured, it is of interest to test the va- 
lidity of the Stokes-Einstein relationship, 

D = kt/(677), and the Eyring relationship 
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Table II. Validity of Relationships Between Diffusivity and 
Other Physical Properties in Molten Copper 


Dee DX 
Stokes Dx 10°, Suther- Dx 10°, 
Temp., Ns This Work Einstein Eyring land Swalin 
we poise Cm?/sec Cm?/sec Cm’/sec Cm’*/sec Cm’/sec 
1150 .0418 4.60 2.58 24.3 3.87 19.6 
1200 .0391 5.15 2.85 27.0 4.30 21.0 
1240 .0362 5.70 29.9 4.57 22-3 


D = kT /(2nr), between D, 7, and the radius r of the 
diffusing species. Suther land* has proposed an equa- 
tion that takes into account the difference in size be- 
tween the diffusing species and the diffusion medium. 
If the diffusing species is assumed to be the cuprous 
ion (r = 0.96A) Sutherland’s equation reduces to 

D = kT/(47 nr). Swalin® has derived an equation, 

D = 1.29 X 10°°T?/AHya’ cm*/sec. where AHy is 
the heat vaporization® (76.96 kcal per g-atom), and a” 
(1.73 A’) is a function of the force constant k of 
Waser and Pauling,’ from which Dc, can be calcula- 
ted. The values of D.,, calculated from the foregoing 
relationships are shown in Table II. 

The energy of activation for viscous flow in molten 
copper is about 8.9 kcal. per g-atom as compared to 
that for self-diffusion obtained in this work (9.7 + 0.7) 
kcal per g-atom. This agreement is within the uncer- 
tainty limit of these values. 

Consideration of Table II shows that Sutherland’s 
correlation yields values of D.,, that agree best with 
those measured. This agreement may be fortuitous 
but was also found in the study of the self-diffusion 
of silver.” 
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The Isothermal Transformations of Ti-2.5AI-16V 


and Ti-4AI-3Mo-1V 


A study was made of the transformation kinetics of the com- 
mercial titanium-base alloys, Ti-2.5Al-16V and Ti-4Al-3Mo-1V, 
using two different heat treatment cycles: 1) step-quenching to 
aging temperatures from a B solution anneal and 2) water-quench- 
ing from an a+ solution anneal followed by reheating to aging 
temperatures. Metallographic examination and hardness testing 
provided the major portion of the data, while electrical resistivity, 
dynamic elastic modulus, and X-ray diffraction techniques were 
also used to obtain critical or confirmatory data. TTT diagrams 


were constructed from these results. 


Tue Sheet alloys, Ti-2.5Al-16V and Ti-4Al-3Mo-1V, 
are of current interest to the Department of Defense. 
As an aid to the planning of their respective heat 
treatments, a program was carried out to determine 
the transformation kinetics of these alloys using 6 
and @+ reference states. This paper presents the 
TTT diagrams constructed from data obtained by 
metallographic examination and hardness testing, as 
well as by X-ray diffraction, electrical resistivity, 
and dynamic elastic modulus determinations. 


EXPERIMENTAL PROCEDURE 


Materials—Sheets of the alloys were obtained from 
the producers in the ‘‘mill anneal’’ condition and 
were tested prior to shipment to assure their meet- 
ing mill specificattons. Chemical analyses were also 
supplied and are presented in Table I. 

Heat Treatment—The majority of the data present- 
ed in this study were obtained from hardness testing 
and metallographic examination. Sample coupons 
were cut from the alloy sheets and heat treated on a 
mass scale. The annealing cycles were operated in 
the following manner: 

1) The £ solution anneals were carried out in a 
horizontal tube furnace with the bare samples pro- 
tected by a dynamic helium atmosphere. Following 
this treatment, the samples were quickly transferred 
to lead, solder, or oil-bath furnaces for aging. After 
prescribed times at the various reaction tempera- 
tures they were water-quenched. 

2) The second cycle simulated commercial prac- 
tice, which requires the alloys be quenched to room 
temperature following the @+ 8 solution anneal. 

This anneal was carried out in a muffle furnace with 
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a dynamic helium atmosphere. The specimens were 
then reheated from room temperature to the reac- 
tion temperatures in lead, solder, or oil-bath fur- 
naces, followed by water-quenching after prescribed 
times at these temperatures. 

Information concerning the critical temperatures 
of the alloys was obtained from the literature and 
solution treatments were based on these values. A 
summary of the solution annealing treatments is 
found in Tables II and III. The aging temperatures 
for the 2-8 alloys ranged in 50°C intervals from 
200°C (392°F) to approximately 50°C below the 
6/a+ transus in the first cycle and approximately 
50°C below the a+ solution temperature in the 
second. The transformations in these alloys were 
known to be rather rapid, and thus aging times start- 
ed at 0.5 min and went to a maximum of 7000 min. 

Hardness Testing and Metallographic Preparation— 
Heat-treated samples were sheared and mounted in 
Bakelite with their cut edges exposed. After a flat 
surface was ground, the hardness was determined in 
Vpn on an Armstrong-Vickers machine utilizing a 
20-kg load. Three to four impressions were made on 
each specimen. After this procedure, the hardness 
impressions were removed and the edge surfaces of 
the specimens were prepared for metallographic ex- 
amination in the usual manner. The etchant was 20 
pet HF and 20 pct HNO, in glycerine. 

Electrical Resistivity—It has been shown that the 
isothermal reactions in titanium-base alloys can be 
followed by measuring the changes in electrical re- 
sistivity attending these transformations.* As men- 
tioned earlier, the reaction kinetics of a—£ alloys 
are rather rapid; thus, it would be expected that re- 
sistivity data obtained from these alloys would be 
more Significant if measurements were made continu- 
ously at the respective aging temperatures. To ac- 
complish this end a special apparatus, based on the 
current-potential principle, was assembled. Its de- 
sign was derived from earlier devices constructed 
by Colner and Zmeskal* and Levinson.® The set-up 
provided for the heat treatment of machined speci- 
mens (approximately 2 “in.” in cross section by 
3 in. in length) and the determination of their relative 
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Table |. Chemical Analyses 


Concentration, Wt Pct 
Alloy Al Mo Vv (@ Fe H, N, In. Producer 
Ti-2.5Al-16V 2.49 = 15.67 0.02 0.21 - 0.012 0.050 Mallory-Sharon Metals Corp. 
Ti-4A1-3Mo-1V 4.1 DEQ 1.0 0.024 0.09 0.015 0.013 0.042 Titanium Metals Corp. of America 


changes of resistivity with elapsed time. A Speedo- 
max potentiometer recorded the emf data. A com- 

plete description of the apparatus and techniques is 
reported elsewhere. 

Dynamic Elastic Modulus Measurements—The in- 
crease of the dynamic elastic modulus of titanium- 
base alloys during aging transformations has been 
observed in detail.”* Specifically, the large in- 
creases attending the precipitation of transition 
phases (e.g.,w) make the measurement of this prop- 
erty useful in the study of complex transformations. 
Specimens were machined to the dimensions 3 in. by 
0.350 in. by the sheet thickness, and tested at room 
temperature after being given critical heat treat- 
ments. The details of the apparatus and techniques 
have been published. ”® 

X-Ray Equipment and Techniques—Heat- treated 
alloy slivers were electropolished in an electrolyte 
of 6 gm AIC1; (anhydrous), 28 gm ZnCl,, 90 ml meth- 
anol, and 10 ml glycerine; this process reduced them 
to fine pins.° The samples were placed in a 14 cm 
Debye-Scherrer powder camera and examined for 
phase identification with nickel-filtered copper Ka@ 
radiation. 


RESULTS AND DISCUSSION 


Ti-2.5Al-16V—Recently Harmon and Troiano stud- 
ied the transformations of Ti-2.5Al-16V using dila- 
tometric and X-ray diffraction techniques.*° The 
present work has carried the investigation further 
by other methods, and the results are in close agree- 
ment with the earlier work. Any quantitative dis- 
crepancies can be laid to compositional differences 
between the materials used in the two studies* and 


*Harmon and Troiano also used commercial sheet supplied by Mallory- 
Sharon Metals Corp. 


to the variation in sensitivity of the various methods 
of investigation. 

The transformations of this alloy are comparable 
to those observed in titanium-vanadium alloys.’ A 
TTT diagram for the decomposition of f (formed at 
900°C or 1652°F and quenched directly to reaction 
temperatures below the 8/a+ transus) is shown in 
Fig. 1. The initial reaction product is @ at tempera- 


tures to just above 350°C (662°F), as is seen in Figs. 


2 and 3. Particle size diminishes with successively 


Table Il. Beta Temperatures for Titanium-Base Alloys 


Solution Anneal 


Transus 


Temperature, Temperature, Time, 
Alloy 2C Ref. Min 
Ti-2.5A1-16V 800 1472 (1) 900 1652 20 
Ti-4A1-3Mo-1V 970 1778 (2) 1020 1868 20 
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lower aging temperatures, and this refinement in- 
creases hardening (see hardness curves in Fig. 4*). 


*Data points have been omitted from these curves for the sake of 
clarity. It was considered justified since a smooth curve could be drawn 
through all points. The curves represent data gathered for each tempera- 
ture after periods of 1/2, 1, 2, 3, 5, 10, 30, 70, 100, 1000, and 4000 min. 


The transformations were considered complete when 
hardness began to drop off and no further micro- 
structural changes were observable. 

At 350°C (662°F) and lower, the decomposition 
becomes quite complex. In samples aged at 300° and 
350°C (572° and 662°F), the 6 grains appear ‘‘mot- 
tled’’, but no precipitate was resolvable at magnifi- 
cations as high as X1000. Structures seen at 350°C 
(662° F) are found in Fig. 5. The hardness level 
reached during this reaction is rather high, and X-ray 
diffraction identified the transition phase w as being 
present. This indicated that the sequence of trans- 
formation in this range is: 


BrB+wrB+wia, 


The second stage of this reaction was suspected after 
100 min at temperature with the appearance of parti- 


Table III. Alpha and Beta Temperatures for Titanium-Base Alloys 


Commercial a+ 8 Solution Anneal 
Solution Temperatures, Temperature, Time, 
Alloy Xe Ne Ref. Xe oF Hr 


Ti-2.5A1-16V 743 1370 (1) 740 1364 1 
Ti-4Al-3Mo-1V 843-900 1550-1652 (2) 890 1634 1 


¥-STRUCTURE DETERMINED  W-START OF HARDNESS 
700 BY X-RAY DIFFRACTION INCREASE 4 1300 
@-START OF RESISTANCE J-START OF HARDNESS 
INCREASE DECREASE 
600 Vv VY; 41100 
Bra 
Vv | 1000 
@ B+B+a 
°.500 V 
4 900 w 
B Bra 
| 4800 < 
a c 
Ww 400 
a a 
L B+w Brw+a = 
300 2) Wwe Baw Brwt+a 
_B~ B+B (Low-voce) 
200 BB. + 400 
107! \ 10 102 103 104 


TIME , MINUTES 


Fig. 1—TTT Diagram for Ti-2.5Al-16V solution annealed 
at 900°C (1652°F) for 20 min and quenched directly to re- 
action temperatures. Summary of data. Metallographic 
observations are consistent with these curves. 
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(a) 


Fig. 2—Ti-2.5A1-16V solution annealed at 
900°C (1652°F) for 20 min and quenched 
directly to 600°C (1112°F). After 1 min, 
unreacted transforms martensitically 
upon water-quenching. Decomposition of 
6 to B + @is nearly complete after 100 

1 min, 254 Vpn. (b) 100 min, 

265 Vpn. X250. Reduced approximately 
26 pet for reproduction. 


min. (a) 


hardening. (a) 


Fig. 3—Ti-2.5A1-16V solution annealed. 

at 900°C (1652°F) for 20 min, and quench- 
ed directly to 400°C (752°F). The more 
refined @ precipitation results in greater 
10 min, 275 Vpn. (b) 100 
min, 425 Vpn. X250. Reduced approxi- 
mately 26 pct for reproduction. 


cles in the microstructure and @ lines in the X-ray 
diffraction patterns. 
In the study of reactions below 300°C (572°F), it 
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0 107! 10 102 103 


TIME , MINUTES 


104 


Fig. 4—Hardness vs Time Curves for Ti-2.5A1-16V solu- 
tion annealed at 900°C (1652°F) for 20 min and quenched 
directly to reaction temperatures. 
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was noted that the microstructures of samples water- 
quenched after being held briefly (i.e. 30 sec) at this 
temperature level showed no martensitic @.* This 


*The M; temperature appears to be just below 200°C (392°F). 


apparent @ stabilization (also reported by Harmon 
and Troiano) would be analogous to the stabilization 
of austenite in steels by step-quenching briefly to 
temperatures close to the M,. The retained 8 struc- 
ture persisted after longer times at these tempera- 


tures, (Fig. 6), despite the hardness and elastic modu- 


Table 1V. Dynamic Elastic Modulus Determinations for Ti-2.5AI-16V 


E, at Room Temperature 


Aging Psi x 10° 
Temperature, As Solution Aging Time, Min 
Treatment re °F Annealed 10 100 
Solution annealed at 900°C 
(1652°F) for 20 min and 
quenched directly to aging 
temperature. 11.74 
450 842 11.43 
350 662 14.04 
Ss 169) 
300 572 11.935 14293 
200 392 1132 195555 
Solution annealed at 740°C 
(1364°F) for 1 hr, water- 
quenched and reheated to 
aging temperatures. 11.79 
450 842 12.78 15.42 
300 572 14.15 
200 392 12.29 14.98 
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(b) 
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Fig. 5—Ti-2.5Al-16V solution annealed 
se at 900°C (1652°F) for 20 min and quench- 
ed directly to 350°C (662°F). A ‘‘mottled’’ 
6 structure is evident at 5 min. High 
magnifications could not resolve a pre- 
cipitate. X-ray diffraction identified w 
as being present in these structures. 
Particles, presumably ©, are seen after 
Mw : 1000 min. (a) 5 min, 317 Vpn. (b) 1000 
ae min, 420 Vpn. X250. Reduced approxi- 

mately 26 pct for reproduction. 


(a) 


lus data which indicated a transformation was in pro- 
gress (see Fig. 4 and Table IV). X-ray diffraction 
patterns exhibited two sets of bcc lines indicating the 
presence of two like phases of differing compositions. 
This evidence has been shown to be indicative of an- 
other transition reaction consisting of the formation 
of a low-vanadium bcc phase.*° 

The data obtained by electrical resistivity meas- 
urements at temperature were also used in the con- 
struction of this TTT diagram, as well as the one for 
the quench-and-reheat cycle. These results will be 
discussed completely after the presentation of the 
data and diagram for the latter cycle. 

By changing the solution-annealed state from all-f 
to one consisting of a+ (formed at 740°C or 1364°F) 
and then quenching to room temperature before aging, 
the reactions discussed above are shifted slightly. In 
the TTT diagram shown in Fig. 7, it is seen that the 
shift is to lower temperatures and longer times. The 
appearance of the microstructure was the only sig- 
nificantly different manifestation of this treatment. 
The (a) formed during solution annealing* was in a 


*Designated as () for this alloy and Ti-4AI-3Mo-1V. The hcp phase 
formed during aging is denoted by ® without parentheses. 


Fig. 6—Ti-2.5A1-16V solution annealed at 900°C (1652 ° F) 
for 20 min and quenched directly to 250°C (482°F). The 6 
phase appears to be unchanged at this temperature but, 
X-ray diffraction indicated the presence of a second bec 
phase having a low-vanadium content. (a) 1000 min, 410 
Vpn. X250. Reduced approximately 26 pct for reproduc- 
tion. 
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fine globular form strung out in the rolling direction 
(Fig. 8). Typical microstructural changes that take 
place during transformation are seenin Fig.9. X-ray 
diffraction aided in identifying phases. Hardness 
response to this treatment is shown in Fig. 10. Dy- 
namic elastic modulus measurements were also 
made and provided some results of significance. It 
is believed that w has a higher modulus than a, and 
both have higher values than that of 8. Also, this 
property is only dependent on relative amounts of an 
phases present and not particle size or distribution. ’ 
Thus, the high modulus value (17.33 X 10° psi) of the 
alloy after 100 min. at 300°C (572°F) was probably 
due to the presence of w which was found by X-ray 
diffraction. The modulii of step-quench cycle sam- 
ples aged at 300°, 325° and 350°C (572°, 617° and 662°F) 
did not reach quite as high values (see Table IV) 
though, as mentioned earlier, w was also found by 
X-ray diffraction and indicated by metallographic 
and hardness data. 

The electrical resistivity measurements were 
quite sensitive to the initiation of transformations 
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Fig. 7—TTT Diagram for Ti-2.5Al-16V solution annealed 
at 740°C (1364°F) for 1 hr, water-quenched and reheated 
to reaction temperatures. Summary of data. Metallograph- 
ic observations are consistent with these curves. 
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Fig. 8—Ti-2.5A1-16V solution annealed at 740°C (1364° F) 
for 1 hr and water-quenched. Structure shows fine @ 
particles in a 6 matrix. Hardness is 244 Vpn. X1000. Re- 
duced approximately 26 pct for reproduction. 


in this alloy in both heat treatment cycles. It was 
observed that resistance increased as transforma- 
tion took place and leveled off to a constant value at 
some point before the completion of the reaction. 
The increases were small, i.e., about 3 to 5 pet. It 
is known, however, that resistance decreases when 
the property is measured at room temperature in 
aged alloy samples.’ Referring to the work of Wyatt," 
in which he studied the relative resistivity of the a 
and f phases in unalloyed titanium, one can deter- 
mine why such an effect was observed. It is seen 
that @ has a much higher temperature coefficient of 
resistivity than 8. Also, in the vicinity of the a/f 
transus, the resistivity of a is slightly greater than 
B, whereas if 6 could be retained at room tempera- 
ture, the reverse would be true. By alloying, one 
can Stabilize an a + @ structure at room tempera- 
ture and little change is brought about in the relative 
resistivity of the two phases. Thus, in the alloy 
Ti-2.5Al-16V, the equilibrium value of resistivity 
of the room-temperature, a + 6 structure is inter- 
mediate between the room-temperature a and 6 
values. When an alloy sample, solution annealed in 
the f field, was quenched to room temperature, it 
had a higher value of resistance than the @ + 8 con- 
dition since nearly all the 6 was retained. When the 
sample was step-quenched to an intermediate re- 
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Fig. 9—Ti-2.5A1-16V solution annealed 

at 740°C (1364°F) for 1 hr, water-quench- 
ed and reheated to 600°C (1112°F). Re- 
jection of isothermal © is obvious after 

5 min. (a) 5 min, 260 Vpn. (b) 100 min, 
272 Vpn. X1000. Reduced approximately 
26 pet for reproduction. 


action temperature, *its initial resistance was quite 
*Above 350°C (662°F) 


close to the room-temperature value due to the low 
temperature coefficient of 8. As transformation 
began with the rejection of a, the total resistance 
of the sample increased since the resistivity of a 
is greater than f at this elevated temperature. 
Interruption of the reaction at any point by cooling 
showed the sample resistance to be lower at room 
temperature than it was in the initial all-8 condi- 
tion. This was because the @ now present in the 
structure has a lower resistivity than B at room 
temperature. * 


*This explanation can also apply to the quench-and-reheat cycle by 
simply accounting for the small amount of (@) present, formed during the 
solution anneal. 


At 350°C (662°F) and lower, where the transition 
reactions take place, resistance increases were also 
observed. The w behavior was comparable to that of 
@ as discussed above; however, this was not wholly 
true of the reaction involving the low-vanadium bcc 
phase. It appears that the latter phase also has a 
higher resistance than 6 at temperature as shown by 
resistance increases during transformation, but, upon 
cooling, a negative temperature coefficient of resist- 
ivity was observed. At the present, it is unknown 
whether this negative coefficient is a property of the 
low-vanadium bec phase itself or some anomolous 
effect due to the coexistence of the twobcc structures. 
Similar behavior has been reported for titanium- 
vanadium alloys by Brotzen, Harmon, and Troiano.° 
These investigators also pointed out that upon re- 
heating an alloy, (which has undergone the w reac- 
tion), to a higher temperature, the alloy reverts to 
8. Corroborating evidence was found when several 
quench-and-reheat cycle samples aged below 350°C 
(662° F)—thus having w or the low-vanadium bec 
phase present—were raised from room temperature 
to about 600°C (1112°F). The rate of heating was 
about 20°C per min, and their resistance and corres- 
ponding temperature were measured continuously. 
The percent change of resistance from the nearly- 
all-8 condition (at temperature prior to transforma- 
tion) was calculated and plotted against temperature 
in Fig. 11. The difference in temperature coefficient 
of resistivity of the transition phases is quite evident 
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Fig. 10—Hardness vs Time Curves for Ti-2.5A1-16V solu- 
tion annealed at 740°C (1364°F) for 1 hr, water-quenched, 
and reheated to reaction temperatures. 


here. The temperature where the curves change 
slope markedly is about 370°C (698° F) and appears 
to be the upper limit for the stability of w according 
to the other data. The subsequent decrease in re- 
sistance observed, points to a reversion to the phase 
with the lowest resistance at temperature, namely B. 
The increases that follow at higher temperatures are 
most likely due to the nonisothermal precipitation of 
a from the new 8. 

Attempts to correlate the time to reach the maxi- 
mum resistance increase with critical points observ- 
ed by other techniques were unsuccessful. As has 
been mentioned, the leveling off always occurred 
prior to over-aging in the @ precipitation range and 
at lower temperatures prior to maximum hardening. 
It is possible that this represents a certain, rather 
large, percentage of decomposition, after which 
changes in resistance are immeasurable; although 
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Fig. 12—Ti-4Al-3Mo-1V solution annealed 
"= at 1020°C (1868°F) for 20 min and quench- 
~ ed directly to 750°C (1382°F). Isothermal 
a is observed to precipitate from 6 after 
0.5 min. The composition of remaining £ 
has not been altered sufficiently to pre- 
vent the martensite transformation upon 
quenching to room temperature. When 
held for longer times, the unreacted f is 
retained on quenching. (a) 0.5 min, 342 
Vpn. (6) 1 min, 307 Vpn. X250. Reduced 
approximately 26 pct for reproduction. 
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Fig. 11—Relative resistance change upon reheating of 
several Ti-2.5Al-16V samples, which were solution anneal- 
ed at 740°C (1364°F), water-quenched, aged, and then air 
cooled to room temperature. 


mechanical changes (i.e. softening due to agglomera- 
tion, principally) still occur. 

The decomposition of £ in this alloy has been dis- 
cussed thoroughly by Harmon and Troiano.’° Their 
explanation was based on the concepts of Hardy and 
Heal’ who theorized that precipitation processes 
follow the path of minimum activation energy. That 
is, the relative rates of various precipitation react- 
ions at any temperature determine which reaction 
will take precedence. By this argument, Harmon and 
Troiano showed that between the B/a + 8 transus and 
some lower temperature, the precipitation of @ is 
favored in this alloy. When this reaction becomes 
sluggish (at successively lower temperatures), the 
precipitation of w becomes energetically more favor- 
able. Finally, the w reaction slows up at still lower 
temperatures, and the transformation involving the 
low-vanadium bcc phase takes place. 

Ti-4Al-3Mo-1V—The transformations observed in 
Ti-4Al-3Mo-1V after quenching from a 8 solution 
anneal (e.g. 20 min at 1020°C or 1868°F) to aging 
temperatures below the 8/a + 8 transus are typical 
of @-£ alloys having relatively high M, tempera- 
tures.'> The M, was bracketed between 600° and 
650°C (1112° and 1202°F) by the metallographic ex- 
amination of aged samples. Aging above this temper- 
ature is typified by @ precipitating from 6 in a usual 
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Fig. 13—Hardness vs Time Curves for Ti-4Al-3Mo-1V 


solution annealed at 1020°C (1868°C) for 20 min and quench- 
ed directly to reaction temperatures. 


nucleation and growth manner (see Fig. 12). The 
effect on hardness is seen in Fig. 13. Hardness de- 
creases in structures formed at the higher tempera- 
tures are due to matrix softening, 7.e., as B becomes 
richer in solute with the precipitation of coarse a 
particles, progressively less a’ forms upon quench- 
ing. Little or no hardness change results at tempera- 
tures close to the Mg, probably the result of finer a 
precipitation counteracting the matrix softening. 
Quenching to reaction temperatures below the M; 
produces the martensitic transformation, i.e., B ~ a’. 
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Fig. 15—TTT Diagram for Ti-4Al-3Mo-1V solution anneal- 
ed at 1020°C (1868°F) for 20 min, and quenched directly to 
reaction temperatures. 
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Fig. 14—Ti-4Al-3Mo-1V solution annealed at 1020°C 
(1868° F) for 20 min, and quenched directly to 500°C 
(932°F). AB + structure transforms to B + X250. 
Reduced approximately 26 pct for reproduction. 


The amount of a’ is greater the lower this tempera- 
ture. Isothermal transformations below the M, are 
apparently a combination of @ precipitating from the 
remaining 8, as above, and a tempering of the a’, 
both resulting in a fine @ +f structure. It was 

not possible to determine the Mf, below which only 
the tempering of a’ occurs. These are difficult re- 
actions to follow metallographically as is evident 


Fig. 16—Ti-4Al-3Mo-1V solution annealed at 890°C (1634° F) 
for 1 hr and water-quenched. Structure consists of a 
particles in a matrix of 8 + a’. Hardness is 266 Vpn. 
X1000. Reduced approximately 26 pct for reproduction. 
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Fig. 17—Ti-4Al-3Mo-1V solution anneal- 
ed at 890°C (1634°F) for 1 hr, water- 
quenched and reheated to 600°C (1112°F). 
The matrix rejects @ and darkens as 
transformation is completed. (a) 5 min, 
356 Vpn. (6) 1000 min, 299 Vpn. X1000. 
Reduced approximately 26 pct for repro- 


duction. 


from Fig. 14; but there are modest increases in hard- 


ness that give an indication of the kinetics of these 
transformations (see Fig. 13). Thus, the TTT dia- 
gram, presented in Fig. 15, was constructed from 
metallographic observations above the M, and hard- 
ness data below it. 

As would be expected from the discussion above, 
the alloy quenched from the @+ 8 solution anneal at 
890°C (1634°F) is softer than the 6-quenched condi- 
tion (260 vs 350 Vpn, respectively). Its metallographic 
structure seen in Fig. 16 consists of small (@) parti- 
cles in a matrix that appears to have @’ needles pre- 
sent. X-ray diffraction patterns of this as-quenched 
condition showed a predominance of lines of the @ 
(and a’) phase with some 6 lines also observed. With 
the relatively large amount of @ present, it is evi- 
dent that the M, has been lowered due to the 6 phase 
becoming rich in $-stabilizing elements. The My 
has been depressed below room temperature result- 
ing ina room-temperature matrix of 6+ a’. 

From a comparison of the structures of aged sam- 
ples, (Figs. 17 and 18), with the hardness curves, 
(Fig. 19), the M, lies between 400° and 450°C (752° 
and 842°F). The reactions above the M, are quite 
rapid and produce considerable hardening. The ma- 
trix darkens as it transforms, especially when the 
alloy over-ages (see Fig. 17). This is reminiscent of 
the transformationof a@+fstructures of Ti-2.5Al-16V. 
Thus, as the alloy is heated above the M, tempera- 
ture, any @’ present is quite unstable and either re- 
verts to 6 or transforms to a + B (the former being 


more probable), while the 8 proceeds to reject a fine 
precipitate. 

Below the M,, the 8 + @’ matrix transforms slug- 
gishly, resulting in some hardening after long times 
at 350° and 400°C (662° and 752°F). The micro- 
structures emphasize the @’ needles of the matrix 
at these temperatures, evident in Fig. 18. Over-ag- 
ing was not observed. The TTT diagram developed 
from these data is presented in Fig. 20. 

Resistivity measurements were also used in the 
study of the quench-and-reheat cycle. The results 
were quite different in character from those obtained 
during the aging of the @ + 6 structure of Ti-2.5Al- 
16V. The alloy exhibited a rather high temperature 
coefficient of resistivity, undoubtedly due to the large 
portion of @ present* The resistance of the alloy 


*Refer to the earlier discussion concerning the relative resistivity of 
the and phases. 


decreased slightly with time at temperature (i.e. 
about 1 to 2 pct). The start of this change did not 
correlate well with the hardness data, and the cor- 
relation became worse with decreasing temperature 
as seen in Fig. 20. However, the resistance leveled 
off at times comparable to the completion of the 
transformation as determined by the other techniques. 
It is difficult to make a positive interpretation of 
the above results. However, one can perhaps specu- 
late that the resistivity effect is due mainly to the 
instability of @’ at temperatures above the M,. In 
the @ + 6B condition of Ti-2.5Al-16V, which is nearly 
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Fig. 18—Ti-4A1-3Mo-1V solution anneal- 
ed at 890°C (1634°F) for 1 hr, water- 


“ quenched and reheated to 350°C (662 °F). 


Sluggish transformation of B +@’toB+a. 
(a) 1000 min, 340 Vpn. (b) 3500 min, 350 
Vpn. X1000. Reduced approximately 26 
pet for reproduction. 
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Fig. 19—Hardness vs Time Curves for Ti-4Al-3Mo-1V 
solution annealed at 890°C (1634°F) for 1 hr, water-quench- 
ed and reheated to reaction temperatures. 


all 8 as-quenched, the precipitation of a results in 
as much as 5 pct increase of resistance at tempera- 
ture. There is a substantially greater percentage of 
@ in the as-quenched @ + 8 structure of this alloy. 
Thus, it may be inferred that the amount of additional 
@ to be formed during the aging of this alloy is rela- 
tively less than is formed in the aging of Ti-2.5Al- 
16V. In turn, its effect on resistivity would be ex- 
pected to be smaller. Now, if a’ reverts to 8 — which 
would tend to decrease resistivity at temperature— 
the two reactions would be in competition. Therefore, 
the total decrease in resistance observed may be the 
resultant of the two effects. Thus, the assumption 
could be that although the reversion of a’ probably 
has no bearing on mechanical properties, it perhaps 
has a substantial effect on electrical properties of 
this alloy. 


SUMMARY 


TTT diagrams for the DOD sheet alloys, Ti-2.5Al- 
16V and Ti-4Al-3Mo-1V were constructed from metal- 
lographic and hardness data, with additional critical 
data obtained by electrical resistivity, dynamic 
elastic modulus, and X-ray diffraction techniques for 
the two different heat treatment cycles. The following 
are the important features of these diagrams: 


1.) Ti-2.5Al1-16V 


a) B solution anneal at 900°C (1652°F) for 20 min, 
followed by quenching directly to reaction tempera- 
tures results in: 

6+ a; between the B/a + B transus (800°C or 
1472°F) and about 370°C (700°F). 
between 370°C (700°F) and 
(555 F). 

B+ B;(low-V bec); between 290°C (555°F) and 
the Ms, which is slightly below 200°C (392°F). 
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Fig. 20—TTT Diagram for Ti-4Al-3Mo-1V solution anneal- 
ed at 890°C (1634° F), water-quenched and reheated to re- 
action temperatures. Summary of data. Metallographic 
observations are consistent with these curves. 


b) B + (a) solution anneal at 740°C (1364°F) for 1 
hr followed by water quenching and then reheating to 
reaction temperatures results in: 

B+ (a) + B+ (aw) + a; between 740°C (1364°F) 
and about 370°C (700°F). 

B+ (a)+B+(a)+w-~B+ (a) +w+ a; between 
about 370°C (700°F) and 280°C (536°F). 

B+ (a) + (a) + By (low-V bec); between 280°C 
(536°F) and just below 200°C (392°F). 


2.) Ti-4Al-3Mo-1V 


a) 8 solution anneal at 1020°C (1868°F) for 20 min- 
utes, followed by quenching directly to reaction tem- 
peratures results in: 

Q@; between the B/a + transus (970°C or 
1778°F) and M, (600° to 650°C or 1112° to 1202°F). 
B+a’+B+ a; below the Ms. 

b) 8 + (@) solution anneal at 890°C (1634°F) for 1 
hr, followed by water quenching and then reheating 
to the reaction temperatures results in: 

B+ (a) +B + (a) + a; between 890°C (1634°F) 
and the M, (400° to 450°C or 752° to 842°F). 
B+ a’+ (a) +B + (a) + a; below the Mg. 
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Uranium Solubility in Bismuth-Base Liquid Solutions 


Uranium solubility in molten bismuth was determined in the 
temperature range 350° to 600°C, varying from 0.09 wt pct to near 
2 wt pet, respectively. Zirconium and magnesium, simulated fis- 
sion products, and sodium were found to increase or decrease 


uranium solubility in bismuth in the temperature range 370° to 
420°C, depending upon the addition or temperature. Data were 
obtained by both chemical analysis of samples obtained by filtra- 


A. F. Weinberg 
R. J. Van Thyne 


tion from saturated melts and by measurement of the variation of 


electrical resistance with temperature. 


In a study for the United States Atomic Energy 
Commission, a Liquid Metal Fuel Reactor Experi- 
ment (LMFRE) was proposed in which a solution of 
uranium dissolved in molten bismuth served as both 
the fuel solution and the primary coolant. It was 
proven necessary to add other elements to this solu- 
tion for certain desirable properties: 1) zirconium 
acts to prevent reaction of the fuel solution with the 
graphite core (which would result in the formation of 
uranium carbide) and also to inhibit mass transfer 
of iron and chromium from the walls of the reactor 
tubing to cold spots resulting in blockage; and 2) 
magnesium acts as a deoxidant and prevents loss of 
uranium. In addition to these intentional additives, 
other elements entering the solution are: 1) fission 
products which are a by-product of reactor operation, 
2) sodium (the secondary coolant) through possible 
small leaks in the heat exchange system, and 3) iron 
and chromium from the container walls. Each of 
these elements. may affect the solubility of uranium 
in the fuel solution. Since the concept of this reactor 
is based upon a liquid solution, the relatively low 
solubility of uranium in bismuth will dictate the mini- 
mum temperature at which the reactor heat exchanger 
can be operated. 

The solubility of uranium in liquid bismuth and the 
effect of some additives on this solubility have pre- 
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A 1-5 657 
viously been investigated (more recent results’ 


became avaliable after initiation of this investigation). 
However, some discrepancies between the various 
results have been noted, and also the cumulative ef- 
fect of the several additions or impurities was not 
known. This investigation was commenced to obtain 
definitive results. 


MATERIALS 


Analyses of the materials used are presented in 
Table I. Although ostensibly of extreme purity 
(99.999 wt pct), the bismuth was found to contain a 
significant amount of impurities, probably oxides. 
Except for determination of the binary system, Bi-U, 
prior to use all bismuth was hydrogen-refined and 


Table |. Materiai Analyses* 


Im- Zirconium, Magnesium, Uranium, 
purity Bismuth, Ppm Ppm Ppm Ppm 

Al - - <35 20 

Ag 10 <107 - = 

Ca = 10 to 1007 = <100 

Cu 1.9 5 to 507 <25 <10 

Fe 2.4 5 to 507 27 <30 

Mg = - <10 - 

Mn = <10 

Ni - <10 

Pb 1.6 - = <10 

Si — = — 230 100 to 1000t 

Sn - - - <100 

Zr = = <10 


*Manufacturer’s analysis except where noted. 
TQualitative spectrochemical analysis (ARF). 
tVacuum-fusion analysis. 
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Fig. 1—As-received 
bismuth illustrating 
impurity precipitate. 
= Five pct Nital etch. 
X500. Reduced ap- 

© proximately 27 pct 

_ for reproduction. 


filtered through type 430 stainless steel fiber filters 
with a 28-1 average pore size. A comparison of the 
as-received and the hydrogen-refined and filtered 
bismuth is illustrated in Figs. 1 and 2. 

Zirconium, magnesium, and uranium were rolled 
to sheet to provide convenient melting stock. Binary, 
bismuth-base master alloys of the elements to be 
used in simulating fission products were received 
from Brookhaven National Laboratory. These were 
combined into Bi-2.3 wt pct fission product having a 
nominal composition listed in Table II. 


EXPERIMENTAL TECHNIQUES 


In the prosecution of this investigation two inde- 
pendent experimental techniques were employed: 1) 
chemical analysis of samples obtained by filtration 
from saturated melts and 2) determination of the 
variation of electrical resistance with temperature. 

Fig. 3 illustrates the equipment used to obtain 
filtered samples of the liquid metal solutions. The 
high degree of temperature control and uniformity 
required was attained by immersion of the retorts in 
lead baths. All portions of the equipment which could 
possibly come into contact with the melts were fabri- 
cated from molybdenum, which has negligible solu- 
bility in bismuth, to prevent contamination. However, 
in some cases Croloy 2 1/4 (Fe-2 1/4 Cr-1Mo) cru- 
cibles were employed to intentionally add saturation 
quantities (about 5 ppm) of iron and chromium. An 
air lock allowed introduction of additions and removal 
of samples without disturbing the protective atmos- 
phere of helium. Bureau of Mines high-purity helium, 
further purified by passing through a cold-trap was 
employed. 


Table Il. Nominal Composition of Simulated Fission Products 
Element Wt Pct 

Mischmetal (50 wt pct Ce) 30 
Rb 2 

Sr 6 

Rh 2 

Pd 1 

Te 3 

Ba 6 

Pr 5 

Nd 10 

Sm 5 

Ru 10 

Cs 20 

100 
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Fig. 2—Hydrogen- 
refined and filtered 
bismuth. Five pct 

Nital etch. X500. 

Reduced approxi- 

mately 27 pct for 

reproduction. Im- 

provement over 

Fig. 1 is apparent. 


Initially, molybdenum samplers with press-fit 
fiber molybdenum filters (35-. average pore size) 
were used. Later, Pyrex samplers, illustrated in 
Fig. 4, with a 15 W average pore size fit were em- 
ployed. Comparison of results and spectrographic 
examination of specimens to determine silicon pick- 
up established that the use of Pyrex samplers intro- 
duced no errors into the results. To remove samples 
from the melt, the sampler was brought to a position 
directly above the liquid and allowed to reach temper- 
ature equilibrium. The system was then partially 
evacuated and the sampler immersed in the melt. A 
seal was formed by the liquid over the filter, and 
pressurization of the system caused a pressure dif- 
ferential sufficient to force the liquid through the 
filter into the cavity. 

Melts were prepared by filtering hydrogen-refined 
bismuth directly into chemically cleaned and hydrogen- 
reduced crucibles, adding zirconium and/or magne- 
sium (if applicable) to further deoxidize the melt and 
finally adding the uranium. After sufficient equilibra- 
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tion, samples were removed and analyzed and adjust- 
ments to the concentration of the melt were made. 
Fission products and sodium, when applicable, were 
added to the melts after the uranium. Over a period 
of time the concentration of the melts would shift 
slightly due both to small amounts of oxygen intro- 
duced during sampling (twenty or more samples 
were often removed from one melt) and to changes 
in the over-all compositions due to removal of quan- 
tities of the liquid phase. With the exception of the 
Bi-U binary system, the solutions studied had more 
than two components, and this change in the over-all 
compositions would influence the composition of the 
liquid phase at a given temperature. Additions were 
sometimes necessary to correct for these changes— 
uranium, zirconium, and magnesium to correct for 
the oxidation losses and bismuth to correct for re- 
moval of solute-lean solution. 

Samples were taken on both heating and cooling. 
After a change in temperature, sufficient time was 
always allowed to assure equilibrium conditions 
prior to sampling. In all cases the last samples were 
taken above the temperature of interest. An increase 
in uranium concentration insured that saturation of 
the solution did exist at the lower temperature. 

Reactor operating conditions dictate that the phase 
equilibrium of interest is that between a liquid solu- 
tion and the first solid to form upon cooling. While 
large excesses of uranium could be used in determi- 
nation of the binary system, the complex phase equi- 
libria of the systems with a larger number of com- 
ponents necessitated over-all uranium concentrations 
very close to the solubility limit to prevent shifting 
to phase equilibria other than that of primary inter- 
est. The samples, weighing 3 to 4 g, were immersed 
in mineral oil for protection immediately after re- 
moval from the system. Analysis of uranium was by 
wet chemical techniques, while the analysis of mag- 
nesium, zirconium, iron, chromium, barium, and 
silicon contents was done by spectrochemical meth- 
ods. Flame photometric techniques were used for 
sodium analyses. 

A sample holder used in resistance measurements 
is illustrated in Fig. 5. A current is passed through 
the circuit, and the voltage drop across the standard 
and then the unknown resistance is measured. The 
voltage drop across the standard resistance estab- 
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lishes the value of the current flowing through the 
circuit, and application of Ohm’s law yields the re- 
sistance of the specimen. Development of suitable 
specimen holders proved to be critically dependent 
upon the bore of the capillary used to separate the 
arms. It had to be small enough to give sufficient 
sensitivity and yet large enough to permit easy flow 
of the metal solution from one arm to the other to 
insure continuity. Capillary tubing having a 1 1/2- 
mm bore finally proved to be satisfactory. 

The specimens charged into the holders were either 
synthetically composed from arc-melted bismuth- 
base master alloys or filtered samples removed from 
the melts. The holders were sealed under a partial 
pressure of argon to prevent collapse. Calibrated 
thermocouples were wired directly to the capillary 
tube. The specimens were allowed to equilibrate at 
525° to 550°C overnight. Operation of a variable 
transformer then allowed continuous cooling rates of 
about 30°C per hr. Readings were taken at approxi- 
mately 10°C intervals. Holding the specimens for a 
prolonged time at one temperature and duplicating the 
procedure during heating established that equilibra- 
tion was quite rapid, and no significant errors were 
introduced by taking readings during the slow cooling. 


RESULTS 


System Bi-U—The initial work on this system util- 
ized 250-g melts having an over-all composition of 
3 wt pct U. Molybdenum crucibles and samplers were 
used. Runs were conducted with hydrogen-refined 
and non-hydrogen-refined bismuth. Samples were 
taken after the melt was both heated and cooled with 
no disparity in results. A third melt prepared by 
hydrogen-refining and filtering the bismuth, in situ, 
into a Croloy 2 1/4 crucible was investigated. Sam- 
ples were removéd from this melt by Pyrexsamplers. 

Data obtained from all three melts are presented 
in Fig. 6. It is evident that the data for all three 
melts are in complete agreement. Selected data from 
other investigators are also shown in this figure. It 
is evident that the disagreement between investigators 
is not too serious. When the logarithm of concentra- 
tion is plotted vs the reciprocal of the absolute temper- 
ature, van’t Hoff’s relation predicts a straight line. 
From the data obtained it is evident that two straight 
lines intersecting at about 470°C result. Brookhaven 
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Fig. 6—Uranium solubility in system Bi-U. 


National Laboratory has also reported a break in the 


straight-line behavior at about the same temperature. 


However, the present data indicate a more severe 
break than has been noted previously. This seems to 
indicate a change in the nature of the solution. Fur- 
ther evidence of this change is obtained from resist- 
ance data and will be discussed below. 

Two resistance runs were also made for binary 
alloys. The liquidus temperatures determined by 
resistance techniques for these alloys are presented 
below, together with the liquidus temperatures deter- 
mined by filtration techniques for comparison. 


Liquidus Temperature, °C 


U, Wt pct U, Ppm_ Resistance Sampling 
0.47 4700 505 510 
0.10 1000 362 355 


Excellent agreement between the two methods is 
evident. 

System Bi-U-Zr—Data from Brookhaven National 
Laboratory had indicated that, in the composition 
range to be considered, the solid in equilibrium with 
liquid changes with increasing zirconium content from 
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Fig. 7—Resistance vs temperature upon cooling a Bi-1260 
ppm U-145 ppm Zr specimen at rate of 25C per hr. 


UBi, to a ternary intermetallic compound. This 
change in phase fields is accompanied by an abrupt 
decrease in uranium solubility. At any given temper- 
ature the over-all composition of an alloy would, 
therefore, determine its equilibrium phase field, the 
position of tie-lines within the field, and hence the 
uranium solubility. Therefore, all solubility data 
were obtained from alloys having over-all uranium 
compositions as close as possible to the solubility 
limit. Croloy 2 1/4 crucibles and Pyrex samplers 
were used. Random checks of iron, chromium, and 
silicon content indicated that they were negligible 
and should in no way affect the results. 

In addition to data obtained by filtration techniques, 
two specimens synthesized from arc-melted master 
alloys, were analyzed by resistance methods. Fig. 7 
illustrates the resulting plot for one of these alloys. 
As expected, a discontinuity in the curve is evident 
at each temperature corresponding to a change in the 
phase equilibria for the alloy. Changes in the temper- 
ature coefficient of resistivity of the alloy are quite 
complex, depending upon the quantities of each phase 
present and their individual temperature coefficient 
of resistivity. Due to the nature of this investigation 
no interpretation of these changes was attempted; 
but, rather, attention was focused upon the tempera- 
tures at which discontinuities were evident in the 
experimental curves. These discontinuities in the 
resistance-versus-temperature curve are quite sig- 
nificant even though only a minor amount of material 
is precipitated. The temperature at which breaks in 
the resultant curves appear for the two Samples are: 
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The high-temperature break was disconcerting be- 

cause it seemed to indicate precipitation initiating at 

| this temperature. To investigate this further, an ad- 
ditional sample was removed by filtration techniques 

_ directly from the melt. By virtue of the filtration, no 

_ solid could have been present at the sampling temper - 
ature of 370°C. However, the resistance-vs- tempera- 
ture plot for this specimen also indicated a high-tem- 
perature break in addition to one at 375°C (within 5°C 
of the sampling temperature). Therefore, the high- 
temperature break does not appear to be due to the 
precipitation of a solid, and the second break appears 
to be the liquidus. Later samples in another system 
further verified this. A third break at 350° to 360°C 
was noted in many specimens and appears to be due 
to the initiation of three-phase equilibria. A ternary 
invariant reaction occurring at about 315°C has also 
been indicated by inflections in the resistance-versus- 
temperature curves. 

The data obtained by both filtration and resistance 
techniques are presented in Fig. 8. Although the zir- 
conium content of specimens varied with sampling 
temperature, due to coprecipitation with uranium, 
the position of the tie-lines was such that the zircon- 
ium content of the solution was not changed appreci- 
ably. For example, the difference between the maxi- 
mum and minimum zirconium content in the samples 
obtained at various temperatures and represented by 
the 125 ppm Zr curve in Fig. 8 was 30 ppm. Whereas 
this variation in zirconium content could result in 
appreciable changes in uranium solubility at low zir- 
conium levels, above 100 ppm zirconium only minor 
effects are to be expected as shown in Fig. 9. There- 
fore, data are plotted for an average zirconium con- 
tent in Fig. 8 and also for the subsequent Figs. 10, 
11, and 12 representing more complex systems. It 
is evident that the data obtained from the two independ- 
ent methods are in excellent agreement. Minor zir- 
conium additions appreciably reduce the solubility 
of uranium. An interesting point to note is the inter- 
section of the curves for the two zirconium contents 
at exactly the temperature range predicted for three- 
phase equilibria by the resistance data. 

From the compiled data of many samples isotherms 
have been derived for the Bi-U-Zr system, Fig. 9. 
Since the data for the low zirconium contents were 
obtained from melts using unrefined bismuth which 
contained large excesses of uranium, they are some- 


Fig. 9—Isothermal liquidus curves of system Bi-U-Zr. 
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Fig. 8—Uranium solubility in system Bi-U-Zr. 


what doubtful and that portion of the diagram is shown 
with dashed lines. 

System Bi-U-Zr-Mg—Three independent melts 
were used in the investigation of this system. Three 
different magnesium contents were studied, each 
having an over-all zirconium content of 350 ppm. An 
over-all uranium concentration of about 1700 ppm 
was maintained in the melts during sampling below 
410°C. For sampling at higher temperature the 
uranium content was raised to 2000 ppm. Both zirco- 
nium and magnesium compositions changed, and the 
data for the experiment averaging 4850 ppm magne- 
sium follow: 
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Fig. 10—Uranium solubility in system Bi-U-Zr-Mg. 


Sampling Sample Analysis, Ppm 

Temp. °C U Zr Mg 
361 700 225 3850 
372 900 240 5000 
385 1050 260 4300 
397 1260 255 5100 
412 1570 330 6000 


The zirconium compositions varied over a much 
wider range as compared to the Bi-U-Zr system, 
and no average is given in Fig. 10. However, the ef- 
fect of this difference in zirconium content should 
not mask the marked effect of magnesium upon 
uranium solubility shown in Fig. 10. 

Two resistance specimens were prepared by re- 
moving filtered liquid from one of the melts. A com- 
parison of sampling temperatures and temperatures 
of the breaks in the resistance-versus-temperature 
curves is presented below: 


Sampling Temperature, “C Temperature of Break, °C 
402 396 
369 369 


Agreement between the two techniques is excellent. 
In the resulting curve for each sample, a higher tem- 
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Fig. 11—Uranium solubility in system Bi-U-Zr-Mg-F. P. 


perature break was observed in the region 420-430°C, 
corresponding to a similar observation in the system 
Bi-U-Zr. 

The data obtained by the filtration techniques are 
presented in Fig. 10. In the composition range 1500 
to 5500 ppm, magnesium does not materially affect 
the uranium solubility as compared to the ternary 
system Bi-U-Zr at 370°C. However, for all magne- 
sium concentrations studied, the uranium solubility 
rapidly increased with increasing temperature, be- 
coming greater than that in the ternary system Bi-U- 
Zr at temperatures of 375° to 392°C depending upon 
magnesium content, and equal to that in the binary 
system Bi-U at about 405°C. The effect of changing 
the magnesium content was generally minor; further 
work would be necessary to establish the relation- 
ships. 

System Bi-U-Zr-Mg Fission Products— Fission 
product additions were made to melts resulting from 
investigation of the system Bi-U-Zr-Mg in the form 
of a Bi-2.3 wt pct F.P. master alloy. Two fission 
product levels, 100 and 200 ppm, were studied at 
three magnesium contents. Complete analysis for 
all elements present in the fission products was pre- 
cluded by financial considerations. A Single element, 
barium, was therefore assumed to be representative 
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of all the fission products and was the only element 
analyzed. 

Results of this system are presented in Fig. 11. 
Within the range 100 to 200 ppm total fission pro- 
ducts, little effecton uranium solubility, as compared 
to that in the system Bi-U-Zr-Mg, was noted. Again, 
the effect of varying the fission product level within 
this range was not definite. 

System Bi-U-Zr-Mg-Na—Two sodium concentra- 
tions, 80 and 5000 ppm, were studied in a melt having 
a 350 ppm Zr and 5000 ppm Mg nominal over-all 
composition. This zirconium concentration in pre- 
vious systems studied corresponded to a zirconium 
content in the liquid of about 200 ppm. In this system 
the zirconium content of the liquid analyzed 295 to 
490 ppm, dependent upon sampling temperature. 
Since the higher value is above the nominal composi- 
tion, the exact zirconium composition of this run is 
questionable. At the lower sodium level studied the 
analyzed sodium content agreed quite well with the 
nominal throughout the temperature range studied. 
However, although the sodium content was nominally 
0000 ppm for the higher sodium melt, the analyzed 
values varied from 2080 to 5040 ppm with changes 
in Sampling temperature. 

Data for this system are presented in Fig. 12. As 
compared to the system Bi-U-Zr-Mg, uranium solu- 
bility is not greatly affected by the addition of 80 to 
5000 ppm Na in the lower temperature region. How- 
ever, at higher temperatures the 5000 ppm sodium 
appears to increase the uranium solubility. 

Further Observations on the High-Temperature 
Break Observed in Resistance- vs- Temperature 
Plots—It has been noted that when resistance-vs- 
temperature plots have been made for all alloys 
investigated, a discontinuity appears at a tempera- 
ture higher than the liquidus. For the Bi-U-Zr alloys 
studied, this break occurs in a temperature region 
corresponding to the intersection of the two straight- 
line segments of Fig. 6, representing uranium solu- 
bility in the binary system Bi-U. Gross, et al., indi- 
cate that vapor pressure measurements for the 
binary system also show a discontinuity in this tem- 
perature range. It is thought that these phenomena 
might all be related to a change in the short-range 
order of the liquid. 


SUMMARY 


Two independent techniques have been successfully 
utilized to determine uranium solubility in molten 
bismuth and the effect of various additives upon this 
solubility. Uranium solubility varies from about 
0.09 wt pct (900 ppm) at 350°C to near 2 wt pct at 
600°C. In the temperature range studied, 370° to 
420°C, the effects of the additives can be summarized 
as follows: 

1) Zirconium: In concentrations greater than 75 
ppm zirconium drastically reduces uranium solubility 
as compared to that in the binary system Bi-U. 

2) Magnesium: In the composition range 1500 to 
5500 ppm, magnesium does not materially affect the 
uranium solubility as compared to the ternary system 
Bi-U-Zr at 370°C. However, for all magnesium 
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Fig. 12—Uranium solubility in system Bi-U-Zr-Mg-Na. 


concentrations studied, the uranium solubility rapidly 
increased with increasing temperature, becoming 
greater than that in the ternary system Bi-U-Zr at 
temperatures of 375° to 390°C (dependent upon mag- 
nesium content) and equal to that in the binary sys- 
tem Bi-U at about 405°C. The effect of varying the 
magnesium content is uncertain but small. 

3) Fission Products: Within the range 100 to 200 
ppm total fission products, little effect on uranium 
solubility (as compared to that in the system Bi-U- 
Zr~Mg) was noted. The effect of varying the fission 
product concentration was not definite. 

4) Sodium: Uranium solubility, as compared to that 
in the system Bi-U-Zr-Mg, is not greatly affected 
by the addition of 80 or 5000 ppm sodium in the lower 
temperature region. However, at higher temperatures, 
5000 ppm sodium appears to increase the uranium 
solubility. 

On the basis of these results, the desirable contri- 
butions of magnesium together with zirconium (to 
200 ppm) to the properties of the fuel solution may 
be realized without decreasing uranium solubility 
below that exhibited in the binary system Bi-U. It 
has also been demonstrated that uranium solubility 
will not be materially affected by fission product 
build-up during reactor operation nor by the accumu- 
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lation of sodium through small leaks in the heat ex- 
change system. 
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Etfects of Explosive Shock Waves on a 


Gold-Silver Alloy 


A gold-silvey alloy was deformed by explosive loading at 
shock pressures up to 510 kbars. The stored energy and. hardness 
increased over the whole range of pressures; the largest rates of 


increase were observed between 120 and 150 kbars. In this vange , 
markings characteristic of deformation twins first appeared; 
higher pressures produced markings in all grains. These effects 
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ave compared with those of conventional deformation processes 


and are discussed in relation to probable structural changes. 


In recent years, increasing efforts have been devoted 


to the investigation of the effects produced in metals 
by the passage of high-intensity shock waves of explo- 
Sive origin. By properly utilizing the energy released 
by the detonation of a high explosive, it is possible to 
generate pressure pulses of the order of 509 kbars 
and higher. (One kbar equals 10° dynes per sq cm or 
approximately 1000 atm.) The passage of a shock 
wave through a metal occurs at pressures which are 
very much greater than the yield strength. As the 
shock front passes a point in the metal, the pressure 
rises almost instantaneously, and continues to act at 
the point for a few microseconds. Thus, metals sub- 
jected to explosive shock loading experience a near ly 
instantaneous increase in pressure, and a subsequent 
release of pressure, which is almost as rapid. Under 
these conditions mechanical twinning and shear trans- 
formations occur readily. 
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Smith’ has investigated the metallurgical changes 
in copper and iron resulting from exposure to explo- 
Sive shock waves. He found an appreciable increase 
in hardness in both metals. In copper, a hardness 
greater than that resulting from 95 pct reduction in 
thickness by rolling was obtained, yet in the explosive 
deformation, the thickness of the specimen decreased 
only a few percent. After explosive loading, the micro- 
structure of copper showed markings characteristic 
of mechanical twins. 

The amount of stored energy resulting from explo- 
Sive loading is of interest. Measurements of the 
stored energy of cold work as a function of strain, 
temperature, strain rate, and composition have been 
made with gold-silver alloys deformed by rolling,” 
orthogonal cutting, ° drilling,* filing,” wire drawing, 
and torsion.’ The investigation reported here was also 
carried out with a gold-silver alloy and its results 
can be compared with those for the deformation of 
this alloy by more conventional methods. 


EXPERIMENTAL PROCEDURES 


An alloy containing 82.6 wt pct Au and 17.4 pet Ag 
was purchased in several batches from Handy and 
Harman Co., New York, as annealed rod 1/4 in. diam. 
The rod was cold-rolled to a sheet approximately 
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TABLE I. 


Stored Energy, Hardness, and Microstructural Features as Functions of Shock Pressure and Calculated Transient Strain 


in Explosive Loading 


Shock Pressure, Calculated Stored Energy, 


Microhardness, 


kbars Transient Strain cal/g-atom Microstructural Features 
Grains with Average No. No. of Orienta- 
Markings, of Markings tions of Markings 
Percent per Grain per Grain 
0 0 0 60.6 + 4.1 0 0 - 

120 0.083 5 2 1 1 

150 0.105 23 89.4 + 2.5 16 5 1 

290 0.172 28 102.2 + 1.9 100 12 1 and 2 

510 0.264 31 100 1 and 2 

340* 0.200 16 107.6 + 3.0 - = = 


*Specimens cooled in air after explosive loading. All other specimens quenched in water. 


0.046 in. thick. Specimens 3/4 in. sq were machined 
from the sheet and annealed in vacuum for 1 hr at 

Explosive Loading—The explosive loading treat- 
ments were carried out at the Eastern Laboratory, 
Explosives Department, E. I. duPont de Nemours & 
Co., Inc., Gibbstown, N.J., by a technique developed 
by personnel of that laboratory. The experimental 
procedure and the method of determining shock pres- 
sures will be described elsewhere.” 

A stack of five specimens was explosively loaded 
in each shot. A‘flat-topped pressure pulse was gener- 
ated in the specimens by high-velocity impact from 
an explosively-propelled driver plate of copper. A 
slab 5-in. sq and 1/2 in. thick of EL-506A sheet ex- 
plosive (85 pet PETN-15 pct binder) was detonated 
with a plane-wave generator to provide uniform pres- 
sure against the driver plate. The plate velocity, 
and hence the pressure were changed by varying the 
thickness of the driver plate with a constant explosive 
charge. The calculated values of the pressure are 
probably accurate to + 20 kbars. High-speed framing 
camera observations of the driver plate indicated 
that the shock was essentially plane across the speci- 
mens. 

The specimens were fired into a water-filled tank. 
They were stored in liquid nitrogen or dry ice until 
further use. In a few preliminary shots at a pressure 
of about 340 kbars, the specimens were not quenched 
in water. 

Calorimetry—The stored energy of specimens sub- 
jected to explosive loading was measured by tin solu- 
tion calorimetry. In this method, the stored energy 
is obtained as the difference of the heat effects on 
solution in tin of known weights of deformed and 
standard samples added successively from a refer- 
ence temperature.”’® The difference in the heat 
effects, corrected for the change in the heat of solu- 
tion with changing composition of the tin bath, repre- 
sents the difference in energy of the two types of 
samples, that is in the present case the stored energy 
resulting from the explosive loading. 

Four of the five specimens explosively loaded in a 
shot were brought to room temperature from the 
storage temperature and, after final cleaning, were 
cut into strips 3/8 in. long. Samples of between 3 
and 4 g were weighed and stored at -195°C until ad- 
ded to the calorimeter. The total time a sample 
spent at room temperature while being prepared 
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never exceeded 30 min; this exposure is believed not 
to have affected the stored energy. Samples consist- 
ing of single specimens were added to the calorimeter 
and compared with each other and with samples con- 
sisting of mixtures of specimens from the same ex- 
plosive shot. Any differences in the stored energies 
measured were within the experimental error. 

The standard samples, with which the explosively 
deformed samples were compared, were prepared 
from the same cold-rolled strip as the specimens to 
be explosively deformed and were annealed simulta- 
neously with them. In addition, some explosively de- 
formed specimens were annealed and used as stand- 
ard samples. No difference in the heat effects on 
solution of the standard samples prepared by these 
two methods was detectable. 

Two determinations of the stored energy were 
made at each shock pressure. The largest difference 
between the two values was 6 cal per g-atom. 

Hardness Measurements— One of the five specimens 
whicn constituted a stack was selected from each shot 
for hardness measurements. A Wilson Tukon testing 
machine was used with a 200-g load. The long diago- 
nal of the Knoop indenter was oriented parallel to 
the surface of lightly etched transverse sections of 
the sheet. At least 10 readings were taken on each 
specimen. 

Metallography—A specimen deformed at each shock 
pressure was examined metallographically. The 
fraction of grains exhibiting markings, and the aver- 
age number of markings in such grains were counted. 
The number of orientations of markings in each grain 
was noted. 


EXPERIMENTAL RESULTS 


The stored energy, microhardness and microstruc- 
tural data obtained with specimens loaded at various 
shock pressures are presented in Table I. The 95pct 
confidence limits for the mean are stated with the 
hardness values. 

Table I also gives values of the transient strains 
calculated from the relation € = 4/3 In (V/V>). The 
term V/V, is evaluated from the Hugoniot curve at 
the shock pressure used. The equation was derived 
on the assumption that the specimen undergoes only 
unidirectional deformation in the direction of the 
shock.® The equation considers both the strain pro- 
duced by the compressive shock wave and by the 


VOLUME 221, FEBRUARY 1961-91 


ue Explosive Loading 
> 
x 
Ol =| 
a 
| 
WwW 
= 
2 
| | | | | 
BC 
| | | 
1 2O;— Explosive Loading = 
Wire Drawing 
x 
x if 
7 
3 
= 50 | | | if | | | 
O 0.2 0.4 0.6 0.8 ie) 1.2 1.4 
Strain 


Fig. 1—Stored energy and microhardness vs strain in ex- 
plosive loading (calculated transient strain) and in wire 
drawing.® 


tensile release of the high-pressure wave. The cal- 
culated values, therefore, represent the maximum 
transient strain that the specimens can be assumed 
to have experienced. 

Fig. 1 shows the stored energy and microhardness 
after explosive loading as functions of the calculated 
transient strain; the stored energy and microhardness 
after wire drawing of specimens of the same compo- 
sition are included for comparison.” While it would 
have been of interest to analyze the results on the 
basis of the total work expended in the deformation, 
such an analysis could not be made because of the 
uncertainty in the shock parameters. Typical micro- 
structures for different shock pressures are shown 
in Figs. 2 and 3. 

The permanent dimensional changes of the speci- 
mens were determined by micrometer measurements. 
They indicated decreases in thickness which never 
exceeded 5 pct and usually were less than this. The 


measurements, however, were not precise enough to 
permit relations between the permanent strain and 
other variables, such as the shock pressure, to be 
established. 


DISCUSSION 


The energy stored in the specimens subjected to a 
pressure of 120 kbars is so small that it only slightly 
exceeds the experimental error. If the shock pres- 
sure is raised to about 150 kbars, the stored energy 
increases to a much higher value; above this level, it 
increases only moderately. In considering these 
results, it must be recalled that the values of the 
shock pressure are known only to + 20 kbars. 

The microhardness of explosively loaded specimens 
increases steadily over the whole range of shock 
pressures investigated. If the uncertainty of the val- 
ues of the shock pressure is ignored, the rate of in- 
crease is most rapid between 120 and 150 kbars. 

Metallographic observation showed parallel mark- 
ings in only a few grains of the specimens subjected 
to a shock pressure of 120 kbars. In the range of 120 
to 290 kbars, markings appeared in an increasing 
number of grains and at a pressure of 290 kbars all 
grains contained them. 

Lamellar structures resembling deformation twins 
have been noted previously in gold-silver alloys.?*7*4 
In general, the formation of such structures is favor- 
ed by high strain rates and low temperatures. Smith’s* 
photomicrographs show that similar markings began 
to form in copper at shock pressures of approxi- 
mately 225 kbars. The first occurrence of such mark- 
ings, if they are deformation twins, in gold-silver 
alloys at similar pressures as in copper, is consist- 
ent with the approximately equal stacking fault ener- 
gies of these materials.” 

The increase in the number of grains exhibiting 
markings very roughly parallels the increase in 
stored energy with increasing shock pressure. As 
the contribution of metallographically resolvable twin 
boundaries to the stored energy is small, however, 
the increase in stored energy must result from other 
changes which appear to be on a submicroscopic 
scale. The increase in the hardness over the whole 
pressure range investigated shows that explosive 
loading generates imperfections which raise the 
strength properties. Smith’ also concluded from 
hardness data that the principal mechanism of defor- 


\ 


(b) 


Fig. 2—Photomicrographs of specimens of gold-silver alloy subjected to explosive loading at pressure of (a) 120 kbars: 
(b) 150 kbars; (c) 290 kbars, X250. Reduced approximately 32 pet for reproduction. 
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duction. 


mation during explosive loading is on a scale inac- 
cessible to the optical microscope. He proposed a 
model according to which the interface at the shock 
front consists of a planar network of dislocations; 

the latter move diagonally to the shock front and leave 
a lattice of a different density, but otherwise undis- 
turbed. He pointed out, however, that the presence 

of sources and sinks for dislocations distributed in 
the lattice would result in interacting dislocations 
remaining after the passage of the shock front. These 
can increase the hardness and can also contribute to 
the energy stored in the metal. 

The presence of deformation twins in a metal sug- 
gests the presence of stacking faults. Further, the 
number of stacking faults may be expected to have 
some relation to the number of observable twins. It 
is suggested, therefore, that the increase in stored 
energy which occurs in the pressure range of 120 to 
150 kbars may be due in part to an increase in the 
number of stacking faults, although the contribution 
of dislocations to the stored energy must be signifi- 
cant and other imperfections may also contribute to 
the stored energy. 

Four measurements of the stored energy of speci- 
mens exposed to a shock pressure of approximately 
340 kbars, but not fired into water gave a value of 
16 + 2 cal per g-atom. This value is significantly 
smaller than those for the specimens explosively 
loaded at pressures of 150 kbars and above, but fired 
into water and thus quenched immediately. The hard- 
ness values of the air-cooled specimens were between 
those of specimens loaded at 290 and 510 kbars and 
quenched into water. No metallographic evidence of 
recrystallization of the air-cooled specimens was 
observed. The difference in stored energy of approxi- 
mately 12 cal per g-atom between air-cooled and 
water-quenched specimens is attributed to a recovery 
process which must have occurred owing to a rise in 
temperature of the air-cooled specimens. The loss 
of stored energy by recovery may involve the anneal- 
ing out of the stacking faults which are believed to con- 
tribute significantly to the stored energy of the water- 
quenched specimens. 

In comparing the effects of explosive loading with 
those of conventional deformation processes, it 
should be noted that in the latter strain and strain 
rate are important variables. For example, in wire 
drawing at moderate strain rates, the stored energy 
increases with strain in a nearly linear manner toa 
value of about 25 cal per g-atom at a true strain of 
approximately 0.8; above this, the energy increases 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 3—Photomicrographs of specimens of 
4 gold-silver alloy subjected to explosive 

_ loading at a pressure of 510 kbars. X1000. 
it Reduced approximately 52 pct for repro- 


see Fig. 1. 

The energy stored in torsion depends on the strain 
in a similar manner’ and the same general relation 
between stored energy and strain has been found for 
gold-silver: alloys deformed by other, processes in 


only slightly with increasing strain, 


which the strain has been measured.”’* At the highest 
drawing speeds investigated the stored energy in wire 
drawing is 25 cal per g-atom at a strain of about 0.6 
and 30 cal per g-atom at a strain of 3.5; at this level 
of strain rates the stored energy is decreasing with 
increasing strain rate, presumably owing to heating. 
A comparison of these values with the energy stored 
by explosively loaded specimens (either cooled in air 
or quenched in water) shows that explosive loading, 
wire drawing, and torsion result in stored energy 
values of the same order of magnitude. The strains 
in explosive loading, however, are small by compari- 


son. 

The hardness of the explosively loaded specimens 
is comparable to that of specimens of the same alloy 
deformed to larger strains by wire drawing,° see. Fig. 
1,and torsion.’ This finding agrees with Smith’s* 
observations on copper. The attainment of large hard- 
ness values at the relatively small transient and per- 
manent strains involved in explosive loading again 
emphasizes the difference of the mechanisms of hard- 
ening in conventional deformation processes and in 
explosive loading. 

The effects of explosive loading and wire drawing 
can be compared by plotting the stored energy against 
the microhardness. As can be seen in Fig. 4, these 
properties increase together. However, the rate of 
increase of the energy stored during explosive loading 
is larger than in wire drawing at hardness levels of 
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Fig. 4—Stored energy vs microhardness of specimens de- 
formed by explosive loading and wire drawing. 
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70 to 90 Khn corresponding to shock pressures from 
about 120 to 150 kbars. This suggests that the imper- 
fections generated in this range are primarily of a 
kind which increases the energy rather than the 
strength properties. In wire drawing a corresponding 
increase in the ratio of the energy stored to the hard- 
ness occurs at a higher level of hardness. At still 
higher levels the ratios of stored energy to micro- 
hardness for explosively loaded specimens and speci- 
mens deformed by wire drawing appear to converge. 
It is also interesting to note in Fig. 4 that the ratio 
for the explosively loaded and air-cooled specimens, 
which may be assumed to have undergone some re- 
covery by heating, is nearly that for wire drawing 
rather than for explosive loading and water quenching; 
in the air-cooled specimens, the imperfections con- 
tributing to the stored energy seem to have been an- 
nealed out while those causing the increase in strength 
properties have not. 


SUMMARY AND CONCLUSIONS 


The stored energy, microhardness, and microstruc- 
tural changes of a gold-silver alloy deformed by ex- 
plosive loading have been investigated at several 
shock pressures up to 510 kbars. The results are 
interpreted in terms of the probable imperfections 
introduced and are compared with the changes induced 
in the same alloy by conventional deformation proces- 
ses. The results and conclusions may be summarized 
as follows: 

1) The stored energy and microhardness of speci- 
mens subjected to explosive loading increase over 
the pressure range of 0 to 510 kbars. Most of the 
increase in stored energy occurs over a narrow range 
of shock pressure between about 120 and 150 kbars. 

In this range the number of markings characteristic 
of mechanical twins becomes appreciable. The micro- 
hardness also appears to increase most rapidly in 
this range. 

2) The increase in stored energy between about 120 
and 150 kbars is attributed, in part, to the formation 
of stacking faults. The appearance, in this same 
range of shock pressure, of visible markings charac- 
teristic of deformation twins lends support to this 
assumption. The increase in hardness which takes 
place over most of the range of shock pressures in- 
vestigated, however, suggests that dislocation net- 
works are also generated during explosive loading; 
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such networks also contribute to the stored energy. 

3) A comparison of the stored energy of explosively 
loaded specimens quenched in water and cooled in 
air after firing showed that the decrease in energy 
stored by the latter resulted from a recovery process 
occurring immediately after loading. This process 
probably involves stacking faults, especially as the 
hardness is not significantly affected, but other im- 
perfections may also be involved. 

4) The stored energy and hardness values of ex- 
plosively loaded specimens of the gold-silver alloy 
were comparable in magnitude with those of the same 
alloy deformed to larger strains by wire drawing and 
torsion. The small transient and permanent strains 
resulting from explosive loading emphasize the dif- 
ference in the mechanisms operating in this process 
and in conventional deformation processes. This 
difference is also shown by a plot of stored energy 
against hardness of explosively loaded specimens 
and specimens deformed by wire drawing. 
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Microstructure of Unidirectionally Solidified 


Al-CuAl, Eutectic 


Solidification experiments were conducted with the objective 
of testing the theory of eutectic colony formation. Appropriate 
control of variables in tests on a series of high-purity aluminum- 
copper specimens of eutectic composition resulted in the obser- 
vation of three types of eutectic microstructures, these being a 
unique structure consisting of lamellae essentially parallel to one 
another, a banded structure, and the colony structure. Lamellar 


faults, which are morphologically similar in many respects to 
edge dislocation models in crystals, produced a complex substruc- 


ture in these specimens. 


So LUTE rejection at the advancing solid- liquid 
interface of a unidirectionally solidified single-phase 
metal can cause the liquid immediately in front of the 
interface to become constitutionally super-cooled 
below the equilibrium liquidus temperature. Consti- 
tutional super-cooling occurs if the solidification 
rate, R, is too rapid, or if the thermal gradient in 
the liquid at the interface, G, is too low.’ This con- 
stitutionally supercooled layer in turn stabilizes a 
cellular rather than a planar interface.” A similar 
cellular interface has been observed when lamellar 
and other types of eutectics were unidirectionally 
solidified, and it has been shown that the cellular 
interface led to the formation of eutectic colonies.” 
The lamellar structure is fan-shaped at the edges of 
colonies (which correspond to valleys or grooves in 
the cellular interface) because the lamellae grow 
normal to the local interface. One of the possible 
mechanisms which might cause the formation of the 
cellular interface, in the case of solidifying eutectic 
alloys, is constitutional supercooling of the liquid 
with respect to a third component rejected by both 
phases of the eutectic.°”* 

On the basis of the analogy between the solidifica- 
tion of single-phase metals and binary eutectics, a 
eutectic alloy should solidify with a planar interface 
if the ratio of G/R is sufficiently high to compensate 
for any impurity which might be present and causing 
constitutional supercooling. The fan-like microstruc- 
ture of eutectic colonies should not occur under these 
conditions and the lamellae should be parallel to one 
another and to the solidification direction for extend- 
ed distances. The experiments conducted in this 
investigation were designed to test these ideas. Fol- 
lowing a résumé of the experimental procedure, the 
various microstructures observed during the study 
are described, and their relationship to the growth 
conditions which produced them is discussed. 
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EXPERIMENTAL PROCEDURE 


The eutectic between an aluminum solid solution 
and @ phase (approximate composition CuAl,) was 
chosen for this work for the following reasons: it 
was known that a lamellar structure forms, the 
eutectic temperature is low enough to facilitate ex- 
perimental work, and the components can be procur- 
ed commercially in a very pure form. High-purity 
copper (est. 99.999 pct Cu, obtained from National 
Research Corp.) and spectrographic aluminum rods, 
having impurities other than copper estimated to be 
Zn-15 ppm, Mg-10 ppm, Fe-3 ppm, Na-2 ppm, Cd-1 
ppm, and Mn <1 ppm, were melted in a stabilized 
zirconia crucible in a vacuum induction furnace at a 
pressure of 10 yp of Hg. The melt was superheated 
to about 1000°C to assure mixing, cooled to 780°C 
and cast into an investment mold which yielded six- 
teen cylindrical specimen blanks 1/2 in. in diam and 
5 1/2 in. long. The casting was allowed to solidify 
under vacuum. This master heat had an analysis of 
32.6 wt pct Cu and 67.4 wt pct Al by difference. 

The cylindrical specimen blanks were remelted and 
solidified unidirectionally in an apparatus illustrated 
schematically in Fig. 1. An RF induction coil heated 


Table |. Growth Conditions of Test Specimens 


Thermal Gradient in the 


Specimen Solidification Rate, Liquid at the Liquid- 
Identification R, Cm per Hr. Solid Interface, G, °C/Cm 
A 1.09 
B 135 120 (estimated) 
3.00 133 
D 4.32 121 
E 6.70 172 
F 6.75 160 (estimated) 
G 6.80 63 
H 6.80 148 
I 7.70 124 
J 9.10 223 
K 10.45 135 
iL, 12.00 154 
M 16.60 162 
N 16.70 189 
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Fig. 1—Schematic of controlled solidification apparatus. 


a tubular crucible of CS graphite, 0.83 in. in diam, 
drilled to hold the specimen. The graphite crucible, 
specimen, and thermocouple were lowered through 
the stationary coil and water quenching fixture by 
means of a travel mechanism capable of operating 
at various rates. Argon gas was admitted, as shown, 
to minimize oxidation of the melt and graphite cruci- 
ble. Temperature gradients in the liquid and the 
location of the liquid-solid interface were determined 
by recording and plotting the temperature of a ther- 
mocouple bead as a function of the distance that the 
movable part of the apparatus had traveled, Fig. 2. 
The temperature of the liquid and the thermal gradi- 
ent at the interface were controlled by appropriately 
adjusting the power input, rate of travel, distance 
between induction coil and water spray coil, and the 
quantity of water used. The various growth conditions 
of the specimens reported in this paper are shown 
in Table I. 

At the end of each run the specimen was scribed 
at one-centimeter intervals so that the portion which 
solidified at any instant during the run could be loca- 
ted with respect to the reference locations shown in 
Fig. 1. Longitudinal and transverse microspecimens 
were prepared by grinding through 600 grit, polishing 
successively with Linde A and Linde B, and etching 
with Keller’s reagent (95 ml HO, 1 ml HF, 1.5 ml 
HCL, and 2.5 ml HNO,) for 20 to 30 sec. The phases 
could be readily distinguished by their hardness and 
their etching characteristics. For some of the work 
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Fig. 2—Typical plot of temperature data from experimental 
run. 


it was necessary to study the three-dimensional 
morphology of the microstructure. After polishing 
and etching, microhardness impressions and a photo- 
micrograph were made at a selected area. The speci- 
men was then repolished and etched and another 
photomicrograph taken. The microhardness impres- 
sions helped in relocating the same area and provid- 
ed a means for measuring the vertical distance be- 
tween successive photomicrographs since the im- 
pression size could be measured and the apex angle 
of the diamond indenter was known. 


DISCUSSION OF RESULTS 


Microstructures—Parallel Lamellar Microstruc- 
ture—Fig. 3 is a photomicrograph of a longitudinal 
microspecimen illustrating the degree of parallelism 
of the lamellae in one specimen. However, most 
specimens exhibited a variety of apparent lamellar 
orientations in various grains of longitudinal micro- 
specimens. Fig. 4(b), for example, shows two such 
grains; grain A is similar in appearance tothe struc- 
ture shown in Fig. 3, but grain B has an entirely 
different appearance. A hasty interpretation would 
lead one to think that grain A developed as expected 
by simultaneous growth of lamellae of both phases 
into the liquid but that grain B grew by some other 
mechanism. An examination of the same grains ina 
transverse section, Fig. 4(a), shows this interpreta- 
tion to be incorrect: both grains are seen to consist 
of fine parallel lamellae of approximately the same 
spacing. The plane of the longitudinal microspecimen 
happened to cut grain B in such a way that the true 
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Fig. 3—Photomicrograph of iongitudinal microspecimen 
illustrating parallel lamellar structure. Solidification di- 
rection was from left to right. Specimen J, X400. Re- 
duced approximately 33 pct for reproduction. 


nature of the lamellar growth was obscured. These 
concepts can be visualized more readily by reference 
to Fig. 5, which illustrates the appearance of parallel 
plates in various sections. The only way that the 
orientation of the lamellae canbe determined relative 
to any arbitrary direction, say the solidification di- 
rection in the specimen, is by measuring the angles 
of intersection of the lamellae in two different sec- 
tions and then determining the pole of lamellar 
planes. This was done and the results were plotted 
on a stereographic projection. All of the lamellae 
normals of several grains were found to be within 5 
deg of a plane normal to the solidification direction, 
thus indicating that all grains grew by simultaneous 
deposition of plates of both phases as the liquid-solid 
interface advanced. Deviations from the ideal growth 
direction as large as this could easily have been 
introduced in measuring the angles because the lam- 
ellae are not perfectly parallel throughout an entire 
grain. 

In fact, the parallel structure in the transverse 


Fig. 5—Sketch illustrating dependence of lamellar appear- 
ance upon plane of sectioning. 
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Fig. 4—Microstructure of two grains of controlled eutectic. 
(a)—top, transverse section, (6)—bottom, longitudinal sec- 
tion. Solidification direction was from bottom to top. Angle 
between sections is 90°. Specimen L, X500. Reduced ap- 
proximately 36 pct for reproduction. 


section of a grain is partially destroyed by extra 
lamellae at some places, Fig. 4(@). Associated with 
many of these lamellae are fine lines (denoted by 
arrows) which generally are perpendicular to the 
prevailing lamellar orientation. The fine lines are 
not always nexttothe termination ofan extra lamella 
in the plane of the microspecimen, but photomicro- 
graphs at higher magnifications (e.g., K3200, Fig. 6) 
reveal that the lines are mismatched regions in the 
lamellar structure. These mismatched regions and 
the lamellar faults associated with them are respon- 
sible for the jagged appearance of the lamellae in 
certain longitudinal sections [such as grain B of Fig. 
4(b)| and they can also be observed in longitudinal 
sections of other relative orientations [grain A of 
Fig. 4(d)]. 


Fig. 6—Electron micrograph of typical transverse section 
of controlled eutectic. X3200. Reduced approximately 27 
pet for reproduction. 
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Fig. 7—Schematic representation of nucleation and growth 
of an extra lamella. Transverse Sections. Growth direc- 

tion from bottom to top. (a)—random nucleation, (5)—nu- 

cleation at previously existing mismatch surface. 


In order to understand more thoroughly the nature 
of lamellar faults, three-dimensional models were 
constructed from photomicrographs taken of the same 
area at different depths. Individual lamellae could be 
traced from photograph to photograph and a fairly 
complete picture of faults was thereby obtained. 
Basically, the cause of a fault is nothing more than 
an extra lamella. If an extra lamella or plate of one 
phase is nucleated and begins to grow, automatically 
an extra plate of the other phase also occurs. To 
date, it has not been possible to determine which 
phase nucleates first. The nucleation and growth of 
an extra plate of one phase is shown schematically 
in the three portions of Fig. 7(@). It can be seen that 
each extra plate [top sketch, Fig. 7(2)] causes the 
formation of two faults—one at each end of the plate. 
These have been termed positive and negative faults 
in accordance with the terminology used for edge 
dislocations. The term ‘‘mismatch surface’’ has 
been coined to describe the distorted region in the 
vicinity of a fault. It is analogous to the term ‘‘slip 
plane’’ in dislocation literature. From the study of 
the photomicrographs it was determined that the 
extra lamellae usually did not nucleate at random as 
shown in Fig. 7(a), but at a previously existing mis- 
match surface as shown in Fig. 7(b). This is to be 
expected in view of the higher surface energy in the 
vicinity of a mismatch surface. 

The presence of a simple positive or negative fault 
in any given transverse section could be determined 
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Fig. 8—Illustration showing shifting of lamellar fault during 
growth. Solidification direction was from bottom to top. 


easily by counting lamellae on either side of the trace 
of the mismatch surface on the photomicrograph. But 
it was not always obvious exactly which lamella was 
the extra one, even at electron microscopic magni- 
fications. The reason for this, as deduced from the 
three-dimensional analysis, was that bridging oc- 
curred between adjacent lamellae in faulted regions 
so that the ‘‘extra’’ plate actually shifted as solidifi- 
cation progressed. Schematic representations of 
transverse sections illustrating this phenomenon, 
Fig. 8, are similar to schematic diagrams which 
illustrate the motion of edge dislocations through a 
lattice. 

A count of the lamellae on either side of many pro- 
nounced mismatch surfaces on a given photograph 
revealed that there were no net faults along these 
mismatch surfaces, Fig. 9. Whether such a region 
actually consisted of one or more positive faults and 
the same number of negative faults could not be de- 
termined. The three-dimensional survey showed that 
in some cases the mismatch surface disappeared as 
growth progressed, thus producing a more perfect 
lamellar structure, but in other cases the lamellar 
structure grew into two separate and distinct faults, 
one positive and the other negative. Similarly, posi- 
tive and negative faults on different mismatch sur- 
faces sometimes annihilated one another by growing 
together as solidification progressed. In other cases, 
the positive and negative faults separated during 
growth and eventually merged or ‘‘interacted’’ with 
other faults in other regions of the specimen. Some 
typical schematic diagrams are shown in Fig. 10. 
The various interactions caused bundles of lamellae 
to be translated and/or twisted during growth. A 
twist of 2 1/2 deg in about 40 u of growth was ob- 
served in one case. 

These complexities and growth interactions made 
it impossible to define precisely the location or 
number of faults or the extent of mismatch surfaces. 
Fault density was estimated by counting faults at the 
traces of mismatch surfaces as illustrated in Fig. 
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Fig. 9—Diagram illustrating trace of a mismatch surface 
with no net faults. Transverse Section. 


11(@). The area of the portion of the specimen under 
study was measured with a planimeter. The number 
of faults intersecting a typical transverse section 
were found to vary between 3.4 and 4.7 (10)° per sq 
em with a mean value of 4.1 (10) per sq cm. The 
distance between mismatch surfaces (a measure of 
one dimension of a substructure entity) was estimated 
by drawing lines along the lamellae on photomicro- 
graphs and measuring and tabulating the distance 
between mismatch surfaces, Fig. 11(b). The photo- 
micrographs, although their interpretation was some- 
what subjective, indicated that the mean distance 
between mismatch surfaces on a specimen like that 
shown in Fig. 11 was about 19 yu. The most probable 
value was 10 to 40 pct less than the mean because of 
a strongly skewed distribution which was always 
obtained. 

Colony Microstructure—Eutectic colonies are por- 
tions of a eutectic alloy specimen in which the dis- 
persed phase has some characteristic arrangement. 
In the Cu-Al system, a fan-like arrangement is ob- 
served in longitudinal microspecimens of unidirec- 
tionally solidified specimens. On a transverse sec- 
tion, colony boundaries are characterized by a more 


random distribution of the phases as compared to an 
orderly lamellar structure within the center of colo- 
nies. Transverse and longitudinal photomicrographs 
similar to those given by Weart and Mack® are shown 
in Figs. 12(@) and 12(b). Lamellar faults andmismatch 
surfaces have been observed in all colonies. 

Banded Microstructure—A transverse defect termed 
banding was evident, even to the unaided eye, on some 
of the longitudinal microspecimens. Fig. 13 is a low- 
magnification photograph of such a specimen. The 
bands are usually convex towards the liquid and the 
curvature is greater at the edges than at the center. 
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Fig. 10—Fault configurations observed in alloy specimens. 


These observations show that banding is a phenome- 
non associated with the liquid-solid interface. The 
interface has greater curvature at the edges because 
at this location heat is extracted by the water quench. 
In effect, bands delineate isotherms (at the freezing 
temperature) at different times during the solidifica- 
tion of the specimens. A single band usually forms 
continuously across all grains. This is considered to 
be further proof that banding is a phenomenon assoc- 
iated with the liquid-solid interface. 

The concept that banding is a liquid-solid interface 
phenomenon is apparently contradicted by Fig. 14, 
since in this photomicrograph two bands, E and X, 
cross one another. The paradox of intersecting liquid- 
solid interfaces was resolved by taking several photo- 
micrographs of the area adjacent to that shown in 
Fig. 14 and mounting them so that a much larger por- 
tion of the sample could be seen at higher magnifica- 
tion. From this composite photograph and a precise 
knowledge of specimen history, the following mecha- 
nism for crossed bands was deduced. Bands A, B, C, 
D, and E formed at the liquid-solid interface in this 
sequence during the progress of solidification. About 


Fig. 11—Photomicrographs of same 
transverse section illustrating method 
of obtaining a measure of fault density, 
(a), and substructure size, (b). X500. 
Reduced approximately 34 pct for re- 
production. 
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the time that band E formed, the power to the induc- 
tion coil varied. This changed the thermal conditions 
within the sample and the interface changed to the 
shape denoted by X. After the power fluctuation the 
sample was solid below band X, liquid above it. But 
since band E was particularly pronounced, it did not 
completely remelt immediately adjacent to the cross- 
ing with band X in the time allowed by the travel rate, 
but only farther away from the new interface (extreme 
right of Fig. 14) where the temperature was higher. 
The bands which can be seen with the unaided eye 
on a polished and etched microspecimen are the re- 
sult of a change in spacing, discontinuity, or irregu- 
larity in the lamellar structure. Many varieties have 
been observed, but it has been difficult to classify 
them, since in many instances a band will change 
character from one side of a specimen to another. 
In some cases, the change will be from finer to 
coarser lamellar spacing (see band A of Fig. 14); in 
some, from a coarser to a finer spacing (band X, 
Fig. 14); in others, it will be only a discontinuity in 
the structure (band B, Fig. 14). The more severe 
type of band (e.g., bands D and E, Fig. 14) appears 
as a line along which one phase ceases to grow and 
the other phase grows laterally. However, it is diffi- 
cult, if not impossible, to determine which phase 
ceased growing and which grew laterally (if there is 
such a distinction) because, as shown in Fig. 15, 
lamellae of both types are seen to terminate suddenly 
and be enveloped by the other. 


Fig. 13—Banded eutectic. Solidification direction was from 
bottom to top. Specimen B, X6. Reduced approximately 33 
pet for reproduction. 
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Fig. 12—Microstructure of eutectic colo- 
nies. (a)—top, transverse section, (b)— 
bottom, longitudinal section. Solidifica- 
tion direction was from left to right. 
Specimen G, X500. Reduced approximately 
34 pet for reproduction. 


Vibration, variations in the feed rate of the travel 
mechanism, variations in water flow or pressure in 
the quenching jig, and other mechanical effects were 
eliminated as the cause of banding by a separate 
group of experiments. In view of these results, it 
was concluded that banding is a solidification phe- 
nomenon. Similar conclusions regarding banded 
eutectics were reached by Yue and Clark® in their 
recent studies of a Mg-Al-Zn eutectic. 

Relation Between Growth Conditions and Micro- 
structure—In general the microstructure varied from 
top to bottom and from periphery to center in several 
of the 1/2 in. diam by 5 1/2 in. long specimens; all 
three types of microstructure (parallel, colony, and 
banded) occurred in some specimens, making it dif- 
ficult to quantitatively relate growth conditions to 
microstructure. In addition, microstructures were 
observed that could not be classified unequivocally 
as one type or as another. For example, in many 
instances a gradual transition from pronounced colo- 
ny structure to faulted parallel lamellar structure 
was noticed. Similarly, the presence or absence of 
banding was not always clear-cut. Fig. 16(a), for 
example, is a photomicrograph of a longitudinal 
microspecimen at X250 showing a band which was 
quite noticeable to the unaided eye. At a higher mag- 
nification, Fig. 16(b), the same area is seen to be 
nothing more than a subtle change in lamellar spacing 
caused by the formation of a few extra lamellae dur- 
ing solidification. Nevertheless, certain solidification 
principles have been qualitatively verified and other 
significant variables have been established even 
though their influence is not completely understood 
at the present. 


Fig. 14— Photomicrograph of crossed bands. Solidification 
direction was from bottom to top. Specimen B, X250. Re- 
duced approximately 53 pct for reproduction. 
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Solidification Variables Related to Colony Forma- 
tion—It has been postulated that the cause of colony 


formation in unidirectionally solidified eutectic alloys 
_is rejection of a third component at the liquid-solid 


interface and the consequent constitutional supercool- 


ing which stabilizes a cellular interface. The follow- 
ing evidence is considered to be proof of the correct- 
ness of the hypothesis: 

1) Microstructural evaluations of the test speci- 
mens listed in Table I are shown as a function of 
thermal gradient G and solidification rate R in Fig. 
17. Although the data are limited they unquestionably 
show that pronounced eutectic colonies are formed 
only when the ratio of G/R is belowacertain critical 
value. For the heat from which all of these test 
specimens were made, the critical ratio is about 
10°C per sq cm per hr. When a pronounced uniform 
colony misrostructure was avoided by solidifying at 
a Slower rate or under a steeper thermal gradient, 

a tendency towards colony formation was still noted 
and appeared to be more strongly dependent upon the 
thermal gradient than upon the rate. 

2) In several of the specimens which were rated 
(for the purposes of the plot in Fig. 17) as being free 
of colonies or as exhibiting only a tendency towards 
colony formation, a pronounced colony structure was 
evident in the vicinity of the thermocouple bead. In 
all probability the melt became contaminated in this 
area by limited’‘solution of one or more of the ele- 
ments in the thermocouple wires; therefore, growth 
conditions which were adequate to suppress colony 
formation in the bulkof the specimen were inadequate 
for the more impure alloy in the vicinity of the ther- 
mocouple bead. 

3) In all of the specimens either a tendency toward 
colony structure or a very pronounced colony struc- 
ture was observed in the last one or two centimeters 
of the solidified specimen. Since the specimens were 
solidified by passing a molten zone a few centimeters 
long through a specimen whose total length was about 
14 cm, the alloys were in effect partially zone refin- 
ed during solidification. This would drive impurities 
with a distribution coefficient less than unity in both 
phases toward the top of the specimen and therefore 
induce colonies in the last portion of the specimen 
to freeze. 

Solidification Variables Related to Banding—The 
data in Fig. 17 indicate that at least two variables, 
solidification rate and type of coil, influence banding. 
These will be discussed in order. 

From the microstructural evaluation, it is appar- 
ent that banded microstructures occur at very slow 
solidification rates and that the severity of banding 


production. 


(2) 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 16—Photomicrographs of band visi- 
ble to unaided eye. Solidification direc- 
tion was from left to right. Specimen E. 
(a) Top, X250; (6) Bottom X500, area 
shown is that designated in Fig. 16 (a). 
Reduced approximately 34 pct for re- 


Fig. 15—Photomicrograph of severe band. Solidification 


direction was from left to right. Specimen B, X1000. 
Reduced approximately 34 pct for reproduction. 


decreases and eventually disappears as the rate is 
increased. On the basis of these observations, an 
explanation for this defect can be postulated. At 
extremely slow solidification rates, impurity rejected 
by the solid at the advancing solid-liquid interface 
builds up in liquid uniformly across the specimens. 
When it has reached a certain critical level, the solu- 
bility limit, it precipitates and causes one or both 
phases to freeze laterally. The process then repeats 
itself at irregular intervals depending upon the local 
impurity concentration. Under this hypothesis dif- 
ferent impurities could logically cause the different 
types of bands which have been observed. At faster 
solidification rates, it is reasoned that there is not 
sufficient time for the impurity to become uniformly 
distributed. Under these conditions, a cellular inter- 
face forms if the thermal gradient in the liquid is too 
low according to the mechanism proposed by Weart 
and Mack and by Tiller.” If asteep thermal gradient 
is imposed to avoid colony formation, the rejected 
impurity may precipitate randomly as fine inclusions 
in an otherwise highly parallel lamellar structure. 
Such foreign precipitate particles, if they occur, may 
nucleate extra lamellae and therefore be responsible 
for lamellar faults. Other reasons for the observed 
effect of solidification rate on banding can be ad- 
vanced. For example, an undetectable erratic motion 
of the travel mechanism or minute power variations 
may have a greater affect on the microstructure at 
low solidification rates than at high rates and thus 
account for the more pronounced banding noticed at 
the lower rates. 

The data reported in Fig. 17 follow the pattern 
which has just been discussed except for specimen I, 
which was much more severely banded than it should 
have been according to the microstructural trends 
observed in the other specimens. The use of a plate 
coil (cf. insert, Fig. 1) rather than a 5 1/2-turn in- 
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Fig. 17—Plot of microstructural evaluations as a function 
of growth parameters 


duction coil for melting this specimen was the only 
known difference from the solidification procedure 
used for other specimens. The experiment was re- 
peated with identical results, so it must be concluded 
that the method of heating the sample in some way 
affects the microstructure. 

The problem of banding has not yet been completely 
solved. Work is continuing in this laboratory with 
the objective of determining the cause of any and all 
bands regardless of severity and type. It is hoped 
that this study will establish beyond doubt which of 
several possible mechanisms predominates. More 
perfect lamellar structures could then be produced. 


SUMMARY 


1) It has been demonstrated that the microstructure 
of the Al-CuAl, eutectic can be controlled by appro- 
priately constraining the solidification conditions so 
as to yield a specimen in which the lamellae are 
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approximately parallel to one another within individu: 
al grains for lengths up to several inches. Such 
specimens provide interesting subjects for further 
study of two-phase systems because of their high 
degree of metallographic anisotropy. 

2) Imperfections, termed lamellar faults, were 
observed and studied. It was found that one extra 
lamella produces two faults and that faults merge and 
interact with other faults during growth, thus pro- 
ducing a complex substructure in eutectic grains. In 
many respects lamellar faults resemble edge disloc- 
ation models in crystals. 

3) If the ratio of the thermal gradient in the liquid 
(G) to the solidification rate (R) during unidirectional 
solidification was below a certain critical value or if 
excess impurity was present, a eutectic colony 
microstructure formed. These data qualitatively 
confirm the theory of eutectic colony formation. 

4) A transverse banding defect occurred when the 
solidification rate was very slow. However, the solid- 
ification rate is apparently not the only variable 
influencing banding. 
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Strain Aging in Silver Base Al Alloys 


Investigation of the tensile properties of silver based aluminum 
alloy crystals was undertaken because it appeared attractive for 
studying strengthening effects due to Suzuki locking with minimum 


complication. 


Yield drops were observed in all alloy crystals 


(1, 2, 3, 4, and 6 at. pct Al) after strain aging at room temperature. 


No yield drops were found in similarly grown and tested silver 


A. A. Hendrickson 


crystals. The yield effects ave attributed to Suzuki locking but the 


major portion of the solid solution strengthening to other mechanisms. 


InvEsTIGATION of the tensile properties of single 
crystals of silver alloyed with aluminum was under- 
taken because it appeared to be a system in which 
segregation at stacking faults associated with partial 
dislocations* would be the dominant factor in anchor- 
ing dislocations. First, silver and aluminum have 
closely similar atomic sizes and thus solute atom 
locking of a dislocation due to elastic interactions 
should be unimportant. Second, while both X-ray? 
and thermodynamic? investigations show short-range 
ordering in silver-based aluminum alloys, the de- 
gree of local order is quite small (X-ray measure- 
ments give v= E,yp- 1/2(E4,,4+ Epp) = 0.025 ev 
and thermodynamic measurements give v = —0.007 
ev) and should not be important in strengthening di- 
lute alloys. Third, the stacking fault energy of silver 
is probably low (as indicated by the profusity of an- 
nealing twins) and is very likely diminished further 
and quite rapidly by aluminum additions since the 
Al-Ag phase diagram shows a stable hexagonal 
phase at only 25 at. pct Al. Also, a careful investi- 
gation in this laboratory* has shown that the ratio of 
twin to normal grain boundaries in recrystallized 
alloys increases with aluminum content. Thus, with 
minimum complication from other factors, Ag-Al 
alloys seem attractive for studying strengthening 
effects due to segregation at stacking faults of ex- 
tended dislocations. 


EXPERIMENTAL METHOD 


Single crystals measuring 250 by 5 by 1.5 mm of 
pure Ag (99.99 pct) and Ag-Al alloys (Al of 99.999 
pet purity) of nominal compositions* 1, 2, 3, 4, and 


*Chemical analysis gave slightly higher aluminum contents: —, 2.12, 
3.11, 4.06, and 6.16 at. pct Al, respectively. 


6 at. pct were grown in high-purity graphite molds 
from the melt under a dynamic vacuum (1 X 107° mm 
Hg). The technique consisted of moving a furnace 
having a hot zone (which melted about 0.5 cm of al- 
loy) over a horizontal, evacuated quartz tube con- 
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taining the mold and alloy at a rate of 3/8 in. per hr. 
Chemical analysis showed roughly the first inch of 
the crystal to be solute poor, the last inch solute 
rich, and the center section uniform in composition 
within the sensitivity of the analytical method (+0.2 
at. pect Al). The center section of the crystal was 
cut into five specimens. Gage lengths of reduced 
cross section, measuring from 1.5 to 2 cm in length, 
were mechanically introduced by means of jeweler’s 
files and fine abrasive cloth with the crystal firmly 
held in polished steel guides. One-third of the cross 
section was then removed by etching and electro- 
polishing, the crystals were all subsequently annealed 
for several days at 850°C in a dynamic vacuum 

(<1 x 10-5 mm Hg) and furnace cooled to 200°C. 

The crystal orientations were determined using 
the usual back-reflection Laue technique. The Laue 
spots were sharp and of the same size as the inci- 
dent beam. However, microscopic examination 
showed the crystals to contain substructures with 
subgrains of the order of a micron in diameter. The 
details of this substructure are presently under in- 
vestigation. 

Tensile testing was done with a table model Instron 
using a cross-head speed of 0.002 in. per min, For 
testing at various temperatures the following media 
were used: 1) 415°K, hot ethylene glycol; 2) 296°K, 
air, acetone, water; 3) 273°K, ice water; 4) 258°K, 
ethylene glycol ‘‘ice’’ in ethylene glycol; 5) 200°K, 
dry ice in acetone; 6) 77°K, liquid nitrogen. 


EXPERIMENTAL RESULTS 


A) Yield Behavior—A portion of an interrupted 
stress-strain curve for a 6 at. pct Al crystal of the 
indicated orientation tested at room temperature is 
shown in Fig. 1. Initially, at (a), there is a small, 
gradual yield drop of about 10 mg per sq mm’. How- 
ever, on stopping the test, and aging for a few min- 
utes at (b), a sharp yield drop is found. Aging for 
longer times at (c) and (d) results in larger yield 
drops (and larger A7’s). At, defined in Fig. 1, is 
usually larger than the yield drop by about 20 pct; 
however, this increase in the lower yield is transi- 
ent Since extrapolations of the flow stress curves 
join as may be seen from Fig. 1. (Both Laue and 
low-angle scattering photographs revealed no evi- 
dence of precipitation in a strain-aged 6 at. pct Al 
crystal.) 
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Fig. 1—Interrupted stress-strain curve for a 6 at. pct Al 
crystal showing strain aging for a 6 at. pect Al-Ag crystal of 
the indicated orientation at 296°K. 


Similar, but smaller yielding effects are found in 
1, 2, 3, and 4 at. pet Al crystals after strain aging, 
but not in pure silver crystals. In all of the alloy 
crystals the magnitude of the yield effect on strain 
aging is dependent on aging time and aging tempera- 
ture and to a lesser extent on the total strain and 
strain increment preceding aging. 

The effect of prior strain was thoroughly evaluated 
for crystals containing 6 at. pct Al. For a given 
aging time, temperature, and strain increment, AT 
corresponding to these conditions increases as the 
total shear strain is increased to between 8 and 16 
pet (compare (a), (b), and (c) with 2’), (b’), and (c’), 
respectively, in Fig. 1). Once the crystal is thus 
‘‘primed,’’ the value of Az for constant aging time, 
temperature and strain increment is constant over 
much of the easy glide range. On approaching stage 
II (linear hardening) of the stress-strain curve, the 
rate of aging increases and loading effects are en- 
countered. Strain increments in the range of 1 to 4 
pet give about the same value of Az for short aging 
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Fig. 3—Maximum yield drop vs testing temperature in 6 at. 
pet Al-Ag crystals. 
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Fig. 2—Maximum A7’s (squares) and maximum yield drops 
(circles) vs at. pct Al for strain aging at 296°K (2 pct shear, 
1 hr age) Atpaxand the maximum yield drop for 1 at. pet Al 
crystals are 33 and 20 g per sq mm, respectively. 


times. For longer aging periods, however, the mag- 
nitude of Az is noticeably larger for the greater 
strain increments. 

During strain aging, a small load of about 100 g 
per sq mm was employed to maintain axial align- 
ment. The magnitude of this load appears to have no 
effect until the end of the easy glide region of the 
stress-strain curve is reached. Here the value of 
Av for a given aging time, temperature, and strain 
increment is markedly changed by the value of the 
aging stress and by unloading effects. The largest 
value of Av for a given aging time and temperature 
is observed if a load of more than 80 pct of the yield 
stress is maintained during aging. A7 is only 1/4 to 
1/10 of this largest value if 1) the 80 pct is relaxed 
(still maintaining an alignment load) and 2) the aging 
stress is less than about 50 pct of the yield stress. 

The maximum value of the yield drop and Az for 
straining in the easy glide range (2 pct shear), aging 
(1 hr) and testing at room temperature has been de- 
termined as a function of the aluminum content. For 
all compositions the strain aging is essentially com- 
pleted in aging for 1 hr. These results for 2 to 6 at. 
pet Al are plotted in Fig. 2. For the 1 at. pct alloy, 
data not plotted, A7,,,, is 33 g per sq mm. 

The yield drop as a function of testing tempera- 
ture after straining (2 pct shear strain) and aging 
(1 hr) at room temperature is plotted in Fig. 3 for 
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Fig. 4— At vs aging time for strain aging ina 6 at. pct Al 
crystal at 296°K (2 pet shear between tests). 
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Fig. 5—Log of the aging time to a given At vs 1/7 for 

strain aging at 296°, 273°, and 258°K for 6 at. pct Al 

crystals (2 pct shear strain between tests). The activa- 

tion energies obtained from the slopes of the lines are 

indicated by H. 


296°, 200°, and 77°K. In addition, a point is plotted 
for 415°K—in this case the strain aging and testing 
were carried out at 415°K. The maximum yield drop 
changes only 50 pct of its high temperature value 
over this temperature range. 

B) Strain Aging Kinetics—Strain aging tests were 
performed on five 6 at. pct Al crystals of identical 
orientations, Fig. 1, at 258°K, 273°K, and 296°K. 
One crystal was tested at each temperature and the 
remaining two were alternately tested between 273°, 
296°, and 258°, 296°K. The crystals were deformed 
2 pct shear strain between each test and the aging 
times prior to each test followed an alternating se- 
quence, i.e., at room temperature 1/12, 1/3, 1, 4, 
2, 1/ 2591/6, 4 min’. and!so 
forth, 

Fig. 4 gives A7 in the easy glide range after 
‘‘priming’’ on strain aging at 296°K for aging times 
to 8 min. On aging for longer times, A7 continues 
to increase to a value of about 120 g per sq mm for 
1 hr, but the data show considerable scatter. For 
example, aging for an hour at room temperature 
gave A7’s ranging from 95 to 120 g per sq mm. Be- 
cause of the scatter in the data we are not able to 
ascertain whether the strain aging is complete after 
1 hr or whether there is a further small increase, 
At appears to be at its maximum or it increases 
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Fig. 6—The CRSS of silver-base aluminum crystals vs 
at. pct Al at 296°K. The average CRSS for 1 at. pct Al 
crystals is 260 g per sq mm (not shown in figure). 


slowly with aging during longer times. The logarithm 
of time to reach a given Az is plotted vs 1/T in Fig. 
5 for A7’s up to 50 g per sq mm. The aforemen- 
tioned scatter prevents going on to the longer aging 
time values. 

C) Critical Resolved Shear Stress—Aluminum addi- 
tions increase both the critical unresolved shear 
stress and its temperature dependence. Fig. 6 shows 
the critical resolved shear stress vs aluminum con- 
tent at room temperature. Fig. 7 plots the ratio of 
the critical unresolved shear stresses between room 
temperature and 78°K for pure (0.9999) Ag, 2,3, and 
6 at. pct Al alloy crystals. The strong influence of 
aluminum additions on the temperature dependence 
of the flow stress should be noted. 


DISCUSSION 


The escape of extended dislocations from energy 
valleys produced by segregation of atoms to their 
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Fig. 7—Ratio of CRSS between 77° and 296°K vs at. pet Al. 
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stacking faults* ought to result in a drop in flow 


*This type of dislocation locking will be called ‘‘Suzuki locking’’ in 
preference to ‘‘chemical locking’? to avoid confusion regarding the origin 
of the locking force, 


stress and, hence, a yield-point phenomenon similar 
to that observed in iron alloyed with carbon or nitro- 
gen. A significant difference is that the force to free 
a Suzuki locked dislocation should be much less tem- 
perature dependent because the dislocation is locked 
over the fault width. The yield drop observed after 
strain aging is relatively insensitive to the testing 
temperature; the yield drop at 415°K is roughly 2/3 
that at 77°K,. The magnitude of the Ar,,,,, Fig. 2, 


for testing at room temperature varies quite strongly 


with alloy composition, changing from 33 to 120 g 
per sq mm as the aluminum content is increased 
from 1 to 6 at. pct. In the initial testing we observed 
initial yield drops consistently only in the 6 at. pet 
crystals, sometimes in the 4 at. pct crystals, and 
almost never in the 2 and 3 at. pct crystals. When an 
initial yield drop was observed it was small. This 
lack of strong initial yielding is expected in the ini- 
tial test because of the lack of specimen alignment. 
In strain-aging tests, the yield drop can be greatly 
reduced or entirely lost if the load is relaxed com- 
pletely prior to testing. Another factor may be the 
Slow rate of segregation on furnace cooling from the 
annealing temperature since there are few excess 
vacancies, 

Both Suzuki»® and Flinn® have attempted to calcu- 
late the stress to free a Suzuki locked dislocation. 
Unfortunately, it was necessary to guess the varia- 
tions of the vault and matrix free energies with 
composition. 

If the locking force is interpreted to be Ar, an 
approximation of the concentration change in the 
fault from strain-aging can be made, Following 
Suzuki,’ the stress required to free a chemically 
locked dislocation is: 


where AFL and AFL are the stacking fault free 
energies per unit volume at concentration c, and c,, 
respectively, v is the specific volume, / is the dis- 
tance between close-packed planes, and b is the 
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Fig. 8—Effect of aging time on Ar for strain aging ina 6 
at. pct Al crystal at 296°K plotted according to Eq. [4]. 
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Burger’s vector of the perfect dislocation. Taking v 
as 2h cm* per sq cm of fault, neglecting the small 
change in v with c, and taking Av = 1.2 x 107 dynes 
per sq cm (AT,,,, in a 6 at. pet crystal at room tem- 
perature) 


= 0.35 ergs/cm? 


If the stacking fault energy of pure Ag = 30 ergs per 
sq cm and it decreases linearly to zero at 25 at pct 
Al, the concentration change AC required for a 
change in fault energy of 0.35 ergs per sq cm is 
roughly 0.30 pct; that is, after strain aging about an 
hour at room temperature the aluminum content in 
the stacking fault region is increased from 6 to 6.3 
at. pct Al (an increase in the aluminum content of 
the fault is expected since aluminum additions prob- 
ably decrease the fault energy of silver). 

For a fault width of 25 atoms, an addition of about 
1 aluminum atom per 6 atom planes along the fault 
is required for the At observed. In the strain aging 
of Fe-C alloys, an addition of one or more atoms 
per atom plane along the dislocation is thought to be 
required for saturation.” 

Analysis of the kinetics of strain aging reveals 
further significant information. In the case of Fe-C, 
strain aging follows an equation of the form: 


k [2] 


where C, is the initial concentration, Cy the final 
concentration, and C; the concentration at time t¢ 
in the region of the dislocation, The time exponent 
is equal to 2/3 in the range f = 1 to 0.2.® In the 

present case of Strain aging in Ag-Al alloys, the 
concentration change at the fault is not measured 
directly but indirectly through Av. Defining f'(t) 

— Aj 


At, At [3] 
and assuming that f’(t) = | f(t)]”; f"(0)= (0) and 
= f(ty): 

yn 

log log f’= log k'+™m logt [4] 


The curve in Fig. 4 is plotted in accordance with 
Eq. [4] in Fig. 8. 

After a transient exponent of about 2/3 in the early 
stages of aging, the time exponent reaches a value 
between 1/3 and 1/2. Diffusion to a plate would give 
an exponent of 1/2 if the diffusion is random but 1/3 
if there is an attractive force between the diffusing 
species and the plate varying inversely as the square 
of the distance.* The observed kinetics thus seems to 
be further indication that the strain aging is associ- 
ated with diffusion to the stacking fault region be- 
tween extended dislocations. The aging kinetics in 
the early stages of aging is complicated by the varia- 
tion in activation energy, Fig. 5, observed for short 
aging times. Also one might expect large rates of 
vacancy decay for early times. 

In Fig. 5 the data for the 6 at. pct Al alloy is an- 
alyzed to indicate the activation energies for the 
segregation process responsible for the strain 
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|aging. Here the log of the time to given values of 


AT is plotted vs 1/T. The activation energy, de- 


termined from the slopes of the curves in Fig. 5, 


increases from 0.41 ev for At = 10 g per sq mm to 
0.55 ev for At = 50 g per sq mm. These values are 


reasonable for diffusion of aluminum and silver in 


the presence of excess vacancies. M. Meshii’® has 
suggested that the low initial activation energies are 
due to the motion of atom-vacancy complexes; the 
later time activation energy of 0.55 ev may be as- 
sociated with the motion of atom-single vacancy 
pairs. The data in Fig. 5 refer to strain aging after 
‘‘oriming’’ and in the easy glide region of the stress- 
strain curve. In Stage II of the stress-strain curve 
the number of deformation-produced vacancies is 
probably much greater and the observed rate of 
aging is much more rapid. 

Previously, Suzuki°® and Flinn’ attributed the solid 
solution strengthening in a-brass and certain other 
alloys to Suzuki locking. In the present paper, we 
have attributed the yield-point phenomena in silver- 
aluminum alloys to Suzuki locking of extended dis- 
locations. The increase in the flow stress (lower 
yield) on adding aluminum to silver appears to be for 
the most part due to other sources. A comparison of 
the yielding behavior, the CRSS and the temperature 
dependence of the CRSS between a-brass and silver- 
base aluminum alloys supports this view. 

Cottrell and Ardley** have measured the yield- 
point effect in a-brass crystals after strain aging. 
They observed A7’s of about 60 g per sq mm ina 
. at. pct Zn crystal and 90 g per sq mm ina 10 at. 
pet Zn crystal after aging at 200°C and testing at 
room temperature. Evers,’ in strain aging experi- 
ments at 100°C on crystals containing 9.9 at. pet Zn, 
obtained a maximum AT of about 85 g per sq mm. 
These values for a-brass at 5 and 10 at. pct Zn are 
approximately comparable to the AT, obtained in 
silver-base aluminum crystals containing about 2 to 
3 and 4 to 6 at. pct Al respectively. One would expect 
this correspondence for Suzuki locking on the basis 
of the relative solute concentrations required to 
stabilize the hexagonal phases in the Cu- Zn and Ag- 
Al systems. On the other hand, a difficulty arises 
if one attempts to assign the major portion of solid 
solution hardening to Suzuki locking. A number of 
investigators have measured the CRSS of a-brass 
at room temperature;'’*”** for crystals containing 
5 at. pect Zn they obtain values between 850 and 950 
g per sq mm. The average CRSS for Ag-Al crystals 
containing 6 at. pct Al is about 660 g per sq mm; one 
would expect a higher CRSS for the Ag-Al crystals 
on the basis of Suzuki locking. Another point in- 
volves the dependence of the CRSS on temperature 
in the two cases. Suzuki’ attributes the increase in 
flow stress on cooling to low temperatures to 
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Cottrell locking becoming increasingly important 

at low temperatures. On this basis one would expect 
a comparatively small dependence of the CRSS in 
silver-base aluminum crystals. Actually, the tem- 
perature dependence of the flow stress between 

296° and 77°K in 3 at. pct Al crystals is slightly 
greater and in 6 at. pct Al crystals is considerably 
greater than in a-brass crystals containing 5 at. pct 
Zn. Since Suzuki’s theory predicts a small flow 
stress temperature dependence, apparently neither 
Suzuki locking nor the Cottrell mechanism explains 
this difference. Thus, comparison of the data for 
the two cases seems to indicate that while Suzuki 
locking accounts for AT, it does not account for the 
total solid solution strengthening effect. 

The possibility of solid solution strengthening 
arising from the solute’s influence on the perfection 
of the crystal must be considered. Seeger ° suggests 
that the solid solution strengthening observed in cer- 
tain dilute solid solutions is obtained through an in- 
creased dislocation density in the alloyed crystals. 
This may explain at least qualitatively the higher 
strengths of a-brass crystals over Ag-Al crystals; 
since the size difference between the atoms in a- 
brass is much larger, a greater degree of imperfec- 
tion might be expected*® and hence a higher strength. 

An important consideration is the increased tem- 
perature dependence of the CRSS of the solid solu- 
tion crystals. Seeger’s theory predicts the observed 
small temperature dependence of the CRSS (over that 
due to the temperature variation of the shear modulus) 
of pure metal crystals. It is not clear how changes in 
crystal perfection through solute additions might in- 
crease the flow stress variation with temperature 
over that of the pure metals (which appears to be a 
general effect). 

A more complete investigation of the dependence 
of the flow stress on temperature and strain rate is 
being carried out as well as a study of the substruc- 
ture in an attempt to further evaluate the factors that 
influence the strength of Ag-Al alloys. 
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Effect of Quenching on the 


Relaxation in Solid Solution 


Grain Boundary 


lt is demonstrated that quenching from an elevated tempera- 
ture accelerates the grain boundary relaxation in two solid solu- 
tions (aAg-Zn and a Cu-Al). This result is consistent with the 
proposal that, in solid solutions, grain boundary relaxation occurs 


by a mechanism of self diffusion. Nevertheless, an alternative 


A. S. Nowick 


possibility, that quenching introduces vacancies into the boundary 


itself, must also be considered. 


Tue phenomenon of grain boundary relaxation has 
been well known for many years,””” yet the mechan- 
ism of this process is very poorly understood. One 
of the most interesting suggestions which relates to 
the mechanism of grain boundary relaxation was that 
of Ké,° who claimed that the activation energy for 
grain boundary relaxation and for lattice self diffus- 
ion were essentially the same. The implication is 
therefore that the elementary step in the two proces- 
ses is the same. This suggestion is particularly 
startling in view of the fact that activation energy 
for self diffusion along a grain boundary is very sig- 
nificantly lower than that for volume self-diffusion.’ 
Later evidence’ showed that there really are two 
erain boundary peaks, one which appears in high- 
purity metals, and the other (which develops at a 
higher temperature than the first) which appears in 
solid solutions beginning at solute concentrations in 
the range of 0.1 pct. Data for silver® show that Ké’s 
hypothesis is surely incorrect for the grain boundary 
peak in the high-purity metal, since it has an activ- 
ation energy of only 22 kcal per mole, but that the 
hypothesis may still be correct for the grain bounda- 
ry peak in various silver solid solutions, for which 
activation energies in the range 40 to 50 kcal per 
mole are observed. 

If the elementary step in the grain boundary relax- 
ation process were the same as that for self-diffus- 
ion, it would be expected that the relaxation process 
could be hastened by quenching, 7.é. by introducing 
a non-equilibrium excess of lattice vacancies. Such 
a quenching effect has already been demonstrated in 
the case of another anelastic relaxation process, vizZ., 
the Zener relaxation effect. The Zener effect, which 
occurs in essentially all solid solutions, may be 
attributed to the reorientation of pairs of solute atoms 
in the presence of an applied shear stress,” and 
therefore must take place by means of a volume dif- 
fusion mechanism. The hastening of this process 
through quenching” has been one way of demonstrating 
that atom movements in the lattice take place through 
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a defect mechanism, presumably single vacancies. 

In order to see if the grain boundary relaxation is 
affected by quenching, it is particularly convenient 
to compare the grain boundary relaxation with the 
Zener effect, by choosing a specimen for which both 
relaxation effects appear. Specifically, a fine-grained 
sample of a Solid solution shows inthe curve of inter- 
nal friction vs temperature, first a peak due to the 
Zener effect, then a secon@ rise (and eventually a 
peak at substantially higher temperatures) due to the 
grain boundary relaxation. The same phenomena are 
also observable in static anelastic measurements, 
such as creep at very low stress levels. Thus, for 
the same fine-grained solid solution, the creep strain, 
when plotted against log time, falls on a sigmodial 
curve with a sharp inflection point, due to the Zener 
effect, which is followed by a second rise and inflec- 
tion resulting from the grain boundary relaxation. To 
look for a quenching effect, static measurements are 
preferable to the dynamic internal friction measure- 
ments, due to the fact that quenching effects tend to 
anneal out too rapidly at the temperatures at which 
the internal friction is measured.° 


RESULTS AND DISCUSSION 


Creep experiments in torsion were carried out in 
an apparatus similar to that described by Ké’, where- 
by a wire is held under constant torque and its angu- 
lar displacement is observed as a function of time. 
The alloy Ag-30 at. pct Zn was selected because of 
the large Zener relaxation that it displays. The two 
samples used were a ‘‘coarse grained’’ wire with a 
mean grain size about twice the diameter of the wire 
(diam = 0.032 in.), and a ‘‘fine-grained’’ wire which 
had several grains across the diameter. In Fig. 1a 
comparison is made of the creep curves at 160°C of 
these two samples after they had been cooled slowly 
from 400°C. Curve A, which represents the coarse- 
grained sample, shows a unique relaxation process 
due to the Zener relaxation, with a relaxation time, 
T, in the vicinity of 100 sec. Curve B, which repre- 
sents the behavior of the fine-grained sample, on the 
other hand, shows first the same relaxation process 
as that in A, followed by a turning up of the curve 
which corresponds to the onset of a second overlap- 
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Fig. 1—Creep curves at 160°C for two slowly cooled Ag-Zn 
wires. Curve A is obtained from the ‘‘coarse-grained’’ 
sample while curve B is from the ‘‘fine-grained’’ sample. 


ping process due to the grain boundary relaxation.* 


*Actually the magnitude of the Zener relaxation was not the same in 
the two samples due to the dependence of the Zener effect on grain 
orientation and on the differences in texture of the two samples.’° For 
comparison purposes, Curve A was therefore multiplied by a scale fac- 
tor to make the magnitudes comparable in Fig. 1. The relaxation times 
for the Zener relaxation in the two samples, however, are identical to 
within experimental accuracy. 


Clearly, one must wait for a very long time at this 
temperature to carry the grain boundary relaxation 
to completion. It should be emphasized that the creep 
shown in Fig. 1 represents true anelastic behavior, 
in that the creep strain is proportional to the stress, 
and the observed creep is completely recoverable. 

Let us now consider what behavior might be pre- 
dicted for these same two specimens after quenching 
from a high temperature such as to introduce a large 
nonequilibrium excess of vacancies. Since the rate 
of relaxation, T~, for the Zener effect is proportional 
to the vacancy concentration, the presence of an 
excess of vancancies should lead to the occurrence 
of a given relaxation time at a lower temperature of 
measurement. This prediction has been verified in 
earlier experiments.’ If now, the kinetics of the 
grain boundary relaxation are unaffected by quenching, 
we Should find for the fine-grained sample, that the 
Zener relaxation is moved to lower temperatures 
while the grain boundary relaxation is not. The creep 
contributions due to the two effects would then be 
completely resolved after quenching. On the other 
hand, if the grain boundary relaxation time is also 
decreased by quenching, in about the same ratio as 
the Zener relaxation time, then the fine-grained 
sample should still show a creep curve with two 
overlapping contributions. 

From the earlier work itis known that after quench- 
ing the Ag-Zn alloy from 400°C, a relaxation time 
for the Zener effect of about 100 sec is obtained at 
69°C (instead of 160°C for the slowly cooled sample). 
Accordingly the creep behavior of the coarse- and 
fine-grained samples was compared at 69°C after a 
400°C quench. The quenched coarse-grained sample 
shows a creep curve at 69°C almost exactly like 
curve A in Fig. 1 and has therefore not been repro- 
duced. The creep curve of the quenched fine-grained 
sample, on the other hand, is shown in Fig. 2. The 
presence of the grain boundary relaxation following 
the Zener relaxation is clear. 
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Fig. 2—Creep curve at 69°C for the fine-grained Ag-Zn 
sample after quenching from 400°C. 


A similar acceleration of the grain boundary relax- 
ation through quenching has also been noted in the 
alloy @Cu-Al, where the Zener effect is much smaller. 

It is concluded from these experiments that the 
grain boundary relaxation process in W@Ag-Zn and in 
@Cu-Al is accelerated by quenching, presumably due 
to the presence of an excess of lattice vacancies. 
This result is consistent with the suggestion that the 
grain boundary relaxation in such solid solutions takes 
place through a mechanism of volume self-diffusion. 
It is therefore in accord with the fact, mentioned 
earlier, that for solid solutions the activation energy 
for self-diffusion and for the grain boundary relaxa- 
tion are very nearly the same. A possible mechanism 
whereby lattice diffusion can produce grain boundary 
relaxation has been discussed in an earlier paper.” 

Although the above interpretation of the present 
experiment forms a self-consistent picture, an alter- 
native viewpoint of the acceleration of the grain 
boundary relaxation by quenching which must be con- 
sidered is that the quench introduces an excess of 
defects in the grain boundary itself. Some evidence 
for such an idea comes from the work of Mullins.’ 
According to this latter viewpoint, it may be expected 
that even for high-purity metals, where the activation 
energy for grain boundary relaxation is substantially 
less than that for self-diffusion, it should be possible 
to hasten the grain boundary relaxation by quenching. 
On the other hand, if the effect of quenching is only 
to introduce an excess of vacancies in the bulk of the 
crystal, one would not expect a quenching effect in 
high-purity metals for which the dominant activation 
energy is less than that for self-diffusion. Experi- 
ments are being planned to check this point. 
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Reaction of Pure Tantalum with Air, Nitrogen, 


and Oxygen 


Kinetic studies were made of the reactions of tantalum with 


oxygen, nitrogen, and airy at 400° to 1500°C. The tantalum- 
oxygen reaction is linear from 500° to 1250°C. The tantalum- 
nitrogen reaction follows a cubic rate law at 400° to 700°C and 
a parabolic rate law at 800° to 1475°C. The reaction behavior 
in air is initially parabolic followed by a transition to linear 


behavior. 


In the search for high-temperature materials, 
considerable interest is being shown in the re- 
fractory metal, tantalum. It is the third highest 
melting metal with a melting point of 2996°C. Also, 
tantalum has excellent ductility, making it one of 
the most workable refractory metals. 

In considering high-temperature applications of 
tantalum, the oxidation kinetics of the metal must 
be known. Such information also serves as a basis 
for the development of corrosion resistant tantalum- 
base alloys. Therefore, this study was made to in- 
vestigate the reaction of tantalum with air, nitrogen, 
and oxygen. 


LITERATURE 


Several oxides of tantalum have been reported. 
The pentoxide, Ta20s, is the only oxide of tantalum 
whose identity has been established. A high- 
temperature modification, wTa2O;5, has been re- 
ported by several investigators."* A low-tem- 
perature phase, 8 TazOs, undergoes an allotropic 
transformation at 1320° to 1350°C.* ® Four other 
oxides of tantalum have been reported. The oxides 
TaOz, TaO, and Ta4O have been reported by 
Schonberg.” A suboxide Taz20, was observed by 
Wasilewski.° However, the presence of oxides 
lower than Taz2O; is questioned by Lagergren and 
Magneli.” In oxidation studies, Vermilyea’® and 
Peterson, et al.,’* reported one possible phase 
intermediate between Ta and TazO5. Only Ta20s5 
was formed in the tantalum air reaction, as re- 
ported by Michael.** 

Several studies have been made on the kinetics 
of the tantalum-oxygen reaction. Vermilyea** in- 
vestigated the range 50° to 300°C and found that 
the rate of growth of a thin adherent oxide film 
could be described by the Cabrera- Mott theory. 
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Gulbransen and Andrew’®?® studied the reaction 


kinetics of tantalum in oxygen pressure of 710 atm 
at 250° to 450°C. At all temperatures the reaction 
followed the parabolic rate law for periods up to 
two hours. The oxidation behavior in the range 
500° to 1000°C was found to be linear at oxygen 
pressures of 0.2 to 600 psi according to Peterson, 
et al,’’ At very low pressures (1 x 107° to 
2x 10°? mm of Hg) Gebhardt and Seghezzi*’ re- 
ported linear oxidation at 800° to 1500°C. The 
reaction of tantalum with air is similar to the re- 
action with oxygen. Studies have been made by 
Waber, et al.,’* and Michael.*® 

Two nitrides of tantalum, TaN and Taz2N are 
known. Their structures have been determined 
by Brauer and Zapp.’”*® The tantalum-nitrogen re- 
action kinetics have been investigated by Gulbransen 
and Andrews.'”*® The reaction follows the parabolic 
rate law at 500° to 850°C at a nitrogen pressure of 
%,>atm. At the same temperature, the tantalum- 
nitrogen reaction is much slower than the tantalum- 
oxygen reaction. 


EXPERIMENTAL TECHNIQUES 


Material—The material used in this study was 
high-purity, electron-beam-melted tantalum ob- 
tained from the Temescal Metallurgical Corp. The 
hardness of the as received ingot was 76 Vhn. The 
analysis of the material is given in Table I. 

Methods—Cylindrical specimens of tantalum ap- 
proximately 0.9 cm in diam and 0.5 cm in length 


Table I. Analysis of High-Purity Tantalum 


Amount Present, 


Impurity Wt Pct 
Oxygen 0.0016 
Nitrogen 0.0010 
Hydrogen 0.00014 
Carbon 0.0030 
Chromium 0.0003 
Columbium 0.01 to 0.03 
Copper 0.003 
Iron 0.0008 
Nickel 0.0003 
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Fig. 1—Reaction of tantalum with oxygen at various 
temperatures. 


were used to study reactions of tantalum with oxy- 
gen at 500° to 1400°C. The specimens were dry 
abraded with 240-, 400-, and 600-grit silicon car- 
bide paper and sealed in a Vycor reaction tube of a 
modified Sieverts apparatus.*° The specimens were 
annealed by induction heating at 1600°C for 1 hr at 
a pressure of 0.05 » of Hg or less. The tempera- 
ture was then lowered to the desired reaction 
temperature and pure oxygen, from the thermal 
decomposition of KMnO, was added from a cali- 
brated mercury buret. The oxygen pressure in 
the system was maintained at the desired level 

by a mercury pressure regulator connected be- 
tween the reaction tube and the buret. Kinetic 

data were obtained by measuring the quantity of 
oxygen reacting with a specimen over various 

time intervals. 

The specimens used in the reaction of tantalum 
with air were prepared from 0.10 cm strip cold 
rolled from the high-purity ingot. The strips were 
vacuum annealed at 1600°C, cut into specimens of 
approximately 1.8 by 2.5 cm, and metallographically 
polished. The test specimens were suspended in 
air by a quartz rod from one arm of an analytical 
balance. The samples were heated to experi- 
mental temperature with a high-temperature re- 
sistance furnace. The moisture content of the air 
was controlled by passing it through calcium 
chloride drying towers (0 pct humidity) or by 
bubbling through water (100 pct humidity). The 
weight gain, as the sample oxidized, was recorded 
continuously and automatically. 
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Fig. 2—Temperature variation of linear rate constants for 
the reaction of tantalum with oxygen and air. 


For the reaction of tantalum and nitrogen at 400° 
to 1000°C, sheet samples 0.01 to 0.10 cm in thick- 
ness were used. Above 1000°C, 7s-in. diam cylin- 
drical specimens were used. All specimens were 
dry abraded with 240-, 400-, and 600-grit silicon 
carbide paper. 

A vacuum microbalance” was used to measure 
the weight gain of the specimen. The specimens 
were spot welded to a 0.005-in. Pt wire which was 
used to suspend them from the beam of the micro- 
balance into a Vycor reaction tube. The micro- 
balance and reaction tube were then evacuated to 
a pressure of 0.05 y or less. 

A resistance furnace was used to heat the speci- 
mens at temperatures from 400° to 1000°C. To 
obtain temperature above 1000°C, a platinum re- 
sistance heater inside the reaction tube was used. 
All samples were vacuum annealed in the system 
at 1100°C or above for 1 hr just prior to making 
the experimental run. 

The reaction was initiated by the addition of 
Matheson prepurified nitrogen (99.996+ pct N) at 
atmospheric pressure to the reaction system. 
Weight gain was recorded continuously and 
automatically. 

For all experiments the original geometric 
dimensions of the specimens were uSed to cal- 
culate the amount of gas reacting per unit surface 
area. 
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Table Il, Summary of Kinetic Data for the Reaction of Tantalum 
with Oxygen and Air at 1] Atm Pressure 


Oxy gen 


Air Reaction Reaction 


Tempera- Parabolic Rate Transition Linear Rate Linear Rate 


ature, Constant, to Linear Constant, Constant 
kp,(Mg/Cm’)’/Hr Rate, Min kj,Mg/Cm?/Hr Mg /Cm?/Hr 
400 >480 - 
500 >1400 
10m 240 Ose 333 10m 
550 DEO Osa 45 0.43 0.82 
3 40 0.46 
600 - = 4.9 9.2 
3.0 
12 6.4 
nes? 16 4.5 
3 18 7.6 
650 2.6 1 8.8 15 
8 
700 3.4 4 8.1 17 
7 9.8 
15 
750 3.5 5 8.2 
800 12° 9.3 15 
Wy? 4 8.8 13 
15 4 7.9 
= UP 
815 13 
825 14 
850 26 
900 = <2 13 48 
950 65 
73 
1000 - - 41 139 
= = 39 139 
140 
1100 165 
1200 - - 113 227 
24 = 108 
1250 280° 
1300 
1400 - - 480 


Reactions made in air with 100 pct relative humidity. All others 
made in dry air. 
Reaction linear for 15 min, then became catastrophic. 
Reaction was catastrophic. 


Knoop hardness traverses were made on several 
of the reacted specimens to determine the effect of 
temperature and gas composition on the contamina- 
tion hardening. Two to four traverses were made on 
each sample and averaged to get one hardness curve. 
Diffusion coefficients were calculated from the con- 
tamination curves. 


EXPERIMENTAL RESULTS AND DISCUSSIONS 


Oxidation Reactions— The reaction of pure tanta- 
lum with pure oxygen was studied from 500° to 
1300°C. Representative rate curves are shown 
in Fig. 1. It is seen that the reaction follows the 
linear rate law w= kt, where wis the milligrams 
of gas reacted per unit surface area; k7, the 
linear rate constant and /, the time. 

Values of the rate constants for the oxidation of 
tantalum at 500° to 1250°C are given in Table II. 
After 15 min at 1250°C the reaction became cata- 
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Fig. 3—Variation of rate constant with pressure for 
tantalum-oxygen reaction at 1000°C. 


strophic. At 1300°C catastrophic oxidation oc- 
curred as soon as oxygen was added to the system. 
The variation of the reaction rates with tempera- 
ture is shown in Fig. 2. The data of Peterson, 

et al.,** are also shown. In general, the values 
obtained in this study are slightly lower than the 
rates reported in the literature. Also, there are 
breaks in the curve that indicate changes in the 
controlling oxidation mechanism. In the range of 
about 600° to 800°C, there is very little variation 
in the rate constant with temperature. Also, a 
change occurs in the reaction mechanism at 
about 1000°C. 

The pressure dependency of the tantalum-oxygen 
reaction was determined at 1000°C. Reaction rates 
were measured at 0.2, 0.4, 0.6, and 1 atm O pres- 
sure. It was found that the linear rate constant 
varied with the square root of pressure. The data 
are shown in Fig. 3. 

The reaction of pure tantalum with air was 
studied from 400° to 1400°C. Several typical re- 
action curves are shown in Fig. 4. At 400° to 
800°C the reaction was initially parabolic, w? = 
k»t. After a time which decreased with increasing 
temperature, the reaction is accelerated, gradually 
becoming linear with time. Above 800°C only 
linear reaction rates were obtained. The kinetic 
data for the tantalum-air reaction are also sum- 
marized in Table II. It was found in oxidation ex- 
periments at 600° and 800°C that varying the rela- 
tive humidity from 0 to 100 pct did not significantly 
affect the oxidation behavior. The variations of the 
linear and parabolic rate constants with tempera- 
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Fig. 4—Reaction of tantalum with air at various tem- 
peratures. 


ture are shown in Figs. 2 and 5, respectively. Both 
figures show that a change occurs in the controlling 
reaction mechanism at about 600°C. Also a change 
in the linear reaction occurs at about 800°C as 
seen in Fig. 2. The linear rates obtained from the 
air reaction are lower than the linear rates obtained 
from the oxygen reaction. This would be expected 
on the basis of the square root of pressure de- 
pendency that was found for the oxygen reaction. 
The partial pressure of oxygen in air is about 

0.2 atm. From 400° to 600°C the activation en- 
ergy for the air and oxygen reaction is about 60,000 
cal per mole while at 800° to 1400°C the activation 
energy is about 12,000 to 25,000 cal per mole. 

In both the air and oxygen reactions an outer 
porous white scale was produced. A typical scale 
produced in dry air in 6 hr at 600°C is shown in 
Fig. 6. X-ray diffraction patterns obtained on 
outer scales formed at 600° to 1200°C showed 
these scales to be 8 TazOs which is stable below 
1320° to 1350°C. At 1400°C, the high-temperature 
modification, aTa2O5, was produced. A thin dark 
subscale was present on all the reacted samples. 
This scale was identified by X-ray diffraction at 
600° to 1000°C to be a mixture of 8 Taz2O; and 
Ta2Os [by analogy with Cb2O3, which is a mixture 
of CbO and CbOz|.”” Only TazOs could be detected 
in the dark scales at 1200° and 1400°C. At 1000° 
and 1200°C in the air reactions there was a dif- 
ference in the appearance of the oxide scale be- 
tween the flat surfaces and the edges of the re- 
acted samples. The oxide appeared to be adherent 
on the flat surfaces and had a grain structure re- 
lated to the underlying metal. Fig. 7 shows a 
sample reacted with air for 1.5 hr at 1000°C. 

The sample with the scale and with the scale re- 
moved is shown. It is Seen that the grain struc- 
ture of the base metal was retained in the surface 
oxide. This is evidence that the metal atoms do 
not move during the scale formation. Further 
evidence of this was observed on tantalum samples 
containing deep scratches that were reacted with 
oxygen. The scratches retained their identity in 
the oxide scale. Therefore, oxidation proceeds by 
diffusion of oxygen through the scale. The oxida- 
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Fig. 5—Temperature variation of parabolic rate constants 
for reaction of tantalum with air. 


tion reaction occurs at the metal-film interface. 
A similar oxidation mechanism has been found for 
the oxidation of columbium (niobium) and zir- 
conium.** 

Cross section of a sample reacted with air at 
1000°C for 2.6 hr is shown in Fig. 8. The cross 
sections of samples from the oxygen reactions ap- 
peared the same. It is seen that the oxide pene- 


Fig. 6—Scale pro- 
duced in dry airin 4, 
6 hr at 600°C. 
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trated into the base metal along crystallographic 


planes. This behavior has been studied by Bakish,”° 


who determined that the oxide platelets grow along 
the (100) plane of the metal. 

Nitrogen Reaction— The reaction of tantalum with 
nitrogen was studied from 400° to 1475°C. Several 
experimental rate curves are shown in Fig. 9. At 
400° to 700°C the reaction followed a cubic rate 
law, w° = k.t, where k, is the cubic rate constant. 
At 800° to 1475°C the rate was parabolic. The 
variations of the cubic and parabolic rate constants 
with temperature are shown in Figs. 10 and 11, 
respectively. The equations for the best straight 


line were determined by the method of least squares. 


At 400° to 700°C the equation for the cubic rate 
constant can be expressed as, 


[(mg/cem*)*/hr 
= 3.78 x 10° ° exp (— 3650 + 890/RT), 


where 3650 cal per mole is the activation energy. 
At 800° to 1475°C the parabolic rate constant can 
be expressed as, 


kp [(mg/cm’)*/hr ] 
= 2.08 X 10 exp (50,900 + 1200/RT) 
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Fig. 8—Tantalum reacted with air at 1000°C for 2.6 hr, 
showing oxide penetration into base metal along (100) 
planes. X250. Reduced approximately 51 pct for 
reproduction. 


where 50,900 cal per mole is the activation energy. 

Several experiments were made at 900°C to de- 
termine whether there was an effect of nitrogen 
pressure on the tantalum-nitrogen reaction. Within 
experimental limits there was no variation of the 
parabolic rate constant with nitrogen pressure in 
the range of 7, to 1 atm. 

No visible nitride film was detected on samples 
reacted with nitrogen at 400° to about 1100°C. 
Above 1100°C adherent dark-brown films were 
produced. X-ray diffraction patterns were ob- 
tained on surfaces of samples reacted for about 
3 hr at 800° and 1300°C. In both cases, TazN and 
a complex phase (possibly TaN) were found. Only 
TaN was identified on surfaces of samples reacted 
for 3 hr at 475° and 700°C. 

Diffusion Rates— The diffusion rates of oxygen 
and nitrogen in tantalum were studied from hard- 
ness traverses of the core of the reacted samples. 
Representative hardness curves are shown in 
Fig. 12 in which the Knoop hardness number is 
plotted against the distance from the surface of 
the sample. 

Diffusion coefficients were calculated from the 
hardness curves obtained from the sheet samples 
using the Van Ostrand-Dewey solution of Fick’s 
second law of diffusion. This technique was used 
in a previous study on the contamination of colum- 
bium.** It must be assumed that the hardness varies 
linearly with oxygen content. This assumption ap- 
pears to be reasonably valid over small ranges of 
oxygen content from the work of Perkins.”° On this 
basis, the equation for variation of the hardness with 
the diffusion coefficient is given as, 


H — Ho/H,, — Ho = 1 — 6(X/2VDt) [1] 
where 


H,, = surface hardness 

= base hardness 

= hardness at distance X from the surface at 
time, / 

oy probability (or error) function 

D = diffusion coefficient. 


The diffusion coefficient can be determined from 
a probability plot of Eq. [1]. A different solution of 
Fick’s second law” was used to calculate the dif- 
fusion coefficients from the hardness traverses 
obtained from the cylindrical samples in the oxygen 
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Fig. 9—Reaction of tantalum with nitrogen at various 
temperatures. 


reaction. This method has been used to determine 
the diffusion coefficients of oxygen*” and nitrogen™ 


in zirconium. The equation in terms of hardness is, 


— Ho 


*? 
where 
H = hardness at radius, 7, and time, ¢ 
a = radius of cylinder 


Jo(8) = Bessel’s function of the first kind and 
order zero 

Jo (8) = first derivative of Jo(f) 

roots of Jo(8) = 0 


The method of calculating diffusion rates from 
Eq. [2] has been described.” 

The calculated diffusion coefficients for oxygen 
and nitrogen in tantalum are shown in Fig. 13. It 
is seen that the diffusion coefficients obtained from 
the air reactions agree with the oxygen diffusion 
data. Also the diffusion of oxygen is faster than 
the diffusion of nitrogen. The diffusion coefficients 
are in very good agreement with the work of Ang,”? 
who determined the diffusion rates of oxygen and 
nitrogen in tantalum from friction meas- 
urements. 

The diffusion coefficients for oxygen in tantalum 
obtained from hardness gradients can be expressed 


by, 
D = 2.14 x 10°-* exp (—22,900 + 800/RT) [3] 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Temperature, C 


is 
5 re) 
6 
<4 
iS 
72) 
5 
E=3650 * 890 cal/mole 
Te} 
©. | | | | 
9 10 12 13 14 15 16 
T(°K) 


Fig. 10—Temperature variation of cubic rate constant for 
the reaction of tantalum with nitrogen. 


where 22,900 cal per mole is the activation energy. 
Ang”* reported an activation energy of 27,300 cal 
per mole. 

he diffusion coefficients of nitrogen in tantalum 
can\be expressed by, 


D = 1,82: 10° “exp [4] 
Temperature , C 
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Fig. 11—Temperature variation of parabolic rate con- 
stants for the reaction of tantalum with nitrogen. 
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where 41,100 cal per mole is the activation energy. 
An activation energy of 39,800 cal per mole was 
reported by Ang. 


DISCUSSION AND CONCLUSIONS 


The tantalum-oxygen and tantalum-air reactions 
are quite similar. In both cases an outer white 
scale of Ta2O; and an inner dark scale of Ta20; 
plus traces of Ta2O3 are produced. The reaction 
is parabolic, followed by a transition period during 
which the rate increases and then by linear oxida- 
tion. At temperatures above 800°C, the initial 
parabolic reaction was of too short duration to be 
detected in the air reaction. In the oxygen re- 
action at 1 atm pressure, the initial parabolic 
behavior was not observed, although an initial 
slow reaction was noted at 500°C. However, it is 
believed that the basic rate controlling reaction is 
identical for both cases. From this work a model 
for the oxidation reaction can be outlined. 

The oxidation reaction of tantalum can be con- 
sidered to occur in three steps. 

1) Initially the oxidation kinetics follow a para- 
bolic relationship. The reaction proceeds by 
diffusion of oxygen ions through a growing ad- 
herent dark scale, which is mostly TazOs. The 
reaction to produce new scale is occurring at 
the film-metal interface. The natural volume 
ratio of Ta2O; to tantalum is about 2.54. There- 
fore, for the dark scale to be adherent to the metal, 
it must grow under highly compressive stresses. 
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Fig. 13—Diffusion coefficients of oxygen and nitrogen in 
tantalum. 


2) When the compressive stresses become too 
great the outer surface of the adherent scale be- 
gins to crack. As the cracks propagate toward 
the metal-scale interface, the outer scale becomes 
porous and turns white, while the inner portion of 
the original scale remains adherent and dark. 
During this transition period, the weight gain- 
time curve deviates upwards from the parabolic 
curve. 

3) As the cracks propagate toward the metal- 
scale interface, the reaction rate, which is still 
determined by ionic diffusion through the adherent 
film, increases until an equilibrium is attained be- 
tween the rate of crack propagation and the rate of 
formation of new adherent oxide. The inner portion 
of the scale thus attains a stable thickness, and 
oxidation proceeds linearly. The rate-controlling 
reaction remains ionic diffusion (probably of oxygen 
ions) through the adherent scale but linear kinetics 
are observed because the diffusion distance is con- 
stant rather than increasing. This behavior is quite 
similar to that described by Cathcart et al.,” for 
oxidation of columbium. 

At high temperatures there is some sintering of 
the outer white scale as evidenced by the scales 
produced in air at 1000° and 1200°C. 
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The pressure dependency of linear oxidation of 
tantalum has been investigated by Peterson ef al," 
Their explanation of the effect of pressure was 
based on an equilibrium adsorption process that 
occurs prior to the rate determining step in the 
oxidation mechanism. This concept was used to 
explain the unusual variation of the rate constant 
constant with temperature at 500° to 800°C as 
seen in Fig. 2. It is believed that the adsorption 
process does not completely describe the pressure 
dependency. According to the Wagner theory of 
oxidation, the role of the gas pressure is its effect 
on the defect structure of an adherent surface film, 
and thus on the rate of ionic diffusion through the 
film especially for a reaction occurring at the 
metal-oxide film. The exact variation of the re- 
action rate with pressure depends upon the defect 
nature of the oxide film. Therefore, in the linear 
oxidation of tantalum, the pressure dependency re- 
sults from the effect of pressure on 1) the diffusion 
rate of oxygen ions through the dark adherent scale, 
or 2) the stable thickness of the adherent film dur- 
ing oxidation. 

The ignition temperature of tantalum partly de- 
pends upon the oxygen pressure. In 1 atm O, 
ignition of tantalum occurred at 1250°C and above. 
In air, the ignition temperature is above 1400°C. 

No nitrides were found in the air oxidation. This 
would be expected since thermodynamic consider- 
ations show that tantalum nitride is not as stable 
as tantalum oxide. Also, only oxygen diffusion in 
the metal was noted in the air contamination study. 
Therefore, nitrogen has very little effect, if any, 
on the reaction of tantalum with air. 

Nitrogen reacts much slower with tantalum than 
either oxygen or air does. An adherent nitride 
film is formed up to 1475°C. At 400° to 700°C 
the nitriding reaction follows cubic behavior. 
Cabrera and Mott™ have explained the cubic rate 
law on the basis of a strong electric field set up in 
a thin film. At low temperatures ions do not simply 
diffuse through the films as during parabolic oxida- 
tion, but rather jump from one position to the next 
due to the relatively large potential difference 
across the film. At 800° to 1475°C the reaction 
follows parabolic behavior. Following the Wagner 
theory, the reaction is controlled by the diffusion 
of an ionic species through the growing nitride 
film. 


SUMMARY 


The reaction of tantalum with air at 400° to 
800°C was initially parabolic and showed a transi- 
tion to a linear rate after a time depending upon 
the temperature. At 800° to 1400°C for the air 
reaction and at 500° to 1250°C for the oxygen re- 
action, only a linear rate was noted. Catastrophic 
oxidation occurred in 1 atm of O above 1250°C. 
The reaction in oxygen at 1000°C followed a square 
root of pressure dependency. The oxide scale con- 
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sisted of a thin dark subscale of Ta2O; with traces 
of TazO3 and an outer thick white scale of Ta2Os. 

The reaction of nitrogen with tantalum is much 
slower than the oxidation reactions. The nitriding 
reaction follows a cubic rate up to 700°C. Above 
700°C it follows a parabolic rate. TaN is the 
principal reaction product. 

Oxygen was found to diffuse into the base metal 
during the air and oxygen reactions. The diffusion 
coefficients for oxygen and nitrogen calculated from 
hardness curves were in good agreement with pub- 
lished data. 

The rate-determining reaction was concluded to 
be the diffusion of oxygen ion through an adherent 
dark subscale for both the parabolic and linear 
reactions. 
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End-Point Temperature Control of the Basic 


Oxygen Furnace 


As a means of effecting better control of end-point tempera- 
tures at the Jones & Laughlin basic oxygen furnace plant, a set of 
mathematical equations has been developed. The equations are 
the product of a thermochemical analysis of the process and are 
designed to calculate the required scrap, lime, and hot metal 
additions in terms of a number of independent variables. Results 
of test heats have warranted adoption of this technique by the 


Production Department. 


Because of the autogeneous nature of the basic oxy- 
gen steel-making process, bath temperature can be 
controlled without an external fuel supply by charg- 
ing the furnace with additions that are thermally bal- 
anced. The thermal requirements of the charge ma- 
terials are such that, during the refining process, 
they throttle the heat generated by the metallurgical 
reactions in a manner designed to result in a speci- 
fied temperature at the completion of the heat. 

In the past, operating personnel at the basic oxy- 
gen furnace plant of Jones & Laughlin’s Aliquippa 
Works relied on their experience and technical knowl- 
edge of the process to determine the quantities of 
charge additions needed to result in a finishing tem- 
perature in the range 2880° to 2920°F. (The charge 
consists primarily of 93 tons of scrap and hot metal 
plus an amount of lime sufficient to maintain a ba- 
sicity ratio of 2.8 to 3.2). Estimates of these ma- 
terials are based on a consideration of the effects on 
finishing temperature of 1) iron silicon content, hav- 
ing a variation of 0.8 to 1.8 pct; 2) iron temperature, 
ranging from 2250° to 2600°F; and 3) any excessive 
cooling of the furnace due to a production delay. The 
end temperature of the preceding heat also serves as 
a guide in that, if a heat was within the specified 
temperature range, the succeeding heat could be 
charged with materials of nearly the same propor- 
tions, provided the hot metal used in each of the two 
charges was of approximately the same temperature 
and composition. On the other hand, if a heat was 
outside the specified tapping range, or if the hot 
metal used in that heat was of different analysis and 
temperature from that of the iron to be charged, an 
adjustment in the proportion of additions is in order 
for the following heat. 

Due to the complex thermochemical behavior of 
the process and to the inexact and subjective nature 
of the described method of determining charge ad- 
ditions, consistently accurate temperature control 
was not to be expected. Therefore, those heats out- 
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side the specified tapping range necessitated subse- 
quent adjustments by either reblowing the cold heats 
for a suitable length of time so as to elevate the bath 
temperature to the desired level, or cooling hot heats 
with a proper amount of scrap. Because extra time 
is required to make these adjustments, production is 
delayed. 

In an attempt to devise a method for improving 
temperature control, an analysis of the thermo- 
chemistry of the process was undertaken. This, in 
turn, led to the development of a set of mathematical 
equations which enable the calculation of the quanti- 
ties of scrap, lime, and hot metal needed to result in 
any Specified tapping temperature range. The analy- 
sis was not intended to be a repetition of work done 
by others such as McMulkin’ or Philbrook.? It was 
meant to be an extension of their work so that charge 
additions could be calculated not in terms of silicon 
alone but, rather, as a function of all independent 
variables. This paper presents the derivation of 
these relationships, their effectiveness in controlling 
bath temperatures, and a method of utilizing them on 
an operational basis. 

The Heat Balance—The first step undertaken in the 
analysis of the problem was the enumeration of the 
pertinent variables. A list is presented in Table I 
where it is noticed that these quantities have been 
separated into the following three categories: im- 
portant variables, variables considered as constants, 
and variables to be neglected. The breakdown was an 
arbitrary one designed to facilitate the analysis; 
otherwise, the mathematical treatment would have 
been exceedingly cumbersome and complex. Fortun- 
ately, experience has shown that these simplifying 
assumptions do not seriously impair the accuracy of 
the calculations. 

These variables along with the limiting assump- 
tions listed in Table II were then used to write a heat 
balance of the process by applying the equation of 
continuity, 


Rate of Rate of Rate of 
Increase = Income — Outgo [1] 
of Heat of Heat of Heat. 
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Table 1. Thermodynamic Variables of the Basic Oxygen 
Steelmaking Process 


Major Variables 


Ce = Pct Iron Carbon 

Sih = Pct Iron Silicon 

Mn, = Pct Iron Manganese 

Ty = Iron Temperature (°F) 

Wcao = Weight of Lime (1b) 

We = Weight of Charge (consists of scrap and hot metal) (1b) 

Ws = Weight of Scrap (1b) 

Wum = Weight of Hot Metal (1b) 

Wuys = Weight of Mill Scale (Ib) 

W» = Weight of Ore Pellets (Ib) 

Wreo = Weight of FeO (total) (Ib) 

Wpo = Weight of Drain Out (1b) 

Sipo = Pct Drain Out Silicon 

Mnpo = Pct Drain Out Manganese 

V.V. = Basicity Ratio 

L.H. = Lance Height Above the Bath (inches) 

tp = Time Delay Between Tapping of One Heat and Charging the 
Following Heat (minutes) 

TpQ = Temperature of a Drain Out (°F) 

Tr = End-Point Temperature (°F) 


Variables Considered as Constants 


tr = Blowing Time (minutes) (relatively constant for a given oxygen 
flow rate, turn-down carbon level, and weight of charge) 
Cr = Pct Carbon at the End-Point 
Sip = Pct Silicon at the End-Point 
eA = Pct Phosphorus in Iron 
itis = Pct Titanium in Iron 
Pr = Pct Phosphorus at the End-Point 
Tir = Pct Titanium at the End-Point 
W = Weight of Fume Loss (lb) 
1 = Flame Temperature (°F) 
& = Average Surface Temperature of the Furnace (°F) 


Variables to be Neglected 


Scrap Size 

Scrap Composition 

Quantity and Analysis of Iron Slag 
Age of the Furnace Lining 
Condition of the Furnace Lining 
Weight of Fluorspar 

Variations in Ambient Temperature 
Erosion of the Lance 


Definitions of Other Quantities Used in the Heat Balance 


Q = Heat Content (Btu) 

AH = Enthalpy Change (Btu) (1b)7* 

Cy’ = Average Specific Heat at Constant Pressure for the Temperature 
Range 77° to 2900°F. (Btu) (1b)-* (°F)7* 

Wr = Total Weight (1b) 

We = Weight of Balance (lb) 

t = Time (min) 

Mx = Molecular Weight of the K-th Compound 

AK = Atomic Weight of the K-th Element 

T = Metal Temperature at Time, t (°F) 

h = Heat Transfer Coefficient (Btu) (min) (ft?)~* 

= Stefan-Boltzman Constant (Btu) (min)~* (ft?)-* CR)* 

SB = Bath Surface Area (ft?) 

SR = Area of Refractory in Contact with the Bath (ft’) 

F = Radiation Factor 

ctn @ = Function Used to Relate Lance Height to FeO Formation 

K = A Constant (°F*) 

Si4 = Pct Average Silicon 

Sig = Pct Silicon in the Balance 

Mn4 = Pct Average Manganese 

Mng = Pct Manganese in the Balance 

T4 = Average Hot Metal Temperature (°F) 

Tp = Temperature of the Balance (°F) 


Subscript 0 = Initial Value 
Subscript F = Final Value at Turn-Down 


In its simplest form, this balance appears as follows: 
Rate of Heat Gained by Hot Metal = 


Rate of Heat Generated by the Enthalpy Changes for 
the Following Reactions: (Reactions occurring at 
77°F). 


Fe3C ie O, = 3Fe + CO 


2 
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Table Il. Assumptions Used to Write the Heat Balance 


1) 95 pet CO and 5 pet CO, are formed in the bath. 

2) These gases leave the furnace at an average temperature of 2700°F. 

3) All SiO, and P,O, combine with lime in the slag. 

4) The amount of fume loss is a constant of 10,000 lb per heat. 

5) The fumes leave at an average temperature of 2700°F. 

6) Slag and metal have the same temperature at turn-down. 

7) FeO and Fe,O, in the slag are replaced by total FeO. 

8) Heat losses are for a steady state. 

9) The compositions of ore and mill scale are 47.5 pct Fe,O, and 47.5 
pet Fe,O,:2a. 

10) For consistency it is necessary to place minus signs in front of all 
the enthalpy terms since such changes are negative for exother- 
mic reactions and positive for endothermic reactions. 

11) All heats are blown to approximately 0.05 pct C in about 20.5 min 
with an oxygen flow rate of 6500 cfm. 

12) Specific heats are assigned average constant values applicable 
from 77°F to the finishing temperature. They are designated by 
the symbol Cp to distinguish them from the temperature depen- 
dent specific heat Cp. 


+ Oz = 3Fe + CO; 
Fe,Si + O, + 2CaO = Ca,SiO, + 3Fe 


Mn + > O, = MnO 


2Fe,P + 3 O, + 4CaO = Ca,P,0, + 6Fe 


Fe FeO 


Ti +05 = 


+ Rate of Heat Radiated from the Flame to the Bath 

— Rate of Heat Lost through the Lining 

— Rate of Heat Absorbed by Dissociating Mill Scale 
and Ore Pellets 

— Rate of Heat Absorbed by Melting Scrap 

Rate of Heat Absorbed by Uncombined Lime 

Rate of Heat Lost by Fume Generation. [2] 


For convenience of calculation, all reactions are 
assumed to occur at 77°F. The choice is an arbitrary 
one since the enthalpy change in going from an initial 
to a final temperature State is independent of the path 
followed. It is also noted that due consideration was 
given to the change in specific heat in going from hot 
metal to blown metal when calculating the heat bal- 
ance. 

It is observed that the heat balance has been ex- 
pressed in the form of a rate equation. This approach 
stems from a dynamic analysis undertaken on the 
Jones & Laughlin analog computer in which differen- 
tial equations were used to completely define the 
transient behavior of the variables. Computer cal- 
culations demonstrated that the rate equation could 
be integrated to yield finishing temperatures that 
compared very well with measured values. It was 
also determined that by transforming the integratea 
expression and supplementing it with several other 
relationships, calculations could be made to obtain 
thermally balanced charge additions. 

Before attempting to use these expressions to 
control furnace charges, it was decided that it would 
be wiser to work with operations personnel and pre- 
dict end-point temperatures. Such a procedure would 
enable these people to gain confidence in the mathe- 
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matical model, and at the same time would permit 
refinements to be made in the equations. After a 


Suitable testing period, the transformed relationships 


could be used to test control the process. 


The End- Point Temperature Equation—The derived 


end-point temperature equation is of the form* 


*A complete derivation is presented in the Appendices. 

Tr = (87.354 0.255 Tyy +131.4 Sip +30.34 Mno) 
+ 16.47 Ws + 29.57 Woag + (2.26 V. V.+19.93) (10°) 
— 3125 Ty— (121.4 x 10° — 1618 Wz) 
(—93x L.H. + 0.165) — 1225 (Wys + W,)] 
+ [Way (0.211 + 0.0041 Si, + 0.00025 Mn, 
— 285 X10 Thy) + 0.214 Wo + 0.384 Weao 
+140 V.V. +0.19 (Wyo + Wy) + 1225 
— (7,500—0.10 Ws) 1082 4 [3] 


(See Table I for a definition of terms) 


A set of computed values is presented in Table III 
to illustrate the effects that certain changes in these 
parameters have on end-point temperature. 

It is noted that the quantities C, CO, COz, SiO,, MnO, 
and FeO do not appear explicitly in the preceding ex- 
pression. The reason is that these items have been 
expressed as functions of the independent variables, 
so their thermal effects are incorporated into the 
equation even though this is not apparent*. Still other 


*See the Appendices. 


quantities such as Ti, P, flame radiation, fume losses, 
heat losses through the furnace lining, lance or oxy- 
gen input, and finished steel analysis have been ap- 
proximated with a set of constant values*. 


*See Table I. 


Results of Mill Trials for Predicting End- Point 
Temperatures—The next step was to conduct a series 
of mill trials to compare calculated end-point tem- 
peratures with measured values. The trials were 
conducted from November 1958 through March 1959, 
during which time predictions were made for 323 
heats. The calculations necessitated utilization of the 
following data: the weights of mill scale, scrap, 
lime, and hot metal, plus lance height position above 
the metal bath, all decided upon by the melters, 


Table Ill. The Effects of Changes in the Independent Process 
Variables on End-Point Temperature 


(Note: Calculations were made on the basis of a charge 
consisting of 58,000 lb of scrap, 128,000 1b of hot metal, 
and 13,000 1b of lime.) 


Effect on End- 


Variable Amount of Change Point Temperature 
Si 0.10 pet 36° 

1000 ib 

Ty 100°F 62° 

Mn 0.10 pet 8° 

Ws 1000 Ib 12.5° 

V.V. 0.1 

Wys or Wp 1000 Ib aye 

1000 1b De 

10 in 
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Fig. 1—Experimental arrangement of the two-color pyro- 
meter and accessories. A) Mixer Ladle; B) Molten Iron 
Stream; C) Sensing Head of Two-Color Pyrometer; D) 
Power Supply of Two-Color Pyrometer; E) Recorder. 


along with measured iron chemistry and iron tem- 
perature. The iron analysis had been determined 
previously from blast-furnace runner tests, while 
iron temperature was measured with a two-color 
pyrometer® sighted on the metal being poured from 
the mixer ladle into the charging ladle. 

The experimental arrangement of the two-color 
pyrometer and accessories is shown in Fig. 1, and 
a sample temperature recording is presented in 
Fig. 2. It is observed that the temperature trace 
exhibits a great deal of oscillation during the initial 
stages of the pour. This is caused by smoke ob- 
structing the pyrometer’s field of view and by voids 
in the stream. Later, the trace becomes stabilized 
because the stream becomes more compact and the 
smoke is dissipated by an electric fan. It is during 
this period of stability that the temperature reading 
is made. The oscillations appear again for a brief 
interval at the end of the pour when the mixer ladle 
is turned to its upright position. 

The two-color pyrometer was selected for iron 
temperature measurement not only because of its 
accuracy, which compares very favorably with that 
of a thermocouple, but also because it is completely 
automatic, thus obviating the need for an operator. 

It is also necessary to point out that, when the hot 
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Fig. 2—Sample of two-color pyrometer recorder trace, 
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Fig. 3—The operation of the slide rule computer at the 
basic oxygen furnace plant. 


metal is poured into the furnace, the temperature 
will always be at a lower value than when it is re- 
corded. This is the result of heat losses incurred 
during transit from the pouring pit to the charging 
floor. An equation is presented in Appendix I for 
computing temperature drop, and the iron tempera- 
ture, as it appears in the heat balance, has the cor- 
rection factor applied to it. 

With this information, on-the-spot calculations of 
finishing temperatures were then made with a special 
slide-rule type of computer designed from Eq. [3]. 
The computer enabled computations to be made far in 
advance of the end-point with a high degree of ac- 
curacy. Its operation is illustrated in Fig. 3. 

During the trial period, 249 of the 323 calculated 
heats, or 77 pct, agreed to within + 20°F of the tem- 
peratures measured at the end-point, and 297, or 
92 pct, were within +30°F of these measured values. 
A frequency distribution of the number of heats vs 
the difference between the measured and calculated 
temperatures is displayed in Fig. 4. In view of the 
excellent results of these trials, it was concluded 
that the model was theoretically sound and might 
possibly be used for controlling bath temperatures. 

The Control Equations— To develop the required 
control equations, it was necessary to express, in 
addition to the relationships used to predict end- 
point temperatures, a relationship for computing 
lime and another for computing hot metal. Now, in- 
stead of solving for tap temperature, the stipulation 
was made that all heats were to be turned-down 
within the range 2880° to 2920°F. Thus, finishing 
temperature became an independent variable, while 
scrap, lime, and hot metal were made dependent. 

It must be pointed out that the charge additions: 
mill scale, fluorspar, and ore pellets (when used) 
are chosen at the discretion of the melters, so they 
are not obtained from the control equations. These 
expressions are derived in the Appendices and are 
of the form 


Hot Metal 
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Fig. 4—Distribution of difference between calculated and 
measured end-point temperatures. 


Lime 
60.06 1 Si 
Weao= (5-03) (V. V.) ) [5] 
Scrap 


Wels (We (117.93 — 25.3 V. V.)(Sio) + 29.41 (Mno) 
+ 0.257 (Ty) — 502.19] + 1.8 x 10°(V. V.) 
+ 16.22 x 10° — 3125 (Ty) — 96.3 x 10° 
(— 93 X10°° L.H. + 0.165) — 1808 Wp)) 
(117.93 — 25.3 V.V.) (Sip) + 29.41 (Mno) 
+ 0.257 (Ty) + 93.82 — 1285 (— 93 X10°° 
+ 0.165))- 67 tp [6] 


All quantities appearing in these expressions have 
appeared previously in the finishing temperature 
equation with the exception of Wo andtp. In Eq. [6] 
tp,the time of delay between tapping of one heat and 
the charging of the next, is an added refinement that 
had not been used in the finishing temperature equa- 
tion and is designed to compensate for the heat lost 
from the lining during a delay.* 


*See Appendix I. 


It must be emphasized that the form of the scrap 
equation will vary slightly with different oxygen flow 
rates and with different finishing carbon levels be- 
cause such changes will affect the lancing time, the 
total heat losses, and the final slag and steel analy- 
sis. (The above expression is valid only for heats 
finished at 0.05 pct C with an oxygen flow rate of 
6500 cfm, but by modifying certain coefficients, the 
‘equation can be adapted to higher carbon heats and 
to heats refined with different oxygen flow rates.) 

To illustrate the effects that the two most impor- 
tant variables, iron silicon and iron temperature, 
have on the required scrap additions, a plot of scrap 
vs silicon for various iron temperatures has been 
constructed from the scrap equation. The graph is 
presented in Fig. 5. 

Mixer Ladle Drain-Out Equations—As an addi- 
tional refinement to the mathematical model, ex- 
pressions have been developed for approximating 
the average temperature and composition of a hot 
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Fig. 5—Plot of scrap vs silicon for various 
iron temperatures. 
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metal addition that may consist of a mixture of a 
drain-out from one mixer ladle and the balance from 
another that is of different temperature and compo- 
sition. The importance of these relationships be- 
comes apparent when it is considered that a drain- 
out situation is encountered about once in every 
three or four heats with the probability being in 
favor of having a difference in temperature and com- 
position between the two batches of metal comprising 
the mixture. 

Equations are needed for determining only silicon, 
temperature, and manganese becauSe carbon is never 
measured but, instead, is calculated from the iron- 
silicon content and iron temperature, while phos- 
phorus and titanium are assigned constant values. 
The form of these expressions is as follows:* 


*See Appendix I for the derivation of these relationships. 


Average Silicon 


3.4 do) Sipo- Siz) 
Sig = Sip+ 130,000 [7 | 
Average Temperature 
T= + [8] 
130,000 


Average Manganese 


(Woo) (Mnpo- Mng) 
130,000 


Mn, = Mng + [9] 
Test Controlling the Process—During a trial period 
extending from April 6 to May 9, 1959, 227 heats were 
charged with additions calculated from the mathemati- 
cal model, with the following procedure being used to 
determine the charges. Near the end of the refining 
period of one heat approximately 100,000 lb of hot 
metal were poured from the mixer ladle into the iron 
charging ladle to obtain a temperature reading with 
the two-color pyrometer. The temperature, along 
with the iron analysis, plus the melter’s selection of 
lance height position, weight of mill scale, and weight 
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of lime were then used to compute the scrap addition 
by means of the slide rule shown in Fig. 6. (The rule 
was designed from a simplified version of Eq. [6].) 
After the scrap weight was calculated, the hot metal 
was obtained by employing Eq. [4]. This information 
was passed on to the melter who whould have his 
crew weigh out the calculated charge materials. 

It is noteworthy that the entire procedure was car- 
ried out without causing any delay in the charging of 
the succeeding heat. It must also be pointed out that 
the lime used in the calculations was an estimate of 
that required to yield a given V-value. Such an esti- 
mate will not be required in the future as Eq. [6] 
contains lime as an implicit rather than an explicit 
variable. 

All the test heats were finished at 0.05 pct C with 
an oxygen flow rate of 6500 cfm. The end-point was 
determined visually by the melter after which the 
furnace was turned-down and a temperature reading 
taken with an immersion thermocouple. If the heat 
was within the specified temperature range, it would 
be tapped immediately; if it was too hot, it would be 
cooled with a suitable amount of scrap; and if it was 
cold, it would be reblown for an appropriate period 
of time. 

Of the 227 test heats, 148, or 65.1 pct, were within 
the aim range at completion of the heat. A graph ap- 
pears in Fig. 7 to show how the test heats are dis- 
tributed with respect to finishing temperatures. Asa 
comparison, a composite of all the other heats made 
without the aid of the mathematical model during the 
time of the trials is illustrated in Fig. 8. It is ob- 
served that, in addition to the 16.8 pct improvement 
over the composite performance, the heats computed 
with the slide rule are normally distributed, whereas 
the other heats yield a distribution that is skewed. 

The mill trials demonstrated that with the use of 
the mathematical equations improved temperature 
control is feasible. But even with this approach, ad- 
justments are required 35 pct of the time. Numerous 
reasons can be advanced to explain the occurrence 
of off-temperatures—a list of the more significant of 
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= 2600°F 
— Ty; = 2300°F 


-2700 
80 
60 
40 
20 
RULE COMPUTER (shown in Fig. 6) IRON LANCE ao-| LANCE MILL 2 a 4 |scrap 
HEIGHT HEIGHT] V. IM = 
the arrow points to the measured iron tempera- 40-] aoa 
ture on the temperature scale. + 20- — 204 
2) Position the ‘‘Si slide’’ to align the arrow on 2 800- |-28004 -1100-4 
this scale with the iron Mn content. 60-4 — 804 
3) Move ‘‘lance height slide No. 1’’ until the ar- 60 60 
row points to the iron silicon content. | eae 
4) As ‘‘scale No. 1’’ does not move, go on to 60 
lance height slide No. and move it until 
the arrow points to the position on “‘lance 64-4 2900-4 
height slide No. 1”’ that will be used during 2 300 £0000; 
the blow. Also record the number that the 
arrow is pointing to on ‘‘scale No. 1.’’ (This 404 100 
represents the denominator in the simplified 204 207— 3000 
5) Move the ‘‘V.V. slide’’ to align the arrow with eo 
6) Align the arrow on the ‘‘lime slide’’ with the 8,000-| 
: - 20+—0,6— 94—}—4.2— 4 
ima . Value. = 1.4 a 
7) Position the ‘‘mill scale slide’’ so that the 400-4 
arrow points to the proper lime charge. re— 
that is adjacent:to the mill scale addition. 2:2 11 20 a 
(This number is the numerator of the scrap 
. . 
9) Going to the last three scales at the right, _ 60 }- J 
move ‘‘slide No. 1’’ until the previously re- 40-4 404 16,000~ 
corded number for this scale (step 4) is aligned & 20-4 17,0004 
with the recorded value of ‘‘scale No. (step 18,0004 600-4 
8). Then the arrow on ‘‘Slide No. 1”’ will point 
to the required scrap addition on the ‘‘scrap 64— 4 
” 80 -—0.9 604 
scale. 
L204 L 4 20-4] 
20 20 20 
2200-4 1900 L— 600-4 
ime se—t+ 804 60 
60 60 
40-4 + 6404 404 
20-4 20- — 20 
100-4 -1800- 400-4 
Fig. 6—Slide rule computer. 
40 
20 
1700- 
80 
60 — 6o— 
40 
20 
1600 


these is presented in Table IV. It is believed that the 
temperature performance level can be raised con- 
siderably by exerting greater control over some of 
these anomalous conditions, as for example: having 
a more powerful fan for removing smoke from the 
iron reladling stream, taking iron samples from the 
mixer ladle so as to obtain a better analysis, and ef- 
fecting better control of O2 input time. 


CONCLUSIONS 
Results of test heats made at the Jones & Laughlin 
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basic oxygen furnace plant demonstrate that a set of 
mathematical equations, derived from thermochemi- 
cal principles, can be used to calculate thermally 
balanced charges. With controlled charges a greater 
percentage of heats can be turned-down within a 
specified tapping temperature range than is other- 
wise possible. 

The charges were calculated with a special pur- 
pose, slide rule type of computer designed from the 
mathematical model. However, it was decided that 
an electronic computer would be better suited for 
use by operations personnel not only because of its 
greater accuracy but also because it would be easier 


VOLUME 221, FEBRUARY 1961-123 


Table IV. Causes of Off-Temperature Heats 


1) Erroneous Iron Temperature Measurements (Caused by smoke) 
2) Non-Representative Chemical Analyses 

3) Excessive Slag Volume Caused by Erratic Lancing Conditions 
4) Excess Oxygen or Lance Time 

5) Use of Pit Scrap 

6) Long Delays 

7) New Furnace Lining 

8) Computational Error 

9) Error in the Mathematical Model 
10) Error in Weighing Additions 
11) Unmelted Scrap at Completion of the Heat 


to operate than would the slide rule. Such a device 

is now on order, and installation will be made within 
a few months. It is expected that the reduced number 
of off-temperature heats that will result from the use 
of this instrument will be accompanied by significant 
financial returns. 

Much effort must be expended before work in this 
area can be considered as completed. In fact, the 
application of computer techniques to the control 
of the process has only begun, and the future can 
well be expected to see the computer being used for 
the calculation of blowing times and, consequently, 
the control of steel chemistry, as well as for tem- 
perature control. 
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APPENDIX I 


Derivation of the End- Point Temperature Equation 
and the Equations for Computing Charge Additions— 
Both the end-point temperature and the scrap equa- 
tions are to be derived from Eq. [2]. By substituting 
symbolic notation into this expression and utilizing 
the assumptions listed in Table II, the following dif- 
ferential equation is obtained. (Also see the nomen- 
clature in Table I.) 


Rate of Heat Gained by Hot Metal 


Rate of Heat Generated by the Enthalpy Change for 
the Reaction: 


Fe,C CO + 3Fe 


2 
2700° 
WHM dC 
(3400). + Chao an) 0. 95 —— at 


Rate of Heat Generated by the Enthalpy Change for 
the Reaction: 


Fe,C + O, = CO, + 3Fe 


2700° 
WHM dC 


Rate of Heat Generated by the Enthalpy Change for 
the Reaction: 


Fe ,Si + O2 + 2CaO = Ca,SiO, + 3Fe 


T Mca,SiO, dSi 


Specified Tapping 
Range-65.175 OF all 
22.5 Heats in Range 
20.0 4 
= 
3 4 
oO 
4 
4 
4 
20) 4 4 


Fig. 7—Slide rule performance. 
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25.0 
me— Specified 
Ranse-48.3;) Of all 
Heats In Range 
Cline 
Fig. 8—Composite of melters’ per- 3 
formance. 
5 
4 
no 


2230e 2840 2850 2860 2870 2820 2890 2900 2910 2920 2930 2940 2950 2660 2970 295Cz. 
Pelow Temperature (°F) Ur 


Rate of Heat Generated by the Enthalpy Change for Rate of Heat Generated by the Enthalpy Change for 


the Reaction: the Reaction: 
1 
Mn +5 O2= MnO Fe +5 O,= FeO 
T 
Myvino WuMm dMn T 
77° eO dt 


Rate of Heat Generated by the Enthalpy Change for 


the Reaction: Rate of Heat Lost by Generation of Fumes 


5) 
2Fe,P +5 O, + 4CaO = Ca,P,0, + 6Fe ( 
HM 
wer 77 P makin Rate of Heat Radiated from the Flame to the Bath 


Rate of Heat Generated by the Enthalpy Change for 
the Reaction: 


Ti +/O, = TiO, 


+ + 460)* — (T + 460)*] 


TNE ssc, Want aTi Rate of Heat Lost through the Lining 
1 , 
( (TiO,)77 TiO, 100 at —h Sp (T — Ts) 
Oe O - Lance Heisht = 90" 
o - Lance Heisht = 76" 
x - Lance Height = 60" 
V.V. Held Constant at 2.2 
Iii11 Scale + Ore Held Constant 
7000 at 1400 Lbs. 
| 
£000 
| 
| 
Fig. 9—Final FeO vs scrap with lance aeons | 
height as a parameter. 2 : 
| 
1.000 | 
| 
Bquation For as Function Of Lance anc | 
3000 
| 
Scrap | 
Qo 
32 L2 1.6 50 Sh 58 62 66 70 Th 


Scrap x 1073 (Lbs.) 
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Ore Pellets: 


3 
Fe,0, = 2Fe +—~O 

+ h Sp (Ze + 2 
Fe,0, = 3Fe + 2 O, 


Rate of Heat Absorbed by Dissociating Mill Scale and 


dWys W.-W 


Rate of Heat Absorbed by Melting Scrap 


( 


Rate of Heat Absorbed by Uncombined Lime ee 

dl Ag; |{100 dt Meg (gj 4M cao\/Wam 
2A, /\ 100, 


2Ap || 100 dt [1A] The integration of the radiation term was made by 


using the following approximation: 
Solving the Thermal Balance for the Temperature First, let AT = Ty — 7, which upon rvarrangement 


at Turn-Down—Multiplying both sides of Eq. [1A] by gives T = Tp — AT. Then substitute this relationship 
dtand integrating with respect to time and tempera- for T into the expression 


— |0.475 AH(Fe,03),,, + 0.475 Ms, 


| Wao, Weao,) 


ture gives te 
J oSpF [(Ty + 460)*— (T + 460)*] at [3A] 
QF & = 
This yields upon expansion, the term 
tp 
J oSpF AT [4T¢°— AT + AT? AT? 
bo 
Wr. 
+f 0.95 cr)| + 4(460)° + 12(460) 12(460) Ty AT + 12(460)° 
4(460) AT* — 6(460)* AT] dt [4A] 
~|44(co,) 
a As a first approximation, replace the term in the 
Mco ov | Warm brackets by a constant K, AT by Ty—T, and T by the 
+( Ac ) 00 | 0.05 Cp) average value (T, + Tp)/2. This leads to the integrated 
radiation term of Eq. [2A] 
The heat lost through the lining term of Eq. [2A] 
Asi assis 0 has also been approximated by letting T =(T, + T F/2 
law so that 
|4Hmn0),,. 
MMnO ty 
Mn L The folowing expressions are used to evaluate 
Qo and QF. 
Qo = (To 77°) [74] 
+ F = Ch.) (Tp 779) * [8A] 
a AA (Ti0,),,,. *Cp for blown metal is the same as the Cp for scrap, and therefore, 
Cos fee: been used for blown metal. 
where 


_ Wimy 
[AH + (cs...) 179) + (P, Pp) + (Mng — Mnp) + (Tig 
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-t, 
+ oSp rx tr 


fe) 2AR 3A 


(Wins, Wp,) [9A] 


The carbon content of blast furnace iron is not 
normally measured, but with the expression, ® 


this value can be estimated very closely. 
The FeO in the slag at the end of the heat can be 
predicted from the equation 


Wreo,= 7000 — (75,000 — We,)(— 93 x 10° L. H.+0.165) 


+ 1400 (V. V. — 2.8) + 0.5 (Wys, + Wp, — 1400). [114] 
(See Appendix II.) 


The temperature of blast furnace iron is meas- 
ured with a two-color pyrometer sighted on the 
metal streaming from the mixer ladle to the iron 
transfer ladle. Due to heat losses incurred during 
the transfer from the reladling pit to the furnace, the 
measured value is always higher than when the iron 
is poured into the furnace. To correct for this loss, 
the following empirical relationship is used 


T, = 0.95 (Tyy).+ 100(°F). [12A] 
The end-point steel analysis is considered to be 
Cr =0.05 pct 

Sir = 0.01 pct 

Mnf = 0.12 pct 

Pr = 0.015 pect 


Tir = 0.01 pet [13A] 


Because phosphorus and titanium in the iron are 
not measured regularly, it is necessary to estimate 
these quantities at 


P, = 0.11 pet and 


pet [14A] 

Now solving Eqs. [2A], [7A], [8A], [9A], [10A], [114], 
and [12A] simultaneously; inserting the conditions im- 
posed by [13A] and [14A]; and using the coefficients of 
Table V yields the expression for predicting basic 
oxygen furnace end-point temperatures, Eq. [3]. A 
sample calculation is presented in Table VI. 

Solving the Thermal Balance for the Required 
Charge Additions of Hot Metal, Lime, and Scrap— 
The weight of hot metal is obtained directly from 
the definition of the weight of charge, and the ex- 
pression that results is given by Eq. [4]. Lime is 
computed from the stoichiometric relationship, Eq. 
[5]. The required scrap equation is derived by 
specifying that the turn-down temperature be 2900°F, 
employing all the relationships and conditions used 
to derive the end-point temperature equation, and 
replacing the weights of hot metal and lime in Eq. 
[2A] by their equivalent forms, Eq.[4] and[5]. This 
leads to the desired expression, Eq. [6]. A sample 
calculation appears in Table VII. 
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Table V. Evaluation of Coefficients Used in the Heat Balance 


Reaction 


Heat of Reaction* at 77°F 


Fe,C + 40, = 3Fe + CO 


Fe,C + 0, = 3Fe + CO, 


Fe,Si + O, + 2CaO = 3Fe + Ca,SiO, 


2Fe,P + 40, + 4CaO = 6Fe + Ca,P,0, 


Mn + 40, = MnO 
Ti + O, = TiO, 
Fe +O = FeO 
Fe,0, = 2Fe + 40, 


205 


Btu 
°F Ib CO 
Btu 
°F Ib CO, 
Btu 
Ca,SiO, 
Btu 


C 0.281 


PCO 


GE 


0-287 


Coca, SiO, 


(prio, 


Btu 
Btu 
°F lb FeO 
Btu 
°F Ib Steel 


Cocao 0.382 OF Ib CaO 


Btu 
Conny = 0-219 oF ib AM 


o = 2,808 x 10 min ft? °R* 


Chca,P = 0.347 


0276 


Chg = 0.214 


Sp = 314 ft? 

F=0.2 

K = 176 x 10° °F® 
Btu 

h= 0.022 

Sp = 225 ft? 

Ty = 3500°F 

T, = 250°F 


Alico = ~4708 
Alco, = ~14850 
AHca,sio, ~14129 
AF ino = ~3015 
= -8230 
= 
Allre,0, = +2218 
AHre,o, = +2076 

Ref. 

6a 

6a 

5 

6b 

6b 

5 

6b 

6a 

6c 

6a 

7 

7 

2b 


tr = 20.5 min (for an O, rate of 6500 ft*/min) 


Determining the Average Temperature, Silicon, 


and Manganese for Drain Outs— Frequently the re- 


quired hot metal addition is composed of a drain 

out from one ladle and the balance from another of 
different temperature and composition. Under those 
conditions it is necessary to ascertain the average 
temperature and composition of the mixture. With 
the use of the lever law, these quantities can be 
readily evaluated as follows:° first, consider that for 
silicon the simultaneous solution of the expressions 


Wr = Wp yields 


(ws) 


(2) (78) = (woo) 


[15A] 


[16A] 
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Table VI. Sample Calculation of a Heat with a High Turn-Down 
Temperature 


Table VII. Sample Calculation of a Heat with an Intermediate Scrap 
Requirement 


Heat 575155 
Temperature at turn-down = 3020°F 


Ty =2600°F 1.50) = 0.55 pet 
Ws  =58,000 Ib. Weao= 13,000 Ib Wyy = 128,000 Ib 
Wys = 1400 1b. VV =2.9 Lance Height = 84 in. 


ctn =-93 x L.H. + 0.165 = 0.087 


Heat 584288 
Temperature at turn-down = 2900°F 


Tu = 2415°F SS Mn, = 0.49 pct 
Ws = 54,000 1b Way = 132,000 1b = None 
= 10,200 Ib Wus = 1400 1b 
Lance Height = 81 in. ctn ¢ = —93 x 10° L.H. + 0.165 = 0.09 


Total Charge = 186,000 lb 


87.35 = 87.35 87.35 
0.255 Ty = 0.255 x 2600 = 663.00 
IS 131-4 197.00 
30.34 Mn, = 30.34 x 0.55 = 16.65 


128,000 x 964.00 = 123.39 x 10° 
16.47 Ws = 16.47 x 58,000 = 0.96 x 10° 
29.57 Weao = 29.57 x 13,000 = 0.38 x 10° 
2.26 x 10° VV = 109 =" 625515 10% 
19.93 x 10 = 19.93 x 10° = 19.93 x 10° 
-3125 Ty = -3125 x 2600 = -—8.13 x 10° 
—(121.4 x 10° — 1618 W5)ctnd = ~27.4 x 10° x 0.087 = —2.40 x 10° 
—1225 Wuys = —1225 x 1400 = ~—1.72 x 10° 
Numerator = 138.96 x 10° 
0.211 = 0.211 
0.0041 Si, = 0.0041 x 1.5 = 0.0061 
0.00025 Mn, = 0.00025 x 0.55 = 0.0001 
—285 x 10-* Ty = —285 x x 2600 = -0.0074 
128,000 x 0.2098 = 26.854 
26,850 = 26,850 = 26,854 
0.214 Ws = 0.214 x 58,000 = 12,412 
0.384 Weao = 0.384 x 13,000 = 4,992 
140 VV = 140 x 2.9 = 406 
0.19 Wys = 0.19 x 1400 - 266 
1225 = 2 
—(7500 — 0.1 Ws) ctnd = -1700 x 0.087 = -148 
Denominator = 46,007 
6 


46,007 


W 
SLA sip + (Sipg—Sig). [17A] 
Wr 
It is noted that until the average composition and 
temperature are determined, Wy remains as an un- 
known. However, letting Wy be equal to 130,000 lb 


(117.93 25.3 VV) Si, = (117.93 — 25.3 x 3.1)(1.07) = 42.27 
29.41 Mn, = 29.41 x 0.49 = 14.41 
0.257 Ty = 0,257 x 2415 = 620.66 
-502.19 = —502.19 = —502.19 
186,000 x 175.15 = 32.58 x 10° 
S105 VV. = 1.8x 10° x 3.1 = 5.58 x 10° 
16.22 x 10° = 16.22 x 10° = 16.22 x 10° 
—3125 Ty = —3125 x 2415 = -7.55 x 10° 
—96.3 x 10° ctn d = —96.3 x 10° x 0,09 = —8.67 x 10° 
—1808 = —1808 x 1400 = —2.53 x 10° 
Numerator = 35.63 x 10° 
(117.93 = 25.3 VV)Si, = (117.93 — 25.3 x 3.1)(1.07) = 42.27 
29.41 Mn, = 29.41 x 0.49 = 14.41 
0.257 Ty = 0.257 x 2415 = 620.66 
93.82 = 93.82 
~—1285 ctn d = —1285 x 0.09 = -115.65 
Denominator = 655.51 
35.63 x 10° 
Scrap = $55 54,354 lb 
Hot Metal = 186,000 — 54,354 = 131,646 lb 
(Fas) (VV) ($32) (3.1) (131,646) 


10,156 lb 


will serve as a reasonably good approximation, and 
the error introduced as a result of this simplifica- 
tion is of little consequence. With the substitution 
of this value for Wr, Eq. [7] was derived. 

By a similar procedure expressions were obtained 
for computing the average iron temperature and the 
average iron manganese, Eqs. [8] and [9]. 

Delays—Occasionally, after a heat is tapped, there 


09 
£08 |= 
3 als cts Poon = = 0.081 Fig. 10—Ctn ¢ vs lance height. 
ctn = x 10-4 + 
50 58 66 7h 32 G0 96 1066 114 122 
LANCE HEIGHT (INCHES ABOVE THE BaTH) 
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24.00 


Equation of the Straight Line 
2000 F- 


AFe0y y, = 1400 (V.V. -2.2) Lbs. © 


1.600 


1200 


1,00 


-100 


Zao) Balk, 2.8 B02 
Value 


Fig. 11— Variation of final FeO with V-value. 


is a delay in charging the next heat with the result 
that the furnace cools to a greater extent than is 
normal. Unless a compensation is made, the fol- 
lowing charge will lose an abnormal amount of heat 
to the cooled lining, thereby resulting in a low turn- 
down temperature. As a compensation for this 
anomaly, it has been determined empirically that 
for every minute of delay 67 lb of scrap should be 
subtracted from the scrap charge. This factor can 
be introduced into the scrap equation by appending 
to it the term, —677¢p, where fpis the time of the 
delay expressed in minutes. Experience has shown 
that this relationship holds for delays of less than 


APPENDIX II 


Development of an Equation for Predicting Total 
Slag FeO at Turn-down—An analysis reveals that 
for low-carbon heats the total FeO in the slag at 
turn-down is a function of lance height, basicity 
ratio, weight of scrap, weight of mill scale, and 
weight of ore pellets in the charge. It may appear 
that blowing time should also be considered as a 
pertinent variable, but for a given oxygen flow rate 
and constant finished carbon, blowing times are 
relatively constant. 
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Equation of the Straight Line: 


Scale 


(Lbs.) 


1000 2000 3000 40CO £0co 
Ore + Scale (Lbs.) 


Fig. 12—Variation of final FeO with ore and scale additions. 


To relate the above quantities to total FeO, the 
following expression is used 


AFeOry = AFeO(zy W;) AFeOyy + AFeO(y, +W,)» 


[1B] 
where AFeO(zy w;), 4FeOyy, and AFeO(w,. + Wp) 


are the contributions of lance height plus scrap 
weight, basicity ratio, and mill scale plus ore pel- 
lets, respectively, to the formation of AFeO7, total 
FeO. 

In Fig. 9 AFeO is plotted against weight of scrap 
with lance height as a parameter, V. V. held at 2.8, 
mill scale equal to 1400 lb, and no ore additions. 
From this plot the following relationship is readily 
deduced 


A FeOzy + Ws = 7000 — (75,000 — Ws) ctn¢, (Ib) [2B] 


Here (¢) is the angle between the vertical line at 
75,000 lb of scrap and the straight line plot of AFeO 
vs scrap. 

Fig. 10 reveals that ctn@ is a linear function of 
lance height and is of the form 


ctnd = — 0.00093 (L.#.) + 0.165. [3B] 


In Fig. 11 AFeO is plotted againt V. V. Here the 
FeO is the amount greater or less than that deter- 
mined from Eq. [2B]. The following equation is de- 
rived from this graph 


A FeOpy =1,400 (VV — 2.8). (1b) [4B] 


The effect of mill scale and ore additions on total 
FeO is plotted in Fig. 12. Here again the value of 
AFeO is the amount greater or less than that 
determined from Eq.[2B]. From this figure 
AFeO(w,, . w,) is found to be related to mill scale 


and ore additions by the expression 


AFeO(w,. + W,) = 0-5 (Wys + Wp — 1400). (Ib) [5B] 
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Substituting Eqs. [2B], [3B], [4B], and [5B] into 

Eq. [1B] gives 

AFeOr = 7000 — (75,000 Ws)(—93 x 10° L.A. 

+ 0.165) + 0.5 (Was + Wy — 1400) + 1400 -2.8)(1b) 


[6B] 
And since 


AFeOr = WFeOr WFeO, where W FeO, = 0, 
Eq. [6B] takes the form 


WFeO, = 7000 — (75,000 — Ws)(— 93 x L.H. + 0.165) 


+ 0.5 (Wig + Wy — 1,400) + 1,400 (V, V, — 2.8)(Ib) 
[7B] 
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A Study on the Texture Formation in Rolled 


and Annealed Crystals of Silicon-lron 


Three single crystal strips of a 3 pct Si-Fe alloy with approxi- 
mately (110) [001], (210) [001], and (100) [001] orientations were 
rolled at room temperature to 30, 50, and 70 pct reductions in 
thickness. Their deformation and annealing textures were studied. 
In most cases, the change in texture upon recrystallization and 
subsequent growth can be described as rotations around the <110> 
axes. A<100> rotational relationship was also observed. The 


temperature dependence of recrystallization textures was discussed. 


Wie considerable data have been published on 
the rolling and annealing textures in silicon-iron 
crystals, very little study has been made on the tex- 
ture formation at various stages of rolling deforma- 
tion, and during the process of recrystallization. 
Dunn’ in some of his early works had studied the ori- 
entation of recrystallized grains in crystals cut out 
from lightly rolled (10 to 20 pct reduction) large 
grained sheets. He found that in most cases a third- 
order twin relationship exists between the crystal 
and the recrystallized grains. This orientation rela- 
tionship actually corresponds to rotations around the 
<110> axes. The more recent studies of Dunn’’® 
and of Dunn and Koh”® on the rolling and annealing 
textures in various silicon-iron crystals were con- 
cerned mostly with a cold-rolling reduction of 70 pct 
and annealing at 980°C for recrystallization. Reduc- 
tions of similar magnitude were also employed by 
Walter and Hibbard in rolling columnar crystal 
aggregates of a silicon-iron ingot. A systematic 
study of the effect of rolling reduction on the deforma- 
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tion and annealing textures is still lacking. Regarding 
the effect of annealing temperature on the texture 
formation, Dunn’* has observed a change in the recrys- 
tallization texture by annealing a 70 pct rolled (110) 
[001] crystal first at a low temperature then at ahigh 
temperature. But the details of texture formation 
during the annealing treatments were not thoroughly 
investigated. The present investigation was under- 
taken to study the texture developments at various 
stages of rolling deformation and of the recrystalliza- 
tion process, so that a better understanding on the 
texture formation in silicon-iron crystals may be 
obtained. 


EXPERIMENTAL PROCEDURE 


The three single crystals used in the present in- 
vestigation were selected from the group of single 
crystal strips previously prepared’ from a high grade 
commercial Si-Fe alloy with 3 pct Si. The thickness 
of these single crystal strips was 0.040 in. The ori- 
entations of the three crystals as determined by the 
X-ray back-reflection Laue technique are shown in 
Table I. 

Each of the three crystals was rolled at room tem- 
perature along the strip direction to 30, 50, and 70 
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Table |. Initial Orientations of the Single Crystal Strips 


Crystal Strip Plane Strip Direction 
No. 16 6° (110) 9° [001] 
No. 3 <1° (210) 0° [001] 
No. 7 3° (100) 9 [001] 


pct reductions in thickness in a 5 in. diam rolling 
mill. Both sides of the crystal were lubricated with 
Vaseline during rolling. Enough length of the rolled 
strip for making 4 or 5 specimens was cut off when 
desired reduction was reached, and the remainder 
was further rolled to the next higher reductions. A 
jeweler’s saw was used for cutting the rolled crystal 
strips into specimens. For specimens to be annealed, 
the material on the surface layer and at the edges 
was etched off before annealing treatments. All an- 
neals were carried out by introducing the specimen 
into a tube furnace at a constant temperature with a 
purified hydrogen atmosphere. After the specimen 
was held at that temperature for a specified length 
of time, the specimen was then cooled to room tem- 
perature by removing it to the cold zone inside the 
furnace tube. 

The microstructure of each specimen was always 
examined before the specimen was prepared for X-ray 
pole-figure determinations. For X-ray analysis the 


sample was etched in a mixture of 10 to 1 phosphoric- 


nitric acid solution to a very thin thickness. For the 
originally thick specimens, such as the 30 and 50 pct 
rolled series, the specimen was first ground evenly 
on both sides on emery papers to about 0.010 in. 
thick and then etched to a uniform thickness of ap- 
proximately 0.0015 in. 


Q Neor (110) (io) 
O Neor (itt) [112] 
@ Neor (II!) [112] 
Near (100) [011] 


Fig. 1(b)—(110) pole figure of the cold-rolled (110) [001] 
crystal. 50 pet rolled. 0 initial orientation of crystal. 
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Q Neor (110) [001] (io) 
QO Neor (111) [112] 

Neor (111) [12] 

x 


Neor (100) [Olt] 


Fig. 1(a)—(110) pole figure of the cold-rolled (110) [001] 
crystal. 30 pct rolled. 0 initial orientation of crystal. 


Texture determinations were made by obtaining the 
{110} reflections from a Norelco X-ray Geiger coun- 
ter spectrometer with zirconium -filtered molybdenum 
radiation. An integrating transmission specimen 


Neor (110) [00%] (io) 
O Neor (itt) [i712] 
Neor (II!) [112] 
xX Neor (100) [O11] 


Fig. 1(c)—(110) pole figure of the cold-rolled (110) [001] 
crystal. 70 pet rolled. 0 initial orientation of crystal. 
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Fig. 2—Microstructure of the cold-rolled (110) [001] crys- 
tal. 70 pet rolled, showing the Neumann bands are severely 
distorted, and the banded structure in the matrix. Nital 
etch. X100. Reduced approximately 26 pct for reproduc- 
tion. 


holder was used. Intensity contours were plotted on 
the pole figure in multiples of the random intensity 
measured from a carbonyl iron powder specimen 
after appropriate corrections for absorption and back- 
ground intensities were made. Because of the con- 
struction of the transmission specimen holder, in- 
tensity measurements within the circle of a 30-deg 
radius at the center of the pole figure could not be 
obtained. No special effort was made in obtaining the 
intensity data within that central circle either by using 
a reflection specimen holder or by recording the dif- 
fractions from the family of planes of higher indices, 


R.D. 


Q Neor (110) 


Fig. 3(6)—(110) pole figure of the cold-rolled and annealed 
(110) [001] crystal. 50 pet rolled and annealed 800°C—15 
min. 0 mean orientation of the deformation texture. Ar- 
rows indicate rotations of 25 deg around the correspond- 
ingly numbered {110} poles of the deformation texture. 
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() Near (110) 


Fig. 3(a)—(110) pole figure of the cold-rolled and annealed 
(110) [001] crystal. 30 pct rolled and annealed 800°C—15 
min. 0 mean orientation of the deformation texture. Ar- 
rows indicate rotations of 25 deg around the correspond- 
ingly numbered {110} poles of the deformation texture. 


R.D, 


O Neor (iil) [i112] 
B Near (1) [112] 


Q Near (110) (i.o.) 


Fig. 3(c)—(110) pole figure of the cold-rolled and annealed 
(110) [001] crystal. 70 pet rolled and annealed 800°C—15 
min. 0 initial orientation of crystal as well as the mean 
orientation of the recrystallization texture. OD and @ mean 
orientations of the deformation texture. Arrows indicate 
rotations of 35 deg around the (110) pole A of the defor- 
mation texture. 
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such as those suggested by some workers.””® It is 
felt that for the purpose of orientation analysis of the 
texture, the present pole figures suffice. 


EXPERIMENTAL RESULTS 


The (110)[001] Crystals— Figs. 1(a) to 1(c) are the 
(110) pole figures obtained respectively from the 30, 
90, and 70 pct rolled crystal, No. 16. The initial ori- 
entation of the crystal is indicated in all the pole fig- 
ures by the open lens-shaped symbols. The rolling 
texture of this (110)[001] crystal after 70 pct reduction 
is in general agreement with the results reported by 
Dunn.” It consists of a pair of twin-related compo- 
nents of the (111)[112] and (111)[113] type (with the 
former as the stronger one) as indicated by the open 
and filled rectangles respectively, plus another weak 
component of the (160)[011] type, as shown by the 
crosses, Fig. 1(c). The orientations of all these com- 
ponents were similarly indicated in Figs. 1(a) and 
1(b) for easy visualizing as to how these orientations 
were developed as the amount of reduction increases. 
As shown by these pole figures, the orientation 
spread at each original (110) pole (except the one 
near C.D.) increases as the amount of deformation 
increases, with the (110) pole near C.D. as the axis 
of rotation. It is also clearly shown that the (100) 
[011]-type component was developed the earliest dur- 
ing the rolling process (see Fig. 1(a), 30 pet reduc- 
tion), then the (111)[112]-type components, which 
were formed after higher reductions [see Figs. 1(d) 
and 1(c)]. The (111)[112]- and (111)[112]-type orienta- 
tions were reached when the amount of rotation from 
the (110)[001] initial orientation of the crystal was 
35 deg in both clockwise and counterclockwise direc- 
tions, using the (110) pole near C.D. as a rotation 
axis; and they were considered being the stable end 
orientations.’° As Dunn’® pointed out, the (100)[011]- 
type component was developed from the mechanical 
twins (Neumann bands) formed during the early stage 
of deformation. The microstructures of these speci- 
mens correlated very well with their corresponding 
textures. At 30 pct reduction, the Neumann bands 
formed during the early stage of deformation had 
largely kept their overall straightness with slightly 
corrugated boundaries. These correspond to the very 
low intensity and small orientation spread of the (100) 
[011]-type component in the texture, Fig. 1(a). At 50 
pet reduction, more Neumann bands were produced, 
and they were more severely distorted, corresponding 
to the increase in intensity and in orientation spread 
of the (100)[011]-type component in the texture, Fig. 
1(b). At 70 pct reduction, there was no further in- 
crease in the number of Neumann bands, but the dis- 
tortion of the Neumann bands was much more severe, 
as shown in Fig. 2. Also, the matrix appeared to 
have shown a banded structure, which may well ex- 
plain the double (111)[112]-type components in the 
texture, Fig. 1(c). 

Figs. 3(a) to 3(c) are the (110) pole figures obtained 
from the annealed specimens (800°C—15 min). Micro- 
scopic examination of these specimens indicated that 
recrystallization was complete only in the 70 pct 
rolled specimen. The average grain size was 0.02 
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mm. The recrystallization texture of the 70 pct rolled 
specimen, as shown in Fig. 3(c), is in good agreement 
with the results reported by Dunn,” i.e., asingle (110) 
[001]-type orientation which can be derived from the 
(111)[112]- and (111)[112]-type components of the de- 
formation texture by rotations of 35 deg about the 
[110] axis near C.D. (marked A). Such rotations are 
indicated by the arrows in the pole figure. The micro- 
structures of the other annealed specimens, which 
were rolled 30 and 50 pct, were polygonized and par- 
tially recrystallized. The recrystallized grains in 
the 30 pct rolled specimen were large, and most of 
them were not equiaxed in shape as a result of aniso- 
tropic growth in the polygonized matrix. In the 50 pct 
rolled specimen, the recrystallized grains were more 
regular in shape and numerous. They had an average 
diameter of 0.09 mm. The evidence of polygonization, 
as observed microscopically in these two specimens, 
also explains the considerable retainment of their 
deformation textures, Figs. 3(a) and 3(d). If we take 
the initial orientation of the crystal as the mean 
orientation of their deformation textures, it is seen 
that the new orientations formed upon recrystalli- 
zation can be mostly accounted for by rotations 
around <110> axes. Arrows in these pole figures 
indicate rotations of 25 deg. Both the arrows and the 
<110> axes are numbered correspondingly. 

Fig. 4 is the pole figure of another 70 pct rolled 
specimen, which was annealed at 550°C for 24 hr. 
The specimen was completely recrystallized, and 
the grains were not quite uniform in size. The aver- 
age grain diameter was 0.03 mm. As indicated by 
the filled lens-shaped figures, the texture was of the 
(210)[001] type rather than the (110)[001] type. 


The (210)[001] Crystal—The behavior of the (210) 


R.D. 


@ Neor (210) 


Fig. 4—(110) pole figure of the 70 pct rolled (110) [001] 
crystal, after annealed 550°C—24 hr. 0 mean orientation 
of the recrystallization texture. 
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Q (210) [ool] (io) 


Fig. 5—(110) pole figure of the cold-rolled (210) [001] 
erystal. 30 pct rolled. 0 initial orientation of crystal. 


[001] crystal (No. 3) upon rolling deformation is, in 
general, very much similar to that of the (110)[001] 
crystal. The deformation textures of the 30 and 70 
pct rolled specimens are shown in Figs. 5 and 6, 
respectively. The lens-shaped symbols indicate the 
initial orientation of the crystal. The open and filled 
rectangles indicate the (132)[112] and (132)[112] ori- 
entations, respectively. These two orientations, 
corresponding to the (111)[112] and (111)[113] in the 
rolled (110)[001] crystal, are also twin-related to 
each other. The amount of rotation as these stable 
end orientations were reached is 35 deg. At 70 pct 
reduction the texture consists of a strong (132)[112] 
component and a weak (132)[112] component, Fig. 6. 
This is in general agreement with the results obtained 
by Walter and Hibbard’ in two of their approximately 
(210)[001] crystals. As seen from these pole figures, 
there is no texture component in the rolled (210)[001] 
crystal corresponding to the (100)[011]-type compon- 
ent in a rolled (110)[001] crystal. This again corre- 
lates very well with the absence of Neumann bands in 
the deformed specimens. 

The rolled specimens were similarly heat treated 
by annealing at 800°C for 15 min. The 30 pct rolled 
sample was recrystallized only to about 20 pct by 
this anneal with mostly coarse grains of 1 to 2mm 
in diam. The orientations of these recrystallized 
grains and of the matrix were determined by an optical 
goniometer after the specimen was etched in a solu- 
tion of 10 cc HNO, + 10 cc H,SO, + 5 cc HF + 75 ce 
H,O. Fig. 7(a) shows the orientation relationship be- 
tween the recrystallized grains and the unrecrystal- 
lized matrix. The arrows indicate rotation of 25 deg 
around the correspondingly numbered {110} poles of 
the matrix. It is seen that the <110> rotational re- 
lationship holds fairly well for the new orientations 
produced by recrystallization. For two of the three 


134—VOLUME 221, FEBRUARY 1961 


0 (210) [ool] (io) 
O Neor (132) [lI2] 
@ Neor (132) [112] 


Fig. 6—(110) pole figure of the cold-rolled (210) [001] 
crystal. 70 pet rolled. 0 initial orientation of crystal. 


grains of nearly cube orientation, a rotation of about 
25 deg around the [001] axis at R.D. appears to be a 
better description for the resulting change in ori- 
entation. 

In the 50 pct rolled specimen, recrystallization 
was almost complete after a similar anneal. The 
average grain diameter was 0.09 mm. The (110) pole 
figure obtained from this specimen is shown in Fig. 
7(b). It is again clear that most of the newly appeared 
orientations produced by recrystallization can be 
related to the mean orientation of the deformation 
texture by <110> rotations. There also seem to be 
indications that a weak component was derived from 
a rotation around the [001] axis at the R.D. rather 
than from any of the <110> rotations. This is par- 
ticularly obvious in the orientation spread near C.D. 
along the equator of the pole figure. 

Fig. 7(c) is the pole figure obtained from the 70 
pet rolled specimen after annealing at 800°C for 15 
min. The similarity in behavior of the (210)[001] 
crystal and the (110)[001] crystal is more clearly 
shown in the pole figure [compare Fig. 7(c) with Fig. 
3(c)]. The main orientation change upon recrystal- 
lization in both of these two crystals is a rotation of 
35 deg in both clockwise and counterclockwise direct- 
ions around the [110] axis near C.D. These are indi- 
cated by the unnumbered arrows in the pole figure. 
The component A in Fig. 7(c), as indicated by the 
crosses, has an orientation of (410)[001] and it can 
be described as a result of an [001]-type rotation of 
approximately 12 deg around the (001) pole at R.D. 
Such rotation is shown by the dash-lined arrows. As 
seen from Fig. 7(c) there are also other weak com- 
ponents present, probably resulted from growth after 
recrystallization was complete. They are related to 
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0,0 (210) [ooi] 


Fig. 7(a)—(100) pole figure of the cold-rolled and annealed 
(210) [001] crystal. 30 pct rolled and annealed 800°C—15 
min. 0 and 0 are the {100} and {110} poles respectively 
of the matrix orientation. The black dots and small open 
circles are the {100} poles of the recrystallized grains. 
(Small open circles are used here to distinguish those 
grains having near cube orientations from the others). 
Arrows indicate rotations of 25 deg around the correspond- 
ingly numbered {110} poles of the deformation texture. 


the (210)[001] recrystallization texture by <110> 
rotations around some of the {110} poles as indicated 
by the correspondingly numbered arrows. The aver- 
age grain diameter was 0.04 mm, which is twice as 
large as the grains in the correspondingly rolled 
(110)[001] crystal after the same annealing treatment. 
But in the 50 pct rolled and annealed specimens of 
the (210)[001] and (110)[001] crystals, the resulting 
grain size in both cases was about the same (0.09 
mm). This suggests that the 70 pct rolled (210)[001] 
crystal responds to the annealing treatment more 
sensitively than does a similarly reduced (110)[001] 
crystal. 

When the same specimen was further annealed at 
1200°C for 15 min., the (410)[001] component, as 
designated by the crosses, had grown at the expense 
of the other texture components; and it thus became 
the main texture. The average grain diameter had 
increased from 0.04 mm to 0.13 mm as a result of 
this annealing treatment at 1200°C. 

The (100)[001] Crystal—The deformation textures 
of the 30 and 70 pct rolled specimens of crystal No. 
7 are shown in Figs. 8 and9, respectively. In contrast 
to the previous two crystals, the present crystal of 
a nearly cube orientation rotates about the rolling 
plane normal as the deformation increases. The di- 
rection of such rotation is mainly counterclockwise. 
Other investigators® have observed such rotations in 
both clockwise and counterclockwise directions. The 
mean orientation of the deformation texture is marked 
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(210) fooi 


Fig. 7(6)—(110) pole figure of the cold-rolled and annealed 
(210) [001] crystal. 50 pet rolled and annealed 800°C—15 
min. 0 mean orientation of the deformation texture. Ar- 
rows indicate rotations of 25 deg around the correspond- 
ingly numbered {110} poles of the deformation texture. 


R.D, 


C.D. 


O Neor (132) [lI2] 
Neor (132) 
0 (210) [ool] 
x A, (410) oll 


Fig. 7(c)—(110) pole figure of the cold-rolled and annealed 
(210) [001] crystal. 70 pct rolled and annealed 800°C—15 
min. X (410)[001], the component A, which can be derived 
from the deformation texture by a rotation of approximately 
12 deg around the (001) pole at R.D. as indicated by the 
dash-lined arrows. Other symbols are the same as in Fig. 
6. Numbered arrows indicate rotations of 25 deg around 
the corresponding {110} poles of the recrystallization tex- 
ture, which has the same orientation of the virgin crystal. 
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0 Neor (100) (io.) 
x (d.t) 


Fig. 8—(110) pole figure of the cold-rolled (100) [001] 
crystal. 30 pct rolled. 0 initial orientation of crystal. X 
mean orientation of the deformation texture, correspond- 
ing to a counterclockwise rotation of approximately 6 deg 
from the initial orientation of the crystal around the roll- 
ing plane normal. 


by the crosses. The amount of rotation after 30 pct 
reduction was approximately 6 deg, and that after 50 
and 70 pct reductions was approximately 12 and 25 
deg, respectively. The tendency for the deformed 
crystal to approach the end orientation of (100)[011] 
was obvious. In the 30 pct rolled crystal, there were 
two or three Neumann bands formed in one corner of 
the specimen. The one low intensity area located 
between eight and nine o’clock positions in Fig. 8 was 
probably from these Neumann bands. However, no 
Neumann bands were observed in the 50 and 70 pct 
rolled specimens. 

These rolled specimens were annealed at 900°C 
for 15 min. In the 30 pct rolled specimen, recrystal- 
lization was about 60 pct complete. The recrystal- 
lized grains had very nonuniform sizes. Some large 
ones were elongated in shape. The orientations of 
these large grains were determined by optica’ gonio- 
meter, and their corresponding {110} poles were 
superimposed on the pole figure normally obtained 
from the mostly small-grained areas of the specimen. 
This is shown in Fig. 10(a). As seen from this figure, 
there is considerable retention of the deformation 
texture, while the new orientations are fairly well 
related to the mean orientation of the deformation 
texture by <110> rotations as shown by the arrows. 

In the 50 pct rolled specimen, recrystallization 
was almost complete. The recrystallized grains 
were slightly more uniform in size than that in the 
30 pct rolled specimen, but a few grains were as 
large as 1 mm in diameter. The recrystallized tex- 
ture had rather scattered orientations as shown by 
the pole figure in Fig. 10(b). However, as indicated 


136—VOLUME 221, FEBRUARY 1961 


0 Neor (100) (io) 
X Near (100) [Oil] (d.t) 


Fig. 9—(110) pole figure of the cold-rolled (100) [001] 
crystal. 70 pet rolled. 0 initial orientation of crystal. X 
mean orientation of the deformation texture, correspond- 
ing to a counterclockwise rotation of approximately 25 deg 
from the initial orientation of the crystal around the roll- 
ing plane normal. 


by the arrows, most of the relatively high intensity 
areas can be accounted for by <110> rotations from 
the deformation texture. 

The 70 pct rolled specimen was completely recrys- 
tallized with a fairly uniform grain size of 0.18 mm. 
The texture obtained from this specimen, Fig. 10(c), 
was considerably sharper than that of the 50pctrolled 
specimen. As shown by this pole figure, a prominent 
component A has a nearly cube orientation. This 
component is related to the deformation texture by a 
clockwise rotation of 45 deg around the rolling plane 
normal of the specimen, which is close to a [100] 
axis. Such rotation is shown by the unnumbered 
arrows. There were also other orientations present 
in the texture. As indicated by the numbered arrows, 
these orientations can be largely derived from the 
deformation texture by rotations around the corres- 
spondingly numbered {110} poles. 


DISCUSSION OF RESULTS 


The (110)[001] Crystal—As shown in the previous 
section, there is much similarity in the behavior of 
a (110)[001] crystal and that of a (210)[001] crystal. 
From their rolling textures at different reductions, 
a measurement of the orientation spread along the 
longitudinal direction at an intensity level of 1 X ran- 
dom for each of the original {110} poles gives the 
results in Table II. 

The rapid increase in the longitudinal orientation 
spread of all the {110} poles but the one near C.D. 
indicates that the latter acted as an axis of rotation 
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Table I]. Longitudinal Orientation Spread of the Rolling Textures 


Spread at Average Spread 
Pct the (110) Pole at the Other 

Crystal Reduction Near C.D. Four (110) Poles 
(110) [001] 30 aT 39° 
50 30° 60° 
70 30° 70° 
(210) [001] 30 22° 
50 24° 48° 
70 68° 


during the deformation process. Such rotations had 
started quite early, probably before a 30 pct reduc- 
tion was reached, and continued to operate until the 
end orientations were developed at a reduction some- 
where close to 70 pct. Thus, the manner of flow of 
the crystal showed practically no difference for the 
whole range of rolling reductions studied. However, 
the annealing textures of the 30 and 50 pct rolled 
Specimens appear to be quite different from that of 
the 70 pct rolled specimens, Figs. 3(a) to 3(c). For 
the 70 pct rolled and annealed specimen, a simple 
rotational relationship using the (110) pole near C.D. 
as the rotational axis explains very well for the re- 
crystallization texture, Fig. 3(c); whereas, rotations 
around most of the {110} poles are needed for the 30 
and 50 pct rolled and annealed specimens, Figs. 3(a) 
and 3(d). 

These results indicate that the axes of rotation 
relating the deformation and recrystallization tex- 
tures are not necessarily the poles of active slip 
planes during deformation, as some investigators 
suggested.° It is also very obvious that slip can 
hardly take place on the plane represented by the 
(110) pole near C.D., yet it is the only axis of rota- 
tion relating the deformation and the recrystalliza- 
tion textures in a 70 pct rolled specimen. 

It is interesting to note that the recrystallization 
texture of a 70 pct rolled specimen can be either a 
simple (110)[001] or a simple (210)[001], depending 
on the temperature of anneal. As shown in Fig. 4 
when the specimen is completely recrystallized at a 
low temperature (550°C—24 hr), a (210)[001]-type 
texture is produced. In a previous note’ it was shown 
that after a 70 pct rolled specimen was annealed at 
550°C for 2 hr, a slight reorientation was noted in 
the pole figure, which may be described as a shift in 
the orientation spread from the (110)[001] orientation 
to the (210)[001] orientation (see Fig. 3 in Ref. 11), 
involving a rotation around the [001] axis at R.D. 
This reorientation corresponded microscopically 
with the appearance of a number of recrystallized 
grains in the regions between deformation bands, 
and at the strain makings within the bands (see Fig. 
4 of Ref. 11). These regions are doubtlessly more 
severely strained than the rest of the deformed ma- 
trix. As a consequense, recrystallization takes place 
in those regions earlier. Other parts of the deformed 
metal, which are represented predominantly by the 
(111)[112]-type texture, probably require a higher 
temperature for recrystallization to start. Thus, 
when a low annealing temperature is employed, com- 
plete recrystallization of the specimen is probably 
achieved mainly by the growth of those early recrys- 
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Fig. 10(a)—(110) pole figure of the cold-rolled and an- 
nealed (100) [001] crystal. 30 pct rolled and annealed 
900°C—15 min. X mean orientation of the deformation 
texture. Black dots are the {110} poles of the coarse 
grains, whose orientations were determined by an optical 
goniometer. They are superimposed on the pole figure ob- 
tained from the fine grained area of the specimen. Arrows 
indicate rotations of 25 deg around the correspondingly 
numbered {110} poles of the deformation texture. 


Fig. 10(b)—(110) pole figure of the cold-rolled and an- 
nealed (100) [001] crystal. 50 pct rolled and annealed 
900°C —15 min. X mean orientation of the deformation tex- 
ture. Arrows indicate rotations of 25 deg around the cor- 
respondingly numbered {110} poles of the deformation 
texture. 
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Fig. 10(¢)—(110) pole figure of the cold-rolled and an- 
nealed (100) [001] crystal. 70 pct rolled and annealed 
900°C—15 min. X mean orientation of the deformation 
texture. OO mean orientation of the recrystallization tex- 
ture component A, which is related to the deformation 
texture by a rotation of approximately 45 deg around the 
(100) pole normal to the rolling plane, as indicated by the 
unnumbered arrows. Numbered arrows indicate rotations 
of 25 deg around the corresponding {110} poles of the de- 
formation texture. 


tallized grains. The resulting texture is, therefore, 
of the (210)[001] type. On the other hand, if a high 
annealing temperature is used, recrystallization 
probably takes place almost simultaneously in the 
various texture components of the deformed specimen. 
And, since the majority part of the deformed crystal 
has the (111)[112]-type texture, nuclei of the (110) 
[001] orientation will have the highest rate of growth. 
The recrystallization texture will then be of the (110) 
[001] type. 

The (100)[011]-type component in the deformation 
texture, corresponding to the Neumann bands in the 
microstructure, apparently plays a very inactive role 
in the formation of recrystallization textures. This 
is perhaps not at all surprising, since it was observed 
by various investigators’”’?"™ that different texture 
components may require different temperatures for 
recryStallization, and that the recrystallization tend- 
ency of a (100)[011] texture is very weak. 

Regarding the origin of recrystallization texture, 
Walter and Hibbard’ have rationalized that the minor 
component of the deformation texture, which has the 
orientation of the original crystal, may have provided 
nuclei for the recrystallization texture. It was 
shown,” however, that after the specimen was par- 
tially recrystallized by annealing at 550°C for 2 hr 
so that the orientation scatter around the (110)[001] 
was eliminated, a sharp (110)[001] recrystallization 
texture was still obtained by a subsequent anneal at 
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Fig. 11—(110) pole figure of a hot-rolled (110) [001] crys- 
tal after reduced from 0.040 to 0.012 in. thick. The crys- 
tal was enclosed ina steel block and rolled at 1000°C. 

0 initial orientation of crystal. @ hot-rolling texture. 


950°C for 1 min. Thus, the presence of a detectable 
minor (110)[001] component before the final recrys- 
tallization anneal does not appear to be a necessary 
condition for the formation of the (110)[001] recrys- 
tallization texture. 

These results imply that a (110)[001]-type texture 
can be obtained by recrystallizing a rolled crystal 
with a deformation texture of the (111)[112] type, 
whether being of asingle (111)[112], or a single (111) 
[112], or a combination of both. Examples for the 
last case are, of course, the rolling textures of the 
(110)[001] crystals. In the former two cases, there 
is generally much less orientation spread around the 
(110)[001] orientation. These may be represented by 
the single (111)[112] or (111)[112] texture obtained by 
rolling a crystal of the same orientation. In each 
case, the recrystallization texture is mainly of the 
(110)[001] type, as shown by some of the results of 
Dunn, and of Dunn and Koh." 

However Dunn and Koh* have also obtained different 
recryStallization textures among crystals of different 
thicknesses. For example, in their thicker specimens 
(D-1 and D-2, cold-rolled 70 pet from 0.050 in. thick), 
the recrystallization texture is mainly (110)[001]; 
whereas in the thinner specimens (A-1 and B-1, cold 
rolled also 70 pct, but from 0.025 in. thick), the re- 
crystallization texture is mainly (210)[001] plus (320) 
[001]. In contrast to their findings, the results of the 
following experiment indicate that a (110)[001] re- 
crystallization texture can be obtained by cold rolling 
from a (111)[112] orientation at 0.012 in. thick, 
followed by annealing at 850°C for recrystallization. © 

A single crystal with an initial orientation of (110) 
[001] (as indicated by the lens-shaped symbols in 
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Fig. 12—Texture of a specimen as that used in Fig. 11 after 
subsequently cold-rolled from 0.012 to 0.006 in. thick. 0 
initial orientation of crystal. ™ hot-rolling texture. 

O cold-rolling texture. 


Fig. 11) was hot rolled at 1000°C from 0.040 to 0.012 
in. thick. The crystal was enclosed in a 1/2-in. thick 
steel block, and hot rolled the block in order to keep 
the temperature from falling by contact with the rolls. 
The texture after hot rolling was a very sharp (111) 
[112], as shown in Fig. 11. This hot-rolled crystal 
showed essentially no recrystallization upon anneal- 
ing at 1100°C. Thus, subsequent cold rolling of this 
hot-rolled crystal would be practically equivalent to 
cold rolling a single crystal with the (111)[112] ori- 
entation. After cold rolling from 0.012 to 0.006 in. 
thick, the texture is shown in Fig. 12, which is again 
(111 113]. This is in confirmation with the finding of 
Koh and Dunn’® that (111)[112] is a stable end orienta- 
tion. This cold-rolled specimen was then completely 
recrystallized by annealing at 850°C for 15 min. As 
shown in Fig. 13, the recrystallization texture is a 
simple (110)[001]. 

The (210)[001] Crystal—Since there is much simi- 
larity in the behavior of a (210)[001] crystal and that 
of a (110)[001] crystai, the discussion of the (210)[001] 
crystal will be given only briefly. In the 70 pct rolled 
specimens, there is an orientation spread around the 
(210)[001] orientation (see Fig. 6), whichis equivalent 
to the (110)[001] orientation spread in a 70 pct rolled 
(110)[001] crystal. By a similar reasoning, it repre- 
sents the most severely strained material, hence, 
recrystallizes the earliest during annealing to be- 
come the (410)[001]-type grains. The main deforma- 
tion texture of the (132)[112] orientations recrystal- 
lizes to a (210)[001|-type primary texture, involving 
a reorientation of 35 deg rotations around the (110) 
pole near C.D., Fig. 7(c). Further annealing at a 
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Fig 13—Texture of the specimen used in Fig. 12 after 
completely recrystallized by annealing at 850°C for 15 
min. 0 initial orientation of crystal and the recrystallized 
texture. @ hot-rolling texture. O cold-rolling texture. 
Arrows indicate a rotation of 35 deg around the [110] axis 
at C.D. 


higher temperature, such as 1200°C, will cause sec- 
ondary recrystallization and change the texture to a 
(410)[001] type. Dunn’* has studied the orientation 
of the secondary grains in a (110)[001] crystal and 
found the majority to be of the (210)[001] type. The 
formation of (210)[001]-type grains from a (110)[001] 
primary matrix involves rotation of approximately 
19 deg around the [001] axis at the R.D. In the case 
of a (210)[001] crystal, the formation of (410)[001] 
grains from a (210)[001] primary matrix involves a 
similar rotation of approximately 12 deg. The [100] 
rotational relationship has been observed in the reori- 
entation during recrystallization in iron, mild steel, 
and other Fe-Si alloys.’ In the lightly rolled speci- 
mens, such orientation changes are also noticeable, 
Figs. 7(a) and 7(6). They are, however, not as clearly 
shown as in the 70 pct rolled and annealed specimen, 
Fig. T(c). 

The (100)[001] Crystal—As mentioned previously, 
the orientation of the rolled crystal rotates around 
the sheet plane normal as the deformation proceeds, 
Figs. 8 and 9. Walter and Hibbard® have obtained 
rotations in both clockwise and counterclockwise di- 
rections about the rolling plane normal. However, in 
the present work, only counterclockwise rotations 
were observed. This may be a result of the slight 
asymmetry in the initial orientation of the present 
crystal. 

As seen from Figs. 10(a) to 10(c), the annealing 
textures of the 30, 50, and 70 pct rolled specimens 
can be related to their corresponding deformation 
textures by <i10> rotations. Of particular interest 
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is the near cube texture component that recrystallized 
in the 70 pct rolled specimen (A in Fig. 10c). This 
near cube texture component cannot be related to the 
deformation texture by <110> rotations. It may best 
be described as a rotation of 45 deg around the roll- 
ing plane normal, which is close to a [100] axis. 
Further annealing will cause this near cube texture 
component to grow at the expense of other orientations 
in the texture, and thus to become the predominant 
texture. It can be shown that most of the recrystal- 
lized texture components are related to the near cube 
component by <110> rotations. 

The origin of the cube component in the recrystal- 
lized texture, again, cannot be related to the cube 
component in the deformation texture, since no such 
cube component was detected in the present case, 
Fig. 9. The specimen was also microscopically ex- 
amined at high magnifications for the etch-pits, and 
no detectable cube elements were found. Yet, a prom- 
inent cube texture component was developed in the 
specimen upon annealing for recrystallization. This 
implies that recrystallization nuclei actually consti- 
tute a very small volume fraction of the specimen 
which is not larger than the volume fraction of almost 
any other orientation. The selection of a particular 
orientation for recrystallization texture is governed 
by oriented growth. 


SUMMARY AND CONC LUSIONS 


1) The deformation and annealing textures of three 
single crystals of a 3 pct Si-Fe alloy, with approxi- 
mately (110)[001], (210)[001], and (100)[001] orienta- 
tions were studied after each was cold rolled to 30, 
90, and 70 pct reductions in thickness. 

2) The orientation relationship between the rolling 
and annealing textures can be described as <110> 
rotations in most cases. A <100> rotationalrelation- 
ship was also observed in some of the annealing tex- 
ture components, particularly in the specimens of 
heavy reductions. 


3) The recrystallization texture of a 70 pct rolled 
(110)[001] crystal can be mainly either a (110)[001] 
or a (210)[001], depending upon the temperature of 
anneal. A mechanism for the formation of these re- 
crystallization textures was presented. 

4) The behavior of a (210)[001] crystal appears to 
be very similar to that of a (110)[001] crystal. 

5) The orientation of the original crystal may not 
be present as a very weak component in the deforma- 
tion texture. In the 70 pct rolled (100)[001] crystal, 
no such component was detected. Yet, a prominent 
component of the recrystallization texture was (100) 
[001]. These results are in agreement with the con- 
clusion drawn previously” that the presence of a 
measurable minor component in the deformation tex- 
ture, which has the orientation of the original crystal, 
is not a necessary condition for the formation of a 
recrystallization texture of that orientation. 
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Reduction Kinetics of Magnetite in H,-H,O-N, Mixtures 


Dense magnetite pellets were reduced in hydrogen-water vapor- 
nitrogen mixtures over a temperature range of 400° to 500° C ata 
pressure of 0.97 atm. The rate of reduction per unit area was 
found to be constant with time and directly proportional to the par- 
tial pressure of hydrogen at a constant ratio of water vapor to hy- 
drogen. Water vapor poisoned the oxide surface by an oxidizing 
reaction and markedly slowed the reduction. The enthalpy of acti- 


vation was found to be + 13,600 cal per mole. 
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W.M. McKewan 


The investigation of the reduction of iron oxides 
has been the subject of numerous papers. Most of 
these papers have dealt with the evaluation of vari- 
ous ores, both magnetite and hematite. There have 
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been few attempts to investigate possible mecha- 
nisms for the reduction process. It was decided to 
investigate more fully the effects of temperature, 
pressure, and gas composition on the kinetics of 
magnetite reduction with the hope of gaining infor- 
mation as to the actual mechanism controlling the 
reaction. The low-temperature region of 400° to 
500° C was_picked because magnetite and iron would 
be the only thermodynamically stable solid phases 
during reduction. 

However, some investigators have reported the 
presence of wistite, FeO, at temperatures below 
560° C during both oxidation and reduction reactions. 
Gulbransen and Hickman’ using electron diffraction 
found FeO in a thin oxide film on iron at a tempera- 
ture of 450° C. Mosesman? placed samples in an 
X-ray beam during both oxidation and reduction. He 
found the presence of FeO at a temperature of 413° C 
during reduction and at a temperature of 343° C dur- 
ing oxidation. 

The present work and the above-mentioned inves- 
tigations indicate that FeO exists kinetically as a 
metastable phase. During reduction it is probably 
necessary for Fe304 to reduce to FeO before it can 
proceed to iron. This would be true even at temper- 
atures below 560° C where FeO is not thermodynam- 
ically stable. 

It was found in a previous investigation’ that the 
reduction of hematite is controlled at the oxide-metal 
interface. Under fixed conditions of temperature, 
pressure, and gas composition, the reduction rate is 
constant with time per unit surface area of residual 
oxide, and is directly proportional to the hydrogen 
pressure. The enthalpy of activation for the temper- 
ature region 400° to 550° C is 14,900 cal per mole 
and for the temperature region 600° to 1050° C is 
15,300 cal per mole. Metallographic examination of 
partially reduced pellets in the low-temperature re- 
gion showed a thin layer of magnetite between the 
hematite and iron during reduction. It would be ex- 
pected that magnetite would behave similarly to 
hematite at these temperatures. 

The reduction rate of a sphere of iron oxide can be 
described‘ by the following equation: 


where 7 and d, are the initial radius and density of 
the sphere, ¢ is time, R is the fractional reduction, 
and K is the reduction rate constant. The reduction 
rate constant K has the units mass per unit area per 
unit time. The quantity [1 — (1 — R)’7/*] is actually 
the fractional thickness of the reduced layer in 
terms of fractional reduction, R. 


EXPERIMENTAL PROCEDURE 


The dense magnetite pellets used in these ex- 
periments were made in the following manner. 
Reagent grade ferric oxide was moistened with 
water and hand-rolled into pellets. The pellets 
were heated slowly to 1370°C in an atmosphere 
of 5 pct H, and 95 pct CO,, then cooled slowly. The 
sintered pellets were crystalline magnetite with an 
apparent density of about 4.9 g per cm’, the true den- 
sity being 5.2 g per cm®*; they were about 0.9 cm in 
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Fig. 1—Reduction of magnetite pellet at 470° C in 
hydrogen. 


diam. The porosity of the pellets, which was discon- 
tinuous in nature, was about 6 pct. 

The pellets were suspended from an automatic 
recording balance in a vertical tube furnace. The 
equipment was described in a previous publica- 
tion.* The weight loss was measured continuously 
in mixtures of hydrogen, water vapor, and nitrogen. 
The water vapor was formed by burning hydrogen 
with oxygen at the bottom of the furnace tube. 


RESULTS 


Dense magnetite pellets were reduced in various 
mixtures of hydrogen, water vapor, and nitrogen at 
temperatures of 400° to 500°C. A typical result is 
shown in Fig. 1 for a magnetite pellet reduced in 
hydrogen at 470°C. The percent reduction curve 
is shown for comparison with the straight line ob- 
tained by plotting y,d,[1- (1- R)/*] against 
time. The slope of this line gives the reduction 
rate in mg of oxygen lost per sq cm per min. 

Effect of Hydrogen Partial Pressure—Pellets 
were reduced at 500°C at a constant ratio of water 
vapor to hydrogen while the amount of nitrogen in 
the atmosphere was varied. This would vary the 
hydrogen partial pressure. The reduction rate was 
found to be directly proportional to the hydrogen 
partial pressure at a constant ratio of water vapor 
to hydrogen. The nitrogen does not enter into the 
reaction. The results are shown in Fig. 2. 

Effect of Water Vapor Partial Pressure—The ef- 
fect of varying the water vapor partial pressure on 
reduction rates of magnetite pellets was determined 
in hydrogen-water vapor mixtures for a tempera- 
ture range of 400° to 500°C. The results are shown 
in Fig. 3. The points represent experimental re- 
sults and the curves are drawn to fit the following 
equation: 


il 
K, Pro 
[2] 
Py 
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Fig. 2—Effect of hydrogen pressure on reduction rates 
at 500° C at a constant ratio of water vapor to hydrogen. 


where R, is the reduction rate in mg cm~ min’; 
K, is a constant equal to the reduction rate in 
100 pet H at 1 atm pressure and has the units 
mg cm™ min™* atm™'; K, and Ky» are equilibrium 
constants. 

Constants K, and Ky are calculated from the ex- 
perimental results in the following manner. Eq.[2] 
is rearranged to: 


2 il Ro 
a— + K, 3 


It can be seen in Fig. 4 that if the left side of 
Eq. [3] is plotted against (Ro /K oP ug) a straight 


line results. The slope of this line isK,. The 

intercept of the straight line is 1/K,. The values 

determined for Ky and 1/K, are shown in Table I. 
When reaction rate R, is equal to zero the term 


100 
1-Ro/KoPu, 4 
80K H20/ "Ho e 


Ro/ Ko Pu, 


Fig. 4—Calculation of constants K, and 1/K,. 
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Fig. 3—Effect of water vapor on reduction rates of 
magnetite pellets in hydrogen-water vapor mixtures, 
(Pye + Constant at 0.97 atm. 


Ro/Ky Py, in Eq. [3] is also zero. Consequently, 
Eq. [3] reduces to: 


1 1 


Ee 

or 
Pio 


Thus the equilibrium constant K, is the ratio of the 
water vapor partial pressure to the hydrogen partial 
pressure at the extrapolated zero rate indicated by 
the data in Fig. 4. It is of interest to compare the 
values of the water vapor partial pressure at the 
extrapolated zero rate determined experimentally 
with values calculated from thermodynamic data 

for the following reactions: 


Fe3;0, = 3FeO + H,O [7] 


The values for the equilibrium water vapor partial 
pressure in mixtures of water vapor and hydrogen 
at 1 atm total pressure are shown in Table II. 

The experimental water vapor partial pressures 
are very close to the equilibrium water vapor par- 
tial pressures calculated from thermodynamic data 
for Eq. [7]. This indicates that FeO is being 
formed during the reduction of Fe,0, to Fe. The 
FeO formed is not stable at these temperatures and 
probably exists only as a very thin metastable phase 


Table |. 
Temp. Kp 1/Ke 
400°C 111 30.7 
450°C 81 17.0 
500°C 64 8.6 
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Fe,0, + 4H, = 3Fe + 4H,O [6] 
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+ Fig. 5—Effect of 
temperature on 
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during the course of reduction. The FeO phase 
could not be found by metallographic examination 
of partially reduced pellets. It should be noted that 
there is some reduction beyond the zero reduction 
point indicated by the curves in Fig. 3. This re- 
duction is extremely slow, but probably occurs all 
the way to the Fe,O,/Fe equilibrium point. Since 
the gas composition is such that FeO cannot form, 
even in a metastable state, the Fe,;0, would, only 
with great difficulty, reduce directly to Fe. 

The effect of water vapor is to decrease the re- 
duction rate much more rapidly than normally would 
be expected, as shown in Fig. 3. Physically, water 
vapor appears to poison or block the available sur- 
face sites by oxidizing these sites. The constant 
Ky is the equilibrium constant for water vapor 
poisoning of the reacting interface. If log Ky is 
plotted against 1/T°K as is shown in Fig. 5, a 
straight line is obtained. The slope of this straight 
line is equal to the enthalpy of the poisoning re- 
action, AH,. The value of AH, was found to be 
—5600 cal per mole. The negative value for AH, 
indicates that as the temperature increases the 
poisoning effect of the water vapor lessens. 

The enthalpy of activation, AH*; is determined 
by plotting log Ky against 1/T°K, as shown in Fig. 6. 
AH? is thus found to be 13,600 cal per mole. This 
compares with the value of 14,900 cal per mole 
previously reported® for hematite reduction at 
temperatures of 400° to 550°C. 

Theory—The general case of a reaction occurring 
at an interface can be discussed in terms of abso- 
lute reaction rate theory.° The gas diffuses to the 
surface, adsorbs, and reacts. The reaction product 
desorbs and diffuses away from the surface. For 
the case of hydrogen reduction of an iron oxide, the 
reaction is controlled at the oxide/metal interface. 

The forward reaction would be hydrogen reacting 
with an available surface site, S, to form an activated 
complex. 


The equilibrium constant K* for the above reaction 


can be written in terms of the concentration of 
activated complexes, C*. 


(Gr 
=e [9] 
Cu, Cs 


K#= 
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Table Il. Partial Pressure of Water Vapor at Equilibrium 


Thermodynamic Data® Experimental 


Temp. Fe,0,/Fe Fe,0,/FeO Intercept from Fig. 4 
PHO 

400°C 0.087 0.026 0.032 

450°C 0.123 0.058 0.056 

500°C 0.162 0.112 0.104 


where C, is the concentration of available surface 
sites and AF* is the free energy of activation. 
From absolute reaction rate theory® it can be 
shown that the number of forward reactions, nf » 
occurring per sq cm per sec would be: 


dng RT 
[10] 
where k and # are the Boltzmann and Planck con- 
stants, respectively. From Eq. [9] 
C7 =Cy, Cy e RT [11] 
Then 
[12] 
The specific reaction rate constant K’' is defined: 
Art 
Pes RT 
[13] 
Therefore the forward reaction rate would be: 
dng 
= [14] 


After the water molecule formed by the reaction has 
desorbed from the reacted site, the reverse re- 
action can take place. Water vapor reacts with a 
reacted site, S, to form an activated complex. 
= 1 [15] 


It can be shown in the Same manner as above that 
the number of reactions, n,, occurring in the re- 
verse direction is: 


adn, 


where K,, is the specific reaction rate constant for 


[16] 
Y 
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the reverse direction. Then the net reaction rate is: 


dn 
= Cte — Cy,0 Cs [17] 
At equilibrium the net reaction rate is zero and 
(Cu,0) =C,K' (Cs) [18] 
Y eq eq 
The equilibrium constant K, is defined as 
Cy 
2 Cs K 
K, = = 5 19 
e Ce K} [ ] 
eq Y 
Solving for K,. 
Cc 
Substituting the value for K,. into Eq. [17] 
1 


Eq. [21] is the general reaction rate equation for 
reduction of iron oxide by hydrogen/water vapor 
mixtures. 


DISCUSSION 


From consideration of the experimental results it 
would appear that the most probable controlling 
mechanism would be a reaction at the oxide/metal 
interface controlled by hydrogen reacting on a 
sparsely occupied surface with water vapor poison- 
ing some of the available sites by an oxidizing 
reaction. 

The concentration of available sites, C,, 

Eq. [21] is not constant as the gas com BOettion 
varies, since water vapor poisons some of the 
available sites. The total number of sites, L, on 
the surface is then equal to sum of the reacting 
sites plus available sites plus poisoned sites. 


where C, is the concentration of reacting sites, 
C, is the concentration of available sites, and C 
is the concentration of poisoned sites. Since C, is 
considered to be very much less than L, Eq. [22] 
can be written as an approximation: 


= Cy [23] 


Water will poison the surface in an oxidizing 
reaction, 


H.O +S = He [24] 


This is equivalent to oxygen adsorbing on a surface 
site and blocking it from reaction with hydrogen. 
Then the equilibrium constant, kK p» for the poisoning 
reaction would be 


p 
= 25 
[25] 
Substituting the value for C, from Eq. [23] 
(L 7 Cu, 
26 
Ky = ae [26] 
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Solving for C,; 


Cy = [27] 
1+Ky 
Substituting the value for C, into Eq. [21] 
1 
1 +Ky 


Eq. [28] can be converted to Eq. [2] by assuming the 
gas law to hold and using the proper conversion 
terms. 


[2] 


He 


Here R, has the units gm cm™” sec * and K, has the 
units gm cm~” atm™*. K, is equal to 


[29] 
where M is the atomic weight of oxygen; N is 
Avogadro’s number; k& is Boltzmann’s constant; 

h is Planck’s constant; R is the gas constant; and 

L is the total number of surface sites per sq cm. 


All of the terms in Eq. [30] are known but Le “2”, 


At a temperature of 450° Cc, KG has the value 

1.96 x 10-° gm sec and AH*, the 
enthalpy of activation is 13.6 kcal per mol. The 
number of surface sites L can be assumed to 
equal the number of oxygens present on a smooth 
surface. If all oxygen sites are equally active and 
surface roughness is ignored, the number of sur- 
face sites can be assumed to equal 10” sites per 
sqcm. From this the entropy of activation, AS*, 
is calculated to be —26.5 e.u. 


SUMMARY 


1) During the reduction of magnetite by Hp -H,O-N, 
mixtures in the temperature range 400° to 500°C, it 
is found that the reduction rate per unit area of 
oxide/metal interface is constant with time. The 
enthalpy of activation for this reaction is 13,600 cal 
per mole. 

2) In the absence of water vapor, or at a constant 
ratio of water vapor to hydrogen, the reduction rate 
is directly proportional to the partial pressure of 
hydrogen. Water vapor drastically slows the re- 
action. A mechanism is proposed; this involves 
poisoning of the reacting surface by oxygen from 
water vapor. A rate equation is derived that fits 
all of the experimental data. 

3) On increasing the water vapor content of the 
reducing gas, the reduction rate approaches zero 
at a percentage corresponding to the magnetite/ 
wustite equilibrium, not to the magnetite/iron 
equilibrium. This strongly suggests the presence 
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of a thin film of wustite between magnetite and 
iron during the reduction process. 
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Copper, Nickel, and Iron Alloys for the Quantitative 


Recovery of the Platinum Metals in Ores 


and Concentrates 


Prior researches have shown that the iron-copper-nickel 


content of platinum concentrates may be reduced by carbon to 
form a collecting alloy for the platinum metals in a manner ex- 
actly analogous to the formation of the lead fire assay button. The 
nature of the iron-copper-nickel alloys with the platinum metals 


M. E. V. Plummer 


J. M. Kavanagh 
J.C. Hole 


has been investigated. Palladium and probably some of the other 


platinum metals form solid solutions with this alloy. 


One of the greatest known reserves of the platinum 
metals is to be found in the nickel, copper, iron sul- 
phide deposits of Northern Ontario. The very large 
tonnage of copper-nickel ore processed makes the 
Sudbury district a significant world source of the 
platinum metals, the latter being recovered as by- 
products in the electrolytic refining process for 
copper and nickel. Chalcopyrite, pentlandite, and 
pyrrhotite are carriers of the platinum metals;* these 
minerals contain from 0.03 to 2.0 ppm of the noble 
metals. 

The analysis of the above ores for the platinum 
metals necessitates an initial concentration of the 
minute quantities present in the ore. The method 
usually employed involves the extraction of the noble 
metals by molten lead with or without small propor- 
tions of silver. The lead is then separated from the 
precious metals by cupellation, a process which 
involves absorption by the cupel and volatilization of 
lead oxide, leaving the precious metals collected in 
a silver bead on the surface of the cupel. 

The collection by lead is probably achieved by a 
process of dissolution followed by some degree of 
segregation in the lead alloy since the cold button is 
seldom uniform in composition. With silver-lead 
alloys this process of liquation has been used to re- 
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cover pure lead since, during the cooling period, 
crystals of pure lead separate and silver becomes 
concentrated toward the center of the solid.” Plati- 
num and gold liquate in a manner similar to silver 
which may account for the successful recovery of 
platinum by fire assay even though it is considered 
insoluble in a solid lead medium.” In the case of 
iridium the liquation process may be a disadvantage 
in that the iridium may appear in the outer areas of 
the button and thus be lost mechanically during the 
handling processes. 

In any case the deficient alloying characteristics 
of lead for the platinum metals encouraged attempts 
to find an improved collecting alloy, and by analogy 
with aqueous extractions, preferably one in which 
solid solutions would be readily formed. Since, beyond 
a certain minimum solute to solvent ratio, the forma- 
tion of a solid solution is accompanied by a lattice 
distortion, one would expect some relationship be- 
tween the atomic diameters of any two metals and 
their tendency to form a solid solution. In one sur- 
vey’ the hypothesis was put forward that when the 
atomic diameter of the solute differs by more than 
about 15 pct from the solvent, the ‘‘size factor’’ is 
unfavorable and the formation of a solid solution is 
restricted. On the other hand, when the atomic diam- 
eters are within this limit the size factor is favorable 
and solid solutions are readily formed, e.g. the tran- 
sition metals of Group VIII having similar radii form 
solid solutions over wide ranges of composition.° 
Even with a favorable size factor, elements having 
different crystal structures cannot form a continuous 
series of solid solutions. Cell dimensions alter as 
the concentration of the solute increases, causing a 
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Favourable Size Factor -——— 
Cubic Metals 
Hexagonal Metals —-—- 


ATOMIC SIZES IN ANGSTROM UNITS 


200- 


Fe Ni Ci Ru | Pa 
20 Cu 40 Rh Ag 


ATOMIC 


Pb 90 
ir Au 
NUMBER 


Fig. 1—Relationship between size factor and solubility. 


distortion of the lattice. To a first approximation, 
according to Vegard’s law, the cell dimensions vary 
linearly with the atomic percentage of the solute. 
According to Hume-Rothery,’ the formation of solid 
solutions is influenced by the ‘‘valency factor’’, which 
operates to encourage the solubility of a higher 
valency metal by a low valency metal, but not the 
reverse process, é.g. zinc is much more soluble in 
copper than copper is in zinc. By analogy one might 
expect that lead, with a valency of four, would dis- 
solve relatively little of the Group VIII elements to 
which zero valencies are ascribed. 

Fig. 1 represents the interatomic distances of 
ruthenium, rhodium, palladium, osmium, iridium, 
and platinum—ruthenium and osmium, being hexa- 
gonal closed packed, are represented by dotted lines.® 
The favorable size factors for the following metals 
are also included: @ iron (i.e. ferrite which is body- 
centered cubic), y iron (i.e. austenite which is face- 
centered cubic), nickel, copper, silver, gold, and 
lead—the latter five metals having face-centered 
cubic lattices. 

Considering the size factor alone, the data in Fig. 
1 indicate that only copper, nickel, and iron should 
be good solvents for platinum and palladium, for 
example copper having an interatomic distance of 
2.55A will dissolve metals having an interatomic 
distance lying between 2.17 and 2.93A. The change 
in crystal structure which would be required for the 
dissolution of osmium and ruthenium may cause 
these metals to be less soluble in copper, nickel, and 
iron. However, Zvyagintsev’ has shown, by means of 
X-ray diffraction, that osmium revealed two distinct 
crystal structures: hexagonal in an osmiridium which 
contained more than 35 pct of osmium and face-cen- 
tered cubic when osmiridium contained less than 31 
pet of osmium. Westland’® who investigated the crys- 
tal symmetry of several iridosmines by X-ray dif- 
fraction, found that an alloy consisting of 65.8 pct of 
iridium, 11.9 pct of osmium, 20.9 pct of ruthenium, 
platinum, palladium, and rhodium and 1.4 pct of base 
metals had a cubic lattice. Natta showed that ruthen- 
ium metal, precipitated by reducing agents, had a 
face-centered cubic lattice." 

According to Fig. 1, lead with a minimum size 
factor of about 3.00A is out of the theoretical range 
required for a good solvent of the precious metals. 
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nk, X35. 


Fig. 2—Photomicro- 
graphy of alloys of 
Fe-Cu-Ni with plati- 
nium metals. (a) to 
(d) reduced approxi-_. 
mately 37 pct for dd 
reproduction. (e) to 
(q) reduced approxi- 
mately 11 pct. 


Not annealed. 


Annealed. 


(d)—Pt, X35. 


Not annealed. 


Concerning the alloying qualities of iron, copper, 
and nickel with the platinum metals, published liter- 
ature has offered some information. Isaac and Tam- 
mann” stated that iron forms a continuous series of 
Solid solutions with platinum at high temperatures: 
at room temperature it is soluble in @iron to the 
extent of nearly 50 pct. A continuous series of solid 
solutions crystallize from Pd-Fe melts.?? Similarly, 
both rhodium and iridium with y Fe form melts which 
crystallize to give a continuous series of solid solu- 
tions.'*’'* It has also been demonstrated that an alloy 
of Pt-Ir can be formed, containing at least up to 20 
wt pct of iridium.’° Osmium and ruthenium are iso- 
morphous with neither anor y iron but Wever’’ stated 
thet y Fe-Ru forms a stable solid solution down to 
room temperature. There is also the finding that 70 
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i 
| | | Not annealed. 
(6)—Blank, X90. 
(c)—Blank, X400. 


2 


(e)—Pd, X35. Not annealed. 


at. pct of ruthenium dissolves in platinum to form a 
solid solution.’ Kurnakow and Nemilow,’’ Kussman 
and Nitka’® believed that the system Pt-Ni comprises 
a continuous series of solid solutions above 600°C. 
The system Rh-Ni has not been investigated in detail, 
but is believed: to be analogous to the Pt-Ni system.” 
No information is available on the Ir-Ni system. 
Koster and Horn” stated that nickel dissolves about 
15 wt pet of osmium, and osmium dissolves about 

16 wt pct of nickel. The solubility of osmium in nick- 
el increases with temperature and it was found that 

a 25 wt pct osmium alloy, after quenching from 1200°C 
proved to be homogeneous. The steady course of the 
magnetic properties in alloys up to about 20 wt pct 
ruthenium, indicates the existence of a solid solution 
between nickel and ruthenium.”* The system of Pd-Cu 
comprises a continuous series of face-centered cubic 
solid solutions above about 600°C.” The Pt-Cu sys- 
tem is similar above about 800°C. Copper and rhod- 


(h)—Pd, X900. Annealed. (j)—Rh, X35. 
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(g)—Pd, X400. Annealed 


ium above 750° to 800°C also form a series of face- 
centered cubic solid solutions with approximately 0 
to 20 and 90 to 100 at. pct Rh.” Electrical conduc- 
tivity measurements in copper-rich alloys indicate 
that at least 0.48 at. pct Ir is soluble in copper, after 
annealing at 800° to 950°C.”° 

Nemilov and Vidusova’’ investigated the system 
Cu-Ni-Pt and found that it consisted of solid solutions 
in both quenched and annealed conditions. No ternary 
compounds were found. Kuznetsov heated this alloy 
to 950°C or higher and found that a continuous series 
of solid solutions with face-centered cubic structures 
were formed. Nemilov and Rudnitskii*® and Nemilov 
and Strunina*” investigated the copper-iron-platinum 
and the copper-nickel-palladium systems. Ina 1:1 
copper-iron ratio it was found that, except in a re- 
gion containing less than 20 at. pct Pt, all alloys are 
solid solutions at high temperatures. The solutions 
break down, however, at lower temperatures and in 


Not annealed. (k)—Rh, X150. Annealed. 
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()—Pd, x90. Not annealed. 


Not annealed. (m)—Ir, X150. 
addition to the binary compounds PtFe, PtCu, PtCus, 
there appears, at about 1200°C, a ternary compound 
Pt,FeCu. This forms a continuous series of solid 
solutions with both Pt and PtFe; with PtCu it forms 
solid solutions only to a limited extent. The copper- 
nickel-palladium systems consist of a continuous 
series of solid solutions. No data have been found 
concerning ternary alloys of these base metals with 
osmium and ruthenium. 

From the data outlined above concerning the alloy- 
ing qualities of the base metals with either platinum 
or palladium, it is possible that the binary systems 
are all solid solutions. 

The above data suggest a miscibility gap in the 
binary alloys formed between the face-centered cubic 
base metals and the hexagonal noble metals. Raub” 
also recorded evidence to indicate miscibility gaps 
in various base metal alloys with ruthenium. 

No reference has been found to indicate that the 
equilibrium relationships between the platinum met- 
als with copper, nickel and iron have been investiga- 
ted. Since some indication of the efficiency of the 


Annealed. (n)—Os, ‘X90. Not annealed. 
iron-copper-nickel collection of the platinum metals 
can be gained from a knowledge of the character of 
the resulting alloys, these were examined witha view 
to establishing the degree of homogeneity. Obviously 
the collection of a platinum metal as a mechanical 
mixture can not be as effective as a collecting pro- 
cess which involves dissolution. Furthermore, there 
is a good possibility that platinum metals in solution 
with iron-copper-nickel would be readily dissolved 
by appropriate parting acids, thus eliminating the 
process of filtration which, at the parting stage, adds 
considerably to the complexity of an analysis. 


THE NATURE OF THE ALLOYS FORMED BETWEEN 
COPPER, NICKEL AND IRON, AND THE PLATI- 
NUM METALS 


Apparatus 


Fisher- Lindberg gas-air furnace. 
Vickers Projection Microscope with Bausch and 
Lomb Automatic Arc lamp. 


Annealed. (p)—Ru, X90, 


(o)—Ru, X120. 
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Not annealed. (q)—Os, X160. Annealed. 
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Table |. The Analysis of the Beads 


Pct 
Wt of Precious 

Bead Bead Hes) Metal 
Blank 1.80 36.5 20.7 41.7 0.3 NIL 
Palladium 2.00 36.1 15.0 38.3 0.2 orl 
Rhodium 2.04 41.1 18.7 SH 0.4 8.1 
Iridium 1.97 38.1 25.0 24.1 WA 8.2 
Osmium 2.07 39.6 15.9 2907) 1.4 12a 
Ruthenium 1.96 47.4 1.0 10.5 


Experimental—The alloy beads were made as follows: 


0.94 g of copper (II) oxide, 1.20 g of nickel (II) oxide 
and 1.86 g of magnetite were fluxed with 25 gof silica, 
42 g of soda ash, 27 g of borax glass, 2.0 g of lime, 
4.9 g of magnesia, and 5 g of graphite. This mixture 
was used to make the blank button. The precious 
metal buttons were made in exactly the same manner 
as the blank except that approximately 0.2 g of the 
respective platinum metal powder was added. All 
samples were mixed well and fire assayed at 1430°C. 
The weight of the button obtained was 2.0 g. After 

the metallographic studies the buttons were analyzed 
to obtain the correct proportions of the individual 
metals and the compositions are recorded in Table I. 
The buttons were embedded in lucite to facilitate 
polishing and etched with 22:12:66 sulphuric acid- 
hydrogen peroxide-water,™ and then photographed; 
the photomicrographs are recorded in Fig. 2. 

The blank, platinum, palladium, osmium, and 
ruthenium alloys were subjected to an annealing 
treatment. This consisted of hammering at room 
temperature for 15 min and then sealing in a silica 
tube in an atmosphere of argon maintained ataslight- 
ly reduced pressure. The tube was placed in a muffle 
furnace at 880°C for 17 hr, and then cooled over a 
period of 3hr. These buttons were mounted, polished, 
and etched as described above. X-ray powder photo- 
graphs were taken, the values of 6 measured from 
the film, and the corresponding ‘‘d’’ spacings in Ang- 
strom units were obtained from tables*’ and recorded 
in Table II. 

The blank button, Fig. 2(a),(b), appeared to be the 
only nonhomogeneous alloy. The platinum D, pallad- 
ium E,F, rhodium J, iridium L, osmium N, and ru- 
theniumP alloys all appeared to be essentially two- 


Table Ill. Analysis of Ore Concentrate for Platinum and Palladium 
by Three Methods 34 


Ounces per Ton 


Iron Button Collection Lead Button Collection 


Chromatographic Spectrographic 

Pt Pd Pt Pd Ret Pd 
0.0184 0.0152 0.0180 0.0133 0.0170 0.0138 
0.0178 0.0140 0.0173 0.0135 0.0169 0.0140 
0.0162 0.0152 0.0133 0.0135 0.0132 0.0134 
0.0162 0.0152 0.0183 0.0157 0.0168 0.0137 
0.0232 0.0167 0.0160 0.0164 0.0188 0.0144 

0.0232 0.0167 0.9182 0.0168 0.00907 0.0078* 

0.0304 0.0194 0.0182 0.0135 0.0153 0.0145 
Av. 0.0169 0.0141 0.0171 0.0151 0.0163 0.0140 


“eliminated from average. 


Table Il. ‘‘d’’ Spacings from X-Ray Photographs, Angstroms 


Radiation: Iron Copper Iron Iron 

Filter Manganese Nickel Manganese Manganese 

AlloySample: Blank Platinum Palladium Platinum Osmium Ruthenium 
2.06 2.07 2.07 2.08 2.06 2.06 
1.78 1.80 1.80 1.80 1.79 1.79 
1.08 1.08 1.08 1.08 1.08 1.08 
1.04 1.03 1.03 1.04 1.04 1.036 
- 0.82 0.82 = 
0.80 0.80 = = 

The following ‘‘d’’ spacing figures are 

reproduced from available data:*? 

FeC 2.08 1.80 1,27 

Cu 2.09 1.81 1.28 1.09 1.04 0.90 

1:1 FeNi 2.08 1.80 1.27 1.09 1.05 

1:9 FeNi 2.08 1.80 V7, 1.07 

Pt 2.27 1.95 1.38 

Pd 2.23 1.93 1.16 


phase systems consisting of a primary solid solution 
together with a second solid solution or an eutectic. 

After annealing, the blank alloy C appeared to be 
a Single phase. The thin grain boundaries contained 
small inclusions which were probably silica and are 
not inconsistent with the silica content recorded in 
Table I. 

The data in Table II indicate the existence of single- 
phase systems having almost identical cell dimen- 
sions. All of the alloys have face-centered cubic 
lattices. The inclusion of from 4 to 8 at. pct of plati- 
num metals, which have larger cell dimensions than 
the base metals, seems to have had little or no effect 
on the size of the lattice of the three-component 
blank. 

After the annealing process, the palladium sample 


Table IV. Button Analyses 


Metal Taken, Metal Recovered, 


Sample Metal Mg Mg 
1 Os 5.32 
2 Os 5.25 
3 Os 5.32 
4 Os 5.33 
5 Os sy 5.26 
6 Os 5.24 
Os 2.10 
8 Os 21S 2.10 
9 Os 10.56 10.57 

10 Os 
11 Os 3.18 3.18 

Ru 5.40 5.34 
12 Os 3.18 3.18 

Ru 2.70 2.70 
13 Os 3.18 eee 

Ru 2.70 2.70 
14 Ru 2.70 2.67 
Ns) Ru 5.40 5.42 
16 Ru 5.40 5.41 
17 Ru 5.40 5.34 
18 Ru 5.40 5.47 
19 Ru 5.40 5.37 
20 Ru 8.10 8.05 
21 Ru 8.10 8.12 
22 Ru 8.10 8.24 
23 Ru 2.70 219 
24 Ru 2.70 BSP 
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still retained its dendritic structure, indicating that 
the processes of diffusion and grainrecrystallization, 
which operate in the direction of producing a single- 
phased alloy, had proceeded to a very limited extent. 
Therefore the bead was broken from its lucite mount- 
ing and again cold-worked and heated in argon, this 
time at 1035°C for 17 hr. The button was polished 
and etched, but still showed the dendritic structure 
and was therefore annealed once more. At this point 
the etching solution had no visible effect on the alloy, 
nor did a 4 pct solution of nitric acid in ethanol. Con- 
centrated nitric acid, however, caused etching within 
seconds. The photomicrographs G and H of these 
etched buttons show the palladium-nickel-iron-copper 
alloy to be essentially one phase. The formations 
inside the large grain are dislocations or geometrical 
faults in the lattice. Fig. 2(z) shows the subgrains in 
the process of formation. 

The rhodium and iridium alloys were subjected to 
two annealing processes as described above; they 
were heated first for 48 hr and then for 13 hr at 
1035°C. The photomicrographs (k) and (m) show that 
the alloys still retained their dendritic structure, 
indicating at least two phases. However in the case 
of rhodium and to a lesser extent the iridium alloy, 
a grain structure was also visible, indicating that 
the processes of diffusion and grain recrystallization 
were operating to produce a single-phased alloy. It 
was thought likely that further annealing treatments 
would produce a one-phased alloy as in the case of 
the palladium alloy described above. These suggest- 
ions were supported by the ease of parting of these 
alloys, which was accomplished with concentrated 
hydrochloric acid and finally with aqua regia. The 
rhodium alloy parted quickly and completely, while 
the iridium alloy parted more slowly leaving some 
black residue, probably iridium metal, which was 
soluble only after dry chlorination. 

After two annealing treatments, one for 24 hr and 
the other for 36 hr at 1035°C, the ruthenium alloy O, 
like the rhodium and iridium alloys, exhibited both a 
dendritic and a grain structure, and was likely also 
on the way to becoming a single phase. However, 
parting with perchloric acid left a sizeable black 
residue which, after fusion with sodium peroxide and 
treatment with hypochlorite, revealed a considerable 
amount of ruthenium. This indicated that the ruthen- 
ium might have been present as amechanically mixed 
constituent or a highly insoluble metallic compound. 

The osmium alloy was found difficult to polish and 
showed a tendency to form pits, a characteristic 
probably due to the readily formed volatile tetroxide. 
After two annealing processes similar to the case of 
ruthenium, the osmium alloy Q appeared to be a 
‘‘cored’’ structure with several phases present. 
Obviously the two annealings were insufficient to 
produce a single-phased solid solution. The ease of 
parting of this alloy with perchloric acid indicates a 
mixture of homogeneous solid solutions. 

Quantitative Recovery of the Platinum Metals— 
Previous investigators in this laboratory have ex- 
amined the recoveries of platinum and palladium 
and of osmium and ruthenium” in a fire assay involv- 
ing collection by an iron-copper-nickel alloy. Some 
of their published findings are recorded in Tables III 
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and IV. ps 
This alloy has been shown” to yield a recovery of 


99.3 pct of the platinum and 98.2 pct of the palladium. 
Thus the collection was at least equally efficient to 
that from the classical fire assay, which on previous 
investigation®”’* showed a recovery of 98.8 pct of 
the platinum and 98.1 pct of the palladium. 

The effectiveness of the base metal recoveries for 
rhodium and iridium is being investigated. 


SUMMARY 


The data obtained indicate that a 10 pct alloy of 
palladium with the base metals iron, copper, and 
nickel produced under fire assay conditions is a 
single-phase solid solution. 


There is good evidence that platinum, rhodium, 
and osmium also form solid solutions with iron-cop- 
per-nickel. The black residues recovered from the 
iridium and ruthenium parting solutions indicate 
that the collection of these metals might be mechani- 
cal or as insoluble metallic compounds, depending on 
the amount of the metals involved. However, the fact 
that alloys are formed showing at least partial solu- 
bility suggests that iron, copper, and nickel will ex- 
tract the platinum metals in the assay of ores and 
concentrates, and furthermore, one may expect that 
in most cases the resulting button would be complete- 
ly soluble in mineral acids. The researches already 
completed for platinum and palladium” and for osmi- 
um and ruthenium: and other researches now in 
progress, fully support the above conclusions. 
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Phase Relations in the Titanium-Aluminum System 


The titanium-aluminum system has been investigated in the 
composition region 0 to 34 pct Al in the temperature range 800° 


to 1450°C. The phases encountered in this region were: a, B, 


Oni AD and The reactions observed are as follows: 


B+ dq, ay B(15 pet Al) + 6 (18 pet Al) + Yq, 
~1170°C and B (7 pct Al) + y (9.2 pct Al) + a (9 pct Al) at ~ 1060°C. 
below 700°C is postulated. 


A eutectoid reaction: 


Tue Ti-Al system has been the subject of a number 
of investigations. Several of these’~” have indicated 
extensive solubility of Al in both a and B£ titanium. 
Ence and Margolin, as a result of work on the Ti-Al- 
O system%’’ have shown that the a solubility of alumi- 
num is considerably restricted, and found that a com- 
pound, sey existed in the region formerly desig- 
nated as a.’ This structure was identified as hex- 
agonal with c/a = 0.803. Pietrokowsky confirmed the 
existence of this phase’ and pointed out that the struc- 
ture was isomorphous with Ti,Sn.° Although the ex- 
istence of Ti,Al has been confirmed by others,’ *” 
there has been considerable disagreement regarding 
the composition and mode of formation. 

A detailed reinvestigation of the Ti-Al system has 
been published by Sagel et al.’* The tentative diagram 
indicated two phases, a, and €, occurring in the for- 
mer all @ region. The a2 phase has the same struc- 
ture as Ti,Al and was indicated as having a broad 
region of solubility. Epsilon, a tetragonal phase, was 
shown to form within the @, solubility region. 

As a result of unpublished work,* Ence and Marg- 
olin disagreed with the interpretation of Sagel et Ge” 
although some common features existed. The pres- 
ent study was conducted in an attempt to clarify pre- 
vailing uncertainties. 


EXPERIMENTAL PROCEDURE 


Alloy Preparation—Alloys were prepared from 
iodide titanium (99.9 pct Ti with less than 0.01 pct 


ELMARS ENCE, Member AIME, formerly Engineering Scien- 
tist, New York University, is now Specialist Research and De- 
velopment, Republic Aviation Corp., Farmingdale, L.I., N.Y. 
HAROLD MARGOLIN, Member AIME, is Associate Professor 


of Metallurgical Engineering, New York University, New York. 


Manuscript submitted February 25, 1960. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


ay (16.5 pet Al) at 


Elmars Ence 


Harold Margolin 


Zr) or Bureau of Mines electrolytic titanium (BHN- 
73) and high purity aluminum (99.99 pct). Alloys 
were arc-melted in argon or helium atmosphere as 
15-g buttons in the composition range up to 34 pct Al. 
Depending on need, alloys were made in increments 
varying from 0.25 to 2 pct Al. Up to five 15-g buttons 
of some compositions were made. Weight losses 
during melting did not exceed about 1 pct of the 
charge and chemical analysis revealed that both ti- 
tanium and aluminum were evaporated. In general, 
nominal and analyzed compositions agreed within 0.5 
pct and therefore nominal compositions were used in 
plotting the data. Unavoidably, some overlap of com- 
position occurred, particularly where small incre- 
ments of Al were used. The small increments were 
primarily used to obtain alloys which would fall into 
the narrow @ + y region and this purpose was achieved. 
In general, the data obtained from Bureau of Mines 
base titanium and iodide titanium alloys were in 
agreement. 

Forging— Both as-cast and forged samples were 
employed. Samples were heated for hand forging by 
an oxygen-hydrogen torch to the region 1200° to 
1300°C. A titanium anvil and cover plate were used 
to prevent any iron pick-up and consequent formation 
of a low melting point compound. Frequent reheating 
kept the temperature in the desired range. Under 
these conditions, alloys containing up to 15.5 pct 
could be successfully forged. 

To check on the depth of contamination, forged 
alloys were heated slightly below the 6 transformation 
temperature. Metal was removed to a depth below 
the contaminated surface so revealed, and the subse- 
quent results obtained from these samples agreed 
closely with those secured from as-cast material. 

Heat Treatment—Prior to heat treatment, all alloys 
were vacuum annealed to remove hydrogen. Samples 
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were annealed at 900°C until a vacuum of 10°° mm H 
was established. Samples were then wrapped in mo- 
lybdenum or titanium sheets, and heat treatments 
were carried out in argon filled quartz capsules, 
which were broken under water at the conclusion of 
the heat treatment. The annealing times employed 
varied from 1 hr at 1450°C to 2 months at 800°C. 

Equilibrium was established in the temperature 
range 900° to 1450°C. The times necessary to elimi- 
nate the complex as-forged structure were used as 
the criterion to achieve equilibrium. The structures 
obtained were equiaxed or readily recognized two- 
phase structures. It is possible that the times used 
were longer than those necessary to achieve equilib- 
brium, but the procedure was necessary in order to 
produce identifiable structures. At 800°C and below 
for the times used, it was not possible to determine 
whether equilibrium had been established, because 
the starting structures were not altered. 

In order to be able to correlate microstructure 
changes without the intrusion of small composition 
changes, groups of alloys containing 8 to 18.5 pct Al 
were heated at a series of successively higher tem- 
peratures in intervals of 25° to 100°C. This proced- 
ure was particularly helpful in delineating the a + y 
and y + 6 phase fields. 

It has been found that on elevated temperature an- 
nealing, aluminum evaporates from the surface. Alu- 
minum poor surfaces of up to 1 mm in depth have 
been observed after annealing at 1200°C. This was 
taken into consideration for studies subsequent to 
heat treatment. 

Metallography and X-ray Diffraction—For metallo- 
graphic examination, specimens were usually electro- 
polished and etched with a reagent specifically devel- 
oped for Ti-Al alloys. This solution is designated 
**R-etch’’ and consists of the following: 


18.5 g Benzalkonium chloride 

35 ml Ethanol 

40 ml Glycerin 

25 ml HF (50 pct) 

Etching time 30 to 90 sec, specimen agitated during 
immersion. 

Debye-Scherrer photograms were obtained in a 
114.6-mm diam. camera. CuKa radiation and expo- 
sure times of 20 to 40 hr were used. Powder samples 
of 270 mesh size were prepared by crushing brittle 
alloys (above 18 pct Al) in a titanium mortar. 

Rod samples were used for compositions which 
could not be crushed, i.e. below 15 pct Al. These 
were prepared by forging, as indicated earlier, which 
served to produce grain sizes suitable for diffraction. 
The as-forged rods, originally 6 mm sq, were 
ground to 2 mm sq to remove contamination, dehy- 
drogenated and capsule annealed at the desired tem- 
perature. The heat-treated samples after quenching 
were ground to needle-like samples of 0.1-0.2 mm 
diam. 

Both powders and the needle-like rods were wrap- 
ped in molybdenum and capsule reannealed in argon 
for 3 to 30 min at the original heat-treatment tem- 
perature to relieve stresses. Specimens were capsule 
cooled in iced brine since water-quenching produced 
contamination readily detected in the X-ray pattern. 
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Fig. 1—Partial titanium-aluminum phase diagram. 


After X-ray exposure, a number of needle samples 
were examined metallographically for proper inter- 
pretation of X-ray results. 

As an adjunct to phase identification, microhardness 
was determined on individual grains for alloys in the 
range 7.5 to 20 pct Al. A 200-g load was applied by 
a Bergsman hardness tester for a period of 30 sec. 
A minimum of 10 to 12 grains with 1 to 3 indentations 
per grain was used to obtain representative hardness 
data. 


RESULTS 


The phase relations of the Ti-Al system in the 
titanium rich region shown in Fig. 1. The following 
phases have been encountered: 


a 6 Ti,Al 
TiAl 
y Ti;Al 


The phases have been relabeled to conform with 
the usual convention. In addition, subscripts have 
been introduced to include a possible chemical for- 
mula included within the homogeneity range of the 
intermediate phase. 
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Fig. 2—Ti-10.5 pet Al alloy, 24 hr at 
1080°C. W.Q.; R-etch. y’ + Trans- 
formed X175. 


A) y TisAl—The y phase forms peritectoidally by 
the reaction 8 (15 pct Al) + 6 (18 pet Al) + y (16.5 pct 
Al) between 1165° and 1180°C. Microstructures 
illustrating the 8 + y and y + 6 phase fields are shown 
in Figs. 2 and 3. 

The y phase‘at lower Al contents transforms dur- 
ing quenching to reveal a transformation structure 
with varying morphology, with some similarities to 
martensite, and can be retained inincreasing amounts 
as the Al content increases. This is illustrated in 
Figs. 4 to 7. The transformation structure of Fig. 5 
is also evident in Fig: 2, showing transformed £ and Y. 

Attempts were made to develop a peritectoid ring 
of y around 6. However, no unambiguous structures 
could be developed, because it was found that when- 
ever a second phase existed together with £, trans- 
formation of 8 started preferentially around the sec- 
ond phase, thereby producing a ring structure. 

Fig. 6 also reveals, in addition to the transforma- 
tion markings, a maze-like structure which appears 
after etching. It is possible to observe the growth of 


Fig. 3—Ti-14.5 pet Al alloy. 48 hr at 
1050°C, W.Q.; R-etch. y + 6. X475. 


Fig. 4—Ti-10 pet Al alloy, 24 hr at 
1050°C, W.Q.; R-etch. y’. X350. 


this structure under the microscope and the detailed 
observations have been reported.” The formation of 
the maze-like structure is confined to the y phase 
and is independent of the presence of transformation. 
It is believed that hydrogen introduced by etching is 
associated with the formation of the structure. 

The d-values of retained y obtained from a 14.5 
pet Al rod sample quenched from 1115°C are shown 
in Table I. The pattern can be indexed as hexagonal 
with lattice parameters a = 11.52A, c = 4.65Aand 
c/a = 0.404. Because the c/a ratio is close to a sub- 
multiple of both a and 6Ti,Al, the pattern also con- 
tains lines characteristic of both structures but 
shifted in positions. It should be pointed out, however, 
that the fit is not entirely satisfactory. 

Rod samples, which reveal retained and transform- 
ed y in the microstructure, produce an X-ray pattern 
which contains an overlapping double set of lines cor- 
responding to retained and transformed y. The extra 
lines are clearly revealed in the back-reflection 
region shown in Fig. 8. As the amount of retained y 
increases, there is a corresponding increase in inten- 


Fig. 5—Ti-11.5 pet Al alloy. 48 hr at 
1050°C, W.Q.; R-etch. y’. X175. 
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Fig. 6—Ti-12.5 pet Al alloy. 48 hr at 
1050°C, W.Q.; R-etch. y’ + y; only 

dark grain shows striated transforma- transformation of y induced by polish- 
tion structure. X175. 


24 hr at 


Fig. 7—Ti-14.5 pct Al alloy. 
1106°C, W.Q.; R-etch. y + possible 


ing scratches. X75. 
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Table |. X-Ray Diffraction Data of the Gamma Phase* 


Observed d, Estimated Calculated d,** 
hkl A Relative Intensity A 
110 5.85 w 5.76 
200 5.01 w 4.98 
101 4.16 w 4.21 
210 3.89 vw 3.77 
201 Seon m 3.40 
202 2.88 vw 2.88 
400 2.472 m 2.493 
311 Date w 2.378 
002 2.306 vs 2.325 
401 2.184 vs 2.197 
420 1.888 vw 1.885 
222 1.810 w 1.809 
421 1.750 w 1.748 
402 1.690 s 1.700 
521 1.510 vw 
203 1.483 vw 1.480 
440 1.443 m 1.440 
403 132 vs 1.316 
800 1,248 m 1.247 
442 1225 vs 1,224 
801 1.206 s 1.205 
004 1.158 m 1.163 
802 1.100 m 1.099 
404 1.052 s 1.054 
803 0.974 Ss 0.972 
840 0.942 vw 0.942 
841 0.929 s 0.924 
444 0.906 s 0.905 
842 0.878 m 0.874 
405 0.872 s 0.872 
804 0.853 m 0.850 
425 0.834 
1200 
843 0.809 vs 0.805 
1202 0.787 vs 0.783 
006 0.776 s 


vs — very strong; s—strong; m—medium; w—weak; vw-—very weak. 
*As obtained from a Ti-14.5 pct Al Alloy annealed at 1115°C and 
water quenched. CuK, —radiation. 
**Based on a = 11.52A, c = 4.65A and c/a = 0.404. 


sity of y lines. The microstructure of two of the rod 
samples of Fig. 8 are shown in Figs. 5 and 6.* 


*It has been observed that when a transformed or partially trans- 
formed y structure is etched, extra lines can be detected in a diffraction 
pattern."* This tends to support the belief that hydrogen is responsible 
for the maze-like structure. When the sample is vacuum annealed after 
etching, the extra lines disappear. Since the rod samples used for 
X-ray were vacuum annealed, the maze-like structure of Fig. 6 can be 
disregarded. 


The transformation structure of y, i.e. y’, fits a 
hexagonal type structure similar to a. It is import- 
ant to note that the fit of y’ is not as good as that of 
an @ alloy containing 4 pct Al. Since the lines of y’ 
are rather sharp, it implies that some slight distort- 
ion of the hexagonal structure exists, The lattice of 
y’ appears to contract with increasing Al content. 

Support for the suggestion that o andy’ are differ- 
ent is obtained from the microhardness data of Table 
II, discussed in a later section. 

B) Alpha— Alpha forms peritectoidally by the reac- 
tion B (7pct Al) + y (9.2 pet Al) = a (9 pct Al) at about 
1060°C. The solubility of aluminum in a diminished 
with decreasing temperature. To determine the solu- 
bility limits, it was necessary to take advantage of 
the optical activity of @ which increased markedly 
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HEAT TREATMENT 


Ti-11.5 Al 
48 HRS. AT 1050°C wa. 
y! 
Ti-12.5 Al 
48 HRS. AT 1050°C WQ. 
y 


T-13.5 Al 
48 HRS. AT 1050°C wa. 


INDICES OF THE y—PHASE 


Fig. 8—Back-reflection portions of X-ray diffraction pat- 
terns of Ti-Al alloys heat treated in the y field. 


with increasing Al content and the fact that y trans- 
formed whereas © did not. Also, the optical activity 
of y’ is considerably lower than that of a. 

An unusual feature of the a + y field was the fact 
that no normal two-phase distribution of the phases 
was observed. The @ and y in the temperature range 
from 800° to 1060°C existed as individual equiaxed 
grains. Because the transformation was wholly con- 
fined to individual grains and because the number of 
grains which revealed the y’ transformation product 
increased with Al content, these structures were 
interpreted as two phases. Corresponding with the 
increase of y’ was a decrease of optical activity 
within the two phase field. Presumably @ + y existed 
in equiaxed dispersion because the a/a, y/y and a/y 
interfacial energies are very nearly the same. 

It was also observed that a containing more than 
5 pet Al, on quenching from the @ phase field, revealed 
a dotted or mottled structure, the intensity of which 
increased with aluminum content in the a field. This 
observation will be referred to in the discussion. 

Microstructures showing the dotted a and a + y’ 
structures are shown in Figs. 9 and 10. 

C) 6 Ti,Al—It is proposed that 6 forms peritecti- 
cally by the reaction 8 + L ~ 6. The basis for this 
suggestion is the observation that the B+ 6 and 6 
phase fields were observed up to 1450°C and at this 
temperature the 6 field broadens toward higher Al 
contents. 

The identification of 5 was made by powder photo- 
grams and the structure was shown to be that of 
Ti, Al.’ 

The 6 phase of the lower Al contents exhibits trans- 
formation markings as shown in Fig. 11,..At-still 
higher Al contents, between 18 to 20 pet, peculiar 
veining was observed. The veining could be eliminated 
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Table Il. Vickers Microhardness Data of Alloys in the @, & + y, y and 5 Phase Fields 
(Bergsman Hardness Tester, 200 g load, time 30 seconds) 


Vickers Microhardness of Constituents 


Constitution Nominal Comp. and Heat Treatment ? 7 
a y y 5 
a Ti-7.5 pct Al — 72 hr at 1000°C, W. Q. 260 + 60 
Ti-8.0 pet Al — 72 hr at 1000°C, W.9. 280 + 100 
Ti-—8.75 pct Al — 41 days at 800°C, W.Q. 
Ti-9 pct Al — 72 hr at 1000°C, W. Q. 363 + 15 254 +15 
Ti-—9.25 pet Al — 72 hr at 1000°C, W. 9. 379 + 15 
yo+y Ti-12 pct Al — 96 hr at 1000°C, W.Q. 300 + 10 348 + 10 
Ti-14.5 pet Al — 24 hr at 1100°C, W.Q. 300 + 10 336 + 10 
5+ 8 Ti-15.5 pet Al — 72 hr at 1000°C, W.Q. 245 + 15 290 + 10 
Ti-15.5 pet Al — 5 weeks at 900°C, W.Q. 202 + 15 292 + 10 
if heat treatments were carried out just below the DISCUSSION 


8 + 6 field and the specimens were water-quenched. 
Figs. 12 and 13 illustrate the observed microstruc- 
tures. 

D) Beta—The maximum solubility of Al in 6 occurs 
at the peritectic reaction 8B + L > 6 and is estimated 
as ~ 31 pct Al. 

Beta cannot be retained and different transforma- 
tion structures are produced as f£ transforms to dif- 
ferent phases. Figs. 14 and 15 show the variation of 
microstructures encountered. 

E) Microhardness—Data are given in Table II. It 
will be noted that considerable hardness scatter is 
present in alloys in the a field. A maximum spread 
of about 170 Vhn is observed. In the two phase a +y’ 
alloys, the hardness of the individual phases is, by 
comparison, remarkably consistent. 

Inallcases y’ showed typical transformation mark- 
ings and the hardness was within the 10 to 15 Vhn 
variation regardless of orientation of the individual 
grains. Alpha exhibited similar behavior. 

The variation in hardness of the alloys in the a 
field can possibly be explained in terms of the pos- 
tulated diagram (see discussion). 

The hardness of retained y is seen to be somewhat 
higher than that of y’. Similarly the hardness of re- 
tained 6 is found to be greater than that of 6’, its 
transformation product. 


The construction of the diagram, Fig. 1, to show 
the peritectoid reaction 8 + y~ a is not based on di- 
rect evidence of a peritectoid reaction, but follows 
from the evidence that Y exists. The peritectoid tem- 
perature is determined by the temperature at which 
y’ first appears together with 8. The temperature so 
determined lies between 1050° to 1065°C. 

The peritectoid formation of @ has also been put 
forward by Sagel et Wage who indicate that the react- 
ion is 8 + @, > @, where @2 is considered to have the 
hexagonal structure of 6 in Fig. 1. Sagel ef al. have 
not detected y or the transformation of y and, because 
of the similarity in structure of y and 6, have not 
detected the difference by X-ray. 

Additional evidence for the phase configuration is 
seen in the microhardness data for the a + y’ andy’ 
structures. Bumps ef al.” and Dickinson’* have shown 
that a hardness drop occurs in the composition region 
encompassed by y. These observations are consistent 
with those of this investigation. 

The y + 5 region was also not detected by Sagel 
et al. because insufficient annealing times were used. 
For example, at 1000°C, 7 hr were used, whereas in 
the present work 72 hr were used. In the present 
work, experiments to determine the minimum time 


Fig. 9—Ti-8 pct Al alloy, 30 days at 
900°C, W.Q.; R-etch. a + precipitate. 
X350. 
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Fig. 10—-Ti-8.75 pct Al alloy. 41 days 
at 800°C, W.Q.; R-etch. a + y’. X350. 


Fig. 11—Ti-15.5 pet Al alloy. 48 hr at 
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Fig. 12—Ti-22 pet Al alloy. 24 hr at 
1175°C, A.C.; R-etch Veined 6. X175. 


to establish equilibrium in a 14.5 pct Al alloy at 1050°C 
revealed that 36 hr were required. 

There are several attractive features for postula- 
ting that y decomposes eutectoidally into a and 6. 
First, the y/y + 5 boundary slopes toward the y/a@ +y 
boundary. Secondly, the transformation of y toa 
hexagonal structure quite similar to a would fit such 
a construction. Third, the mottled structure of a@ at 
the higher aluminum contents in the a@ field could be 
explained as a result of initial precipitation of 5 dur- 
ing quenching, as @ passes into the a+ 6 phase field. 
Such precipitation is not likely to be detected by 
Debye-Scherrer techniques, but variation in the ex- 
tent of precipitation would be more likely in the lower 
Al content alloys and this could account for the wide 
spread of hardness in these alloys. 

In considering the transformation of y, the possi- 
bility of ordering comes to mind. No direct evidence 
to support this possibility has been obtained. On the 
basis of the eutectoid decomposition of y , brittleness 
in Ti-Al alloys in the composition region 8 to 14 pct 
Al could be associated with the precipitation of 6 
from y, y’ or @. Retained y and y’ are not brittle.” 

At compositions of 6 near the 6/y + 6 boundary, 
transformation markings are observed. These mark- 
ings disappear at about 18 to 22 pct Al and the veins 
which appear instead are considerably harder than 
the surrounding 6. These observations are generally 
not inconsistent with the formation of an ordered 
structure, €, suggested by Sagel ef al.’* as occurring 
at 18 pct Al. These authors show microstructure, 
hardness and X-ray evidence to support their inter- 
pretation. In the present work, however, no X-ray 
evidence could be obtained for the € phase of Sagel 
and coworkers. 


SUMMARY 


Phase relationship of the titanium-rich portion of 
the Ti-Al phase diagram up to 34 pct Al are governed 
by the phases ©, f, O7i,a1, and € 

The O7;,a1- phase is hexagonal with lattice para- 
meters a = 5.775A, c = 4.638A and c/a = 0.803. The 
OTL Al is apparently formed by the peritectic reaction 
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Fig. 13—Same as Fig. 12. X475. 


Fig. 14—Ti-14.5 pet Al alloy. As- 
forged in the 8 region 1200° to 1300°C; 
R-etch 8 transformation structure: 
X175. 


B+ Similarly the € ~;a;-phase is formed 
by the reaction 57; 4; + L ~€7ia1- 

The y Ti,Al-phase is formed by the peritectoid re- 
action 8 + 6 + y7;,a1 at about 16.5 pct Al at 1170°C. 
The crystal structure of the 77;,a1-phase can be inter- 
eee as hexagonal with the lattice parameters 

= 11.52A, c = 4.65A and c/a = 0.404. The y- phase 
is not stable but transforms on cooling. The transfor- 
mation product of the y phase—y’ appears to be hexa- 
gonal and similar to @ titanium. Increase of aluminum 
additions stabilize y and this phase can be retained 
on quenching. 

The a@-phase is also formed by a peritectoid re- 
action B + y > @ at 9 pct Al and 1060°C. The solubility 
of aluminum in @ titanium decreases to about 8 pct 
Al at 800°C. 

The possibility of an eutectoid reaction y ~ a + 5 
occurring below 700°C is indicated. 
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Heterogeneous Nucleation in the Liquid-to-Solid 


Transformation in Alloys 


The undercooling associated with the nucleation of the secondary 
phase from the liquid by the solid primary phase was studied in 
sixty binary alloys by means of a hot-stage microscope. It was 
found that ina system of aand 8, a usually nucleates B at low 
undercoolings, but B does not nucleate a, except possibly at un- 
dercoolings approaching homogeneous nucleation. This behavior 


can be explained in terms of relative interfacial energies and 
shows that crystallographic disregistry is only a minor factor 
in heterogeneous nucleation from metallic liquids. 


Previous experimental work’ on nucleation of 
solids from liquids has shown that normally nuclea- 
tion is heterogeneous, and that small solid particles 
present in the liquid are responsible for the nuclea- 
tion. These experiments and the theory that has 
evolved from them have made apparent that there is 
a ‘‘characteristic undercooling’’ associated with the 
nucleation of the solid from a given liquid by a given 
impurity. 

Little is known, however, about the chemical and 
structural relationships between the nucleating agent 
and nucleated solid that control the effectiveness of 
the nucleating agent in catalyzing the nucleation, as 
measured by the required undercooling. A review of 
the literature has yielded seventeen undercoolings*° 
for the nucleation of solid from liquid metals by 
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‘“‘known’’ nucleating agents. All values come from 
experiments in which the metal studied was divided 
into a number of particles (10 to 300 u in diam.) much 
larger than the number of extraneous impurity par- 
ticles so as to obtain a large number of particles 
free of foreign nucleating catalysts. Known nucleat- 
ing agents are then introduced by coating the drop- 
lets with particles or a thin film of the catalyst. Six 
of the seventeen undercooling values referred to 
cases where, for various reasons, the identity of the 
nucleating species was not at all certain. Another 
six cases involved nucleating agents with a crystal 
structure that was not known. Four other cases in- 
volved undercoolings listed as greater than or equal 
to undercoolings which were very likely those for 
homogeneous nucleation. One investigation’ involved 
adding to droplets powdered oxides, carbides, and so 
forth that were doubtlessly covered with adsorbed 
oxide or nitride films. The highly variable nature 
of these films resulted in highly variable undercool- 
ing (as was also found in preliminary work in this 
investigation). It is apparent that the information on 
heterogeneous nucleation in liquid metals is too 
limited to give rise to any definite conclusions on 
the nature of the catalytic process. 

With these problems in mind a new method was 
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developed to study the undercooling for the nuclea- 
tion of the solid from liquid metals by known addi- 
tions. This method involves the use of alloys in 
which the nucleating species is ‘‘formed’’ within the 
droplet. In alloys in which the solidification pro- 
ceeds from liquid to an a + 8 mixture with an in- 
termediate stage of L + a, the a phase is formed 
within the liquid by cooling. These primary @ par- 
ticles can then serve as nucleating agent for the B 
phase on cooling below the invariant temperature. 
This method eliminates, to a large extent, the dif- 
ficulties described above. Although a quantitative 
interpretation of the results in this type of work is 
more difficult because alloys have to be used in- 
stead of pure metals, the advantage of greater cer- 
tainty as to what the nucleating agent is more than 
overcomes this drawback. 


EXPERIMENTAL PROCEDURE 


The hot-stage microscope used for the work is 
described elsewhere,’ so only the salient points 
need to be mentioned here. Melting and freezing of 
the droplets was done in microfurnaces each con- 
sisting primarily of a Nichrome ‘‘V’’ heating foil 
wrapped around an alundum tube. Quartz or pyrex 
crucibles held within the tube were used and were 
replaced after each run to avoid contamination. The 
furnaces were designed to permit accurate deter- 
mination and control of specimen temperature. It 
was found that even with heating and cooling rates 


Xx Y 
E 
L+o 
B 
\ 
\ 
at+B \ 
\ 
A B 
I 
Z 
L+ta 
Lto 
-F 
a+B 
B 
A B A B 


Fig. 1—The three types of binary systems studied. 


158—VOLUME 221, FEBRUARY 1961 


as high as 30°C per min the melting and freezing 
temperature of the drops remained constant to 

+ 0.25°C. A purified hydrogen atmosphere or a high 
vacuum were used in the stage for most alloys. A 
X50 stereomicroscope was used to view the droplets. 
The melting and freezing of the droplets was de- 
tected by observing the (sudden) change of shape and 
surface features that occur on melting and freezing. 
The drops were situated in tiny quartz or pyrex 
crucibles, the bottoms of which were ground thin so 
as to permit the thermocouple bead to be well within 
1 mm of the droplets. Thus the thermocouple bead 
was always essentially at the droplet temperature 

so that the melting and freezing points could be ac- 
curately determined. In no case did the droplets wet 
the crucible noticeably. Upon standardization of the 
thermocouples, all droplets melted very close to the 
melting points recorded in the literature so that it is 
doubtful that any serious interaction between crucible 
and melt ever took place. As will be evident shortly, 
it is impossible for any possible nucleating effect of 
the crucible on the droplets to give rise to erroneous 
results in this work. 

Alloys were prepared from metals of four to five 
nines purity and were melted in zirconia crucibles 
under vacuum or hydrogen atmosphere. All alloys 
were quenched from the liquid and the microstruc- 
tures examined to insure that the alloys used had 
sufficient dispersion of primary crystals. In this 
way it was made certain that the composition of the 
100 to 300 . diam sample differed little from that 
intended. These chips were cut from the bulk ma- 
terial with a glass chip or a steel knife. 

In Fig. 1 are shown the three types of binary sys- 
tems studied. The undercooling for nucleation of a 
phase £8 is defined as the difference between the 
temperature of the liquidus on the primary 8 side 
of an alloy of the composition of the undercooled 
liquid when 8 precipitates and the actual tempera- 
ture at which 8 precipitates from the liquid. Ina 
binary system of Type I the procedure used in de- 
termining the undercooling for the nucleation of B 
by @ is as follows. Drops of alloy Y are heated to 
above the liquidus temperature, D, and cooled. The 
lowest temperature, E, to which the drops can be 
consistently undercooled is found. The distance DE 
then is the undercooling for the nucleation of 6B in 
absence of a. Drops of alloy X are then heated to 
a temperature in the liquid plus a region and slowly 
cooled. The © primary crystals grow and the liquid 
changes in composition along the @ liquidus. The 
lowest freezing temperature, F, of the liquid is found. 
If GF is significantly less than DE, the undercooling 
for the nucleation of 8 by a (denoted by AT ty a))is 
GF. Otherwise all that can be said is that Ag by a) 
2 GF. The same procedure is used to determine 
AT (a by g)- In a diagram of Type III the same prin- 
ciples apply but only AT@ py a) Can be determined. 
In a system of Type II the equivalent of alloy Y is 
pure B and the equivalent of alloy X is prepared 
by adding a chip of pure A toa drop of pure B whose 
undercooling DE has already been established. Only 
AT by a) can be determined. If a is a particle of 
oxide, carbide or other compound or of some ma- 
terial with a very stable oxide or nitride, little or 
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Fig. 2—The lead~tin system showing the maximum obtained 
undercooling before nucleation of the primary phase and for 
nucleating the secondary phase in the presence of the prim- 
ary phase. 


no wetting is observed and the undercoolings then 
vary widely and are not reproducible. If the oxide 
film on @ is reduced by the hydrogen atmosphere 

of the stage, wetting results and reproducible re- 
sults can be obtained. In experiments involving 
Type II systems one cannot be certain that pure A 
rather than some impurity in A is doing the nu- 
cleating. The addition of A to B usually also in- 
volves putting the oxide of A in contact with B. 
However, other work,”* and initial experiments in 
this investigation indicate that the undercoolings for 
the nucleation of metals by oxides are usually high. 
On this basis it will be stated that there is a high 
probability that the undercoolings determined in this 
type of system refer to nucleation by the given nu- 
cleating agent. Studies now in progress on orienta- 
tion relationships between nucleating agent and nu- 
cleated solid in this type of system are giving proof 
that the determined undercoolings refer to the in- 
tended nucleating agent. 

For each undercooling forty to eighty determina- 
tions were made (ten to 20 on each of at least four 
droplets studied one or two at a time). For systems 
where the primary phase showed a definite nucleating 
effect on the secondary phase, the maximum under- 
coolings were reproducible within a few degrees for 
each drop and from drop to drop. 


EXPERIMENTAL RESULTS 


In the interest of brevity the study of only one 
alloy system, the lead-tin system, is described in 
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Fig. 3—Undercooling in Pb-Sn alloy droplets as a function 


of the temperature to which drops were heated and held be- 
fore cooling. 


any detail. Only the final results on the remaining 
systems are given. The lead-tin system shown in 
Fig. 2 is taken from Hansen.® Also shown are the 
results obtained by Hollomon and Turnbull ® on the 
maximum undercooling in Pb-Sn droplets, and the 
results of this investigation. 

Hollomon and Turnbull found that the drops cooled 
from above the liquidus on the Sn side of the diagram 
froze all at once at a maximum undercooling cor- 
responding to line III. On the Pb side of the diagram 
they found that some of the alloys froze partially at 
a temperature given by line I and then froze com- 
pletely some 25°C below the invariant temperature 
(line IT). Line I is interpreted as referring to the 
undercooling at which lead solidifies as primary 
particles from the liquid. Below line I for a given 
alloy the liquid changes in composition along the 
Pb liquidus line. At the temperature of line II the 
Sn phase is nucleated, so the liquid freezes as 
eutectic. Along line II all the alloys have the same 
liquid composition, B, which gives the constant 
undercooling AB for the nucleation of the Sn phase. 
Since point B is above line III, the Hollomon- Turnbull 
results imply that Pb nucleates Sn at an undercooling 
AB = 34°C. The maximum undercooling of the Pb 
phase in the presence of Sn primaries was not de- 
termined in the Hollomon- Turnbull investigation. 

In this investigation alloys X, Y, and Z in Fig. 2 
were prepared containing 54, 66, and 77 pct Sn re- 
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Fig. 4(a)—(left) Pb-66 wt pct Sn alloy showing eutectic radi- 
ating from Sn primaries suggesting nucleation of Pb by pri- 


mary Sn. X100. Reduced approximately 41 pct for reproduc- 


tion 


Fig. 4(4)—(right) Pb-54 wt pct Sn alloy showing no epitaxial 
relation between the Pb primaries and the eutectic. Both 
mixed acids etch. X250. Reduced approximately 41 pct for 
reproduction. 


spectively. (In all other systems of this type only 
alloys X and Y were prepared.) Drops of each alloy 
were cooled from above and below the liquidus tem- 
perature as described. The results are shown in 
Fig. 3. In Fig. 3(@) it can be seen that drops of alloy 
X, heated above the Pb liquidus, can be readily un- 
dercooled up to 54°C below the eutectic temperature. 
Since the Pb liquidus is 19°C above the eutectic tem- 
perature for alloy X, the maximum obtained under- 
cooling for nucleation of the Pb phase is 73°C. This 
is shown in Fig. 2 as point E (EP = 73°C). The maxi- 
mum undercooling of the Pb phase obtained by 
Hollomon- Turnbull as given by line I is about 51°C, 
thus it appears that their maximum undercooling 
does not refer to homogeneous nucleation but to nu- 
cleation by some impurity (as may well be the case 
in this investigation also). When drops of alloys on 
the Sn side of the eutectic are cooled from the liquid 
plus Sn region, Sn is already present and the only 
barrier to the freezing of the liquid below the eutectic 
temperature is the nucleation of the Pb phase. In 
Figs. 3(0) and 3(c), it can be seen that drops cooled 
from below the liquidus line show virtually no under- 
cooling. This means that, although Pb requires an 
undercooling of about 73°C for nucleation from the 
‘‘pure’’ liquid, the Pb phase requires no undercooling 
if solid Sn is present in the liquid, 7.e., Sn nucleates 
Pb at somewhere between 0° and 0.5°C undercooling 
(G and J in Fig. 2). In Fig. 4(@) is shown the struc- 
ture of an alloy in which Sn has nucleated the Pb. As 
it can be seen the eutectic radiates from the Sn 
primary crystals. In an alloy containing only Pb 
primary crystals, very little lamellar eutectic was 
found, Fig. 4(d). 

To the right of the liquidus temperature in Figs. 
3(6) and 3(c) it can be seen that the ‘‘pure’’ liquid 
can be undercooled about 57° and 35°C, respectively, 
with respect to the eutectic temperature or about 
64° and 51°C, respectively, with respect to the Sn 


160—VOLUME 221, FESRUARY 1961 


Ox Coy X 
Fig. 5—Nucleation of the solid phase (S) on a flat surface of 
a nucleating catalyst (X) in the liquid (L). 


liquidus (points H and K in Fig. 2). Both points H and 
K fall close to line III and thus agree with the results 
of Hollomon and Turnbull. To the left of the liquidus 
temperature in Fig. 3(a), the data indicate the under- 
cooling at which Sn is nucleated from the liquid in 
the presence of Pb primary crystals. It can be seen 
that a maximum undercooling of about 40°C below 
the eutectic temperature is required for this (Point 
D of Fig. 2). The undercooling below the Sn liquidus 
is obtained by extending a horizontal line through D 
to the extended Pb liquidus line and reading the ver- 
tical distance, 55°C, between this intersection and 
the Sn liquidus. It can also be seen in Fig. 2, how- 
ever, that this intersection occurs almost exactly on 
line III and gives virtually the same undercooling as 
shown by point K for nucleation of Sn in absence of 
Pb primaries. In other words, Pb has no apparent 
nucleating effect on Sn so that all that can be said is: 
AT Sn by Pb) 2 

In Tables I and II are given the results for all the 
systems studied in this work. A few points of in- 
terest should be mentioned in connection with some 
of the systems studied. It will be noted that for nu- 
cleation of Bi in the presence of Co, the undercooling 
of Bi is greater than in the absence of Co. This is 
due to only one Bi-Co sample that showed an ab- 
normally high undercooling. It should not be inferred 
that Co increases the undercooling of Bi in general. 
The same is true for several other systems. In the 
Al-Sn system it was necessary to insure that Al 
rather than Al,O, was nucleating the tin at 19°C un- 
dercooling. A Sn-Al alloy containing Sn primary 
cyrstals was prepared and, although A103 was cer- 
tainly present on the surface of the drops, under- 
coolings of 33° to 42°C could readily be obtained. The 
19°C undercooling is thus attributed to the nuclea- 
tion of Sn by Al. In Tl systems the bcc to hep trans- 
formation could be observed at about 20°C under- 
cooling. The suddenness of the surface wrinkling 
suggested a martensitic type of transformation. In 
alloys of type II, chips cut from large samples were 
used as nucleating agents in most cases. Practically 
the same undercoolings were measured when as-cut, 
annealed, or single crystal nucleating particles were 
used. Thus it appears that lattice strains and grain 
boundaries have no decided effect on the results of 
this investigation. 


DISCUSSION OF RESULTS 


In Table I the difference in behavior of Pb and Tl 
as opposed to Bi and Sn is readily apparent. Every 
metal tried as a nucleating agent on Pb or Tl pro- 
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Table |. Undercooling Required for the Nucleation of A by B 
in Systems of Type II and III. 


Table Il. Undercooling for the Nucleation of the Secondary Phase 
by the Primary Phase in Eutectic Systems of Type I. 


AT (aby B) AT (aby 8) 
Nucleated Nucleating AT(4 by B) System Below Eutectic Below & Liq- 
Solid Max AT of A Agent XG) t-B Max. AT of a Temp., °C uidus, °C 

Pb pupae: CaPb, 3.5 +0.5 Pb-Sn EXO 0.25 + 0.25 0.25 + 0.25 

Pb 27 Fe 11.0 +1.0 Sn—Pb 52 240.0 255.0 

Pb—-Ag 24 1.5 + 0.25 1.0 +0.25 

Pb 27 Cu 2.0 + 0.25 

Pb 27 Zn 2.5 +1.0 Pb—Sb 25 6.0) 1 10.0 + 2.0* 

Pb 27 Ge 11.5 + 1.0 Sb—Pb 48 221.0 244.0 

Pb 27 TePb O87 55210525 Pb—AuPb 30 25 40.5 5.5 

Bb AuPb,—Pb 40 254.0 281.0 

1 e 

Bi 60 Co 281.0 Bi—Au,Bi 60 250.0 257.0 

Bi 60 Cu >59.0 Au,Bi-Bi 60 3.00 1.0 19.0 +6.0* 

Bi 60 Ge 256.0 Bi-Ag 55 259.0 266.0 

Tl 15 Fe 7.5 +1.0 Ag-Bi 50 4.5 +1.0 28.0 +7.0* 

Bi-Zn 50 263.0 265.0 

15 Zn—Bi ? 0.25 + 0.25 0.25 + 0.25 

Tl 15 Cu 0.25 + 0.25 

Tl 15 Ge 3.0 +0.5 Bi-Sn 35 217.5 231.0 

Tl 15 (Pb-T1) 1.5 +1.0 Sn—Bi 20 6.0 + 1.0 10.0 + 2.0* 

Sn 50 Cu,Sn, 245.0 Sn—Zn 23 3.5 +0.5 4.5 +0.5 

Sn 50 Ge 239.0 Zn—Sn 9 25.0 215.01 © 

Sn 23 SbSn 

Sn 50 SnTe >46.0 Ag—Cu 70 0 53.0 5.0* 

Sn 50 Al Cu—Ag 55 253.0 2108.0 

Ag—Ge 60 16.0 +1.0 31.0 + 2.0* 
Ge-Ag 30 217.0 235.0 

duced nucleation at low undercooling (undercooling Au—AuSb, ? 3.0 + 0.75 
small compared to the undercooling required for 
homogeneous nucleation.*) In the case of Bi, every- 
thing tried as a possible nucleating agent showed no 
nucleating effect in the observable undercooling Ag-Tl ? 215.0 260.0 
range (about half way to the undercooling for homo- T1-Au 11 29.0 212.0 
geneous nucleation). In the case of Sn, only the SbSn Au-Tl ? 27.0 231.0 
compound gave low undercooling. This behavior Tl-Sn 10 4 0.25 + 0.25 = 0.25 + 0.25 
correlates with the common experience that even 40 
bulk samples of Bi and Sn can sometimes be under- Sn 
cooled about 20°C, whereas bulk samples of metals 
of simple structure such as Pb can rarely be under- “Sb—Ag,Sb 30 248.0 ms 


cooled more than a few degrees. 

In the eutectic systems shown in Table II, it can be 
seen that in all but two, (in which no nucleating effect 
cculd be detected) one of the solid phases nucleates 
the other at low undercooling while for the reverse 
case, no nucleating effect is observed. It can also 
be seen that the metals investigated can be placed in 
a series having the property that a metal, A, in the 
series nucleates (in all cases tested) any metals B 
above it (or an A-B compound) at low undercooling 
but has no observable nucleating effect on any metal 
C (or any A-C compound) below it. This series is 
shown in Table III. 

The division of metals into three groups is defi- 
nite; the relative place of each metal within the 
group is not as definitely ascertained, especially 
for the metals of the second group, in which only the 
relative positions of Ag and Cu are known. 

This series shows that the metals with ‘‘complex’’ 
structures are difficult to nucleate and are good nu- 
cleating agents whereas the metals of simple struc- 
ture are readily nucleated and are poor nucleating 
agents. Also shown in Table III are the entropies of 
fusion for the metals listed. It can be seen that they 
are in approximate increasing order down the series 
and therefore might be used to predict the ‘‘nucleat- 
ing power’’ of a metal. 

In depositing various metals from the vapor on 
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*Note — The measurements of undercooling were accurate to +1°C. 
The larger ranges shown are caused by uncertainty of the liquidus tem- 
perature. 


Ag,Newman” found that Pb, Tl, and Ag show epi- 
taxial growth on Ag; Au and Ni show formation of 
disoriented crystals; Sn and Sb form amorphous 
layers up to 8A thick. This behavior correlates well 
with the results of this investigation (Table III) if it 
is assumed that heterogeneous nucleation from vapor 


Table III. ‘‘Nucleation’’ Series 
Og og/T° AS (Fusion) 

Metal Cal per Mole Cal per Mole per°K Cal per Mole per°K 

ad (512) (0.80) 1.78 I 
Pb 479 0.80 1.81 

Ag 1,240 1.00 2.18 

Au 1,320 0.99 2.28 

Cu 1,360 1.01 2.09 Il 
Ni 1,860 1.08 2.44 

Co 1,800 1.02 2.12 

Fe 1,580 1.01 2.01 

Ge 2,120 Al 5.93 

Sn 720 1.47 

Zn (870) (1.26) 2.51 i 
Bi 875 1.52 4.83 

Sb 1,430 1.59 
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Table IV. Calculated (ox, -@y5)/o5, in Systems Where a Definite 
Nucleating Effect was Observed 


Cos 0= 

Nucleated Nucleating °XL~°XS |Nucleated Nucleating CXL ~OXS 
Solid Agent OSL Solid Agent OSL 
Pb CaPb, 0.96 Sn Al 0.84 
Pb Fe 0.87 Pb Sn 21.0 
Pb Co 21.00 Pb Ag 0.99 
Pb Ni 0.97 Pb Sb 0.89 
Pb Cu 0.97 Pb AuPb, 0.94 
Pb Zn 0.97 Au, Bi Bi 0.78 
Pb Ge 0.88 Ag Bi 0.38 
Pb TePb 0.998 Zn Bi 21.0 
Pb,Bi Bi 0.92 Sn Bi 0.89 
Tl Fe 0.91 Sn Zn 0.95 
Tl Co 0.89 Ag Cu 0.46 
AL Ni 0.99 Ag Ge 0.75 
Tl Cu 21.00 Au AuSb, 0.98 
Ded Ge 0.97 Tl Ag 0.97 
Tl (Pb-T1) 0.99 Tl Sn 21.0 
Sn SbSn 0.98 


and from liquid are similar processes. Pb and Tl 
(as well as Ag) are nucleated by Ag and epitaxial 
growth takes places. Au and Ni are not nucleated by 
Ag but by some impurity and there is no epitaxy with 
Ag. Sn and Sb, which are hardest to nucleate are 

not nucleated by Ag, nor by the impurities present, 
and deposit as amorphous layers. 

Most of the current interpretations of experi- 
ments on nucleation in liquid metals are based on 
the theory that lattice misfit between the nucleated 
metal and the nucleating catalyst determines toa 
large part the undercooling for nucleation. A close 
fit between the lattice parameters of the catalyst and 
solid is believed necessary for low undercooling. 
The results of this investigation are not compatible 
with this theory. Since the same misfit is involved, 
the lattice misfit theory requires about the same un- 
dercooling for nucleation of A by B as for nucleation 
of B by A. This was found not to be true in all the 
cases where a nucleating effect was detected. (In the 
Ag-Sn and Ag-Sb systems no nucleation effect was 
observed on either side of the eutectic.) Thus it ap- 
pears that lattice misfit is not the controlling factor 
in heterogeneous nucleation from metallic liquids. 

Volmer,** Turnbull,’* and Fisher*® have developed 
theory of heterogeneous nucleation based on an in- 
terfacial energy barrier to nucleation. According to 
this theory, the nucleus of the solid, S, forms from 
the liquid, L, as a sector of a sphere on the flat sur- 
face of the nucleation catalyst, X, as shown in Fig. 5. 
When @ is less than 180° the interfacial energy bar- 
rier for the heterogeneous nucleation is less than 
that for homogeneous nucleation. The angle @ is as- 
sumed to satisfy the equilibrium relation: 


Cos 6 = — Osx)/osz [1] 


where oy, is the interfacial free energy between the 
X and L phases, and so forth. The nucleation rate is 
given by: 


I = A exp [—(AF*f (9) + AF4)/kT] [2] 


where J is the number of critical nuclei forming per 
second per sq cm of liquid-catalyst interface, AF *f(@) 
is the free energy of formation of a critical nucleus, 
Fig. 5 and A is a constant (~ 10). AF4, where a 
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change of composition is involved in the nucleation, 
is the activation energy of diffusionacross the liquid- 
solid interface or the activation energy for diffusion 
through the liquid. Both these quantities are about 
1kT. AF*and f(@) are given by: 


AF* = (16 1/3) (og, T2/AH? AT?) 
and 
f(0) = (2 + cos 6) (1—cos 6)*4 [3a] 


where AHy is the volume heat of fusion, 7) is the 
liquidus temperature of the alloy of the composition 
of the liquid just before freezing, and AT is the un- 
dercooling below the liquidus. The volume heat of 
fusion of a solid metal phase in an alloy is given to 
a close approximation by: 
AH = + AE mix [4] 
and is a partial volume quantity. AH? is the volume 
heat of fusion of the pure metal. AHnix is the partial 
volume heat of mixing of the pure nucleated metal 
into the liquid alloy. Data of this type have been 
tabulated by Kubaschewski and Catterall.’” The im- 
plicit assumption is made, both in the statement of 
the validity of Eq. [4] and in using the above AHy 
in Eq. [3], that the critical nucleus is pure metal 
rather than a solid solution. 

Eq. [2] can be solved for f(@) using relations [3] 
and [4] giving: 
fle) AT*[AH? + AHmix|’ [RT In (A/I) — AF 4] 

167 of 


[3] 


I can be taken as corresponding to 107 nuclei per 
sec. for a 100-u-diam nucleating agent. To obtain 
Osy the assumption must be made, for complete lack 
of data, that ogy is the same in the pure metal as in 
the alloy. The maximum undercooling in the Pb-Sn 
system and inthe Ni-Cu system” indicates that this 
may be a good assumption in many cases. In any 
case, if it is assumed that ogy is not raised dras- 
tically in going from a pure metal to an alloy, the 
conclusions of this work are not dependent on the 
assumption of constant osr. The values of og; for 
a number of pure metals have been determined by 
Turnbull.’* For materials not listed and for Pb the 
empirical relation found by Turnbull that the molar 
solid-liquid interfacial energy is about 0.45 times 
the molar heat of fusion was used to determine os;.- 
Using Eq. [5], Eq. [3a], and the undercoolings listed 
in Tables I and II as definite values, it is thus pos- 
sible to compute (ox7—os5x)/osz for a majority of 
the systems studied. The final results are shown in 
Table IV. It will be noted that in all but a few sys- 
tems, the relation between the three interfacial 
energies is: 


[6] 


OXL = + OSL 
This relationship was found to hold for nearly all 
the systems in which the two sides were investigated 
and in over half of the systems in which only one side 
was investigated. This arises because, in virtually 
all cases, one of the two phases of the system nucle- 
ates the other at undercoolings well below those re- 
quired for homogeneous nucleation. 

It is known that typical solid-solid interfacial 
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energies (such as large-angle grain boundary ener- 
gies) are about two times the corresponding liquid- 
solid interfacial energies.’*™ If the solid-solid in- 
terfacial energies were twice as large as the average 
liquid-solid interfacial energies values of cos 9<-1 
would result in formula [1], which would mean no 
contact between the nucleating agent and the nucle- 
ated solid. Obviously this means that heterogeneous 
nucleation would never occur. 

However, is it also known that small angle bound- 
aries or twin boundaries, in which a certain amount 
of registry exists between the two crystals (or parts 
of the crystal) have relatively low interfacial ener- 
gies. Since heterogeneous nucleation takes place, 
and often with very low undercoolings, a certain co- 
herency between the two solid phases is necessary 
to reduce the solid-solid interfacial energies to 
reasonable values. However, a dilemma arises at 
this point. The results of this investigation require 
that oxs be small—but just small enough to make 
Oxy Slightly less than oxys + ogy; and no smaller. 
Otherwise cases of no interfacial energy barrier 
to nucleation would be very frequent making under- 
coolings of 0°C about as common as finite under- 
coolings. The results of this investigation indicate 
that this is not so. This difficulty can be avoided, 
however, if it is assumed that in many cases the 
interfacial energy barrier to nucleation is very small 
or negative and that a new barrier becomes impor- 
tant. One model for this barrier that fits the other 
results of this investigation can be described as 
follows. Consider the eutectic system between the 
solid phases X and S and let oxy; > osyz (which, for 
the nucleation of S by X, is necessary in order that 
the interface energy barrier to nucleation be very 
small or negative). It is then feasible for the energy 
of the system to be lowered by having the X crystals 
coated with a thin coherent or partially coherent 
layer of solid S at the X-liquid interface. (By a par- 
tially coherent layer is meant one with an interface 
with the substrate in which the disregistry is partially 
taken up by dislocations. ) 

Crystallization in this case is essentially the 
thickening of this layer. However, thickening of this 
layer involves an increase of strain energy and per- 
haps some loss of coherency between the two lattices. 
Accordingly the barrier to solidification is the strain 
energy involved in increasing the thickness of the 
film. Because this strainenergy is presumably small, 
freezing requires only low undercoolings. 

When oy, is less than ogz, there is an interfacial 
energy barrier to nucleation of S by X regardless of 
‘the value of oxys and the undercoolings in this case 
are large. This explains the experimental observa- 
tion that, ina binary system, one phase nucleates the 
second at low undercooling while the second has no 
nucleating effect on the first at any but high under- 
coolings. 

The existence of the series in Table III and the dif- 
ference in the behavior of Pb and Tl as opposed to 
Bi and Sn can also be explained. The nucleation be- 
havior can be seen to be controlled by the relative 
magnitude of the solid-liquid interfacial energies in- 
volved. The solid-liquid interfacial energy of the 
nucleation catalyst can be seen to act as a part of the 
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driving force for nucleation, and the solid-liquid in- 
terfacial energy of the nucleated solid appears to act 
as the barrier to nucleation. Thus metals that tend 
to have high interfacial energies with liquids are 
good nucleating agents and are hard to nucleate 
(e.g., Bi and Sb). Those metals that tend to have low 
interfacial energy with liquids are easy to nucleate 
and are poor nucleating agents (¢.g., Pb and T1). 

It is to be expected then that the order of metals 
down Table III is that of increasing solid- liquid in- 
terfacial energy. In the second column of Table III 
are shown the gram atomic solid-liquid interfacial 
energies, og, as determined by Turnbull.”® 

In the first and second groups,which contain metals 
of simple crystal structure, the experimental results 
indicate that the behavior is as predicted. Since 
liquid-solid interfacial energies are almost directly 
proportional to the melting point for metals of simi- 
lar crystal structures, it can be predicted that, in 
binary alloys of these metals, the higher melting 
point metal should nucleate the lower melting point 
metal at low undercooling while a large undercooling 
should be involved in the reverse nucleation. 

The elements of the third group (all of which have 
complex crystal structures) show interfacial ener- 
gies lower than expected from their behavior in nu- 
cleation. This can be explained by postulating that 
the solid-liquid interfacial energies are anisotropic. 

If this is true, the interfacial energies listed in 
Table III represent intermediate values, probably 
toward the lower end of the range. For metals of 
simple crystal structure, this anisotropy is relatively 
small. In complex crystals, however, there probably 
exist planes with considerably higher than average 
solid-liquid interfacial energy. These planes can 
thus serve to nucleate other metals. 

Since it appears necessary to postulate that the 
nucleus must be coherent or partially coherent (have 
an interface in which part of the disregistry is taken 
up by dislocations ) with the nucleating agent, the 
abnormal diffusivity of nucleating metals of ‘‘com- 
plex’’ structure seems readily explainable. (All 
structures which apparently involve directional 
bonding are referred to as ‘‘complex’’). In metals 
of ‘‘complex’’ structure the energy of dislocations 
is high. Thus, the energy to form a partially co- 
herent interface should be very high. Thus, the un- 
dercooling for nucleation of ‘‘complex’’ metals 
should be very high (except possibly for nucleating 
agent - metal pairs which have planes that can fit 
together with very low disregistry). 

It is to be noticed that if the og values in Table IV 
are divided by the metling point (column 3), the third 
group falls into line with the other groups. Although 
the implications of this correlation cannot at present 
be explained, its interpretation may give a better in- 
sight into solidification phenomena. 


CONCLUSIONS 


The results of this investigation indicate that in 
heterogeneous nucleation from metallic liquids: 

1) Metals that are difficult to nucleate (.e. those 
for which few potential catalysts have observable 
nucleating effects) are good nucleating agents (2.e. 
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often show catalytic effects in the nucleation of 
other metals). 

2) Metals that are easy to nucleate are poor nu- 
Cleating agents. 

3) Lattice misfit between nucleating agent and 
nucleated solid probably is of only minor signific- 
ance. 

4) Metals that are good nucleating agents have 
complex or open structures, and high entropies of 
fusion. The theory of nucleation based on relative 
interfacial energies requires that these metals have 
high solid-liquid interfacial energies. 

5) Similarly, metals that are poor nucleating 
agents have simple structures, low entropies of 
fusion, and should have low interfacial energies 
with metallic liquids. 


6) In the systems studied one phase almost in- 
variably nucleates the other phase at low under- 
cooling while the second shows no nucleating ef- 
fect on the first. 

7) The barrier for nucleation at low undercool- 
ings is apparently a strain energy barrier. 
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Dispersion Strengthening of Copper by 


Internal Oxdiation 


A series of dilute solid solutions of aluminum and silicon in 
copper, in powder form, were internally oxidized, compacted, and 
extruded, to produce Cu-Alz03 and Cu-SiOz2 alloys with 0.1 to 12 
vol pet of oxide. Room-temperature tensile tests, creep-rupture 
tests from 450° to 850°C, conductivity measurements, and recrys- 
tallization studies were made. Oxide particle size and interparticle 
spacings were determined in an effort to relate the structure to 
measured strength values by means of known dispersion strength- 
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Tue study of dispersion strengthening is of par- 
ticular interest in high-temperature materials tech- 
nology in view of the excellent creep-rupture prop- 
erties and thermal stability achieved with SAP.*° 
Considerable effort has been devoted to this study in 
recent years, and encouraging results have been ob- 
tained in a number of systems. ° In general, the most 
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Stable structures have been found in systems employ- 
ing an oxide as the dispersed phase. 

The process of internal oxidation’ offers a con- 
venient means of obtaining a highly dispersed phase 
in a pure metal matrix. By this process, appreciable 


hardening was achieved by Meijering and Druyvesteyn® 


in dilute solid solution alloys of Cu and of Ag. Martin 
and Smith reported’ a marked increase in the creep 
strength of Cu~0.05 pct Al after internal oxidation at 
850° and 900°C. 

The general problem of the strengthening of metals 
by a highly dispersed minor phase has received a 
considerable amount of attention. By an extension of 
the theory proposed by Mott and Nabarro,*° Orowan”™ 
derived a relationship from which yield strength is 
predicted to be inversely proportional to particle 
spacing. In a study of Fe-C alloys, Gensamer et al.*” 
found yield strength to decrease linearly with in- 
creasing logarithm of the mean free path in the fer- 
rite. A similar investigation by Roberts, Carruthers, 
and Averbach’ confirmed these results, while Shaw} 
working with overaged Al-Cu alloys, found better 
agreement using the logarithm of yield strength. 

It is implicit in the above analyses that strength is 
independent of the amount of the dispersed phase in 
the range studied. The theory of Fisher, Hart, and 
Pry’? considers explicitly the amount of the second 
phase. From their analysis, the hardening increment 
after considerable plastic strain is predicted to be 
inversely proportional to particle radius and pro- 
portional to the 3/2 power of volume fraction of the 
dispersed phase. Hibbard and Hart’® reported some 
agreement with this prediction in a study of Cu-Cr 
alloys, although their results showed considerable 
scatter. The results of Gregory” for internally 
oxidized Ag-Al alloys, and of Gregory and Grant” 
for a series of alloys of the SAP type, tend to sup- 
port the Orowan relationship. Working with alloys 
prepared by the extrusion of mechanically mixed 
nickel and alumina powders, Cremens and Grant”® 
also observed some agreement with Orowan’s model, 
as did Bourdeau’’ with a series of silver-alumina 
alloys. On the other hand, the results of Lenel, 
Backensto and Rose™ tend to favor the Gensamer 
relationship. 

Keeler” observed a linear relationship between 
flow stress and volume fraction of dispersed phase 
-in Zr-Cr alloys, with some deviation towards higher 
flow stresses with the finer particle sizes. Hyam and 
Nutting” also reported a dependence on the amount of 
the dispersed phase, but found no agreement with 
existing dispersion hardening theories. 

The emphasis in the work discussed above has been 
primarily on the effect of dispersions on the room- 
temperature strength. A recent analysis by Weert- 
man” concerns the derivation of creep equations for 
dispersion hardened alloys in the higher temperature 
range, where dislocation climb becomes important. 
In this model the rate-controlling process is as- 
sumed to be the climb of dislocations over the dis- 
persed particles. Ansell and Weertman” have since 
reported that creep tests on an alloy of the SAP type 
do not support the model. 

There appears, then, to be general qualitative 
agreement concerning the effect of particle size and 
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spacing on room-temperature strength, while the de- 
pendence on amount of dispersed phase is not well 
established. The role of the dispersion in high-tem- 
perature strength has not been extensively studied. 
The present report covers a study of the room-tem- 
perature and creep-rupture properties of copper 
alloys dispersion strengthened with silica and with 
alumina, produced by hot, high strain rate deforma- 
tion (extrusion) of internally oxidized alloy powders. 


EXPERIMENTAL PROCEDURE 


Preparation of Alloys—-A series of four dilute al- 
loys of Cu-Si and three of Cu-Al were obtained ina 
range of compositions to give from 0.1 to 12 vol pet 
oxide after internal oxidation. The vacuum melted 
alloy bars were cold swaged to 50 pct reduction of 
area and annealed in helium for 50 hr at 1000°C for 
homogenization. The homogenized bars were re- 
duced to chips on a milling machine, then treated for 
4 hr in a stainless steel rod mill to give a powder 
which passed through a 20-mesh screen. 

A preliminary study was made of depth of pene- 
tration of internal oxidation as a function of time, 
temperature, and solute content, using solid sam- 
ples embedded in a mixture of Cu and Cu2O powders. 
The results of this preliminary study, which were in 
general agreement with those of Rhines, Johnson, and 
Anderson,”” formed the basis for treatment of the 
powder materials. 

Wood has shown’’ that in an atmosphere produced 
over a Cu-Cu,O mixture the oxygen is transferred in 
the gas phase as the Cu20 molecule, resulting in the 
formation of a copper surface layer of a thickness 
proportional to the quantity of oxygen used in the 
internal oxidation reaction. Since this would amount 
to approximately 10 pct of the sample volume with 
the alloys of higher solute content, the method could 
not be used for internal oxidation of the present pow- 
der materials. 

Attempts to use CO, or water vapor as the oxidiz- 
ing atmosphere resulted in the formation of surface 
films of the solute oxide, which prevented internal 
oxidation from taking place. This effect was pre- 
sumably due to the decrease in rate of delivery of 
oxygen as a result of the strong adsorption of CO or 
H2O at the surface. Consequently, the method adopted 
for internal oxidation of the alloy powders involved 
the surface oxidation of the sample to cuprous oxide 
(plus solute oxide) by heating in a measured volume 
of oxygen at 450°C. The oxygen from the surface 
film was then diffused into the sample by heating in 
a sealed container at the desired temperature for 
internal oxidation. While this method resulted in 
some disturbance of the surface layer of the par- 
ticles, the effect was held to less than 3 pct of the 
sample volume by limiting the volume of oxygen 
added in any given step. This required that the 
treatment be accomplished in four steps for the 
higher alloy contents. 

A 500-g batch of alloy powder plus a small solid 
sample were internally oxidized as described above, 
then hydrogen-reduced at 450°C to remove any ex- 
cess oxygen. The solid sample and some of the 
larger powder particles were sectioned for metal- 
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Table |. Sample Numbering Code of Alloys Produced 


Solute Content Internal Oxidation Temperature °C 


(Wt Pct) 650° 750° 850° 950° 
0.01 Si S10 S11 - $13 
0.07 Si $20 S21 $23 
0.25 Si S31 $33 
1.59 Si S41 S42 
0.09 Al B10 Bll - B13 
0.23 Al B20 B21 - B23 
0.77 Al B31 B33 


lographic measurement of the depth of penetration 
of internal oxidation. The treated powder was vi- 
brated into a copper container to a packing density 
of approximately 50 pct, evacuated, and sealed for 
extrusion without compacting or sintering. 

The samples were extruded at 760°C with a ram 
speed of 55 ipm at an extrusion ratio of 28 to 1, to 
give a rod approximately 1/4 in. diam, by 48 in. 
long. A list of the alloys produced is givenin Table I. 

Determination of Structure Parameters—A weighed 
sample of each extruded alloy was dissolved in 20 pct 
nitric acid in a dialysis bag, the oxide residue was 
washed by dialysis, dried and weighed. The residue 
weight was compared with the value calculated from 
the analysis of the starting alloy as a check on the 
effectiveness of the oxidation treatment and the ex- 
traction procedure. 

The extracted residues were identified by X-ray 
diffraction. In a number of the alumina alloys both 
@ and y alumina were found, and in such cases the 
composition of the mixture was determined from in- 
tegrated line intensities. A calibration curve for 
this purpose was constructed from a series of stand- 
ard samples by mixing @ and y alumina of particle 
sizes comparable with those of the extracted samples. 

Oxide particle sizes were calculated from X-ray 
line broadening by the method of Scherrer.” Instru- 
mental broadening was determined with the aid of a 
silicon standard, and further checked against a line 
of the coarse alpha alumina in the standard samples. 

Values of mean free path between oxide particles 
were calculated on the basis of nominal alloy compo- 
sition and oxide particle size measured by X-ray 
line broadening, using the relationships given by 
Fullman.™ The oxide particles were assumed to be 
uniform spheres, on the basis of the work of Martin 


Fig. 1—Solid sample of Cu-0.77 pct Al 
internally oxidized at 950°C. Etchant 
NH,OH-H,0,. X500. Reduced approxi- 
mately 41 pet for reproduction. 
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Fig. 2—Powder particle of Cu-0.77 pct 
Al internally oxidized at 950°C. Etchant ternally oxidized at 950°C and extruded. 
NH,OH-H,0,. X500. Reduced approxi- 
mately 41 pct for reproduction. 


Table II. Calculated Values of Structure Parameters for Extruded Alloys 


Alloy Particle Volume fa/r* Mean Free 
No. Radius, A Fraction cm7* Path, 
S10 326 0.001 “i 54.3 
Sit 417 0.001 5 69.5 
S13 1000 0.001 2 166.5 
$20 254 0.006 174 5.8 
S21 353 0.006 125 8.1 
$23 628 0.006 70 14.4 
$31 261 0.021 1,140 1.65 
$33 314 0.021 950 1.98 
S41 214 0.120 19,500 0.21 
S42 174 0.120 23,960 0.17 
B10 101 0,004 278 one 
Bll 152 0.004 179 4.81 
B13 148 0.004 184 4.70 
B20 67 0.011 1,720 0.81 
B21 55 0.011 2,100 0.66 
B23 47 0.011 2,460 0.56 
B31 59 0.036 11,500 0.21 
B33 83 0.035 7,860 0.31 
B33(A) 73 0.034 8,730 0.27 


Note: (A) annealed 1 hr at 1080°C. 
* f is volume fraction of oxide; 7 is radius of oxide particle (average 


and Smith.*° Where an oxide of two distinct particle 
size groups was found, as in a number of the alumina 
alloys, the reciprocal average radius was used, as 
suggested by Smith and Guttman.”? 

Densities of the extruded alloys were measured by 
loss of weight in water, and compared with calculated 
values based on nominal composition. 

Mechanical Testing— Threaded tensile test bars 
with gage dimensions of 0.16 in. diam by 1 in. long 
were machined from the extruded rods. Room-tem- 
perature tensile tests were made in the as-extruded 
condition, and on some of the alloys after annealing 
for 1 hr at 1000°C. Creep-rupture tests were con- 
ducted in air at 450° and 650°C and in nitrogen at 
850°C, in the as-extruded condition. 

Annealing Studies--Samples of the extruded rods 
were heated for 1 hr in argon at temperatures up to 
1080°C. The progress of annealing was studied 
mainly by room-temperature hardness measure- 
ments, supplemented by tensile tests, Laue back- 
reflection patterns, and metallography. A brief study 
was made in the electron microscope using the par- 
lodion replica technique; and electrical resistivity 
measurements were made on a number of the alloys. 


= tar 


Fig. 3—Cu-0.07 pet Si alloy; powder in- 


Etchant NH,OH-H,O,. X500. Reduced 
approximately 41 pct for reproduction. 
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Fig. 4—Cu-0.77 pct Al alloy; powder internally oxidized at 


950°C and extruded. Etchant NHyOH-H,O,. X500. Reduced 
approximately 41 pct for reproduction. 


RESULTS 


The results of oxide content determined by extrac- 
tion were in excellent agreement with the calculated 
values in the Cu-Al,0, alloys. The values for the 
Cu-SiO2z alloys were consistently somewhat higher 
than the calculated values, and the residues were 
dark brown in color. This was taken to indicate that 
there was some copper or copper oxide in solution in 
the silica. For the calculation of structure param- 
eters the nominal oxide content determined from the 
chemical analysis of the original alloy was used in 
each case. 

The types of-oxide dispersions obtained by the in- 
ternal oxidation of the solid specimens and of the 
powder particles are shown in Figs. 1 and 2, respec- 
tively. The oxide in the Cu-SiO, alloys was identified 
as @ cristobalite. The Cu-Al,03; alloys in general 
contained mixtures of fine y and coarse @ particles. 
The reciprocal average particle size was calculated 


Table Ill. Room-Temperature Tensile Results 
Alloy Volume Yield, Psi Ultimate Elonga- Red. Area, 
No. Pct, Oxide (0.2 Pct Offset) Psi tion, Pct Pct 
(A) As-extruded condition 
S10 0.1 19,900 34,800 33 73 
S11 0.1 17,700 34,000 40 76 
$13 0.1 15,800 37,100 41 61 
$20 0.6 29,100 39,800 28 74 
$21 0.6 26 ,600 39,300 30 74 
$23 0.6 20,700 36,000 38 63 
$31 2.1 34,400 44,300 16 42 
$33 DA. 27,500 41,800 25 59 
S41 12.0 29,000 40,000 5 10 
S42 12.0 25,000 38,000 9 11 
B10 0.4 42,800 51,100 23} 73 
Bll 0.4 40,800 49,200 22 67 
B13 0.4 45,200 54,700 22 68 
B20 ial 55,800 65,800 20 52 
B21 ial 54,500 63,800 16 43 
B23 SAL 58,200 68,000 19 54 
B31 3.6 63,800 72,700 13 32 
B33 3.5 65,100 76 ,000 13 31 
(B) Annealed 1 hr at 1000°C 
$13 0.1 7,400 31,100* 27* oF 
$23 0.6 9,500 34,300 32 30 
$33 Pasi 16,700 34,800 25 40 
S42 12.0 16,300 31,800 13 13 
B13 0.4 41,500 52,300 18 44 
B23 Meat 54,200 65,400 14 30 
B33 335 59,200 71,400 12 13 


*Broke in threads. 
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Fig. 5—Summary of creep-rupture results for Cu alloy 
powders internally oxidized at 950°C and extruded. 


from the amount and particle size of each modifica- 
tion determined by the X-ray analysis. Results of 


alloy composition, oxide particle size, and mean free 


path are given in Table II. 

Typical microstructures of the as-extruded ma- 
terials are shown in Figs. 3 and 4. The stringers of 
coarse @ alumina particles seen in Fig. 4 result 
from the effect of extrusion on the grain boundary 
oxide concentrations shown in Fig. 2. The measured 
density of the extruded materials was greater than 
99.3 pct of the calculated values, except for the al- 


Table IV. Interpolated Values of Creep-Rupture Data 


Values for 100-Hr Rupture Life 


Alloy Volume Oxidation 

No. Pct, Oxide Temp.,°C Stress,Psi  Elong., Pct Red.Area, Pct 
(A) Tested at 450°C in air 

S10 0.1 650 6,300 1 0 
Sial 0.1 760 5,200 4 3 
$13 0.1 950 2,400 6 2 
$20 0.6 650 10,500 3 4 
S21 0.6 750 8,800 5 
$23 0.6 950 4,000 4 0 
S31 201 750 13,500 4 6 
$33 Deu 950 12,000 2 6 
S41 12.0 750 15,000 3 2 
S42 12.0 850 13,000 3 5 
B10 0.4 650 15,500 4 13 
Bll 0.4 750 15,500 4 12 
B13 0.4 950 17,000 2 14 
B20 ileal 650 30,000 3 11 
B21 algal 750 27,000 2 8 
B23 950 31,000 6 
B31 S36 750 36,500 2 10 
B33 355 950 38 ,000 2 10 
(B) Tested at 650°C in air 

S13 0.1 950 700 3 2 
$23 0.6 950 730 2 0 
$33 Piet 950 3,000 3 4 
B13 0.4 950 7,500 1 4 
B23 teil 950 16,000 2 8 
B33 S55) 950 21,000 3 8 
(C) Tested at 850°C in nitrogen 

S13 0.1 950 90 5 0) 
$23 0.6 950 180 5 0 
$33 Dat 950 320 6 0 
B13 0.4 950 2,200 1 2 
B23 tal 950 6,000 1 
B33 Sys) 950 8,000 1 1 
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Fig. 6—Creep curves of internally oxidized and extruded 
Cu powder alloys tested at 850°C in nitrogen. 


loys with higher silica content, which were in the 
range of 95.8 to 98.4 pct of theoretical density. 

Room-temperature tensile data are shown in Table 
Ill. Creep-rupture results at 450°, 650°, and 850°C 
are summarized in Table IV and Fig. 5. Typical 
creep curves at 850°C for the strongest and weakest 
alloys in the series are shown in Fig. 6. Photo- 
micrographs of the fracture areas of these two spe- 
cimens are given in Figs. 7 and 8. Complete stress- 
rupture curves for these two alloys are shown in 
Figs. 9 and 10, and minimum creep rate data are 
plotted in Fig. 11. 

Results of annealing studies on the six alloys in- 
ternally oxidized at 950°C are presented in Fig. 12. 
Alloy B33, containing 3.5 vol pct Alz03, showed un- 
usually high resistance to annealing. Some softening 
was observed, however, after 1 hr at 1080°C, and 
was accompanied by a slight amount of recrystalliza- 
tion, as shown in Fig. 13. A decrease in hardness on 
annealing was in all cases accompanied by an in- 
crease in the fraction recrystallized as determined 
by metallographic examination. These observations 
were supported by the X-ray results, as shown in 
Figs. 14 and 15. There was no detectable shift in the 
Debye rings as a result of annealing, but the hard- 
ness decrease was accompanied by the appearance 
of spots on the Laue photogram. 

The alloys produced by internal oxidation at 950°C 
were examined in the etched condition under the 
electron microscope. No attempt was made to meas- 


4 ~ 


Fig. 8—Fracture area of Cu-0.77 pct Al alloy internally 
oxidized at 950°C and extruded. Rupture life 1.05 hr at 
12,500 psi; 850°C in nitroge.. Etched, X500. Reduced ap- 
proximately 41 pet for reproduction. 


168-VOLUME 221, FEBRUARY 1961 


Fig. 7—Fracture area of Cu-0.01 pct 
oxidized at 950°C and extruded. Rupture life 0.26 hr at 
1000 psi; 850°C in nitrogen. Etched; X500. Reduced ap- 
proximately 41 pct for reproduction. 


ure oxide particle size or spacing by this means. A. 
fine block structure was observed, similar to that 
reported by Heidenreich, Sturkey, and Woods. *° 
While there was a slight trend towards smaller block 
size with increasing strength in the alloys, no defin- 
ite correlation could be established. A typical struc- 
ture is presented in Fig. 16. This block structure 
was not observed in the recrystallized areas of the 
alloys annealed at 1000°C, as shown in Fig. 17. 

The electrical resistivities of the six alloys in- 
ternally oxidized at 950°C were approximately 2.7 
micro ohm-cm., were independent of oxide content 
and remained essentially unchanged by the 1000°C 
annealing treatment. 


DISCUSSION OF RESULTS 


Creep-rupture strength and room-temperature 
yield strength increased with decreasing oxide par- 
ticle size, and with increasing oxide content up to 
3.5 vol pct. With the highest oxide content, 12 vol 
pet SiOz, the strength dropped considerably below 
that of the intermediate alloys in the series. This 
strength decrease was accompanied by lower density 
in the extruded product and a much less uniform dis- 
tribution of the oxide. 

In the silica alloys, the oxide particles size de- 
creased sharply with decreasing temperature of in- 
ternal oxidation. A slight and somewhat irregular 
dependence of particle size on internal oxidation 
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Fig. 9—Stress-rupture results for internally oxidized and 


extruded Cu-0.01 pet Si alloy, tested at 450°, 650°, and 
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Fig. 10—Stress-rupture results for internally oxidized and 
extruded Cu-0.77 pct Al alloy, tested at 450°, 650°, and 
850°C. 
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Fig. 12—Room-temperature hardness after 1 hr anneal, 
for copper powder alloys internally oxidized at 950°C and 
extruded. 


temperature was observed in the alumina alloys, and 
the alumina particles were much smaller than the 
silica particles in all cases. This behavior is re- 
flected in the strength data given in Figs. 9, 10, and 
11, and Tables III and IV. 

The strongest alloys exhibited a decreasing creep 
rate over a major portion of the rupture life, even 
in tests conducted at 850°C. Fractures were of the 
shear type, and in some cases were found to initiate 


Fig. 14—Cu-0.25 pct Si powder alloy internally oxidized at 
950°C and extruded. Filtered Cu radiation. (a) As extruded. 
(b) Annealed 1 hr at 600°C. (c) Annealed 1 hr at 1000°C. 

(d) Annealed 1 hr at 1050°C. 
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Fig. 11—Stress vs minimum creep rate for internally oxi- 
dized and extruded Cu powder alloys, tested at 450°, 650° , 
and 850° C. 


Fig. 13—Cu-0.77 pct Al alloy powder internally oxidized at 
950°C, extruded then annealed 1 hr at 1080°C. Etchant 
NH,OH-H,O,. X500. Reduced approximately 41 pct for re- 


production. 


at small intercrystalline cracks which developed in 
recrystallized areas of the specimen. (See Fig. 8). 
The weakest alloys showed the tertiary creep and 
extensive intercrystalline cracking which are typical 
of high-temperature behavior. 

The most significant microstructural feature of 
these alloys is the retention of the strained matrix 
after extrusion, as shown in Figs. 3 and 4. The lower 


Fig. 15—Cu-0.77 pct Al powder alloy internally oxidized at 
950°C and extruded. Filtered Cu radiation. (a) As extruded. 
(6) Annealed 1 hr at 600°C. (c) Annealed 1 hr at 1000°C. 

(d) Annealed 1 hr at 1080°C. 
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ir 


Fig. 16—Cu-0.77 pct Al alloy internally oxidized at 950°C 


and extruded. Etchant NH,OH-H,O,, Cr shadowed. X10,000. 


Reduced approximately 41 pet for reproduction. 


strength alloys were almost completely recrystal- 


lized in the as-extruded condition, while the strongest 


alloys retained their strained microstructure even 
after one hr at 1000°C. In all cases, higher strength 
was associated with a higher proportion of strained 
matrix, and softening was accompanied by an in- 
crease in the fraction recrystallized, rather than a 
general and homogeneous decrease in the level of 
matrix strain. 

An attempt was made to relate the observed 
strength to the degree of dispersion of the oxide 
through three common dispersion hardening rela- 
tionships. For this purpose the alloys containing 
12 vol pct silica were excluded in view of their low 
density. In Fig. 18, yield strength (0.2 pct offset) is 
plotted against logarithm of mean free path in ac- 
cordance with the empirical relationship observed 
by Gensamer.™ The silica and the alumina alloys 
fall into two distinct groups, with rather good corre- 
lation within each group. Similar agreement was ob- 
served by Lenel, Backensto and Rose” ina series of 
alloys of the SAP type. 

The theoretical treatment of Fisher, Hart, and 
Pry’? relates the incremental increase in flow stress 
at high strains to the 3/2 power of volume fraction 
and the reciprocal of the radius of the dispersed 
phase. It was considered to be of interest to attempt 
such a correlation in the present work on the basis 
of yield strength, in view of the highly strained na- 
ture of the alloys in the as-extruded condition. The 
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Fig. 18—Room-temperature yield strength vs log mean free 
path of the oxide for internally oxidized and extruded Cu 
powder alloys. 
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Fig. 17—Cu-0.77 pct Al alloy internally oxidized at 950°C, 
extruded then annealed 1 hr at 1000°C. Field located in a 
recrystallized area. Etchant NH,OH-H,O,, Cr shadowed. 
X10,000. Reduced approximately 41 pet for reproduction. 


results presented in this way in Fig. 19 do not show 
the linear relationship required by their model. The 
same degree of scatter was obtained in a plot of 
yield strength vs the reciprocal of interparticle 
spacing, indicating that the theory of Orowan’’ is al- 
so inapplicable to these alloys. On the other hand 
Gregory and Grant® found agreement with Orowan’s 
model in a series of Al-Al,0, alloys. 

Such lack of agreement with accepted theories of 
dispersion hardening in the present work is not sur- 
prising after consideration of the annealing behavior. 
It is quite apparent that for alloys produced in this 
way, strength cannot be related directly to the degree 
of dispersion of the second phase, but that the dis- 
persed phase must be considered indirectly through 
it effect on the matrix structure. 

Development of a Model—The retention of the 
strain-hardened structure offers an important clue 
in the analysis of the strengthening mechanism, and 
provides evidence in support of the suggestion® that 
the strength of alloys of this type may be a conse- 
quence of the strain energy retained from the defor- 
mation (extrusion) step. The present model is offered 
as anapproximate means of relating the energy stored 
under a given set of conditions to the degree of dis- 
persion of the oxide phase. 

Averbach et al. have indicated” that most of the 
energy stored in a cold-worked metal is associated 


50}— 
= 
i X Cu-Al,0; Alloys 
© Cu-Si0, Alloys 
30 


4 8 ip 12 14 16 
-+)103 


Fig. 19—Room-temperature yield strength as a function of 
volume fraction and particle radius of oxide for internally 
oxidized and extruded Cu powder alloys. 
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with the presence of subboundaries. It is suggested 
here that the dispersed particles have the effect of 
pinning the low-angle boundaries in much the same 
way as Zener ‘has observed” in the case of grain 
boundaries. Examination of the photomicrographs 
presented by Northcott** and by Hyam and Nutting” 
tends to support such a suggestion. 

In Fig. 20(@) the oxide dispersion is represented 
as uniform spherical particles in a simple cubic 
array. Since subboundaries are not constrained to 
remain plane, this simplification is not necessary 
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Fig. 22—Yield strength and subboundary area parameter vs 
volume fraction of oxide at constant oxide particle size. 
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Fig. 21—Room-temperature yield strength and stress for 
100-hr rupture life at 450° vs subboundary area parameter. 


in the real case. The volume element considered is 
a cube containing one oxide particle. Under the 
extrusion conditions, involving very high plastic 
strain at a temperature high enough to permit dis- 
locations to arrange themselves into low-angle 
boundaries by climb, it is suggested that an approxi- 
mate value of the stored energy may be calculated 
in the following way: 
Let 7 = particle radius 
f = volume fraction of dispersed phase 
d = distance between particles as shown in 
Fig. 20(a) (not interparticle spacing) 
m = number of subboundary planes passing 
through the particle 
= specific subboundary energy. 


Then subboundary area per volume element 
=n(d*— TY?) 

Number of volume elements per unit volume of alloy 
=1/d? 


Hence subboundary area per unit volume 


(d°— rr”), from which 


Energy stored per unit volume of alloy 


For alloy B33, containing 3.5 vol pct Al203, a cal- 
culation of stored energy from the above expression, 
using = 3 for the simple three-dimensional case 
and y = 300 ergs per cm’, gives a value of 0.5 cal 
per g, which is not inconsistent with published values. 

Since yield strength may be related empirically 
to the stored energy, it may then be related to the 
amount and dispersion of the oxide phase through 
the above function. This is shown for room-tempera- 
ture yield strength and the 100-hr rupture stress at 
450°C in Fig. 21. The correlation is considered to 
be satisfactory in view of the assumptions made in 
the development of the model and its ability to repre- 
sent both the SiOz and Al2O3 series on the same 
curves. 
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On the basis of this model, the maximum strength 
is to be expected at 15 vol pct oxide, as shown in 
Fig. 22. Since density and dispersion become much 
less ideal at the higher oxide contents, the observed 
values must fall below those predicted by the model. 
The values of observed yield increment (above that 
of pure Cu) shown in Fig. 22 are taken from the silica 
series internally oxidized at 750°C. 

Yield strength increases with decreasing particle 
size of the dispersed phase. If a simplified sub- 
boundary network may be represented as in Fig.20(d), 
then as the particle radius approaches the effective 
thickness of the subboundary, the concept of pinning 
of one subboundary while the particle is contained in 
another must break down. This suggests that while 
the strength increases with decreasing particle size, 
it should pass through a maximum at some particle 
radius greater than approximately 30A. In this con- 
nection, Livingston** has observed a maximum in the 
yield strength of Cu precipitation hardened with Co at 
a particle radius of 70A, which he explains on the 
basis of coherence with the matrix. On the other 
hand, one of the stronger alloys in the present work, 
alloy B23, shows an average particle radius of 50A. 
There can be no doubt, however, of the validity of 
the concept of a minimum effective particle size for 
strengthening. 

The above model requires that the interface be- 
tween particle and matrix act as a sink for dislo- 
cations, and that the dispersed phase show nil solu- 
bility in the matrix. No other properties of the dis- 
persed phase are involved in the analysis; in par- 
ticular, it is not necessary to consider the shear 
strength of the particle. An interesting observation 
may be made as a consequence of this condition. 
Since a void may be considered as meeting the above 
requirements, at least temporarily, it should be pos- 
sible to achieve strengthening by a suitable disper- 
sion of porosity. Middleton, Pfeil, and Rhodes °° have 
in fact offered such an explanation for the high re- 
crystallization temperature and improved creep 
strength observed in platinum alloys produced by 
the extrusion of powders. In a sintering study of 
copper, Alexander and Balluffi*® have shown that 
voids can exert a restraining force on the movement 
of grain boundaries up to temperatures near the 
melting point. However, since a void has in effect 
some solubility in the matrix, such a dispersion 
would be less stable than the inert oxide particles. 


SUMMARY AND CONCLUSIONS 


Dispersion hardened Cu-base alloys with superior 
creep strength and thermal stability were produced 
by the hot-extrusion of internally oxidized Cu-Si 
and Cu-Al alloy powders. The creep-rupture proper- 
ties of alloys B33, containing 3.5 vol. pct Al2O3, are 
summarized in Fig. 23. These alloys exhibit the 
high resistance to annealing and flat log stress-log 
rupture time plots typical of the SAP materials. 

It is quite apparent from the dependence of 
strength on the strained matrix structure, that the 
inclusion of approcessing step involving plastic 
working after the formation of the dispersion is an 
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Fig. 23—Summary of creep-rupture results for alloy B33 
and two common commercial alloys. 


essential feature of the hardening mechanism in 
these alloys. Attempts to relate the strength to the 
degree of dispersion through some of the current dis- 
persion-hardening theories were unsuccessful. 


The dispersion-hardening model suggested in the 
present work relates the strength of the extruded 
alloy to the degree of dispersion of the minor phase 
indirectly through its effect on the ability of the 
structure to retain strain energy from the deforma- 
tion (extrusion) step. Satisfactory correlation is 
shown in this way for both room temperature yield 
and creep rupture strength at 450°C. The model 
predicts that maximum strength is to be expected 
with between 4 and 15 vol. pct of the dispersed phase 
and a particle radius between 30 and 50A. It implies 
that it is not necessary to introduce the concept of 
coherence between matrix and dispersed phase in an 
analysis of strengthening of this type. 
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The Iron-Carbon-Sulfur System from 1149° to 1427°C 


Coils of pure iron and ivon-carbon alloy wire (0.05 to 
0.80 pct C) and sufficient sulfur to saturate the solid phase were 


equilibrated in evacuated or argon filled tubes. After rapid cool- 

ing, and removal of the outside nonmetallic ne ie were Albert M. Barloga 
analyzed for carbon and sulfur and the data used to construct an Keith R. Bock 
Fe-S binary and isotherms of the Fe-C-S ternary in the range 


Tue solid solubility of sulfur in steel is of interest argon at a reduced pressure and sealed. The argon 


in connection with such phenomena as hot shortness, was required at the higher temperatures to prevent 
burning, and so forth. ‘‘Burning,’’ the more or less collapse of the tubes. 

permanent damage that some steels suffer when The filled and sealed tubes were placed in the 
heated for forging or rolling, has been shown to be middle uniform temperature zone of a Globar tube 
related closely to the behavior of sulfur and less furnace and equilibrated at temperatures ranging 
closely to carbon and oxygen.’ Attempts to in- from 2100°F (1149°C) to 2720°F (1493°C). After 
terpret burning phenomena in steels fail because equilibration the tubes were removed from the 

of lack of data on the Fe-C-S and the more complex furnace and quenched in air or water, the form of 
systems in this family. Rosenqvist and Dunicz’” and quenching being found to have no effect on the re- 
Turkdogan, Ignatowicz, and Pearson® have largely sults. The tubes were broken open and the coils 
elucidated the Fe-S diagram in the region of in- were placed in a 1:1 HCl solution to remove the 
terest but no information on the Fe-C-S diagram sulfide-rich layer. The coils were then cut into 
in this region appears to be available in the litera- small pieces and analyzed for sulfur and carbon. 
ture. This paper deals with the elucidation of the In the early stages of the investigation different 
Fe-C-S diagram in these interesting ranges. The equilibration times ranging up to 17 hr were tried 
method employed is different from those used by and the cores of the wires were analyzed to test 
previous workers’’* on the Fe-S system. for saturation. One hour appeared to be sufficient 


to reach maximum sulfur content at 1454°C and 
2 hr sufficient at 1149°C. The practice adopted 


ee Oe was to use at least 3 hr at the higher temperatures 
Pure iron wires (Ferrovac E) or iron carbon and at least 5 hr at the lower temperatures. 
alloy wires of 1 mm in diam were cleaned with The iron-carbon alloy wires used were made by 
acid and acetone, coiled, and placed in silica tubes carburizing pure iron wire with carbon monoxide 
(7 mm OD and 5 mm ID) previously closed at one gas in a one inch diameter ceramic tube at about 
end. Enough sulfur was added to assure saturation 1204°C. Differing carbon contents were obtained 
of the solid iron phase. The filled tubes were by allowing fairly large coils to react with the gas 
either simply evacuated and sealed, or filled with for varying lengths of time at a flow rate of 800 cc 


; per min. The reacting times ranged from 15 min 
NORMAN PARLEE, Member AIME, is Professor at the School to 4 hr depending upon the amount of carbon 
of Metallurgical Engineering, Purdue 
i i t t 
Ind. ALBERT M. BARLOGA is Metallurgist at the Inland Steel The furhaces heed were! Cont 


Co., East Chicago, Ind. KEITH R. BOCK is Metal lurgist at the . 
Kaiser Steel Co. y Fontana; Calif. This paper is based on two Leeds and Northrup Speedomax Type H instruments 


theses submitted to Purdue University, each in partial ful fill- with D.A.T. Control attachment. Thermocouples 
ment of the requirements for the degree of M.S. in Metallurgi- were calibrated against the melting points of gold 
cal Engineering. Messrs. Bock and Barloga have both received and copper. The temperatures recorded appear to 
their M.S. degrees from Purdue. 

Manuscript submitted March 2, 1960. ISD Starting with run No. 85 and continuing with the 
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Table |. Experimental Data 


2100°F (1149°C) 2500°F (1371°C) 


Run Pct C Pet S Run Pee Pet S 
123 0.00 0.023 66 0.09 0.047 
124 0.00 0.025 71 0.13 0.044 
125 0.00 0.031 68 0.24 0.045 
93 0.06 0.037 131 0.25 0.044 
94 0-10 0.032 67 0.30 0.039 
117 0.13 0.031 152 0.36 0.036 
126 0.43 0.025 160 0.40 0.051 
127 0.50 0.023 159 0.41 0.044 
119 0.62 0.034 151 0.41 0.036 
69 0.44 0.038 
2400°F (1316°C) 157 0.52 0.032 
Run Pct C Pct S 
65 0.00 0.046 
62 0.12 0.039 
61 0.40 0.037. 106 0.07 0.059 
61 0.40 0.041 171 0.16 0.034 
60 0.42 0.037 82 0.21 0.038 
60 0.42 0.041 79 0.27 0.042 
128 0.42 0.047 176 0.28 0.041 
173 0.75 0.053 83 0.37 0.038 
174 0.73 0.054 
2300°F (1260°C) 
2410°F (1321°C) Run Pct C Pct S 
Run Pet C Pct S 46 0.00 0.031 
9B 0.00 0.035 46 0.00 0.033 
10B 0.00 0.039 51 0.00 0.035 
52 0.00 0.035 
2450°F (1343°C) 52 0.00 0.038 
Run Pct C Pct S 37 0.05 0.029 
38 0.06 0.027 
7B 0.00 0.058 40 0.10 0.029 
8B 0.00 0.052 39 0.11 0.030 
Run PetiC Pct S 44 0.26 0.030 
44 0.26 0.034 
80 0.00 0.108 48 0.43 0.033 
88 0.00 0.110 43 0.45 0.027 
104 0.00 0.111 53 0.68 0.034 
107 0.05 0.057 53 0.68 0.037 
78 0.06 0.045 
2550°F (1399°C) 
2200°F (1204°C) Run Bene Pct 
Run Pet C PetS 148 0.00 0.118 
29 0.00 0.022 72 0.00 0.120 
29 0.00 0.023 85 0.00 0.126 
29 0.00 0.023 85 0.00 0.129 
32 0.00 0.022 133 0.00 0.130 
32 0.00 0.022 73 0.07 0.106 
32 0.00 0.023 74 0.14 0.040 
35 0.06 0.021 164 0.30 0.044 
35 0.06 0.022 75 0.31 0.042 
31 0.10 0.021 76 0.31 0.045 
31 0.10 0.023 163 0.38 0.041 
30 0.24 0.020 77 0.46 0.037 
28 0.45 0.023 2650°F (1454°C) 
28 0.45 0.025 Run Poti Pct S 
34 0.49 0.022 0 
34 0.49 0.024 198 0:00 0.003 
36 0.58 0.020 
2720°F (1493°C) 
Run Rete Petes 
14B 0.00 0.058 


balance of the runs, the tubes containing the metal 
samples were flame treated to red heat in vacuum 
before sealing, to drive off adsorbed gas. This 


however did not make any difference in the results. 


From runs 145 to 180 the equilibration was done in 
a current of argon to assure that no active gases 


174-VOLUME 221, FEBRUARY 1961 


OF 
ISSOL L | 
| 
2700 
d d+L =| 
L- 2600 
+ 
2489°F 
L 2400 
w 
= 23 
w 
2200 
o THIS RESEARCH SE 
+ ROSENQVIST & DUNICZ 
TURKDOGAN et Al 
“1900 
+— 988 °C 
| 
X+€ 
913°C} 1700 
O100 O150 
Fe WEIGHT PER CENT SULFUR 


Fig. 1—The Fe-S equilibrium diagram. 


passed through the walls of the silica tube at the 
higher temperatures. This was a precautionary 

measure despite the fact that no effect on the re- 
sults was observed. 


RESULTS 


All significant data are shown in Table I. The 
data on the Fe-S binary have been summarized in 
Fig. 1. The results on the ternary system are 
shown as a series of isotherms, Figs. 2 to 8. 


THE Fe-S SYSTEM 


The Fe-S diagram shown in Fig. 1 was drawn 
after consideration of the results of other work- 
ers.”’° It shows that agreement is good in the y 
range. In the 6 range the disagreement is only 
considerable at 1399°C where Rosenqvist and 
Dunicz” found a somewhat higher solid solubility. 
Since their point at 1400°C essentially represents 
only one determination it has been ignored in draw- 
ing the 6 solidus line. 

The position of the ‘‘extectic’’ horizontal (1365°C) 
was determined by applying the following relation to 
the 6 — y transformation. 


where T = 1663°K,* AH,, = 280 cal,° and A[S] is the 
difference in sulfur content of the two coexisting 
phases in atom per cent. Since the value of A[S] 
can be taken by extrapolation anywhere between 
1350° and 1399°C this leads to an uncertainty of 
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Fig. 2—The Fe-C-S system at 1149°C (2100°F). 


0200 


about * 10°C in the result. Although the figure of 
1365°C is in perfect agreement with Rosenqvist 
and Dunicz,” who used the same method, and with 
Friedrich,*’® the exact position of this ‘‘extectic’’ 
cannot be regarded as fixed. Our work at 1371°C 
indicated that this temperature was close to the 
extectic because the sulfur solubilities in carbon 
free iron varied between low values to be expected 
for the y range and much higher values to be ex- 
pected for the 6 range. Due to this difficulty no 
significant results were obtained at (1371°C) 
2500°F in the Fe-S system. 

Confirmation of the much greater solubility of 
sulfur in 6 iron than in y iron in the extectic region 
is found by combining the free energy equations for 
H,(g) + S(y) = H,S(g) and H2(g) + S(6) = H,S(g) from 
Rosenqvist and Dunicz’ and calculating the equilib- 
rium constant of the reaction S(y) = S(6). This 
calculation yields values a little greater than 2 in 
the 1365° to 1390°C range. Since the standard 
states used were such that ag(,) = %S(v) as 
%S(y) + 0, and agcs) = %S(5) as %S(5) + O and 
since Rosenqvist and Dunicz showed that Henry’s 
Law is obeyed by sulfur in these composition ranges 
(within experimental error) it follows that %S in 
the 6 should be roughly twice that found in the y in 
this temperature range. This calculation is based 
on the part of Rosenqvist and Dunicz’s equilibration 
work done below sulfur saturation. As such it is 
essentially independent of all results shown in Fig. 1 
which are based on the chemical analyses of sulfur 
saturated samples. This helps to validate the ex- 
trapolation made at the extectic, Fig. 1, where the 
present 6 iron is shown to be approximately double 
that in the y iron. 

The amount of scatter in the results of this and 
other researches””® in this field is greater than to 
be expected from the normal errors in the runs and 
analyses. It has been suggested that some of this 
may be due to deposition of the liquid phase in voids 
in the solid phase and that the amount of deposition 
may vary somewhat with the condition of the wire. 
This effect was certainly not large. This was evi- 
denced by the fact that sulfur treated wires quenched 
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Fig. 3—The Fe-C-S system at 1204°C (2200°F). 


rapidly from the heating temperature showed about 
the same amount of randomly distributed nonmetallic 
matter under the microscope as sulfur-free wires. 
(Slow cooled sulfur treated wires, of course, re- 
vealed the expected precipitation of the liquid phase 
at the grain boundaries.) In the work of Rosenqvist 
and Dunicz* and Turkdogan, Ignatowicz, and Pearson, 
where H2-H.2S gas mixtures were used, the points of 
first precipitation of sulfide phase were indicated by 
sharp deviations from Henry’s Law. Thus no im- 
portant amount of precipitation could have taken 
place in grain boundaries or voids at sulfur con- 


centrations below their reported saturation points. 
Since our results agree reasonably well with the 
results of these workers the technique reported 
here appears to be sound in this respect. Other 
researches have demonstrated that precipitation 
from the solid phase generally requires at least 

a small amount of supersaturation in order to 
overcome the resistance to the formation of new 
surface and new volume inside the metal. With the 
technique used in our research, there is no op- 
portunity for supersaturation. Even if some sub- 
microscopic absorption of sulfide did take place at 
the grain boundaries the effect could not have been 
large because the wires contained very few grains 
after heating at these high temperatures. Also the 
outer third of the cross section—where the effect 
might be expected to be most severe—had been 
dissolved off before analysis. Thus there is no 
reason to believe that precipitation of liquid phase 
inside the wire has affected the general validity of 
the results. It seems conceivable, however, that it 
may be responsible for some of the scatter 
observed. 


THE BOUNDARIES OF THE y+ 6 REGIONS IN 
THE Fe-C-S SYSTEM AT 1371°, 1399°, AND 
1427°C 

The 1149°, 1204°, 1260°, and 1316°C isotherms 
in the Fe-C-S system, Figs. 2 to 5, have been 
reasonably well elucidated by simply plotting the 
experimental results. The 1371°, 1399°, and 
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Fig. 4—The Fe-C-S system at 1260°C (2300°F). 
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1427°C isotherms, Figs. 6 to 8, could be only 
partially developed by experiment. Each must 
contain a y + 6 region, the boundaries of which 
could not be fixed by the experimental techniques 
employed. In fact no consistent results whatever 
could be obtained experimentally in the composi- 
tion ranges where the y + 6 phase regions are 
likely to be found. This has been attributed to 
sluggishness in achieving true equilibrium be- 
tween the two phases. Although the points at which 
the solidi of the two phase (y + 5) regions intersect 
the solidi of the single-phase regions could not be 
determined experimentally it was possible to cal- 
culate the approximate positions of these points and 
from them to infer the approximate boundaries of 
the two-phase regions. These calculations are 
described below. 

This calculation involved first the computation 
of the activity coefficients of carbon and sulfur in 
the y and 6 phases at 1399° and 1427°C, using 
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Fig. 6—The Fe-C-S system at 1371°C (2500°F). 
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Fig. 5—The Fe-C-S system at 1316°C (2400°F). 


literature data”® on the activity coefficients of 


carbon and sulfur in liquid iron. This can be done 
most simply by assuming that Henry’s Law applies 
in the y and 6 single-phase solutions and by as- 
suming the applicability of the expression 
In f =k/T°K, where f is the activity coefficient 
and k is a constant. A more rigorous method was 
used, however, although the final results are 
probably not significantly different in this case. 
This method involved corrections for deviation 
from Henry’s Law by carbon in y iron.*® No such 
correction was deemed necessary for carbon in 6 
iron because the carbon contents involved were 
always low. Rosenqvist’s and Dunicz’ work’ indi- 
cates that sulfur obeys Henry’s Law reasonably 
well in y and 6 iron. The effects of temperature 
on the activity coefficients of carbon and sulfur in 
y and 6 iron were estimated by making use of 
available activity coefficient data on these elements 
in liquid iron.”»® 

Phase diagram data not provided by this research 
came from Hansen.‘ 

The activity coefficients of carbon in the solid 
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Fig. 8—The Fe-C-S system at 1427°C (2600°F), 


iron phases were first calculated at the base tem- 
perature of 1450°C because the carbon content of 

6 iron could be read with reasonable accuracy and 
various extrapolations were not unduly long. From 
the Fe-C diagram it can be seen that the 6 phase 
containing 0.04 pct C is in equilibrim with the y 
phase containing 0.07 pct C, and that the y phase 
containing 0.44 pct C and the liquid phase contain- 
ing 1.21 pct C are also in equilibrium. According 
to Rist and Chipman’ the activity coefficient of 
carbon at 1.21 pct C in liquid iron at this tempera- 
ture is 1.74. Therefore the activity of carbon in 
the liquid iron is f4x $C = 1.74 x 1.2 =2.1. This 
is also the activity of carbon in the y phase at 

0.44 pct C and thus the activity coefficient of carbon 
in the y phase at 0.44 pct C is 2.1/0.44 =4.8. This 
was used as a base for calculating the coefficients 
in y iron, f?},, at other carbon contents and other 

temperatures. Using data from Smith™ or Darken 
and Gurry*° to correct for the deviation from 
Henry’s Law the activity coefficient in the y phase 
at 0.07 pct C is 4.25. To find fé two more steps 
are required: f” at 0.07 pct C is multiplied by 4.25, 
yielding 0.30, the activity of carbon in the two phase, 
y + 6, region. This activity value is divided by 0.04 
to obtain the 7.5, the activity coefficient in the 6 
phase, Hee This was used as a base for calculating 
f 2 at other temperatures. 

The activity coefficients of sulfur were first cal- 
culated at the base temperature of 1375°C because 
of the facility of reading phase diagram data at this 
temperature. From Fig. 1, at 1375°C, it can be 
seen that the y phase containing 0.039 pct S is in 
equilibrium with the 6 phase containing 0.087 pct S. 
The 6 phase, containing 0.139 pct is in equilibrium 
with the liquid phase containing 10.4 pct S.*_ Ex- 
trapolating Sherman Elvander and Chipman’s’ data 
to 1375°C gives the activity coefficient of sulfur in 
this liquid as 0.63. Now following the same method 
as employed with carbon, the activity of sulfur in 
the 6 + L region is 10.4 x 0.63 = 6.6, the activity co- 
efficient in the 6 region, f2, is 6.6/0.139 = 47, the 
activity of sulfur in the 5 + y region is 47 x 0.087 = 
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4.1, and the activity coefficient in the y region, ft, 
is 4.1/0.039 = 105. 

The effects of temperature on these activity co- 
efficients were found by calculating 
the coefficients in the above manner at several 
temperatures and obtaining the best values of 
temperature coefficients from plots of log f vs 

Using these corrections gave the following values 
for the temperatures involved: 


6 
(at 0.44 pet C) te fs ts 
1450°C (2642°F) 4.8 (PS 
1427°C (2600°F) 5.0 LOS 
1399°C (2550°F) 8.0 105) 


1375°C (2507°F) 105 47 


(Reference state: a = % and f =1as % = 0 in liquid 
iron solution) 


These values were used to determine the points 
of intersection of the solidi of the two single-phase 
regions with the solidus of the y + 6 region as 
follows. The carbon concentrations delineating the 
y solidus at 1427°C, Fig. 8, were multiplied by the 
activity coefficients of carbon in the y phase, f?., to 
obtain the activities corresponding to these concen- 
trations. (In each case the activity coefficient was 
corrected for deviation from Henry’s Law using 
factors from Darken and Gurry,*° using the value 
of f% at 0.44 pct C as a base). The sulfur concen- 
trations corresponding to these carbon contents 
were multiplied by the activity coefficient in the 
y phase, f%, to obtain the sulfur activities corres- 
ponding to these sulfur concentrations. 

These activities were plotted on a graph of a, vs 
a,, giving the curve shown in Fig. 9. A similar 
procedure was followed with the carbon and sulfur 
concentrations delineating the 6 solidus at this 
temperature, giving another curve in Fig. 9. The 
intersection of these two activity curves indicates 
the point at which the activities of carbon in the y 
phase and the 5 phase are equal and where the 
activities of sulfur in the y phase and 6 phase are 
equal. Dividing this equilibrium carbon activity by 
f?, and fé and this equilibrium sulfur activity by 
f% and f 2 gave the carbon and sulfur percentages 
at the points where the y and 6 solidi meet the 
solidus of the two-phase, y + 5, region. This whole 
calculation is illustrated below for 1427°C. 


f% =5.0 + Correction*®™ ft = 105 
(%C,) ° = at (%S,)°(f%) = ah 
(0.60) (5.1) = 3.06 (0.0) (105) =0.0 
(0.37) (4.9) =1.81 (0.038)(105) = 3.99 
(0.041)(105) = 4.30 
(0.26) (4.7) = 1.22 (0.042)(105) = 4.40 
(0.21) (4.6) =0.97 (0.038)(105) = 3.99 
(0.16) (4.6) = 0.74 (0.034)(105) = 3.55 

(%C5) (F8) = 48 (%Ss)*(F8) = 
(0.0) (7.7) =0.0 (0.110)(39) = 4.29 
(0.07) (7.7) = 0.54 (0.057)(39) = 2.30 
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The intersection in Fig. 9 occurs at about a, 
0.45 and a, = 1.85. Thus the compositions cor- 
responding to the two intersections of the two 
single-phase solidi with the two phase solidus 
could be calculated as follows: 


%C y = 0.45/4.5 = 0.10 
%C; = = 0.45/7.7 = 0.058 
%Sy = 1.85/105 = 0.018 
%S, 1.85/39 = 0.047 


These points are shown as small triangles in 
Fig. 8. 

A similar set of calculations were made at 
1399°C using the activity coefficients derived for 
this temperature. The graph in Fig. 9 demonstrates 
the results and shows that the point of intersection 
is ata, = 0.67 and a, = 4.20. The compositions of 
the two intersections of the single-phase solidi and 
the two-phase solidus are found to be 


%Cy = 0.67/4.8 = 0.14 
%C; = 0.67/8.0 = 0.084 
%Sy = 4.20/105 = 0.040 
= 4.2/43 = 0.098 


These points are shown as small triangles on 
Fig. 7. 

The fixing of these intersection points in the 
1399°C and 1427°C isotherms made it possible to 
sketch with broken lines the probable approximate 
boundaries of the y + 6 regions and to put in the 
likely position of the tie lines. Three dimensional 
straight line interpolation was used between 1399°C 
and the extectic horizontal at 1365°C, Fig. 1, to ob- 
tain a rough representation of the part of the 1371°C 
isotherm not delineated by experiment. This rough 
representation is shown by broken lines. Although 
the assumptions involved in calculating the ap- 
proximate positions of the boundaries of the y + 6 
regions in these isotherms involve considerable 
error these positions appear reasonable and thus 
they may be of considerable assistance to 
metallurgists. 


THE Fe-C-S SYSTEM 


The isotherms illustrated in Figs. 2 to 5 show 
that at and below 1316°C carbon contents up to 
0.80 pct (and probably up to 1 pct) have little ef- 
fect on the solubility of sulfur iny iron. Figs. 6 
to 8 show that, from 1365° to 1427°C, very low 
carbon alloys have very high sulfur solubilities 
which fall very rapidly with increased carbon 
content as the phase changes from 6 to y. When 
the carbon content reaches about 0.15 pct the sulfur 
solubility changes relatively little until about 
0.45 pct where it begins to fall off again more or 
less rapidly as the carbon is increased. 

No significant data on the ternary system were 
obtained above 1427°C. As temperatures are 
raised this method becomes increasingly difficult 
to use due to collapse or distension of tubes, melt- 
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Fig. 9—The activities of C and S in y and d phases at 
1399°.C.and 1427°C. 


ing of samples, reaction of carbon with the tubes, 
and so forth. Even at 1399° and 1427°C some 
silicon was reduced from the walls of the tubes. 

At 1427°C this ranged from 0.06 to 0.09 pct Si at 
high carbon contents but at low carbon contents it 
was small. At 1399° C it was inconsequential. 
Morris and William’s” data indicate that the amount 
of Si generally found should not have any important 
effect on the activity or solubility of sulfur. It 
should not affect the carbon activity either within 
experimental error. 

It has been shown in the Purdue laboratories that 
heating Fe-S alloys containing enough sulfur to 
saturate the solid phase, in the 1316° to 1399°C 
range, followed by slow cooling causes precipitation 
of sulfide liquid at the grain boundaries and con- 
sequent loss of good physical properties not re- 
covered by contentional heat treatment. Quenching 
from these high temperatures prevents grain bound- 
ary precipitation, and good physical properties are 
found after conventional normalizing. Similar re- 
Sults would be expected with Fe-C-S alloys. From 
the nature of the isotherms above the binary ex- 
tectic one would expect that heating high carbon 
Fe-C-S alloys, with even the moderate sulfur con- 
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(0.06) (7.7) = 0.46 (0.045)(39) = 1.75 


tents common to steel, above 1365°C is likely to 
result in eventual liquid formation which might 
have undesirable effects. However, even plain 
carbon steels contain elements like Mn and O which 
modify these effects hence little quantitative ap- 
plication of this Fe-C-S data to problems of burn- 
ing and hot shortness of steels can be made. For 
this reason work of this kind is being extended to 
other relevant Fe-S-X and to Fe-S-X-Y systems 
in the hopes that more complete interpretations of 
these phenomena in steels may be made. 
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Hypoeutectoid Steels 


The existence of two distinct forms of bainite—upper and 
lower bainite—in hypoeutectoid steels is confirmed by a sys- 
tematic study of the structure of the product resulting from 
this mode of austenite decomposition. The transition between 
these two forms occurs at about 650° F regardless of the alloy 


content of the steel and their structural differences can be 


S. J. Matas 


interpreted in terms of the kinetics of carbide precipitation 


from supersaturated ferrite. 


In the past few years, a renewed interest has been 
displayed in the kinetics and mechanism of the 
bainite reaction in steels. Several rather divergent 
models for the transformation mechanism have 
evolved from these studies,’~° however, it is dif- 
ficult to evaluate these models critically on the basis 
of the existing experimental data. In particular, a 
more detailed knowledge of the structure of bainite 
should be helpful in providing a framework for the 
construction of an appropriate model. 

Metallographic studies’~** have led to a recogni- 
tion of at least two distinct forms of bainite—fre- 
quently termed upper and lower bainite. Although 
the morphology of bainite changes with reaction tem- 
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perature, there appears to be a relatively sharp 
transition between the two forms. This occurs ina 
narrow temperature range near 650°F. Transforma- 
tion at temperatures below about 650°F results in 
the presence within the bainite of small plates of 
carbides oriented at an angle of 60 deg with respect 
to the direction of growth of the plate, while at 
higher temperatures carbides are oriented parallel 
to the growth direction. 

There is no generally accepted view regarding the 
significance of this structural transition. Some 
authors feel that carbides precipitate from austenite 
at all reaction temperatures” while others claim, at 
least for low-temperature bainite, that carbides 
precipitate from supersaturated ferrite.’*’*° 

It was recognized many years ago that the nature 
of the carbide in bainite depends on the reaction 
temperature. The carbide phase in upper bainite is 
unmistakenly cementite.**-*® The exact nature of the 
carbide in low-temperature bainite is less certain. 
Magnetic measurements of lower bainite reveal no 
cementite Curie point?» and dilatometric studies” 
produce total expansions which are larger than those 
predicted on the basis of a ferrite-plus cementite 
structure. These effects have been attributed to the 
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Table 1. Analysis of Steels 


Steel c Si Mn Ni Cr Mo Vv Mo F 
B 0.38 0.28 0.74 1.79 0.81 0. 26 - 610 
H 0.69 0.40 0.80 2.39 1.09 0.41 - 360 
ie, 0.58 0.35 0.78 - 3.90 0.45 0.90 380 
N 0.95 0.22 0.60 Sh 1.23 0.13 _ 170 
P 1.00 0.36 0.20 1.41 380 
0.60 2.00 0.86 0.31 480 


precipitation of a carbide different from cementite 
and this, recently, has been identified as € carbide 
in bainite formed at hom below 400°F.* 

Many investigators**’*»**»?°-”> have suggested that 
low-temperature bainite forms initially as super- 
saturated ferrite although other models also have 
been The existence of carbide is 
consistent with this view and suggest that the fer- 
ritic matrix of lower bainite should contain about 
0.3 pet C.”° There is some indirect evidence to in- 
dicate that the carbon content in bainitic ferrite 
formed at 420°F may attain 0.30 pct C.° However, 
other studies” have demonstrated that the matrix 
of bainite formed at 400°F in a 1.43 C high-purity 
iron-carbon alloy had 0.10 pct or less carbon in so- 
lution. This low carbon content sheds considerable 
doubt on a close connection between the bainite and 
martensite reactions and has led to the suggestion 
that bainite bypasses the tetragonal state character- 
istic of martensite to form directly a slightly super- 
saturated cubic ferrite.” 

It is apparent that additional data are needed to 
resolve the structural features of bainite. The pre- 
sent investigation attempts to provide part of this 
information by exploring the influence of time, tem- 
perature and composition on the structure of bainite. 
In general, this study has been restricted to hypo- 
eutectoid steels to avoid the complications associ- 
ated with carbide precipitation which occurs at higher 
temperatures in the bainite range in high carbon 
steels. 


MATERIALS AND PROCEDURE 


Materials—Seven alloys were chosen for this in- 
vestigation. The wide range in composition per- 
mitted a study of the bainite reaction at various 
transformation temperatures. The compositions of 
these steels are given in Table I. 

Steel H was received in the as-cast condition and 
was forged to 1/2 by 1 3/4-in. plate. It was homo- 
genized in vacuum for one week at 2300°F in order 
to minimize segregation. The remaining steels were 
received as hot-rolled bar stock and were employed 
in the as-received condition. 

Experimental Procedure—Carbide Extraction 
Work—A two compartment electrolytic cell, similar 
in principle to one developed by Treje, and Benedicks”® 
and modified by Blickwede and Cohen,”® was used for 
the isolation of carbides. The specimen dimensions 
were 1/4 by 1/4 by 1 1/2-in. 

Debye-Scherrer patterns were obtained from spec- 
imens of the extracted residues mounted on glass 
fiber with collodion. Filtered CoKa radiation was 
employed. Exposure times were 6 hr. 
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Lattice Parameter Measurements—Specimens of 
the H steel used for lattice parameter determinations 
were 1/8 by 3/4 by 1/8 in. size, while specimens of 
the B, L, and S steels were 1/4- in. thick disks. 
Transverse specimens were employed for all dif- 
fraction studies in order to minimize errors due to 
inhomogeneity resulting from segregation. (The 
size of the X-ray beam was 1/4 by 3/4-in.). 

A General Electric Geiger counter spectrogonio- 
meter was utilized for lattice parameter determina- 
tions. The austenite lattice parameter was obtained 
by scaling the 220 line at 0.2-deg intervals of 26. 
The precision of the lattice parameter measure- 
ments was approximately + 0.001A. Filtered chro- 
mium Ka radiation was employed for all diffraction 
measurements. The carbon content of austenite was 
calculated from the influence of carbon content on 
the lattice parameter of austenite* and for each 
steel the carbon content has been adjusted to the 26 
value measured on the water quenched specimen. 

Single-Crystal Work—One-eighth-in. diam speci- 
mens were sealed in an evacuated silica tube and 
austenitized for long periods of time. Details of this 
heat-treatment, which produced large austenite 
grains, are given in Table III. After heat-treatment, 
the specimens were treated with dilute hydrochloric 
acid and fractured along prior austenite grains 
boundaries by tapping with a hammer. Single crys- 
tals about 1 to 3 mm diam were obtained. The crys- 
tals were etched to about 0.5 mm diam and mounted 
in a General Electric single-crystal goniometer. 

Lattice parameter determinations on the marten- 
site were carried out by the technique of Kurdjumov 
and Lysak,*’ which permits the separation of the 
(002) and the (200) (020) reflections. Thus, the ‘‘c’’ 
and ‘‘a’’ parameters can be recorded on sate! 
films without interference from overlapping reflec- 
tions. The reflections were recorded in a 5-in. diam 
camera using unfiltered chromium Ka radiation. 
The crystals were dusted with platinum powder to 
provide fiducial lines for accurate measurement of 
the displacement of the diffraction spots. The pre- 
cision of the ‘‘c’’ and “‘a’’ parameter measurements 
was around + 0.001A. 


RESULTS AND DISCUSSION 


Nature of the Carbide—In order to determine the 
nature of the carbide phase in bainite, carbides were 
extracted electrolytically and their crystallographic 
structure was identified from Debye-Scherrer powder 
patterns. Most of this work was restricted to low- 
temperature bainite since it appears to be well es- 
tablished that cementite precipitates at high tem- 
peratures in this range. 

After essentially complete transformation to lower 
bainite, the carbide phase may be €, cementite or a 
mixture of the two depending on the transformation 
temperature and the composition of the steel (Table 
II). For example, in the L steel, only cementite was 
observed in specimens reacted at 500°F (Item J), 
and only € carbide was present after complete de- 
composition at 365°F (Item 3). Both carbides coex- 
ist in bainite formed at 460°F (Item 2), 

It is apparent that the first carbide to form in low- 
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Table Il. Results on Carbide Extraction 


Item Nature of 
Steel No. Heat Treatment Carbides 
L 1 15 min 2300°F + 19 hr 500°F + H,O Fe,C 
2 15 min 2300°F > 19 hr 460° F > H,O Fe,C + € 
3 15 min 2300°F + 20 hr 365° F*+ H,O € Diffuse 
4 15 min 2300°F + 80 hr 365°F + H,O €+ Fe,C (Tr.) 
N 5 30 min 1700°F + 165 hr 400°F > H,O Fe,C + €(Tr.) 
6 30 min 1900°F + 100 hr 500°F + H,O Fe,C 
P 7 30 min 1900°F + 159 hr 365°F + H,O Fe,C + €(Tr.) 
S 8 20 min 1600°F > 3% hr 700°F + H,O ** 
9 20 min 1600°F + 17 min 600°F > H,O € 
10 20 min 1600°F + 24 hr 600° F + H,O € 
11 20 min 1600°F + 52 hr 500°F > H,0 € 


*This temperature is slightly below Ms for this steel, approximately 
10 pct martensite formed on cooling to the transformation temperature. 
**No carbides were found. 


temperature bainite is €, however, this is replaced 
by cementite on prolonged holding. This reaction 
sequence is revealed most clearly in the L steel 
where € carbide alone was observed after 20 hr at 
365° F but both carbides were detected after an ad- 
ditional 60 hr (Table II, Items 3 and 4). At higher 
transformation temperatures (such as 500° F) this 
replacement takes place so rapidly that it occurs 
during the time required for the growth of individual 
bainite plates. Thus, only cementite can be detected 
under these conditions (Items 1 and 6, Table II.) 
Clearly, low-temperature bainite passes through a 
succession of states which correspond to the first 
and third stages of the tempering of martensite. 

The high rate at which cementite replaces € car- 
bide at temperatures above 500°F signifies that the 
type of carbide cannot be employed to distinguish 
between upper and lower bainite. As is generally 
recognized’ silicon retards significantly the 
third stage in the tempering of martensite. It may 
be expected to exert a similar influence on the car- 
bide reactions involved in the formation of bainite. 
Thus, the isothermal transformation behavior of sil- 
icon steels should be of particular value in clarify- 
ing the difference between upper and lower bainite. 
Table II demonstrates that, as in the tempering of 
martensite, silicon retards significantly the replace- 
ment of € carbide by cementite during the bainite 
transformation. Thus, € persists up to 600°F in the 
- silicon steel (Items 9 and 10); whereas in other 
steels, this transition is complete at 500°F in the 
time required to accomplish the transformation of 
austenite to bainite (Items 1 and 6). 

The sluggish transition of € to FesC in the silicon 
steel is revealed more clearly in Fig. 1. Samples 
which were transformed completely to bainite at 
515°F (only € carbide was present) were tempered 
at higher temperatures. The transition from ¢€ car- 
bide to cementite was followed by dilatometric 
measurements combined with analysis of extracted 
carbides. More than 20 hr were required to complete 
the carbide transition at 760°F. Similar studies, 
conducted over a range of temperatures, demon- 
strated that at least one month would be required 
for the initiation of the carbide transition at 600°F. 

The isothermal transformation behavior of the 
silicon steel at 700°F is of special interest and im- 
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Table Ill. Carbon Content of the Bainitic and Martensitic Matrices 


Nature of Pct Car- 

Item the Initial bon in 

Steel No. Heat Treatment Structure Matrix 

N 1 24 hr 2400°F + H,O + LiQN, +10 days 90 pct Mart. 0.22 
290° F + H,O 10 pct Aust. 

2 24 hr 2400°F + 6 months 270°F +» H,O 90 pct Bain. 0.10 
10 pct Aust. 

24 hr 2475° F > 6 hr 550°F H,O 94 pct Bain. 0.13 
6 pct Aust. 
4 24 hr 2475°F + 6 hr 550°F > H,O > 94 pct Bain. 
6 pct Aust. 

1 hr 950°F + H,O 0.0 


portance. No carbide phase of either type could be 
extracted after 3 1/2 hr at this temperature in spite 
of the fact that the rapid bainite reaction had ter- 
minated (approximately 70 pect decomposition). That 
is, virtually all of the carbon still was in solution in 
either ferrite or austenite. This behavior should be 
contrasted with that at 600°F where large quantities 
of € carbide were detected after only 17 min. The 
discontinuous change in the rate of precipitation of 
carbide is striking and is of fundamental importance 
to the mechanism of the bainite transformation, a 
matter that will be given further consideration 
shortly. It is apparent that the mode of decomposi- 
tion at 700°F and above differs significantly from 
that at 600°F and below. Thus, the transition be- 
tween upper and lower bainite lies between these 
two temperature limits. As will be demonstrated, 
the temperature for this transition is essentially 
independent of the composition of the steel. 

Nature of the Matrix—The presence of € carbide 
in bainite implies a decomposition sequence similar 
to that involved in the formation and tempering of 
martensite. Thus, in the absence of cementite, € 
would be expected to coexist with a low carbon mar- 
tensite containing 0.2 to 0.3 pct C; however, earlier 
studies of the matrix of bainite”” have failed to re- 
veal clearly this low carbon martensite. This is an 
important question so far as the mechanism of the 
bainite transformation is concerned and, conse- 
quently, was studied further. 

The single-crystal technique of Kurdjumov and 
Lysak was employed to determine the tetragonality 
and thus the carbon content of the ferritic matrix of 
bainite and martensite (Table III). Bainite formed 
at 550°F in steel S and at 270°F in steel N exhibited 
some tetragonality corresponding to a carbon con- 
tent between 0.10 and 0.15 pct. On tempering for 1 
hr at 950°F the carbon content in the bainitic matrix 
of steel S dropped to virtually zero and ¢ had been 
replaced by FesC. The N steel behaved in a similar 
manner. These results confirm the low carbon con- 
tent in the matrix of bainite reported in the earlier 
work, however, it is felt here that the matrix clearly 
was tetragonal. 

The lack of agreement between the matrix com- 
position of bainite and tempered martensite can be 
rationalized in terms of the conditions under which 
tempering takes place in the two structures.** 
Supersaturated ferrite may adjust toward equilib- 
rium by several different processes. At low tem- 
peratures, precipitation of € carbide*®** and parti- 
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Fig. 1—Effect of holding time at 760° F on the structure 
of bainite in steel S, initially fully transformed at 515°F. 


tion of carbon to austenite*® are of primary impor- 
tance. Each of these processes constitutes a par- 
ticular metastable equilibrium and consequently will 
have its own composition for the phases involved. 
Presumably, the carbon content of ferrite in equilib- 
rium with austenite is much less than the 0.3 pct C 
which characterizes equilibrium with € carbide. 
Consequently, kinetic and other factors will deter- 
mine the relative contributions of each of these re- 
actions to the path followed by the matrix under a 
particular set of tempering conditions. 

Most studies of the matrix composition of tem- 
pered martensite have been conducted on samples 
which had been transformed almost completely to 
martensite. Thus, partition of carbon to austenite 
was excluded (except for the few plates in contact 
with small amounts of retained austenite) thereby 
providing a matrix composition (0.30 pct C) dictated 
by metastable equilibrium with € carbide. In the 
formation of bainite, on the other hand, tempering 
accompanies the growth process. Consequently, 
each bainite plate is surrounded by austenite through- 
out the tempering process which provides ample 
opportunity for austenite to leach carbon out of fer- 
rite. Thus, even if the matrix of bainite initially 
contained as much as 0.3 pct C, much of this would 
be lost during the growth process. 

The interaction between ferrite and austenite 
should apply equally well to martensite when tem- 
pering is conducted in the presence of large amounts 
of retained austenite. To check this hypothesis, two 
samples of steel N were prepared with different 
austenite-martensite ratios. One sample was 
quenched to room temperature which produced 40 to 
50 pect martensite and the other sample was cooled 
immediately in liquid nitrogen to increase the amount 
of martensite to 90 pct. Single crystals selected 
from these samples were tempered in an oil bath at 
270°F. The influence of tempering time on the ma- 
trix composition is illustrated in Fig. 2. 

Crystals containing 50 pct martensite lower their 
matrix carbon content much more rapidly than those 
containing 90 pct martensite. At very early stages 
in the tempering process both crystals attained a 
matrix composition of approximately 0.22 pct C 
which reflects the extremely high rate at which ¢ 
precipitates from supersaturated ferrite. Note that, 
after one million seconds, martensite in the 90 pct 
crystal experienced virtually no additional loss in 
carbon, whereas, the carbon content of martensite 
in the 50 pct crystal was lowered to about 0.10 petC. 
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Fig. 2—Percent carbon in martensite as a function of 
holding time at 270°F in steel N. 


It is apparent that interaction with retained aus- 
tenite contributes in an important way to the tem- 
pering process. On this basis, it is concluded that 
low-temperature bainite initially forms in a super- 
saturated condition perhaps with a carbon content 
not much less than that of the original austenite. 
Although precipitation of ¢ carbide rapidly lowers 
the matrix composition to the 0.3 pct C range, most 
of this escapes to the surrounding austenite as 
growth proceeds. Thus, the tempering conditions 
peculiar to the growth of bainite account satisfac- 
torily for the matrix composition. 

Carbon Enrichment of Retained Austenite—The 
partition of carbon from bainite (or martensite) to 
austenite should be reflected in an increased carbon 
content of retained austenite. Lattice parameter 
measurements revealed a slight carbon enrichment 
of the austenite surrounding martensite plates and 
other investigators®*”** have suggested a similar 
carbon enrichment on tempering of martensite in 
both low and high carbon steels. 

In the bainite transformation, where growth of the 
decomposition product occurs slowly, this partition 
of carbon accompanies the growth process. Many 
studies of the bainite transformation have revealed 
this carbon enrichment of retained austenite;*”~** 
however, general agreement concerning the tem- 
perature and composition dependence, order of mag- 
nitude, and so forth of the enrichment process does 
not exist. To further elucidate this problem, meas- 
urement of the lattice parameter of retained austenite 
was employed to follow the partition of carbon in the 
bainite transformation. Typical enrichment curves 
obtained on steel S are presented in Figs. 3 and 4. 

In the upper bainite range, significant enrichment 
accompanies the first few percent of transforma- 
tion, Fig. 3. Note that, at 50 pct decomposition, the 
carbon content has been increased to 1.4 pet C— 
more than twice the original carbon content of the 
steel. This value would be impossibly high if the 
carbon were distributed uniformly through the 50 pct 
austenite remaining at the transformation tempera- 
ture. However, uniform distribution of the carbon 
does not prevail. Rather, the enriched austenite 
consists of localized regions surrounding and/or 
trapped between growing plates.’” 

Several kinds of evidence support the concept of 
localized enrichment. For example, most of the 
austenite existing at the reaction temperature is 
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Fig. 3—Carbon enrichment of austenite associated with 
transformation to bainite in steel S reached at 750° F. 


converted to martensite on quenching to room tem- 
perature. This, in itself, tends to select out the en- 
riched regions for X-ray analysis. Under some con- 
ditions (small amounts of transformation at 700° to 
750°F for the S steel) two intensity maxima have 
been observed on the retained austenite lines. One 

~ of these represents the original carbon content and 
decreases in intensity as transformation proceeds 
while the other corresponds to the enriched austenite 
and increases in intensity with progress of the re- 
action. The axial ratio of the martensite formed on 
quenching provides additional evidence for the lo-- 
calized nature of the enrichment. No increase in 
axial ratio was detected until the reaction was rela- 
tively well advanced in spite of the fact that dis- 
placement of the austenite lattice parameter ap- 
peared at early stages of decomposition. 

The kinetics of austenite enrichment in the low- 
temperature bainite range differs significantly from 
that in the upper range. For example, formation of 
about 20 pct bainite at 510°F, Fig. 4, results ina 
change of carbon content of the retained austenite 
from 0.60 pct C to 0.65 pct C, whereas at 750°F the 
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Fig. 4—Carbon enrichment of austenite associated with 
transformation to bainite in steel S reacted at 510°F. 
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carbon content is increased to 1.4 pct, Fig. 3.* This 


*Concurrent with this enrichment, the amount of retained austenite 
increased from about 5 pct (water quenched from 1750°F) to more than 
30 pet after transformation for 15 min at 750°F. This accounts for the 
failure to extract a carbide from high-temperature bainite in the silicon 
steel, Table II, Item 8, since virtually all of the carbon is contained in 
this high carbon austenite. In the formation of lower bainite austenite 
retention did not exceed approximately 15 pct in this steel. 


difference is revealed more clearly in Fig. 5, where 
enrichment is related to the extent of decomposition. 
Small percentages of bainite formed at 700°F and 
higher temperatures produce much more severe 
enrichment of the untransformed austenite than those 
formed at 600°F and lower. This pattern is inde- 
pendent of austenite composition as demonstrated in 
Fig. 6, where carbon enrichment for a given per- 
centage of bainite is related to the transformation 
temperature for a variety of steels. It is concluded 
that the transition from upper to lower bainite oc- 
curs in a narrow temperature range near 650°F 
regardless of the composition of the steel. 

Mode of Formation of Upper and Lower Bainite— 
The basic difference in the mode of formation of 
upper and lower bainite can be interpreted in terms 
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Fig. 5—Carbon enrichment of retained austenite as 2. 
function of extent of decomposition to bainite. 


of the kinetics of the precipitation of carbide from 
supersaturated ferrite. Numerous studies of the 
tempering of martensite have demonstrated clearly 
that « carbide precipitates rapidly without the need 
for an induction period. The replacement of &€ by 
cementite in the third stage of tempering implies 
that an induction period of some magnitude precedes 
the precipitation of cementite. This is revealed most 
clearly in silicon steels (Ref. 33 and Fig. 1) but un- 
doubtedly exists to some degree in steels of all com- 
positions including binary Fe-C alloys. Presumably 
this signifies that a diffusional rearrangement of 
substitutional atoms (including Fe) is required for 
the formation of cementite but not © carbide. 

In order to interpret the different degrees of car- 
bon enrichment exhibited by upper and lower bainite, 
it is necessary to assume that € carbide will not 
precipitate from supersaturated ferrite at tempera- 
tures above about 650°F. Although incontestable 
proof of this hypothesis is lacking, it is not incon- 
sistent with a metastable equilibrium between ¢€ 
carbide and low carbon martensite which constitutes 
the first stage of tempering. Perhaps the most di- 
rect evidence in its favor is provided by the iso- 
thermal transformation behavior of the silicon steel 
at 700°F (Table II, Item 8) where no significant 
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Fig. 6—The severity of carbon enrichment as a function 
of reaction temperature. 


amounts of carbide were detected even though trans- 
formation was well advanced. 

According to these concepts, the first step in the 
formation of bainite* at all temperatures involves 


*Whether of not carbon segregation in austenite precedes this step, 
cannot be determined at present. Such segregation may be extremely 
important in the nucleation of transformation. How much, if any, of the 
observed carbon enrichment results from diffusion in austenite ahead of 
an advancing plate and, in this way, directly paces growth of the plate 
is a question of fundamental importance. Unfortunately, these X-ray 
studies shed no light on this question; however, the fact that partition 
of carbon clearly accompanies tempering is considered to signify that 
diffusion prior to transformation generally may not be a prerequisite for 
the bainite reaction. This problem requires more critical study. 


the formation of supersaturated (tetragonal) ferrite a 


*It is visualized that this occurs continuously at the advancing tip 
of the plate. 


At temperatures below 650°F this supersaturated 
ferrite immediately precipitates ¢ and establishes 
a matrix composition of 0.2 to 0.3 pet C. Much of 
this carbon subsequently escapes to the surrounding 
austenite as growth proceeds. Since most of the 
carbon in low-temperature bainite is tied up as € 
carbide, significant carbon enrichment is not de- 
tected until late in the reaction Sequence. 

Above 650°F, the induction period required for 
nucleation of cementite prevents the immediate loss 
of supersaturation by carbide precipitation. Thus, 
virtually all of the carbon partitions to austenite as 
growth continues. Under these conditions, no carbon 
is tied up as carbide so that an immediate and very 
severe carbon enrichment results. This enriched 
austenite is, for the most part, trapped between 
parallel and closely spaced plates of transformation 
product. The carbide phase in upper bainite (ce- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


1.8 
L 
| ers 40% B 
Be 20% B 
| 


mentite) precipitates from this enriched austenite 
at a relatively late stage of decomposition. This 
accounts for the difference in electron microstruc- 
ture of upper and lower bainite reported by many 
investigators. 

The decomposition of this high carbon austenite 
trapped between the ferrite needles is viewed as a 
secondary process. It takes place well behind the 
advancing tip of the plates and may even involve a 
cooperative precipitation of ferrite and cementite 
analogous to the formation of pearlite as has been 
suggested previously.” Alloying elements play an 
important, but not yet clearly defined, role in de- 
termining the kinetics of this aspect of the decom- 
position sequence. 

Although, in this model, bainite forms initially as 
supersaturated ferrite at all reaction temperatures, 
the secondary tempering reactions may play an im- 
portant part in controlling the kinetics of the growth 
process. This is confirmed by a study of growth 
kinetics. These studies yield an activation energy 
for growth of upper bainite in the range 2000 to 
8000 cal per mol** which should be compared with 
activation energies in the range 15,000 to 19,000 


cal per mol for the growth of lower bainite!’* 


SUMMARY AND CONCLUSIONS 


Bainite formed in hypoeutectoid steels assumes 
two distinctly different forms depending on the re- 
action temperature. This investigation demonstrates 
that: 

1) The transition between these two forms of 
bainite occurs in a relatively narrow temperature 
range near 650°F. 

2) In the formation of lower bainite, € carbide 
precipitates rapidly from supersaturated ferrite. 
On continued holding, this is replaced by cementite 
which reveals that lower bainite undergoes a de- 
composition sequence closely related to that in the 
tempering of martensite. 

3) Tne matrix carbon content (with € present) of 
low-temperature bainite is significantly lower than 
that of martensite subjected to the first stage tem- 
pering reaction. This results from the partition of 
carbon from bainite to austenite during growth of 
individual bainite plates. 

4) & carbide has not been observed in high-tem- 
perature bainite; cementite precipitates without the 
prior formation of epsilon. In this range, severe 
carbon enrichment of austenite accompanies the 
formation of bainite and the cementite precipitates 
from this high carbon austenite rather than from a 
supersaturated ferrite. 

The fundamental difference between upper and 
lower bainite may be interpreted in terms of the 
kinetics of carbide precipitation from supersatu- 
rated ferrite. For this purpose, it is necessary to 
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assume that € will not precipitate from supersatu- 
rated ferrite at temperatures above 650°F. In this 
light, bainite forms initially as supersaturated fer- 
rite at all temperatures. Below 650°F, € precipi- 
tates rapidly and the remaining carbon leaks out 
slowly to the surrounding austenite as growth pro- 
ceeds. Above 650°F, the induction period required 
for precipitation of cementite permits virtually all 
of the carbon to partition to austenite. Cementite 
subsequently precipitates from this enriched auste- 
nite at a relatively late stage in the decomposition 
sequence. 
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Thermodynamic Properties for the Zn-Cd System 


from Electromotive Force Measurement 


-Precise electromotive force measurements have been made 
on the zinc-cadmium system over the temperature vange 700° to 
900°C. Activity coefficients, partial free energies, enthalpies, 
and entropies have been determined for the entire composition 
vange. The integral heat of mixing is positive and compares 
favorably with calorimetrically determined values. Vapor-liquid 


equilibrium compositions were determined for a total pressure 


D. J. Wynnemer 


of 1 atm and these agree well with previous values determined in 


other ways. 


Tue use of electromotive force measurements to 
obtain thermodynamic data for liquid metal systems 
is a simple and well-known method. Several reviews 
of the various experimental methods and results have 
been published.” ”** However, most of the past work 
using this technique was carried out at temperatures 
slightly above the melting point of the alloy system 
where alloy composition changes due to vapor trans- 
port and increased metal solubility in the electrolyte 
are not important factors. One advantage of extend- 
ing the electromotive force measurements up to and 
including the normal boiling point of the alloy is that 
it is then possible to evaluate the vapor-liquid equi- 
librium of the alloy at various pressure levels up 

to 1 atm. 

A detailed discussion of the thermodynamics of 
reversible electromotive force cells can be found in 
most advanced physical chemistry or chemical 
thermodynamic textbooks. The expression stating 
the inter-relation of the electromotive force and the 
thermodynamic functions is the Gibbs- Helmholtz 
equation. 


aT)» 


=AH-T AS [1] 


The AF, Ad, AS are the partial molal quantities of 
the most electropositive component of the alloy in 
the following reaction: 


Metal (pure) — Metal (alloy) 
T = absolute temperature 


#7 = Faraday’s constant, 96,489 abs. coulombs per 
g-eq. and 


number of electrons entering into the reaction 


il 


electromotive force of the cell, electromotive 
force, volts 
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From the electromotive force as a function of the 
temperature it is possible to evaluate the free en- 
ergy, enthalpy, and entropy of mixing of the alloy 
system. The vapor-liquid equilibria, at a given total 
pressure, may also be calculated from the electro- 
motive force data. The activity of the more electro- 
positive component of the alloy is determined di- 
rectly from the electromotive force measurements. 
The activity of the other component is calculated 
using the Gibbs-Duhem equation for a binary sys- 
tem. Assuming that the gas phase in equilibrium 
with the liquid alloy behaves as a perfect gas, the 
partial pressure of one component in the gas phase 
is equal to the vapor pressure of the component 
multiplied by the activity of that component in the 
liquid phase. 

A straightforward application of fundamental 
thermodynamic principles associated with electro- 
motive force measurements yields vapor-liquid 
equilibria. However, the experimental difficulties 
in obtaining the electromotive force measurements 
at conditions where the vapor pressure of the pure 
metals and alloys are close to 1 atm undoubtedly 
influenced its use in the past. This paper presents 
the experimental techniques developed to obtain 
these measurements, lists some of the areas 
where more information is needed and compares 
the results obtained in the zinc-cadmium system 
with data obtained at other temperatures and by 
other methods. 


EXPERIMENTAL 


The zinc and cadmium used in these experiments 
were electrolytic grade (99.99 pct) pure materials, 
No further purification of these metals was carried 
out. The salts used as electrolyte materials were 
commercial analytical grade potassium chloride, 
sodium chloride, and zinc chloride. All of these 
salts met ACS specifications and no further purifi- 
cation was undertaken. 

The electromotive force cell used in this work 
was a Closed type similar to the one introduced by 
Seltz and Dunkerley.**® The cell was constructed of 
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Vycor brand glass as shown in Fig. 1. The tungsten- 
Vycor seals were liquid-tight but were not vacuum- 
tight so it was necessary to extend the tungsten leads 
away from the heated portion of the cell in order to 
effect a vacuum seal with apiezon wax. The closed 
type cell was necessary because the operating tem- 
peratures would include the normal boiling point of 
one of the pure components of the alloy and the com- 
position change due to vaporization had to be held to 
a minimum. The tungsten leads in the completed 
cell were electropolished in a 25 pct sodium hydrox- 
ide solution at a potential of 6 to 9 volts. The cell 
was then washed in hot detergent, rinsed with dis- 
tilled water and allowed to dry. 

The zinc slugs charged to the cell were prepared 
by vacuum casting the zinc, machining this cast, 
recasting the machined slugs under a potassium 
chloride-lithium chloride eutectic melt and then 
machining these slugs to fit into the cell. The 
cadmium slugs were prepared ina similar manner 
except that they were recast in a hydrogen atmos- 
phere to reduce any cadmium oxide. These slugs 
were washed in benzene to remove any surface oil 
film, air dried, and then charged to the cell. The 
zine side of the cell was charged with a pure 
weighed zinc slug and filled with powdered potassium 
chloride-sodium chloride eutectic mixture contain- 
ing 0.1 g zinc chloride and sealed. The alloy side 
of the cell was charged with a weighed pure zinc 
slug and a weighed pure cadmium slug and filled 
with the above eutectic salt mixture. The cell was 
connected to the vacuum system degassed at 300°C 
overnight, sealed while under a vacuum and trans- 
ferred to the furnace. The furnace temperature was 
controlled automatically to +0.5°C at an absolute 
temperature level at +1°C. The cell was vibrated 
periodically to reduce the masking effect of the 
oxide impurities at the alloy-electrolyte interface 
and to assure homogeneity of the alloy and electro- 
lyte. Readings of the cell electromotive force were 
taken at 5 to 10 min intervals once the cell was at 
equilibrium. After taking the necessary data, the 
cell was remowed from the furnace, cooled, opened, 
and the alloy and pure zinc weighed and analyzed. 

The maximum variation of the electromotive 
force readings did not exceed 0.5 pct. Several check 
runs were made using pure zinc in both legs of the 
cell. The electromotive force from this type of 
cell varied from +0.001 to —0.001 mv. 

Two possible sources of experimental error at 
these elevated temperatures are: a) the solubility 
of the metals in the electrolyte, such as by a dis- 
placement reaction of the type: 


Zn (pure) + 2KCl = ZnCl, + 2K [2] 


and, b) the possibility of the build-up of an impurity 
at the liquid metal-electrolyte interface, thus 
creating an extraneous potential. 

The solubility of the metals in the electrolyte was 
checked by determining the presence of trace quan- 
tities of cadmium in the electrolyte. Sensitive spot 
tests indicated the absence of cadmium in the elec- 
trolyte and in the pure zinc of the reference elec- 
trode. This is in agreement with the theoretical re- 
sults of Hamer and associates* at the National Bureau 
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of Standards who calculated values of electromotive 
force for cells of the following type: 
Metal 


Metal chloride Chlorine gas 


up to 1500°C. The free energy of reaction [2] at 
800°C, by manipulation of their data, was found to 
be 90.1 kcal per g-mole. This results in equi- 
librium constants of 4 x 10°’° and 107°” for reactions 
[2] and [3], respectively. 


Zn (pure) + 2NaCl = ZnClz + 2Na [3] 


The cadmium being more electronegative than the 
zinc would have a smaller equilibrium constant for 
the same type of reaction. Thus for all practical 
purposes reactions [2] and [3] and similar ones for 
cadmium do not occur. These results were verified 
within the limits of experimental error. 

The build-up of impurities at the metal-electrolyte 
interface did occur in several of the earlier experi- 
ments. These impurities were not identified; how- 
ever, when the procedure outlined for the pretreat- 
ment of the metals was initiated, the impurity level 
became so low that this no longer was a problem. 
Thus it is probable that these impurities were either 
or both zinc oxide or cadmium oxide. The possibility 
still exists of a slight build-up at the interface which 
would give an extraneous electromotive force in- 
creasing as the electromotive force of the desired 
reaction, and thus yielding plausible but erroneous 
data. The precautions taken in handling the materials 
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the results obtained were reproducible. There is, 
however, the possibility that a constant error may be 
included, and comparisons with other methods of 
measurements can shed some light on the validity of 
these measurements. 


RESULTS 


The zinc-cadmium system was chosen for the 
initial investigation for several reasons. The 
normal boiling point of the system is relatively 
low, there was available vapor-liquid data for com- 
parison and no work had been reported on this sys- 
tem above 700°C. Several investigators had obtained 
low-temperature data which could serve as a check 
on the reliability of the measurements. Taylor * 
Sano et al.**, and more recently Bohl and Hilde- 
brandt* carried out electromotive force work on this 
system up to 600°C. Kawakami* determined the heat 
of mixing calorimetrically. Jellinek and Burmeister° 
and Jellinek and Wannow” determined the vapor pres- 
sure of the system at 682° and 700°C. A recent de- 
termination of the heat of mixing using a new design 
of a high-temperature calorimeter was carried out 
at 470°C by Wittig, Muller, and Schilling.”® They ar- 
rived at the following expression for the heat of 
mixing: 


AH, = 2015 Nz, cal/g-mole alloy [4] 


Lumsden’ analyzed the existing data previous to 
1952 and arrived at expressions for the free energy, 
entropy and heat of mixing. His expression for the 
heat of mixing is very close to that of Wittig, Muller, 
and Schilling being: 


AH, = 2000 Neg Nz, cal/g-mole alloy [5] 


The experimental data obtained in this investiga- 
tion are presented in Table I. The calculated thermo- 
chemical values using these data are presented in 
Table II. The partial free energy, enthalpy, and 
entropy were calculated using the electromotive force 
data and the Gibbs-Helmholtz equation. The activity 
of the zinc came directly from the partial molal free 
energy 7.e. AF=RT lnaz,. The integral heat of mix- 
ing was calculated by graphical integration of the 
following expression: 


xX 
1 
where = ,adX 6 
earl [6] 
Cd 


The activity of the cadmium was obtained by graphi- 
cal integration of the following expression: 


(Maa) 
a 


A comparison of the experimentally determined 
partial entropy of mixing and the ideal entropy of 
mixing is made in Fig. 2. The experimental values 
were found to be very close to the values of ideal 
entropy of mixing. The integral heat of mixing ob- 


aN7, [7] 
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Table Il. Thermochemical Quantities and Activities for the Zinc-Cadmium System 


aZn acd AHm 

0.103 3440 3933 4464 5.118 1541 0.169 0.157 0.147 0.1 180 0.919 0.919 0.919 2000 
0.199 2029 2367 2706 3.384 1272 0.350 0.330 0.313 0.2 Shy 0.808 0.807 0.805 1981 
0.267 1548 1812 2076 2.637 1019 0.449 0.428 0.410 0.3 413 0.730 0.729 0.727 1967 
0.404 1053 1233 1414 1.802 699 0.580 0.561 0.545 0.4 468 0.665 0.661 0.656 1950 
0.521 760 885 1011 1.250 467 0.675 0.660 0.648 0.5 491 0.596 0.588 0.580 1964 
0.604 593 690 787 0.970 351 0.736 0.724 0.713 0.6 478 0.522 0.513 0.504 1992 
0.708 444 509 575 0.657 196 0.795 0.786 0.781 0.7 424 0.444 0.434 0.423 2019 
0.709 439 504 573 0.645 189 0.797 0.789 0.782 0.8 329 0.347 0.336 0.324 2056 
0.806 230 263 296 0.328 89 0.888 0.884 0.881 0.9 188 0.209 0.199 0.188 2089 
0.902 160 180 200 0.198 32 0.921 0.919 0.918 - - 


‘Units = cal per g-mole of zinc, for all temperatures given. 
?Units = cal per g-mole of zinc — °K, for all temperatures given. 
*Units = cal per g-mole of alloy, for all temperatures given. 


tained in this work is compared in Fig. 3, with that 
obtained by several other investigators.’’***® The 
agreement of these results in this work and the 
calorimetric results is very good. The analytical 
expressions for the heat of mixing as a function of 
alloy composition as derived by Wittig et al,”® and 
Lumsden’” predict a maximum of 500 to 504 cal per 
g-mole of alloy at mole fraction of 0.5. These cal- 
culated values compare favorably with the value of 
491 cal per g-mole of alloy at Nz, = 0.5 obtained in 
this investigation. 

The vapor-liquid equilibrium data for the zinc- 
cadmium system at l-atm total pressure are pre- 
sented in Table III and graphically in Fig. 6. Cal- 
culated results obtained using the vapor pressure 
data for the two pure components and assuming that 
Raoult’s law and perfect gas behavior were appli- 
cable to the system are shown for comparison. 
Peirce and Waring** of the New Jersey Zinc Co. 
obtained their data ‘‘by performing a series of dis- 
tillations at atmospheric pressure in which the 
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MOLE FRACTION OF ZINC IN LIQUID 
Fig. 2—Partial molal entropy of mixing of zinc in the zinc- 
cadmium system. 
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composition of the original liquid was the same but 
the amount distilled was varied. The compositions 
of the distillate and residue were then plotted 
against the percent distilled. The extrapolation 

of each of these curves to zero percent distilled 
gives the composition of a vapor and liquid which 
are in equilibrium. Six of these series of distillations 
were performed and six points on the equilibrium 
curve obtained.’’ Lumsden’* using experimental 
values of activities reported by Jellinek and Wannow’ 
computed the atmospheric boiling point curve. The 
normal boiling points for four zinc-cadmium alloys 
reported by Leitgebel’” agree very well with those 
calculated by Lumsden. The vapor-liquid equilibria 
at 1 atm computed from the electromotive force data 
of this work agree very well with the experimental 
results reported by Waring” and those computed by 
Lumsden.** There is some inherent error in the 
present calculations of vapor-liquid equilibria from 
electromotive force data and this may be responsible 
for the small differences between the present work 
and that of Waring’® and Lumsden.** These errors 
will be mentioned further in the discussion. 

The calculated boiling points for the zinc-cadmium 
system at l-atm pressure are shown in Table IV 
along with those reported by Leitgebel.”” Here again 
the agreement is good considering the possible 
errors involved in the calculated values. 


DISCUSSION 


The zinc-cadmium system was found to exhibit 
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Fig. 3—Integral heat of mixing for the zinc-cadmium system. 
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Table II]. Vapor-liquid Equilibrium Data at 1 Atm Total Pressure 
for the Zinc-Cadmium System 


Raoult’s Law New This In- Lumsden’s Results** 
Nea and Perfect Jersey vesti- 

Liquid Gas Assumed Zinc Co.*® gation Nea, Liq. Nca, Vap. 
0.1 0.306 0.445 0.467 0.01 0.06 
0.2 0.510 0.668 0.628 0.04 0.30 
0.3 0.647 0.733 0.710 0.095 0.495 
0.4 0.745 0.784 0.764 0.19 0.655 
0.5 0.818 0.829 0.811 0.385 0.78 
0.6 0.872 0.863 0.846 0.775 0.925 
0.7 0.917 0.903 0.884 

0.8 0.949 0.937 0.920 - - 
0.9 0.980 0.969 0.967 


regular solution behavior as defined by Hildebrand,° 
positive deviations from Raoult’s Law as shown in 
Fig. 4, and a positive integral heat of mixing as 
shown in Fig. 3. 

Regular solution behavior implies an ideal entropy 
of mixing, 7.e. AS = — Rln Nz,, but a nonideal heat 
of mixing 7.e. AH,, #0. The ideal entropy of mixing 
presupposes a random distribution of the atoms and 
necessarily the lack of any short range ordering or 
clustering. The comparison of the experimental 
entropy with the ideal entropy of mixing is shown in 
Fig. 2. The agreement of the experimental data of 
this investigation as well as that of Bohl and Hilde- 
brandt’ at 470°C with the ideal curve is good and 
supports the conclusion of regular solution behavior. 
However, if we consider the solution behavior from 
the quasichemical theo ry’ then AH,, = N,Nz2 
A [1— 2N,N2(2/ZRT)| where Z is coordination num- 
ber and 4 is the single interaction parameter inde- 
pendent of composition and given by: 


r= N (2W,2 Wy - ) 


Here W,,, W,,, and W,, are the potential energies of 
the 12, 11, and 22, bonds and N is Avogadro’s num- 
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Fig. 4—Activity of the components of the zinc-cadmium 
system. 
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Table IV. Boiling Point Data for Zinc-Cadmium System 


Results of This Investigation Leitgebel’s’? Results 


Nea, Liquid Boiling Point, °K Neca, Liquid Boiling Point, °K 
0.1 1128 0.075 1136 
0.2 1103 0.15 1108 
0.3 1088 0.32 1083 
0.4 1079 = = 
0.5 1069 
0.6 1063 0.61 1061 
0.7 1056 
0.8 1053 
0.9 1044 = a 


ber. The first term of the expression for AH,, 
represents the zeroth approximation where the effect 
of short-range order is neglected, while the second 
term includes this effect. The zeroth approximation 
predicts a symmetrical, parabolic integral heat of 
mixing and that AH,,,/N,N. will be a constant inde- 
pendent of composition and temperature. 

The experimental integral heats of mixing as shown 
in Fig. 3 are indeed a symmetrical parabolic func- 
tion of the composition. These were found to be es- 
sentially independent of the temperature over the 
temperature range 700° to 900°C. The values ob- 
tained by Bohl and Hildebrandt’ deviate slightly from 
the calorimetrically derived expression for the in- 
tegral heat of mixing, i.e. AH,,= 2015 Nz,Ncq.*° 
This deviation is better shown in Fig. 5 where 
AHy,/Ni Ncq is plotted as a function of the compo- 
sition. Although Bohl and Hildebrandt’s results 
show a marked asymmetry, the good agreement of 
their values of the entropy of mixing with the ideal 
entropy of mixing indicates that the deviations are 
more likely due to errors inherent in the calcula- 
tions of the heat of mixing by graphical integration 
than a true measure of short range ordering in the 
zinc-cadmium system. Kleppa® compares his calori- 
metrically determined values with those obtained 
from electromotive force measurements for other 
binaries with good agreement and exhibiting the 
same behavior. 

The vapor-liquid equilibrium data obtained via 
electromotive force measurements agree well with 
the results obtained by Waring’® of the New Jersey 
Zinc Co. and by Lumsden’s’® calculations. The 


- - 
Wittig, Muller and Schilling(I9) 
2,400 |- @ This Investigation — 
O Bohl and Hildebrandt (1) 


1,800L_ 4-9 


10) 1.0 


0.2 0.4 0.6 0.8 
MOLE FRACTION OF ZINC IN LIQUID 
Fig. 5—Comparison of the integral heat of mixing for the 
zinc-cadmium system. 
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general shape of the equilibrium curve is the same 
for both sets of results. The slight deviations of 
the results obtained by the different methods can be 
attributed to errors involved in either method, the 
deviations being on the average only 3.1 pct. Cer- 
tainly in the calculation of the vapor-liquid equi- 
librium from the electromotive force measurements 
a degree of uncertainty was introduced in calculating 
the equilibrium from the electromotive force meas- 
urements by a graphical integration of the Gibbs- 
Duhem equation. Further it was also necessary to 
make use of heat capacity data which was known to 
be accurate only to 5 pct. It is evident that the suc- 
cess of predicting vapor-liquid equilibrium from 
electromotive force measurements is dependent 
upon having accurate vapor pressure data of the 
materials in question. The good agreement of the 
results with those obtained by another method is 
indicative of the usefulness of this method for ob- 
taining vapor-liquid equilibrium. With a few re- 
finements in the techniques and more accurate 

heat capacity data it should be possible to predict 
the vapor-liquid equilibrium of a system to within 

1 to 2 pct. 


CONC LUSIONS 


Electromotive force measurements were made 
for the zinc-cadmium system over a temperature 
range of 700° to 900°C to + 0.5 pct in a closed cell 
which minimized interface and diffusion reactions. 

The liquid alloy system was found to exhibit 
regular solution behavior, positive deviations from 
Raoult’s Law and a positive symmetrical integral 
heat of mixing which agreed well with calorimetric 


1.0 > 
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> 0.8 
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2 pat /| 
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! ----— Waring (18) 
0-2 O  Lumsden's Results (13) 
3 © Results of This Investigation 
= 


O 0.2 0.4 0.6 0.8 1.0 


MOLE FRACTION OF CADMIUM IN LIQUID 


Fig. 6—Vapor-liquid equilibrium for the zinc-cadmium sys- 
tem at one atmosphere total pressure. 


measurements for the system at 470°C. 

Vapor-liquid equilibrium compositions were 
computed for the system at 1l-atm total pressure. 
With more reliable vapor pressure data for the 
pure components the vapor-liquid results from 
electromotive force measurements should be re- 
liable to 1 to 2 pct. 
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Kinetic and Equilibrium Studies of Redox 


Reactions in Liquid Bismuth 


The empirical equilibrium constants ‘ = 
of reaction for the reduction 


and the heat 
Cug) 


have been determined from 300° to 500°C. The mechanisms of 


the oxidation of uranium and magnesium from dilute bismuth 
solutions have been investigated. The kinetics of some of the 
reactions were affected by aiy adsorbed on the uranium oxides. 


Tue Liquid Metal Fuel Reactor studied at Brook- 
haven National Laboratory uses a solution of uranium 
in bismuth as the fuel. Corrosion and stability prob- 
lems require that the fuel solution contain corrosion 
inhibitors and deoxidants. Of the additives tested, 
magnesium has been found to be the best deoxidant 
and zirconium the best corrosion inhibitor in bis- 
muth. Some experiments’ indicate that magnesium 
may play a secondary role in increasing the effec- 
tiveness of zirconium in inhibiting corrosion. 

The work reported here was intended to determine 
the relative concentrations of Mg and U required to 


/ 


Fig. 1—Gas reaction apparatus 
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prevent oxidation of the uranium fuel in the event of 
an air leak. In addition, an attempt was made to 
identify some of the mechanisms of the oxidation 
and reduction reactions occurring in the liquid bis- 
muth solutions. 


EX PERIMENTAL 


Apparatus and Procedure— The equipment shown 
in Fig. 1 was designed so that the reaction kinetics 
could be studied as functions of temperature, melt 
composition, pressure, and flow rate. 

At the start of a run, the 10-liter bell jar (F) is 
removed by opening the bottom Dresser fitting (L), 
and the bismuth and additives are placed in a pyrex 
crystallizing dish (I). The bell jar is replaced, the 
system is evacuated to 10° to 10° mm Hg and then 
the heater (J) is turned on. When the selected tem- 
perature is reached, the oxidizing gas is admitted 
to the system to the desired pressure as read on 
the manometer (D). Gas is introduced through the 
slide tube (Q) which has a pyrex frit (R) sealed to 
its bottom. Stirring is accomplished by immersing 
the end of the tube in the melt. To maintain a con- 
stant pressure under flow the input and evacuation 
rates must be equalized. To obtain this condition 
stopcock (C) is closed and flowmeters (B) are 
matched. The reaction is ‘‘stopped’’ by closing the 
inlet flowmeter and quickly evacuating the system. 

To obtain a liquid metal sample, the system is 
evacuated with the sampler positioned near the 
surface of the liquid. The sampler, Fig. 2, is then 
immersed until its thermocouple reading matches 
thermocouple (G) Fig. 1. The system is then pres- 
surized with helium which forces the solution 
through the frit. Twenty to 30 min elapsed between 
the time the system was evacuated and sampled. 

During evacuation and pressurization of the sys- 
tem, the temperature variations did not exceed +5°C. 
While bubbling occurred the temperature remained 
constant to within 1/2°C. 

The volume of the equipment was determined by 
adding a known volume of air at atmospheric pres- 
sure to the evacuated system and noting the resulting 
pressure, 
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The flowmeters were calibrated by allowing gas to 


flow intoa large known volume at different pressures. 


Repeated runs yielded flow rates to a precision of 
+3 pct. The pressure was maintained to within 0.1 
cm. The overall precision of the sampling and 
chemical analyses for U in Bi was +3 pct and for 
Mg in Bi was +5 pct. 

Materials—Bismuth--99.999 pct Cerro de Pasco 
bismuth whose principal trace impurities are usually 
Pb, Cu, Ni, Sn, Fe, Zr, Ag, and Cl was vacuum fil- 
tered through a 30 to 40 u pore size pyrex frit to re- 
move oxides. 

Magnesium—High-purity Mg whose principal im- 
purities are 0.001 pct Ca, 0.0001 pct Cu, 0.001 pct 
Fe, and 0.001 pct Si was cleaned in dilute acetic acid, 
rinsed in methanol and dried before use. 

Zirconium—Hafnium free high-purity crystal bar 
zirconium (Foote mineral) was cleaned in a dilute 
solution of HNO, and NH,F. Typical analyses showed 
that the Zr contained 0.003 pct Fe, 0.002 pct Cu, 
0.002 pct Ti, 0.003 pct Al, 0.001 pct Mg, and 0.003 

Uvanium— Various batches of high-purity uranium 
were analyzed during the experiments. At no time 
did any of the impurities exceed 100 ppm. Since the 
uranium was diluted by more than a factor of 100 
when dissolved, it did not introduce impurities in 
excess of those generally present in bismuth. 

Helium-- Reagent grade tank helium was passed 
over a charcoal cold trap immersed in liquid air 
and then into a titanium chip tank held at 850°C. 

The final test of purity used was to pass the helium 
over polished uranium at 600°C at the rate of a 
liter per minute for 1 hr. If the surface of the 
uranium did not tarnish the gas was considered 
useable. 


RESULTS AND DISCUSSION 
I) Solutions in which Mg is Selectively Oxidized 
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Fig. 3—Oxidation of U-Mg-Bi solution at 405°C 


Figs. 3 and 4 show two typical curves obtained when 
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solutions of uranium and magnesium in bismuth are 
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Fig. 4—Oxidation of U-Mg-Bi solution at 355°C 
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Fig. 5—Reduction of UO, in Mg-Bi at 405°C 


oxidized by bubbling air through the melts. It can be 
seen that initially magnesium is oxidized and uranium 
is not. 

In the reaction 


nMg ni) + = NMgOw + 


[1] 
magnesium and uranium are known to be soluble in 
bismuth and MgO and UO, are assumed to be com- 
pletely insoluble. At equilibrium these oxides are 
assumed to exist as pure solid compounds in their 
standard states (.e., their activities are unity). 
Therefore, 


vuXy 
Mg Mg 
If interactions occur only between solute and solvent, 
the activity coefficients (vy) should not vary appreci- 
ably with small changes in temperature or concen- 
trations.”* Thus, K can be expressed 
Xy 

1 (Xu Ng 
For dilute solutions the solute concentrations in 


parts per million are very nearly proportional to 
the mole fractions so that 


[3] 


Cy 
4 
2 (Cug)” [ ] 
or 
Cy 


where X is the concentration expressed in mole 
fractions, C is the concentration expressed in parts 
per million, A: is a constant equal to the ratio of 
the activity coefficients (vy) raised to the appropriate 
powers, and Kz is a constant involving K, and the 
factors for converting mole fractions to parts per 
million (ppm) for this system. 

When air was bubbled through a Mg-U-Bi solution 
containing Mg in excess of that required by Eq. [4] 
only magnesium oxide was produced. This is to be 
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expected if the excess Mg completely reduced uran- 
ium oxides formed during the bubbling by the time 
the sample was taken. Equilibrium in Eq. [1] is not 
expected until thermodynamically stable uranium 
oxide is formed (i. e., all the excess Mg is oxidized), 
In these experiments (where Mg was in excess) 
the onset of uranium oxidation was always accom- 
panied by a change in the slope of the Mg oxidation 
curve. In analyzing the data it was found that Eq. 
[4] applied (i. e., equilibrium is attained) only at the 
concentration of U just at the onset of the uranium 
oxidation and at the concentration of magnesium just 
at the change in slope. The ratios Cy/(Cm,)” were 
obtained by using the concentrations indicated. With- 
in the precision noted in the determination of Mg 
and U in Bi, the ratios Cy/(Cm,)” for different ex- 
periments at the same temperature were essentially 
constant for values of ” from 1.8 to 2.2 with the best 
fits occurring for m = 2.05. For convenience, n equal 
to 2 will be used throughout the remainder of this 
paper. This corresponds to the reaction 


+ = + [5] 


It was found that after the uranium had begun to 
oxidize the ratio Cy/ (Cag) progressively increased 
as the experiment continued. This observation sug- 
gests that equilibrium is not attained (in the 30-min 
sampling time) for the back reaction of Eq. [5] sub- 
sequent to the formation of gross amounts of uranium 
oxides. 

No attempt was made to analyze the oxides formed 
in these experiments because of the formidable an- 
alytical problem. 

II) Mg-Bi Reduction of UO, Powder and ‘‘Wetted’’ 


In the previous section the formation of only mag- 
nesium oxide was explained by the assumption that 
the wetted UO2 which probably formed during the 
bubbling was completely reduced by the excess Mg 
present by the time the sample was taken. To check 
this assumption the rates of reduction of commer- 
cial UOz powder and ‘‘wetted’’ (formed by reaction 
of oxygen and UBi) UO, were independently studied. 
A solution of Mg in Bi was contacted with excess 
UOz powder at 400°C in a helium atmosphere. No 
reaction was noted if the mixture was not stirred 
(72 hr). Fig. 5 is a plot of the uranium found in the 
Solution as a function of stirring time. At the end of 
18 hr of stirring time the experiment was termin- 
ated because of failure of the equipment. Mg ad- 
ditions were made during the course of the experi- 
ment because of slight but continual decreases in 
the Mg concentration, presumably due to impurities 
in the large volumes of helium used to stir the mix- 
ture. Because of the Mg additions the stoichiometry 
of the reaction could not be followed. The concen- 
trations of Mg corresponding to the last three points 
in Fig. 5 were found to be 2600 ppm, 2700 ppm, and 
2650 ppm. Analyses of the UOz used gave values of 
UO,, 9g9 and 9935 - 

In some fifteen other experiments it was found 
that Mg-Bi solutions reduced the ‘‘wetted’? oxides 
of uranium much more rapidly than the commercial 
UOz powder. For example, a magnesium bismuth 
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1000/T °K 


Fig. 6—Temperature variation of the empirical equilibrium 
constant for the assumed reaction. 


+ UO2, = 2MEQsy + 


alloy added to bismuth, from which 960 ppm uranium 
had been oxidized, reduced 70 pct of this material 
by the time the first sample was taken (25 min). 

The (Cy/Cy,.”) ratio obtained from the reduction of 
UOz powder and those obtained from the oxidation 
runs (section I) are plotted as a function of 1/T in 
Fig. 6 and are listed in Table I. The results from 
both oxida*ion and reduction experiments agree, 
implying that the assumption of equilibrium at the 
point of initial uranium oxidation was reasonable. 

A straight line is obtained which shows that both 
the heat of reaction and the ratio %/7y, )° of the 
activity coefficients are constant over this tempera- 
ture range. The heat of reaction calculated from 
the slope was found to be —35 + 1 kcal per mole. 

III) Oxidation of Solutions in which the Uranium is 

in “‘Excess”’ of K = Cy/(Cy,)" 


The experiments in this and subsequent sections 
were performed to gain an insight into the factors in- 
volved in the kinetics and mechanisms of reactions. 
The only runs in which U was in excess of that re- 
quired by K, Eq. [5], contained Zr as well as U-Mg- 
Bi. These results are plotted in Figs. 7 and 8. It 
was found that both the uranium and magnesium oxi- 
dized concurrently. In these two experiments the 
number of uranium atoms oxidized per unit time is 
greater than the number of magnesium atoms. The 
data are plotted as per cent loss of components be- 
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Fig. 7—Oxidation of U-Mg-Zr-Bi solution at 405°C 
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Fig. 8—Oxidation of U-Zr-Mg from Bi at 360°C 


IV) The Kinetics of Oxidation of Magnesium from 
Mg-Bi Solutions Containing Uranium and 
Zirconium 


The oxidation of magnesium from Bi solutions con- 
taining only Mg was found to be first order with Mg. 
In solutions where substantial quantities of uranium 
oxides were present, the magnesium oxidation rates 
were not always first order (see section VII). How- 
ever, the initial rates of oxidation from U-Mg-Bi 
solutions before uranium reacted, Figs. 3 and 4, 
were first order with respect to magnesium. The 
reaction rate constant k (prior to the formation of 
uranium oxides) for the equation of the form 
d[Mg]/dt = k[Mg] varied from —0.0088 to — 0.0041 
(min *) in the temperature interval 403° to 412°C. 
The dependence of F on flow rate (7 to 28 liters per 
hr), temperature, or uranium concentration could not 
be determined with the limited number of experi- 
ments performed. 


V) The Kinetics of Oxidation of Uranium from 
U-Bi Solutions Containing Magnesium and 
Zirconium and from U-Bi Solutions 


Curves for the rate of oxidation of uranium from 
the solutions of Figs. 7 and 8 are shown in Fig. 9. 
At 405°C the oxidation of uranium was accompanied 
by the oxidation of magnesium while at 360°C both 
magnesium and zirconium were being oxidized with 
the uranium. The data show half-order dependence 
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Fig. 9—Oxidation of U from U-Zr-Mg-Bi solution 


on the amount of uranium reacted. Attempts at 
determining the rate of oxidation of uranium from 
bismuth solutions containing only uranium were in 
the main, unsuccessful. The uranium oxidized too 
rapidly to obtain sufficient data for the study of the 
mechanism. Fig. 10 shows one of the more success- 
ful runs. In this experiment, approximately 1200 

to 1300 ppm U were added as a uranium-bismuth 
alloy. The initial analyses showed 1030 ppm in 
solution. It can be seen that again the rate of oxida- 
tion of U in Bi appears to be half order with respect 
to the reacted uranium @U/dt = [U, — U}'””) to about 
90 pct of total oxidation. [U, and U are the initial and 
final concentration, respectively. | 


VI) Attempted Reduction of MgO by U-Bi Solutions 


The reduction of MgO by uranium-bismuth solu- 
tions was difficult to carry out with the technique 
used in these experiments. Pure U-Bi solutions 
are very reactive even in the presence of ‘‘puri- 
fied’? helium which was used to stir the reacting 
species. 

In the single experiment performed at 455°C, 
260 hr of stirring by helium were required before 
the magnesium was detected in the melt. Repeated 
uranium additions had to be made to maintain its 
concentration in the solution. At this time the 
solution contained 3700 ppm U and 910 ppm Mg re- 
duced from the MgO. The subsequent sample showed 
a drop in the uranium to 1800 ppm and a drop in the 
magnesium to 20 ppm. Further samples showed no 
uranium and 0 to 20 ppm magnesium in solution. 


VII) Effect of Gas Stirring vs Gas Environment 


An alloy containing an estimated 1000 ppm U, 350 
ppm Mg, and 75 ppm Zr was loaded in the equipment 
evacuated, and brought to temperature. Air was ad- 
mitted to the system and allowed to react with the 
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Fig. 10—Oxidation of U from a U-Bi solution at 358°C 


solution at 362°C in the absence of stirring. The 
amount of oxygen in the system at any one time was 
5 times as much as was necessary to combine with 
all the U, Mg, and Zr present. The system was 
periodically evacuated and replenished with air to 
prevent depletion of the oxygen. It was found that no 
oxidation of the solutes occurred for the first 22 hr. 

In another experiment 3 liters of air per hr were 
bubbled through a U-Mg- Zr-Bi solution which had 
helium as the cover gas. The system was evacuated 
and fresh helium admitted every 3 min to prevent 
the accumulation of appreciable amounts of oxygen. 
Again, no oxidation occurred during the course of 
the experiment (56 min at 400°C). 

The conclusion drawn from the preceding two ex- 
periments is that in order for oxidation to occur at 
an appreciable rate it is necessary for the solutions 
to have large fresh surfaces continuously exposed to 
the reactant oxygen. 

It was always found that solutions which had oxides 
present evolved large quantities of gas and frothed 
when the system pressure was reduced to take the 
liquid metal samples. Freshly prepared solutions 
did not froth appreciably. An experiment was run in 
which approximately 20 to 30 pct of the uranium 
and magnesium originally present was oxidized. The 
system was then evacuated for 10 min, helium was 
admitted, and the melt was then allowed to stand 
overnight at 400°C. The following day the solution 
had lost additional uranium and magnesium equivalent 
to a retained amount of gas equal to one liter of oxy- 
gen or 5 liters of air at that temperature. The aver- 
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Fig. 11—Kinetics of oxidation of Mg from Bi melts con- 
taining Mg, U, and Zr 


age rate of oxidation over the 15-hr period was about 
1/20 of the rate with bubbling. A second experiment 
at 315°C showed an average oxidation rate equal to 
1/10 the rate with bubbling. 

These results suggest that the rates of oxidation 
are influenced by the amount of air adsorbed on the 
dispersed oxides and perhaps to a lesser extent by 
the amount of melt surface exposed (by bubbling) to 
the air. 

If the oxygen adsorbed is proportional to the quan- 
tity of uranium oxide formed, the dependence of the 
rate of oxidation of uranium on the amount of uran- 
ium oxide (U,—U) may actually be a dependence on 
an ‘‘effective’’ oxygen supply from the readily wetted 
uranium oxides. 

The observed variation in Mg oxidation rates in 
the presence of uranium oxides may also be due to 
the supply of oxygen introduced by the uranium ox- 
ides. In the experiment in which Mg and U are oxi- 
dizing in the presence of uranium and magnesium 
oxides, Fig. 7, the magnesium oxidation rate shows 
a dependence on the reacted uranium. Assuming a 
rate equation of the form 


d[Mg] 
at 


then for this particular experiment 


= [8] 


(Fig. 10) [9] 
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d|Mg] 


[10] 


= + ki[Mg]C. 


From Fig. 10 it can be seen that for this case 
C = Oand, therefore, 


a[Mg] 
at 


The plot of the Mg oxidation for this solution is 
shown in Fig. 11 and is seen to fit the integrated 
form of Eq. [11]: [12] In[Mg] = (kik2/2)¢? + C,. 

In view of the above data, the inability to attain 
the expected equilibrium concentrations from solu- 
tions containing appreciable quantities of uranium 
oxides may be due to the continuation of the oxida- 
tion reactions (caused by adsorbed gas on the oxides) 
even after the attempts to remove the reacting gas 
by evacuating the system. Under these conditions 
the kinetic reactions would not have ceased when the 
samples were taken. 


[11] 


SUMMARY AND CONCLUSIONS 
1) The empirical equilibrium constants 


for the reaction 
+ UO 
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from 300° to 500°C. 

2) The heat of reaction for the above reduction was 
found to be —35 + 1 kcal per mole. 

3) The nonattainment of equilibrium for the back 
reaction of Eq. [5] in the presence of uranium oxides 
is probably due to the continuation of oxidation re- 
actions because of air adsorbed on the uranium 
oxides. 

4) The data obtained from the oxidation kinetics 
of uranium in bismuth, the change in the magnesium 
oxidation rate when uranium begins to oxidize, the 
oxidation of U-Mg-Bi solutions in helium when they 
were previously oxidized with air, and the oxidation 
rates of Mg when the U/Mg ratio is large, suggest 
that the uranium oxides in some way adsorb rela- 
tively large quantities of oxygen which are made 
available for reaction. 
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Technical Notes 


Metal Crystal Orientation Using the Polar- 
izing Microscope 


H. D. Mallon 


Tue direction of the optic or ‘‘C’’ axis of a uniaxial 
metal crystal can be found with the metallurgical 
polarizing microscope by examining two planes of 
section on the crystal. Complete orientation of the 
crystal can be determined if a twin crystal is com- 
mon to both surfaces of section. 

Examination of Uniaxial Metals in Polarized Light— 
Rotation of a uniaxial crystal surface, properly pre- 
pared,’ shows four extinction positions 90 deg apart, 
provided that the surface is not close to a basal sec- 
tion. 

One of these two extinction directions corresponds 
with the projection of the optic axis on the surface 
of section. This direction can be found if the 'sign 
of the rotation'” for the metal is known. 

To find the direction of the optic axis, the crystal 
is rotated on the stage 45 deg from an extinction 
position. With a crystal of negative sign, to produce 
extinction the analyser must be rotated towards the 
optic axial direction and vice versa. All sections, 
other than basal, of a uniaxial crystal have the same 
sign of rotation and, since there is no change in sign 
with wave length, white light can be used for these 
measurements. If the sign of the rotation is not 
known the presumed direction of the optic axis can 
be determined assuming a positive sign. A third 
section cut normal to the presumed optic axis will 
show basal extinction if the assumption is correct. 


x-ray results. 
© Polarizing microscope results. 


Fig. 1—Stereogram showing (111) poles of four bismuth 
crystals relative to fiducial edge. 
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\ 
crystal 


Orientation by 
X-rays 


Fig. 2—Complete orientation of bismuth crystal using 
polarizing microscope. Fig. 2(a@)—measurements made on 
crystal. Fig. 2(b)—stereogram showing construction. 


It is convenient to use the edge between the two 
planes of section as a fiducial direction common to 
both surfaces. The optic axis can be related to this 
direction. 

If the above measurements are repeated on the 
other plane of section and the angle between the two 
section planes measured, stereographic projection 
can be used to determine the orientation of the crys- 
tal optic axis. 


Determination of Complete Orientation—The com- 
plete orientation of a uniaxial crystal can be deter- 
mined provided that a twin crystal is common to 
both surfaces of section, and the twin law is known. 
The orientation of the twin crystal optic axis can be 
determined in the same way as for the main crystal 
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and plotted on the same stereogram. Since the pole 
of the twinning plane lies on the same great circle 

as both optic axes the position of the twinning plane 
can be marked on the stereogram and the complete 
orientation of the crystal is thus determined. 

Results—The method has been tested on various 
single crystals of bismuth. Orientations of the optic 
axes of four crystals are shown in Fig. 1., together 
with orientations found by X-ray back reflection 
photographs.” 

Figs. 2a and 2b show a determination of complete 
orientation using a Single crystal of bismuth contain- 
ing a twin common to both surfaces of section. Fig. 
2a shows the measurements made on the crystal 
while Fig. 2b shows the stereographic procedure. 
With the x plane as the plane of projection, the fidu- 
cial edge FD is marked on the stereogram. The pole 
of the y plane is then marked in together with the 
great circle representing the y plane. The extinction 
directions containing the optic axes of the main cry- 
stal Mx and the twin Tx, both in the ¥ plane, are 
drawn as diameters. The optic axial extinction di- 
rections in the y plane, My and Ty, are plotted on the 
projection of the y plane as indicated in the drawing. 
A great circle containing the point My and the pole 
of the y plane intersects the direction /@x at the 
projection of the optic axis of the main crystal. 
Similarly, the optic axis of the twin is found as the 
intersection of the great circle through Ty and the 
pole of the y plane, with the direction Tx. 1, 
the twin plane* which makes an angle” of 36 deg 58 
min with both optic axes. Thus the twin plane can be 
marked on the great circle which contains both optic 
axes and the orientation is then completely deter- 
mined. For comparison, orientation by X-rays is 
shown on the stereogram. 


*G. A. Hare and H. D. Mallon: Metallurgia, (in press). 

2A. F. Hallimond: The Polarizing Microscope, Cooke, Troughton and Simms, 
York, England, p. 105, 1953. 

°H. D. Mallon and C. G. Wilson: Brit. J. Appl. Phys., 1960, vol. 11, p. 229. 

‘C. S. Barrett: Structure of Metals, 2nd Ed., McGraw-Hill, London, p. 379, 


5W. Vickers: J. Metals, 1957, vol. 9, p. 287. 


Solubility of Nitrogen in Liquid 
Manganese 


Nev A. Gokcen 


PusuisHep data on the solubility of nitrogen in 
liquid manganese are widely discordant. Ochsenfeld’ 
observed that a Mn-N alloy with 3.6 pct N consisted 
of solid and liquid phases at 1260°C but at 1300° to 
1340°C the solid phase disappeared and the liquid 
contained 0.1 to 0.13 pet N. In contrast Saito’s? 
measurements at approximately 1400°C yielded an 
average value of 0.97 pct N. Sieverts’® volumetric 
method is not suitable for the determination of gas 
solubility in manganese because the liquid metal 
vaporizes readily and condenses in the cooler parts 


N. A. GOKCEN, Member AIME, is Associate Professor of 
Metallurgy, University of Pennsylvania, Philadelphia, Pa. 
Manuscript submitted July 25, 1960. ISD 
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Fig. 1—Solubility of nitrogen in manganese. 


of the apparatus where it can absorb large amounts 
of nitrogen. The purpose of this investigation was, 
therefore, to determine the solubility of nitrogen in 
manganese accurately in the range of 1273° to 
1500°C. 

The experimental method used in this study was 
as follows. Electrolytic manganese of 99.9 pct 
purity, and weighing 50 g, was melted in a pure 
alumina crucible placed in a tubular furnace. Tem- 
perature was measured with a Pt-10 pct Rh ther- 
mocouple and controlled within +5°C. Pure nitro- 
gen was bubbled through the melt for 1 hr at 
constant temperature and then a sample was taken 
by sucking the metal into a 2-mm clear silica tube 
and immediately quenching in water. The sample 
was broken into small pieces and found to be sound 
to the naked eye. The entire sample was then dis- 
solved and the resulting solution was analyzed for 
nitrogen by the well-known solution-distillation 
method. 

The experimental results are presented in Fig. 1. 
All the nitrogen solubility data refer to 1 atm of 
nitrogen pressure; hence the observed values are 
slightly corrected by using Sieverts’ equation when 
the atmospheric pressure differed more than 5 mm 
Hg from 760 mm, and further, in the case of the 
runs at 1500°C the correction arising from the 
presence of Mn vapor has been made. (Cf. Eq. [3]). 
Scattering in the data is within +5°C in tempera- 
ture measurement and +3 pct in total nitrogen 
analysis. The straight line in Fig. 1, correlating 
the percentage of dissolved nitrogen, %N, with the 
inverse temperature in °K~’, can be expressed by: 

3090 
log %N = — 1.55 [1] 
From this equation the solubility of nitrogen at 
1400°C is 1.98 pct in contrast to Saito’s average 
value of 0.97 pct for the same temperature. If the 
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mole fraction, X , is used instead of the percentage 
Eq. [1] becomes log X = (2920/T) — 2.88. Dissolu- 
tion of nitrogen® follows 7/2 N2 = N [in Mn] for which 
the equilibrium constant is 


K,, = = [2] 


where f/f is the activity coefficient of nitrogen for 
which the reference state is the infinitely dilute 
solution, 7.e., f+ 1 when %N - 0; Py,, the gas 


pressure in atm.; K:, the apparent equilibrium 
constant defined by the identity in Eq. [2]. De- 
termination of f requires additional data on Ky,at 
various nitrogen contents for a chosen temperature. 
A plot of log Ky,vs %N extrapolated to %N = 0 would 
yield log K.,. The ratio K,,/Ky,at any concentration 
would give the value of f. Unfortunately such data 
which can be obtained at various values of Py, by 
dilution of N2 with a noble gas are not yet available. 
However, similar data for the Cr-N system have 
been obtained by Humbert and Elliott.* Their results 
have been expressed by 


log f(Cr) = 0.10 [%N]c, [3] 


where f (Cr) is the activity coefficient based on con- 
centration in weight percentage. Assuming that this 
relationship is also valid for the Mn-N system in 
view of the proximity of Cr and Mn in the Periodic 


Chart, Eq. [2] for the data in Fig. 1 can be adequately 
represented by 


4570 


The corresponding standard free-energy change is 
A Fy, = —4.576 T log K = —20,900 + 10.207 [5] 


At low nitrogen concentrations the ratio of mole 
fraction to weight percentage is a constant so that. 
the mole fraction X of nitrogen is given by X = 
0.0392 [%N]. At low values of X, the activity and 
the concentration approach each other, hence K, = 
0.0392 K.,, where K, is expressed in terms of the 
mole fraction of nitrogen. Hence Eqs. [4} and [5] 
become 


4570 _ 


log K, = — 3.64 iG 


A Fe = —20,900 + 16.667 [7] 


Dissolution of nitrogen in manganese is therefore 
an exothermic process to the extent of — 20,900 cal 
per g-atom of nitrogen. 

This research has been sponsored by the Ameri- 
can Iron and Steel Institute. 
aR: Ochsenfela: Ann. Physik, 1932, vol. 12, p. 353. 
2T. Saito: Res. Inst. Tohoku Univ., 1949, No. 1, p. 411. 


3A. Sieverts: Z. Physikal. Chem., 1911, vol. 77, p. 591., 
4J. Humbert and J- F. Elliott: to be published in Trans. Met. Soc. AIME. 


Rare-Earth Gallium Compounds Having 
the Aluminum-Boride Structure 


S.E. Haszko 


SEVERAL new XGa, intermetallic compounds, 
Table 1, where X is a rare earth, having the A1B, 
structure were prepared as part of a continuing 
study of the magnetic and structural properties of 
rare-earth alloys.’ In this note, the crystallographic 
results of these compounds are presented. 


The compounds were prepared in quartz crucibles 
in argon by induction heating. The gallium was of 
99.99 pct purity and the rare earths 99.+ pct (except 
Pr, 99.9+ pet). Powder X-ray patterns were taken of 
all the compounds with CrKa radiation with Strau- 
manis type Norelco cameras of 114.6 mm diam. 

A1B, is hexagonal and belongs to space group 
P6/mmm — D§p, with 1 Al in (a): (0,0,0) and 2B in 
(d): +(1/3, 2/3, 1/2). The intensities of the reflec- 
tions on the powder photographs are similar for the 


Table I]. Observed and Calculated Interplanar Spacings 
and Intensities for DyGag—CrK @ Radiation 


Table |. Crystallographic Data for the XGa, Compounds 


d 


X-Ga Dens. 

Y 4.198 4.095 6.07 
320. 49 35934) 71,37. 6:47 
Gers, 4:32 4,34 3.300 70:14" 16.62 
Pr) 4.272" “459908 1.006. 67.93" 6.85 
Nd 4.27 4.27 LOOM) (67.42 
Gd 4.219 4.135 3520. 63.7407. 72 
Dy 4.199 4.066 (9687) 2.42 "3:16" 62.08 18.07 
Ho 4.192 4.044 49659" 3115" “61:54, 28:21 
Er 4.186 4.018 .960 2.42 3.14 60.97 8.35 


*All lattice constants are +0.005A except for CeGa, and NdGa, (+0.01A) 


S. E. HASZKO is with Metallurgical Research Department, 
Bell Telephone Laboratories, Murray Hill, N.J. 
Manuscript submitted September 22, 1960. IMD 


00-1 N.O.** 4.066 = 0.0 
10-0 3.612 3.636 w—m 7.9 
10-1 2.698 An vs 56.5 
11,0 2.093 2.100 s DID 
00-2 2.029 2.033 w—m 6.7 
11-1 N. O. 1.866 a 0.0 
20-0 1.818+ 1.818 w tet 
10-2 1.773 1.775 w Dall 
20-1 1.6578 1.6598 m—s 13.1 
12 1.4599 1.4605 m—s 18.9 
21-0 1.3746 1.3745 w { 1.5 
20-2 1.6 
1.3546 1.3553 w 00 
21.14** 1.3018 1.3021 s 24.7 
10-3 1.2699 1.2700 m 13.5 
30-0 1.2122 1.2122 m 15.3 
30-1 N. O. 1.1616 z 0.2 


*s = strong, m = medium, w = weak, v = very. 
**N.O. = not observed. 
***Beginning here, d values for 4, and averaged. 
+Contains the B for the (201) reflection. 
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Table II]. Comparison of Previously Reported Lattice Constants 
: Present Work Literature 
a(A)  c(A) c/a a(A)  c(A) c/a ence 
LaGa, 4.320 4.416 1.022 4.329 4.405 1.02 6 
CeGa, 4.32 4.34 1.00 4.312 4.316 1.00 6 
PrGa, 4.272 4.298 1.006 4.292 4.292 1.00 5 
SmGa, 4.238 4.187 -988 4.280 4.209 .983 


compounds listed in Table I. Therefore, relative in- 
tensities were computed only for DyGa, for CrKa 
radiation. These data are listed in Table I. In the 
calculation of intensities, the Thomas and Umeda? 
atomic scattering factors, corrected for dispersion,? 
were used. The agreement between observed and 
calculated interplanar spacings and intensities sup- 
ports the conclusion that DyGa, has the AlB, struc- 
ture. 

Crystallographic data for these compounds are 
listed in Table I. Four of these compounds have 
been reported by other workers, and the results are 
compared in Table III. Fairly good agreement is ob- 
tained, except for PrGa, and SmGa,. This can pos- 
sibly be explained by the existence of homogeneity 
ranges in these compounds, and the loss of the rare- 
earth element could result in these discrepancies. 
This is especially true in the case of Sm, which has 
a fairly low boiling point (approximately 1900°C). 

An examination of the AlB, structure shows that 
the larger rare-earth atoms lie between planes 
composed of hexagonal arrays of gallium atoms. 
The rare-earth atoms are positioned in the open 
central region between these hexagonal arrays, and 
for the case of packing of touching spheres, the 
‘fideal’’? c/a = 1.07.4 One can see that as the atomic 
number of the rare earth increases (atomic diam- 
eter decreases), the c-axis dimension will change 
at a greater rate than the a-axis dimension. 

Cerium appears to be trivalent in CeGa,, similar 
to the behavior of Ce in CeAl, having the cubic 
Laves phases.’ We have not been able to prepare 
EuGa, and YbGa, with this structure. This may be 
due to the larger atom size, or divalent behavior, 
of Eu and Yb. These elements appear to be divalent 
in EuAl, and YbA1,, which also have the cubic MgCu, 
structure.} 

It has been suggested?,® that the Ga atoms in 
LaGa,, CeGa,, and PrGa, are essentially covalently 
bonded, and for the case of PrGa,, the Pr-Ga bonds 
are partially ionic. This bonding scheme would sug- 
gest some semiconducting behavior in these com- 
pounds. Physical measurements on the pure stoi- 
chiometric compounds would be useful in ascertain- 
ing the validity of the suggestions. 

The author wishes to thank J. H. Wernick for dis- 
cussion and D. Dorsi for the preparation of these 
compounds, 


*E. A. Nesbitt, J. H. Wernick, and E. Corenzwit: J. Appl. Phys., 1959, p. 365. 
S. E. Haszko: Trans. Met. Soc. AIME, 1960, vol. 218, p. 958. 

J. H. Wernick and S. Geller: Acta Cryst., 1959, vol. 12, p. 662. 

J. H. Wernick and S. Geller: Trans. Met. Soc. AIME, 1960, vol. 218, p. 866. 
J. H. Wernick and S. E. Haszko: to be published. 

2L, H. Thomas and K. Umeda: J. Chem. Phys., 1957, vol. 26, p. 293. 


°C. H. Dauben and D. H. Templeton: Acta Cryst., 1955, vol. 8,/p. 841. 

“F. Laves: Crystal Structure and Atomic Size in Theory of Alloy Phases, 
ASM, 1956. 

SA. Iandelli: Gazz. Chim. Italiana, 1949, vol. 79, p70: 
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Crystallographic Angles in Tetragonal 
Crystals: and Indium 


B.S. Chandrasekhar and B. W. Veal 


Tue Laue method of orienting single crystals re- 
quires the use of tables of angles between crystal- 
lographic planes, and between zone axes. Such 
tables have been published for cubic crystals,’ and 
some rhombohedral’ and hexagonal* crystals. A 
table of angles between planes in £-tin has also 
been published;* these angles refer to only low- 
index planes, and are not particularly helpful in 
the actual indexing of spots on a Laue photograph. 
Furthermore, it is often useful to know the angles 
between zones which share a common low-index 
plane. 

We have calculated such tables of angles for 
B-tin and indium, both between planes in principal 
zones, and between zones passing through prin- 
cipal planes. The results are given in Tables I 
and II. The standard formulas” were used, with 
c/a = 0.54554 for B-tin, and 1.07586 for indium. . 


Table I. Angles Between Crystallographic Planes in B-Tin and Indium 


Angle Between Angle Between 
M 
Adjacent Planes Adjacent Planes 
of Planes B-Tin Indium of Planes B-Tin Indium 
010 
130 18° 26' 18°26' 5°28! 8°20! 
120 8° 8° 8! 133 3° 36! 5223! 
110 11°19 11°19" 111 
13210! 14°27' 
5°10! 5210! 
L185! 7°43" 12° 10' 
8°12' 6°52! 6273) 4°14! 
oll 10°41' 11297! 16°37! 
023 8°38! 
012 4°44" 
013 4°58! 8°33! 67515 11323! 
001 10°18' 19°44! i01 19° 46' 
312 152573 19215! 
110 11 10° 43! 
= 10 221 
551 14°32 7°29 301 13°45 10°33 
33] 8°50! 4°52! Tio 29° 4! 18°17' 
9 35' 5°50! ies 29° 4! 18°17' 
12°49! 14° 18' 10°43' 
6°40' 10°21' 12°57' 19°46' 
5°39! 6°51' 11223! 
115 112 
117 2°29! 4°40! 
001 6°17' 12°16' 


B. S. CHANDRASEKHAR and B. W. VEAL are with Westing- 
house Research Laboratories, Pittsburgh 35, Pa. 
Manuscript submitted September 16, 1960. IMD 
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Table Il. Angles Between Crystallographic Zones in B-Tin and Indium 


: Angle Between : Angle Bet 
M ; g M ie ngle Between 
Adjacent Zones Adjacent Zones 
Zone Axes B-Tin Indium Zone Axes B-Tin Indium 
18°26" 18°26! 9°58 
130 Le 155 
8 8 8! 6°21' 5 2! 
8 8 7°23) 
11919 11°19 15°27! 
14°22" 14°22! 
' 
010 211 
031 10°18' 19° 44' 311 8°52! 10° 12' 
021 4°57! 8°33! 511 7°58! 9° 43! 
032 4°44! 11 3°36! 4°31" 
8° 38! 9°15! 
ge 12 6°52! 
01 5} 743! 14°47! 10° 22' 
31° 26' 232301 18° 24' 
312 19°21' 18°55' 
9° 27' 
4°25! 8°39! 8°40! 
6:35) 6° 36! 331 14°10! 20° 0! 
10°11! 16°26! 8°40! 11°15! 
14239! 14°28! 9°27' 112-4" 
4°55! 4°57' 19°21' 18°55' 
11°31" 39! = 23235) 18° 24' 
13225! 8° 56! 14°47' 10° 22' 
115 7 5) 4° 6! 112 
117 pe. 
001 20°19' 10°38 
1R. M. Bozorth: Phys. Rev., 1925, vol. 26, 


2B. I. Salkovitz: AIME Trans., 
Trans., 1957, vol. 209, p. 827. 

3K. I. Salkovitz: AJME Trans., 1951, vol. 191, pp. 64, 880. 

‘J. F. Nicholas: AIJME Trans., 1951, vol. 191, p. 1142. 

5C, S. Barrett: Structure of Metals, McGraw-Hill Publishing Co., New York, 
p. 632, 1953. 
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On Coincidence Sites 


H. P. Sttiwe 


Tue recent papers of Aust and Rutter’? have again 
brought to mind the importance of certain ‘‘special’’ 
orientation relationships between the lattices of two 
fec crystals on the mobility of the grain boundary 
sevarating them. No theoretical treatment of this 
problem has been offered till now. The only principle 
published so far that has given an indication why cer- 
tain orientation relationships should be ‘‘special’’ is 
the counting of ‘‘coincidence sites’’ according to the 
suggestions by Kronberg and Wilson.* The ‘‘coinci- 
dence plots’’ published by these authors show, for 
instance, that two fcc lattices rotated by 38 deg 
around a common (111)-axis have 1/7 of their lat- 
tice sites in common. Such an orientation relation- 
ship is also characteristic for high boundary mo- 
bility. 


HEIN PETER STUWE is Scientific Assistant, Institut fur allge- 


meine Metallkunde und Metallphysik, Rhein.-Westf. Technische 


Hochschule, Aachen, Germany. 


Manuscript submitted September 15, 1960. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


. photometer reading inarbitrary units 


\ 

\ 


Oo fe) 
® 


Fig. 1—Two Sieves, rotated 38 deg. 


The accuracy of the orientation relationship needed 
for high mobility is not too rigid. Deviations up to 
10 deg from the ideal orientation seem to be toler- 
able as can be gathered from the experimental data.’»# 
The question arises, then, how the density of coinci- 
dence sites will be affected by a deviation from 
mathematical accuracy. 

This can be checked by a simple model. Two 
sieves are prepared, the arrangement of the holes 
corresponding to lattice sites on a (111)-plane ina 
fec crystal. They are placed upon each other, Fig. 1. 
One is kept fixed, the other is rotated around an 
axis pushed through one hole in common to both. 

The light falling through holes of both sieves is then 
a measure for the density of coincidence sites. If 
the diameter of the holes is very small, light inten- 
sity is contributed only by holes the centers of which 
coincide ‘‘exactly.’’ If the diameter of the holes is 
rather large, some intensity will be contributed by 


Fig. 2—Intensity vs angle of rotation for d =1, 2, 3 mm. 
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holes that do not coincide exactly but overlap par- 
tially. The diameter d of the holes is therefore as- 
sumed to be an overall measure for the accuracy 
with which coincidence is wanted. 

Fig. 2 shows the light intensity (measured with a 
photometer in arbitrary units) vs the angle of rota- 
tion @ for holes of 1, 2, and 3 mm diam. The dis- 
tance a in Fig. 1 was kept constant at 7 mm. The 
intensity for a@ = 0 (= identity), or twin orientation, 

(a = 60) was kept constant. 

The figure shows that for d = 1 mm (= close co- 
incidence) the special orientations are very distin- 
guished indeed from other orientations. The maxima, 
however, are very narrow and do not permit devia- 
tions from the ideal value for a of more than 1 deg. 
For d= 2mm the maxima broaden somewhat, but at 
the same time they lose drastically in distinction 
from other orientations. At d = 3 mm, the intensity 
near the ‘‘special’’ orientations is not higher than 
anywhere else on the curve. 

The curves of Fig. 2 suggest that the density of 
coincidence sites might not be the proper principle 
that distinguishes the ‘‘special’’ boundaries from 
the ‘‘random’’ boundaries since it leads to a much 
narrower range of preferred orientation than is ac- 
tually observed. It seems likely, that a detailed 
study of the boundary structure will be necessary to 
explain the ‘‘special’’ properties of certain grain 
boundaries. 


1K, T, Aust and J. W. Rutter: Trans. Met. Soc. AIME, vol. 215, p. 119. 

2K. T. Aust and J. W. Rutter: Trans. Met. Soc. AIME, 1959, vol. 215, p. 820. 
3M. L. Kronberg and F. H. Wilson: AJME Trans., 1949, vol. 185, p. 501. 

“B. Liebmann, K. Lucke, and G. Masing: Z. Metallk., 1956, vol. 47, p. 57. 


The Anomaly in the Rate of Strain 
Hardening of Zinc Single Crystals 


A. Deruyttere, E. Van den Bergen, 
J. Van dey Planken, and M. Laurent 


Fanrennorst and Schmid’ observed that zinc 
single crystals work hardened less rapidly when 
strained in liquid air (— 185°C) than in a bath at 
— 82°C, whereas at higher temperatures the rate 
of work hardening decreased with increasing tem- 
perature, as would be expected. Cadmium and 
magnesium showed no.such decrease at —185°C. 
At that time the observed anomaly for zinc at 
liquid air temperature probably seemed insignifi- 
cant. However it later was confirmed” by experi- 
ments in liquid nitrogen (—196°C) and in the mix- 
ture solid carbon dioxide-acetone (—77°C) and 
therefore appeared to be real. 

Seeger’ then suggested that the anomaly might 
be due to the different wetting of the zinc crystals 
by the cooling media. Recently a new confirmation 
was obtained, * however the cooling media again 
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were different: the rate of strain hardening was 
found to be lower in liquid nitrogen and liquid oxy- 
gen than in pentane cooled to various temperatures 
down to —126°C. 

Experiments will now be reported in which the 
medium surrounding the specimen at the different 
temperatures was the same, namely gaseous air. 

The single crystals were made from ‘‘Overcor 
99.99’’ zinc. They were grown in a vertical travel- 
ing furnace on seeds of nearly the same orientations. 
The diameter of the crystals was 5 mm and the 
length between shoulders 140 mm. The brass 
shoulders were. stuck to the crystals by means of 
araldite. A thin steel wire was fixed to each shoul- 
der and served to fasten the specimen to a Houns- 
field tensile testing machine. The crystals with the 
shoulders and part of the wires were surrounded by 
two concentric cylindrical containers. The coolant, 
either liquid air or ground solid carbon dioxide, 
was poured into the outer container only. During 
cooling the containers rested on a Support which 
was removed when the straining was started. 

In order to check the temperature which the 
crystals would attain inside the inner container, 

a hollow bar of zinc in which a thermocouple was 
fitted was first mounted in the apparatus as a sub- 
stitute for a crystal. It appeared that a constant 
temperature, respectively —183° and —72°C, was 
attained inside the bar, if a soaking time of the 
order of 1 hr was allowed and if the outer con- 
tainer was constantly kept filled. Accordingly, 
this procedure was adopted for every tensile test. 

To take account of the large scatter, fourteen 
tensile tests were performed with liquid air and 
seven with solid carbon dioxide. The orientation 
of the crystals and the results are presented in 
the table, in which the symbols have the following 
meaning: 

t : temperature 

X: initial angle between basal plane and specimen 


axis 
A: initial angle between slip direction and speci- 
men axis 
a: shear strain at fracture 
8: average rate of strain hardening = Shea 100 


T, and Ty representing respectively the crit- 
ical shear stress and the shear stress at 
fracture. 

Despite the scatter of the a— and 6— values which 
is of the same order of magnitude as in the work 
reported by Seeger and Trauble,* it is evident that 
the strain hardening rate is significantly lower at 
183°C than 

The table also contains the average values cal- 
culated from Seeger and Trduble’s results at the 
corresponding temperatures: 7.e., four results at 
—183°C and two at —70°, —71°C. These authors 
calculated 6 in a slightly different way, but this is 
unimportant. 

The agreement between the a-values shows that 
both sets of experiments are comparable despite 
the differences in experimental techniques. 

The rates of strain hardening also agree and it 
may therefore be concluded that the anomaly is not 
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Table | 


xX a, Pet 0, g/mm? 

—183 25 343 
29.5 37 11.3 407 
29 34 28.7 309 
27.5 36 21.0 377 
28.5 38.5 22.0 345 
33 41 29.6 346 
24.2 388 
26.5 34 24.9 358 
28 35 16.4 356 
26.5 34 2555 389 
28.5 36.5 7.5 339 
aif 30 15.8 282 
36 45 9.4 350 
Ds) 34.5 25.8 466 

-72 27 36 49.4 745 
28 36 28.2 598 
29 35 45.2 594 
27 35 39.9 537 
oS) 35 49.6 620 
27.5 33.5) 55.8 708 
26.5 Shs) 28.5 730 

Averages: 

Present work 

—183 1925 361 

-72 42.4 647 

Seeger and Trauble 

-183 18.2 348 

~70,-71 41.0 579 


to be attributed to an influence of the cooling medium. 


A single experiment was further performed in the 
following conditions: a crystal after being mounted 
on the testing machine was first cooled to liquid air 
temperature and then allowed to warm up and soak 
at —72°C at which temperature it was tested: its 
rate of strain hardening was 6 = 707 g per sq mm. 
This high value indicates that the factors causing 
the anomaly depend on the temperature in a re- 
versible manner. 


1wW. Fahrenhorst and E. Schmid: Z. Phys., 1930, vol. 64, p. 845. 

2A. Deruyttere and G. B, Greenough: J. Inst. Metals, 1956, vol. 84, p. 337. 
3A. Seeger: Handbuch der Physik, vol. VII/2, p. 49, Springer-Verlag, 1958. 
‘A. Seeger and H. Trauble: ZD Metallk., 1960, vol. 51, p. 435. 


Observations on the Ti- Zr System 


_E. Ence and H. Margolin 


In order to understand the effect of zirconium on 
properties of Ti-Cu-Al alloys, Ti- Zr alloys were 
examined for the presence of ordering or com- 
pounds at the following compositions in weight per- 
cent: 24.1 pct Zr (1 Zr:6Ti), 32.2 pet Zr (1Zr:4Ti), 
38.8 pct Zr (1Zr:3Ti), 49.0 pet Zr (1 Zr:2Ti). 
Alloys were prepared as 15-g buttons by non- 
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Fig. 1—Tentative partial Ti-Zr phase diagram. 


consumable arc melting under argon atmosphere 
from Bureau of Mines titanium (Bhn 63) and Re- 
actor Grade zirconium (Bhn 150). Weight losses 
during melting did not exceed 1 pct of the initial 
button weight. 

Prior to heat treatment, buttons were hot-rolled 
at 600° to 700°C to rods of about 6 mm diam. Con- 
tamination after hot-rolling was found to extend to 
a depth of less than 0.5 mm. Specimens for heat 
treatment were wrapped in molybdenum sheet, an- 
nealed in argon-filled quartz capsules, and quenched 
by breaking the capsules under iced brine. Anneal- 
ing times were as follows: 700°C—7 days; 600°C— 
14 days; 575°C—1 and 2 months; 525°C—2 months; 
500°C—2 months. 

Prior to heat treatment, all Ti- Zr alloys were 
vacuum annealed at 900°C to remove hydrogen. The 
reanneal of 575°C specimens for an additional month 
produced no observable microstructure changes. 

The results obtained by microstructure and X-ray 
diffraction are shown in Fig. 1, together with data 
of Hayes ef al,’ No other phases than a@ or B were 
found. Small amounts of retained 8 were detected 
by X-ray in the 49 pct Zr alloy. 

The data of the present investigation suggests 
that 8 and @ transus boundaries are at considerably 
lower temperatures than those of Hayes et al. The 
work of Hayes et al. is based on sponge titanium 
and Bureau of Mines zirconium, both of which con- 
tained 0.15 pct O. Since melting was performed in 
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graphite crucibles, the carbon content varied be- 
tween 0.38 to 1.85 pct C. The oxygen content of the 
24.1 pet Zr button used in this investigation was 
determined to be 0.090 pct.* Therefore, the dif- 


*Analyzed by National Research Corp., Cambridge, Mass. 


ference in level of interstitial contaminants would 
produce boundary shifts in the direction observed 
and would account for the differences noted in Fig. 1. 
The authors wish to express their appreciation to 
the Wright Air Development Division for their fi- 
nancial support and the permission to publish 
the results of the work under Contract No. AF 
33(616)-5655. The authors are grateful to Mr. D. D. 
Blue of the Bureau of Mines for supplying the ti- 
tanium used in the investigation. 
*E. T. Hayes, A. H. Roberson, and O. G. Paasche: Zirconium-Titanium Sys- 


tem: Constitution Diagram Properties, Rep. Invest. U. S. Bur. Min. No. 4826, 
1951, pp. 246-247. 


Internal Friction Behavior of An 
Aluminum- Aluminum Oxide SAP-Type 
Alloy 


G. S. Ansell and P. E. Arnold 


Re LAXATION in metals has been studied in de- 
tail by many workers in recent years.’ ° These 
studies have shown that there is an energy-loss 
peak observed in a metal placed in mechanical 
resonance at low frequencies which may be cor- 
related with various metallurgical processes. 

These experiments have been largely used to 
study single-phase materials. In order to study 
the effect of a finely dispersed second phase in a 
metal matrix upon this phenomenon, the relaxation 
behavior of an aluminum-aluminum oxide SAP- 
Type alloy in both the fine-grained as-extruded 
and coarse-grained recrystallized conditions was 
investigated by the use of internal-friction meas- 
urements. The alloys studied, designated MD 2100, 
consist of a matrix of commercial-purity aluminum 
containing a finely dispersed second phase of alu- 
minum oxide. The aluminum oxide is present in 
this alloy in the form of fine platelets approximately 
130A units thick and several microns on edge. The 
mean free path betwen dispersed platelets is ap- 
proximately 0.5 uw. The grain size of this alloy is 
extremely stable at temperatures as high as the 
melting temperature of the aluminum matrix. In 
the as-extruded condition the grain diameter is 
several microns, while in the recrystallized con- 
dition it is several millimeters in diameter. 

The damping characteristics of the alloy samples 
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Table |. Internal Friction Data, As-Extruded MD-2100 Alloy 


Test Frequency, f Temperature of Relaxa- Activation Energy, Q* 


Cps tion Peak T, °K Keal per mole 
0.9 527 6.5 (0.9-1.8 cps) 
1.3 566 5.4 (0.9-1.3 cps) 
iS 594 7.3 (1.3-1.8 cps) 
=Q/RT 
*determined from ae eae , the numbers in parentheses indicate 
fe e-Q/R 


the frequency pair used for calculation. 


were determined using a torsional-pendulum de- 
vice. The internal-friction constant was determined 
for this alloy in both the fine-grained as-extruded 
and coarse-grained recrystallized conditions over 
the temperature range from 343° to 923°K at fre- 
quencies of 0.9, 1.3, and 1.8 cycles per sec. 

An internal-friction peak was observed in test- 
ing the fine-grained alloys which was not observed 
for the coarse-grained alloys. This peak, which 
might be associated with a type of grain-boundary 
relaxation, was observed at each of the three dif- 
ferent test frequencies for the fine-grained sample. 
The temperature at which the relaxation peak oc- 
curred for each of the three different frequencies 
is shown in Table I. From these data an activation 
energy of.relaxation for each pair of frequencies 
was determined by comparing the temperature 
shift of the relaxation peak with frequency between 
each of the test frequencies, assuming that an 
Arrhenius-type rate equation is applicable. The 
activation energy of relaxation determined from 
these data is also shown in Table I. The mean 
value of the activation energy was about 6 kcal 
per mole. 


The activation energy for the relaxation process 
determined in this investigation indicates that the 
relaxation associated with the grain boundaries in 
this aluminum-aluminum oxide SAP-Type alloy is 
quite a different process than grain boundary re- 
laxation in single-phase aluminum alloys. In these 
latter alloys, the activation energy for relaxation 
has been found to be the activation energy for self- 
diffusion, approximately 36 kcal per mole.’’* Where 
the activation energy is the same as the activation 
energy for self diffusion, it has been proposed that 
the relaxation phenomena is dependent upon vacancy 
formation and motion. It is apparent therefore, 
that, in this aluminum-aluminum oxide SAP-Type 
alloy, the relaxation must be due to another type of 
atom transport. 

It has been shown previously in studies of the 
high-temperature, low-stress, steady-state creep 
behavior of as-extruded aluminum SAP-Type alloys, 
that the activation energy for steady-state creep is 
one that may be characterized by the nucleation of 
dislocations from the grain boundaries.° It is pro- 
posed that the relaxation behavior observed here is 
due to a similar effect. In this case, the internal- 
friction peak is a resonance behavior due to the 
time-dependent nucleation of dislocations from grain 
boundaries in the sample. A process of this type 
would have an activation energy which is undoubtedly 
stress-dependent and of the form @ = Q, + @Q/dc)o 
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where Q is the activation energy and o the applied 
stress. In the temperature range where the in- 
ternal-friction data were measured and for the 
stresses involved during testing, the measured value 
of activation energy is considered reasonable for a 
process of this type. 

One of the authors (P.E.A.) was supported by a 
National Science Foundation Undergraduate Research 
Fellowship. The sponsorship of this research by 
the National Aeronautics and Space Administration 
is gratefully acknowledged. 
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The Magnesium-Rich Region of the 
Magnesium-Yttrium Phase Diagram 


D. Mizer and J. B. Clark 


In a recent investigation of the entire magnesium- 
yttrium phase diagram, Gibson and Carlson! report 
the maximum solid solubility of yttrium in magne- 
sium as 8.0 wt pct Y at 1050°F (565°C). However, 


independent studies of the precipitation in magnesium- 


yttrium alloys,? conducted prior to the publication of 
the above phase diagram, indicated a greater solid 
solubility of yttrium in magnesium. Accordingly, 

the magnesium-rich region of the diagram was re- 
investigated to determine more accurately the liqui- 
dus, solidus, and solvus of the magnesium solid solu- 
tion in this system. 

Metallography and thermal analysis were chosen 
as the best corroboratory methods for accurately 
determining this region of the diagram. 

A magnesium-yttrium master alloy was prepared 
from yttrium of 99.9 pct purity and singly sublimed 
magnesium of 99.9 pct purity. Subsequently, the 
twelve magnesium-yttrium alloys shown in Fig. 1 
were prepared using standard alloying procedures 
for magnesium. 

Metallographic samples of the alloys were heat 
_ treated under an SO, atmosphere in an electric fur- 
nace capable of control within +3° F of the desired 
temperature. Alloy samples for the metallographic 
determination of the solvus, and for the precipitation 
studies were solution treated at 1000°F for 16 hr. 
Subsequent aging times for the solvus determination 
varied from a minimum of 6 hr for the higher tem- 


peratures up to 816 hr for lower temperatures. Peri- 


ods of 30 min at temperature were used to generate 
liquation for the metallographic placement of the 
solidus and eutectic horizontal. 

The liquidus and the eutectic horizontal were de- 
termined by thermal analysis. Simple time-temper- 
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Fig. 1—The magnesium-rich region of the magnesium- 
yttrium phase diagram. 


ature heating and cooling curves were obtained from 
10-g alloy samples heated and cooled in a well- 
insulated electric furnace. An Iron-Constantan ther- 
mocouple was placed in direct contact with the sam- 
ple. The thermocouple did not contaminate the alloy 
sample since metallographic examination showed 
that the alloy melt did not wet or attack the thermo- 
couple. The heating and cooling rates were approxi- 
mately 5 to 8°F per min. 

The standard metallographic procedures for mag- 
nesium were used in polishing and etching the mag- 
nesium-yttrium alloys studied. Glycol etchant* was 


*Glycol etchant — 75 parts ethylene glycol, 24 parts distilled water, 
1 part conc. nitric acid. 


used for liquation detection, while acetic-picral* 


*Acetic-Picral etchant — 100 parts of 6 pct picral, 10 parts distilled 
water and 5 parts of glacial acetic acid. 


etchant was used to reveal precipitate in the solvus 
determination. 

The redetermined magnesium-rich region of the 
magnesium-yttrium diagram is shown in Fig. 1. The 


Fig. 2(a)—Mg-13.9 Y alloy aged 29 hr at 700°F; 
(b)—Mg-11.8 Y alloy aged 145 hr at 500° F. 
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maximum solid solubility of yttrium in magnesium 
is approximately 12.6 wt pct Y at the eutectic tem- 
perature of 1050°F (565.5°C). This maximum solu- 
bility is based primarily on the intersection of the 
solidus and the eutectic horizontal at 1050°F. The 
solvus was somewhat more difficult to determine be- 
tween 850° and 1050°F because, in this range, some 
slight internal oxidation of yttrium occurs during 
annealing. However, the redetermined solvus does 
extrapolate to the intersection of the solidus and 
eutectic horizontal. 

The eutectic composition, 26 wt pct Y, found by ex- 
trapolating the liquidus line to intersect the eutectic 
horizontal agrees well with the eutectic composition 
reported by Gibson and Carlson.! The temperature 
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In order to increase the usefulness of TRANSAC- 
TIONS to the membership of The Metallurgical So- 
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list of headings. Standard rather than proprietary 
terms should be used. Unnecessary contractions 
should be avoided. It should be presumed that the 
reader has some knowledge of the subject but has 


208—VOLUME 221, FEBRUARY 1961 


of the eutectic horizontal, 1050°F, also agrees with 
their diagram. 

The appearance of the precipitate is markedly de- 
pendent on the time and temperature of aging and 
the amount of solute available. At higher aging tem- 
perature in the more concentrated alloys, a well- 
defined Widmanst&tten precipitate forms [see Fig. 
2(a)|; at low aging temperatures in the more dilute 
alloys, striations and irregular grooves are seen, 
Fig. 2(b), which are probably caused by either clus- 
tering of solute in solid solution or precipitation of 
submicroscopic particles. 


1E, D. Gibson and O. N. Carlson: The Yttrium-Magnesium System, Trans. ASM, 
1960, vol. 52, p. 1084. 
2Unpublished Research, The Dow Chemical Co. 


not read the paper. The abstract should therefore 
be intelligible in itself without reference to the 
paper. (for example, it should not cite sections or 
illustrations by their numerical references in the 
text.) 

6) As the title of the paper is usually read as 
part of the abstract, the opening sentence should be 
framed accordingly so as to avoid repetition of the 
title. If, however, the title is not sufficiently indica- 
tive, the opening sentence should indicate the sub- 
jects covered. Usually, the beginning of an abstract 
should state the objects of the investigation. 

7) It is sometimes valuable to indicate the treat- 
ment of the subject by words such as: brief, exhaus- 
tive, theoretical, etc. 

8) The abstract should indicate newly observed 
facts, conclusions of an experiment or argument, 
and, if possible, the essential parts of any new the- 
ory, treatment, apparatus, technique, etc. 

9) It should include any new numerical data, such 
as physical constants; if this is not possible, it should 
draw attention tothem. It is important to refer to new 
items and observations, even though some may be 
incidental to the main purpose of the paper; such in- 
formation may otherwise be hidden although in fact 
it might be very useful. 

10) When giving experimental results the abstract 
should indicate the methods used; for new methods 
the basic principle, range of operation and degree of 
accuracy should be given. 

11) If it is necessary to refer in the abstract to 
earlier work, the reference should always be given 
in the same form as in the paper; otherwise, refer- 
ences should be omitted. 

12) The abstract should be as concise as possible. 
It should only in exceptional cases exceed 200 words 
and may preferably be much shorter. 
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The 1961 Extractive Metallurgy Division Lecture 


Separation Engineering on the Moon 


A. M. Gaudin 


In the first place, I should like to thank the Pro- 
gram Committee for asking me to give this, The 
Third Extractive Metallurgy Address of the Metal- 
lurgical Society of the AIME. In so doing, the Com- 
mittee has conferred on me a distinguished honor. 
I hope my remarks even though speculative, will be 
deemed useful enough in our everyday affairs to 
justify the Committee in its selection of a lecturer. 
I have chosen to discuss the manifold problems 
in separation engineering that would be encountered 
by men when they land and work on the moon. This 
choice has had several objectives. First of all, of 
course, the moon?s there. Man has always had a 
weak spot for the Queen of the Night. The moon in 
its travels across the heavens is not only a marvel- 
ous object of time reference, but also a beautiful and 
intriguing sight, as even a low-power binocular will 
show. 


Then there is the issue of actuality. With sputniks, 
guided missiles, luniks, explorers, and so forth, in 
the large and growing number of space travelers, 
there is the promise that sooner or later, man will 
join the mice, the monkeys and the dogs in so-called 
outer space. And once man has ridden an artificial 


Fig. 1—Moon rising over Death Valley. 
A. M. GAUDIN, Member AIME, is Richards Professor of 

Mineral Engineering, Department of Metallurgy, Massachu- 


setts Institute of Technologyy Cambridge, Mass. 
Presented at AIME Annual Meeting, 1961. EMD 
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satellite, he will feel free of his earthbound chains 
and will want to explore space. Thus a great age of 
exploration will begin. Man will again feel young 
and dashing, just as he did in the great age of travel 
and discovery made possible by da Gama, Colum- 
bus and Magellan. In fact the age of exploration, on 
the threshold of which we stand, will dwarf the for- 
mer great age of travel and infuse man with the 
loftiest ideals in his search for Truth. 

Finally, there is the objective of better under- 
standing our problems of everyday metallurgy, and 
the relationship and interdependence of the various 
operations and techniques by which we accomplish 
our ends. For these operations and techniques I am 
using the words ‘‘Separation Engineering,’’ since 
we are all using separating steps, and that we do 
this in a concerted, intelligent engineering fashion. 

Separation requires movement. Movement de- 
mands time. So we come to the view that all sepa- 


Fig. 2—Crescent moon seen through Lick 36 in. reflector. 
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Fig. 3—Near-full moon seen through Lick 36-in. reflector. Fig. 4—Half moon seen through Lick 36-in. reflector. 


rations are kinetic processes that aim rapidly or all sticks will come to the top. Then, removal of 
slowly toward some equilibrium condition. Suppose the top layer on the one hand and the bottom layer 
for example we place in a body of water a mixture on the other will separate sticks plus water from 
of stones and sticks. We know that if we wait long stones plus water. We get the sticks by allowing 
enough all stones will gravitate to the bottom and water to drain, then by evaporating the remaining 


Fig. 5—Twenty-four-day old moon seen through 100-in. re- 
flector. 


Fig. 6—Portion of moon seen through 100-in. reflector. 
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pt 


Fig. 7—Bulladius portion of moon (Yerkes observatory, 
about 1900). 


water, all of which are separating steps. We know, 
instinctively, that draining water from stones or 


Fig. 9—Partial eclipse of sun, Septemper 20, 1960, Don E. 
Lazenby, N. Hollywood, California. 
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Fig. 8—Copernicus portion of moon seen through 200-in. 
reflector. 


sticks is a kinetic process, one that approaches its 
termination or equilibrium condition more and more 
slowly. And we know that evaporation partakes of 
the same properties. 

Separation operations are of special interest for 
mineral engineers and extractive metallurgists, but 
they are not found in those fields only. The farmer 
who reaps his wheat, or harvests his cotton, or 
peas; the food technician; the biochemist; the petro- 
leum engineer, all use techniques familiar to min- 
eral engineers and extractive metallurgists. In fact, 
all phases of processing of materials, be they solid, 
liquid or gaseous, use separation steps; often they 
dominate the entire technology. 

To evaluate what separation engineering on the 
moon would be like it is necessary to marshal in- 
formation about the moon, on the one hand, and to 
examine the premises of Separation Engineering, on 
the other. So, let us assume that we are to take off 
in a rocket device for the moon. I have assembled a 
set of illustrations of the moon, Figs. 1 to 9, for 
which Iam indebted to Charles A, Federer, Jr., 
Editor, Sky and Telescope, Harvard College Ob- 
servatory, Cambridge, Mass. These illustrations 
show that the moon’s surface differs from spot to 
spot, ranging from very rough to apparently very 
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smooth. Many of the lunar features appear to be 
volcanic and to have a surprising freshness of de- 
tail. If only we could get away from the disturbing 
effects of the Earth’s atmosphere it seems certain 
that we should detect lunar objects of the size of a 
house, or smaller. As matters stand now, with ex- 
isting telescopes we can make out details of the 
order of magnitude of 1000 ft. 

Those who are interested in the moon as a celes- 
tial body will want to go to some museum, for ex- 
ample to the Boston Museum of Science, to see the 
lunar displays. Through the courtesy of Mr. 
Bradford Washburn, Director of the Boston Museum 
of Science, and of Mr. John Patterson, in charge of 
the Hayden Planeterium, I was familiarized with 
their magnificent displays, including the giant mural, 
**A panorama of the moon,’’ by Chesley Bonestell, 
Fig. 10. The rather precipitous cliffs shown by Mr. 
Bonestell have been in controversy, but his illustra- 
tion is carefully based on current scientific knowl- 
edge; no detail finer than can be seen telescopically 
is included. For example, there is no indication 
whether the lunar surface is covered with dust or not. 


LUNAR GRAVITATION 


As I said earlier, separation requires movement, 
therefore energy. The energy is supplied by a force 
applied to the materials being separated, and acting 
differently on the various constituent particles. 
There are several kinds of force available, gravita- 
tional, magnetic, electric. All these forces can be 
viewed as originating from a source, and of falling 
- off inversely as the square of the distance away 
from the source. In the case of gravitation the force 
appears constant at all points, but this is only be- 
cause the distance from the surface of the earth to 
which man has been able to rise is relatively trifling. 

When considering the behavior of materials on the 
moon, it is pertinent to note that the moon is moving 
at such a speed around the earth that a centrifugal 
force is set up, which exactly counterbalances the 
earth’s gravitational attraction, so that because an 
observer on the moon moves with regard to the 
earth, the earth’s net gravitational attraction there 
is nullified. But, on the moon, objects are subject 
to attraction to the moon whose gravitational con- 
stant gy, is about one-sixth the corresponding grav- 
itational constant on earth, gg. Thus, objects on the 
moon weigh only one-sixth of what they weigh here. 
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Electric and magnetic force decay with the square 
of the distance from their source. Their magnitude 
on the moon, for a given strength of source, has 
therefore the same pattern of decay with distance 
as it would on earth. Since electric and magnetic 
forces do occur regardless of the surrounding grav- 
itational field, those forces will appear relatively 
much stronger on the moon, in the ratio 2:/gy. 
Further, greater electric forces will readily be 
attainable on the moon’s surface because of the pre- 
vailing extremely dry environment. 

The daily press has made many references to 
weightlessness in space. Certainly, on the moon, 
bodies are not weightless, even though they weigh 
less than here. As a space ship takes off from zero 
velocity it is accelerating. This acceleration gives 
the effect of centripetal force which adds itself to 
the force of gravity, so that so long as the space 
ship is accelerating, the force is increased from 
that at the surface of the earth. Then the factor of 
distance comes in, and the space ship is decelerating, 
with the result that the force decreases below the 
force of gravity, becoming nil at some point between 
earth and moon, then increasing again, along with 
velocity, until the ship is forcibly slowed down for 
a landing on the moon. Thus a trip to the moon would 
put the traveler through many a gravitational ex- 
perience, 

It is only in an orbit around the earth (or around 
the moon for that matter) that weightlessness for 
an extended period would occur. Even there, the 
attraction exerted by the satellite itself would pro- 
vide a very minute value for g. For the purpose of 
metallurgy on the moon we can exclude weightless- 
ness, but recall that bodies will weigh much less 
than here. 


LUNAR WATER AND ATMOSPHERE 


Although the moon’s surface differs from that of 
the earth in regard to gravitation, it differs from it 
in other respects that are more significant from the 
standpoint of the separation engineer. 

The illustrations of the moon, for example Fig. 3, 
show vast areas called seas, or using the Latin name, 
maria. Thus we have the Mare Serenitatis, Mare 
Imbrium, Mare Humorum. These are the dark 
smooth parts of the moon as seen even to the naked 
eye, but better through a telescope. It was thought 
at one time that these areas represented oceans. 
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Fig. 10O—A panorama on the moon, mural by Chesley Bonestell, Boston Museum of Science. 


We know today that liquid water does not exist on the 
moon. The maria more likely, represent congealed 
lava, possibly covered by a thin layer of dust. 

That there can be no liquid water on the moon is 
also deduced from its essential lack of an atmos- 
phere. I have consulted lunar books published dur- 
ing the course of the past century and have noted 
with care the references to the moon’s atmosphere. 
From the beginning this has been acknowledged to 
be more tenuous than the earth’s atmosphere, but 


its extreme tenuousness is only now being recognized. 


For example, Patrick Moore in 1953’ says that the 
atmosphere of the moon is less than one-ten-thou- 
sandth that of the earth, 


Evidence for the tenuousness of the moon’s at- 
mosphere has come from many sources. First, of 
course, we can recall the extreme sharpness of 
lunar detail visible on a clear night across the en- 
tire disk. This argues for a complete lack of clouds, 
therefore of atmospheric water near the condensa- 
tion temperature. It also is crude evidence of the 
lack of dust storms which need air as an energy- 
transfer agent. Good optical evidence of absence of 
an atmosphere exceeding 107° atm was obtained by 
Lyot and Dollfus* who made use of the coronagraph 
at the Pic du Midi observatory in the French Pyre- 
nees. The method established the absence of an 
atmospheric halo at the boundary of the bright and 
the dark of the moon. This ought to have been seen, 
at the prevailing optical magnification, if the moon’s 
atmosphere had exceeded 107° atm. A few years 
later Dollfus® refined the method, using the polar- 
ized part of the light only, and the moon’s atmos- 
phere dropped one order of magnitude, viz. below 
sat, 

Another line of evidence is provided by Firsoff* 
and by Brandt,° who both start from the equation for 
the gravitation of gas molecules to the surface of 
the moon, and on the basis of various assumptions 
come to the conclusion that the moon’s atmosphere 
cannot be as thick as Dollfus’ limit of one-billionth 
of an earthly atmosphere. Firsoff estimates that 
the moon’s atmosphere is of the order of 107’* atm 
and Brandt will go to about 107*° atm. Both Firsoff 
and Brandt use a model of interplanetary space, 
near earth, containing on the order of 10° protons 
and electrons per cm*. Firsoff further assumes that 
the moon’s atmosphere is only 1000 km. thick. 

A still more intriguing way of evaluating the den- 
sity of the moon’s atmosphere, due to Ellsmore® 
and his associates, uses observations made at Cam- 
bridge, England, January 24, 1956 on the occultation 
of the radionebula, the crab nebula, by the moon. 
The calculated time of occultation, 59.21 min, was 
0.4 + 0.26 min less than the observed time. This 
effect is assumed to be due to refraction of the radio 
waves in the moon’s atmosphere, because of the 
latter’s ionized state, which is assumed. Ellsmore 
concludes that the moon’s atmosphere cannot exceed 
atm. 

Taking this evidence in aggregate we may consider 
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that metallurgical processing on the moon’s surface, 
unless in a closed container, would have to be done 
in a vacuum some thousands of times better than 

the best vacuum available here. 


COMPOSITION OF LUNAR ATMOSPHERE 


We may also enquire into the nature of the gases 
that make this very tenuous lunar atmosphere. 
These gases could have originated from condensa- 
tion to the lunar mass of the particles that form the 
‘‘solar wind,’’ or else they could have arisen from 
volcanic activity or radioactive change within the 
moon. 


The solar wind, consisting largely of ionized hy- 
drogen, of mass 1 or 2, and of electrons of mass 
1/1800, would hardly be expected to condense on the 
moon’s surface which cannot hold oxygen of mass 
32. This can be seen from Jeans’ equation’ relating 
the densities of the atmosphere at various distances. 
The Jeans equation is 


p,e RT Mg a + Z) 


in which the P’s represent the densities at positions 
0 and z, a is the radius of the planet, R the gas con- 
stant, T the temperature, m the mass of a molecule 
of gas and g the gravitational acceleration. For 
given values of all quantities except m, this equation 
can be put in the form 


Pz _(o-A)m 
= 


which shows the enormous effect of a change in the 
value of m. 

Radioactivity produces argon (m= 40), also krypton 
(m= 83) and xenon (m = 131). These molecules, even 
though monatomic would be held in larger proportion 
than oxygen, as would carbon dioxide (m = 44) and 
sulfur dioxide (m = 64). 

We are thus led to conclude that the bulk of the 
moon’s gases are the noble gases, together with 
certain volcanic emanations, to the exclusion of 
water vapor, oxygen and nitrogen. If we take a total 
atmosphere pressure of 107** atm, we may assume 
the oxygen pressure as 107*° atm, and the carbon 
dioxide as 10°'* atm. These numbers, however, are 
all so small and still so uncertain that too much 
value should not be placed on them. 


LUNAR SURFACE TEMPERATURE 


And what of the temperature at the moon’s sur- 
face? We know very well that the earth’s atmos- 
phere is a thermal blanket to which the clouds add 
a great deal. On the moon, with practically no at- 
mosphere, the surface, in the dark of the moon, 
must be tending toward absolute zero in tempera- 
ture, and it must get to that level rapidly after the 
end of each 27-day long lunar day. On the sunlit 
side the moon receives from the sun not only its 
light and heat as we do, but also a stream of protons 
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and electrons from the solar wind. If there are 10° 
pairs per cc and if they move away from the sun at 
a speed of 10° km per sec, this means that the 
moon’s surface is heated by the impact of some 10” 
protons per second per cm*. Measurements of the 
temperature of the moon’s surface show it to range 
from about -175°C on the dark side to above 100°C 
on the bright side (see Fig. 11). Of course, the dark 
of the moon is lighted by the earth, which because 
of its larger diameter and at least partial cover 
with a highly reflecting cloud cover, must appear 
vastly brighter from the moon than the moon does 
to us. This may be one reason why the moon’s tem- 
perature on its dark side does not drop below the 
liquid-air range, 

We now have some of the data we need to estimate 
the metallurgical problems. The moon has a gravi- 
tational field about one-sixth that of the earth, the 
normal operating condition would be in vacuo, and 
there is available neither oxygen nor water, the 
vapor pressure of these gases in the tenuous lunar 
atmosphere being rather less than more than 107*°. 

Our difficulties, however, transcend even these 
stumbling blocks. On earth we have a variety of 
fuels at our disposal; woods, coals, coke, oil, nat- 
ural and artificial gases, electricity. In the last 
analysis all these sources of energy have had their 
origin in the organic life which the sun caused to 
grow. And on the moon, because of the lack of water 
and air, Life as we know it cannot exist, and proba- 
bly has never existed. The moon must thus be bereft 
not only of oxygen but also of fuels. All rocks must 
have had a plutonic or volcanic or planetesimal 
origin. There are no limestones, no sandstones, no 
shales nor clays on the moon. And, of course, no 
coal, no oil, no natural gas. Since there are also no 
waterfalls, no winds, no water currents, all the 
customary, and many of the unusual ways of making 
electricity are barred, too. 


Fuels are used in metallurgical operations for 
two distinct purposes, one being as a source of heat, 
and the second as reducing agents. The source-of - 
heat function provided by fossil fuels can be replaced 
by solar heat with mirrors for the concentration of 
solar radiation. In experiments made recently in 
the Pyrenees, temperatures of the order of 2000°C 
have been attained. But there is no substitute for 
the reducing action of fossil fuels, unless other re- 
ducing agents are available. Among these would be 
igneous or volcanic graphite and volcanic sulfur. 
But the existence of such reduced compounds is now 
entirely problematical. Another source of reducing 
agents might be sought in components of hydrogen 
in the solar wind. The flux of 10** protons per sec- 
ond, per cm’, together with 10” electrons, would 
have to be captured. Ten raised to the eleventh 
power, per second, sounds like a lot, but it is only 
107° mole per cm’ per day. Even an acre of moon 
surface per day would not give one mole of hydrogen 
atoms—1 g—at 100 pct efficiency! Unfortunate as it 
is, we probably would find it necessary to transport 
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Fig. 11—Temperature on the moon. 


from earth our reducing agents rather than try to 
make them on the moon! Accordingly, we would se- 
lect the most concentrated reducing agent, probably 
hydrogen, a hydrocarbon, borocarbon, or lithium. 

Dinsmore Alter, the distinguished astronomer, 
foresees’ no problems in making electricity on the 
moon, using the sun’s heat to boil water as primary 
source. But the capital requirements would weigh 
a lot! 


SEPARATION ENGINEERING 


Separation engineering assumes many forms. It 
may be applied to separating solids from liquids or 
gases, or from each other. Or it may be ap- 
plied to separating components of a single phase 
from components of the same phase, for example 
Fe from O in magnetite, or oxygen from nitrogen 
in air. Where separation is of a polyphase material 
into its component phases, no chemical or phase 
change is required. On the other hand, where the 
separation required is intraphase, a chemical change 
or at least a phase change must first be produced. 

Separation engineering without phase change has 
much to recommend it. First, of course, is the lack 
of reactants, therefore relatively great economy. 
Then, the number of units requiring processing is 
much smaller, Thus, in the concentration of iron 
ore, even at the 70u size range familiar to taconite 
processors, some 1,000,000 particles per gram 
have to be handled, whereas smelting the same 
quantity of the same material requires the phase 
transformation, rearrangement and sorting of 107 
atoms, or 10°” times as many! 

Actually, this advantage of numbers carries into 
the field of mineral engineering where it is obviously 
advantageous to treat material as coarse as possible. 
If instead of 70 the taconite could be treated at the 
size of 7 mm, only one particle per gram would be 
required to give the same quantity of product. 

But separation engineering with phase change has 
much to recommend it, too. First, it can do things 
that are impossible without phase change. In the 
second place, by suitable control of the place of ap- 
plication of the phase change, as in leaching, it can 
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produce more complete separation of the substance 
sought without inordinately increasing the cost. 

Separation without phase change is usually carried 
out under prevailing conditions, that is at atmos- 
pheric pressure, with access of atmosphere, and 
either in or out of water. Clearly, such processes 
would be greatly different under lunar conditions. 

Separation with phase change is usually carried 
out at atmospheric pressure, but under exotic con- 
ditions, preset by the desired reactions. Thus a 
steel-making blast furnace operates at a slightly 
increased pressure in an atmosphere consisting 
primarily of nitrogen, carbon monoxide, and carbon 
dioxide, with minor quantities of steam and hydro- 
gen. And the temperature, as we know, is very dif- 
ferent from its environment. 

Leaching also must be carried out generally at 
atmospheric pressure, but under exotic conditions 
preset by the desired reaction. This is the case in 
the leaching for gold with cyanide. Clearly, these 
processes could be applied on the moon with rela- 
tively little change—although, alternatively, more 
advantageous processes could be devised—provided 
the problems of energy, reductant, and chemicals 
can be solved. 


MINERAL DRESSING PROCESSES 


Let us now explore briefly the effect of lunar con- 
ditions on mineral dressing operations. Crushing 
and grinding should not be seriously different from 
earthly activities. The shattering of materials 
should drive the fragments farther afield, this since 
the force of gravity is relatively six times weaker. 
There should be no dust clouds, but in other respects 
the operation should be standard. Screening would 
certainly look different in that the fines should go 
readily through the screens and fall like coarse 
pieces, without dusting. On the other hand, electro- 
static effects might become noticeable to trouble- 
some, depending upon the material, the insulation of 


the system and the size at which a split is being made. 


All the processes that depend in some way on the 
resistance of an enveloping fluid to propulsion of a 
solid immersed in it, such as classification, thick- 
ening, jigging, tabling, heavy media separation are 
all ‘‘out of the window,’’ so to speak. All processes 
occurring in a liquid environment such as flotation, 
leaching, amalgamation are likewise not usable, 
unless we are to operate in an enclosure, under 
pressure. 

If we operate under pressure any of these earthly— 
if not earthy—-processes are of course usable on the 
moon, with minor variations. Since the acceleration 
of gravity is only one-sixth that on earth, all settling 
procedures will be slower;jigs and tables will demand 
slower cycling, and heavy-media separation will be 
slower. But except for the six-fold slowing down, 
the behavior of materials under gravity separation 
should be unchanged. 

In the event that we use precious water on the 
moon, we will want to recover it, entirely if possible. 
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Since water does not occur on the moon, nor oxygen, 
we would either have to make it from the rare hy- 
drogen and oxides (or silicates), or import it from 
earth. The label ‘‘imported article’’ could certainly 
be attached to water on the moon, to assert its value! 
This is why the recovery of the water in a process 
using it would have to be complete. This not only 
means thickening followed by filtration but also 
thorough distillation and complete condensation of 
the vapor. 

Pneumatic gravity concentration would be more 
likely than water gravity concentration, this since 
the quantity of air required would weigh much less 
than the corresponding quantity of water. The 
pneumatic capital required could more readily be 
transported to the moon in the giant rockets of the 
Lunar Express. In fact, pneumatic gravity concen- 
tration would perhaps be more successful, especially 
on fine particles, if the air were at a reduced pres- 
sure, say 1/10 to 1/1000 of 1 atm. There is room 
there for the development of new processes. 

Heavy-liquid separative processes, which are so 
inviting in the laboratory, are not now used on earth 
because of the relatively high cost of the parting 
liquid. But on the moon, all liquids will cost about 
the same,.a small fortune per pound. Choice be- 
tween various separative liquids, including water, 
would therefore be made on the basis of the recov- 
ery of the liquid that could be had. Certainly tetra- 
bromethane, methylene iodide, carbon tetrachloride, 
carbon disulfide, and liquid sulfur should all be con- 
sidered not only as parting liquids to separate par- 
ticles denser than the liquid from those lighter than 
the liquid, but also as liquid media in which gravity 
separations such as jigging and talbing are carried 
out. This is another broad area for new lunar con- 
centration processes. 

If the use of a large quantity of water would not 
be a bar, flotation should certainly be operable on 
the moon; coarser particles should be levitable, in 
proportion to the reduction in the acceleration of 
gravity. Thus we should be able to float galena par- 
ticles 5 mm in size (instead of 20 mesh) and coal 
pieces 3/4 in. in size. 


Leaching in an enclosed atmosphere should show 
no change from leaching on earth except for the 
minor changes in thickening and filtration due to the 
change in g. 

Certainly, on the moon, there would be wide use 
of electrical and magnetic separation, in part, at 
least, because of the relative reduction in gravita- 
tional force. Electrical charging of particles should 
permit of their size-separation, as was pointed out 
in an M.I.T. Seminar some years ago by Dr. George 
Parks, now Professor at Leland Stanford University. 
Thus, a new principle in separation engineering 
would come from the moon. This type of size sepa- 
ration would result because the charge that may be 
acquired by a particle is proportional to its surface 
area, or x, whereas its mass is proportional to its 
volume, or tox*. Also, because of the reduced g, 
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electrostatic and magnetic separation would be 
equally satisfactory at a size coarser in the ratio 
= 6. 


PYROMETALLURGY 


Calcining— Although it is unlikely that the moon 
has limestones, crystalline carbonates are a pos- 
sibility, and from them quicklime can be produced. 
The question might well be asked: to what tempera- 
ture should the calcite be calcined? 

For solving this little problem we may use the 
data of Physical Chemistry, for example the data 
relating the COz pressure over calcite to tempera- 
ture. In the International Critical Tables, the data 
are given in the form of the equation, 


5,388 log T + 26.238 


in which P is the pressure of CO2 in atmospheres, 
and T is the absolute temperature. For P = 10°*4 
we find T about 170°C. Thus we conclude that cal- 
cite is barely stable on the moon! Raising the tem- 
perature to well below red heat should dissociate 
the calcite and make quicklime. But the reaction 
might be disappointly slow! 

The analogous case of calcining gypsum to make 
Plaster of Paris is also of interest. Here the equa- 
tion is: 


CaSO, -2H20 — CaSO, H20 H,O 


The Critical Tables give: 


log P = log P, + 1.493 - 22 
where P is the pressure of H2O vapor over the cal- 
cining gypsum, P,, is the vapor pressure of water, 
both at the absolute temperature T. 

Thus at 100°C, log P,, = 0, 


567.7 


log P = 1,493 373.1 


= 1,493 - 1.52 = — 0.03 
In other words, P is approximately equal to P,,. 
Where it exceeds it (as at 102°C), gypsum becomes 
unstable, under earthly conditions. 

Combining the equation above with the equation 
for the water-vapor pressure of ice, 


logio P= - + 8.2312 T 0.01677006T 
+ 1.20514 X107° T* — 6.759169 (expressed in mm 


of Hg) 


allows us to obtain the temperature at which gypsum 
becomes unstable on the moon. Calculation shows 
this to be approximately —130°C. In fact under lunar 
conditions, even plaster of Paris would be unstable, 
anhydrite being the stable phase. 

These two examples show that dissociation reac- 
tions that form a volatile constituent must occur 
under free lunar conditions at much lower tempera- 
tures than on earth. The reduction in temperature, 
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however, might not reach that indicated by equilib- 
rium conditions if reasonably rapid kinetic condi- 
tions are sought. 

Reduction of Oxides— Although there is no real 
atmosphere on the moon, the partial pressure of 
oxygen is still not nil, an estimate of PO, of about 
10-'° atm having been made. Under such oxygen- 
pressure conditions some of the oxides are not 
stable in the higher state of oxidation; yet, as pointed 
out by Garrels,® hematite, Fe2O3, and tenorite, CuO, 
at room temperature are the stable phases up to 
PO2= 10 “and 10° *, respectively. In contrast to 
the conditions for iron and copper, the oxygen de- 
composition pressure for MnO, is about 10~*, and 
that for PbO, and minium, Pb,O,, both exceed 107”. 

Reduction of oxides to metal will be required on 
the moon as here. For making steel, we use carbon 
monoxide as reductant, 


Fe203 + 3CO ~2 Fe + 3COz 


coupling this reaction with an oxidation of carbon 
by COz 


CO2+ —2CO 


The atmosphere of the blast furnace contains pri- 
marily a mixture of CO and COz represented by the 
favorable balance of these equations. Steel making 
on the moon would be very similar to steel making 
here, since both represent operations alien to the 
normal environment, carried out with a special 
atmosphere. Furnaces would have to be tightened 
up in design, to better conserve fuel and reagents, 
and a little more time would be required for the 
sorting of the phases, because of lower g. 

Smelting problems in the treatment of metals oc- 
curring as sulfides would involve similar problems. 
Vacuum Refining— Almost the only place where 

operations on the moon would offer an advantage 
compared to terrestrial conditions is in the case of 
the refining of nonvolatile metals for which vacuum 
removal of impurities is mandatory. On the moon, 
solar heating of the melted metal, with appropriate 
stirring should be sufficient to provide a quality 
product. 


SUMMARY 


This brief excursion in the realm of fantasy, as I 
said earlier, has had several objectives, the most 
practical of which may be summed up by the admoni- 
tion to ‘‘count your blessings.’’ We are fortunate, 
indeed, to be living on a planet that has water and 
air, for without these fluids, problems, even in the 
inanimate world of metals, become enormously more 
difficult. The blessings of air and water, in the 
range of concentrations that we know, have led to 
Life, and that, in turn has given us the fuels which 
we waste with such zest! Perhaps it is not too late 
to turn some of our efforts in the direction of hus- 
banding the use of this capital for our great grand- 
children, and to put the intervening time to good 
use in developing alternative ways of getting energy. 
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Fig. 12—Photograph of backside of moon 
1959), 


(Lunik, October 


In so far as dreaming of carrying out metallurgical 
separations on the moon, I hope that this group has 
shared in an interesting experience from which it 
is glad to be back. 

To conclude, I should like to turn to slides once 
more and to show you a photograph of the other side 
of the moon. This photograph, Fig. 12 which was 
taken by Lunik III, was developed automatically in 
the translunar rocket, televised to Earth and re- 
leased in Moscow in 1959. 
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Motion Picture Studies of Columbium Oxidation 


Visual observation of the oxidation of columbium shows that 
the protective behavior noted previously in gravimetric work in 
the early stages of the reaction below 600°C and throughout the 
reaction at 640°C is associated with an adherent oxide. The fact 
that the oxide is seen to move outward from the metal at tempera- 
tures from 550° to 935°C implies that the reaction takes place at 


the oxide-metal interface throughout this temperature range. 


Tue work described in this paper further clarifies 
the complex oxidation kinetics of Cb revealed, for 
example, by the continuous gravimetric studies of 

T. L. Kolski.* Time-lapse motion picture studies 
reveal details of the reaction not provided by a study 
of the combustion products. 


EXPERIMENTAL PROCEDURE 


Cb specimens were prepared from material with 
the following typical analysis: 0, 0.03 pct; N, 0.002 
pet; C,0.006 pct; Ta, 0.04 pct; Fe, 0.01 pct; Ni <0.003 
pet; and Cr <0.003 pct. Arc-cast ingots were swaged 
and cold rolled into slabs. These slabs were ma- 
chined into blocks 7/16 by 7/16 by 7/16 in; 1/16-in. 
holes were drilled through the large face of the 
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blocks for suspension. The samples were then de- 
greased and annealed 1 hr at 1200°C in vacuum. 

The sample was suspended by a platinum and Pt 
10 pet Rh thermocouple inside a 1-in. quartz tube 
in a Kanthal wound furnace (2 in. OD by 4 in. long) 
equipped with windows 1/2 in. sq. A Cine-Kodak 
Special II 16 mm motion picture camera was trained 
on the sample through a Spencer microscope ad- 
justed so that a magnification of X1.5 resulted on the 
film. Super Anscochrome film was used to record 
the events in color. 

Argon was flushed through the furnace while the 
sample came to temperature. The argon was then 
replaced by a stream of dry oxygen at 1 atm. Pic- 
tures were taken at the rate of eight per second for 
about 20 sec during the change of atmosphere. Then 
by use of a Stevens time-lapse device pictures were 
taken at the rate of four per minute starting within 
1 min of the initial oxygen flow. In this manner con- 
tinuous visual records of the oxidation of pure Cb 
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bana 


(a) 


0 min 


(b) 


1 min 


60 min 


(d) 
120 min 


(e) 
180 min 


Fig. 1 
550°C 


Fig. 2 
640°C 


Fig. 4 


(15°C 795°C 


Reaction of Cb with O,. Time is measured from moment of introduction of O, to furnace. Enlarged to X7 when copied from 
motion picture film. Reduced approximately 45 pct for reproduction. 


were obtained at nine different temperatures from 
500° to 935°C and for periods of 3 hr. 


RESULTS AND DISCUSSION 


The results are shown in the form of black and 
white enlargements made from selected frames in 
the original film. The prints in Figs. 1 to 4 are 
arranged in four series of five pictures each, one 
series for each run. The first picture in each 
series shows the completely unreacted metal sam- 
ple at the specified temperature in an argon atmos- 
phere, the second shows the sample approximately 
1 min after the introduction of oxygen, and the re- 
maining three pictures were selected at equal time 
intervals over the remaining period of the recorded 
oxidation. The visible oxide, Cb20,, is yellow at the 
experimental temperatures, but changes to gray- 
white when cooled to room temperature. 
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The physical appearance of the oxide in Figs. 1 to 
4 shows a strong correlation with the weight gain 
curves presented by Kolski.’ The sudden change in 
the nature of the curves below 600°C from semi-pro- 
tective to nonprotective behavior after varying 
periods of time is illustrated in Fig. 1. Here we see 
that the initially formed compact layer of oxide is 
subsequently displaced by a powdery noncoherent 
oxide which forms between the original coating and 
the metal core. 

The minimum that occurs in the oxidation rate 
between 600° and 700°C is associated with the for- 
mation and retention of a coherent oxide throughout 
the reaction, as illustrated in Fig. 2. The oxidation 
rate again appears to increase with temperature 
above 640°C as exemplified by Figs. 3 and 4. 

Other effects may be noted at higher temperatures 
which are not necessarily related to the weight gain 
curves. In Fig. 4 at 795°C a preferential attack on 
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the corners of the samples is obvious. Although a 
thick yellow oxide develops at the edges, the centers 
of the faces remain dark almost three hours. At this 
point the dark oxide becomes light in sudden discrete 
steps as may be seen in Fig. 4 (¢). At higher tem- 
peratures the dark oxide is no longer observed in 
the motion picture studies, but preferential corner 
attack is still noticeable as the oxidation rate in- 
creases. Goldschmidt? reports that a similar dark 
adherent oxide he observed in the initial stages of 
oxidation of sheet or wire at 800°C corresponds to 

a Strongly oriented form of T-Cb,0, (low-tempera- 
ture form, see Brauer’). 

At all temperatures the motion pictures show that 
as the oxide forms, there is a gross movement of 
oxide out from the metal surface. This phenomenon 
is not as obvious when one observes the still pic- 
tures taken from the motion picture film. Such 


Sulfide Inclusions in Steel 


movement indicates that the reaction takes place 
at the oxide-metal interface. Oxygen reaches the 
metal surface either by gross movement through 
pores or cracks in the oxide or by diffusion 
through a continuous layer of oxide. 
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A liquid which is rich in oxygen (and silicon) develops at 
steel rolling temperatures in vesulfurized and plain-carbon 
steels. This liquid fluxes solid manganese sulfide. The com- 


postition of the liquid and the resulting microstructures vary 
with the manganese/silicon/oxygen ratios in the steel. The 
observations and conclusions which are presented are used 

1) to suggest a mechanism for MnS deformation in vesulfurized 
steels, and 2) to rationalize hot-shortness anomalies between 


plain-carbon and resulfurized steels. 


Tus is a summary of the dependence of sulfide 
inclusion microstructures upon steel composition, 
and an interpretation of the behavior of sulfide in- 
clusions at steel-rolling temperatures. 

Sulfide inclusions are known to have several me- 
tallurgical effects upon steel. Their effects upon 
hot-shortness are best appreciated. Although hot- 
shortness is well known, it is questionable whether 
its mechanism is fully understood because there 
are several anomalies in our interpretation. For 
example, why should not high sulfur contents pro- 
duce extensive hot-shortness in free-machining 
steels ? 

A second metallurgical consequence of sulfide 
inclusions appears because sulfide inclusions im- 
prove machinability. Furthermore, globular inclu- 
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sions are to be desired over elongated inclusions. 
To date, we know that lower silicon contents (< 0.010 
pet) favor the globular sulfides, but we do not know 
why this interrelationship between silicon content 
and inclusion shape exists. 

Finally, the evidence is strong that the surface 
quality of a hot-rolled steel is particularly sensitive 
to the sulfur content. 


SUMMARY OF PREVIOUS WORK 


The role of sulfur in hot-shortness was first 
suggested during the past century. It is uncertain 
who was the first to conclude that sulfur was less 
deleterious in the presence of manganese, and that 
manganese altered the sulfide phase from a liquid 
FeS to a solid MnS at steel-rolling temperatures. 
However, Urban and Chipman’ emphasized that 
liquid FeS may accumulate as an interdendritic film 
during solidification. More recently, Keh and Van 
Vlack* showed that the intergranular liquid does not 
completely surround the metal grains at all rolling 
temperatures. Rather, a small finite dihedral angle 
exists when geometric equilibration is attained at 
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Fig. 1—Oxygen vs microstructures of Fe-S-O alloys. In- 
creased oxygen decreases the iron content of the nonmetal- 
lic liquid, Fig. 12, and restricts the liquid penetration be- 
tween iron grains. 2400°F. In all figures, the numbers on 
the graphs and in square brackets refer to sample numbers 
in Table II. 


steel-rolling temperatures. Josefsson, Koeneman, 
and Logerberg® recognized the role of sulfur as a 
hardening agent within the austenite, and therefore 
concluded that.stresses producing hot-shortness 
were concentrated in the grain boundary areas. 
Ainslie* and his coworkers have observed sulfur 
concentrations associated with a high density of dis- 
locations in boundary ‘‘zones’’ which extend several 
microns into the iron grains. 

The relationship between the shape of sulfide in- 
clusions in hot-rolled steel and silicon content was 
first detected by Knowlton’ and later by Boulger, 
Moorhead, and Garvey® who examined factors af- 
fecting machinability. This was explored in more 
detail by Van Vlack’ through quantitative studies. 
Although several explanations were suggested to 
account for the effect of silicon on inclusion shape, 
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Fig. 2—Silicon vs microstructures of Fe-S-Si alloys. Sili- 


con alone has no significant effect upon the microstructure. 


2400°F. 
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Table I. Metal Analyses, Pct 


Metal € Mn P S Si 
Ferrovac “py 0.025 0.001/0.005 = = 0.007 
Ingot iron 0.02 0.01 0.007 0.017 0.015 
C 1213 steel 0.09 0.88 0.07 0.31 0.01 


it was not possible to rationalize all of the observed 
correlations. 

The relationship between surface quality of hot- 
rolled steel and sulfur content can be supported by 
statistical data. In addition, definite evidence for the 
formation of sulfide-oxide liquids in the subscale 
structure was presented by Murphy.® He showed 
that in the absence of sulfide inclusions, the oxides 
do not form liquid nonmetallic phases in the sub- 
scale at steel-rolling temperatures. 


EXPERIMENTAL WORK 


Two techniques were used for sample prepara- 
tion: 1) 90-g melts made under vacuum and nitrogen 
atmospheres, and 5-lb melts made under nitrogen 
atmospheres, and 2) sealed iron capsules containing 
inclusion compositions. The latter were iron rods 
which were drilled, filled with the required inclu- 
sion composition, plugged, and welded shut to pre- 
vent leakage of the nonmetallic materials of the 
sample to the external atmosphere. The starting 
materials which were used in the investigation in- 
cluded Ferrovac ‘‘E’’ iron, ingot iron, C1213 steel, 
(Table I), laboratory prepared FeS, reagent grades 
of Fe,O3 and aluminum, electrolytic manganese, 
carbon electrode stock, and ferrosilicon. 

Samples were examined in both the as-cast and 
heat-treated conditions. All the heat treatments 
were performed by sealing samples in silica glass 
tubes which contained a partial pressure of nitrogen. 
Nitrogen was added so that the pressures inside the 
tube and outside the tube were equal at the heat- 
treating temperatures. Heat treatment temperatures 
were selected to cover the full rolling range. The 
temperatures and time at temperature are shown in 
Table II. The samples were quenched after heat 
treatment. This required the breaking of the glass 
tube during quenching, so that quenching was not 
delayed. Controlled cooling rates were used ona 
selected number of samples to simulate more nearly 
the cooling during and following rolling. 


Table II. Heat-Treatment Times and Temperatures 
Time, Hr 
Temperature, °F Ingot Specimens Capsules* 
2700 ils} 
2600 3 - 
2500 3 
2400 10 
2100 50 18 
1900 19 
1750 115 34 


*All capsule melts were equilibrated at 2400°F for 2 to 5 hr before 
furnace-cooling to the indicated temperature. 
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(6) 
Fig. 3(a)—Silicon/oxygen ratios vs microstructures in 
Fe-S-Si-O alloys. (b) Liquid silicate (dark) and liquid 
sulfide (gray). X500. Reduced approximately 6 pct for 
reproduction. The sulfide liquid penetrates the boundary 
between the siliceous liquid and the solid iron. 2400°F. 


The metallographic procedures were standard for 
inclusion work. The microdistribution of inclusions 
was determined by the dihedral angle of the inclu- 
sion penetration along grain boundaries. Since the 
true dihedral angle occurs in three dimensions, its 
value has to be determined statistically from traces 
on two-dimensional sections. It has been shown 
that the median angle of a small group of randomly 
selected angles provides a significantly accurate 
value.” Lower angles indicate more extensive inter- 
granular penetration. 


a 


(a) 
Fig. 5—Fe-Mn-S-O alloys. 2400°F. (a) 0.8 Mn plus oxy- 
gen. MnS is the primary phase. Compare with Fig. 6(d). 
{102]. (b) 0.1 Mn plus oxygen. An oxide is the primary 
phase and FeS is the secondary phase. [105]. In both sam- 
ples, all of the nonmetallic material existed as a single 
phase liquid at 2400°F. X500. Reduced approximately 6 
pet for reproduction. 


222—VOLUME 221, APRIL 1961 


i = 
120 
2 
2 
2 
2 
- [sd 
100+ 
eor AS 
60F 
2 
= 
4oL 
4 
20r 
° 0.4 0.6 08 
PERCENT MANGANESE 


(a) 


(bY (c) : 
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Fig. 4(a2)-Manganese vs microstructures of Fe-Mn-S alloys. 
(b) 0.1 Mn/0.3S. 2400°F. [60]. (c) 0.7Mn/0.3S. 2400°F. 
[55]. (d) 0.1 Mn/0.3S. 2600°F. [60]. (e) 0.7 Mn/0.3S. 
2600°F. [55]. X500. Reduced approximately 6 pct for re- 
production. 


RESULTS 


Table II summarizes the compositions of the per- 
tinent tests which were performed during the course 
of this study. Results are presented in Figs. 1 
through 11. 

1) Inclusion Composition and Inclusion Geometry— 
Fe-S-O Alloys—A simple Fe-S alloy has liquid sul- 
fide inclusions above 1800°F. At 2400°F the dihedral 
angle is approximately 20 deg. Additions of oxygen 
to the alloy produce a larger dihedral angle, Fig. 1. 
The inclusion liquid crystallizes to form solid sul- 
fide and solid oxide. 

Fe-S-Si Alloys—Small to moderate additions of 
silicon to an Fe-S alloy produce no change in the 
geometry of the sulfide inclusions, Fig. 2. The solid- 
ified liquid contains a single phase (FeS), 

Fe-S-Si-O Alloys—When silicon is added to alloys 
containing iron, sulfur and oxygen, the effect of 
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Fig. 6—Fe-Mn-S-Si-O alloys. (a) Synthetic melt with solid 
MnS (gray) and siliceous liquid (dark) at 2400°F. [99]. 

(b) Heat-treated resulfurized bar stock. Solid MnS (gray) 
and siliceous liquid (dark) at 2400°F. (c) Remelted re- 
sulfurized steel. Solid MnS (gray) and siliceous liquid 
(dark) at 2400°F, [121]. (d) Remelted resulfurized steel 
with added oxygen. Liquid inclusions at 2400°F. Compare 
with Fig. 5(a). [120]. X500. Reduced approximately 6 pct 
for reproduction. 


oxygen is counteracted as shown in Fig. 3(a). The 
silicon combines with the oxygen so that the non- 
metallic liquid contains two phases, essentially FeS, 
and SiOz, Fig. 3(bd). 

Fe-Mn-S Alloys—The effect of manganese in an 
Fe-Mn-S alloy is shown in Fig. 4. The inclusions 
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change from solid to liquid within the indicated com- 
positions and temperature limits. Some liquid ex- 
ists at relatively low Mn/S ratios. This liquid solid- 
ifies to a mixture of FeS and (Mn, Fe)S. 

Fe-Mn-S-Si Alloys—The addition of only silicon 
to Fe-Mn-S alloys has no effect upon the inclusion 
geometry. At steel rolling temperatures and with 
normal Mn/S ratios (>3/1), the sulfide inclusions 
in this series of alloys are solid (Mn, Fe)S and 
globular in shape. They are comparable to those 
shown in Fig. 4(c). 

Fe-Mn-S-O Alloys—The addition of oxygen to an 
Fe-Mn-S alloy introduces a liquid which fluxes the 
solid sulfide. When oxygen is added to an alloy con- 
taining 0.8 pct Mn, the liquid solidifies during 
quenching to form a duplex sulfide-oxide inclusion 
in which a manganese-rich sulfide is the primary 
phase, Fig. 5(a). If the manganese content is low, 
the solidifying liquid produces FeS and a manganese- 
rich oxide, Fig. 5(d). 

Fe-Mn-S-Si-O Alloys—When both silicon and oxy- 
gen are added to an alloy of iron, manganese, and 
sulfur, a liquid phase is formed which is siliceous 
in character, Fig. 6(a). This phase is generally in 
contact with the solid sulfide and is therefore satu- 


Table III]. Composition of Alloys Investigated* 
Sample Treatment Analysis, Pet z 

No. Purpose Procedure Cc Mn S Si Al O 

23 Effect of Si 90 g - - 0.3 (0.02)** - - 

25 Effect of Si 90 g - — 0.3 (<0.01) = = 

47 Fe-S base 90 g = = 0.3 = x ae 

55 Effect of Mn 90 g 0.1 (0.69) 0.3 os = = 

60 Effect of Mn 90 g 0.1 (0.10) 0.3 = = = 

79 Effect of residual O 90 g - = 0.3 — - (0.027) 

80 Effect of O 90 g = = 0.3 _ = (0.071) 

81 Effect of O 90 g 0.1 = 0.3 = - (0.010) 

87 Effect of O Capsule = = {0.3] = - [0.30] 

88 Effect of Si Capsule = = [0.3] {0.3] = = 

89 Effect of Si + O Capsule = = [0.3] [0.3] - [0.3] 

90 Base comp. (50 pct liquid—50 pct MnS) Capsule = [0.65] [0.3] [0.04] - [0.094] 

96 1900°F (19 hr) Capsule - [0.65] [0.3] [0.04] - [0.094] 

97 2100°F (18 hr) Capsule (0.65] (0. 3] {0.04] [0.094] 

98 1750°F (34 hr) Capsule (0.65] [0.3] {0.04] {0.094] 

99 Effect of Si+O 5 lb (0.12) (1.01) (0.27) (0.043) - (0.028) 
101 Effect of Al Capsule = [0.65] [0.3] [0.04] [0.04] [0.094] 
102 Effect of O 5 lb (0.07) (0.76) (0.35) (<0.03) = (0.064) 
104 Effect of low Mn + O 5 lb (0.05) (<0.1) (0.34) (k0.03) = (0.110) 
105 Effect of low Mn + O 5 lb (0.02) (0.1) (0.32) (<0.03) ~ (0. 250) 
106 Effect of Si + O 5 lb (0.02) (0.10) (0.32) (0.2/0. 25) — (0.180) 
113 Simulated inclusions Capsule = = (0.32] 0.10] (0. 180] 
120 Remelted resulfurized steel + O 5 |b (0.06) (0.49) (0.27) «0.05) - 0.2 
121 Resulfurized steel + O and Si 5 lb (0.05) (0.60) (0.28) (0.05) - 0.2 
122 Effect of Al Capsule (0.65] {0.3] (0. 04] (0. 024] [0.094] 
123 Effect of Al Capsule = [0.65] [0.3] [0.04] [0.009] [0.094] 


*Capsule melts are in equilibrium with iron. All others are iron-base melts. 
**Check analyses in ( ); capsules with no loss in[ ]; other values show aim. 
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Fig. 8—Synthetic inclusion compositions. Capsules con- 
tained the base composition X of MnS and a MnS-saturated 
liquid. The liquid had a 40/10 ratio of Mn,SiO,/Fe,SiO,. 
Diagram is based on Silverman’s work. 


rated with MnS. When the silicon/oxygen ratio ex- 
ceeds that required for SiOz, this liquid is glassy 
at room temperature. Lower silicon/oxygen ratios 
produce liquids which devitrify more readily. With 
a marked excess of oxygen over silicon, the liquid 
composition is shifted from the siliceous range to 
a more oxidizing composition such as was encoun- 
tered in Fe-Mn-S-O alloys. 

2) Resulfurized Steels—A direct comparison may 
be made between the inclusions in many of the above 
simplified alloys and those in commercial resulfur- 
ized steels if the latter are synthesized, remelted, 
or simply heat-treated. These comparisons are 
shown in Figs. 6(d), (c), and @). The specimens all 
contain a primary manganese sulfide phase. When 
silicon and oxygen are added, a liquid is formed 
which is siliceous in character. It is directly com- 
parable to the inclusions observed in Fig. 6(a) from 
a Fe-Mn-S-Si-O alloy. With excess oxygen, Fig. 
6), the liquid phase shifts from a silicate-base to 
an oxide-rich composition. This oxide-enriched 
phase fluxes the manganese sulfide more markedly. 

3) Microstructures of Silicate-Sulfide Inclusions— 
The inclusions in resulfurized steels are compara- 
ble to those in Fe-Mn-S-Si-O alloys, containing a 
duplex structure of liquid silicate-oxide and solid 
manganese sulfide at steel rolling temperatures. 
Although lower in sulfur, a low-carbon steel must 
also be categorized with the Fe-Mn-S-Si-O alloys 
when attention is directed toward the sulfide inclu- 
sions which are present. The iron, manganese, and 
oxygen contents are comparable. The silicon con- 
tent may vary within the range indicated by Figs. 2 
or 3(a), and Figs. 5(b) and 6(a) depending upon the 
deoxidation practice. 

This similarity between the low-carbon steels, 
the resulfurized steels, and the Fe-Mn-S-Si-O alloys 
has suggested that more attention be given toward 
inclusions containing two phases: a liquid silicate- 
oxide and a solid sulfide. In line with Silverman’s 
work,’*° synthetic inclusion compositions were made 
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Fig. 9—Silicate/MnS/Fe equilibrium. (2) Silicate liquid 
vs Fe/Fe boundaries. (b) Silicate liquid vs MnS/MnS bound- 
aries. (c) Silicate liquid vs MnS/Fe boundaries. The solu- 
bility of MnS in the silicate liquid increases markedly at 
higher temperatures. (See Fig. 8) 
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in iron capsules, Fig. 7, which contained equal parts 
of solid manganese sulfide and sulfide-saturated 
orthosilicate liquid. A composition was chosen so 
that the two phases were present in equal amounts, 
Fig. 8. 

The dihedral angles involving the three phases are 
shown in Fig. 9: solid iron, solid sulfide, and liquid 
Silicate-oxide. Higher temperatures produced 
smaller angles. The three-phase dihedral angle was 
also sensitive to aluminum additions as shown in 
Fig. 10. Aluminum additions had a second effect. 
When the Al/O ratio was greater than approximately 
1/4, a spinel appeared as a nonmetallic phase, At 
still higher ratios, corundum developed. 

When oxygen was added to the basic composition 
chosen in Fig. 8, the sulfide phase was completely 
fluxed and a low melting nonmetallic composition 
resulted. 


DISCUSSION AND INTERPRETATION 


Utilizing the preceding results and concurrent 
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work by others, the following points will be dis- 
cussed in more detail: 

1) sulfide inclusion compositions in resulfurized 
and other plain (low)-carbon steels 

2) the microstructures of sulfide inclusions, and 

3) the effects of sulfide inclusions upon the metal- 
lurgical behavior of steel. 

For the latter point, interpretations will be sug- 
gested which could account for some of the obser- 
vations concerning 3a) inclusion deformation, 3b) hot- 
shortness, and 3c) inclusion-scale reactions. 

1) Sulfide Inclusion Compositions in Resulfurized 
and Plain (Low)-Carbon Steels—The ideal form for 
sulfide inclusions in steel at rolling temperatures 
is as a solid manganese sulfide unaccompanied by 
any liquid. In most steels, sulfide inclusions are 
seldom present at steel-rolling temperatures as the 
ideal single-phase, solid inclusions just described 
because the inclusion characteristics are modified 
by silicon and oxygen which are present. As a re- 
sult, the inclusions contain a manganese-rich solid 
sulfide and an associated liquid which is saturated 
with MnS. 

The composition of this liquid depends upon the 
relative amounts of manganese, silicon, and oxygen. 
The exact composition of the liquid is complex, in- 
asmuch as a system with five or more components 
is encountered (Fe-Mn-Si-S-O). Such a system is 
too complicated to handle unless some simplifica- 
tions are made. This is done in Fig. 11 where the 
metallic phase is temporarily ignored, and a four- 
component nonmetallic system (MnS-MnO- FeS- SiOz) 
is presented. Even this system is cumbersome. 
Therefore, initial attention will be given to the MnO- 
SiOz system in Fig. 11(a) since it most simply re- 
presents the liquid which occurs with the solid sul- 
fide in the inclusion. 

The liquid phase varies from a silica-enriched 
composition, A, to an MnO-enriched composition C. 
When the silicon content of a steel equals the oxygen 
content, part of the silicon reacts with part of the 
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Fig. 11—Liquid compositions vs Mn/Si/O ratios (schema- 
tic). See the text for discussion. (a) MnO-SiO, diagram.'! 
T—Mn,SiO,. R—MnSiO 3. (b) Section of the Fe-Mn-Si-S-O 
system. A, B, C—Simplified liquid compositions. A’, B’, 
C’—Liquid compositions saturated with solid sulfide at 
2400°F. (A’ is very close to the MnO-SiO,-MnS surface. 
C’ is close to the MnO-SiO,-FeS surface.) A”, B’—Sulfide 
compositions in equilibrium with the silicate liquid. 


oxygen to give SiOz; the balance of the silicon is 
dissolved in the metal, and the balance of the oxygen 
reacts with manganese (and to a limited extent with 
iron) to give MnO. As a result an MnO-SiO2z compo- 
sition is developed approximating that of point B in 
Fig. 11(a). This composition fluxes MnS very strongly, 
Fig. 8. In fact, the resulting liquid will contain more 
than 50 pct MnS at 2400°F.*° When this liquid cools, 
the MnS solubility is decreased and finally (at low 
rolling temperatures) a silicate is crystallized. The 
silicate may be either tephroite (Mn,SiO,)* or rho- 


*Iron may replace part of the manganese in solid solution in these 
inclusions. 


donite (MnSiO;)* depending upon the exact ratio of 
MnO to SiOz. 

The liquid phase becomes a siliceous glass if the 
silicon content exceeds the amount of oxygen. An 
excess is apparently needed 1) to meet the equilib- 
rium partition of the silicon between the metal and 
the inclusion, and 2) to deoxidize the MnO which 
would otherwise form. The qualitative composition 
of the liquid may be shown as point A in Fig. 11(@). 
This composition can remain as a siliceous glass 
during rapid cooling, Fig. 6(a). 

The liquid phase assumes composition C in Fig. 
11(a) if the oxygen content exceeds the silicon con- 
tent. With this situation, Fig. 11(@) is oversimplified 
because the resulting liquid dissolves an extremely 
large quantity of MnS. Furthermore, the excess 
oxygen may combine with some of the manganese of 
the MnS so that some iron is taken into the liquid to 
balance the sulfur. When this occurs, the liquid and 
solid compositions are shifted as indicated in Fig. 
11(b). Furthermore, FeS forms from the liquid 
during solidification, Fig. 5(0). 


VOLUME 221, APRIL 1961-225 


| 
ov 
100 
S102 
so > 
SA 
> © 
40 

20 = 

(b) 


re 


Two 
Liquids 


Fig. 12—Fe-FeS-FeO diagram. 12 


Interpretation 


1) The inclusions in resulfurized and plain carbon 
steels are solid sulfides only if a minor amount 
of oxygen is present at steel-rolling tempera- 
tures. 

2) When more oxygen and silicon are present, a 
siliceous liquid accompanies the sulfide. 

3) When oxygen is present in excess of the silicon, 
the melting point of the inclusions is lowered. 

4) These liquids, which vary in composition with 
the silicon and oxygen contents, dissolve con- 
siderable MnS. In the orthosilicate composi- 
tion range (typical of resulfurized steels), half 
of the liquid will be MnS at 2400° F. With 
higher oxygen/silicon ratios, larger amounts 
of MnS will be dissolved. 

2) Microstructures of Sulfide Inclusions (at Steel- 
rolling Temperatures)—If the inclusions are solely 
MnS in composition, they are solid at steel-rolling 
temperatures. As such, they are usually equidi- 
mensional if heat-treated. However, they may be 
subject to some deformation during rolling or forg- 
ing because MnS is slightly ductile. The amount of 
elongation during rolling would be dependent upon 
the relative plasticity of the metallic and nonmetal- 
lic phases [see the discussion in Section 3(a) which 
follows ]. 

In many steels sulfide-containing inclusions are 
not entirely solid at steel-rolling temperatures. 
Therefore several factors may be observed as af- 
fecting the microstructures of the resulting inclu- 
sions. These factors include 1) the relative amounts 
of solid and liquid phases, 2) the composition of the 
liquid phase which in turn affects the phase-bound- 
ary energies and therefore the inclusion shape prior 
to rolling, and 3) the deformability of the phases 
during rolling. 

The inclusion shape in heated steels may be in- 
dexed by the dihedral angle of the inclusion penetra- 
tion along grain or phase boundaries. This relation- 
ship is a consequence of the interfacial energies 
that exist. Therefore, any compositional change 
which reduces the energy of the liquid/solid inter- 
face relative to the grain-boundary energy permits 


a greater penetration of the liquid between the grains. 


In general, any compositional variation which per- 
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mits a greater similarity between the liquid and 
solid will lower the liquid/solid interfacial energy. 
This conclusion is substantiated by several of the 
earlier figures. The liquid in an FeS alloy pene- 
trates the iron grain boundaries because the liquid 
contains a large amount of iron (about 85 pct). As _ 
the oxygen is added in the Fe-S-O alloys, Fig. 12, 
the iron solubility in the liquid is decreased.’ With 
this decrease, the energy of the metal/liquid inter- 
face is increased and the liquid penetration is re- 
stricted to higher dihedral angles, Fig. 1. 

On this basis, the effect of silicon in an Fe-S-Si-O 
alloy must be interpreted as a deoxidation process 
in which the nonmetallic liquid is returned to a 
simpler composition of iron and sulfur that will pen- 
etrate the grain boundary, Fig. 3(a). Since an iron- 
sulfur liquid does not dissolve the SiOz, two immi- 
scible liquid phases are found in the metal, Fig. 3(b). 
With three phases in an Fe-S-Si-O alloy (metal, 
sulfide liquid, and siliceous liquid), a three-phase 
intersection may be observed. Of the three inter- 
faces, 1) sulfide (l)/metal(s), 2) sulfide (l)/siliceous (2), 
and 3) metal(s)/siliceous (J), the latter possesses the 
highest energy because the adjoining phases have the 
most rigorous structural and compositional differ- 
ences. It is therefore not surprising that the liquid 
sulfide phase penetrates the interface between the 
siliceous liquid and the metallic solid. By doing this, 
the area of the higher-energy interface is decreased 
and a more stable microstructure results. 

The microstructures of greatest interest in this 
paper contain solid sulfide, solid metal, and a 
sulfide-saturated oxide-silicate liquid. Three sets 
of angular relationships may be used to index the 
Shape and distribution of these inclusions: 1) the 
liquid vs the metal grain boundary, Fig. 9(qa), 2) the 
liquid vs the solid sulfide grain boundary, Fig. 9(d), 
and 3) the liquid vs the sulfide metal phase boundary, 
Fig. 9(c). The associated angles all decrease as the 
temperature is increased and the liquid dissolves 
more of the adjacent solid. The liquid penetrates 
the sulfide boundaries more than the metal bound- 
aries because of a considerable quantity of MnS may 
be dissolved in the liquid (50 to 75 pct depending 
upon the temperature’ and composition), and rela- 
tively little metal may be dissolved. 

Of major consequence is the fact that the relative 
interfacial energies permit the liquid to penetrate 
along the phase boundary between the solid sulfide 
and the solid metal. The sulfide/metal boundary 
energy is high because of the mismatch between the 
structures in the two solid phases, and the two li- 
quid/solid boundaries have relatively low energy 
because a limited amount of coherency can develop. 

When aluminum is incorporated into the above 
steels, the liquid phase is deoxidized. The decrease 
in the MnO content of the liquid has two consequences: 
1) the remaining liquid becomes more siliceous and 
2) the solubility of the manganese sulfide is decreased. 
As a result, the two liquid/solid interfacial energies 
are increased and the liquid does not penetrate the 
sulfide/metal boundary as completely, Fig. 10. 
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Interpretation 


1) The geometry of the liquid inclusion phases is 
controlled directly by interfacial energies, and 
indirectly by inclusion composition. 

2) Any composition change which decreases the 
chemical and structural similarity of the 
liquid and solid will reduce the penetration 
of the liquid along the grain or phase bound- 
aries. 

3) Additional oxygen decreases the grain-boundary 
penetration of the sulfide liquid in a simplified 
Fe-S-O alloy; however, additional oxygen in- 
creases the grain- and phase-boundary pene- 
tration of a liquid in a normal steel which con- 
tains manganese and silicon in addition to iron, 
sulfur, carbon, and oxygen. These changes co- 
incide with variation in solubility. 

(3a) Inclusion Deformation—The observations and 
facts which have been cited in the earlier part of 
this report lead to the following suggestion as a pos- 
sible mechanism of sulfide inclusion deformation 
within a steel. Although normally nonductile, the 
sulfide can be deformed through plastic slip, Fig. 13. 
This deformation would be greatly facilitated by the 
presence of hydrostatic pressures rather than single 
shear stresses. Furthermore, the presence of a 
liquid with the sulfide inclusion could facilitate the 
existence of hydrostatic pressures. (This would be 
in the same manner as a lubricating glass produces 
a more uniform deformation in a stainless-steel 
extrusion process.) Since the siliceous liquid tends 
to penetrate the grain boundary between the solid 
manganese sulfide and the solid iron, the application 
of a constraining force to the inclusion would ac- 
centuate the slip to produce more extensive defor- 
mation of the inclusion. 

This suggested hypothesis for the deformation of 
inclusions is consistent with observations of this 
study. It suggests that higher silicon contents in 
resulfurized steels would be responsible for the 
greater elongation of the inclusions through the 
presence of a siliceous liquid that envelops the sul- 
fide inclusions at steel-rolling temperatures. This 
hypothesis should be checked further with additional 
work on the deformation of manganese sulfide pres- 
ent in synthetic inclusions, with and without siliceous 
and oxide-silicate liquids. 


Interpretation 


1) Solid MnS can receive limited plastic deforma- 
tion. 

2) This deformation is accentuated by the presence 
of an accompanying liquid which penetrates the 
boundary between the solid MnS and solid steel. 

(3b) Hot-Shortness— The existing explanation for 

hot-shortness is not entirely satisfactory. It has 
been suggested that hot-shortness arises when the 
manganese content is low because an iron-sulfur 
liquid film is permitted to form between the iron 
grains at steel-rolling temperatures. This theory 
assumes that the higher manganese contents produce 
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Fig. 13—Slip planes in MnS, Parallel slip lines show a 
limited amount of plastic deformation in MnS prior to the 
fracture. Hardness is 185 Dph at room temperature. X500. 
Reduced approximately 45 pet for reproduction. 


solid manganese sulfide inclusions. To achieve this 
a plain-carbon steel will have its sulfur level held 
below 0.03 pct and the manganese level will be 
raised to 0.3 pct or higher. If the Mn/S ratio falls 
below approximately 10/1, hot-shortness may be 
expected to develop. It is here that an apparent 
paradox exists because in resulfurized steels the 
Mn/S ratio can be as low as 3/1 and only limited 
difficulties with hot shortness occur. 

The hot-shortness anomalies between plain-carbon 
and resulfurized steels may be examined in light of 
the foregoing observations and Silverman’s work.”° 
A possible hypothesis to account for the difference 
recognizes the fact that the oxygen content of a low 
manganese steel (without aluminum deoxidation) is 
present in a liquid phase at steel rolling tempera- 
tures. The liquid actually contains oxygen, manga- 
nese, iron, silicon and sulfur. 

Silverman points out that the liquid in the MnS- 
FeO-MnO system will not become saturated with 
manganese Sulfide until the sulfur level is almost 
double the oxygen content. Thus, unless special ef- 
forts are made to keep the oxygen level low, all of 
the sulfides in a plain-carbon steel may be dissolved. 
The liquid will not be saturated with MnS. In a re- 
sulfurized steel, there is always excess manganese 
sulfide and the nonmetallic liquid is saturated with 
MnS. This means that the liquids in the two steels 
are not identical. The MnS-saturated liquid in the 
resulfurized steel will have a higher MnS/oxygen 
ratio than will the comparable, unsaturated liquid in 
the plain-carbon steel. This situation becomes sig- 
nificant when it is remembered that a decrease in 
the manganese/ oxygen ratio produces an increase 
in the iron content of the liquid [Compare Fig. 5(a) 
with Fig. 5(0).| It has already been pointed out that 
an increase in the iron content of a liquid promotes 
penetration of the liquid between the iron grains, — 
a factor which would accentuate hot-shortness. 

On this basis, manganese may have a two-fold 
purpose in alleviating hot-shortness. Steels with 
higher manganese contents would have more of the 
oxygen actually removed from the liquid metal so 
that less sulfide is fluxed and the nonmetallic liquid 
is saturated with MnS. Furthermore, and as previ- 
ously realized, additional manganese will produce a 
higher melting sulfide. 
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Our understanding of the interrelationship between 
deoxidation and liquid formation is incomplete. We 
know that aluminum will deoxidize the nonmetallic 


liquid and thereby decrease the solubility of sulfides. 


However, we also know that if aluminum is added in 
the absence of oxygen, it will react with MnS to give 
a low melting (Al, Mn)S.” Likewise, a liquid chro- 
mium-nickel sulfide will form in steels in the ab- 
sence of oxygen, but the chromium will combine with 
oxygen when the latter is present. At the monient a 
simple predictable effect cannot be postulated for 
elements which form both oxides and sulfides. 


Interpretation 


1) The hot shortness anomalies between plain- 
carbon steels and resulfurized steels may be 
rationalized on the hypothesis that oxide- 
Silicate liquids flux significant quantities of 
MnS at steel-rolling temperatures. All of the 
sulfides may be fluxed in a plain-carbon steel 
unless sufficient manganese is present to ef- 
fectively deoxidize the steel. 

2) Our present knowledge does not permit us to 
extrapolate this beyond plain-carbon and re- 
sulfurized steels. 

(3c) Inclusion-Scale Reactions—Surface scaling in 
soaking pits or reheat furnaces can supply oxygen 
to flux the solid subsurface sulfide inclusions. Thus, 
although the oxygen content of the steel is normally 
low from deoxidation equilibria, it is possible to 
produce an oxide-sulfide liquid in the surface metal 
while the steel is being heated as an ingot or billet. 
Particularly important is the fact that a liquid thus 
formed can penetrate along grain edges and grain 
boundaries into the subsurface zones and react with 
more sulfide. Such surface and subsurface inclu- 
sions certainly contribute extensively to surface 
cracking during hot working. 


Interpretation 


Surface cracking may be aggravated by the oxida- 
tion of sulfide inclusions in the scale and in the 
subscale metal. 


CONC LUSIONS 


Sulfide inclusions in steel are Single phase and 
wholly solid MnS only if no fluxing oxides are pre- 
sent at steel-rolling temperatures, Fig. 4(c). If such 
oxides and silicon are present, a siliceous liquid 
accompanies the MnS, Fig. 6(6). If oxygen is present 
in excess of silicon, a lower melting sulfide-oxide 
liquid is formed, Fig. 6(d). These liquids, which 
vary in composition with the silicon and oxygen con- 
tents, dissolve considerable MnS. The observations 
of this report are consistent with Silverman’s work?° 
which shows that half of the orthosilicate liquid is 
MnS at 2400°F, With higher oxygen/silicon ratios, 
larger amounts of MnS are dissolved in the steel- 
rolling-temperature range. 

The microstructural shapes of the inclusions are 
controlled directly by interfacial energies, which 
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are dependent upon inclusion composition. Any com- 
positional change which decreases the chemical and 
structural similarity of the liquid and solid phases 
will reduce the penetration of the liquid along grain 
or phase boundaries. Additional oxygen decreases 
the grain-boundary penetration of the sulfide liquid 
in a simplified Fe-S-O alloy; however, additional 
oxygen increases the grain-boundary penetration 

of the liquid in a normal steel which contains man- 
ganese and silicon in addition to iron, carbon, sulfur, 
and oxygen. 

It is suggested that the presence of a liquid oxide- 
silicate phase facilitates the elongation of solid 
sulfide inclusions in resulfurized steel since 1) solid 
MnS can be deformed plastically to a limited ex- 
tend and 2) the oxide-silicate liquid which penetrates 
the boundary between the solid MnS and solid steel 
provides a better opportunity for hydrostatic pres- 
sure during the rolling operation. 

The hot-shortness anomaly may be explained on 
the following basis: Resulfurized steels have suffi- 
cient solid MnS present so that the sulfide is not 
completely fluxed by the oxide-silicate liquid pre- 
sent in the steel. The sulfide may be entirely fluxed 
in plain-carbon steels unless sufficient manganese 
is present to keep the oxygen level low. Our present 
knowledge does not permit us to extrapolate this in- 
terpretation beyond plain carbon or resulfurized 
steels. 

Surface cracking may be aggravated by the oxida- 
tion of sulfide inclusions in the scale and in the sub- 
scale metal. 
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Effect of Temperature on the Creep of Polycrystalline 


Aluminum by the Cross-Slip Mechanism 


An activation energy of 27,400 + 1000 cal per mole was ob- 
tained for the creep of polycrystalline aluminum over the tempera- 
ture range of 273° to 350°K, at strains varying from 0.003 to 0.230. 
Stresses varied from 2250 to 6000 psi, strain vates from 0.1145 
x to 29.5 xX 10-5 min.-\. A strain temperature-compensated 
time correlation was obtained indicating that the structure was 


dependent solely upon the strain at agiven stress; X-ray diffrac- 


tion analyses and tensile tests on precrept specimens verified 


this. 


Previous investigations* have revealed that the 
apparent activation energies for creep of high-purity 
polycrystalline aluminum are insensitive to the ap- 
plied stress, strain, and strain rate. On the other 
hand, the apparent activation energy is dependent on 
the temperature ”’* as shown by the data reproduced 
in Fig. 1. Each plateau of this curve is associated 
with a unique rate-controlling dislocation mechanism 
for thermally activated creep. It is now very well- 
established that over the high-temperature range, 
where the activation energy is about 35,500 cal per 
mole, the creep rate is controlled by the dislocation 
climb mechanism. ° Over the intermediate range of 
temperatures, from about 260° to 370°K, another 


unique activation energy, namely 28,000 cal per mole, 


is obtained. Current evidence strongly supports the 
contention that cross slip is the rate controlling 
mechanism for creep in this case: 

1) Crystal recovery can occur by a number of 
mechanisms prominent among which are climb and 
cross slip. Astrom, * using the Borelius micro- 
calorimeter, reported rapid crystal recovery of 
cold- worked polycrystalline Al at 340° to 370°K giv- 
ing an activation energy of 28,000 cal per mole and 
additional recovery at 455° to "478°K giving an acti- 
vation energy of 36,000 cal per mole. Whereas the 
latter recovery process was clearly associated with 
the dislocation climb mechanism, the former, 28,000 
cal per mole process could have arisen as a result 
of the cross-slip mechanism. 

2) Single crystals of high-purity Al favorably 
oriented for octahedral glide exhibit an activation 
energy for creep of about 3400 cal per mole over 
the range from 0° to 400°K and that of about 28 ,000 
cal per mole over the range from 600° to 775° K. 
Whereas the lower activation energy process is ac- 
companied by the development of sharp slip-band 


traces, the 28,000 cal per mole process was uniquely 


characterized by extensive cross slip. 


JOHN E. DORN, Member AIME, and NISSEN JAFFE, 
Student Member AIME, are Professor of Materials Science and 
Research Engineer, respectively, University of California, 
Berkeley, Calif. 
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Fig. 1—Activation energies for creep of pure aluminum as a 
function of temperature.! 


3) Theoretical calculations by Seeger and Schoeck® 

suggest an apparent activation energy for cross slip 
in Al of about 24,000 cal per mole and another theo- 
retical estimate by Friedel” gives the observed 
28,000 cal per mole as the theoretical activation 
energy. 
It is therefore consistent with this evidence to, at 
least tentatively, ascribe the 28,000 cal per mole 
creep process in Al to the operation of cross slip 
as the rate controlling mechanism. 

Although creep has been rather well-explored in 
the dislocation climb range, very little, excepting 
perhaps the activation energy, is known about creep 
in the cross slip range. This investigation was un- 
dertaken, therefore, to reconfirm the activation 
energy for creep in polycrystalline Al in the inter- 
mediate temperature range and to study the strain- 
time relationship for creep at a constant stress in 
the cross slip region. 


EXPERIMENTAL PROCEDURE AND TECHNIQUE 


The three types of high-purity Al alloy specimens 
described in Table I were used in this investigation. 
Specimens were milled from 0.100 in. thick cold- 
rolled sheets with their tensile axes in the rolling 
direction following which they were given a recrys- 
tallization and grain growth heat treatment at tem- 
peratures well above those which were subsequently 
employed in the creep tests. 
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Table |. Impurities, Heat Treatment and Grain Size 
Speci- Temp., Time, Grain 
mens Cu Fe Si W Others °C Hr. Diam.,In. 
A 0.002 0.002 0.001 0.000 0.000 412 1.0 0.023 
B 0.004 0.002 0.000 0.000 0.000 384 15 0.0031 
(e: 0.000 0.002 0.000 0.004 0.000 384 15 0.0019 


True stresses were maintained constant throughout 
each creep test by the use of contoured Andrade- 
Chalmers types of levers. The strain-time curves 
were autographically recorded, the strain sensitivity 
of the linear variable differential transformer sys- 
tem being about 10 ° 

The apparent activation energies for creep, Q, 
were determined by the effect of a rapid change in 
temperature of about 5°K from T, to T> (See Fig. 2) 
on the corresponding rates €, and &2 according to: 


é,/t2=e RT, [1] 


Such small changes in temperature were effected by 
exchanging the constant temperature bath about the 
specimen with another bath controlled at the second 
temperature; it took the specimen about 3.5 min to 
reach thermal equilibrium at the new temperature. 
The creep rate just before a change in temperature 
was determined directly from the strain-time chart 
by measurement with a derivimeter. The creep rate 
just following a change in temperature was also 
measured in the same way after the creep curve was 
extrapolated through the transient temperature inter- 
val. 


RESULTS AND DISCUSSION 


In general creep by the cross-slip mechanism is 
given by 


= RT [2] 

where 

€ = the tensile strain rate or twice the shear strain 
rate. 

N = the number of active points for cross slip per 
unit volume. 

A = the average area swept out per dislocation 
upon cross slipping. 

b = the Burger’s vector. 

v = the frequency of vibration of the dislocation 
segment that undergoes cross slip. 

R = the gas constant 

T = the absolute temperature. 

@ = the apparent activation energy for cross slip. 


Since all of the factors affecting the creep rate, ex- 
cepting Q, are insensitive to the temperature, the 
temperature dependence of creep in the cross slip 
region is exclusively determined by the exponential 
term of Eq. [2]. The activation energy @, however, 
depends on the local stress and the temperature. 
But since Q is not a sensitive function of the tem- 
perature the apparent activation energies obtained 
by application of Eq. [1] will agree closely with the 
true activation energies for cross slip. 
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Fig. 2—Typical creep curve for change-in-temperature test. 


The apparent activation energies as obtained by the 
rapid-change-in-temperature technique and recorded 
in Table II, give a mean value of 27,400 + 1,000 cal 
per mole over temperatures ranging from 273° to 
350°K, stresses ranging from 2250 to 6000 psi, strains 
from 0. 003 to 0.23, and mean strain rates of 0.1145 
xX 107° to 29.5 x 10° per min. These data confirm 
previous observations’ that the activation energy for 
cross slip inaluminum is insensitive tostrain, stress, 
and temperature over the range of strain rates that 
were investigated. 

The failure to detect an effect of the applied stress 
on the activation energy, however, must be attributed 
to the insensitivity of the technique used in this in- 
vestigation. The localized stress that influences 
cross slip is equal to the applied stress minus the 
long range back-stress field. As the applied stress 
is increased, additional dislocations are generated, 
which increase the back stress. Thus the change in 
the local stress might indeed be quite negligible even 
for an appreciable increase in the applied stress. 
Furthermore, if the difference in the extreme strain 
rates low = 0.1145 x 107° and é high = 29.5 x 107° per 
min used in this investigation were exclusively at- 
tributed to a change in activation energy at a mean 
temperature of 309°K as a result of the applied 
stress, the change in activation energy would be 
about 3000 cal per mole which is only slightly greater 
than the scatter range. Therefore a much greater 
range in strain rates, beyond that readily achievable 
experimentally, would have to be used to detect the 
effect of stress on the activation energy for cross 
Slip. A more sensitive alternate technique of study- 
ing the stress law for cross slip is now being used to 
rationalize this issue. 

The fact that the activation energies reported in 
Table II agree well with those observed by Astrom‘ 
for recovery of cold- worked Al and those predicted 
by Schoeck and Seeger and by Friedel” suggests 
that creep of Al over the range of conditions studied 
here occurs by the cross-slip mechanism. The 
photomicrograph of Fig. 3 showing extensive cross 
slip further confirms the concept that cross slip is 
a prominent feature in the range of creep studied 
here. 
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Table Il. Apparent Activation Energies for Creep of Aluminum 


Specimen Applied Tensile Strain, Q 
No. Stress, Psi €= Inl/1, &,x10°perMin &,x10°perMin €,yex10°perMin Cal per Mole 
A-1 3200 0.00241 278.25 273.00 0.250 0.095 0.154 27.800 

3600 0.00298 273.00 278.25 0.281 0.723 0.451 27,100 

3500 0.00305 278.25 273.00 0.568 0.224 0.357 26,800 

3500 0.00311 273.00 278.25 0.211 0.553 0.342 27,700 

A-2 4000 0.0036 278.25 273.00 31.8 12.5 19.9 26,700 
4000 0.00381 273.00 278.25 2.55 6.53 4.08 27,000 

4000 0.01416 278.25 273.00 3.30 1.30 2.07 26 ,800 

4000 0.02392 273.00 278.25 1.00 255 1.60 26 ,900 

4000 0.04018 278.25 273.00 Mos) 0.97 WORY/ 27,800 

4000 0.04989 273.00 278.25 0.61 1.65 1.003 28,500 

A-3 3000 0.00254 278.25 273.00 0.22 0.086 0.137 27 ,000 
A-4 2500 0.01845 273.00 278.25 0.071 0.185 0.114 27,600 
A-5 2250 0.00946 273.00 278.25 0.078 0.199 0.124 26 ,900 
A-6 3800 0.01421 278.25 273.00 16.0 6.20 9.96 27,300 
3800 0.01541 273.00 278.25 5.01 3.14 26, 800 

B-1 4500 0.1435 278.25 273.00 3.38 132 etal 26,900 
5741 0.2194 273.00 278.25 2.01 5.12 SAL 27,000 

6000 0.2345 278.25 273.00 5.98 23K Sale 27,400 

B-3 2450 0.0428 350.04 340.01 52.01 17.00 29.5 27,700 
2450 0.0451 340.01 350.04 5.00 US 3! 8.75 27,800 

B-4 2300 0.06311 340.01 350.04 1.01 3.05 1.75 27,400 
2300 0.06982 350.04 340.01 2.87 0.901 1.61 28,600 

2300 0,07041 340.01 350.04 0.841 2.58 1.47 27,800 

Q (average) = 27,400 


cal per mole 


It has been demonstrated® that above 527°K, where 
creep of polycrystalline Al is controlled by the dis- 
location climb mechanism, the total strain ¢ obtained 
at time ¢ under a constant stress o is dependent on a 
temperature-compensated time 6, where 


= const. [3] 
and 

t 
fe dt [4] 


The question, therefore, arises as to whether this 
useful relationship might not also apply to the cross- 
slip region of creep. In order to test this point the 
various creep data shown in Figs. 4(a), 4(d), and 4(c), 
were obtained, which confirm the validity of Eq. [4] 
for the cross-slip region. Whereas each stress and 
each alloy has its own unique €—8@ curve, the €—- 0 
curves for a given stress are independent of the test 


Fig. 3—Photomi- 
crograph following 
creep at 308°K, 
5000 psi to a strain 
of 0.2309. X250. 
Reduced approxi- 

* mately 38 pct for 

reproduction. 
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temperature, at least within the cross-slip range of 
temperatures. 

The validity of Eq. [3] for the cross-slip range 
Suggest that the same dislocation substructure is 
obtained at the same value of 6 for a given creep 
stress, independent of the actual test temperature. 
This conclusion is readily illustrated by differentiat- 
ing Eq. [3] with respect to the time which gives 


Q 
RT 
where 


[5] 


and comparing the result with Eq. [2]. Consequently 


° T=297.35°K 
SB = 4500 psi T =340.48°K 
0.06 
0.05 
- 0.04 
foe 
0.03 
WwW 
O02 
0.01 
27,000 


8=te 198657 (min x 


Fig. 4a—Correlation of creep strain as a function of a tem- 
perature-compensated time. 
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Fig. 4b—Correlation of creep strain as a function of a tem- 
perature-compensated time. 


the preexponential terms of Eq. [2] which depend on 
the substructure must equal /’ (4). 

Conversely if the substructure generated during 
creep under a given stress is dependent only on 6, 
the preexponential terms of Eq. [2] can be repre- 
sented by the function /’(@), as shown in Eq. [5], 
which upon integration gives Eq. [3]. Therefore the 
same substructure should be developed for a given 
creep stress at the same strain, independent of the 
test temperature within the range where cross slip 
is the rate-controlling mechanism. Two types of 
tests were employed to confirm this correlation. 

The back-reflection Debye-Scherrer radiographs 
shown in Fig. 5 were taken following creep at dif- 
ferent temperatures. Since the pinhole was small 
and the original grain size relatively large only a 
few grains exposed to the beam were oriented so as 
to satisfy Bragg’s Law. Consequently only a few 
spots appear on the Debye-Scherrer circles for the 
annealed specimen. Following creep, however, the 
individual grains became distorted causing diffrac- 
tion over a segment of the Debye-Scherrer circle. 
And within the sampling scatter, approximately the 
same type of Debye-Scherrer pattern was obtained 


o T=s2rk 
oO = 7000 psi A T=308°K 
0.30 
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LJ 
0.18 
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Fig. 4c—Correlation of creep strain as a function of a tem- 
perature-compensated time. 


for creep under the same stress to the same strain 
for both test temperatures. 

The diffuse character of the Debye-Scherrer arcs 
from a single grain are distinctly different from the 
previously reported spotty arcs’ obtained as a result 
of polygonization during creep in the dislocation- 
climb range of temperatures suggesting that the arc- 
ing in the cross-slip range of temperatures arises not 
from polygonization but perhaps from more uniform 
bending of the deformed crystals due to piled-up 
dislocation arrays. 

A more definitive result was obtained by using 
tensile tests at room temperature as a sensitive 
measure of the substructure generated during creep. 
In Fig. 6 are shown a series of stress strain curves 
from specimens that were crept under the same 
stress to a series of identical strains at two different 
temperatures. As creep continued, the flow stress in 
subsequent tension increased substantially. The in- 
crease in the tensile flow stress at room tempera- 
ture with increasing straining in the dislocation 
cross-slip region of creep is entirely consistent with 
the attendant increased arcing of the Debye-Scherrer 
spots from a single grain. Both observations sug- 


= 0.1959 
= 308° K 
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Fig. 5—X-rays of specimens crept to cor- 
responding strains at 308° and 327°K un- 
der a stress of 5000 psi. 


Annealed Unstrained 
Specimen 
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= 0.0410 T= 327° K 
€ = 0.0408 T= 306 
T= 3082 K 
; 
€ = 0.1961 


gest that the creep rate in the cross-slip region de- 
creases with time as a result of the introduction of 
additional barriers to dislocation motion during the 
course of creep. 

Within the experimental scatter the same stress- 
strain curves were obtained following the creep at a 
given stress to the same strain for each of the two 
different temperatures. These data not only reveal 
that the substructure generated during creep in the 
cross-slip region depends on the creep strain under 
a given stress but they also confirm the validity of 
Eq. [3]. 


CONC LUSIONS 


1) The apparent activation energy for creep of 
polycrystalline Al over the range from 275° to 
345°K is 27,400 cal per mole. Metallographic ob- 
servations and comparison with theoretical cal- 
culations on the activation energy suggest that the 
creep rate is controlled by the cross-slip mechan- 
ism in this range. 

2) The substructure generated during creep in 
the cross-slip region under a given stress is inde- 
pendent of the test temperature, being dependent 
only on the strain. 

3) The total strain ¢ following creep in the cross- 
slip region under a given stress is related to a tem- 
perature-compensated time, 
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Fig. 6—Stress-strain curves of crept specimens. 


where ¢ is the duration of creep, Q the activation 
energy, R the gas constant, and 7, the absolute tem- 
perature. 
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Solubility of Nitrogen in Liquid-lron Manganese Alloys 


Solubility of nitrogen in liquid itron-manganese system at 


1550°C and one atmosphere pressure has been determined by a 


R. A. Dodd 


simple method. Results show that the solubility increases from 


0.040 pct for pure iron to 1.41 pct for pure manganese. 


DeteRMINATION of the solubility of gases in vol- 
atile metals. and alloys by the well-known Sieverts* 
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method is unreliable. This is particularly true for 
the Fe-Mn system since Mn vaporizes readily from 
the alloys containing as little as 2 pct Mn, and, 
upon condensing on the cooler parts of the appara- 
tus, it absorbs large amounts of nitrogen. Further, 
the condensing Mn vapor interferes with the usual 
method of temperature measurements with an opti- 
cal pyrometer. 
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Fig. 1—Top view of apparatus without lid, thermocouple and 
nitrogen bubbling tube. A, graphite crucible; B, hole for 
alumina crucible which is C; D, holes for thermocouple and 
optical temperature measurements; E, granular alumina; 
F, silica tube, bottom closed, top open; G, induction coil. 


Published data on the solubility of nitrogen in 
these alloys are inadequate. Saito’s set of data’ is 
the only one covering the entire range of composi- 
tion but his results represented as the concentra- 
tion of nitrogen vs the composition of Fe-Mn refer 
to 100° to 150°C above the ‘‘melting point’? of the 
alloy in the range of 0 to 50 pct Mn, and 1400°C for 
50 to 100 pct Mn. He used Sieverts’ method for 
alloys containing up to 5 pct Mn, and a simple 
method of bubbling nitrogen through the higher 
manganese melts weighing 150 g and then analyzing 
the water-quenched melt. Wentrup and Reif* inves- 
tigated the solubility of'nitrogen at 1600°C in alloys 
containing up to approximately 22.3 pct Mn by equi- 
librating the melt with nitrogen and analyzing the 
samples cast in copper molds. It is thus evident 
that complete and systematic data for any one tem- 
perature are lacking. The purpose of this investiga- 
tion was therefore, to determine the solubility of 
nitrogen in Fe-Mn alloys in the range of 0 to 100 
pet Mn at 1550°C. 


EXPERIMENTAL METHOD 


The apparatus used in this investigation is shown 
in Fig. 1. The graphite crucible, A, is 1 1/2 in. 
diam and 4 1/4 in. high with three mutually tangent 
holes 3 3/4 in. deep: B, 15/16 in. diam for inserting 
a pure alumina crucible, C, 4 1/4 in. high 7/8 OD; 
D, 1/4 in. diam, one for a Pt- Pt + 10 pct Rh ther- 
mocouple protected with an alumina tube, and the 
other, for auxiliary temperature measurement with 
an optical pyrometer. A new thermocouple was used 
with each run to eliminate possible contamination 
resulting from repeated use. The crucible C was 
charged with 50 g of electrolytic iron and electro- 
lytic manganese both better than 99.9 pct pure. The 
graphite crucible, A, was then packed with granular 
alumina, E, in a silica furnace tube, F, the bottom 


234—VOLUME 221, APRIL 1961 


Mole Fraction of Mn 


0.2 0.4 0.6 0.8 
ess T T T 


O 20 40 60 80 100 
%o Mn 


Fig. 2—Solubility of nitrogen in Fe-Mn alloys at 1550°C 
and 1 atm. 


end closed, the top fitted with a cover having three 
3/8-in. holes, one for observation or sampling, 
another for the thermocouple, and the last one for 
inserting an alumina inlet tube for nitrogen. The 
system was first flushed with hydrogen and then 
nitrogen was passed through an alumina tube into 
the crucible, C, at the rate of approximately 400 ml 
per min. The charge was heated by induction with a 
coil, G, and the desired temperature was maintained 
within + 5'C. The nitrogen inlet tube was then low- 
ered about 1 to 2 mm into the melt and the gas was 
bubbled through the metal. After 30 min at constant 
temperature, the melt was sampled by sucking it 
into a 5-mmID silica tube constricted to less than 
2mm ID at 70 mm from the tip. Another sample 
was also taken 20 min after the first sample. For 
runs containing more than 80 pct Mn the melt was 
sucked into a 2 mm ID clear thin-wall silica capil- 
lary tube and immediately quenched in water. All 
samples containing more than 20 pct Mn were 
broken for visual examination and found to be sound. 
The entire individual sample was then dissolved 
and the solution was analyzed for nitrogen by the 
solution-distillation method. Duplicate samples 
agreed within +3 pct of total nitrogen contents. 


RESULTS AND DISCUSSION 


The experimental results are listed in Table I 
and represented in Fig. 2. The analyzed values are 
corrected slightly by means of Sieverts equation 
when the pressure differed more than 5 mm Hg 
from 760 mm, and in the case of Runs 8 and 9 the 
vapor pressure of manganese has been subtracted 
from the observed total pressure (Cf. Eq. [1}). 

Solubility of nitrogen in iron agrees very closely 
with the average of all available values, * extrapol- 
ated to 1550°C whenever necessary by using 10°° 
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Fig. 3—Variation of activity coefficient of nitrogen in Fe- 
Mn alloys at 1550°C. Reference state for fy is infinitely 
dilute solution in iron. 


pet N per °C. The result for pure Mn is obtained 
from a recent paper’ in which the solubility of ni- 
trogen was established with a maximum deviation 
of 8 pct from the solubility-temperature correlation 
line in the range of 1273° to 1500°C. 

Solubility of nitrogen in pure iron increases 
slightly with temperature as mentioned earlier, but 
that in pure manganese decreases.’ The solubility is 
expected to vary slightly with temperature in the 
intermediate range of composition. 

The activity coefficient, fy, of nitrogen is com- 
puted from the following equation: 


K = Pn, 


where K is 0.040, fy for pure iron is unity by the 
choice of reference state, and Py, is the pressure 
of gaseous nitrogen which is also unity. Hence the 
activity coefficient of nitrogen in liquid iron-man- 
ganese alloys is simply expressed by fy =0.040/%N. 
The resulting values of log fy are plotted versus 
manganese concentration in Fig. 3. 

The activity coefficient f,, depends on the concen- 
trations of manganese and of nitrogen. Each of these 
effects may be determined by the solubility of ni- 
trogen at various partial pressures of nitrogen, 
Py,, over every manganese-iron alloy. Various 
values of Py, can be readily obtained by diluting 
gaseous nitrogen with argon. Unfortunately, such 
results are not available as yet. 

The Wagner interaction parameters® of nitrogen 
in manganese and in iron as the infinitely diluted 
solvents, i.e. ey” and éw are obtained from Fig. 3 
by using the following equations: 


(Fe)_ [Ain 
EN = [3] 


where X is the mole fraction. The first value agrees 
well with those calculated from Saito” and Wentrup 
and Reif* and correlates well with the parameters 
for other elements.’ 
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Table |. Experimental Results 


Run No Pct Mn Pct N —log fy ** 

1 0 0.040 0 

2 3.42 0.041 0.01 
3 8.4 0.051 0.11 
4 18.3 0.101 0.40 
5 32.5 0.140 0.54 
6 49.3 0.334 0.93 
ul 76.2 0.62 1,19 
8 85.3 1.05 1.42 
on 100.0 1.41 


*Obtained from Ref. 5 with a maximum deviation of +0.01 Pct N 
between 1273° and 1500°C. 
**Reference state: f, + 1 when Pct Mn > 0. 


It has been shown elsewhere® that 


where yr. is the activity coefficient of iron in man- 
ganese and A and B are constants. According to 
Sanbongi and Ohtani,® Fe-Mn is very nearly ideal 
hence yf, is unity. It is seen from Fig. 3 that Eq. 
[4] without the terms beyond the first is obeyed 
from 0 to 10 pct Mn and likewise the corresponding 
equation log f,/Yu, = A’Xre is obeyed from 0 to 50 
pet Fe, z.e.log f, follows two straight lines in these 
ranges within experimental errors. Eq. [2] can also 
be obtained from Eq. 4 and likewise Eq. 3 from 

log = A'X 

Comparison with the data of Saito, and Wentrup 
and Reif are shown in Table II. In view of the fact 
that these investigators presented their results 
only graphically, the scaled values from their fig- 
ures at convenient concentrations are presented 
with those of this investigation. The results below 
40 pct Mn agree fairly well. Above 50 pct Mn Saito’s 
results scatter considerably and for pure Mn at 
1400°C the solubility of nitrogen is approximately 
half of the value obtained by one of the authors.” 


SUMMARY 


Iron-manganese alloys of various compositions 
ranging 0 to 100 pct Mn were equilibrated at 1550°C 
with nitrogen at 1 atm pressure. The melt was 
sucked into silica tubes of very small diameter for 


Table Il. Comparison of Results of Various Investigations on 
Solubility of Nitrogen in Fe-Mn Alloys at 1 Atm of No 


Pct N Pct N Pct N 
Pct Mn Authors Ref, 2* Ref, 3*** 

0 0.040 0.042 0.042 

5 0.044 0.049 0.060 

10 0.052 0.057 0.074 

20 0.087 0.083 0.098 
40 0.22 0.17 to 0.25t - 
60 0.43 0.30 to 0.40 = 
80 0.80 0.46 to 0.66 = 
100 1.42 0.95 to 0.99** - 


*Temperature: 100-150°C above the ‘‘melting point’’ for 0-50 pct Mn; 
1400°C above 50 pct Mn. 
**Corresponding value from Ref. 5 for 1400°C is 1.97 pct N. 
***T emperature: 1600°C. 
tTwo values are from two curves by Saito for the same set of results. 
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sampling and then analyzed. The results show that 
solubility of nitrogen increases from 0.040 pct for 
pure iron to 1.41 pct for pure manganese. Hence, 
the activity coefficient of nitrogen decreases with 
increasing manganese. The Wagner interaction 
parameter’ of nitrogen in iron and in manganese 
have been obtained. The parameter in iron agrees 


well with that computed from the data of Saito,” and 
Wentrup and Reif. 
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The Dependence of Wire Texture in Fcc Metals on 


Stacking Fault Energy 


Itis suggested that the difference in ease of cross-slip among 
the fcc metals determines the relative amounts of [111] and [100] 
wire texture which occur in each metal. Since the ease of cross- 
slip is controlled by the stacking fault energy, it turns out that the 
amount of [111] texture should increase as the stacking fault energy 


increases. Arguments and existing data are presented to support the 


above suggestion. 


Tue fcc metals generally have a dual texture, [111] 
and [100], after wire drawing. As yet no fundamental 
explanation exists concerning the variation of the 
amounts of each texture among the metals. Barrett?! 
has compiled data which show how the relative 
amounts of each texture vary from 100 pct [111] in 
the case of aluminum to 25 pct [111] for silver. In 
this paper it is suggested that the value of stacking 
fault energy plays a major part in determining the 
amount of each type of texture. 

The double texture has its origin in the classical 
rotation of a single crystal under tension. An equi- 
librium position of the crystal is one in which three 
or more equivalent slip systems are operating simul- 
taneously. Most crystals, initially, tend to rotate 
toward the [111] or the [100] pole depending upon its 
initial orientation. This single-crystal behavior is 
essentially the same as the rotational behavior of 
the polycrystalline metal as worked out by Taylor.” 

The next point to consider is whether the [111] or 
[100] orientation is more stable. There have been 
many discussions of this question* ° which, in 
general, have lead to the conclusion that [111] is 
most stable. For example, Pickus and Mathewson‘ 
suggested that a [111] texture produces more ef- 
fective flow because the [110] slip direction makes 
a smaller angle with the [111] than with the [100]. 
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A crude statistical argument will be presented which 
again favors the [111] orientation. 

In order to maintain a pure [100] wire texure, slip 
must occur in equal proportions in four of the six 
possible <110>slip directions. In order to maintain 
a pure [111] texture, slip must occur in equal pro- 
portions in only three of the six <110> directions. 
Since the <110> directions are the only slip direc- 
tions in a fcc metal and if it is assumed that each 
of these six directions is equally probable, then the 
relative probability of a [111] texture vs a [100] 
texture may be calculated. The statistical weight 
of a particular texture is the multiplicity of a texture 
times the probability of obtaining any one. The 
Statistical weight for [111] is 


Pain = 4(1/6 X 1/5 x 1/4) 

and for [100] is 

= 3(1/6 X 1/5 x 1/4 x 1/3) 
The relative probability is: 


4/1 


If no factor other than probability operated, there 
should be 80 pct [111] and 20 pct [100]. The above 
argument agrees with the conclusion of other in- 
vestigations that indicate the [111] texture is more 
likely than the [100] in all fec metals. 
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Thus, whether the metal can flow completely into 
the more stable [111] orientation or whether it flows 
with a double texture should depend on how freely 
the dislocations may move. The greater the degree 
of freedom in the motion of the dislocations, the 
more completely will the metal achieve the most 
Stable state. The extensive investigations by Seeger 
and coworkers on fcc metals” *° have shown that, at 
high strains, the ability to cross-slip is the distin- 
guishing feature among the metals. It is now well 
known that the stress-strain curve for a fcc single 
crystal has three stages. As pointed out by Seeger 
the transition from Stage II to Stage III largely de- 
pends on the ease with which a particular metal 
cross-slips. If a dislocation can cross-slip, it can 
overcome obstacles more easily so that in general 
the metal flows with less internal constraint and 
should approach the stable [111] texture more com- 
pletely than if cross-slip were not possible. During 
the wire drawing process, some points of the metal 
are in the meta-stable [100] orientation, and as the 
opportunity arises, they will, time permitting, try 
to flow into the more stable [111] orientation. Thus, 
it is expected that the rate of cross-slip would play 
a large part in determining how rapidly the entire 
metal can orient itself into the more stable [111] 
direction. 

Schoeck and-Seeger”™ have given the following 
equation for the rate of cross slip: 


= e-U/KT [1] 
Where the activation energy is: 
U = Aln T/Ty11 (0) [2] 


T is the applied stress and 771; (o) is the stress to 
produce cross-slip at 0°K. For a given amount of re- 
duction in area, in wire drawing, the applied stress 
is usually a fixed fraction of the flow stress as 
shown by the following equation for wire drawing:* 


[3] 


where D, and V are the initial and final diameter of 
the wire on passing through the die. Consequently, 
U varies essentially with A when comparing wires 
of different metal drawn to the same reduction in 
area. 


2 


A” = 0,352 Gb?/(1 + n/900) (1 + 180 y/Gb) [4] 


where nv is the number of dislocations in a pileup, 

G shear modulus, b Burgers vector, and y stacking 
fault energy. The main point is at hand, namely, that 
the physical parameter A plays the major part in 
determining the relative amounts of [111] and [100] 
texture in wire drawing, As shown by Eq. [4], an in- 
crease in stacking fault energy decreases A which 
decreases the activation for cross-slip so that [111] 
texture is more readily produced. 

Values of A have been determined recently by 
Seeger, Berner, and Wolf** for several fcc metals. 
The experiments consisted in measuring 7;;; for 
single crystals as a function of temperature and 
strain rate. The theory suggests that 2 = 20 and 
that it is about the same for all fcc metals. These 
A values and their corresponding stacking fault 
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Table | 
Metal Pct [100] Pct[111] A (ev) Ergs/cm’ Ergs/cm? 
Al 0 100 0.22 230 200 
Cu 40 60 0.38 169 40 
Ni like Cu 410 64 to 140 
Au 50 50 0.71 30 24 to 47 
Ag Ws 25 0.62 43 26 to 58 
d Brass like Ag 10 to 15 


energies are now compared with the relative amounts 
of [111] and [100] wire texture in each metal as pre- 
sented by Barrett.’ In addition, the values of the 
stacking fault energy determined by Thornton and 
Hirsch’* are added for comparison. Variation be- 
tween the values of stacking fault energy are such 
that the data on wire texture are in rather good 
agreement with the idea that metal of a high stacking 
fault energy tends to have a higher percentage of 
[111] texture. There is no doubt that better experi- 
mental values of stacking fault energy would be most 
desirable. 


The wire texture of bcc metals is in keeping 
with the general concept that the ability to cross- 
slip increases the chance of reaching the equilibrium 
state. It is well known that in general all the bec 
metals cross-slip more readily than the fcc. For 
example, wavy Slip lines in the bcc metals are one 
of the well-known indications of easy cross-slip. 
Thus, in contrast with fcc metals all the bcc metals 
have a single texture which is [110]. Even though 
the [100] texture is symmetrically disposed about 
four [111] directions, it is not found in the wire tex- 
ture of a bcc metal. 

Eqs. [1] and [2] bring to the fore other factors 
which will determine the relative amounts of [111] 
and [100] texture. The higher the temperature and 
the slower the rate of wire drawing, the larger the 
expected amount of [111]. Eqs. [1] and [2] are con- 
Sistent with a proposal by Hibbard’® that a suffici- 
ently high value of T, the applied stress, should pro- 
duce only a [111] texture. However, there is an 
upper limit to the stress that can be applied and 
still produce wire of a uniform cross-section as 
shown by Eq. [3]. 

There are other complications such as the radial 
stress distribution which gives the skin a different 
texture than the core. The initial recrystallization 
texture of the wire plays a large part as shown by 
Freda and Cullity.*” In silver and copper which had 
initially a [100] recrystallization texture, the silver 
showed a stronger tendency to form [111] wire 
texture than the copper. This tendency is contrary 
to the above theory because copper is supposed to 
have a higher stacking fault energy than silver. 
Freda and Cullity swaged their wire; the disagree- 
ment may in part have originated in the difference 
between swaging and wire drawing. The test of the 
theory will depend upon more accurate values of 
stacking fault energy and measurements of texture 
on wires with no initial texture and drawn under 
the same conditions. 

The new points that have been advanced about the 
occurrence of [111] and [100] wire texure in cold- 
drawn fcc metals are: 
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1) The [111] tends to be the major texture because 
it is statistically a more probable state of flow. 

2) Ease of cross-slip determines the rate of ap- 
proach to a pure [111] texture. 

3) As a corollary to point 2), the stacking fault 
energy plays an important part in determining rela- 
tive amounts of [111] and [100] texture in a particular 
fcc metal. 
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Effect of Hydrogen on the Tensile Properties of 


lodide Vanadium 


The tensile properties of iodide vanadium were determined 
as a function of hydrogen concentration. It was shown that the 
presence of 10 ppm H is sufficient to cause embrittlement of 
vanadium over a limited temperature vange. The temperature of 
the observed ductility minimum is approximately -100°C, this 


being a function of strain rate and hydrogen concentration. The 


A. L. Eustice 


yteld stress of hydrogenated vanadium is raised sharply in the 


brittle temperature range. 


Tue present investigation was initiated to determine 
the effect of hydrogen on the tensile properties of 
high-purity vanadium as a function of temperature 
and the role of hydrogen in the brittle-ductile tran- 
sition. Loomis and Carlson’ reported a change from 
ductile to brittle behavior in iodide vanadium at 
-—110°C with a return of ductility at temperatures 
below —140°C. Vanadium wire containing 270 ppm of 
hydrogen was brittle at room temperature while wire 
containing 100 ppm was ductile under the same con- 
ditions. Roberts and Rogers’ reported a ductile- 
brittle-ductile fracture sequence in vanadium con- 
taining 400 to 600 ppm of hydrogen. Their data show 
that hydrogenated vanadium is ductile at 150°C, 
brittle at room temperature and ductile again at 
-~196°C. Magnusson and Baldwin’ found a minimum 
in ductility in vanadium containing 80 ppm hydrogen 
from tensile tests performed at several strain rates. 
Information available on the vanadium-hydrogen 
equilibrium system * is somewhat incomplete. The 
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absorption of hydrogen is exothermic in accordance 
with the decline in solubility with rising tempera- 
ture. The limit of solid solubility at temperatures 
below 400°C has not been determined due to the 
difficulties in obtaining equilibrium at these tem- 
peratures. Data on the hydrides of vanadium are 
rather limited. Roberts” studied the structure of 
VDo.7 by neutron diffraction, and observed the or- 
dering of the deuterium atoms below -—65°C into a 
primitive cubic cell with a lattice constant about 
twice that of the disordered bcc vanadium solid solu- 
tion. 


EXPERIMENTAL PROCEDURE 


Vanadium of 99.9 pct purity was prepared by the 
iodide refining process’® for use in this investigation. 
This vanadium contained the following analyzed im- 
purities; <20 ppm calcium, 150 ppm carbon, 200 
ppm chromium, 30 ppm copper, 10 ppm hydrogen, 
200 ppm iron, <20 ppm magnesium, <20 ppm nickel, 
<5 ppm nitrogen, 150 ppm oxygen, <50 ppm silicon, 
and <20 ppm titanium. 

Specimen Preparation— Tensile specimens were 
machined from swaged rods of iodide vanadium. The 
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Fig. 1—Temperature vs ductility of vanadium at different 
hydrogen concentrations. 


diameter of the reduced section of the specimen was 
0.125 in. and the length of the reduced section was 1 
in. After machining, the specimens were polished 
with abrasive paper and recrystallized by heating in 
an inert atmosphere at 1120°C for 12 hr. The re- 
crystallized specimens exhibited a uniform grain 
size of approximately 0.5 mm diam. 

Control of Hydrogen Content-- Tensile specimens 
were annealed in vacuo (1075 mm of Hg) for 8 hr at 
900°C to remove the residual 10 ppm of hydrogen 
normally found in iodide vanadium. The desired 
amounts of hydrogen were then added to the speci- 
mens by a thermal-charging method. This method 
consisted of heating the specimen in an evacuated 
system and introducing a measured volume of puri- 
fied hydrogen gas. The specimens were held at 
800°C for 1 hr to dissolve the hydrogen and slowly 
cooled to room temperature over a period of 18 hr. 
The hydrogen content of the specimens was verified 
by vacuum fusion analysis. 

Tensile Apparatus— Tensile tests were performed 
on a screw-driven testing machine at a constant 
crosshead speed. The strain rate, calculated from 
the crosshead motion and the length of the reduced 
section, was 0.008 in. per in. per min unless other- 
wise specified. Temperatures below room tempera- 
ture were obtained by regulating the flow of liquid 
nitrogen into a cold chamber; tests above room 
temperature were carried out under an inert atmos- 
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Fig. 2—Effect of hydrogen on reduction in area of vanadium 
at different temperatures. 


phere using a resistance furnace to heat the speci- 
men. 


RESULTS 


Tensile tests were performed on vacuum-annealed 
specimens and on specimens containing varying 
amounts of hydrogen. Uniform elongation and re- 
duction in area were determined as functions of tem- 
perature at various hydrogen concentrations. These 
data are plotted in Figs. 1 and 2. It can be seen that 
50 ppm of hydrogen produces a minimum in both the 
uniform elongation and reduction in area at approxi- 
mately —50°C. An increase in the hydrogen concen- 
tration is observed to raise the transition tempera- 
ture and to increase the temperature range of em- 
brittlement. 

Load-elongation curves obtained at different tem- 
peratures for specimens in the vacuum-annealed and 
in the hydrogen-charged conditions are reproduced in 


Fig. 3. It will be noted that the load falls off almost 
to zero in the ductile region due to extensive necking. 
This makes measurement of the reduction in area of 
the specimen extremely difficult on a ductile speci- 
men. It is frequently argued that reduction in area is 
the proper measure of ductility and that uniform 
elongation is more an indication of the strain harden- 
ing characteristics of the material. However, it was 
felt that on vanadium, uniform elongation is the more 
useful property for measuring the degree of embrittle- 
ment since it is more sensitive to variations in tem- 
perature, strain rate, and impurity content. Vana- 
dium containing hydrogen does not undergo necking at 
temperatures approaching the brittle range but ex- 
hibits considerable uniform elongation. For these 
reasons elongation has been used as the criterion of 
ductility in this investigation. 

Effect of Strain Rate— The effect of strain rate on 
the ductility minimum in vanadium containing 10 ppm 
of hydrogen is shown in Fig. 4. The minimum in the 
uniform elongation vs temperature curve occurs at 
approximately —105°C for a strain rate of 
in. per in. per sec, but is shifted to a higher tempera- 
ture (—80°C) when the rate is increased to 8.3 X10°° 
in. per in. per sec. The temperature range of em- 
brittlement is also somewhat less at the higher strain 
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Fig. 3—Load-elongation curves of vanadium at different 
temperatures with and without hydrogen present. 


rate and would be expected to disappear at still 
higher strain rates as was observed by Magnusson 
and Baldwin. ° They found that vanadium containing 
80 ppm hydrogen was ductile over the temperature 
range of —200° to 200°C at a strain rate of 300 in. per 
in. per sec although exhibiting an abrupt change in the 
degree of ductility at -100°C. 

Effects of Other Impurities—A comparison of the 
effects of hydrogen with those of other non-metallic 
impurities was also of interest to this investigation. 
As shown in Fig. 5, the presence of 600 ppm of oxy- 
gen in hydrogen-free vanadium lowers the ductility at 
all temperatures investigated but does not produce 
embrittlement in this temperature range. With the 
addition of 50 ppm hydrogen to this metal, a ductility 
transition occurs at -60°C as was observed in the 
lower-oxygen metal. Specimens containing 600 ppm 
oxygen were tested in the vacuum-annealed state at 
various temperatures up to 500°C. There were no 
abrupt changes in the elongation or tensile strength 
of these specimens over the entire temperature 
range. The appearance of sharp serrations in the 
stress-strain curves at 140° to 180°C indicated that 
strain aging occurs in the high oxygen specimens at 
these temperatures. The element responsible for 
this Portevin- LeChatelier effect was not identified; 
however, the observed temperature is considerably 
below that calculated for oxygen in vanadium based 
on the relationship of Cottrell.” 
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Fig. 5—Effect of hydrogen on ductility of vanadium contain- 
ing different amounts of oxygen. 
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Fig. 4—Effect of strain rate on temperature of ductility 
minimum in vanadium containing 10 ppm H. 
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Microstructure— The microstructures of the speci- 
mens were examined before and after plastic defor- 
mation for evidence of a precipitated hydride phase 
or mechanical twins. The solid solubility limit of 
hydrogen in vanadium at ambient temperatures ap- 
pears to be greater than 100 ppm since no second 
phase is visible in the microstructure of a speci- 
men containing that amount of hydrogen. Specimens 
containing 800 ppm hydrogen show a considerable 
amount of second phase in the microstructure, pre- 
sumably a hydride. Roberts and Rogers® reported 
evidence of a hydride precipitate in vanadium con- 
taining 500 ppm hydrogen. 

Effect on Yield Stress— Yield points were observed 
on all vanadium specimens at room temperature or 
below, although at temperatures below —140°C the 
effect was often masked by discontinuities in loading 
produced by the formation of twins. Hydrogen has 
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Fig. 6—Effect of hydrogen on yield stress of vanadium at 
low temperatures. 
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little effect on the upper yield point of vanadium in 
the ductile temperature range, but in the brittle re- 
gion raises the yield point of vanadium quite mark- 
edly as is seen from the data plotted in Fig. 6. The 
solid curve represents the yield stress of vanadium 
in the vacuum-annealed state and is based on the 
data given in Table I. The dashed curve represents 
the stress at maximum load as calculated from the 
instantaneous area of the specimen at the onset of 
necking and is also based on data from Table I. The 
data points plotted in Fig. 6 show the effect of hydro- 
gen on the yield stress of vanadium in both the duc- 
tile and brittle regions. It will be noted that hydro- 
gen has little effect on the yield point of vanadium 

in the ductile range; however, in the embrittled tem- 
perature range the yield point is elevated sharply 
so that it lies well above both the yield point and 
stress at maximum load of hydrogen-free vanadium. 


DISCUSSION 


Several theories have been advanced for the hydro- 
gen embrittlement of iron and steel. One generally 
accepted mechanism described by de Kazinczy’° in- 
volves the accumulation of hydrogen in microcracks 
in the metal, developing high pressures within the 
cracks which causes them to enlarge under anapplied 
stress. The mechanism does not appear to be appli- 
cable to vanadium since it, unlike iron, is an exo- 
thermic occluder of hydrogen. 

Petch*® has postulated a mechanism of embrittle- 
ment in which the surface energy of a microcrack is 
reduced by adsorption of hydrogen. This permits the 
crack to propagate at stresses below the fracture 
stress of the pure metal. Roberts and Rogers” have 
suggested that the return of ductility in hydrogenated 
vanadium at low temperatures may be associated 
with the ordering of hydrogen in the vanadium lattice. 

The experimental results presented in this paper 
indicate that hydrogen embrittlement in vanadium oc- 
curs as the result of an interaction of the solute hy- 
drogen atoms with the dislocations at some critical 
temperature. This interaction, which is dependent 
upon strain rate and hydrogen concentration, raises 
the yield stress of the metal well above the yield 
point and maximum load of hydrogen-free vanadium 
in the embrittled temperature range. Since hydro- 
gen does not increase the yield stress of embrittled 
steel, it is apparent that a different mechanism is 
operative in vanadium. It is the conclusion of these 
investigators that hydrogen embrittlement of vana- 
dium occurs as a result of the interaction of dis- 
locations with a hydrogen atmosphere. This inter- 
action is maximum over a critical temperature range 
which varies with strain rate and hydrogen concen- 
tration. Hydrogen increases the yield stress of 
vanadium sharply in the critical temperature range 
raising it well above the maximum stress that can 
be applied to unembrittled vanadium in the critical 
temperature range. If this yield stress approaches 
or exceeds the cleavage strength of vanadium, 
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Table |. Yield Stress and Stress at Maximum Load for 
Vacuum-Annealed lodide Vanadium at Different Temperatures 


Temp., Yield Stress at 0.2 Pct Stress at Max, 
C Offset,* Psi Load, Psi 

25 17,250 28,600 
20,300 35,500 
-20 21,000 36,400 
25,000 35,500 
-50 25,900 37,700 
-60 26 ,300 41,600 
-80 34,000 45,500 
-120 48,900 53,900 
-160 69,400 75,400 
-170 76,900 86,700 
-190 78,800 88,600 
—196 86,100 91,900 


*This stress corresponds to the upper yield point where one was ob- 
served, 


brittle fracture should occur after a small amount 
of plastic deformation by the formation and propa- 
gation of cracks in the most favorably oriented 
grains. 


SUMMARY 


Small amounts of hydrogen produce embrittlement 
of iodide vanadium metal over a limited temperature 
range. Data from slow tension tests showed a duc- 
tility minimum at approximately -100°C for metal 
containing 10 ppm of hydrogen. The temperature of 
minimum ductility is dependent upon hydrogen con- 
centration and strain rate. Hydrogen raises the 
yield stress of vanadium quite markedly in the em- 
brittled temperature range. The brittle behavior of 
vanadium at these temperatures is attributed to this 
yield point phenomenon. 
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The Free Energy of Formation of CdSb 


The vapor pressure of Cd in equilibrium with CdSb in the 
presence of excess Sb has been measured using the Knudsen 
effusion method over the temperature range 276° to 379°C. 
The free energy of formation of CdSb is given by 


AF® =—-1.58 + 1,53 x 107-4 T, kcal per mole. 


The enthalpy and entropy are obtained from the temperature 


coefficient of the free energy. 


Capmium and antimony have almost imperceptible 
mutual solid solubility but form a single stable inter- 
mediate phase, CdSb. This phase, according to Han- 
sen,? extends from about 49.5 at. pct to 50 at. pct Cd 
at 300°C and has the orthorhombic structure. The 
free energy of formation of CdSb can be calculated 
from the vapor pressure of Cd for compositions 
which contain less than 49 at. pct Cd. The appropri- 
a reaction and formulae are given by Eqs. [1] and 
[2]. 


CdSkis) Cdig) + [1] 


Since Sb is in its standard state, 


AF = NegdFea NcqghT In aca = NeqRT [2] 

In Eq. [2], P, is the vapor pressure of Cd in equi- 
librium with the alloy, and P° is the vapor pressure 
in equilibrium with pure solid Cd. It is implicit in 
this calculation that the free energy only slightly 
changes within the narrow limits of the single phase 
field. Thus, the value obtained from the antimony- 
rich boundary is truly representative of the stoi- 
chiometric compound. The results reported herein 
are obtained from a mixture near the eutectic com- 
poSition, z.e. 59 at. pct Sb. 

Only two previous investigations?» of the free 
energy of formation of CdSb have been made. Both 
relied upon the electromotive force method, and 
measurements were made over relatively narrow 
temperature ranges which strongly influences the 
reliability of the values of AH and AS. 


EXPERIMENTAL 


The eutectic composition is prepared by fusing 
reagent grade Cd and Sb by induction heating in 
vacuo with the starting materials held in a graphite 
crucible having a threaded lid. The material ob- 
tained from the initial melt is pulverized, sealed 
under high vacuum in a pyrex capsule, and annealed 
at 420°C for two weeks. X-ray analysis gives the 
following lattice parameters: a = 6. 436A, =8. 230A, 
and c = 8.498A using Cu Ka radiation with A= 
1.54056. These values are in fair agreement with the 
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results previously reported by Almin:* 7.e. a = 
6.471A, b =8. 253A, and c = 8.526A. 

Vapor pressures are measured using an apparatus 
which has been described elsewhere,° however, with 
a single important modification. Knudsen effusion 
cells are made of pyrex with knife-edged orifices 
made by grinding the convex surface of the lid on 
#600 emery paper. Photographs taken at known mag- 
nifications using a Leitz metallograph enable the de- 
termination of the orifice area. Numerous calibration 
measurements of the vapor pressure of pure Cd give 
close agreement with values previously reported®® 
thus indicating that no significant error can be 
ascribed to the substitution of glass cells for metal 
cells used in previous work. Because the vapor pres- 
sure of Cd is reliably established and because it is 
difficult to obtain Clausing factors for the glass cells, 
the final values used for the orifice areas are cal- 
culated from the calibration measurements of the 
vapor pressure of pure Cd. 

Effusion runs are started in an atmosphere of 
purified helium which is quickly evacuated as soon 
as the cell attains thermal equilibrium. Less than 
one minute is necessary to obtain high vacuum after 
evacuation begins, and the temperature seldom varies 
by more than 0.5°C from the value obtained prior to 
pumping out the helium. 


RESULTS 


The results of this investigation along with other 
pertinent data are tabulated in Table I. Fig. 2 is the 
familiar graph of log P against T-1!°K. 

At least mean squares analysis of the data pre- 
sented in Table I yields the following equation: 


log;)P = 8.790 - 6472 x [3] 


The deviations of the individual measurements from 
the values calculated with Eq. [3] are given in column 
six of Table I; the average deviation is 4.0% of the 
calculated value. 

Although the partial molal properties change sig- 
nificantly with composition within the single phase 
region, the integral thermodynamic value should re- 
main relatively constant. Hence the results of the 
following calculations, which use the data obtained 
for the eutectic composition, are probably repre- 
sentative of the equi-atomic compound. Eq. [4] de- 
scribes the vapor pressure of pure Cd as a function 
of temperature and may be combined with Eq. [3] to 
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1.50 1.54 1.58 1.62 1.66 1.70 1,74 1.78 1.86 
T Ux 101° 


Fig. 1—The vapor pressure of Cd, expressed in mm of Hg, 
in equilibrium with CdSb as a function of temperature. 


give Eq. [5] thereby giving the free energy of forma- 
tion of the compound which can be differentiated to 
give AH and AS in the temperature range of the 
actual measurements. 


logipP° = 8.723 — 5781 x [4] 
AF = 2.3N¢4RT(0.067 691 x 

= ~1.58 + 1.53 x 10-7 kcal [5] 
AH = -2.3RNcq X 691 = -1.581 kcal (6] 
AS = -2.3RNcq X 0.067 = -0.16 e.u. [7] 


Heat capacity measurements of solid CdSb have been 
made by Kubaschewski,’ and from these data a value 
of ACy equal to 0.2 cal per °C has been calculated.® 
This value is used in Eqs. [8] and [9] to obtain the 
integral values of AF, AH, and AS at 298°K. 


298 
298 
ASoog =ASp + [9] 
A = SH 29g — [10] 


The final results calculated with the foregoing equa- 
tions are listed in Table II and are compared with 
the values recommended by Hultgren® based upon 
the work of Seltz and DeHaven.’ 


DISCUSSION 


An independent method of checking the accuracy of 
the results reported above is to compare AF at the 
liquidus temperature with the values derived from 


Table II 
IP ONS AF, Cal AH, Cal AS, e.u. Investigator 
298 =1553'+ 45 -1641 + 125 -0.30 + 0.25 present work 
298.15 -1555 -1720 -0.55 Ref, 6 
600 -1489+ 45 -1581+125  -0.16+0.25 present work 
687 -1390 -1630 -0.36 Ref. 6 
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Table |. Experimental Results 


Orifice Area 


x 10°, Cm? Aw, Mg At x 10-*, Sec P, mm AP % 
549.3 2.021 0.67, 8.34 9.78 x 10-* -4.1 
556.0 2.021 0.96, 12.48 1.45 x 107° 2.6 
565.5 2.021 9.12 2.32 x 10-° 4.7 
571.6 2.021 1.94, 14.28 2,61) = 
585.0 2.021 1.90, 7.08 
587.1 0.7868 10.68 6.61 3.4 
599.8 0.7868 2.39, 10.80 11.4 
615.1 0.7868 4.21, 10.92 197 x 10 6.1 
627.6 0.7868 3.24, 5.88 2.84 x 107? Dail! 
628.4 0.7868 4.08 2.80 x 107? 
639.6 0.7868 4.08 2.5 
650.2 0.7868 4.87, 3.48 4.7 
652.3 0.7868 4.62, 3.48 6.98 x 107? -5.4 


the measurements made on liquid alloys.®° This 
calculation requires subtracting the free energy of 
melting pure Cd, AF,,,, at the eutectic temperature 
from AF, for the liquid phase as shown by Eqs. 
[11], [12], and [13]. 


Tm 
AS, =AS, + AC,dinT [11] 
Te 
Tm 
AF, = 4S,,dT [12] 
Te 
AF =AF, + AF,, [13] 


where the subscripts 7, s,m, and e stand for liquid, 
solid, melting, and eutectic, respectively. Eq. [13] 
gives the partial molal free energy, AF)’, of Cd in 
the liquid state referred to the solid as the standard 
state. The value of AF; at the eutectic temperature 
is calculated taking AH; = -1060 cal. and AS; = 
1.85 e.u. These quantities are obtained by interpolat- 
ing with respect to composition the data reported by 
‘‘Selected Values.’’® At the eutectic temperature 
AFy' is found to equal —2690 cal. as compared to 
-2941 cal. obtained using Eq. [3] and [4]. Considering 
the uncertainty in AH and AS and noting that these 
parameters must be interpolated to the eutectic com- 
position for the liquid alloys, the agreement seems 
good. 
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Easy Glide and Grain Boundary Effects in 


Polycrystalline Aluminum 


Tensile data for coarse grained aluminum polycrystals 
suggest that the ‘‘gvain size’’ effect is not due to dislocations 


piled up at grain boundaries but rather is primarily a relative 


Robert L. Fleischer 


size effect due to surface crystals being weaker and less con- 


fined. 


S rupres directed at interpreting hardening of poly- 
crystalline metals normally identify their strain 
hardening properties with those in some particular 
type of single crystal.'~* The recent recognition in 
face centered-cubic metals of a nearly linear stage 
with rapid hardening occuring at comparable rates 
for both polycrystals and single crystals, suggested 
that the same process or processes determine both 
cases and hence that there exists some justification 
for the use of single crystals to understand poly- 
crystals. 

Further evidence for the above view may be found 
by an approach initiated by Chalmers:° By using 
bicrystals of controlled orientation it is possible to 
begin to assemble a polycrystal and also to study 
grain boundary effects in detail. In this way it has 
been found that a single grain boundary affects easy 
glide but not the subsequent stage II hardening.° 
This result suggests that a sensitive way to observe 
grain boundary effects in polycrystals would be to 
vary grain size and measure easy glide. As will be 
seen, easy glide is only possible for coarse-grained 
samples, and hence the results will serve to fill in 
the gap in measurements between single crystals and 
bicrystals on one hand and fine-grained polycrystals 
on the other. 

One problem inherent in comparing single crys- 
tals with polycrystals is the uncertainty as to what 
slip systems are acting in a polycrystal. To com- 
pare the two types of samples, rates of shear hard- 
ening on the acting planes are needed, and these 
may be computed only if it is known what particular 
systems are active. The acting systems were ex- 
amined for a coarse-grained polycrystal and it will 
be shown that the systems supplying the preponder- 
ance of slip can be determined with little ambiguity. 


EXPERIMENTAL PROCEDURE 


Twelve samples of aluminum were prepared by 
chill casting into a heated graphite mold, followed by 
annealing at 635° + 5°C for 24 hr with an 8-hr fur- 
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nace cool, and finally either etching” or electropol- 
ishing.° 

The samples, with a 7 to 10 cm length between 
grips and 4.4 by 6.6 mm in cross section, were de- 
formed at a strain rate of about 3-10°° per min ina 
tensile device which has been described elsewhere.° 
The composition was reported by Alcoa as 99.992 
pet Al, 0.004 pct Zn, 0.002 pct Cu, 0.001 pct Fe, and 
0.001 pct Si; nine samples were deformed while im- 
mersed in liquid helium and three in air at room 
temperature. 

The stress-strain curve for one of the samples 
(P-1) deformed at 4.2°K has been reported previ- 
ously.° This sample was selected for determination 
of active slip systems. Eighteen of the crystals were 
examined by optical microscopy to determine the 
angles of slip line traces and by X-ray back reflec- 
tion to determine orientation. By this means the 
slip planes were determined and the resolved shear 
stress factors for possible slip systems could be 
computed. 

Finally each sample was sectioned so that after 
etching, the number of crystals could be counted for 
each of ten newly exposed surfaces. The average of 
these ten values will be termed 7, the number of 
crystals per cross section. Values of n, varied from 
1.9 (nearly bamboo structure) to 12.7. Sketches of 
typical cross sections appear in Fig. 1. 


RESULTS AND DISCUSSION: SLIP SYSTEMS 


1) Determination of Acting Slip Planes—The stress 
axis orientation and operative slip planes in eighteen 
crystals of sample P-1, as determined by slip line 
traces and crystal orientation, are summarized in 
Fig. 2. For one of the crystals two planes had a 
common trace, so that the traces alone did not dis- 
tinguish which plane or planes were slipping. How- 
ever it was found that the stress resolving factor 
for the primary system was 0.386, while that for the 
most stressed system in the other plane (indicated 
by the dotted arrow) is 0.138. It will be assumed 
therefore that only the primary plane acted. Since 
the orientations were determined after extending the 
samples 4 pct, the stress axes may be rotated from 
their original value by as much as 2 deg in some 
cases. ‘ 

It is interesting to note that in five crystals only 
one slip plane acted, in eight two acted, and in five 
three planes were observed—an average of two slip 
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Fig. 1—Sketches of typical cross sections of samples 
having different numbers of crystals. 


planes per crystal. In all crystals the most stressed 
plane slipped; and where only two slip planes acted, 
the second one was usually that with the next highest 
shear stress factor, although in one case (111) acted 
when (111) was more highly stressed. 

2) Determination of Acting Slip Systems—To com- 
pare the hardening of a single crystal with that of a 
polycrystal it is necessary to know the shear stress 
T as a function of shear strain y for both samples. 
The shear stress is related to the measured tensile 
stress o and strain € by the shear stress factor m 
such that T= mo and y=e/m, so that dt/dy = m?do/de. 
Since the hardening (dt/dy )» for a polycrystal is 
expected to be at least as large as that (dt/dy), for 
a single crystal, 


(dt/dy)p > (at/dy), 
and hence 
m > Vdt/dy), (da/de [1] 


eq. [1] sets a lower limit on m for the polycrystal 
and allows therefore a comparison with the values of 
m expected from various assumptions as to what 
systems slipped in sample P-1. 

The reasoning just given is applied in Table I: 

The polycrystal tensile hardening do/de is 110 kg 
per mm’; single-crystal values of shear hardening 
(from the same aluminum deformed in the same 
tensile device) fall in two groups: 19.3 + 2 and 27.0. 
For the shear hardening to be at least as large in 
the polycrystal as in the single crystals, m is there- 
fore greater than 0.418 or 0.495. The rest of Table I 
indicates the average values of m derived from the 
orientations of the crystals under various assump- 
tions concerning what slip systems act. 

If only the primary system in each crystal supplies 
slip, mis 0.466. This is clearly an overestimate of 
m since slip lines were seen on other planes. mis 
0.447 if the most favored system in each observed 
slip plane is slipping. This value is lowered to 0.430 
if the next favored direction in the primary plane is 
allowed to act in only the crystals showing a single 
active slip plane; mis further lowered to 0.406 if in 
all crystals this next favored system is allowed to 
slip. If the five most favored systems slip equally, 
m= 0.32.7 

It can readily be seen that assumptions of two to 
three slip systems per typical crystal are consistent 
with the value of m= 90.418 derived from a shear 
hardening rate of 19.3 kg per mm?. No values are 
consistent with the higher single-crystal hardening 
rate 27 kg per mm?. Hence it is concluded that 
fewer than three slip systems supply the preponder- 
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Fig. 2—Stress axes and active slip planes for crystals in 
sample P-1 having ” = 3.8. Downward arrow indicates slip 
on (111). Arrow at 45 deg indicates slip on (111). All crys- 
tals slipped on (111). See text for explanation of dotted 
arrow. 


ance of slip in an average crystal of sample P-1 and 
that the polycrystal hardens at the same rate as the 
lower hardening group of single crystals. 

Although the preceding discussion has tacitly 
assumed that equal amounts of slip occurred on all 
the active systems and that the same hardening rate 
applies to each system, it has been suggested® and 
shown’>?° that for small strains slip may in fact be 
predominantly on the plane with the highest shear 
stress factor. Allowing for this behavior would lead 
to a somewhat larger value of m and hence to a still 
smaller number of significantly active slip systems. 

In the following section the value of m (= 0.42), 
which was just justified, is used in comparing re- 
sults of polycrystals with single crystals and bi- 
crystals. 


RESULTS AND DISCUSSION: STRESS-STRAIN 
CURVES 


1) Hardening—Figs. 3 and 4 show typical stress- 
strain curves at 295° and 4.2°K for samples having 


Table |. Determination of Shear Hardening Rates (d7/dy) 
for Polycrystal P-1 under Various Assumptions Concerning 
the Acting Slip Systems. P-1 was Deformed at 4.2°K 


Average 
Average Number 
da/dé d1/ dy Value of Slip Assumption in 
(kg/mm?) (kg/mm’) m Systems Value of m 
27.0 Single crystal values 
110 19:3 0.418 - m chosen to agree with 
110 27.0 0.495 - single crystal values 
110 24.0 0.466 Only primary system acts* 
110 QIN 0.447 2 Most favored system in 
each active plane acts* 
110 20.5 0.430 2-3 At least two systems 
act; see text* 
110 18.2 0.406 3 Three most active sys- 
tems in known planes act* 
110 BIBS} 0.32 5 Five most stressed sys- 


tems act’* 


*m values derived from measured orientations of crystals. For each 
crystal equal slip and equal hardening rates on all active systems are 
assumed. 
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Fig. 3—Stress-strain curves at 295° K for polycrystals 
having various numbers of crystals per cross section. 


different numbers of crystals per cross section. 

A noteworthy behavior at 4.2° is the region of in- 
creasing slope for small values of n. This is be- 
lieved to be a result of easy glide occurring across 
part of the samples: In the case of the bamboo-type 
sample (7 = 1.9) this is expected, but the initial 
lower slope region exists also when there are no 
cross sections which contain only one crystal. The 
slope at the first point of inflection will be termed 
(do/ dé) min, the highest subsequent slope (do/de),..,. 
Where there exists no point of inflection, (do/de) «in 
equals (do/de),,,, and the value is taken from the 
earliest nearly linear portion of the curves. As Fig. 
3 shows, at room temperature no easy glide be- 
havior was observed. 

On Fig. 5 are plotted the maximum and minimum 
hardening rates for all the data at 4.2° along with 
some results from other studies: Five values are 
from results on single crystals and bicrystals® and 
two others are from two Studies including fine- 
grained aluminum.’’’” It can be seen that the easy 
glide behavior is detectible only for less than eight 


Fig. 5—Effect of the number of crystals per cross section 
on the maximum and minimum hardening rates. Points 
marked FB, HFB, and CH are from Refs. 6, 11, and 12. 
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Fig. 4—Stress-strain curves at 4.2°K for polycrystals 
having various numbers of crystals per cross section. 


crystals per cross section. The other polycrystal- 
line results all fall reasonably close to a line with 
a slight positive slope extending from single-crys- 
tal results to those for samples having 120 crystals 
per cross section. The higher range of values pre- 
viously observed by single crystals and bicrystals® 
is about the same as that for the fine-grained sam- 
ples by Carreker and Hibbard,” as indicated by the 
horizontal dotted line. (It should be pointed out that 
the result from Ref. 12 was obtained at 20°K rather 
than 4.2°K; the error from this difference should 
be small.) 

In Fig. 6 is plotted the flow stress at an arbitrary 
tensile strain of 1 pct as a function of number of 
crystals per cross section. This stress increases 
with the number of crystals per cross section at 
both temperatures. Portions of each curve are 
marked as being described by a power law. Stress 
proportional to (grain diameter)~1/2, such as would 


9600 


4800 


2400/-— 


(on 

'% 
gm * 
(~~ 2) 600 


3004 
128, 256) 1024: 


4800/- 


2400 


'% 1200 


gm 
600 


a 
(b) 
4 161) 32, 4128 1024: 
n 


Fig. 6—Effect of the number of crystals per cross section 
on the flow stress for a strain of 1 pet at 4.2° and 295°K. 
Points marked FB, HFB, and CH are from Refs. 6, 11, and 
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be expected from dislocation pileups,1* would cor- 
respond to 0 ~ n°? which only crudely describes a 
portion of the data at room temperature and is 
completely unsatisfactory at 4.2°K. (A relation with 
the stress equal to a positive constant plus a term 
proportional to (grain diameter)~1/? is even less ac- 
curate.) Hence a model describing the flow stress 
as determined by the grain diameters limiting the 
length of dislocation pileups must be regarded as 
equally unsatisfactory. 

The view taken here is based on two consistent 
observations: 1) In agreement with the observations 
of Pell-Walpole™* the flow stress appears to depend 
on the number of crystals in the cross section 
rather than the crystal size. 2) For bicrystals 
there is a layer adjacent to the free surface which 
deforms as though it were a single crystal.®° These 
statements together suggest that in an aluminum 
polycrystal the grain size effect is predominantly a 
result of the easier slip due to the surface crystals 
being less confined. The familiar ‘‘orange peel’’ 
effect—rumpling of the surface of a polycrystal— 
may be regarded as evidence of easier flow near the 
free surface. On a similar basis Gensamer” has 
suggested that for samples with many crystals per 
cross section there should be no grain size effect. 
His speculation is in agreement with the observa- 
tion here that as the number of crystals per cross 
section is increased, the flow stress increases 
progressively less rapidly. 

As long as a region of easier flow does in fact 
exist at the surface, it would be more logical to 
describe decreasing number of crystals per cross 
section as weakening a polycrystal, rather than de- 
creasing grain size as causing strengthening. If one 
assumes the load on a polycrystal is supported 
partly by an outer skin with stress 0, character- 
istic of surface crystals and having thickness ad 
(where d is a grain diameter and a is a constant less 
than 1.0) and partly by the rest of the sample with 
a stress Op characteristic of an infinitely large poly- 
crystal, then the stress o on the sample as a whole 
is given by Eq. [2]: 


Gs) = (4Nn) (1 - @/vn) [2] 


Here 7 is D?/d*, where D is the sample diameter for 
a circular cross section or sample thickness for a 
square one. Since this equation assumes there are 
interior, confined crystals, reference to Fig. 1 in- 
dicates it should cease to be valid for less than 8 to 
10 crystals per cross section. Using the value 0.7 
for a (appreciably larger than the average value 0.4 
found by bicrystals®), and using a value of 0, from 
crystals, the behavior of Eq. [2] is indicated by 
dotted lines in Fig. 6. For 7 less than 8, a straight 
line was used ending at the value® of 0,. Op was 
assumed to be 7 kg per mm? at4.2° and 3.2 kg per 
mm? at 295°. The calculation is in reasonable agree- 
ment with the assembled data, but neither data nor 
calculation are sufficiently complete for a critical 
evaluation of the idea involved. 

Other evidence strongly supports the point of view 
used here: If the surface layers reach a stress of 
only o, during tensile deformation, then on subse- 
quent unloading they will be forced into compres- 
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sion. Wood and Smith’* have observed such a com- 
pressive stress in surface layers of aluminum, and 
Barrett!” has suggested that the effect may be due to 
surface crystals having lower yield stresses than 
interior ones. 


CONCLUSIONS 


1) For very coarse-grained polycrystals, in which 
all crystals have some free surface, a maximum of 
two or three slip systems supply the vast majority 
of slip. Although some slip on additional systems 
is not ruled out, its amount must be small. 

2) At 295° and 4.2°K there is a strong effect of 
the number of crystals (x) per cross section, on the 
hardening of polycrystals of aluminum, the effect 
being most marked for small n. 

3) For fewer than eight grains per cross section, 
easy glide is possible at 4.2°K. 

4) Pileups of dislocations at grain boundaries are 
of little direct importance in determining the flow 
stress of aluminum at 295° and 4.2°K. 

5) The ‘‘grain size’’ effect is probably a ‘‘num- 
ber of crystals per cross section’’ effect caused by 
the surface crystals hardening less rapidly than 
their interior neighbors. 

The last two conclusions should be limited some- 
what by noting that in small enough crystals the 
separation of grain boundaries becomes comparable 
with that of barriers within the crystal.* When this 
is the case, a true grain size effect should be pre- 
sent, and pileups at grain boundaries should be im- 
portant. 
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A Study of the Spectral Emissivities and Melting 


Temperatures of Osmium and Ruthenium 


The variation of the spectral emissivity of osmium and 
ruthenium with temperature can be expressed by the following 


relations: 


Osmium, = 9510 


LOZ = 0.655 


T (0.840 T + 157.8) 


Ruthenium, log = 9510 


A= 0.655 


where T is the absolute temperature. 


0183 
17250) 


R. W. Douglass 


The melting temperatures of osmium and ruthenium were 


determined as 3010°+ 10° and 2250°+ 10°C, respectively. 


Durine a study of the sintering characteristics of 
osmium and ruthenium, discrepancies in the previ- 
ously accepted melting points of the metals were 
noted. The melting temperatures had not been meas- 
ured at the time of the work, but were estimated in 
the literature as 2700°C for osmium and 2450°C for 
ruthenium.’ A recent investigation by Baird? has 
shown the melting temperatures of osmium and 
ruthenium are 3000° and 2250°C, respectively. In 
the present work, osmium bars sintered at tem- 
peratures as high as 2900°C showed no evidence of 
melting, whereas ruthenium showed definite evidence 
of melting at temperatures as low as 2250°C. In 
view of the apparent discrepancies, the melting tem- 
peratures of both metals were determined. 

The spectral emissivities of both metals were de- 
termined as an aid to studies of the sintering char- 
acteristics of these metals. 


MATERIALS AND PROCEDURES 


The materials used in these studies were metal 
powders supplied by Englehard Industries, Inc., 
through the courtesy of The International Nickel Co. 
Analytical data from three laboratories, although 
not in complete agreement as to the purity of the 
material or the major impurity elements, indicated 
that the maximum impurity levels were 0.5 and 1.0 
wt pct in osmium and ruthenium, respectively. 

The metal powders were pressed to 1/4 by 1/4 
by 6-in. bars at 20Tsi using carbon tetrachloride 
as a lubricant. The pressed bars were presintered 
1 hr at 1200°C after heating 1 hr at 400°C. The 
presintered densities of the several bars of the 
metals ranged from 65 to 80 pct of ideal density. 
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Specimens were self-resistance heated in a vac- 
uum Sintering bell. Temperatures were measured 
with an L&N, disappearing filament optical pyro- 
meter. True temperatures were read at the base of 
an 0.30-in.-diam, 0.150-in. deep hole drilled into 
the center of a presintered bar. Apparent tempera- 
tures were read from the surface of the bar adja- 
cent to the hole. 


MELTING POINT DETERMINATION 


The melting temperature of the metals was de- 
termined as the temperature at which a slight ad- 
ditional increase in current through the specimen 
resulted in a reduced temperature at the base of the 
hole. The apparent reduction in temperature is a 
result of the liquid metal filling the hole, thus alter- 
ing the black-body conditions. The melting points 
of osmium and ruthenium, based on three deter- 
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Fig. 1—Relation of apparent temperature to black-body 
temperature for osmium 
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Fig. 2—Relation of apparent temperature to black-body 
temperature for ruthenium. 


minations for each metal by this technique, are 
3010° + 10° and 2250° + 10°C, respectively. These 
values are in close agreement with the values of 
3000° and 2250°C for osmium and ruthenium, re- 
ported by Baird.’ 


SPECTRAL EMISSIVITY DETERMINATION 


As an aid in determining the true sintering tem- 
peratures of bars scheduled for subsequent fabrica- 
tion, the spectral emissivities of both metals were 
determined as functions of temperature. The ap- 
parent temperature and corresponding true tem- 
perature were measured during the sintering of 
each metal. These data, recorded for several sin- 
tering runs at various temperatures, are presented 
graphically in Figs. 1 and 2. 

The data for both metals describe a straight line 
up to the highest sintering temperatures. The equa- 
tions of the best straight lines, calculated by the 
least-squares method, are: 


Osmium Tapp = 0.840 T+ 157.8 
Ruthenium Tapp = 0.817 T+ 172.0, 


were the temperature is in degrees Kelvin. Apply- 
ing Wein’s law to the true temperatures and surface 
temperatures, and taking the ratio of radiant inten- 
sities from each source,” the following relations are 
derived for the spectral emissivities of osmium and 
ruthenium: 


157.8 — 0.160 T 
Osmium _ 9910 (0.840 T + 


172.0 -0.183 T 
Rethenium logro€, _ 4 9510 | 7 (0,817 T + 172.0). 
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Fig. 3—Effect of temperature on the emissivity of ruthe- 
nium and osmium. 


The variation of the emissivity of each metal with 
temperature is shown in Fig. 3. It can be seen that 
both curves shown a minimum in the emissivity- 


temperature curve; these appear at 2060° and 


1910°K for osmium and ruthenium, respectively. 
The minimum in the emissivity-temperature curve 
led to doubt of the validity of Wein’s law, which is 
a Special case of Planck’s radiation law, at elevated 
temperatures. Weber,* however, reports that Wein’s 
law is valid for X T < 0.3 cm degree, which is valid 
for the temperature range covered in this investiga- 
tion. The obServed minima in the curves area 
direct result of the substitution of a straight-line 
relation of the type Tapp = mT + 0 into the expres- 
sion for spectral emissivity; however, the straight- 
line relations are certainly well supported by the 
experimental data. There appears to be no readily 
apparent reason for the unusual values of the emis- 
sivity of both metals above 2000°K. 
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Ettect of Copper on the Corrosion of High-Purity 


Aluminum in Hydrochloric Acid 


Single-phase aluminum containing 0.0001 to 0.06 pct Cu was 
Studied in strong acid, mainly through observations of hydrogen 
evolution. The strong influence of copper was exerted almost en- 
tirely through the imposition after a certain delay time of an auto- 


catalytic localized-corrosion reaction. Additions of cupric ion to 
the acid produced lower accelerations. The significance of the 
quantity and distribution of copper was discussed, and the implica- 


M. Metzger 
G. R. Ramagopal 


tions for intergranular corrosion and neutral chloride pitting were 


indicated. 


An investigation of intergranular corrosion in 
Single-phase high purity aluminum exposed to hy- 
drochloric acid indicated the copper content of the 
metal to have an influence on corrosion at lower 
levels than previously suspected.’ The work re- 
ported here was a closer examination of the action 
of copper but dealt with general corrosion to gain the 
advantage of having a continuous measure of corro- 
sion through the volume of hydrogen evolved, the 
reduction of hydrogen ion to hydrogen gas being the 
principal or only cathode reaction in strong hydro- 
chloric acid. 

Previous work on the hydrochloric acid corrosion 
of aluminum was sometimes insufficiently structure- 
conscious and the need for care in evaluating it 
arises from the low solubility of the iron impurity,” 
and of some alloying elements, and the known or 
possible presence in many of the compositions 
studied of second phases leading to greatly increased 
corrosion rates.*° These increases are attributed to 
the presence of low hydrogen-overvoltage cathodes 
provided by the second phase.*’* For the present 
single-phase work, a few studies which used high- 
purity base material and small copper additions®~’ 
provide the essential information most unambigu- 
ously. The corrosion rate was shown to be increased 
markedly by the introduction into the acid of small 
quantities of the ions of copper (and of certain other 
metals) which cement on the aluminum and provide 
cathodes of low overvoltage.° When there was suf- 
ficient copper in the aluminum, the same result was 
produced during the course of corrosion leading to a 
rate which increased with time as the reaction was 
stimulated by one of its products (autocatalytic re- 
action). In 2N (7pct) HCl, an accelerating rate was 
observed at 0.1 pct Cu but not at 0.01 pct.>” 

The present work dealt with corrosion rate and 
morphology and their correlation with the quantity 
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and distribution of copper catalyst for copper con- 
tents from 0.0001 to 0.06 pct. 


PROCEDURE 


A lot of high-purity aluminum containing 0.0021 
pet Cu, 0.001 pct Fe and 0.003 pct Si (Alloy A) was 
alloyed with copper to yield aluminum containing 
0.014 pct Cu (B) and 0.06 pct Cu (C). Later it was 
found necessary to include the lower copper Alloy 
K which contained 0.0001 pct Cu, 0.0004 pct Fe and 
0.0004 pct Si. The upper limit for any other element 
can be confidently estimated as 0.0005 pct. No ele- 
ment other than copper appears to be present in 
quantities sufficient to have an effect on general 
corrosion as great as the observed effect of the 
copper in A, B, and C. The only other heavy metal 
detected by spectrographic examination was silver 
(< 0.0001 pct). 

The acid was made up from a selected lot of 37 1/2 
pet CP hydrochloric acid containing 0.1 ppm heavy 
metals (mainly Pb), 0.05 ppm Fe, and < 0.008 ppm 
As and from water distilled from 1 megohm-cm 
demineralized water and believed to have contained 
negligible quantities of heavy metals influencing 
corrosion. Acid strength was adjusted to within 
0.05 pet HCl of the stated value by uSing precision 
specific gravity measurements. 

Test blanks 10 by 41 mm were sheared from 1.65- 
mm cold-rolled sheet. Edges were finished by filing. 
The blanks were annealed in air at 645°C for 24 hr 
in alundum boats and rapidly water quenched. The 
anneal is thought to have produced a substantially 
homogeneous solid solution—for iron, copper, or 
Silicon, for example, the annealing temperature was 
200°C or more above the solvus-and the quench is 
considered to have preserved the high-temperature 
structure except for the condensation of lattice va- 
cancies into dislocation loops.* The 0.06 pct Cu alloy 
did not appear unstable in respect to slow precipita- 
tion reactions at room temperature since two pairs 
of tests failed to show significant differences be- 
tween specimens heat treated 3 1/2 years earlier 
and specimens heat treated 1 or 2 days before, 
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fe} 50 100 150 
Hours in 16.0% HCl 


Fig. 1—Volumetric corrosion tests in 16’pet HCl which 
compare the effect of adding cupric ion to the acid with the 
effect of adding copper to the alloy. The arrows indicate 
the times at which the localized corrosion trench pattern 
was detectable with a X5 hand lens. 


The stripping of the oxide film during the test was 
facilitated by the use of a preliminary 6-min etch in 
concentrated (37 1/2 pct) HCl which produced 0.01 
to 0.02 pct weight loss. This etchant was used be- 
cause of its low metal ion content in preference to 
others which could have accomplished complete 
film removal. That cementation of foreign metals 
from the etchant will influence the corrosion test is 
a clear danger in a system as sensitive as the one 
under study and has been demonstrated with dilute 
HgCle solutions.° 

The course of corrosion was followed by collect- 
ing the hydrogen evolved above the acid in a cali- 
brated 12-mm Pyrex tube the lower end of which 
contained the specimen and was fixed below the 
surface of some acid in a beaker (no stirring). 
Temperatures varied from 22.5° to 24.5°C and 
were monitored for reference since there was a 
smaller range in any one test. Gas volumes were 
corrected to hydrogen volumes under standard con- 
ditions (NTP). Tests were terminated at 100 ml 
(5 pet weight loss) at which point the hydrogen col- 
lected was equivalent to a quantity of trivalent 
aluminum varying from 83 to 87 pct (in 28 to 38 day 
runs) to 95 to 98 pct (in 2-4 day runs) of the weight 
loss measured directly. The solubility of hydrogen 
in the acid would yield a discrepancy of 4 pct at 
saturation; the remainder was attributed to loss to 
the atmosphere. 

A number of specimens were exposed in beakers 
to 200 ml of acid at 24.0° + 0.3°C for qualitative 
observations of hydrogen evolution (with the aid of 
a strong beam of light in a dark room), morpholog- 
ical observations at magnifications up to X25, and 
weight loss. The large number of such tests on 
many more alloys made as part of the intergranular 
corrosion study provided many checks on the data 
reported here. 

Measurements of the thinning of a number of speci- 
mens indicated that at least about 90 pct of the weight 
loss represented general corrosion. The contribution 
from the intergranular crevices was small because of 
the coarse mean grain size (3 mm or larger). 
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Fig. 2—Volumetric corrosion tests at four copper levels in 
20 pet HCl showing an acceleration of corrosion which is 
greater and begins earlier the higher the copper content. 


RESULTS 


A) Volumetric Measurements of the Corrosion 
Rate—1) General Characteristics—Representative 
hydrogen evolution data are plotted in Figs. 1 (16 
pct HCl) and 2 (20 pet HCl). The curves could be 
resolved into I) an induction period during which 
the rate of evolution was low and increased slowly, 
II) a linear region of varying duration in which the 
rate of evolution was constant and had about the 
same value for all four alloys, and III) a region of 
slowly or rapidly accelerating evolution the charac- 
ter and inception time of which were strong functions 
of the copper content of alloy or solution. 

The narrow range of acid strengths employed 
yielded rates from 0.1 to 1200 ml per hr, the latter 
(Alloy C, 20 pct HCl) being just sufficient for the 
heat of reaction to produce a small temperature rise 
(0.7°C at 100 ml). In beaker tests prolonged beyond 
this point the temperature rose to 60°C within 20 
min after the onset of Stage III as the temperature 
rise contributed to the instability and a violent re- 
action resulted. 

In 16 pct HCl, the Stage II rate was constant for 
11 days with Alloy A and for 2 1/2 weeks with K. 
Slow changes (during the fourth week, the rate was 
30 pct lower in K and 60 pct higher in A) were not 
considered necessarily indicative of a new stage of 
corrosion. Factors which may have been involved 
were changes in the specimen surface area and an 
increase in acid strength due to preferential evapo- 
ration of its water vapor component. The acid 
strength was not substantially reduced by the con- 
sumption of hydrogen ion (< 0.2 pct HCl for 100 ml 
Ha). 

There were no short period fluctuations in the 
rate (except for small ones associated with tem- 
perature fluctuations) such as those reported by 
Straumanis® who considered them a consequence of 
an inhomogeneous distribution of residual impurities 
in his aluminum. Straumanis did not observe an ex- 
tended linear stage. 

The volumetric data are considered further in the 
following sections. 


2) Correlation with Morphology—Crystallographic 
etching of the metal beneath the oxide film took 
place in scattered patches during the concentrated 
acid pretreatment and spread in the test acid until 
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Fig. 3(a)—Alloy C (0.06 pct Cu) after 4 days in 7 pet HCl. 
Weight loss 1.3 pet. Pit-type localized corrosion super- 
imposed on uniform corrosion. There is shallow grain- 
boundary attack. 


Fig. 3(6)—Alloy A (0.002 pct Cu) after 9 days in 20 pet HCl. 
Weight loss 5.4 pet. Trench-type localized corrosion super- 
imposed on uniform corrosion. Many grain boundaries 


(including three in this field) have been corroded through 
the thickness of the specimen. 


Fig. 3—Morphological Features of Corrosion. Diffuse illu- 
mination, X26. Reduced approximately 00 pet for repro- 
duction. 


the whole surface appeared etched at a time roughly 
corresponding to the end of Stage I. The later stages 
in the detachment of the oxide film’ were readily 
observed directly in acids below 18 pct where the 
film peeled off in large patches (5 to 10 mm). 

The linear Stage II was associated with macro- 
scopically uniform crystallographic corrosion which 
appeared microscopically as a cubic step and pit 
pattern having a unit dimension in the surface of 10 
i.and step or pit depths of a few microns. This 
surface structure, which appears in Fig. 3 as the 
fine background etching, had less roughness but ap- 
peared basically similar to the 5 py “‘block structure’’ 
noted by Roald and Streicher® for 20 pct HCl. Any 
variation in rate of attack with grain orientation 
would not appear as a prominent feature in the pre- 
sent work because of the orientation texture of the 
coarsened grains. With almost uniform thinning and 
a surface fine structure which remains substantially 
the same, the surface area can, once the surface 
structure has been established, remain approximately 
constant as the specimen thins. The corrosion rate 
could hardly have been constant over the large in- 
tervals observed in some tests unless this were so. 

Stage III of accelerating corrosion was associated 
with the nucleation and growth of localized corrosion 
as distributed pits, Fig. 3(z), or trenches, Fig. 3(d), 
superimposed on the uniform etching. The initiation 
and development of localized corrosion occurred in 
a parallel fashion at many pits or trenches (and thus 
would be expected to vary little with sample size), 
The trenches are the ‘‘angular chasms’’ noted by 
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Fig. 4—Semilogarithmic plot of hydrogen data for two tests 
showing that d(InV)/dt is constant for sufficiently large V. 


Roald and Streicher. In both types, the depth was 
1/2 to 3/4 the (narrow) surface dimension. Both 
were bounded by cube planes. The trenches resulted 
from preferential growth in the direction of the sur- 
face trace of one of the cube planes. The trenches 
were sometimes remarkably straight but usually 
they were jogged and so would appear curved at low 
magnification as shown in Fig. 3(d). 


3) Significance of the Induction Period—Compari- 
son with triplicate weight loss data for two short 
beaker exposures of Alloy A in 20 pct HCl indicated 
that a hydrogen volume of 0.05 ml represented only 
of the order of one-tenth the true weight loss but by 
8 ml at most the two had become almost equivalent. 
The weight losses were substantially lower than 
those which would have been predicted if the Stage II 
rate had been in effect at zero time, so that there 
was truly an initial stage of low corrosion rate. Its 
presence may have been merely a consequence of 
the increase in area undergoing corrosion as etch- 
ing progressed over the surface. 

4) Quantitative Description of the Data—The cor- 
rosion rates can be described with the aid of the 
equation (for Stage III): 


dV/d(t-to)=k; +k,V 


where V is the volume of hydrogen collected up to 
time /, to is the time intercept of the Stage II line, 

k; is its slope and represents the intrinsic corrosion 
rate of the solid solution, and k, is a constant which 
relates the amount of corrosion to the part of the 
rate catalyzed by copper in the corrosion product. 
When k,V>>2;, this may be written d(InV)/d(t-to) 
k, which requires a log V-t plot to be linear (with 
slope k,). That this was so at sufficiently large V is 
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Shown in Fig. 4. In certain cases, the evaluation of 
Rk, required an allowance for the contribution of kj. 
Since k,V rate is proportional to the total corrosion 
suffered, which indicates both that the stimulating 
agent is in the corrosion product and that it is not 
consumed, the reaction is correctly described as 
‘‘autocatalytic.’’ 

The autocatalytic reaction arrived on the scene 
abruptly, 7.e., R, was small or zero during stage II 
and increased in a transition region to the constant 
value characteristic of the latter part of Stage II. 
The equation could not therefore be integrated. To 
note a specific case, if the final k, had been in effect 
early in the 16 pct HCl test on Alloy B, Fig. 1, an 
acceleration would have been apparent as early as 
V=1 ml. 

The third stage acceleration in 16 pct HCl with the 
cupric ion addition, Fig. 1, was not given further at- 
tention since it was low and not apparently regular. 
Its presence was not necessarily attributable to the 
cupric ion alone since the same alloy exhibited ac- 
celeration and localized attack in 20 pct HCl with 
no addition. 

5) Variation of Corrosion Parameters with Cop- 
per Contenti—The parameters measured are given 
in Table I. The good reproducibility for & and k; 
shown by the duplicate figures for Alloy K involved 
a long linear stage and would not apply to certain 
other tests where the brevity of this stage made it 
impossible to verify the constancy of the corrosion 
rate over an extended period. Although variations 
in mean test temperature were not sufficient to 
warrant consideration here, the temperature depend- 
ence was substantial as illustrated by the additional 
entry for Alloy C and corroborated with respect to 
k; in other tests. 

No systematic variation of k; with copper content 
was apparent and the only conclusion possible was 
that the intrinsic rate varied little if at all from one 
alloy to another. 

Substantial decreases in to with increasing copper 
are shown. This effect may be related to the prop- 
erties of the oxide film as well as those of the solid 
solution and may be specific to the surface pre- 
treatment employed. 

The principal influence of copper lay in its effect 
on the autocatalytic constant, k,. The 30- to 100- 
fold increase in k, for a 4-fold increase in copper 
content (Alloys B and C) is noteworthy. Since k, 
was not proportional to copper content, the autocata- 
lytic rate was not in general proportional to the 
amount of copper introduced by corrosion although 
this was true in any one test. 

In beaker tests in 1 to 26 pct HCl, the autocata- 
lytic acceleration was observed to increase sub- 
stantially with increasing acid strength. Thus the 
data for Alloy B, which show the reverse, are not 
typical in this respect. 

The measured corrosion rates are broadly in line 
with those determined by earlier workers”*~’ 
although known and possible differences in experi- 
mental conditions prevent close comparison. 

B) Inception of the Autocatalytic Reaction—1) De- 
termination of the Inception Time—In alloys B and 
C, the onset of the autocatalytic reaction led ina 
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Table 1. Corrosion Parameters as Functions of Copper Content 


Intercept Intrinsic Autocatalytic 
Percent Percent Induction Rate, k; Constant, k, 
HCl Cu Time,t),Hr  MI/Hr 
16 0.0001 52 0.117 not observed in 38 days 
0.0001 50 0.126 not observed in 36 days 
0.0021 27.3 9.140 not observed in 20 days 
0.014 21 0.17 0.17 
0.06 20 0.10 4.65 
16 with 0.2 0.0021 8.0 0.31 not determinable 
ppm. Cu** 
20 0.0001 22.0 0.245 not observed in 17 days 
0.0021 15.3 0.24 0.02 
0.014 7 0.2 to0.3 0.14 
0.06 4.6 0.23 15 
(0.06) (2.9) (0.31) (21.5) (26.0 + 0.2°C) 


Nominal temperature 23.5°C. Specimen area 8.9 + 0.3 cm’. 


short time to high hydrogen evolution rates, Figs. 

1 and 2, and was therefore readily detected visually 
in beaker tests. The inception times are plotted in 
Fig. 5 for acid strengths from 1 pct (0.5N) to 26 pct 
(8.1N). For the weaker acids the volume of the test 
acid was increased up to 1000 ml to mitigate the 
decrease of acid strength through consumption of 
hydrogen ion, and in no case would this decrease 
have been more than a few percent of the original 
value. A noteworthy feature of the data is the rather 
small scatter for an unstable phenomenon. The in- 
ception times are consistent with those of Strauma- 
nis’ whose values, obtained by a similar method, 
ranged from 1 day for 0.1 pct Cu to 2 hr for 5 pct 
Cu in 2N (7 pct) HCl. 

The present work indicated that Straumanis’® 
failure to observe a strong effect at 0.01 pct Cu in 
a 1-week test in 2N (7 pct) HCl was due to insuffi- 
cient exposure time. A prematurely terminated 
test may be misleading because copper has a rela- 
tively small effect (the one on éo) before the delayed 
start of the autocatalytic reaction; the situation is 
illustrated in Fig. 1 where the corrosion rates of 
two alloys are little different up to 70 hr but two 
orders of magnitude apart at 95 hr. 

A more sensitive index of the onset of the auto- 
catalytic reaction when the acceleration was low 
was the time when the pit or trench pattern could be 
just detected on the specimen surface. Some incep- 
tion times determined in this way were available 
for Alloys B and C; these were substantially shorter 
than those given in Fig. 5 only in the weaker acids 
(in 7 pet HCl, for example, 2 days shorter for Alloy 
C and more than 1 week for Alloy B). The more sen- 
sitive method could be extended to alloys of lower 
copper content; data for Alloy A shown in Fig. 5 are 


similar to those for B and C but displaced to higher 
acid strengths. Even when the more sensitive 
method is used, the inception times are probably 
much exaggerated in the steep portions of the curves 
since the acceleration there is low and the autoca- 
talytic reaction does not become recognizable until 
some time after its onset. 

Although a trench pattern was sometimes noted 
in the 0.0001 pct Cu Alloy K (the minimum exposure 
in 18 or 20 pct HCl being over three times that re- 
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Fig. 5—The inception time for the autocatalytic reaction in 
Alloys C and B (time at which dV/dt~ 10 ml per hr) and in 
Alloy A (time at which trench pattern was first detected) 
together with the time for complete intergranular penetra- 
tion of B as functions of acid strength. 


quired for Alloy A), its appearance may have been 
due to traces of heavy metal ions in the acid rather 
than to the copper (or other) impurity in the alloy. 

2) Condition for Inception of Autocatalytic Reac- 
tion— Table II presents data regarding the onset of 
the autocatalytic reaction (localized corrosion first 
detectable) from beaker and volumetric tests. As 
a rough rule, this reaction began when of the order 
of a microgram of copper had been introduced into 
the acid by corrosion. This is qualitatively consist- 
ent with the decrease of inception time with in- 
creasing acid strength and copper content, Fig 35; 
to being presumed to decrease and k, to increase 
with acid strength. Two micrograms would be 
equivalent to about a monolayer of metallic copper 
based on the nominal area. Such a condition is to be 
expected if the copper deposits near its point of 
entry since the metallic copper will not constitute a 
strong cathode until it forms a patch of a certain 
minimum size. 

The results of scratch tests, which attempt to 
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Table II. Data Pertaining to the Inception of the Autocatalytic Reaction 


Percent Percent Percent Micrograms of Copper 


HCl Cu Weight Loss in Corrosion Product 
20 0.0021 1.2, 1.4 
0.014 0.5,0.5 1 
0.06 OFT 1 to 2 
16 0.014 0.9 2 
0.06 0.3 3 
14 0.06 0.2 2 


impose localized attack, are consistent with these 


considerations. For example, a scratch through the 
oxide film of a specimen of Alloy C made with a 
pointed glass rod immediately after immersion in 
14 pct HCl did not lead to visible localized attack. 
The slight additional hydrogen evolution associated 
with the scratch ceased entirely within 10 hr. On 
the other hand, a scratch made at a time 31 hr later, 
when some copper had been introduced by corrosion 
(this was shortly before the inception of the autoca- 
talytic reaction), led to persistent hydrogen evolu- 
tion and the development of pits at several sites 
along the scratch. 


C) Effect of Copper on Corrosion Potential—In 16 
pet HCl, comparison with an electrometer-tube 
meter of specimens of the 0.0021 and 0.014 pct Cu 
alloys showed the latter to be cathodic, the steady- 
state potential difference exhibited from several 
hours to several days after immersion ranging from 
15 to 26 mv. Low copper specimens lay 960 to 1010 
mv anodic to a saturated calomel half cell at 24°C. 
With specimens of the 0.0021 and 0.06 pct Cu alloys 
coupled through 0.8 ohms shortly after immersion 
and periodically allowed to run uncoupled, the high 
copper specimen was 50 to 160 mv cathodic on open 
circuit. The magnitudes of these potential differ- 
ences are apparent from the fact that more than 1 
pet Cu in solid solution is required in a NaCl-H2O2 
solution to produce a cathodic shift of 100 mv." 

The current density for the 0.0021 to 0.06 pct Cu 
couple remained for 2 days at a low level near 
0.008 ma per cm*, which was equivalent to only 1/4 
of the uncoupled corrosion rate indicated by the 
value of k;, and rose by a factor of 50 after the auto- 
catalytic reaction had started in the 0.06 pct speci- 
men. Coupling had a marked effect on this reaction 
quadrupling the inception time and reducing the rate 
of nucleation of localized corrosion sites so that the 
first pit had grown to 2 mm diameter before another 
was nucleated [cf. Fig. 3(a@)]. It is supposed that the 
small cathodic current tended to retain the copper 
atoms at the sites where they first settled and thus 
made more difficult their aggregation into patches 
of the minimum effective size. 


DISCUSSION 


A) The Relatively Weak Effects of Cupric Ion Ad- 
ditions— Evidence from beaker tests involving cupric 
ion additions from 0.05 to 25.6 ppm corroborated 
two features of cupric ion additions exhibited in Fig. 
1: the acceleration of corrosion was low and the 
corrosion rate with the 0.2 ppm (54 wg) Cut+ addi- 
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Table Ill. Thermodynamic Data Pertaining to the Corrosion of Aluminum 


Al = Alt+t+ + 3e7 E° = 1.66 v 
H, = 2H* + 2e7 E° = 0.00 
Cua E° =-0.15 
Cu = Cut + E°=-0.52 
2H,0 = O, + 4H* + 4e7 E° = ~1.23 
= 2Cls K=5 x .10-° 


tion was lower than the autocatalytically stimulated 
rate of the 0.014 pct Cu alloy starting at 85 hr when 
only 2 wg of copper had been introduced by corro- 
sion of this alloy. 

For comparison, it may be noted that strong hy- 
drogen evolution has been produced by additions of 
only 0.1 ug platinum in solution’ and that current 
work indicates only a 25 pct increase in rate for 
170 wg of lead ion. It is consistent with the latter 
result that the heavy metal impurity in the present 
acid, mainly lead and estimated as 10 ug for 16 pet 
HCl, did not appear to have had a strong influence. 

B) Proposed Relations Between Distribution of 
Catalyst and Corrosion Rate—The considerations 
sketched below take into account visual evidence 
obtainable at high copper levels,*’* the thermody- 
namic data in Table III, and the presence of a sur- 
face film (replacing the original oxide film) indicated 
by the existence of a negative difference effect’* and 
by other observations.” This film cannot be the hy- 
droxide formed by precipitation (solubility product 
10° =) the strong acids used can retain in solution 
many times the total aluminum in the specimen. 

In a simple cycle, cupric ion will be reduced on 
the specimen surface to patches of metallic copper 
which form active cathodes and are thus protected 
until freed by undercutting when they undergo cor- 
rosion to cupric ion in the oxygenated acid. This 
leads to enhanced nonaccelerating uniform corro- 
sion (uniform becausé a given local cell does not 
retain its catalyst), representing to a first approxi- 
mation the behavior when cupric ion has been added 
to the acid. The cupric cation will normally be re- 
duced on the filmed cathodes of the specimen sur- 
face and the film resistance in series with the local 
cell is still present to limit the corrosion rate. It 


has been noted elsewhere that, when a film is present, 


copper deposition does not necessarily have a strong 
influence on corrosion in an aggressive medium. ** 

In the autocatalytic reaction, all the copper is in- 
troduced by corrosion directly at a presumably 
film-free anode. It is then supposed that a signifi- 
cant fraction of the copper made available will at- 
tain metallic contact locally. This produces highly 
active local cells each of which furnishes, with 
some shift in anode and cathode areas, its own cata- 
lyst at an increasing rate and so accounts for the 
localization and acceleration of corrosion. Closer 
consideration to the movement of copper in localized 
corrosion is not given here except for the remark 
that metallic contact appears attainable through the 
formation of the CuClz2 anion and its reduction ata 
presumably film-free anode. It may be noted that 
the significance of metallic contact has been invoked 
in interpreting the behavior of two-phase Al-Cu 
alloys.* 
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Table IV. Relative Surface Density of Copper Catalyst in 
Regions Undergoing Localized Corrosion-Volumetric Test Specimens 


Micro- Hypothetical 
grams Micrograms 


Surface 
Area of 


RateofH, Pitsor Cuin Cu percm 
Percent Percent Evolution* Trenches Corrosion — of Pit or 
Copper HCl Type M1/Min cm’ Product Trench 
0.06 16 Pits 6.8 16 52 32 
20 Pits 29 28 51 1.8 
0.014 16 Trenches 0.26 13 11 0.9 
20 Trenches 0.22 19 11 0.6 
0.0021 20 Trenches 0.022 20 1.8 0.09 
0.0021 16 Trenches 0.023 25 1.8 0.07 
(0.2 ppm (54) (2.1) 
Cutt) 


*Most or all of this rate is attributable to localized corrosion. 


C) Significance of Trenches and Pits—The trench 
type of localized corrosion was characteristic of low 
copper alloys, the transition occurring in the 0.014 
pet Cu alloy which showed pits in 14 pct and weaker 
acids and trenches in stronger acid. Because the 
pits or trenches had plane walls, it was possible to 
estimate their surface areas by painstaking micro- 
scopic examination. Data for several volumetric 
test specimens, given in Table IV, show that the 
areas are not strongly related either to the instanta- 
neous corrosion rate or to the quantity of catalyst 
available. The last column shows for comparative 
purposes the maximum possible surface density of 
copper in pits or trenches calculated on the assump- 
tion that all available copper is associated with 
localized corrosion. 0.2 ug per cm* would be about 
a monolayer. Note being taken that the figures rep- 
resent upper limits, it is inferred that the pit mode 
in the 0.06 pct Cu alloy indicates sufficient copper 
to form cathodes in metallic contact (and thus to 
produce rapid growth) at every part of the pit while 
the trench mode indicates insufficient copper in 
metallic contact to form even a monolayer except 
over a fraction of the trench surface. It is supposed 
that this copper is concentrated near the end of the 
trench where preferential growth occurs. That the 
trench mode was observed in the presence of a large 
amount of cupric ion (the last entry) is in line with 
this view granted the previous argument that most 
of the added cupric ion does not participate in lo- 
calized corrosion. 

D) Relations Between General and Intergranular 
Corrosion—The present general corrosion work 
provides the basis for understanding certain as- 
pects of the intergranular corrosion phenomenon. 

If it is supposed that the grain boundary has a 
higher intrinsic corrosion rate, the autocatalytic 
reaction will begin earlier at the boundaries than 
the grain bodies thus making possible high corrosion 
rates at the boundary and magnification of the in- 
trinsic difference between the two. It is consistent 
with this view that the rate of intergranular attack 
in the present study increased markedly with copper 
content and was found by Montariol’® to be very low 
in a 0.000006 pct Cu alloy. The significance of the 
relative progress of intergranular and general cor- 
rosion is illustrated by the behavior of the 0.014 pct 
Cu alloy; the time for several boundaries to corrode 
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through the thickness of the specimen is shown in 
Fig. 5 for comparison with the inception times for 
rapid autocatalytic general corrosion. In 12 and 

14 pet HCl, the specimens were destroyed first by 
intergranular disintegration while in 16 pct and 
stronger acid the autocatalytic reaction became 
general before this was well advanced and the grain 
boundary attack was almost obscured by the general 
catastrophic corrosion. 

With the present coarse-grained specimens, 
nothing was observed to challenge the belief that the 
general corrosion was to a first approximation un- 
affected by the presence of the boundaries although, 
as an anode, a grain boundary initially provides 
some protection for the adjacent strips of grain 
body (a little later, an intergranular crevice has 
formed and the local cathodes lie within it). 

E) Behavior of Aluminum in Other Corrodents— 
The present work displays at high magnification the 
effects of introducing copper by corrosion and may 
facilitate recognition of these effects with other 
corrodents where they are not readily found unless 
specifically sought. It is to be noted that much com- 
mercial and refined aluminum contains moderate to 
large percentages of copper by the standards of the 
present work. 

Pitting corrosion in nearly neutral chloride solu- 
tions is a case of interest since it involves the dis- 
charge of hydrogen ion from the weak hydrochloric 
acid solution in the pit; according to Edeleanu and 
Evans,” the evolution of hydrogen produces a rise 
in pH and thus film formation and the cessation of 
pit growth. 

Preliminary tests with unetched specimens of the 
present alloys in a NaCl-H,O, solution at pH 4.9 
produced some pits up to 0.2 mm but revealed no 
significant variation with copper content. A note- 
worthy feature of the behavior was that gas evolu- 
tion and pit growth continued for several days or a 
week after starting and before all activity ceased as 
the growing mound of aluminum hydroxide finally 
covered the pit completely. This suggests that hy- 
drogen evolution can produce a significant increment 
in pit size (if it does not lead to immediate stifling), 
presumably because in its absence the pitting reac- 
tion is under cathodic control.?’ 

The intention here is not to predict the influence 
of copper content on pitting (factors other than hy- 
drogen evolution may be involved) but to point out 
that the question merits closer attention and may be 
a complex one. That small copper additions can 
enchance pitting in a variety of solutions has been 


256—VOLUME 221, APRIL 1961 


noted./® The importance of copper ion in the cor- 
rodent is well known. 


SUMMARY 


The general corrosion of quenched single-phase 
aluminum containing 0.0001 to 0.06 pct Cu was 
studied in 1 to 26 pct HCl. 

1) In studies in 16 and 20 pct HCl, the intrinsic 
corrosion rate, associated with macroscopically 
uniform corrosion and constant with time, varied 
little if any with copper content although there was 
a cathodic shift in potential. The influence of copper 
was exerted mainly through the imposition of an 
autocatalytic stage of localized corrosion the rate 
of which was proportional to the total corrosion. 

2) The characteristic delay time for the inception 
of the autocatalytic reaction at 0.002 pct Cu and 
above decreased with increasing copper content and 
acid strength. As a rough rule, this reaction began 
when copper equivalent to about a monolayer based 
on the nominal area had been introduced by corro- 
sion. 

3) The weaker stimulationand lower acceleration of 
corrosion produced by additions of cupric ion to the 
acid was interpreted in terms of the small fraction 
of elemental copper deposited in metallic contact. 
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TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


The Rates of Formation and Structure of Oxide Films 


Formed on a Single Crystal of Iron 


Between 250° and 550°C in oxygen pressures of 10 to 760 mm 
Hg, the relative oxide thicknesses formed per unit time on the 


(100), (111), (110), and (320), decreased in this order. The pre- 
dominant oxide orientation was (00l)Fe,0, // (0O0l)y_p, and 
[110] Fe304 // [010]y.p. A small amount of a-Fe203 which exhibited 
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a fiber pattern was observed in all oxides except those formed at 


250°C in low oxygen pressures. 


In order to understand the properties and behavior 
of thin films, particularly their role in oxidation 
reactions, there is needed more experimental in- 
formation on their structure, composition, and 
kinetics of formation on clean surfaces of known 
geometry. The present study was undertaken to 
obtain such information for thin oxide films formed 
on single crystals of a body centered cubic metal, 
iron. Crystals in the form of spheres were used in 
order to expose all possible crystal planes to the 
reactant gases simultaneously. Using this procedure 
the relative rates of oxidation of all planes could be 
estimated, and those exhibiting, maximum or mini- 
mum oxidation rates could be selected for a more 
intensive study of composition and expitaxy. Since 
the three types of information were obtained from 
the same experiment using a single crystal substrate, 
any differences between rate, composition, and 
expitaxy on the several planes may be attributed 

to the influence of the substrate structure. 


EXPERIMENTAL 


The starting material for this study was Armco 
iron rods, 6 in. long and 3/8 or 1/2 in. in diam. The 
analysis was reported to be 99.8 pct Fe, with major 
impurities listed as carbon 0.018 pct, manganese 
0.027 pct, phosphorous 0.005 pct, sulfur 0.029 pct, 
silicon 0.005 pct, and copper 0.11 pct. These rods 
were cleaned with ether and heated in an atmosphere 
of moist hydrogen at 950°C for three days. The pur- 
pose of this treatment was to decarburize the iron 
and to provide a consistent, uniform grain size for 
the growth of single crystals. 

Crystals in the form of rods, up to 1/2 in. in 
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diam and 2 in. long, were prepared by a method 
similar to that reported by Leidheiser and Buck.” 
Spherical crystals, 3/8 and 1/2 in. in diam and 
having a handle about 1/4 in. in diam by 1/2 in. long, 
were machined from the single-crystal rods. After 
machining, each crystal was etched in aqueous nitric 
acid to remove the cold-worked metal at the surface. 
Before each experiment, the crystal was polished 
mechanically with metallographic papers through 
number 4/0, and electropolished in a perchloric 
acid-acetic anhydride mixture by the method of 
Jacquet and Rocquet.* The crystal was washed in 
running distilled water for at least 5 min. The 
excess water was blotted with a soft paper tissue, 
and the crystal was placed in an all-glass reaction 


vessel (See Fig. 1). The crystal was heated at 550°C 
in hydrogen for at least 8 hr prior to the oxidation 

in order to reduce any surface oxides and to help 
relieve any stresses in the metal. For the structure 
and composition studies, flat faces were cut parallel 
to (100), (111), and (110) planes on the iron crystal 
spheres. The orientation of these faces was checked 
by a back-reflection X-ray diffraction technique. The 
faces were within 2 deg of the desired orientation. 
The flat faces were treated as described above ex- 
cept that prior to electropolishing they were given an 
additional polish on metallographic felt saturated 
with twenty-minute levigated alumina. 

After the crystal was heated in hydrogen for at 
least 8 hr, the temperature was adjusted to the de- 
sired value, and the hydrogen was evacuated. Com- 
mercial oxygen which had been purified by succes- 
Sively passing through tubes containing magnesium 
perchlorate, Ascarite and magnesium perchlorate 
was admitted to the desired pressure as measured 
by a mercury manometer. A resistance-wound fur- 
nace surrounded the oxidation chamber, and a tem- 
perature controller maintained the temperature 
within +3°C. The furnace was provided with a 
small window for observing the crystal. The changes 
in thickness of the oxide films were followed by ob- 
serving the interference colors. The oxidation was 
allowed to proceed until the desired oxide thickness 
was attained on a given crystal plane. The experi- 
ment was terminated by evacuating the oxidation 
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CRYSTAL 


Fig. 1—Oxidation 
apparatus. 


— 34/45 S.T. JOINT 


INLET 


chamber and allowing the crystal to cool in vacuo. 

For the structure and composition studies, the 
oxidized crystal was removed from the oxidation 
chamber and placed on a universal goniometer 
mount in a cylindrical cassette. An oscillating- 
crystal, glancing-angle X-ray diffraction photo- 
graph was taken to determine the structure, and 
hence the composition of the oxide film, and to 
determine its orientation with respect to the sub- 
strate.* Most of the diffraction photographs were 
taken with manganese-filtered iron radiation. 
Finally, the structure of the oxide surface was ex- 
amined with an optical microscope. 


EXPERIMENTAL RESULTS 


Rates of Oxidation— For the studies of the variation 
of the rates of oxidation with orientation, a tempera- 
ture of 250°C was found to be most convenient. At 
this temperature the rate of oxidation was slow 
enough to permit simultaneous measurements on all 
crystal planes. The rates were followed by using 
Miley’s data’ for the first-order interference colors 
vs oxide thickness as determined by the method of 
electrometric reduction. The data for succeeding 
orders of interference colors were calculated using 
Miley’s data and the equation,” & = \/4n, 3/4n, 
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OXIDATION OF IRON, 250 °C, 760 mm OXYGEN 


Fig. 2—Oxidation of iron, 250°C, 760mm O. 


5\/4n,and so forth where £is the film thickness, 2 
is the wavelength of the light in air and 7 the refrac- 
tive index of the film. This equation is an appr oxi- 
mation, and the errors involved are discussed in 
Refs.6and7. The interference colors observed in 
the present studies were straw, reddish yellow, red 
brown, purple, blue, and a silvery color. The second 
and succeeding order of colors repeated this color 
sequence, but the colors were far less brilliant and 
distinct with successive orders. 

The thicknesses of the oxide films for varying 
times on the (100), (111), (110), and (320) faces in 
oxygen at l-atm pressure and 250°C are shown in 
Fig. 2. The number of points on the rate curve was 
limited by the number of interference colors for 
which thickness data were available, plus calculated 
thicknesses for higher orders as described above. 
Therefore because of the large differences between 
the thicknesses of oxide on the different planes, only 
one point each for the low-rate planes, the (110) and 
(320), has been plotted for 250°C in Fig. 2. However 
the colors were followed continuously, and thus it 
was possible to determine the relative oxidation of 
the four planes. Fig. 3 shows a photograph of an 
oxidized crystal. 

By following the colors of the (111) and (100) faces 
at thicknesses below about 530A, it was observed 
that the relative rates of oxidation at 250°C of these 
planes reversed themselves with time as is indicated 
in Fig. 2. An oxide film on the (111) was apparent 
before any oxide was observed on the (100). This 
visible film was formed by the intersection of three 
very light straw-colored lines at 120 deg from one 
another along the crystallographic zones from the 
(111) to the (221) planes. In 4 to 6 min, the oxide 
film on the (100) was thick enough to exhibit a very 
light straw color. Within 6 to 9 min, the oxide 
thickness on the (100) equalled that on the (111). 

For the remainder of the reaction (studied to 120 
hr in one case) the thickness on the (100) plane 
was greater than that on the (111). 

The rate curves at 250°C for the (111) and (100) 
planes could best be described by a relation between 
the logarithm of time and thickness, but the data did 
not warrant further analysis. At the higher tempera- 
tures, the oxidation was in general so rapid that the 
rates on several planes could not be followed simul- 
taneously, and, in many cases, only the relative 
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Table |. Orientation and Composition of Oxide Films on the Major Faces of an Iron Single Crystal 


Temperature 
Bad MhicknessronOxide Orientation and Composition of Oxide Film on 
Pressure Films on Major Faces (001) Face (111) Face (011) Face 
(001) Fe,0,*// High Index Plane (111) Fe,0,*// 
250°C (001) 1330A (001)a-Fe near (210) Fe,O,* (011) 
and GED 7:25 with // (All) a-Fe with 
10 to 20 mm (011) 500 [110] Fe,0,*// _ _with {101} or [110] Fe,0,*// 
{010]a-Fe [100] Fe,0,*// [100] a-Fe 
(011]a-Fe 
250°C (001) 1330A 
760 mm 725 
(011) 500 
350°C (001) 1330A Same as above Same as above Same as above 
17 to 20 mm (111) 1200 
(011) 725 and and and 
450°C 001) 2500A 
19: %6.19 mm a-Fe,O,, fiber (211)-4-Fe,0,// a-Fe,O,, fiber 
(011) 1000 pattern, orient. (111)d-Fe, fiber pattern, orient. 
7 undetermined pattern undetermined 
550°C (001) 2500A 
12 to 15 mm (111) 2200 
(011) 1450 


*Either Fe,O, or y-Fe,0,. 


oxide thicknesses at the conclusion of the experiment 
were recorded. An analysis of the temperature de- 
pendence of the oxidation rate was made using the 
usual Arrhenius plot. For the temperature range of 
250° to 550°C and in about 15 mm Hg oxygen pres- 
sure very approximate values of 19 kcal per mole 
and 29 kcal per mole were obtained for the so-called 
activation energy on the (100) and (111) planes, re- 
spectively. 

In the present study, it was found that for oxide 
thicknesses between 530 and about 3625A on the (100) 
plane, the relative oxide thicknesses on the (100), 
(111), (110), and (320) decreased in this order. This 
sequence also represents the relative rates within 
the limits of experimental error. 

X-Ray Diffraction Studies— Results for the struc- 
ture and composition of the oxide films formed on 
the (001), (111), and (011) planes at 250°, 350°, 450° 
and 550°C are summarized in Table I. Each result 
represents a minimum of two separate experiments. 
The composition is reported as Fe,0, or y Fe20; 
since both have the same d-spacing and are indis- 
tinguishable by X-ray diffraction. A small amount of 
a Fe203 was found in all films except those formed 
at the lower oxygen pressures at 250°. The orienta- 
tion results are presented in terms of the standard 
(001) stereographic projection.* The important fea- 
ture of these orientationsis the equivalence of a 
[001] direction of a Fe and a [011] direction of Fe,0, 
for the iron planes studied. This orientation repre- 
sents an optimum matching of iron atoms in Fe,0, 
and the a Fe lattice as has been discussed by Collins 
and Heavins.° The reported orientations were the 
predominant ones. Occasionally reflections recorded 
on the diffraction photographs indicated that other 
orientations existed. In view of the phenomenon of 
oxide nucleation,’° it is not surprising that more 
than one orientation might exist. In the present 
studies, these secondary reflections appeared to be 
only a minor fraction of the predominant one. 

Under the experimental conditions reported, the 
amount of a Fe2O; in the oxide films was too small 
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to permit an extensive orientation analysis. How- 
ever, in the case of the oxide on the (111) face of 

a Fe, the (211) reflection of the a Fe,0, seemed to 
appear always on the zero layer line for iron in the 
diffraction photographs. This indicates that the (211) 
plane of a FeO; was parallel to the (111) plane of 

a Fe. See Table I. In addition to these data, several 
experiments were carried out on a (211) plane of 

a Fe which showed that the (100) plane of Fe,0, (or 

y Fe203) was approximately parallel to the (211) 
plane of (211) plane of a Fe in agreement with data of 
other workers using a different oxidizing atmosphere 
and experimental techniques.’ 

Surface Topography of the Oxide—The films 
adhered to the substrate on all planes, and appeared 
compact and smooth at magnifications up to X400. 

A slightly granular structure was observed at higher 
magnifications and at X1000 to X1500, some barely 


Fig. 3— Photograph of the oxidation pattern formed on a 
spherical iron crystal oxidized at 250°C for 26 hr in 760 


mm of Hg of oxygen. An orthographic net is superimposed 
normal to the (001) face. The central black dot at the (001) 


is a camera reflection. 


VOLUME 221, APRIL 1961-259 


Fig. 4— Photomicrograph of oxide on a (100) face showing 
large nuclei on an oriented oxide film. Oxide thickness is 
about 13504. Original magnification, X1500. Reduced ap- 
proximately 23 pct for reproduction. 


resolvable protuberances or oxide nuclei were ob- 
served. Nuclei were more readily obser ved on crys- 
tals which had been oxidized at low pressures (about 
1 mm or less) and the higher temperatures. In ad- 
dition, the low-pressure oxidations at 350° to 550°C 
exhibited under high magnifications an oriented sur- 
face oxide which resembled at Widmanstatten-type 
structure. The symmetry of the surface structure 
followed that of the underlying metal substrate. See 
Fig. 4. Besides these features, relatively large 
facets were produced on some high-index crystal 
planes. As the photograph of Fig. 5 shows, facets 
parallel to the (110) face and large enough to reflect 
white light were formed on high-index crystal planes 
adjacent to the (110) plane of an a Fe crystal which 
was oxidized on oxygen at a pressure of several mm 
Hg and at 350°C for 5 min. Tests were carried out to 
determine whether these large facets were formed 
prior to the oxidation during the hydrogen anneal as 
a result of gas or thermal etching. These tests in- 
cluded heating the crystal in hydrogen under normal 
annealing conditions, cooling and examining the sur- 
face. Crystals were also heated in a system which 
could be outgassed approximately 10°’ mm Hg pres- 
Sure, and then annealed in hydrogen. These experi- 
ments indicated that the large facets which were ob- 
served after oxidation were not formed during the 
hydrogen anneal. 


DISCUSSION 


The anisotropy of oxidation rates on different 
crystal planes is well known. By providing from 
the same experiment both rate, composition and 
orientation data on the same crystal surfaces, it 
was hoped to establish relations between these 
data and substrate structure. The oxide composi- 
tion was the same for all iron planes studied. While 
both the oxide orientations and rates were strongly 
dependent on the substrate structure, only the orien- 
tation exhibited a relatively straightforward relation- 
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Fig. 5— Photograph of a spherical single crystal of iron 
oxidized in a low oxygen pressure at 350°C. A light is 
directed normal to(110) plane. Reflections are from 
facets parallel to the (110) plane which developed on 
planes of high Miller index adjacent to the (110). 


ship. This was the tendency to continue the lattice 
spacing of the metal atoms in the oxide. In orienta- 
tion studies, it should be point out that the use of 
X-ray diffraction reveals the bulk orientation of the 
oxide with respect to the metal whereas similar 
studies using electron diffraction reveal the orienta 
tion of the outer layers. The present epitaxial re- 
lations for the bulk of the oxide film formed at tem- 
peratures at which wistite in the bulk phase is 
unstable are in agreement with the results of other 
authors using different experimental techniques and 
oxidizing 

The rates of oxidation of the (100) and (111) planes 
are in fair agreement with the data of Mehl and 
McCandless** who used large-grained Armco iron 
heated at 270°C in air. This agreement might be 
expected in view of the small temperature difference 
and the fact that there was no observed dependence 
of rate on oxygen pressure under conditions of the 
present study. Since the Armco iron used in the 
present work was decarburized prior to oxidation, 
decarburization during oxidation as has been des- 
cribed by Gulbransen and coworkers’® did not occur. 
Therefore the reversal of rate on the (100) and (111) 
must be attributed to the role of substrate structure 
and not to decarburization. In addition, certain initi- 
ally smooth, high-index planes underwent rearrange- 
ment during the reaction to produce facets parallel 
to lower index planes. The magnitude of this effect 
was greater than that reported by Bénard and 
Moreau’® for oxidation of stainless steel but in qual- 
itative agreement with the suggestions of Vermilyea,*” 
A study of the microtopography of selected crystal 
planes as a function of time, temperature, and oxygen 
pressure would be helpful in further testing these 
interpretations. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


ACKNOWLEDGMENT 


One of the authors (J.B.W., Jr.) gratefully ac- 
knowledges fellowship support from the Texas Oil 
Co. for the period 1951 to 1953 and The General 
Motors Corp. for the period 1953 to 1954. 


REFERENCES 


1A. T. Gwathmey: Rec. Chem. Prog., 1953, vol. 14, p. 117, and references 
therein. 

i Leidheiser and W. R. Buck, III: J. Electrochem. Soc., 1957, vol. 104, 
p. 4. 

3P. Jacquet and P. Rocquet: Compt. rend., 1939, vol. 208, p. 108. 

‘K. R. Lawless: Dissertation, University of Virginia, 1951; K. R. Lawless 
and A. T. Gwathmey: Acta Met., 1956, vol. 4, p. 153. 


5H. A. Miley: J. /ron and Steel Inst., London, Carn. Schol. Mem., 1936, vol. 
25, p. 197. 

°O. Kubaschewski and B. E. Hopkins: Oxidation of Metals and Alloys, 1953, 
Butterworths Scientific Publications, London, pp. 100ff. 

7A. B, Winterbottom: Appendix in U. R. Evans’ Metallic Corrosion Passivity 
and Protection, Longmans, Green and Co., New York, 1948. 

8C. S. Barrett: Structure of Metals, McGraw-Hill Book Co., New York ,p. 37, 
1952. 

°L. E. Collins and O. S. Heavins, Proc. Phys. Soc. (London,1957, vol. 70, 
p. 265. 

10J, Bardolle and J. Bénard: Compt. rend., 1951, vol. 231; Rev. Met., 1952, 
vol. 49, p. 613; Compt. rend., 1954, vol. 239, p. 706. 

11%, A. Gulbransen and R. Ruka: J. Electrochem. Soc., 1952, vol. 99, p. 360. 

“0, Hasse: Z. Naturforschg., 1956, vol. 1la, p. 46. 

13H. R. Nelson: J. Chem. Phys., 1937, vol. 5, p. 252. 

14R, F. Mehl and E. L. McCandless: AJME Trans., 1937, vol. 125, p. 531. 

18k. A. Gulbransen, W. R. McMillan, and K. F. Andrew: AIME Trans., 1954, 
vol. 200, p. 1027. 

167. Bénard and J. Moreau: Compt. rend., 1955, vol. 241, p. 1571. 

"DPD. A. Vermilyea: Acta Met., 1957, vol. 5, p. 492. 


A Study of Fracturing Behavior of Copper and Zinc 


Coated with Mercury 


A study was made of the effects of temperature, type of 
loading, and electric polarization on the fracturing behavior of 
copper and zinc coated with mercury. Copper showed an em- 
brittlement only in cyclic loading, whereas zinc showed an em- 
brittlement in both static and cyclic loading. The embrittle- 
ment of zinc in static loading was prevented by sub-zero cool- 
ing toa temperature of about -70°F. The embrittlement of 
both metals was slightly reduced by cathodic polarization of 


mercury. The basic processes involved in fracturing were dis- 


cussed in the light of these observations. 


WueEn a solid metal is in contact with certain 
liquid metals possessing high wetting characteris- 
tics, a weakening effect is produced, and the solid 
metal fractures in brittle manner at a relatively 
low stress. This lowering of the fracture stress 
generally is considered different from the stress 
cracking caused by a corrosive liquid environment 
and is attributed to the lowering of the solid-liquid 
interface tension at the grain boundaries.*~* 

The purpose of this paper is to describe a num- 
ber of observations on the special features of frac- 
turing of copper and zinc coated with a liquid mer- 
cury film, and to analyze the basic processes in- 
volved in fracturing in the light of these observa- 
tions. 


EXPERIMENTAL OBSERVATIONS 


I) Effect of Type of Loading—The evidence appears 
to indicate that in static loading, metals usually 
fracture by the initiation of microcracks in the in- 
terior preferentially at the grain boundaries or at 
the intersection of slip bands.” In cyclic loading, 
cracks develop on the surface within the active slip 
zones, and gradually propagate with increasing num- 
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ber of cycles.*” Because of this difference in the 
manner of initiation of cracks, a series of bare and 
mercury coated copper and zinc specimens was sub- 
jected to static and cyclic loading, and their frac- 
turing behavior was examined. 

The specimens were machined to 0.25 in. in diam 
and 1 in. in length from a high-purity commercial 
bar stock, and annealed at an appropriate tempera- 
ture. Mercury was applied to the surface of the 
specimens by rubbing with cotton wool soaked in a 
saturated solution of HgClz or by etching with a di- 
lute solution of HCl and rubbing with purified mer- 
cury and by washing in water. The static tension 
load-extension curves were obtained by means of 
a Riele Screw Power Universal Testing Machine. 

The room-temperature load-extension curves for 
copper and zinc are shown in Fig. 1. The deforma- 
tion behavior of copper, as judged from the general 
configuration of the load-extension curve, was not 
affected by mercury coating. The maximum load to 
fracture and the elongation at the maximum load 
were practically the same for both specimens. The 
mercury coated copper, however, showed some- 
what less localized necking and had smaller reduc- 
tion of area than the uncoated metal. 

The behavior of mercury coated zinc was radi- 
cally different from the behavior of uncoated metal. 
The load-extension curves were the same at the 
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ppgend 
+ Cu specimens, annealed 500°P, 2hrs, 
“—+ bare,*--+Hg coated 


(2). Zn specimens, annealed 200°P, 2hrs. 

-—~ bare,+--+Hg coated 

(3). Zn specimens, annealed 500°P, 2hrs. 
bare,---.Hg coated 


100 


600 


8 


Load (lbs) per 0,050 sq. In. sree 


100 


Extension - Percent 


0.4 0.6 0.8 1.0 


Fig. 1—Effect of mercury coating on the load-extension 
curves of copper and zine at room temperature (0.25 in. 
gage diam). 


start, but after 0.05 to 0.35 pct extension, the mer- 
cury coated specimen suddenly fractured, whereas 
the uncoated specimen continued to extend and work 
harden, and supported a higher fracture stress. 
The coarse grained specimens (1.7 mm grain diam- 
eter), which were annealed at 500°F for 2 hr, showed 
a greater tendency to stress cracking than the fine- 
grained specimens (0.23 mm grain diameter), which 
were annealed at 200°F for 2 hr. 

A number of single crystals of zinc were prepared 


Bare specimens 


Maximum Stress - 1000 pat 


He coated specimens 


Number of Cycles for Fracture 


10 100 1 10 
Million 


Fig. 3—The S/N diagrams for bare and mercury coated 
zinc, (The specimens machined to 0.25 in. diam and 1 in. 
length, annealed at 500°F for 2 hr, and tension-tension 
fatigue tested at room temperature.) 
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He coated specimens 


Maximum Stress - 1000 psi 


Number of Cycles for Fracture 


10 100 1 10 


Thousand Million 


Fig. 2—The S/N diagrams for bare and mercury coated 
copper. (The specimens machined to 0.25 in. diam and 
1 in. length, annealed at 500°F for 2 hr, and tension-ten- 
sion fatigue tested at room temperature.) 


by traveling zone technique from a high-purity com- 
mercial coil stock, coated with mercury, and tested 
under a tension load inclined to the basal slip planes. 
The crystals fractured in a brittle manner by cleav- 
age along the basal planes. No rotation of the planes, 
or bending which results in longitudinal kinks, was 
observed. 

Another series of copper and zinc specimens was 
subjected to cyclic loading and the number of cycles 
for fracture was determined. The load was applied 
in tension with a ratio of minimum to maximum 
load of 0.05 pct by means of a Sonntag Universal 
Fatigue Testing Machine at 1800 cycles per min. 

The S/N curves for copper and zinc are shown in 
Fig. 2 and 3. The uncoated specimens exhibited the 
well-known feature of rapid increase in fatigue life 
with decreasing load amplitude. The mercury coated 
copper had practically the same fatigue strength at 
10° cycles as the uncoated copper. However, at 
large amplitudes where copper showed a progressive 
hardening, the mercury coated specimen had a fa- 
tigue life less than 2 pct that of the uncoated metal. 
Mercury coating of zinc reduced the endurance 
limit as well as the fatigue life at large load ampli- 
tudes. 

II) Effect of Temperature— The phase diagrams 
show that zinc has a limited solubility in liquid mer- 
cury at room temperature.*® When zinc is coated 
with mercury, a thin film of zinc-mercury solid 
solution forms on the surface at temperatures above 
110°F, Below this temperature, 6 and y phases are 
formed and at about —38°F, mercury is completely 
solidified. 

In order to evaluate the effect of temperature on 
the fracturing behavior of zinc in static loading, a 
series of specimens was coated with mercury, and 
tension tested at different temperatures in a test 
chamber cooled with dry ice. The load-extension 
curves obtained are plotted in Fig. 4. It was noted 
that the lowering of the fracture stress by mercury 
coating occurred at temperatures down to —60°F., 

At lower temperatures both bare and mercury 
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Fig. 4—Effect of temperature on the load-extension curve 
of zinc. (The specimens machined to 0.25 in. diam and 


1 in. length, annealed for 2 hr at 200°F, and tested at the 
temperatures indicated.) 


coated specimens had the same general fracture 
characteristics. 

There is, therefore, a critical temperature for the 
stress cracking of mercury coated zinc. This tem- 
perature is between —60°F and —70°F, approxima- 
tely 20°F below the freezing point of mercury, and 
the behavior is inverse of the ductile to brittle tran- 
sition observed in the non-face-centered cubic me- 
tals at low temperatures. 

III) Electrochemical Aspects of Fracture—The 
stress cracking of metals in a corrosive liquid en- 
vironment depends on the presence of more or less 
continuous anodic zones within the large mass of 
the structure.*”” A selective attack along these 


Table | 
The effect of electric polarization on the fatigue life of copper 
and zinc coated with mercury. The specimens were machined 
to 0.25 in. in diam. Copper was annealed at 500°F for 2 hr and 
zinc at 200°F for 2 hr prior to testing. The current density 
used was about 6.0 Amp per In. for all specimens. 


| 


! Hg coating D.C.Power 

i Supply 
1#0.001 5 Hg coated Cu coil 


Rheostat 


Fig. 5—Configuration of static and fatigue specimens, and 
the method of making the mercury coating cathodic rela- 
tive to the base metal for studying the electro-chemical 
nature of fracture. 


zones under a tensile stress would build up a stress 
concentration at the base of the zone. When the 
stress concentration becomes sufficiently high, the 
metal might start to tear apart by mechanical ac- 
tion, and fresh anodic material becomes exposed 

to the corrosive medium. The conditions leading to 
mechanical disruption are again built up, and the 
metal eventually fractures by these mutually ac- 
celerated processes. The susceptibility to stress- 
corrosion cracking may be modified by changing 
the electrode potential relationship between the 
metal and the corrosive liquid or between the anodic 
zones and the large mass.” 

In a metal to metal contact, it is not clear whether 
the electrochemical processes would play a role in 
lowering the fracture stress or the fatigue life. To 
investigate such a possibility, the specimens of 
copper and zinc were coated with mercury, wrapped 
along the gage length with a coil of mercury coated 
copper wire, and connected to dc power supply as 
shown in Fig. 5. The metal or the mercury film was 
made cathodic by connecting either the grip or the 
mercury coated coil to the negative terminal. The 
current density, which may be measured by the 
current per unit length of the circumference of the 
specimen, was adjusted by means of a rheostat. 

The method was not effective in producing uniform 
polarity across the metal-mercury interface, but it 


Specimen Polarity of Maximum Stress Number of Cycles 
Nos Metal-Hg Coat) ,» Lbiper Sa. In. for Fracture was satisfactory enough for the detection of an elec- 
Cu 1 None 19,500 32,000 tric polarization effect of fracturing. 
2 None 19,500 34,000 The change in the fatigue life of mercury coated 
3 - + 19,500 33,000 
4 - + 19,500 38,000 
5 + = 19,500 58,000 Table II 
6 “tndell apres Ba7000 The effect of polarization on the fracturing of mercury coated 
7 None 17,500 46,000 zinc in tension loading, The specimens were machined to 0,25 in. 
8 - 17,500 65,000 in diam and annealed at 500°F for 2 hr prior to testing. 
- 17,500 140,000 : 
; 4 Specimen Polarity of Fracture Stress Pct Elongation 
Zn 1 None 3,500 4,000 No. Metal-Hg Coat Lb per Sq. In. at Fracture 
2 - + 3,500 3,000 
3 - + 3,500 6,000 1 None 1,550 0.2 
4 - + 3,500 8,000 2 - + 1,800 0.3 
5 + = 3,500 11,000 3 + = 2,600 0.6 
6 to= 3,500 14,000 4 + = 2,850 0.8 
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Fig. 6—Photomicrograph of mercury coated zinc showing 
grain boundary penetration of mercury and cracking under 
stress. Etched with aqueous solution of CrO3; and Na,SQj. 


X500. Reduced approximately 62 pct for reproduction. 


copper by polarization is shown in Table I. It was 
noted that if the mercury film was made cathodic 
relative to the base metal, the fatigue life of the 
specimen was somewhat improved and that if the 
polarity was reversed the effect disappeared. 

The effect of polarization on the fatigue life and 
fracture stress of mercury coated zinc is shown in 
Tables I and II. The grain boundary effect and the 
very low slope of the S/N curve seemed to produce 
a considerable scatter in the results, nevertheless 
the cathodic polarization of the mercury film showed 
a tendency to increase both the fatigue life and the 
fracture stress of the specimens. 

IV) Metallography of Fracture—Smith, Robertson, 
and others” have established that the stress crack- 
ing of zinc occurred by the continued penetration of 
mercury into the grain boundaries and propagation 
of cracks along these continuous paths. Fig. 6 illus- 
trates these effects. The specimen was subjected to 


a tension load till cracks were formed at the surface. 


A cross section perpendicular to the cracks was 
polished and examined under microscope. The in- 
tergranular cracking and the penetration of mercury 
into grain boundaries were clearly visible. 

The propagation of fatigue cracks in copper was 
examined by means of electron microscope using 
two-stage carbon replicas of the actual fracture 


Fig. 8—Fracture surface of mercury coated copper show- 
ing flat domains. (Two-stage chrome shadowed carbon 
replica of a specimen failed under 20,000 psi maximum 
stress at 34,000 cycles. X26,000.) Reduced approximately 
57 pet for reproduction. 
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Fig. 7—Fracture surface of copper showing fatigue stria- 
tions (Two-stage chrome shadowed carbon replica of a 
specimen failed under 20,000 psi maximum stress at 106 
cycles. X26,000.) Reduced approximately 57 pet for re- 
production. 


surface. The areas near the initiation point of the 
fatigue cracks are shown in Figs. 7 and 8. A num- 
ber of investigators have reported that the fracture 
surface of steel and aluminum alloy samples rup- 
tured in fatigue exhibit a characteristic pattern of 
‘‘Striations.’?**’* These striations represent suc- 
cessive positions of the propagation front of the 
crack. The fracture surface of uncoated copper 
showed closely spaced striations. The fracture sur- 
face of mercury coated copper did not show stria- 
tions but exhibited flat domains, considerably 
smaller than the actual grains. These domains were 
presumably produced by a mechanisms of local 
shear.™* It appears that in mercury coated copper 
the areas showing gradual growth of crack front are 
eliminated and the rupture propagates at high vel- 
ocities by transcrystalline shear. 


DISCUSSION 


According to present theories of fracture, a metal 
first deforms by glide dislocations, then a number 
of these dislocations become converted at some 
place in the crystal into cavity dislocations which 
serve as crack nucleus. Once initiated, a crack 
will continue to grow and cause fracture if, for a 
given increase in crack length, the energy decreases 
in the surrounding stress field exceeds the energy 
absorption with crack growth.’* 

The energy absorbed by a growing crack in brittle 
materials is, according to Griffith, the same as the 
energy of the new surfaces formed.’® In metals, 
however, the energy absorption is found to be a 
variable quantity, and includes, besides the surface 
energy, a complex plastic deformation factor, which 
depends upon the crack length, applied stress and 
the yield point of the metal, as well as a chemical 
factor, which depends upon the environment attack 
at the metal in the vicinity of the crack tip.*°-17 

The experimental evidence on the penetration of 
mercury into the grain boundaries of zinc leading 
to low fracture stress and the lack of these features 
in copper led Smith, Robertson and others’ * to as- 
sume that the mercury stress cracking was the re- 
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sult of low surface tension at the liquid-solid-bound- 
aries. This surface tension, which was evaluated by 
the equilibrium dihedral angle formed at the liquid- 
solid interfaces, was lower in the mercury-zinc 
system than in the mercury-copper system. 

The observations presented in this paper suggest 
that, although the grain boundary penetration of a 
liquid by the wetting effect may play a role in the 
initiation of cracks in static type of loading, it is 
not an essential requirement for rapid crack propa- 
gation neither in static loading nor in cyclic loading. 

It was noted that the stress cracking of polycrys- 
talline zinc was prevented below a critical tempera- 
ture range of -60°F to —70°F, appreciably lower 
than the freezing point of mercury (—38°F). At the 
temperature of say —60°F, the mercury film was 
completely solid and could not penetrate into the 
grain boundaries as a result of the wetting effect, 


nevertheless the specimens exhibited stress cracking. 


It was also noted that mercury coating caused em- 
brittlement in transcrystalline fractures. The mer- 
cury coated zinc single crystals fractured by cleav- 
age along the basal slip planes in tensile loading. 

The mercury coated copper had a fatigue life, less 
than 2 pct that of uncoated copper. This was about 
the same as the number of cycles required to de- 
velop persistent slip zones or fatigue crack embryos 
observed by Thompson et al.® The examination of the 
actual fracture surfaces by electron microscope in- 
dicated that the mercury coated specimen did not 
have certain characteristic fatigue striations. These 
striations represent successive positions of the 
propagation front of the fatigue crack. Their ab- 
sence, and the appearance of flat domains, may be 
interpreted as an indication of rapid transcrystal- 
line crack propagation, and lowering of the energy 
absorption with crack growth. 

The grain boundaries or the basal slip planes of 
zinc, and the fatigue crack embryos of copper are 
more readily attacked by mercury than the surround- 
ing metal under a tensile load. The mercury com- 
pound or solid solution zones formed are extremely 
weak and are easily disrupted by mechanical action. 
If the zones are large enough to allow a crack to 
form, and the applied load is sufficiently high to 
build up a stress concentration, the chemical and 
mechanical processes are mutually accelerated and 
the crack may reach a critical velocity of propaga- 
tion so that the metal fractures in a brittle manner 
with little plastic deformation. This mechanism of 
mercury embrittlement is similar to the concept 
developed by Uhlig, Forty and others*”’’® for the 
stress corrosion cracking in metals. 

It is interesting to note that when NaCl or other 
salt crystals, which contain a surface crack, come 
in contact with their saturated water solution, 
precipitation occurs at the crack tip as the equilib- 
rium concentration of the solute in a crack gap is 
less than that on a plane surface. The rounding of 
the tip of surface cracks is associated with the in- 
ducement of ductility in these crystals.” 
mation of a weak and brittle zone in metals by any 
process tends, however, to build up stress concen- 
tration in the vicinity of the zone and induces em- 
brittlement instead of ductility. 
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The manner in which the embrittled zones are 
produced by mercury is not very clear. It appears 
that a chemical as well as an electrochemical proc- 
ess may be involved. The observation that the cath- 
odic polarization of the mercury film tended to im- 
prove slightly the fatigue life of copper and zinc, 
as well as the fracture stress of zinc, suggests that 
the chemical effect of mercury was somewhat re- 
duced by the electrochemical process involving the 
absorption of impurity ions on the mercury-metal 
interface, and that the crack propagation was slowed 
down. These chemical and electrochemical proc- 
esses appear to be responsible for extending the 
mercury embrittlement to temperatures below the 
freezing point of mercury in the sub-zero tension 
testing of zinc. 


CONC LUSIONS 


The mercury embrittlement of copper and zinc 
appears to result from the rapid propagation of 
cracks along an active path, such as grain bound- 
aries, basal slip planes or the tip of fatigue crack 
embryos. The lowering of the energy absorption 
with crack growth along these paths are due to the 
interaction of chemical and mechanical processes. 
The wetting effect attributed to a low equilibrium 
dihedral angle at grain boundaries plays a minor 
role. 
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The Effect of Arsenic and Tellurium on the 


Surface Tension of Lead 


The surface tension of lead-tellurium alloys (in the range 
0 to 6.70 at. pct Te) and lead-arsenic alloys (in the range 0 to 
10.53 at. pct As) has been examined by the maximum bubble pres- 
sure method. The surface tension of high purity lead can be ex- 
pressed over a vange of temperatures (M.P. to 750°C) by the re- 
lationship y = 512 — 0.133t. Arsenic and tellurium were both found 
to be surface active in lead. The surface excess concentration at 
700°C was found to be constant at 0.74 x 107° moles per sq cm 
for tellurium, The surface excess of arsenic at 700°C varied 
between 0.26 X 107° moles per sq cm at 0.16 at. pct to 1.5 x 10-10 


moles per sq cm at 8.3 at. pct. 


Tue surface tension of lead has been investigated 
sporadically over the last 90 years. The first re- 
corded study was made by Quincke* who used a 
rather crude application of the drop-weight method. 
Hogness’ obtained the first reliable value for the 
surface tension of lead by measuring the pressure 
necessary to force the liquid metal from the end 

of a small capillary of known radius. Hogness gives 
the empirical formula: 


y (surface tension) = 444 — 0.077 (¢- 327) 


which describes the relationship between surface 
tension and temperature (°C). This work was fol- 
lowed by that of Bircumshaw’* who applied the two- 
capillary maximum bubble pressure method of 
Sugden.” The values published by Bircumshaw are 
in good agreement with those found by Hogness. 
Matuyama’ examined the surface tension of lead by 
the drop weight method. However, the values found 
are somewhat higher than those previously reported. 
More recent investigations by Greenaway° and by 
Melford and Hoar” have resulted in data which are 
not in close agreement, but which are well within 
the expected range at most temperature levels. 

The study of the surface tension of lead alloys 
began with Drath and Sauerwald® who examined the 
lead-bismuth system. They found that the surface 
tension values of the alloys in this system deviated 
only slightly from the ideal mixture rule. Matuyama 
examined the lead-antimony system, Bircumshaw” 
the lead-tin, and the lead-indium system was studied 
by Hoar and Melford.*° The results of these investi- 
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gations are summarized in Fig. 1. It may be seen 
that the data vary only slightly from the ideal mixture 
rule. As none of the metals studied and reported in 
the literature has a very interesting effect on the 
surface tension of lead,* the next logical step might 


*None of the alloying elements investigated are surface active, that © 
is, they are not adsorbed on the surface to such an extent that they 
drastically lower the surface tension of lead even when added in very 
small amounts. 


be to examine the effect of metals of low solubility 
or nonmetals having some liquid solubility. Baes, 
and Kellogg** have pointed out that the elements most 
likely to be surface active in liquid metals are ones 
of limited solubility in the liquid state and possessing 
weak intermolecular bonding forces in the solid 
state. Therefore, Group V, VI and VII nonmetals are 
most likely to be surface active. It was decided to 
examine the effect of a borderline metal, arsenic, and 
a nonmetal tellurium. Arsenic forms a eutectic with 
lead having a melting point of 290°C and a composi- 
tion of 6.9 at. pct As.’* Pure arsenic sublimes when 
heated above 610°C. Even though alloying with lead 
lowers the vapor pressure, fumes containing arsenic 
are evolved at a very noticeable rate when lead- 
arsenic alloys are heated above 650°C. Tellurium 
raises the liquidus temperature of lead sharply to 
904°C,** the melting point of PbTe (lead-telluride ). 
The solid solubility of tellurium in lead was deter- 
mined by Greenwood and Worner’® to be 0.0007 at. 
pct at room temperature. 


EXPERIMENTAL METHOD 


Surface Tension Measurement— The two capillary 
maximum bubble pressure method for measuring 
surface tension developed by Sugden, * and used later 
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Fig. 1—The surface tension of lead alloys (the data have 
been interpolated to 450°C and some curves have been 
displaced so that all curves meet at 450 dynes per cm for 
pure lead). 


for liquid metals by Bircumshaw, ° was used in this 
work. 

The pressure required to form a bubble on the 
end of a tube immersed in a liquid depends upon the 
depth of immersion, density of the liquid, surface 
tension of the liquid, and the radius of the tube. The 
surface of such a bubble when the capillary is very 
small will be a segment of a sphere. According to 
the fundamental equation of capillarity,* the pres- 


*p = y(1/R, + 1/R,), where p is the pressure across a curved sur- 
face whose principal radii are R, and R, when the surface tension is y. 


sure difference between two sides of a spherical 
surface is directly proportional to the surface ten- 
sion and inversely proportional to the radius of the 
surface. It can be seen that as the pressure inside 
a bubble is increased, the radius of curvature of 
the surface of the bubble will decrease until the 
bubble becomes hemispherical and then it will in- 
crease. Since the pressure required to balance the 
surface tension is inversely proportional to the 
radius of the surface, the bubble pressure will be 
at a maximum when the radius of the bubble is at 
a minimum. Thus, ideally, the maximum bubble 
pressure occurs when the bubble is hemispherical, 
and any increase beyond this size allows further 
inflation of the bubble at increasingly lower pres- 
sures. After the maximum pressure is reached, 
the gas rushes in and forces the bubble from the 
end of the tube. 


When a tube of very small radius is used, the 
maximum pressure during bubble formation is ap- 
proximated by 


2 
where y is the depth of immersion, D is the density 
of the liquid, d is the density of the gas, 7” is the 
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Fig. 2—View of the maximum bubble pressure equipment 
used for measuring surface tension. 


radius of the tube, g the acceleration due to gravity, 
and y the surface tension. However, since the pres- 
sure on the liquid side of the bubble varies with the 
head of liquid, the bubble is not spherical even though 
it may approach a spherical shape when the capillary 
is very small. Thus, Eq. [1] may not be used directly 
to calculate surface tension without introducing an 
error. 

Numerous methods of correction have been ap- 
plied to bubble pressure data. However, the one that 
appears to be the most exact is Sugden’s* clever ap- 
plication of Bashforth and Adams’?® analysis of the 
shape of a capillary surface. Sugden’s method makes 
use of two capillaries of different radii. The Sugden 
method offers many advantages over other methods 
of measuring surface tension. Even though the den- 
sity must be known, a 10 pct error in density will lead 
to an error in surface tension of less than one per- 
cent. No knowledge of the contact angle is needed. 
No calibration of the equipment is required, and the 
only measurements are the radii of the capillaries 
and the bubble pressures. Readings are always 
made on a fresh clean surface free of contamination. 

Description of Equipment A semi-schematic view 
of the surface tension equipment is shown in Fig. 2. 
The liquid metal to be examined was held in a 1-in. 
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Table Il 
Composition of Tellurium Used, Wt Pct 


Table III 
Composition of Arsenic Used, Wt Pct 


Table | 
Composition of Lead Used, Wt Pct 
Antimony 0.0001 pct Magnesium 
Tin 0.0001 pct 
Arsenic 0.0001 silicon 
Bismuth 0.0001 pct Bismuth 
Copper 0.0002 pct Lead 
Iron 0.0002 pct 
Nickel 0.0001 pet Tellurium 
Silver 0.00001 pct 
Lead 99,999 pct 


0.00021 pct Aluminum 0.0006 pct 
0.003 pct Magnesium 0.0003 pct 
0.3 pet Silicon 0.0009 pct 
0.9 pet Antimony 0.001 pct 
98.8 pct Arsenic 99.99+ pct 


diam by 8-in. long vycor tube sealed into a steel re- 
tainer. Two stainless steel (316) bubble tubes were 
introduced through holes drilled in the stainless 
steel water cooled cover. The immersion depth of 
the capillaries could be changed by means of an 
adjustment wheel. These capillaries were turned 
from 0.125 in. (3.18 mm) OD by 0.025 in. (0.635 mm) 
ID 316 stainless steel tubing. The temperature of 
the liquid metal was measured by a 24-gage chromel- 
alumel thermocouple held in a fused silica protec- 
tion tube. It was found that when the furnace cham- 
ber temperature varied +3°C the temperature of 

the liquid metal in the vycor tube varied less than 
+1/2°C, Even though surface tension undergoes 
only a slight change with temperature, close tem- 
perature control was necessary to prevent therm: 
ally produced dimensional changes in the equip- 
ment. Any expansion or contraction of the liquid 
metal or bubble tubes would change the depth of 
immersion and alter the bubble pressure. 

It was found necessary to mount the liquid metal 
container and bubble tubes on a vibration free frame. 
This was accomplished by suspending the tube sup- 
port from 4 low rate springs and damping out oscil- 
lation with two oil filled dash-pots. Before mount- 
ing the equipment in this manner it was difficult to 
reach the maximum bubble pressure, as the bubbles 
were jarred from the ends of the tubes by building 
vibration before the maximum was reached. 

The pressure measuring equipment consisted of 
a pressure transducer with power supply used in 
conjunction with a strip chart recorder. The trans- 
ducer was of the full bridge type based on the un- 
bonded strain wire principle. Calibration of the 
transducer and allied equipment was accomplished 
with a 20-in. (50.8 cm) water filled Micro-Mano- 
meter. If the voltage to the transducer was care- 
fully controlled, the pressure readings were found 
to be reproducible with an error of less than 1/2 
pet, with a sensitivity of 0.01 cm of water, ona 
nonreversing reading. The pressure measuring 
equipment did have a moderate amount of hysteresis, 
but as the important readings were maximum read- 
ings and were always approached from the same 
direction, the hystersis did not lead to any signifi- 
cant error. 

Argon Purification— The argon used to form the 
bubbles was purified by equipment consisting of 
a dry ice and acetone cold trap for removing the 
major portion of the water vapor found in com- 
mercial argon. Hot titanium chips (700°C) held in 


a stainless steel tube were used to remove nitrogen, 
oxygen, and some water vapor. At this point argon 
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was drawn off and used as cover gas over the molten 
metal sample. The argon used for bubbling was 
purified further by passing it over an active copper 
preparation, described by Meyer and Ronge.*” It 
was then passed over P20; to remove water vapor. 
After this treatment the dew point of the argon was 
near —100°C. 

Operation of Equipment—The alloy to be examined 
was placed in the vycor tube in such a manner that 
the bubble tubes and thermocouple protection tube 
could be lowered to the operating position. The argon 
cover gas and bubble tube valves were opened and the 
equipment was allowed to purge for an hour. After 
purging, the bubble control valve was closed, the 
cover gas valve was adjusted to give a flow of 10 cc 
per min, the power to the furnace turned on, the 
charge melted and brought to the desired tempera- 
ture. With the pinch clamp open, the bubble valve 
was positioned to form bubbles at a rate of 5 to 10 
per min. The range selector on the bridge balancer 
was adjusted so the maximum bubble pressure of 
the large capillary was recorded on the low side of 
the strip chart. After 10 to 20 bubbles were formed 
and recorded, the pinch clamp was closed and the 
process was repeated with the small tube. The 
maximum bubble pressures for a given capillary 
did not vary more than +0.02 cm water. 

Accuracy— The absolute accuracy of most methods 
of measuring the surface tension of molten metals is 
low. This is supported by the wide variation in sur- 
face tension values published by various investiga- 
tors for the same system. The maximum bubble 
pressure method, and in fact any method requiring 
the measurement of small capillaries, is subject to 
considerable error. However, successive measure- 
ments made with the same capillaries may have very 
good relative accuracy. 


In this work it was estimated that the error in 
measuring the capillary tubes was +0.001 cm,*the 


*In reality the error was much less than this, but as the location of 
the effective radius is somewhat uncertain the larger more realistic 
value is used. 


error in the pressure readings was +0.2 mm water, 
and that the liquid metal density was accurate to 

+ 0.05 g per cm*. The absolute accuracy of the 
method was examined by varying the data through 
the ranges given above and solving for the surface 
tension. The results of such calculations show a 

+ 4 pct scatter in the surface tension values. The 
largest factor was the uncertainty of the capillary 
diameter which in itself led to an error of +3.5 pct. 
Thus, if it is assumed that the capillaries undergo 
no change with use, the data from a given set of 
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Fig. 3—The surface tension of lead arsenic alloys. 


equipment should have a relative error of not more 
than +0.5 pet. 

Preparation of Alloys— All the alloys were pre- 
pared from lead of a composition given in Table I. 
The tellurium used was of a composition given in 
Table II and the arsenic of a composition given in 
Table III. The higher tellurium alloys were weighed 
up allowing for some loss of tellurium during melt- 
ing. The 0.1 pct Te alloy was prepared by diluting 
a 5 pct alloy with lead. The arsenic alloys were 
prepared ina similar manner. All heats were an- 
alyzed for tellurium or arsenic by wet methods. 


RESULTS 


Lead Arsenic Alloys—Surface tension measure- 
ments were made on six lead-arsenic alloys con- 
taining 0.0, 3.77, 6.24, 8.35, and 10.53 pct (at. pct) 
As. The results of runs made on these alloys are 
plotted in Fig. 3. This plot shows the variation 
of surface tension with temperature. A plot illus- 
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Fig. 5—The surface tension of lead tellurium alloys. 
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Fig. 4—Effect of arsenic on the surface tension of lead at 
three temperature levels. 


trating the change of surface tension with increasing 
amounts of arsenic at three temperature levels is 
given in Fig. 4. 

Lead Tellurium Alloys--Six lead-tellurium alloys 
containing 0.0, 0.16, 1.39, 3.18, 3.76, and 6.70 pct 
(at. pet) Te were examined. The surface tension 
data for these alloys are plotted in Fig. 5; Fig. 6 is 
a plot illustrating the change of surface tension with 
tellurium content. 


DISC USSION 


The Surface Tension of Pure Lead— Values for the 
surface tension of lead found in this work are in good 
agreement with previous values. In Fig. 7 the results 
of this investigation are compared to those of Bir- 
cumshaw,° Melford and Hoar,’ and Greenaway.° With 
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Fig. 6—Effect of tellurium on the surface tension of lead at 
three temperature levels. 
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Fig. 7—The surface tension of lead as determined by four 
investigators. 


a few exceptions the values shown here are within 
5 pet of the average as would be expected from an 
analysis of the errors inherent in all methods of 
measuring surface tension. However, it is difficult 
to account for the variation in temperature depend- 
ence of the surface tension values from one investi- 
gation to another. A possible explanation might be in 
the contamination of the lead by a surface active ele- 
ment or in the presence of a temperature dependent 
error in the method or apparatus. Even though most 
investigators used lead of high metallic purity such 
nonmetals as those from Groups V, VI, and VII have 
or may have a great influence on surface tension. 
The undetected presence of these elements could 
account for the differences seen in Fig. 7. 

The surface tension of lead as found in this work 
can be expressed as 


y = 512 —0.133¢ 


where y is the surface tension in dynes per cm and 
t is the temperature in °C. 

Gibbs’ Surface Excess— The excess surface con- 
centration of tellurium and arsenic in the alloys 
examined may be calculated from the Gibbs adsorp- 
tion equation. *® 


RT dina 


T= 


wheré I is defined as the excess surface concen- 
tration in moles per sq cm, R is the gas constant, 
T is the absolute temperature, y the surface ten- 
sion and a*the activity. By assuming that a, the 


*Not to be confused with the capillary constant which customarily 
also has the symbol ‘‘a’’. 


activity, is very nearly equal to the mole fraction, 
Gibbs’ equation may be evaluated for a particular 
composition from the slope of the surface tension 
vs In mole fraction curve as plotted in Fig. 8. In 
the case of tellurium the surface excess concentra- 
tion was found to be constant at 0.74 x 107’ moles 
per sq cm over the range of compositions examined. 
In the case of arsenic no such constant value of sur- 
face excess concentration was found. The excess 
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Fig. 8— Logarithmic relationship between the alloy content 
and surface tension of lead alloys. 


varied from 0.26 x 107° moles per sq cm at 0.16 at. 
pet to 1.5 x 107° at 8.35 at. pct As. 

It appears in the case of tellurium in lead the 
amount adsorbed on the surface is proportional to 
the total tellurium concentration. In the case of 
arsenic in lead the amount adsorbed on the surface 
is dependent upon the concentration, but no clear 
relationship exists. 

Tellurium is most certainly surface active in 
lead as illustrated by its marked effect on the 
surface tension of lead. Arsenic, more metallic 
in nature, appears to be surface active, but does 
not have as great an effect on the surface tension 
of lead as does tellurium at equal atom concentra- 
tions. 

Addendum—Since the completion of this manu- 
script an additional paper pertaining to the subject 
has been published.*® Bradhurst and Buchanan dis- 
cuss the effect of tellurium on the surface tension 
of lead up to around 0.4 at. pct Te. Even though a 
different method was used (sessile drop) the data 
check well with those presented in this paper. 
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Liquid-Solid Phase Distribution Studies in the Systems 
lron-Lead, Cobalt-Lead, Chromium-Tin, 


and Nickel-Silver 


The solubility of iron and cobalt in liquid lead, the solubility 
of chromium in liquid tin, and nickel in liquid silver were de- 
termined up to 1300°C in an atmosphere of hydrogen. Liquid 
samples were taken at different temperatures and analyzed. 
The data obtained were plotted to show the relationship between 
log mole fraction of solute and the inverse of the absolute tem- 
perature. Resulting values for the differential heat of solution 
(AH) and the excess partial molar entropy (AS) are: for the 
iron-lead system 4H = 24,200 cal per mole and AS = 5.0 e.u. 
for the a phase, and AH =18,300 and AS = -0.1 e.u. for the y 
phase; for the cobalt-lead system AH = 16,500 cal per mole 


and SS = 0.7 e.u.; for the chromium-tin system AH = 15,600 


David A. Stevenson 


cal per mole and AS = 8.5 e.u.; for the nickel-silver system 


AH = 18,000 cal per mole and AS = 4.0 e.u. 


Recent developments in coating, brazing, and 
heat transfer have focused attention on specific 
cases of solid-liquid interaction in metal systems, 
particularly those involving dilute liquid solutions. 
One fundamental quantity of interest in such sys- 
tems is the equilibrium phase distribution between 
solid and liquid phases. In any effort to fully under- 
stand such interactions, one must be able to describe 
the equilibrium state precisely. Furthermore, in 
order to develop general relations for such sys- 
tems, one must know the equilibrium state in a num- 
ber of different cases. 

This investigation was devoted to a study of the 
equilibrium phase distribution in four binary sys- 
tems: solid iron-liquid lead; solid cobalt-liquid 
lead; solid chromium-liquid tin; solid nickel-liquid 
silver. The iron-lead system was previously studied 
by Shepard and Parkman’ and later by Fleischer and 
Elliott? with differing results. Both investigations 
were carried out by sampling the saturated liquid, 
and analyzing it chemically. The cobalt-lead system 
was previously reported by Pelzel,’ who noticed no 
discontinuity near the transformation. A limited in- 
vestigation of the chromium-tin system was made 
by Wlodek and Wulff* using a weight loss method. 
This work was done in conjunction with the develop- 
ment of a process for coating molybdenum with 
chromium from tin solutions. To more fully under- 
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stand the kinetics of the process, a more accurate 
determination of a solubility was desirable. No sig- 
nificant data were found in the literature on the 
nickel-silver system. Data on the latter system 
were, however, relevant to the investigation of the 
corrosion kinetics of copper-nickel alloys in liquid 
silver as carried out by Harrison and Wagner.” 


EXPERIMENTAL APPARATUS AND PROCEDURE 


Of the techniques available for the study of such 
systems the most effective appears to be that of 
liquid sampling,” ®’ which is the method used in the 
present investigation. A schematic diagram of the 
sampling furnace is given in Fig. 1. Large pieces 
of solute metal, in excess of saturation solubility, 
were added to 200 g of the solvent metal, and the 
entire charge placed in an alundum crucible. Ana- 
lytical reagent or materials of chemically pure 
grade were used in all investigations. The crucible 
was contained in a zircon muffle tube positioned 
vertically in the uniform hot zone of a Globar re- 
sistance furnace. The tube was provided with a 
number of ports which permitted sampling at tem- 
perature and in controlled atmospheres or vacuum; 
the ports were also useful for evacuation and in- 
troduction of gases as well as for thermocouple 
measurements. A chromel-alumel thermocouple 
sheated in a porcelain tube was used for tempera- 
ture measurements. A purified hydrogen atmo- 
sphere was employed in all experiments reported 
in this paper. The hydrogen was purified by pass- 
ing it first over hot copper gauze to remove oxygen 
and then through a molecular sieve immersed in 
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Fig. 1—Schematic diagram of furnace. 


liquid nitrogen. A control thermocouple was posi- 
tioned between the Globar elements and the muffle, 
and was connected to a Wheelco controller. This 
provided a maximum temperature fluctuation of 
the melt of +1°C up to 1100°C, and +2°C at higher 
temperatures. Samples of the liquid were with- 
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Fig. 3—Log mole fraction iron vs 1/T xX 104. 
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drawn using a vycor sampling tube and an aspirator 
bulb. In cases where a filtered sample was desired, 


a closed vycor tube was immersed in the liquid 
after evacuation of the muffle, and hydrogen was 
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Fig. 5— Log mole fraction cobalt vs 1/T x 104. 


readmitted forcing liquid into the sampling tube. 
The samples were then analyzed chemically to de- 
termine the solubility of the solid metal in the liq- 
uid metal at a particular temperature. 

There are three major problems in work of this 
Kind: 1) attainment of equilibrium; 2) proper sam- 
pling of the liquid to avoid entrapment of solid; and 
3) proper analysis of a representative portion of 
sample. In these determinations, since points ob- 
tained on cooling and heating fell on the same curve, 
within the limits of experimental error, existence 
of equilibrium conditions was assumed. A number 
of samples were taken employing a quartz filter in 
order to preclude entrapped solid. Again, since the 
data fell on the same curve, it was assumed that 
the sampling procedure employed avoided the en- 
trapment of solid. In order to avoid any error 
arising from segregation during solidification, the 
whole sample was dissolved before analysis. 


RESULTS AND DISCUSSION 


The experimental results for the four systems 
are plotted in Figs. 2, 4, 6, and 8. Figs. 3, 5, 7, 
and 9 show plots of the log mole fraction solute vs 
the inverse of the absolute temperature which, 
according to solution thermodynamics, gives a 
straight line for a dilute solution. 

The results on the iron-lead system indicate a 
lower solubility of iron in lead above 1000°C than 
that obtained in both previous investigations.” 
There appears to be a consistent discrepancy cor- 
responding to about 70°C between the present work 
and that of Fleischer and Elliott.” At lower tem- 
peratures, the discrepancy is greater, and no con- 
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sistent difference is observed. One would expect a 
discontinuity at the a-y transition temperature of 
1183°K. This is evident from the curve of Shepard 
and Parkman, but is not apparent in this investiga- 
tion or that of Fleischer and Elliott (cf. Fig. 1). 
On the log vs 1/T curve there is a suggestion of a 
break in the curve at 1183°K as is indicated in 
Fig. 2, however, the reliability of the data below 
1183°K is questionable due to the greater scatter 
of the points at lower iron concentration. It is 
easily shown from free energy-composition dia- 
grams that the solubility of a metastable phase is 
greater than the solubility of a corresponding stable 
phase, thus the extensions of the solubility curves 
on the log mole fraction curves should be such as 
to indicate a higher solubility in regions were that 
phase is metastable. This is the case in Fig. 2. 

The data obtained on the solubility of cobalt in 
lead indicate lower values than those previously 
obtained by Pelzel.* Thus Pelzel finds 0.037 weight 
percent of cobalt soluble in lead at 327°C and 0.137 
weight percent at 727°C; this might be compared 
with 0.010 weight percent at 795°C and 0.150 weight 
percent at 1248°C in the present investigation. 
Obviously, a major discrepancy exists correspond- 
ing to 500° to 700°C error in temperature. Previous 
comparison with Pelzel’s work on copper-lead® and 
nickel-lead” shows a similar, but smaller, discrep- 
ancy. 

The new data on the system chromium-tin should 
be more reliable than that previously obtained by 
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Fig. 7—Log mole fraction chromium vs 1/T x 104. 


Wlodek and Wulff* due principally to the technique 
employed. The new silver-nickel measurements do 
not permit comparison due to absence of previous 
data in the literature. 

From straightforward thermodynamic reasoning 
it can be shown that the following relationship is 
valid for a dilute solution obeying Henry’s Law in 
which pure solid metal is in equilibrium with the 
solution:® 


In N = ~ AH/RT + AS/R 
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Fig. 8—Solubility of nickel in silver. 


where N is the mole fraction solute, AH the sum of 
the differential heat of solution and heat of fusion, 
R the gas constant, T the absolute temperature, AS 
the sum of the entropy of fusion and the excess 
partial molar entropy. Figs. 3, 5, 7, and 9 indicate 
that the above relationship holds for the range of 
compositions encountered in this investigation and 
illustrate the self-consistency of the data. Table I 
gives the analytical representation of the data using 
an equation of the form: 


logioN= A/T +B. 


By equating identical coefficients in the two pre- 
ceding equations, values of AH and AS were de- 
termined and listed in the table. To ascertain the 
type of interaction between solvent and solute, ap- 
proximate values of the heats and entropies of so- 
lution may be obtained assuming that the heats and 
entropies of fusion are independent of temperature 
thatcA C, for solid-liquid transformation is 
equal to zero). Using accepted values for the heat 
and temperatures of fusion,’ the following results 
were obtained for the differential heat of solution 


Table I. Analytical Representation of Experimental Data 
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Fig. 9—Log mole fraction nickel vs 1/T x 104. 
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A B AH (cal/mole) AS (e.u.) 
Fe in 6,100 27,900 7.0 
Fe in Pbi1) 4,800 0.4 22,000 1.9 
Co in Pb) 4,400 0.6 20,300 2.8 
Cr in Sn(7) 4,400 Dee: 20,200 10.7 
Ni in Ag; 4,800 1.4 22,200 6.4 
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AH and the excess partial molar entropy AS: for 
the iron-lead system AH = 24,200 cal per mole and 
AS = 5.0 e.u. for the a phase and AH = 18,300 and 
AS =-0.1e.u. for the y phase; for the cobalt-lead 
system, AH = 16,500 cal per mole and AS = 0.7 
e.u.; for the chromium-tin system A H = 15,600 cal 
per mole and AS = 8.5 e.u. ; for the nickel-silver 


system Ad = 18,000 cal per mole and AS = 4.0 e.u. 


From the different values for AH for aand y 
iron, one should be able to calculate AH... The 
data below 1183°K, however, are much too crude to 
allow a reliable value, particularly in light of the 
very small established value for the enthalpy change 
for the transition (220 cal). As a consequence the 


value calculated from the solubility data is too large. 


All of the above systems exhibit immiscibility in 
both the solid and liquid state. Such systems in 
general show a strong positive deviation from ide- 
ality which is quantitatively expressed as an ac- 
tivity coefficient greater than unity. This behavior 
is further reflected in a strongly positive differ- 
ential heat of solution which is exemplified by the 
above systems. 


SUMMARY AND CONCLUSIONS 


The equilibrium phase distribution of solid iron 
in liquid lead, solid cobalt in liquid lead, solid 
chromium in liquid tin, and solid nickel in liquid 
silver were determined over a 600°C range of 
temperatures up to 1300°C using a liquid sampling 
technique. The data obtained by chemically ana- 
lyzing the complete samples are graphically shown. 


The data obtained were also plotted to show the 
relationship between log mole fraction of solute and 
the inverse of the absolute temperature. From the 
solubility data obtained experimentally and accepted 
values for the heats and temperature of fusion, ap- 
proximate values for the differential heat of solu- 
tion AH were obtained. For the iron-lead system 
AH = 24,200 cal per mole and AS = 5.0 e.u. for the 
a phase and AH = 18,300 and AS = - 0.1 e.u. for 

the y phase; for the cobalt-lead system, AH= 16,500 
cal per mole and AS = 0.7 e.u.; for the chromium- 
tin system AH = 15,600 cal per mole and AS = 8.5 
e.u.; for the nickel-silver system AH = 18,000 cal 
per mole and AS = 4.0 e.u. 
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Thermodynamic Properties of Cr,C, at 


High Temperatures 


The dissociation pressure of Cvr3Cz2 has been measured in the 
range of 1908° to 2237°K by means of graphite Knudsen effusion 
cells. It has been found that Cr;Cz vaporizes according to the 
following reaction: 1/3 Cr3Cz (s or 1) = 2/3 C (graph.) + Cr (g). 


The equilibrium pressure, P, of Cr (g) is found to be log P, 


S. Fujishiro 


= — (21,194/T) + 6.525 over solid Cr3Cz and estimated as log 


P, = - (19,535/T) + 5.76 over liquid Cr;C,. 


CarBiDEs of chromium are of great importance 
in alloy steels and cemented carbides. The pub- 
lished data on their thermodynamic properties at 
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vestigated by Boericke. 


N. A. Gokcen 


high temperatures, however, are meager. The heat 
capacity and change in entropy of Cr;C, were gia 
termined calorimetrically by Kelley and Moore’ 

the range of approximately 50° to 300°K, and aaa 
Oriani and Murphy’ from 297° to 1188° K. The stand- 
ard entropy of Cr,C, at 298.15°K, obtained by Kelley, 
was later confirmed by DeSorbo.* Equilibrium in the 
reaction 3 Cr,O, + 13 Ce =9CO+2Cr;C, was in- 

° A recent tabular summary 
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of the standard free energy and the entropy of for- 
mation of Cr;C, at various temperatures up to 
3000°K has been presented by Elliott and Gleiser. °® 
The uncertainty in the thermodynamic properties 
of Cr,C, appears to be high. The purpose of this 
investigation was, therefore, to determine the pres- 
sure of gaseous chromium in equilibrium with 
chromium carbide and graphite by the Knudsen ef- 
fusion method, and from the resulting data, to com- 
pute the related thermodynamic properties of the 
carbide. In addition, it was necessary to establish 
the species in the gas phase and the stoichiometry 
of the carbide of chromium. 


EXPERIMENTAL METHOD 


The apparatus used in this investigation is shown 
in Fig. 1. A transparent silica furnace tube A con- 
tains a graphite Knudsen cell B, placed in an outer 
graphite crucible C with baffles which assure a 
uniform temperature chamber. The cell B, 1 in. in 
diam and 1 1/2 in. high, is made of the densest and 
the most impervious graphite rods supplied by the 
National Carbon Co. The crucible C is packed into 
A with — 35 + 48 mesh insulating graphite powder D. 
The graphite crucible and the Knudsen Cell are 
heated by an induction coil E, connected to a 20-ke 
mercury-gap type converter. The furnace tube A 
is cemented to the pyrex glass head F at the tapered 
ground joint. A removable pyrex cap G has a flat 
sight window protected with a steel disc H held in 
place with a magnet I. The optical pyrometer J is 
calibrated by observing the melting point of pure 
platinum wire ina deep graphite crucible placed 
in A. The temperature correction has been ex- 
tended above and below the platinum point by using 
1/T,,,- 1/T,,,. = constant, where the constant has 
been determined from the platinum point. The ac- 
curacy of optical temperature measurements is 
well within + 10°C. The system is kept under a 
vacuum of 5X10 ° mm Hg by means of a mercury 
vapor pump backed with a mechanical pump. Pres- 
sure measurements are made with a McLeod gage 
K. A trap L, cooled with liquid nitrogen in M, keeps 
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the furnace chamber free of mercury vapor. 

The experimental runs were made as follows: The 
cell was charged with granular Cr,C2, prepared by 
heating pure Cr in an ordinary graphite crucible 
under vacuum, then placed in the furnace tube as 
shown in Fig. 1 and degassed at 2200°C for 3 to 4 hr. 
The furnace was cooled and pure argon was admitted 
to break the vacuum. The cell was weighed accur- 
ately, placed in the furnace again, brought quickly 
to the desired temperature under vacuum, and the 
temperature was maintained constant within +5°C 
for a period of 2 to 8 hr. After the cell was cooled 
as rapidly as possible down to room temperature, 
it was reweighed to determine the resulting weight 
loss. A second identical run was made with another 
cell containing Cr3;Cz, but without an orifice in order 
to determine the amount of Cr diffused out of the 
cell wall, mostly through the pores because even the 
densest graphite available is not free from porosity. 
A third identical run with an empty cell, i.e. without 
Cr3;C,, showed that the loss of graphite was less than 
0.001 g in 5 hr at 2300°K and much less at lower 
temperatures. The difference between the weight 
losses in the first and the second runs gave the 
amount of Cr (g) which had effused out of the orifice. 
The pressure P of Cr (g) in dynes per cm? was then 
obtained from’ 


Wa 
ha [1] 


where W is the weight of effused Cr (g) in grams; a, 
the area of orifice in cm* as determined with shadow- 
graphs before and after an experiment; ¢t, time in 
seconds; M, the molecular weight of the effusing gas; 
7’, absolute temperature in °K;R, the ideal gas con- 
stant; 2, a correction factor due to the thickness of 
orifice; it is known as the ‘‘Clausing factor’?® 
which is expressed by k = 1/(1 + 0.5 h/Y) where h 

is the thickness, and 7, the radius of orifice. 

In order to ascertain whether the effused gaseous 
species is Cr (g) or a carbide of Cr, the following 
two experiments were carried out: 

(I) 0.3370 g of electrolytic chromium having 99.8 
pet purity was placed ina previously degassed cell 
with an orifice, and then maintained at 1830°C for 
8 hr. The resulting weight loss was found to be 
0.3368 g which is almost the entire Cr charged into 
the cell. Subsequent reheating of the cell for an ad- 
ditional period of 4 hr gave a weight loss of 0.0005¢. 
Since the loss of weight is not more than the chro- 
mium charged in the cell it was concluded that there 
were no carbide species in the effusing gas. 

(II) 0.7272 g of Cr was charged in another degassed 
cell and heated to 1830°C for 4 hr. The weight loss 
was then found to be 0.1546 g. The cell was subse- 
quently crushed and its chromium content was de- 
termined by gravimetric analysis. The amount of Cr 
in the cell was found to be 0.576 g, which upon sub- 
traction from 0.7272 g, yielded 0.1512 g of Cr lost by 
effusion. In view of the fact that this value is in very 
close agreement with 0.1546 g found by reweighing 
the cell, the vapor phase over the carbide must be 
gaseous chromium within experimental errors. 

The stoichiometric composition of the liquid car- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table |. Experimental Results for Cells without Orifice 
and Containing Cr.C, 


Run Wt Loss, 
No. Temp. ,°K Time, Hr Meg/Hr 
102 2220 2.00 39.70 
103 2116 3.00 16.53 
104 1944 4.09 
105 2272 1.83 52.14 
106 2168 3.00 27.53 
107 2351 2.00 75.05 
108 2043 3.00 


bide phase was determined by analyzing three sam- 
ples prepared at 1950°, 2000°, and 2050°C. Each 
sample was prepared by holding 20 g of pure chro- 
mium at the desired temperature for 2 hr ina 
graphite crucible under vacuum. The resuits showed 
that the atomic ratio of chromium to carbon is 3/2 
within analytical errors. This conclusion is in agree- 
ment with the phase diagram of Cr-C summarized by 
Hansen and Anderko.° (See also Ruff and Foehr.*°) 
The stoichiometry of Cr,C, below its melting point 
of 1905°C is considered unchanged.® The reaction 
investigated herein is therefore 


CrsCa(s or = 


DD 


C (graph.) + Cr (g) [2] 


RESULTS 


The experimental results are listed in Tables I, 

II, and III. Table I shows the loss of Cr through the 
cell wall by diffusion. The weight loss for inter- 
mediate temperatures was obtained by graphical 
interpolation. 

Table II shows the effect of orifice size on the 
observed vapor pressure. This effect has been dis- 
cussed in detail by Whitman” and Motzfeldt.’* Briefly 
it may be summarized by using Motzfeldt’s equation 
in the following form: 


Table III: Experimental Results for Cells with Orifice 
and Containing Cr3C, 


Run Effective 

No. Temp.,°K Time, Sec WtLoss, Mg P (Atm) AH®, Cal. 

a* x 100 = 0.52 mm’, k = 0.66 

113 2168 1.44 x 10* 190.0 5.60 x 10-* 102,800 

114 2043 1.44 63.9 1.83 101,754 

117 2189** 1.44 207.8 6.15 - 

a x 100 = 0.656 mm’, & = 0.50 

150 2043 1.80 66.8 1.60 102,300 

Si 2043 1.62 64.3 1.71 102,030 

152 1944 1.62 13.6 0.35 103,500 

153 1996 1.62 DAfeak 0.71 103,293 

154 2095 1.62 98.9 2.66 102,645 

155 2001 1.62 34.6 0.91 102,553 

158 1908 2.88 20.8 0.30 102,276 

160 2237** 0.90 186.8 9.35 - 
Av.: 102,678 

+1000 max. 
a x 100 = 1.07 mm’, k& = 0.66 
126 2142 0.90 159.6 3.68 = 


*a and k are the Orifice area and the Clausing Factor, respectively. 
**Liquid Cr,C,, all others are solid. 
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Table Il. Variation of the Observed Vapor Pressure 
of Solid Cr,C. with Orifice Area 


Run Effective 

No. Temp.,°K Time, Sec. WtLoss, Mg P (Atm) AH? ,Cal 
a* x 100 = 0.255 mm’, k = 0.50 

142 2147 1.44 x 10* 50.2 3.96 x 10~* 103,344 
143 2116 0.90 25.4 3.18 102,863 
144 2085 1.80 41.8 2.60 102,276 
a x 100 = 0.52 mm’, k = 0.66 

118 2085 1.44 91.7 2.65 102,196 
115 2116 1.44 108.2 3.15 102,903 
116 2147 0.98 90.0 3.88 103,432 
a x 100 = 1.07 mm’, k = 0.66 

2085 0.90 103.2 
128 2085 0.65 US 2.28 
124 2085 0.90 115.1 2.59 — 
129 2116 0.90 128.6 2.91 = 
125 2147 1.08 206.0 3.91 = 

a x 100 = 1.98 mm’, & = 0.66 

132 2085 0.90 158.0 1.92 - 
131 2116 0.90 217.0 2.65 _ 
133 2147 0.90 248.5 3.06 - 


*qa and k are the Orifice area and the Clausing Factor, respectively. 


[3] 


In this equation P,,, and P., are the observed and 
equilibrium pressures, respectively, & and @ repre- 
sent the same quantities as before, ais the accom- 
modation coefficient, and A, the surface area of 
Cr;Czin cm’. When 1/P,, is plotted vs k-aas 
shown in Fig. 2, extrapolation to zero orifice area* 


*The more exact value of 1/P.4 can be obtained when the extrapola- 
tion is also made to zero diffusion rate through the wall by using cells 
with various wall thickness. Since the slope at a < 1 mm’ is rather small, 
further extrapolation is not likely to yield a substantial refinement of the 
data. 


6 
5b 2085°K 
Q 

2 
2116 °K 

©) 


Os 
\ 

\ 


0 0.5 1.0 
kx ORIFICE, mm* 


Fig. 2—Variation of the observed pressure of Cr(g) over 
Cr3C, + graphite with orifice area. 
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Fig. 3—Variation of the equilibrium Cr (g) pressure over 
Cr3C, + graphite with temperature. Solid line, for solid 
Cr3C,; broken line, for liquid CrsCy. 


gives iP . The relationships in Fig. 2 are linear 
when P,,,and P,, do not differ greatly. The slopes 
of the lines at small values of orifice areas repre- 
sent 1/aAP., which should be as small as possible 
for the existence of equilibrium vapor pressure in 
the cell. Fig. 2 shows that when the orifice area is 
less than 1 mm’ this condition is satisfied within 
experimental errors. When the orifice area is too 
large the surface of solid Cr;C, is probably depleted 
of Cr, and therefore Motzfeldt’s equation is not fol- 
lowed. 

Table III shows the additional data at various tem- 
peratures with orifice areas small enough for the 
determination of equilibrium vapor pressures. The 
fourth column shows the effective weight loss which 
has been obtained by subtracting from the total weight 
loss, the corresponding loss from a cell without 
orifice, but containing Cr;C2, (see Table I). The table 
also contains two runs for liquid Cr;Cz. The results, 
together with the equilibrium runs in Table II, are 
represented in Fig. 3. The most probable lines ex- 
pressing log P(atm.). 

Thermodynamic calculations are carried out in the 
following manner. The standard free energy change 
for each run with solid Cr3Cz is obtained by substi- 
tuting the equilibrium pressure of gaseous chromium, 
P,in AF° =—-RT In Pand then AdH§ (at 0°K) for Reaction 
[2] is computed by inserting into al 
the free energy functions for Cr (g) and C (graph. ) 
from Stull and Sinke,’* and that for Cr,C,(s), from the 
data of DeSorbo,* Oriani and Murphy’ after extrapo- 
lation from 1200°K to the experimental temperatures. 
The results are listed in the last columns of Tables 
Il and Il, The resulting average value isAH> = 102,678, 
+1000 max. From this value and from the foregoing pub- 
lished data = TOS and AH = 96,982, 
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and AS°.599 = 29.86 where 2000°K is takenas the aver- 
age rounded temperature for the experimental data. 
Assuming that AH° and AS° may be taken as con- 
stants in the range of 2000° + 300°K, then AF° may 
be expressed adequately in two terms, 7.e. by 


AF° = 96,982 29.86T [4] 
This equation may then be written as follows to 
represent the data at high temperatures: 

log R= - fae + 6.525 [5] 


The solid line in Fig. 3 passing through the experi- 
mental points represents this equation. The corre- 
sponding line for liquid Cr,C,,7.e. the broken line, is 
drawn on the basis of the succeeding calculations. The 
melting point of Cr;C, is arbitrarily chosen as 
1895°C reported by Bloom and Grant** rather than 
1850 + 20°C by Markovskii, Vekskina and Strikhman.’® 
The broken line cannot be drawn from only two 
points for the liquid, and the pressure at the melting 
point from the graph. In view of the fact that the 
vapor pressure of liquid Cr,C, is rather high and 
the orifice diameter has to be 1/10 of the mean free 
path of Cr(g) molecules, additional data at higher 
temperatures with smaller orifice sizes cannot be 
reliable because of the inaccuracy in measurements 
of the orifice area and thickness. Therefore, in 
drawing the broken line the authors were guided by 
the assumption that the entropy of fusion of Cr3;C2 
is roughly 10.5, hence its heat of fusion is 10.5 

X 2168 = 22,764 cal. This approximation known as 
Richards rule holds for many pentatomic and other 
substances, although there are notable exceptions. 
For the fusion of 1/3 mole of Cr,C2, the standard 
free energy change can be expressed by AF° = 7,588 
—3.5 7. Subtraction of this equation from Eq. [4] 
yields the standard free energy change for Reaction 
[2] for liquid Cr,C, z.e.: 


AF° = 89,394 — 26.36T 
Hence the broken line in Fig. 3 is represented by 


19,535 
+576 [7] 


[6] 


log P(liq) = - 


COMPARISON WITH OTHER DATA 


Thermodynamic functions for Reaction [2] are 
computed from the published data in the following 
manner. For the reaction 


Cr;Cz(s) = 2 C (graph.) + 3 Cr (s) 


wherein Cr is solid, the heat of reaction from 
Boericke’s® equilibrium study is 23,200 + 10,000 cal 
with the error estimated by Elliott and Gleiser. °® 
Extrapolation of this value to 0°K by using the tabu- 
lar data for C and Cr,C,”*’* and for Cr (s)®*° gives 
AH, = 23,410. For the sublimation of chromium, 


Cr (s) = Cr(g) [9] 


the data of Speiser et al.” obtained by the Langmuir 
method, yield, after correction with new free energy 
functions.”** AH? = 94,200 cal in close agreement 


[8] 
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with AH¢ = 94,600 cal from the similar data of Gul- 
bransen and Andrew,*® the average is AH° = 94,400 
cal, Appropriate combination of Reactions [8] and 
[9] and their standard enthalpy changes give Reac- 
tion [2] and its AH¢ which is 102,203 cal. This is in 
excellent agreement with 102,678 cal of this investi- 
gation. Extrapolation of this value to 2000°K as in 
the preceding section gives AH = 96,507. The 
value of AS°2900 in the same section is 29.86. From 
these quantities, the calculated AF° is expressed by 
AF® = 96,507 - 29.867. (Cf. Eq. [4]. 

The standard heat of formation of Cr3,C, from this 
investigation is AH$ = 3x 94,400 3 x 102,678 = 
— 24,834 and AH°s9, = — 24,624, which is in excellent 
agreement with the reported value®’® of 23,200 
+ 10,000. The agreement is, however, fortuitous 
since the authors’ value is obtained by subtracting 
two large quantities extrapolated from high tempera- 
tures. 
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The Solution Rate of Copper, Nickel, and Their 


Alloys in Lead 


The rates of solution of copper, nickel, and three copper- 
nickel alloys in liquid lead were studied at 527° and 727°C 
under dynamic conditions. The relative velocity at the solid- 
liquid interface was varied from 8.65 to 125 cm per séc. 
Analysis of the data for the pure metals indicates that the so- 


lution vate is transport controlled at lower velocities, but a 


David A. Stevenson 


transition to mixed control occurs at higher velocities, higher 


temperatures, and higher percent saturation. 


Tue present work concerns the effect of relative 
velocity at a solid-liquid interface on the dissolu- 
tion kinetics of pure solid materials in liquid metals. 
This general problem is of interest in electrode 
kinetics, in electrolytic processes, and more re- 
cently in the field of liquid metal corrosion. Con- 
siderable work has been done on dissolution kinetics 
in aqueous environments because of the obvious im- 
portance to electrolytic processes. ”” In purely me- 
tallic systems investigation has been more limited. 
There are, of course, extensive data from loop tests 
which are used in an engineering evaluation of liq- 
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uid metal corrosion. Here, however, the dissolution 
process is complicated by several interdependent 
processes. 

In general, one of two factors is considered to be 
rate limiting in the dissolution process: the trans- 
port of material from the solid-liquid interface into 
the bulk liquid, or an activation process directly at 
the interface. A number of studies of the dissolu- 
tion rates of solid metals in liquid metals under 
static conditions have been published.*~° Since the 
attendant hydrodynamic conditions imposed by ther- 
mal gradient convection and concentration gradient 
convection are difficult to analyze, it is doubtful if 
a clear interpretation of the experimental findings 
of these papers in terms of the mechanism involved 
in the dissolution process can be made. A clearer 
picture of the dissolution process is provided by 


VOLUME 221, APRIL 1961-279 


ROTATING ELECTRIC 
TOR 


SAMPLING PORT 
DOUBLE O-RING 
BALL VALVE — SEAL 
GAUGE GEASS 
PRESSURE= ESCAPE VALVE 
VACUUM pro 
q 
COOLING 
STEM 
HEAT COILS 
SPECIMEN 
CRUCIBLE 
5 LEAD LIQUID 
STEEL CASING 
STEEL BELL 
Y JAR 
RUBBER 


DOUBLE O-RING 
SEAL 


POWER 
LEAD 


CONTROLLING 
THERMOCOUPLE 


A 
AV 
N 
< 
m 


THERMOCOUPLE 


TO ARGON- 
HYDROGEN VACUUM 


ceramic PEDESTAL 


FIBERFRAX 


GS — MOLYBDENUM 


Fig. 1—Apparatus for determining solution rate. 


dynamic solution rate studies, where the geometry 
of the specimen is controlled.*” A number of dif- 
ferent approaches have been taken in these investi- 
gations. In one, a rod of metal was rotated in the 
liquid metal and after a predetermined time, the 
entire quantity of liquid metal was analyzed chemi- 
cally.° This was repeated for a number of different 
elapsed times. In another investigation the con- 
tainer around the liquid metal was rotated while the 
metal rod was held stationary.” After a definite 
time, which was the same in each experiment, the 
entire liquid sample was analyzed chemically. 


aN 


SATURATION 


*/o 


2 10 15 20 25 50 
TIME (MINUTES) 


Fig. 3—Effect of temperature on the dynamic solution rate 
of copper into liquid lead. 
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Fig. 2—Dynamic solution rate of copper into liquid lead at 
527°C. 


EXPERIMENTAL 


Previous work on solubility studies indicates that 
reproducible results can be obtained using a liquid 
sampling technique. This technique appeared desir- 
able for the present solution rate studies since it 
maximizes the information obtained from one run 
as well as maintains the same condition for an en- 
tire series of samples. A considerable range in 
speeds from low to high appears desirable in order 
to better interpret results. 

Fig. 1 shows the apparatus used in determining 
the solution rates in the present work. A resistance 
wire furnace was contained in a gas-tight water- 
cooled steel bell jar. A number of ports, valves, 
gages, and seals permitted thermocouple measure- 
ment of the furnace temperature and the liquid metal 
bath temperature, measurement of the pressure in- 
side the bell jar, furnace power lead-through, liquid 
metal sampling, viewing, admitting gas to the bell 
jar, evacuation of the bell jar and immersing and 
stirring the cylindrical metal specimen. Inert mo- 
lybdenum caps were placed on each specimen to 
limit solution to the periphery of the cylindrical 
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Fig. 4—Dynamic solution rate of nickel into liquid lead at 
927°C, 
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Fig. 5—Dynamic solution rate of nickel into liquid lead at 


specimen. Hydrogen atmosphere was used in order 
to avoid any surface oxide layers which might slow 
down the initial rate of solution. 

To initiate an experiment, a vycor or alundum 
crucible was charged with a known amount of chem- 
ically pure lead and placed in the furnace. A cylin- 
der of metal of known dimensions (normally 1.27 cm 
OD and 1.27 cm in height) was fixed to the end of a 
molybdenum rod and capped with a molybdenum cap 
screw and molybdenum discs. The bell jar was 
bolted to a base as shown in Fig. 1 and the rotating 
shaft connected to a drill press. After evacuation, 
purified hydrogen was admitted to the bell jar, and 
the furnace heated to the desired temperature. 

Once the solid had melted, the bottom of the molyb- 
denum cap on the specimen was placed in contact 
with the liquid metal in order to similate the heat 
flow conditions during the dissolution process. When 
the temperature reached a steady value, the speci- 
men was simultaneously immersed in the liquid and 
rotated. After a definite time, the specimen was 
withdrawn, and a sample of the liquid taken. The 
amount of liquid adhering to the specimen was neg- 
ligible compared to the bulk liquid. The sampling 
procedure consisted of attaching a double O-ring 
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Fig. 7—Log Cs/Cs-C vs time for dissolution of nickel into 
lead (527°C). 
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Fig. 6—Log Cs/Cs-C vs time for dissolution of copper 
into lead (527°C). 


400 


seal to the top of a sleeve which was located on the 
sampling port. A vycor sampling tube was placed 
in the sleeve and was connected to a steel drill rod 
which ran through the seal. The sleeve was previ- 
ously flushed with hydrogen. The sampling port 
valve was first opened, the entire system evacuated, 
and the sampling tube immersed in the liquid metal 
by sliding the steel drill rod through the O-ring 
seal. When hydrogen was readmitted, a portion of 
the liquid metal was forced into the sampling tube. 
The sample was then withdrawn into the sleeve and 
the sampling port valve closed, allowing subsequent 
runs to be made. The entire operation could be 
monitored with the aid of the sight glass. The sam- 
ple, once obtained, was analyzed chemically, copper 
being determined electrolytically and nickel gravi- 
metrically. 

Experiments were conducted at 527° and 727°C 
for times of from 1 to 32 min. Temperature was 
controlled by a Selectray temperature controller 
within + 5°C. The pulley system on the drill press 
permitted speeds from 130 to 1900 rpm, correspond- 
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Fig. 8—Log Cs/Cs-C vs time for dissolution of nickel into 
lead (727°C). 
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Fig. 9—Variation of rate constant with peripheral velocity 
(527°C). 


ing to peripheral velocities of 8.65 to 126 cm per 
sec for the standard sized specimen. High-purity 
grade OFHC copper and vacuum-cast electrolytic 
nickel were used for the pure metals. The vacuum- 
cast alloys of copper-nickel used in the alloy studies 
were hot-worked in air to achieve maximum den- 
sity. They were then heat-treated first in hydrogen 
and then in purified helium to achieve purification 
and homogenization. They were then strained by 
compression (1/2 to 1 pet strain) and reannealed in 
purified helium for 24 hr to achieve a coarse- 
grained structure. The rates of solution of the cyl- 
inders of copper, nickel, and three copper-nickel 
alloys into liquid lead were determined at 527° and 
727°C with peripheral velocities ranging from 8.65 
to 126 cm per sec. The experimental data for each 
system are represented in Figs. 2 to 15. Inall 
cases, the data represent at least two sets of de- 
terminations. 
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Fig. 11—Dynamic solution rate of a 70-30 copper-nickel 
alloy into liquid lead at 727°C. 


282-VOLUME 221, APRIL 1961 


-40) 
ao 126 
a 
CMISIEC 
! 
{8.68 CM/SEC 
GY 
cused, 
©) 
= 
20 100 120 


40 60 80 
TIME (MINUTES) 
Fig. 10—Dynamic solution rate of a 70-30 copper-nickel 


alloy into liquid lead at 527°C. 
DISCUSSION AND CONCLUSIONS 


The process of solution ina binary system may 
be viewed as the result of two consecutive steps, 
namely the transfer of solute atoms from the solid 
to the liquid phase at the phase boundary, and the 
transport of the solute from the phase boundary to 
the bulk solution. By considering these two proc- 
esses, the following relation for the rate of solution 
may be derived.”°® 


s 


Where: 

C = composition of the liquid solution at time ¢ 

C, = saturation composition of the liquid 

k, = rate constant for the interface reaction 

5= the effective thickness of the boundary layer (cm) 


D = the diffusion coefficient of the solute in the 
solvent (cm7/sec. ) 


A = the area of the solid-liquid interface (em?) 
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Fig. 12—Dynamic solution rate of a 55-45 copper-nickel 
alloy into liquid lead at 527°C. 
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Fig. 13—Dynamic solution rate of a 55-45 copper-nickel 
alloy into liquid lead at 727°C. 


V = the volume of liquid (em°) 
t = the time in seconds 


For the extreme case where either the transport 
step or the interface step is rate limiting, the solu- 
tion process can be analyzed by the following ex- 
pression: 


C= Cy (1-e7K(A/V)t ) [2] 


where K is the solution rate constant; K = k, for the 
phase boundary reaction controlled process and 

&K = D/6when transport in the liquid is rate limiting 
and a simplified boundary layer is considered. The 
relative velocity at the solid-liquid interface exerts 
a major influence on 6, and hence on & if the proc- 
ess is controlled by transport in the liquid. If, how- 
ever, the process is controlled exclusively by the 
phase boundary reaction, the rate should be inde- 
pendent of the relative velocity at the interface. 
Since Figs. 2, 4, and 5 show a strong dependence of 
solution rate velocity, the mechanism which obtains 
is either a transport controlled process or one of 
mixed control. 
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Fig 15—Dynamic solution rate of a 30-70 copper-nickel 
alloy into liquid lead at 727°C. 
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Fig. 14—Dynamic solution rate of a 30-70 copper-nickel 
alloy into liquid lead at 527°C. 


Eq. [2] may be rearranged into the form: 
log C,/(C, —C)=K (A/V)t [3] 


Thus, a plot of log C;/(C,- C) vs t should be a 
straight line, if the process is exclusively transport 
controlled. From such a plot, K values can be de- 
termined. At this juncture it is necessary to inject 
a comment concerning the accuracy obtainable in 
determination of the solution rate constants. For 
low values of log C,/C,- C) (less than 0.05) and for 
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high values (greater than 1) errors may arise asa 
result of the small magnitude of change in (C;—C). 
Values of K corresponding to log C,/(C, - C) ranging 
from 0.1 to 1.0 are most significant since the effect 
of experimental error is least in this range. In 
calculating the K values, correction was made for 
any change in volume of the solution due to sampling, 
and any change in area of the sample due to solu- 
tion. The effect of the latter on the peripheral veloc- 
ity was also considered and maximum decreases in 
peripheral velocity of 7 and 4 pct were calculated 
for the cases of the copper-lead and nickel-lead 
systems at 527°C. These changes in velocity were 
not considered in any subsequent calculations. 

Figs. 6 to 8 show plots of log C,/(C,- C) vs ¢ for 
the systems studied. Fig. 6 shows the appropriate 
plots for the copper-lead system at 527°C, with the 
velocity and corresponding solution rate constant 
noted on each line. At the highest velocity there is 
a deviation from the straight-line relationship at 
higher percent saturation indicating a deviation 
from the law derived assuming only transport con- 
trol. Using the values of the diffusion coefficient for 
copper in liquid lead, recently determined by Gorman 
and Preckshot,*° values for the effective boundary 
thicknesses can be calculated. These values range 
from 0.006 cm to 0.0008 cm for the lowest and 
highest velocities encountered and may be consid- 
ered reasonable values for boundary layer thick- 
nesses. This is consistent with the interpretation 
that the solution process is transport controlled, 
except at the highest velocity. The deviation from 
the simple transport controlled process is more 
marked in the nickel-lead system, as may be seen 
from Figs. 7 and 8. In the nickel-lead system at 
527°C, Fig. 7, deviation occurs at higher percent 
saturation for the higher velocities, while at v27-C, 
Fig. 8, deviation occurs at all velocities. Values of 
the solution rate K for nickel in lead (noted in Fig. 
7) show results essentially the same as for copper 
in lead, indicating that there is little difference in 
the diffusion coefficient for the two metals in lead. 

From this analysis it is clear that the following 
factors contribute to a transition from a purely 
transport controlled process to a mixed controlled 
process: higher velocities, higher percent satura- 
tion, and higher temperature. From the last fact, 
it is apparent that the activation energy of the phase 
boundary reaction is lower than the activation en- 
ergy for the transport process, a fact which is not 
inconsistent with the related investigation of Lommel 
and Chalmers.” Also, it is clear that the phase 
boundary reaction for the solution of nickel is 
slower than that of copper. 

A phenomenological correlation for the solution 
rate constant which is commonly made considers 
the solution rate constant to be an arbitrary func- 
tion of velocity v, characteristic dimension L, vis- 
cosity of the liquid 7, density of the liquid p and 
diffusion coefficient of solute in solvent D.” 
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Dimensionless groups, including the solution rate 
constant, may be related as follows: 


KL/v = C (Lu/v )* (v/D)® = C (Re)® (Sc)? 


where v = n/p, LU/v = Re, the Reynolds number and 
v/D = Sc, the Schmidt number. When velocity is 

the only variable, as is the case at constant tem- 
perature in this investigation: 


and the exponent of the Reynolds group can be de- 
termined by plotting log K vs log v. Fig. 9 shows 
such a plot. The exponent a, determined from the 
slope, is equal to 0.59, or essentially the same value 
obtained in a study of the dissolution of lead and tin 
into mercury by Bennett and Lewis’ who obtained a 
value of 0.6. The value is also reasonably close to 
the value of 0.7 found for similar studied in aqueous 
systems in which the solution process was con- 
sidered to be transport controlled.” 

Figs. 10 to 15 summarize the data for some of the 
copper-nickel alloys. The interpretation of the solu- 
tion rate of the alloys is much more complex than in 
the case of the pure metals. The solution rate equa- 
tions which were applied to the pure metals can not 
be applied to the alloys. In addition to the interface 
reaction and transport in the liquid, one must con- 
sider transport in the solid state. If the respective 
rates of solution dictate that one component in the 
alloy becomes depleted near the interface more 
rapidly than the other component, a solid-state 
barrier forms and the solution rate of this com- 
ponent is decreased. This would expose a solid 
alloy composition to the liquid different from the 
bulk composition. The surface composition would 
be slowly altered towards the bulk composition by 
solid-state diffusion, and as the surface composi- 
tion alters, the equilibrium composition of the liquid 
would change. Such a process would have a strong 
temperature dependence as dictated by solid-state 
diffusion as well as no dependence on stirring rate, 
since stirring should not have any influence on 
solid-state transport. In all the alloys studied there 
was a Significant dependence on stirring rate and 
there was not a strong temperature dependence. 

The solid-state transport problem does not domi- 
nate, at least in the initial stages of solution. 
Equilibrium was not reached in the same times as 
for the pure metals. As a consequence it appears 
that solid-state diffusion is significant in the latter 
stages of the solution process. 

A recent study by Harrison and Wagner” analyzes 
the conditions under which one obtains uniform 
attack or localized attack, when one component of a 
solid alloy is preferentially attacked by a liquid 
metal. The conclusion was reached that a much 
greater mobility in the liquid, compared to the solid, 
would favor localized attack. In the current investi- 
gation of copper-nickel alloys, the mobility in the 
liquid could be increased in a controlled manner by 
stirring, and it was observed, in accordance with 
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the Harrison and Wagner work, that the increased 
mobility in the liquid favored localized attack. It 
was also seen that the grain size is an important 
variable in determining the type of attack. Fig. 16 
shows the tendency of intergranular attack in the 
case of fine grained alloys. Fine grain size leads 
to an irregular interface since whole grains are 
systematically removed during dissolution. In order 
to obviate this problem, a grain coarsening proce- 
dure was developed. Fully annealed alloys were 
strained in compression (1/2 to 1 pct), then sub- 
jected to 24-hr anneals just below the liquidus line 
of the phase diagram. This material was used for 
the alloy studies. Intergranular attack, although 
still discernible, did not lead to a rough interface 
unless the peripheral velocity was very high, and 
even in the latter case, grains were not removed. 
It was at first though possible that such localized 
attack was due in part to the presence of grain 
boundary impurities. Since vacuum-melted and 
vacuum heat-treated alloys exhibit the same be- 
havior in this regard as air-melted alloys, it can- 
not be a significant cause. 


SUMMARY 


The rates of solution of Cu, Ni, and three Cu-Ni 
alloys in liquid. lead were studies at 527° and 727°C 
Solid cylindrical specimens of these metals with 
molybdenum-capped ends were rotated in the liquid 
metal in a hydrogen atmosphere at peripheral vel- 
ocities from 8.65 to 126 cm per sec. Analyses of 


the data for the pure metals indicated that for most 
velocities transport control obtains. The transition 
from purely transport control to mixed control oc- 
curs at higher velocities, higher percent saturation 
of liquid, and at higher temperatures. The type of 
attack of the alloys was found to depend on the grain 
size of the specimens. Fine-grained material was 
much more prone to intergranular attack, whereas 
the coarse-grained material, which was predomi- 
nantly used in this investigation, was prone to in- 
tergranular attack only at the highest velocities. 
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Oxidation of Niobium (Columbium) in the 
Temperature Range 500° to 1200°C. 


The oxidation behavior of niobium (columbium) has been 
studied in the temperature vange 500° to 1200°C and at oxygen 
pressures of 760,100, 10, 1, and 0.1 mm of Hg. The work com- 
prises kinetic studies of the oxidation as well as structural 
investigations of the oxidized specimens by means of X-ray 
diffraction, electron diffraction, electron microscopy, and 
metallographic techniques. The oxidation reaction has a 
highly irregular temperature dependence and is unusually 
sensitive to changes in the oxygen pressure. The complex 
oxidation behavior is suggested to be due to formation of dif- 
ferent Nb,0; modifications in different temperature vegions. 


During oxidation oxygen is also dissolved in the metal. For- 


Per Kofstad 


mation of oxide whiskers take place on the oxide surface at 


temperatures above approximately 800°C. 
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Various aspects of the oxidation of niobium have 
been studied.’”* The investigations show that niobium 
has a complex oxidation behavior, and the oxidation 
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mechanism at high temperature (>500°C) is not well 
understood. The complicating factors are possibly 
due to formation of different modifications of Nb2O, 
in different temperature intervals and to oxygen dis- 
solution in the metal during the oxidation process. 

In the present investigation oxidation of niobium 
has been studied in the temperature range 500° to 
1200°C and at oxygen pressures of LOO ALOOS 
and 0.1 mm of Hg. The work comprises kinetic 
studies coupled with structural investigations of the 
oxidized specimens by means of X-ray diffraction, 
electron diffraction, electron microscopy, and 
metallographic techniques. 


LITERATURE SURVEY 


The Niobium- Oxygen System— Oxygen is dissolved 
interstitially in the niobium metal lattice, and ac- 
cording to Seybolt** the solubility limit varies from 
1.38 to 5.52 at. pct at temperatures from 775° to 
1100°C. Internal friction measurements give a mean 
value of the diffusion coefficient of D = 0.0212 exp 
(-26900/RT) 

Recently both Brauer and Miller’® and Hurlen 
et al.** have found that niobium, under certain con- 
ditions, may take up more oxygen than that corre- 
sponding to the saturation values. The cubic niobium 
lattice is thereby transformed into a closely related 
tetragonal lattice, termed NbO,,** which by Brauer 
and Miller is suggested to be a suboxide of compo- 
sition Nb,O. In addition Hurlen et al.** identified 
another phase, termed NbO,, also closely related to 
the Nb structure. 

Several additional niobium oxides have been de- 
scribed in the literature, but only NbO, NbO., and 
Nb,O, will be discussed in this connection, as these 
are the only ones which with certainty have been 
established as definite phases. NbO has a defective 
sodium chloride structure,*” while NbO, has a 
structure closely related to the rutile structure. 

Nb,O, exhibits polymorphism and several modifi- 
ciations termed 6, >(T), 6(M), a(H), and a’ have been 
reported in the Holtzberg et ail, 
showed that the form most probably is a poorly 
crystallized state of the y phase, and that the 8 phase 
is a disordered form of the aphase, the 6 modifica- 
tion existing as a two-dimensional array.”® 

The transformation temperature for y + a@ has 
been found to be approximately 830°C.*° It is prob- 
able, however, that no specific transformation tem- 
perature can be assigned to this transformation, as 
Goldschmidt has shown that the transformation tem- 
perature is largely dependent upon the heating rate.” 
The transformation is furthermore irreversible sug- 
gesting that the y modification is metastable. 

Both the y and @ modifications have been indexed 
on the basis of a monoclinic unit cell.*77”° 8 

Nb2O; is nonstoichiometric and may according to 
Brauer’ have an oxygen deficiency within the limits 
NbOz.50>—Nb2.40 at temperatures of 1350° to 1400°C. 
According to Kling” Nb,O; is an m-type conductor. 
Recent studies in this laboratory” have shown that 
both weight change and conductivity of sintered 
samples of Nb2O; are proportional to bo,” at 900° 
and 1000°C. This relationship may suggest a defect 
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structure involving oxygen ion vacancies, although 
the same oxygen pressure dependence is obtained 
assuming Nb*‘ions in interstitial positions. Changes 
in the oxygen pressure in these studies produced 
almost instantaneous changes in both the weight and 
the conductivity, suggesting a fast diffusion of ionic 
species. 

Oxidation Studies— High-temperature oxidation 
of niobium has been studied by Inouye* (400° to 
1200°C), Bridges and Fassell® (400° to 800°C), Klopp, 
Sims, and Jaffee® (600° to 1200°C), Gulbransen and 
Andrew’ (<700°C), and Hurlen, Kjéllesdal, Markali, 
and Norman*’ (<800°C). The oxidation has at tem- 
peratures above 500°C mostly been interpreted as 
following a linear rate law. 

Oxidizing niobium in dry air Inouye* found acti- 
vation energies of 13.4 and 4.35 kcal per mole for 
the temperature ranges 600° to 900°C and 900° to 
1200°C, respectively. The oxide scale was found to 
consist of y Nb,O, at temperatures below 900°C, at 
900°C a mixture of Band a, and at 1200°C only a. 

Bridges and Fassell® studied the oxidation as a 
function of oxygen pressure (1 to 41 atm), and found 
the oxidation rate to be extremely pressure sensi- 
tive above 550°C. In addition a reversal in the tem- 
perature coefficient of the oxidation reaction was 
found at 575°C. Gulbransen’” found no corresponding 
reversal when oxidizing niobium at an oxygen pres- 
sure of 7.6 cm of Hg, but found the rate of oxidation 
to be nearly constant in the temperature region 550° 
to 625°C, X-ray diffraction studies of the oxides 
formed in the temperature region 500° to 700°C gave 
values which could best be correlated with the y form 
of Nb,O,,’ although important deviations were found 
in the measured interplanar spacings. 

Oxidizing niobium in 1 atm Klopp, Sims, and Jaffee? 
found an activation energy of 5.4 kcal in the tempera- 
ture range 600° to 1100°C. The oxide formed at all 
temperatures consisted of a thin black subscale of 
oriented Nb2O0; and NbO and an outer layer of white 
porous Nb2O;. The oxidation of niobium in undried 
air was slower than in oxygen, and the correspond- 
ing heat of activation was 10.1 kcal per mole in the 
range 600° to 1200°C. Microhardness indentation 
measurements also showed that oxygen dissolved in 
the metal during oxidation. 

Hurlen e¢ al.” found that the oxide formation at 
low temperatures (< 500°C) was proceeded by an 
incubation period during which oxygen was dissolved 
in the metal. Both the rate of oxidation and the oxide 
scale formation were found to be very dependent 
upon oxygen pressure. The nature and composition 
of the oxide scale was found to be dependent upon 
temperature, oxygen pressure and length of oxida- 
tion. The niobium oxides NbO,, NbO,, NbO, NbO,, 
and Nb,O; were identified in the oxide scale depend- 
ing upon the experimental conditions; the oxide 
scale was, however, under most conditions above 
500°C found to consist mainly of Nb,O;. At tempera- 
tures above 800°C Nb2O; whiskers were formed on 
the surface of the oxide scale.” 


EXPERIMENTAL METHODS 


Materials—The niobium metal was obtained from 
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Fig. 1—Oxidation of niobium in the temperature range 500° 
to 1200°C in oxygen at 760 mm of Hg. 


Murex Ltd., England, and estimates of the impur- 
ities present were as follows: Fe and Al-each 
0.03 pct; Si 0.02 pct; Cr, Pb, Hg, and Cl—each 0.01 
pet; C 0.1 pct. No analysis was made of gaseous 
impurities. The hardness of the as-received bar 
was Vhn 75 (10 kg), which after polishing and an- 
nealing in high vacuum for 2 hr at 1200°C increased 
to Vhn 120 (10 kg). In a few cases electron beam 
melted niobium with a hardness of Vhn 55 (10 kg) 
was employed in order to study possible effects of 
impurities on the oxidation behavior. 

The niobium bar was cut into specimens with 
dimensions 1 by 1 by 0.2 cm. Prior to use the speci 
mens were polished with alumina, rinsed in dis- 
tilled water and acetone, and finally, annealed in 
high vacuum at 1200°C for 2 hr. Metallographic in- 
vestigations showed that recrystallization took place 
employing this procedure. 

Experimental Methods—The rate of oxidation of 
niobium was measured by means of gravimetric 
methods employing both microtorsion balances and 
quartz helix type apparatus. Prior to start of each 
run the oxidation apparatus was evacuated overnight 
to a pressure 10° mm of Hg. A detailed description 
of both the apparatus and the procedure employed 
has been given elsewhere.” The oxidation was fol- 
lowed for 5 hr, except in cases where oxidation rates 
were too fast to permit studies of this length of time. 
In no cases was oxidation allowed to consume more 
than 50 pct of the specimen. Two or three runs were 
made at each set of experimental conditions. 

The X-ray diffraction investigations of the oxi- 
dized specimens were carried out by means of 
A GE XRD-3 recording X-ray diffractometer. 

The metallographic and microhardness indentation 
testing were performed with a Reichert universal 
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Fig. 2—Oxidation of niobium in oxygen at 100 mm of Hg. 


camera microscope (model MeF) and a Reichert 
microhardness tester (No. 1109) using a Vickers 
pyramid. The electron microscope studies were 
made with an RCA EMU 2D electron microscope. 
The procedure for preparing specimens for such 
studies have been described elsewhere.” 


EXPERIMENTAL RESULTS 


Kinetic Studies—The results of the oxidation rate 
measurements are presented in Figs. 1 to 7. The 
effect of temperature on the rate of oxidation at 
different oxygen pressures is shown in Figs. 1 to 5. 
Oxidation of niobium has a highly irregular tem- 
perature dependence. At oxygen pressures of 760 
and 100 mm of Hg a reversal in the temperature 
dependence is found at approximately 600°C. This 
effect is much larger at 1 atm as seen in Figs. 1 and 
2. A distinct reversal is also observed between 800° 
and 900°C at oxygen pressures of 100,10, and 1 mm 
of Hg as seen in Fig. 2, 3, and 4. At 1 atm there is 
no reversal in this temperature interval, although 
the temperature dependence is very small. As shown 
in Fig. 5 there are no corresponding reversals at an 
oxygen pressure of 0.1 mm of Hg. 

The rate of oxidation is highly dependent on the 
oxygen pressure, but this dependence is not equal in 
different temperature intervals. The effect of oxygen 
pressure at 600° and 700°C is shown in Figs. 6 and 7, 
respectively. As seen the oxygen pressure depend- 
ence is much larger at 600° than at 700°C. 

The oxidation curves presented above have not 
been corrected for decrease in surface area during 
oxidation. Such corrections will only be approximate 
due to dissolution of part of the reacting oxygen in 
the metal, and they will only effect the results at the 
highest temperatures. The reproducibility of the 
curves was with but a few exceptions within 10 pct. 
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Fig. 3—Oxidation of niobium in oxygen at 10 mm of Hg. 


Analyzing the results shown in Figs. 1 to 7 it ap- 
pears in many cases difficult to interpret the rate 
curves in terms of definite parabolic or linear oxi- 
dation rates. At temperatures above 600°C and at 
oxygen pressures higher than 1 mm of Hg the initial 
oxidation shows a tendency to follow a parabolic rate. 
At low pressures it is difficult to evaluate any 
general tendency. The duration of the parabolic rate 
period appears to increase with decreasing oxygen 
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Fig. 5—Oxidation of niobium in oxygen at 0.1 mm of Hg. 
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Fig. 4— Oxidation of niobium in oxygen at 1 mm of Hg. 


pressure. After longer periods the oxidation at the 
higher oxygen pressures tends towards a linear oxi- 
dation rate. These features are shown in Fig. 8, 
which shows a double-logarithmic plot of the results 
at 1100°C. 

At 500° and 600°C and at the highest oxygen pres- 
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Fig. 6—Oxidation of niobium as a function of oxygen pres- 
sure at 606°C. 
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Fig. 7—Oxidation of niobium as a function of oxygen pres- 
sure at 708°C. - 


sures the oxidation initially follows an approximate 
linear rate. This suggests that the oxide scales 
formed under these conditions have very poor pro- 
tective properties. 
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Fig. 9—Oxidation of niobium. The weight gain after 100 min 
of oxidation vs temperature at oxygen pressure of 760, 100, 


10, 1, and 0.1 mm of Hg. 
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Fig. 8—Double logarithmic plot of kinetic studies of oxida- 
tion of niobium at 1100°C and at various oxygen pressures. 


Due to the irregular oxidation behavior of niobium 
it is not possible to determine the temperature de- 
pendence over large temperature and oxygen pres- 
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Fig. 10—Partial X-ray diffraction patterns of powdered 
oxide scale after oxidation at 500°, 600°, and 700°C, respec- 
tively. 
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Table | 


Oxygen Length of 
pressure, oxidation, 
Temp °C mm Hg Min Phases identified 
500 760 to 10 300 y-Nb,O,, possible traces of 
NbO at 10 mm Hg 
0.1 300 NbO, 
0.1 1440 y-Nb,O., traces of NbO, 
NbO,, NbO, 
600 760 to 10 300 y-Nb,O, 
1 to 0.1 300 y-Nb,0,, traces of NbO 
700 760 to 0.1 300 y-Nb, 0, 
800 760 to 10 159 to 300 y-Nb, 0, 
1 300 y-Nb,0O,, traces of d-Nb,O, 
0.1 300 mixture of y- and a-Nb,O, 
900-1200 760 to 0.1 60 to 300 a-Nb,O,*; at 900° C and 760 


mm Hg traces of y-Nb,O, 


*The X-ray diffractograms of specimens oxidized in the temperature 
region 900° to 1200°C sometimes showed evidence of possible traces of 
y-Nb,O, at the metal/oxide phase boundary. It is believed, however, that 
any such possible traces have been formed during the period the speci- 
mens were cooled down to room temperature. 


sure ranges in terms of activation energies. To show 
the effect of temperature and oxygen pressure we 
have chosen to plot the weight gain after 100 min of 
Oxidation, %,o, vs temperature. This is shown in 

Fig. 9. The shape of these plots is a function of 
length of oxidation, but the same general trend is 
independent of time after 10 min of oxidation. The 
graph clearly shows both the effect of oxygen pres- 
sure and the reversals in the temperature depend- 
ence at approximately 600°and 800°C. 

In a few cases corresponding oxidation rate studies 
were carried out employing electron-beam niobium. 
This specially purified niobium exhibited no signifi- 
cant differences as to oxidation rates and oxidation 
behavior compared to results described above. 

Marker Studies— Gold evaporated on niobium 
specimens was situated at the oxide/oxygen phase 
boundary after oxidation at 800° and 900°C at oxygen 
pressures of 760 and 0.1 mm of Hg. This suggests 
that oxidation proceeds through a movement of oxy- 
gen through the oxide scale, in agreement with simi- 
lar results by Klopp ef al.° 

X-ray Studies—A number of X-ray diffractions 
were taken of oxidized specimens after cooling to 
room temperature. The structure of the oxide was 
determined both at the outer surface layer of the 
oxide and at the phase boundary metal/oxide. The 
results are shown in Table I. 


Fig. 12—Metallographic cross section of specimen oxidized 
for 300 min at 650°C in oxygen of atmospheric pressure. 
Oxide scale removed. X500. Reduced approximately 23 pet 
for reproduction. 
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Fig. 11—Niobium specimen oxidized for 120 min at 900°C 
in oxygen of atmospheric pressure. 


A general result is that y Nb2O, is formed at tem- 
peratures of 800°C and lower, while a Nb,O, is 
formed at higher temperatures. In agreement with 
the results of Goldschmidt” there is no specific 
transition temperature with regard to the formation 
of y-vs a-Nb20;. Low oxygen pressures favor the 
formation of @-Nb20,; as seen from the results ob- 
tained at 800°C. The suboxides NbO, and NbO, are 
absent at temperatures above 500°C, while the lower 
oxide NbO is not found above 600°C. 

In referring above to Nb2O;, distinctions have only 
been made between the y and @ modifications. The 
possibility still exists that minor variations within 
the two phases—such as the 6 — y transition—may 
also be of importance for the oxidation reaction. A 
detailed study of the Cu X-ray diffractograms of 
oxides formed between 500° and 700°C at an oxygen 
pressure of 760 mm of Hg shows a gradual increase 
in the splitting of the double peaks at the diffraction 
angles 28 to 29 deg and 36 to 37 deg with increasing 
temperature. These results are shown in Fig.10 and 
are indicative of the above mentioned 6 —y transi- 
tion.*° It is believed that this transition is respon- 
sible for the unusual oxidation behavior in this tem- 
perature region. 

X-ray diffraction studies directly on oxide scales 
formed in the temperature region 900° to 1200°C 
show that the a Nb.O; is more oriented at the lowest 
temperatures in this region. Furthermore, corre- 


Fig. 13—Metallographic cross-section of niobium specimen 
oxidized for 300 min at 700°C and in oxygen at 0.1 of Hg. 
Polarized light. X500. Reduced approximately 23 pct for 
reproduction. 
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sponding studies of the powdered oxide scale show 
that the a Nb,O, has an increasingly better develop- 
ment crystallinity in going from 900° to 1200°C. 

Oxygen dissolution in the metal was in a few cases 
studied by measuring the interplanar (200) spacings 
at the metal/oxide interface. For pure niobium this 
parameter has a value d= 1.650A. After oxidation 
for 300 min at 500°C in oxygen at 0.1 mm of Hg the 
interplanar spacings had increased to d = 1.668A. 
Corresponding oxidation at 600° and 700°C gave 
values of d=1.658A and d = 1.657A, respectively. 
These results suggest that the oxygen concentration 
at the metal/oxide phase boundary under these con- 
ditions decreases with increasing temperature. 

Surface Appearance of Oxidized Specimens-—- Oxi- 
dation at the highest oxygen pressures gave thick, 
porous, and largely poorly adherent oxide scales. 
The color of the oxide was yellowish white. The 
edges of the metal cores were preferentially oxi- 
dized as seen by a rounding off of originally square 
edges of the specimens. At decreasingly lower oxy- 
gen pressures oxidation resulted in more compact 
and better adherent oxide scales having increasingly 
dark blue color. The color change probably reflects 
increasing departure from stoichiometry.’ 

The growth habits of the oxide scale were de- 
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Fig. 15—Average micro indentation hardness traverses for 
niobium specimens oxidized at 700°C in 1-atm O for 10, 30, 
60, and 240 min, respectively. (33 g load). 


pendent upon the temperature and oxygen pressure. 
Oxidized specimens show cleavages at the edges. In 
the temperature region 800° to 1100°C and at the 
highest oxygen pressures splitting and curling occur 
at the edges of the oxide as shown in Fig. 11. At 
higher temperatures (>1100°C) the oxide grows in 
blocks on each surface of the specimen. 

During or after cooling the specimens to room 
temperature, the oxide would in many cases spall 
off. * This left the metal with a thin, adherent layer 

*At 575°C and l-atm O spalling of the oxide even occurred during 


the oxidation. As indicated in Fig. 1 this effect made kinetic studies 
for longer periods of the time impossible at this temperature. 


of oxide. 

Studies of Metal/Oxide Interface--A character- 
istic feature of oxidation of niobium was an uneven 
oxidation of the metal surface. A characteristic 
picture of the resultant metal/oxide interface is 
shown in Fig. 12, which refers to a specimen oxi- 
dized for 300 min at 650°C in oxygen at atmospheric 
pressure. Generally the results indicate a faster 
oxidation of localized areas which often may be cor- 
related with the individual grains in the metal. It 
seems plausible that this effect is associated with 
the orientation of the individual grains and a more 
rapid oxidation of certain crystal planes. 

Another feature was the formation of oxide wedges 
or platelets extending inward into the metal from 
the metal/oxide interface. This effect is also clearly 
evident in Fig. 12. It seems that this internal oxi- 
dation is orientation dependent. Furthermore, there 
was no preferential oxidation at the grain boundaries. 
This oxidation behavior is seemingly of the same 
type as found by Bakish™ for oxidation of tantalum in 
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Fig. 16—Electron micrograph (replica) of niobium sheet 
oxidized for 30 min at 900°C in oxygen at 10 mm of Hg. 
X3300.!2 Reduced approximately 23 pet for reproduction. 


air at 750°C. In the present case we were unfortu- 
nately unable to determine the structure of the in- 
terpenetrating oxide. 

The interpenetrating oxide platelets were most 
abundant in the temperature region 500° to 650°C 
and at the higher oxygen pressures. The length 
and size of these are a function of both oxygen pres- 
sure and length of oxidation, although no simple 
correlation is apparent. The effect of time on the 
formation and growth of oxide platelets were studied 
at 600°C oxidizing in oxygen at atmospheric pres- 
sure. Already after 10 min the platelets reached 
relatively deep into the metal and were of compar- 
able size to those in Fig. 12. However, after 30 min 
the length of the platelets decreased with increasing 
oxidation, and they were hardly visible after 240 min. 
At other temperatures the occurrence and length of 
these platelets were more independent of time. Cor- 
responding formation of interpenetrating oxide 
platelets were also found in electron-beam melted 
niobium. 

Studies of Oxide Scales—Both X-ray diffraction and 
metallographic studies on specimens oxidized in the 
temperature region 700° to 1000°C and at an oxygen 
pressure of 10 mm of Hg showed that the oxide next 
to the metal/oxide interface had a somewhat pre- 
ferred orientation. There was a gradual transition 
to a more random orientation with increasing dis- 
tance from the interface. 

At the lowest oxygen pressures studied one gener 
ally obtained rather adherent, seemingly compact 
oxide scales. The oxidation resulted in more even 
and smooth metal/oxide interfaces than found at 
higher oxygen pressures. When viewed in polarized 
light, the oxide scale was found to be composed of 
irregularly shaped columns of oxide perpendicular 
to the metal as shown in Fig. 13. This refers to a 
specimen oxidized for 300 min at 700°C and in oxy- 
gen at 0.1 mm of Hg. Fig. 13 also reveals the edge 
effect. 

With regard to the reversal in the temperature 
dependence of oxidation at about 600°C, special 
effort was made to see if marked differences could 
be observed between specimens oxidized at 600° 
and 700°C. Large differences could not be observed 
between such specimens, although the oxide close 
to the metal seemed more dense and had better 
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adherence at 700° than at 600°C. In addition no for- 
mation of interpenetrating oxide platelets could be 
Observed at 700°C. 

Micro- Indentation Hardness Studies—The hardness 
of niobium increases with the amount of dissolved 
oxygen.*° Hardness traverses across metallographic 
cross sections thus give a measure of the oxygen 
gradient into the metal. 

The effect of time on the oxygen penetration into 
the metal was studied at 600° and 700°C oxidizing 
in 1 atm of oxygen. The results are shown in Figs. 
14 and 15, respectively, where microhardness is 
plotted vs distance from the metal/oxide interface. 
As shown in Fig. 15 oxygen penetrates at 700°C in- 
creasingly deeper into the metal core relative to 
the metal/oxide interface with increasing length of 
oxidation. At 600°C oxygen penetrates increasingly 
further into the metal core relative to the metal/ 
oxide interface during the first 30 min of oxidation. 
After this initial period the relative oxygen pene- 
tration decreases with increasing oxidation, as 
shown in Fig. 14. As will be discussed below this 
somewhat unexpected behavior is probably directly 
related to the reversal in the temperature dependence 
of the oxidation at approximately 600°C, and to the 
relative rates of oxide formation at the two tem- 
peratures. 

At low oxygen pressures and 600°C oxygen pene- 
trated increasingly further into the metal relative 
to the metal/oxide interface with increasing length 
of oxidation. Compared to the results at 1 atm, there 
seems to be a slightly smaller oxygen penetration 
into the metal core at an oxygen pressure of 0.1 mm 
of Hg during the initial 30 min. 

Electron Microscopy Studies—Specimens oxidized 
at oxygen pressures ranging from 760 to 10° mm of 
Hg and at temperatures below 1000°C were studied 
by electron microscopy techniques. A very pro- 
nounced occurrence of whiskers was found on the 
oxide surface at temperatures at which @ Nb2O; is 
formed.’* High temperatures and low oxygen pres- 
sures favored the formation of fewer, but larger 
whiskers. An example of the whisker growth is 
shown in Fig. 15, which refers to a specimen oxi- 
dized for 30 min at 900°C in oxygen at 10 mm of Hg. 
Electron diffraction patterns showed that these whis- 
kers are single crystals of a Nb2O, oriented with its 
monoclinic axis parallel to the whisker axis.?” # 


DISCUSSION 


Effect of Temperature— Oxidation of niobium at 
temperatures above 500°C shows an irregular tem- 
perature dependence. The present studies confirm 
the results of Bridges and Fassell® as to the reversal 
in temperature dependence at approximately 600°C. 
An additional reversal is observed at approximately 
800°C depending upon the oxygen pressure. The 
X-ray studies suggest that these reversals are as- 
sociated with the formation of different modifications 
of Nb2Os. In the temperature region 500° to 700°C 
and at the highest oxygen pressures the X-ray results 
indicate a gradual transition from the 6 to the y form 
of Nb,O, with increasing temperature. In the tem- 
perature region 800° to 900°C one observes a transi- 
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tion in the structure of Nb,O, from the yto the @ 
modification. We conclude that the different modifi- 
cations of Nb2O, vary in ability to form oxide scales 
with different protective properties. 

The importance of plastic properties of oxide 
scales has become increasingly appreciated during 
recent years. The irregular temperature dependence 
may be related to different plastic properties of the 
different Nb20,; modifications. Such differences may 
consequently cause differences in degrees of com- 
pactness and protective ability of oxide scales. The 
reason for this behavior may be assumed to be due 
to different disorder structures and correspondingly 
different ion and dislocation mobility in the Nb2O; 
modifications. The Nb2O, whiskers are believed to 
grow through a plastic flow mechanism as a result 
of growth stresses in the oxide scale.” The fact that 
the whiskers consist of @ Nb,O; only, supports the 
interpretation that @ Nb,O, may yield more easily to 
growth stresses than y Nb,O,. 

Effect of Oxygen Pressure— Evaluating the rate 
constant for the linear part of the oxidation curves 
at 600°C, Fig. 7, one finds that K, is approximately 
proportional to Po, at the highest oxygen pressures. 
At the lower oxygen pressures the data suggest 
K, a res The results at 700°C suggest the latter 
oxygen pressure dependence over the whole pres- 
sure region. Evaluation of the linear rate constants 
at temperatures above 900°C suggest that K, 
at the highest oxygen pressures. This latter pres- 
sure dependence may indicate that the rate deter- 
mining process is preceded by chemisorption of 
oxygen. 

The data also clearly suggest an oxygen pressure 
dependence of the initial, approximate parabolic 
period. However, too large uncertainties are in- 
volved for a quantitative evaluation. If the initial 
oxidation proceeds through a Wagner mechanism, 
theoretically no oxygen pressure dependence should 
be observed for an n-type oxide such as Nb,O,. This 
is not borne out by the results. This may suggest 
that ion migration does not involve volume diffusion 
but may take place through another diffusion mecha- 
nism such as grain boundary diffusion. 

The surface appearance of the oxidized specimens 
and the metallographic studies also suggest effects 
of oxygen pressure on the growth habits and nature 
of the oxide scales. While the oxide scales at high 
oxygen pressures are porous and have poor adher- 
ence to the metal, the oxide scales become more 
dense and compact with decreasing oxygen pressure, 
especially when considering the part of the oxide 
scale next to the metal. At the lowest oxygen pres- 
sures the oxide is furthermore found to grow as 
columnar crystals on the metal surface, Fig. 13. 
We conclude that the oxide has better ability to 
form compact and better protecting scales with 
decreasing oxygen pressure. The large and vary- 
ing oxygen pressure dependence is qualitatively 
interpreted in such terms. The increased protec- 
tive ability may be considered in terms of increas- 
ingly better plastic properties with decreasing 
oxygen pressure. This may be related to the effect 
of oxygen pressure on the defect structure of the 
different modifications of Nb2Os. 
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Oxygen Dissolution in the Metal—The relative im- 
portance of oxygen dissolution in the metal is a func- 
tion of temperature, oxygen pressure and length of 
oxidation. As has previously been described and dis- 
cussed by Hurlen et al.*° oxygen dissolution in the 
metal constitutes a predominating part of the total 
oxidation reaction during initial periods at tempera- 
tures below approximately 500°C. 

Combining solubility and diffusion data for oxygen 
in niobium estimates may be made of the relative 
importance of the dissolution process at higher tem- 
peratures. Assuming that oxygen penetration into 
the metal is foverned by diffusion of oxygen, the re- 
lationship x = 2Dt¢ may. be used for estimates of 
penetration distances.” In this relationship % is the 
mean square displacement, D is the diffusion coef- 
ficient, and ¢ is time. The corresponding relation- 
ship x° = Dt gives an estimate of the penetration 
distance, x, for 95 pct saturation. The above re- 
lationship assumes that D is independent of oxygen 
concentration. 

Comparison between calculated and measured 
penetration at 700°C, Fig. 15, shows good agree- 
ment. This indicates that oxygen dissolution is 
governed by oxygen diffusion in the metal. Combin- 
ing the solubility data and the measured penetration 
distance an estimate may be made of the amount of 
oxygen in solution. Comparison with the total weight 
gain after oxidation for 300 min at 700°C in oxygen 
at atmospheric pressure shows that only about 1 pct 
of the reacted oxygen is dissolved in the remaining 
metal core. An estimate of the amount of oxygen 
dissolved at an oxygen pressure of 0.1 mm of Hg may 
by comparing the measured oxide thickness, Fig. 13, 
and the total weight gain. These results show that 
approximately 10 pct of the reacted oxygen is dis- 
solved in the remaining metal core after oxidation 
for 300 min at 0.1 mm of Hg. These estimates 
clearly show that the relative importance of oxygen 
dissolution increases with decreasing pressure. The 
same conclusion may be drawn from the microhard- 
ness studies at 600°C. These latter results show 
that oxygen penetration during the initial 30 min of 


the oxidation is only slightly reduced by a decrease 
of the oxygen pressure by almost a factor of Log: 
The activation energy for oxygen diffusion in 
niobium (26.9 kcal per mole) is larger than an aver- 
age activation energy for the total oxidation reaction. 
In addition the solubility increases with increasing 
temperature. The relative importance of oxygen dis- 
solution should therefore increase with increasing 
temperature. Estimates show that at 1100°C a speci- 
men of 2 mm thickness should be at least 95 pct 
saturated after 90 min of oxidation. If no oxide for- 
mation took place, this would amount to a weight gain 
of 8.5 mg per cm*. The total weight gains after 90 
min amounts to 150 and 10.5 mg per cm” at oxygen 
pressures of 760 and 0.1 mm of Hg, respectively. 
Although the amount of oxygen dissolved in the re- 
maining metal core amounts to less than 8.5 mg per 
cm” due to simultaneous oxide formation, the results 
show that oxide scale formation is by far the most 
important process at high oxygen pressures at 
1100°C. At the lowest oxygen pressures and during 
initial periods when the metal is being saturated 
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with oxygen, oxygen dissolution is the most impor- 
tant part-process. 

Estimates may also be made as to the relative 
importance of oxygen dissolution during the very 
initial stage of the oxidation. If the rate of oxide 
formation at 700°C in oxygen at 760 mm of Hg is 
taken as the average oxidation rate during the first 
100 min, the oxide may be estimated to grow ata 
rate of about 150A per sec. Use of diffusion equa- 
tions suggest that oxygen will reach a saturation 
of at least 95 pct ina layer of 1450A thickness dur- 
ing the first second. These estimates indicate that 
oxygen dissolution is of greater importance during 
the very initial stage than later in the oxidation. 
These initial effects are however probably too small 
to be observed experimentally at the highest oxygen 
pressures, 

The microhardness studies at 600° and 700°C, 
Figs. 14 and 15, also illustrate the interplay be- 
tween oxide formation and oxygen dissolution in 
the metal over longer periods of time. During an 
initial part of the oxidation diffusion of oxygen may 
be the faster process. This decreases approxi- 
mately according to a square root of time relation- 
ship. After an initial period, the rate of oxide for- 
mation may become the faster process. This 
process follows an approximately linear rate and 
this may decrease the relative oxygen penetration 
as measured from the metal/oxide interface. This 
is observed at 600°C. At 700°C the oxide forma- 
tion is slower and the oxygen diffusion in the metal 
is faster than at 600°C. This permits for the time 
intervals studied an increased oxygen penetration 
into the metal at 700°C. 

Mechanism of Oxidation—The total oxidation re- 
action involves two main processes: oxide forma- 
tion and oxygen dissolution and diffusion in the 
metal. With regard to oxide formation factors such 
as effects of temperature and oxygen pressure upon 
defect structure, ion mobility and oxide plasticity of 
the Nb20,; modifications have to be taken into con- 
sideration. 

As discussed above the relative importance of 
oxide formation and oxygen dissolution is a function 
of temperature, oxygen pressure, and length of oxi- 
dation. However, under most conditions in the 
present study a migration of ions through the whole 
or part of the oxide scale is suggested to be the rate- 
determining step in the reaction. The reasons for 
this conclusion are that the rate of oxidation is de- 
pendent upon the Nb,O,; modification being formed, 
and that the total oxidation rate and the rate of oxide 
formation is highly dependent upon oxygen pressure. 
The marker studies and the nature and growth habits 
of the oxide scale suggest that oxidation proceeds 
through a migration of oxygen. This conclusion is 
also in accordance with considerations of the defect 
structure of Nb2Os. 

The oxidation is suggested to involve an initial for- 
mation of a protective oxide scale. The mol. volume 
of Nb,0,/Nb ranges from 2.2 to 2.5 depending upon 
the Nb2O; modification. This will cause large growth 
stresses which may gradually transform the oxide 
into a porous outer scale after reaching a critical 
thickness. The linear kinetics is thus believed to 
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represent a rate-determining transport of oxygen 
ions through an oxide barrier next to the metal hav- 
ing an approximately constant thickness. Due to 
variations in oxide plasticity the thickness of the 
barrier layer is suggested to be a function of tem- 
perature, oxygen pressure and Nb2O, modification 
being formed. The larger oxygen pressure depend- 
ence is suggested to be partly due to increased oxide 
plasticity, e.g. increased barrier scale thickness 
and compactness with decreasing oxygen pressure. 
However, any quantitative evaluation seems difficult 
due to lack of knowledge of the relevant properties 
of the Nb,O, modifications. 

From the above discussion it is evident that no 
clearcut rate-determining process is operative 
over large temperature and oxygen pressure ranges. 
Correspondingly, it is not possible to determine the 
temperature dependence on terms of activation ener- 
gies over large temperature ranges. At high oxygen 
pressures at temperatures above 900°C, e.g. under 
conditions of a-Nb2O; formation, an evaluation of 
the apparent activation energy associated with the 
linear oxidation gives a value of approximately 11 
kcal per mole. In terms of the discussions above 
this apparent activation energy may be in some way 
associated with migration of oxygen through the oxide 
barrier. The very low apparent value may reflect 
volume diffusion through an oxide barrier which in- 
creases in thickness with increasing temperature 
due to improved plastic properties. Another or ad- 
ditional explanation may be that the oxygen migra- 
tion occurs through a grain boundary diffusion. 

With regard to whisker growth it is believed that 
it is of no or minor importance for the mechanism 
of oxidation of niobium as the whiskers grow on the 
surface of mostly porous oxide scales. Rather the 
whisker growth is believed to be a result of stress 
and resulting plastic flow in the oxide. 
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A Thermodynamic Study of Dilute Solutions 
of Sulfur in Liquid and Lead 


By the use of vadiochemical methods for the study of the gas- 
liquid equilibria at low temperature, and for the determination of 
the sulfur contents of metal beads which had been equilibrated with 


H2S/Hz mixtures of known sulfur potential, it has been possible to 
obtain the liquid solubility and the free energy of solution of sulfur 
in liquid tin and lead at temperatures between 500° and 680°C. 


Tue gas-liquid equilibrium method has proved in 
the past to be most successful in the determination 
of the thermodynamic behavior of dilute solutions of 
sulfur in liquid metals.’’* One of the basic require- 
ments for success with this method is that the vola- 
tility of both the metal and its lowest sulfide should 
be small, otherwise sulfide will be deposited at the 
cool end of the furnace, where it may react with the 
outgoing gases to form either sulfur-rich lowest sul- 
fide or higher sulfides. The resultant value of the 
apparent equilibrium constant 


/ 35 
T “ pH,. atomic %S in metal 


will then be lower than the correct one. This argu- 
ment applies even at sulfur potentials below that in 
equilibrium with a separate condensed phase of the 
lowest sulfide at the reaction temperature, 7. 

The mass of sulfide which is deposited at the cold 
end of the furnace, and hence the extent to which 
further reaction occurs with the outgoing gases, de- 
pends on the time taken for equilibrium to be reached 
between metal and gas. Since this will depend prin- 
cipally on the bulk of the metal phase which is used, 
one should clearly attempt to use as small metal 
samples as possible. These considerations are im- 
portant in the study of dilute solutions of sulfur 
dissolved in liquid tin and lead which both have mod- 
erately high vapor pressures as metals and form 
volatile sulfides. 

The limit on the size of the metal samples which 
may be used is set chiefly by the difficulties of 
analysis for very small amounts of sulfur.The oxy- 
gen or carbon dioxide combustion method, followed 
by iodimetric determination of the sulfur dioxide 
which is formed,has been found to be successful for 
the determination of small amounts of sulfur in cop- 
per, iron, cobalt and nickel.* This method was un- 
satisfactory for sulfur dissolved in tin and lead, 
mainly because the sulfur dioxide was to some ex- 
tent absorbed by the copious tin or lead oxide de- 
posits which were formed on the walls of the com- 
bustion tube. Furthermore some of the sulfur was 
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found to segregate on the surface of the beads as 
flaky sulfide crystals which would easily be lost in 
the transfer of a bead from a boat in the gas equi- 
libration apparatus to one in the combustion appara-, 
tus. 

Oxidation in aqueous media to sulfate ion followed 
by precipitation as barium sulfate was, therefore, 
adopted as the analytical procedure. The gas-metal 
equilibrium experiments were all carried out with 
radioactive sulfur (S**, 74= 87.1 days) and thus the 
analysis involved the counting of barium radiosulfate. 
Furthermore the use of the radioisotope meant that 
the approach to the gas-metal equilibrium could be 
followed continuously by gas counting. ° 

The metal beads were held separately in glass 
crucibles during equilibration and were transferred 
from the furnace to the beaker for dissolution in 
nitric acid still in the crucibles, and thus the pos- 
sibility of sulfur loss by detachment of the sulfide 
segregates was eliminated. 

The temperature range of this investigation was 
500° to 680°C. 


EXPERIMENTAL APPARATUS AND METHOD 


The apparatus consisted of two furnaces placed 
in series in a gas recirculation system, Fig. 1. 
One furnace F1, which was vertical was used to 
heat the alumina crucible, A, holding six metal beads 
in separate glass crucibles. The beads weighed 
between 300 and 700 mg each. The crucible assem- 
bly was introduced and removed from the furnace 
mechanically under a stream of oxygen-free argon. 
The other furnace, F2, was horizontal and was used 
to heat a cobalt /Co,S, mixture, held in an alumina 
boat, and made with radiosulfur containing about 3 
millicurie S* per g of sulphur. This mixture, which 
was finely powdered, was used as a source of known 
H.S/H, mixtures° for a given furnace temperature. 
The recirculation system also contained a gas re- 
circulation pump (P), an end window Geiger- Muller 
counter (N)—placed downstream of F1 so as to moni- 
tor the H.S pressure in the gas leaving this furnace— 
a sample volume for chemical analysis of the gas 
phase (G), gas drying tubes (D), filling taps and 
other standard ancillary equipment. The gas 
sampling volume was principally used in the cali- 
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Fig. 1— 

A—Metallic beads for equilibrium studies. 
B—Mullite supporting rod. 

C—Water cooling coil. 

D—Drying agent (anhydrone). 
E—Glass wool. 

Fy—Equilibrium reaction furnace. 
F,—H,S-gas producing furnace. 
G—Gas sampling volume. 

H—Zn( Ac) » solution. 

I—Flow-rate meter. 

J—Hg manometer. 

K—Gas bubbling bottle. 

L—Collapsible Hy - gas reservoir. 
M—Gas counting chamber. 
N—Geiger-Miiller. 

O—Alumina tube. 

P—Gas circulation pump. 
Q—Co/Co,8,* for generating H,S* gas. 
R—Gas flushing unit. 

S—Double-screw clamps on P.V.C. joint. 
T—Glass-Mullite joint (Araldite). 
U—Remote-controlled motor. 
V—Mechanical device for discharging 
samples. 

W—Dibuty1 phthalate. 

X—Strong NaOH solution. 
Y—Electro-magnet. 


bration of the counter for counting rate as a function 
of pressure. 

Each furnace was controlled by a Kelvin- Hughes 
electronic temperature controller and could be set 
accurately to any desired temperature. The even 
zone in each furnace was long enough to enclose 
the reactants at a temperature which was uniform 
to +1.5°C. The mean temperature of each even 
zone could be measured to within +1°C. The dura- 
tion of the experiments was between 6 and 14 hr, 
and in most of the experiments three pure tin and 
three pure lead beads were brought to equilibrium 
simultaneously. 


ANALYSIS OF THE BEADS 


Tin-Sulfur Alloys— For the determination of 
the sulfur content of a tin bead, the bead was dis- 
solved in 25 ml hot concentrated nitric acid when 
SnO, was deposited as a microcrystalline deposit, 
and the sulfur was converted to sulfate. Two ml of 
20 pct sulfuric acid were added to the radiosulfate 
as carrier and after diluting to 250 ml volume with 
water, the solution was boiled for 10 min. The solu- 
tion was then filtered and the filtrate was neutralized 
with dilute ammonia. Barium sulfate was precipitated 
by addition of 5 pct Ba (NO, ), solution and the pre- 
cipitate was allowed to stand overnight before filtra- 
tion. The sulfate was collected in a special metal 
filtration apparatus, Fig. 2, and thus always had the 
same surface area. The wall of the filtration appara- 
tus could be detached, enabling the filter cake to be 
brought into close contact with the end window of an 
EHM 28S G.M. counter. The precipitate was dried for 
3 hr at 130°C. The count obtained from this filter 
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cake was directly proportional to the sulfur content 
of the original metal bead. 

The ‘‘carrier’’ sulfuric acid was added prior to 
filtration for the following reason. It was found that 
the SnO, precipitate adsorbed sulfate from the aque- 
ous phase. The amount of this adsorption, and hence 
sulfate loss from the solution, would probably vary 
from experiment to experiment. The addition of car- 
rier and the subsequent boiling before the removal 
of SnOz ensured that isotopic equilibrium was 
achieved between the sulphate on the surface of the 
SnO, precipitate and the solution. Thus the specific 
activity of the resultant solution was directly pro- 
portional to the sulfur content of the original bead. 


| Stainless steel crucible. 


Sintered glass dish. 


S Drilled holes. 
2, 


Stainless steel cone. 


Fig. 2—Metal filtra- 
tion apparatus for 
preparing BaS*O, 
cakes. 


B24 Glass socket 


Rubber bung. 
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Fig. 3—Infinite thickness test for BaS*O, cakes (mg per cm2). 


This method is an adaptation of the standard radio- 
chemical technique’ where a stable carrier is added 
to a small amount of radioactive material to give a 
bulky precipitate whose specific activity is measured. 
The method applies well to soft 8B ray emitters such 
as sulfur. Since the ‘‘infinite thickness’’ for total 
absorption of the radiation is very low (ca. 31 mg 
per cm?”),” only a small amount of carrier is re- 
quired. The infinite thickness of BaSO, for S*° radia- 
tion was checked by preparing filter cakes in the 
metal filtration apparatus from aliquots of a master 
radiosulfate solution and varying amounts of carrier, 

The relation between counts from a filter cake 
when 2 ml 20 pct acid had been added as carrier, 
and the weight of radio sulfur in each bead was es- 
tablished in two ways. First, weighed amounts of 
radiosulfur were dissolved in Br-CCl, to which HNO, 
was added to complete the oxidation to sulfuric acid. 
Carrier was then added and BaSO, precipitated and 
collected on the filtration apparatus. Secondly weighed 
amounts of sulfur and excess tin or lead were fused 
together in evacuated pyrex ampoules, and the alloys 
were treated in the manner described above. The 
compositions of these alloys were chosen so as to be 
in the range of the compositions of the equilibrated 
beads. 


Fig. 5—Results for the system Co S,—Co between 530° and 
675°C. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


2:20 


2:00}— 


1-20 


Weight of Sas (rng) 


Oho 


| | | 


° 100 200 300 Oo 500 Goo 
Counks per Minure 

Fig. 4—Calibration of standard BaS*Q, cakes. (9 — BaS*O, 
solid was precipitated from solution containing S*O, = ions; 
=] — BaS*O, solid was precipitated from solution containing 
S*O,= ions in the presence of Pb*t ions; and A- BaS*O, 
solid was precipitated from solution containing S*O, = ions 
in the presence of SnO, crystals. 


In both cases, the linear relationship between sul- 
fur content and counts from the ‘‘infinitely thick’’ 
filter cake was adequately established, Fig. 4. 

Lead-Sulphur Alloys— These were analyzed by 
slowly dissolving each bead in 1:1 hot nitric acid, 
adding ammonia until pH4 was reached, and then 
adding the carrier and Ba(NO,), solution to obtain 
barium radiosulfate free of lead sulfate which is 
soluble in dilute nitric acid.® 

Calibration experiments were again made from 
lead-sulfur alloys of known sulfur contents and the 
results from these fitted the same straight line for 
counts vs sulfur contents which 'was described above 
for tin-sulfur alloys 


TEST FOR EQUILIBRIUM ATTAINMENT 


Since the H,/H.S mixture in each experiment was 
established by temperature setting of the furnace F2 
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Fig. 6—Log K’ as a function of 1/T in liquid Sn-S system 
between 500° and 680°C, 


containing the Co/Co,S, mixture, the attainment of 
equilibrium could be approximately checked by com- 
paring the H,/H.S ratio measured with the counter at 
the end of each run at the known temperature of E2; 
against those established for the equilibrium. 


Co,S, + 8H, =9Co + 8H,S 

Our results are shown in Fig. 5 compared with the 
best straight line through Rosenqvist’s data.® It ap- 
pears that the metal/sulfur ratio decreases at lower 
temperatures in the Co,S, phase, but in the tempera- 
ture range where a direct comparison is afforded 


between our measurements and those of Rosenqvist, 
the agreement is satisfactory. 


RESULTS 


Using one atomic percent as the standard state 
for sulfur the results for the equilibrium constant 
for the reaction 


Sin + == H2S 


pes DH.S 
where K atom 


can be expressed as 


log K’ = _ 1.461 


and the free energy change is then given by 
AG° = 3362 + 6.68T cal/mole 


The results are shown in Table I and a graph of log 
K' vs 107/T°K in Fig. 6. 

For the corresponding equilibrium in liquid lead as 
solvent 


Table |. Experimental Results for the Equilibrium [S] sn t Hy = HS 


Mok pH,S/pH, x 10° At. Pct [Slsn 

773 0.54 0.143 0.139 0.131 
823 1.00 0.222 0.261 0.225 
838 1.06 0.228 0.195 0.233 
873 2.18 0.439 0.438 0.430 
933 0,222 0.212 0.210 
953 1.06 0.186 0.181 0.175 


= 
Fig. 7—Log K’ as a function of 1/T in liquid Pb-S system 
between 500° and 680°C. 
log K’ = _ 1.578 


AG° = 1564 + 7.22T cal/mole 


The results for lead are shown in Table II and the 
graph of log K’ vs 10*/T°K in Fig. 7. 

Fig. 8 shows the conformity to Henry’s law of 
these dilute solutions at 600°C. 


DISCUSSION 


These results do not agree with the only previous 
work which has been carried out on these two sys- 
tems, that of Sudo.°’’® He found lower values of the 
equilibrium constants than would be expected from 
our results. His experiments were made in the tem- 
perature ranges 727° to 873°C for the liquid lead 
solutions. They consisted of passing fixed H,S/H, 
mixtures over alloys of sulfur and metal having a 
range of sulfur contents, and measuring the effluent 
H,S/H,2 ratios when a steady state had been achieved. 
In some experiments the effluent gas contained a 
higher partial pressure of H,S than the ingoing gas 
and vice versa in others, depending on the sulfur 
contents of the alloys. The alloys were made by 
premelting metal and stannous or lead sulfide to- 
gether in a quartz tube—through which hydrogen was 
passed—at a temperature just above the sulfide melt- 
ing point, quenching and then introducing the alloy 
into the reaction tube. It is difficult at present to say 
exactly why these measurements led to different re- 
sults from ours but two possible sources of error 
should be considered. Firstly, at the high tempera- 
tures used by Sudo, the volatilization of the sulfides 
would be significant. Secondly, we have found that 
the rate of dissolution of these sulfides in the liquid 
metals is very slow in the temperature range of our 
investigation and if this applies under the conditions 
of Sudo’s experiments, then the slowness of the re- 
dissolution of sulfide after the preparation and 
quenching of the alloys might have influenced his re- 


Table Il. Experimental Results for the Equilibrium (S] pp + H, = H.S 


pH,S/pH, 10° At. Pct [S]pp 

773 0.54 0.0547 0.0565 0.0538 
823 1.00 0.103 0.098 0.101 
873 2.25 0.197 0.210 0.219 
ots 2.81 05252 0.236 0.251 
953 1.06 0.0855 0.0975 0.0965 
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Fig. 8—Plots showing the ‘‘Henry’s law’’ behavior of sulfur 
in liquid tin and lead at 600°C. 


sults. Finally if the results are given for atomic 
percentage of sulphur, rather than weight percentage 
as appears to be implied, the difference between the 
results of the two investigations is considerably re- 
duced. 


THE Sn-S AND Pb-S PHASE DIAGRAMS 


These have not been studied accurately until very 
recently, and the early thermal analysis data for the 
metal-rich liquidus might well be suspect. How- 
ever, Willis and Blanks” have recently determined 
the solubility of sulfur in lead in equilibrium with 
lead sulfide and the results may be correlated with 
our measurements in the following manner. 

Stubbles and Birchenall’* have measured the equi- 
librium 


Pb + H,S = PbS + Hz 
and found for the standard free energy change 
AG° = — 17,060 + 8.84 T cal (620° to 920°C). 


By adding this to the free energy change for the re- 
action 


one obtains the free energy change and hence the 
equilibrium constant for the process 


S in == Pbs (solid) 
and thence the solubility of sulfur in liquid lead in 
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equilibrium with solid lead sulfide may be calculated. 
We find 


log atom %S in Pb = 


3388, 5.511 


At the middle of our temperature range the solubility 
is therefore expected to be 0.42 at. pct. Willis and 
Blanks find 0.34 pct and their results in the tempera- 
ture range 500° to 700°C are shown compared with 
ae equation we have obtained from our results in 

ig. 9. 

Our own preliminary measurements indicate that 
the solubility of sulfur in liquid tin in equilibrium 
with solid stannous sulfide is approximately the same 
as that which can be deduced by combining our re- 
sults for the equilibrium 


S in Sny) + H, = 
with Richards’** results for the equilibrium 


Sn + H,S = SnS + He 
AG° = — 18,100 + 8.86T cal/mole. 


whence 
log atom % S in Snq = see + 3.40 
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Free Energies of Formation of Gaseous 


Metal Oxides 


The standard free energies of formation of some aSeOUs 
metal oxides together with those of their condensed oxides 
have been plotted against temperature. The heats of formation 
of the gaseous oxides are tabulated. An explanation is given of 
the use of the data to predict the importance of the gaseous 


metal oxides at high temperatures. 


Recent mass spectrometric work’ has resulted 
in the detection of several hitherto unknown gaseous 
oxides and the measurement of their free energies 
of formation. 

Of especial interest is the fact that several of the 
refractories in common use either as crucibles or 
furnace tubes, and metals used in Knudsen cells and 
in furnace windings, have been found to have one or 
more stable gaseous oxides. In view of the present 
emphasis on high-temperature techniques, the de- 
velopment of vacuum metallurgy,” heating by elec- 
tron bombardment and plasma jets, and the resultant 
shift to ever higher temperatures, it is no longer 
possible to plan experiments without taking into con- 
sideration the significance of the presence of these 
gases in the system, the reactions they undergo, and 
their contribution to the vapor pressure. 

A good example of what went wrong in earlier 
work, when the existence of these gaseous mole- 
cules was not yet known, is presented by the work 
of Hoch, Nakata, and Johnston.’ Hoch and coworkers 
attempted to measure the vapor pressure of solid 
ZrOz by letting the vapor in equilibrium with zir- 
conia effuse from a tantalum Knudsen cell. The free 
energies of formation of solid zirconia and tantala 
are such that a short calculation showed that the 
reaction 


5ZrO2(c)+ 4Ta(c) = 5Zr(c) + 2Ta20;(c) [1] 
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does not occur.* Since addition of zirconium to the 


*(c) indicates a condensed phase, liquid or solid; (g) indicates a gas- 
eous phase. 


zirconia did not enhance volatilization, they assumed 
that decomposition to ZrO(g) via the reactions 


ZrO2(c) = ZrO(g) + 1/2 O2(g) [2] 
and 
Zr(c) + ZrO2(c) = ZrO(g) [3] 


did not take place either. They concluded that the 
reaction in the cell was simply 


ZrO2(c) = ZrO2(g) [4] 


Actually, as could now be predicted, their system 
was dominated by the reaction 


Ta(c) + ZrO2(c) = TaO() + ZrO(g) [5] 


and although their experimental work was sound the 
calculation they made was not the one applicable. 


FREE ENERGY OF FORMATION OF THE OXIDES 


Tne standard free energy of formation AFF of a 
compound is related to the equilibrium constant K T 
at a temperature T°K by the equation: 


AF = - 4,575 Tlog Kp [6] 


This expression indicates that the more negative the 
value for AF’7 the greater the value for Ay, and the 
more favored the product of the reaction. 

In the case of the formation of the condensed 
oxides from condensed metals, the entropy of for- 
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mation AS (the difference between the entropy of 
the products and the reactants) for the reaction 


[7] 


condensed metal + oxgen = condensed oxide 


must always be negative since the disorder, and 
hence the entropy, of a gas is much greater than 
that of a solid or liquid. Since AF 7 is related to 
AS and the heat of formation AH’7 by equation: 


[8] 


and since AH may be taken as being approximately 
independent of temperature for reaction [7], AF 7 
will increase with rising temperatures. Sufficiently 
high temperatures will not favor the formation of 
condensed oxides and in fact lead to their decom- 
position. 

In the case where the product is a gaseous oxide 
however, the entropy of the product is also large. 
If the number of gaseous molecules of the product 
exceed those of the reactant gases then AS7 becomes 
positive. This leads to decreasing values of AFT 
with rising temperatures, so that the formation of 
gaseous oxides is favored. Such gaseous oxides 
therefore become increasingly predominant and 
hence more important at higher temperatures. 

Because recent experimental work has shown this 
to be true, it has been thought fruitful to plot on an 
Ellingham diagram,’ Fig. 1, the standard free en- 
ergies of formation of some gaseous metallic oxides 
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Temperature, °K 


and their corresponding condensed oxides. In gen- 
eral, with the exception of SnO(g) and SnO(s), which 
are included only for the sake of an example, those 
oxides which vaporize to give only gases of the 
same molecular formula, with the occurrence neither 
of polymerization nor disproportionation, have been 
omitted since they crowd the diagram, making it 
difficult to read. This group which has been omitted 
includes the lead oxides, the titanium oxides, and so 
forth. The free energies of formation of these, and 
the vapor pressures if required, may be obtained 
from handbooks.” 

Fig. 1 shows the standard free energies of forma- 
tion of the oxides per g mol of oxygen, where the 
standard state of the gases is the gas at 1-atm pres- 
sure, and the standard state of condensed metals and 
oxides is the pure phase. 

Since some of the measurements for the gaseous 
oxides® are not very accurate, the positions of these 
lines can be regarded as only approximate and in 
some cases extrapolation to higher temperatures is 


Table | 
4.575 T log P 4.575 T log P 

T °K where P = 10~° Atm where P = 10-° Atm 
298.15 4,093 cal 8,186 cal 
1000 13,728 cal 27,456 cal 
2000 27,456 cal 54,912 cal 
3000 41,184 cal 82,368 cal 
4000 54,912 cal 109,826 cal 
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not warranted. The accuracy of the data has not 
been indicated in Fig. 1 because the accuracy varies 
with temperature, and the reader is referred to the 
original papers. A crude indication of the accuracy 
may be obtained by examining the limits set on the 
heats of formation presented in Table II. 


USE OF FIG. 1 


The general use of this type of diagram in the 
case of the condensed oxides has been well described 
in great detail by Ellingham* and Richardson,” and 
will not be repeated in this paper. It will only be 
mentioned in review that if AF 7 is positive for a 
given chemical equation, then the reaction does not 
occur; if AF; is negative, the reaction proceeds to 
the right-hand side of the equation. Solely points of 
especial interest which involve the gaseous oxides 
are to be discussed here. 

A condensed oxide in equilibrium with its metal 
at constant activity has a fixed decomposition pres- 
sure, Po,, which may be calculated at any tempera- 
ture from the equation 


AF = 4.575 T logio Pos [9] 


If the oxygen pressure over a metal is greater than 
this critical value Po,, then the condensed oxide 
forms. If it is less, then the metal remains stable. 
However, if a gaseous suboxide of the metal exists, 
then at pressures below the decomposition pressure 
the metal will volatilize in the form of the suboxide 
if the suboxide is stable at that temperature. 

In the case where a gaseous and condensed oxide 
of the same element exist, as for example SiO(z) 
and SiO2(c), the following equations may be written 
and the corresponding AF 7 values read from the 
diagram: 


2Si(c) + O2(g) = 2SiO(g) AFY [10] 
Si(c) + O2(g) = SiOz(c) AF3 [11] 
Subtracting Eq. [11] from Eq. [10] 

Si(c) + SiOz(c) = 2SiO(g) = AF; - [12] 


From the diagram it can be easily seen that below 
the point of intersection at 2100°K, AF{— AF? is 
positive, so SiO(g) at 1-atm below 2100°K must be 
unstable and decompose to silicon and silica. Above 
2100°K, AF; is negative and silicon monoxide 
remains stable. 

The diagram may be used as above by combining 
AF values for appropriate equations to predict 
which reactions in a system under a given set of 
circumstances will occur. An example of the type 
of reaction which may unexpectedly take place was 
given in the introduction. 

The position of the lines in Fig. 1 is fixed by the 
condition that the gases are at l-atm pressure. It 
is common in many experimental systems to work 
at reduced pressures. A correction to the position 
of the lines can be applied as follows: 


yM(c) + O2(gas at 1 atm) = Oo (¢) [13] 
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Table II 
Gaseous 
Polymer Reaction Keal per Mol® 
A1O Al(s) + %40,(g) = A10(g) + 17,030+ 5,000 
Al,O 2A\(s) + 40,(g) = Al,O(g) - 42,500 + 7,000 
BO B(s) + 40,(g) = BO(g) > 6,100 
B,O, 2B(s) + 0,(g) B,0,(g ~108,000 + 3,000 
BeO Be(s) + 40,(g) = BeO(g) + 31,100 
(BeO), 2Be(s) + O, = (BeO),(g) -100,000 + 8,000 
(BeO), 3Be(s) + 140,(g) = (BeO),(g) -248,600 + 7,000 
(BeO), 4Be(s) + 20,(g) = (BeO),(g) -372,100 + 9,000 
(BeO), SBe(s) + 2440,(g) = (BeO),(g) -496,600 + 13,000 
(BeO), 6Be(s) + 30,(g) = (BeO),(g) -625,100 + 16,000 
MoO Mo(s) + 40, (g) = MoO(g) + 99,300 + 15,000 
MoO, Mo(s) + O,(g) = MoO,(¢) + 12,800+ 1,500 
MoO, Mo(s) + 140,(g) = MoO, (g) - 78,200 + 8,000 
(MoO), 3Mo(s) + %0,(g) = (MoO,),(g) -446,400 + 2,500 (850°K) 
(MoO,), 4Mo(s) + 60,(g) = (MoO,),(g) -609,000 + 3,000 (850°K) 
(MoO,), 5Mo(s) + '%0,(g) = (MoO, ).(g) -772,600 + 5,000 (850°K) 
SiO Si(s) + 40,(g) = SiO(g) 21,700+ 1,000 
TaO Ta(s) + 40,(¢) = TaO(g) + 48,300 
Ta0, Ta(s) + 0,(g) = TaO,(g) — 41,900 
vo V(s) + 40,(g) = VO(g) + 33,100+ 5,000 
vo, V(s) + 0,(g) = VO,(¢) - 56,800 
wo W(s) + 0,(g) = WO(g) +104,300 + 10,000 
wo, W(s) + O,(g) = WO,(¢) + 21,200+ 7,000 
wo, Ws) + 140,(g) = WO,(g) - 67,200+ 8,000 
(WO,), 3W(s) + %0,(g) = (WO,),(g) —458,300+ 4,000 (1368°K) 
(WO,), 4W(s) + 60,(g) = (WO,),(g) -632,600 (1400°K) 
ZrO Zr(s) + 20,(g) = ZrO(g) + 23,300 + 7,000 


As a good approximation, the activities of the gases 
may be taken as equal to their pressures. 


Oz (gas at 1 atm) = O2(gas at P atm) 
AF = 4.575T log P — 4.575 T log 1 
= 4.575 T log P 
Combining Egs. [13] and [14] 
yM(c) + O2 (gas at P atm) = (c) 
= AF{ -—4.575T log P [15] 


If P is less than 1, then RT log P is negative and so 
the position of the line is raised on the diagram, 
i.e. AF > AF,. Similarly a correction may be ap- 
plied if the pressure of a gaseous product is less 
than 1 and this lowers the AF value. Some idea of 
the importance and size of the correction factor 
4.575 T log P is given below in Table I. 

It should be noted that because of the different 
number of molecules involved on certain reactions, 
this raising and lowering of the lines will not always 
cancel each other out. 

SiO(gas) is formed according to the equation 
2Si(c) + O2(¢) = 2SiO(g) so that reducing the pres- 
sure of both oxygen and silicon monoxide gases 
results in lowering the line twice as much as it is 
raised. The importance of the SiO molecule, there- 
fore, increases and the temperature at which SiOz 
becomes unstable in the presence of silicon is 
lowered. In the case of the formation of B20.(gas), 
however, since the same number of gaseous mole- 
cules occur on either side of the equation 2B(c) 

+ O2(g) = B202(g), pressure has no effect, as might 
be predicted from LeChatelier’s Law. 

When the chart shows that only one gaseous oxide 


[14] 
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exists for a given metal and that has the same for- 
mula as the condensed phase, then the intersection 
of the lines gives the normal boiling point of the 
oxide at 1-atm. Tin monoxide for example (assum- 
ing it can be kept stable without decomposition to 
higher oxides) boils at 1-atm to a gas of the same 
composition at about 1760°K. The vapor pressure 
of solid tin oxide at any other temperature may be 
obtained by subtracting the free energies of forma- 
tion of the two lines 


é.g. 2Sn(c) + = 2SnO0(g) 


Free energy = AF; at T°K [16] 
2Sn(c) + O2(g) = 2SnO(c) 

Free energy = AF? at T°K [17] 
giving 
2SnO(c) = 

Free energy = AF{-AF$ at T°K [18] 


The free energy AF; — AF>2 is connected to Ps,o, 
the vapor pressure of tin monoxide, by the equation: 


and this equation may be easily solved for Ps,o. 
When an oxide boils to give mixtures of several 

gaseous oxides beryllium for example boils to give 

various gaseous polymers, ° BeO(g), (BeO)2(g), 
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(BeO)s (BeO)s(g), (BeO)s(g) and (BeO)s(g), the 
boiling point cannot be obtained by simply reading 
off the intersection point for two lines. The inter- 
section of the solid line with that for one of its 
gaseous polymers is merely the point at which the 
partial pressure of that polymer is 1-atm, a point 
of no special interest. The partial pressure of each 
polymer may be obtained by the same method as 
has already been described for SnO, and the total 
vapor pressure of the oxide is the sum of these 
partial pressures. The polymer with the lowest free 
energy at any given temperature is always the pre- 
dominant one, and that with the highest free energy 
is the least important. 


USE OF FIG, 2 


Fig 1 answered directly the questions a) what 
metal under a given set of circumstances will reduce 
another oxide, b) at what temperature and pressure 
will a gaseous oxide dissociate to the corresponding 
condensed oxide and metal and c) at what tempera- 
ture and pressure will a condensed oxide dissociate 
to the metal and oxygen. 

A fourth point which is quite as important for a 
refractory oxide, is the temperature at which it 
decomposes to give oxygen and a gaseous oxide. 
Fig. 2 gives a plot of the free energies of formation 
of some oxides”® per g-atom of metal against tem- 
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perature, the standard states being as before. On 
Fig. 2 the intersection point for a condensed oxide 
with its gaseous oxide gives the temperature above 
which the condensed oxide vaporizes to oxygen and 
the gaseous oxide at one atmosphere. For example, 
at 1 atm of oxygen SiO2(c) is stable up to 3200°K. 
Above this temperature it decomposes according to 
the reaction 


SiO2(c) = SiO(g) + 1/202 (g) [20] 


This can be very easily proved by combination of 
equations as in previous examples. A correction for 
pressures other than atmospheric may be applied in 
the way described above. It can be quickly seen that 
in every case plotted in Fig. 2 a decrease in pres- 
sure results in a decrease of the temperature at 
which the refractory decomposes to give the gaseous 
oxide. 


APPENDIX 


The most accurate values for the standard free 
energy of formation of a gaseous oxide, M,Oy, can 
be obtained as follows: 


xM(c or g) + y/2 O2(g) = M,O, (g) [21] 


Fp - 
~y/2 
y/ 


FR 


AHo is the heat of formation of reaction [21] at 0°K. 
Fy - H0/T is the free energy function. Free energy 
functions for gaseous monoxides® and the gaseous 
dioxides® have been tabulated by Brewer. Free en- 
ergy functions for the metals and oxygen have also 
been tabulated. ° 

The best values of AHo for the gaseous oxides of 
interest in this paper are presented below in Table 
II and combination of these with the appropriate free 
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energy function where available leads to values for 
AF r. 
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Yield Point and Easy Glide 


in Silver Single Crystals 


Experiments on latent hardening weve performed by com- 
pressing single crystals along a direction perpendicular to the 
tension axis. The slope and length of easy glide in the tension 
test were found to depend only on prior deformation in the same 
slip plane. Prior deformation on a different slip plane changes 
the stress level of the resulting stress-strain curve. The yield 
points appearing upon reloading after prior extension and unload- 


ing were related to the end of easy glide. 


SEVERAL researchers have studied the latent hard- 
ening due to deformation of a crystal by slip on a slip 
system after prior deformation. These experiments 
can be divided into those in which the prior deforma- 
tion was on the same plane as the subsequent and 
those in which the two deformation processes were 
in different planes. In the former category are the 
experiments of Buckley and Entwistle,’ Parker and 
Washburn,” and Haasen and Kelly.* The latter case 
has not been studied systematically; it was the main 
purpose of this investigation to produce this type of 
latent hardening and explain the results in terms of 
the existing theories of work hardening. In general, 
tension producing slip on a certain slip system can 
be preceded by tension, transverse compression or 
longitudinal compression, each with predictable dis- 
location movement and intersection. The intersec- 
tion of dislocations can lead to glissile or sessile 
jogs, Cottrell- Lomer locks and other sessile dis- 
locations. The effect on the stress-strain curve 
could depend on which combination of the former 
mechanisms is operating. 

Haasen and Kelly® have studied the yield points 
which occur in aluminum and nickel single crystals 
upon reloading after prior unloading in a tension ex- 
periment. They attributed this effect to the anchoring 
of dislocations occurring during unloading. As 
Cottrell and Stokes* have shown that dislocations 
cutting through the ‘‘forest’’ could only lead to re- 
versible changes, they attributed the anchoring to 


the formation of sessile dislocations during unloading. 


However, different kinds of sessile dislocations could 
be formed during unloading, and it was the purpose 
of this experiment to determine whether Cottrell- 
Lomer locks are responsible for the yield effect and 
for the end of easy glide. 

The case where a longitudinal compression is 
followed by tension along the same axis is commonly 
referred to as a Bauschinger test. This type of effect 
was studied by Buckley and Entwistle’ on aluminum 
single crystals and by Parker and Washburn’ on zinc 
single crystals. In such a test, the tension and the 
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compression activate the same slip plane with oppo- 
site slip directions. The use of sideways compres- 
sion in the present experiments permits the activa- 
tion of different types of slip systems and the study 
of their effect on the easy glide region and on the 
transition between the elastic and easy giide region. 
The theory of Seeger’ for the flow stress in fcc 
materials is applied to explain the latent hardening. 


EXPERIMENTAL PROCEDURE 


All the single crystals used in this investigation 
had an axial orientation close to <210>, called the 
“0.5”? orientation. This is the orientation for which 
the tensile axis is 45 deg from both the slip plane 
and the slip direction. The single crystals were 
grown from the melt under a helium atmosphere 
using milled graphite boats,°at a rate of 8.6 mm 
per min. The silver used in the experiment was 
99.98 pct pure. The single crystals had a square 
cross section about 0.9 by 0.9 cm and a length of 
14 cm. The orientation of the specimen was deter- 
mined within + 2 deg by the Laue back-reflection 
method. The specimens were annealed at 940° 
+ 2°C ina helium atmosphere for 24 hr and then 
furnace cooled over a period of 7 hr. The specimens 
were electropolished in a solution of 9 pect KCN in 
water. 

The specimens were tested in a soft-type tensile 
machine (the load is prescribed) up to 3 pct strain. 
The stress was increased continuously at approxi- 
mately 30 g per mm’ per min. The strain was 
measured over a 5 cm gage length with a mechanical 
extensometer employing an optical lever. The strain 
and stress were measured with accuracies of + 2 
x 10° and + 2 g per mm’, respectively. The re- 
mainder of the stress-strain curve up to 20 pct 
strain was obtained in a hard-type tensile machine 
(the strain rate is prescribed). The strain and the 
stress were measured in that machine with an ac- 
curacy of +2 pct. 

The compression tests were performed in the 
hard-type machine using accurately machined steel 
blocks without lubrication. The blocks were used 
so as to apply a uniform compression over a length 
of 13 cm. The strains were measured on the hard- 
type machine and with a micrometer. 
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Fig. la—Stereogram showing Diehl’s 
notation for slip systems. 
compression. 


DIEHL’S NOTATION 


To describe conveniently the compression experi- 
ments, it is useful to introduce the notation used by 
J. Diehl.” This notation is applied to the deformation 
of an fcc material. Such a material can deform on 
12 slip systems, #.e., 4 slip planes each containing 
3 slip directions. In the <100>stereographic projec- 
tion described in Fig. 1(@), each triangle is denoted 
by two letters. The four letters, B 9, K, U, refer to 
the 4 octahedral planes: Prefers to the primary 
plane, Q to the cross-slip plane, K to the conjugate, 
and U to the unexpected slip plane. If the tension 
axis of the specimen lies in the triangle denoted by 
PQ, it will deform on the PQ slip system as this is 
the system with the highest resolved shear stress. A 
combination of two letters describes completely the 
slip system: The first letter represents the {111} 
slip plane, and the combination of the two letters 
represents the<110>slip direction which is the in- 
tersection of the two {111} planes described by the 
two letters. The slip system denoted by two letters 
with an upper bar and the slip system denoted by the 
same two letters without the bar have the same slip 
plane but opposite slip directions. 


EXPERIMENTAL RESULTS 
The type of yield point effect that occurs upon 


reloading after previous unloading is sketched in 


STRESS 


Fig. 2— Yield point 
effect “Ao” meas- 
ured at the level a. 


STRAIN 


306—VOLUME 221, APRIL 1961 


Fig. 1b—Stereograin showing the orien- 
tations of the crystals and the axes of 


LoS 


Fig. 1lc—Stereogram showing the slip 
systems that can be activated by side- 
ways compression when the axis of the 
specimen lies in triangle PQ. 


Zag 


Fig. 2. The specimen was unloaded completely be- 
fore being reloaded. The yield point effect is the 
amount by which the stress, upon reloading, differs 
from the stress that would have been obtained if 

the specimen had not been unloaded. This effect is 
plotted vs the stress o before unloading, and the 
result is shown in Fig. 3. This plot shows that at 
the beginning of easy glide Ao is zero, and it is only 
towards the end of easy glide that a finite Ao is ob- 
served; Ao then increases continuously until o = 5kg 
per mm’* which corresponds to a deformation of 20 
pet. This result is similar in nature to the one ob- 
tained by Haasen and Kelly with aluminum single 
crystals. 

The two orientations used in the transverse com- 
pression experiments are shown in Fig. 1(6). The 
two crystals are isoaxial, their common axis being 
denoted by S, and the normal to one of the lateral 
faces is denoted by X, for crystal A and X, for 
crystal B. Crystal B was obtained from crystal 
A by a 45-deg rotation about the specimen axis. If 
the primary system in tension is denoted by PQ, 
crystal A was compressed along X, which activated 
KP and along a direction 90 deg from X,, namely 
X, which activated KU. Crystal B was compressed 
along Xz which activated system PU. The results of 
these experiments are shown in Fig. 4 and 5. Com- 
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Fig. 3— Yield point effect Ao vs prior to unloading o. 
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Fig. 4—Effect of sideways compression on the stress-strain. 


curve of silver single crystals in the easy glide region. 


pression along X3; was not performed because this 
would have activated system UK, and as wiil be shown 
below KU and UK give rise to the same interaction 
with PQ. 

Compression along X, and along X, gives rise to 
the same results as shown in Fig. 4 and 5. The 
stress level of the curve is raised proportionately to 
the amount of compression, but the slope and the 
length of the easy glide region remains unchanged. 
The yield point is raised by a factor of 4 for a com- 
pression of 1.1 pct. The transition between the 
elastic region and the easy glide region, which is 
sharp in the annealed single crystals has been 
broadened considerably by the sideways compres- 
sion. 

When crystal B is compressed along X, the re- 
sults are quite different. The slope of easy glide is 
increased slightly, the amount of easy glide is de- 
creased and the yield point is increased. However, 
while in the previous case a compression of 1 pct 
raised the yield point by a factor 4, now the same 
compression only raises the yield point by a factor 

Finally a Bauschinger test was performed. Be- 
cause of the buckling problem encountered in com- 
pression the length of the specimen had to be changed 
to 3.7 cm. The result of this test is shown in Fig. 6. 
One notices that after the compression test, the 
specimen experiences an initial softening when pulled 
in tension. However, after the longitudinal compres- 
sion of 1 pct, the yield point in tension has been 
raised by approximately a factor of 2. The length 
of easy glide which is about 3 pct strain in tension 
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Fig. 6—Bauschinger test on silver single crystals. 
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curve of silver single crystals in both the easy glide and 
2nd stage regions. 
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has been reduced to 2 pct by the prior longitudinal 
compression. 


DISC USSION 


It is usually accepted that the end of easy glide is 
caused by the onset of slip on a secondary slip sys- 
tem. It is also known, that the secondary slip sys- 
tem causing the end of easy glide makes Cottrell- 
Lomer locks with the primary slip system. The 
primary system PQ forms Frank sessile disloca- 
cations with the slip systems KU and UK. Because 
of the small number of sessile dislocations that 
could be formed during unloading, it is doubtful that 
they would be strong enough to cause a yield point 
effect. The fact that sessile dislocations in small 
number lead to a weak interaction has been evidenced 
by U. F. Kocks® who tested in tension a single crys- 
tal with <210> axial orientation. The tension curve 
obtained during that test was one of the lowest single- 
crystal stress-strain curves. This fact will also be 
shown later in this investigation by the sideways 
compression test which activates primarily sessile 
dislocations. Consequently, the yield point effect 
could be due to the additional formation of Cottrell- 
Lomer locks during unloading. Then, one would not 
expect a yield point effect in the beginning of the 
easy glide region; and this fact is observed experi- 
mentally. The yield point effect is found to appear 
towards the end of the easy glide, when the secondary 
slip system is activated and starts to interact with 
the primary system to form Cottrell- Lomer locks. 

If the primary slip system in tension is denoted 
by PQ, the cross-hatched area in Fig. 1(c) repre- 
sents all the possible systems that can be activated 
by sideways compression: 

Class I. PQ, PU, PK, PU represent slip systems 
with the same slip plane as system PQ, but witha 
different slip direction. Consequently, dislocations 
in these systems react with the dislocations in PQ 
to form glissile dislocations. 

Class Il. QU, KP, UP, QU represent slip systems 
having for slip planes Q, K, U and Q, respectively, 
which all intersect the slip plane Pof slip system 
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PQ. Dislocations in these systems form glissile dis- 
locations with the dislocations of PQ. But QU and QU 
intersect with PQ to form glissile jogs on PQ only, 
while KP and PQ form glissile jogs on KP and UP 
intersects with PQ producing glissile jogs on UP. 


Class Ill. KU, UK, KU represent slip systems 
having for slip planes K, U, and K, respectively, 
which intersect plane P, but these slip systems 
form sessile dislocations with PQ. Furthermore, 
any of these slip systems intersects with PQ to 
form jogs which are sessile on both slip systems. 

The reactions between slip systems were obtained 
from U. F. Kocks.* When a crystal A is compressed 
along X,, slip system KP is activated and this cor- 
responds to an interaction of Class II. 

The case where crystal A is compressed along 
X, corresponds to Class III as this activates sys- 
tem KU. The experimental results are identical 
to the ones obtained by compressing along X,. Con- 
sequently, the fact that Class III leads to the forma- 
tion of sessile dislocations and sessile jogs does 
not seem to be important. The important factor 
seems to be that the slip plane activated by com- 
pression intersects the slip plane activated by ten- 
sion. No Cottrell-Lomer locks were formed in any 
of the above mentioned dislocation interactions. 

A possible explanation for the above results could 
be that the dislocations activated by compression, 
intersect the dislocations lying in the slip plane that 
will be activated by the subsequent tension and change 
the node distribution in that plane. This would result 
in a shortening of the Frank- Read sources available 
for tension and consequently would explain the in- 
creased stress level of the stress-strain curve. How- 
ever, Seeger’ has refuted the ‘‘length of Frank- Read 
sources’’ hypothesis. Furthermore, it seems that 
it is generally accepted that the flow stress in heavily 
cold-worked metals is of the type proposed in Tay- 
lor’s’® model of work hardening, namely that due to 
the elastic interaction of nearly parallel dislocations 
superimposed on a ‘‘forest’? cutting contribution. 
This is the same picture as the one adopted by See- 
ger’ to explain the critical resolved shear stress. 
Consequently, if one used the ‘‘critical length of 
Frank- Read sources’’ hypothesis to explain the 


critical resolved shear stress, there should exist a 
critical strain at which a change over to the high 
strain mechanism would occur. If this were true, 

it should manifest itself as a break in the flow 
stress-temperature relation as a function of pre- 
strain. Cottrell and Stokes* never observed such 

a break in pure aluminum. Consequently, it seems 
that such an explanation contradicts many estab- 
lished facts of the work-hardening theory. 

When the transverse compression activates the 
slip system KU which forms sessile jogs, with 1240). 
there is a possibility of creating new nodes in the P 
slip plane. But, when KP is activated by the trans- 
verse compression, only glissile jogs are formed on 
KP which can slip on the P slip plane. The theory 
that seems to fit at present most of the experimental 
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evidence was advanced by Seeger.” The flow stress 
is the sum of two terms. The first contribution 
comes from the dislocations which are roughly 
parallel to the moving ones. If these dislocations 
are randomly distributed and the density per unit 
area is N’, tg = abGVN’. Tc has only the slight 
temperature dependence of the shear modulus G. 

The other contribution to the flow stress comes 
from dislocations threading the slip plane and these 
have been called the ‘‘forest’’. Ignoring the detailed 
mechanism of the dislocation intersections Seeger 
obtains the following expressions: 


Uy when T < T, 


TE when > JT. 


log (NAbv, /é ) 


The relation for T <7, canbe written 7(T) =7¢ + 
It has been pointed out by Seeger that there is a sub- 
stantial contribution of ts at room temperature for 
metals such as silver which have low stacking fault 
energy. Ts is temperature dependent. 

Both KU and KP contain dislocations that will act 
as forest dislocations for the dislocations in PQ. As 
the amount of compression is increased, the forest 
density increases and consequently so does Ts. 
Therefore, the stress level of the stress-strain 
curve in the subsequent tension test is raised be- 
cause of an increase in Ts. The hardening of the 
primary slip systems is mainly due to an increase 
in Tg, and not in Ts, because during deformation 
many more dislocations are created lying in the 
glide plane than threading the glide plane. Thus, al- 
though KP or KUchanges the Ts of system PQ, the 
Tg is unchanged, and therefore the slope of easy 
glide remains the same in the subsequent tension 
test. An analysis by Jackson and the author” has 
shown that the easy glide of a single crystal de- 
pends primarily on a grip effect related to the tend- 
ency the crystal has to shear in a plane normal to 
the tensile axis. Thus, as long as the compression 
and the tension activates different slip planes the 
grip effect in tension is the same as for an uncom- 
pressed single crystal of the same orientation. 
Consequently, although the stress level has been 
raised, one expects the same length and slope of 
easy glide. Therefore one would expect a break- 
down of the previous results, either if the amount 
of transverse compression were so large that stage 
II had set in, or if the slip system preceding PQ 
is one that forms Cottrell- Lomer locks with PQ. 
However, as is evidenced by Fig. 1(c), if PQ is the 
system activated by tension, it is impossible to 
activate by transverse compression either KQ, KQ, 
or UQ, UQ which are the systems forming Cottrell- 
Lomer locks with PQ. It is also obvious that cross- 
slip system QP cannot be activated by transverse 
compression. These types of latent hardening will 
have to be studied by other means. 
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When crystal B was compressed along Xz, the PU 
system was activated which corresponded to an inter- 
action of Class I. The sideways compression acti- 
vates the same slip plane that will be activated by 
tension, but along a different direction. The yield 
point is raised, the slope of the easy glide region is 
increased slightly, and the amount of easy glide is 
decreased as shown in Figs. 4 and 5. The transition 
region between elastic and easy glide regions has 
been broadened again. In this case, the flow stress 
was increased because the activation of PU increased 
Tg for the PQ system that will be activated by the 
subsequent tension. The result of this experiment is 
quite similar to the Bauschinger test described in 
Fig. 6. 

If the tension curve obtained after a previous axial 
compression of 1 pct in the Bauschinger test were 
translated parallel to the strain axis, back to the 
origin, the following results would ensue. The yield 
point would be raised because a certain amount of 
easy glide has already been used up by the compres- 
sion experiment; the slope of the remaining easy 
glide in tension would be higher because the slope 
increases continuously during easy glide and the 
latter part of easy glide is now taken into account; 
finally, the amount of easy glide is smaller by the 
amount already..exhausted in compression. The 
sideways compression of Class I yields only ap- 
proximately the same results because the axis of 
compression Xp, is not the same as the axis of 
tension S. 

An effect which is common to all the experi- 
ments with transverse compression, is the widen- 
ing of the transition region between elastic and 
easy glide regions. The transverse compression 
is probably inhomogeneous as the single crystals 
were compressed along a length of 13 cm using 
machined steel blocks. Consequently, the increase 
in flow stress, whether it is due to Tc or Ts, will 
not be entirely uniform throughout the specimen, 
and certain parts of the specimens will yield before 
others, thereby explaining the widening of the 
transition region. 

The inhomogeneities of deformation are neverthe- 
less small enough so that the effect of compression 
can be adequately described by one slip system. The 
large difference between the crystals type A and type 
B as shown in Fig. 4 is taken as good evidence for 
this assumption. Furthermore, the predicted slip 
systems were observed microscopically on the crys- 
tals. 


CONC LUSIONS 


The yield point effect observed after reloading of 
a specimen previously unloaded is connected with the 
formation of additional Cottrell- Lomer locks during 
unloading. The yield point effect starts to appear at 
the end of easy glide and increases progressively 
during second stage. A sideways compression that 
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activates a different slip plane from the one acti- 
vated in tension, raises the general level of the 
easy glide part of the stress-strain curve, without 
changing the slope or the length of easy glide. This 
effect was explained by the fact that such a com- 
pression does not create additional fences in the 
Slip plane activated by tension, but simply increases 
the forest density. This experiment also led to the 
conclusion, that the formation of sessile jogs is 
relatively unimportant as compared to the elastic 
energy associated with intersecting dislocations. 

A sideways compression that activates the same 
slip plane that will be activated by tension, trans- 
lates the stress-strain curve along the strain axis 
by the amount of compressive strain. Consequently, 
in this case the yield point is raised, the length of 
easy glide is decreased and the slope of easy glide is 
increased slightly. This is explained by the addi- 
tional number of fences created by the transverse 
compression. If the compression axis had been the 
same as the tension axis, this would have been a 
Bauschinger test, and approximately the same re- 
sults would have been observed. However, in the 
Bauschinger test, the yield point in tension would 
be equal to the maximum stress attained in com- 
pression before unloading. This is not exactly ob- 
served in the transverse compression case, be- 
cause the compression axis is not the same as the 
tension axis. 

Thus, the only deformation that will affect the 
slope or the length of easy glide in a subsequent 
tension test, is one that will cause pile-ups in the 
primary slip plane of the tension test. Any other 
deformation will only change the general stress 
level of the stress-strain curve. The one exception 
is of course a deformation that will introduce a 
Cottrell-Lomer locking system. Unfortunately, 
it was impossible with the use of sideways com- 
pression to activate either the Cottrell-Lomer 
locking or the cross-slip system. 
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Austenitic Stainless Steel 


Constant-load creep-rupture tests at 1100°, 1300° and 1500°F 
were made ona Type-316, 18 Cr-8 Ni-2Mo, austenitic stainless 
steel to determine the relationship between rupture life and other 
aspects of creep behavior. The test program was designed ona 
statistical basis to check the variability of various creep proper- 
ties and to determine empirically the dependence of minimum 
creep rate and rupture life on initial stress. The dependence of 
the rupture life, t,, on the initial stress, 0,, is found to be related 
to the stress dependence of the minimum creep rate, é,, and 
secondary creep strain. The instabilities or breaks found in the 
conventional log 0, — log t, plots can be traced to either a change 
in the linear dependence of log ém on log 0, or to a change in 
secondary creep strain, In the alloy tested, rupture is found to be 
predominantly of the intercrystalline type. For this material, the 


Creep and Creep-Rupture Relationships in an 
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secondary creep strainis found to depend on the nature of the 


grain boundary precipitate, which affects grain boundary migration. 


Ir has been shown for a variety of metals and al- 
loys’? tested at elevated temperatures under creep 
conditions that the empirical relationship 


exists between rupture life, ¢,, and minimum creep 
rate, €,,. This relationship, in which C and a@ are 
in some cases independent of stress or temperature, 
shows in a general way that creep rupture depends 
on creep behavior prior to tertiary creep stage. To 
determine more fully the factors which control creep 
rupture requires, therefore, more knowledge of the 
relationship between rupture and creep behavior. 

To obtain such information, constant-load creep- 
rupture tests have been made on a Type-316, 

18 Cr-8 Ni-2 Mo, austenitic stainless steel at 1100°, 
1300°, and 1500°F. These tests were designed on a 
statistical basis to determine the variability of the 
various creep properties measured and to determine 
empirically the stress dependence of minimum creep 
rate and rupture life. 

As a result of this work, various empirical re- 
lations have been established defining more closely 
the factor, C, in the relation between rupture life 
and minimum creep rate. This factor is found to be 
proportional to the amount of strain during secondary 
creep. The variation of secondary creep strain with 
rupture life and temperature is determined and its 
effect on rupture behavior discussed. The variability 
in minimum creep rate and rupture life is also dis- 
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cussed and the dependence of these quantities on 
initial stress is interpreted. 


TEST MATERIAL AND TEST PROCEDURES 


The material tested is an austenitic stainless steel, 
AISI Type 316, of the following composition: C, 0.07 
pet; Mn, 1.94 pct; P, 0.01 pct; S, 0.021 pct; Si, 0.38 
pet; Cr, 18 pct; Ni, 11.4 pet; Mo, 2.15 pct; Al, 0.003 
pet and N, 0.043 pet. The material was received as 
a hot-rolled 0.5-in. diam bar which was sectioned 
into 3.25 in. long blanks. Each blank was heat treated 
by holding 1/2 hr at 2000°F followed by water 
quenching. A 3/8-in. coupon was removed from each 
heat-treated blank and the microstructure was ex- 
amined, the grain size determined, and the hardness 
measured. The microstructure was found to be uni- 
form from blank to blank and the grain size was found 
to range from 4 to 6 ASTM numbers. Hardness, 
measured using a 20-kg load, varied between 127 and 
148 Vpn. 


Tensile creep-rupture specimens having a 0.25 in. 
diam within a 1.5-in. reduced section were machined 
from the heat-treated blanks. Constant-load tests 
were made on these specimens at 1100°, 1300°, and 
1500 F, Six specimens were tested at each stress 
level. Three creep-rupture machines were employed 
for tests at each temperature, two specimens being 
tested in each machine for each stress level. To 
minimize any effect due to local inhomogeneities 
along the length of the as-received bar the specimens 
were randomized before test. 

Each specimen was tested to rupture and in most 
cases an autographic extension-time curve was ob- 
tained. For very low stress levels at 1500°F no auto- 
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Table 1. Creep and Creep-Rupture Results Determined at 1100°F 


End of Primary End of Secondary Minimum End of Third 
Creep Stage Creep Stage Creep Rate Creep Stage Machine 
men 1000 Psi Hr Pct Strain Hr Pct Strain Pct per Hr Hr Pct Strain ployed 
43 28.84 305 13.6 1300 17.6 0.0040 1637 19 A 
90 28.84 140 8.5 1200 13 0.0036 1658 21 A 
123 28.84 220 7.9 1950 DEP? 0.0025 2437 16 B 
138 28.84 180 8.0 1300 13.0 0.0045 1709 20 B 
47 28.84 300 10.2 985 14.0 0.0055 1267 20 € 
87 28.84 230 8.5 960 11.0 0.0034 1785 19 Cc 
16 31.63 88 8.8 546 esi 0.015 779 30 A 
50 31.63 30 9.3 195 NBS} 0.018 265 26 A 
60 31.63 30 oS 204 13.0 0.021 DO. 16 B 
82 31.63 35 9.0 375 14.7 0.017 570 24 B 
17 8.5 480 1533 0.017 594 27 
49 31.63 20 9.0 150 127, 0.029 170 16 (c; 
3 34.68 17 9.6 99 14.4 0.059 132 23 A 
34.68 66 1335 0.074 96 17 A 
56 34.68 14 10.4 60 13.8 0.074 76 18 B 
103 34.68 8 10.2 74 WO 0.038 122 17 B 
5 34.68 11 10.2 90 14.4 0.053 115 20 c 
155 34.68 12 10.1 72 13.4 0.055 87 16 c 
1 38.02 4 ibstaal Sil 16.9 0.20 43 24 A 
61 38.02 4 12.0 17 Se5) 0.27 22 18 A 
104 38.02 6 13.0 31 17.4 0.18 39 Ds) B 
106 38.02 5 12.4 29 15.9 0.15 42 21 B 
2 38.02 3 11.2 28 15.4 0.17 41 23 € 
62 38.02 4 WAS 24 15:5 0.15 37 19 Cc 
36 41.69 0.9 IS) Gr, 16.9 0.57 9.6 23 A 
41.69" 1.0 14.8 4 1.03 6.6 26 A 
109 41.69 129 14.8 dots) 18.1 0.59 12 25 B 
111 . 41.69 3 13.0 15 AN 7/is) 0.38 20.4 26 B 
S/ 41.69 1 13.0 10 18.2 0.58 1253 23 Cc 
73 41.69 3.8 13.4 0.27 1957 25 Cc 
38 45.71 0.5 14.2 2.4 17.0 1.47 3.9 32 A 
86 45.71 0.7 17.8 Sal 20.3 1.04 4.3 29 A 
113 45.71 0.4 16.8 3.0 20.0 1523 4.6 32 B 
121 45.71 0.4 15.4 4.0 20.4 1439) B 
39 45.71 0.3 18.0 3 20.6 2.60 1.9 29 c 
76 45.71 0.5 16.2 6.2 21.6 0.95 9.0 31 Cc 


graphic curves could be obtained. In the creep-rup- 
ture machines used,*° a beam is employed which is 
not balanced and which imposes a limiting stress on 
the specimen without application of weights. Thus, 
for stresses less than the limiting stress the speci- 
mens were loaded directly. Since the autographic 
record is obtained through the drop of the beam such 
a record could not be obtained at low stresses. 


I 
to 
TIME 


Fig. 1—Schematic diagram of creep-rupture curve. 
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EXPERIMENTAL RESULTS 


From each time-extension curve certain time and 
strain values were determined. These quantities are 
shown on a schematic diagram in Fig. 1. The strain 
values, €, and €,, and the times, ¢, and ¢,, were de- 
termined respectively from the beginning and end of 
the secondary creep stage. At rupture, the elonga- 
tion, €,, and rupture time, ¢,, were determined. The 
minimum creep rate, é,,, that is, the slope of the 
linear portion between ¢, and ¢2 was also obtained 
from the creep-rupture curve. All values determined 
are given for the three test temperatures in Tables 

Machine Variability—Since three test stands were 
employed at each temperature, the machine vari- 
ability was determined to indicate its contribution 
to the observed scatter. This variability was deter- 
mined by the analysis of variance method. For rup- 
ture life, ¢,, at 1100°F, the machine variability is 
insignificant. For tests at 1300°F the machine factor 
is again small but larger than at 1100°F. However, 
tests at 1500°F on machine G show consistently 
longer times to rupture than do those on machines 
H and I. Nevertheless, the machine factor accounts 
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Table Il. Creep and Creep-Rupture Results Determined at 1300°F 


End of Primary End of Secondary Minimum End of Third 
Creep Stage Creep Stage Creep Rate Creep Stage Machine 
men 1000 Psi Hr Pct Strain Hr Pct Strain Pct per Hr Hr Pct Strain ployed 
150 9.55 250 3.4 1575 8.9 0.0042 3343 31 D 
154 9.55 200 127, 1340 6.8 0.0045 3184 40 D 
149 9.55 200 veal 1315 8.2 0.0046 3122 49 E 
153 9.55 350 2.3 2400 11.0 0.0042 4500 46 E 
156 9.55 450 4.0 2500 12.5 0.0042 4414 40 F 
161 9.55 350 3.4 2150 11.2 0.0043 4087 47 F 
132 11.23 100 27 1050 13.0 0.011 2037 70 D 
141 11:23 50 3.4 1120 16.5 0.012 2045 86 D 
130 11.23 75 2:3 1075 13.0 0.011 2028 75 E 
140 11.23 100 2.0 1120 15.5 0.013 1873 61 E 
146 11.23 45 13 720 9.0 0.012 1542 52 F 
148 11.23 90 2.6 1140 15.0 0.012 2046 67 F 
44 13.19 45 27 472 19.5 0.035 950 100 D 
117 13.19 30 2.0 550 17.0 0.029 996 77 D 
45 13.19 45 3.1 470 18.0 0.035 867 89 E 
116 13.19 10 1.0 475 16.9 0.034 839 80 E 
135 13.19 60 3.4 575 22.0 0.036 902 91 F 
142 13.19 50 Bal 400 1592 0.035 852 95 F 
34 15.49 20 3.6 184 20.3 0.102 326 102 D 
51 15.49 16 4.1 164 17.1 0.088 376 113 D 
35 15.49 6 2.8 142 17.6 0.109 290 105 E 
52 15.49 8 3.6 150 17.1 0.095 357 111 E 
131 15.49 24 3.0 169 18.2 0.105 343 109 F 
133 15.49 8 2.2 152 16.0 0.096 346 108 F 
12 18.21 1 he 75 19.9 0.24 134 106 D 
64 18.21 2 ia 50 14.5 0.26 121 102 D 
13 18.21 1 3.6 62 20.2 0.27 116 105 E 
63 18.21 2 27 55 16.5 0.26 118 93 E 
65 18.21 2 3.8 40 19.2 0.41 95 94 F 
112 18.21 5 4.0 50 17.0 0.29 95 80 F 
6 21.38 1 4.1 19 16.3 0.68 40 100 D 
69 21.38 2 5.0 U7. 15.8 0.72 40 95 D 
7 21.38 3 9.0 18 22.5 0.90 32 87 E 
70 21.38 2 5.9 19 20.3 0.85 34 91 E 
114 21.38 0.3 5.4 10 15.0 0.99 29 112 F 
122 21.38 1 6.8 11 16.4 0.96 29 92 F 
58 25.12 0.5 8.6 5 14.9 2.31 10.7 78 D 
94 25.12 0.3 6.5 5 20.5 2.98 9.5 80 D 
57 25.12 0.5 Tad, 5 20.5 2.84 10.0 80 E 
98 25.12 0.1 6.0 5 20.0 2.86 10.2 89 E 
97 25.12 0.1 6.5 3.2 17.5 3.55 8.1 90 F 
125 25.12 0.1 5.8 4.5 19.5 3.12 9.6 79 F 
96 29.52 0.1 9.0 1.3 23.5 121 28 79 D 
101 29.52 0.2 9.5 1.3 22.0 11.4 oD 60 D 
107 29.52 0.1 10.0 1.0 21.5 12.8 1.9 66 E 
110 29.52 0.1 8.5 0.9 19.0 ees 2.1 78 E 
127 29.52 0.1 8.5 153 23.5 12.5 258 74 F 
128 29.52 0.1 8.5 ile 215 13.0 21 70 F 
for only a small part of the total variability, especi- these values it is evident that the variability at 
ally at 1100°F. 1100°F is appreciably greater than at the two higher 
=a 
Variability in €,, and t,—Normally the quantities temperatures. For mean values of €,, ad? t,, Oreo 
that are determined in a creep-rupture test are the pet per hr and 1000 hr, respectively, the spread cor- 
minimum creep rate, €,,, and the rupture life, ¢,. responding to one standard deviation is 7.9 x 107°, 
; =5 -5 
In most instances these are determined from a single 2 X10”, and 1.6 x 10™ pct per hr and 500, 110, and 
test at each stress level. However, because of the 120 hr, respectively at 1100°, 1300°, and 1500°F. 
scatter observed in creep-rupture tests for various Thus, for both €,, and ¢t,. the variability is essenti- 
metals and alloys,”° it is desirable to know the ally the same at 1300° and 1500°F and is much 
variability before attempting any analysis involving greater at 1100°F. 
these quantities. Relationship between ¢, and the Quantities (.-t,) 
By analysis of variance, the variability in €,, and and ¢,—In order to understand rupture behavior under 
!, was determined from the results of tests at 1100°, creep conditions more fully, various correlations 
1300°, and 1500°F. The standard deviation for the between rupture life and other quantities determined 
logs of these quantities is given in Table IV. From from the creep-rupture curve were attempted. An 
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Fig. 2—Relationship between rupture life and duration of 
secondary creep stage. 


empirical relationship was found between rupture 
life and the time within the secondary creep stage 
(¢2-t,). As shown in Fig. 2 a linear relationship is 
observed in the log ¢, — log (¢2 —¢,) plot at the three 
test temperatures. The linearity in this plot was 
checked by a regression analysis. 

The results of Fig. 2 lead to the empirical rela- 
tionship 


t= A(t2—t,)% [4] 


where A and a are constants. The values of these 
constants for the three test temperatures, based on 


the regression curves in Fig. 2,are given in Table V. 


The 95 pct confidence upper and lower limits, A,, 
a,, A; and ay are also given in Table V. These re- 
sults show that A increases slightly with tempera- 
ture, but a is nearly unity and independent of tem- 
perature. An empirical relationship is also found 
between the rupture life, ¢,, and the time at the end 
of secondary creep, /,. As shown in Fig. 3 a linear 
relationship exists between log ¢, and log ¢2, leading 
to the relation 


t = B¢t,)? 
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Fig. 4— Variation of secondary creep strain with rupture life. 
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Fig. 3—Relationship between rupture life and end of secon- 
dary creep stage. 


Values of B and £ based on Fig. 3, and their upper 
and lower limits, are given in Table VI. Again it is 
found that B increases slightly with temperature, 
but 8 is nearly unity and independent of temperature. 

As may be observed from Fig. 1, the minimum 
creep rate may be defined by 


€ 3 
[3] 
Therefore relation [1] becomes 
em 
and relation [2] becomes 
[5] 
Va 


Because both @ and 8 are essentially unity, Eqs. 
[4] and [5] are similar to the relationship between 
rupture life and minimum creep rate found by Grant, 
Servi, and Monkman.”” This relationship is 


a 
em 


where C within certain limits is found to be inde- 


[6] 


1500°F 
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Fig. 5—Relationship between rupture life and minimum creep 
rate. 
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Table Ill. Creep and Creep-Rupture Results Determined at 1500°F 


End of Primary End of Secondary Minimum End of Third 
Creep Stage Creep Stage Creep Rate Creep Stage Machina 
Speci- Initial Stress, tr, Er, Em- 
men 1000 Psi Hr Pct Strain Hr Pct Strain Pct per Hr Hr Pct Strain ployed 
151 3.40* 5962 3h) G 
159 3.40* 5636 36 G 
147 3.40* 4133 45 H 
158 3.40* 4263 35 H 
145 3.40* 3664 29 I 
152 3.40* 3864 39 I 
136 4,27* 2169 43 G 
144 4,27* 1993 47 G 
134 4.27* 1681 46 H 
143 4.27* 1589 39 H 
124 4.27* 1595 43 I 
137 4.27* 1748 42 I 
118 5.40 120 2.2 430 6.7 0.015 987 32 G 
129 5.40 110 Dal 517 Tad 0.014 1075 34 G 
119 5.40 60 2.6 320 8.3 0.022 683 40 H 
126 5.40 80 3.0 320 7.4 0.018 810 46 H 
88 5.40 90 3.8 380 25 0.030 710 35 I 
102 5.40 80 1.5 320 8.3 0.028 651 45 I 
40 7.08 30 oul 198 17.1 0.083 302 57 G 
46 7.08 30 3.8 159 16.7 0.100 297 48 G 
48 7.08 Pf 4.1 147 ih 0.075 288 63 H 
100 7.08 21 2.0 130 12 0.084 272 55 H 
41 7.08 21 Dai, 138 15.3 0.107 244 61 I 
47 7.08 24 al, 147 13.0 0.084 274 54 I 
10 8.52 9 Ses 54 15.0 0.26 104 67 G 
53 8.52 6 1.6 55 13.0 0.23 HENS) 64 G 
55 8.52 8 Dear 68 15.0 0.21 111 79 H 
95 8.52 8 2.8 70 16.0 0.21 133 75 H 
11 8.52 8 15:3 0.26 104 74 I 
54 8.52 Teo 30 54 LAT 0.32 102 81 I 
8 10.73 1 2.4 ie? 12.6 1.00 31 94 G 
68 10.73 2 1.6 15 1342 0.91 36 96 G 
66 10.73 2.0 13} 0.96 93 H 
93 10.73 4 6.0 20 20.7 0.92 36 102 H 
9 10.73 1 3.0 TIES 15.8 22 26 95 I 
67 10.73 1 1.8 11.4 13.9 1.16 29 88 I 
18 13553 0.5 3.6 4.3 15.8 8.3 100 G 
105 13°53) 0.3 5.0 15.0 2.66 94 G 
91 13.53 0.4 3.0 35 15.6 4.07 8.1 105 H 
92 13.53 0.3 330 2.9 14.5 4.43 7.0 106 H 
19 13553) 0.3 3.0 3.4 Weal SYA! 6.8 114 I 
79 13253 0.4 4.0 4.2 16.5 3.29 9.4 98 I 
20 17.03 0.1 4.5 1.0 18.0 15.0 2.0 95 G 
108 17.03 0.1 4.0 gal 15.5 eS 2.5 120 G 
85 17.03 0.1 5.0 0.9 Wes: 15.6 2a 98 H 
89 17.03 0.1 4.8 0.7 14.0 15.3 1.9 99 H 
33 17.03 0.1 3.0 0.7 14.9 19.8 1.4 90 I 
80 17.03 0.1 5.0 0.7 15.5 104 I 


*Specimens loaded directly. 


pendent of stress and temperature and a is essenti- 
ally unity. Relation [6] thus implies that at constant 
temperature the quantities (e, and €,)Should 
be independent of stress and the quantities A(e, -€,) 
and B (€, —€)) should be independent of both stress 
and temperature. As will be shown later these quan- 
tities depend largely on grain boundary precipitation 
and grain boundary behavior during creep. 
Variability of Secondary Creep, €2 — €,;—The varia- 
tion of secondary creep strain, €,- €,, with rupture 
life for the three test temperatures is shown in Fig. 
4. Although some scatter is observed at 1100°F, the 
extent of secondary creep strain is found to remain 
essentially constant with rupture life, and therefore 
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with stress over the entire range investigated. The 
results of a factorial analysis give the extent of 
secondary creep strain at this temperature within 
95 pet confidence limits as 3.97 pet + 0.40. 

At 1300°F secondary creep strain does not remain 
constant, increasing somewhat until a rupture life of 
about 1000 hr is reached and thereafter decreasing. 
At 1500°F, the secondary strain remains essentially 
constant up to a rupture life of about 300 hr and then 
decreases. The level of secondary creep strain is in 
general greatest at 1300°F, slightly less at 1500°F, 
and appreciably less at 1100°F. The relative level 
of secondary creep strain is reflected in the elonga- 
tion values, €,, which are generally higher the higher 
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Table IV. Standard Deviation of Log € and Log t, 


Temperature, °F Log Em Log t; 
1100 0.2530 0.1741 
1300 0.0789 0.0484 
1500 0.0659 0.0501 


the second-stage creep strain, as may be observed 
from Tables I, II, and III. 

From relations [4] and [5] it is seen that (€, - €)) is 
proportional to (€, — €,). Thus the variation of (€2 - €9) 
should be expected to be similar to that of secondary 
creep strain. 


Relationship between ¢, and €,, —The relationship 
between /¢, and é,, is given by Eqs. [4] or [5]. Since 
at 1100°F (€, - €,) or (€2 — €)) is independent of stress, 
a linear relationship should be expected between log 
t, and log ee Such a relationship is shown in Fig. 5. 
Thus, as found by Grant and his coworkers,”” rela- 
tion [6] is satisfied at this temperature; moreover, a 
is found to be essentially unity and therefore the 
rupture life is inversely proportional to the minimum 
creep rate. For the 1300°F data up to a rupture life 
of 1000 hr, relation [6] is satisfied even though in this 
range the secondary creep strain increases some- 
what. As should be expected, at 1500°F relation [6] 
is satisfied up to a rupture life of 300 hr. For rup- 
ture lives beyond the point where secondary creep 
strain decreases, see Fig. 4, a deviation from the 
prediction of Eq. [6] would be expected. As shown in 
Fig. 5, a second linear portion is found for rupture 
lives greater than 1000 hr at 1300°F and 300 hr at 
1500° F. 

Relationship between €,, and o,—Constant-load 
creep results for steels as well as for many other 
metals are found to reduce to one or two linear 
segments in plots of log oo — log €,,, where 9, is 
the initial stress. The results obtained in this study 
plotted in the conventional manner as log o, against 
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MINIMUM CREEP RATE - % /HOUR 
Fig. 6—Variation of minimum creep rate with initial stress. 
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Table V. Constants A and a Obtained from the Relationship 


Temperature,°F A AL Ay a 
1100 1.81 1.63 2.07 0.98 0.95 1.00 
1300 2.24 2.08 2.42 1.00 0.98 1.01 
1500 0.99 0.97 1.02 


log é,, are shown in Fig. 6. At 1100°F the relation- 
ship is linear over the entire stress range covered. 
At 1300°F, however, the results for the upper two 
stress levels lie on a second segment which also is 
assumed to be linear. A regression analysis sub- 
stantiates the linearity indicated at 1100°F and the 
linearity at low stress levels at 1300°F. At 1500°F 
indications of quadratic and cubic relationships were 
found; nevertheless, the variation including all stress 
levels does not depart greatly from linearity. Where 
linearity applies then the relation between €,, and 0, 
becomes: 


Em = Doo” [7] 
At 1100° and 1500°F, Dand v are constants. At 
1300°F one set of values applies at low stresses 
and a second set at high stresses. 

Relationship between ¢, and o,—By substituting re- 
lation [7] in [4] the relationship between ¢, and 0, can 
be established within the limits of application of re- 
lation [7]. This relationship is expressed by 


a 
ale | [8] 


The experimental results for tests made at 1100°, 
1300°, and 1500°F plotted in the conventional manner 
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Fig. 7—Variation of rupture life with initial stress. 
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as log o, against log t, are shown in Fig. 7. At 
1100° F where secondary creep strain remains con- 
stant a linear relationship between log ¢, and log oy 
is found in agreement with relation [8]. For the re- 
sults at 1100°F 95 pct confidence limits indicate a 
large range for the rupture life at any stress level. 
However, the range in stress at a selected rupture 
life is not excessive. At 1300°F relation [8] is satis- 
fied only within the middle range of the stresses em- 
ployed. The deviation at the high stresses is caused 
by the change in D and» as indicated by the log o,- 
log €,, plot shown in Fig. 6. The deviation at the 
lower stresses is caused by the measurable drop in 
€,—€,, with rupture life. Thus, at the upper and lower 
stresses, relation [8] should not apply and the devia- 
tions observed would be expected. Such breaks in 
log 0, — log#, plots are common for many materials 
and have been ascribed to a number of factors. °° 

As mentioned previously, relation [7] is satisfied 
at 1500°F. However, secondary creep strain is found 
to decrease appreciably at the lowest stress level. 
Therefore, relation [8] should be satisfied for only 
the upper five stress levels employed. This is found 
to be the case for the log o, — log t, plot in Fig. 7. 
The change from the first to the second linear seg- 
ment is thus related to the decrease in secondary 
creep strain at low stress levels. Although values 


Table VI. Constants B and B from the Relationship t, = B(t,)4 


Temperature,°F B Br Bay B BL Bu 
1100 1.48 SRY) 1.60 0.98 0.97 1.00 
1300 2.09 1.94 2.26 0.99 0.98 1.01 
1500 2.30 Pe BD 2.49 0.97 0.95 0.99 
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(b) 


Fig. 8—Electron photomicrographs show- 
ing grain boundary precipitation and grain 
boundary migration at (a) 1100°F, (b) 1300°R, 
(c) 1500°F, and(d) 1100°F after pretreat- 
ment at 1500°F. X17,200. Reduced approxi- 
mately 37 pet for reproduction. 


of €, — €, could not be determined at the two lowest 
stress levels, it is likely that at these stresses sec- 
ondary creep strain decreased further. 

Grain Boundary Precipitation and Migration—The 
austenitic stainless steel tested in this study is sus- 
ceptible to grain boundary precipitation at the three 
test temperatures. Typical micrographs of grain 
boundary precipitation observed in specimens tested 
at 1100°, 1300°, and 1500°F are shown in Fig. 8. At 
1100° F the precipitate* seems to be continuous and 


*Identification of the precipitated particles has been made from X-ray 
diffraction patterns. The complex carbide M,,C, is found at each tem- 
perature. At low stresses or long rupture times the “‘sigma’’ phase ap- 
pears at 1300° and 1500°F. Additional diffraction lines indicate that 
other minor constituents may also be present. 


envelops each grain. No evidence of any grain 
boundary migration at this temperature has been ob- 
served. After test at 1300° and 1500°F discrete pre- 
cipitated particles are found with evidence of bulging 
or migration of the boundary between the particles. 
This effect is similar to that observed in aluminum 
alloys.° 

As indicated by the results given in Tables Tu: 
and II, elongation values at 1100°F are in general 
much less than at the two higher temperatures. Since 
rupture is predominantly of the intercrystalline type 
in this material, the elongation values may indicate 
that in this steel grain boundary behavior at 1100°F 
differs from that at 1300° and 1500°F. To study this 
behavior a series of specimens were pretreated at 
1500°F for 24 hr before testing at 1100°F. Such pre- 
treatment produced dis¢rete precipitated particles 
at grain boundaries, similar to the precipitates found 
upon testing at 1500°F. The results obtained for this 
series of tests are given in Table VII. In general, it 
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Table VII. Creep and Creep-Rupture Results Determined at 1100°F after a Pretreatment at 1500° for 24 Hr 


End of Primary End of Secondary Minimum End of Third 
Creep Stage Creep Stage Creep Rate Creep Stage Machine 
Speci- Initial Stress, tis &, tr, E,, Em- 
men 1000 Psi Hr Pct Strain Hr Pct Strain Pct per Hr Hr Pct Strain ployed 
6C 31.63 56 9.0 400 16.3 0.021 792 61 A 
8C 31.63 50 9.0 510 15.4 0.014 1065 66 A 
7C 31.63 48 8.8 560 14.4 0.011 1264 59 B 
10C 31.63 57 8.4 490 16.6 0.019 1158 60 B 
5C 31.63 80 8.7 530 16.7 0.016 1037 62 Cc 
9C 31.63 48 8.0 528 1552 0.015 1111 61 G 
4C 34.68 12 10.0 188 16.2 0.035 408 58 A 
IZ 34.68 24 122 172 16.2 0.034 395 57 A 
41C 34.68 20 10.5 180 17.2 0.042 346 51 B 
42C 34.68 16 11.5 172 18.5 0.045 331 54 B 
2e 34.68 16 9.6 158 17.0 0.052 340 58 Cc 
INKS 34.68 30 10.2 240 16.5 0.030 529 70 Cc 
IC 38.02 55 0.19 103 55 A 
31e 38.02 6.0 12.4 72 22.0 0.15 119 59 A 
39C 38.02 0 1353 68 22.6 0.12 112 53 B 
40C 38.02 10.5 13.8 61.5 20.3 0.13 125 53 B 
13C 38.02 0 12.2 70 Ved, 0.093 148 56 c 
14C 38.02 0 1253 86 20.9 0.10 162 55 Cc 
SoG 41.69 0 14.5 12 22.0 0.63 28 52 A 
36C 41.69 1 15.0 18.8 23.4 0.47 36 56 A 
37C 41.69 1 15.0 22 ZAG 0.34 42 51 B 
38C 41.69 355 16.3 23.8 23.8 0.37 42 54 B 
15C 41.69 3 16.0 16 24.6 0.67 29 58 Cc 
34C 41.69 3 15.0 20 24.5 0.56 37 55 Cc 


is found that at equivalent stress levels there is no 
systematic change in minimum creep rate, but sec- 
ondary creep strain is increased. The rupture life 
and elongation to rupture are also increased. As 

shown in Fig. 9 the rupture life is greater after the 


pretreatment for any equivalent minimum creep rate. 


The effect of the pretreatment on the entire creep 
curve for an initial stress of 34,680 psi is shown in 
Fig. 10. By comparing the curves of the annealed 
and pretreated specimens it is seen that there is 
little difference in the initial portion of the two 
curves. The annealed specimen exhibits limited 
secondary and tertiary creep stages. By changing 
the grain boundary precipitate from essentially a 
continuous film to discrete particles as shown in 
the electron micrographs (a) and (d) in Fig. 8, both 
secondary and tertiary creep stages are extended. 
As shown by electron micrograph (d) in Fig. 8, grain 
boundary migration is observed during creep at 
1100°F after the pretreatment at 1500°F. 
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MINIMUM CREEP RATE- % /HOUR 
Fig. 9—Relationship between rupture life and minimum 
creep rate at 1100°F with and without a 24-hr pretreat- 
ment at 1500°F. 
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DISCUSSION OF RESULTS 


The experimental results in this study indicate 
that the stress dependence of rupture life under 
constant-load creep is related to the stress depend- 
ence of minimum creep rate and secondary creep 
strain. At 1100°F the linear dependence shown in 
Fig. 7 of log ¢, on log o, results from the linear de- 
pendence of log é,, on log o, and on the fact that sec- 
ondary creep strain remains essentially constant. 
At 1300°F the log o,-log ¢, plot shown in Fig. 7 is 
approximated by three linear segments. The change 
from the first to the second segment is related to 
the change in the stress dependence of the minimum 
creep rate. The change from the second to the third 
linear segment is a result of the pronounced drop 
in secondary creep strain. At 1500°F, the change 
from the first to the second linear segment is at- 
tributed also to the drop in secondary creep strain. 

The instabilities or breaks in the log o, — logt, 
plots are of particular practical importance. In de- 
signing equipment for elevated temperature service 
for operation over long periods of time, relatively 
low stresses are encountered. Thus at low design 
stresses the rupture life could be appreciably 
greater if the instabilities observed could be elimi- 
nated. In order to accomplish this, however, more 
knowledge about the factors causing these instabil- 
ities is required. 

As stated previously, the instabilities at 1300° and 
1500°F at the lower stress levels are a result of a 
drop in secondary creep strain. Of importance then 
is to determine the factors governing the inception 
of tertiary creep. The results of the effect of pre- 
treating at 1500°F on behavior at 1100°F indicates 
that the inception of tertiary creep may depend on 
grain boundary precipitation and therefore on grain 
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Fig. 10—Effect of grain boundary structure on creep curve 
of type-316 steel at 1100°F under a stress of 34,680 psi. 


boundary behavior during creep. The continuous 
precipitate observed after testing at 1100°F has ef- 
fectively prevented boundary migration but appar- 
ently not grain boundary shearing. The fact that 
wedge or w-type cracks’ are found in the material 
tested at 1100°F indicates that grain boundary shear- 
ing may have occurred. The occurrence of grain 
boundary shearing leads to stress concentrations at 
various points such as at the juncture of three grains. 
The inability of the grain boundaries near points of 
stress concentration to migrate prevents the dis- 
Sipation of strain energy by increasing the grain 
boundary surface area. Such energy can be relieved 
in two ways. One method is by generating slip and 
increasing the strain rate and leading to tertiary 
creep. The second method is by the formation of 

new surfaces such as by the formation of intercrys- 
talline cracks. Apparently the lack of grain bound- 
ary migration at 1100°F has led to an early inception 
of tertiary creep and crack formation as indicated by 
the shape of the creep curve in Fig. 10. After 
spheroidizing the precipitate at the grain boundaries 
before testing at 1100°F, grain migration is observed, 
although not to the extent found at 1300° and 1500° F. 
Nevertheless, the increase in the magnitude of sec- 
ondary and tertiary creep stages shown in the creep 
curve in Fig. 10 indicates that inception of tertiary 
creep and crack initiation have been delayed by the 
recovery effect that results from grain boundary 
migration. 

The predominance of grain boundary migration at 
1300° and 1500°F leads to large secondary creep 
strains by delaying inception of tertiary creep. How- 
ever, beyond rupture lives of 1000 and 300 hr at 
1300° and 1500°F, respectively, secondary creep 
strain begins to diminish. This is found even though 
grain boundary migration is still observed. This be- 
havior may be related to the fact that grain boundary 
shearing becomes more prominent as a deformation 
process as the temperature is increased and the 
stress decreased.*”’** For example, the temperature 
and stress dependence of the rate of grain boundary 
shearing, y, has been shown to be of the type” 


y = Ao exp (-AH/kT) [9] 


where A is a constant, o the stress resolved to 
maintain maximum shear stress in the direction of 
shearing, AH the activation energy and kT has the 
usual meaning. The stress and temperature de- 
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Fig. 11—Variation of time at end of secondary creep with 
initial stress. 


5000 


pendence of secondary creep rate, €,,, has been 
shown to be of the type’*#’® 


é,, = exp (- AHkT) [10] 


where B and a are constants, o the normal stress, 
AH the activation energy and kT again has the usual 
meaning. The activation energy in both cases is found 
to be nearly equal to that for self-diffusion.*® By di- 
viding Eq. [9] by Eq. [10] one finds 


[11] 


Since a is of the order of about 4, it is seen that as 
the stress is decreased the ratio Y/Emn increases 
very rapidly. Also this ratio increases linearly with 
temperature. Therefore, in the present study as the 
temperature is increased to 1300° and 1500°F, grain 
boundary shearing would be expected to become more 
pronounced. As the stress at these temperatures is 
decreased, the rate of grain boundary shearing de- 
creases less rapidly than does the secondary creep 
rate, and therefore grain boundary shearing becomes 
more prominent. 

At points of stress concentration the increase in 
the shear stresses causing slip should depend pri- 
marily on the magnitude of grain boundary shearing. 
Therefore as the stress is lowered and €,, diminishes 
more rapidly than y, tertiary creep should begin at 
diminishing amounts of secondary creep. However, 
inception of tertiary creep occurs at longer and 
longer times as the stress is lowered, thus allowing 
more and more recovery by boundary migration and 
complicating the qualitative picture proposed. 

At 1100°F secondary creep strain remains es- 
sentially constant with variation in stress or rupture 
life without showing a drop. However, in this case, 
because of the high stress levels employed, high 
normal stresses are developed at points of stress 
concentration, leading to early rupture. Thus, in- 
ception of tertiary creep may be related in this 
case more to rupture initiation than to generation 
of slip. At this temperature extensive cracks have 
been observed at the end of secondary creep. These 
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cracks are of the wedge or w-type and are formed 
particularly at triple points, *° presumably by the 
Zener mechanism.” At 1300° and 1500°F, w-type 
cracks are also found to be predominant, although 
some round or r-type cracks’ are found. At this 
temperature some cracks are also found at the 

end of secondary creep, especially at lower stress 
levels. However, the breaks in the log o, - logt, 
graphs at these two temperatures are established 
before crack formation becomes predominant. This 
is indicated by results in Fig. 11 which show cor- 
responding breaks in the log o, — log ¢, plot. There- 
fore, the change in the dependence of /,. on oy at low 
stresses does not seem to be related to crack propa- 
gation or other effects occurring during tertiary 
creep, but is related to the drop in secondary creep 
strain. 

The rate of growth of cracks during tertiary creep 
should be related to the quantity, B, of Eq. [3]. Since 
Bis unity, B=t,/t,. As given in Table VI, B equals 
1.48, 2.09, and 2.30 at 1100°, 1300°, and 1500° F, re- 
spectively. At 1100°F, then, crack growth or propa- 
gation is expected to be more rapid than at 1300°or 
1500°F. After the 1500°F pretreatment, the results 
at 1100° F give a B value of 2.0. This indicates that 
for a similar grain boundary structure crack propa- 
gation is independent of stress and temperature. Al- 
though after the pretreatment the constant B does 
approach closely the values found at 1300° and 1500°F, 
this is not quite true of secondary creep strain or the 
total linear strain, €;-—-€,. Thus, the quantities 
A(e,—€,) and B(€,— €,), which are equal to the constant, 
C, of relation [6], do not approach the value found at 
1300° or 1500°F. At these temperatures this quan- 
tity is found to be 29.0. At 1100°F this value is 6.0 
for the annealed material and increases to 16.0 for 
the pretreated specimens. It can be concluded, how- 
ever, that relation [6] is substantiated at 1100° F and 
except for low stress levels at 1300° and 1500°F; 
however C is not truly independent of stress and 
temperature. 


SUMMARY 


Constant-load creep-rupture tests were made ona 
Type 316, 18 Cr-8 Ni-2 Mo, austenitic stainless 
steel at 1100°, 1300°, and 1500°F. The experimental 
results lead to the following conclusions: 

1) At any stress level at the three test tempera- 
tures a measurable amount of scatter is found in the 
minimum creep rate and rupture life. This is par- 
ticularly true at 1100°F. The spread in minimum 
creep rate and rupture time is essentially the same 
at 1300° as at 1500°F. 

2) The empirical relation, 


between rupture life, ¢,, and minimum creep rate 
€,,, 1S substantiated within certain limits of tempera- 
ture and stress. It is found that @ is nearly unity, as 
reported by Monkman and Grant. It is also found 
that, 


C =A (€2 €1), 
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where A is independent of stress at constant tem- 
perature but increases somewhat with temperature, 
and where (€, —€,) is the secondary creep strain. 

For the material tested in this study, the breaks in 
the log o, — log ¢t, plots, where 0, is the initial stress, 
are traced to either a deviation from linearity at high 
stresses in the log o, — log €,, plot or to a decrease 
in the amount of secondary creep strain. 

3) Secondary creep strain is found to depend on the 
type of grain boundary precipitate, which affects 
grain boundary migration. At 1100°F, a fine and 
continuous precipitate is found at grain boundaries 
with no evidence of grain boundary migration. At 
this temperature, €,—€,, remains essentially con- 
stant. Precipitation of large discrete particles at 
grain boundaries by heating to 1500°F for 24 hr 
before testing at 1100° F shows no systematic change 
in ae , but secondary creep strain and rupture life 
are measurably increased and grain boundary mi- 
gration is observed. At 1300° and 1500°F secondary 
creep strain up to rupture lives of 1000 and 300 
hours, respectively, is appreciably greater than at 
1100°F. For longer rupture lives, corresponding to 
lower stresses, secondary creep strain decreases 
markedly. This drop is believed to be caused by the 
greater predominance of grain boundary shearing 
as the stress is diminished. At these two tempera- 
tures grain boundary migration is observed at all 
stress levels employed. 
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A Study of the Ti-Cu-Zr System and the Structure 


of TiaCu 


The partial isothermal section of the Ti-Cu-Zr system at 


750°C has been studied. The crystal structure of Tiz,Cu has 
been determined as tetragonal and when expressed as face- 
centered tetragonal, a = 4.164A,c = 3.611A, andc/a = 0.867. 


Tirantum systems in which £-titanium decom- 
poses eutectoidally into a and a compound rather 
readily are known as active eutectoid systems. Re- 
cently in active eutectoid alloys based on the Ti-Cu 
system, and containing additionally Al and Zr, it has 
been found that zirconium may produce both mode- 
rate weakening and marked strengthening at elevated 
temperatures.* In order to obtain some insight into 
the behavior of zirconium, an attempt was made to 
determine whether compounds of the type Ti,Zr and 
Ti,ZryCu exist. Only results of the Ti-Zr-Cu stud- 
ies are reported here since data on Ti-Zr alloys 
will be presented in a separate publication. 


EXPERIMENTAL PROCEDURE 


Alloys were nonconsumably arc melted in argon 
atmosphere as 15-g buttons, prepared from materi- 
als of the following purities: 


Bureau of Mines electrolytic Ti — Bhn 63 
OFHC copper 
Reactor Grade Zirconium Bhn < 150 


Prior to alloy preparation the electrolytic titanium 
was premelted to avoid excessive spattering of the 
charges during melting. The weight losses during 
melting did not exceed 1 pct of the total weight of 
the charge. The alloys prepared are listed in Table 
I together with analyzed compositions. in cases where 
they were determined. 

Specimens for heat treatment were wrapped in 
molybdenum sheet, annealed in argon-filled quartz 
capsules, and quenched by breaking the capsules 
under iced brine. About 1 to 2 sec are required to 
remove the capsule from the furnace, drop it into 
the iced brine and break it. Because of the insula- 
tion effect of the quartz, this delay in quenching 
should not produce a large drop in temperature. In 
many instances, no difference or little difference 
has been detected between the same specimen 
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quartz capsule quenched or directly quenched in 
vacuum by an impinging stream of water.’ 
Ti-Cu-Zr alloys were homogenized for 48 hr at 
825°C prior to annealing at 750°C. Annealing for 5 
days at 750°C produced the same results as 11 days 
at temperature and it was therefore assumed that 5 
days was sufficient to establish equilibrium. Titan- 
ium-copper alloys were homogenized for 40 hr at 
900°C prior to heat treatment for 6 days at 750°C. 
Specimens for metallographic examination were 
electropolished and etched with the following solution: 


5-g Na-K-tartrate 

10-ml 

5-ml KOH (40 pct) 

2.5-ml HzO. (30 pct) Etching time 20 to 30sec at 70°C 


Phase identification was also aided by the cumula- 


Table 1. Nominal Compositions of Alloys Prepared and 
Chemical Analysis Data of Selected Alloys 


Chemical Analysis 


Nominal Composition Pct Oxygen* 


Ti—28 pct Cu 


Ti-—38 pct Cu 0.110 pct 


Pct Cu Pct Zrt 
Ti—2 pct Cu—10 pct Zr 
Ti—4 pet Cu—10 pct Zr 3.34 pct 9.70 Pct 
Ti—6 pct Cu—10 pct Zr 5.00 pet 9.70 pct 
Ti-10 pct pct Zr - 
Ti-10 pct Cu—10 pct Zr 
Ti-10 pet Cu-15 pct Zr - - 
Ti-10 pct Cu—20 pct Zr 9.14 pct 19.15 pct 
Ti~10 pet Cu—25 pet Zr - 
Ti-10 pct Cu—30 pct Zr - - 
Ti—20 pet Cu—5 pet Zr 18.75 pct 5.12 pet 
Ti-—20 pet Cu—10 pct Zr - - 
Ti-—20 pct Cu-15 pet Zr — 
Ti—20 pct Cu—20 pct Zr 18.90 pct 
Ti-25 pct Cu—S pct Zr 23.85 pet 
Ti-—25 pet Cu—7.5 pet Zr 
Ti-25 pct Cu—10 pct Zr 
Ti-—33 pet Cu—S pct Zr 
Ti—35 pet Cu—S pct Zr = 
Ti-37 pct Cu—5 pct Zr 
Ti—40 pct Cu—2 pct Zr 
Ti—40 pct Cu—4 pct Zr - 


19.15 pct 
5.39 pet 


*Analyzed by National Research Corp., Cambridge, Mass. 
TAnalyzed by Academy Testing Laboratories, Inc., New York, N. Y. 
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Fig. 1—Partial isothermal section of the Ti-Cu-Zr system. 
(Square symbols indicate chemically analyzed samples. De- 
pending on the boundary, positions are accurate to within 1 
to 5 pct). 


tive stain-etching procedure® in which the following 
electrolyte was employed: 


15-g¢ Na-K-tartrate 
50-ml 

15-ml NH,OH (conc.) 
30-ml ethyl alcohol 


If the stained surface appears violet, a is blue, B 
brick color and Ti,Cu pale yellow. 

Powders for X-ray diffraction were prepared by 
crushing samples to 270 mesh. Powders wrapped in 
molybdenum sheet were quartz-capsule reannealed 
at 750°C for 1 hr and quenched in iced brine without 
breaking the capsule. The quench was not rapid 
since the powders maintained color for times in the 
vicinity of 10 sec. 

Photograms were obtained in a 114.6-mm diam 
Debye-Scherrer camera with CuK, radiation. In ad- 
dition, X-ray diffraction patterns were obtained 
from the surface of metallographic specimens with 
a Geiger Counter spectrometer. This method was 
used to demonstrate that data obtained from the 
crushed powders are identical in d-values to those 
obtained from the metallographic specimens and 
also to obtain data from samples which could not 
readily be crushed. 


EXPERIMENTAL RESULTS AND DISCUSSION 
Based on metallographic and X-ray data the 750°C 


Table III. Lattice Parameters of the TizCu Phase 


This Study Karlsson® 
a 4.1644 4,127 to 4.158A 
c 3.611A 3.587 to 3.594A 
c/a 0.867 0.869 
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Table Il. X-Ray Diffraction Data of Binary Ti-Cu Alloys 
Annealed at 750° C 


cucu 


Structure at 750°C: 
Ti,Cu + less than 5 pct @ 


Ti-—28 Pct Cu 
Structure at 750°C: @ + Ti,Cu 


Relative _[dentification_ Relative Identi- 

Intensity a.-Ti- Intensity fication 
d,A I/l, Ti,Cu tanium d,A l/l, hkl Ti,Cu 
2255 (O72 a 
2-35 0.1 
2.278 1.0 * 1.0 111 
2.245 0.3 a 
2.076 0.5 * 2.075 0.7 200 * 
1.795 0.3 * 1.795 0.5 002 2 
1.73 0.1 a 
1.472 0.2 a 1.472 0.2 220 as 
1.362 0.4 x 1.360 0.8 202 
1.338 0.1 a 
1.253 0.08 a 
1.236 0.7 ha 15237 0.9 311 * 
1.141 0.2 * 1.140 0.3 222 @ 
1.110 0.3 1.110 0.4 113 
1.042 0.1 * 1.042 0.2 400 * 
0.992 0.00 a 
0.949 0.2 0.948 0.2 331 * 
0.932 0.1 0.932 0.2 420 = 
0.923 0.06 a 
0.902 0.2 * 0.901 0.3 402 oa 
0.887 0.3 * 0.887 0.4 313 * 
0.827 0.4 0.827 0.5 422 
0.796 0.5 3 0.796 0.6 511 * 


section of Fig. 1 has been constructed. Appropriate 
data for the three binary systems at 750°C were 
taken from the literature.*-° The three-phase a + 6 
+ TizCu field of Fig. 1 is derived from the reaction 
B —a+Ti,Cu at 798°C. It is of interest to note 
that the solubility of Cu in a-Ti diminishes as Zr 
is added and that there is considerable solution of 
zirconium in TizCu. 

The X-ray diffraction data for Ti,Cu containing Zr 
was found to differ from that reported by Laves and 
Wallbaum’ and Rostoker.® In order to ascertain 
whether this was due to Zr, the patterns of TizgCu in 
Ti-28 pct Cu and Ti-38 pct Cu annealed at both 
900°C and 750°C were obtained. Metallographic 
examination of these alloys revealed a structure 
which was 6 + Ti,Cu at 900°C and a + Ti,Cu at 
750°C. The amounts of phases were in good agree- 
ment with the diagram of Joukainen et al.* and no 
evidence of a third phase was detected. 

Diffraction data of these alloys are given in Table 
II. The face-centered tetragonal space lattice, rather 
than the simpler body-centered tetragonal structure, 
has been used to index the pattern in order to facili- 
tate comparison with data in the literature. The 
c/a ratio of this structure is 0.867 with a = 4.164A 
and c = 3.611 A. 

Karlsson® has reported that the crystal structure 
of the first intermediate phase occurring in the 
titanium-rich portion of the Ti-Cu system to be 
face-centered tetragonal as shown below. 

Unfortunately, Karlsson designates this phase as 
TigCu. Because he melted his alloys in refractory 
material crucibles, his alloys were probably con- 
taminated, and since the existence of a TisCu phase 


VOLUME 221, APRIL 1961-321 


Ti 
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B 
40 40 
pete B+Ti,cu 


was not confirmed by Joukainen et al.,* Karlsson’s 
data were neglected. 

The present study based on materials of greater 
purity than that of Karlsson has yielded the same 
type of crystal structure as Karlsson, Table III, 
and zirconium dissolved in Ti,Cu does not change 
this structure. The oxygen content of the Ti-38 pet 
Cu alloy was found to be 0.11 pct. Rostoker® has 
reported that TizCu and Ti,Cu2O are both face-cen- 
tered cubic FesWsC type structure with lattice pa- 
rameters of 11.24 and 11.47 A, respectively. It is 
evident that the small amount of oxygen in the pre- 
sent study could not account for the observed dis- 
crepancy in structure identification. It is of inter- 
est to note that the portion of the Ti,Cu pattern 
presented by Joukainen e¢ al.* also fits the tetrag- 
onal pattern of Ti2Cu. 

Undoubtedly the melting techniques used by 
Rostoker would not permit sufficient oxygen con- 
tamination to produce significant amounts of 
TigCuzO° to form. Possibly the discrepancy indi- 
cates that two allotropic modifications of TisCu ex- 
ist and that one or the other will predominate as a 
function of processing. 

Karlsson® has indicated that the phases which he 
designates as TisCu and ZrsCu (actually Ti,Cu and 
Zr2Cu) are isomorphous. The face-centered-tetra- 
gonal crystal structure of ZrzCu has been confirmed 
by Lundin et al.° with a = 4.53 A, c = 3.716A, and 
c/a = 0.819. The fact that TizCu and Zr.Cu are iso- 
morphous implies their complete mutual solubility. 


SUMMARY 


1) A partial isothermal section of the Ti-Cu-Zr 
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system at 750°C has been constructed. The phase 
fields obtained are in agreement with phase rela- 
tions of the binary systems. 

2) The crystal structure of TizCu with and without 
zirconium has been found to be tetragonal and as a 
face-centered-tetragonal lattice the parameters of 
TizCu are a = 4.164A, c = 3.611A, and c/a = 0.867. 
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The Austenite Solidus and Revised lron-Carbon 


Diagram 


The austenite solidus of the iron-carbon system has been 
determined using a series of diffusion couples, each of which 
consisted of a specimen of austenite held in contact with a melt 
saturated with austenite. After the equilibrium distribution of 
carbon had been established by diffusion at a specified temper- 
ature, i.e. the austenite specimen had become austenite of the 
solidus composition, the diffusion couple was cooled, sectioned 
and analyzed for carbon. The solidus was found to be a straight 
line: 


t (°C) = 1528.4 — 177.9 X Wt Pct C 
M. G. Benz 


A revised iron-carbon temperature-composition diagram is 


presented. J. F. Elliott 


Composition has a marked effect on the tempera- methods and extensive laboratory tests, it was de- 


ture at which austenite begins to melt and the aus- cided that the use of a series of austenite-liquid 
tenite solidus of the iron-carbon system describing diffusion couples would provide the most reliable 
this effect has.been the subject of many investiga- results. This paper describes the method and its 
tions.” *° The significant results of these investiga- | results and also includes a complete iron-carbon 
tions are presented in Fig. 1. The experimental temperature-composition diagram based on what 
methods and purity of the materials used in them are considered to be the best available data. 


are summarized in Table I. In plotting the data in 
Fig. 1 no attempt has been made to convert these 
results to the International Temperature Scale of EXPERIMENTAL METHOD 
1948," except for the data of Adcock,°* as this con- 
version would do little to reduce the uncertainty 

that exists as to the position and shape of the solidus. 
A point of major concern in evaluating these data is 
that the alloys studied, except those used by Adcock, ® 
were not binary alloys of iron and carbon, Table I. 
Also, it would appear that several of the methods 

did not permit equilibrium to be established through 


The diffusion couple used for this investigation 
consisted of a small cylindrical pellet of austenite 
held in contact, at a specified temperature, with a 
melt saturated with austenite. The composition of 
the cylindrical austenite pellet was chosen to be 
approximately 0.1 wt pct C less than the estimated 


the system being studied. All that can be said for | 
the results of these investigations is that they in- 
dicate only approximately the location of the solidus w 1500 ELLIS (2) 
with the uncertainty as to its location at 1 pct C < Fife SSG © JOMINY 
The current investigation was undertaken to pro- | 2 KAYA\?) / 
3 © 1400 5 HONDO AND ENDO 
vide reliable data by which the austenite solidus UMINO®) / 
could be established. It was hoped that information 
on the liquidus also could be developed at the same 
time, but experimental limitations prevented this 
as austenite segregated from the liquid on cooling. / 
After a careful study of possible experimental i 
MARK G. BENZ, Student Member AIME and JOHN F. ee Rak Nc 
ELLIOTT, Member AIME, are Research Assistant and Professor L+Cig 
of Metallurgy, respectively, Department of Metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. a / ¥+Cignt 
Based on a thesis submitted in partial fulfillment of the re- 0 Lo 20 30 40 50 
quirements for the degree of Master of Science to Department Fe WEIGHT PERCENT CARBON 
of Metallurgy, M. |. T. Fig. 1—Previous investigations of the austenite solidus of 


Manuscript submitted May 12, 1960. ISD, IMD 


the iron-carbon system. 
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Table |. Austenite Solidus of the lron-Carbon System, 
Previous Investigations — Methods and Analysis of Materials Used 


Analysis of Materials Used, Weight Percent Impurities 


‘Ne. Author Year Method Mn Si S P Cr Ni 
1 Carpenter and Keeling 1904 Thermal Analysis Trace 0.02 to 0.12 0.01 to 0.03 0.02 to 0.04 
2 Ellis 1926 Forging Tests 0.5 0.2 0.04 0.02 
3 Andrew and Binnie 1929 Thermal Analysis 0.08 to 0.68 0.02 to 0.44 0.006 to 0.112 0.01 to 1.31 0.12 
4 Jominy 1929 Microscopic Examination 0.5 0.02 0.02 
For Burning 
5 Adcock 1937 Thermal Analysis Trace 0.0006 0.0027 
6 Gutowsky 1909 Quenching Method 0.125 to 0.181 0.028 to 0.091 0.005 to 0.007 0.022 to 0.030 
7 Kaya 1925 Electrical Resistance 0.5 0.3 0.02 0.03 
8 Hondo and Endo 1927 Magnetic Measurements 0.18 to 0.41 0.27 to 0.31 0.017 to 0.023 0.020 to 0.031 
9 Umino 1935 Calorimetric Determination 0.034 to 0.210 0.019 to 0.101 0.006 to 0.041 0.002 to 0.027 
10 Hansen 1958 Review of Past Work 


solidus composition at the selected temperature. 
The composition of the iron-carbon melt was chosen 
to be very close to the liquidus composition, but 
within the two-phase liquid-austenite region at the 
selected temperature. The alloys were prepared in 
alumina crucibles in an induction melting unit under 
an argon atmosphere. Analyses of the materials 
used in alloy preparation are shown in Table II. 
Rods 0.475 in. in diam were cast from these alloys 
in an argon atmosphere. 

Pellets cut from rods of the compositions speci- 
fied for the diffusion couple were placed within high 
purity, 99.7 wt pct, alumina crucibles as shown in 
Fig 2. This assembly, referred to as the diffusion 
cell, was placed in the cooling tower of the heat 
treating furnace shown in Fig. 3. The entire system 
was evacuated and then refilled with argon. The 
argon had been purified of water vapor and oxygen 
by passing it through a column containing calcium 
chloride, a furnace containing copper gauze at 450°C 
and another column containing calcium chloride. 
The diffusion cell was then lowered into the hot zone 
of the furnace and held at the selected temperature 
for a time sufficient for equilibrium to be estab- 
lished by the diffusion of carbon into the cylindrical 
pellet of austenite. It was assumed that equilibrium 
had been established when the chemical analyses of 
all sections of the cylindrical pellet of austenite 
agreed within +0.02 wt pct C. This could only occur 
after the entire pellet of austenite had become aus- 
tenite of the solidus composition. The time allowed 
for equilibration was equal to or, in some cases, 
twice the time estimated from the diffusion data 
assembled by Seith’* and using the method described 
by Darken and Gurry.” This time ranged from 3 hr 
at 1493°C to 41 hr at 1168°C. The temperature of 


A-Alumino Crucibles 
B-Alumino Sond 
C-"Melt" Pellets 

DO Austenite Pellet 


Inches 


Fig. 2—The diffusion cell. 
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the heat treating furnace was kept constant by means 
of an automatic control system. After equilibration 
the diffusion cell was drawn into the cooling tower. 
This allowed the diffusion couple to cool rapidly 
(approximately 20 min down to 500°C), but not so 
fast as to make it too hard to be machined readily. 


wilson seal 


————-cooling tower 


gas port 


cooling water, 
inlet and outlet 


5} 10 
inches 


control 
thermocouple | 


Zirconia tube 
| 


silicon carbide heating 
element 
1 | 
diffusion cell and molyb- 


denum wire transport 
suspension 


Y insulating brick 


thermocouple4-+1 | | 


water cooled heaa 


gas port cooling water, inlet and 


outlet 


wilson seal a 


— 


Fig. 3—The heat treating furnace. 
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Table Il. Analysis of Materials Used 


A) Iron 
Lot Check 
Analysis, Analysis, 
Impurity Wt Pct Wt Pct 
Mn <0.001 <0.002 
P 0.003 <0.001 
Si 0.001 <0.002 
S 0.004 0.004 
Cu <0.001 
Cr <0.003 
Ni 0.008 
Mo <0,004 
Vv <0.002 
Co 0.005 
Sn <0.003 
Al <0.003 0.005 
O 0.05 
B) Carbon 


Spectroscopically Pure. 


Temperature Measurement—A Pt-Pt + 10 pct Rh 
thermocouple protected by an alumina shield was 
used in conjunction with a Rubicon Type-B poten- 
tiometer to measure the temperature at the base of 
the diffusion cell during the heat treatment. Tests 
showed this temperature to be approximately 1/2°C 
lower than the mean temperature of the diffusion 
couple. All thermocouples used were calibrated in 
the furnace at the melting points of gold and palla- 
dium under an inert atmosphere by the wire tech- 
nique as described in the NBS Circular 590.** The 
conditions during calibration duplicated, as closely 
as possible, the actual conditions during the course 
of the heat treatment. The thermocouples were an- 
nealed frequently. The results of the thermocouple 
calibrations are presented in Table III. 

Several temperature measurements were made 
during each heat treatment. A temperature meas- 
urement consisted of a series of thermocouple 
readings (in some cases with different thermocou- 
ples) recorded at 2 min intervals, either for a cycle 
passing through a maximum and a minimum read- 
ing, or for 30 min, whichever came first. The me- 
dian observed temperature at the base of the diffu- 
sion cell, plus 1/2°C, was accepted as the tempera- 
ture of heat treatment of the diffusion couple. All 


Liquid plus 
Austenite Zone 
9 Austenite Pellet 


N 
| 


---- Boundary Between the Austenite Pellet 
and the Surrounding Liquid Plus Austenite Zone 


Fig. 4—Sectioning of diffusion couple for chemical analysis. 
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Table Ill. Thermocouple Calibration 
Reference 
Table Emf, 
Tempera- NBS Circu- Observed Difference 
Thermo- ture, lar Determina- Determina) Accepted Ae=E,—E, 
couple Ep, MV tion 1, mv tion 2, mv Value, mv mv 
B 1063.0 10.304 19.282 10.281 10.281 0.023 
1552 16.148 16.151 16.151 16.151 0.003 
D 1063.0 10.304 10.294 10.296 10.295 0.009 
1552 16.148 16.170 16.173 16.172 —0.024 
E 1063.0 10.304 10.294 10.292 10.293 0.011 
1552 16.148 16.171 16.174 16.172 —0.024 
Values on the 1948 International 
Thermometric Fixed Point Temperature Scale’* 
Freezing point of Gold 1063.0°C 
Freezing point of Palladium 1552 


temperature measurements were recorded accord- 
ing to the International Temperature Scale of 1948.” 

The probable uncertainty in the accepted tem- 
perature of any one datum point is +1.5°C. This 
estimate is based on the thermal gradient in the 
heat treating zone of +0.5°C and an uncertainty in 
measurement and calibration of +1.0°C. The peri- 
odic cycling of the heat treating furnace leading to 
the observed temperature fluctuation has not been 
included in this estimate of uncertainty as the me- 
dian observed temperature has been selected to 
represent the temperature of the heat treatment. 
This cycling should have had very little effect on 
the equilibration by diffusion as its amplitude was 
not large (average + 1.7°C) and the duration of its 
period (average 10 min) was short compared with 
the time necessary for the equilibration to be com- 
plete. 

Sampling and Analysis—After cooling, the diffu- 
sion couple was removed from the diffusion cell for 
sampling and chemical analysis. Flats were sanded 
along one side and across the bottom of the diffusion 
couple. It then was etched using a 1 or 3 pct nital 
solution, and the boundary between the cylindrical 
austenite pellet and the liquid plus austenite zone 
was viewed under a microscope. Chips for chemical 
analysis were machined from sections 1, 2, 3, 4, 
and 5 of the specimen as shown in Fig. 4. Duplicate 
analyses were made on the chips from each section 
by the standard combustion technique. Since the 
center of the austenite pellet was the last to become 
austenite of the solidus composition, it was assumed 
that the equilibrium solidus composition had been 
attained in a diffusion couple when chemical analyses 
of section 5, containing the central portion of the 
pellet, and section 4 agreed within + 0.02 wt pct C. 

The probable uncertainty in the accepted compo- 
sition of any one datum point is + 0.01 wt pct C. The 
average disagreement in analyses of sections 4 and 
5 was + 0.01 wt pct C. Data in which the disagree- 
ment exceeded + 0.02 wt pct C were not accepted. 
Metallographic examination of the austenite pellets 
indicated that they were homogeneous. The three 
possible impurity elements that could have been in- 
troduced during the experiments were aluminum, 
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Table IV. Summary of Temperature and Composition Data 


Accepted 
Observed Length Solidus 
Median Cor- Accepted Temp. of Heat Compo- Varia- 
Cell Observed Thermo- rection, Corrected, Observed Solidus Fluctua- Treat- Weight Percent Carbon in Sections sition tion in 
Number Emf, mv couple mv Emf, mv Temp,°C Temp.°C  tion,°C ment, Hr 1 2 33 4 5 7 Wt Pct Analyses 
C1480A 15.3608 B +0.001 15.366 1486.2 1486.7 3) 0.209 0.203 0.21 +0.01 
15.3928 D -0.026 
C1480B 15.4618 D -0.020 15.442 1492.6 1493.1 6 0.374 0.494 0.193 0.194 0.19 +0.01 
0.390 
C1420A =: 14.6768 D -0.016 14.661 1427.1 1427.6 4 0573) 103555 0.56 +0.01 
C1420B 14.6145 D -0.015 14.600 1422.0 1422.5 +1.20 7% 0.568 0.572 0.57 +0.01 
C1410B 14.6190 D -0.016 14.603 1422.2 1422.7 +1.60 6% 0.626 0.590 0.61 +0.02 
C1395A = 14,3305 B +0.005 14.336 1399.9 1400.4 +1.40 8Y, 0.681 0.680 0.68 +0.01 
C1395 B* 14.2489 B +0.006 14.255 1393.2 1393.7 3% 0.629 0.723 0.67* +0.04* 
0.665 0.682 
0.67 0.65 
C1395C 14.4735 B +0.005 14.479 1411.8 1412.3 +1.40+ 10 0.746¢ 0.642 0.64 +0.01 
0.760t 0.643 
C1370A 14.1195 B +0.006 14.126 1382.3 1382.8 +1.40t 11 28 0.805 0.792 0.80 +0.01 
1.763 1.733 0.804 
C1370B 14.1075 B +0.006 14.114 1381.3 1381.8 +1.40t 10 1.657 1.703 0.784 0.778 0.78 +0.01 
1.677 1.693 
C1340A* 13.6400 B +0.009 13.649 1342.6 1343.1 +0.60 16 2.500 2.509 0.982 1.108 2.418 1.04* +0.06* 
2517, (22518 2.413 
C1300A —_:13.1300 D ~-0.006 13.124 1298.8 1299.3 +1.45 3% 2.980 2.973 2.744 1.330¢ 1.280 1.29 +0.01 
3.000 2.967 2.756 1.386¢ 1.296 
C1300B = 13.1885 D -0.007 13.182 1303.7 1304.2 2.879 2.928 2.936 1.393¢ 1.307 +0.01 
2.870 2.941 2.950 1.397+ 1.312 
C1280A = 12.9295 D -0.006 12.932 1282.9 1283.4 10 2.845 2.623 1.344 1.338 1.34 +0.01 
12.9453 E -0.005 2.834 2.624 1.343 
C1280B 12.9090 D -0.006 12.903 1280.5 1281.0 16% 2.907 3.12 1.400 1.436 1.42 +0.02 
2.973 2.91 
C1220A = 12.2348 B +0.015 12.250 1226.2 1226.7 31 3.644 3.678 3.655 1.736 1.706 L72, +0.02 
3.645 3.668 3.653 
C1220B = 12.2658 B +0.015 12.281 1228.7 1229.2 35 3.653 3.545 1.703 1.689 1.71 +0.02 
C1215A 12.1488 E +0.000 12.149 1217.8 1218.3 15 3.798) 3752, 757 1.743 +0.01 
3.778 3.76 3.685 1.750 1.757 
C1215B: 1251365 E +0.000 12.137 1216.8 1217.3 3234 3.476 3.728 3.528 1.745 1.746 1.75 +0.01 
3.502 3.733 3.508 1.750 1.745 
C119SB 11.8885 E +0.002 11.891 1196.3 1196.8 40 3.850 3.750 1.872 1.852 1.86 +0.01 
3.860 3.748 1.872 1.858 
C1160B 11.5450 E +0.004 11.549 1167.7 1168.2 41 4.043 4.162 4.116 2.023 2.008 2.02 +0.01 


4.073 4.151 4.110 2.032 23014 


*Determination not accepted because of large variation in analyses. 
t‘Observed temperature fluctuations”’ estimated. 


Sample not accepted. Assumed to contain some of the “‘liquidus portion’’ of the couple. 


molybdenum, and silicon. Check analyses showed 
less than 0.02 wt pct Al, less than 0.003 wt pet Mo, 
and less than 0.006 wt pct Si. 


RESULTS 


A series of twenty-one diffusion couples were 
successfully heat treated, sectioned and analyzed. 
The resulting data are summarized in Table IV. 
As calculated by the method of least squares, the 
equation of the straight line through these data is: 


t (°C) = 1528.4-177.9 x Wt Pct C [1] 


THE IRON-CARBON TEMPERATURE-COMPOSI- 
TION DIAGRAM 


In order to present the above determined solidus 
on a temperature-composition diagram, the entire 
iron-carbon temperature-composition diagram has 
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been reviewed, and revised in some regions. The 
resulting diagram for both the stable iron-graphite 
system and the metastable iron-cementite system 
is presented in Fig. 5. The reasons for the selec- 
tion of various features are discussed below. 

Pure Iron—The transition points in pure iron are 
those selected by Elliott and Gleiser*® based mainly 
on the recent work of Boulanger.’” 

The 6-Phase Region—The compositions at the 
peritectic horizontal, 5 + liquid = y, are those se- 
lected by Darken and Gurry** and Hansen?° based on 
the work of Adcock.* However, Adcock® did not es- 
tablish a reliable temperature scale for his results. 
Therefore, the temperature horizontal for the peri- 
tectic reaction was chosen as that which intersects 
the austenite solidus, determined by this investiga- 
tion, Eq. [1], at 0.16 wt pct C, the composition for 
y iron at the peritectic selected above. The bound- 
aries of the 6-phase region are based on the work of 
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Fig. 5—Temperature-composition diagram for the stable 
iron-graphite system and the metastable iron-cementite 
system. 


Adcock® corrected such that the temperature of the 
peritectic horizontal is 1499°C, Fig. 6. The correc- 
tion amounts to an increase of 3°C. 

The Solidus and Liquidus of the y Phase— The 
austenite solidus is according to Eq. [1] of this in- 
vestigation. The austenite liquidus is based on the 
work of Adcock® corrected such that the tempera- 
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Fig. 7—The solidus and liquidus of the y-phase region. The 
work of Adcock® has been corrected such that the tempera- 
ture of the peritectic horizontal is 1499°C. 
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Fig. 6—The 6-phase region. The work of Adcock® has been 
corrected such that the temperature of the peritectic hori- 
zontal is 1499°C. 


ture of the peritectic horizontal is 1499°C, and on 
the work of Ruer and Goerens,*® Fig. 7. It is drawn 
to terminate at the eutectic point established by the 
intersection of the graphite eutectic horizontal and 
the liquid-liquid plus graphite phase boundary. 

The Eutectic—The temperature of the eutectic 
horizontal for the stable iron-graphite system, 
liquid = y + graphite, is based on the work of Ruer 
and Piwowarsky,*® Darken and Gurry,” 
and Kase.” The temperature of the eutectic hori- 
zontal for the metastable iron-cementite system, 
liquid = y + cementite, is based on the work of Ruer 
and Goerens,** Piwowarsky, Darken and Gurry2° 
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Fig. 8—High carbon boundary of the y-phase region, 
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Fig. 9-—Iso-activity curves for iron and carbon in the liquid- 
and the y-phase regions of the stable iron-graphite system. 


Solubility of Graphite and Cementite in Liquid 
Iron— The solubility of graphite in liquid iron for the 
stable iron-graphite system, 


= 41-8088 2:57 «102° 4(°C) [2] 


is that selected by Neumann and Schenck™ based on 
their work and the work of Ruer and Biren,” 
Schichtel and Piwowarsky,~ Chipman, et al.,” and 
Kitchener, Bockris, and Spratt.*° The solubility of 
cementite in liquid iron of the metastable iron- 
cementite system is unknown. The curve shown in 
Fig. 5 and Fig. 7 only indicates its probable relative 
position. 

Solubility of Graphite and Cementite in Austenite— 
The curve marking the solubility of graphite in 
austenite for the stable iron-graphite system is 
based on the work of Wells,” Gurry,” and Smith.” 
This curve is extrapolated to meet the graphite 
eutectic horizontal at the intersection of the above 
determined austenite solidus and the graphite eutec- 
tic horizontal, Fig. 8. The curve marking the solu- 
bility of cementite in austenite for the metastable 
iron-cementite system is based on the work of 
Smith.*° This curve is extrapolated to meet the ce- 
mentite eutectic horizontal at the intersection of the 
above determined austenite solidus and the cemen- 
tite eutectic horizontal. 

The Eutectoid— The eutectoid region of the dia- 
gram for the stable iron-graphite system, y = a + 
graphite, is that selected by Hansen.” The eutectoid 
region of the diagram for the metastable iron-ce- 
mentite system, y = a@ + cementite, is also that 
selected by Hansen,” but it has been amended to in- 
clude the temperature of the cementite eutectoid 
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horizontal recently determined by Smith and Darken™ 
and the solubility of cementite in austenite deter- 
mined by Smith. *° 


THERMODYNAMIC ANALYSIS 


Relocation of some of the phase boundaries of the 
iron-carbon temperature-composition diagram has 
changed, to some extent, the thermodynamic analy- 
sis of the liquid-and the 7-phase regions. Expres- 
sions for the activities* of carbon and of iron are 


*The concepts of activity, standard state, and reference state used 
in this analysis are those outlined by Glasstone.*” 


summarized in the following paragraphs. In partic- 
ular, equations are given for the activity of carbon 
in the liquid-and the y-phase regions with respect 
to both the infinitely dilute solution and pure graph- 
ite, as reference states. Also, equations are given 
for the activity of iron in these phase regions. 
Liquid- Phase Region— According to Rist and Chip- 
man,?* the equation for the activity of carbon in the 
liquid-phase region with respect to the infinitely 
dilute solution as the reference state, such that 


~1as N40, is of the form: 

log [ae (inf. dil.)] = log NG + (NE)? [3] 
with 

= -4350/T (°K) {1 + 4 x 107* (°K) -1770]} [4] 
and 

I, =-Q, [5] 


In this case the standard state of unit activity is a 
‘‘Hypothetical’’ standard state. The activity of car- 
bon in the liquid-phase region with respect to pure 
graphite as the reference state (and the standard 
state), such that ac = 1 for pure graphite and 


as né , is therefore, 
log [ad (graphite )] = log No (NE +12 [6] 
with 
d2= 4 (See Eq. [4]) [7] 
and 

Qysaty2 Ly sat. 
log Ne [8] 


The superscript ‘‘sat.’’ denotes the solution satu- 
rated with graphite. The solubility of graphite in 
liquid iron, presented by Neumann and Schenck, 
can be written 


= 0.0462 + 8.785 T (°K) 


This equation is slightly different from that pre- 
sented by Chipman, ef al.*° The difference, how- 
ever, is not of sufficient magnitude to affect the 
evaluation of Eq. [4] presented by Rist and Chip- 
man.* The activity of iron in the liquid-phase re- 
gion with respect to pure liquid iron as the refer- 
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ence state (and the standard state), such that 


af 1, is obtained by application 


of the Gibbs-Duhem relation to Eq. [3]. The result- 
ing equation is 


log [abe (pure liquid iron)] = log ni indy? [9] 
with 


(See Eq. [4]}) [10] 


y-Phase Region— According to the derivation 
given by Darken and Smith, * the equation for the 
activity of carbon in the y-phase region, i.e. the in- 
terstitial of an interstitial solid solution, with re- 
spect to the infinitely dilute solution as the refer- 
ence state, such that —1 as N2 Of 
the form: 


log [at (inf. dil. )] = log + A/2.3(NZ/Np.) [11] 


In this case the standard state of unit activity is a 
‘“‘Hypothetical’’ standard state. The activity of car- 
bon in the y-phase region with respect to pure 
graphite as the reference state (and the standard 
state) is chosen such that ac = 1 for pure graphite 
and at/NZ ~1/N2 as NX is therefore, 


log [ac (graphite )] = log (NZ/N?.) +.A/2.3 ) 


+13 [12] 
Below the eutectic horizontal 
Is= —log [ac**" (int. dil. [13] 
and above the eutectic horizontal 
Is = log Cos (graphite )] 
log [ac’ (inf. dil.) [14] 


The superscripts ‘‘sat.,’’ ‘‘solidus,’’ and ‘‘liquidus,”’ 
represent the solution saturated with graphite, and 
the solutions of solidus and liquidus composition, 
respectively. The activity of iron in the y-phase 
region with respect to pure y iron as the reference 
state (and the standard state), such that a?./N/, =1 
as Nr. ~1, is obtained by application of the Gibbs- 
Duhem relation to Eq. [11]. The resulting equation is 


log [ap, (pure y iron)] = 0.435 (N2/N;. ) 


Smith™ has determined the activity of carbon, at 
800° and 1000°C, using two methods, one involving 
equilibrium with mixtures of CO and CO, and the 
other with mixtures of CH, and Hz. Darken and 
Gurry’® have chosen the factor A equal to 6.6 to 
represent Smith’s activity data, within experimental 
error, within the temperature range of the experi- 
ments, and in fact, have used this value at all tem- 
peratures where austenite is stable. It was found, 
however, that the activities for the y-phase region, 
extrapolated above 1000°C to the solidus, using 

Eq. [12], only agreed with the activities determined 
for the liquid-phase region if some temperature 
effect was included in factor A. Since the data are 
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not sufficiently accurate to allow an evaluation of 
this temperature effect, it must be emphasized that 
the use of Eqs. [11], [12], and [15] with the factor A 
equal to 6.6 is limited to the temperature range of 
800° to 1000°C. 

Iso-activity curves for carbon in the liquid-and 
the y-phase regions and for iron in the liquid-phase 
region, computed using the above equations, are 
presented in Fig. 9. For carbon the standard state 
is pure graphite. For iron, the standard state is 
pure liquid iron or pure y iron, as is appropriate. 
Each iso-activity curve for carbon in the y-phase 
region has been extrapolated above 1000°C to meet 
the solidus at an activity equal to the activity cal- 
culated for the liquidus at the same temperature. 
These curves are consistent with the heat of solu- 
tion of graphite in austenite of 10,100 cal. The iso- 
activity curves for iron in the y-phase region pre- 
sented in Fig. 9 have been obtained by application 
of the Gibbs-Duhem relation to the activity of car- 
bon based on the above extrapolated iso-activity 
curves. 


SUMMARY 


The austenite solidus of the iron-carbon system 
was found to be a straight line: 


t (°C) = 1528.4-177.9 x Wt Pct C 


The entire iron-carbon temperature-composition 
diagram has also been reviewed. A tabular sum- 
mary of the resulting temperature-composition dia- 
gram for both the stable iron-graphite system and 
the metastable iron-cementite system is presented 
in Table V. 
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Fluid Flow Control During Solidification Part | 


Magnetic Stirring in the Plane of the Solid-Liquid Interface 


The solute distribution ahead of an advancing solid-liquid 
interface is controlled by varying the momentum boundary 
layer thickness in the liquid adjacent to the interface. Single 
pass zone-melting experiments on Pb-Sn alloys are described 
in which the liquid is caused to rotate in the plane of the solid- 


liquid interface due to the influence of a magnetic field rotating 


W. C. Johnston 


in this plane. The variation of the diffusion boundary layer 


thickness with field strength is determined. 


Durine the freezing of an alloy a partitioning of 
solute occurs at the solid-liquid interface, the mag- 
nitude depending upon the difference in the solid and 
liquid solubilities at the interface temperature. Be- 
cause the diffusion coefficient is so small in the li- 
quid relative to normal freezing rates, either a 
pileup or a depletion of solute occurs at the inter- 
face when the partition coefficient, Ro, is either less 
than or greater than unity, respectively. This solute 
distribution is completely characterized by i) the 
solute concentration in the liquid far from the inter- 
face, C,,, ii) the ratio of freezing velocity /, to dif- 
fusion coefficient, D, iii) the partition coefficient, 
ko, and iv) the thickness of the diffusion boundary 
layer, 5,, at the interface (this assumes that an 
electric field is not applied across the interface). 
For a particular system, C,,, ko and D are fixed 
so that the character of the solute distribution can 
be changed only by a variation of either f or 6. 
As is well known, the freezing velocity can be 
changed by varying the thermal environment of the 
alloy. Whereas, the thickness of the solute rich 
layer can be changed by varying the fluid flow con- 
ditions in the liquid. It is the purpose of this paper 
to describe a technique for controlling the fluid flow 
conditions in the liquid. 


During most solidification experiments the driving 


force for fluid flow arises from either mechanical 
mixing, thermal convection or electromagnetic 
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mixing. The momentum boundary layer thickness, 
5, at the solid-liquid interface, within which neg- 
ligible movement of the liquid occurs, has been cal- 
culated for the special case of mechanical mixing 
where crystals are solidified by the Czochralski 
technique.’’* The calculation of 5, for the case of 
thermal convection has also been made.* In some 
calculations it has been assumed that the momentum 
boundary layer thickness, 6,,, may be equated to 
the thickness of the diffusion boundary layer -6,, at 
the interface. However, as may be seen from Ap- 
pendix I thisis only truein very special cases and in 
general 6,, = a6,, where a is a constant of magni- 
tude determined by the particular liquid alloy. 

Neither calculations nor experimental data exist 
for the dependence of 6,, upon electromagnetic 
mixing. In this paper experiments are described in 
which the liquid is caused to rotate in the plane of 
the interface due to the torque developed on it by a 
magnetic field, H, rotating in this plane. The varia- 
tion of 6,, is controlled by the variation of H. A 
magnetic field rotating in a plane perpendicular to 
the interface has been used for the purification of 
aluminum. * 

Experimentally, we determined the variation of 
5. with H by using the zone-melting technique of 
Pfann® and a theoretical relationship of Burton 
et al.* Pfann® has shown that, after the passage of 
one molten zone through a long cylindrical charge of 
uniform concentration, Co, the solute distribution, 
C,, in the solid is as shown in Fig. 1. The equation 
describing this distribution is 


[1] 


where x is the distance from the beginning of the 
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Solute concentration 


Distance X 


Fig. 1—Solute distribution after passage of one molten zone 
through a charge of initial concentration Co. 


charge, / is the length of the molten zone and k is 
the effective partition coefficient defined as the con- 
centration of the solid at the advancing interface to 
the concentration, C,,, of the liquid far from the in- 
terface (see Fig. 2). Burton et al.” derived a rela- 
tionship between & and ky as follows 


k = Ro/[Ro + (1—Ro)e [2] 


Thus, by performing the single pass zone-melting 
experiment under various stirring fields, H, and 
using Eq. [1], one can determine k as a function of 
. From Eq, [2] one can also determine 6,./D as a 
function of H by plotting In(1/k - 1) against f since 
the relationship should be linear with slope (6-7); 
The primary purpose of this paper is to report 
5./D vs H for a Pb + 10 wt pct Sn alloy where the 
field is rotating about the specimen axis at 400 cps. 


EXPERIMENT 


Apparatus— The charge, a Pb + 10 wt pet Sn alloy 
18 in. in length, was placed in an open-topped graph- 
ite boat and placed in a 30-mm diam 5-ft long Vycor 
tube which was mounted horizontally on rollers. 
The tube was closed at each end by brass caps 
sealed to the glass with wax. Both caps contained a 
Stainless steel needle valve through which the sys- 
tem was evacuated or flushed with gas. A long 
Nichrome ribbon heater was wound directly on the 
tube to provide a constant ambient temperature 
along the length of the graphite boat. Around the 
ambient heater was a 50-mm diam 3-ft long Vycor 
tube to serve as a transparent insulation for the 
heater and reduce erratic convective losses. 
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Fig. 2—Solute distribution adjacent to the solid-liquid in- 
terface for a partially mixed liquid. 


A zone of liquid was melted by a small Nichrome 
heater enclosed in a transite ring which slips over 
the insulating tube. The zone was caused to move 
down the length of the charge by moving the inner 
tube on its rollers through the insulating tube and 
ring heater. The magnetic field was applied to the 
molten zone in the region of the freezing interface 
by crossed magnetic yokes, one of which produced 
a magnetic field in a horizontal plane perpendicular 
to the axis of the boat, the other produced a mag- 
netic field in a vertical plane perpendicular to the 
axis of the boat. This apparatus is illustrated in 

The magnetic yokes were made from Hipersil 
(silicon steel) laminations 14 mils thick and were 
wound with No, 18 insulated Cu wire. The power for 
the magnetic stirring was supplied by a 400 cps, 
3-phase generator. To produce a rotating magnetic 
field from a 3-@ generator it is necessary to have a 
minimum of six poles or three field coils; however, 
because of the limited space available it was decided 
that a 2-@ system with field coils wound on the lam- 
inated yokes should be used, 

The relationship between the currents in the two 
yokes may be determined from the impedances of 
each phase shown in Fig. 4, and the fact that power 
is fed from only one phase of the 3-¢ generator. In 


Fig. 3—Zone refiner with magnetic 
stirring. 
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Fig. 4—Impedance 
relationships for 
the magnetic stir- 
ring fields. 


Fig. 4, R,, R2, X;, and X; 2 represent the resistive 
and inductive loads of each of the coils 1 and 2, re- 
spectively. The series capacitive loads Xc, and Xcz 
may be adjusted so that for coil 1 the impedance Z, 
lags the voltage by 45 deg while for coil 2 the imped- 
ance Z2 leads the voltage by 45 deg. It is thus seen, 
Fig. 4(c) that the two loads placed in parallel repre- 
sent a resistive load on the generator. 

The load is matched to the line voltage with an 
autotransformer as shown in Fig. 5. By adjusting 
the setting on the transformer the field intensity of 
both phases may be varied simultaneously. The 
phase relationship may be observed on an oscillo- 
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Fig. 6—Field strength, H, as a function of rms stirring 
eurrent, I. 
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400~ 


Fig. 5—Phase splitting and monitoring circuits for mag- 
netic stirring. 


scope by monitoring the voltage on the field coils 
through the voltage divider D,, and 90 deg phase shift 
divider D2. The pattern on the oscilloscope is a 
straight line when Z, and Z2 are 90 deg out of phase 
and opens out into an ellipse when this phase angle 
is not satisfied. 


Procedure and Data—In order to determine 
whether Eq. [2] was satisfied it was necessary to 
undertake a number of runs at constant field strength 
with different freezing velocities. When we were 
satisfied that the plot of In(1/k -— 1) vs f was linear 
it was possible to make a number of runs at constant 
freezing velocity with different field strengths to 
determine the dependence of 5,./D upon H. 

The intensity of the magnetic field, H,7.¢e., the 
value of the rotating vector, as a function of the field 
current, /, was measured with a flux meter. Ata 
current of 5 amps (rms), the value of H was calcu- 
lated to be 267 oersteds between the pole pieces if 
no field spreading occurs. However, the measured 
H was 166 oersteds indicating that some field 
spreading occurred as the magnetic lines crossed 
the air gap. The field intensity was measured at 
several values of field current yielding a linear 
relationship as shown in Fig. 6. These field strength 
measurements were made with a large search coil 
and also with a small one so that it may be con- 
cluded that the field was reasonably uniform. 

In all, eleven runs were made using Pb + 10 wt 
pet Sn alloy. The conditions and procedure of each 
run were the same except that either the growth 
rate or the magnetic field intensity was changed. 
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Fig. 7—Typical zone-melting run with magnetic stirring. 
Plot of vs.4/1. 
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Table I. Partition Coefficient Data for Various Stirring Field Strength 


Growth Stirring Rotating Distribution 
Rate Current Field Vector Coefficient 1, 

Run f I H k i 

p/sec amps, Oersteds 
II 4.31 5 pHi 0.65 0.54 
Il 2.17 5 227 0.60 0.67 
IV 1.09 5 227 0.57 0.75 
V eal 0 0 0.80 0.25 
VI 10.6 5 227 0.80 0.25 
VII Shs 0 0 0.88 0.14 
VII 11.2 7 318 0.59 0.70 
IX 21eS 7 318 0.63 0.59 
X 72.0 7 318 0.78 0, 28 
XI 11.3 6 273 0.70 0.43 
XII 11.0 4 182 0.89 0.13 


The Pb-Sn alloy was cast into a graphite boat which 
was inserted into the inner tube. The end caps were 
waxed to the tube and the system evacuated. The 
tube was heated under vacuum to an ambient tem- 
perature of 250°C. After outgassing for 1 hr, argon 
was admitted to the tube and the valves closed. The 
zone heater power and the 400-cycle power were 
then adjusted to produce the desired zone length and 
field strength. When thermal equilibrium was es- 
tablished with a stable zone length of 1 1/2 in. the 
sealed tube was pulled through the heater zone on 
its roller at velocity f. In general, the zone was not 
passed down the entire sample length, but only so 
far as was necessary for a steady state zone con- 
centration to be reached, Depending upon the mag- 
nitude of k, it may take 5 to 10 zone lengths for 
C,/Co to reach unity. 
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Fig. 9—Plot of 6,/D vs H?., 
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Fig. 8—Plot of In (1/k—1) vsf for different stirring fields, 


After a single pass had been made on a charge the 
bar was cut into 5/8-in. samples and the concentra- 
tion of each piece determined by a simple thermal 
analysis technique. Each piece was melted individ- 
ually in a Pyrex crucible and its equilibrium freez- 
ing temperature determined by the cooling arrest 
technique. Using an accurate liquidus surface, ° the 
concentration of these pieces was readily deter- 
mined from the freezing point determinations. 

The effective partition coefficient, k, was deter- 
mined for each run by fitting the measured C./Co 
vs x/l curves to the calculated curves of Pfann® 
from Eq. [1]. Since ko ~ 0.55 it was relatively easy 
to calculate curves for 0.55 =k = 0.95 in steps of 
0.05 and interpolate for the best fit. A representa- 
tive set of data is shown in Fig. 7 from which k was 
evaluated as 0.6. The experimental points are high 
at small values of x/l because of transient thermal 
conditions arising as the first part of the sample 
freezes. This part of the sample freezes too fast 
due to supercooling of the first zone of the charge, 
It can be eliminated by leaving the first part of the 
charge solid so that the first zone is surrounded by 
solid and no supercooling can occur. This has been 
effective in normal freeze experiments.’ 

Table I presents the k values determined from the 
various runs. This data is plotted in Fig. 8 as 
In(1/k — 1) vs f for several values of field current, I, 
Since Eq. [2] can be rearranged to yield 


In(1/k - 1) = In(1/ko- 1) - f (8,/D). [3] 


It may be seen from Fig. 8 that a family of straight 
lines, each for a particular field H, converge at the 
intercept where f = 0. From the intercept it was 
found that ko ~ 0.55. The slope of each line gives 
the value of (5./D) for that particular value of H. In 
Fig. 9 a plot of In(6,/D) vs H’ yields a linear rela- 
tionship; thus, the following holds: 


6 6 
em (4 


where (6,/D)o = 7300 sec per cm and m = 3,52 1075 
1/(oersted)*. 

The temperature distribution along the axis of the 
molten zone was also measured both with and with- 
out stirring to determine the effect that this type of 
liquid motion would have on the temperature profile. 
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A fine thermocouple was enclosed in a porcelain 
sheath and embedded in the charge. As the molten 
zone moved past the thermocouple the temperature 
profile along the zone was recorded. The results of 
the temperature traverse are shown in Fig. 10. 
This is typical for all speeds of zone travel used. 
It is seen that the stirring at H = 227 oersted has 
increased the zone length by 0.25 in, decreased the 
peak temperature by 0.5°C and decreased the tem- 
perature gradient at the freezing interface from 
1.61°C per cm to 1.12°C per cm. 

The data presented in Fig. 9 are quite interesting. 
The intercept (5,/D)o = 7300 sec per cm represents 
the value of the function for a perfectly quiescent 
melt. The measured value of 5450 sec per cm is 
about 25 pct lower and is probably due to thermal 
convective mixing. 

The minimum momentum boundary layer thick- 
ness for these experiments is estimated to be about 
4 x 107° cm by using the Cochran analysis® which 
gives 6,,= (v/w)'”? where v is the kinematic vis- 
cosity of the alloy and w is the angular velocity of 
liquid rotation. The magnitude of w was estimated 
by rotating a melt in a vertical tube and observing 
the profile of the free surface. The Reynolds num- 
ber Re, is given as Re = a*/(5,,)° ° where a is the 
radius of the crystal in our analogy. Thus Re ~ 2 
<x 10*, whereas the critical value of Re for turbulent 
flow is Re = 10°-5 x 10°."° We may therefore con- 
clude that only laminar fluid flow occured in the 
present experiments. 

Finally, since the torque, 7, applied to the liquid 
is proportional to H’, we see that the value of 5, is 
exponentially dependent upon 7, 


5. = (5¢)o [5] 


Since the torque also depends linearly on the fre- 
quency we might expect that this data could be ex- 
trapolated to magnetic fields of other frequencies. 


CONCLUSIONS 


A device for effectively stirring a molten zone by 
magnetic means has been developed. The experi- 
mental data supports the theoretical relationship 
between &, and k predicted by Burton eft al.’ Finally, 
the thickness of the diffusion boundary layer, 6,, at 
the freezing interface was determined to be expo- 
nentially dependent upon the square of the magnetic 
field strength, H*, for a 400 cps field rotating in the 
plane of the interface. We may infer further than 6, 
depends exponentially upon the torque applied to the 
liquid. 

In spite of the fact that the solid in the experiments 
appeared to be polycrystalline due to grains nucleat- 
ing in the liquid during the interface advance, the 
results indicate that negligible solute trapping oc- 
curred at grain or dendrite boundaries. 


APPENDIX I 


In considering problems involving mass and heat 
transfer it is necessary to distinguish the difference 
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Fig. 10—Temperature profiles throughout a molten zone for 


= 9 and J, =5 amps. 

between the momentum boundary layer 6,,, the dif- 
fusion boundary layer, 6,, and the thermal boundary 
layer, 54. The complete set of boundary layer equa- 
tions which describe the combined momentum, mass, 
and energy transport in a two-dimensional, steady 
laminar boundary layer are given by Eckert and 
Drake.’° These equations are difficult to solve and 
will be simplified by the assumption that the fluid 
properties are constant, the fluid velocities are 
small (compared to the velocity of sound) and the 
velocity outside the boundary layer is constant. The 
system of equations is then simplified. The equation 
of continuity is 


+>3—=0 [a] 


where wu and v are the velocity components in the x 
and y directions. The momentum equation is 


ou ou = [b] 
p py ay ay? 
where p is the density and yp the dynamic viscosity 


of the fluid. The diffusion equation is written 
— =D 
+U | 


where w is the mass diffusing away from the wall. 
The energy equation is 

at at at 

+ 


v— [d] 


ay ay 


where t is the temperature and a the thermal dif- 
fusivity. 

As can be seen, the three differential equations 
are similar and the solution of the equations are 
also similar except for the Schmidt number Sc = 
v/D which appears in the solution of the diffusion 
equation and the Prandtl number Pr = v/a which 
appears in the solution of the energy equation. The 
value of Pr for lead at the conditions of this ex- 
periment is 0.024 which means that the thermal 
boundary layer is much thicker than the momentum 
boundary layer. 

For the diffusion boundary layer the value of the 
Schmidt number, Sc = 50, is the controlling parame- 
ter. A Schmidt number greater than one means that 
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the diffusion boundary layer lies inside the momen- 
tum boundary layer. 

The results of both theory and experiment indi- 
cate that the thermal boundary layer (see Fig. 10) 
is not very sensitive to changes in fluid flow while 
the diffusion boundary is quite sensitive. 


REFERENCES 
*D. Van Nostrand, Pub.: Transistor Technology, vol. I, chapter 5, Princeton, 
N. J., 1958. 


23. A. Burton, R. C. Prim, and W. P. Slichter: J. Chem. Phys., 1953, vol., 21, 
p. 1987. 

3C. Wagner: AJME Trans., 1954, vol. 200, p. 1542. 

‘I. Braun, F. C. Frank, S. Marshall, and G. Meyrick: Phil. Mag., 1959, vol. 3, 
p. 208, 

5W. G. Pfann: Zone Melting, chapter 3, John Wiley and Sons, New York, 1958. 

®G. V. Raynor: Annotated Equilibrium Diagrams, No. 6, January 1947, Inst. 
Metals, London. 

TA. Yue: Trans. Met. Soc. AIME, 1960. 

8S. Goldstein: Modern Developments in Fluid Dynamics, Clarendon Press, 
Oxford, vol. I, p. 110, 1943. 

°S. Goldstein: Modern Developments in Fluid Dynamics, Clarendon Press, 
Oxford, vol. II, p. 367, 1943. 

10K, R. G. Eckert and R. M. Drake: Heat and Mass Transfer, McGraw-Hill Book 
Co., New York, p. 456, 1959. 


The Effect of Orientation on the Recrystallization 
Kinetics of Cold-Rolled Single Crystals 


Single crystals of copper and silicon-iron were cold rolled 
in orientations chosen to produce individually the major com- 
ponents of the polycrystalline deformation texture. The orien- 
tation dependence of the recrystallization kinetics was studied 
relative to the primary recrystallization textures of these 
specimens, It is not possible to rationalize the polycrystalline 


recrystallized textures on this basis. The results suggest an 


W.R. Hibbard Jr. 


important role of the interaction of adjacent crystals during 


the deformation of aggregates. 


Brick and Williamson’ first noted evidence that the 


recrystallization temperature was different for 
straight-rolled and cross-rolled copper given com- 
parable reductions. Michalak and Hibbard’ inves- 
tigated quantitatively the effect of rolling procedure 
on the kinetics of recrystallization of cold-rolled 
copper and found that material cold-rolled the same 
amount by straight-pass, cross-pass, and compres- 
sion-pass techniques developed different deforma- 
tion and recrystallization textures, different 1-hr 
recrystallization temperatures, and different re- 
crystallization kinetics. However, the temperature 
dependence of the rate of recrystallization was es- 
sentially the same for all techniques. Similar re- 
sults were obtained on iron.” 

Dunn and Koh’ in studying the recrystallization 
textures of cold-rolled silicon-iron single crystals 
reported large differences in the annealing tem- 
peratures and times required to recrystallize spec- 
imens of different orientations cold-rolled the same 
amount. Liu* and Liu and Hibbard? utilized the con- 
cept of different recrystallization temperatures for 
different orientations of cold-rolled crystals to 
rationalize the difference in recrystallization tex- 
tures found in various face-centered-cubic metals. 
Their explanation predicted a significant difference 
in the recrystallization kinetics of deformed (110) 
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[112] crystals as compared to (358) [352] crystals, 
and, in fact, Liu* reported evidence that this differ- 
ence existed at least qualitatively. Verbraak® who 
rolled and recrystallized a series of copper single 
crystals found that the double (112) [111] rolled 
orientation is related to recrystallized cube texture 
formation. The effect of rolling intensity on the 
relative amount of cube component suggests an im- 
portant role of recrystallization kinetics. 

Walter and Hibbard" while trying to relate the 
behavior of rolled and recrystallized single crys- 
tals of silicon-iron to the behavior of polycrystal- 
line silicon-iron again noted that differences in re- 
crystallization kinetics were necessary to ration- 
alize their results. 

The purpose of the present investigation was to 
obtain quantitative kinetic data on the recrystalliza- 
tion of single crystals of both copper and silicon- 
iron rolled to initial isolated individual orientations 
corresponding to those found in the polycrystalline 
deformation textures. These data might indicate 
the importance of the deformation orientation, i.e. 
the range of available nuclei, the deformed matrix 
orientation into which these nuclei grow, and the 
orientation dependence of their growth rate during 
primary recrystallization on this texture. 


I. COPPER 


Experimental Procedure—A single crystal of 
99.98 pct purity copper, grown by the Bridgman 
technique, was purchased in the form of a bar 1 1/2 
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Fig. 1—(110) [112] specimen as rolled showing copper 
oxide. Unetched. 100X. Reduced approximately 43 pct for 
reproduction. 


in. in diam and 6 in. long. The as-grown crystal 
contained an impurity network which appeared to 
consist primarily of CuzO based on observations 
under polarized light.® 

The crystal was oriented by standard back-re- 
flection Laue X-ray methods and specimens near 
the (358) [523], (112) [111], (110) [112] and (321) 
[214] orientations removed for rolling. Additional 
light grinding was required to achieve the desired 
orientations within +2 deg. The specimens were 
heavily etched to remove the traces of cold work 
present. The final size of the samples prior to 
rolling was 7/8 by 7/8 by 0.525 in. thick. Ninety five 
pet reduction in thickness to the final 0.026-in sheet 
was made with the direction of rolling kept constant 
throughout. 

Specimens for X-ray determination of the as- 
rolled texture were removed from each strip and 
etched to approximately 0.002-in. foil in a solution 
composed of 55 pct phosphoric acid, 25 pct methyl 
alcohol and 20 pct nitric acid. Specimens for an- 
nealing were cut from the rolled sheets and all sur- 
faces lightly etched. Samples were stored below 
room temperature after rolling to avoid recovery. 
Each specimen was individually wrapped in copper 
foil and the anneals carried out in a molten salt 
bath controlled to +3°C. 

Metallographic specimens were mounted in the 
conventional manner and finished with an electro- 
lytic polish on a Disa Electropol and a potassium 
dichromate etch. Final maximum contrast was 
achieved with a ferric chloride stain. The struc- 
ture was examined in a plane normal to both the 
rolled surface and the rolling direction. 

The fraction of the structure recrystallized was 
determined from a lineal analysis of the photomi- 
crographs at X250 and X500 by means of a trans- 
parent grid. 

Deformation and recrystallization textures were 
obtained from an automatic Geiger counter X-ray 
spectrogoniometer. 


RESULTS AND DISCUSSION 


Structure of the Cold-Rolled Specimens— Fig. 1 
shows the dispersion of the impurity network, de- 
scribed above, after 95 pct cold reduction. It should 
be noted that the concentration and dispersion of the 
network varied with the four different specimens 
due, no doubt, to the orientation of the network rela- 
tive to the axis of the crystal. The effect of this 
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Fig. 2—(111) pole figure of (112) [111] copper specimen 
cold rolled 95 pet reduction in thickness. 


network on the rate of recrystallization will be dis- 
cussed later. 

The as-rolled textures were sharp as anticipated. 
The (110) [112] orientation remained essentially in- 
tact during deformation as previously reported.° 
The deformation texture of the (358) [523] specimen 
was in good agreement with that found by Liu* and 
Verbraak.° After similar deformation the (321) [214] 
and (112) [111] orientations also remained sharp. 
The latter, Fig. 2, differed from previous results® 
where a ‘‘twinned’’ orientation was reported. 

Structure of the Annealed Specimens—The varia- 
tions in microstructure observed during recrystal- 
lization are shown by the photomicrographs of Fig. 3. 
The (358) [523]-type specimen, Fig. 3(a), appeared 
to recrystallize locally along deformation bands, 
many of which formed angles of 15 to 30 deg with 
the rolling plane. In specimens of the (110) [112] 
orientation, Fig. 3(b), two types of worked matrix 
were observed. The outer 25 to 30 pct of each spec- 
imen, adjacent to the rolled surfaces, developed a 
more heavily worked structure where recrystalliza- 
tion occurred along deformation bands. The center 
portion of the sample was generally free of this 
effect and during the early stages of recrystalliza- 
tion contained only a few randomly dispersed new 
grains. These isolated grains, however, grew to a 
large size during the fine grained recrystallization 
of the surface regions. Generally, the two regions 
remained well delineated throughout the annealing 
sequence. In specimens having the (321) [214], Fig. 
3(c), and (112) [111], Fig. 3(d), starting orientations 
primary grains usually appeared first along defor- 
mation bands parallel to the rolling planes. 

The recrystallization textures of the four samples 
were determined on specimens before extensive 
grain growth commenced. These textures cannot be 
analyzed by the simple rotations previously reported 
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for recrystallized material.*° It is possible that this 
difference is the result of observation at the comple- 
tion of recrystallization and before extensive grain 
growth. Fig. 4 from (110) [112] material recrystal- 
lized 9 min at 300°C can be considered intermediate 
between Figs. 3 and 4 of Ref. 5. Fig. 5 from (358) 
[523] material recrystallized 24 min at 325°C is in- 
termediate between Figs. 2 and 8 of Ref. 4. Another 
possibility is the role of the copper oxide particles 
as a site of heterogeneous nucleation. Such effects 
are discussed by Burke and Turnbull® and were 
measured by Martin.”* In general, the textures are 
surprisingly random in character, particularly for 
(112) [111] and (321) [214] specimens (not shown). 
Effect of Growth—Recrystallized specimens were 


annealed further for 1 hr at 600°C (a popular tem- 
perature in previous recrystallization studies*~°). 
Considerable sharpening of the textures occurred 


a- (110) [112] 
A— 18° CW ROTATION OF (110) [112] 


O— NEAR (103) [010] 


Fig. 4—(111) pole figure of (110) [112] copper specimen 
cold rolled 95 pct and recrystallized 5 min at 320°C. 
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358) [523] after 30 sec 
after 30 sec at 300°C. 


leading to pole figures shown typically in Figs. 6 and 
7. The results are qualitatively similar to those 
previously reported for this temperature except that 
no simple cube or ‘‘off-cube’’ texture was found. 
Cook and Richards*® and Yen” have both studied the 
textures appearing in recrystallized copper which 
has not had sufficient rolling to develop the cube 
texture. Cook and Richards’? describe these com- 
ponents as random or (110) [112] or combinations 
thereof with the cube component. Yen”° includes also 
(112) [111] and (124) [533] components. The non- 
cubic components produce pole figures similar to 
the deformation textures. 

Our results may be rationalized on the basis that 
there was too little deformation to produce the 
cubic texture, although the amount would have been 
sufficient in a polycrystalline aggregate. As a result 
a nearly random orientation was produced after 
simple recrystallization. The results after extended 
growth 7.€. no simple cube or off cube texture, sug- 
gest that the simple deformation of individual crys- 
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Fig. 5—(111) pole figure of (358) [523] copper specimen 
cold rolled 95 pet and recrystallized 9 min at 320°C 
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Fig. 3— Photomicrographs of partially recrystallized copper specimens. Ferric chloride etch. (a) pe 
at 300°C. () (110) [112] after 60 sec at 300°C. (c) (321) [214] after 60 sec at 300°C. (d@) (112) [111] 
X250. Reduced approximately 23 pet for reproduction. 
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Fig. 6—Same as Fig. 4 plus 5 min at 600°C. 
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tals did not produce any stable cube oriented ma- 
terial. Such material may be considered as occur- 
ring only after complex deformation resulting from 
the interaction of the individual grains in a poly- 
crystalline aggregate. 

Kinetics of Recrystallization—Figs. 8 to 10 are 
plots of the fraction recrystallized as a function of 
time in minutes for the four orientations at temper- 
atures of 283°, 300°, and 320°C. The erratic behav- 
ior of the (110) [112] orientation, described above, 
obviated any reliable analysis of the fraction recrys- 
tallized with increasing time. The (110) [112] rate 
curves are, therefore, very general approximations. 

In general, one can deduce that the (112) [111] 
crystal recrystallizes fastest, the (358) [523] some- 
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Fig. 8—Isothermal recrystallization curves for copper at 
283°C. 
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Fig. 7—Same as Fig. 5 plus 5 min at 600°C. 


what slower and the (110) [112] slowest. The first 
two contain a weak ‘‘off cubic’’ component, but if 
they form a sharp cube texture as proposed by Liu,* 
this texture must occur by an oriented growth pro- 
cess subsequent to recrystallization or the entire 
process at higher temperatures is different. Grain 
growth occurring at 600°C did not produce this 
orientation although it did cause the ‘‘off-cubic’’ 
component to intensity. 

The temperature dependence of the reciprocal of 
the time for 50 pct recrystallization was plotted. 
These plots suggested an activation energy for re- 
crystallization of about 27,400 to 33,200 cal per 
mol for these specimens, independent of orientation. 
This value is consistent with previous values of 
29,900,” 36,600,” 20,000 to 63,500 cal per mol de- 
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Fig. 9—Isothermal recrystallization curves for copper at 
300°C. 


VOLUME 221, APRIL 1961-339 


R.D RD 
4x BX 
4x 
JM 2x /2x ixt( 
2K A @) 
2x 
EN 
2K 
Ix 4x 
OY x 
(2) 
He. 
0 OE, 


320°C 
o (358) [523] 
4 (110) [112] 
(12) 
© (321) [142] 


a 
T | 


> 
o 


PERCENT RECRYSTALLIZATION 


T 


| 


0 01 al 1.0 10 100 
TIME (MINUTES) 


Fig. 10—Isothermal recrystallization curves for copper at 
320°C. 


pending on purity’’ and is somewhat lower than 

54,200°* cal per mol previously reported. 
Unfortunately, it was not possible to test Ver- 

braak’s® model of untwinning a (112) [111] twin tex- 


Fig. 11— Photomicrographs of completely recrystallized 
silicon-iron specimens. Electrolytic etch. (a) (110) [001] 
specimen after 70 seconds at 700°C. X250. (6) (111) [112] 
specimen after 1000 seconds at 600°C. X250. (c) (100) 
[001] specimen after 500 seconds at 700°C. X250. (dg) (100) 
[011] specimen after 3 hours at 600°C. X500. 
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ture to form the cube texture. Unlike Barrett and 
Steadman’ our rolled (112) [111] specimen did not 
form a ‘‘twin’’ texture. The difference might be due 
to the fact that this specimen was imbedded in a 
polycrystalline copper block, or that ours was rolled 
only in one direction, or most probably because 95 
pet reduction in thickness is not enough (99 pct re- 
quired) to develop the cube texture in a single crys- 
tal. 


II. 3 1/4 PCT SILICON-IRON 


Experimental Procedure—Single crystals of 3 1/4 
pct Si-Fe were oriented and grown by a strain-an- 
neal process to obtain rolling samples having the 
(100) [001], (100) [011], (110) [001] and (111) [112] 
orientations within +2 deg. 

Prior to cold rolling, the surfaces of the 0.040-in. 
thick crystals were polished with fine emery paper 
and lightly etched with an aqueous solution of hydro- 
fluoric and nitric acid. Samples were reduced 80 pct 
to 0.008 in. in approximately 10 passes without re- 
versing the direction of rolling. 

Annealing specimens 3/8 by 1/2 in. were removed 
from the rolled strips by shearing and an 0.040-in 
diam hole drilled in one corner. The specimens 
were again lightly etched in the above solution and 
suspended from 0.030-in.-diam Nichrome wire for 
annealing. 

The anneals were carried out at temperatures of 
600° and 700°C in a bath of molten salt electrically 
controlled to + 3°C. Additional temperature meas- 
urements were made prior to and during each anneal 
with a separate potentiometer. 

Metallographic specimens were mounted in the 
conventional manner and mechanically polished 
through 3u abrasive. This procedure was followed 
by an electrolytic polish and etch with Morris’ elec- 


Fig. 12—100 pole figure of (110) [001] silicon-iron specimen 
cold rolled 80 pct, annealed 60 seconds at 700°C. 
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Fig. 13—(100) pole figure of (100) [011] silicon-iron speci- 
men, cold rolled 80 pet, annealed 1000 seconds at 700°C. 


trolyte. The structure was examined in a plane nor- 
mal to both the rolled surface and the rolling direc- 
tion. The fraction of the structure recrystallized 
was determined by a lineal analysis of the photo- 


micrographs at X250 by means of a transparent grid. 


The deformation and recrystallization textures 
were obtained from an automatic Geiger counter 
X-rays spectrogoniometer analysis of 1 in. square 
specimens etched to 0.002-in. thick foil. 


RESULTS AND DISCUSSION 


Structure of the Cold-Rolled Specimens—Metal- 
lographic examination of the as-rolled sheet was 
limited to one sample from each of the four rolled 
strips. Slip lines were observed at an angle of ap- 
proximately 15 deg to the rolling plane in the (100) 
[001] specimen but were not well defined. The struc- 
tures of the other three orientations were similar. 

The rolling textures were very sharp as antici- 
pated. During deformation the orientations of the 
(100) [001] and (110) [001] crystals rotated to de- 
velop deformation textures similar to those previ- 
ously reported in the literature.*’’ The (111) [112] 
and (100) [011] crystals were essentially stable end 
orientations. 

Structure of the Annealed Specimens—During an- 
nealing recrystallized grains did not appear in a 
random fashion throughout the strained material but 
tended to be localized at deformation bands. These 
bands were parallel to the rolled surface in the (110) 
[001] and (111) [112] specimens but in the (100) [001] 
sample the bands maintained an angle of approxi- 
mately 15 deg with the rolled surface and were 
fewer in number. oe 

In the (110) [001] and (111) [112] samples the grain 
size remained fairly constant throughout the anneal- 
ing period reaching an average diameter of 0.04 mm 
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Fig. 14—Isothermal recrystallization curves for silicon- 
iron at 600°C. 


in the completely recrystallized specimens. The 
grain size of the (100) [001] samples, on the other 
hand, ranged from an initial diameter of 0.01 to 0.02 
mm to an average final diameter of 0.1 mm. This: 
increase in grain size occurred rather abruptly 
after the initial grains along the bands had attained 
a diameter of 0.02 to 0.05 mm. At this point certain 
of the grains were observed to grow in a direction 
roughly normal to the rolled surface. This growth 
was associated with simultaneous growth of previ- 
ously unobserved surface grains toward the center 


of the specimen. Fig. 11 shows the microstructures 
after recrystallization. Only a few strain-free 
grains were observed in the heavily polygonized 
matrix of the annealed (100) [011] specimens after 
the times and temperatures employed. 

Typical recrystallization textures obtained are 
shown in Figs. 12 and 13. The (110) [001] and (111) 
[112] crystals recrystallized to the (110) [001] tex- 
ture although the latter still possess some traces of 
the deformation component. The (100) [001] speci- 
men still retained predominantly the rolled texture 
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Fig. 15—Isothermal recrystallization curves for silicon- 
iron at 700°C. 
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Fig. 16—Composite of (111) deformation textures for sin- 
gle crystals and polycrystalline (dashed) dopper. 


with only a small amount of material lagging toward 
the initial orientation. The (100) [011] is a stable 
orientation during recrystallization. 

These textures are similar in type but differ 
somewhat in detail from those previously reported.*’” 
However, as was the case with the copper single 
crystals, the annealing period was just long enough 
to affect complete recrystallization without causing 
primary growth (see Fig. 11). Consequently, there 
appears to be a measurable amount of the deforma- 
tion component retained in some cases probably as 
a result of polygonization. 

Kinetics of Recrystallization—Data showing the 
isothermal rate of recrystallization for the four 
orientations are shown graphically in Figs. 14 and 
15. The incubation period prior to the start of re- 
crystallization is shortest for the (111) [112] at both 
temperatures. The shapes of the curves are essen- 
tially similar. The temperature dependence of the 
reciprocal of the time for 50 pct recrystallization 
was plotted. The data suggest an activation energy 
of 47,000 to 50,000 cal per mol. These values are 
somewhat lower than the previously reported value 
of 69,000 to 73,000°° for polycrystalline silicon iron 
and 92,000*° or 75,000” for polycrystalline iron. 

The single crystal activation energies are inde- 
pendent of orientation. The order of speed of re- 
crystallization is (111) [112], and (110) [001], and 
(100) [001]. (100) [011] did not recrystallize but 
polygonized. 


Ill. GENERAL DISCUSSION AND SUMMARY 


Figs. 16 and 17 summarize the deformation and 
recrystallization textures obtained from all the 
single crystals of copper superimposed on the re- 
spective polycrystalline textures. Figs. 18 and 19 
are similar plots for silicon-iron. The deformation 
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Fig. 17—Composite of (111) recrystallization textures for 
single crystals and polycrystalline (dashed) copper. 


plots Figs. 16 and 18 indicate that the deformed 
single crystals covered the polycrystalline orienta- 
tions remarkably well. The recrystallized plots are 
not so successful. Clearly, these results indicate 
that the orientation dependence of recrystallization 
kinetics of the various individual deformation com- 
ponents cannot be used exclusively to explain the 
polycrystalline recrystallized texture. In fact, in 
the case of copper, since the recrystallized textures 
of these components are close to random, it sug- 
gests that the cubic recrystallized texture is prob- 
ably due primarily to oriented growth as long since 
proposed and championed by Beck.*® This growth is 
probably impurity controlled as suggested by Aust 
and Rutter.” 

It is apparent that nucleus orientation plays an 
important and a sometimes controlling role on the 
recrystallization texture. For example, the lack of 
cube texture must be attributed to a scarcity of 
cube oriented nuclei. Moreover, each of the Single 
crystals developed a different recrystallized tex- 
ture probably due to the differences in orientation 
distribution of nuclei. 

In the case of silicon-iron, if the orientation de- 
pendence of the kinetics of recrystallization con- 
trolled the recrystallization texture, the latter 
would be (110) [001] which is not the case. Why this 
orientation is not the primary recrystallized tex- 
ture is not clear unless it is suppressed by the pres- 
ence of impurities or by different kinetics in poly- 
crystalline aggregates. 

In summary, it can be stated that polycrystalline 
recrystallization textures can not be synthesized on 
the basis of the kinetics of recrystallization of 
isolated individual single crystals oriented to include 
after rolling, the major components of the polycrys- 
talline deformation texture. In both copper and sili- 
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Fig. 18—Composite of (100) deformation textures for sin- 
gle crystals and polycrystalline (dashed) silicon-iron. 


con-iron the components which recrystallize fastest 
are not present in the normal polycrystalline tex- 
tures and either they must be removed or sup- 
pressed by growth, or the orientation sensitivity of 
the kinetics of recrystallization of polycrystalline 
aggregates is different from that of single crystals. 
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An Evaluation of Procedures in Quantitative 


Metallography for Volume-Fraction Analysis 


A calculation has been made of the standard deviations to be 
expected in the measurement of volume fractions by areal analysis, 
lineal analysis and four point-counting procedures. The effect of 
experimental errors is not included. Our conclusion is that a point 
count using a two-dimensional grid will be the most efficient method 


of volume fraction analysis providing the grid spacing is coarse 
enough. The predicted standard deviation for such an analysis is 
shown to be in good agreement with that determined experimentally. 


A metallurgist wishing to estimate a structural 
property by means of quantitative metallography is 
often faced with a choice between several different 
procedures. In such a case, he will naturally wish 
to know: a) Which procedure is the most efficient 
in the sense of requiring the least effort for a given 
precision? b) For a given procedure, what are the 
conditions for maximum efficiency ? c) Under these 
conditions, how many measurements are required to 
attain a given precision? It is our aim in this paper 
to provide at least partial answers to these queries 
as they relate to the estimation of volume fractions 
from measurements on a random two-dimensional 
section of an opaque specimen. 

The commonly used techniques’’’ for volume- 
fraction analyses are based on one or more of the 
following principles: 

i) For an areal or Delesse® analysis: That the 
areal fraction of a three-dimensional feature inter- 
cepted by a random plane provides an unbiased esti- 
mate of the volume fraction of that feature. 

ii) For a lineal or Rosiwal* analysis: That the 
fractional intercept on a line passing at random 
through a two-or three-dimensional feature provides 
an unbiased estimate of, respectively, the areal or 
volume fraction of that feature. 

iii) For a point-count analysis: That the frac- 
tional number of randomly or regularly dispersed 
points falling within the boundaries of a two-dimen- 
sional feature on a plane, or within the boundaries 
of a three-dimensional feature in a volume, provides 
an unbiased estimate of, respectively, the areal or 
volume fraction of that feature. 

The absence of bias referred to in these principles 
does not, of course, imply that the results of an an- 
alysis will be free of error, but only that the ex- 
pected result is equal to the true one. 

Application of the foregoing principles provide the 
following six possible experimental procedures: 

a) An Aveal Analysis—This involves the measure- 
ment with a planimeter (or other means) of the area 
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of a constitutent intercepted by the plane of polish. 


b) A Two-Dimensional Random Point Count—A pos- 
sible experimental procedure for this analysis is to 
superimpose a sheet of transparent graph paper ona 
micrograph, and then use a table of random numbers 
to select coordinates for the points. 

c) A Two-Dimensional Systematic Point Count— 
Similar to b) except that the points are distributed 
in a prescribed manner, usually at the corners of 
a lattice superimposed on a micrograph or the 
screen of a projection microscope. 

d)A Lineal Analysis—A measurement of the frac- 
tional line length intercepted. It is usually performed 
by traversing the specimen under the cross hairs of 
a microscope and recording the distance travelled in 
each constituent. 

e) A One-Dimensional Random-Point Count— This 
could be performed by traversing the specimen with 
stops at random intervals to identify the constituent 
then present under the cross hairs. 

f) A One-Dimensional Systematic Point Count— 
Similar to e) except that the traverse is stopped at 
prescribed (usually equal) intervals. 

It will be noted that the point-counting procedures 
b) and c) can be regarded as methods of estimating 
the areal fraction. Similarly, e) and f) are indirect 
methods of making a lineal analysis. 

All of the six procedures described above involve 
at least one stage of sampling. Thus, quite apart 
from any experimental errors, there will always bea 
statistical uncertainty associated with the final re- 
sults. It is with the calculation of this uncertainty 
that we will be concerned. 

To avoid unnecessary repetition, the statistical re- 
lationships that will be used in the calculations are 
collected together in the appendix. For a fuller dis- 
cussion reference should be made to one of the many 
textbooks” ® on statistics. For symbols relating to 
the specimen structure we will follow as far as pos- 
sible the terminology used by Smith and Guttman.’ 


CALCULATION OF VARIANCES* 


*The derivations given in this section are dealt with in somewhat 
greater length in a Research Laboratory report® which is available on 
request from the authors. 
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Without any loss in generality we shall denote by a 
the phase or constituent whose volume fraction is to 
be estimated, and treat all the remaining constituents 
as a Single phase termed 8. The scope of our calcu- 
lations will be restricted as follows: 

i) We shall be concerned only with statistical er- 
rors. In an actual analysis there will be a contribu- 
tion to the variance from errors in measurement. 
Such errors may also lead to a biased estimate of the 
volume fraction. 

ii) It will be assumed that the specimen is free of 
long-range segregation and of grains having a 
periodic duplex structure, such as pearlite. (How- 
ever, it is not necessary to exclude the latter case if 
the periodic structure is treated as a single constit- 
uent. ) 

iii) In treating those methods of analysis requiring 
the selection of a subarea from the plane of polish we 
will ignore boundary effects. This will introduce only 
a second order error into the calculations. 

iv) For some methods of analysis, the variance 
cannot be predicted without more information about 
the structure than is afforded by the foregoing re- 
strictions. In order to obtain expressions for the 
variance in terms of parameters that are easily 
measurable on the plane of polish, we will some- 
times assume that the intersections of the a phase 
with the plane of polish occur as discrete areas and 
are randomly distributed on the plane. Such a dis- 
tribution (which a statistician would term ‘uniform’ 
rather than ‘random’) implies that the probability of 
the center of gravity of ana area being located in 
any given small element of the plane is proportional 
only to the area assigned to that element. It is evi- 
dent that this condition can only be strictly satisfied 
if the a areal fraction (and hence the volume frac- 
tion) is vanishingly small as, otherwise, there will 
be an excluded-area effect. Where necessary we 
shall therefore have to suppose that the volume frac- 
tion be small enough for a random (or uniform) dis- 
tribution to be attainable to a sufficiently accurate 
degree. 


We will now consider individually the variances for 
the six experimental procedures outlined in the intro- 
duction. 

A) Areal Analysis—In the assumed absence of ex- 
perimental error, the only contribution to the vari- 
ance of an areal measurement arises in the selection 
of a subarea for analysis from the plane of polish. In 
calculating this (and also other) sampling variances 
we will, for simplicity, treat as discrete quantities 
certain structural parameters which in practice are 
subject to a continuous variation. However, it is 
readily shown that this procedure in no way affects 
the final results of the calculations. We may there- 
fore suppose that the subarea selected for analysis 
contains m, @ features of area @,, m, of area a, and 
so on. Then the expected areal fraction* Af of the 


*A list of the more important symbols is included in Table I. 


a-features that would be obtained from an average of 
measurements on a very large number of equal-size 
subareas selected at random from the specimen is 


Ap = a,/A, [1] 
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in which A is the area of the subarea. Now, since it 
is assumed that the a features are randomly dis- 
tributed on the plane of polish, the number of a@ fea- 
tures of a given size appearing within a given area 
will follow a Poisson distribution. Hence we obtain 
for the variance 


This result, in conjunction with Eqs. [1] and [A.5], 
yields 


= 
which, by applying Eq. [A.3], can be rewritten 


= (M,/A’)(o, +@), [2] 
where @ is the expected value, as defined by Eq. 
[4.2], of the area of the individual a features and 
M, is the expected total number. We are usually 
more interested in the relative value of the error 
rather than its absolute magnitude. We will thus 


divide Eq. [2] through by A¥[= (M1, a/A)’] to obtain 
(04 = 1). [3] 


The parameter (0,/@), is a dimensionless meas- 
ure of the degree of dispersion in the size-distribu- 
tion of the a features on the plane of polish. If all 
the a features were of the same area (a condition 
which is impossible to achieve in a random section 
of even the most regular structure) then (0,/a@),= 0 
and the right-hand side of Eq. [3] reduces to (1/M,). 
Providing the number of a features measured is not 
too small, it is justifiable to replace @ and o, in Kq. 
[3] by experimental estimates of these quantities. 
Likewise, M, can be replaced by M, the number of 
@ features actually observed in the subarea. Thus 
the variance of the analysis can be computed from 
parameters which are readily measurable on a ran- 
dom plane of polish. 

B) Two-Dimensional Random Point Count—In this 
procedure there are two contributions to the variance; 
one arises from the deviation of the areal fraction in 
a subarea from the true volume fraction, and the 
other is introduced by the use of a point count in 
place of a direct measurement of the areal fraction. 
Both of these contributions will be taken into account 
in the following calculation, which is similar to that 
used in the statistics of sampling from a nonhomoge- 
neous population (cf. Ref.6, p. 400). 

Let us suppose that the subarea on which the point 
count is to be performed has an actual a areal frac- 
tion of (Af) j- (The subscript j is used to distinguish 
Af for a particular subarea from the expected value 
A; for the whole specimen.) The distribution of N 
points at random on this subarea corresponds to 
making N independent trials, for each of which 
there are two possible results, namely that the 
point does or does not fall on anq@ feature. The 
corresponding probabilities are (Ay); and [1—(A,),]. 
The total number (N,); of points falling on a 
features will therefore follow a binomial distri- 
bution with an expected value 


= N(Ag) 5, 


[4] 


VOLUME 221, APRIL 1961-345 


and a variance 

(on,); = N(A¢); [1 - (Ay); [5] 
(The latter result has previously been derived by 
Chayes” ). These two quantities relate to a point 
count repeated on one particular subarea. What we 
actually require is the expected value and variance 
for a point count performed on a large number of 
Subareas selected at random from the specimen. It 
is therefore necessary to average (Np); and (on,) 
over all possible subareas, each of which is weighted 
in accordance with the probability p(A )j of its selec- 
tion. Thus for the expected value we Shtain 


Np = NX; (Ar); 
(6) 


= 
If we define Ny = N,/N, then 
Nr = Ay, [7] 


thereby demonstrating that a point count gives an un- 
biased estimate of the areal fraction. In averaging 
the variance we must allow for the fact that (On, )j 
given by Eq. [5] has been calculated with respect to 
deviations about (Ay); instead of Ay as required in 
computing oy. It will be seen from an inspection of 
Eq. (A.4) that to correct for this difference, a term 
in must be added to the summation, so 
tha 


oN, = + )j (Ny [8] 


With the appropriate substitutions from Eqs. [4], [5], 
[6], [A.1], [A.2], and [A.3] this reduces to 


ON, = NA; (1 — Ar) + N(N - 1) 04,5 [9] 


Dividing through by N,, (=N*A> ) we obtain for the 
variance 


(Oy, = [(1- Ay )/N,] + [(N-1)/N] [10] 


Providing the total number N of points applied to the 
subarea is reasonably large, the factor [(N- 1)/N] is 
close enough to unity to be neglected; in which case 


= (1/Np) (1 Ap) + [11] 


The first term in this expression is just the relative 
variance of a point count on a subarea having an 
areal fraction Ay, and the second term is the vari- 
ance in sampling for the subarea. We will subse- 
quently use this additive property of the variances as 
a short cut in other calculations. 

Eqs. [10] and [11] are perfectly general since no 
assumption has been made about the form of the 
structure. If we now impose the limitation that the 
a features are randomly distributed, then Eq. [3] 
can be substituted in Eq. [11] to give 


(on = (1/N,)(1 - Ap) + 1]. [12] 


It is immediately apparent from Eq. [12] that no 
matter how many points are used in the point count, 
the variance of the analysis can never be less than 
(1/M, ), where M, is the expected number of a-fea- 
tures in the subarea. Thus increasing Np, from a 
value equal to M, to infinity can, at most, decrease 
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the variance by a factor of two. Fora particular _ 
analysis there will evidently be some value of N,/My 
that will minimize the effort required for a given 
precision. This optimum ratio will probably be 
somewhat less than unity if observations are made 
directly under the microscope, and probably greater 
than unity if the analysis is performed on micro- 
graphs. 

For the purpose of estimating the variance of a 
particular analysis, the various parameters in Eq. 
[12] can be estimated from measurements on the 
plane of polish. In addition the equation can be ap- 
plied to an analysis in which measurements are mad 
on several subareas providing, first, that the same 
density of points is used on each subarea and, sec- 
ondly, that the values for N, and M, substituted in 
[12] are the totals for the whole analysis. 

C) Two-Dimensional Systematic Point Count—The 
generation of a truly random dispersion of points is 
difficult and tedious. It is therefore considered 
preferable to use a systematic array of points, such 
as that provided by the corners of a two-dimensional 
lattice. This procedure also has the advantage that 
it is only necessary to count those points falling on 
the a-phase, since the total number of points applied 
to the structure is pre-determined. We will now 
show that, quite apart from experimental expediency, 
a systematic point count may be statistically advan- 
tageous. 

The calculation of the variance in the number of 
lattice points covered by a randomly placed plane 
figure presents a formidable problem if no limit is 
placed on the lattice spacing. However, there is a 
particularly simple solution if the restriction is im- 
posed that the lattice spacing be coarse enough to 
exclude the possibility of any one a-feature being 
occupied by more than one lattice point. (This is 
equivalent to saying that the minimum distance 
between adjacent lattice points must be greater than 
the largest caliper diameter of any a feature), For 
convenience, we will describe a lattice satisfying this 
requirement as being ‘‘coarse-mesh.’’? The variance 
for such a lattice will be treated first and we will 
later consider the effects of reducing the lattice 
spacing. 

i) Coarse-Mesh Lattice—The restriction on the 
lattice spacing can be stated more formally as 


Po +p, = 1, [13a] 
and 
= 9, for n>2; [13b] 


where p, is the probability that an a feature will 
occupy n lattice points. The probability pi thata 
given feature of area a; will occupy a lattice point 

is a;/d° where 1/d’ is the number of points per unit 
area (for a square lattice d will be the lattice spac- 
ing.) Providing the o features are randomly dis- 
persed on the plane of polish, the total number 

(n;); of points on the j‘*subarea occupied by features 
of area a, will follow a binomial distribution. There- 
fore, we obtain for the expected value of (n;) : 


J] 
= ™m;); a;/d*, 
and for the variance 
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| = (a; — (a, 


: in which (m;), is the total number of features of area 
GG; in the jth subarea. Averaging over all possible 
Bqual size subareas, we obtain 


n; =™M; a,/a* 
and 


=™; (a - 


[14] 


= (a;/d°)) + 

Since we have assumed that the a features are ran- 
domly distributed, oH aa; and the above expression 
reduces to 


2 => 2 = 
On, = M; a;/d = N;- 


[15] 


So far we have only considered the contributions 
from a features of one particular size. To obtain 
the expected total number of lattice points Ny, and 
its variance On. it is necessary to sum over all 
possible values of 7. Thus 


N, = = =M, a/d? [16] 
where M, is, as before, the expected number of a 
features of all sizes and a is their expected area. 

Summing the individual variances given by Eq. [15] 
we obtain 


2 2 
On, = 24%, = 240, = Ny, 
or 
(on, = 1/N,. [17] 


We thus find that for randomly dispersed features, 
the variance of the analysis is independent of their 


size distribution. This is a convenient property since 


it means that the variance can be predicted without 
any additional measurements on the plance of polish. 
Furthermore, the variance for a systematic point 
count is always less than that, Eq. [12], of a random 
point count with N, = Mp; (which, as was previously 
shown, is approximately the optimum condition for 
the latter analysis), What is even more surprising, 
however, is the comparison with the variance of an 
areal analysis as given by Eq. [3]. In this equation, 
M, is the expected number of areas which have to be 
measured and thus, in terms of the number of ob- 
servations on a features, is equivalent to N, in Eq. 
[17]. Therefore, for a given number of such obser- 
vations, the variance for the systematic point count 
is less than that of a direct areal measurement. The 
explanation of this apparent paradox lies in condi- 


tions [13]. Since p, must, in practice, be greater than 


zero, the expected number of points on any a feature 
must be less than unity; hence the expected number 
M, of a features under the lattice will exceed the ex- 
pected number WN, of occupied lattice points. Thus, 
for a given number of observations, the point Sout 
has to encompass a larger subarea. The resulting 
decrease in the sampling variance more than com- 
pensates for the variance introduced by the point 
count. 

ii) Fine-Mesh Lattice—If there is a large disper- 
sion in the size of the a particles and, particularly, 
if they are appreciably nonspherical, the restriction 
which was introduced in the previous section may 
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require a much lower density of points than that 
which maximizes the efficiency of the analysis. It is 
therefore desirable to consider the variance for a 
fine-mesh lattice; 7z.e., one having a spacing small 
enough for there to be a possibility of two or more 
lattice points occupying a single a feature. 

Kendall and Rankin’® have obtained an exact solu- 
tion for the variance in the number of lattice points 
occupied by a circle on a square or hexagonal lattice. 
They find that the variance oscillates between an 
upper and lower bound with a changing ratio of circle 
diameter to lattice spacing. In an earlier paper,” 
Kendall was able to demonstrate that, for the more 
general case of a convex area free from singular- 
ities and points of zero curvature, an upper bound 
to the variance on a square lattice is given by* 


2 
< 0.92 /2nd = 0.151 /d, [18] 
‘According to the inequality [18] the variance is proportional to the 
perimeter length. This is understandable, since only those lattice points 
in the immediate vicinity of the perimeter will contribute to the variance 
This is in contrast to a random distribution of points for which the vari- 
ance is proportional to the expected number of points occupied and, 
therefore, to the area of the figure. This difference leads to the inter- 
esting result that, for the same density of points, the lattice point count 
becomes infinitely more accurate than a random point count as the den- 
sity of points approaches infinity. 


where J is the perimeter length of the area and d 
the lattice spacing. Providing the a features can be 
regarded as convex and free from singularities, 
[18] can be used to obtain the following expression 


<0.15 Mald/Ng + (a4 [19] 


in which 7 is the expected perimeter length of the 
a features and, as before, M, is the expected num- 
ber of features and Np the expected n number of 
points that they occupy. Since Np = M, a/d°, where 
a is the expected area of the a features, we obtain 
from [19] and Eq. [3] 


< (1/N,) Je +1). [20] 


Although this expression only gives an upper bound 
to the variance, it is applicable to any size of square 
lattice, providing the a features are convex and ran- 
domly distributed. 

D) Lineal Analysis—In a lineal analysis a meas- 
urement is made of the fraction of a random traverse 
intercepted by a features. If the a features are ran- 
domly dispersed on the place of polish, then the in- 
tercepts will likewise be randomly dispersed on the 
traverse. The calculation of the variance in the 
lineal fraction Lr is then exactly analagous to that 
performed in Section A for the variance of an areal 
analysis. Thus by inspection of Eq. [3] we can write 


= (1/My + 1)- [21] 


This expression holds rigorously only if the a vol- 
ume fraction is small, because the assumption has 
been made that the features are randomly dispersed. 
By use of Eq. [A.6] the following expression of more 
general validity can be obtained. 


The only assumptions involved in the derivation of 
this expression are that the intercept lengths are 
uncorrelated and that 
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(1/M, ) for both phases. 


Eqs. [21] and [22] are strictly applicable only if 
each repeat traverse is made on a different plane 
of polish. In practice, however, it is probably satis- 
factory to make several traverses on the same 
plane of polish providing the number of a features 
on the plane greatly exceeds M,. But if M, is com- 
parable with, or larger than, the number of a fea- 
tures then the lineal analysis becomes, in effect, an 
estimate of the areal fraction and it is therefore 
necessary to add a variance of the form given by 
Eq. [3]. The variance of a lineal analysis in which 
a high density of traverses is employed has been 
extensively studied in the application of this pro- 
cedure to forest and cover surveys.'”!3 

E) One-Dimensional Random Point Count—Instead of 
measuring the lineal fraction directly, it can be esti- 
mated by distributing points at random along a tra- 
verse, and counting the fraction falling on a features. 
It is evident that this procedure bears the same re- 
lation to a lineal analysis as a two-dimensional point 
count does to an areal analysis. Thus, by analogy 
with Eq. [11] we can immediately write down 


(Oy, = (1/Np) (1 Ly) + [23] 
in which Ly and OL, are the expected value and the 
variance of the @ lineal fraction and WN, is the ex- 
pected number of lattice points falling on the a inter- 
cepts. This expression is valid, as is Eq. [11], for 
any form of structure. If the conditions underlying 


the derivation of Eq. [21] are satisfied, then Eq. [23] 
can be written 


(Oy. / (1/Np) (1 + (1/My) (1 


+ [24] 


As in the case of the two-dimensional point count, 
there will be some value of (N,/M,) which will yield 
the least variance for a given effort. 

F) One-Dimensional Systematic Point Count—In- 
stead of distributing the points at random along the 
traverse, it is often preferable to distribute them 
systematically for the reasons cited in the treatment 
(section C) of the systematic two-dimensional point 
count. As in the latter calculation, it is convenient to 
distinguish between a fine-mesh lattice, for which 
more than one point can occupy any one a intercept, 
and a coarse-mesh lattice in which the spacing be- 
tween adjacent points is greater than the length of 
any @ intercept. 

i) Coarse-Mesh Lattice—The calculation of the 
variance is exactly analagous to that given in Section 
C(i) and the expression for the variance is identical 
to Eq. [17]; namely 


(Oy,/ Ne) = 1/Np, [25] 
in which Ny is the expected total number of lattice 
points falling on aintercepts. This expression holds 
rigorously only if the aintercepts are randomly dis- 
tributed along the traverse. The lattice points need 


not necessarily be spaced at equal intervals (though 
this will probably by the most convenient arrange- 
ment in practice), but for Eq. [25] to hold the mini- 
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mum spacing must be greater than the largest a in- 
tercept. 

Comparison of Eq. [25] with Eq. [21] for a lineal 
analysis shows that a systematic point count again 
gives a lower variance than a continuous measure- 
ment with the same number of observations. The 
explanation is essentially the same as that given for 
an areal analysis; namely, that for any nonzero value 
Of.7;, N, will always be less than M,, so that the 
point count will require a longer traverse. For the 
special (and unrealizable) case of b, = 0, that is with 
o, = 0 and with d set equal to the now constant inter- 
cept length ¢, the traverse lengths for the two pro- 
cedures will be the same because they yield identi- 
cal information. 

ii) Fine-Mesh Lattice—Consider an a intercept 
of length ¢; placed at random on a one-dimensional 
lattice of spacing d. Let the ratio t;/d be q + € where 
q is an integer or zero and 0<e€ <1, The reader can 
easily verify that 


+¢€=1;/d, [26] 
and 
[27] 


nj 


The last equation is the one-dimensional analog of 
that derived by Kendall and Rankin’® for the variance 
in the number of lattice points occupied by a circle 
or Square on a two-dimensional lattice. The variance 
given by Eq. [27] also exhibits the same property of 
oscillating between an upper and lower bound as the 
ratio ¢;/d is changed. In order to obtain an expres- 
sion for the maximum variance of the analysis we 
will, as before, take the upper bound. We can there- 
fore write 

On, 

Providing the a intercepts are randomly distributed, 
we can sum On. over all intercept lengths. Adding on 


the variance (01,/Ly)” as given by Eq. [21] we obtain 


(Oy, < Np”) + (1M, + 1), [28] 
which, since Ny = 7M, =tM,/d, can be written 
< (1/Np) 4/4E) + +1). [29] 


It is evident from Eq. [28] that, as in the case with 
the other point counting procedures, the variance 
cannot be decreased beyond a certain value, no mat- 
ter how many points are used. As before there will 
be some optimum value of N,/M which will depend 
on the relative cost of the various experimental ope- 
rations. However, as a general rule the spacing be- 
tween points should not be much smaller than that 
required to give, on the average, one point per a in- 
tercept. 


EXPERIMENTAL CHECK ON THE VARIANCE OF A 
SYSTEMATIC POINT COUNT 


Experimental verification of the variance predicted 
for a systematic two-dimensional point count was ob- 
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Table |. Expressions for the Variance in Various Procedures for Volume-Fraction Analysis 


Method Eq. Proportional Variance in Volume Fraction: (ov,/V 5)? Assumption 
A) Areal Analysis [3] (1/M,)[(og/ay¥ + 1) (a) 
EB) Two-dimensional Random Point Count {11] (1/Np) (1 = Af) + (o4,/Afy N>1 
{12] (1/N,) Ay) + (1/M a) + 1 (a) andN > 1 
C) Two-dimensional Systematic Point Count 
(i) Coarse-Mesh [17] (1/Np) (@) and d 
(ii) Fine-Mesh [20] <(1/Np) (0.157 /@) + (1/Ma) + 1 (a) and (d) 
D) Lineal Analysis [21] (1/M,) 0)? + 1) (b) 
[22] (1/M) + (c) 
E) One-dimensional Random Point Count [23] (1/Np) - Lf) + (oL,/L sY N>1 
[24] (1/Np) (1 Lp) + (1/M,) (1 Lp)? + (c) 


F) One-dimensional Systematic Point Count 


(i) Coarse-Mesh {25] (1/N) (b) and d > tmax 
(ii) Fine-Mesh [29] <(1/N,) (4/40) + + 1 (b) 
tained incidentally to a determination* of the effects Symbols: 


*This investigation was made by one of us (J.E.H.) as part of a re- 
search program supported in whole or in part by the U. S. Air Force 
under contract No. AF-33 (616)-5995, monitored by the Materials Labora- 
ee? Wright Air Development Center, Wright-Patterson Air Force Base, 
Ohio. 


of high pressure on the solubility of carbon in aus- 
tenite. This investigation entailed the measurement 
of the cementite volume fraction insteels equilibrated 
in the two-phase austenite + cementite region. The 
point counting was performed on a microscope with a 
X100 oil immersion objective and a X12.5 focussing 
eyepiece containing a specially ruled 3 by 3 line re- 
ticle. The spacing of the lines was much larger than 
the cementite particle size, and it therefore satis- 
fied the requirements of a ‘‘coarse-mesh’’ lattice. 

For each specimen, an estimate was obtained from 
Eq. [17] of the minimum number of points required 
to attain a given accuracy (usually set at 0.02 wt pct) 
in estimating the carbon content of the austenite. 


rab 
O 
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Fig. 1—A comparison of the experimentally observed stand- 
ard deviation (dops) with that (0,,},) calculated from Eq. [17] 
for systematic point counts on nineteen different specimens. 
The ratio of (dbs/Jcajc) is plotted against Number fraction 
(= Volume fraction). 
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A Total area examined. 

A; Areal fraction of @ phase. 

L_ Total length of traverse. 

L; Lineal fraction of 4 phase. 

M, Number of two-dimensional @ features in area A. 

M, Number of ® intercepts in traverse of length L. 

N_ Total number of points applied. 

Number of points falling on % features. 

Nr Fraction of points falling on phase (= N,/N). 

V; Volume fraction of 4 phase. 

a Area of an individual % feature. 

Spacing of a one-dimensional lattice or a square two-dimensional 
lattice. 

Perimeter length of an individual % feature. 

Intercept length. 

Phase whose volume fraction is being estimated. 

Other phases in the structure. 

Standard deviation. 

Note: Vy, Af, Ly, and Ny are all equal in an unbiased analysis. 


Assumptions: 


(a) That the ® phase occurs as discrete particles randomly distributed 
in three dimensions. This assumption implies that the volume frac- 
tion is small. 

(b) That the @ intercepts are randomly distributed along the traverse. 
This assumption implies that the lineal fraction is small. 

(c) That the application of Eq. [A.6] is justified. 

(d) That all @ features have convex perimeters free from singularities. 


The number of points required depended on the vol- 
ume fraction of cementite, and varied between 1260 
to 5040. 

In order to check the validity of Eq. [17], an an- 
alysis has been made of the data from point counts 
on nineteen consecutive specimens. A record was 
kept for each count of the number of occupied points 
for every ten applications of the grid @.e. for each 
set of ninety points). From this information the 
standard deviation (0 5,) of the point count could be 
computed and compared with the value (Ocaic ) pre- 
dicted by Eq. [17]. The results for the nineteen 
point counts are shown in Fig. 1 in the form of plot 
of the ratio (%p;5/%alc) versus number fraction. The 
median of the points lies at a ratio of approximately 
0.95, indicating that the observed standard deviation 
is slightly less than the calculated one. This is pre- 
sumably because of a lack of randomness in the dis- 
tribution of the cementite particles. The absence of 
any Significant change in the grouping of the points 
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Table Il. Calculated Properties and the Variances for Different 
Forms of Analyses of a Structure Having Spherical @-Particles 


Spheres with Rectangular 
Distribution of Radii 
(Ry = Maximum Radius] 


Properties of 
Intercepted Spheres 


Spheres of Con- 
stant Radius R 


a 27R?/3 7Riy/3 

a, (4/45)“nR? 
t 4R/3 Ry 

o, (2/9)*R (1/5)?R y 

I ?Ry/3 


Proportional Variance in 
Estimate of Volume Frac- 


Method of Analysis Eq. tion (oy,/V 5)" [V; assumedto Remarks 
be small] 
A) Areal [3] 1.2/M, 1.6 My 
B) 2-Dim. Random {12] 2.2/Np 2.6 Np For Np = Ma 
Point Count 
C) 2-Dim. Systematic 
Point Count 
(i) Coarse Mesh _ [17] 1/N, 1/N, 
(ii) Fine Mesh [20] <1.7/Np <2.3/Np For Np = Mg 
D) Lineal [21] 1.1M; 1.6/M, 
E) 1-Dim. Random [24] 2.1/Np 2.6/Np For Np = M; 
Point Count 
F) 1-Dim. Systematic 
Point Count 
(i) Coarse Mesh [25] 1/Np 1/N, 
(ii) Fine Mesh [29] S1.4/N, S1.9/Np For Np 


in Fig. 1 with increasing number fraction indicates 
that this non-randomness has not seriously affected 
the validity of Eq. [17]. 


Note added in Proof: T, Gladman and J. H. Woodhead (J. Iron Steel 
Inst., 1960, vol. 194, p. 189) have determined experimentally the vari- 
ances of counts using a coarse point spacing on a series of specimens 
with volume fractions ranging from 10 to 56 pet. They find that the ob- 
served variances can be fitted to 


(on, = (1 [a] 


This equation differs from Eq. [17] by a factor of (1 — N 4), and was de- 
tived on the basis of a binomial distribution (cf. Eq. [5]), with no allow- 
ance for the area-sampling variance nor of the difference between a sys- 
tematic and random count. However, on the basis of the experimental 
data, we would recommend the use of Eq. [a] in place of [17], with the 
factor of (1 - Np) being regarded as an approximate empirical correction 
for the decrease with increasing volume fraction in the randomness of 
the particle spatial distribution. 


DISCUSSION 


By way of summary the expressions for the vari- 
ances of the different procedures are listed in Table 
I, The final column specifies the assumptions used 
in the derivations. 

It will be noted that each of the expressions con- 
tains a term inversely proportional to the number of 
observations made on the a@ phase. In addition, some 
expressions also contain a term inversely propor- 
tional to the number of a features in the subareas or 
traverses used for the analysis. All but two of the 
expressions have factors containing a term of the 
form (0,./X°) which is a property of the structure and 
can be determined from measurements on the plane 
of polish. 

In order to establish the relative efficiencies of 
the analyses we must compare the effort required by 
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each for a given variance. This requires both an 
estimation of the various (0,/x) quantities, and also 
of the total effort required for the number of obser- 
vations necessary toachieve the prescribed variance, 
We will discuss these in order. 

The quantity (OR) is a dimensionless measure of 
the degree of variation of the property x amongst 
a features. Because we are dealing with a random 
section through a three-dimensional structure, (0,./x) 
must always be greater than zero. For most struc- 
tures it will be of the order of unity, but there are 
undoubtedly cases in which it is very much larger. 
We have calculated the values of a,¢ and J, together 
with their associated variances, for two hypothetical 
structures composed of spherical a particles ran- 
domly dispersed in space. Table II lists the values 
for two difference sphere-size distributions; one 
being for spheres of equal radius (a condition that 
probably gives a lower limit to the 0,/x values), the 
other for spheres having a radius frequency func- 
tion, p (R), defined by 


1/Ry for 0 < R <Ry 


= 0 for R >Ry ° [30] 


For such a function (usually termed ‘“‘rectangular’’ 
because of the shape of its plot) all radii between 0 
and a maximum Ry have an equal probability of oc- 
curring. In terms of the formation of the structure, 
we would expect the constant-radius frequency func- 
tion to correspond to the case in which all nucleation 
took place at time zero and the particles then grew 
at an equal rate without impingement; whereas a 
rectangular frequency function would result if the 
nucleation and growth rates were constant during 
particle growth, impingement again being neglected. 

By substituting the calculated properties for the 
two frequency functions in the expressions listed in 
Table I, we obtained the variances shown in the 
lower part of Table II. For those point- counting 
procedures having a variance dependent on the num- 
ber of a features in a subarea or traverse, this num- 
ber was set equal to Np as indicated in the final 
column of the table. 

Examination of Table II reveals that the two sys- 
tematic point-counting procedures have the least 
variance for a given number of observations on the 
a@ phase, (In this context, an ‘‘observation’’ consti- 
tures the measurement of the area of an a feature 
in an areal analysis; the measurement of an a inter- 
cept in a lineal analysis; and the identification of a 
point on an a feature in a point count. ) However, 
changes in either the nature of the observation or in 
the form of the sphere-size distribution have but 
a minor effect on the variance, the spread being at 
most a factor of 2.6 (corresponding to a factor of 
1.6 in the standard deviation). 

We will now consider the total effort required to 
achieve a given variance with the different pro- 
cedures. There can be little doubt that the identifi- 
cation of a point on an a feature will take appreci- 
ably less time than either a lineal or areal meas- 
urement. But, before making a final assessment of 
the procedures, we have to recognize that the time 
for an observation on the a phase must include an 
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appropriate allowance for the time required for all 
the other steps of the analysis that are incidental to 
the observation. Thus, in the two random point 
counts and the one-dimensional systematic point 
count, the major effort will be in the distribution of 
points on the structure. The time required for the 
analysis will therefore be approximately propor- 
tional not to the number Ny, of observations on the 
a phase, but instead to the total number of points 

N applied to the structure. In addition, since 

Np = NV, the effort will vary inversely as the 
volume fraction V- and will become infinite as the 
volume fraction goes to zero. The situation is mark- 
edly different for a two-dimensional systematic point 
count, because in this analysis a large number (say 
500) points can be applied almost as readily as a 
single random point. The time for an observation 
will not therefore greatly exceed that for the identi- 
fication of a point on the a phase, and this time will 
be approximately constant over a wide range of vol- 
ume fractions. The same holds true for an areal 
analysis. In the case of a lineal analysis the time per 
observation has to include the traverse time in 
phases other than a. Therefore, for a volume frac- 
tion of, say, one-half, the total time of analysis will 
be approximately twice that required for the inter- 
cept measurements on the a phase. For a given 
variance, the analysis time will increase with de- 
creasing volume fraction, but not as drastically as 
with a random point count because of the possibility 
of speeding-up the traverse in the long stretches 
between a features. 

Combining the preceding comments with the re- 
sults presented in Tables I and II it is clearly evi- 
dent that a two-dimensional systematic point count 
is markedly superior to either a lineal or an areal 
analysis providing an excessive density of points is 
not used; (.e., the number of points occupying any 
one a feature should not greatly exceed one), There 
is one possible exception to this conclusion; namely, 
that a systematic point count will be inadvisable if 
the structure has a periodicity that is commensurate 
with the lattice spacing. (It should be noted that even 
in this case a properly conducted analysis will give 
an unbiased estimate of the volume fraction, but the 
variance may be abnormally high.) For this special 
case a random point count is to be preferred. We 
believe that it would be satisfactory to make sucha 
count with a net of randomly dispersed points which 
is reapplied at random orientations to a series of 
subareas. This modification in procedure overcomes 
the time-consuming operation of locating individual 
points. 

Returning now to a two-dimensional systematic 
point count; in order to maximize the efficiency the 
time required to provide a subarea for analysis 
should be reduced to a minimum, It is therefore best 
to perform the analysis either on the screenof a pro- 
jection microscope or on an ordinary microscope 
with a grid located on a reticle in the eyepiece. In 
the latter case the number of grid corners should be 
such that the number occupied can be estimated at a 
glance. Various experiments“ in visual perception 
have shown that the maximum number of objects that 
can be counted without conscious effort is about five. 
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Taking into account that there will be a few fields of 
view in which the occupancy is much larger than the 
average, we conclude that the optimum number of 
grid corners is given approximately by 3/ Ve. The 
fields of view can be selected by systematic move- 
ments of the microscope stage. 

A one-dimensional systematic point count will be 
more efficient than either a lineal or an areal analy- 
sis, but less efficient than the two-dimensional point 
count by a factor approximately equal to the number 
of points per grid in the latter analysis. 

It might be argued that our assessment of the vari- 
ous procedures has been based on calculations in 
which assumptions have been made about the form of 
the structure. Furthermore, the effect of experi- 
mental errors has been completely neglected. Can 
we therefore be certain that a two-dimensional sys- 
tematic point count will always be best? We believe 
the answer to be yes for the following reasons. The 
experimental results given in the foregoing indicate 
that Eq. [17] gives a reasonably accurate prediction 
of the variance of a two-dimensional systematic point 
count for volume fractions up to at least 0.07. Fur- 
thermore, examination of Eqs. [11] and [24] (which 
were derived without any assumption about the form 
of structure) shows that the increase in variance in 
going from a continuous measurement to the corre- 
sponding random point count is only 1/N,, Now, in 


the absence of a structural periodicity, the variance 
of a systematic point count will be less than that of a 
random one. We may therefore conclude that 1/N, 
must be the upper limit for the difference between 
the variance of a systematic point count and a lineal 
or areal analysis. It is therefore reasonable to sup- 
pose that the increased speed of a point count will 
more than compensate for the increase, if any, in 
the needed number of observations. This leaves us 
with the effect of experimental errors. A detailed 
examination of this subject remains to be undertaken. 
However, at present we can see no reason why a 
point count should have a larger experimental error 
than the corresponding continuous measurement. 
This conclusion is supported by the results of a 
careful experimental study made by Chayes.° Fora 
large variety of petrographic structures this inves- 
tigator found that for a given accuracy, a one-dimen- 
sional systematic point count could be performed in 
less than half the time required for a lineal analysis 
using a Hurlbut counter. However, there have been 
other investigations which apparently demonstrate 
that a point count is inferior tosome other procedure. 
In all such cases it will be found that far too high a 
density of points was used; our equations clearly in- 
dicate that a high point density will increase the ef- 
fort required manifold without giving any appreci- 
able increase in accuracy. It is probably such mis- 
uses of a point count, together with the intuitive 
feeling that a continuous measurement must be more 
accurate, that has led to the undeserved popularity 
of lineal analysis. 


SUMMARY 
We will summarize our findings by answering the 


three questions posed in the introduction: 
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a) The best method for volume fraction analysis 
is a systematic point count in which a grid is super- 
imposed ona sequence of areas selected either ran- 
domly or systematically from the plane of polish. 
The grid can be inscribed on the screen of a projec- 
tion microscope or on a reticle in the eyepiece of an 
ordinary microscope. The total fraction of grid cor- 
ners falling on a particular phase provides an un- 
biased estimate of the volume fraction of that phase. 

b) To ensure maximum efficiency, it is essential 
that the magnification relative to grid spacing should 
be such that the majority of the structural features 
should not occupy more than one grid corner. 

c) Providing the spacing condition given in (b) is 
satisfied, the relative standard deviation e.,0y, 


in the volume fraction arising from statistical errors 
will be approximately 1NNp, where N, is the number 
of grid corners falling on the phase being estimated. 
This figure does not include experimental errors. 


APPENDIX 


If an experiment can have n possible outcomes 
with discrete values: x,,%2,--- x, Which have the 
associated probabilities, p(x,),p(x2)-- -p(x,), then 


2; p(x;) = 1, [A.1] 
and the expected value is 
x = p(x; ). [A.2] 


As a measure* of the expected precision of a single 


*Throughout this treatment we have tacitly assumed that the standard 
deviation provides a meaningful measure of the precision of the analy- 
sis. This is not necessarily true. For example, consider a set of paral- 
lel platelets that are finite in thickness but infinite in extent. The fre- 
quency function for the intercept lengths on random lines through the 
platelets has a finite average but an infinite standard deviation. It is 
therefore necessary to use some other statistic to describe the preci- 
sion of the measurement. This problem has been discussed by Fisher’® 
with reference to the Cauchy frequency function. 


measurement, we will use the standard deviation oe, 
the square of which is the variance and is defined by 


= p(x;) [A.3] 
If c is a constant, then 
= 2; (x; - p(x;) - (%-c)? [A.4] 


A linear function 


in which the c’s are constants and the y’s are inde- 
pendent variables, has a variance 


If Y is a nonlinear function of random variables Vis 
its variance is given approximately by 


it again being assumed that the y’s are independent. 
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Oxidation of Columbium Monoxide 


The oxidation of CbO was studied by a gravimetric technique 
from 400° to 1200°C in oxygen. In this temperature range the 
oxidation is characterized by an inductive period of low oxida- 
tion rate, which becomes shorter as the temperature increases, 
followed by a vapid parabolic oxidation. The oxidation of CbO 
cannot be rate controlling in the oxidation of Cb metal in the 


temperature vange, 800° to 1200°C. 


fa\ thin optically inactive layer has been observed 
between the metal and Cb205 layer of Cb oxidized at 
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700°C or higher temperatures. Figs. 1(a) and 1(b) 
show the edge of a sample of Cb reacted to 50 pet of 
complete oxidation at 800°C. Fig. 1(a) taken under 
bright field illumination shows a layer of oxide ad- 
hering to the unoxidized metal core. Fig 1(6) taken 
under polarized light shows that this oxide layer is 
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METAL 


(a) 


actually composed of two phases—one active and one 
inactive. It seems reasonable that the inactive oxide 
might be cubic CbO, which Kolski has identified by 
X-ray diffraction of residues resulting from bro- 
mine methanol extractions of oxidized Cb specimens.’ 

The existence of CbO could be connected with the 
minimum in rate of oxidation observed for Cb at 
640°C in continuous gravimetric work by Kolski. It 
was suspected that the oxidation of CbO might be the 
rate-controlling step in the oxidation of Cb at this 
and higher temperatures. Consequently, the rate of 
oxidation of CbO was studied by a continuous gravi- 
metric technique. 


EXPERIMENTAL PROCEDURE 


Columbium’monoxide specimens were made from 
stoichiometric quantities of Cb and commercial, 
pure Cb20; (Ta, 0.035 pct; W, 0.055 pct; Fe, 0.030 
pet; Ti, 0.015 pct). Arc-melted buttons were skull 
cast into Ta molds set in water-cooled Cu crucibles. 
The Ta molds were not in good thermal contact with 
the Cu and kept the CbO casting relatively free from 
thermal cracks. After removing the outer contam- 
inated layer of CbO, the rest of the coarse grained, 
metallic appearing castings were machined into 
blocks 3/8 by 3/8 by 3/16 in. These samples were 
degreased and annealed for 1 hr at 1200°C in vac- 
uum. Precision combustion analyses showed that the 
four batches used contained 49.4, 49.8, 49.8, and 
50.2 (all + 0.2) at pct Cb. Metallography showed a 
small amount of uniformly distributed second phase 
in all batches and indicated a narrow homogeneity 
region for CbO. X-ray patterns showed only the 
NaCl related structure of CbO with a = 4.2102 + 
0.0004A (25°C) in good agreement with the values 
reported by Brauer,° 4.211A (corrected), and Ander- 
son and Magneli,® 4.2108A (20°C). 

The rates of oxidation of the samples were meas- 
ured in a Stanton Thermobalance. The samples 
were contained in alumina crucibles, and dried 
oxygen passed through the furnace tube at a rate of 
approximately 140 cc per min and l-atm pressure 
during the runs. 

The reactions were terminated at either 50 or 
100 pet of complete oxidation, and the products 
were photographed. The outer oxides of the samples 
were crushed for X-ray diffractometer analysis. 
Patterns thus obtained were compared with stand- 
ard patterns of Cb oxides. The unoxidized CbO 
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Fig. 1—Edge of Cb metal sample oxi- 
dized to 50 pct of completion in Oy, at 
800°C (7 hr, 295 mg per cm? weight 
gain). (2) Bright field illumination, 

(b) polarized light. X750. Reduced 
approximately 48 pct for reproduction. 


remaining from some of the experiments was 
mounted for metallographic observation. 


RESULTS 


Thirteen samples of CbO were oxidized at tem- 
peratures varying from 400° to 1200°C. Fig. 2 is 
a plot of weight gain divided by original area vs 
time for some of these oxidation runs and shows 
the typical oxidation behavior. (A weight gain of 
100 mg per sq cm corresponds to 50 pct of complete 
oxidation.) A slow induction period was found de- 
creasing from 81 min at 429°C to approximately 1 
min at 1202°C. Following this period a catastrophic 
rate of oxidation was observed at all temperatures. 
The reproducibility of the curves was poor at low 
temperatures, but duplicate runs at 1000°C agreed 
within 5 pet. The supply of oxygen (140 cc per min) 
was 50 pct greater than the maximum rate of de- 
mand in any run. 

Preheating a sample in argon at 453°C showed 
that the long induction periods were not the times 
required for the sample to come to equilibrium 
furnace temperature. It is probable, however, that 
the short induction period of a few minutes shown 
for the reactions of 800°C and above are due to the 
introduction of an unheated sample to the furnace. 

Figs. 3(a), (b), and (c) show the appearance of 
several samples at the ends of the oxidation runs. 
Fig. 3(a) shows the powdery, nonadherent oxide 
typical of the runs made between 400 and 700°C. 


453" 


100;- 


90F 1202°C 


800°C 


WT. GAIN (mg/cm*) 


O 
O 10 20 30 40 75 80 90 


TIME (min) 
Fig. 2—Reaction of CbO with O, at 1 atm. 
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Fig. 3—Appearance of CbO samples after gravimetric runs. (a) 35.5 min at 453°C, 50 pet oxidized; (b) 160 min at 
1003°C, 100 pet oxidized; (c) 45 min at 1202°C, 50 pet oxidized. X5. Reduced approximately 40 pct for reproduction. 


Figs. 3(6) and (c) show the adherent oxide produced 
in samples oxidized from 900° and 1200°C. The 
appearance of this adherent oxide correlates with 
the somewhat slower oxidation rates shown for 
these samples by the curves of Fig. 2. Fig. 3 also 
shows that some of the samples broke into several 
pieces at the higher temperatures. This breakage 
is probably the result of a few thermal cracks which 
were present in the original sample. At lower tem- 
peratures samples showed an even greater tendency 
to break up into smaller fragments. In fact, no large 
pieces of CbO could be found in a sample oxidized 
at 394°C to 50 pct of complete oxidation. Since the 
weight gains were divided by the original area of 
the sample, the tendency of the samples to break 
into pieces would lead to high values for weight gain 
per area in Fig. 2. However, the difference in rates 
shown by two samples oxidized at 1000°C, one of 
which remained whole throughout the run and one of 
which broke into several pieces, was only 5 pet. 

Some of the larger pieces from the samples ox- 
idized to 50 pct of completion were mounted and 
studied by metallographic techniques. In these 
studies only unoxidized CbO and the product Cb;0; 
were found. No intermediate oxide, such as CbOz, 
could be seen at X500. 


Table I. Products of Oxidation of CbO as Function of Temperature 
as Identified by X-Ray Diffraction 


Furnace 

Temp.,°C Oxidation Products 
394 Diffuse pattern of T-Cb,0,* 
429 T-Cb,0, + 14 lines H-Cb,0,* 
453 T-Cb,0; + 8 lines H-Cb,0, 
503 T-Cb,0, + 2 lines H-Cb,0, 
578 T-Cb,0, + 2 lines H-Cb,0, 
637 T-Cb,0, 

701 T-Cb,0, 

800 T-Cb,0, 

903 Diffuse pattern of H-Cb,0, 
1003 H-Cb,0; 

1202 H-Cb,0, 


*T-Cb,0, is low-temperature form; H-Cb,O, is high-temperature form. 
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The higher oxide formed in the oxidation runs 
(yellow at high temperatures, white at room tem- 
perature) was ground and studied by X- ray diffrac- 
tion techniques. Table I shows the products formed 
as a function of temperature. The nomenclature 
used here to designate the two different forms of 
Cb2Os is that of Brauer:* T' designates the form 
which Brauer obtained at low temperatures and H, 
the high temperature form. In accord with Holtzberg 
what Brauer termed the M or intermediate tempera- 
ture phase is thought to be simply poorly crystal- 
lized H-form.* Recent work by Goldschmidt indi- 
cates that the H-form may be the only thermody- 
namically stable structure. 

One observes in general in Table I that the phase 
of Cb2Os resulting at any temperature is the same 
as that which Kolski reports for Cb metal oxidized 
at the corresponding temperature.’ An exception to 
this is that many lines of the H-form were found in 
samples oxidized at nominal temperatures from 
429° to 578°C. These lines did not have the same 
intensity distribution as a standard of H-Cb20, 
prepared by Kolski., 


During the gravimetric studies, no thermocouple 
could be placed in direct contact with the samples. 
Instead the temperature recorded was that of a con- 
trol thermocouple which was remote from the sam- 
ple and close to the furnace coils. Generally, cor- 
rections of the recorded temperature were obtained 
by occasionally placing a second thermocouple in 
the position of the sample when no sample was being 
oxidized. Finally, oxidations were carried out with 
the thermocouple in tension contact with the speci- 
mens of CbO. Fig. 4 shows the recorded sample 
temperature vs time for five different furnace tem- 
peratures. For each curve the equilibrium furnace 
temperature may be obtained from the relatively 
horizontal portion of the curve. If one compares 
these curves with the weight gain curves of Fig, 2 
while considering the poor reproducibility of the 
induction periods, one sees that the beginning of the 
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Fig. 4—Recorded CbO sample temperature vs time. 


catastrophic oxidation corresponds to a drastic 
temperature increase. It is felt that this tempera- 
ture increase explains the X-ray diffraction results, 
and in fact indicates that the actual sample tem- 
perature may have been much higher than that re- 
corded by the thermocouple. 

It was also found that Cb metal samples oxidizing 
in this temperature region were never more than a 
few degrees above equilibrium furnace temperature. 


DISCUSSION 


The fact that no significant temperature increase 
was noted in the case of Cb metal, whose reaction 
with O2 to form Cb20; is more exothermic than that 
of CbO, suggests that such increases in the case of 
CbO may be the result of poor thermal conductivity, 
especially at the lower temperatures. Thus a local 
reaction area may have difficulty in dissipating its 
energy, causing the reaction temperature to go still 
higher and resulting in self-inductive effects. At 
higher temperatures a possibly higher thermal con- 
ductivity of CbO would explain the smaller magni- 
tude of spontaneous heating. 

When considering the oxidation of CbO as the rate 
controlling step in the oxidation of Cb metal, one 
must remember that a thin layer of CbO formed on 
the surface of Cb metal might not undergo the self- 
heating resulting in the case of oxidation of bulk 
CbO due to the high thermal conductivity of the un- 
derlying Cb metal. Thus, when comparing the rates 
of oxidation, one must consider only those tempera- 
tures where CbO underwent comparatively isother- 
mal oxidation. Fig. 5 is such a comparison where 
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Fig. 5—Comparison of weight gain curves for Cb and ChO. 

t) is induction time arising from sample heating. 


the logarithm of the weight per original area is plot- 
ted vs the logarithm of time for gravimetric oxida- 
tion runs for both CbO and Cb metal. In the case of 
the CbO curves certain initial effects, probably due 
to the sample coming to temperature, have been 
corrected for in plotting these curves. In addition, 
the weight gains for Cb metal, were multiplied by 
3/5 to correct for the stoichiometry of the reaction; 
1.€., if the oxidation of CbO were the rate-controlling 
step, every time three atoms of O were added to the 
CbO molecule five atoms would be added to each Ch 
atom. 

The slopes of the CbO curves shown in Fig. 5 in- 
dicate that the oxidation is approximately parabolic. 
This suggests that the reaction is controlled by dif- 
fusion of oxygen through the adherent oxide shown in 
Figs. 3(b) and (c). As shown by the intercepts of the 
CbO curves with the ordinate axis (t-f, = 1) there is 
little change in rate constant through this tempera- 
ture range. This could be accounted for by a low 
activation energy of diffusion through the oxide or 
by a tendency of the oxide to become more compact 
as the temperature increases. On the other hand, 
the Cb oxidation curves show that these reactions 
are between parabolic and linear but closer to linear 
in character. The reactions have a much lower rate 
constant than that of CbO. These differences in rate 
constant and in reaction rate law show that the oxi- 
dation of CbO cannot be the rate controlling step 
from 800° to 1200°C. Thus, in the oxidation of Cb 
metal in this temperature interval presence of a 
CbO layer is possible only if the Cb,O, layer has 
protective qualities in certain local areas. 

The optically inactive layer of oxide seen in Fig. 
1(b) might be an extremely fine grain Cb,O, or one 
of the as yet unidentified phases found in oxidation 
of Cb sheet at low temperatures by Hurlen et al.°® 
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Molybdenum by Direct Thermal Dissociation 


of Molybdenum Disulfide 


Molybdenum of high purity can be produced by direct dissoci- 
ation of commercial molybdenum disulfide in vacuo at 1600° to 
1700°C (2910° to 3090°F). The product is lower in oxygen than 
commercially available molybdenum powder. Analyses of ingots 
arc-cast from commercial molybdenum powder, hydrogen-ve- 
duced from ammonium molybdate, and from thermally dissociated 
molybdenum disulfide indicate that the levels of chemical impur- 


ities in these ingots are similar. Equipment now in operation will 
produce 100-lb batches of powder product. The paper describes 
development of processing equipment, control of processing vari- 
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ables, handling of the product, and evaluation of the metal pro- 


duced, 


MotyspenttE (molybdenum disulfide) can be de- 
composed by heat in the absence of oxygen to pro- 
duce elemental molybdenum and sulfur, which is 
evolved as a gas. The temperatures required for 
the dissociation are above 1370°C (2500°F); the sul- 
fur must be continuously withdrawn to permit the 
reaction to proceed to completion. This is accom- 
plished by continuous evacuation of the thermal dis- 
sociation chamber and condensation of the gaseous 
sulfur in another part of the system. 

In reality, the dissociation occurs in two discrete 
steps: 


1) 4 Mos, Mo.S, S2(g) 


2) 2 Mo,S, ~ 4 Mo + 3 S2(g) 


Cognizance of the fact that the dissociation takes 
place in two steps is important in controlling the 
process. 

Basically, the molybdenite dissociation process 
has two potential advantages as a method of produc- 
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ing pure molybdenum: 

1) The materials entering into the process contain 
little or no oxygen. Since the process is carried out 
in vacuum at high temperature, the quantities of in- 
terstitial oxygen, nitrogen, and hydrogen in the prod- 
uct should be very low. 

2) The process is more direct than the commer- 
cial method of producing high-purity molybdenum. 

In the conventional process, molybdenite is roasted 

to molybdic oxide, the oxide is purified first by 
sublimation, then by conversion to ammonium molyb- 
date, and finally, the molybdate is reduced in a hy- 
drogen atmosphere (usually in two steps) to the metal- 
lic molybdenum powder. 

This paper presents a description of the stages in 
scaling-up of the dissociation equipment and an ac- 
count of attempts to evaluate the molybdenum pro- 
duced by thermal dissociation, rather than a report 


of a fundamental study of the dissociation reaction. 
Since little has been written on the subject, it is 


appropriate, before detailing the development of 
the process, to review briefly the research that has 
been conducted over quite a period of years. 


LITERATURE SURVEY 


The first accounts of the possibility of thermal 
dissociation of the mineral molybdenite were re- 
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Table I. Purification Achieved by Thermal Dissociation of 
Regular Mine Concentrate 


Weight of Impurities 


Chemical Analysis Per 100 gof Molybdenum 

Charge Product Charge Product 
Mo 54.93 pct 96.08 pct 100.00 g 100.00 g 
S) 36.06 0.041 65.65 0.042 
c 0.22 0.13 0.40 0.14 
SiO, Syl 1.00 9.34 1.04 
Cu 0.19 0.05 0.36 0.05 
Not analyzed 1,99 2.70 3.62 2.81 

Total 100.00 100.00 


ported by Guichard in 1896 to 1901.'* Guichard 
heated 30 to 60-g samples of molybdenite in an elec- 
tric arc furnace and observed that the first evolution 
of sulfur produced molybdenum sesquisulfide, Mo,S,, 
which in turn evolved sulfur, leaving a residue of 
molybdenum metal. No additional information on 
molybdenite dissociation was published until 1928. 

In that year, H. Gruber and coworkers’ stated that 
molybdenum disulfide exposed to 1400°C (2550° F) 

at pressures of 2 to 4 mm Hg will produce metallic 
molybdenum. In the same year, Parravano and 
Malquori,” in attempting to define the reaction con- 
ditions, reported that the dissociation of molybdenum 
disulfide is not complete at pressures of several 
millimeters of mercury at temperatures in the 
range of 1400° to 1500°G (2550° to 2730° F). 

In 1929, M. Picon® reported the relation between 
temperature and the rate at which molybdenum 
disulfide dissociated. A translation of his work in- 
dicates that 6 hr in vacuum at 1100°C (2010°F) 
caused a 13 pct weight loss. The product of heating 
MoS, for 2 hr at 1200°C (2190°F) contained 1.6 pct S. 
At 1400°C (2550°F) the reaction was exceedingly 
rapid, and the metal remaining after heating was 
completely ‘‘free of sulfur’’. 


SMALL-SCALE LABORATORY EXPERIMENTS 


The first attempt to produce metallic molybdenum 
by thermally dissociating molybdenite at the Climax 
laboratory was made in June 1943. In this experi- 
ment, regular mine concentrate was added in small 
increments to a zirconia crucible which was heated 
to 2430° to 2550°F (1330° to 1400°C) in an evacuated 
chamber. A total of 67 g of powdered molybdenite 
was added to the crucible in 1 1/2 hr. In the follow- 
ing 1 1/2 hr, the temperature was raised to 2940°F 
(1620°C): 

Comparison of the chemical analyses of the charge 
and of the product, Table I, revealed that not only 
was substantially all the sulfur removed, but also 
that the process simultaneously removed a signifi- 
cant amount of the impurities in the molybdenite. As 
an example, note the reduction in silica from 9.34 g 
per 100 g of molybdenum in the charge to 1.04 g per 
100 g of molybdenum in the product. 

The study continued with the dissociation of 150 to 
300-¢g charges of pelletized molybdenite. These 
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Fig. 1—Microstructures of molybdenum powders. Polish- 
etch-buff. (a) Mo from MoS, (3000°F)—0.0027 pet O. (2) 
Good commercial Mo-0.030 pet O. X2000. Reduced ap- 
proximately 23 pet for reproduction. 


studies disclosed that dissociation for 1 hr at 2600°F 
(1430°C) resulted in a product with only 0.018 pct S 
and 0.006 pet C. Zirconia and beryllia were found to 
be suitable refractories for the process operating in 
the 2600°F (1430°C) temperature range. Unexplained 
at that time was the occurrence of a melt, at a tem- 
perature as low as 2350°F (1290°C), in some of the 
dissociation experiments. (Recent experiments indi- 
cate that the melt consisted of a eutectic of approxi- 
mately equal quantities of Mo and Mo,S,.) 

Further investigation of thermal dissociation of 
molybdenite was suspended until November 1952. At 
that time, molybdenite containing only 0.5 pct gangue 
(Lubricant Grade MoS,) became available as a result 
of the introduction of a new milling process at the 
Climax mine, and it appeared that molybdenite of this 
quality held promise for producing pure molybdenum 
by direct dissociation. In the initial experiment, 25 g 
of ‘‘Lubricant Grade MoS,”’ pellets were heated to a 
maximum temperature of 3000°F (1650°C); the 
charge had a 100° to 300°F (55° to 165°C) tempera- 
ture gradient. The time at temperature was 3 1/4 hr, 
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Fig. 2—Microstructure of molybdenum powder unsuitable 
for the arc-casting process. Polish-etch-buff. X2000. 
Reduced approximately 23 pct for reproduction. 


and the final pressure was 20u of Hg. This treatment 
resulted in a product containing 0.0027 pct O, as de- 
termined by the vacuum fusion method, and 0.019 pct 
S. The product was found to be the cleanest, metal- 
lographically, of all molybdenum powders examined 
at this laboratory. A comparison between the micro- 
structures of the dissociation product and good com- 
merical molybdenum powder is made in Fig. 1. 

A word of explanation regarding metallographic 
examination of molybdenum powders is in order. A 
representative sample of the powder to be examined 
is mixed with an equal quantity of Lucite powder, 
poured into a metallographic mounting press mold, 
and excess Lucite is added to make a mount of con- 
venient height. After curing, the mount is ground 
and polished to reveal the internal characteristics of 
the powder particles when examined at high magnifi- 
cation. Final polishing is accomplished by a polish- 
etch-buff procedure which is described in the litera- 
ture.” 

Using this metallographic technique, many powders 
have been examined to determine their suitability as 
arc-cast feed stock. Speckled or spongy structures, 
as shown in Fig. 2, are undesirable, and have been 
correlated with ingots exhibiting high oxygen con- 
tents. Metallographically ‘‘clean’’ powders are 
molybdenum powders that exhibit little or no sponge 
or speckling. 

The observations made on this molybdenite dis- 
sociation product marked the turning point, at 
Climax, in the consideration of the application of 
the product. In earlier work, the dissociation prod- 
uct was considered as an agent for adding molyb- 
denum to irons, steels, and nonferrous alloys. The 
clean structure and the relatively low oxygen con- 
tent indicated that the dissociation product had po- 
tential as a feed stock for the arc-casting process. 

The arc-casting process which is being referred 
to is the vacuum-arc consumable electrode process 
developed at the Climax laboratory. In this process 
the powder charge, containing a small addition of 
carbon as a deoxidizer, is consecutively pressed 
into an electrode, sintered by electrical resistance 
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Fig. 3—Microstructure of molybdenum produced by dis- 
sociation of MoS, at 2500°F. Polish-etch-buff. X2000. 
Reduced approximately 23 pct for reproduction. 


heating, and melted by an alternating current arc 

in a water-cooled copper mold to produce a cast 
ingot.’ This process requires low oxygen molyb- 
denum feed stock, since only a limited time is avail- 
able for deoxidation during melting. 

The first group of experiments aimed at the pro- 
duction of high purity feed stock for arc casting was 
concerned with the minimum temperature required 
to obtain the desired purity and grain characteris- 
tics. It was soon established that dissociation was 
far too slow at 2500°F (1370°C) to be considered 
practical, and the structure of the product processed 
at that temperature was observed to be both speckled 
and spongy, Fig. 3. 

Since high temperatures favored the development 
of the desirable large, clear molybdenum grains, the 
balance of the 1952 research program was directed 
to obtaining data at 3000°F(1650°C), the tempera- 
ture considered to be the highest practicable for 
operating commercial equipment. It was concluded 
on the basis of the test results that molybdenite must 
be pelleted to prevent loss of charge, i.e., to obtain 
adequate recovery. The product of runs in which the 
molybdenite had been pelleted was more difficult to 
crush, but from the particle size and metallographic 
purity standpoint, it compared favorably with the 
products obtained from loose powder charges. 

The last of the experimental work undertaken in 
1952 consisted of attempts to decompose molyb- 
denite by resistance heating a rod formed by the 
consecutive addition of a series of compacts. It was 
shown that if the rod was preheated to about 1200°F 
(650°C), it became conducting and could be heated by 
electrical resistance. However, the rod fused by 
formation of a eutectic between Mo and, it was be- 
lieved, Mo,S,. It was decided that for future decom- 
position experiments radiant heating would be em- 
ployed. 


TWO- POUND BATCH EXPERIMENTS 


The objective of the work undertaken in 1953 was 
the evaluation of molybdenum which had been vacuum- 
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Table Il. Concentrations of Metallic Impurities 

First Ingot From 

Lubricant Ingot From Commercial 

Grade Dissociation Molybdenum 

MoS, Product Powder 

Iron 0.20 pct 0.005 pct 0.0047 pct 
Silicon 0.10 0.001 0.0014 
Copper 0.034 0.0005 N.D. 
Aluminum N.D. 0.001 N.D. 


N.D. —not determined 


arc cast from feed stock produced by thermally dis- 
sociating molybdenite. Thermal dissociation equip- 
ment was constructed to explore the possibility of a 
continuous process of passing the charge through the 
hot zone of a furnace. The successful operation of 
this equipment as a continuous process was not real- 
ized due to resulfurization of the product during 
cooling. Revision of the equipment made it possible 
to produce 2-lb batches of molybdenum in the uni- 
form temperature zone of the furnace. A total of 
eight batches, using lubricant-grade molybdenum 
disulfide, supplied material for arc-casting. The 
attempt to arc-cast this material in the press- 
sinter-melt (PSM) equipment was unsuccessful due 
to the failure of the electrode, but a length of elec- 
trode was salvaged and was converted into a small 
ingot in equipment in which preformed electrodes or 
bar stock can be arc-cast. 

The quality of this small ingot was good. Fracto- 
graphic examination, Fig. 4, revealed the presence 
of intergranular carbides and no manifestation of 
oxide. For comparison, the structure revealed at 
the same magnification by standard metallographic 
examination has been included in this illustration. 

The fractographic technique used for ingot evalu- 
ation is described more fully in the literature.”° 
Essentially, it is a sensitive and convenient method 
for examining the phases present on intergranular 
surfaces. When carbon is not used for deoxidation 
in arc-casting commercial molybdenum powder, the 


(a) Sheet Oxide 


Fig. 5—Characteristic phases revealed on the surfaces of molybdenum grains by fractographic examination. X2000. Re- 
duced approximately 26 pct for reproduction. 
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Carbides and “Speckling”” 


(b) 


Fig. 4—Structure of first ingot produced from molybdenite 
dissociation product. (2) Fractograph. (4) Electropolished. 
X2000. Reduced approximately 23 pct for reproduction. 


as-cast grain boundaries exhibit sheet oxide, as 
shown in Fig. 5(a). As increments of carbon are 
added, the sheet oxide decreases in quantity with the 


(c) Carbides and Absence of ‘‘Speckling’’ 
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(b) 


Fig. 6—Representative microstructure of molybdenum 
powder produced in 18-lb batches by dissociation of MoS, 
at 3000°F. Polish-etch-buff. X2000. Reduced approxi- 
mately 23 pet for reproduction. 


platelets finally disappearing and the oxide occurring 
as speckling, coincident with carbide ‘‘feathers,’’ 
Fig. 5(6). As deoxidation becomes more complete, 
specks become less evident and finally disappear 
completely, Fig. 5(c). 

It would be desirable to have a raw material that 
was sufficiently low in oxygen to require little or no 
carbon for deoxidation. Molybdenum from direct 
thermal dissociation of molybdenite holds this po- 
tential. 

An analysis of the metallic impurities in the first 
small ingot of molybdenum, produced from thermally 
dissociated molybdenite, compared favorably with the 
analysis of a concurrent ingot arc-cast from com- 
merical molybdenum powder, as shown in Table II. 


EIGHTEEN- POUND BATCH EXPERIMENTS 


The success of the process using equipment for 
producing 2-lb batches of molybdenum led to the 
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Table Ill. Analyses of Molybdenum Powders Produced by 
Thermally Dissociating Molybdenite 


Run Carbon, Pct Sulfur, Pct 
4-24-56 0.008 0.009 
5-7-56 0.012 0.007 
5-14-56 0.010 0.022 
5-21-56 0.014 0.011 
6-4-56 0.004 0.015 
6-11-56 0.011 0.014 
6-18-56 0.002 0.010 


decision to design and construct equipment capable 
of producing 18-lb batches of molybdenum. The ob- 
jective was to use this equipment to dissociate 
molybdenite in vacuum at temperatures near 3000°F 
(1650°C) and to evaulate the molybdenum so pro- 
duced on the basis of the properties of the arc-cast 
and wrought metal. In the first run with the new 
equipment, it was found that the sulfur-condensing 
device was inadequate. In scaling-up the molybdenite 
dissociation process, one of the major problems has 
been the effective condensation of the evolved sulfur. 
The most desirable condensate, a crystalline deposit, 
is difficult to achieve. Two undesirable forms have 
created problems, sulfur ‘‘smoke’’ (.e., condensate 
of fine particles in the gas stream) and the rubbery, 
amorphous form. A suitable condensing system was 
developed to handle these forms of sulfur. 

The equipment which was developed consisted of a 
furnace, which was located in a large hermetically- 
sealed chamber, connected through a cold trap to an 
oil ejector vacuum booster pump backed by a me- 
chanical forepump. The furnace had an alundum 
muffle which was heated by molybdenum strip re- 
sistors. (Once an alundum muffle had been used, it 
would disintegrate after a one-or two-day exposure 
to air, but if kept under vacuum it would remain 
serviceable). The pelleted molybdenite charge was 
contained within a basket of perforated molybdenum 
sheet. A screw jack was used to raise the charge 
into the furnace and to lower the product from the 
furnace. 

The sulfur evolved during the dissociation opera- 
tion was deposited on a rotating disk condenser 
operated at 150°F to crystallize the amorphous sul- 
fur condensate. This permitted scrapers to remove 
the sulfur deposit continuously from the condenser. 
When dissociation was complete and the molybdenum 
product had cooled, the chamber was filled with argon 
from an argon purification and recirculation system. 
The molybdenum was then removed from the furnace, 
crushed, loaded into transport bottles, and the bot- 
tles sealed while maintaining a purified argon at- 
mosphere in the chamber. 

Molybdenite, in the form of lubricant-grade molyb- 
denum disulfide, was dissociated to the metal ina 
series of runs made with this equipment. The carbon 
and sulfur analyses of the products are given in 
Table III, 

The analyses indicated that sulfur removal was 
substantially complete. (Corollary experiments in 
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Fig. 7—Fractographs of 3 in. ingots. (2) Mo from Mos,— 
0.016 pet C, 0.0005 pet O—Heat 3-1844 (6) Commercial 
Mo-0.025 pet C, 0.0005 pet O-Heat 3-1843. X2000. Re- 
duced approximately 23 pet for reproduction. 


PSM arc-casting equipment showed that as much as 
0.02 pct sulfur in the charge apparently did not con- 
taminate the arc-cast product). The carbon contents 
were sufficiently low for the metal to be acceptable 

as arc-cast feed stock, but the variation in the car- 

bon contents indicated the desirability of more con- 

trol of the process. 

The metallographic characteristics of Run 4-24-56, 
which were representative of these powders, are il- 
lustrated in Fig. 6. The structures exhibited the 
large, clear grains characteristic of the product of 
high temperature thermal dissociation. 

Three-inch diameter ingots were cast from the 
products of dissociation Runs 4-24-56 and 6-18-56. 
One 5-in. diam ingot was cast from the accumulated 
product of five other runs. Companion ingots of the 
same Sizes were cast, using commercial molyb- 
denum powder and graphite additions for deoxida- 
tion. No such additions were made to the thermal 
dissociation products. 
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Fig. 8—Fractographs of 5-in. ingots. (2) Mo from MoS,— 
0.001 pet C, 0.0053 pet O—Heat 3-1881. (4) Commercial 
Mo—0.015 pet C, 0.0006 pet O—Heat 3-1880. X2000. Re- 
duced approximately 23 pet for reproduction. 


The ingots were analyzed spectrographically to 
compare the level of metallic impurities. The re- 
sults, shown in Table IV, demonstrate that the metal- 
lic purity was essentially the same for ingots arc- 
cast from commercial molybdenum powder and from 
molybdenum produced by thermal dissociation of 
lubricant-grade molybdenum disulfide. The prim- 
ary difference in the analyses of the arc-cast ingots 
is seen to be the definitely higher aluminum content 
and the somewhat greater chromium and cobalt con- 
tents inthe dissociated molybdenite product. 

The exceptional cleanliness (relatively little oxide 
speckling)in the fractograph, Fig. 7(a) of Heat 3-1844, 
the ingot arc-cast from the molybdenite dissociation 
product is, to our knowledge, the best yet exhibited 
by an ingot containing as little as 0.016 pct C. 

The five-inch-diameter ingot, Heat 3-1881, cast 
from the several batches of molybdenite dissociation 
product, contained essentially no carbon. As a re- 
Sult, some oxide specks and platelets were observed 
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Table IV. Spectrographic Analyses of 3- and 5-In. Ingots 


Powder Commercial Molybdenum Dissociated Molybdenite 
Heat No. 3-1843 3-1880 3-1844 3-1884 3-1881 
Ingot Diam, in. 3 5 3 3 5 
Element Impurities in Parts Per Million 
Magnesium ve 6 6 6 th 
Aluminum 1 1 53 53. 10 
Silicon 32 32 32 32 32 
Titanium 67 68 45 45 45 
Vanadium 1 1 5 5 2 
Chromium i 6 19 19 8 
Iron 65 63 64 64 65 
Cobalt 10 1 16 16 10 
Nickel 6 1 5 5 2 
Copper zr 1 2 1 2 
Silver 1.5 0.6 0.6 0.6 2 
Lead Z 6 6 6 7 
Total 204.5 184.6 253.6 252.6 192 


on the as-cast grain surfaces, Fig. 8(a). Of all of the 
Climax experiments in arc- casting molybdenum, 
never before has it been possible to produce an un- 
alloyed molybdenum ingot with a carbon content of 
less than about 0.010 pct without observing flake 
oxide on fractographic examination. Thus, it was 
concluded that the thermal dissociation of molyb- 
denite has produced molybdenum powder lower in 
oxygen than any powder heretofore available. 

Vacuum fusion analyses of arc-cast ingots re- 
vealed that the contents of the interstitial elements 
(6 to 50 ppm O, dependent on the carbon content, 
<0.2 to 0.7 ppm H, <3 to 4 ppm nitrogen) of the 
dissociation products were only as low as, but not 
lower than, those obtained in commercial practice. 
Inability to realize the potential of the thermal 
dissociation process for achieving lower contents 
of interstitial elements was ascribed to the inability 
to achieve sufficiently low pressures during the 
final stage of the dissociation reaction. 

Heat 3-1881 was readily extruded, but in view of 
its as-cast fractographic appearance, its inability 
to be press-forged was not surprising. At this point, 


November 1956, the furnace was worn out, and ex- 
perience with the many problems involved in sulfur 
condensation made it apparent that the sulfur con- 
denser should be located away from the dissociation 
chamber. It was considered desirable to develop 
equipment to produce still larger batches of molyb- 
denum powder, so that the product of one batch could 
be arc-cast into an ingot sufficiently large to fabri- 
cate by methods comparable to commercial practice. 
The properties of molybdenum produced from molyb- 
denite dissociation could then be compared to the 
properties of commercial molybdenum in the form of 
powder, as-cast ingots, and various wrought products. 
However, before a furnace could be designed, it was 
necessary to find an inert material to serve as the 
hot face interior of the dissociation furnace. 

Small-scale experiments were conducted to deter- 
mine the effect of several variables on the carbon 
content of the product, as well as to discover an inert 
construction material. It appeared that the small 
mass of the charge (12 to 45 g) affected carbon con- 
tent and the results could not be extrapolated to 
larger equipment. Therefore, these experiments 
were discontinued but fortunately not before dis- 
covering that MgO brick was unaffected by the con- 
ditions which are encountered in the operation and 
repair of a furnace for the molybdenite dissociation 
process. 


100- POUND BATCH EXPERIMENTS 


For the last two years the primary objective has 
continued to be the evaluation of the quality of arc- 
cast ingots made from the molybdenite dissocia- 
tion product. A necessary preliminary objective has 
been the construction and operation of an experi- 
mental dissociation unit capable of producing 80- 
to 100-lb batches of molybdenum. 

A schematic diagram of the equipment which was 
constructed is presented in Fig. 9. The numbers 
used in the following description are the same as 
those used in the diagram. 


Fig. 9—Equipment for dissociating 160-lb 
batches of molybdenite to produce 80- to 
100-lb batches of molybdenum powder. 
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1) Furnace or Dissociation Chamber—A charge of 
molybdenum disulfide pellets in a perforated molyb- 
denum sheet container is dissociated in the Furnace 
at pressures ultimately reaching 1 to 5u of mercury 
at temperatures of 3000°F (1650°C). Molybdenum 
resistance heating elements are used, and sealed- 
in molybdenum wells protruding into the dissociation 
chamber permit optical pyrometers to be used to 
determine furnace temperatures. 

2) Sulfur Condenser—Three baffles divide the Sul- 
fur Condenser into four zones which progressively 
cool and condense the sulfur vapors. A neon light 
transformer, 12,000 volts ac, is used to charge sulfur 
particles suspended in the gas phase (sulfur smoke) 
to increase the efficiency of the Sulfur Condenser. 
The sulfur vapor which is evolved in the Furnace is 
conducted to the Sulfur Condenser in a pipe which 
becomes hot enough to prevent sulfur from solidify- 
ing within it. 

3) Cold Trap—Experiments conducted to date have 
used either dry ice in alcohol or liquid nitrogen as a 
cooling medium. 

4) Oil Jet Booster Pump— This vacuum pump is 
used during the major part of the dissociation reac- 
tion. 

5) Oil Diffusion Pump—This vacuum pump is used 
alone or in conjunction with the Oil Jet Booster Pump 
to attain high vacuum during the final stages of the 
dissociation reaction. 

6) Mechanical Vacuum Forepump—An Oil Purifi- 
cation System has been added to the mechanical 
pump which is used to back up both the booster and 
the diffusion pumps. 

7) Chamber— The Furnace is completely enclosed 
in the Chamber, which is evacuated and then filled 
with purified argon before starting a dissociation 
run. The argon atmosphere Surrounding the evacu- 
ated furnace provides additional protection against 
contamination of the product. If, during a dissocia- 
tion run, a leak develops in one of the high-tempera- 
ture seals in the furnace, then the leakage to the 
furnace is purified argon, rather than air. At the end 
of the dissociation reaction, the cooled product is 
removed from the furnace into the purified argon 
atmosphere of the Chamber. Until it is vacuum arc- 
cast, the product is never exposed to any other 
atmosphere. 


8) Argon Purification System-—The argon in the 
Chamber is continuously recycled through the puri- 
fier, 

9) Screw Jack Lift—The charge is raised into the 
Furnace, and the product is lowered from the Furn- 
ace with the Screw Jack. 

10) Crusher Plate--The product is hammered 
through the 5/8-in. diam holes in this plate, produc- 
ing a coarse, crushed product. 

11) Wiley Mill—The coarse, crushed molybdenum 
is reduced to a minus 10-mesh powder in the Wiley 
Mill. The milled product can be transported to the 
consumable-electrode, vacuum arc-casting equip- 
ment in sealed containers and arc-cast without being 
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exposed to air. 

The equipment which has just been described in- 
cludes all of the revisions and additions which have 
been made to date. By the use of this equipment, 
the thermal dissociation reaction itself has been 
successfully scaled-up to reduce 160-lb batches of 
molybdenite to produce molybdenum with approxi- 
mately 0.020 pct S and 0.004 to 0.008 pct C. The 
operation of the equipment has been less fortunate, 
for in spite of the fact that the equipment operated 
properly for extended periods of time, malfunction- 
ing of various furnace parts has caused most of the 
dissociation runs to be unsuccessful. 

The development of the sulfur condensing system 
has met with a greater degree of success. The use 
of baffles and, it is believed, the glow discharge 
has brought about a marked improvement in the ef- 
ficiency of the Sulfur Condenser as originally con- 
structed. 


SUMMARY 


In summary, the molybdenite dissociation process 
equipment has been scaled-up from batch charges 
weighing 70 g to batches weighing 150 to 300 g, from 
there to 3 lb, then to 32 lb, and finally up to 160 lb of 
molybdenite. In no case has scaling-up the process 
introduced new problems with respect to the purity 
of the resulting product. The molybdenite dissocia- 
tion process has been shown to be capable of pro- 
ducing a molybdenum product of high purity, sub- 
stantially equivalent to that produced by hydrogen 
reduction of highly purified molybdic oxide. In ad- 
dition, the oxygen content of the molybdenite dis- 
sociation product is considerably lower than pres- 
ently available commercial powder. 

Difficulties were encountered with the equipment 
used for dissociating the 3-, 32-, and 160-lb batches. 
These difficulties arose due to the problems asso- 
ciated with handling successively larger masses of 
evolved reaction products, and to the lack of knowl- 
edge of the properties of construction materials for 
equipment operating under the unique conditions im- 
posed by the molybdenite dissociation process. 

It is believed that the information obtained in the 
operation of the equipment for dissociating 160-lb 
charges of molybdenite makes it possible to re- 
design and to successfully operate equipment for 
dissociating even larger batches of molybdenite. 
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The Effect of Copper, Nickel, Iron, and Chromium 


on the Tensile Properties of Preferentially 


Oriented Beryllium Sheet 


Beryllium was mixed by powder metallurgical techniques 
with copper, nickel, iron, and chromium, respectively, to form 
beryllium-vich binary alloys which were then extruded and 
rolled transverse to the extrusion direction. The effect of each 
alloying element was determined by tensile testing. In solid 


solution, small amounts of iron and nickel had an emobrittling 


F. M. Yans 


effect, while copper in solution increased the strength but had 


no effect on ductility. The effect of chromium was complicated 


A. D. Donaldson 


and not readily explainable. Observations concerning the planes 


and modes of fracture were made. 


Beryuurm possesses some very attractive prop- 
erties for general design applications, especially its 
strength to weight ratio which is approximately twice 
that of aluminum and three times that of stainless 
steel. Equally significant, however, is its combina- 
tion of high moduli (E ~ 40x 10° psi, C ~ 21x 10° 
psi), high strength (approximately 70,000 psi tension 
and 40,000 psi shear), and low density (0.0658 lb 

per in.*), which has made it a potentially important 
structural material for use in high-speed aircraft 
and missiles. The main attractions of beryllium are 
most marked when compared to other constructional 
alloys now in use, For example, while its density is 
approximately that of magnesium, its modulus of 
elasticity is approximately seven times that of mag- 
nesium, three times that of titanium, four times that 
of aluminum, and 1 1/3 times that of steel. Further- 
more, its relatively high strength and high melting 
temperature permit design for service temperatures 
to about 1100°F. It is felt by the aircraft industry 

in general,’ that the high cost of beryllium can 
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easily be amortized by the savings in fuel costs, and 
increases in aircraft payload and range. The only 
factor which has prevented the use of the metal in 
structural applications is its lack of sufficient duc- 
tility. It is this property that has retarded the de- 
velopment and utilization of beryllium. 

Beryllium’s modes of deformation, Fig. 1 indicate 
that the main fracture planes at room temperature 
in a randomly oriented sample are the (0001) basal 
planes; the (1120) prism planes are the planes of 
secondary fracture.” Klein, Macres, Woodard, and 
Greenspan’ obtained elongations of up to 40 pct in 
beryllium sheet rolled above 700°C when the (0001) 
basal planes were oriented parallel to the plane of 
the sheet (see Fig. 2), 


Basal Plane (120) Fracture Plane 
[120] Slip (1010) 

Directi 

Slip 


(O00!) Basal Cleavage 
Plane 


Prism Slip Plane 


Fig. 1—Crystallographic planes of beryllium, showing 
major slip planes and directions. 
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Fig. 2—Beryl- 
lium strip with 
a large degree 
of ductility in 
the plane of the 
sheet only. 


The object of this investigation was to determine 
the solution hardening effects of iron, nickel, chro- 
mium, and copper, some of the main impurities 
found in beryllium, on the tensile properties of the 
metal; some of these elements in solution might be 
the cause of brittleness. A convenient way to obtain 
enough ductility in beryllium to detect the effects 
of these impurities was to make use of the afore- 
mentioned preferentially oriented sheet; this was 
the material employed. 


REVIEW OF THE LITERATURE 


Although there has been much speculation concern- 
ing the possibility of trace amounts of impurities 
being the cause of brittleness in beryllium, it has 
not yet been proved that their removal will lead to 
extensive ductility.* Tuer and Kaufman’ have shown 
that in single beryllium crystals up to 700°C the 
most important slip and tensile elongation occurs on 
the (1010) planes in the [1120] directions. The (0001) 
basal planes are the main fractures planes. Twinning 
occurs on the (1912) planes and is observed in tension 
and compression. The optimum orientation for max- 
imum ductility is one in which a [1010] direction is 
parallel to the tensile axis; and the only form of ex- 
tensive tensile deformation at room temperature 
which can be sustained without fracture and cracking 
s (1010) duplex slip. 


Table II. Alloy Content of the Binary Beryllium Alloys Produced 
(Total Alloy Content = As-Received Content Plus Wt Pct Added) 


Chromium Iron Nickel Copper 
Wt Total Wt Total Wt Total Wt Total 
Pct Alloy Pct Alloy Pct Alloy Pct Alloy 
Added Content Added Content Added Content Added Content 
0.10 0.10 0.13 0.24 0.030 0.047 0.12 0.12 
0.30 0.30 0.29 0.40 0.072 0.089 0.19 9.19 
0.47 0.47 0.35 0.46 0.16 0.17 0.34 0.34 
0.55 0.55 0.44 0.55 0.24 0.25 0.42 0.42 
0.32 0.33 
0.52 0.53 


Table |. Chemical Analysis of the As-Received QMV Beryllium 
Powder, Wt.Pct* 


NMI No. SMB447 Brush Beryllium Co. No. Y-8838-AP 


Al Ca Cr Cu Fe Mg Mn Ni Si BeO 


0.018 0.003 0.008 0.003 0.110 0.070 0.006 0.017 0.070 0.900 


*As determined by the Brush Beryllium Co., Cleveland, Ohio 


SPECIMEN FABRICATION AND MECHANICAL 
TESTING 


In preference to casting, semi-powder methods 
were used to fabricate the alloy tensile specimens. 
Substantially better mechanical properties were ob- 
tained for several reasons: 

1) Large grain size is associated with cast beryl- 
lium. 

2) Segregation in the cast metal could be a problem 
since there are large density differences between 
beryllium and the alloy additions. 

Commercially pure Brush Beryllium Co.’s QWV 
powder (-200 mesh, -74,.) is used as a matrix (see 
Table I). A list of the composition of the binary 
alloys fabricated is given in Table II. The iron was 
added in the form of 20-,: carbonyl powder and the 
nickel, chromium, and copper in the form of 75-yu 
powder. 

Prior to the compaction of the powders, each alloy 
is milled in a glass jar. One-half-in. teflon cubes 
are used to assist agitation while the jar is turned 
on a rolling mill for 12 hr. The fine powder sizes 
and milling technique resulted in excellent dispersion 
(see Table III). 

The resulting homogenous powder mixture is cold 
compacted into a steel extrusion can formed from 
Shelby mild steel tubing. The compacting is done by 
means of a hydraulic press exerting 30 tons per me 
on the powder, resulting in a compact of 1.58 g per 
cc which is 85 pct of theoretical density. 

The cold-compacted powder and can is heated to 
about 1066°C (1950°F) before extrusion. The com- 
plete extrusion billet and die assembly, as shown 
in Fig. 3, fits into a liner which is preheated to 
482°C (900°F); the cone and die are also heated to 
this temperature. A glass lubricant was used dur- 
ing extrusion. 

The final size of the extrusion was a flat 1/2 by 
11/2 in. by approximately 6 ft. The reduction in 
area by extrusion was 12.8:1. After the extruded 
flats were air cooled, the steel cans were pickled 
off in an aqueous solution of 50 pct HNOs, which 
does not attack beryllium. 


Table Ill. Chemical Analysis of Preliminary Extrusion 
Distance from Front ie, 
of Extrusion, In. Wt Pct 
6 0.501 
9 0.531 
12 0.506 
15 0.509 
18 0.522 
21 0.526 
24 0.516 
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Fig. 3—Extrusion die, cone, can, nose-plug, end plug, and 
graphite cut-off. 


Bars of 3 in. length were cut from the extrusions, 
wrapped in 18-gage stainless steel sheet. and then 
sandwiched in mild steel ‘‘picture frames’? for roll- 
ing (see Fig. 4). The stainless steel wrapping pre- 
vents the bonding of beryllium to the steel frame at 
high temperature. The total rolling reduction ratio 
was approximately 5:1 and all sandwiches were 
heated to 1010°C (1850°F) for 1 hr for the purpose 
of solutionizing the alloys before rolling. The sand- 
wiches were rolled transverse to the extrusion di- 
rection with 25 pct reduction on each pass and re- 
heated to temperature (1010°C) between passes. 
After rolling, the sheets were air cooled to room 
temperature and the mild steel sandwich was pickled 
away. The stainless steel wrapper was peeled off 
by hand. Beryllium sheet 0.09 in. thick was ob- 
tained. About six tensile specimens were cut from 
each alloy sheet, three parallel to the rolling direc- 
tion and three perpendicular to it. Each blank was 
surface-ground flat, the gage length formed by 
grinding, and the bearing holes drilled. The speci- 
men was then etched ina 10 pct sulfuric acid aqueous 
solution until the thickness was reduced by 8 mils to 
remove all twins formed in the machining operation. 

The above fabrication processes yielded beryllium 
sheet with a fairly equiaxed microstructure. The 
grain size was approximately 20 to 40 u in diam and 


(1010) Pole Figure (0001) Pole Figure 


Rolling 
Orection 


Rolling 
Direction 


Direction 
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Fig. 4—Rolling assembly: (from left to right) beryllium 
flat wrapped in stainless steel; bare beryllium flat; steel 
top of sandwich; steel evacuation tube leading to sandwich; 
and steel sandwich with bottom welded on. 


was not affected by the type or amount of alloying 
element added. 


SPECIMEN ANALYSIS 


A) Textures— Basal and prism plane pole figures 
of the unalloyed beryllium sheet were constructed by 
means of X-ray diffraction techniques.* Scans were 
made every 10 deg, and no symmetry was assumed. 
These figures (see Fig. 5) show that the basal plane 
poles [(0001) poles] are mainly oriented about 17 deg 
on either side of a perpendicular to the sheet ina 
plane parallel to the extrusion direction. This basal 
pole concentration 17 deg from the normal to the 
sheet is apparently due to the fact that (1012) twin- 
ning as well as (1010) slip is operative at the fabri- 
cation temperatures.° A very high (1010) pole den- 
sity exists in the extrusion direction and 60 deg to 
it. The random sample was constructed by cold 
compacting and sintering. In a sheet with this basal 
plane layer texture, the basal plane fracture mecha- 
nism is made almost totally inoperative if uniaxial 
tensile stresses are applied in the plane of the sheet 
and as a result large plastic deformations can be 
achieved, The reason for this is that the basal 
planes are almost parallel to the plane of the sheet 


Fig. 5—Typical pole figures for the (0001) 
(basal) and (1010) (prism) planes of the 


pure beryllium sheet. 
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Fig. 6—The effect of Fe, Ni, Cu, and Cr on the lattice 
parameter ‘‘C’’. 


and are not subjected to transverse, tensile, or 
compressive forces. However, no plastic deforma- 
tion can be achieved transverse to the plane of sheet 
because plastic tensile or compressive strains are 
encountered transverse to the major fracture planes. 
Hence, the sheet possesses ‘‘two dimensional duc- 
tility’? and will not deform plastically under biaxial 
tension. 

Texture studies were not made on the alloyed 
sheet. Observations of the fracture patterns (dis- 
cussed later in the text) in the alloyed and unalloyed 
beryllium sheet indicated that all sheets had the 
same type of texture. If there was any variation in 
texture between the specimens, it was only in de- 
gree, and this could not be detected by fracture ob- 
servation. Variation in the degree of preferred 
Orientation could cause a change in mechanical proper- 
ties, and it would be interesting to determine whether 
or not it is affected by the type or amount of the 
various alloying elements used. Since all fabrica- 
tions were performed above the recrystallization 
temperature, any hypothetical texture changes at- 
tributable to the alloying elements might actually be 
due to their effects on the orientation and growth of 
nuclei during the recrystallization process rather 
than on the deformation texture developed prior to 
recrystallization. 

B) Solubility Measurements—Since the purpose of 
this work is the investigation of solid solution em- 
brittlement caused by iron, nickel, copper, and 
chromium, a solutionizing heat treatment that in- 
creases the grain size must be avoided. If the pre- 
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Fig. 7—The effect of Fe, Ni, Cu, and Cr on the elongation 
of beryllium. 


0.6 


pared alloys exceed the room-temperature solu- 
bility limit, there is no absolute reason for be- 
lieving them to be in solution after air cooling. In 
the case of iron, nickel, and copper, the maximum 
solid solubility is definitely in excess of the amount 
of alloying addition. The maximum solid solubility 
is approximately 100, 50, and 13 times that of the 
maximum amount of copper, nickel, and iron added, 
respectively (see Table IV). The maximum solid 
solubility of chromium in beryllium is not known. 
Several tests were therefore performed to deter- 
mine the amount, if any, of alloying element in so- 
lution after various treatments. These tests were 
as follows: a) high resolution radiography, b) metal- 
lography, and c) lattice parameter measurements. 
The radiographic and metallographic examinations 
can detect at best only very large segregation; the 
lattice parameter measurements are more precise. 
The metallographic results were obtained from as- 
rolled and solutionized sheet. The radiographs and 


Table 1V. Maximum Solid Solubility of Cu, Ni, Fe, and Cr in Be 


Max At. Pct Max Wt Pct 


Atomic Ele- Solid Solid 
No. ment Solubility Solubility References 
29 Cu 7 53 Losana and Venturello® 
28 Ni 4.9 34 S. H. Gelles, NMI? 
26 Fe 0.93 5.8 S. H. Gelles, NMI? 
24 Cr ? ? 
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Fig. 8—The effect of Fe, Ni, Cu, and Cr on the reduction 
in area of beryllium. 


lattice parameter measurements were obtained 
from as-rolled material. Although quantitative data 
are not obtainable in all of these techniques, com- 
parison can yield a very good idea of the extent of 
solutionizing, 

Random portions of sheets containing the highest 
alloy content in each binary system were radio- 
graphed for 7 sec under chromium Kap, 19 kv 5 ma, 
X-rays at a distance of 28 cm. No segregation was 
detected. Since there is an extremely large differ- 
ence in X-ray attenuation between beryllium and the 
alloying additions, this test is very strong evidence 
of the absence of major segregation. 

These same sheets were metallographically ex- 
amined after extrusion, after rolling and also after 
being solutionized at 1100°C for 24 hr and then 
water quenched. No second phase or segregation 
was evident. The grain size did not appear to be 
affected by the type of alloying element. 

The lattice parameter C for each alloy was meas- 
ured by X-ray diffraction techniques and the results 
are given in Fig. 6. The crystallographic plane in 
the silicon standard used to calibrate the goniometer 
had a Bragg angle only 6 deg away from the (0004) 
beryllium reflection detected by means of NiKa ra- 
diation. The (0004) reflection occurred at a Bragg 
angle of approximately 135 deg. An error analysis 
proved that, for the experimental condition used, 
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Fig. J—The effect of Fe, Ni, Cu, and Cr on the yield point 
of beryllium. 


the probability that any points would lie within an 
error of + 0.00014 is 0.8. This accuracy of 

+ 0.00014 is the relative error between points and 
the measurements should not be construed as ab- 
solute since no corrections for the absorption, or 
geometry were made. In the case of iron, nickel, 
and copper alloys the lattice parameter exhibits a 
marked constant increase with composition. Chrom- 
ium does not have as much of an effect on the lattice 
parameter as the copper, nickel, or iron. 

It is concluded that all or most of the nickel, iron, 
and copper are in solid solution. The chromium 
does not appear to be in solution, but it might be if 
the chromium atoms went interstitially into the 
beryllium lattice in the A direction (only values of 
C are given in Fig. 6). When the beryllium C/A 
ratio (which is already less than ideal) is consid- 
ered, however, this possibility appears doubtful. 
One other possibility which would not contradict the 
experimental evidence is that the chromium might 
be in solution but not have as large a size effect on 
the lattice as the other elements used, 


RESULTS AND DISCUSSION 


A) The Tensile Properties of Each System—All 
tensile results are shown in Figs. 7 to 11, in which 
each point is the average of at least five values. 
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Fig. 10—The effect of Fe, Ni, Cu, and Cr on the engineering 
tensile strength of beryllium. 


It should be noted that all tensile results are plotted 
as a function of alloying element added and not total 
alloy content. Straight-line relationships were ar- 
bitrarily assumed in many instances where scatter 
in the data was large. The variation of the tensile 
properties with alloying content has been viewed 
from an aspect of maximum solid solubility. It has 
been found that some of the tensile properties vary 
with the maximum solid solubility of the alloying 
elements as well as their concentration. The maxi- 
mum solid solubility for the elements under consid- 
eration decreases linearly as the atomic number 
decreases, Table IV. The copper has no effect upon 
the elongation and reduction in area of beryllium, 
but raises the yield point slightly and the tensile 
strength considerably. This appears to be the most 
attractive alloying system. Nickel in solution sig- 
nificantly decreases the elongation and reduction in 
area, but does not appear to affect the yield point. 
Its effect on the tensile strength is more difficult to 
understand, for the tensile values do not extrapolate 
linearly back to the as received tensile values. 

0.43 wt pct Fe added in solid solution to the as- 
received beryllium reduces the reduction in area 
and elongation of the beryllium sheet by a factor of 
approximately 6, but the yield strength and engi- 
neering tensile strength are markedly increased, 
Figs. 9 and 10. The true tensile strength varies with 
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Fig. 11—The effect of Fe, Ni, Cu, and Cr on the true tensile 
strength (fracture load/final area) of beryllium. 


iron content in a manner similar to that of the be- 
ryllium-nickel system. With small additions of 
chromium (0.25 wt pct), there is an initial decrease 
in reduction in area and elongation, with a subse- 
quent increase in ductility at about 0.5 wt pct Cr. 
Although this reversal might conceivably be caused 
by solution and precipitation hardening reactions in 
competition with each other the effect is, at best, 
anomalous. It is very doubtful that the degree of 
solid solution embrittlement is a function of the 
lattice strain observed in Fig. 6 since copper did 
not adversely affect the ductility and yet it caused 
almost as large an increase in the lattice parameter 
as Fe and Ni. 

The ductility seems to be less and less affected 
by the impurities as the atomic number increases. 
When copper is added there is no effect on ductility 
but the tensile strength increases. This observation 
suggests that an investigation of the beryllium-zinc 
system might show an increase in ductility as well 
as tensile strength. If the hypothetical linear rela- 
tionship between iron content and ductility is as- 
sumed to be correct, the ductility of the as-received 
beryllium sheet may possibly be increased by about 
15 to 20 pet of its present value by using iron-free 
beryllium powder. To date, it is very difficult to 
obtain any beryllium powder on a commercial basis 
with less than 700 ppm of Fe. 
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Fig. 12—Beryllium sheet (as-received composition) 
cracked by dropping an iron weight on it. 


It would be very interesting to observe the effect 
of Fe, Ni, and Cu, in the form of a precipitate, on’ 
the mechanical properties of this type of beryllium 
sheet. If these elements in precipitate form did not 
adversely affect the ductility there would be little 
impetus to reduce their concentrations in beryllium 
below the present commercial level because the 
metal currently available could be precipitation heat 
treated to eliminate solid-solution embrittlement. 
The existing phase diagrams indicate neglibible 
solid solubility of Fe, Ni, or Cu in beryllium at 
room temperature,*® 


B) Fracture Planes of the Sheet— The fracture 
plane orientation is shown in Fig. 12. The (1010) 
pole figure, Fig. 5, shows that the fracture planes 
are the (1120) planes, and a qualitative diffraction 
pattern of the cracked surfaces indicates that there 
is a high concentration of the (1120) planes parallel 
to the cracks. This same type fracture pattern is 
observed in the alloyed sheets. The (1120) planes 
are perpendicular to and at 30 deg to the rolling 
direction. In almost every case the tensile speci- 
mens fractured on the (1120) planes. 

A very small number of specimens, (1 out of 50), 
which fractured with an extremely low ductility and 
tensile strength, were the only ones which did not 
fracture on the (1120) planes; it is assumed that 
these unusual fractures were due to one of the three 
following reasons: 

1) The fabrication did not orient every grain suf- 
ficiently and enough stress was allowed to reach the 
basal planes in one grain to initiate basal plane slip, 
and hence premature fracture. 
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2) The specimen did not have all of the machine 
surface removed by the 0.008-in. etch. If so, (1012) 
twins remaining on the surface would be in the cor- 
rect orientation to facilitate basal plane fracture. 

3) There may have been microcracks on the sur- 
face or interior of the specimen. 

This last possibility appears most likely. 


CONC LUSIONS 


1) Iron in solution drastically reduces the ductility 
of beryllium. 

2) Copper in solution increases the yield point and 
tensile strength of beryllium with no adverse effects 
on the ductility. 

3) The fracture planes of beryllium sheet with a 
basal plane layer texture are the (1120) planes. 
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Dispersion Strengthening in the Copper-Alumina 


A series of copper-alumina dispersion strengthened alloys 
were prepared using three different copper and two different 
alumina powder sizes. Improvements in strength of up to ten 
times that of pure copper were found in room-temperature as 
well as elevated-temperature stress-rupture tests. Conductivity 


values remained from 70 to 90 pct that of pure copper. The best 


K. M. Zwilsky 


alloys were based on the finest metal powder (1) and contained 


from 7.5 to 10.0 vol pct of 0.018 or 0.033 u alumina. 


DispErsion strengthening of metals consists of 
strengthening a metal matrix by the addition of ox- 
ides or other refractory constituents, followed by 
strain hardening, in order to reinforce the base ma- 
terial and extend its temperature range of applica- 
tion. Since the discovery of SAP by Irmann’ and 
Von Zeerleder’ in 1949, many investigators have re- 
ported data obtained on a variety of metal-inert oxide 
alloys.*” 

The present work deals with the mechanical mixing 
of copper and alumina powders. While several tech- 
niques of introducing the second phase have been in- 
vestigated to date, mechanical mixing so far has 
been recognized as the simplest, least expensive, 
and most universally applicable technique that can 
be used to obtain an ultrafine dispersion of inert 
particles. In the present case, the effects of chang- 
ing the metal particle size, the oxide particle size 
and the volume percent of oxide were investigated. 
This work is an extension of a previous study. ° 


EXPERIMENTAL PROCEDURE 


The starting materials were three different grades 
of copper powder and two different alumina powders. 
The three metallic powders were -74 y(- 200 mesh) 
electrolytic copper powder consisting of irregular 
equiaxed particles having a normal screen distribu- 
tion and analyzing 99.5 pct Cu, and two powders hav- 
ing a 5-y and 1-wy particle size, average, respec- 
tively. The latter powders were produced by the 
hydrogen reduction of purified sulfate solutions at 
elevated temperature and pressure and were fur- 
nished by the Sherritt Gordon Mines, Ltd. The 
alumina used was obtained from Godfrey L. Cabot 
Co., under the trade name of Alon C, one batch of 
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powder having a particle size of 0.018 u, the other a 
particle size of 0.033 uw. The crystal structure of 
these alumina powders was found to be cubic gamma. 

Each batch of powder was mixed in a Waring 
Blendor for a total of 15 min, followed by a low-tem- 
perature reduction in hydrogen and vacuum compact- 
ing in cylinders which were hydrostatically pressed 
at 35,000 psi to give a compact that could be handled 
conveniently. Six of the compacts were hydrogen 
sintered at 900°C while the remaining four were 
sintered at 1000°C. Subsequently, all compacts 
were hot extruded at 760°C with a reduction of 
area ratio of approximately 20 to 1. 

Evaluation of alloys included density and re- 
sistivity measurements, room-temperature tensile 
tests, stress-rupture tests at 450°C plus one other 
temperature per alloy, hardness tests, microstruc- 
tural examination, X-ray analysis of the dispersed 
phase after dissolving the metal phase, and oxida- 
tion studies on two of the alloys. A vacuum-melted, 
wrought copper rod was tested together with these 
alloys for comparison purposes. 


RESULTS 


Table Iis a Summary of the compositions, sinter- 
ing temperatures, densities and conductivity values 
of the ten alloys prepared. All alumina additions are 
given in volume percent, and will be referred to as 


Table |. Composition, Density and Conductivity of Ten Alloys Produced 


Volume Density, Conductivity, 

Alloy Sintering Cu Size, Al,O, Size, Pet, Pct of Pct of 

No. Temp.,°C m Al,O, Calc. Value Pure Cu 
A 900 -74 0.018 2-5 99.1 91.8 
B 900 -74 0.018 5.0 95.1 86.3 
900 —74 0.018 tos 96.3 80.3 
D 1000 -74 0.018 10.0 93:7 80.8 
E 900 1 0.018 25 98.7 78.7 
F 900 1 0.018 5.0 98.6 76.4 
G 900 1 0.018 705) 98.7 69.4 
H 1000 1 0.018 10.0 98.8 69.2 
I 1000 1 0.033 10.0 98.0 64.6 
J 1000 5 0.033 10.0 99.4 69.6 
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Table Il, Summary of Data for Ten Dispersion-Strengthened Copper-Alumina Alloys and Pure Copper 


Interpolated Values for 100 Hr R. L. 


Room-Temperature Data Crystal Struc. of 


Alloy Temp., Stress, Elong., Red.of Area, Yield, Psi, Ultimate, Elong., R4 Alumina, after 
No. i Psi Pct Pct 0.2 Pct offset Psi Pct Pct Extraction® 
A 350 10,000 2 2 25,400 32,300 15 34 gamma 
450 4,000 2 2, 
B 350 15,000 if 1 26 ,600 36,800 12 23 gamma 
450 13,000 2 2 
c 450 12,000 2 3 29,300 36,400 6 14 gamma 
650 4,800 1 1 
D 350 16,400 1 1 28,300 42,000 6 10 50 pct gamma 
450 12,000 1 2 50 pct alpha 
E 350 11,000 2, 4 27,400 35,300 20 68 gamma 
450 8,000 
F 350 21,000 2 3 48,400 58,800 11 23 gamma 
450 18,800 2 3 
G 450 23,500 1 1 69,900 88,500 5 7 gamma 
650° 10,500 2 4 
H 350 6,800 2 2, 25,800 33,900 9 ily alpha 
450 3,600 2 
I 450 24,800 1 1 60,500 77,400 5 iul 90 pct gamma 
550 17,000 1 1 10 pct alpha 
J 450 20,000 1 1 59,200 66,300 6 7 80 pct gamma 
550 14,000 1 1 20 pct alpha 
Pure Cu 350 6,200 30 28 8,000 32,000 55 70 - 
450 2,600 18 18 
550 1,200 25 23 


“Alumina as received has the gamma or cubic crystal structure. The transformation occurring is to the alpha or hexagonal structure (Corundum) 


which is the most stable form of alumina. 
Same data for tests at 450°C after prior 1000°C annealing. 


such throughout the paper. Table II summarizes all 
of the test data and serves as a supplement to the 
data presented below. 

Fig. 1 presents stress-rupture data at 450°C for 
alloys A to D, containing -74-, Cu and increasing 
amounts of 0.018- alumina, compared to pure cop- 
per. While the 2.5 pct addition gives only a small 
increase in strength over pure copper, 5.0, 7.5, and 
10.0 pct additions show a considerable increase in 
rupture life, the data for these three alloys falling 
into a narrow stress range. Comparison of the stress 
to give a 100-hr rupture time for these three alloys 
shows a value of approximately 12,000 psi compared 
to 2600 psi for pure copper. 

Fig. 2 shows the room-temperature tensile and 
conductivity data for these same four alloys, the 
tensile strength of alloy D being 42,000 psi compared 
to 32,000 psi for pure copper, whereas the yield 
strength is 28,300 psi compared to 8000 psi for pure 
copper. It is of interest to note that the strength 
values in Fig. 2 do not exhibit a great dependence on 
the volume percent of oxide added, except for the 
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Fig. 1—Log stress vs log rupture time at 450°C for pure 
copper and four -74 p Cu alloys containing up to 10 vol pct 
of 0.018-p alumina. 
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large initial increase in yield strength over that of 
pure copper. 
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Fig. 2—Room-temperature tensile and conductivity data for 
four -74-p Cu alloys containing up to 10 vol pet of 0.018 p 
alumina. 
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Fig. 3—-74-p Cu; 5 vol pet 0.018 p alumina. Longitudinal 
section; Unetched. Oxide 100 percent gamma alumina. 
X500. Reduced approximately 37 pct for reproduction. 


Conductivity measurements gave values ranging 
from 80 to 90 pct that of pure copper, the conduc- 
tivity decreasing with increasing oxide content. Fig. 
3 shows the microstructure of alloy B with 5.0 pct 
oxide; this structure is representative of that of the 
alloys in this series. The stringering is due pre- 
dominantly to the relatively coarse copper powder 
size and the wide range of powder sizes involved. 
X-ray measurements of the alumina extracted from 
these four alloys showed that in the 2.5, 5.0, and 7.5 
pet alloys, the gamma structure was retained, while 
in the 10.0 pct alloy, one-half of the alumina had 
transformed to. alpha (hexagonal). 

Fig. 4 gives stress-rupture data at 450°C for al- 
loys E to H containing 1-u Cu and increasing amounts 
of 0.018-y alumina. Comparison of the stress values 
to give a 100-hr rupture life for these four alloys 
with pure copper (2600 psi) shows that the 2.5 pct 
addition has raised this stress to 8000 psi, the 5.0 
pet addition to 18,800 psi, and the 7.5 pct addition to 
23,500 psi. The 10.0 pct addition shows only a slight 
increase over pure copper, to 3600 psi. The 7.5 pct 
addition of 0.018-y alumina to 1-y Cu has thus re- 
sulted in an increase of nine times the 100-hr rup- 
ture life stress for pure copper. 

Fig. 5 plots the room-temperature properties of 
these four alloys. The 7.5 pct addition can again be 
seen to have produced the strongest alloy giving a 
tensile strength of 88,500 psi and a yield strength of 
69,900 psi, improving the values over pure copper 
by factors of 2.7 and 8.7, respectively. The 10.0 pct 
alloy by comparison shows only small increase in 
room-temperature strength over pure copper; the 
ductility values for this alloy show an increase in 
ductility compared to the 7.5 pct alloy. Conductivity 
values for this group of alloys vary between 70 and 
80 pct of the conductivity for pure copper. 

It is apparent from Figs. 4 and 5 that the volume 
percent of oxide added to the 1-u copper powders 
exerts a large influence on the mechanical proper- 
ties obtained. Strength values increase with increas- 
ing oxide content up to 7.5 pct, but decrease sharply 
for the 10 percent addition. 

X-ray data on the extracted alumina residues show 
that alloys E, F, and G (2.5 to 7.5 pct additions) had 
retained the gamma structure of alumina, while alloy 
H (10 pet addition) shows a complete transformation 
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Fig. 4—Log stress vs log rupture time at 450°C for pure 
copper and four 1-y Cu alloys containing up to 10 vol pet 
of 0.018 p» alumina. 


to alpha alumina. Comparison of photomicrographs 
in Fig.6 {(a) and (b)|shows that this phase change is 
associated with a major change of the microstruc- 
ture, giving coarse agglomerates of alumina in the 
10 pct alloy, which are several times larger than the 
particles of alumina in the 7.5 pct alloy. 

Fig. 7 is a plot of room-temperature hardness vs 
annealing temperature for times of 1 hr at tempera- 
ture for alloys E, F, and G. These curves show the 
high time-temperature stability characteristic of 
these alloys. For the 7.5 pct addition, measurable 
softening occurs only after annealing above 800°C; 
even after annealing at 1000°C the hardness remains 
very high. Pure copper, on the other hand, recrys- 
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Fig. 5—Room-temperature tensile and conductivity data for 
four 1 p Cu alloys containing up to 10 vol pet of 0.018-y 
alumina. 
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Fig. 6—(a) One-p Cu; 7.5 vol pet 0.018 p 
alumina. Longitudinal section. Unetched. 
Oxide 100 pet y alumina. (4) One- Cu; 
10.0 vol pet 0.018 yp alumina. Longitudinal 
section. Unetched. Oxide 100 pet a 
alumina, X1000. Reduced approximately 
6 pet for reproduction. 


tallizes in the 250° to 300°C temperature range. 

It was of interest to determine the effects of prior 
high-temperature annealing on the stress-rupture 
properties. Specimens of the 7.5 pct alloy were an- 
nealed for 1 hr at 1000°C and stress-rupture tested 
at 450°C. Results are presented in Fig. 8. The 
strength values fell to those recorded for the as- 
extruded alloy tested at 650°C, and surprisingly the 
slopes are the same, indicating the ability of these 
alloys to remain stable with respect to time at tem- 
perature. Although a considerable decrease in 
rupture stress for a given rupture life is observed 
after the annealing treatment, the alloy tested in this 
condition still shows four times the 100-hr rupture 
stress of pure copper. Elongation values were in- 
creased from 1 to 3 pct for specimens tested in the 
1000°C annealed condition. The results are in agree- 
ment with the data of Adachi and Grant.® 

Alloys I and J contain 10 pct of 0.033-,, alumina 
instead of 0.018- alumina used in alloys A through 
H. Alloy I is based on 1-y and alloy J on 5-p Cu 
powder. Stress-rupture results at 450° and 550°C 
are presented in Fig. 9. This 1- Cu alloy was the 
strongest obtained in the present work, yielding a 
stress for 100-hr rupture life at 450°C of 24,800 psi 
(vs 2600 psi for pure copper), and a value of 17,000 
psi at 550°C (vs 1200 psi for pure copper). The 
values for the 1-y alloy I are higher than for the 5-p 
alloy. Tensile and conductivity data for these two al- 
loys are listed in Tables I and II. X-ray examination 
of extracted residues showed that alloy I retained 90 
pet of the original gamma alumina with 10 pct being 
transformed to alpha, while alloy J showed a 20 pct 
transformation to alpha. 
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Fig. 7—Hardness vs annealing (1 hr) temperature curves 
for 50 pet cold-worked, pure copper and three 1- -. copper 
alloys containing up to 7.5 vol pct of 0.018- w alumina. 
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Fig. 10 shows the microstructure of alloy I. A 
number of coarser alumina particles can be seen in 
this microstructure, and are believed to be associ- 
ated with the y to a transformation, see also Fig. 
6(6). The actual size of the alpha particles appears 
to be exaggerated due to polishing effects. 

Oxidation tests were performed on pure copper and 
alloys F and J; results are presented in Fig. 11 in the 
form of weight gain per square centimeter vs oxida- 
tion temperature. The weight gain measured for the 
powder alloys is of the same order of magnitude as 
for pure copper for oxidation times of 100 hr in air 
at the indicated temperatures. Oxidation appears to 
be considerably accelerated for all the materials 
during the cycling oxidation treatment at 650°C (10 
cycles; each cycle represents heating to 650°C, hold- 
ing for 10 hr followed by cooling to room tempera- 
ture). 

Examination of stress-rupture specimens after 
testing showed that oxidation of the powdered alloys 
had occurred only on the surface of the test bar and 
because of the transcrystalline fractures observed in 
all powdered specimens, no oxide formation was 
found on the inside of the bars. Most of the copper 
specimens, by comparison, exhibited heavy inter- 
crystalline cracking and heavy oxidation of internal 
cracks. 


DISC USSION 


Effect of Density-- Alloys having a density of at 
least 98 pct of theoretical were judged to be sound, 
and little influence is ascribed to differences in 
properties due to variations in density between 98 
and 100 pet. Only alloys B, C, and D (-74 yu copper 
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Fig. 8—Log stress vs log rupture time plot for a 1-y Cu- 
7.5 vol pet 0.018 -y Al,O3 alloy tested at 450°C after anneal- 
ing 1 hr at 1000°C; compared to the as-extruded alloy at 
450° and 650°C and to pure copper at 450°C, 
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Fig. 9—Log stress vs log rupture time at 450° and 550°C 
for 1- and 5-y Cu alloys containing 10 vol pct of 0.033 -p, 
alumina; compared to pure copper. 


5.0, 7.5, and 10.0 pct alumina) had densities lower 
than 98 pct. Examination of Fig. 3 shows the oxide in 
this series of alloys to be strung out in the extrusion 
direction in agglomerated form, and it is quite likely 
that fine voids exist among the alumina particles. 
Alloys having low densities, of the order of 94 to 96 
pet of theoretical, are suspected of giving low prop- 
erty values.” It should be pointed out, however, that 
in comparing these three alloys among themselves, 
the density variation is only on the order of 2 pct so 
that the data can probably be used to assess the rela- 
tive influence of volume percent oxide within this 
series. 

Effects of Metal and Oxide Particle Size, Ratio of 
Sizes, and Volume Percent of Oxide—Results obtained 
establish the fact that strength properties are a di- 
rect function of the starting size of the metal powder. 
The two series of alloys (A to D and E to H), using 
0.018-y alumina, show that the 1-y Cu powder 
yields much stronger alloys compared to those based 
on -74 Cu, even allowing for the incomplete densi- 
fication in the latter alloys. Likewise, for 10 vol pct 
additions of the 0.033-,. alumina to 5- and 1-u copper 
powders, the 1-y base alloy gave superior strength 
properties. 
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Fig. 11—Oxidation results for pure copper and two extruded 
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represents heating to 650°C, holding for 10 hr followed by 
cooling to room temperature). 
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Fig. 10—One -yCu; 10 vol pct 0.033-p alumina. Longitudinal 
section; Unetched. Oxide 90 pct y. 10 pet a alumina, X1000. 
Reduced approximately 37 pct for reproduction. 


In practice, the volume percent oxide added for 
optimum strength properties is closely related to 
the particle size of the base metal powder. For 
the -74 » Cu alloys (A to D), it was noted previously 
that strength properties did not exhibit a large de- 
pendence on the volume percent oxide added above 
5.0 pct. The only effect, visible in the pertinent 
microstructures, of increasing the amount of oxide 
was a broadening and lengthening of the stringers 
obtained. It seems reasonable that this should be 
the case, since a relatively small number of oxide 
particles will suffice to fill the spaces between large 
copper particles, even if ideal mixing conditions 
are assumed. The largest copper particles present 
are the limiting factor to the average interparticle 
spacing of the oxide phase. The addition of more 
oxide serves only to overload the structure, increas- 
ing the size of the agglomerates already present. 

The use of finer copper particles (1) , by com- 
parison, allows a greater amount of oxide to be uni- 
formly dispersed. The larger surface area of the 
fine metal powder increases the number of inter- 
stices to accommodate a larger amount of fine oxide 
colonies. Thus, the oxide interparticle spacing can 
be successively reduced with the addition of a larger 
volume percent of oxide, giving increased benefits 
in strength properties as was shown for alloys E, 

F, and G. Addition of more oxide beyond optimum 
filling of interstices leads to overloading of the 
structure, a process by which additional oxide par- 
ticles serve only to increase the size of oxide ag- 
glomerates. If the overloading is relatively slight, 
strength properties will not decrease appreciably, 
but elongation values will decrease. If the overload- 
ing is large, however, the oxide phase will result in 
extensive stringering and will lead to low strength 
and very low ductility values. 

The optimum size of oxide particles must in turn 
depend on the metal particle size and its uniformity. 
For alloys fabricated from coarse metal powders, 
such as the -74 yw grade used here, the size of oxide 
particles does not appear to be very critical, since 
the large interstices between the coarse particles 
allows accommodation of oxide particles several 
times larger in order of magnitude than the 0.018-y 
particles of alumina used here. The authors have 
previously reported on an alloy containing 10 vol pct 
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of 0.3- alumina in -74-u Cu powder.°® This alloy 
showed a stress of 12,000 psi for 100-hr rupture life 
at 450°C, identical to the stress for alloy D in the 
present study containing 10 pct of 0.018-u alumina. 
The use of 1-to 5 u metal powders, however, re- 
quires much stricter control of oxide particle size. 
An oxide particle size of 0.3 u which is on the same 
order of magnitude as the metal powder, does not 
provide adequate oxide particles at 10 vol pet to yield 
a reasonable interparticle spacing.® Both the metal 
and oxide phases tend to be semicontinuous. Rupture 
Stresses for 100 hr at 450°C have been measured on 
alloys containing 5 and 10 pct of 0.3 in Al,O, in 1-p 
Cu giving values of 8000 and 12000 psi, respectively. 
These compare to values of 18,800 psi for alloy F 
(5 pet of 0.018 » alumina) and 24,800 psi for alloy I 
(10 pet of 0.033 1 alumina), indicating that the finer 
oxides used give greatly superior properties. Itis 
postulated, therefore, that oxide particles have to be 
considerably smaller than the metal phase in order 
to provide for a good dispersion within the metal 
matrix. Judging from the alloys produced in the 
present work with ultrafine alumina particles, and 
similar work in Ni-Al,O, alloys, the oxide par- 
ticles should be no less than 30 to 50 times smaller 
than the metal particles to give optimum results. 
With regard to the size of the oxide particles, it is 
apparent that for a given amount of oxide and a given 
metal particle size the overloading of the structure 
will be accelerated as the particle size of the oxide 
decreases. In comparing particles of 0.018 and 
0.033 u diam, it should be recognized that the for- 
mer contains six times as many particles as the 
latter for a unit weight of material; thus a smaller 
volume percentage of the finer oxide should give 
approximately the same interparticle spacing as a 
larger percentage of the coarser oxide powder. Com- 
parison of alloys G (7.5 pct, 0.018- alumina) and 
alloy I (10 pct, 0.033-alumina) shows that almost the 
same stress-rupture properties were obtained with 
7.9 pet of the finer oxide as with 10 pet of the coarser 
One. 


Effect of Oxide Transformation—The transforma- 
tion from y to a alumina takes place in the 800° to 
1000°C temperature range. The volume change as- 
sociated with this transformation is negative, from 
a Specific volume of about 0.285 to 0.250. As is 
shown in Figs. 6(a) and 6(d), the transformation ap- 
pears to be associated with a severe coarsening of 
the oxide particles. Both the agglomeration and re- 
sultant volume change will have an effect on the 
stored energy and stability of the system. The time, 
temperature, and rate of transformation are as yet 
poorly known for the conditions of fabrication of 
these alloys. 

Nevertheless, elimination of the transformation, 
or control of it, may aid in the achievement of the 
desired structure and properties. This reasoning 
lends support to the observation by Bonis and Grant?° 
that definite advantage exists in the sintering of 
nickel base dispersion hardened alloys as opposed 
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to nonsintering. Fabrication temperatures for the 
nickel base systems are such as to be well above 
the transformation range of alumina, and it appears 
to be preferable to transform the alumina before 
extrusion to achieve stable alloys. 

In the present work, alloys D, H, I, and J, which 
were sintered at 1000°C, were all found to have 
undergone partial or complete transformation. In 
alloys Iand J containing 10 pct of 0.033-y alumina, 
the effect was found to be localized, indicating that 
transformation occurred only at points having a 
large concentration (or overloading) of oxide. By 
comparison, the transformation in alloy H (10 pct of 
0.018 . alumina) was complete, indicating that with 
the finer oxide powder overloading of the structure 
was so severe that the transformation took place 
rapidly. Based on these three alloys, it would ap- 
pear that the transformation is not only time-tem- 
perature dependent, but is also affected by concen- 
tration effects. In cases where transformation of 
the oxide phase can occur, overloading of the struc- 
ture will always be troublesome since this overload- 
ing controls the size of the agglomerates that are 
formed. 


CONCLUSIONS 


1) Mechanical mixing of metal and oxide particles 
by high-speed blending followed by extrusion is cap- 
able of producing stable high-strength alloys. The 
best alloys obtained in the present study of the cop- 
per-alumina system exhibited increases in stress for 
a 100-hr rupture life of 9 to 10 times that of pure 
copper at 450°C and 14 times at 550°C. A room-tem- 
perature tensile strength of 88,500 psi and yield 
strength of 69,900 psi were recorded for one of the 
best alloys compared to 32,000 and 8,000 psi, re- 
spectively, for pure copper. Ductility data varied 
between 5 and 30 pct at room temperature. 

2) Of special interest were the high conductivity 
values found in these copper alloys. Conductivities of 
70 to 90 pct compared to pure copper were meas- 
ured. 

3) Variables affecting the microstructure and 
properties of these alloys were shown to be the initial 
particle sizes of metal and oxide powder, the volume 
percent of oxide used, and transformation of alumina 
during fabrication. For best results, the finest metal 
particles (below about 5 uu) should be blended with 
oxide particles on the order of 30 to 50 times smaller 
than the metal particles. The optimum volume per- 
centage of oxide must be determined experimentally, 
based on the available particle sizes of both metal 
and oxide powders. Assuming a 1- to o- metal 
powder and 0.01 to 0.03 u oxide, the optimum volume 
percent of oxide will vary between 5 and 12 vol pet. 
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Calculation of Activities in Binary Systems 


Having Miscibility Gaps 


A method of calculating activities in binary systems having 
miscibility gaps is described. The method, which applies only to 
the phase in which the gap occurs, is exact when the functiona,, 


defined by the equation 


(1 )? 


i 


varies linearly with composition. Analytical and numerical solu- 
tions (as a function of the conjugate phase compositions) are pre- 
sented for two coefficients A and B from which the thermodynamic 
activities can be calculated. Deviations from Henry’s law, calcul- 
able by the method presented, are shown graphically for the par- 
ticular. case of the component i at the edge of the miscibility gap 
more remote from pure component i. For symmetrical gaps, the 
deviation from Henry’s law at this gap edge becomes smaller as 
the gap becomes wider. The interrelation of gap location, the di- 
rection of departures from Henry’s law and the occurrence of 
maxima and minima in these departures is discussed in some de- 
tail, Values for a and for activity calculated from phase diagrams 
show fairy to excellent agreement with corresponding experimental 


values in the Al-Zn and CaO-SiOz systems. 


Wien structurally similar phases, 6 and 4, lie at 
the sides of a two-phase region in a constitution 
diagram, it can be assumed that, stably or metast- 
ably, they will become completely miscible at a 
higher temperature. The $8 and 6 phases are par- 
ticular composition ranges of a single 66 phase re- 
gion with a miscibility gap. Below, as above, the 
critical solution temperature, the free energy of 
formation of the 86 phase is a continuous function of 
composition through the range of the miscibility gap. 
It is the purpose of this paper to use this continuous 
free-energy function in order to develop a simple 
method for computing the thermodynamic activities 
in the 86 solution of a binary system. 

To make these calculations it is assumed that the 
function @;, familiar from Gibbs-Duhem integrations 
and defined by the equation 
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is linear with composition, that is, 
a,=A+B(1-N,)2A+B-N, 


The symbol N; represents the atom fraction of com- 
ponent 7.* Throughout the paper the pure components 


*In all symbols, subscripts denote components. 


(having the same crystal structure as the £6 solution) 
are used as the standard states to which thermody- 
namic activities, a;, are referred and the activity co- 
efficients, y;, denote the quotients, a;/N;. The second 
of the foregoing identities defines two coefficients A 
and B, which, at a given temperature, are constants 
in a particular system. It can readily be shown by 
integration of the Gibbs-Duhem equation that 


The condition that a; be linear with composition is 
not purely hypothetical. Darken and Gurry’ showed 
that a number of real systems essentially conform to 
this restriction. For any system of interest, in which 
the manner of variation of @; with composition is not 
known, the contents of this paper until superseded by 
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experimental data will serve as a guide in estimating 
activities. 


CONDITIONS AT THE CRITICAL SOLUTION TEM- 
PERATURE 


The free energy of formation of the B5 phase*, AF, 


*The second of the expressions for the free energy can be shown to 
be identical with that used by Hardy? to define his “‘sub-regular’”’ solu- 
tion model, which in turn he showed was effectively identical with con- 
cepts by earlier workers. Denoting atom fractions by N,and N,, Hardy’s 
expression (containing his coefficients A, and A,) reads 


AF = A,NiN, + A,N,N2 + RT(N, InN, +N, 


in which 

(24, = A,) 

CAS 24.) _ 
RT 


The justification for the present paper lies in the greater ease of calcu- 
lating activities by the method described here. 


is given by: 
AF = RT [N, In (y,N,) + In 
= RT(N,1n N, +N, In N,) + RT (N,N; a, + N7N,a,) 
=RT[(1—- In (1 - N,) + N, In N,| 
+ RT ~N?)(4+B) + 
Separation of the 86 phase into two immiscible so- 
lutions is possible when the curve of AF vs N, has 
two points of inflection. At the consolute point, the 


two inflections must coincide and they can converge 
only when both 
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Fig. 1—Departures from Henry’s law by component 2 at 
the 8 edge of the miscibility gap. The running parameter, 
ve/y 2» denotes the ratio between the activity coefficients 
of component 2 at = ng and at No=0. [(Zones 
largest departure from Henry’s law is at Ne (gap edge)); 
(Zone “‘Y”’ largest departure from Henry’s law is in the 
stable solution region, 0 < Ny < NP).] 
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dN; dN3 
are zero. Solving for A and B according to these 
conditions 
3x - 1 
2(1—x)x* 


and 


3(1 —x 
where x denotes the value of N,at the consolute point 
At the critical solution temperature, it is possible 
then to calculate from the phase diagram the values 
of a;, 7; and, finally, the activity a;at any composi- 
tion of the solution. 

Unless the consolute point lies within the equi- 
librium phase diagram and is known with accuracy 
the method of computation loses utility. It is desir- 
able also to repeat here the restriction that a; must 
be linear for strict applicability. 


DERIVATION OF THE VALUE FOR a; FROM COM- 
POSITIONS OF CONJUGATE £ and 5 SOLUTIONS 


At any temperature, the atom fractions of compo- 
nent 2, Nf and N&, in the conjugate solutions corre- 
spond to the points of tangency of the straight line 
that twice touches the AF vs N, curve. The slope of 
the tangent can be obtained as the value of (d AF)/ 
(dN,) at each point of tangency and also from the co- 
ordinates of the two points. Thus, at the composi- 
tions of coexisting B and 6 solutions, 


dN,] \dN, Ni -N3 
yielding two independent equations in the unknowns 


A and B. 
The solutions can be conveniently expressed thus: 


Ns 
B= 2 (NE + NE Na) 
(NB —N8) N3(1-N$) 


B 1 1-N8 
A= 5 + * ja 


(N 
B 
+ Bin 
2 


For ease of application, A and B have been com- 
puted for a wide range of combinations of conjugate 
compositions, Nf and Ne, The results are given in 
Tables I and II. In preparing the tables, the 6 solu- 
tion was arbitrarily chosen to be the solution richer 
in component 2, that is, always, NS >N*. In applying 
the tables to a real system, subscript 2 may be ar- 
bitrarily identified with either component. As out- 
lined earlier, thermodynamic activities can be 
calculated at any composition of the 66 solution from 
the A and B values. The method is applicable to both 
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liquid and solid solutions and to organic as well as 
inorganic systems. 

At times the chemist is more concerned with the 
deviations from Henry’s law, which may be measured 
for the arbitrary component 2 as the value either of 
%/ve or of In %/y3. Fig. 1 shows the magnitude 
of this departure, y$/y3, at the specific composi- 
tion, n8 , that is, the edge of the gap closer to pure 
component 1.* Here it is demonstrated that, along 


*The superscripts of y, denote specific compositions: ‘‘0’’ for infinite 
dilution of pure component 2 and ‘‘8” for the 8 edge of the gap. 


the line for symmetrical gaps, the smallest depar- 
tures from Henry’s law by component 2 at the 8 edge 
of the gap are found with the widest gaps. Although 
widening of the gap implies faster departures from 
Henry’s law with increasing concentration of com- 
ponent 2, this effect is more than offset by the ap- 
proaching of the gap edge to infinite dilution. 

If the deviations from Henry’s law, In ¥,/V > , are 
examined through the whole composition range be- 
tween the pure components, three classes of curves 
may be distinguished; namely, those with a minimum, 
those with no turning point and those with a maximum. 
By differentiation of the expression 


In = - 1) + BIN; 


it is easily shown that a real turning point occurs 
only when A and B have different signs and the ab- 
solute value of 3B is greater than that of 2A. Positive 
values of A yield a maximum and negative values a 
minimum. Application of these criteria with Tables 
land II discloses in broadly qualitative terms that 
minima are associated with gaps lying near pure 
component 1 and maxima with gaps lying near pure 
component 2, while the range of gap locations for 
which there are no turning points lies in between. 
Fig. 2 illustrates how activity itself can vary with 
composition; the upper sketch applies when there is 
a minimum or no turning point in In s/s and the 
lower sketch applies when there is a maximum. 
Turning to a consideration of only the stable 6 solu- 
tion range, the lower sketch of Fig. 2 aids in recog- 
nition of the fact that, when there is a maximum in 
Wel os the largest absolute deviation from Henry’s 
law may be found at a composition closer to pure 
component 1 than the 8 gap edge. The boundaries of 
zone Y in Fig. 1 delineate the range of miscibility 
gaps for which this largest absolute departure is 
located at the maximum of In ¥2/Vs within the 6 solu- 
tion range. 


EXAMPLES 


Hilliard, Averbach, and Cohen® determined experi- 
mentally the relative thermodynamic properties in 
the alloys of the aluminum-zinc system at 300°C. 
From the tabulation of their results, the value of a, 
and the activity of aluminum (standard state: pure 
aluminum ) can be derived for a number of alloy com- 
positions. 
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HENRY'S LAW 


7 


Fig. 2—Modes of 
variation of the 0 
activity of com- 
ponent 2 with com- 
position at low con- 
centration of com- 
ponent 2. 


HENRY'S LAW 
LINE 


No— 


To compute the corresponding values of a, and 
aluminum activity by the method of the current paper, 
the range 0.438 to 0.80 atom fraction aluminum was 
used for the limits of the miscibility gap in the alumi- 
num-rich fec phase.* The cited range yields a value 


*This range, obtained by Hilliard et al. from their consideration of the 
literature, agrees fairly well with the range derived by Hansen* but dif- 
fers somewhat from their own experimental findings. 


of +3.260 for Aand of — 1.752 for B. In Fig. 3 the ex- 
perimental values of a, are seen to scatter about the 
line calculated from the position of the miscibility 
gap alone. The apparent anomaly of experimental 
values for a a, being obtained within the gap range 
arises from the conflict in gap location cited in the 
footnote. In Table III, experimental and calculated 
values for aluminum activity are tabulated for com- 
parison. The agreement is excellent on the alumi- 
num-rich side of the gap but on the zinc-rich side 
the agreement is only fair. 

As a second example, the activity of silica at 1698° 
in the liquid phase of the lime-silica system was 
calculated from the compositions of the coexisting 
liquid solutions at the monotectic.* The calculated 
values (which refer to a standard state of liquid 
silica) are compared in Fig. 4 with the values for 
the activity of cristobalite obtained by Yang, McCabe, 
and Miller® and by Chipman” from his own work and 
that of Richardson.® The three lines of Fig. 4 mutu- 
ally disagree but the author’s line, calculated from 
only two points on the phase diagram, predicts with 
apparent correctness that silica activity remains 
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Table Ill. Calculated and Experimental Values for Aluminum 


Activity in Aluminum-Zinc Alloys at 300°C 


Atom Fraction 


Aluminum Activity 


Aluminum Experimental? Calculated 

0.95 0.957 0.958 
0.90 0.928 0.928 
0.85 0.914 0.910 
0.82 0.908 0.902 

Range of miscibility gap in fcc phase 0.908 0.898 
0.45 0.877 0.898 
0.425 0.838 0.895 

Range of coexisting fcc and cp hexagonal 0.838 0.882 
phases 


below 0.1 up to 0.4 mol fraction then rapidly in- 
creases almost to unity near 0.7 mol fraction. Ina 
system for which the phase diagram is known but for 
which there is little thermodynamic data a predic- 
tion of this type can be made with relative ease to 
direct a research effort to the most fruitful region, 


SUMMARY 


A method applicable to binary systems has been 
presented for the rapid calculation of activities in 
phases containing a miscibility gap. The calculation 
is based on the hypothesis that the function a;, de- 
fined by the equation 

In 


a, =— 
N; 

is linear with composition. The coefficients, A and 

B, defined by the equation 


a,= A+ B(1 -N,) 


are evaluated in terms of the conjugate phase com- 
positions at the temperature involved. Numerical 
solutions of the equations for A and Bare presented 
for many combinations of conjugate compositions. 


YANG, McCABE, 
MILLER 
1637°C 
AUTHOR 
1698°C 
4 
[sion 
CHIPMAN 
0.4 1600°C 
A 
fe) | 
O 0.2 0.4 0.6 0.8 | 


MOL FRACTION SiO» 
Fig. 4—Silica activity in the CaO-SiO, system. 
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3.5 T T 
HILLIARD, AVERBACH AND COHEN © 
(EXPERIMENTAL) 
ROI LINE CALCULATED BY AUTHOR 
FROM LOCATION OF (0) 
MISCIBILITY GAP 
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2.5 
0} 
LIMITS OF MISCIBILITY GAP 
ro) USED IN CALCULATION 
2.0 l l l 
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ATOM FRACTION ALUMINUM 


Fig. 3—Calculated and experimental values for a, in 
the Al-Zn system at 300°C. 


Deviations from Henry’s law as well as from 
Raoult’s law are computable by the method pre- 
sented. The deviations from Henry’s law by com- 
ponent 2 at the 6 edge of the miscibility gap are 
presented graphically as a function of gap position. 
The graph shows that, for symmetrical gaps, this 
deviation at the gap edge becomes smaller as the 
gap becomes wider. The interrelation between the 
gap location and the occurrence of a maximum or a 
minimum in the deviation from Henry’s law is dis- 
cussed, It is pointed out that when a maximum exists, 
which necessarily involves positive departures from 
Henry’s law, the greatest departure in the 6 solution 
is not always at the gap edge. 

Although there is no immediate procedure for in- 
spection of a phase diagram to establish the linearity 
of a;, behavior conforming to this condition is fre- 
quently observed in real systems. In sample calcu- 
lations using the method presented, fair to excellent 
agreement was found between computed and experi- 
mental a, and aluminum activity values in the Al- Zn 
system, and between corresponding values for silica 
activity in the CaO-SiO, system. For its intended 
purpose, the relatively simple estimation of activ- 
ities from phase diagrams, the method merits con- 
sideration. 
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The Determination of the Eutectic Composition by the 


Zone-Melting Method 


The zone-melting technique can be adapted for the de- 
termination of the eutectic composition in complex metal 
systems. The application of this method is demonstrated in 
a simple eutectic system, Mg-Al, in which the eutectic com- 
position is known and in a complex ternary system, Mg-Al- 
Zn, in which the literature is uncertain as to the composition 


of the ternary eutectic. The advantages and limitations of 
this unique approach for the determination of the eutectic 


composition are discussed. 


Tue eutectic composition in phase diagrams is 
usually determined by thermal analysis of a series 
of arbitarily selected alloy compositions. The tem- 
peratures of the liquidus and eutectic arrests for 
each alloy are plotted and the eutectic composition 
is estimated by extrapolation to the eutectic tem- 
perature of the curve formed by the liquidus arrest 
temperatures for the series of alloys. Although this 
approach readily yields the eutectic temperatures, 
several determinations are needed to estimate the 
eutectic composition, even in a Simple system. Ina 
complex ternary system, a great many determina- 
tions are often necessary to estimate, even approx- 
imately, the ternary eutectic composition. Thus, 
the conventional method is inherently tedious and 
time consuming. 

The application of zone melting provides a rela- 
tively efficient method of determining the eutectic 
composition.’ As an illustration, consider the zone 
melting of an alloy composition C, in the simple eu- 
tectic system A-B, shown in Fig. 1, under the ideal 
conditions of infinitely rapid diffusion in the liquid, 
no diffusion in the solid, and ease of nucleation of 
both phases. As the zone moves along the bar, the 
composition of the zone is enriched by solute re- 
jected during the freezing of the a phase and the 
zone composition approaches the eutectic compo- 


sition C;. Once the zone composition attains the lowest 


melting composition, z.e., the eutectic composition, 
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it remains at this composition as the zone moves 
along the bar and finally freezes as such at the end 
of the bar. Chemical analysis of the end of such a 
zone-melted bar then should yield the eutectic com- 
position Cp of the system A-B. A corresponding 
analysis can be made for a ternary eutectic system. 

Under the ideal conditions noted above, only one 
pass of the molten zone is required to yield the eu- 
tectic composition. Experimentally, however, a 
solute-rich layer forms at the solid-liquid inter- 
face’ and the composition of the zone does not 
attain the eutectic composition as rapidly or as uni- 
formly as in the ideal case outlined above. But with 
agitation of the melt, the ideal conditions can be 
approximated experimentally. Also, as shown be- 
low, zone melting permits a cumulative build-up of 
the solute at the end of the bar to the eutectic com- 
position. 

The purpose of this paper is to demonstrate this 
unique method for determining the eutectic compo- 
sition. The method is here applied to two systems: 
first, to the binary Mg-Al system, in which the 
composition is well established, and second, to the 
complex Mg- Al- Zn system in which there is doubt 
concerning the composition of the ternary eutectic. 


EXPERIMENTAL PROCEDURE 


The zone-melting apparatus used in this study is 
described in detail elsewhere.° Briefly, the binary 
alloy rods (5/8 in. in diam and 9 in. long) and the 
ternary alloy rods (5/8 in. in diam and 6 in. long), 
with the compositions given in Table I, were zone 
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Table |. Chemical Analysis of Alloys 
Composition, Weight Pct 


Alloy Al Zn Cu Fe Mn Ni Pb Si Sn 
Magnesium-Aluminum (1) 19.80 0.007 <0.001 <0.01 0.0012 <0.001 <0.0005 <0.001 <0.010 <0.001 
Magnesium-Aluminum (2) 27.43 0.007 <0.001 <0.01 0.0018 <0.001 <0.0005 <0.001 <0.010 <0.001 
Magnesium-Zinc-Aluminum (1) 53.0 
Magnesium-Zinc-Aluminum (2) 2.50 45.0 
Magnesium-Zinc-Aluminum (3) 10.0 40.0 
Magnesium-Zinc-Aluminum (4) Us 45.0 
Magnesium-Zinc-Aluminum (5) 1.0 49.0 
Magnesium-Zinc-Aluminum (6) 3.0 50.0 
Magnesium-Zinc-Aluminum (7) 1.0 53.0 
Magnesium-Zinc-Aluminum (8) 2.0 51.0 


melted in a movable graphite crucible under a pro- 
tective atmosphere by a stationary Globar re- 
sistance furnace. The average length of the molten 
zone was about 2 1/2 in. 

After zone-melting, the bars were sectioned 


Eutectic System A-B 


T 
| | 
| 

a+B 
| 
| | | 
l 1 1 


%B CE B 


Structure of Alloy Bar 


a a+ eutectic [—- a+ eutectic 
C3 


At Half Traverse of Molten Zone 


a a + eutectic eutectic 
Ge Ce 


After One Zone Traverse 


Solute Distribution 


Distance Along Bar 


Fig. 1—Zone melting of a binary alloy of a eutectic system 
under ideal conditions. 
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parallel to the longitudinal axis and the segregation 
structure observed metallographically. Samples 
1/4 in. thick were then cut from the bar at 3/4 in. 
intervals and analyzed chemically. Only the 5 in. 
toward the finishing end of the binary bars were 
analyzed whereas the entire length of the ternary 
bars were analyzed. Standard procedures for mag- 
nesium alloys were used for the metallographic and 
chemical analyses. 


THE Mg- Al SYSTEM 


The Mg- Al system from 0-40 wt pct Al is well 
known,’ and it has been established that a eutectic 
exists at 32.2 wt pct Al. Therefore, the Mg-rich 
eutectic has been redetermined using the zone- 
melting technique to demonstrate the utility of the 
method and to determine the effect of experimental 
variables on the efficiency of the method. It has 
previously been shown’ that solute segregation in 
zone-refined magnesium-base alloys is dependent 
on both speed of zone travel and the number of 
passes of the molten zone. Consequently, two alloys 
of Mg + Al were chosen, one containing 20 wt pct 
Al and the other 27.5 wt pct Al, to study the effect 
of initial concentration in addition to these vari- 
ables. 

The effect of speeds on zone travel of 0.11 in. per 
hr and 0.20 in. per hr on the aluminum segregation 
in the Mg-20 wt pct Al for two passes of the molten 
Zone is shown by curves 3 and 4 in Fig. 2. Appar- 


te) 


Eutectic Composition 


te} 


Aluminum Concentration, Wt % 


® 27.5 %Al, two passes, O.llin./hr. 
© 27.5% Al, one pass, 
© 20.0%Al, two passes, in./hr. 
O 20.0%AIl, twopasses, O.20in./hr. 
(a) it 1 | it 
9 8 1 6 5 4 35 2 | fo) 


Distance From Finishing End of Bar, in. 


Fig. 2—Aluminum distribution along a Mg-Al alloy bar for 
various passes of the molten zone, speeds of zone travel, 
and initial aluminum concentrations. 
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Fig. 3—Colony structure in Mg-Al eutectic. Light-colored 
matrix is magnesium solid solution. Dark discontinuous 
particles are Mg,,Alj). Arrow indicates growth direction. 


Growth rate = 0.11 in. per hr. X100. Reduced approximately 


11 pet for reproduction. 


ently a slower zone speed favors the early estab- 
lishment of the eutectic by allowing time for the 
solid-liquid interfacial build-up of aluminum to dif- 
fuse away. The effect of the number of passes of 
the molten zone at 0.11 in. per hr on the aluminum 
segregation for the Mg-27.5 wt pct Al alloy is 
shown by curves 1 and 2 in Fig. 2. Although the 
length of the eutectic plateau after two zone passes 
extends only 1/4 in. longer than that after one pass, 
the greater build-up of solute approaching the eu- 
tectic composition indicates that increasing the 
number of passes will increase the length of eu- 
tectic concentration at the freezing end of the bar. 
The aluminum segregation, after two passes of the 
molten zone at 0.11 in. per hr, are compared for 
the two aluminum concentrations as shown by 
curves 1 and 3 in Fig. 2. For the Mg-27.5 wt pct Al 
alloy which is nearer the eutectic concentration, the 
eutectic extends over a greater length of the bar 
than for the Mg-20 wt pct Al. In all cases, however, 
the Mg- Al eutectic obtained agreed well with the 


previously established value. A typical ‘‘colony’’ 
microstructure’ observed in the Mg- Al eutectic ob- 
tained by this method is reproduced in Fig. 3. 

It therefore appears that the eutectic determina- 
tion by the zone-melting technique is best made by 
using slow speeds of zone travel and as many 
passes as possible. In addition, the alloy selected 
should be as near the eutectic as possible to in- 
crease the efficiency of eutectic establishment. 


THE Mg- Al-Zn SYSTEM 


The Mg-Al-Zn phase diagram is sufficiently 
complex to serve as a general case for the applica- 
tion of the zone melting method for determining the 
eutectic composition in a complex system. Con- 
flicting reports” are given in the literature as to the 
ternary eutectic composition in the magnesium-rich 
region of the diagram. In Fig. 4, the liquidus valleys 
as reported by Mikheeva® are shown with the ternary 
eutectic composition given at the point c (52.2 pct Zn, 
1 pct Al, 46.8 pct Mg; 338°C). Koster and Dullen- 
kopf” report a similar configuration of the liquidus 
valleys and place a minimum of the liquidus surface 
at the Mg-Zn eutectic (51 pct Zn, 49 pct Mg; 
340°C). Redetermination of the uncertain eutectic 
composition would be a significant by-product of the 
demonstration of this method for determining eu- 
tectic compositions. 

The freezing during zone melting of ternary al- 
loys is complicated by the possible presence of 
many invariant four-phase reactions. These re- 
actions may be classified in the manner of Vogel? 
as described by Rhines.* The junction of the liq- 
uidus valleys, shown in Fig. 4, indicates the ex- 
istence of four-phase reactions between three 
solids and the liquid phase of the composition shown 
at the junction. The configuration of the liquidus 
valleys at points a and b in Fig. 4 indicates Class II 
reactions (in Rhines’ nomenclature). A Class I 
four-phase reaction—the ternary eutectic reaction— 
occurs at point c. Each of these four-phase re- 


Fig. 4—Traces of the chemical analyses 
along Mg-Al-Zn bars after four zone 
passes. The arrow head denotes the an- 
alysis at the tail of the bar. 
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Fig. 5— Longitudinal section at the mid-length of the zone 
melted Mg-53Zn-2.5Al alloy bar; four passes of the molten 
zone, speed of zone travel 0.25 in. per hr. X30. 


actions produces a characteristic microstructure. 

Under ideal freezing conditions, as the molten 
zone moves along the alloy bar, the zone is en- 
riched by solute rejected by primary crystallization 
until the zone composition reaches a liquidus valley 
at which secondary crystallization commences. The 
zone composition then moves down the valley until 
it reaches a valley junction where a four-phase in- 
variant reaction occurs. The zone composition re- 
mains at that of the valley junction as the zone 
sweeps through the bar until the zone reaches the 
end of the bar where the zone itself freezes direc- 
tionally. If the zone composition is at a Class II 
liquidus valley junction (é.g., points a or b) then 
further segregation will occur during the direc- 
tional freezing. But if the zone composition is at 
the ternary eutectic point (e.g., point c, Class I 
four-phase reaction) the end of the bar will remain 
uniformly at the eutectic composition. Under ideal 
freezing conditions, the head of the bar will show 
segregation toward the primary segregating phase. 
The middle of the bar will remain near the original 
composition. 
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The general effect of experimental variables on 
the formation of a ternary eutectic plateau at the 
end of the ternary alloy bars should be the same as 
that demonstrated above for the Mg-Al alloys. 
Rather than repeat the study of these variables, all 
the ternary alloys were zone melted under identical 
experimental conditions which would produce the 
required segregation at the end of the bar. Based 
on the experimentation for the zone-melting of 
magnesium-base alloys,* it was decided that four 
passes of the molten zone at a zone speed of 0.25 
in. per hr would produce the conditions required for 
determining the eutectic composition in the Mg- Al- 
Zn system. 

The alloy compositions selected for zone melting 
are shown in Fig. 4. The solid line traces the anal- 
yses along the alloy bar after the zone melting, and 
the arrowhead denotes the analysis at the tail of the 
bar. Alloys 1 and 2 show considerable segregation 
toward a common composition—presumably the 
ternary eutectic composition—which is displaced 
somewhat from the composition at c reported by 
Mikheeva.° Alloys 3 and 4 show little segregation, 
probably because the Class II reaction at point b 
predominates during freezing. Alloy 5 shows con- 
siderable segregation; however, the tail portion 
does not reach either the composition at the tail 
section of Alloys 1 or 2 or that of point c. After 
these initial segregation traces were determined, 
Alloys 6, 7 and 8 were prepared and zone melted. 
No segregation was observed in these alloys. 

Examination of the microstructure of these alloys 
after zone melting can yield considerable informa- 
tion concerning the phase diagram. In Alloy 1 after 
zone melting, needle-like dendrites of an inter- 
metallic compound, formed by primary crystalliza- 
tion, are seen toward the head and bottom of the bar 
and a fine, banded eutectic structure, indicating a 
Class I freezing reaction, forms toward the top and 
tail of the bar (see Fig. 5). The tail portion of the 
bar consists entirely of the eutectic structure and 
indicates that a Class I reaction predominates 
during the freezing of the alloy. 

In Alloy 2 primary dendrites of magnesium solid 
solution are seen toward the head and top of the 
zone-melted alloy bar, whereas the fine, banded 
eutectic structure forms toward the bottom and tail 
of the bar as shown in Fig. 7. The tail sections of 
Alloys 1 and 2 are identical in composition and 
microstructure. Presumably this composition is 
the ternary eutectic composition. 

The macroscopic bands in the eutectic structures 
shown in Figs. 5, 7, and 10 are formed by alter- 
nating regions of coarse and fine eutectic as shown 
in Fig. 6. This banding could be caused by uneven 
movement of the crucible through the furnace 
causing alternating regions of fast and slow cooling. 
However, no other alloy system has generated sim- 
ilar bands in the same zone melting apparatus. 
Also, the bands form during directional freezing of 
these alloys in an apparatus in which the crucible is 
stationary. It is possible therefore that the bands 
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Fig. 6— Banded eutectic structure composed of alternating 
regions of fine and coarse eutectic. X500. Reduced ap- 
proximately 10 pct for reproduction. 


are characteristic of the Mg- Al- Zn system and 
they may be caused by oscillation of either the tem- 
perature or the composition in front of the advanc- 
ing solid-liquid interface. 

The zone-melted structures of Alloys 3 and 4 
differ considerably from those of Alloys 1 and 2. 
Dendrites of an intermetallic compound grew from 
the head of the bar, similar to the structure of Alloy 
1; however, these dendrites are attacked in the 
manner of a Class II four-phase reaction and gen- 
erate the fine structure shown in Fig. 8. A cross 
section of the attacked dendrites in Alloy 4 is shown 
in Fig. 9. This type of structure indicates that a 
Class II four-phase reaction, probably the reaction 
at point b of Fig. 4, predominates during the 
freezing. The banded eutectic structure only ap- 
pears in the last 1/2 in. of the bar when the zone 
froze directionally. 

In Alloy 5, equilibrium freezing conditions do not 
appear to have been approached during zone 
melting. Primary magnesium solid solution den- 
drites surrounded by a banded eutectic form near 
the head of the bar; however, at about the midpoint, 
a fine dispersion of an intermetallic compound re- 
places the banded eutectic structure, which then re- 
appears at the very tail of the bar. It appears that 
the composition of the liquid zone overshot the 
liquidus valley dc, as shown in Fig. 4, and entered a 
region where primary crystallization forms an in- 
termetallic compound. The liquidus valley dc has a 
very small slope since the ternary eutectic tem- 
perature (338°C) is only slightly below the binary 
Mg- Zn eutectic temperature (340°C). An approach 
to equilibrium freezing conditions is difficult with 
such slight slopes and Alloys 7 and 8 lying in this 
region of low slope of the liquidus surface showed 
no compositional segregation after zone melting. 
Some slight structural segregation, however, was 
observed. 

Alloy 6 was prepared and zone melted to ascer- 
tain whether further segregation to a ternary eutec- 
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Fig. 7— Longitudinal section at the mid-length of the zone 
melted Mg-45Zn-2.5Al1 alloy bar; four passes of the molten 
zone, Speed of zone travel 0.25 in. per hr. X85. 


tic structure would occur. The whole length of the 
bar consisted of a fine, banded eutectic structure 
with no evidence of primary crystallization, Fig. 10. 
The composition along the bar remained at the 
original composition. From this, it was concluded 
that the ternary eutectic composition in this region 
of the Mg-Al- Zn phase diagram is 50 pct Zn, 3 pct 
Al, 47 pct Mg. 

As a further check, thermal analyses were made 
on the Alloys 6, 7, and 8 which showed no segrega- 
tion analytically after zone melting. Primary 
thermal arrests, as well as the ternary eutectic 
arrest, were observed with Alloys 7 and 8. Only 
Alloy 6 showed a single invariant arrest of the 
Class I four-phase reaction type, confirming that 
Alloy 6 lies at the ternary eutectic composition. 


DISCUSSION 


It is seen that the segregation principles of zone 
melting may be applied to the determination of the 
eutectic compositions. For success, conditions 
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Fig. 8— Longitudinal section at the mid-length of the zone 
melted Mg-40Zn-10Al alloy bar; four passes of the molten 
zone, speed of zone travel 0.25 in. per hr. X35. 


Bottom 


which produce maximum segregation during 
freezing must be promoted. The zone should be 
moved slowly and agitated vigorously to promote 
the maintainance of a uniform composition through- 
out the liquid and to reduce solute build-up in front 
of the advancing solid-liquid interface. In this 
study, the last condition was not fulfilled. With the 
resistance furnace producing the zone, the only 
agitation of the zone was from very small convec- 
tion currents. With the more conventional induction 
melting, the lack of segregation observed in Alloys 


Head 
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Fig. 9—Transverse view of dendrites from Mg-45 Zn-7.5Al 
alloy bar. X100. Reduced approximately 10 pet for repro- 
duction. 


7 and 8 might have been avoided and the segregation 
observed in Alloys 1 and 2 would have been even 
more striking. 

It is also seen that the general region of the eu- 
tectic composition should be known before this 
zone-melting technique is applied. In the binary 
case, selection of an alloy composition far from the 
eutectic composition will necessitate a large num- 
ber of zone passes before a eutectic plateau is 
formed at the tail of the alloy bar. In the ternary 
case, it is seen that the Class II four-phase reac- 
tion does not promote segregation toward the 
ternary eutectic composition. Therefore, for the 
ternary case, it is necessary to select alloy compo- 
sitions in which the Class I four-phase reaction (the 
ternary eutectic reaction) predominates during 
freezing. In most alloy systems, this is a fairly 
broad composition region. 

Finally, this method of eutectic composition de- 
termination works best when the liquidus surface is 
steep. In the Mg- Al-Zn diagram, the temperature 
of the ternary eutectic (50 pet Zn, 3 pct Al, 47 pet 
Mg) is 338°C which is only slightly below the binary 
Mg-Zn eutectic (51 pct Zn, 49 pct Mg) at 340°C. It 
was experimentally found to be difficult to produce 
segregation in the alloys with compositions near 
this binary eutectic, Alloys 7 and 8. 

The use of the zone-melting technique can save 
considerable effort in determining the eutectic 
composition. In a complex unknown system, the 
general shape of the liquidus surface and the tem- 


Fig. 10—Longitudinal section of the zone- 
melted Mg-50Zn-3Al alloy bar; four 
passes of the molten zone, speed of zone 
travel 0.25 in. per hr. X2. Reduced ap- 
proximately 48 pct for reproduction. 
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perature of the eutectic would best be found by ex- 
ploratory thermal analysis on a limited number of 
selected alloys. However, once the general compo- 
sition region of the binary or ternary eutectic is 
known, zone melting of alloys in this composition 
region under the appropriate conditions should 
readily yield the eutectic composition with a better 
degree of accuracy than will extrapolation from a 
necessarily large amount of thermal analysis data. 


SUMMARY 


1) Zone melting is an efficient method for the 
determination of the eutectic composition in binary 
and ternary systems provided the following condi- 
tions are fulfilled: 


a) Maximum segregation during freezing must 
be promoted by a slow speed of zone travel and 
agitation of the molten zone in order to promote 


the maintenance of a uniform composition throughout 


the liquid zone. 

b) The alloy composition selected must freeze 
predominantly by the eutectic reation to form a 
eutectic plateau at the end of the bar and to elim- 


inate complicating reactions such as the peritec- 

tic and Class II four-phase reactions which re- 

tard the segregation of the zone composition 
toward the eutectic composition. 

2) The zone-melting method for determining the 
eutectic composition works best in phase systems 
in which the slope of the liquidus toward the eutec- 
tic composition is high. 

3) A colony structure in the Mg-Al eutectic was 
produced by zone melting. In Mg-Al-Zn alloys, 
zone melting produced a eutectic structure with 
alternating regions of fine and coarse eutectic. The 
origin of these bands is not known. 
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Trapping of Hydrogen in Cold-Worked Steel 


Above 200°C the observed increase in the apparent solubility 
of hydrogen in low alloy steels caused by cold work is attributed to 
the formation of methane in microvoids. This methane can be iso- 
lated quantitatively, and furthermore, the amount of methane is in 


accord with the equilibrium 2H, + Fe,;C = CH, + 3Fe. 


The micro- 


void volume, calculated from the methane content via the equation 
of state for methane, corresponds approximately to that calculated 


from the measured density decrement produced by cold work. 


Tuis investigation was undertaken with the intent of 
employing the hydrogen atom as a probe in detecting 
specific crystallographic defects in cold worked 
steel. It was expected that different degrees of chemi- 
cal interaction of hydrogen with the various types of 
defects could be utilized. The original aim was to 
assign concentration values to defect sites. The suc- 
cess of this approach requires that experimental 
conditions can be attained under which lattice-dis- 
solved hydrogen equilibrates primarily with only one 
type of defect. 

A set of experiments which appeared potentially to 
embody these requirements was described several 
years ago by Keeler and Davis.’ They noted in the 
case of a mild steel (low carbon) that the solubility 
of hydrogen between 200° and 400°C near atmospheric 
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pressure was notably increased by cold working the 
steel. The observed solubility was an order of mag- 
nitude greater than the normal lattice solubility. * 


*Normal lattice solubility is describable in terms of pressure and 
temperature by the equation’ 


log s/p” = ae 1.946 


s is solubility in micromoles per 100 g, and p is pressure in mm of Hg. 


Although the Keeler and Davis studies suggested that 
the density decrement effected by their cold-working 
operation might be related to the anomalous solubil- 
ity of hydrogen, they offered no explanation of the 
relationship between the two effects. Prior to this 
work, Darken and Smith’ had noted a similar effect 
of cold work upon enhanced sorption of hydrogen by 
steel when charged by acid pickling. In the light of 
present-day concepts, interaction between lattice- 
dissolved hydrogen and dislocations was strongly 
suggested. 

More recently, Hill and Johnson,* working with a 
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Table | 


Sample No. Description of Sample Preparation 


la i) Drawn from 1/2 to 5/16-in. diam rod (61 pct Ra): 
ii) Machined from 5/16 to 3/16-in. diam rod (Ap* = 0.69 
pet). 
iii) Vacuum annealed 6 days at 466°C. 


1b i) Drawn from 1/2 to 5/16-in. diam rod (61 pct R,). 
ii) Machined from 5/16 to 3/16-in. diam rod (Ap = 0.69 
pct). 
lc i) Drawn from 1/2 to 5/16-in. diam. rod. 
ii) A 3/16-in. diam hole was drilled through the 5/16-in. 
diam rod leaving a test cylinder 5/16 in. OD and 
3/16 in. ID (Ap = 0.21 pct). 
le i) Drawn from 1/2 to 5/16-in. diam rod (61 pct Ry, 
Ap = 0.42 pct). 
ii) Vacuum annealed 4 days at 400°C. 


lg i) Drawn from 1/2 to 5/16-in. diam rod (61 pet Ry, 
Ap = 0.42 pct). 
th i) Swaged from 1/2 to 5/16-in. diam rod (61 pct Ry, 
Ap = 0.13 pct). 
1k i) Drawn from 1/2 to 1/4-in. diam rod (76 pct R4, 
Ap = 0.585 pct). 
2a i) Swaged from 0.25 to 0.156-in. diam rod (61 pct Ry, 
Ap = 0.00 pct). 
i) Swaged from 0.25 to 0.10-in. diam rod, then cold 
drawn from 0.1 to 0.03-in. diam wire (Ap = 0.86 pct). 


3a i) Rolled (79 pct R4, Ap = 0.17 pct) to .003-in. thick 
sheet. 


2b and 2c 


*Ap is the measured percent density decrement effected by the speci- 
fied cold working operation. 


series of iron-carbon alloys, reported observations 
similar to those of Keeler and Davis. These investi- 
gators concluded that the active sites or traps for 
hydrogen were the internal surfaces of microcracks. 
The present investigation establishes that the for- 
mation of methane and its accumulation in voids or 
microcracks can account for the greater part of the 
excess sorption of hydrogen above 200°C by cold- 
worked mild steel. Similarly, it seems likely that 
the same voids can hold considerable amounts of 
molecular hydrogen at elevated pressures when the 
steel is acid-charged with hydrogen at room tem- 
perature. This work also raises the question of 
the volume increment to be assigned to dislocations 
in a cold-worked steel. 


EXPERIMENTAL PROCEDURE 


Material—This work was conducted on low carbon 
steels of the following analyses: 
No. 1—C, 0.15 pct; Mn, 0.38 pct; P, 0.014 pct;S, 
0.03 pct; Si, 0.14 pct 
No. 2—C, 0.17 pct; Fe, 99.8 pct 
No. 3—C, 0.10 pct; Mn, 0.43 pct; P, 0.010 pct; 
S, 0.007 pct; Si, 0.007 pct 
Alloy No. 2 was a special vacuum-melted iron-car- 
bon alloy relatively free of Mn, S, and so forth. The 
metallographic structure of each alloy consisted of 
fine pearlite surrounded by ferrite. Cold reduction 
procedures included swaging, drawing, and rolling, 
and are recorded in Table I. 
Procedure—Two methods of charging hydrogen 
from the gas phase into the steel were employed, a 
volumetric (closed system) and a gas-flow (open 
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system) technique. The special iron-carbon alloy 
No. 2 had to be charged by the gas-flow technique 
because some methane would always form and ac- 
cumulate about the test specimen in the volumetric 
technique. This was not the case for the samples 
taken from the commerical grade steels, alloys No. 1 
and 3; possibly such impurities as sulfur inhibit 
methane formation over steel. The samples charged 
in the gas-flow system were rapidly cooled to room 
temperature and transferred without the loss of ab- 
sorbed hydrogen to the closed system for analysis. 
However, for those samples (commercial steel) 
which could be charged in a closed system, the 
amount of hydrogen absorbed was measured directly 
and frequently checked by desorption at reduced 
pressures in the same apparatus. In the case of 
samples that were pickled in aqueous media, hydro- 
gen analyses were also performed in the same 
closed system by desorption at reduced pressures. 
By rapidly (total time ~ 60 sec) transferring the 
specimens from the pickling solutions to the gas 
analyzer, with an intermediate rinse in NH,OH solu- 
tion and anhydrous methanol, it was possible to re- 
duce any error due to the loss of hydrogen in trans- 
fer to less than 1 pct. The gas collection or analysis 
was Started from room temperature. CO, and traces 
of NH;, H,O, and CH;OH were trapped (-195°C) away 
from the steel specimens before they were heated to 
accelerate the desorption of dissolved hydrogen. The 
appearance of CO, in the system stemmed from its 
use as a purge gas to displace air from the chamber 
into which the samples were placed for brief evacua- 
tion prior to the desorption analysis. The deuterium 
employed in the gas-phase charging experiments was 
better than 99.5 pct pure. All of our gas analyses 
(CH4, H.-HD-D,) were performed with a mass spec- 
trometer joined directly to the volumetric gas ap- 
paratus. 

Only a single batch of commercial grade steel 
(alloy No. 1) was analyzed for methane. The samples 
consisted of 3/16-in. diam rods machined from 5/16- 
in.- diam cold-drawn (61 pct R,) stock. All charged 
and uncharged control samples were analyzed for 
hydrogen by both vacuum fusion andeffusion methods. 
These hydrogen analyses give the total content and 
hence include that hydrogen obtained from the de- 
gradation of all the methane that may be in the steel. 
Since the theoretical considerations suggested that 
better than 99.9 pct of the hydrogen in the steel under 
consideration was methane-bound hydrogen, the prin- 
cipal criterion for establishing the validity of the 
present method was the agreement between the meas- 
ured methane content and the calculated value which 
corresponds to one mole of CH, per two moles of is 
charged into the steel. The basic problem in this 
analysis was the choice of a solvent for steel which 
would release trapped methane without generating 
or destroying any in the process. For this purpose 
it was discovered that an anhydrous bromine (5 pct)- 
methanol solution satisfied these requirements while 
dissolving steel at room temperature. 

For the experimental arrangement, refer to Fig. 1. 
The bromine-methanol solution used to dissolve the 
steel specimens is contained in vessel R. The 
methane as well as any other gas in vessel R which 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 1—Schematic of Methane analyzer. 


will not condense at - 195°C at pressures below 
10° mm of Hg is eventually collected by sorption 
in the refrigerated charcoal trap T,. The gas sam- 
ples are then desorbed from the charcoal*in trap 


*This charcoal, which had been exposed to air, was conditioned by 
vacuum outgassing at 100°C for 24 hr. Hydrogen absorbed by this char- 
coal at 77°K will not come off as methane when desorbed subsequently 
at 100°C. 


T, at 100°C and metered into a gas burette which is 
an integral part of a gas dosing system of a mass 
Spectrometer not shown in Fig. 1. A mass spectro- 
graphic analysis is then performed on the gas sam- 
ples. 

In actual operation, samples of steel weighing ap- 
proximately 2 g are dissolved in 300 to 400 ml of the 
bromine-methanol solution. First, the reaction ves- 
sel R(-78°C) and the flow line up to S, are evacu- 
ated through S, and S,. This operation minimizes 
the amount of air which eventually is mixed into the 
methane and sorbed on the charcoal. The samples 
are then dropped into the solution by the use of a 
magnet from the position indicated in Fig. 1. As the 
specimen is dissolved, the gas above the solution is 
allowed to pass via S,, S,, and S, through trap T, 
(-195°C) to trap T, where it is absorbed on 20 g of 
charcoal at -195°C. The refrigerated charcoal func- 
tions as a collector pump in this operation, Trap T, 
effectively removes from the noncondensable gases 
the methanol and bromine escaping from vessel R. 
It should be noted that Sz is never opened unless R 
has been cooled to — 78°C. To insure that very 
little methane remains dissolved in the methanol 
solution, the solution temperature is cycled several 
times from — 78°C to near its boiling point; S,, S, 
and S, are opened each time the solution tempera- 
ture has been returned to — 78°C. This operation is 
essentially a fractional distillation process. Operat- 
ing the water cooled condenser on R is recommended 
to minimize the amount of methanol reaching the 
stopcock lubricant on S, and $3, All stopcocks were 
lubricated with Apiezon (T) grease and all tapered 
joints were sealed with an ether resin. For each of 
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Fig. 2—Hydrogen sorption by alloy No. 1 (P= 1 atm, 
= 300°C). Curve A, Sample 1b; Curve B, Sample 1a, vacuum 
annealed for 6 days at 466°C. 


the hydrogen charged steel samples studied, 20 to 
30 cc (S.T.P.) of gas was sorbed on charcoal and of 
this the methane content amounted to about 1 1/2 pct 
of the total. The major gas product of the dissolu- 
tion was carbon monoxide. 

The density of the steel specimens was measured 
by the hydrostatic weighing method. Samples as 
small as 1 g were employed, and the estimated ac- 
curacy is about +0.03 pct. 


RESULTS AND DISCUSSION 


Gas Phase Charging—In addition to the apparent 
solubility of hydrogen in steel when charged from 
the gas phase, rates of desorption and of sorption at 
various temperatures were also measured. In Fig. 2 
we have graphed (Curve A) a sorption time study on 
a cold-worked commercial steel (Sample 1d). It is 
interesting to note that even after 1127 hr (corre- 
sponding in Fig. 2 to 260 min’’,a detectable rate of 
Hz sorption persisted. The normal lattice solubility 
is small and can be neglected under these experi- 
mental conditions. The hydrogen uptake by the same 
steel, but after vacuum annealing for 6 days at 466°C, 
is shown by Curve B. This study was discontinued 
because of the long time interval anticipated to satu- 
rate the annealed steel specimen; consequently, one 
can only conclude that the vacuum heat treatment al- 
tered the sorption rate, but not necessarily the satu- 
ration or equilibrium level. In general, the rates of 
H2 sorption were found to be sensitive to thermal 
history, composition, and to the extent of cold work. 
In the case of the special iron-carbon alloy (No. 2) 
equilibrium was attained in about 215 hr at 300°C 
(Sample 2c). 

By noting the rate of Hz sorption in steel immedi- 
ately before and after the sample temperature was 
suddenly changed, an ‘‘apparent’’* activation energy 


*Not too meaningful as it was suspected that the rate of back reac- 
tion could not be neglected. 


of 42 kcals per mole was estimated. In contrast to 
these observations on H2 sorption, desorption rates 
at reduced pressures (fy, <0.1 mm of Hg) appeared 
to be more easily interpreted. The desorption rate 
data were consistent with first-order kinetics for all 
the steels studied; and even though the rate con- 
stants varied by a factor of 100, the activation en- 
ergy for the desorption process amounted to 304 1 
kcals in each instance (Figs. 3 and 4), Neither the 
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Fig. 3—First-order rate constants for hydrogen desorption 
from alloy No.1. 


observed rate constants nor this activation energy 
suggests a diffusion controlled desorption process. 

Test specimens of various thicknesses and dif- 
ferent surface to volume ratios were charged simul- 
taneously for a time considerably less than that 
needed for saturation. Equal amounts [cex(s..1. Ps) 
per gram] of hydrogen were taken up by all speci- 
mens regardless of dimension. These observations 
strongly suggest that the sorption process was 
neither diffusion nor surface (external) controlled, 
see Table II. Hydrogen escape through the surface 
during the desorption process could not be considered 
as rate controlling above 300°C because hydrogen 
that was charged into identical samples of steel by 
pickling in acid media was found to escape from the 
steel at a measurable rate even at room temperature 
--predicted immeasurable on the basis of the high- 
temperature desorption rate data. 

The above observations aroused the suspicion that 
hydrogen sorption proceeds via the reaction 


Table Il. Effect of Thickness on H2 Charging Rate into a 
Cold-Worked Steel, Alloy No. 1 


O. D. Gonzalez*® 
Temperature, 306°C; Py, = 0.96 atm.; Saturation Value =:50 ppm 


ppm of H, Sorbed 
in 22.8 Hr, 


Sample No.* Thickness, In. by Vacuum Fusion 
1K-A 0.25 24.9 (24.5)** 
1K-B 0.25 
1K-C 0.13 21.6 
1K-D 0.13 24.7 
1K-E 0.06 22.8 
1K-BB 0.06 26.4 


*Samples were sliced to the respective thicknesses from 5/16-in. 
diam. rod. Arrangement in the furnace when charged [BB-D-B-E-C-A]. 
**Analysis performed by desorption at 450°C. Method described in 

text. 


Eact = 29 k cals. 


80 100 120 140 160 180 200 
TIME (MINUTES) 


Fig. 4—Hydrogen desorption from alloy No, 2. 


cc(S. T.P.) OF RESIDUAL HYDROGEN PER GRAM 
fe} 
fo) 
fo) 
fo) 


Fe,C + 2H, = CH, + 3Fe 


and that desorption corresponds to the reverse proc- 
ess. Actually this reaction in steel has been con- 
Sidered in a qualitative manner by others.* Indeed, 


*It has recently been brought to my attention that in 1938 F. K. Nau- 
mann’* discussed methane formation in unalloyed steel. 


that methane can be removed from the metal after 
charging with gaseous hydrogen was established with 
reasonable certainty at an early stage of this inves- 
tigation; methane was isolated quantitatively from the 
steel specimens charged by gaseous hydrogen. Table 
III summarizes the results of four experiments es- 
tablishing this point. 

Having isolated methane from steel, there still re- 
mained a possibility that the hydrogen was occluded 
in the steel in a chemisorbed state on the void sur- 
faces; this hydrogen then formed methane when the 
steel was dissolved in bromine-methanol. That this 
question might be resolved by means of isotope ex- 
change was suggested by the following findings: 

1) Chemisorbed hydrogen will exchange with D, 
at temperatures as low as -195°C on iron catalysts. 
(J. T. Kiimmer and P. H. Emmett®), 

2) Evaporated iron films are found to have very 
low catalytic activity for the exchange reaction be- 
tween D, and the hydrogen in methane up to 420°C. 
(C. Kemball’)., 

Accordingly, an experiment was carried out in 
which gaseous deuterium was charged into steel 
samples at a temperature above 300°, after which 
hydrogen was charged in by acid pickling at 25°C, 
The time allowed for charging in sulfuric acid solu- 
tions was sufficient to reach saturation throughout 
our specimens according to estimates based on the 
findings of Darken and Smith.* In Table IV are re- 
corded the results of subsequent outgassing of these 
Specimens. Below 300°C, H, was chiefly evolved; 


Table II]. Methane Content of Hydrogen-Charged Steels* 


Analysis H, Charged into Sample, CH, Found, 
No. cc STP per g cc STP per g 

1 0.00 0.00 

2 0.32 0.16 

3 0.32 0.17 

4 0.00** 0.00 


*All steel samples identical to Sample 1b of Table I. 
**Sample originally had 0.32 cc, STP, of H,; but was removed at 425°C 
in vacuum prior to this analysis. 
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above 300°C, deuterium was evolved with some hy- 
drogen, As very little exchange of the hydrogen 
isotopes occurred at low temperatures, it may be 
concluded that the high-temperature sorption of 
hydrogen involves primarily the formation and oc- 
clusion of methane (deuterated methane in these 
latter experiments) and not the adsorption of hydro- 
gen on internal surfaces. The fact that only one 
molecule of methane was isolated for every four 
hydrogen atoms charged into our steel specimens at 
300°C left little doubt that methanol was not being 
reduced to form methane in our bromine-methanol 
dissolution experiments. 

Having removed any reasonable doubt that methane 
can be formed within the structure of a cold-worked 
steel, a problem of equal importance arises in the 
assignment of the space that must be available to ac- 
commodate the methane gas, z.e. both the total void 
space and void size distribution within the steel 
structure. With the following information and as- 
sumptions, calculations were made of the volumes 
needed to contain the methane in steel specimens 
saturated with hydrogen: 

1) At equilibrium, the fugacity or activity of hydro- 
gen in the steel (solution and in voids) is identical 
with hydrogen pressure measured in the vessel con- 
taining the steel specimen. 

2) At equilibrium, the amount of methane occluded 
in voids or cracks will be fixed by the volume of the 
voids and by the equilibrium constant (K,) for the re- 
action forming methane that we have assumed to be 
relevant, 


2H, + Fe,C = CH, + 3Fe 


where 


Ky Festa 


and f;;, (fugacity of H, in voids) = Py, (pressure of 
hydrogen in the reaction vessel), and (after | Te Op 
Browning, T. W. DeWitt, and P. H. Emmett*) 


4,587 log K, = 18,584 + 48.667 log T -13.13 


Note: (fugacity of CH,4) Pou, (pressure of 
CH,); 1 Pu, (reaction vessel) # Py, (in cracks or 
voids ) because of the interaction between the methane 


Table 1V. Spectrographic Analyses of Hydrogen and 
Deuterium Charged* Steel 


Sample No. la 


ce, STP per ¢ 
Outgassing Temp., °C, Range BL, iD); HD 
25 to 290 (in 3 hr) 0.374 0.00008 0.00035 
290 to 450 (in 3 hr) 0.010 0.0475 0.0287 
Sample No. 1b 
cc, STP per g 
Outgassing Temp.,°C, Range  H, D, HD 
25 to 220 (in 17 hr) 0.302 0.0009 0.0028 
220 to 320 (in 1 hr) Total of 0.02 cc, STP, not analyzed 
320 to 450 (in 3 hr) 0.062 0.325 0.087 


*Hydrogen charged via acid pickle. Deuterium charged via gas phase 
at 300°C before acid pickle. 


and the hydrogen at the high methane pressure in the 
voids; although the activity of carbon is assumed to 
be fixed by the cementite, no assumption need be 
made regarding the proximity of cementite to cracks. 

3) Under the experimental conditions at which our 
gas phase charging was effected, the number of moles 
of CH, occluded can be assumed to be equal to half 
the measured number of moles of Hz absorbed. Jus- 
tification for this assumption follows from a calcula- 
tion of the equilibrium molal ratio of CH, to H, in our 
experiments: the small equilibrium amount of H, in 
the voids and in solid solution can be neglected. 

4) To describe the behavior of methane in voids 
the following equation of state relating fugacity, mo- 
lar volume, and temperature was used 


Ay \2 By _ aA 


Values of constants: 


Units: atmosphere;liters per mole;°K;R=- 0.08206. 
CH,: A, = 2.2769; a= 0.01855; By = 0.05587; b = 


= —.0,01587 =12.83) 10° 


To obtain some idea of the hydrostatic pressure 


exerted by the methane in the voids, we make use 


Table V. Methane in Steel 


Pct Void Space 


Sample Time at Temp., CG, Of fous Calc. Pct Based on Density 
No. Temp.,°C Hr CH, per g* Atm Atm Atm Void Space Measurement 
la 350 >100 0.0875 0.93 416 369 0.46 0.69 
1b j 330 115 0.173 0.96 816 655 0.59 0.69 
Ic 330 115 0.0535 0.96 816 655 0.183 0.22 
1b 300 Sey 0.35 1.00 2570 1450 0.67 0.69 
le 360 165 0.0456 0.96 B12 290 0.31 0.42 
le 330 165 0.104 0.96 816 655 0.33 0.42 
1k 300 110 0.28 0.96 2365 1375 0.55 0.59 
1k 350 (equil.) 0.026 0.40 See 54.5 0.90 0.59 
2a 300 75 0.013 0.96 2365 1375 0.026 0.00 
2b 300 144 0.400 0.96 2365 1375 0.79 0.86 
2c 300 216 0.415 0.96 2365 1375 0.82 0.86 
3a 336 (equil.) 0.0431 to 0.0506 1.07 862 682 0.14 to 0.17 0.17 


@Equal to half the total amount of hydrogen sorbed in saturating the steel samples. 
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of the following equation relating pressure (P) and 
molar volume (V): 


Cc bB a 


V 


The results of our experiments and calculations 
are summarized in Table V. In column 8 are listed 
values of void space as per cent of the specimen 
volume, calculated from the equation of state for 
CH,; in column 9 are listed values of the void space 
calculated from the measured density decrements 
effected by the cold working operation. The similar- 
ity between the two sets of values is beyond expec- 
tation. Little density decrement remains to be as- 
signed to a build-up in dislocation density by cold 
work. Failure to allow enough time for equilibrium 
to be attained might explain the lower values in 
column 8, Except for sample 1k, charged at 350°C, 
the values in column 8 were smaller than those in 
column 9. In this experiment the temperature 
(350°C) and partial pressure of H, (0.4 atm) were 
deliberately chosen to yield a low partial pressure 
of methane. Actually, that high void space values 
are obtained from the equation of state suggests that 
the hydrogen chemisorbed on the surface of the voids 
cannot be neglected when the amount of methane con- 
tained in the same space is small, particularly in 


voids less than 100Aacross. 

As was observed by others, an increase in the 
amount of cold reduction effected progressive in- 
creases in density decrement of our steel samples. 
Perhaps less expected and not reported before, to 
our knowledge, was the observation that a drawing 
operation (through dies) appears to effect a greater 
density decrement (Ap) than either rolling or swag- 
ing to the saine percent reduction in cross-sectional 
area (pct R,). A direct comparison between swaging 
and drawing was made in the case of Steel No. 1. For 
a 61 pct Ry (1/2 to 5/16 in.), the density decrement 
for the drawing operation amounted to 0.42 pct vs 
0.14 pct for swaging. It was also observed that a 
radial gradient in density was produced by drawing 
Steel No. 1. (Examine the percent void space values 
in columns 8 and 9 of Table V for Samples 1b and Ic, 
and also the description of the same samples in 
Table I.) The ratio of the void space values of the 
inner 3/16-in. diam section to the outer 1/16-in. 
thick cylinder for the 5/16-in. diam rod amounted 
tO:3.9; 

In column 7 of Table V, one notes the formidable 
methane pressures attained in the charged specimen. 
The possibility will therefore be considered that the 
slow equilibration observed in gas phase charging 
might be due to crack propagationat these pressures, 
even though the void volumes calculated for different 
methane pressures are in agreement with the value 
calculated from the density decrements. The follow- 
ing equation’® specifies the critical hydrostatic pres- 
sure (P;) below which a crack or void of length C 
will not propagate: 
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2GY 
(l-v)1C 


where v = Poisson’s ratio (0.3 for iron) 


Po= 


G=Shear modulus (10°** dynes/cm’ for iron) 


y =Surface free energy at the surface of the 
crack. 


It should be noted that the effect of plastic deforma- 
tion in crack propagation is not considered here. 
This equation will be valid only if C, the length of 
the crack, is considerably greater than the crack 
width and less than the dimension of the homogeneous 
region in which the crack is propagating. Assuming 
y = 1000 ergs/cm*, C= 4.2x10*A for Po = 1450 atm; 
thus cracks smaller than 4.2 x 10*Awill not propa- 
gate at methane pressures of 1450 atm or below. 
Since no cracks were detected by light microscopy, 
this consideration seems to be an additional reason 
for believing that in our experiments the methane 
produced did not cause the internal voids to grow. 


CONCLUSIONS 


The anomalous solubility reported for hydrogen in 
cold-worked steel at temperatures above 200°C can 
be attributed to methane formation through a reac- 
tion between hydrogen and cementite; this methane 
can be isolated quantitatively from steel. For the 
sample sizes studied this reaction was not diffusion 
controlled. 

In steel samples charged with gaseous hydrogen 
above 200°C, the calculated volume needed to accom- 
modate the methane found equals, as a first approxi- 
mation, the volume calculated from the measured 
density changes effected by the cold work. Hence the 
methane formed is accommodated in microvoids in 
the metal. 

Isotope experiments have ruled out the possibility 
that methane is produced in steel at 25°C by acid 
charging. 
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Recovery and Recrystallization in 99.98 Pct Cr 


Recovery and early recrystallization of heavily deformed, 
99.98 pct Cr was investigated by studying metallographic struc- 
ture, X-ray line sharpening, electrical resistivity, plastic 
properties, internal friction, and shear modulus. Appreciable 
recovery of resistivity, internal friction, and shear modulus 
together with some hardening and relief of internal strains oc- 
curred before the visible growth of a textured substructure 
above 350°C (recrystallization in situ). The complex behavior 
of shear modulus, internal friction, and its strain amplitude 
dependence during annealing are discussed qualitatively in 


terms of the relative mobility of dislocations. 


By plastically deforming fully recrystallized 99.98 
pet Cr above the brittle to ductile transition tem- 
perature, at ~350°C, as in wire drawing, chromium 
can be made very ductile at room temperature. 
However, this ductility is lost on annealing at high 
temperatures when recrystallization takes place.’ 

The present investigation was made to determine 
the general pattern of the changes in a number of 
physical and mechanical properties during recov- 
ery and recrystallization of heavily deformed chro- 
mium as part of an effort to elucidate the reasons 
for lack of ductility in the fully recrystallized con- 
dition. 


PREPARATION OF MATERIAL 


Wire specimens 0.027 in. in diam were prepared 
from arc-melted, electrolytic chromium by extrud- 
ing, hot swaging and finally wire drawing at 300° to 
350°C, i.e. above the brittle-to-ductile transition 
temperature. The total reduction in area of the wire 
was 98 pct and the last 3 pet of reduction was made 
at 100° to 150°C before cooling to room tempera- 
ture. The impurity content of the material is shown 
in Table I. Internal friction and modulus measure- 
ments were made on a single specimen after an- 
nealing in situ at successively higher temperatures. 
For all other measurements, a fresh specimen was 
used for each temperature and annealing of these 
specimens was done in evacuated (0.001 mm Hg) and 
sealed silica tubes for 1 hr at the various tempera- 
tures up to 700°C. 


EXPERIMENTAL METHODS AND RESULTS 


The occurrence of a transition in some physical 
properties of chromium at ~ 40°C’ imposed limita- 
tions on the temperature region where some of the 
measurements could be made. The reason for this 
transition in chromium is at present unknown but is 
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probably associated with an antiferromagnetic state 
observed below ~ 40°C.* 


*Recent neutron diffraction measurements indicate a Néel temperature 
of ~40° C for chromium single crystals.° 


Heavy deformation produces an anomalous de- 
crease in resistivity when measured at tempera- 
tures below ~40°C* though a normal increase is 
observed above this temperature. On the other hand 
internal friction in heavily deformed chromium® 
over the temperature range 40° to 50°C is invariant 
with temperature. Above and below this range in- 
ternal friction is strongly temperature dependent, 
increasing with increasing temperature. A tempera- 
ture in this range was therefore convenient for both 
resistivity and internal friction measurements and 
for consistency the measurements of the mechanical 
properties were also made at about this tempera- 
ture. No structural change has, however, been ob- 
served in careful X-ray measurements® between 
-—195° and 50°C, i.e. departure from cubic symme- 
try was not greater than 3:10,000; X-ray line sharp- 
ening measurements were therefore more conven- 
iently made at room temperature. 


Table | 
Impurity 
Content ,* 
Pct 

Mg <0.0002 
Pb 0.0002 
Si <0.0005 
Al 0.0005 
Fe <0.0005 
Cu 0.0002 
Ag 0.0001 
Ti trace 
© <0.0005 
O, 0.013 
N 0.0009 
H, 1.0 ml1/100 g 


*All metallic elements determined spectrographically. Specimen his- 
tory: arc melted electrolytic chromium ingot (1.5 in. in diam) » extruded 
bar (0.5 in. in diam) > swaged rod (0.2 in. in diam) > wire drawn to 
0.027 in. in diam at 300°C, final 3 pct reduction at 150°C. Total reduc- 
tion in area 98 pct. 
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(a) As drawn. (6) After heating 


ng to 700° C for 


Phe: il 


Fig. 1—Progressive development of recrystallization in 98 pet reduced chromium wire. X2000. Reduced approximately 


56 pet for reproduction. 


A) Microscopic Examination—The fibrous nature 
of the ‘‘as drawn’’ wire is shown in the micrograph 
Fig. 1(a@). The first visible indication at X2000 of a 
structural change occurred after annealing for 1 hr 
at 350°C, Fig. 1(b) with widening of the fibres and 
the development of a substructure which is shown 
more Clearly after heating to 550°C for 1 hr, Fig. 
1(c). Electron microscope examination of the spec- 
imen annealed at 350°C showed clearly the exist- 
ence of subgrain boundaries across the fibers. * 


*We are indebted to Mr. J. F. Nankivell of Aeronautical Research 
Laboratories, Melbourne, for this examination. 


The subsequent equiaxed growth of the subgrains at 


700°C is shown in Fig. 1(@) and although examination 


X2000 showed this process to have commenced 
throughout the specimen (grain size 2 to 5y) the 
directional nature of the fibrous structure seen at 
lower magnification, X200, was not completely de- 
stroyed until after annealing at 850°C. 

B) X-ray Line Sharpening and Texture—i) Using 
chromium radiation, X-ray back-reflection patterns 
from the (211) planes after deformation showed the 
and a2 doublet quite diffuse, Fig. 2(a). After an- 
nealing for 1 hr at 700°C the q and as lines were 
clearly resolved and although continuous showed the 
first sign of becoming ‘‘spotty’’, Fig. 2(d). 

ii) X-ray line contour measurements were made 
on the (211) reflection (26 angle 81 to 82 deg) using 


(2) after final drawing (b) after drawing and heating to 
700° C for 1 hr. 


Fig. 2—Back-reflection pattern (211). 
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copper radiation and a nickel filter on a Geiger- 
counter spectrometer. The measure of line-sharp- 
ening plotted in Fig. 3 was the ratio of the a, peak 
to the a@;- @2 minimum as used by Lutts and Beck” 
and showed a marked increase in the rate of line 
sharpening at 300°C. (Probable error in the ratio 
at this point is 10 pct). 

iii) For the study of texture, transmission pat- 
terns using Molybdenum radiation were taken on the 
center of wire specimens after pointing electroly- 
tically. The strong [110] texture parallel to the 
wire axis observed after deformation, Fig. 4(q), 
persisted to a marked degree after annealing for 
15 min at 900°C, Fig. 4(0). 

C) Electrical Resistivity— Resistance measure- 
ments, using a Kelvin double bridge, were made on 
specimens of 0.027 in. diam while in an oil bath 
maintained at 45°C (+0.01°C). A knife edge jig 
~10 cm long was used for potential contacts, and 
measurements were made on the same specimen 
before and after annealing. The results plotted in 
Fig. 5 indicate that about one-third of the total 
change of resistance due to deformation had annealed 
out before 300 to 350°C and recovery was essenti- 
ally complete at 600°C. Taking this latter value as 
that of the fully annealed condition the increase in 
resistance at 45°C due to 98 pct reduction in area 
at 100°C was 2.3 pct. 

D) Mechanical Properties— Limit of proportion- 
ality, ultimate tensile stress, elongation, and re- 
duction of area were measured after the various 
annealing treatments on wire specimens at a strain 
rate of 5.2 x 10°* min™’, see Fig. 6. A gage length 


o 80, T T T T T T a) 

“Oo 
3 
4 
= fe) 100 200 300 400 500 600 700 


ANNEALING TEMPERATURE [°c] 


Fig. 3—Ratio of intensity of a; peak to Q; — @ Minimum on 
(211) reflection as a function of annealing temperature. 
(One hour at temperature). 
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350°C for (c) After heating to 550°C for After 
4 \ 
\ 
/ / / 
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21 
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(b) 
(2) after final drawing (0) after heating to 900° C for ~15 
min. 
Fig. 4—Transmission patterns illustrating the strong [110] 
texture. 


of ~0.5 in. was reduced from 0.027 in. to 0.025 in. 
in diam by electropolishing to remove surface de- 
fects and to ensure failure along the gage length. 
Tests were made in duplicate. Reversion of mechan- 
ical properties was evident after heating to 300 to 
350°C for 1 hr and was preceded by an increase in 
the limit of proportionality (7 pct) and ultimate ten- 
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Fig. 5—Decrease in electrical resistivity on annealing 
heavily (98 pct) deformed chromium. (One hour at tem- 
perature). Final wire drawing temperature 100° to 150°C. 
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Fig. 6—Effect of annealing temperature on mechanical 
properties (measured at ~ 45° C) of 98 pct deformed chro- 
mium. (One hour at temperature). 


sile strength (2 to 3 pct) and a decrease in ductility. 
A total of 40 pct reduction in strength was observed 
after heating to 700°C for 1 hr. No yield points 
were observed in any of the tests. 

E) Internal Friction and Modulus Measurements— 
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Fig. 7—Effect of annealing temperature on internal fric- 
tion and shear modulus of heavily deformed chromium. 
(~15 min at temperature). 
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STRAIN AMPLITUDE 


Fig. 8—Strain amplitude dependence of internal friction as 
a function of annealing temperature (1 cps). 


Internal friction measurements were made at 45°C 
on specimens of 0.030 in. diam and 10 in. long ina 
Ké® type low frequency (~1 cps) torsional apparatus 
giving a background damping of 7 x 107%, A relative 
measure of the change in shear modulus is given by 
the change in the square of the frequency of vibra- 
tion. After deformation and mounting, specimens 
were allowed to equilibrate in the apparatus at room 
temperature before annealing, in situ, in a helium 
atmosphere for ~15 min followed by slow cooling, 

These measurements (see Fig. 7), which are re- 
peatable, show a marked sensitivity in the early 
stages of recovery. After a steep decrease to less 
than half the initial value, a minimum is observed 
in the internal friction curve at 350°C. A corre- 
sponding maximum in the modulus occurs after an 
initial increase and represents a 3.4 pct modulus 
defect (AE/E) with reference to the value of f? at 
800°C. 

Since damping in deformed materials is usually 
amplitude dependent, the strain amplitude depend- 
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Fig. 9—Variation in strain amplitude dependence of inter- 


nal friction (gradient) with annealing temperature. Strain 
amplitude range: 107° to 5 x 1079. 


ence of internal friction after various annealing 
treatments was investigated. Tests were made both 
above (50°C) and below (20°C) the transition tem- 
perature over strains of 10°° ~10°*. The results at 
20°C are shown in Fig. 8 and indicate a linear de- 
pendence (with the exception of the 700°C anneal) 
and a correspondence between the degree of 
strain amplitude dependence and the minimum 
and maximum in the internal friction and modulus 
measurements, ?.e. where damping is low, strain 
amplitude dependence is low and vice versa. No 
hystereseis was observed in any of these measure- 
ments. Plotting the gradients of these lines against 
annealing temperature, Fig. 9, gives a curve similar 
in form to the internal friction vs annealing tem- 
perature curve. (The gradient after annealing at 
700°C shown in this graph is that measured below 
5x 10°°), The measurements made at 50°C showed 
a Similar pattern to the results obtained at 20°C 
(see Fig. 9) with the exception of measurements 
made after annealing at 900°C. (In the fully annealed 
condition damping, presumed to be of a magnetic 
origin, is observed below ~40°C°). 


DISCUSSION 


The Structure after Deformation— Metallographic 
examination of heavily deformed chromium after 
annealing at various temperatures indicated that the 
development of the annealed grain structure occurred 
by sharpening of the fibre and growth of a sub-struc- 
ture [see Figs. 1(b) and 1(c)] rather than by random 
nucleation of completely new grains (primary re- 
crystallization), This visual observation of recrys- 
tallization 7m situ is supported by two other features 
of the work i) the retention of marked [110] texture 
after the complete growth of an equaxed grain struc- 
ture at 900°C, see Fig. 4(b); a random texture is 
expected if primary recrystallization occurs®’!° and 
ii) a gradual decrease in the limit of proportionality 
measured after annealing between 350° and 700°C; 

a sharp fall in the limit of proportionality is ob- 
served if primary recrystallization takes place.” 

Thus, since recrystallization in situ is the pre- 
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dominant process in the development of a new grain 
structure it seems reasonable to assume an initial 
structure of submicroscopic subgrains, probably 
ill-defined, in the unannealed condition. A similar 
structure has been deduced from X-ray microbeam 
studies*° and metallographic examination” of heav- 
ily deformed copper. Recrystallization in situ is 
also observed on annealing heavily drawn tungsten 
wire,’”?* 

Recovery—A full explanation of the change in 
physical and mechanical properties below the an- 
nealing temperature where structural changes are 
visible, i.e. 350°C, is not yet possible because of 
the tenuous nature of theory, however, some com- 
ment on the present results can be made. 

Nowick"* ascribes the change in damping and 
modulus after heavy deformation to the motion of 
dislocation loops within subgrains, the excess dis- 
locations present in the boundaries being inactive 
because of their strong mutual interaction; recovery 
of these properties is attributed to i) the pinning of 
dislocation loops by point defects produced during 
deformation or ii) the rearrangement of dislocation 
networks to reduce either the density or the effec- 
tive loop length. 

Assuming in the present work an initial structure 
composed of subgrains then the gradual sharpening 
of the (211) diffraction line on heating below 300°C 
(12 pct of the total change) indicates that some 
strain and distortion within the subgrains is re- 
moved. Changes of this kind are attributed by Gay 
et al.’° to the rearrangement of dislocations in the 
subgrain boundaries and movement of dislocations 
in the subgrains to the boundaries. Such a rear- 
rangement could account for the decrease in inter- 
nal friction observed below 350°C, see Fig. 7; how- 
ever, Since the disappearance and regrouping of 
congested dislocation networks produced during 
deformation can occur through the agency of point 
defects by the mechanism of dislocation climb’? it 
is not possible from the present work to separate 
out the respective role of point defects and disloca- 
tions. Recovery of one third of the total increase in 
resistivity due to deformation below 300° to 350°C 
and the hardening effect measured on heating im- 
mediately below 350°C, Fig. 6, does however, sug- 
gest that point defects play some part in the recov- 
ery process.’° 

Recrystallization— As already noted annealing 
above 350°C produces the first visual indication of 
the development of a new grain structure and, as 
expected,** both the X-ray line sharpening measure- 
ments and the mechanical properties show marked 
changes in the rate of recovery at about this tem- 
perature. These changes are characteristic of the 
disappearance of dislocations from the structure 
as subgrain growth commences’”’”** and as a cor- 
ollary of this the remaining dislocation networks 
would be more open and hence less rigid and there- 
fore explain the increase in the strain-amplitude 
dependent damping and decrease in modulus ob- 
served above 350°C, Figs, 8 and 7. 
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A consequence of the grain boundary area dimin- 
ishing on further grain coarsening at higher anneal- 
ing temperatures would be a decrease in the number 
of favorable sites for interstitial impurity atoms to 
be located, eventually leading to an increase in con- 
centration of impurities within the grains. The ob- 
served decrease in internal friction (at 45°C) and 
roughly corresponding increase in modulus on an- 
nealing above ~ 600°C and ~ 550°C respectively is 
consistent with the idea that these impurities will 
be distributed within the grains along existing dis- 
locations networks to pin them down. 

On this basis the break in the logarithmic decre- 
ment vs strain amplitude plot after annealing at 
700°C, Fig. 8, would be due to dislocation loops 
breaking away from dilute solute atmospheres under 
the particular experimental conditions obtaining. It 
is believed that the decrease in internal friction ob- 
served after annealing above ~ 600°C represents 
the onset of a process which at a much latter stage 
results in complete room temperature tensile em- 
brittlement of recrystallized chromium.” The sub- 
sequent decrease in the modulus after annealing 
above 800°C, Fig. 7, is at present obscure. 

Finally, comparison of the gradients obtained 
from the strain amplitude measurements at 20° and 
50°C, Fig. 9, shows the occurrence of a new strain 
amplitude dependant damping at 20°C after anneal- 
ing above 800°C. This damping is due to a magnetic 
domain effect measured below ~40°C°* and does not 
become effective until dislocations within the grains 
are reduced sufficiently to permit magnetic domain 
wall motion. 


CONC LUSIONS 


1) Metallographic and X-ray observations made 
after isochronal annealing of heavily (98 pct) de- 
formed chromium of 99.98 pct purity implied that 
a new textured grain structure was produced by 
recrystallization in situ after heating to 350°C. 

2) Appreciable recovery of strain amplitude de- 
pendent internal friction, shear modulus, electrical 
resistivity and some hardening prior to the visible 
growth of a substructure on heating below ~ 350°C 
suggest that point defects produced during deforma- 
tion play some part in the recovery process. 

3) The complex behavior of shear modulus, inter- 
nal friction and its strain amplitude dependence 
during recrystallization is in part qualitatively ex- 
plicable in terms of the relative motion of disloca- 
tions and their interaction with impurity atoms. 

4) Dislocation damping due to deformation is 
largely removed after recrystallization at 800°C. 
Further annealing then permits damping of a mag- 
netic origin to become effective below ~40°C. 
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Phase Equilibria and Elevated-Temperature Properties 


of Some Alloys in the System Ni,Cr-Ni,Al 


A portion of the NizCr-Ni3Al phase diagram has been in- 
vestigated, including the precipitation of Y' (NizAl) as well as 
the existence of ordered Y (Ni matrix), Extensive metallographic 
studies by electron microscopy have been carried out and X-ray 
diffraction diagrams have been taken at both elevated and am- 
bient temperatures. No long-range ordering of the Y phase was 
found above 893°C (1639°F) in the compositional range inves- 
tigated. The high rate of formation of the ordered Y’ phase upon 


quenching has been confirmed, a phenomenon which up to the 
present time has retarded the understanding of this phase dia- 
§vam. Specimens with controlled amounts of Y' exhibited up to 
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a six-fold improvement in yield and creep strength compared 


with single-phase Ni-Cr-Al alloys. 


Most of the important high nickel heat-resistant 
alloys are related to the nickel-chromium-alumi- 
num system. One of the important functions of the 
aluminum, often accompanied by titanium, is to 
produce a precipitate of the very fine y’ phase 
(NisAl, X) where X may be Ti, Cr, or other ele- 
ments. A number of investigators’ *! have demon- 
strate the presence of y’ in these alloys but most of 
their materials contained large amounts of other 
elements resulting in appreciable amounts of con- 
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fusing phases such as carbides. Further clouding of 
the precise role of y’ has been the suspected exist- 
ence of an ordering reaction in the y matrix itself, 
yo.’ *” It appeared from these investigations that 
aluminum in Ni-Cr alloys would raise the ordering 
temperature of the matrix from 540°C at Ni;Cr to 
1300°C at Ni;Al. In support of this possibility, the 
matrix phase in the parallel Ni- Fe-Al system is 
ordered to very high temperatures. '® 


OBJECTIVES OF THIS RESEARCH 


From this survey of the literature it appeared 
desirable to conduct an investigation of the simple 
Ni-Cr-Al system using the alloys of the highest 
available purity to avoid the complication of foreign 
phases and thereby isolate the structures in the Ni- 
Cr-Al system. Procedures were developed to study 
y yo and y — y’ equilibria. Preliminary mechanical 
tests at elevated temperatures were also conducted. 
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Table |. Chemical Analyses of Ni-Cr-Al Alloys 


Aim Analyses, 


Final Analyses 


Heat At. Pct* Wt Pct At. Pct 

No. Cr Al Ni Cr Al (@ N B Zr Ni Cr Al 

R332 20 5 77.87 Wofstem| 4.14 0.03 0.0126 - <0.01 ie 18.6 8.4 

R333 15 10 81.42 13.08 yas) 0.03 0.0098 - <0.01 75.6 1357 10.6 

R334 16 9 79.62 14.11 6.15 0.05 0.0084 ~ <0.01 Wow 14.6 1232 

R379 11 14 82.05 10.09 7.65 0.05 0.0075 - <0.01 74.5 10:4 15.1 

R380 9 16 82.40 8.63 8.70 0.04 0.0125 -_ <0.01 74.2 8.8 17.0 

R346 9 16 82.96 8.04 8.83 0.07 0.007 - <0.01 74.6 8.2 V/eP 

R347 5) 20 85.92 4.22 9.93 0.04 0.007 = <0.01 76.5 4.3 19.2 

R436 16 9 79.66 14.79 5.33 - 0.0084 - - 73.8 15.4 10.75 
R437 22 3 77.89 19.49 2.48 - 0.0056 - - 73.8 20.9 5512) 
R438 10 15 82.20 9.53 8.03 - 0.0070 _ - 74.5 9.75 15.85 
R447 22 3 82.53 S372 1.64 0.005 0.003 0.0032 — 79.6 17.0 3.4 

R448 16 9 80.49 14.82 4.63 0.0062 0.002 0.0055 = 75.0 15.6 9.4 

R449 10 15 78.88 12.64 8.23 0.02 = - - 71 12.9 16.1 


*Balance nickel. 


PROCEDURE 


Preparation of Specimens— High-frequency induc- 
tion furnace heats were vacuum melted at below 
10-y pressure of Hg and cast into 10-lb ingots un- 
der an argon atmosphere. Materials of the highest 
available purity were employed and the heat anal- 
yses are given in Table I. 

In the processing of these materials for phase 
determinations special care was taken to avoid seg- 
regation. The ingots were homogenized at 1260°C 


S 3 SOURCE, X-RAY TUBE 

A-B = MONOCHROMATOR 

D = FOIL SPECIMEN ( NOT BENT) 

C = X-RAY CAMERA , DIFFRACTION AREA 
F = FOCUS 

R = RADIUS OF FOCUSING CIRCLE 


Fig. 1—Schematic diagram of X-ray geometry used in 
elevated temperature X-ray diffraction. 
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(2300°F) for 4 hr and hot rolled. During the rolling 
operations, the material was reheated five times at 
1260°C (2300°F) for 10 min. No evidence of segre- 
gation could be found either in the bar stock or later 
in the cold rolled foil needed for X-ray diffraction 
specimens. The specimens for mechanical testing 
were machined from the bar stock. 

Metallography and X-Ray Diffraction— First the 
solvus line, y- y’ was determined metallographic- 
ally. Specimens were aged at selected temperatures 
for 12 to 24 hr and quenched in iced brine. In pre- 
liminary work some cast samples were used and 
denoted by (c) in the figures. The cast samples 
were first homogenized at 1260°C (2300°F ) for 4 hr. 
Conventional electron micrographic techniques were 
employed. 

X-ray diffraction at both ambient and elevated 
temperatures was also used in the phase determi- 
nations. For the ambient temperatures, conven- 
tional equipment using CrKa radiation and quenched 
Specimens was employed. 

For diffraction patterns at elevated temperatures 
a camera was constructed similar to an original 


Fig. 2—Vaporization of aluminum from a foil surface. The 
dark areas between the foil surfaces and nickel plate are 
crevices from electrolytic etching. The etching solution 
preferentially attacked the nickel plate rather than the foil 
specimen. Depletion of y’ from the surface indicated that 
vaporization of aluminum and probably chromium had oc- 
curred. Foil: Heat R499. Temperature: 1073°C (1962°F). 
Time at temperature: 90 hr. Atmosphere: 0.01-y vacuum. 
X1000. Reduced approximately 49 pct for reproduction. 
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Fig. 3—Suppression of aluminum vaporization with helium. 
The dark areas between the foil surfaces and nickel plate 
are crevices from electrolytic etching. The etching solu- 
tion preferentially attacked the nickel plate rather than 
the foil specimen. Note little or no surface depletion of 
y’. Foil: Heat R499, Temperature: 1073°C (1962° F). 

Time at temperature: 90 hr. Atmosphere: 600 mm of 
helium. X1000. Reduced approximately 49 pet for re- 
production. 


design by P. A. Flinn'””° Foils 0.001 in. thick were 
used as specimens and heated by passing a con- 
trolled electric current through the foil in the cam- 
era. The apparatus consisted of an X-ray tube with 
a chromium target, crystal monochromator, X-ray 
camera, vacuum system, and helium purification 
train, Fig. 1. The purified helium atmosphere in- 
troduced into the X-ray camera was necessary to 
retard the evaporation of Al and Cr from the foil 
surface, Figs. 2 and 3. Even with this technique the 
maximum temperature at which evaporation could 
be reasonably suppressed was 1073°C (1963°F), 
The temperature of the foil surface was measured 
with an optical pyrometer which was calibrated by 


simultaneous optical and thermocouple measure- 
ments. To produce patterns with satisfactory in- 
tensity of superlattice lines exposure times were of 
the order of 72 hr. 


DISCUSSION OF RESULTS 


Metallographic Data— The variously heat-treated 
specimens provide a simple picture of most aspects 
of the y — y’ transformation, particularly at lower 
Al contents as shown graphically in Fig. 4. The y’ 
phase usually occurs as a precipitate in the y ma- 
trix and is clearly distinguishable both in fine and 
coarse distribution. The solvus between the y and 
y +r’ fields agrees fairly well with that previously 
determined by Taylor and Floyd.° 

At aluminum contents below 12 at. pet, the spec- 
imens quenched from the single-phase field show 
clear single-phase y grains. Of course, ordering 
in this matrix phase would not be discernible met- 
allographically. At higher aluminum contents, a 
rough etching appearance was noted in the matrix. 
This point can better be discussed after the X-ray 
results have been reviewed. 

X-Ray Diffraction Data—The data obtained from 
diagrams taken at elevated temperatures indicate 
no ordering of the y matrix over the analysis and 
temperature ranges investigated, Fig. 5. In the 
y + y' field, superlattice lines were obtained from 
the y’, Theoretical calculations can be performed 
for the two possibilities: 1) y and y' both ordered 
and 2) only y' ordered, Table Il, Fig. 6. These cal- 
culations, when compared to the measured intensi- 
ties, confirm that only y’ ordering is present. 


1300 
THIS RESEARCH Os 
—-—— PUBLISHED SOLVUS oF 
1200 TAYLOR AND FLoyp""! O¢ 
NO Y' PRESENT AT TEMPERATURE 
' oc Ocwe @c 
Tele) AS CAST SAMPLE C@ec @cw 
w WROUGHT SAMPLE ceec ec 
ecw 
1l000F 
c@ec 
2 SINGLE PHASE Y FIELD 
Y+Y' FIELD 
800} 
700 
R332 R333 R334 R380 R346 R347 
ees 2 4 6 8 10 12 14 i6 i8 20 22 24 25 
NI,CR ATOMIC % AL REPLACING CR NI,AL 
Fig. 4—Solvus band for 12 to 24-hr solution treatments for alloys of compositions from NizsCr to Nig Al. 
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EQUILIBRIUM SOLVUS 
° NO SUPERLATTICE LINES AT TEMPERATURE 
e SUPERLATTICE 
1100 }- 


Fig. 5—Summary of elevated-tempera- 
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The data from the quenched specimens using 
ambient temperature X-ray diffraction agree with 
the elevated temperature data up to 12 at. pct Al, 
Fig. 7. Above this percentage, however, when 
specimens are quenched from the single-phase field, 
superlattice lines are obtained. Any superlattice 
lines from ordered yo would be very close to the 
values for y’ precipitation; therefore, the d values 
of the lines do not disclose their origin. 

To resolve this apparent conflict between the ele- 
vated and ambient temperature data, a series of 
Specimens was quenched at different rates from the 
single-phase y field (Heat R380 —17 pct Al). The 
electron micrographs showed a pebbly appearance 
in the rapidly quenched sample, while those 
quenched more slowly in oil and air showed dis- 
tinct y’ precipitation. The particle size measure- 
ments are shown in Table III. 

These data indicate that the superlattice lines of 
the specimens quenched from the y field were due 


0.044 
fe} 
CALCULATED INTENSITY RATIOS 
cee ASSUMING ONLY ORDERED 
0.03 PHASE IS Y' 
____ CALCULATED INTENSITY RATIOS 
ASSUMING Y AND Y' ARE ORDERED 
oO EXPERIMENTAL INTENSITY RATIOS 
Jt 1 4 
700 800 900 1000 1100 1200 1300 


TEMPERATURE , °C 


Fig. 6—Correlation of theoretical and experimental in- 
tegrated intensity ratios with temperature for heat R449. 
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to unsuppressed precipitation of y’ rather than to 
ordering of the matrix. Further confirmation of this 
conclusion is in the nature of the superlattice lines. 
In all cases these were broad and characteristic of 
a fine precipitate rather than those of a structure 
formed at temperature. 

The results from this investigation of the struc- 
tures of these alloys, coupled with the recent neu- 
tron diffraction data of Roberts and Swalin,™ in- 
dicate that no long-range ordering of the matrix y 
phase exists in these temperature and composition 
ranges. 

Following this investigation of the phase equi- 
libria, it appeared desirable to initiate mechanical 
testing of a few selected analyses. As a beginning 
one single-phase and one two-phase alloy were se- 
lected, R447 and R448 of Table I. A test tempera- 
ture of 750°C (1382°F) was selected for the initial 
tests because here the matrix phase composition 
does not change significantly as chromium is re- 
placed with aluminum. 

Elevated Temperature Properties of Ni-Cr-Al 
Alloys—The creep strength, z.@., the stress to pro- 
duce a creep rate of 0.601 pct per hr at 750°C 


Table Il. Comparison of Integrated Intensities and Intensity Ratios 
of Elevated Temperature Diffraction Diagrams 
with Theoretical Intensity Ratios 


Theoretical Intensity Ratios 


Assuming Assuming Both 

Heat Temp., Experimental Intensities Only y’ is y and y’ 
No. 2C L160) Ordered are Ordered 
R332 893 0 8.20 0 0 = 
R333 893 0 14.70 0 0 0.031 
R334 893 0.41 WG 3H 0.027 0.03 0.037 
R334 982 0 15.28 0 0 0.036 
R334 1038 0 TAO) 0 0 0.036 
R334 1038 0 11.38 0 0 0.036 
R334 893 0.38 11.94 0.032 0.03 0.037 
R334 893 0.19 10.30 0.020 0.03 0.037 
R449 900 0.46 8.10 0.057 0.058 0.0585 
R449 1000 0.45 10.05 0.045 0.049 0.0535 
R449 1073 0.42 13.00 0.032 0.030 0.058 
R449 1073 0.79 22.6 0.035 0.030 0.058 


'Microphotometer used to measure intensities. 
p 
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(1382 °F), is five to six times greater for the pre- 
cipitation hardened material, Fig. 8. The yield 
strength at 750°C (1382°F) of the two-phase alloys 
is also approximately five to six times that of the 
single-phase alloy, Table IV. These results are 
apparently typical of the expected effects of pre- 
cipitation hardening upon elevated temperature 
properties, ~” Also, these results show the marked 
effect of y’ precipitation upon creep properties in 
the pure Ni-Cr-Al system. 


CONCLUSIONS 


1) No long-range ordering exists in the Ni-Cr-Al 
system in the temperature range of 893°C (1639°F) 
to 1073°C (1963°F) and in the composition range in- 
vestigated, 

2) In alloys containing high percentages of alumi- 
num the rate of precipitation of y’ is extremely 
rapid and cannot be suppressed by ice-brine 
quenching. 

3) The creep strength and yield strength of Ni- 


Table Ill. Particle Sizes of y’ Precipitated During Quenching of 
Solid Specimens of R380 into Ice-Brine, Water, Oil, and Air Baths 


Measured 
Particle 
Sample No. Quenching Bath Vol. Pet y’ Size, A 
R380—225 Ice-Brine 730 
—226 Water 53.4 892 
—227 Oil 53.8 1110 
—228 Air 57.4 1520 


Cr-Al alloys at 750°C (1382°F) are increased five- 
or six-fold as a result of y’ precipitation. 
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Fig. 8—Elevated-temperature properties 
of Ni-Cr-Al alloys at 750°C (1382°F). 
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Table IV. Elevated Temperature Properties of Typical 
Wrought Ni-Cr-Al Alloys 


Hot Tensile Tests 


Specimen Pct 
No. Temp., °F Elong. 
R447—2 1382 33,400 14,000 82 
R447-3 1382 31,800 14,200 90 
R448-—3 1382 81,800 81,800 2 
R448—-1 1382 79,400 79,400 1 to 2 
R448—6 1382 76,900 76,900 Into: 2 


Creep Tests 


Minimum 
Creep 
Specimen Temp., Rate, Pct 
No. Stress PctHr Elong, Rupture Time 
R447—4 1382 4,000 0.0007 — Test stopped before rupture 
R447-5 = 1382 6,000 0.0124 — Test stopped before rupture 
R447-6 =1382 8,000 0.073 5.7. Test stopped before rupture 
R447-1 1382 10,000 0.258 73 162 
R448-3 1382 30,000 0.0036 1 36.1 
R448-5 1382 30,000 0.0032 1.6 76.8 
R448—7 1382 25,000 0.0009 - 89.4 
R448—2 1382 25,000 0.0011 1.9 141.6 
R448-8 1382 20,000 0.0004 — Test stopped before rupture 


°R. Nordheim and N. J. Grant: Aging Characteristics of Nickel-Chromium 
Alloys Hardened with Titanium and Aluminum, /. Metals, 1954, vol. 6, no. 2, 
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Correction to Volume 218, December 1960 


Growth of (110)[001]-Oviented Grains in High-Purity Silicon Iron—A Unique Form of Secondary Recrystal- 


lization, by J. L. Walter and C. G. Dunn, p. 1033 


Page 1036—Left-Hand Column 


Reads 


‘‘These orientation relationships between the secondaries and the matrix grains are dif- 


ferent from all other exceptions, ... 


Should Read 


‘““These orientation relationships between the secondaries and the matrix grains are dif- 


ferent from all other reported relationships. With one or two possible exceptions, ... 


Stability Relations of Calcium Ferrites: Phase Equilibria in the System 2CaO: Fé, O03 -FeO: Fe2 O3 -Fé2 
Above 1135°C, by Bert Phillips and Arnulf Muan, p. 1112. 


Page 1112—Author Box 


Reads 


‘““ARNULF MUAN, Member AIME, was Associate Professor of Metallurgy, The Pennsyl- 


vania State University, . 


Should Read 


‘‘ARNULF MUAN, Member AIME, is Associate Professor of Metallurgy, The Pennsyl- 


>) 


vania State University, . . 
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Technical Notes 


A Technique for the Preparation of Thin 
Films of Two-Phase Alloys Suitable for 
Use in Transmission Electron 
Microscopy 


G. S. Ansell, L. R. Sefton, and E. Eichen 


In order to obtain foil sufficiently thin to permit 
transmission electron microscopy of two-phase 
alloys, particularly alloys in which the second 
phase is present as a very finely dispersed second 
phase, a technique has been developed to permit 
the thinning of these materials without either the 
large degree of pitting present in the electrochem- 
ical or chemical thinning process or the slicing of 
the second phase particles accompanying the mi- 
crotoming process. 

The metal or alloy to be thinned is first ground 
to initial sheet thickness of approximately 0.002 in. 
by hand grinding on 4/0 emery paper. This start- 
ing sheet of material is then reduced in cross sec- 
tion by an air-abrasion technique using an S. S. White 
dental abrasive unit. This unit consists of a supply 
of compressed CO, which provides a stream of high 
velocity gas impinging on the metal surface. In- 
corporated in the machine is a hopper-type of device 
in which fine abrasive particles of alumina are in- 
troduced into this high velocity gas stream. The 
abrasive particles are irregular in shape, approxi- 
mately 30 u across. If any particles are introduced 
into the sample during thinning, they should be 
readily observable. Impingement of this gas abra- 
sive mixture on the metal surface causes rapid re- 
moval of the metal in a rather uniform manner. 
The rates of metal removal may be adjusted by 
both regulating the gas pressure and amount of 
abrasive material introduced into the gas stream. 
By moving the gas stream abrasive mixture slowly 
about the specimen or sheet surface, a large area 
of the sheet may be uniformly reduced to a thick- 
ness which is then suitable for use in transmission 
electron microscopy. Attendant with this metal 
removal is a result in cold working of the metal 
surface due to the impingement of the abrasive 
particles. The resultant foils, therefore, if made 
from materials which are desirable to view in the 
annealed condition, have to be subsequently heat 
treated. If the alloy from which these foils have 
been made has been initially heavily worked or 
deformed during manufacture, then no subsequent 
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heat treatment is necessary as in the case of the 
SAP-type alloys. Following this initial abrasive 
thinning technique, the material is then given a 
final electropolish which is just sufficient to re- 
move any oxide which has formed on the metal sur- 
face during the abrasion technique. Care has to be 
exercised in this technique to make sure that none 
of the attendant problems associated with the chem- 
ical or electrochemical removal process are en- 
countered. An electrolyte solution which has been 
found suitable for aluminum-aluminum oxide SAP 
materials is one containing 78 ml of perchloric 
acid, 120 ml of distilled water, 700 ml of ethanol, 
and 100 ml of butylcellosolve. The current density 
used is 1 amp per sq cm and a polishing time of 

3 sec on each side of the foil is used. Extreme 
care must be used in choosing the current density 
and time to ensure that just the oxide film on the 
specimen is removed. Times or current density 
which are greater than this will lead to perforation 
of the film due to the removal of the Al,O, par- 
ticles or a complete loss of the film due to com- 
plete solution of the matrix. Once the oxide film 
is removed the specimens must be kept in alcohol 
until placed in the microscope to prevent any fur- 
ther oxidation. 

Fig. 1 shows an electron micrograph at X28,000 
of a thin foil of an aluminum-aluminum oxide SAP- 
type alloy prepared using this technique. The alloy 
consists of a matrix of commercial purity aluminum 
containing a very finely dispersed second phase of 
aluminum oxide flakes. In the electron micrograph, 
the dark patches are the aluminum oxide particles. 
The lighter portions of the micrograph are the 
aluminum matrix. Within the aluminum matrix, the 
dislocation structure of the alloy is clearly visible. 
This structure consists of intersecting twin bound- 
aries and single dislocations. 

No abrasive particles were observed in the sam- 
ples. In addition, thin films of commercial purity 
aluminum were prepared using this method and 
observed in the electron microscope. Here also, 
there was no evidence of abrasive particles intro- 
duced in the samples. 

The technique presented provides a satisfactory 
method for the production of thin films of aluminum- 
aluminum oxide SAP-type alloys for use in trans- 
mission electron microscopy where none of the 
usual thinning techniques appears to be satisfactory. 


Fig. 1—Transmission photograph of an aluminum-alumi- 
num oxide SAP-type material. X28,000. Reduced approx- 
imately 50 pet for reproduction. 
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In addition, this method of thinning should also prove 


to be a useful technique for other two-phase alloys 
especially those containing a very finely dispersed 
second phase where none of the normal thinning 
techniques appears satisfactory. Inherent in this 
method of thinning, the resultant foil becomes very 
heavily cold worked. In the case of the SAP-type 
alloys where the alloy is extremely heavily de- 
formed during its manufacture, this cold working 
is not detrimental. In the case of alloys in which 
the alloys are not cold worked during their manu- 
facture and one wishes to study thin films of the 
annealed materials, a subsequent heat treatment 
after the initial thinning operation is required. 


Comparison of Dispersion Hardening in 
Four Silver-Base Alloys of Equivalent 
Composition 


J. Gurland 


Tue effect of four different second-phase addi- 
tions on the strength of composite alloys with a 
common matrix was investigated. The four com- 
positions each consisted of 85 pct by volume of 
silver with additions of 15 pct of either tungsten, 
molybdenum, tungsten carbide, or nickel. These 
particular additives were chosen because of their 
low mutual solid solubilities with silver at room 
temperature, the alloys consisting essentially of 
a dispersion strengthened silver matrix in which 
the second phase is distributed randomly. 

Test specimens were prepared by a powder 
metallurgy procedure consisting of ball milling 
the mixed powders, compacting, and sintering at 
920°C for 1 hr in hydrogen. The constituent pow- 
ders were of CP quality and of particle size be- 
tween 2 and 10 up. The compacts were subsequently 


hot pressed at 1000 psi and 1400°F in an Inconel die, 


coined at room temperature at 60,000 psi and fi- 
nally annealed and outgassed in vacuum at 800°F. 
The microstructures of the alloys are shown in 
Fig. 1, and the microscopically observed porosity 
grade was A-2 or better as evaluated by ASTM 
Recommended Practice B 276-54. 

The properties of the sintered compacts are 
listed in Table I, and the load-deformation curves 
in bending are shown in Fig. 2. The samples, of 


rectangular cross section, were loaded at the center 


of %s in. span, and the reported stress was calcu- 
lated on the basis of linearly elastic behavior in 
order to allow the comparison of specimens of 
slightly different dimensions. It is apparent that 
the tungsten, molybdenum, and tungsten carbide 
alloys exhibit very similar deformation curves. 
The moduli of elasticity were determined from 


the slopes of the stress-deflection curves at small 
loads. The measured values agree quite well with 
those calculated by the strength of materials ap- 
proximation proposed by Paul’ for the elastic con- 
stants of mixtures, the calculated values being 
15.0, 15.0, 17.4, and 13.4 million psi, respectively, 
for the tungsten, molybdenum, tungsten carbide, 
and nickel combinations with silver. 

The strength of the Ag-Ni composition is appre- 
ciably lower than that of the other three alloys. The 
discrepancy between the two groups is accounted for 
by the following characteristics of deformation and 
failure which were observed microscopically during 
the tests: 

A) The deformation of the W, Mo, and WC alloys 
did not involve the second phase particles to any 
appreciable extent. Slip and fracture took place in 
the silver-rich matrix alone, although the fracture 
path generally skirted the particles by favoring the 
phase boundaries. The deformation proceeded ac- 
cording to the following sequence: 1) formation of 
small, discontinuous microcracks in areas of the 
matrix adjacent to a particle, 2) general slip in the 
matrix and extension of cracks, 3) failure of speci- 
mens by propagation of cracks through matrix. The 
near coincidence of the 3 load-deflection curves 
suggests that the nature of the second phase par- 
ticles does not decisively influence the plastic be- 
havior of composite alloys of this composition as 
long as the particles do not undergo any consider- 
able deformation themselves. 

B) A markedly different behavior was exhibited 
by the Ag-Ni composition where the relatively low 
flow strength is associated with the low yield 
strength of the nickel grains. Slip in the nickel 
grains was first observed at a stress of approxi- 
mately 10,000 psi, although failure, at a later 
stage, took place by the propagation of cracks 
through the matrix. The ductility of this aggregate, 
in which both components deform plastically, is 
appreciably greater than that of the elastic- 
plastic composites. 

In summary: 

1) The measured values of the moduli of elastic- 
ity of the composite alloys under discussion are in 
good agreement with the ‘‘strength of materials’’ 
approximation proposed by Paul.* 

2) The overall plastic behavior of these particle- 
strengthened alloys is unaffected by the nature of 
the second phase particles, if the latter remain 
elastic. 

This work was supported by the Office of Naval 
Research. The experimental results are presented 


Table |. Properties 


Bending 
; Modulus of Fracture 
Density, g/cm Hardness, Elasticity, Strength, 
Theo- Rockwell Million Thousand 
Composition Obtained retical H Psi Psi 
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100 pet Ag 10.47 10.49 46.5 rote 17.5 
85 pct Ag—15 pct W 11.62 11.82 90.6 145 42.6 
85 pct Ag—15 pct Mo 10.26 10.45 89.9 15.2 48.5 
85 pct Ag—15 pct WC 11.06 7 17.8). 46.2 
85 pct Ag—15 pct Ni 10.14 10.26 69.2 12.1 35.2 
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Fig. 1—Microstructures. a) 85 pct Ag-15 pet W. X1500. b) 85 pet Ag-15 pct Mo. X1500. c) 85 pct Ag-15 pet W. X1500. 
d) 85 pet Ag-15 pet Ni. X1000. Reduced approximately 13 pct for reproduction. 
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DEFLECTION (x IO °INCH ) 
Fig. 2—Deformation in bending. 


in detail in report: Nonr 562(19)/6, Division of 
Engineering, Brown University. 


1B. Paul: Prediction of Elastic Constants of Multiphase Materials, Trans. 
Met. Soc. AIME, 1960, vol. 218, p. 36. 


Mercury Embrittlement of Titanium 
Alloy RC-130-A 


W orner? briefly studied the embrittlement of 
titanium by mercury. He found that mercury will 
wet the titanium surface at 400°C in vacuo, if the 
specimen had been heated previously to 700°C to 
dissolve the oxide coating. Subsequent exposure to 
the atmosphere causes the mercury film to recede 
rapidly. Bending of the titanium specimen even 
after the mercury film has receded results ina 
brittle fracture. 

For the study of the embrittling effect of mercury 
on titanium, specimens 2 by 12 by 0.051 in. were 
cut from RC-130-A sheet, an alloy having a nominal 
8 pct Mn content and a mixed a-8 structure. The 
specimens were stressed horizontally at a prede- 
termined value after which a plastic ring having a 
cavity Yo in, diam by Yo in. deep was placed on the 
specimen. The cavity was filled with mercury and 
a nole was drilled in the specimen through the pool 
of mercury. If the stress level was high enough, 
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fracture occurred instantaneously with the drilling. 
By repeating the test at different stress levels, the 
threshold stress can be determined. 

Mercury embrittlement causes a drastic reduc- 
tion in the ultimate tensile strength of this alloy 
from 132,000 psi to about 15,700 psi. The drilling 
of the hole, in the absence of mercury, does not 
change the tensile properties. Fig. 1 shows the 
typical fractures observed as a result of the em- 
brittlement of this alloy by mercury. The central 
portion of the fracture was brittle represented by 
the jagged region which appears to have occurred 
on the shear planes at about 45 deg to the stress 
axis. Ductile fracture, which is perpendicular to 
the stress axis, occurred near the specimen edges 
accompanied by a reduction of the specimen thick- 
ness. Examination of the fracture reveals that 
only in the brittle region does mercury wet the 


Fig. 1—Typical fractures of titanium alloy RC-130-A 
after inoculation with mercury. 
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surface. In this region, there is a certain amount 
of branching of the fracture cracks as wellas a 
tendency for spalling around the bottom of the 
hole drilled through the pool of mercury. 

The author wishes to acknowledge support by the 
Office of the Chief of Ordnance, U.S. Army, under 
the technical direction of the U.S. Ordnance Ar- 
senal, Frankford, Philadelphia, Pa. 


1Worner: Bull. Inst. of Metals, 1956, vol. 2, p. 147. 


A Simple Device to Improve Uniaxial Load- 
ing in Compression Tests 


Wilhelm in der Schmitten 


A necessary condition for a uniaxial stress dis- 
tribution in compression testing is that the speci- 
men end surfaces make full contact with the ap- 
paratus compression plates. In addition all 
compression surfaces must be machined per- 
pendicularly to the loading axis. In general this 
condition is not sufficiently fuifilled in a simple 
apparatus. Therefore on application of the load 

the compression plate may first touch the specimen 
at one point only. This may cause crumbling of the 
Specimen if the material under investigation is 
brittle (e.g., ionic crystals). It also precludes a 
precise study of the beginning of deformation as the 
effective cross sectional area is unknown. In addi- 
tion a complex stress state is set up which renders 
quantitative work impossible, é.g., on dislocation 
density and arrangement as a function of stress. 

To overcome these difficulties a ‘‘self-adjusting’’ 
upper compression plate is required. A simple and 
reliable method of achieving this is shown in Fig. 1: 
A steel hemisphere is placed on the specimen. As 
soon as the compression plate (which no longer 
needs precise machining) makes contact with this 
hemisphere the load is uniformly distributed over 
the whole specimen surface, and a homogeneous 
uniaxial state of stress results. 

An advantage of the method is that the loading is 
always central, even when the specimen surface is 
not parallel to the compression plate (Fig. 1, dashed 
line). Therefore to a first approximation a uniaxial 
state of stress is maintained if the misorientation of 
the specimen end surface is small. 

Two typical stress strain curves of identically 
prepared sodium chloride crystals are shown in 
Fig. 2; curve I was taken without and curve II with 
the hemisphere under otherwise identical condi- 
tions. The-improvement in the accuracy of defining 
the beginning of elastic and plastic deformation is 
clearly indicated. 


WILHELM IN DER SCHMITTEN, formerly Research As- 
sociate, Institut fUr Metallphysik der Universitat Gottingen, 
Germany, is presently at Firma Nukem, Wolfgang bei Hanau 
a.M., Germany. 

Manuscript submitted August 24, 1960. IMD 


L 


z_ Point of central loading 


| 

| 


J 


Fig. 1—Hemisphere as ‘‘self-adjusting’’ upper com- 
pression plate (making point of central loading inde- 
pendent of misorientations of specimen end surface). 
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Fig. 2—Stress strain curves of sodium chloride taken 
without (I) and with (II) hemisphere. 


The writer wishes to thank the Deutsche 
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this work. 


Observations on the Ductility and Frac- 
ture of Recrystaliized Chromium 


Rollin E. Hook, Attwell M. Adair, 
and Harry A. Lipsitt 


Past experimental evidence has indicated that the 
brittleness of chromium is associated with inter- 
stitial solute elements, mainly nitrogen, * and that 
the same chromium which exhibits room-tempera- 
ture ductility in the cold-worked condition shows no 
ductility upon recrystallization. The brittle frac- 
ture of chromium is reported to be almost entirely 
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Fig. 1—Recrystallized chromium bent at room tempera- 
ture, maximum fiber strain of 38 pet. X12. Reduced ap- 
proximately 47 pet for reproduction. 


transgranular in nature,’ ° and, although Smith and 
Seybolt* found intergranular fracture due to carbon 
and sulfur, the fracture of their bend test samples 
containing nitrogen was always transgranular. Ex- 
planations of the brittleness of chromium invoke 
Cottrell-locking,* strain-induced precipitation,°® or 
amount and orientation of grain boundary im- 
purities’ as possible mechanisms for the cause of 
brittleness. The reciprocal effect of grain bounda- 
ries and plastic deformation in generating condi- 
tions contributing to stress concentration and 


ultimately to the initiation of brittle fracture is well 


known, particularly, in the case of the embrittle- 
ment of molybdenum by oxygen.° 

The present work involved the use of 0.040 and 
0.050 in. diam drawn wire prepared from elec- 
trolytic chromium by the Bureau of Mines, Albany, 
Ore. A typical analysis is as follows: 0 < 200 ppm, 
H = 8 ppm, N= 50 ppm. Although no carbon anal- 
ysis is available for this material, the Bureau of 
Mines chromium is claimed to contain less than 
100 ppm C—usually about 50 ppm. The as received 
0.040 in. diam wire was in acold-worked condition 
and could be bent 90 deg at room temperature with 
no incidence of fracture. However, upon a 2-hr re- 
crystallization anneal at 1150°C in vacuum, severe 


Fig. 2—Intergranular fracture in chromium showing idio- 
morphic phase. X500. Reduced approximately 42 pct for 
reproduction. 
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Fig. 3—Mating surfaces of intergranular fracture show- 
ing idiomorphic phase. X1500. Reduced approximately 
31 pet for reproduction. 


embrittlement occurred. The 0.050 in.-diam as- 
received wire was in the recrystallized condition 
and initially quite brittle. 

In order to produce single-crystal and very large 
grained polycrystalline specimens, 4-in. segments 
of these wires were annealed by resistance heating. 
An electric current was passed through the wires 
while in a chamber containing an argon atmosphere 
of 6 lb (gage). Although vaporization of the spec- 
imen was minimized by this procedure, a glass 
viewing window soon became coated, making optical 
temperature measurements rather uncertain. How- 
ever, occasional melt throughs occurred, indicating 
that the temperature was near the melting point. 
After annealing for times of 15 to 60 min, the spec- 
imens were rapidly cooled to room temperature by 
shutting off the power. One single-crystal segment 
of wire grown in this manner was bent to a maxi- 
mum fiber strain of 50 pct without fracturing at 
room temperature. It was found that the large- 
grained polycrystalline sections of the wires also 
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exhibited some ductility in bending. Fig. 1 shows a 
section of recrystallized chromium wire which was 
bent as a cantilever at room temperature. The 
maximum fiber strain is approximately 38 pct. 

Fracture surfaces of polycrystalline sections of 
both wire sizes bent to fracture were examined by 
the optical microscope. This examination revealed, 
in most instances, the occurrence of some inter- 
granular and mostly transgranular fracture. The 
intergranular fractures were observed to occur at 
and near the tension surface and appeared to be 
sites of initiation of fracture as indicated by the 
fanning out of river patterns from these sites as 
shown in Fig. 2. This fractograph shows an area at 
the tension side of a 0.050-in. diam wire which bent 
to a maximum fiber strain of approximately 14 pct 
before failure. The wire was composed of from six 
to eight grains through the cross section at this 
point. An interesting feature of the intergranular 
fracture surfaces is the appearance of an idio- 
morphic phase. This phase appears to have a cubic 
external symmetry and appears to be oriented with 
respect to the matrix. Fig. 3 shows the mating 
fracture surface at high magnification and reveals 
the correspondence between particles on one sur- 
face and holes on the other. The appearance of this 
idiomorphic phase at the grain boundaries and the 
observation of grain boundary initiated fracture 
suggests that solute segregation to grain boundaries 
may play a significant role in the brittle fracture of 
chromium. Efforts are now being made to identify 
this grain boundary phase and techniques are being 
developed to test these recrystallized wires in 
tension. 

+Wain, Henderson, and Johnstone: A Study of the Room-Temperature Ductility 
of Chromium, J. Inst. Metals, December 1954, vol. 83. 

?McNeil and Limb: Cleavage Fracture in Cast Chromium of High Purity, J. 
Inst. Metals, November 1958, vol. 4. 

*Weaver and Gross: X-Ray Examination of Brittle Fractures in Extruded 
Chromium, J. Appl. Phys., April 1960, vol. 31, no. 4. 

‘Smith and Seybolt: Ductile Chromium and its Alloys, 1957, ASM, Cleveland. 

5Maykuth and Jaffee: The Mechanical Properties of Swaged lodide-Base 
Chromium and Chromium Alloys, Trans. ASM, 1957, vol. 49. 


°Maringer and Schwope: On the Effects on Oxygen on Molybdenum, J. Metals, 
March 1954, vol. 6, no. 3. 


Thermal Expansion of Beta Titanium 


D, N. Williams 


Tue present study was undertaken with two specific 
objectives: measurement of the thermal-expansion 
coefficient of 6 titanium and examination of the ef- 
fect of solid-solution alloying on the thermal expan- 
sion coefficient. 

Four titanium alloy materials were available in 
the form of annealed 5/8-in. diam rod. Three of 
these, Ti-8V, Ti-20V, and Ti-6A1-4V, were pre- 
pared in the laboratory from 140 Bhn sponge. The 
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Table |. Alloy Materials Used in the Thermal-Expansion Studies 


Melting Beta Transus 
Composition, Temperature, Temperature, 
Wt Pct F 
Unalloyed Ti (A-55) 3130 1620 
Ti-8V 3040 1420 
Ti-20V 2780 1200 
Ti-6A1-4V 2900 1825 


Table Il. Mean Thermal-Expansion Coefficients 
of Four Titanium Alloys 


Mean Linear Thermal-Expansion Coefficient, 
10~° per Deg F 


Ti-8V Ti-20V Ti-6A1-4V 

Temperature 
Range, Heat- Cool- Heat- Cool- Heat- Cool- Heat- Cool- 
F ing ing ing ing ing ing ing ing 


68 to 200 4.3 4.0 4.8 5.0 5.0 Syl SK) 5.4 
200 to 400 ys} 5.0 5.0 5.4 Spe 5.3 5.4 5.4 
400 to 600 5.4 5.3 5.6 
600 to 800 5.8 5.8 5.6 aE) 5.6 Sy) Spy 5.8 
800to1000 5.9 529 5.8 6.0 6.0 6.4 6.2 6.2 

1000to1200 85.9 6.2 3.0 6.0 6.2 6.2 6.6 6.8 
1200to1400 5.8 6.6 PN 5.6 6.5 7.0 6.9 158) 
1400to1600 = 5.0 7.6 5.0 7.4 5.4 7.6 
1600 to1800 4.4 4.2 5.4 6.6 6.7 
1800to 2000 6,2 6.9 5.8 Ws) 6.7 doth 6.7 7.0 
2000 to 2200 6.6 Tos: 6.6 7.8 Ted 8.1 8.0 
2200 to 2400 7.9 6.7 7.8 7.7 8.2 8.2 
2400 to 2600 6.2 8.3 8.7 8.2 8.4 8.8 
2600 to 2800 - = ~ - 8.4 8.9 - - 


preparation of these alloys has been described ina 
previous publication.’ The fourth material, high- 
purity unalloyed titanium, was obtained commer- 
cially (A-55 grade), The melting point and f transus 
temperature of these materials are given in Table I. 
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Fig. 2—A comparison of the thermal expansion coefficient 
of the 8 phase of four titanium alloys. 


Thermal-expansion measurements were made 
between room temperature and 2700° or 2800°F ina 
high-temperature dilatometer, described previously 
(Apparatus F),” which contained a sapphire plate and 
rod system. A vacuum of approximately 3 x 10 *mm 
of Hg was maintained around the samples during 
dilation runs. 

The mean thermal-expansion coefficients calcu- 
lated over 200°F temperature intervals are given 
in Table II. Results obtained on both the heating and 
cooling cycles are reported. These values approxi- 
mate the average slope of the expansion vs tempera- 
ture curve within the indicated 200° F temperature 
interval. The values obtained during heating and 
cooling were averaged and plotted graphically as 
shown in Fig. 1. A significant discontinuity was ap- 
parent in all samples near the 8 transus tempera- 
ture indicated by an arrow in Fig. 1. This discon- 
tinuity apparently results from the volume contrac- 
tion which occurs when the a modification of tita- 
nium transforms to 6. 

The thermal-expansion coefficients of the 8 phase 
of the four alloys are compared in Fig. 2. 

Extrapolation of the data summarized in Fig. 2 to 
permit an estimate of the thermal-expansion coef- 
ficient of 6 titanium at room temperature does not 
appear justified. It is of interest to note, however, 
that for unalloyed titanium extrapolation of the a 
and thermal-expansion coefficients to the 
transformation temperature (1620°F) in Fig. 1 
would suggest that the thermal-expansion coefficients 
are the same for both phases at this temperature, 
approximately 6.3 x 10 ° per degree F. 

As shown in Fig. 2, alloying has a significant effect 
on the thermal-expansion coefficient of 8 titanium, 
and also upon the temperature dependence of the 
thermal-expansion coefficient. Vanadium appears to 
raise both the magnitude and the rate of increase with 
temperature of the thermal-expansion coefficient. 
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Aluminum, based on the single alloy studied, also in- 
creases the magnitude of the thermal-expansion co- 
efficient, but reduces the rate of increase with tem- 
perature. The thermal-expansion coefficients of the 
6 phase of these titanium alloys correlates reason- 
ably well with the melting temperatures given in 
Table I suggesting that an inverse relationship be- 
tween melting temperature and thermal-expansion 
coefficient may exist for solid-solution alloys simi- 
lar to that observed for pure metals. 
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Shock Loading to Produce Fine Grain 
Structure 


E. G. Zukas and R. G. McQueen 


Tue production of isotropic fine-grained ingot iron 
would be most useful since physical measurements 
associated with the elastic properties of iron are 
influenced by the size and orientation of the indi- 
vidual grains. This can be accomplished at present 
for small samples by established metallurgical 
procedures, but for large samples (in excess of 2 
in. diam by 1 in. thick) it is virtually impossible to 
produce reasonably small uniform grains with ran- 
dom orientation. Such pieces can, however, be pro- 
duced by impulsive loading followed by a suitable 
recrystallization treatment. 

The shock loading system employed is dia- 
grammed in Fig. 1. Here the 3/8-in. iron plate is 
accelerated by the plane-wave initiated high ex- 
plosive charge through a 1 5/8-in. air space. Col- 
lision of this plate and the specimen of interest 
generates a shock wave in excess of 300 kbars 
which passes through the specimen. For this type 
of work it is not necessary to use machined parts: 
for example, the ingot iron pieces are saw cut from 
the billet so that they can be inserted in short sec- 
tions of iron pipe. The recovered specimens are 
less distorted, however, if the air gap between the 
iron sample and pipe is filled with Woods metal. 

The dimensional changes resulting from this type 
of loading technique are minor, usually less than a 
10 pct reduction in thickness. Compressive yield 
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Fig. 1—Assembly for shock loading metal samples. 


tests indicated that the work added by the shock was 
equivalent to cold rolling to about 80 to 90 pct re- 
duction in area. 

A photomicrograph of a sample showing the orig- 
inal grain size of the material is shown in Fig. 2. 
The microstructure of a shock loaded piece (6 1/2 
by 6 1/2 by 2 1/2-in.) after annealing at 650°C for 
2 hr is shown in Fig. 3. The grain size distribution 
is uniform throughout the entire sample. Crystal 
orientation as determined by standard X-ray 
methods was completely random. Since the grain 
size of a recrystallized material depends on both 


Fig. 2—Microstructure of ingot iron before shock load- 
ing. X100. Reduced approximately 46 pct for reproduc- 
tion. 
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Fig. 3— Miceosteubtare of moore iron after shock loading 
to about 400 kbars followed by recrystallization at 650°C. 
X100. Reduced approximately 46 pct for reproduction. 


time and temperature, considerable control of the 
final grain size exists. 

The procedure is undoubtedly applicable to many 
other metals and alloys but new heat treating 
schedules would have to be determined. 


On Secondary Recrystallization in High- 
Purity Alpha Iron 


C. G. Dunn and J. L. Walter 


and Coulomb and 
cently discussed secondary recrystallization in soft 
iron (99.5 pet Fe). They found that the appearance of 
this phenomenon was dependent on both the presence 
of impurities and the thickness of sheet specimens. 
They concluded that impurities such as carbon, sul- 
fur, and oxygen in the soft iron stabilized the ma- 
trix structure and allowed growth of a few grains of 
specific orientations. They also found that secondary 
recrystallization ceased when the final thickness was 
small and attributed this complete inhibition of 
growth in thin sheet to the restraining action of 
thermal grooves. When purer iron (99.99 pct Fe) was 
used, normal grain growth but not secondary recrys- 
tallization was obtained. 

On the other hand it is known that the necessary 
stabilization of the matrix structure for secondary 
recrystallization in high-purity silicon iron probably 
does not depend on impurities but more likely re- 
sults from the specimen thickness effect of Beck 
et al.,* according to evidence and ideas advanced by 
Walter and Dunn,”® and Detert.’ Furthermore, 
Mullins® has indicated that if a gas-metal surface 
energy difference exists across a grain boundary 
equal to or greater than about 3 pct of the grain 
boundary energy, then such a grain boundary should 
not become stuck. Similarly, Walter and Dunn have 
estimated that any increase in restraining force due 
to increased thermal grooving with decrease in 
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Fig. 1—Iron specimen after 112 hr at 875°C in a hydrogen 
atmosphere. Macroetch. X3. Reduced approximately 23 
pet for reproduction. 


thickness in iron specimens should probably be off- 
set by an increase in driving force, the surface en- 

ergy part varying inversely with the thickness of the 
specimen. 

In the present note we show that secondary recrys- 
tallization can occur in 99.99 pct Fe. 

Cold-rolled strip, 0.0025 in. (0.065 mm) thick, was 
produced from an ingot of high-purity electrolytic 
iron. The final reduction in thickness was 75 pct. An 
atmosphere of pure dry hydrogen was used in the 
intermediate anneals, which were at temperatures 
below 910°C. Hydrogen with a H,0/H, pressure ratio 
of about 10° was used in final isothermal anneals at 

A large-grained structure typical of results ob- 
tained by secondary recrystallization is shown in 
Fig. 1. The large grains have the (110)[001] orien- 
tation. There are, however, an appreciable number 
of annealing twins within the (110) grains and these 
have a (114) plane in the plane of the sheet. 

A portion of a large (110) [001] secondary grain in 
a matrix of small two-dimensional grains is shown 
in Fig. 2. The surface is in the annealed condition 
except for a thin low-temperature oxide film from a 
heat tint added to provide additional contrast in the 
photograph. The boundaries of matrix grains are 
delineated by v-shaped thermal grooves and often by 
a Slight change in color of adjoining grains caused by 
differences in thickness of the oxide film. Within the 
visible area of the secondary grain, which is the 
large, light region in the figure, there are discernible 
former boundaries of the consumed matrix grains 
and of the growth front. The darker area at the 
growth front, which protrudes into the (110) second- 
ary, is a (114) oriented crystal and a {112} twin of the 
secondary grain. 


Fig. 2—Microstructure of surface after 7 hr at 875°C in hy- 
drogen. Heat tinted fer about a minute at 350°C in air. X100. 
Reduced approximately 12 pct for reproduction. 
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Annealing twins have been observed at widely sepa- 
rated parts of the growth front (both at grain corners 
and at single boundaries) and also as island crystals 
within the large secondary. They formed, therefore, 
during the period of growth after primary recrystal- 
lization. The fact that iron, a bcc lattice, can have as 
many as three {112} twin interfaces and thus can have 
a low interfacial energy for the closure boundary may 
be important to the mechanism of twinning at a single 
boundary. 

Observations on thermal grooving of boundaries of 
both the matrix grains and the growth fronts of (110) 
secondaries as a function of annealing time indicate 
that increase of. grooving of matrix grain boundaries 
with time tends to produce sticking and irregular 
migration along the growth front. Furthermore, 
examples were seen of migration with straight or 
Slightly convex fronts (Fig. 2 shows only concave 
fronts), which may be interpreted as evidence of a 
difference in (hkl) surface energy across the bound- 
ary. A lower surface energy in the (110) surface 
than in other (hkl) surfaces would favor continued 
growth of (110) grains and would be in agreement 
with the surface energy results obtained in high- 
purity silicon iron annealed either in hydrogen or 
vacuum at 1200°C.*° 

The above observed tendency toward boundary 
sticking and the present state of knowledge about 
the effects of specimen thickness and of impurities 
suggest that complete inhibition of growth could be 
expected with a substantial increase either in speci- 
men thickness or in the amount of impurities, or 
both, Whether there is a thickness range such that 
no secondary recrystallization can occur* (2.e. be- 


*Secondary recrystallization in a strong texture matrix should be ex- 
cluded from this consideration. 


tween thin specimens with no or very low amounts of 
impurity and thick specimens with definite amounts 
of impurity) is not known. Whether Coulomb inves- 
tigated the 99.99 pct Fe only in an ‘‘unfavorable”’ 
thickness range where growth might be restricted 
to normal grain growth also is not known (the thick- 
ness range studied’ was not specified for the purer 
iron). The present results in contrast to those of 
Coulomb and Lacombe show that secondary recrys- 
tallization can occur in high-purity iron if the ma- 
terial is in the form of thin sheet. 

*P. Coulomb: Metaux, 1960, vol. 35, pp. 1, 66. 

?P. Coulomb and P. Lacombe: Compt. rend., 1959, vol. 148, p. 964. 

8P. Coulomb and P. Lacombe: Discussion, Tertiary Recrystallization in Sili- 
con Iron, Trans. Met. Soc. AIME, 1960, vol. 218, p. 366. 

4P. A. Beck, J. C. Kremer, J. L. Demer, and M. L. Holzworth: Trans. Met. 
Soc. AIME, 1948, vol. 175, p. 372. 

SJ. L. Walter and C. G. Dunn: Trans. Met. Soc. AIME, 1959, vol. 215, p. 465. 

°C. G. Dunn and J. L. Walter: Trans. Met. Soc. AIME, 1960, vol. 218, p. 448. 

"K, Detert: Acta Met., 1959, vol. 7, p. 589. 

*W. W. Mullins: Acta Met., 1958, vol. 6, p. 414. 


°C. G. Dunn and J. L. Walter: Authors’ reply, Ref. 3. 
toy. L. Walter and C. G. Dunn: J. Metals, September 1958, p. 573. 
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On the Role of Strain Hardening in the 
Plastic Range Fatigue 


Dogan Gicer 


In the following note, with the help of a new param- 
eter of strain hardening, the attention is drawn to the 
close relationship between the relative performances 
of steels under plastic range cycling and their strain 
hardening characteristics. 

If a cantilever beam of rectangular cross section 
is tested with the arrangement shown in Fig. 1 in re- 
versed bending between constant deflection limits at 
the lever head, the longitudinal strain-deflection hys- 
teresis shown in Fig. 2 is obtained. There is no 
lateral strain due to constraint at the rectangular 
test section.’ If the absolute value of strain under- 
gone between a maximum state of tension and maxi- 
mum state of compression is called A, it will be 
seen that A decreases with cycling rapidly due to 
the strain hardening in the test section and the en- 
Suing change in the bent beam profile. It will also be 
seen that A reaches an approximately stable value 
around 10th cycle. If we call the first cycle strain 
range, A,, and that of 10th cycle, Ajo, then 


nN = A, — Ajo 


is an index of the strain hardening capacity at a par- 
ticular deflection level. A plot of n vs A, is repro- 
duced in Fig. 3 for two ASTM steels: A-302 and 
A-201. A-302 is a low alloy structural steel, A-201 
a low-carbon steel. The specimens were first nor- 
malized at 1650°F for 75 min then grooved with a 
milling cutter; and the notches were ground to 50G 
finish. The final operation before testing was a 
stress relief at 1150°F for 75 min. The behavior of 
the two steels changes around A, = 0.8 pct or A,,=A, 
-—7n = 0.7. If these curves are compared with the en- 
durance life curves given in Fig. 4, it will be seen 
that the relative performance of the two steels also 
change around A,, ~ 0.70 pct. The steel with lower 
strain hardening capacity (n) at a certain strain level 


Lever Head 


Vise 


R 


“Rubber Band 


| 


| 
Fig. 1—Experimental arrangement for longitudinal strain 
measurements. 
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Fig. 2— Longitudinal strain-deflection hysteresis. Change 
of strain range A and residual strain range 6. With cycling. 


shows a longer endurance life, irrespective of their 
strength levels. 

Since the exponent governs strain hardening at 
lower strain levels than the Modulus, the relative 
values of both parameters also coincide with the 
change in 7 values and the relative performances of 
the two steels at different strain levels. These two 
observations indicate to the close relationship be- 


Biaxial Yield Strain Hardening Uniaxial 
Steel Strain Range, Exponent, Sec. Modu- Yield, 
Pct n lus, Psi Psi. WiSsest 
A-302 0.50 0.16 69,000 58,000 78,000 
A-201 0.40 O22 55,000 36,000 58,000 
0.40}— = 
0.30;— 
7) So 
0.20 
A302 Yield Range 
}e—A20! Yield Range 
| 


O 0.2 0.4 0.6 08 1.0 1.2 14 1.6 
First cycle strain range, A,% 


Fig. 3—Change in strain range with cycling for two steels. 
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Fig. 4—Strain range-Endurance life curves for two steels. 


tween strain hardening and plastic range fatigue be- 
havior. 


J. H. Gross, D. E. Gucer, and R. D. Stout: Plastic Fatigue Strength of Pres- 
sure Vessel Steels, Welding J., vol. 33, Research Supplement, pp, 31-s to 39-s. 


The Effect of Nickel on the Chromium 
and Carbon Relationship in Stainless Steel 
Refining 


A. Simkovich and C. W. McCoy 


Tue relationship among chromium, carbon, and tem- 
perature during the oxidation period of stainless 
steel melting was developed by Hilty et al.'~* whose 
studies were confined to plain chromium stainless 
steels. The simplified version of their relation is 
given by the equation: 
%Cr _ —13,800 


5 aC 
where the equilibrium concentration of carbon and 
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chromium in the liquid metal at oxygen saturation is 
expressed in weight percent, and T is the absolute 
temperature of the bath in degrees Kelvin. 

Although Eq. [1] was derived from data obtained 
from experiments with plain chromium steels, it is 
often applied to stainless steels containing nickel. 
Richardson‘ had speculated that high concentrations 
of nickel in steel would raise the carbon activity 
coefficient, and Fuwa and Chipman’ recently pub- 
lished data in which they showed this effect of nickel 
on the activity coefficient of carbon in the ternary 
Fe-Ni-C system. On this basis one might expect 
some variation in Eq. [1] when nickel is in the bath. 
This study was performed to establish a quantita- 
tive correction to Eq. [1] which would account for 
the effect of nickel. 

Experiments were made in 25-lb magnesia cru- 
cibles in a 30-lb capacity induction furnace. The 
charge materials consisted of low- and high-carbon 
ferrochrome, Armco iron, electrolytic chromium, 
and nickel shot. Temperatures were measured with 
calibrated platinum-platinum + 10 pct Rh thermo- 
couples, and are estimated to be accurate within 

Samples of the bath were taken by drawing 25 to 
30 g of the alloy into a silica sheath with a rubber 
aspirator bulb and then plunging the sheath and the 
pin into water. These pins were crushed or ma- 
chined for chemical analyses. 

The procedure in each heat was to melt the charge, 
and hold the bath at about 1580°C for approximately 
1/2 hr to permit equilibrium between the bath and 
the chromium-bearing slag formed by reaction with 
the atmosphere. A range of 7 to 10 pct Cr in the 
bath was chosen as typical of the level obtained in 
actual practice after oxidation. A sample was taken, 
and 15 min later, a second sample was pulled. Sub- 
sequently, oxygen, under a pressure of 10 psi, was 
injected into the bath through a 1/2 -in.-diam silica 
tube for approximately 10 sec, thereby oxidizing 
carbon and chromium and raising the bath tempera- 
ture 25 to 30 deg. Again the procedure of holding 
and sampling, as outlined above, was followed. 

Usually three such injections of oxygen, each 
followed by the sequence of holding and sampling, 
were made per heat. Temperature of the bath was 
held relatively constant during the holding periods 
after each injection by taking thermocouple readings 
at 2-min intervals and correcting minor fluctuations 
in temperature by slight adjustments of power input 
to the furnace. 

A summary of the chemical analyses and the 
measured and calculated bath temperatures is given 
in Table I, The temperatures listed under 1 are 
the ones measured experimentally; those listed un- 
der the Columns 7, and 7; were calculated from the 
analytical results and, respectively, from Eq. [1] 
established by Hilty and Eq. [3] based on the present 
work as shown below. 

A study of Table I shows that as the nickel content 
in the steel increases, the difference between T,, the 
measured temperature, and T,, the temperature cal- 
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Table |. Summary of Chemical Analyses and Measured and 
Calculated Temperatures 
Test Sample Alloy Analysis, Pct Ce oe b 
No. No. Cc Cr Ni ees Eq. ay Eq. ish 
A-1 1 0.42 9.16 - 1863 1861 1861 
M 0.30 8.96 - 1898 1895 1895 
B-1 1 0.33 8.95 4.13 1879 1883 1867 
2 0.23 8.48 4.18 1914 1919 1903 
3 0.16 8.06 4.22 1951 1955 1939 
B-3 1 0.24 9.86 8.36 1895 1933 1900 
2 0.22 9.14 8.42 1892 1933 1899 
3 0.21 oF12 8.37 1894 1938 1905 
4 0.18 8.58 8.40 1928 1949 1915 
5 Onn7. 8.45 8.42 1926 1954 1920 
6 0.17 8.42 8.47 1927 1953 1919 
0.13 8.68 1956 1975 1940 
8 0.11 7.61 8.61 1955 1994 1960 
B-4 1 0.18 9.50 12.25 1914 1961 1911 
2 0.18 9.16 12.44 1916 1957 1906 
3 0.18 8.97 11.90 1919 1954 1906 
4 0.14 8.59 12.16 1939 1979 1930 
5) 0.13 8.57 12233 1946 1988 1938 
6 0.13 8.56 12.37 1947 1988 1938 
7 0.12 8.50 12.09 1952 1997 1948 
B-5 1 0.19 9.11 16.46 1877 1949 1881 
2 0.19 8.97 16.27 1882 1948 1881 
3 0.16 8.97 16.54 1882 1968 1900 
4 0.14 8.53 16.40 1907 1978 1911 
5) 0.13 8.42 16.50 1910 1986 1918 
6 0.12 8.38 16.56 1909 1995 1927 
7 0.098 7.85 16.62 1955 2013 1945 
8 0.095 Wes 16.63 1955 2015 1947 
9 0.090 7.58 16.52 1950 2019 1951 
B-6 if 0.18 9.32 20.29 1883 1987 1903 
2 0.14 9.14 20.18 1885 1987 1904 
3 0.12 8.65 20.07 1921 1999 1916 
4 OGL 8.55 20.02 1921 2009 1927 
5 0.11 8.49 20.05 1923 2008 1925 
6 0.082 7.83 20027; 1948 2035 1951 
7 0.078 7.69 20.21 1949 2040 1057, 
8 0.076 fade 20501 1950 2044 1961 


culated by means of Eq. [1] increases. A least 
squares fit gave the following statistically significant 
equation describing that difference: 


179 = 4) 211% Ni} [2] 


Substituting the value of T, from Eq. [2] into Eq. [1] 
gives a modified form of Hilty’s equation which now 
has the necessary correction for nickel: 


2000 


1950 


1900 (3),0- 20% Ni 
(1 


O%Ni 
4%Ni 

4 

" (1) 12% Ni 
16%Ni J 

Equation (1)=20%Ni J 


1900 1950 2000 2050 
T, or T3— Calculated Temperature, °K 


Fig. 1—Measured temperature vs calculated temperatures. 
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~13,800 
T +4.21 [3] 


The constant 1.79 has been dropped as it represents 
a negligible change in Hilty’s original equation at 0 
pet Ni and in fact, is well within the limits of experi- 
mental error. 

Table Iand Fig. 1 show that the temperatures T; 
calculated by Eq. [3] are in good agreement with the 
measured temperatures, particularly in view of the 
error in the calculations caused by small carbon 
analytical errors in the range of 0.10 pct C or less. 
Here a variation of 0.01 pct C in analysis results in 
a change of approximately 15 deg in the calculated 
temperature. 


log = 


+ 8.76 


1D. C. Hilty: AIME Trans., 1949, vol. 185, p. 91. 

2D. C Hilty, G. W. Healy, and W. C. Crafts: AIJME Trans., 
p. 649, 

3D. C, Hilty, H. P. Rassbach, and W. C. Crafts: J. Jron Steel Inst., 
vol. 180, p. 116. 

4F. D. Richardson: J. Jron Steel Inst., 1953, vol. 175, 

5T, Fuwa and J. Chipman: Trans. Met. Soc. AIME, 1950, aa 215, p. 708. 
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Surface Graphitization of a Hypereutectoid 
Iron-Carbon Alloy 


G. R. Speich 


Recent studies by Smith and Olney,” Olney, 
Greifer and Salli,* Rys etal.,° and Olney and Smith® 
have established that ee is the first decompo- 
sition product to form at the surface of hypereutectoid 
plain-carbon steels when they are austenitized ina 
vacuum or inert atmosphere and slowly cooled. This 
graphite evidently forms directly from the austenite 
and only at the surface of the specimen. The interior 
of the specimen is found to be free of graphite. The 
graphite layer can almost completely cover the 
specimen surface and the rate of its formation is 
markedly sensitive to the orientation of the austenite. 
The present work was undertaken to study this phe- 
nomenon further, especially with regard to the effect 
of temperature and austenite orientation. 

The material studied in this work was a high-pur- 
ity iron-carbon alloy containing 0.88 pct C, 0.005 pct 
Mn, 0.016 pct Si, 0.005 pct S, and 0.002 pct P. Speci- 
mens were heat-treated in a commercial hot stage 
modified for rapid quenching.’ This permitted direct 
observation of the formation of the surface graphite. 
A vacuum of 107* to 10° mm of Hg prevented oxida- 
tion or decarburization of the specimens. 

Specimens were austenitized for 30 min at 1100°C 
and quenched to a series of lower temperatures 
where they were isothermally transformed. Surface 
graphite was observed to form at 700°, 750°, and 
780°C but not at 825°, 900° or 1000°C. Since the 
maximum solubility of austenite for graphite is 0.88 
pet C at SO0RC ye surface graphite only forms at tem- 
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Fig. 1—Effect of surface orientation on the amount of surface 


graphite formed in a 0.88 pet C iron-carbon alloy at 706°C 
(3 min). 


peratures below the austenite solubility limit for 
graphite. At 650°C the rate of formation of pearlite 
was So fast that the austenite was consumed before 
any surface graphite formed. Surface graphite was 
also formed in specimens cooled to room tempera- 
ture at rates slower than 100°C per sec. The for- 
mation of the surface graphite was found to be a re- 
versible process as it dissolved when the specimen 
was heated above the graphite solubility limit and 
reformed when cooled below it. 

Microscopic examination of the specimens at room 
temperature indicated that the rate of surface graph- 
itization was markedly sensitive to the orientation 
of the austenite as reported by earlier investi- 
gators.** The rates of graphitization on either side 
of a twin boundary were so different that in some 
cases the twinned area appeared completely graph- 
itized while the untwinned area was completely free 
of graphite. In some instances, where the bulk of 
the austenite grain was not graphitized, heavy graph- 
itization was observed at the thermal grooves of 
existing or former grain boundaries where the con- 
tour of the surface was altered. 

In order to investigate the reason for this orienta- 
tion dependence, the orientation of a number of aus- 
tenite grains from a specimen graphitized at 706°C 
was determined from the traces of two different an- 
nealing twins in two surfaces mutually perpendicular 


220 


Fig. 2—Electron diffraction pattern of surface graphite 
formed in a 0.88 pet C iron-carbon alloy at 706°C. 
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Fig. 3— Lattice matching of austenite (111) plane and 
graphite basal plane for a 0.88 pet C iron-carbon alloy 
at 706°C. 


to each other. The amount of graphite on these sur- 
faces was then visually estimated from photomicro- 
graphs. The relationship between the austenite orien- 
tation and the amount of surface graphite is shown in 
Fig. 1. Surfaces whose orientation was near (111) 
were the most heavily graphitized. Surfaces which 
contain little or no graphite have an orientation near 
(100), the furthest from (111). A similar result has 
been reported by Olney and Smith. ° 

The orientation of the graphite layer with respect 
to the free surface was determined by extracting the 
graphite from a specimen graphitized at 706°C by 
dissolving the iron with an iodine solution and using 
an evaporated amorphous carbon film to support the 
graphite. An electron diffraction pattern from this 
stripped graphite is shown in Fig. 2. The orientation 
of the graphite is such that the basal plane of the 
graphite layer is parallel to the free surface. This 
orientation of the graphite layer was found for all 
the specimens studied. 

The explanation of the marked orientation sensi- 
tivity of the surface graphitization rate evidently 
lies in the close matching that exists between the 
graphite basal plane and the austenite (111) plane as 
suggested by Olney and Smith.® The low energy of 
this interface leads to a high nucleation rate of sur- 
face graphite for this particular orientation. A (111) 
projection of the austenite (0.88 pct C, 700°C) with 
the basal plane of the graphite lattice superimposed 
on it in such a way as to obtain the best possible fit 
is shown in Fig. 3. The lattice parameter of aus- 
tenite containing 0.88 pct C at 700°C was estimated 
to be 3.64A from the work of Esser and Muller.° 
The lattice parameter of graphite was assumed to be 
the same as at room temperature since thermal ex- 
pansion of the graphite lattice normal to the hexa- 
gonal axis is negligible.’° The best fit between the 
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two lattices occurs when (111),!l (001)g and [101] ll 
{100]c¢. With this orientation relationship, the carbon 
atoms of the basal plane layer of graphite fit into the 
positions which iron atoms would normally fill in the 
ABC stacking sequence except that both the B and C 
positions are filled by the first graphite layer. The 
separation of these positions is 1.48A onthe austenite 
(111) plane while the interatomic distance between 
carbon atoms in the basal plane of graphite is 1.42A, 
only a 4 pct misfit. 

The orientation relationship suggested above is in 
agreement with the observation that the basal plane 
of the graphite layer is parallel to the free surface 
and that the (111) planes of the austenite are those 
most heavily graphitized. Unfortunately, the direc- 
tional parallelism suggested could not be directly 
verified since it was not possible to match the orien- 
tation of the graphite with the austenite immediately 
below it. However, this directional parallelism is 
the only one that leads to a good fit between the aus- 
tenite (111) and graphite basal planes. 

1G. C. Smith and M. J. Olney: Research, 1950, vol. 3, p. 194. 

2G. C. Smith and M. J. Olney: Research, 1951, vol. 4, p. 437. 

8M. J. Olney: Metal Treatment and Drop Forging, 1952, vol. 19, p. 347. 

‘E. Z. Greifer and J. V. Salli: Doklady Akad. Nauk SSSR, 1954, vol. 97, p. 633. 
Pe dvd Bezdek, K. Ciha, D. Ruzicka, and J. Skarek: Acta Technica, 1958, 

7G. R. Speich and R. L. Miller: Rev. of Sci. Inst., 1960, vol. 31, p. 658. 

®R. P. Smith: Trans. Met. Soc. AIME, 1959, vol. 215, p. 954. 


°H. Esser and G. M. Muller: Archiv. Eisenhuttenw., 1933, vol. 7, p. 265. 
J. B. Nelson and D. P. Riley: Proc. Phys. Soc., 1945, vol. 57, p. 477. 


Viscous Shear as an Agent for Grain 
Refinement in Cast Metal 


F. A. Crossley, R. D. Fisher, and A. G. Metcalfe 


An investigation of the application of magnetic 
stirring to the consumable arc melting of aluminum 
and nickel demonstrated that grain refinement could 
be obtained when there was sufficient stirring force. 
Also, it was found that grain refinement could be 
obtained in aluminum by alternately reversing the 
polarity of the current through the magnetic stirring 
coil. The effect of the latter was to periodically re- 
verse the direction of rotation of the molten metal.* 
Because of their promise, these findings were ap- 
plied to conventionally cast aluminum. Shortly 
after this work was begun, Kondic’ reported experi- 
ments in which aluminum cast with 40°C (72° F) of 
superheat exhibited a grain size of 10 to 20 grains 
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Fig. 1—Grain refinement of cast aluminum through the 
application of magnetic stirring. All ingots poured at 
1600°F. Left: normal casting; center: current of 200 
amp flowing during solidification; right: current of 
200 amp and 5000 amp-turns magnetic field applied 
during solidification, X1/2. Reduced approximately 
48 pet for reproduction. 


per cm*. When interrupted rotation was applied 
during solidification by mechanical means, a grain 
size of 800 to 1000 grains per cm’ was obtained. 

Magnetic Stirring Applied to Conventional Casting— 
The applicability of magnetic stirring to producing 
grain refinement in conventionally cast metal was 
evaluated in the following way. Three pounds of 
aluminum were cast into a clay-bonded graphite 
mold. The mold was surrounded by a magnetic 
stirring coil of 1000 turns. A direct current of 
200 amp was passed through the casting by means 
of a graphite electrode which was immersed from 
the top. A current of 5 amp was passed through the 
stirring coil. The aluminum (1100 or 2S) was su- 
perheated to 1600° F (871°C) and fluxed by passing 
chlorine gas through the melt for 2 min prior to 
casting. Two additional castings were made for 
comparison: 1)a conventional casting of metal 
superheated to 1600° F and 2) a similar casting 
through which 200-amp current was passed during 
solidification, but without current in the magnetic 
coil. Macrosections of these three ingots are shown 
in Fig. 1. Very remarkable grain refinement re- 
sulted in the magnetically stirred casting. It may 
be noted that the casting through which 200-amp 
current was passed has a coarser structure than 
the conventional casting. It would appear that this 
is due to the additional heat input generated by the 
current to the former casting. 

Mechanical Rotation Applied to Conventional 
Casting—A casting temperature of 1600° F was used 
throughout. Some 17/2-lb castings rotated at 150 rpm 
were predominantly columnar with small areas of 
coarse, equiaxed grains close to the lower mold wall. 
Following these, a series of 3-lb castings was made. 
Macrosections of these ingots are shown in Fig. 2. 
The imposed rotational speed was 250 rpm. Tur- 
bulence or acceleration in the solidifying liquid was 
the significant factor. Fine grain size resulted in 
the material solidified during the period of ac- 
celeration of the liquid to the imposed rotational 
speed. When uniform rotational motion was 
achieved, the grain structure reverted to colum- 
nar. The final casting shown in the lower right- 
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Fig. 2—Application of rotational motion to aluminum 
casting. Upper left: static casting; upper right: ro- 
tation started 4 sec after casting; lower left: rotation 
Started 15 sec after casting; lower right: rotation 
stopped for 1 sec every 10 sec. X2/3. Reduced approx- 
imately 42 pet for reproduction. 


hand corner was produced by not permitting ro- 
tational equilibrium to be reached during the entire 
solidification; as a consequence, this casting was 
fine grained throughout. Other experiments showed 
that when solidification started after rotational speed 
had been reached, the grain structure was the same 
as for a static casting. 

The results suggested that viscous shear is im- 
portant to the nucleation mechanism. In order to 
estimate the magnitude of viscous shear, an anal- 


T 


T 


VISCOUS SHEAR, 1072 g/CM2 
Mm Ww 
T T 


20 30 
TIME ,SECONDS 


fe) 


Fig. 3—Viscous shear vs time at various radii for molten 
aluminum rotated in a cylindrical vessel of 8 cm diam. 
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ysis was made of what happens to a fluid at rest in 
a cylindrical container when the container is ro- 
tated.° The physical properties of molten high- 
purity aluminum at the freezing temperature, 
laminar flow, a container 8 cm in diam, and in- 
stantaneous change from rest to 250 rpm of the 
container were assumed. A value of 45 cp for 
viscosity was assumed. Yao and Kondic reported 
values of 29.5 and 25.7 cp for 99.35 purity aluminum 
at 662.5°C.* The results shown in Fig. 3 relate 
viscous shear to time at various radii. 

If it is assumed that the solidification front of 
the ingot shown in the upper right-hand corner of 
Fig. 2 progressed in a linear manner, then, based 
upon the total solidification time, the extent of the 
fine-grained zone (at 4-cm mold radius) corres- 
ponds to about 13 sec on the abscissa of Fig. 3. 
Assuming that the solidification front progresses 
in a parabolic manner, then the extent of the fine- 
grained zone corresponds to less than 3 sec. Since 
solidification progresses in a manner more like a 
parabolic than a linear relation with respect to time, 
it is evident that the grain-refined zone solidified 
under conditions of high viscous shear. Also, it is 
apparent that the viscous shear gradient never 
reaches high values beyond about 1 cm from the 
mold wall. 

The maximum viscous shear for the 3.6 cm ra- 
dius, 5x 10°* g per cm’, corresponds to a velocity 
gradient of about 100A per sec per A. It is obvious 
that the relative motion of adjacent layers of molten 
atoms is significant. 

In magnetic stirring a high-velocity gradient is 
produced in the layers of rotating liquid at the solid- 
liquid interface since the solid is stationary. Sec- 
ondary effects are perhaps produced by a variable 
current density reacting with a relatively uniform 
magnetic field. The current flowing through the 
molten metal may be divided into two components — 
one radial, the other downward. The current den- 


‘ sity of the radial component varies inversely with 


the radius. The downward component produces no 
force since it is parallel to the magnetic field. As 
a consequence, the force causing acceleration of 
the liquid varies from point to point along the radial 
direction. 

In summary, cast aluminum can be grain refined 
by solidifying under conditions of rotational accel- 
eration produced by magnetic stirring or mechan- 
ically. It is proposed that viscous shear in the 
liquid has a significant effect on the nucleation 
mechanism. 

The authors wish to thank Mr. W. Ross for his 
assistance in the experimental work. 


1F. A. Crossley: Magnetic Stirring: A New Way to Refine Metal Structures, 
Iron Age, September 8, 1960, vol. 186 (10), pp. 102-4. 
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vol. 6 (10), p. 660. 
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The 1961 Institute of Metals Division Lecture 


The Liquid State and the Liquid-Solid Transition 


David Turnbull 


There have been two principal approaches to 
the theory of liquids. One is intuitive and modelistic 
and has led to the present free volume theory. This 
theory is not rigorous, but it has provided valuable 
insights on liquid behavior as is shown by the suc- 
cessful correlations which have arisen from it . 
The other approach is the method of distribution 
functions. It is beset by great mathematical diff- 
culties but has the potentiality of leading to a 
rigorous theory. Recently there have been tmpor- 
tant advances in the techniques for evaluating the 
distribution function. Liquid state models often 
have been patterened largely after crystal models 
since liquids and crystals are quite similar to each 
other in certain aspects of their behavior. How- 
ever, some of the important properties of simple 
liquids, e.g., molecular transport and structure, 
are well represented, at least qualitatively, by an 
equivalent system of hard unattracting spheres. 
This indicates that a dense gas is perhaps a better 
guide than the crystal for a liquid model. The 
liquid state theoretical developments have been 
directed so far toward the understanding of liquids 
with the simplest molecular constitutions. Met- 
allic liquids exhibit certain unique properties not 
adequately accounted for by any of the simple 
models, A liquid may solidify in two ways: ei- 
ther discontinuously to a crystalline solid or cont- 
tinuously to an amorphous solid of glass, Accord- 
ing to the free volume theory all liquids would 
form glasses, when sufficiently undercooled, save 
for the intervention of crystallization. This view- 
point is supported by the experience that glass 
formation occurs not only in molecularly complex 
systems but also in metallic and ionic systems and 
in systems of simple moleculzs bound by van der 
Waals forces alone. The themodynamic and kin- 
etics of the liquid-crystal transition in pure sub- 
stances are also reviewed, 


Merauturcists probably are concerned with 
liquids mostly with the object of understanding their 
solidification behavior. This viewpoint is natural 
since metals are technologically most used in their 
solid form and since the composition, structure and 
shape of these solids often are governed by the solid- 
ification process. However, the basic mechanism of 
solidification must be connected inextricably with the 
fundamental nature of the liquid state itself. In view 
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of this and because the subject is presently the one 
that interests me most, I have decided to speak to 
you about the present understanding of the liquid state 
and how it relates to the liquid-solid transition. . 

I shall talk about liquids with all types of molecular 
constitution even though most of you probably are 
interested principally in metallic liquids. I shall do 
this because some of the most instructive features 
of liquid behavior are best illustrated by nonmetallic 
liquids. However metallic liquids will not be neg- 
lected; rather a special effort will be made to place 
their behavior in proper perspective. 

Many of the viewpoints that I shall express have 
been developed jointly by Professor Morrel H. Cohen 
and myself and described by us in a recent series of 
papers.*°® 

It is almost a truism that, while the other states of 
matter are now well understood, the liquid state has 
remained an enigma. Let us consider in what sense 
this is so. In a dilute gas there are relatively few 
interactions between molecules and those that occur 
rarely involve more than two molecules. It is this 
almost complete lack of molecular interaction that 
Simplified the problem of the dilute gas state enough 
so that it could be solved satisfactorily. In crystals, 
on the other hand, every molecule interacts strongly 
and simultaneously with several other molecules 
most of the time. But the problem of accounting for 
crystalline behavior was greatly simplified because 
a large proportion of the molecular configurations 
that would otherwise have to be considered are of 
negligible importance by virtue of the constraints 
imposed by the existence of long-range order. The 
liquid problem is difficult because neither of these 
simplifications, negligible interaction or few con- 
figurations with strong interactions, is realistic. 
From this it would appear that the solution of the 
problem will come not by the discovery of any es- 
sentially new physics but rather by the development 
of new theoretical techniques. It is possible that 
such a development might result from the recogni- 
tion of some appropriate simplifying physical as- 
sumption but most liquid state theorists are not 
enthusiastic about this possibility. 

Now let us go on to the particulars. First we shall 
try to answer the question: What are the essential 
differences between the liquid and the other states of 
matter ? 


NATURE OF LIQUIDS 
What is a Liquid?— According to the simple defi- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


nitions a liquid is any body which has a definite 
volume but no definite shape, while a solid is any 
body which has both a definite volume and shape. 
There is some ambiguity in these definitions, how- 
ever, since the process of shape change requires a 
finite amount of time. For example, we would have 
to classify ordinary water as a solid if we took as 
our criterion for solidity shape constancy for a 
period of 10°'*sec. On the other hand, if we chose 
for the criterion shape constancy over a period of 
10” seconds we would have to call a copper wire, 
creeping at temperatures near its melting point, 

a liquid.® It is evident from this that we need to 
make our definition of solidity more precise. To do 
this we shall define solidity in terms of the coef- 
ficient of viscosity, , which is defined as follows: 


n = s/(du/dz) [1] 


where s is the shear stress applied to a body and 
du/dz is the resulting gradient of the relative 
velocity of elements of the body in the direction z 
perpendicular to the direction of the applied stress. 
The viscosity then is a quantitative measure of the 
resistance of a body to shear. We shall also refer 
frequently to its reciprocal: 

[la] 
which is known as the fluidity. Now, by convention,’ 
all bodies having a viscosity greater than the value 
N- = 10***°~10*° poise (cgs units) are considered 
solid, while those (with definite volumes) for which 
ae 10*° poise are considered liquid. For compari- 
son the viscosity of liquid mercury is of the order of 
10~* poise while that of molten ‘“‘glass’”’ at its working 
temperature is about 10° poise. The arbitrariness of 
the chosen convention is apparent from the continuity 
of the viscosity functions for glass forming substances 
across the chosen liquid-solid boundary. 

To clarify the foregoing let us look at the fluidity- 
reduced temperature functions shown in Fig. 1 for 
the various states of a simple molecular substance, 
i.@., a substance in which the molecules are fairly 
compact and attract each other only by van der Waa. 
forces. The reduced temperature, T, is defined by: 


[2] 


where k& is Boltzmann’s constant, T is the ordinary 
absolute temperature, and h,, is the molecular heat of 
vaporization. We express temperature in reduced 
units because by so doing® the fluidity-temperature 
relations for all substances of a given molecular type 
or class, when in the liquid state, can be represented 
approximately by a single function, $(7). 

All the fluidity functions shown in the figure are 
for 1-atm pressure. We see that the fluidity of the 
gas is, of course, highest, being of the order of 10° 
poise™ and falling slightly with increasing tempera- 
ture. The fluidity of the liquid at temperatures near 
the boiling temperature, 7), is of the order of 10° to 


T=kT/h, 
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Fig. 1—Fluidity (¢)—reduced temperature (7) relation 
for simple molecular substances. 


10° poise*and falling rather slowly with decreasing 
temperature. At the melting temperature, which can 
vary widely on the reduced scale but is here taken to 
be 0.05, crystallization will occur if a suitable nu- 
cleus is present. In crystallization the fluidity drops 
discontinuously by many orders of magnitude to a 
value, if the crystals are of ordinary size, well in- 
side the solid region. If molecular motion in the 
crystal takes place by a point defect mechanism 
then the crystal may change its shape, when a stress 
is applied, by the creation of point defects at one set 
of its surfaces and their annihilation at another set. 
For example, if the defects were lattice vacancies, 
creation would occur at surfaces perpendicular to an 
applied tensile stress and annihilation at the surfaces 
parallel to the stress so that the crystal would elon- 
gate. The process would in general be governed by 
the diffusion of point defects in the body of the crys- 
tal and, for this case, Nabarro® and Herring” have 
shown that the crystal fluidity should be 


4Dv [3] 


where Dis the self-diffusion constant, v is the mole- 
cular volume, and R is the radius of the crystal (as- 
sumed to be spherical). Thus, in marked contrast 
with fluids, crystals would exhibit fluidities which 


fall off rapidly with increase in their size. 
Now note the course of the logarithmic fluidity 


function for the undercooled liquid. The function falls 
with falling temperature at an accelerating rate’ 
(@.e., the apparent activation energy increases with 
decreasing temperature) and in some quite narrow 
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temperature interval goes very rapidly but contin- 
uously from the liquid to the solid region. The re- 
sulting solid is called a glass, and it is amorphous. 
We have then to distinguish between two types of 
transition from liquid to solid. One is a discontin- 
uous transition which results in the formation of a 
crystalline solid and the other (the ‘‘glass transi- 
tion’’) is a continuous transition which leads to an 
amorphous solid. 

Thus a solid can, by the generally accepted defi- 
nition, be either amorphous or crystalline. Now we 
ask: Must a liquid always be amorphous ? Strictly 
speaking the answer is: Not always, for, according 
to the Nabarro-Herring equation, the fluidities of 
very small crystals at high temperatures should fall 
well within the liquid range as we have defined it. 
For example, at temperatures near their thermo- 
dynamic melting points, noble metal crystals should 
exhibit fluidities in the liquid range when their linear 
dimensions are less than about 100 u. However, the 
fluidity would be no greater than about 107° poise”? 
for crystals only 0.1 win diam. 

Also we note that there are some quite unusual 
substances, known as “‘liquid crystals’’,’* in which 
the molecules are arranged so that one or more of 
the molecular coordinates, but not all of those of the 
center of molecular mass, exhibit a long range 
spatial correlation. Such ‘‘liquids’’ are made up of 
many Small domains differentiated by the orientation 
of the pattern of order. The properties of a domain 
are anisotropic, but the fluidity is of the same order 
of magnitude as that of the common liquids. 

However the cases of the small crystal and the 
liquid crystal are somewhat special and we may 
conclude that there is, at least, a strong association 
of crystallinity with solidity. 


Although liquids are primarily distinguished from 
solids by their fluidity certain other of their proper- 
ties @.g., molecular transport, thermodynamic and 
structural) are fairly unique. These properties of 
liquids will be surveyed following a somewhat more 
complete summary of their fluidity behavior. 

Fluidity— That the fluidity of liquids of a given 
class is, at constant pressure, approximately asingle 
function (7) of the reduced temperature, see 
Eq. [2], is one manifestation of the principle of cor- 
responding states’* according to which any given 
property for a group of substances is a single func- 
tion of suitably defined reduced variables of state. 
Actually a strict application” * of the principle to 
molecular transport properties leads to the conclu- 
sion that it should be $8, where 


(mT 
p2/8 


and m=molecular mass, rather than ¢ itself, which 
is a Single function of reduced temperature. However 
8B doesn’t vary much for liquids in a given class. 

The relations between fluidity and reduced tem- 
perature for several different types of liquids are 
shown in Fig. 2. Taken together these relations 
probably span nearly the entire spectrum of liquid 
fluidity behavior at one atmosphere pressure. Note 
first the relation for simple molecular substances. 

It describes the available fluidities of these sub- 
stances within a factor of 2. Cohen and I”* showed 
that this factor is significantly reduced, but not to 
unity, by including the 8 correction. There seem to 
be almost no data available over the range corre- 
sponding to the dashed part of the curve so the course 
of the curve in this region was estimated from the 


B= [4] 
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published glass transition temperature, Tg, for 
several of the substances.'”* The glass transition 
temperature should correspond nearly to a fluidity 
of 107*°poise™. It is approximately constant (7T,~ 0.023) 
for simple molecular substances on the reduced 
scale as is the normal boiling temperature (7, ~ 0.10). 
However the reduced thermodynamic crystallization 
temperature, 7,,, varies widely among the different 
substances. 

The ¢(7) function for the polyalcohols (glycol and 
glycerin) is of the same form and only a little below 
that for the simple molecular substances. Fused 
silica is of interest because of its very low fluidity at 
and above its thermodynamic crystallization tem- 
perature [¢(1,,) ~10~" poise” ]. The curve for fused 
silica presented in Fig. 2 represents a compromise 
among the widely divergent (by a factor of 10) ex- 
perimental relations which have been published.*® 
It is near the relation for the polyalcohols. However 
we should not attach great significance to this near 
coincidence since the values for fused silica ex- 
trapolated to higher temperatures would fall far be- 
low those for the polyalcohols and since ¢(T) for 
boron oxide, another glass-forming oxide, lies far 
above* the reduced curve for silica. 

The most remarkable feature of the fluidity of 
liquid metals is that it changes so little with tem- 
perature, pressure, or from one metal to another. 
Insofar as Iam aware all of the well-substantiated 
values of liquid metal fluidity published until now 
fall within the range 10*** to poise’. Fig. 2 
shows the variation of metal fluidity with reduced 
temperature. With the § correction, not included 
here, the relation shown describes all of the one 
atmosphere data to within a factor of 2 1/2. Also 
the corrected relation would fall slightly above that 
for simple molecular substances at the highest tem- 
peratures. 

Now consider the analytical description of the 
fluidity data. It was natural at first to suppose that 
fluid flow in liquids is a simple thermally activated 
process. This concept leads, at constant pressure, 
to a relation of the form first suggested by Andrade:* 


@=Aexp [-g/kT| [5 | 


where A is a constant that may vary slowly with tem- 
perature and gq is the ‘‘activation energy”’ for flow. 
Eyring and associates** and Frenkel’® have justified 
this relation on the basis of rate theory. It has been 
widely supposed that most fluidity data are satisfac- 
torily represented by the relation with a single acti- 
vation energy. This impression probably has arisen 
because of the relatively poor accessibility, due to 
crystallization and experimental difficulties, of low- 
temperature fluidity behavior to investigation. Ac- 
tually we see that, excepting for liquid metals (at 
least from 7 = 0.10 to T=0.02), the apparent activa- 
tion energy for fluid flow is far from constant but 
rather increases continuously and at an accelerating 
rate with decreasing temperature. For example for 
simple molecular substances q is about 7 to 8 times 
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greater near the glass transition temperature than it 
is near the normal boiling temperature. 

A somewhat more satisfactory starting point for 

the analytical description of fluidity behavior was 
suggested by the dependence of this behavior on 
volume as revealed by high pressure measurements. 
It was observed that for certain liquids most of the 
temperature dependence of fluidity disappears when 
the volume is kept constant. This suggested to 
Batschinski~ that the fluidity is a function only of a 
parameter called ‘‘free volume’’ which, for the 
present, may be defined as follows: 
UF =U—V, [6a ] 
where v, is the molecular volume of the correspond- 
ing crystal at 0°K. Batschinski further proposed that 
has a linear form, 7.é.: 


[6b] 


If vp were independent of pressure it would follow 
that the fluidity should be a function 


o=f(v) [6c] 


of specific volume alone as was indeed suggested by 
the earlier pressure measurements. However the 
careful measurements of Bridgman™ demonstrated 
that this relation [6c] is at best a limiting one which 
holds only for simple molecular substances when 
their specific volume is not too small. For all of 
the other substances investigated Bridgman found 
that the fluidity increases at a substantial rate with 
temperature at constant volume. We should recog- 
nize, however, that these findings are not inconsis- 
tent with the possibility that the relation ¢ = f(v¢) has 
a much wider validity than ¢ = f(v), for, as Bridgman 
made clear, uy is surely dependent on pressure. We 
cannot test rigorously the generality of ¢ = f (vy) un- 
less we know this pressure dependence. 

It is now recognized that an exponential free vol- 
ume function: 


¢=A exp[-b vo/v¢] [7] 


first proposed by Doolittle,’ represents the fluidity 
behavior of simple liquids much better than does the 
linear function; b is a constant of order unity. Fur- 
ther Cohen and I* showed that this exponential re- 
lation gives a fairly good representation of the fluid- 
ity behavior of simple molecular substances over 
the entire temperature range provided we accept the 
hypothesis of Fox and Flory” that the glass transi- 
tion is associated with the virtual disappearance of 
free volume from the amorphous phase. Earlier 
Williams, Landel, and Ferry™ had shown, also with 
the Fox- Flory hypothesis, that the relation describes 
satisfactorily the fluidity data of many substances in 
the glass transition region. 

We have noted (see Fig. 2) that the fluidity data of 
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liquid metals are fairly well described over most of 
the reduced temperature range (0.10 to 0.02) by the 
Andrade equation with a single value of the apparent 
activation energy for each metal. The temperature 
variation of fluidity is so small that the tempera- 
ture dependence of the preexponential factor A in 
Eq. [5] is of some importance. The Cohen- Turnbull 
treatment,” discussed later, indicates that A should 
vary as T-Y2, Indeed the best simple representation 
of the fluidity behavior of liquid mercury at constant 
pressure is provided by the exponential free volume 


relation: 
b 


where A, is now temperature independent. This 
representation, which is shown in Fig. 3, is signifi- 
cantly better than that provided by the Andrade equa- 
tion’ either with A constant oi though by a smaller 
margin, with A varied as T7””. 

Diffusion and Crystal Growth—It is natural to sup- 
pose that the greater the molecular mobility within 
a substance the greater will be its fluidity. According 
to this viewpoint the molecular mobility in liquids 
should be much higher than in solids. Actually this 
appears to be true for any one substance, if we take 
the self-diffusion constant to be a measure of the 
molecular mobility. However, the molecular mo- 
bility in liquid silica is probably less under certain 
conditions than that in crystalline metals at rela- 
tively high temperatures. 

It has been shown by kinetic analysis that the self- 
diffusion constant in liquids should be proportional to 
the product between the fluidity and the temperature; 
that is, 


= A, exp - [7a] 


D=BT¢. 
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Fig. 3—Fluidity (¢) of liquid mercury as a function of tem- 


perature and specific volume (v). vp is the value of v (ex- 
trapolated) at 0°K. 
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Actually experience shows that, at least in the range 
of high fluidities, Dis of the same form as T¢ with 
the proportionality constant B being quite near the 
Stokes- Einstein value:”° 


Bis 37a, [8a] 


where a, is the molecular diameter. It is not yet 
clear why the Stokes- Einstein equation, which was 
derived for the motion of spheres in a fluid con- 
tinuum, should hold, even approximately, in self- 
diffusion. There is little self-diffusion data which 
extend into the fluidity range of the glass transition. 
Such data as there are’”” indicate that Eq. [8] still 
holds at the glass transition, but much more evidence 
would be needed to establish that it is generally valid 
over the entire fluidity range. 

The variation of the self-diffusion coefficient with 
the state of a substance is illustrated by the results 
for silver shown in Fig. 4. All of the relations shown 
represent experimental measurements*”™ with the 
exception of that for the vapor at l-atm pressure, 
which was calculated fromthe kinetic theory of gases. 
In the vapor the diffusion coefficient is of the order 
of 1 cm* sec™’. It falls about 4 orders of magnitude 
upon condensation to the liquid and then decreases 
slowly with decreasing temperature to a value of 
2.5 x 10° cm” sec” at the thermodynamic crystal- 
lization temperature. Then during crystallization it 
falls discontinuously by about 3 1/2 orders of mag- 
nitude. However, this change is many orders of 
magnitude smaller than that which occurs in the 
fluidity upon crystallization. The reason for the 
very much larger discontinuity in the fluidity is that 
in a crystal flow occurs only after a point defect 
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Fig. 4—Self-diffusion coefficient (D)—temperature rela- 
tions for pure silver in various states. The sources of 
the relations are: gas—calculated from kinetic theory; 
liquid—data of Yang et al."'; singie-crystal—data of 
Johnson” ; grain boundary and dislocation—data of 
Hoffman and Turnbull.”® 
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moves all the way to the surface from the crystal 
interior, whereas flow in a liquid apparently results 
from single molecular displacements within the liquid 


body. In other words it is the factor R’ in The Nabarro- 


Herring equation rather than the small diffusion co- 
efficient that is the principal cause for the excep- 
tionally high viscosity of crystals. It is of interest 
that if we set R in the Nabarro-Herring equation 
equal to the molecular diameter there would result 
an equation of the same form as the Stokes- Einstein 
equation for fluids with a constant B within a factor 
of 2 of the Stokes-Finstein value. 

Also shown in Fig. 4 is the self-diffusion constant 
along dislocations in simple tilt boundaries deduced 
from the data of Hoffman and myself” by assuming 
a dislocation thickness of 5A. It can be inferred from 
Simmons and Baluffi’s*° measurements of the vacancy 
concentration in crystalline silver that the diffusion 
constants for lattice vacancies are given by a rela- 
tion quite near the one for dislocations. Note that 
this relation gives a D value at the thermodynamic 
crystallization temperature which is only slightly 
higher than the corresponding value for the liquid. 
However, this near coincidence probably should not 
be taken very seriously since the temperature co- 
efficient for dislocation diffusion is more than twice 
that for liquid diffusion. 

The propagation velocity, u, of crystal-liquid in- 
terfaces also seems, in many cases, to be directly 
proportional to fluidity. It is readily shown®’ from 
simple kinetic considerations that the variation of u 
with temperature should be given by an expression 
of the form: 


[1 exp (Ag/kT)] 


[9] 


where Agis the free energy which motivates the 
boundary, f is the fraction of sites in the boundary 
to which molecules can be attached, and D,, is the 
kinetic constant governing the molecular attachment 
in units of cm’ sec™’. If D,, is identified with the 
self-diffusion coefficient of the liquid®”’* then u can 
be related to the fluidity through Eq. [8]; thus, 


[1 - exp (Ag/kT)] [10a] 
10) 

or with the Stokes- Einstein value for B: 

= exp (Ag/kT)] [10b] 


37a 


It is known’® that Eq. [10b] does indeed describe 
the velocity of crystal growth in very viscous mole- 
cular liquids, such as glycerin, selenium, and the 
silicates, with reasonable values for f (1.¢., less 
than unity and increasing with increasing under- 
cooling). However, recent measurements on liquid 
metals indicate that Eq. [10] may not hold for atomic 
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liquids. For example Walker*’ found that the rate 
constant, D,, for Fe-Ni alloys is at least an order of 
magnitude greater than the corresponding self-dif- 
fusion coefficient of the liquid. 

From Eq. [10b] we calculate that the velocity of 
crystal growth at the glass transition temperature is 
about 0.01Aper day. It can be concluded from this 
that a glass of a molecular substance, once formed, 
should be stable over a very long period. 

The Glass Transition—I have alluded several times 
to the glass transition in which some liquids solidify 
continuously (see Figs. 1 and 2) to amorphous solids 
at temperatures well above 0°K. It may now beasked, 
is this transitiona universal characteristic of liquids? 
According toa model developed by Cohen and myself” * 
all liquids would indeed undergo the transition, ex- 
cepting for the interventionof crystallization. Whether 
or not crystallization occurs before glass formation 
is determined, therefore, by the magnitude of the 
crystallization kinetic constants and the cooling rate. 
According to this viewpoint it is not meaningful to 
classify substances according to whether they do or 
do not form glasses. Rather we should classify sub- 
stances according to their glass forming tendency 
which, at a given cooling rate, should be greater the 
smaller are the crystallization kinetic constants. 

The principal evidence for the universality of the 
glass transition is: 

1) Within a class the ¢(T) relation (see Figs. 1 and 
2)for the glass forming substances is essentially the 
same as that for the substances which normally crys- 
tallize before glass formation, at all temperatures 
above the crystallization temperatures of the latter. 

2) Contrary to the commonimpression that glasses 
form only from liquids with complicated structures, 
substances with very simple molecular constitutions 
often form glasses. For example, many simple mole- 
cular substances, such as toluene, diethyl ether, and 
S,, in which the molecules are attracted only by 
van der Waals forces, readily form glasses. Some 
liquids entirely constituted by ions, for example, the 
KNO,-Ca(NO3)2 solution of eutectic composition, al- 
so form glasses.* Recently Klement ef al.** showed, 
apparently for the first time, that a metallic sub- 
stance (a gold-silicon alloy with a composition near 
the eutectic) can form a glass. These results clearly 
show that glass formation is not confined to coval- 
ently bound systems but can occur in ionic, metallic 
or van der Waals bound systems as well. 

3) Amorphous solids can be formed on cold sub- 
strates, by slow condensation from the vapor, from 
many substances which, in the liquid state, normally 
crystallize on cooling. For example, it has not been 
possible with the highest cooling rates achieved so 
far to undercool liquid water to a glass. However, 
Pryde and Jones** have shown that at very low tem- 
peratures water vapor can be condensed to an amor- 
phous solid which does not crystallize until warmed 
to temperatures near 120°K. 

We note (see Fig. 2) that there is no evidence for 
glass formation in metal systems at reduced tem- 
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peratures above 0.016. The reduced eutectic crys- 
tallization temperature of the glass forming gold- 
Silicon alloy is about 0.015. Klement, ef al.’s ob- 
servations indicate’ that the reduced glass transi- 
tion temperature of this alloy is about 0.007 which is 
far below the value, Tg ~ 0.023, for simple molecular 
substances. This behavior suggests that the ¢(T) 
relation for metals rapidly falls away from the linear 
relation shown in Fig. 2 at reduced temperatures 
between 0.015 and 0.007. 

It might appear that the observations of Klement, 
elt al, are inconsistent with those of Hilsch** that 
amorphous metal films formed by vapor deposition 
crystallize at very low temperatures ~20°K corre- 
sponding to 7 < 0.001. However, Cohen and I° pointed 
out that diffusion over large distances is required 
for the crystallization of the gold-silicon glass but 
not of the pure amorphous metal. Therefore, the 
erystal growth velocity in gold- silicon would not 
exceed the value u(¢) given by Eq. [10], while ina 
pure metal it may be, since growth would require 
only small atomic displacements, much greater than 
u(d). Thus a pure metal glass may crystallize ata 
temperature far below its glass transition tempera- 
ture. 

The glass transition is manifested, not only by a 
large fluidity change, but by marked changes in other 
properties, such as the coefficient of thermal ex- 
pansion and the heat capacity, as well. These effects 
have been discussed thoroughly in the reviews of 
Kauzman’° and Jones.”* Here it will suffice to com- 
ment on the course of the specific volume-tempera- 
ture relation through the glass transition, which is 
represented schematically in Fig. 5. At tempera- 
tures just below the thermodynamic crystallization 
temperature the specific volume of the liquid lies 
well above and is falling more rapidly with decreas- 
ing temperature than the specific volume of the 
corresponding crystal. We note further that if the 
specific volume of the liquid continued downward on 
its high-temperature course it would intersect and 
then go below the specific volume of the crystal at 
temperatures well above 0°K. However, before this 
occurs, and at a temperature, Tg, in the range in 
which the large fluidity change occurs, the coefficient 


Vo 


Fig. 5—Schematic specific volume (v)—reduced tempera- 
ture (7) relations for a simple molecular substance in 
various states. 
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of thermal expansion falls very sharply from its 
liquid state value to a value which is little different 
from that of the corresponding crystal. Below the 
glass transition temperature, then, the specific 
volume-temperature relations of the glass and of 
the crystal are roughly parallel to each other. An- 
alogous behavior is exhibited by the specific energy- 
temperature relations; thus the specific heat of the 
crystal and the glass are also very near to each 
other. 

The glass transition temperature defined by the 
break in the specific volume (or energy) relation 
tends to be lower the lesser is the cooling rate. 
However, we would hardly expect Ty to be any lower 
than 7, which is defined by the intersection of the 
specific volume-temperature relations of the liquid 
and the crystal. Therefore, as Gibbs and DiMarzio” 
pointed out, there should exist minimal specific 
volume-temperature and specific energy-tempera- 
ture relations for the glass which lie a little above, 
because of the disorder in the glass, the correspond- 
ing relations for the crystal. 

Thermodynamics of Crystallization— Under all 
conditions so far investigated the crystallization of 
a pure liquid is thermodynamically a first order 
transition; that is, the entropy and volume of the 
substance change discontinuously in the transition. 
This behavior is manifested by the Gibbs free 
energy function (G) of the system, which is a mini- 
mum at equilibrium. An isobaric section of this 
function is represented schematically in Fig. 6. 

This curve exhibits two branches, one for the crys- 
tal and the other for the liquid or amorphous phase, 
which intersect at the thermodynamic crystalliza- 
tion temperature. The dashed portions of the curves 
represent extrapolations to conditions under which 
the corresponding phase is metastable. The slopes 


Fig. 6—Schematic free energy (G)—temperature relations 
for a pure substance in the crystalline and amorphous 
states. 
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of each branch represent the entropies and the T = 0 
intercepts the 0°K enthalpies of the corresponding 
phases. At any given temperature both the entropy 
and the enthalpy of the amorphous phase are greater 
than the corresponding quantities for the crystal. In 
most systems the major contribution to the decrease 
in enthalpy on crystallization comes from the de- 
crease in internal energy. 

We note that the thermodynamic crystallization 
temperature is not an intrinsic property of either 
the crystalline or the amorphous phase but is rather 
the temperature at which two quite independent func- 
tions happen to intersect. Therefore there should be 
no unusual changes in the properties of either the 
liquid or the crystal when they pass from their stable 
to their metastable condition. 

Although the liquid-crystal transition is clearly 
discontinuous at ordinary pressures there is no ob- 
vious reason why it could not become continuous at 
much higher pressures. In this event the entropy and 
volume changes accompanying the transition would 
decrease with increasing pressure and finally dis- 
appear together at some critical pressure, P,. Above 
P.. there would no longer be two independent Gibbs 
functions (as shown in Fig. 6), but rather the func- 
tion for the crystal would merge gradually into that 
for the liquid with no discontinuity in slope. How- 
ever, a crystal-liquid critical point has not been 
found in any system. Further Bridgman™ has shown, 
by a careful analysis of the pressure variation of the 
volume and entropy changes during crystallization, 
that the existence of such a critical point is highly 
unlikely. 

There is a common impression that the difference 
in energy, AU,,, between the liquid and the crystal is 
very small relative to that, AU,, between the vapor 
and crystal. While this impression is correct for 
many substances at their thermodynamic crystalliza- 
tion temperatures it is not generally valid because 
AU,,, and AU,,/AU,, varies widely with temperature. 
For example, near the critical temperature AU, is 
of the same order of magnitude as AU,, while at tem- 
peratures below the glass transition it has only 1/4 
to 1/2 its value at the thermodynamic crystallization 
temperature.” 

The ratios AU,, /AU, for some typical substances 
at their thermodynamic crystallization temperatures 
are shown in Table I. 


Table |. Fusion Data for Various Crystalline Substances at the 
Thermodynamic Crystallization Temperature T,,; AS,, and 
AU,, are, Respectively, the Entropy and Energy of Fusion. 

AU, is the Energy of Sublimation. 


Substance ASm/k INGE 
Sodium 0.85 0.023 
Copper 1357 1.15 0.037 
Sodium Chloride 1073 See 0.13 
Silica®® 1983 ~0.5 ~0.01 
Argon 84 1.6 0.15 
Carbon Dioxide DG 4.6 0.24 
Benzene 278 4.2 0.22 
Toluene 177 4.4 0.15 
n-octadecane (C,,H;,) 301 24.6 Ono” 
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We note that the ratio ranges from 0.01 for silica 
to 0.52 for n-octadecane. For metals the ratio at 7,, 
is quite small, being of the order 0.02 to 0.05. 

The entropy of melting, AS,,, of pure crystals, 
values of which are given in Table I for some sub- 
stances at their thermodynamic crystallization tem- 
perature, T,,, generally increases with complexity 
of molecular structure and with temperature. For 
simple molecular substances the temperature de- 
pendence is quite large so that at temperatures be- 
low the glass transition temperature AS,, has only a 
small fraction (e. g.,< 1/4) of its value at T,,. 

It has been pointed out that the entropy of melting 
of many atomic substances, including most metals, 
at their T,, is usually of the order of Boltzmann’s 
constant, k, per atom. However, this may not be of 
great significance, in view of the marked dependence 
of AS,, on temperature. 

Structure— We have stated already that, excepting 
very special cases, the structure of liquids is amor- 
phous. By this it is meant that there is in a liquid no 
spatial correlation between molecules separated by 
more than a small number of molecular diameters. 
However, there may be spatial correlation between 
molecules which lie very close together. In this 
event the radial distribution function, p (7), which is 
the molecular density as a function of the distance 7 
from the center of some reference molecule, will be 
a strongly damped periodic function of the type shown 
in Fig. 7; the particular function shown would be 
typical for liquids near their thermodynamic crys- 
tallization temperatures. It rises from 0 to a high 
peak near one molecule diameter and then during a 
few oscillations falls off to a constant value which is 
the mean molecular density. The peaks become more 
diffuse when the temperature is increased but the 
function does not change rapidly with temperature. 

There is then a considerable amount of short- 
range order in liquids at relatively high’ density. 
This order is very like the local order in crystals 
and much has been made of this. However order 
can be imposed by repulsive forces alone. For ex- 
ample, the radial distribution function for a dense 
system of hard unattracting spheres” looks very 
much like that for a typical liquid. Hence, much of 


if 


Fig. 7—Schematic radial distribution function, p(r), fora 
liquid. Dashed line corresponds to average density. 
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the short-range order exhibited by liquids could 
arise simply from random positioning of molecules 
subject to the constraint that there be some mini- 
mum spacing between molecular centers. The 
structure of liquid metals has been reviewed by 
Frost® and Vineyard. 


THEORY OF LIQUIDS 


What do we require of a satisfactory theory of 
liquids? First of all we require that it predict the 
equilibrium properties of the liquid relative to those 
of the corresponding crystal or of the slightly im- 
perfect gas. That is to say, we do not make the 
development of liquid state theory contingent on the 
solution of the problem of intermolecular cohesion. 
Then such a theory ought also to predict at least the 
qualitative features of molecular transport behavior 
in liquids and glasses. These requirements are 
equivalent to that of having a suitable partition 
function for the liquid. The partition function or 
‘sum over states’’ is defined by the equation: 


Z = Lexp (-€;/kT) 


[11] 
where ¢; is the energy of the system when in its ith 
state or complexion and the summation is to be 
taken over all distinct complexions of the system. 
Thus it is a function which increases with the num- 
ber of possible complexions of low energy. It is 
quite simply related to the thermodynamic functions 
of the system. Here we give only its relation to the 
Helmholtz free energy, F, which is 


F=-kTInZ [12] 


It can be seen from this that at equilibrium the sys- 
tem will be in that macroscopic state for which the 
partition function is the greatest. 

Provided the potential energy of the system is in- 
dependent of the momenta of the particles the parti- 
tion function can be factored into two parts: 


Z= [13a] 

The first part, due to the kinetic energy, is given by: 
3 N/2 


where N is the number of particles and mis themass 
of a particle. The second factor, which is known as 
the configurational partition function, may be ex- 
pressed as: 


Q = J exp [- V(w)/RT)]dw [13c] 


where V(w) is the potential energy of the system in 
configuration w and dw is the volume element of 3N- 
dimensional configuration space. The integration is 
over all configurations which are possible with the 
particles indistinguishable from one another. 

The complete evaluation of the configurational 
partition function, with a suitable potential energy 
function, has never been carried through because of 
the formidable mathematical problems associated 
with it. Instead, to derive usable theories of liquids, 


430-VOLUME 221, JUNE 1961 


it has been necessary to introduce various simplify- 
ing approximations. The degree of approximation 
has varied widely. In some approaches, such as those 
of Kirkwood and Mayer and their associates, the as- 
sumptions are few and well-defined. However, these 
simplify the mathematics only in part and as yet the 
deductions obtained are quite limited. At the other 
extreme are theories which are deduced from some 
physically plausible models. In effect the procedure 
here is to rule out a large proportion of the possible 
configurations on some apparently reasonable basis 
and hope for the best. These theories give valuable 
insight about the nature of liquids. They are readily 
manipulated to give deductions which are broad in 
scope but which are expressed in terms of unevalu- 
ated parameters. 

In the following I shall give a brief sketch of those 
theories, both of the model and of the more rigorous 
type, in which there seems to be the most active in- 
terest at the present time. In this there will some- 
times be occasion to discuss the properties of a 
dense fluid consisting of hard unattracting spheres 
(hard sphere model). This system is of interest be- 
cause of its simplicity. Also, despite the absence of 
attraction, it may be a fairly realistic model of the 
liquid state since within actual liquids the attractive 
forces largely cancel each other out and the repul- 
sive forces rise very steeply with decreasing inter- 
molecular distance after intermolecular contact. 
The main role of attractive forces is then to reduce 
the external pressure required to keep the liquid 
from disintegrating. 

Lattice Models—I shall begin with the so-called 
‘‘lattice models’’ of liquids. These were the first 
to be developed and probably they can be regarded 
as the precursors of the present ‘‘cell’’ or ‘‘free 
volume’’ model. In the earliest developments, be- 
ginning with that of Lindemann, the object was to 
show that the crystal would become intrinsically 
unstable when heated above some critical tempera- 
ture. It would then break down continuously to a 
liquid. This particular approach is unsatisfactory 
in two respects. First melting is regarded as a 
continuous transition whereas it actually is, as we 
have seen, discontinuous. Second, the approach 
leads to a model of the crystalline but not of the 
liquid state. The first objection was disposed of 
in the later developments by supposing that the 
critical temperature for the development of crystal 
instability lies somewhat above the thermodynamic 
crystallization temperature. The second objection 
was met by making some ad hoc assumption about 
the entropy of the liquid. 

As a particular example of a lattice model let us 
consider the ‘‘hole’’ model as developed by Frenkel,® 
Eyring* and Frank.* In this model the starting point 
is the perfect crystal. Both the energy and entropy 
of the crystal are increased by the introduction of 
empty lattice sites (holes). Thus the concentration of 
such empty sites must increase with increasing tem- 
perature. Now if the energy, €,, required to form a 
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hole decreases with increasing hole concentration, 
according to certain plausible functions,’ * there 
will exist a temperature above which the crystal will 
transform discontinuously to a state with a much 
higher hole concentration. This state, though it actu- 
ally should correspond to that of a highly defective 
crystal, is identified with the liquid. 

A somewhat similar model of melting had been 
developed by Lennard-Jones and Devonshire.** They 
supposed that the crystal disorders by the formation 
of interstitial molecules and a corresponding number 
of holes. Then, if with increasing disorder the energy 
of formation of interstitial molecules decreases and 
the whole structure expands, the existence of a first 
order transition, from a relatively perfect to a highly 
defective crystal (also identified with the liquid), can 
again be demonstrated. 

According to the hole model the energy of fusion 
should be the product of the energy of hole forma- 
tion, €,,, and the increase in the number of holes upon 
melting as inferred, for example, from the volume 
increase on melting, Av/v,. In molecular substances 
€, Ought to be approximately equal to the molecular 
energy of sublimation, €,. For simple molecular 
substances, such as argon, the heat of fusion is in- 
deed roughly equivalent to the product €,(Av/v,). 

The entropy of fusion in the lattice models would 
be just the entropy of mixing the holes and inter- 
stitial molecules introduced in fusion with the mole- 
cules at normal sites. However, with the increased 
defect concentrations on melting inferred from the 
energy of fusion, this entropy increase is in nearly 
all cases almost an order of magnitude smaller than 
the observed entropy of fusion. Thus, as might have 
been anticipated, the lattice models apparently give 
only a small fraction of the number of configurations 
actually possible in the liquid. Eyring attempted to 
correct for this deficiency by introducing his ‘‘com- 
munal entropy’’ concept which led to the cell or free 
volume model discussed in the next section. 

Cell or Free Volume Model— The cell model of 
liquids was first developed by Eyring and coworkers 
and by Lennard-Jones and Devonshire. According to 
this model each molecule is confined most of the 
time to a ‘‘cell’’ or ‘‘cage’’ formed by its immediate 
neighbors. The configuration of these neighbors is 
considered to be similar to that which would exist in 
the crystal. Let us now try to specify the potential 
energy, V, of the molecule in the cell. If all but close 
neighbor interactions are ignored this energy will 
depend only on the configuration of the individual 
cell. Further it is assumed that this configuration 
may be specified by just two variables. These are: 
R, the cell radius, which is defined as one-half the 
mean distance between the cell center and the cen- 
ters of the molecules that delineate the cell, and 
vy, the displacement of the central molecule from 
the cell center. Thus: 


45, 46 


V=ViRi 7). [14] 
We have then to distinguish between the ‘‘inner po- 
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tential’’ V(7), at constant cell radius, which depends 
upon the position of the molecule within its cell and 
the level of potential, called the ‘‘cage potential’’, 
V(R, 0), when the molecule is in the center of its 
cell which varies with the cell radius. 

In the development of the cell model it is assumed 
that the inner potential V(v) has the form of a square 
well with an infinitely high wall. That is, V(v) is 
constant for all y < vy and infinite for r > 7;, where 
Y¢ is the displacement necessary to bring the mole- 
cule from the center of its cell into contact with one 
of its neighbors. There is then a central region of 
the cell, called the ‘‘central free volume’’, UF, within 
which the center of gravity of the molecule can move 
without any change in potential energy. The assumed 
square well form of the inner potential is, of course, 
just that which would obtain in the hard sphere model. 
However, for molecules with attractive forces the 
cage potential V(R,0) will increase with cage radius 
(for UF >0) whereas in the hard sphere model it 
would be independent of R. It is believed that the 
potential energy of interaction between simple mole- 
cules can be represented approximately by the Len- 
nard-Jones function which has the form: 


A B 


V(R)= 


[15] 
where R is one-half the separation of the molecules 
and the zero of potential is taken to correspond with 
the potential level at R=~. It has been shown (¢.g. 
Vineyard*’)that the inner potential calculated from 
the Lennard-Jones function does have a form which 
roughly approximates that of a square well at cage 
radii which are expected to obtain in normal liquids. 

According to the Lennard-Jones function the varia- 
tion of the cage potential V(R,0) with cage radius will 
have a form similar to that shown in Fig. 8. In con- 
structing the configurational partition function, Q, 
according to the cell model, the cage potential of 
each cell is set equal to that, V(R,0), of the average 
cell. There is then obtained: 


Ow [us exp V(R,0)/kT)| N. [16] 


V (R) 


R 


Fig. 8—Schematic cage potential function, V(R), for mole- 
cule in the cage center. R is the ‘‘radius’”’ of the cage. 
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This result is formally the same as would have been 
deduced for the crystal from the cell model. There- 
fore, to justify the appearance of the liquid it is 
necessary to specify in some way the greater num- 
ber of configurations, relative to the crystal, which 
should be possible for the liquid. 

Eyring ef al.*° attempted to do this by introducing 
the ‘‘communal entropy’”’ concept. In their treatment 
it is supposed that in the crystal only the central 
free volume, UF, within a cell is available to a mole- 
cule whereas in the liquid the entire free volume of 
the system, Nv;, is available to every molecule. This 
assumption leads to a contribution, Nk (the communal 
entropy), to the entropy of the liquid which does not 
appear in the expression for the entropy of the crys- 
tal. As has been pointed out before, Eyring ef al.’s 
justification of the communal entropy can hardly be 
valid because it implies that in the crystal each 
molecule is always confined to its particular cell 
whereas actually, as shown by crystalline diffusion, 
it wanders slowly from cell to cell. 

The calculation of the entropy with the cell model 
was Clarified in the more rigorous statistical me- 
chanical treatment of the model by Kirkwood.” In 
this treatment the configurations of the system are 
differentiated by different cell occupancies (222, 

0, 1, 2 ---- or n, and so forth, molecules to a cell). 
If no restrictions whatever are placed on cell oc- 
cupancy the entire communal entropy Né& is obtained. 
However, it is evident that the intermolecular re- 
pulsive forces will restrict cell occupancy. Ina 
dilute gas such restriction would be negligible, but 
in a dense system it must greatly reduce the prob- 
ability of many of the configurations. Actually it 
has been shown’”** that in systems as dense as 
most liquids are the configurational entropy that 
can arise from multiple occupancy of cells is only 
a negligible fraction of Nk. This conclusion is 
perhaps not surprising for we might expect intui- 
tively that many more configurations will be avail- 
able to the liquid than can be differentiated by the 
occupancy numbers of a single given set of cells. 

An alternative approach to the entropy problem 
was suggested by Cohen and myself.* In this treat- 
ment the entropy of fusion arises from the different 
ways of distributing the ‘‘free volume’’, which is 
defined differently than central free volume, in the 
liquid. To describe this concept we begin by defining 
a parameter, Av, called the ‘‘excess volume’’, as 
follows: 


AU=0 [17] 


where UV is the average volume per molecule in the 
liquid and v, is the volume per molecule when all 
cages have the radius R, corresponding to the mini- 
mum of the cage potential curve (see Fig. 8). When 
Av is small relative to v, it will be proportional to 
he Ro- Now consider the distribution of excess 
volume among the different cells as R is increased 
from R,. When R is near R,, corresponding to the 
nonlinear region of the cage potential curve just 
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beyond the minimum, the potential energy of the sys- 
tem will be least when the excess volume is dis- 
tributed uniformly among the different cages. Some 
energy, Ae, will then be required for redistribution 
of the free volume away from the uniform distribu- 
tion. At very low temperature the mean cage radius 
will be near R, so that the excess volume will tend to 
be uniformly distributed. As the temperature in- 
creases R and Av increase, and a temperature range 
will be reached in which R will have values corre- 
sponding to the approximately linear region of the 
cage potential curve; the excess volume at which 
this occurs is denoted by the symbol Av,. Under 
these conditions; 7.e., Av > Avg, a part of the excess 
volume, which we shall call the ‘‘free volume’’, UF, 
can be redistributed without an energy change. To 
understand this you must note that, for a linear po- 
tential, the increase in energy due to the expansion 
of a particular cell should be just balanced by the 
energy decrease from the compensating contraction 
of another cell. Since no energy is required for its 
redistribution the free volume will be randomly dis- 
tributed among the cells. The entropy of the system 
will be increased due to the randomization of an 
initially uniform distribution of free space. This 
entropy is available to an amorphous but not to a 
crystalline phase, since a random distribution of 
free space is not compatible with long-range order. 
Cohen and I* have suggested that the randomization 
entropy may contain the communal entropy. However, 
the precise evaluation of this entropy and the rate at 
which it appears when an amorphous phase is ex- 
panded has not yet been achieved. 

To summarize: The cell model rests upon serious 
approximations so that it cannot be expected to lead 
to a rigorous theory of the liquid state. Nevertheless 
it has provided valuable insight on liquid behavior as 
is evidenced by the accuracy of some of the correla- 
tions that have arisen from it. The model has had 
this degree of success because of its Simplicity and 
because it does perhaps portray, albeit in a highly 
idealized way, some of the salient features of the 
liquid state. 

Crystallite Model—To those familiar with solids 
it is appealing to think that the liquid is composed of 
myriads of small crystallites, each of which is mis- 
oriented relative to neighboring crystallites. Indeed 
such a model was proposed by Mott and Gurney.” 
According to this model the energy of fusion would 
be the product between the crystallite boundary area 
and the appropriate grain boundary energy. The en- 
tropy of fusion would arise because of the different 
configurations obtained by misorienting the crystal- 
lites, relative to each other, in the various possible 
ways.” To account, with this model, for the energy 
of fusion of a metal such as copper it would be neces- 
sary to suppose that each crystallite is, on the aver- 
age, about 10 atoms across. However, the additional 
entropy arising from such a crystallite size would be 
at least an order of magnitude smaller than the en- 
tropy of fusion actually observed. 
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Models of Frank and Bernal—Frank™ and Bernal” 
have proposed models of liquid structure according 
to which the liquid is made up largely of nearly 
regular, but non-space filling, coordination polyhedra. 
A similar concept (‘‘vitron’’ concept) was advanced 
by Tilton to account for the glass structure. So far 
this model has not been used to interpret other than 
the structural properties of liquids, but Bernal has 
indicated a program for deriving a general theory 
of liquids from it. 

The basic concept underlying the model, as de- 
veloped by Frank, is that the energy of a molecule 
can be lower for certain non-space filling than for 
any space-filling forms of the coordination polyhe- 
dron (2. @., the body delineated by the nearest neigh- 
bors of the molecule). Frank considered specifically 
the case of coordination number twelve. Here two 
forms of the coordination polyhedron fill space; one 
form leads to a face-centered cubic structure and the 
other to a hexagonal structure. The third form, the 
icosahedron, has five-fold symmetry and cannot fill 
space. Frank pointed out that a molecule is closer to 
its immediate neighbors, and therefore may be more 
tightly bound, when within an icosahedron than when 
within either of the space filling polyhedra. For this 
reason he suggested that icosahedra may be the pre- 
dominant structural elements in liquids in which the 
coordination number is near twelve. 

Like Frank, Bernal stressed the predominance in 
liquids of structural elements which exhibit five-fold 
symmetry. However, Bernal made a more complete 
analysis of the structural possibilities and also ad- 
vanced a different viewpoint concerning the stabiliza- 
tion of the model. He determined the structure that 
would result by assembling spheres randomly but 
subject to the constraints that there be some mini- 
mum spacing of spheres and that a given sphere be 
equidistant from its immediate neighbors. The 
structure so obtained could be described as an ag- 
gregation formed by putting together five kinds of 
polyhedra only slightly distorted from regularity. 
Two of the polyhedra, the octahedron and tetrahedron, 
are the essential structural elements of close-packed 
crystals. The other three polyhedra exhibit five-fold 
symmetry. Bernal showed that the radial distribution 
function for his hypothetical liquid resembles quite 
closely that which has been reported for liquid lead. 
He suggests that the entropy of fusion and conse- 
quently, the stability of the liquid, may arise from 
the large number of distinct configurations that can 
be obtained by putting the five kinds of polyhedra 
together in various ways. 

Method of Distribution Functions— Among the more 
rigorous approaches to the theory of liquids the 
method of distribution functions, developed especi- 
ally by Kirkwood and coworkers,’ probably is get- 
ting the most attention at present. The quite formid- 
able mathematical details of this method have been 
described elsewhere*”’™ and to try to reproduce them 
here would be pointless. I shall attempt only to 
summarize the general objectives of the method and 
some of the principal results achieved so far. 
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The main objective is, starting with a suitable 
intermolecular potential function, to calculate the 
molecular distribution very precisely as a function 
of density and temperature. From this the equation 
of state and the thermodynamic functions may be 
calculated if it is assumed that the potential energy 
of the system is just the sum of the interaction 
energy of all the intermolecular pairs. The main 
disadvantage of the procedure is that some of the 
important thermodynamic functions, such as the 
entropy, can be evaluated only if the molecular 
distribution is known very accurately. 

Kirkwood and associates actually were able to 
derive an expression for the radial distribution 
function p(7v) as a function of density by making the 
so-called ‘‘superposition’’ approximation. The as- 
sumption underlying this approximation is that the 
force exerted on any one molecule by another in its 
set is independent of all the other molecules in the 
set. At relatively low density the Kirkwood solution 
for the radial distribution function is a damped 
periodic function similar to that of fluids, and in- 
deed the calculated p(r) for liquid argon is in fair 
agreement with the relation deduced from X-ray 
scattering data. At higher densities the solution 
has the periodic form characteristic of crystals; 
hence, a fluid-crystal transition is predicted at an 
intermediate density. However, the molecular dis- 
tribution was not calculated with sufficient accuracy 
to determine the entropy change. It is interesting 
that the Kirkwood theory also predicts a crystal- 
fluid transition for a system of hard unattracting 
spheres (there is no gas-liquid transition in this sys- 
tem). 

Recently computing machines have been used, partly 
in conjunction with the Monte Carlo technique,” ” 
to calculate the distribution function of systems of 
several hundred particles with good success. Some 
calculations were made with hard sphere interaction 
and others with Lennard-Jones interaction. It was 
found that a hard sphere system does indeed crys- 
tallize at some high density as Kirkwood had pre- 
dicted. 

In connection with the Monte Carlo results the be- 
havior of an actual two-dimensional dynamic hard- 
sphere model developed by Cormia and myself™ may 
be of interest. Gilmer and I* found that the pressure- 
density relation and radial distribution function of 
this model in its fluid state are in good agreement 
with the corresponding results of the Monte Carlo 
calculations.* Also the model exhibits a first order 
fluid ~ crystal transition at a fluid density of 0.8 of 
the density of the close-packed system. 

An important new method of deriving the equation 
of state of dense fluids was recently developed and 
applied with outstanding success by Reiss and co- 
workers.” They succeeded in evaluating, without 
making the superposition approximation, the radial 
distribution just at the surface of a rigid solute atom 
with an arbitrary radius. The result obtained by 
putting the radius of the solvent atom into this ex- 
pression determines the equation of state of the 
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fluid. An analytical relation so obtained is in good 
agreement with the relation obtained by the ma- 
chine computations. The method is also being used, 
with considerable success, to predict the thermo- 
dynamic properties of real fluids. 

In summary rapid progress is being made toward 
a rigorous theory of fluids by the method of distri- 
bution functions. However, the mathematical form of 
the theory is still very complicated. 


INTERPRETATION OF DIFFUSION AND THE 
LIQUID-SOLID TRANSITION 


Diffusion—In this discussion it is assumed that the 
self-diffusion coefficient, D, and the fluidity-tem- 
perature product, $7, are identical in form, Eq.[8], 
so that either quantity may be used as an index of 
the long time average molecular mobility. 

First let us compare the self-diffusion coefficient 
of a simple liquid with that of an ‘‘equivalent’’ hard 
sphere fluid, z.e., a fluid in which the spheres have 
the same density and diameter as do the molecules 
in the liquid. An expression for the self-diffusion 
coefficient in relatively dense hard sphere fluids was 
derived by Enskog.” Later Longuet- Higgins and 
Pople” derived the following somewhat simpler ex- 
pression: 

-1 
) 


4\m RT 
which gives essentially the same results as the 
Enskog expression. In both treatments simplifying 
approximations were made which might lead to 
serious errors at high densities. Table II shows 
the comparison between the self-diffusion coef- 
ficients for the liquids argon and silver at their 
thermodynamic crystallization temperatures and 
the Enskog values for the equivalent hard sphere 
fluids. 

We see that the observed diffusion coefficients 
for the liquids agree quite well, in order of magni- 
tude, with the calculated hard sphere values, being 
smaller only by a factor of three. Now the question 
arises: Is the existing disparity real, or do the 
theoretical relations considerably overestimate D 
at high density? There is some indication that the 
latter may be true from the measurements made by 
Gilmer and myself” of the self-diffusion coefficients 
of the two-dimensional hard sphere model. This 
model® is not quite an ideal hard sphere model, but 
we found that its self-diffusion coefficient is in good 
agreement with the Longuet- Higgins and Pople re- 
lation for two dimensions at low and intermediate 
densities. At high densities the observed relation 
falls below the Longuet-Higgins and Pople relation 
reaching a level a factor of three to four below it at 
densities near that at which the model begins tocrys- 
tallize. 

These results indicate that there may be fairly 
good correspondence between the molecular trans- 
port behavior of simple liquids and that of the equiva- 
lent hard sphere fluid. Such a correspondence would 
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imply that liquid state diffusion is primarily deter- 
mined by the free volume of the system and the kine- 
tic energy of the molecules. Thus it would be, toa 
first approximation, a function of specific volume 
only as is actually observed for simple liquids. 

There is as yet no rigorous theory for self-diffu- 
sion in a very dense fluid, whether it consists of 
hard spheres or actual molecules. There are vari- 
ous approximate theories based on one or another 
of the simple liquid state models. In constructing the 
theory one of the principal problems is: Which of 
the molecular motions in the free space of the sys- 
tem actually are diffusive ? We might define a dif- 
fusive displacement to be any molecular motion in 
the system whereby a molecule acquires at least 
one new member in its ‘‘coordination’’ cage. By this 
definition virtually all the molecular movements in a 
dilute gas are diffusive. On the other hand, ina 
dense crystal of hard spheres, only a small fraction 
of the molecular motions are diffusive. Also it is 
evident that in a dense fluid many of the molecular 
movements will not fulfill our criterion for diffusion. 

Information about the actual nature of diffusive 
displacements in a liquid can be obtained from 
studies of the scattering of very slow neutrons by 
the liquid. The theory for this was worked out by 
Vineyard™ on the basis of the general scattering 
theory of van Hove.® Neutrons are used which have 
energies so small that the neutron-molecule inter- 
action period is much larger than the mean col- 
lision time of the molecules. Vineyard showed that 
the broadening of the energy distribution of the 
neutrons by the scattering will be much greater 
if the molecules undergo diffusive displacements 
during the interaction period than if they do not. 
There have been several investigations®**® of the 
scattering of slow neutrons by liquid water. The re- 
sults indicate little or no diffusive broadening for 
neutron-molecule interaction times of the order of 
10° sec. From this it was concluded that in water a 
high proportion of the small displacements are not 
diffusive and that most of the diffusive movements 
may be of the order of a molecular diameter in length. 
However, these resultsare not sufficient for general- 
ization. 

In the theory of liquid state diffusion developed by 
Eyring and coworkers” it is assumed that the dif- 
fusive motions are only those in which a molecule 
jumps into an adjacent hole of unspecified but con- 
stant size. Thus the probability, P,, of a diffusive 
displacement is the product between the hole ‘‘con- 
centration’’, c,, and the probability that a molecule 


Table I]. Comparison of Measured Self-Diffusion Coefficients 
of Argon and Silver with Values for Equivalent Hard Sphere 
Fluids as Calculated by Enskog Equation 
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jump into the hole. It was supposed that in simple 
liquids the activation energy for this jump is negli- 
gible so that, as in a hard sphere system, the diffu- 
sion is governed primarily by the free volume. The 
concentration of the holes was taken to be propor- 
tional to a Boltzmann factor; i.e., 


Cy « exp [-q,/kT] [19] 


where q, is the energy required to form a hole. This 
relation implies that c,, is relatively small. The ap- 
parent energy of activation, g (see Eq. [5]) for mole- 
cular transport in simple liquids is then, in the 
Eyring model, single valued and essentially equal to 
the energy, q,, for hole formation. This prediction 
is in disagreement with experience for, as we have 
seen, (see part I) g actually increases with decreas- 
ing temperature and reaches values in the glass 
transition region which are several times that for 
the high fluidity region. 

The most questionable assumptions of the Eyring 
model are that the effective holes are uniform in 
size and that their concentration is given simply by 
a Boltzmann factor, Eq. [19]. These assumptions 
can be justified rigorously only by invoking the lat- 
tice model, which, as we have seen, is not a satis- 
factory model of the liquid state. 

Proposals for modifying the free volume theory of 
diffusion to allow for the effect of a nonuniform dis- 
tribution of free volume among the holes have been 
made by F. Bueche, ® Swalin”’ and Cohen and myself.” 
Swalin assumed that all molecular motions in the 
free space of liquids are diffusive,”* but, in view of 
the above considerations, this assumption would lead 
to a serious overestimate of the diffusion coefficient. 
In the treatments of F. Bueche and of Cohen and my- 
self only motions in which a molecule moves one 
molecular diameter or more are defined as diffusive. 
Such motions clearly satisfy the stated criterion for 
diffusion but certain other motions, such as the trans- 
lation and rotation of molecular clusters, which may 
also satisfy the criterion, are neglected. However, 
the concept that density fluctuations are essential for 
the liquid state diffusive process, which is basic in 
these treatments, is probably correct. 

The theory of Cohen and myself was formulated 
for a system of hard spheres. We supposed that 
diffusion occurs by the movement of molecules into 
adjacent voids, each having a volume greater than 
some critical value, v*, which open up by redistri- 
bution of the free volume. The concentration of the 
super-critical voids is calculated from the condi- 
tion that, in a hard sphere system, the free space 
is randomly distributed. In a dense system the aver- 
age free volume, Vf, per cell is small relative to the 
molecular volume, v,, so that a super-critical void 
forms by the association of the free volume from 
several cells. The probability, P(v*), that a cell 
contain a supercritical void was shown to be: 


P(v*) = exp [20a] 


where y is a numerical overlap factor which lies 
between 1/2 and 1. In the hard sphere model mole- 
cules move with the gas kinetic velocity uw’ and the 
diffusion coefficient is then: 
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D=g4,w' exp [- [2 0b | 


where g is a geometric factor usually taken to be 
1/6. You will note that the factor exp [- yu*/v-] in 
Eq. [20] is just the volume analogue of the Boltzmann 
factor in energy and temperature; yv*, the fluctua- 
tion volume, and u;, the average free volume, re- 
spectively, take the place of the fluctuation energy 
and kT in the Boltzmann factor. 

The Cohen- Turnbull equation has the same form 
as the Doolittle equation, which describes fairly well 
the form of the variation of molecular transport rate 
with temperature and pressure. When vy is set equal 
to the total thermal expansion of the liquid above the 
glass transition temperature, the measured slopes of 
the equation for simple molecular liquids correspond 
to reasonable values for yu*; namely, 0.7 to 0.9 of uo. 
Also Gilmer and Turnbull*’ found that both the mag- 
nitude and density variation of the self-diffusion co- 
efficients in the two-dimensional hard sphere fluid at 
high densities are described satisfactorily by the 
Cohen- Turnbull equation with ya*= 0.84a°; a° is the 
projected area of a sphere on its supporting surface 
and a*is the corresponding area of the critical void. 

Cohen and I also showed that the temperature vari- 
ation of the self-diffusion coefficients of liquid metals 
is in agreement with our equation provided the total 
thermal expansion of the liquid is taken to be propor- 
tional to the free volume. The best fit is obtained 
with values of v* near the zonic rather than the atomic 
volume. This result seems to support the suggestion 
of Eyring and coworkers’® that for atomic transport 
in liquid metals it is necessary only that the holes be 
large enough to accommodate the metal ions. 

The decreases in the fluidities and self-diffusion 
coefficients of liquid metals with increasing pres- 
sure are an order of magnitude smaller*”*° than 
calculated from the Cohen-Turnbull equation with 
the decrease in free volume set equal to the total 
decrease in volume with pressure. However, as 
Cohen and I suggested, most of the volume decrease 
in the compression of a liquid metal may be due to 
the decrease in the atomic (vu) rather than of the free 
volume (v;). The evidence for this is that the com- 
pressibility of liquid metals is only 20 to 30 pct 
larger than that of the corresponding crystal at 0°K. 
Thus the change in the actual free volume of a liquid 
metal upon compression may be small enough to be 
compatible with the observed small changes in the 
atomic transport rates. It seems then that the free 
volume model of diffusion can be applied success- 
fully to liquid metals. However, the important as- 
sumptions on which this application is based, namely, 
that the free volume of a liquid metal is propor- 
tional to its thermal expansion and that the critical 
void volume is near that of the ion rather than of the 
atom, have not yet been justified. 

Liquid-crystal Transition—As we have seen a 
liquid may, depending on its crystallization rate and 
the rate at which it is cooled, solidify either to a 
crystalline or an amorphous body. We have already 
discussed the equilibrium features of the crystalli- 
zation mode of solidification; in this section the 
kinetic features of the process will be reviewed. 

Crystallization of pure liquids, like other first- 
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Table Ill. Characteristic Undercooling Coefficient, A, Corres- 
ponding to Undercooling AT’ =AT,,, at which Homogeneous 
Nucleation Frequency has the Value I, = 106 cm-3 sec-l, 
These Results are Inferred from Observations on the 
Crystallization of Droplets. 


Average De- 
A viation of A 
Liquid Type Range Mean from Mean 
Metallic” 0.13 to 0.32 0.19 0.03 
Alkali Halide”® 0.14 to 0.24 0.18 0.025 
Simple Molecular’®’”® 0.12 to 0.32* 0.21 0.04 
Saturated Normal Long 
Chain Hydrocarbon®® 0.037 to 0.043 0.041 0.002 


*Excludes white phosphorus” for which A> 0.36. 


order phase changes, occurs by nucleation and 
growth so that its rate is specified by two rate con- 
stants: the crystal growth velocity, w, and the fre- 
quency, J, per unit volume at which the crystals nu- 
Cleate. According to nucleation theory the frequency 
of forming spherical crystal nuclei in the interior of 
a Clean undercooled liquid (homogeneous nucleation) 
may be expressed as:7”3 


I - (22) exp [- 1670°/3 (AG, kT] [22] 


where n is the number of molecules per cm*® se als 
the rate constant, in cm? sec’, which governs the 
rate of transport across the crystal-nucleus inter- 
face; 0 is a parameter which in the classical nuclea- 
tion theory is identified with the liquid-crystal sur- 
face tension; and AG, is the free energy of crystal- 
lization per unit volume. For most molecular sub- 
stances it is expected that D’ will be identical with 
the rate constant, D,,, for crystal growth; hence it 
will be (see Eq. [10]) a function of the reduced tem- 
perature having the same form as the fluidity func- 
tion ¢(T). 

Crystallization in bulk liquids generally is nu- 
cleated at the surfaces of impurities inadvertently 
present in the liquid. Perhaps the simplest way to 
circumvent these impurity effects is to use the drop- 
let technique as developed by Vonnegut”? and myself.” 
This technique now has been applied to the study of 
the nucleation behavior of a considerable number 
and variety of liquids.’*~”® It is probable that in 
many of these studies nucleation was homogeneous 
but results suitable for testing the simple nuclea- 
tion theory, Eq. [22], have been obtained only in 
investigations of mercury” and of the normal C,, and 
Cy, saturated hydrocarbons.® These results are in 
good agreement with the theory in that: a) for a given 
Substance and undercooling the nucleation rates in 

- droplets having a wide range of diameters are satis- 
factorily described by a single frequency, J; b) the 
variation of J with undercooling is of the form pre- 
dicted by Eq. [22] and c) there is good agreement be- 
tween the measured and theoretical (nD'/as ) preex- 
ponential factors, where D’ is set equal to the self- 
diffusion coefficient in the liquid; this agreement is 
very close for the pure hydrocarbons and fair for 
mercury, 
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Let us now define a characteristic undercooling, 
AT’ = AT,,, at which the homogeneous nucleation fre- 
quency has some specified measurable value, Ts This 
undercooling can, of course, be calculated precisely 
from measurements of the kind that have been car- 
ried out on the hydrocarbons and mercury. It can al- 
So be estimated with fair accuracy from observa- 
tions on the undercooling at which crystallization 
begins in clean droplets, because of the very great 
dependence of nucleation frequency upon the under- 
cooling. To be readily measurable the nucleation 
frequency should be in the range 1 to 107 em? sec’, 
and we select for I,a value 10° falling within this 
range. In substances having a very strong glass 
forming tendency the nucleation frequency never 
reaches the specified I,,, and the corresponding 
characteristic undercooling coefficient, X, does not 
exist. For substances with weak glass forming 
tendencies the values of \ inferred from droplet ob- 
servations range from 0.04 to 0.35. The range and 
mean of the observed \ values for several types of 
liquids are summarized in Table Il. 

Values of the parameter o may be calculated from 
the variation of nucleation frequency with undercool- 
ing. When this information is not available but A is 
known approximately from observations on droplets 
9% still can be calculated by assuming that Eq. [22] 
is valid. The values of o found so far range, in 
units of the corresponding heat of fusion, between 
0.3 and 0.6. 

Since the short-range order in the simplest liquids 
is similar superficially to that in close-packed crys- 
tals it was thought that A should be very small for 
liquids which crystallize to close-packed structures. 
Actually (see Table III) A for most such liquids, in- 
cluding many metals, is quite large, being of the 
order of 0.2. It seems that these results rule out the 
crystallite model of liquids, according to which crys- 
tallization would be a simple grain growth process 
proceeding rapidly with little undercooling. Frank™ 
explained the results on the basis of his concept 
(see part II) that the coordination in simple liquids is 
predominantly of the icosahedral type. Then nuclea- 
tion of a close-packed crystal would require a fairly 
large atomic rearrangement within the coordination 
polyhedra and consequently a relatively large under- 
cooling. 

Now consider the mechanism of the reverse of 
crystallization; z.e., crystal melting. When this tran- 
sition is first order, as it is at the thermodynamic 
crystallization temperature, it should also occur 
by nucleation and growth at rates described by ex- 
actly the same parameters, 0 and D,, aS describe 
the rate of crystallization. However, in contrast 
with crystallization, melting almost always begins 
at the free surface of the specimen when the driving 
free energy, and hence the superheating, is very 
small. Apparently this occurs because the contact 
angle between the melt and crystal in some orienta- 
tions is zero; hence, no surface work is required to 
coat the crystal with a thin liquid film at any tem- 
perature above the thermodynamic crystallization 
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temperature. Melting then occurs simply by the 
movement of this film inward at a velocity which 
should be given by Eq. [9]. For most substances 
this velocity is so large that the rate of melting 
comes to be limited by the rate at which the heat of 
fusion can be supplied. Under these conditions and 
if all the heat is supplied from an external source 
the crystal cannot superheat appreciably. 

There exists a widespread impression that melt- 
ing, because it usually begins at very small super- 
heating, must be a nearly continuous transition. In 
view of the considerations given above and the ob- 
served heterogeneous nature of the melting process 
this impression is certainly not justified. Actually 
we would expect that the interior regions of perfect 
crystals should withstand quite large degrees of 
superheating; e.g., 0.1 to 0.15 T,,, before the melt- 
ing rate becomes appreciable. One way to check this 
prediction is to observe the melting behavior when 
the interior of the crystal is made hotter than its 
surface. By this means it has been shown that sound 
crystals of tin™ can withstand at least 1 to 2°C of 
Superheat. 

Perhaps a more convenient method of testing the 
theory is to investigate the melting of crystals which 
form very viscous melts. In this event the crystal 
boundary motion should be so slow (see Eq. [10]) 
that it will not be limited by heat flow; hence, the 
crystal, even with a molten layer on its surface, may 
be superheated a large amount by an external heat 
source. Crystals of the feldspar, albite, melt toa 
liquid having a fluidity of about 107° poise’. At this 
fluidity a homogeneous melting process should be 
essentially completed in a period of less than one 
second. Actually it has been established that the 
melting of albite®?* and quartz®”’ crystals is still 
heterogeneous and quite slow at superheatings of 
more than 100°C. Also Stranski and his coworkers™ 
have shown, from their very interesting observa- 
tions on melting in the As,O, system, that crystals 
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Fig. 9—Fluidity (¢)—temperature relation® for liquid 
water through the thermodynamic crystallization tem- 
perature. 
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in which the state of molecular binding is very dif- 
ferent from that in the liquid also can withstand 
large superheating. From these observations it is 
clear that under certain circumstances crystals do 
withstand relatively large superheating; further, 

in all cases documented so far crystal melting has 
been a heterogeneous process, 

Phenomena known as ‘‘pre-melting”’ or ‘‘pre- 
crystallization’’ have been reported in many papers. 
These phenomena are abnormally rapid property 
changes (fluidity, heat capacity, thermal expansion, 
and so forth) with temperature at temperatures near 
T,, which supposedly signal the impending phase 
change. It is very difficult to explain such occur- 
rences in pure substances without invoking the con- 
cept, which seems untenable for the reasons already 
given, that the liquid-solid transition is continuous at 
temperatures not far removed from 7,,. Actually it 
has been shown that these phenomena, at least in 
many cases, reflect extrinsic rather than intrinsic 
characteristics of the system. For example, the 
thermal history phenomenon in crystallization was 
once counted as an intrinsic precrystallization phe- 
nomenon but the droplet experiments”* showed that it 
originates from the action of impurity particles.** 
Also there have been several careful investigations 
of equilibrium and transport properties (see, for ex- 
ample, viscosity of water,” Fig. 9) of extremely pure 
substances near their T,, in which no evidence of 
premelting or precrystallization was found. Hoffman 
and Decker®*® showed that the premelting which had 
been reported for hydrocarbon crystals is not ob- 
served in crystals of very high purity. Nevertheless 
there are still many reports of premelting and pre- 
crystallization which are, as yet, unchallenged. 

The Liquid-Glass Transition— We consider now the 
continuous mode of solidification which is the glass 
transition. That this transition should always occur 
upon cooling, if the liquid is constrained from crys- 
tallizing, follows from the model of Cohen and my- 
self.”* In our model the glass state is that in which 
the excess volume, Av, is very small, Av < Av,, and 
therefore distributed fairly uniformly. The excess 
volume then corresponds to a potential which is well 
inside the nonlinear region (see Fig. 8) of the cage 
potential curve. The glass should expand with tem- 
perature at about the same rate as the corresponding 
crystal until an excess volume is reached, Av ~Av,, 
at which the curvature of the cage potential relation 
has nearly disappeared. Then upon further tempera- 
ture increase the added volume tends to be more 
randomly distributed so that the entropy of randomi- 
zation begins to appear. This leads to the observed 
enhancement of the expansion of the amorphous 
phase with temperature (see Fig. 5) which is one 
manifestation of the transition from glass to liquid. 
The sharp increase in the self-diffusion coefficient 
and fluidity during this transition results from the 
appearance of free volume in the system, as may be 
seen from Eq. [20b| 

The problem of what determines the glass forming 
tendency was also treated by Cohen and myself®’* and 
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I shall only summarize our considerations here. You 
will recall that among substances of a given class the 
reduced glass transition temperature, 7,, is roughly 
constant but the reduced thermodynamic crystalliza- 
tion temperature, Tm» Varies widely. Therefore the 
less is T,, the less is the undercooling required to 
reach the glass transition. It follows from this, and 
the dependence of the crystallization kinetic constants 
on the undercooling and on 7, that the glass forming 
tendency will be greater the less is here 
Some of the effects of molecular constitution on 
glass forming tendency can be discussed most con- 
veniently in terms of the thermodynamic relation. 
RAU, 
where AU,,and AS, are, respectively, the energy 
and entropy of crystallization. In these terms the 
glass forming tendency at constant cohesion increases 
with the ratio AS,,/AU,,. This criterion encompasses 
the Zachariasen®’ crystal-chemical criterion for 
glass forming tendency according to which the glass 
forming tendency, in substances with relatively open 
structures, is much greater if the coordination poly- 
hedra make point-to-point contact than if they make 
edge-to-edge or face-to-face contact. In systems in 
which there is point-to-point contact the long-range 
order can be destroyed by small random displace- 
ments of the polyhedral contact angles from the crys- 
tal values. These displacements require very little 
energy; hence a large amount of entropy is gained 
from the disordering with the expenditure of only a 
small amount of energy which is just our require- 
ment for the existence of a strong glass forming 
tendency. However, where there is edge-to-edge or 


[23] 


face-to-face polyhedral contact a relatively large 
amount of energy is required for the breakdown of 
long range order. The glass forming behavior of 
ceramics and salts actually agrees remarkably well 
with predictions based on Zachariasen’s criterion. 
Impurity additions to the system which raise the 
energy of the crystalline state more than the energy 
of the amorphous state depress T,, and thereby en- 
hance the glass forming tendency. This effect oc- 
curs for example in the formation of simple eutectic 
systems. In such systems the glass forming tendency 
generally should be a maximum for solutions of the 
eutectic composition. Cohen and I® have suggested 
that it is this solution effect which accounts for 
Klement e¢ al.’s** observation of a glass in the gold- 
silicon system at a composition not far removed from 
the reported eutectic.* In this system, and also in the 


*Note added in proof: Recently it came to my attention that H. Raw- 
son (Proc. IV Int. Congress on Glass, pp. 62-69, Paris, 1956) had sug- 
gested an explanation of the impurity effect very similar to that of Cohen 
and myself. According to Rawson the glass forming tendency should in- 
crease with €,/T,, where €} is the covalent bond energy. This criterion 
is not applicable to simple molecular systems but for covalently bound 
systems it gives results which are similar, though not identical to, those 
deduced from the criterion of Cohen and myself. 


Au-Ge and Ag-Ge systems, the eutectic temperature 
is exceptionally low. In order for such a metallic 
glass to be stable it is probably necessary that its 
thermodynamic temperature for crystallization with- 
out component segregation lie below its glass transi- 
tion temperature. It is probable that the formation of 
glass by solutions of near eutectic composition in the 
ionic system Ca(NO, ),-KNO,* is also due to this so- 
lution effect. 
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in Singly 


When commercial silicon iron sheets of varying magnetic 
quality ave isothermally annealed at high temperatures, ex- 
tremely large grains develop in the material having good mag- 
netic properties. These grains are of the (110) [001] orienta- 
tion and are formed by secondary recrystallization. The pri- 
mary.driving force for this secondary recrystallization is 
grain boundary free energy. For the secondary grains, activa- 
tion energies of 103 kcal per mole for nucleation, and of 75.5 
kcal per mole for growth, were obtained. The activation 


energy for nucleation of the secondary grains is consistent 
with a model involving redistribution of a precipitate acting as 


the primary grain growth inhibitor. 


SINGLY oriented silicon iron sheet was first pro- 
duced in 1935.’ The material as commercially pro- 
duced today has a very highly developed preferred 
orientation or texture; up to 95 pct of the grains are 
crystallographically oriented with their (110) planes 
in the plane of the sheet and their [100] directions 
parallel to the rolling direction. This texture, usu- 
ally written as (110) [001], is referred to as the 
‘“‘Goss’’ or the ‘‘cube-on-edge’’ texture. Because 
the magnetic properties of this material are super- 
ior to those of the nonoriented sheets in the direction 
of rolling, the oriented silicon iron has acquired 
tremendous industrial importance especially in the 
manufacture of transformer cores and other elec- 
trical equipment. 

The commercially produced material is essen- 
tially an iron-silicon alloy containing about 3 1/4 pct 
Si with minor impurities totaling less than 0.15 pct. 
The silicon steel heat is melted in the open hearth 
or electric furnace. The ingots are hot rolled, with 
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or without being slabbed, to strips of 0.100 to 0.080 
in. thickness. 

They are then cold reduced to an intermediate 
thickness, recrystallized, cold reduced to final 
thickness, decarburized, and finally annealed at a 
high temperature. During this high-temperature an- 
neal, extremely large grains with the cube-on-edge 
texture are produced.in the sheet. 

Several papers have appeared in the literature’ 
relating to the production of the Goss-textured ma- 
terial. Most of these describe the textures produced 
on cold rolling and on subsequent annealing of single 
crystal or polycrystalline silicon iron. May and 
Turnbull’’»’* have recently shown the necessity of a 
second-phase dispersed impurity in the material for 
the production of the Goss texture. However, none of 
these papers describes in detail the nucleation and 
growth kinetics of the (110) [001] grains during the 
final high-temperature anneal.* The present work, 


10 


*A very recent paper by P. N. Richards** that appeared since the com- 
pletion of this work confirms some of the findings described in this paper. 


therefore, is an attempt to understand the nucleation 
and growth kinetics of the cube-on-edge grains in the 
silicon iron sheet during the final high-temperature 
anneal. 
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MATERIALS 


The materials used in this investigation were 
commercially produced, semiprocessed, or de- 
carburize-annealed silicon iron sheets of 0.014 in. 
thickness containing Si, 3.0 to 3.2 pct; Mn, 0.05 to 
0.06 pct; and S, 0.015 to 0.017 pet. Epstein speci- 
mens (3 by 30 cm) were taken from four commer- 
cial coils, each of which had resulted in finished 
products of different magnetic quality. The four 
coils were commercially classified as Grades 66, 
73, 80, and 90 (AISI Grades M-6 through M-9, res- 
pectively). The maximum core losses of these 
grades of oriented silicon iron are shown in Table I. 


EXPERIMENTAL PROCEDURE AND RESULTS 


The Epstein strip specimens were cut into 4-in. 
lengths. They were then isothermally annealed in a 
tube furnace at 1650°, 1700°, 1750°, and 1800°F for 
varying times in a hydrogen atmosphere. 

Macroscopic Examination—The annealed speci- 
mens were deep etched in a 30 pct HCI-1 pet HF 
solution and visually examined. The following was 
observed: 

1) After an incubation period, new or secondary 
grains were observed to nucleate* and grow in Coil 


*Here “‘nucleation’’ is used in the sense described by Cohen’* and 
refers to the initial appearance of a growing secondary grain which is 
just visible to the naked eye. 


A (Grade 66) at all temperatures. These grains grew 


in a nearly circular fashion to large sizes with in- 
creasing isothermal holding. This two-dimensional 
grain growth was stopped when the new grains im- 
pinged on each other. Only a few grains, the number 
of which increased with increased isothermal hold- 


ing, nucleated in this grade. With increasing anneal- 


ing temperature, the incubation times decreased and 
the number of secondary grains increased with cor- 
responding decrease in the final grain size; also, 
secondary recrystallization was complete in de- 
creasing times. No secondary recrystallization was 
observed in 50 min at 1650°F and in 3 min at 
1800°F; however, secondary recrystallization was 
complete in about 4 hr at 1650°F and in 15 min at 
1800°F. 

2) In Coil B (Grade 73), a large number of new 
grains were seen to be nucleated and growing. The 
number of these grains increased with increasing 
isothermal holding. With increasing temperature, 
the number of new grains increased rapidly with 
corresponding decreases in the resultant grain size. 
The unique circular growth of the secondary grains 


Table |. Grading of Oriented Silicon Iron 


Maximum Core-Loss in 


Coil Grading Watts per lb at 15 Kilo- 
No. AISI Commercial gausses and 60 Cycles 
A M-6 Grade 66 0.60 to 0.66 

B M-7 Grade 73 0.67 to 0.73 

(S M-8 Grade 80 0.74 to 0.80 

D M-9 Grade 90 0.81 to 0.90 
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Coil A 
(Grade 66) 


Coil B 
(Grade 73) 


Coil 
(Grade 80) 


Coil D 
(Grade 90) | 


2 4 6 8 10. 12 20 

Time In Minutes Of Isothermal Annealing 
Fig. 1—Macroscopic examination of secondary recrystalliz- 
ation in different grades of silicon iron as a function of 


annealing time at 1750°F. X1/2. Reduced approximately 48 
pet for reproduction. 


observed on Coil A was not observed on this coil. 
The incubation period at any temperature, which also 
decreased with increasing temperature, was much 


CoilA 
(Grade 66) 


coil B 
(Grade 73) 


Coil 
(Grade 80) 


Coil D 
(Grade 90); 


6 0 2 206 
Time In Minutes Of Isothermal Annealing 
Fig. 2—Grain growth characteristics in different grades of 


silicon iron as a function of annealing time at 1750°F. X35. 
Reduced approximately 41 pct for reproduction. 
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Fig. 3—Transverse section of a partially recrystallized 
specimen showing a large, secondary grain growing across 
the specimen thickness. X150. Reduced approximately 43 
pet for reproduction. 


shorter in this coil than in Coil A. For example, at 
1750°F secondary grains were observed after 10 min 
for Coil A, but only after 4 min for Coil B. 

3) At all temperatures, very little secondary grain 
growth, if any, was observed on Coil C (Grade 80), 
and no secondary grain growth at all was observed 
on Coil D (Grade 90); in fact, Coil D specimens ap- 
peared to undergo continuous grain growth at all 
temperatures. 

Fig. 1 shows the grain growth characteristics of 
these coils at 1750°F, as observed macroscopically. 
Microscopic Examination—For the microscopic 
examination, the specimens were sectioned, mounted, 
and etched in 2 pct nital. What was observed macro- 
scopically was confirmed microscopically. The na- 
ture of grain growth in any one coil was essentially 
the same at all temperatures, except for differences 
already mentioned. Fig. 2 shows a section of the 
specimens presented in Fig. 1 (these specimens 
were annealed at 1750°F). The microscopic ex- 

amination revealed the following: 

1) In Coil A (Grade 66), there is essentially no 
primary grain growth. After an incubation period, 
which increases with decreasing temperature, sec- 
ondary grains grow. These grains grow across the 
specimen thickness to very large sizes as seen in 
the last specimen (20 min) of the first row. This 
specimen shows only part of a large secondary 
grain. 

2) In Grade 73 specimens, although some primary 
grain growth occurs, grain growth proceeds mostly 
by secondary grain growth; however, the final grain 
size is much smaller than that in Grade 66. Quite a 
few secondary grains, all of which may not be of the 


Fig. 4—Transverse section of a partially recrystallized 
specimen showing part of a secondary grain growing in the 
plane of the sheet. X200. Reduced approximately 43 pct for 
reproduction. 
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Fig. 5—Transverse section of the edge of a partially re- 
crystallized specimen. A large secondary grain growing 
from within toward the edge. X200. Reduced approximately 
31 pet for reproduction. 

cube-on-edge orientation, are growing and the re- 
sultant grain size is small. 

3) From Grades 73 through 90, there is decreas- 
ing secondary grain growth and increasing primary 
grain growth, little secondary grain formation being 
observed in the last set. 

Nucleation Sites of the Cube-on-Edge Grains—To 
study the nucleation sites of the secondary grains, 
several sections of the specimens from Coil A 
(Grade 66) that had undergone partial secondary re- 
crystallization were metallographically examined. 
Figs. 3 through 7 show the transverse sections 
(0.014 in. thick) of these specimens. 

Fig. 3 shows a secondary grain growing across 
the thickness of the specimen. In this specimen, 
primary grains along the specimen surface, as well 
as a circular grain almost in the center of the sec- 
ondary grain, remain unabsorbed by the growing 
large grain. In Fig. 4, part of a secondary grain is 
shown at some later stage of its growth. It is to be 
noted in this figure also that some primary grains 


Fig. 6—Transverse section of partially recrystallized 
specimens. Top: A secondary grain grown completely 
across the specimen thickness and growing in the plane of 
the sheet. Bottom: A secondary grain at its initial growth 
stage situated near the top specimen surface. X200. Re- 
duced approximately 31 pct for reproduction. 
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Fig. 7—Transverse section of a partially recrystallized 
specimen. A secondary grain at its initial growth stage. 
X500. Reduced approximately 31 pct for reproduction. 


along the specimen surface are yet to be absorbed 
by the secondary grain. Fig. 5 shows a secondary 
grain which has grown completely across the speci- 
men thickness and is growing toward the edge of the 
specimen. In the top part of Fig. 6, part of a sec- 
ondary grain that has grown completely across the 
specimen thickness is shown. In the bottom part 
which shows the full specimen thickness, a secon- 
dary grain nucleated near the top surface of the 
specimen is shown at an initial stage of growth. A 
secondary grain at its initial growth is shown ata 
higher magnification in Fig. 7. 


DISCUSSION 


Grain Growth Characteristics of Various Silicon 
Iron Grains—It is well known that during the final 
high-temperature anneal described previously, ex- 
tremely large grains are developed in the silicon 
iron sheet through a process of secondary recrys- 
tallization. Secondary recrystallization or discon- 
tinuous grain growth, as distinct from primary re- 
crystallization and grain growth, has been described 
by several authors.”»”»'4»*° Primary or continued 
grain growth does not result in extremely large 
grains; the maximum grain size attained by this 
mechanism has been shown to be dependent on the 
strip thickness and that by secondary grain growth 
to be independent of strip thickness.*® Secondary 
grains of sizes many times the thickness of the sheet 
are of the cube-on-edge orientation in the present 
case. 

In magnetically good material as in Coil A (Grade 
66), the grain growth occurs entirely by the process 
of secondary recrystallization. As the extent of pri- 
mary grain growth increases, the magnetic quality of 
the material decreases. In Grade 90, the magnet- 
ically poorest material in this work, the grain 
growth is essentially all primary. For secondary 
grain growth to occur, primary grain growth should 
be prevented. 
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Fig. 8—Relationship of temperature and time for start 
(1 pet) of secondary recrystallization. 


In the magnetically good, Grade 66, material, there 
is essentially no primary grain growth. After an in- 
cubation period, which depends on the annealing 
temperature, the secondary grains grow by a proc- 
ess that can be described by nucleation and growth 
kinetics. With decreasing magnetic quality the in- 
cubation period at a given temperature also de- 
creases. With increasing annealing temperature, 
both the rates of nucleation and of growth increase; 
however, the rate of nucleation increases faster than 
that of growth with the result that higher annealing 
temperatures give rise to smaller grains. This 
phenomenon has been observed by others.!!!” 

In the early stages of secondary recrystallization, 
nearly circular or spherical grains are often left 
unabsorbed within the secondary grains. Attempts 
to determine the orientations of these left-behind 
grains were not successful in this laboratory be- 
cause the X-ray beam used was not fine enough. In 
the near future, we should have the necessary equip- 
ment to obtain fine X-ray beams. 

Nucleation and Growth of Cube-on-Edge-Grains— 
As observed earlier, extremely large secondary 
grains of the (110) [001] orientation are developed in 
the Grade 66 material. Some of these large grains 
were examined by the X-ray back-reflection method, 
and they checked to be within 4 to 5 deg of the (110) 
[001] orientation. 

Activation Energy for Nucleation and for Growth— 
From the macroscopic examination of the Grade 66 
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Fig. 9—Effect of temperature on secondary grain growth. 


specimens, the times for the start of secondary re- 
crystallization (1 pct of the surface area of the 
specimens) at the several temperatures were noted. 
In Fig. 8, the logarithm of the reciprocal of this 

time is plotted against the reciprocal of the absolute 
temperature. A straight-line relationship is obtained 
from which an activation energy for nucleation of 

103 kcal per mole is obtained. 

On each Grade 66 specimen where the secondary 
grains have not impinged on each other, the average 
diameter of the largest grain was measured. If we 
assume that the largest grain in any sample had 
started its secondary growth at the first instant of 
reaction, the rates of radial growth G of the second- 
ary grains at the different temperatures can be ob- 
tained by plotting the values of the diameter against 
annealing time. These rates are shown in Fig. 9 for 
the different annealing temperatures. Essentially 
straight-line relationships are indicated. Taking the 
measured slopes of these straight lines as the rates 
of growth and plotting the logarithm of these rates 
against the reciprocal of the absolute temperature 
(shown in Fig. 10) gives an activation energy of 75.5 
kcal per mole for the growth of the secondary grains 
in the material. It may be mentioned here that 
Stanley’® obtained a value of 73 kcal per mole for the 
growth of recrystallized grains in cold-worked 1 pct 
SiFe, and Assmus” got a value of 70 kcal per mole 
for secondary growth into cube texture in 3 pct SiFe. 

If, from Fig. 9, the extrapolated time intercepts at 
zero grain growth, z.e., the incubation times, for the 
different temperatures are noted, and the logarithm 
of their reciprocals are plotted against the recipro- 
cal of the absolute temperature, the resulting 
straight line is parallel to that shown in Fig. 8. This 
result corroborates the activation energy for the 
start of secondary recrystallization found by the 
surface area technique discussed previously. There- 
fore, the high activation energy for the start of sec- 
ondary recrystallization must be independent of the 


activation energy for the growth of secondary grains. 


According to Dunn,” the nuclei for secondary 
grains are primary grains with the (110) [001] ori- 
entation and which are larger than the average ma- 
trix grain. For secondary grain growth to occur, 
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Fig. 10—Relationship of temperature and rate of secondary 
grain growth. 


primary grain growth should be prevented, and this 
primary grain growth inhibition is accomplished by 
the grain boundary pinning agent, a dispersed 
second-phase impurity thought to be manganese 
sulfide in commercial silicon iron. 

Recent work in this laboratory” has shown that 
the activation energy for sulfur removal from com- 
mercial silicon iron sheets (containing manganese) 
is quite high; a value of 98 kcal per mole was ob- 
tained. This high activation energy for desulfuriza- 
tion may be explained as being partly due to the tem- 
perature dependence of the diffusion coefficient of 
sulfur in silicon iron, and partly due to the tempera- 
ture dependence of the MnS solubility, a factor which 
sets the boundary condition for the diffusion process. 

For the primary grain (nucleus) boundary to 
move, the grain boundary pins, namely MnS parti- 
cles, should either be completely dissolved or dis- 
solve and reprecipitate on larger particles under a 
capillary driving force. In either case, the density 
of pins in the grain boundary will be reduced. Be- 
cause secondary recrystallization can occur without 
any appreciable desulfurization (as was observed by 
chemical analysis) and because at the isothermal 
recrystallization temperatures used in this work the 
solubility limits of sulfur are much less than the 
actual sulfur content of the silicon iron,” it would 
appear that agglomeration of the sulfide particles is 
the reaction that primarily controls secondary re- 
crystallization. The time required for a small par- 
ticle to dissolve and be deposited on a bigger parti- 
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cle, for agglomeration, can be shown to depend on 
the heat of solution, diffusion coefficient, radius of 
the small particle (assuming spherical particles) 

and temperature.* The high activation energy, for 


*The actual process of agglomeration will be quite complex, and 
would involve a knowledge of the statistical distribution of particles of 
all sizes as a function of time. However, the process can be approxi- 
mated as follows to estimate the temperature dependence of the process: 

Assume spherical sulfide particles and that a small particle of radius 
r, is separated by a distance R from spherically symmetric sink, en- 
visioned to be made up of particles of larger radius r,. 

By the Gibbs-Thompson equation 
7’ = Solubility of sulfur in equilibrium with the small spherical particle 

= ne exp(yQ/r,kT) [1] 
where 

Ne = equilibrium solubility 

y = surface energy 
Q = atomic volume 
T = absolute temperature 


7” = solubility of sulfur in equilibrium with the large spherical particle 


= neexp(yQ/r,kT) [2] 
The rate of dissolution of the small particle 
dr,/dt = -QD(3C/ dr), 5, where C = concentration [3] 


(9C/dr),, = AC/(1/r, 1/R)r? = AC/r, where R > r,”? 
If 7 is the time required for complete dissolution of the small particle 
T 
Jf dt = frydr,(1/DQAn) [4] 
ry 
Where Ay is the change in solubility 
= neexp(yQ/r,kT) exp(yQ/r,kT) 
= nel exp(yQ/r,kT) 1} 
T =1/DQne f 1} [5] 
where D = diffusion coefficient of sulfur 


= D, exp (—Qdiffusion/kT) and 
ne =Aexp(-H/kT) where ff = heat of solution of MnS 


Although the solution of Eq.[5] is complex, the analysis above shows 
that 


TOf(r,,T) “exp Qaiffusion) ] [6] 


where f(r,,7) is the temperature dependent term arising from the integral 
in Eq. [5]. 

Evidently the activation energy for the process described in Eq. [6] 
would include both the activation energy for sulfur diffusion and the heat 
of solution of MnS, This may partly explain the high value obtained for 
the start of secondary recrystallization. 


starting secondary recrystallization may therefore 
be accounted for by the necessity of the MnS parti- 
cles to go into solution prior to the start of second- 
ary grain growth. 

Nucleation Sites of Secondary Grains— The nucleus 
of a secondary grain is probably a large primary 
grain of the (110) [001] orientation. As shown in 
Fig. 6 and as observed in all the samples studied, 
this nucleus is most frequently situated about two to 
three primary grains inside the specimen surface. 
Occasionally, secondary grains were seen on the 
specimen surface, but it is not certain whether they 
grew on the surface or from the interior on to the 
surface. In none of the specimens studied did the 
secondary grains appear to be nucleating at the cen- 
ter of the specimen cross section. The exact nature 
of the nucleus cannot be discerned since the nucleus 
could be observed only after it has started to grow 
into a secondary grain. It is distinguished from the 
matrix grains by its size, its unique dark etching 
characteristic (in transverse cross sections), and by 
the curvature of its boundaries with the surrounding 
primary grains. 
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The secondary grains always had a dark etching 
appearance when microscopically examined on a 
transverse cross section of the specimen. The same 
grains appeared light when examined on a surface 
parallel to the sheet surface. The {100} planes etch 
darker than others. This was confirmed by micro- 
scopic examination of grains for which X-ray back- 
reflection pictures were taken. 

If the dark etching characteristic of a grain in 
transverse section is characteristic of its cube-on- 
edge orientation, then it will be observed in all the 
microstructures that many such primary grains 
exist. According to Dunn, secondary nuclei are pri- 
mary grains with the cube-on-edge orientation. 
However, all of the dark etching grains (presumed to 
be cube-on-edge) do not grow into secondaries. This 
certainly shows a selectivity of nucleation, probably 
because of the grain size’ or of the orientation re- 
lationship between the grains and the surrounding 
matrix grains.*° 

Figs. 3 through 8 show that once nucleated the 
secondary grains grow radially consuming the sur- 
rounding matrix grains. The secondary-primary in- 
terfaces or grain boundaries migrate toward their 
centers of curvature. Secondary nuclei are situated 
two to three grains inside the free specimen surface 
and in fact Figs. 3, 4, and 5 seem to indicate that the 
free surfaces of the specimen are a hindrance to 
secondary grain growth. These facts suggest that 
grain boundary energy, and not surface free energy, 
is the driving force for secondary recrystallization. 


SUMMARY 


1) In magnetically good silicon iron sheets, ex- 
tremely large grains of the (110) [001] orientation 
are formed exclusively by secondary recrystalliza- 
tion during the final high-temperature anneal. Sec- 
ondary grain growth is quite distinct from primary 
grain growth. For secondary grain growth to occur, 
primary grain growth must be suppressed. With in- 
creasing primary grain growth and correspondingly 
decreasing extent of secondary grain growth, the 
magnetic quality of the material decreases. 

2) Nuclei for secondary grains, which are pri- 
mary grains themselves of the cube-on-edge orien- 
tation, and which are probably larger than the aver- 
age matrix grains, are situated two to three primary 
grains inside the free specimen surface. These nuc- 
lei grow radially consuming the surrounding matrix 
grains. Once the new grains have grown across the 
sheet thickness, this three-dimensional growth is 
followed by two-dimensional growth in the plane of 
the sheet. At this stage the secondary grains be- 
come macroscopically visible on the sheet surface 
after deep etching. 

3) The primary driving force for secondary re- 
crystallization is grain-boundary free energy and not 
surface free energy. Activation energies of 103 kcal 
per mole for nucleation of secondary grains and of 
75.5 kcal per mole for secondary grain growth, were 
obtained. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


These results are consistent with the model of 
May and Turnbull, indicating that MnS particles are 
necessary to prevent primary grain growth and 
hence to permit secondary grain growth to occur. 
The activation energy for nucleation of secondary 
grains is consistent with a model involving redis- 
tribution of MnS pins by an agglomeration mecha- 
nism. 
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The Zirconium-Platinum Alloy System 


Investigations of the Zr-Pt system, by metallography, in- 
cipient melting, and X-vay diffraction, determined the phase 
relationships from 0 to 50 at. pct Pt. Phase fields in the Pt- 
rich region were outlined, and three intermetallics (ZrPt, 


Zr2Pt, and ZrPt,) were located, A eutectic between B Zr and 


E. G. Kendall 


Zrv,Pt, and a eutectoid reaction between B Zr anda Zr + Zr,Pt, 


were established. The maximum solubility of Pt in B Zr was 
approximately 13.5 wt pct, as opposed to less than 1 wt pct 


solubility in a Zr, 


Earuier work on the Zr-Pt system was limited 
to an X-ray study on the intermetallic compound, 
ZrPts, by H. J. Wallbaum.’ It was reported that 

Zr Pt3 existed at 86.52 wt pct Pt, and had a hexago- 
nal structure, isomorphous with TiNi3. Wallbaum’s 
data revealed the following structural particulars: 
a =5.633A, c = 9.21A, and c/a = 1.635A. Other 
studies allied to Zr-Pt alloys concerned only 1) Pt- 
rich alloys (0.05 to 5.0 pct Zr) for corrosion resist- 
ance,~ 2)a Zr-base alloy with 5 pct Pt and 0.124 
pet C for oxidation resistance,” and 3) electroclad- 
ding of Zr with Pt for in-pile corrosion resistance 
of Zr to uranyl sulphate.* 
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Materials Department, Atomics International, a division of 
North American Aviation, Inc., Canoga Park, Calif.; C. 
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Metallographic, incipient melting, and X-ray dif- 
fraction techniques were applied to accurately re- 
solve the phase relationships in the 0 to 50 at. pct 
(68.2 wt pct) Pt region, and to outline the phase 
fields in the Pt-rich area. Three intermediate 
phases: Zr2Pt, ZrPt, and ZrPt;, were also estab- 
lished by the same methods. 


PROCEDURE 


Melting stock for this program was of the highest 
purity obtainable. The Zr was iodide crystal bar 
with a low hafnium content of about 0.05 wt pct 
(Westinghouse ‘‘Grade 3’’). The as-received Zr 
was treated to remove the surface film of corrosion 
product that resulted from a standard autoclave 
grade designation test. Next, the bars were pro- 
cessed to yield material suitable for arc melting and 
free of contaminants. 

Sheet platinum metal (Baker and Co. ‘‘Grade 2’’) 
was used for alloying additions. This material con- 
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Table |. Annealing Treatment Schedule for Zr-Pt Alloys 


Annealing Annealing 


PLATINUM (at. %) 


Tempera- Time, Alloys, 
ture,°C Hr Wt Pct Pt 

1400 1 10, a 51.7, 55, 65, 68.2, 70, 86.5, 94, 96, 98, 
9 

1300 5 10, 20, 25, 55, 94, 96, 98, 99 

1250 7 10820505 

1215 Hopes 40, 50 

1200 8 10, 15, 25, 55, 94, 96, 98, 99 

1170 11 25, 40, 50 

1150 14 15 

1100 20 On 9809 

1050 30 10, 15 

1000 40 1, 2, 3, 4, 5, 10, 15, 20, 25, 40, 50, 51.7, 68.2, 

98, 99 
51.7, 55, 68.2, 98, 99 

900 50 0 ; 

850 120 pl O 

184 1293), 4595110 


tained a minimum of 99.9 pct Pt, with the main 
impurities being traces of other platinum metals, 
predominantly iridium and rhodium. The Pt was 
then treated in a manner similar to that for the Zr, 
to prepare it for arc melting. 

A nonconsumable electrode vacuum arc furnace, 
similar to that used by Kroll,°* was employed in this 
investigation. Charges of 20 to 30 g were melted, in 
30 to 60 sec, without any evidence of tungsten con- 
tamination. For maximum uniformity, ingot but- 
tons were reversed in position and melted at least 
four or five times. Due to the high cost of material 


PLATINUM (at. %) 


5 10 15 2s 38 40 45 90 
2200 ie T ai T T T 2100°C 
ONE PHASE 
3800 
a+ZrpPt L+B ORL+Zry Pt (MELTING ),7 
X B+ZroPt 9 L + Zr Pt (MELTING) L+ZrPt |43400 
+ a+ O ZrgPt+ZrPt 
Ne 
o |!600 \ — 
~ \ / WwW 
WwW if 4 A 
= 1400 Ne j ZtoPt < 
oO o0000 s s s 
x 
= * 36 
B +ZroPt 21,Pt 
1000 x x x x x x4 1800 
00000 x x x Pt 
| 826°C 
~B5 «+ZtoPt 
— 
600 
500 I 1 1 1 1 1 1 1 1000 
10 20 30 40 50 60 


PLATINUM (wt %) 
Fig. 1—Partial phase diagram for Zr-Pt system. 
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Fig. 2—Phase diagram for Zr-Pt system. 


and time, chemical analysis of the cast ingots was 
not made. Instead, the phase diagram was plotted, 
on an assumption that, if no significant weight 
change was observed in the ingot after each melt, 
then the calculated composition served as the actual 
analysis. Exact weighings, to the nearest 0.1 mg, 
and weight losses, on the order of only 20 mg for 
20- to 30-g ingots after four or five melts, yielded 
alloys acceptable for construction of the diagram. 

Alloys were cold-rolled, homogenized, and cold- 
rolled again to maximum reduction before isother- 
mal annealing, in order to accelerate the attain- 
ment of equilibrium. Ingots of 0 to 7 pct Pt were 
especially amenable to cold working, but alloys 
from 10 to 96 pct Pt were quite brittle. Homogeni- 
zation, to allow diffusion and a breakdown of the 
as-cast structure, was done in vacuum at appr oxi- 
mately 900°C for periods of 33 to 70 hr. For pro- 
tection against contamination, the as-cast ingots 
were wrapped in 4-mil thick tantalum sheet and 
packed in titanium lathe turnings. 


Fig. 3—A 3 wt pct Pt alloy, quenched from 827.5°C, showing 
a Zr plus transformed £ Zr (Etchant no. 1). X250. Reduced 
approximately 29 pct for reproduction. 
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Table Il. Etchant Compositions 


Composition, cc 


Etchant HF H 
Number ag H,O HCl 
1 5 3 92 
2 5 92 3g 
3 5 3 42 50 
4 25 25 50 
5 25 50 25 


Transparent fused quartz bulbs served as pro- 
tective containments for the tantalum-wrapped 
samples during isothermal annealing treatments. 
For anneals at 1000°C or less, the bulb was left 
under vacuum, but for anneals in the range from 
1000° to 1495°C, a partial pressure of argon (to 
produce 1 atm at the temperature of treatment) 
was admitted to the quartz before sealing. A spe- 
cially designed high temperature vacuum furnace, ° 
capable of attaining 2120°C, was used to study the 
melting range in alloys of greater than 50 pct Pt. 


RESULTS 


Table I shows the annealing schedule that was 
used to establish the phase relationships for this 
system. The tabulation includes most of the heat 
treatments that were employed. In all cases, 
previous anneals to 900°C for 33 to 70 hr served 
as a guide to predict the times necessary to attain 
equilibrium at all temperatures used in the anneal- 
ing schedule. 

The phase fields for the 0 to 50 at. pct (0 to 68.2 
wt pct) Pt alloys is presented in Fig. 1, and the com- 
plete diagram is shown in Fig. 2. Most of the experi- 
mental points are included in Fig. 1, but some were 
omitted for clarity. 

An early study was made to reveal the exact tem- 
perature of the a~fallotropic transformation for 
Zr. Due to the impurity levels of iodide zirconium, 
the Grade 3 material transformed, over a tempera- 
ture range close to the ideal transition point. The 


Fig. 4—A 3 wt pet Pt alloy, quenched from 825°C, showing 
a Zr plus Zr,Pt (Etchant no. 1). X250. Reduced approxi- 
mately 29 pet for reproduction. 
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Fig. 5— A 7 wt pet Pt alloy, furnace-cooled from 900°C, 
showing @ Zr plus a hypoeutectoid structure of a Zr plus 
Zr,Pt (Etchant no. 1). X400. Reduced approximately 29 pct 
for reproduction. 


value of 862° + 5°C, which was reported by Vogel 
and Tonn,’ was accepted for this investigation. 

A eutectoid decomposition of 8 Zr into @ Zr + 
Zr2Pt was located at 8.5 + 1 wt pct Pt and 826°C, 
by observation of microstructural changes, as 
shown by Fig. 3 and 4 (Table II lists the etchant 
compositions used for the preparation of photomi- 
crograph samples). Fig. 3 shows a 3 wt pct Pt alloy, 
quenched from 828°C, and is representative of the 
a Zr plus transformed 6 Zr structure. The same 
alloy is shown in Fig. 4, but quenched from 825°C, 
which resulted in @ Zr plus Zr2Pt. Even with the 
effect of iodide zirconium’s transformation range 
on most eutectoid area structures, these findings 
are unusually precise. Figs. 5 and 6 illustrate how 
a series of 1 to 10 wt pct Pt alloys determined the 
eutectoid composition. Fig. 5,a 7 wt pct Pt sample, 
furnace-cooled from 900°C, exhibits a Zr plus a 
eutectoidal structure of a Zr + Zr2Pt. For an alloy 
of 10 wt pct Pt, furnace-cooled from 900°C, as 


Fig. 6—A 10 wt pet Pt alloy, furnace-cooled from 900°C, 
showing Zr,Pt plus eutectoid (Etchant no. 1). X400. Re- 
duced approximately 29 pct for reproduction. 
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7—A 10 wt pet Pt alloy, quenched fro 


ing retained 8 Zr (Etchant no. 2). X250. Reduced approxi- 
mately 29 pet for reproduction. 


shown in Fig. 6, the structure changes to a mixture 
of Zr2Pt and eutectoid. On the basis of such struc- 
tures, the eutectoid composition is placed at 8.5 + 
1 wt pct Pt. 

Isothermal annealed samples revealed that the 
solubility of Pt in 8 Zr decreases from 13.5 wt pet 
at the eutectic isotherm to approximately 8.5 wt 
pet at the eutectoid point. Figs. 7 and 8 depict a 
10 wt pet Pt alloy quenched from 1075° and 1050°C, 
respectively. In Fig. 7, the structure is that of re- 
tained 8 Zr, while Fig. 8 shows 6 Zr + Zr>Pt. This 
transition establishes the B- Zr solvus. Ten wt pet 
Pt alloys, quenched from 1375° and 1350°C, serve 
to fix the B- Zr solidus slope. Fig. 9 gives evidence 
of liquation in the 10 wt pct Pt alloy at 1375°C, 
showing a structure of quenched liquid + 6 Zr. 
However, the quench at 1350°C, shown by Fig. 10, 
revealed no incipient melting. Since the maximum 
solubility of Pt in a Zr was not of paramount in- 
terest in this investigation, the point was not pur- 


m 1075°C, show- 


Fig. 9—A 10 wt pet Pt alloy, quenched from 1375°C, show- 
ing quenched liquid plus 8 Zr (Etchant no. 2). X250. Re- 
duced approximately 29 pct for reproduction. 


sued too thoroughly. Metallographic studies indi- 
cate that this value is substantially less than 1 wt 
pet Pt. By the same token, Zr solubility in pure Pt 
was also found to be considerably less than 1 wt pet. 

Metallography of as-cast alloys and incipient 
melting data positioned a eutectic point at 36 +1 wt 
pet Pt and approximately 1185°C. Fig. 11 shows 
the as-cast eutectic structure of a 36 wt pct alloy. 
A typical case of incipient melting that served to 
fix the eutectic isotherm is shown in Fig. 12. Here, 
an alloy of 15 wt pct Pt, quenched from 120086; 
shows a mixture of 8 Zr + liquid. The product of 
this liquation is largely in the form of divorced 
eutectic rosettes. 

Due to the narrow range of the terminal solid so- 
lution in this system, an instance of an incomplete 
peritectic reaction exists at about 51.7 wt pet Pt 
and 1725°C. Fig. 13 shows the structure of this 
alloy as a mixture of Zr2Pt with some ZrPt in the 


Fig. 8—A 10 wt pct Pt alloy, quenched from 1050°C, show- 


ing 6 Zr plus Zr,Pt (Etchant no. 2). X150. Reduced ap- 
proximately 29 pet for reproduction. 
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Fig. 10—A 10 wt pet Pt alloy, quenched from 1350°C, 
showing no incipient melting (Etchant no. 2). X250. Re- 
duced approximately 29 pct for reproduction. 
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Table Ill. Melting Range Observations for Pt-Rich Alloys 


Pt, Wt Pct Temperature, ° C Melting Observed 
51.7 (Zr,Pt) 1490 None 
1725 Partial 
55.0 1490 None 
1650 None 
1755 Partial 
60.0 1710 None 
1812 Partial 
65.0 1490 None 
1750 Partial 
68.2 (Zr Pt) 1425 None 
2100 Complete 
70.0 1490 None 
2060 Partial 
86.5 (Zr Pt,) 1490 None 
2120 None 


Fig. 11—A 36 wt pct Pt alloy, showing the as-case eutectic 
structure (Etchant no. 3). X750. Reduced approximately 
29 pet for reproduction. 


Fig. 12—A 15 wt pet Pt alloy, quenched from 1200°C, Fig. 14—A 68.2 wt pet Pt alloy, showing the as-cast struc- 
showing 6 Zr plus liquid (Etchant no. 3). X250. Reduced ture of ZrPt (Etchant no. 4). X250. Reduced approxima- 
approximately 29 pct for reproduction. tely 29 pct for reproduction. 


4%) 


NY, 


Fig. 13—A 51.7 wt pct Pt alloy, showing the as-cast peri- Fig. 15—An 86.5 wt pet Pt alloy, showing the as-cast 


tectic structure (Etchant no. 4). X150. Reduced approxi- structure of ZrPt, [Etchant no. 5 (hot)]. X250. Reduced 
mately 29 pet for reproduction. approximately 29 pet for reproduction. 
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Fig. 16—X-ray diffractometer tracings for alloys from 20 to 86.5 wt pct Pt, confirming existence of three intermetallic 
compounds. (a)—68.2 to 86.5 wt pct Pt, (b)—51.7 to 65 wt pct Pt, (c)—20 to 40 wt pct Pt. 


as-cast condition. The peritectic reaction tempera- 


ture was determined by incipient melting studies, 
and the observations for this alloy and others are 
incorporated in Table III. 

As-cast photomicrographs of the two compounds, 
ZrPt and ZrPt3 may be seen in Figs. 14 and 15, 
respectively. An unusual observation with ZrPt; 
(86.5 wt pct Pt) was that no melting was seen, at 
temperatures up to 2120°C. X-ray diffractometer 
tracings for alloys within the range from 20 to 86.5 
wt pct Pt are shown in Fig. 16. These tracings 
show the variation of intensity vs 26 for changing 
composition. Such variations substantiated all met- 
allographic findings and confirmed the existence of 
the three intermetallic compounds. 


SUMMARY 


The Zr-Pt system was carefully resolved to 50 at. 


pet Pt (68.2 wt pct), and the balance of the system 
was outlined. Metallography, incipient melting, and 
X-ray diffraction were used to determine phase re- 
lationships. In all cases, every possible precaution 
was taken to guard against contamination of the 
alloys. 

The essentials of this investigation include: 

1) The maximum solubility of Pt in 6 Zr is 13.5 + 
1.0 wt pet. 
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2) The minimum solubility of Pt in @ Zr is sub- 
stantially less than 1.0 wt pct. 

3) Zr solubility in pure Pt is considerably less 
than 1 pet. 

4) A eutectic exists between 8 Zr and Zr2Pt at 
3641 wt pct Pt. and 1185°C. 

5) A eutectoid decomposition of 8 Zr into @ Zr + 
Zr2Pt occurs at 8.5 +1 wt pet Pt and 826°C. 

6) The intermediate phase Zr2Pt is formed peri- 
tectically at about 51.7 wt pct Pt and 1725°C. 

7) Zr Pt exists at 68.2 wt pct Pt, and melts at 
21000 

8) An intermetallic compound, ZrPts, occurs at 
86.5 wt pct Pt and has a melting point greater than 
Cs 

9) A eutectic between ZrPt and ZrPt; is fixed at 
approximately 72 wt pct Pt and 2000°C. 

10) No solidus is noted for Pt-rich alloys below 
1425°C. 

11) A possible eutectic reaction between pure Pt 
and ZrPt; is proposed at less than 1 wt pct Zr and 
about. 

12) Melting range observations allow a final pro- 
posal that the liquidus for Pt-rich alloys extends 
from approximately 1770°C and less than 1 wt pct 
zr to a point greater than 2120°C at 13.5 wt pct Zr. 
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Creep of a Recrystallized Aluminum SAP-Type Alloy 


The creep behavior of an aluminum-aluminum oxide alloy, 
AT 400, fabricated by compacting an atomized aluminum powder, 
extruding the compact, cold working, and recrystallizing the ex- 
trusion, was investigated. This alloy has a dispersion spacing of 
Iu. Previously Ansell and Weertman’ determined the steady- 
state creep rate of a vecrystallized aluminum-aluminum oxide 
SA P-type alloy, MD 2100, with a 0.48-u. dispersion. This alloy 
was found to have a steady-state creep rate of less than 107% 
min™*, too small to be measured accurately. By employing a 
more sensitive method of measuring creep rate, it was possible 
to determine the steady-state creep rate of AT 400 alloy, which 
ts somewhat faster than that of MD 2100, at a series of tempera- 
ture and applied stresses. Above a stress of 2ub/A (b = Burger’s 


vector, = dispersion spacing, u = is a shear modulus) the vate 
follows an equation of the type: Steady-state creep rate K = A exp. 
(-Q/kT)o*/WkT where A is a constant, Q is the activation energy 
for self-diffusion, and o is the applied stress. At stresses lower 
than 2ub/ the steady-state creep rate drops off sharply and is 

no longer in agreement with this equation. This behavior is in good 
agreement with that predicted by the model for dispersion strength- 
ened alloys in the stress and temperature range investigated. The 
absolute value of the creep rate is, however, four orders of mag- 
nitude lower than that predicted if the normal number of active dis- 
location sources are assumed to be present. It is concluded that in 
this SAP-type alloy the usual three-dimensional dislocation network 
ts not present. Instead, short dislocation segments extending from 
one dispersed particle and terminating at a neighboring particle may 


act as dislocation sources. With this provision the creep model pro- 


G. S. Ansell 


posed by Ansell and Weertman reasonably accounts for the creep be- 


havior which was observed. 


Rec ENTLY, Ansell and Weertman’ proposed a dis- 
location model from which they derived creep equa- 
tions to describe the steady-state creep behavior of 
dispersion - strengthened alloys. Following Schoeck,? 
they assumed that the rate controlling process for 
steady-state creep is the climb of dislocations over 
the dispersed particles. 

In order to verify their creep model, Ansell and 
Weertman determined the steady-state creep be- 
havior of an aluminum-aluminum oxide SAP-type 
alloy, MD-2100, in both the fine-grained as-extruded, 
and coarse-grained recrystallized conditions. Since 
the grain size was the order of the dispersion-spac- 
ing, their model was not applicable for the as-ex- 
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truded alloy. It should, however, be applicable to the 
coarse-grained recrystallized alloy. The results 
they obtained were rather unexpected. No meas- 
ureable steady-state creep was observed for the 
recrystallized MD-2100 alloy. 

If their model is correct, and if the second-phase 
particles act solely to hinder dislocation motion, 
then some measureable steady-state creep would 
have been expected. On this basis, they postulated 
that, in this SAP-type alloy, the main effect of the 
fine dispersion was to inactivate dislocation sources 
rather than to hinder the movement of dislocations. 

In order to understand more fully this unusual 
creep behavior, and to determine the validity of the 
model proposed,’ the steady-state creep behavior 
of an aluminum-aluminum oxide recrystallized SAP- 
type alloy, with a somewhat coarser dispersion 
spacing, was investigated. The results of this study 
are presented in this paper. 
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The dislocation model for steady-state creep pro- 
| posed by Ansell and Weertman’ is as follows: For 
| low stresses, where the stress is just sufficient to 
| nucleate dislocations from a source in the matrix, 
| up to a stress which is great enough to bow disloca- 
| tions between the dispersed particles, the rate con- 
_ trolling process for steady-state creep is the climb 
| of single dislocations over the second phase par- 
ticles. If Frank- Read sources are present due to a 
continuous dislocations network, for resolved stresses 
in the range 


ub/L<o<ubsA [1] 


(uis a shear modulus, L is the length between nodes 
in the dislocation network, 0 is the applied stress, b 
is the Burgers vector of the dislocation, and A is the 
dispersion spacing), the steady-state creep rate, K, 
for resolved stresses and strains is 


K=79b°D/2kTh [2] 


where D is the coefficient of self-diffusion, k is 
Boltzmann’s constant, Tis the absolute temperature, 
and h is the height of the dispersed particle. 

At stresses great enough to pinch-off dislocation 
loops about the dispersed particles, Eq. [2] is no 
longer applicable. The rate controlling process for 
steady-state creep is now the climb of an array of 
piled-up, pinched-off dislocation loops rather than 
the climb of single dislocations. Therefore at 
stresses grater than pb/A, steady-state creep rate 
predicted by the model, for resolved stresses and 
strains, is 


27 0X D/h T [3] 
which is valid up to stresses where 
o = (ukT/2Ab?)/? [4] 


The density of active dislocation sources in these 
alloys has been implicitly assumed in the derivation 
of Eqs. [2] and [3] using a calculation that had been 
used previously for single-phase alloys.” 


EXPERIMENTAL DETAILS 


The alloy studied, designated AT 400, was fabri- 
cated by compacting and subsequently extruding 3-y 
average diameter atomized aluminum powder. The 
alloy is therefore similar to an SAP-type alloy, R3M, 
whose microstructure has been reported previously. * 
The extrusion was then recrystallized by first wire 
drawing to a 55.6 pct reduction in area and then an- 
nealing for 2 hr at 582°C. The grain size of the 
recrystallized alloy was several millimeters in 
diameter. The microstructure of this large-grained 
recrystallized alloy is similar to that of the recrys- 
tallized MD 2100 alloy. Each consists of flakes of 
aluminum oxide, 130 Angstrom units thick and about 
0.3 yp on edge, dispersed in an aluminum matrix. 
However, the average dispersion spacing is approxi- 
mately 0.9 » for the AT 400 alloy as compared with 
the 0.5-j spacing for the MD2100 alloy. * 
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Fig. 1—Typical creep curve, recrystallized AT-400 alloy. 


Creep measurements were made on wire test sam- 
ples, with a 2-cm centimeter gage length, held in 
friction type wire grips. The test temperatures 
ranged between 500° and 620°C. The test tempera- 
tures were held to within 1°C for the duration of 
each test. All tests were run under the condition 
of constant loading and can be considered constant 
stress tests since the creep strains were small. 
The stresses used at each temperature ranged 
from a stress which was just large enough to give 
a measureable steady-state creep rate to the stress 
at which the sample fractured immediately upon 
loading. Creep extensions were measured with a 
micrometer slide cathetometer, permitting the de- 
termination of a minimum resolvable strain of 10°. 

In addition to the constant temperature, constant 
stress creep tests, tests were made in which the 
temperature or stress was changed abruptly after 
steady-state creep had been reached, while holding 
the stress or temperature constant. This produced 


Table |. Steady-State Creep Data AT-400 Recrystallized Alloy 


Temp Comp 
Sam- Steady-State Steady-State Test 
ple Temp, Stress, Creep Rate, Creep Rate, Duration, 
No. °K Dynes per cm? Min Min™ Min 


16d 893 9.75 x 10’ 1.64 x 4.90 x 10-*° 60,000 
16c 893 1.11 x 10° 5.00 x 10° 1.73 x 107° 10,000 


16a 873 9.75 x 10’ 7.50 x 107° 4.16 x 107*° 14,348 
16b 873 1x1 0% 3.48 x 107° 1.94 x 107° 30,000 
l6e 873 1.20 x 10° 4.24 x 10° 9,000 
15a 873 1.28 x 10° SSE Md 8.45 x 107° 14,371* 
14a 873 1553 Ome 6,000 
to 7,000* 


16f 823 1.70 x 10° 8.83 x 107° 187 xe 0me 3,000 
to 7,000* 
4a 773 1.82 x 10° Xa 2.40 x 107° 25,929 
18a 773 2.10 x 10° 4.06 x 10-° 4.06 x 10-* 19,885 
9a 773 2.34 x 10° 6.10105 6.10 x 10~* 15,516 
lla 773 2.60 x 10° OP20ixd0n 9.20 x 10-* 9,370* 
6a 773 2.92 x 108 2:53 x 1077 53041 Ome 1,020* 


*Indicates sample failed during test. 
Temperature compensated steady-state creep rate calculated using an 
activation energy for creep of 37,000 cal/mole and 773°K as the refer- 


ence temperature. 
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a short period of transient creep behavior before a 
new steady-state creep region appeared. The steady- 
state creep rates under these new conditions were 
then measured. 


RESULTS 


The creep curves for each of the samples tested 
showed a region of steady-state creep from which 
the steady-state creep rate could be measured. 
Typical creep curves are shown in Figs. 1 and 2. 
Summary data from all the creep tests are listed in 
Table I. Some data in the table are the creep rates 
at several temperatures and stresses determined 
from a single test specimen. In these cases, the 
letter following the test specimen number indicates 
the sequence of testing conditions. 

The range of stresses used for the creep testing 
for any one particular temperature was very limited. 
This was due to the narrow range of stress between 
the stress where the strain rate was barely meas- 
ureable and the stress where the sample fractured 
immediately upon loading. In order to determine the 
effect of stress upon the steady-state creep behavior 
of the AT-400 alloy over a wider range of stress 
than a single test temperature would allow, the data 
from all the creep tests were adjusted to a single 
test temperature, 500°C., by using as a basis Eq. [3] 
of the creep theory for dispersion-strengthened al- 
loys. A treatment of this type implicitly compares 
the experimental results with the proposed theory. 
This temperature-compensated creep rate was de- 
termined in the following manner: 

According to Eq. [3] 


Steady-state creep rate = K = 270*X*D, exp (-Q/RT)/ 
RE 


where: exp (-Q/RT), uw, T =f (T) 
A, Doh, k #f (T) 


Since for any particular alloy T and © are the only 
independent variables treated by the creep theory, 
eliminating T as a variable, with 773°K equal to the 


RECRYSTALLIZED AT-400 ALLOY 
773°K 
2.34 x10® DYNES /CM* 


TEST STOPPED 


STEADY-STATE CREEP REGION 


STRAIN, CM/CM x 104 


15,000 
TIME , MIN. 


Fig. 2—Typical creep curve, recrystallized AT-400 alloy. 
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reference temperature T, and T equal to the test 
temperature, the temperature-compensated creep 
rate, K*, is 


K*= K(exp )/exp (- Q/RT)) (T/T) 
[5] 


or 


K*=K(T/Tg) (ur/ur,) exp (~Q(T-T,)/RTT,) [6] 


in which the subscripts T and @ refer to the values 
of the properties or test conditions at test tempera- 
ture and reference temperature respectively. 

In order to reduce the steady-state creep rate at 
temperatures other than 500°C to a temperature 
compensated creep rate, it is necessary to know both 
the temperature dependence of the shear modulus of 
aluminum, and the value of the activation energy, Q, 
for steady-state creep. 

The temperature dependence of the shear modulus 
was determined from the data of Sutton.® Sutton re- 
ported the elastic constants of aluminum over the 
temperature range 315° to 773°K. The shear modulus, 
LL, was calculated from these data using the equation, 
V1/2 Cag ), where C;; are the usual elastic 
constants. These data were then extrapolated linearly 
to 893 °K. 

The creep theory assumes that the activation en- 
ergy for steady-state creep is the same as that for 
self-diffusion. The activation energy for steady-state 
creep was therefore assumed to be 37,000 cal per 
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| | 
RECRYSTALLIZED AT-400 ALLOY 
© 893°K 
O 873°K 
@ 823° 
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ie 
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Fig. 3—Logarithm of the temperature-compensated steady- 
state creep rate of recrystallized AT-400 alloy plotted vs 
the applied stress. 
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mole, in accordance with indirect estimates of the 
activation energy for self-diffusion in aluminum. °’? 
The calculated temperature compensated creep rates 
for all the steady-state creep data are shown in 
column 5 of Table I. 

This method of compensating the creep rates ob- 
tained at different test temperatures to a single tem- 
perature, in this case 500°C., made it possible to 
determine the effect of stress on the creep rate of 
this alloy over a reasonably large stress range. The 
logarithm of the temperature-compensated steady- 
state creep rate is shown plotted vs the logarithm 
of the applied stress in Fig. 3. In this same figure, 
a line was drawn whose slope corresponds to a 
fourth power stress dependence of the steady-state 
creep rate. The position of the fourth power line was 
arbitrarily taken to fit the data. 

The reasonable fit of the data with the fourth 
power line indicates that, for the stress region where 
according to the dislocation theory for creep piled- 
up dislocation loops are present, the steady-state 
creep rate follows the fourth power stress depend- 
ence predicted in agreement with Eq. [3]. At lower 
stresses however, the steady-state creep rate does 
not follow the stress dependence predicted by the 
theory, as indicated by Eq. [2], but falls off sharply 
with decreasing stress. Therefore a line was ar- 
bitrarily drawn.in Fig. 3 to correspond to an infinite 
stress dependence of the steady-state creep rate ata 
stress equal to 2ub/A. 


DISC USSION 


The present study of the AT-400 recrystallized 
alloy shows that the steady-state creep data ob- 
served may be described by the theoretical treat- 
ment of Ansell and Weertman if the activation energy 
for steady-state creep is assumed to be the same as 
that which has been previously estimated for self- 
diffusion in aluminum. This assumption for the acti- 
vation energy implies that the climb of dislocations 
over the second-phase particles is the rate control- 
ling process for steady-state creep in this alloy. At 
this point it is now relevant to compare the steady- 
state creep data with the Eqs. [2] and [3] predicted by 
their model. 

At the low stresses, in the range given by Eq. [1], 
the rate-controlling process for steady-state creep 
was proposed to be the climb of single dislocations 
over the dispersed particles. The steady-state creep 
rate in this stress region should be a first-power 
function of the applied stress as shown in Eq. [2]. 
From Fig. 3, apparently this is not the case. In this 
stress region the steady-state creep rate decreases 
rapidly with decreasing stress, and for stresses 
just a little lower than 2ub/A the steady-state creep 
rate falls off essentially to zero. At these stresses, 
the applied stress is probably too low to nucleate 
dislocations from the sources present in the alloy. 
This would explain why at these stresses, the steady- 
state creep rate falls off essentially to zero. 
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At stresses greater than 2 1 b/) dislocations are 
nucleated from some type of sources in the alloy. The 
rate-controlling process for steady-state creep is 
now the climb of piled-up arrays of pinched-off 
dislocation loops over the oxide particles, and Eq. [3] 
should be applicable. It has been shown previously 
that the stress and temperature dependence of the 
steady-state creep rate of the AT-400 alloy follows 
Eq. [3]. The absolute values of the observed creep 
rate, however, are much lower than those predicted. 
Correcting Eq. [3] for unresolved stresses and 
strains, z.e. dividing the right-hand side of the equa- 
tion by 16 x V2, the predicted rate is approximately 
4 orders of magnitude faster than the observed one. 
Since the stress and temperature dependence of the 
creep rate, and also the stress range where this 
behavior is observed follows Eq. [3], it appears that 
the model used to describe the creep behavior is 
correct, except that the assumed density of active 
dislocation sources (dislocation sources which are 
generating new dislocations during steady-state 
creep) is much too high. The model used for the 
calculation of the density of these sources was one 
which holds well for single-phase metals. The con- 
clusion must, therefore, be drawn that the density 
of active dislocation sources in the AT-400 alloy is 
approximately 10 * that of a single-phase metal. It 
is proposed that this difference is largely due to the 
character of the dislocation sources present, specifi- 
cally that there is no continuous dislocation network 
present in this alloy. Perhaps, it is absent due to 
interactions of dislocations with the oxide flakes as 
proposed previously by Ansell;® The stress at which 
dislocations are nucleated in this alloy corresponds 
to Frank- Read sources whose lengths are the aver- 
age spacing between oxide flakes dispersed in the 
alloy, in agreement with the suggestion by Ansell and 
Weertman, that the dislocation sources present are 
short dislocation segments extending from one oxide 
flake to another. 


CONC LUSIONS 


1) The rate controlling process for steady-state 
creep in this aluminum-aluminum oxide SAP-type 
alloy is the climb of dislocations over the dispersed 
aluminum oxide flakes. 

2) The density of active dislocation sources in the 
AT-400 alloy is abnormally small as compared with 
the density of active dislocation sources in a single- 
phase metal. 

3) The creep theory proposed by Ansell and Weert- 
man for the steady-state creep of a dispersion 
strengthened alloy appears to apply to the AT-400 
alloy, except for their assumption as to the density 
of active dislocation sources present. 
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Prismatic Glide in Cadmium Crystals 


Rates of prismatic plastic glide ({1010}<2110>) in pure 
Cd crystals have been measured at temperatures from 158° to 
276°C. The glide rate is proportional to the 2.75 power of the 
applied shear-stress. The activation energy is 29.2 kcal per 
mol, It is suggested that the rates of prismatic glide in Cd and 
Zn crystals are determined by the strengths of the atomic 


bonds across the prism planes. 


ALTHOUGH zine and cadmium crystals both have 
hexagonal structures with nearly the same c/a ra- 
tios, their mechanical behaviors are quite different. 
Whereas zinc becomes quite brittle below room 
temperature, and cleaves readily on (0001) planes, 
cadmium is very ductile even at 4.2°K, and cannot 
be cleaved at any temperature. As part of a search 
for the explanation of this difference in behavior, a 
study has been made of prismatic glide in cadmium. 
It complements a previous study of the same phen- 
omenon in zinc. 

The primary glide plane in cadmium is the basal 
(0001) plane, and the primary glide direction is the 
direction of atomic close-packing <2110>. However, 
if a tensile stress is applied parallel to the basal 
plane, then the shear stress on the basal plane 
equals zero so basal glide cannot occur. At low 
temperatures, deformation by twinning occurs; but 
at high temperatures, it has been found in this study 
that gliding on prismatic planes {1010} occurs in the 
close-packed direction. This is completely analo- 
gous with the case of zinc, except that lower tem- 
peratures are required. 


EXPERIMENTAL 


The experiments were done in nearly the same 
way as for zinc.’ Therefore, only the differences in 
the two sets of experiments will be described here; 
for other details the reader is referred to the prev- 
ious paper. 

Crystals 6 by 6 mm sq were used that were grown 
from ‘‘Super Purity’’ 99.999 + pct Cd purchased 
from the New Jersey Zinc Co. The crystals were 
grown with their basal planes parallel to both the 
rod axis and one of the flat sides of the square cross 
section. A close-packed direction in the basal plane 
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was oriented parallel to the rod axis. Gage sections 
were carefully machined into the crystals, and the 
surface damage caused by machining was removed 
with the same chemical polishing reagent as had 
been used for zinc. Thus, specimens of the same 
form and size as the previous zinc ones were pro- 
duced. 

The crystals were heated to the test temperatures 
in a silicone oil bath (fused salts were tried first, 
but they reacted badly with the cadmium). 

An Instron tensile-testing machine was used for 
applying stresses to the crystals at various constant 
strain-rates. 


RESULTS 


The general behavior of cadmium crystals is 
much the same as for zinc. Only the constants that 
measure specific properties are different. Just as 
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Fig. 1—Effect of stress on the rate of prismatic glide in 
cadmium. 
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Fig. 2—Temperature dependence of prismatic glide rate in 
cadmium. 


in the case of zinc, prismatic glide occurs without 
strain-hardening. Therefore, a given glide strain- 
rate is caused by a single value of the applied 
stress. The various stresses and strain-rates that 
were measured in this study are plotted in Fig. 1. 
They indicate that the strain-rate is proportional to 
the 2.75 power of the applied stress; this compares 
with 3.0 for zinc. 

Not enough data were collected to allow a plot of 
the temperature dependence of the strain-rate at 
constant stress, so the stress at constant strain- 
rate will be considered instead. These data are 
plotted on Fig. 2. It was shown in the previous work 
on zinc that, if strain-hardening is absent so that a 
mechanical equation of state is obeyed, and the 
strain-rate obeys an equation of the form:y = 
A7,~9/RT(where ¥ is the strain-rate, 7 is the 
shear stress, T is the absolute temperature, and A, 
n, Q, and R are constants), then the stress at con- 
stant strain-rate is given by: tT =De*%/”®7T (where 
D is a new constant). The activation energies, Q, 
given by these two equations agree within 0.3 pct for 
zinc, and it is assumed here that the same is true 
for cadmium. Fig. 2 is a plot of the second equation, 
and, taking n = 2.75 from Fig. 1, the value of Q is 
29.2 kcal per mol. 


DISCUSSION 


For zinc it was found that the activation energy 
for prismatic glide, Qp¢ = 38.1 kcal per mol, is 
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nearly twice as large as the activation energies for 
self- diffusion; @, = 21.8 kcal per mol, Q, = 24.3 
kcal per mol.” Nearly the same result has now been 
obtained for cadmium; Qpc¢ = 29.2 kcal per mol as 
compared with Q,, = 18.2 kcal per mol, and Q,; = 19.7 
kcal per mol for self-diffusion.” Thus self-diffusion 
does not control the prismatic glide process. 

The author previously proposed that the rate of 
prismatic glide might be controlled by the strength 
of the atomic bonds across non-close-packed 
planes. This is consistent with the present results 
because the ratio of Qpg for zinc to that of cadmium 
is nearly the same as the ratio of their elastic con- 
stants: 38.1/29.2 = 1.30, as compared with 
16.1/12.1 = 1.33 for the ratio of the C1;’s of the two 
crystals.° This is to be expected on this interpreta- 
tion because the lattices of the two crystals are geo- 
metrically similar. Thus the primary mechanical 
difference between them is their eleastic constants, 
and the Ci1’s give a measure of the strength of the 
bonds across the prismatic planes. 

There seems to be no qualitative difference be- 
tween zinc and cadmium with respect to prismatic 
glide, and the quantitative differences are in ap- 
proximate proportion to the elastic constants of the 
two crystals. Therefore, the marked qualitative dif- 
ference in their fracture behaviors cannot be ex- 
plained in terms of prismatic glide. 


SUMMARY 


Prismatic glide {1010} <2110> in pure cadmium 
crystals has been studied in the temperature range 
from 158° to 276°C at glide strain-rates from 2.5 to 
30 x 10°° per sec. It has been found that the glide 
strain-rate is proportional to the 2.75 power of the 
resolved-shear-stress, and that the activation 
energy of the process is 29.2 kcal per mole. It is 
suggested that the rate of prismatic glide is con- 
trolled by the strength of the atomic bonds that act 
across the prismatic glide planes. 
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Effect of Copper Additions on the Activation 


Energies for Creep of Aluminum Single Crystals 


The effect of small solute additions of Cu on the activation 
energies for creep Al single crystals were determined over 
the range from 78° to 850°K. Below 240°K and above 800°K 


activation energies were unchanged. Between 240°K and 400°K 
strain aging causes the creep rate to become vanishingly small 
and the flow stress was independent of the temperature. Be- 
tween 500° and 50°K the activation energy was increased to 


41,000 cal per mole. 


Nomerovus investigations’ have shown that solid 
solution alloying invariably increases the flow 
stress. A typical example is documented in Fig. 1. 
Such increases in flow stress can arise from two 
general effects: Alloying can increase the long- 
range stress fields through which dislocations must 
move by causing appropriate clustering; modifica- 
tion of dislocation densities, and so forth. Alloying 
can also modify the short-range stress fields that 
determine the activation energies for thermally 
stimulated migration of dislocations, such as occurs 


in some solute atom pinning processes, and so forth. 


Actually both long- and short-range stress-field ef- 
fects can occur simultaneously. 

It was the purpose of this investigation to evalu- 
ate the effect of alloying on the short-range stress 
fields by determining the effect of alloying on the 
activation energies for creep. The resulting obser- 
vations also shed some light on the effect of long- 
range stress fields on dislocation processes. 


EXPERIMENTAL TECHNIQUE 


Single-crystal bars (6 in. long 3/8 in. wide and 
1/4 in. thick) of dilute solutions of Cu in Al were 
seeded, so as to provide extensive single slip, with 
the pole of the tensile axis located in the standard 
stereographic projection as shown in Fig. 2. Each 
crystal was grown under an argon atmosphere ina 
graphite mold containing a large reservoir of mol- 
ten alloy for the purpose of obtaining rather uniform 
composition of Cu along the length of the bar. The 
nominal compositions of the alloys which were 
produced from 99.99 pct Cu and high-purity Al con- 
taining 0.001 pct Fe and 0.001 pct Si, are given in 
Table I. 
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Strains, measured by linear variable transform- 
ers attached by quartz rods to a 3 in. gage section 
were sensitive to 10 ° and the stresses were ap- 
plied by direct loading of the specimen. Tempera- 
tures were determined by thermocouples attached 
to the gage section of the specimens. Below 400°K 
the apparent activation energies for creep, Q, were 
determined by the effect of small, rapid changes in 
temperature of about + 10°K from 7; to 72 on the 
corresponding creep rates & and &2 during primary 
creep according to 


where R is the gas constant.” Above 400°K , Q was 
evaluated from Eq. [1] for the secondary creep rate 
using temperature changes of about +20K. A typical 
set of results is shown in Fig. 3. 


RESULTS AND DISCUSSION 


The previously obtained effect of temperature on 
the apparent activation energy for creep of single 
crystals of high-purity Al? is shown by the broken 
curve of Fig. 4. The datum points on the same graph 
illustrate the effect of dilute a solid solution alloy- 
ing with Cu on the activation energy between 600° 
and 750°K. Each plotted point is the average of not 
less than five independent test values between 600° 
and 750°K and not less than three at other tempera- 
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Fig. 1—Flow stress of copper alloys of aluminum as a 
function of temperature for a true strain of 0.05. 
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Fig. 2—Orientation of tensile axes of alloy single crys- 
tals. 


tures. As in the case of high-purity Al, the apparent 
activation energy for creep of the dilute a solid 
solutions containing Cu were also insensitive to the 
strain, and the applied stress. 

In the range from about 78° to 200°K where creep 
is probably controlled by the intersection process, 
the activation energies for the dilute alloys agree, 
within experimental scatter, with those for pure Al. 
This correlation-is entirely consistent with the dic- 
tates of the intersection process, since the apparent 
activation energy for intersection of dislocations 
released from their atmospheres should be inde- 
pendent of dilute alloying. 

Above about 800°K the activation energies for 
creep of single crystals of Al containing small ad- 
ditions of Cu agreed with the 36,000 cal per mole 
value obtained for pure Al. In this range both the 
pure Al and alloy crystals exhibited pronounced 
polygonization, whereas such polygonization did not 


occur during creep below about 750°K. Since this 


activation energy coincides with that estimated for 
self-diffusion in Al, and since creep is accompanied 


_ by polygonization, the creep rate in this region is 
_ undoubtedly determined by the rate of climb of edge 
_ dislocations. Dilute a@ solid solution alloying cannot 


materially alter the activation energy for self-dif- 


| fusion and consequently the insensitivity of the acti- 
_ vation energy for creep to dilute alloying in the high- 


temperature range is consistent with the dictates of 
dislocation theory. 

The creep behavior of dilute alloys of Cu in Al, 
however, were qualitatively dissimilar from those 
of high-purity Al over the range of temperatures 


Table |. Composition of Aluminum Alloy Single Crystals 
Weight Percent Copper 


Nominal Composition Seed End Reservoir End 
0.005 0.006 0.006 
0.01 0.008 0.01 
0.10 
0.10? 0.09 0.09 
0. 10° 0.12 0.14 
0.25 0.24 0.25 
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Fig. 3—Secondary creep rates vs time for a 0.25 pet Cu- 
Al alloy crystal crept alternately at 619° and 643°K. 
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from about 225° to 750°K. Actually this range can 
be subdivided into two distinct regions; the first of 
which, denoted as that of strain aging, extends from 
about 225° to 425°K. This region coincides with the 
region over which the flow stress in polycrystalline 
alloys, illustrated in Fig. 1 is independent of tem- 
perature. The second, characterized by an apparent 
activation energy of about 41,000 cal per mole, ex- 
tends from about 500° to 750°K. 

Upon application of a stress in the strain-aging 
region, the alloy single crystals experienced an 
initial plastic straining followed by a brief period of 
creep which rapidly decreased so that no creep could 
be detected 5 min after application of the stress. 
This behavior was repeated for all subsequent in- 
creases in stress and for this reason it was phys- 
ically impossible to obtain activation energies for 
creep in this region by the change in temperature 
technique. 

Cottrell* demonstrated that above about 240°K i 
especially in the presence of excess vacancies 
produced by the motion of jogged screw dislocations, 
the diffusivity of foreign atoms in Al is sufficiently 
high to promote the formation of solute atom atmos- 
pheres about stationary edge dislocations. However, 
the diffusivity is not high enough to permit the at- 
mosphere to accompany the dislocation. Before 
plastic deformation can occur, then, the dislocations 
must be separated from their atmospheres. As the 
dislocations slow down and stop, the atmosphere 
can reform. Under these circumstances additional 
plastic deformation becomes possible only upon ap- 
plication of a new stress, sufficiently higher than the 
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Fig. 4—Activation energies for creep of aluminum single 
crystals alloyed with copper. 
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former to tear the arrested dislocations from their 
atmospheres. 

Cottrell® has also shown that when the atmosphere 
consists of a single row of atoms along the core of 
the dislocation, thermal fluctuations can assist in 
separating the dislocation from its atmosphere. Toa 
first approximation, under these conditions, the flow 
stress should vary with the reciprocal of the absolute 
temperature. In contrast to this deduction, however, 
the flow stress obtained over the strain-aging re- 
gion in this investigation was a constant for a given 
work-hardened state independent of the test temper- 
ature. These results on a single crystals were in 
complete harmony with those shown in Fig. 1 for 
polycrystalline Al alloys where the flow stress re- 
mains constant from about 200° to 400°K. It is 
therefore necessary to assume that the thermally 
activatable Cottrell unlocking mechanism, which 
has been applied with some success to interstitial 
solid solutions, is not applicable to the substitu- 
tional solid solutions under scrutiny here. 

As shown by Fisher® and more recently by Flynn’ 
short-range ordering can result in resolved shear 
stresses of the order of magnitude of those observed 
in the strain-aging region. Furthermore, over the 
range of temperatures where this mechanism op- 
erates, the resolved shear stress should remain 
independent of the temperature. This provides a 
possible explanation for the phenomena observed 
in the strain-aging region. 

Over the range of about 575° to 750°K the creep 
of single crystals of high-purity Al is thought to be 
rate controlled by the cross-slip mechanism which 
has an apparent activation energy of 28,000 cal per 
mole. Over somewhat the same region, ?.e. from 
about 500° to 750°K, the single crystals of aluminum 
containing Cu have an apparent activation energy of 
about 41,000 cal per mole. Since this region is char- 
acterized by extensive cross-slip and the absence 
of pronounced polygonization it is not unreasonable 
to believe that the 41,000 cal per mole mechanism 
results from modification of the 28,000 cal per 
mole cross-slip process as a result of solute atom 
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Fig. 5—Creep activation energies as a function of copper 
content for a series of aluminum-copper single crystals 
at 620°K. 
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additions. The effect of solute atoms of Cu on the 
apparent activation energy for creep of single crys- 
tals of Al is shown in Fig. 5. 

Up to the present the mechanism of solute atom 
modification of the apparent activation energy for 
cross-slip has not been completely rationalized. 
The evidence in Fig. 5 suggests the operation of a 
Cottrell atmosphere which becomes saturated be- 
yond about 0.04 pct Cu. Such Cottrell atmospheres 
could well increase the energy required to form a 
constriction and bring the two partials of a disloca- 
tion in screw orientation together. On the other 
hand the absence of strain-aging effects conflicts 
with this mechanism. Alternate explanations con- 
cern the distribution of solute atoms between the 
stacking fault and the surrounding ideal crystal, 
resulting in the theoretically expected broadening 
of the stacking fault. Such broadening of the stack- 
ing fault would require a higher activation for cross- 
Slip. 


CONCLUSIONS 


1) Below 250°K the activation energy for creep of 
single crystals of Al containing small additions of 
Cu is the same as that for pure Al, namely about 
3400 to 4000 cal per mole. 

2) At temperatures above 800°K, dilute solid solu- 
tions of Cu in Al and high-purity Al single crystals 
exhibit the same activation energy of about 36,000 
cal per mole. 

3) Between about 240° and 400°K dilute additions 
of Cu to Al result in strain aging and the deformation 
is essentially athermal. 

4) Between about 500° and 750°K solid solution 
alloying with Cu results in an increase in activation 
energy from 28,000 cal per mole for cross-slip in 
pure Al to about 41,000 cal per mole for solute con- 
centrations above about 0.04 pct Cu. 
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\Interpretation of the Rolling Texture of Copper 


By determining the (220) pole figure for OFHC copper rolled 
to 96 pct R.A.,the occurrence of four texture components of the 
type (135) [211] was confirmed. It was found that the total volume 


fraction of material close to the four symmetrical orientations of 


M. N. Parthasarathi 


this type is larger than the volume fraction of the other compo- 


nents put together. 


| Tue rolling texture of copper was described by 
early investigators” as a mixture of components 
of the (110) [112] and (112) [111] types. Other 
Studies, still using the qualitative photographic 


| method of texture determination arrived, instead, 


| at orientations of the type (135) [533] or (135) [211] 
| for copper’’* and at the closely related ‘‘Z-texture”’ 


| for a fcc nickel-iron alloy.” The prevalence of this 


| 


type of orientation, near (123) [412], in the rolling 
texture of aluminum and of copper was later con- 


| firmed by means of quantitative diffractometer 


methods. 

However, in a recent paper’ J ones and Fell stated 
that the (110) [112] and (112) [111] double texture was 
in better agreement with the measurements of Young’s 
modulus for cold-rolled copper.® These authors also 
_ expressed their belief that the ‘‘roll texture’’ can be 


_ determined by means of two photographic quasi-fiber 
_ texture patterns taken with sheet specimens rotated 


around the rolling direction and the transverse di- 
rection, respectively. Jones and Fell found’ that the 
results obtained from such patterns for cold-rolled 
nickel did not agree with any of the orientations 
mentioned above, but they suggested that the ob- 
served diffraction spots may have been brought about 
by the overlapping of reflections due to the (110) 
[112] and (112) [111] double texture components. 
Jones and Fell concluded that the (123) [412] type 
orientation is inconsistent with their patterns. They 
also stated, without offering any supporting evidence, 
that this orientation is inconsistent with the (220) 
pole figure. 

‘Ideal orientations’’ are often used for a very 
rough description of the principal orientations en- 
countered in a texture. It is, however, well to re- 
member the fact that, no matter how ‘‘accurate’’, 
these ideal orientations are only schematic repre- 
sentatives of a continuous distribution’, which often 
(as in the case of rolled copper) includes extensive 
orientation spreads. The attempt by Jones and Fell’ 
to use elastic modulus data in deciding between 
various ideal orientations in the rolling texture of 
copper neglects this fact. 
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The inadequacy of two-dimensional ‘‘axis density 
figures’’ in describing orientation distributions in 
sheet textures was previously discussed.” It was al- 
so pointed out’ that there is no reliable evidence to 
prove that orientation distributions derived by the 
‘*quasi-fiber method’’ from rotated sheet speci- 
mens are fully equivalent to the corresponding in- 
formation obtainable from quantitative pole figures. 
The view that a sheet texture could be adequately 
determined by means of two photographic quasi- 
fiber texture patterns is obviously erroneous’. 

The question as to the consistency with the (220) 
pole figure of ideal orientations derived from the 
(111) and (200) pole figures is, on the other hand, 
certainly very relevant. Since no quantitative (220) 
pole figure for cold-rolled copper appears to be 
available in the literature, the following work was 
undertaken. 


EXPERIMENTAL METHOD 


An extruded rod of OFHC copper, 1 in. in diam, 
was given alternate rolling (30 to 35 pct R.A) and 


Fig. 1—(220) pole figure for inside texture of OFHC copper 
rolled to 96 pct R.A. Intensities in arbitrary units. Half- 
filled circles correspond to (220) poles for an orientation 
of the type (135) [211], emply circles to a (112) [111] orien- 
tation, filled circles to a(110)[112] orientation. 
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Fig. 2—(111) pole figure for inside texture of copper rolled 
96 pet R.A.° Intensities in arbitrary units. The (111) poles 
for the three orientations given in Fig. 1, are marked with 
the same symbols. Circles with crosses mark the (111) 
poles for a (5, 8, 14) [11, 5,7] type orientation. 


annealing treatments (45 min at 600°C) to a thick- 
ness of 0.5 in. After a penultimate anneal for 45 
min at 550°C, the rod was rolled to 96 pct R.A. The 
strip was reversed end to end between passes. 

A specimen cut from the rolled strip was etched 
on one side to half its thickness, so that the center 
of the sheet was exposed. The (220) pole figure was 
determined at the etched surface, using the Schulz 
reflection technique,*° from 0 to 70°deg from the 
N.D. in all four quadrants in increments of 2.5 to 
5 deg of both the azimuthal and the tilting angle. The 
correction factor for the defocusing effect’? was de- 
termined experimentally as a function of the tilting 
angle, with the help of a random specimen prepared 
from copper powder. The peripheral part of the 
pole figure from 50 to 90 deg from the N.D. was 
determined in one quadrant, using the transmission 
technique of Decker, Asp, and Harker,*” in incre- 
ments of 2.5 to 5 deg of both the azimuthal and the 
tilting angle. For the transmission work the speci- 
men was etched on both sides to approximately 1/10 
of its thickness. Correction for diffracting path 
length and absorption path length was calculated with 
the experimentally determined value of pt = 1.65. 


Fig. 3—(200) pole figure for inside texture of copper 
rolled 96 pct R.A.® The(200) poles of the four orienta- 
tions given in Fig. 2 are marked with the same symbols. 


Using the data from the overlapping regions, the in- 
tensities of the transmission portion were adjusted 
to be consistent with those of the reflection portion 
of the pole figure. The dotted portions of the pole 
figure, Fig. 1, were not determined experimentally, 
but drawn symmetrically with respect to the meas- 
ured quadrant. 


RESULTS 


The (220) pole figure, Fig. 1, in conjunction with 
the (111) and (200) pole figures determined earlier, ° 
Figs. 2 and 3, indicates that the orientation distribu- 
tion, which includes extensive spreads, might be 
roughly described in terms of eight components iden- 
tifiable with the following ideal orientations: 

Four components near to orientations of the type 

(135) [211] 

Two components of the (112)[111] type 

Two components of the (110) [112] type 
The indices, as determined from the location of the 
(220) pole concentrations for the four components of 
the (135) [221] type, were: 1,3.5, 5.2 for the N.D. and 
1, 0.46, 0.53 for the R. D. 

For the sake of clarity, in each pole figure only 
one component of each of the three types of orienta- 
tion suggested above is marked. 


Table |. Intensity Values Associated with the Three Types of Texture Components in the (220) Pole Figure of Rolled Copper 


Estimated Range 
Ideal Orientations of Relative Total 
Characterizing the Volume Fraction 
Types of Texture Minimum Location of Maximum Location of of all Components 
Components Intensity (220) Pole Intensity (220) Pole of a Certain Type 
cps a cps a Min. Max. 
Near (135) (211] 78 290 40 166 326 79 312 664 
(112) [111] 86 330 73 102 270 90 192 205 
(110) [112] 35 290 60 65 0 0 70 120 
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DISCUSSION 


The three orientations suggested above fit fairly 
well all three pole figures. However, it should be 
borne in mind that these ideal orientations, in them- 


| selves, by no means represent a complete descrip- 


tion of the texture. A complete interpretation of the 
pole figures would be possible only with the help of a 
three-dimensional inverse pole figure.°® 

Table I gives the minimum and maximum intensi- 
ties in the pole figure associated with the location of 
the various (220) poles corresponding to the three 
types of orientation. The difficulties involved in in- 
terpreting the data in terms of ideal orientations 


| is shown, for instance, by the lack of consistency in 


the intensity values associated with the different 
poles of a given component. This is particularly 
noticeable in the case of components of the type (135) 
[211] and (110) [112], where the minimum and maxi- 
mum values of peak intensity differ by a factor of 
approximately 2. 

It may be noted also that, while the (135) [221] 
orientation fits the (220) pole figure quite well, the 
(123) [412] orientation, suggested earlier, accounts 
better for the high intensity peak at approximately 
25 deg away from the N. D. in the rolling direction in 
the (111) pole figure. However, in any case, the two 
ideal orientations (123) [412] and (135) [211] are very 
near to each other. All three pole figures are de- 
finitely consistent with four symmetrical texture 
components of a type approximately described by 
these indices. It may be concluded from the data in 
Table I that the volume fraction of the rolled copper 
specimen in the four orientations near (135) [211] is 
larger than the volume fraction in the four orienta- 
tions of the other two types put together. 
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SUMMARY 


1) A quantitative (220) pole figure was determined 
for OFHC copper rolled to 96 pct R.A. 

2) The rolling texture of copper was found to 
comprise eight components of three types, roughly 
described by the following ideal orientations: (135) 
[211], (112) [111] and (110) [112], in addition to very 
extensive orientation spreads. 

3) The volume fraction of the specimen corre- 
sponding to the four components of the type of orien- 
tation near (135) [211] is larger than the volume 
fraction of the four components having the other two 
types of orientation put together. 
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Sulfur Equilibria between Gases and Calcium 


Ferrite Melts 


Calcium ferrite melts were equilibrated with sulfur and 
oxygen-bearing gases at temperatures within the range 1290°C 
to 1620°C. The results show that at oxygen partial pressures 
below 10~* atm the sulfide-reaction occurs and at higher oxy- 
gen pressures the sulfur dissolves in the melt principally as 
sulfate ion. It is also observed that when the product Pso, (Pa,)'? 


increases, sulfate ions are converted to pyrosulfate ions and 
the results permit the evaluation of the pyrosulfate/sulfate 
ratio, It is shown that the ratio y CaSO,/y CaO increases 
with decreasing concentration of calcium oxide in calcium 
ferrite, silicate and aluminate melts. Indications are that 
oxy-acids, e.g. silica, alumina and ferric oxide, increase 


yCaSO,. A few experiments were carried out within the sul- 


E. T. Turkdogan 


fide range and the results are in accord with those obtained 


by other investigators on aluminate and silicate melts. 


BecausE of the industrial importance and theo- 
retical interest, many investigators have studied the 
reactions between molten oxides, silicates or alumi- 
nates, and gases containing oxygen and sulfur. The 
early work reviewed by Schenck’ and studies made 
by Bardenheuer and Geller? indicates that solution of 
gaseous sulfur in an oxide melt resulted in the re- 
placement of the oxide ions by the sulfide ions. Meas- 
urements made by Grant and Chipman’ on the equi- 
librium partition of sulfur between molten iron and 
complex silicate melts also demonstrated that, for 

a given temperature and silicate composition, the 
distribution of sulfur between slag and metal in- 
creased with decreasing oxygen content of the metal. 
Fincham and Richardson‘ studied the effects of tem- 
perature and partial pressures of sulfur and oxygen 
on the solubility of sulfur in simple silicate and 
alumino-silicate melts. They observed that at oxy- 
gen partial pressures below about 10-5 atm sulfur in 
the gas dissolved in the melt as sulfide ions, replac- 
ing an equal number of oxide ions of the melt. At 
oxygen partial pressures higher than 10-3 atm, sul- 
fur entered the melt as sulfate ions. Similar studies 
were made by St. Pierre and Chipman’ using calcium 
ferrite and calcium silico-ferrite melts. 

The experimental data presented in this paper were 
obtained in this Laboratory about 10 years ago; this 
is the first formal presentation although a prelimi- 
nary report was given previously.® In each of these 
experiments, a pure synthetic CaO-Fe,O; melt ina 
platinum crucible was equilibrated with a gas mix- 
ture (SO,-O., SO.-air, SO,-CO, or SO,-CO,-CO) at a 
temperature ranging from 1290° to 1620°C. 

The experimental technique was essentially the 
same as that reported by Darken and Gurry,’ the 
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main difference being that the atmosphere in the re- 
action chamber contained sulfur dioxide together 
with oxygen, or carbon dioxide-carbon monoxide 


Table |. Experimental Data on Fe-Ca-O Melts Equilibrated 
With SO,-0. Mixtures at 1-Atm Total Pressure 


Composition of Melts* 


Temp., Wt Pct Mole Pct 
NO FeO Fe 0, Ss FeO  Fe,0, Pct SO, 
49 1615 W3) (0.0) (0.0) 14.35 (0.0) (0.0) 31.0 
37 1622 4.5 0.3 52.9 0.37 0.4 28.5 
41 1621 4.5 (1.6) (27.5) 7.05 
48 1622 5 (Ole 3) 0.19 (5.6) (35.8) 30.9 
47 1618 5.5) 2.0 62.0 0.14 2.6 36.7 17.35 
63.4 0.058 2.3 38.0 7.80 
50 1618 5 62.8 0.018 37.4 4.10 
46 1624 17 (4.6) (68.6) 0.008 (6.6) (44.2) 7.77 
3671502 (0.6) (53.0) 2.86 (0.7) (29.8) 
23 1505 (1.5) (64.2) 0.33 (2.0) (39.0) 7.90 
58 1498 65 (1.4) (63.7) 0.15 (1.9) (38.2) 4.32 
(1.4) (63.8) 0.06 (1.9) (38.5) 2.37 
60 1501 20 (1.4) (63.8) 0.028 (1.9) (38.4) 0.92 
30 1499 21 (2.8) (70.0) 0.038" (4.0) (45.5) 7.93 
1507 22 (2.8) (70.0) 0.028 (4.0) (45.5) 7.88 
(10.7) (80.5) 0.001 (18.4) (62.2) 7.90 
45 1404 90 (0:9) 2.56 (1.2) (38.9) 7.82 
56 1408 115 46.2 2.01 
57 1404 65 OP? (2.5) (46.1) 8.75 
(4.0) (69.6) 0.53 (5.8) (45.7) 16.22 
25 1398 24 (2.0) (70.7) 0.18 (2.9) (46.4) 7.90 
33. 1411s 66 (2.0) (70.7) 0.17 (2.9) (46.4) 7.90 
34. 1403 69 (2.0) (70.8) 0.053 (2.9) (46.3) 4.10 
16 1401 18 (3.5) (76.0) 0.008 (5.5) (53.4) 7.79 
31: 1401 —-23 (3.5) (76.0) 0.0124 (5.5) (53.4) 7.90 
(8.0) (83.0) 0.004 (14.1) (65.6) 7.74 
44 1359 89 (ES) (71.0) (2.2) (46.7) 7.74 
20 1291 70 050795 7.86 


“Compositions in parentheses were determined by interpolation as discussed 
in the text; others are by direct chemical analysis. 

bBalance in the gas was air. 

“Initially this sample contained 0.46 pct S. 

d[nitially this sample contained 0.025 pct S. 


464-—-VOLUME 221, JUNE 1961 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table II. Experimental Data on Fe-Ca-O Melts Equilibrated 
With $0,-CO.-CO Mixtures at 1 Atm Total 


Time Composition of Melts@ 
of Re- Ingoing Gas 
Temp., action, Wt Pct Mole Pct Mixture, Pct 

39 1622 4.5 (16.4) (44.3) 0.041 (18.9) (23.0) 6.15 81.69 12.16 
38 1622 4.5 9.2 48.2 0.005 10.8 25.3 6.01 87.99 6.00 
42 1619 6 3.8 51.0 0.024 4.5 27.1 6.07 93.93 0 
53 1619 4 68.7 31.2 0.12 83.0 17.0 6.04 76.26 17.70 
52 1505 18 71.8 27.6 0.60 85.3 14.7 6.04 76.26 17.70 
51 1433 18 (69.3) (29.2) 1.55 (84.1) (15.9) 6.04 77.66 16.30 


' “Compositions in parentheses were determined by interpolation as discussed 
in the text; others are by direct chemical analysis. 


mixtures. The calcium ferrites of required com- 
positions were prepared by melting in platinum 
crucibles mixtures of analytical grade ferric oxide 
and calcium carbonate. The sample, weighing 2 to 

4 g and contained in a platinum crucible, was sus- 
pended in the controlled atmosphere of the inner 
porcelain tube of a vertically mounted tubular globar 
furnace. The temperature of the furnace was con- 
trolled within +2°C; the calibration of the thermo- 
couple (Pt/10 pct Rh-Pt) was checked frequently. 
After equilibration, the sample was rapidly pulled 
into the cool top of the furnace tube. Preliminary 
experiments indicated that two to three hours were 
adequate to reach equilibrium, but in subsequent ex- 
periments much longer reaction time was allowed. 


RESULTS 


The results obtained from experiments using 
SO,-O, mixtures, and in one case SO,-air mixture, 
are given in Table I; in Table II are the results from 
experiments using SO,-CO,-CO mixtures. The re- 
sults in Table III were obtained by equilibrating a 
basic open-hearth slag with SO,-O, mixtures at 1600° 
to 1630°C. 

A number of samples, as indicated in Tables I and 
II, were analyzed for ferrous and ferric oxide con- 
tents. It should be pointed out that the results on 
melts 37, 47, 5, and 50 were previously reported by 


Table III. Equilibration of an Open Hearth Slag Sample 
With SO. + O. Mixtures at 1 Atm 


Initial Slag Composition: 


40.59 pct CaO 
5.58 pet MgO 
9.02 pct MnO 

18.38 pct FeO 
6.71 pct Fe,O, 
1.60 pct Al,O, 

14.23 pct SiO, 
2.59 pet P,O; 


0.18 pct S 
Pct SO, (Gas)* Pct S (slag) 
1600 7.90 0.177 
1607 7.90 0.177 
1614 0.30 0.005 
1615 3.95 0.067 
1611 9.25 0.159 
1617 17.50 0.290 
1630 16.00 0.200 


“Balance is oxygen. 
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Fig. 1—Composition diagram of Fe-Ca-O melts equilibrated 
with oxygen at 1-atm pressure. 


Gurry and Darken® in connection with their study of 
the state of oxidation of iron in Fe-Ca-O melts. The 
effects of temperature, oxygen partial pressure, and 
calcium oxide concentration on the state of oxidation 
of iron in these melts are well established. For the 
present purpose these data are given graphically in 
Fig. 1 where ferric oxide concentration is plotted 
against the ratio pct CaO/pct Fe for 1-atm pressure 
of oxygen by using the results of Gurry and Darken® 
and those of White;° similar diagrams may also be 
drawn for other oxygen partial pressures, 

Since there is very little or no reaction between 
the platinum crucible and iron oxides at high oxygen 
partial pressures, the ratio pct CaO/pct Fe in the 
melt does not alter during the experiments with oxy- 
gen and sulfur-bearing gases, and since the compo- 
sition of the original sample is known, any change 
in ferric oxide concentration after remelting in a 
controlled atmosphere can be estimated by the data 
in Fig. 1. In order to check the calculated composi- 
tions, most of the samples were analyzed for total 
iron; they agreed within +0.5 pct with the calculated 
values. 

All the samples were analyzed for total sulfur by 
the gravimetric method; at sulfur contents below 0.2 
pet, the analysis was reproducible within about 5 pct 
of the amount present, but at higher concentrations, 
agreement between duplicate analyses was much 
closer. The overall reproducibility of the data is 
somewhat poorer. 

The time required for equilibration was further 
checked by experiment 30 where the sample initially 
had a very high sulfur content, 0.46 pct; after 21 hr 
of reaction time, this was reduced to 0.038 pct, in- 
dicating by comparison with experiment 26 (initial 
%S ~ 0, final %S = 0.028%) that equilibration is about 
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98 pct complete in this time (part of the difference 
is attributable to temperature difference). 

Most of the experiments were carried out with 
oxygen, containing 2 to 31 pct sulfur dioxide; in seven 
experiments, Table II, sulfur reaction was conducted 
at much lower oxygen partial pressures. 

In experiment 49, pure calcium oxide was reacted 
with 31 pct SO,-O, mixture and the appearance of the 
sample, containing 14.35 pct S after the experiment, 
indicated that it had been molten at the time of reac- 
tion at 1615°C. In the experiments 51, 52, and 53, no 
calcium oxide was added to the iron oxide melts. The 
ratio Fe+/Fe?* in these melts are found to be in 
agreement with those of Darken and Gurry,’° and 
those in melts 38, 40, and 42 are concordant with the 
ratios Fe*+/Fe?* in calcium ferrite melts determined 
by Larson and Chipman.,!! 


DISCUSSION 

The two principal equilibria to be considered are: 
SO, (g) + O?-(slag) O, (g) + S?-(slag) [1] 
and 
SO, (g) +5 O, (g) + O?-(slag) = SOZ (slag) [2] 


For a given temperature and melt composition, the 
oxide ion activity of the slag will be constant and at 
low sulfur concentrations the activity coefficient of 
sulfur (for any given species) will also remain con- 
stant. Under these conditions, and for a given partial 
pressure of sulfur dioxide in the reaction zone, the 
plot of log (%S) against log po, will be linear with a 
slope of —3/2 for reaction [1] and 1/2 for reaction 
[2]. This is partly illustrated in Fig. 2 for melts at 
1620°C and molar ratio CaO/Fe,O; = 2.5. It will be 
noticed that the curve for the sulfate reaction devi- 
ates from the theoretical line progressively as the 
oxygen partial pressure decreases. The following 
two reasons may account for this observation: 1) With 
decreasing oxygen partial pressure some of the tri- 
valent iron is reduced to the divalent state, and as 

a result, oxide ion activity of the melt increases 


slightly; 2) with decreasing oxygen partial pressure, 
sulfate reaction is progressively replaced by the 
sulfide reaction, i.e. the ratio sulfide ions/sulfate 
0 T T T 
\ 
(37) 
‘ SULPHIDE LINE 

SLOPE -3 
wn 0 \ 
se 
\ 
\ 
No(39) SULPHATE LINE 

\ (40). 4 
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Fig. 2—Variation of sulfur content of Fe-Ca-O melts with 
partial pressure of oxygen. Molal ratio CaO /Fe,O3 = 2.5, 
temp. 1620°C and total sulfur as SO, = 6.1 pct or 7.8 pct. 
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Fig. 3(a)—Plot for illustration of sulfate and pyrosulfate 
reactions in Fe-Ca-O melts. 


ions increases. These effects give rise to a higher 
total sulfur content in the melt. Similar reasoning 
will also apply to the sulfide curve as drawn by 
broken lines in Fig. 2. However, it is apparent that, 
under the conditions given in Fig. 2, the transition 
from sulfide to sulfate reaction takes place at a par- 
tial pressure of oxygen of about 1074 atm. 
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Fig. 3(b)—Plot for illustration of sulfate reaction in O-H 
slag at 1615°C. 
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Sulfate-Pyrosulfate Reaction—In Fig. 3(a), log (%S) 
is plotted against log[p <0, (Po,)'/2] for melts at 1500° 


and 1400°C having molecular composition ratios, 
CaO/Fe,O; = 1.5 and 1.0, respectively. It follows 
from reaction [2] that, if all the sulfur in the melt 
(at nearly 1-atm partial pressure of oxygen) were in 
the sulfate form, the curves in Fig. 3(a) should have 
been linear with the slope of one. However, it is 
seen that with increasing sulfur content, the slopes 
of the curves become greater than one and gradually 
attain the slope of two, indicating the formation of 
pyrosulfate ions. Although the data in Fig. 3(a) are 
limited, there is little doubt about this gradual tran- 
sition from sulfate to pyrosulfate-reaction with in- 
creasing sulfur content. At temperatures above 
1600°C, there is very little or no pyrosulfate ion in 
the melt as illustrated by the results in Fig. 2 and 
Fig. 3(b), the latter being for experiments with an 
open hearth slag at 1615°C (see Table IM). With in- 
creasing sulfur content of the melt, the slope of the 
curve in Fig. 3(b) deviates only slightly from that of 
the sulfate-reaction. A further evidence in support 
of the pyrosulfate-reaction may be obtained by con- 
sidering the results of Fincham and Richardson‘ as 


plotted in Fig. 4. In the study of the behavior of sul- 
fur in molten oxides, silicates, and so forth, due con- 
sideration must therefore be given to the pyrosulfate- 
reaction at high sulfur dioxide and oxygen partial 
pressures especially at lower temperatures. 

The pyrosulfate-reaction may be represented by 
the following equation: 


2SO, (g) + O, (g) + O?-(slag) = S,0?- (slag) [3] 
7 
4 
4 
4 
OF / = 
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Fig. 4—Plot for illustration of sulfate and pyrosulfate-reac- 
tions in CaO-Al,O03-SiO, melts. (Using the data of Fincham 
and Richardson4). 
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For a given composition of the melt, z.e. for con- 
stant oxide ion activity and sulfur activity coefficient, 
the equilibrium constants for reactions [2] and [3] 
are: 


1 
[5] 
S02)" P op 


where sulfate and pyrosulfate concentrations are in 
terms of sulfur concentrations (%S), and 5 (%S)p, 


respectively. 
If both sulfur-reactions occur simultaneously, the 
total sulfur content can be formulated as follows: 


(%S) = (%S)5 + (%S)p = P soz (Por)'/? [ha + soz (Por)’/?] 
[6] 
by rearranging 


[7] 
P so, (Po,)*/? 


Eq. [7] is applied to all the experimental data (of 
Table I) and in Fig. 5, (%S)/[D so, (Po,)I'/2 is plotted 
against the product Pso, (Po,)'/2. The partial pres- 
sures are in atmospheres, and since at oxygen par- 
tial pressures encountered here, e.g. from 0.2 to 0.99 
atm, dissociation of sulfur dioxide to monatomic sul- 
fur, molecular sulfur, sulfur monoxide or oxidation 
to sulfur trioxide takes place only to a very small ex- 


= ky + 50, (Po,)/2 
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Fig. 5—Plot for determination of pyrosulfate/sulfate ratio 
in Fe-Ca-O melts. 
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tent, the partial pressures of sulfur dioxide in the 
reaction zone are taken to be the same as those in 
the ingoing gas mixtures. In Fig. 5 are also included 
the points derived from the experimental data in 
Table III on an open-hearth slag equilibrated with 
SO,-O2 mixtures at 1615°C. From the slopes and 
intercepts of the lines the values of k, and k, may 
be obtained. The ratio k,/k, =k, is for the reaction 


+80, +50, = S,02- [8] 


In Fig. 6, log k, is plotted against 1/7; this plot 
suggests that k, is substantially independent of the 
composition of the oxide melt. The heat of reaction 
[8] derived from the slope of the line in Fig. 6 cor- 
responds to AH = -61 kcal. Practically nothing is 
known about the thermodynamic properties of pyro- 
sulfates. However, the heat of formation of K,S,0, 
was measured by Berthelot” (—475.4 kcal per mole 
at 18 C), combining this value with the heats of for- 


mation** of K,SO, and SO,, the heat of reaction K,SO, + 


SO, + (1/2)0, = K,S.0, corresponds to AH = —61.8 
keal which agrees remarkably well with that derived 
from Fig. 6 for reaction [8]. 

The value of log kg derived from the data of Fin- 
cham and Richardson,‘ Fig. 4, for a melt containing 
41 pct CaO, 52 pct Al,O; and 7 pct SiO,, is higher 
than that given in Fig. 6 by about 1.6 to 1.8 which 
corresponds to the difference of about 14 kcal in the 
free energy term for reaction [8] for these two sys- 
tems, 
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of Fe-Ca-O melts. Mole fractions of CaO are given in 
brackets. 


Sulfate-Reaction—Using values of k, from Fig. 6, 
k, was calculated for each melt in Table I3\in Fig, 
log Rk, is plotted against 1/T for constant calcium 
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Fig. 8—Variation of AH, (for reaction [2]) with composition 
for Fe-Ca-O melts. 
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Fig. 9—Variation of log k, with temperature and composi- 
tion of Fe-Ca-O melts. 


oxide contents; k, obtained for the CaO-CaSO, melt 
(49) appears to be in general agreement with those 
of calcium ferrite melts. The two points shown by 
solid circles are derived from the results of St. 
Pierre and Chipman’ (melts equilibrated with = 
1 atm at 1550°C). The heat of reaction [2] AH,, 
calculated from the slopes of the lines in Fig. 7, is 
plotted in Fig. 8 against the calcium oxide concen- 
tration. According to the equilibrium data of Zawad- 
ski" for the reaction CaO + SO, + (1/2)0, = CaSO,, 
AH, = -108.4 kcal; the recent measurements made 
by Dewing and Richardson**® give AH, = -111.0 kcal. 
The mean of these two values is used in Fig. 8 for 
pure calcium oxide. 


In Fig. 9, log Rk, is plotted against the concentra- 
tion of calcium oxide for temperatures 1300°, 1400°, 
1500°, and 1600°C. The dotted curves are the phase 
boundaries (of the Fe-Ca-O system) where the melt 
is saturated with calcium oxide (at 1500° and 1600°C) 
or with dicalcium ferrite (at 1300° and 1400°C) at 1- 
atm pressure of oxygen. 

In Fig. 10, log k, for 1650°C for Fe-Ca-O melts is 
compared with those for Al-Ca-O and Si-Ca-O melts 
derived from the data of Fincham and Richardson.‘ 
It will be deduced from reaction [2] and Eq. [4] that 
increase of k, with increasing calcium oxide con- 
centration is brought about by a decrease in the ratio 
y 8O2-/ao2- or in the ratio ycas0,/@cao; more details 


on the values of Ycaso, and deso will be given later 
in the discussion. 
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Fig. 10—Comparison of sulfate reaction in Fe-Ca-O, Si-Ca-O, 
and Al-Ca-O melts at 1650°C. 


Sulfide-Reaction—As pointed out in the early part 
of this paper, at oxygen partial pressures below 10-4 
atm, the sulfur in the melt exists predominantly as 
sulfide ions. In terms of sulfur and oxygen partial 
pressures, reaction [1] may be rewritten as: 


= 1 
352 (g) + OF (slag) = 50, (g) +S?” (slag) [9] 
and for a given composition and temperature, 
(Po0,)'/2 
WES) 10 
(Ds)? 


In order to evaluate k, from the results in Table II, 
gas partial pressures are calculated from the com- 
position of the ingoing gas. In these computations, 
the free energies of formation of S and SO are taken 
from the work of Dewing and Richardson’® and those 
of SO,, SO;, COS, CO, and CO, from the data com- 
piled by the National Bureau of Standards.” The par- 
tial pressures of oxygen and sulfur in the reaction 
for melts in Table II are given in Table IV. 


Table IV. Calculated Data on Partial Pressures of Oxygen 
and Sulphur for Melts in Table II 


In Atm 

No. 2c Po, Ps, 

39 1622 0m: 8.03 x 10-° 
42 1619 3.94 x 10-3 8.48 x 10-*? 
52 1505 ale? 
51 1433 2.42) 10m 
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Fig. 11—Variation of log Ry with temperature and composi- 
tion of Fe-O melts. 


Log k, derived from the results on Fe-O melts in 
Table II are plotted in Fig. 11 against the ferric 
oxide concentration, The calculated points are for 
melts in equilibrium with solid or liquid iron using 
the reaction equilibria and thermal data as computed 
by Fincham and Richardson.‘ Although there are in- 
sufficient data, the curves follow the expected pat- 
tern, 7.e. k, decreases with decreasing temperature 
or increasing ferric oxide concentration. 

According to Fig. 2, in melt (39) mainly the sulfide- 
reaction takes place, but melt (38) may contain some 
sulfate ion; therefore, in calculating k, for this melt 
a small correction is made for the presence of a small 
amount of sulfate ion, e.g. using the data in Fig. 7, 
sulfate-sulfur in melt (38) is found to be 0.008 pct. 

In Fig. 12, log k, is plotted against the concentration 
of calcium oxide. The point at zero calcium oxide is 
obtained by extrapolating the curve in Fig. 11 for 
1620° to Np.,0, = 0.24 which is the average ferric 
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Fig. 12—Comparison of sulfide-reaction in Fe-Ca-O, 
Al-Ca-O, and Si-Ca-O melts. 
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oxide concentration for melts (38) and (39). The 
curves for the systems Al-Ca-O and Si-Ca-O are 
taken from the work of Fincham and Richardson.‘ 
The relative positions of the curves in Fig. 12 are 
not similar to those in Fig. 10 for the sulfate-reac- 
tion. The main difference is that the relative posi- 
tion of the curve for Fe-Ca-O melts in Fig. 12 is 
reverse to that of the curve for Fe-Ca-O melts in 
Fig. 10. This may be due to the presence of higher 
concentrations of ferrous oxide at low oxygen partial 
pressures when the sulfide-reaction occurs. 

In connection with Fig. 12, reference should be 
made to the work of St. Pierre and Chipman;® log Rs 
calculated from their results for Si-Ca-O melts, 
(containing less than 1 pct Fe), are about 1.2 log 
units higher than those of Fincham and Richardson,‘ 
St. Pierre and Chipman used SO,-CO mixtures at a 
total pressure of 1 atm; it is possible that under 
these experimental conditions sulfur deposition might 
have occurred in the cooler part of the reaction zone, 
and therefore, any calculations of sulfur and oxygen 
partial pressures are apt to be erroneous and may 
account for high k, values obtained from their results * 


*In a series of experiments carried out in the Chemistry Department 
of the British Iron and Steel Research Association (London) using 
SO, + CO mixtures over silicate melts, heavy deposition of sulfur in 
the inlet and outlet sides of the reaction tube was observed. 


Activity Coefficients of Calcium Sulfate and Fer- 
rous Sulfide—From thermal data,!” the free energy 
change for the reaction FeO + CaSO, = FeSO, + CaO 
at 298.16°K is found to be +32.3 kcal per mole and 
since the entropy change is negative, z.e. about 
-4.3 cal per deg mole, the formation of ferrous sul- 
fate will be even less favorable at higher tempera- 
tures. Therefore, it can be assumed that the sulfate 
ions are principally affiliated with calcium ions 
rather than ferrous ions; 


CaO + SO, + 5 O, = CaSO, [11] 
and the thermodynamic equilibrium constant is 
[ 
= 12] 
(Ac20) P so (Po,)!/2 
and in terms of activity coefficient, it becomes 
%S 
(% ) CaSO4 [13] 


= n 
Pso, 

where » is a factor to convert wt pct S to mole frac- 

tion of calcium sulfate. Combination of Eqs. [4] and 

[13] gives 


K, =k. n Y CaSO4 


14 
aca0 


For the standard states of solid calcium oxide and 
calcium sulfate and one atmosphere pressure for the 
gases, log K, can be calculated for various tempera- 
tures by extrapolating the equilibrium data of Zawad- 
ski** and of Dewing and Richardson,!5 thus 


nh log K,* log K,** log K,*** 
1300 2.835 3.046 2.78 
1400 1.920 2.124 1.95 
1500 1.122 1.307 1.21 
1600 0.420 0.576 0.54 
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*Using the equilibrium data of Zawadski.'* 
**Using the equilibrium data of Dewing and Richardson.'® 
***Using the thermal data.'” 


There is a reasonable agreement between the val- 
ues of log K, determined by equilibrium measure- 
ments**»’> and those derived from the thermal data,?” 
particularly at higher temperatures. In the following 


| calculations of yc,59,, a mean value of K,* and K,** 
will be used. 


As indicated in Fig. 9, at po, = 1.0 atm, the melts 


containing 0.685 and 0.715 No,o are saturated with 
solid calcium oxide at 1500° and 1600°C, respec- 
tively. The value of yco,50, can, therefore, be calcu- 
lated for calcium oxide-saturated melts, ycaso, = 
27.9 and 19.8 for 1500 and 1600°C, respectively. 

The liquidus curve of CaO—CaSO, system is not 
known except that, as reported by Newman,?8 there 
appears to exist a eutectic mixture of a@ CaSO, and 
CaO at about 1365°C containing probably less than 
12 pct CaO. Since the melting points!® of CaO and 
CaSO, (about 2600° and 1400°C) differ considerably, 
it is reasonable to assume that the melt (49) in Table 
Iis near or at calcium oxide-saturation. On this as- 
sumption, Ycaso, in the CaO-CaSO, melt is found to be 


about 2, and using the approximate slope of the line 
in Fig. 7 for Nre,o, = 0, it appears that ycuso, can be 


assumed to be independent of temperature within the 
range 1500° to 1650°C; although the calculations are 
approximate, errors should not be more than +50 pct. 
It should be noted that increase in the ferric oxide 
concentration of calcium ferrite melts from 0 to 0.3 
NF. 0, (saturated with calcium oxide) increases the 


value of ycaso, by a factor of about 10 to 15. 


For the sulfide reaction in Fe-O melts the follow- 
ing reaction may be written: 


FeO + 4s, = FeS + 50, [15] 
and the equilibrium constant becomes 
(Po,)2 [16] 


(ps,)/2 


The free energy change associated with reaction 
(15) was computed by Richardson and Fincham”® by 
combining various equilibrium and thermal data and 
Yres Was taken equal to 1.5 as computed by Chipman.* 
However, recent studies of Bog and Rosenqvist?* on 
the thermodynamics of iron sulfide-iron oxide melts 
indicate that the pseudobinary mixture FeS-FeO is 
nearly ideal, but yp., is above unity as the metalloid 
content increases above the stoichiometric amounts, 
The values of K, derived from the calculations of 
Richardson and Fincham are therefore corrected for 
Yes = 1.0 and the values for the melts (51), (52), and 
(53) are given below for the standard states of liquid 
FeO and liquid FeS in equilibrium with iron. 


°C log Kg 
1619 -2.570 
1505 —2.758 
1433 —2.888 
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Using the data of Darken and Gurry,® the activity of 
ferrous oxide in melts (51), (52), and (53) are calcu- 
lated (on the assumption that a small percentage of 
sulfur does not affect ap.o); and inserting these dp,o 
values in Eq. [16] together with the experimental 
data on melts (51), (52), and (53) in Table Il and K, 
given above, the activity coefficient of ferrous sul- 
fide is found to be 1.1, 2.0, and 1.7 for melts (51), 
(52) and (53), respectively. A mean value for yr.5 
may be taken as 1.6 at Np.,0, = 0.16 and 1400° to 
1600°C. 

General Considerations—As already pointed out, 
the activity coefficient of calcium sulfide or sulfate 
can be derived from the equilibrium data on sulfide 
or sulfate-reactions provided the activity of cal- 
cium oxide in the melt is known. Fincham and 
Richardson* obtained a value of about 5 for yq,5 and 
Ycaso, and they expressed the view that these ac- 
tivity coefficients were almost independent of the 
composition of the calcium silicate melts. 

Carter and Macfarlane?* measured the sulfide- 
equilibrium in calcium aluminate melts and on the 
assumption that yc,, did not vary with composition, 
they calculated the activity of calcium oxide. 

Recently Chipman** calculated the activity of cal- 
cium oxide in CaO-SiO, and CaO-Al,O; melts. If 
these activity data are applied to the above men- 
tioned sulfur equilibrium data, it is found that for 
1500°C yc,5 and ycaso, increase i) from about 2 to 
20 as Ng;o, increases from 0 to 0.5 and ii) from 2 
to 40 as Naj,0, increases from 0 to 0.4. The results 


of these computations are not given here in a tabular 
or a graphical form as it is felt that the degree of 
accuracy of the computed data on the activity of cal- 
cium oxide is not certain, particularly those for the 
calcium silicate melts, for which different values 
of silica activity have been reported by different 
workers, 75,26 

However, the above values of ycaso,, though given 


tentatively at present, are in line with those obtained 
for calcium ferrite melts saturated with calcium 
oxide, and therefore, it may be stated generally that 
the value of yc,so, increases with increasing concen- 
tration of oxy-acids, e.g. SiO,, Al,Os3, or Fe2Os. 

The experimental results given in this paper on the 
sulfate-reaction in calcium ferrite melts extend over 
a wide composition range, and therefore, it should be 
possible to derive the values of yc,so, in ferrite melts, 
if the activity of calcium oxide therein is known. Lar- 
son and Chipman?” computed the activity of calcium 
oxide in Fe-Ca-O melts for 1550°C for applying the 
Gibbs-Duhem integration using the experimentally 
measured oxygen activities? on this system. How- 
ever, close examination of their computed data re- 
veals that the activities of CaO, FeO, and Fe,O, do 
not interrelate in a manner dictated by the Gibbs- 
Duhem equation (see for example a paper by Schuh- 
mann?° on the application of Gibbs-Duhem equation 
to ternary systems). Further calculations indicate 
that their values on the activity of calcium oxide ap- 
pear to be somewhat high for the calcium ferrite 
melts. 

The activities in the Fe-Ca-O melts are now being 
computed by the authors and the results on the oxide 
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Fig. 13—Variation of log yea 50,/Ycao with composition of 
calcium ferrite, silicate, and aluminate melts at 1650°C. 
(Standard state is solid CaSO, and CaO). 


activities together with the values of Ycaso, Will be 


given in another paper. 
By rearranging Eq. [14] the following expression 
may be obtained 


Yceasoy _ K2Neao 


[17] 


Ycao 


Using the results in Fig. 10 the values of ¥caso,/Vca0 
may be obtained for calcium ferrite, silicate, and 
aluminate melts at 1650°C. As seen from the plot 

in Fig, 13, the ratio yo.sq,/7c,0 increases appreci- 
ably with decreasing concentration of calcium oxide. 
Although there are only two points for the calcium 
Silicate melts, indications are that they lie about the 
curve drawn for the ferrite melts. 

If the activity coefficient of calcium oxide in fer- 
rite melts does not change by a factor of 100 or 
more over the composition range studied, the rela- 
tionship in Fig. 13 would indicate that the activity 
coefficient of calcium sulfate may increase appreci- 
ably with decreasing calcium oxide concentration, 
suggesting the existence of a limited miscibility in 
the calcium sulfate-calcium ferrite melts. In fact, 

a few preliminary experiments carried out at 1500°C 
showed that there is a liquid miscibility gap in the 
ternary systems CaO-CaSO,-Fe,O, and Na,O-Na,SO,- 
Fe,0;. The results on the miscibility gap measure- 
ments for these systems will be given elsewhere on 
the completion of the work. 


SUMMARY AND CONCLUSIONS 


When sulfur-bearing gases are equilibrated with 
calcium ferrite melts, sulfur dissolves in the 
melt as sulfide ions by replacing an equivalent num- 
ber of oxide ions when the oxygen partial pressure 
in the gas is below about 10-* atm. With increasing 
oxygen partial pressure, the sulfide ions are con- 
verted to sulfate ions and some oxygen dissolves in 
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the melt. However, as the product P sop Po,'/? in- 


creases, the sulfate-reaction is gradually replaced 
by the pyrosulfate-reaction; this change-over is 
gradual but below 1500°C when Po, Po,'/2 > 0.1, 


most of the sulfur is in the pyrosulfate form. The 
heat of reaction of sulfate — pyrosulfate found from 
the present results (AH, = —61.0 kcal) agrees well 
with that of the potassium sulfate — potassium py- 
rosulfate reaction derived from the thermal data 
(AH, = -61.8 kcal). 

In calculating k, for the sulfate reaction [2], due 
allowance is made for the presence of the pyrosul- 
fate together with the sulfate ions, and the results 
show that k, increases with increasing concentra- 
tion of calcium oxide and decreasing temperature 
and the heat of reaction [2] decreases with increas- 
ing calcium oxide concentration, 

Although there are only a few results on the sul- 
fide-reaction, it can be stated that k, for reaction 
[9] increases with increasing concentration of fer- 
rous oxide or calcium oxide and increasing temper- 
ature. 

The present experimental results compare well 
with those available on the calcium aluminate and 
Silicate melts. 

It is shown that in calcium ferrite, Silicate, and 
aluminate melts the ratio Ycasoa/Ycao increases ap- 
preciably with decreasing concentration of calcium 
oxide and indications are that the activity coefficient 
of calcium sulfate (and presumably that of calcium 
sulfide) increase with increasing concentration of 
Silica, alumina, or ferric oxide. At higher concen- 
trations, the effect of ferric oxide is expected to be 
much larger, and in fact, this has been confirmed by 
some recent experimental work which showed the 
existence of a miscibility gap in calcium sulfate- 
calcium ferrite melts. In Fe-Ca-O melts saturated 
with calcium oxide yq.59, = 27.9 and 19.8 for 1500° 
and 1600°C, respectively, while in CaO-CaSO, melts 
Ycaso4 iS about 2. 


A series of experiments carried out on an open- 
hearth slag is in accord with the results on the pure 
Fe-Ca-O melts. The plot in Fig. 2 indicates that the 
best condition to desulfurize the slag, for example 
in an open hearth furnace, is to adjust the partial 
pressure of oxygen over the melt to about 10-4 atm. 
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ADDENDUM 


At the time this paper was completed, the authors 
became aware of a paper by Dewing and Richardson™ 
on the thermodynamics of mixtures of ferrous sulfide 
and oxide. They equilibrated Fe-S-O melts with 
gases of known partial pressures of oxygen and sul- 
fur. Most of their measurements were made at 
1206°C; two melts were equilibrated at 1433°C and 
one melt at 1100°C. Their results follow a pattern 
similar to that shown in Fig. 11; that is, as stated 
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Fig. 14—Variation of K’ = (Ns/No)( Po,/Ps,) with tempera- 
ture for Fe-S-O melts containing Np.3+ =0.125. 


in this paper, the equilibrium constant k, decreases 
with increasing ferric oxide concentration of the 
melt. In order to compare the present results with 
those of Dewing and Richardson, their plot log K vs 
ferric iron concentration is extrapolated linearly to 
Ny,3+ = 0.125 (this is the atom fraction of trivalent 
iron, Np.3+ + Np.2+ +Ns + No = 1.0) which is 

the average trivalent iron content in Fe-S-O melts 
given in Table II (melts 51, 52, and 53). 

In Fig. 14, log K’ is plotted against 1/T for melts 
containing = 0.125. For a given melt-compo- 
sition and temperature the equilibrium constant K’ 
is for the reaction 


FeO (J) + aS, = FeS (1) +50, [18] 
[19] 
No Psp 


The agreement between the results is as good as can 
be expected. It should also be pointed out that whilst 
the melts employed by Dewing and Richardson con- 
tained large percentages of sulfur (0.2 to 0.5 Ng), in 
the melts used by the authors Ng, < 0.02. Since the 
values of K’ derived from the two sets of data are in 
close agreement, it may be stated that the activity 
coefficient ratio yr.s/Yreo is independent of the sul- 
fur content of the melt, but varies only with the con- 
centration of the trivalent iron. 

The line in Fig. 14 may be represented by the fol- 
lowing equation: 


_ 5590 


log K’ = +0,095 at Npes+ = 0.125 [20] 


Assuming that the variation of log K’ with Np,3+ is 
independent of temperature, the following equation 
may be derived for very low contents of trivalent 
iron in melts in equilibrium with iron, by using the 
slope of the line of log K’ vs Ny,3+ plot for 1206°C 
melts (from the results of Dewing and Richardson); 
thus for melts in equilibrium with iron 
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Fig. 15—The standard free energy change associated with 
reaction ‘FeO? (1) + 1/2 S, = ‘FeS? (1) + 1/2 Oy. 


+ 0.50 [21] 
and the standard free energy change is 
(AF°) = 25,570 — 2.29 T cal. [22] 


The standard free energy change associated with 
reaction [18] may also be derived from the known 
thermal data;*! this is plotted in Fig. 15 together 
with that calculated from Eq. [22]. The difference in 
the values of AF° and (AF°)’ is within the limit of 
uncertainty of the data, and therefore, it may be 
stated that in Fe-S-O melts in equilibrium with iron, 
YFes/YFeo ~ 1.0. 

The variation of this activity coefficient ratio with 
composition may be obtained from Eqs. [20] and [21], 
thus within the temperature range 1100°to 1620°C. 


log Yres/VFeo = 3.2 Nye3+ [23] 


It is to be noted that yr.s5/yreo varies with the con- 
centration of ferric oxide in a manner similar to that 
of Y¥caso,/Ycao aS Shown in Fig. 13. 
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Delay Time in Single Crystals of Aluminum, Zinc, 


and Iron 


The delay time for single crystals of iron, zinc, and pre- 
strained aluminum was measured under conditions of high- 
speed deformation. The delay time of aluminum was found to 
be affected by the orientation of the crystal. Under the dy- 
namic conditions employed, the calculated ‘‘activated volume’’ 


term appears to be very small for the three metals studied. I. 


In a previous paper,’ it was shown that under dy- 
namic testing conditions at 78°K, there was a delayed 
yield in single crystals of aluminum and copper which 
had been cold-worked prior to testing. The experi- 
mental results also indicated that the delay-time ef- 
fect was not due to the interaction of dislocations 
with impurity atoms or vacancies, but rather to a 
dislocation-dislocation interaction since aluminum 
which has not been prestrained shows no delay-time 
phenomenon. 

In this paper, some data are reported on the ef- 
fects of orientation on the delay time of aluminum 
Single crystals; the delay time of zinc single crys- 
tals saturated with nitrogen and the delay time of 
iron single crystals also were measured. 


EXPERIMENTAL PROCEDURE 


Aluminum (99.997 pct) and zine (99.999 pct) crys- 
tals, 1/2 in. in diam and 8 in. long were grown by 
the Bridgman technique. The iron single crystal was 
supplied by Dr. R. Maddin. The zinc crystals con- 
taining nitrogen were prepared by melting high- 
purity zinc in a graphite crucible and the nitrogen 
was introduced by additions of ammonium chloride. 
The liquid zinc was then drawn up into glass tubes 
of 1/2 in. diam and allowed to solidify. The rods 
were cooled to room temperature before the trans- 
fer to the mold for conversion into single crystals. 
The orientation of all specimens was determined by 
the Laue’ back-reflection technique, Fig. 2 and 
Table I. 

To prepare for the delay-time measurements, the 
crystals were cut with a fine jewelers saw and the 
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ends carefully machined. The specimens then were 
electrolytically polished to remove the cold-worked 
metal, mounted in a special fixture and hand-lapped. 
As a final step, the crystals were annealed in evacu- 
ated tubes. Specimens of aluminum crystals, Nos. 
24 and 26, were compressed 0.5 and 2 pct, respec- 
tively, in the direction of the later impact. 

The zinc specimens were aged at 50°C for 15 min. 
In the case of iron, only two specimens could be ob- 
tained. To obtain sufficient data, it was necessary to 
resort to a reaging treatment. After each delay-time 
test, the specimens were aged at 65°C for 100 min. 
This treatment, according to Clark,? is sufficient to 
restore the original delay time. It is believed that 
although the specimens were plastically deformed 
approximately 10-4 pct, after each test the delay- 
time values are reliable. 

The delay-time measurements were made in an 
apparatus similar to that described previously. 
Single crystals approximately 1 in. long and having 
a diameter of 1/2 in. were placed in a pendulum 
which consisted of a bar 1/2 in. in diam and 8 ft 
long, designed with a crystal holder to accommodate 
the specimen at low temperatures. The crystal was 
held at a position 2 ft from the front part of the pen- 
dulum. This portion of the apparatus was supported 
on a fine molybdenum wire. A projectile bar of the 
same diameter and length comprised the other por- 
tion of the apparatus. This bar was supported on 


Table !. Orientation of Zinc Single Crystals 


Crystal 6 
4 7 86 
5 80 11 
9 18 75 
12 59 43 
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sets of three roller bearings arranged 120 deg around 


the periphery of the bar and spaced at 18-in. inter- 
vals to allow accurate alignment. The striking por- 
tion of the pendulum was propelled by means of a 
spring-loaded gun and traveled about 9 in. before 
striking a lead bar against which the crystal was 
placed. 

SR-4 type A-14 resistance strain gages were ce- 
mented to the specimens and the strain measure- 
ments were obtained by amplifying the strain-gage 
output by means of a high-gain preamplifier. A 
Tektronix 545 oscilloscope was used together with 
a polaroid camera to record the strain and time 
sweep. An Ellis Associate Bridge was used to cali- 
brate the strain gages, and calibration readings were 
obtained before each test. The sweep of the time 
signal was initiated by means of a miniature thyraton 
which was fired when the two bars came into con- 
tact. Under some conditions, the sweep signal was 
triggered at a prearranged value of the strain signal. 

A schematic delay-time oscilloscope trace is 
shown in Fig. 1. At point B the elastic stress wave 
caused by the impact reaches the strain gage on the 
specimen. The portion BC is the elastic strain. In 
this investigation the strain at point C was used to 
calculate the critical resolved shear stress by mul- 
tiplying by the proper modulus, depending upon the 
orientation of the single-crystal specimen. The time 
between C and D is the delay-time portion of the 
curve. This portion of the curve is fairly flat but 


does have a definite microstrain associated with it. 
After the point D is reached, the specimen deforms 
rapidly and the strain reaches a maximum at E. Fol- 
lowing this, depending upon the length of the bar be- 
hind the specimen, the strain remains constant for 

a period and then decreases when the reflected elas- 
tic wave returns from the end of the pendulum bar. 
A permanent plastic strain is recorded on the oscil- 
loscope trace and also measured by a strain-meas- 
uring bridge. The strain, € p> always corresponded to 
the strain produced between C and E. This factor 
proved quite helpful as it served as a check on the 
value of elastic strain and also showed that the mi- 
crostrain associated with the delay-time region CD 
is not recovered and is caused by dislocation move- 
ment. 

To obtain data for the iron single crystals, it was 
necessary to increase the load capacity of the ap- 
paratus. This was done by doubling the stress on the 
specimen by means of a reflected stress wave from 
a stationary backup block weighing 250 lb. Since the 
iron crystal specimens were 1/8 in. in diam, the ap- 


Fig. 1—Schematic delay time oscilloscope trace. 
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Table Il. Elastic Constants for Zinc? 


cm?/dyne x 107** 


Sis 2513 Sua 
223 8.54 17.8 1.078 
78 7.79 8.8 1.106 


paratus was modified by machining a 1/4-in. deep 
flatbottomed hole into the end of the 1/2-in. diam bar. 
The specimen was inserted into this hole and the 
other end placed directly against the backup block. 
Under these conditions the initial stress wave trav- 
eling through the specimen is reflected from the 
backup bar and doubles the stress. The time for the 
reflected stress wave to pass through the specimen 
and double the stress is less than 5 usec. 

The calculation of the critical resolved shear 
stress for crystals was made by resolving the ap- 
plied stress on the {111} in the <110> direction 
for aluminum, the {110} in the <111> direction for 
iron, and {0001} in the <1120> for zinc. The elastic 
modulus for zinc was obtained from the elastic con- 
stants given by Bashey,* Table II. The modulus of 
elasticity as a function of orientation is given by Fig. 
3. The modulus of elasticity for aluminum at 78°K 
was obtained from the data of Rosi and Mathewson.* 
Although these investigators reported values of 
Young’s modulus down to temperatures of 78°K, they 
did not determine the values as a function of orienta- 
tion. However, since aluminum single crystals are 
known to be fairly isotropic, little error may be ex- 
pected. The modulus of elasticity for iron was ob- 
tained from the data of Seitz and Read.® The resolved 
shear stress was calculated by the equation o = oy 
cos @ coSA where @ is the angle between the speci- 
men axis and the normal to the slip plane and A is 
the angle between the specimen axis and the slip 
direction. 


DISCUSSION OF RESULTS 


Aluminum Crystals—The delay-time curves for 
aluminum crystals 24 and 26 are shown in Fig. 4. 
Also shown, for comparison purposes, is the curve 
(A) obtained from a previous investigation. This 
curve was determined from specimens whose orien- 
tations were within the shaded area of Fig. 2. 

The delay-time curves for aluminum crystals 24 
and 26 are quite different from those obtained from 
crystals A. Not only are the slopes of the curves 


Fig. 2—Orientation 
of single crystal. 
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Fig. 3—Modulus of elasticity of zinc as a function of orien- 
tation. 


smaller, but the time is much shorter before onset 
of major plastic flow at a given applied shear stress. 
The difference in curves obtained from crystals 24 
and 26 may be the result of both orientation differ- 
ence and the amount of prior plastic deformation. 

It is interesting to note that although the specimens 
of crystals 26 were compressed 2 pct, the delay-time 
curve is still far removed from crystals A which were 
compressed 1 pct. Some preliminary data on various 
crystals of aluminum A showed that the delay time 
increases with increasing plastic prestrain. Thus it 
may be seen that in the case of aluminum single 
crystals, the delay time is strongly affected by the 
orientation and to a smaller extent by the amount of 
prestrain, Due to the extreme experimental diffi- 
culties involved, it has not been possible during this 
investigation to obtain delay-time data for aluminum 
as a function of temperature. To obtain the data with 
sufficient accuracy, the use of liquid hydrogen and 
liquid helium would have been necessary, and, in the 
type of apparatus available, the use of these coolants 
was not possible because of the hazards and rapid 
loss of liquid gases. However, it would be of interest 
to analyze the data as previously! done by the equa- 
tion: 


t=t) exp [1] 


This equation is similar to that of Seeger’s,® who 
showed that an expression of this form may be used 
for processes involving obstacles. In the equation, 
U, is the energy required for the dislocation to sur- 
mount the barrier in the absence of the applied 
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Fig. 4—Delay time for aluminum single crystals. 


stress o, ao is the reduction of U, in the presence 
of the stress, and a and ¢ are constants. From 
creep test and static tensile data, the value of f, 

has been estimated to be about 10-!° sec, while from 
delay-time data on low-carbon steels, where im- 
purity locking is important, Cottrell’ used a value of 
10-11 sec, In the previously reported data for alumi- 
num,! a value of 107-1° was used. 

The experimental data of Fig. 4 were used in Eq. 
[1] to calculate the values for U, Table III. The Up 
value appears to be constant for the crystals A, 24 
and 26 in spite of the large difference in the delay- 
time response. They become 0.15, 0.12 and 0.11 ev 
for the values assumed for ¢, of 10713, 10714 and 
respectively. 

Using the value of 0.11 ev for UW, the activation 
energy U= U, — oa is about 0.10 ev for the alumi- 
num crystal when o is 1800 psi. Lytton, Sheppard 
and Dorn® reported a value of 0.15 ev for the acti- 
vation energy, U, for creep in aluminum at 78°K, 
and considering the vast difference in the type of 
tests, the agreement appears to be reasonably good 
and amounts to a difference of about 5 pct in the ex- 
ponential term of Eq. [1]. 

The orientation of the crystal and the amount of 
plastic prestrain, however, appear to affect the value 
for a. The value for a for those crystals near the 
[001] corner of the stereographic triangle are much 
smaller than those for crystals 24 and 26, although 
a comparison of the latter two shows a relatively 


Table Ill. Effect of Orientation and Prestrain on Delay-Time 
Parameters of Aluminum Single Crystals 
Pct Pre- Uo 
A 1 0.14 0.13 64 
24 4, 0.15 0.12 510 
26 L 0.15 0.12 340 
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Fig. 5—Delay time for iron single crystals. 


smaller difference in spite of the large difference in 
plastic prestrain. 

Of interest are the very small values of the a@ 
terms. In terms of Seeger’s equation,® a =v =bdl,, 
where v is the activated volume, b is the magnitude 
of the Burgers vector, d is the width of the stacking 
fault and 1; is the average distance between forest 
dislocation. Assuming d = 2b, I is equal to 4 x 10-8 
and 20 x 10-8 cm for crystals A, 24, and 26, respec- 
tively. Thus it seems that the volume term a is too 
small to be interpreted in terms of forest disloca- 
tion nor can this term be accounted for by the dis- 
location intersection proposed by Cottrell? and 


Seeger.?° An intersection mechanism would require 
an activation energy for aluminum of about 0.5 ev 

and much larger than the activation energy U obtained 
under these dynamic test conditions. 

Iron Crystals—The delay-time data for the iron 
single crystal, Fig. 5, were used to calculate U, and 
a by means of Eq. [1]. In this case, f) was assumed 
to be 10-11 in keeping with that used by Cottrell.” 


Delay Time (sec) 


20 30 40 50 60 70 80 90 100 110120 130 140 
Stress (10° psi) 


Fig. 6—Delay times for yield in steel at various stresses 


and temperature. 
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For the iron crystal: 
U, = 0.5 ev 
2.3425 


The delay-time values obtained for the iron single 
crystals used in this investigation are much smaller 
than those reported for low-carbon steel.'! This dif- 
ference possibly may be due to the large difference 
in impurity content and to difference in specimen 
type. The activation energies, U, also are smaller 
than those calculated by Cottrell’s equation: 


3 
U=0.9 ( - 


10) 


[2] 


For example, at an applied stress o of 20,000 psi 
and using Cottrell’s empirically derived value for 
0) of 310,000 psi, Uis 0.74 ev as compared to 0.3 ev 
obtained from Eq. [1]. 

It was of interest to analyze the delay-time data 
for low-carbon steels obtained by Clark and Wood?° 
in terms of Eq. [1]. The value of tp was assumed to 
be 10- sec and the values for U, and a were cal- 
culated from the curve drawn through the points as 
shown in Fig. 6. The results of these calculations 
are shown in Fig. 7, wherein it is seen that both U) 
and @ increase with temperature. Since both U, 
and a are functions of temperature, the delay-time 
phenomenon in iron is not governed by a simple 
thermal activation process involving only one proc- 
ess. The values obtained for a, however, are fairly 
close to those obtained for the iron single crystal. 
At a temperature of 296°K, the value of @ for the low- 
carbon steel is 17 x 10-23 cc as compared to 23 xX 
10-23 cc obtained for the iron single crystal. The 
value of U, for the low-carbon steel is higher than 
for the iron crystal. 


Zinc Crystals—The delay-time curve for the zinc 
crystals containing nitrogen, Fig. 8, is shown in com- 
parison with the data obtained for zinc crystals grown 
in vacuum.” As may be expected, the increase in the 
concentration of the nitrogen increases the delay time. 
It appears that the delay-time curve is not affected 
greatly by the orientation of the crystals used in this 
investigation. Unlike the data for aluminum, one 
curve can be drawn through the points, and a line 


20 40 60 80 100 120 140 160 180 200 220 240 260 280 300 320 340360 380 400 
Temperature, (T °K) 


Fig. 7—The change in Uy) and a as a function of temperature 
calculated from Eq. [1] from the experimental values of 
Clark and Wood."! 
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Fig. 8—Delay time for zinc single crystals at 78°K. 


drawn between the data from crystals of the same 
orientation falls close to the curve drawn between 
the average of all the points. 

Through the use of Eq. [1], the values of U% and 
a were calculated from the delay-time data obtained 
from the zinc crystals containing nitrogen and those 
grown in vacuum.” The value for Up) was 0.1 ev in 
both cases; however, a@ was 2.5 x 10-2? cc for the 
crystals containing nitrogen as compared to 7.9 x 
10-* cc for the vacuum-grown crystals. Apparently, 
the increase in the number of nitrogen atoms avail- 
able for pinning dislocation decreased the volume 
term a but not the term U,. 


SUMMARY 


The delay time for single crystals of aluminum, 
iron and zinc was measured. The delay time for the 
aluminum crystals was found to vary with the ori- 
entation of the crystal and, to a smaller extent, it 
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appeared to change with the amount of prestrain. In 
spite of the fact that there was considerable differ- 
ence in orientation and plastic prestrain, the 
term was constant; however, the volume term a 
changed. The activation energy, U, which depends on 
stress, appears to be in reasonably good agreement 
with that obtained by Dorn ef al.* It appears from 
these data,obtained under dynamic loading conditions 
on aluminum, iron and zinc, that the volume term of 
Eq. [1] is very small. Apparently, the size of the 
dislocation loop as it breaks away from its pinning 
points is much smaller under these conditions than 
those that exist in slow strain rate experiments. 


The delay time for single crystals of iron was 
smaller than that reported for low-carbon steels of 
higher impurity content. Zinc single crystals satu- 
rated with nitrogen also had delay-time values higher 
than those obtained from zinc crystals grown in 
vacuum, 


ACKNOWLEDGMENT 


This work was supported in part by the Office of 
Naval Research, Contract No. NR-2616(00). 


REFERENCES 


4]. R. Kramer; Trans. Met. Soc. AIME, 1959, vol. 215, p. 226. 

2D, S, Clark: Trans. ASM, 1954, vol. 46, p. 34, 

°R, Bashey: ONR, Report Horizons, Inc., Cleveland, Ohio, 

‘F. D. Rosi and C. H. Mathewson: A/ME Trans., 1950, vol. 188, p. 1159. 

°F. Sietz and T. A. Read: J. Appl. Phys., 1941, vol. 12, pp. 100, 170, 470, 
(427, 428). 

°A. Seeger: Dislocations and Mechanical Properties of Crystals, John Wiley 
& Sons, p. 243, 1956. 

"A. H. Cottrell: Deformation of Solids at High Rates of Strain, Conference on 
the properties of materials at high rates of strain, Institute of Mechanical Engi- 
neers, London, 1957. 

*J. L. Lytton, L. A. Sheppard, and J. Dorn: Trans. Met. Soc. AIME, 1958, 
vol, 212, p. 220. 

°A. H. Cottrell: J. Mech. and Phys. Solids, 1952-1954, vol. 1-2, p. 53. 

104. Seeger: Naturforsch., 1954, vol. 9a, p. 870. 

4D, S. Clark and D. S. Wood: Proc. ASTM, vol. 59, p. 717. 

“7. Liu, I. R. Kramer, and M. A. Steinberg: Acta Met., 1956, vol. 4, 

p. 364. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


3500, 
4 
O Zn4 
Zn5 
* 
Zn 12 
4 
~ x 
x 
~ 
~ 
~ 
~ 
~~2 
500 


Thermodynamic Activities in the Fe-Mn-C System 


The vapor pressures of manganese in equilibrium with 
several alloys in the iron-manganese-carbon system between 
1200° and 1275°K have been measured using the Knudsen effusion 
technique in conjunction with a vacuum microbalance. The effect 


of orifice area of the effusion cell upon the measured pressure 
has been determined. The binary iron-manganese system shows 
small negative departures from ideality, and the system of mixed 


J. F. Butler 
C. L. McCabe 


carbides, (Fe, Mn)_qC3, in equilibrium with graphite behaves 


ideally. 


Tus work is a continuation of the investigations in 
which the Knudsen effusion method has been used to 
determine thermodynamic activities in systems and 
at temperatures of interest to metallurgists. Ina 
previous publication,* the free energy of formation of 
Mn,C, was determined and some preliminary work 
on the solution behavior of this carbide with the 
hypothetical ‘‘Fe,C,’’ was reported. The present 
work deals with this latter topic and also includes 
data on the binary iron-manganese system. 


EXPERIMENTAL METHOD 


The Knudsen effusion method was used to measure 
the vapor pressure of manganese in both the alloy 
and carbide sections of this investigation. This dy- 
namic method of vapor pressure measurement pre- 
sents a problem when studying solid alloy systems 
in which one of the components has a much larger 
vapor pressure than the others. Over-all depletion of 
the alloy in the most volatile component will occur 
during evaporation so that the pressure of that com- 
ponent will decrease. Even more serious than the 
over-all concentration change is the surface deple- 
tion of volatile component in the alloy brought about 
by the slow rate of diffusion of this component from 
the interior to the surface of the solid particle. Since 
knowledge of this surface composition is necessary 
inorder torelate it to theactivity determined through 
the measurements, changes in surface composition 
from the analyzed bulk composition are to be avoided 
in dynamic vapor pressure studies of solid alloys. 

The system under investigation in this study pre- 
sents the problem of surface depletion of manganese 
since its pressure at 1230°K is 10° greater than iron 
and 10°° greater than carbon. Since the existence of 


J. F. BUTLER, Junior Member AIME, is Senior Research 
Engineer, Graham Research Laboratory, Jones & Laughlin 
Steel Corp., Pittsburgh, Pa. C.L. McCABE, Associate Mem- 
ber AIME, and H. W. PAXTON, Member AIME, are Professor 
of Metallurgical Engineering and Firth-Sterling Professor of 
Metallurgy, respectively, Carnegie Institute of Technology, 
Pittsburgh, Pa. This paper is based on a thesis submitted by 
J.F. BUTLER in partial fulfillment of the requirements for the 
degree of Doctor of Philosophy, Carnegie Institute of Tech- 
nology. 

Manuscript submitted June 17, 1960. ISD, IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


H. W. Paxton 


a volatile manganese carbide had been ruled out 
previously,’ the high manganese pressure relative 
to iron and carbon insured that the only species 
leaving the effusion cell was manganese. Therefore, 
the effusing species required no analysis so that 
the manganese pressure was determined directly 
from the weight loss of the effusion cell. In order to 
detect small weight losses near the beginning of 
effusion, a vacuum microbalance was used to weigh 
the cell continually. These initial weight loss data 
allowed the rate of manganese effusion to be deter- 
mined before the surface of the alloy became de- 
pleted in manganese. 

The apparatus used in this investigation is shown 
in Fig. 1. Temperature was measured using chro- 


Measuring 
couple 
Coil 
Microbalance 
Microscope Magnets | 
+—McDanel. 
McDanel protection tube 
Tube 
Control couple 


Furnace core 


Effusion Outside winding 
cell 4 I. 16 gauge Kanthal 


Inside winding 
13 gauge Kanthal 


Plate | 1 Jack 


q 


Fig. 1—Schematic arrangement of apparatus. 
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Table J. Compositions, Crystal Structures and Lattice 
Parameters of the Alloys Studied 


Iron-Manganese Alloys 


Crystal Structure at 


Mol Fraction 1232°K, from the 


Desig- of Manganese, Phase Diagram of 

nation Hellawell** 
Mn 1.000 8B complex cubic 
Fe-Mn 1 0.89, 8B complex cubic 
Fe-Mn 2 0.82, B complex cubic 
Fe-Mn 3 0.74, 8 complex cubic 
Fe-Mn 4 0.65, y face-centered cubic 
Fe-Mn 5 0.50, y face-centered cubic 
Fe-Mn 6 020% y face-centered cubic 


Iron-Manganese-Carbon Alloys 


Mol 

Desig- Fraction Mn,C, Crystal Structure 

nation Nn, C; at 1232°K a (A) c (A) 
Mn,C, 1.000 Mn,C, hexagonal 13.87, 4.54, 
Fe-Mn-C 1 0.89, (Fe, Mn),C, hexagonal 13.85, 4.53, 
Fe-Mn-C 2 0.82, (Fe, Mn),C, hexagonal 13.84, 4.53, 
Fe-Mn-C 3 0.74, (Fe, Mn),C, hexagonal 13.83, 4.53, 
Fe-Mn-C 4 0.64, (Fe, Mn),C, hexagonal 13.82, 4.53, 
Fe-Mn-C 5 0.49, (Fe,Mn),C, monoclinic 


mel-alumel thermocouples calibrated from a sec- 
ondary standard and was controlled to +1°C at 
1000°C. A vacuum of 1 to 2 x 107° mm of Hg was 
maintained in the system after the initial pump out. 
The microbalance had a capacity of 2 to 3 g witha 
range of 0.4 g and a sensitivity of 2 ug. The balance 
was a magnetically compensating type using a silica 
beam and a tungsten fulcrum fiber. In size and con- 
struction details, the balance resembled those used 
by Gulbransen’ and Rhodin® but used the magnetic 
compensation principle of a microbalance described 
by Edwards and Baldwin.* Because the weight on the 


balance was limited to 3 g or less, the effusion cells 
were constructed from 15-mil flanged cups and lids 
which were spot welded together after loading. In the 
studies of the iron-manganese alloys, a molybdenum 
cup with a lid containing a knife-edged orifice was 
used. The effusion cells used in measuring man- 
ganese pressure above the mixed iron-manganese 
carbides consisted of tantalum cups containing 
graphite liners with a molybdenum lid containing the 
orifice. 

The binary iron-manganese alloys were made 
from Ferrovac-E iron and electrolytic manganese 
by induction melting in magnesium oxide crucibles 
under a purified argon atmosphere. The alloys above 
60 pct manganese were brittle and were crushed to a 
small particle size in order to increase the surface 
to volume ratio and minimize the surface depletion 
effect during vaporization. The lower manganese 
alloys were ductile so that they were used in the 
form of fine lathe turnings. The total metallic im- 
purity content of the alloys was less than 0.1 pct. The 
mixed carbides were made by heating high-purity 
graphite powder and finely divided iron-manganese 
alloys in a purified argon atmosphere at 1100°C. Ex- 
cess graphite was present to insure that the car- 
bides were in equilibrium with graphite. The struc- 
ture of the mixed carbides and their lattice param- 
eters were determined by the Debye-Scherrer 
X-ray technique after each experimental run. 


EXPERIMENTAL RESULTS 


The manganese pressures over the alloys were 
calculated by means of the Knudsen’® equation for 
molecular effusion from an orifice, 


Table Il. Manganese Pressure as a Function of Temperature 
Alloy Orifice Area, A,, cm’ m, g per Sec Mn Pressure, Atm Temp., °K Log pmn 1/10 
Mn 0.004392 4.66 x 10-7 1.13 x 10= 1226 -4,946 8.16 
2.78 x 10~’ 6.68 x 107° 1200 =5.175 8.33 
3.54 x 1174 -5.451 8.52 
8.92 x 107° 2.09 x 107° 1148 -5.680 8.71 
Ome 1075 -6.567 9.30 
4.14 x 10° 9.10 x 10-’ 1118 -6.018 8.94 
Mn 0.004264 4.31 x 1077 1.07 x 1075 1222 -4.970 8.16 
EVES 1.64 x 1075 1243 -4.785 8.05 
1.09 x 107° 2.66 x 10-° 1268 -4.575 7.89 
1.66 x 10-* 4.25 x 10-5 1293 -4.372 vr) 
DEVS 6-20-1055 1317 -4,.208 7.59 
Mn 0.002545 72.00 2.99 x 1075 1275 4.524 7.84 
1.94 x 107° 8.50 x 107° 1335 -4.071 7.49 
Fe-Mn 5 0.005430 3.43 x 10~’ 6.74 x 107° 1232 yi lye 8.12 
Fe-Mn 5 0.004058 1.00 x 10~’ 7.59 x 10-° 1192 -5.586 8.39 
Fe-Mn 5 0.004644 6.18 x 1077 14550102 1273 -4.339 7.86 
Mn,C, 0.005777 5.89 x 1183 8.45 
1.87 x 10-° 1207 8.29 
185x107 3.43 x 10-° 1233 -5.465 8.11 
3.09 x 10-7 1258 -5.239 7.95 
4.85 x 10-’ 9.16 x 107° 1282 -5.038 7.80 
Fe-Mn-C 3 0.007163 1.62 x 107’ DAD <a? 1232 -5.616 8.12 
Fe-Mn-C 3 0.007074 4.76 x 107’ Teo 1285 -5.134 7.78 
Fe-Mn-C 3 0.007590 53161 1179 -6.142 8.48 
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where py, is the pressure of manganese, m is the 
weight loss per unit time through the orifice of area 
Ay, M is the molecular weight of the effusing species, 


| & is the gas constant, and T is the absolute tem- 


perature. Drowart ° has measured an upper limit of 
1.5 x 10° for the ratio of molecules to atoms for 
manganese vapor in equilibrium with solid man- 
ganese at 1180°K; therefore, the atomic weight of 
manganese, 54.94, was used for M. The orifice area, 


| A,, was measured by means of a shadowgraph and 
| the weight loss per unit time, m, was given by the 


slope of the plot of weight vs time determined by 


| means of the microbalance after the cell had reached 


temperature. The initial slope (for a time period up 


_ to 5 hr after reaching temperature) was always used 


in the calculation of pressure in order to prevent 
errors in pressure due to surface depletion of man- 
ganese in the alloys. 

The compositions and structures of all the alloys 
studied and the lattice parameters of the mixed 
carbides of the type (Fe, Mn),C, are given in Table I. 
Table II and Fig. 2 give the pressure-temperature 
relationship for pure manganese, Mn,C,, and several 
of the alloys. The least-squares equations obtained 
from the data of this investigation agree well with 
those of McCabe and Hudson:’ 


Manganese: log py, = —_ +6.66 This investi- 
gation 
log py +7.16 McCabe and 
Hudson’ 
Mn,C,: log +6.06 This investi- 
gation 
log Pun = eee +6.07 McCabe and 
Hudson’ 


At pressures above 10° atm, the simple Knudsen 
equation can no longer be used to calculate the pres- 


-4.0 
N 
-4.5 > This Investigation 
@4 McCabe & Hudson 
= Kelley Extrapolation 
N 
50 
: S 
“XN 
= SS 
-5.5 
a 
Fe-Mn 
-6.0 
Fe-Mn-C 
-6.5 +— 3 
| N 
76 8.0 8.4 8.8 


VAL 

Fig. 2—The pressure of manganese in equilibrium with 
B-manganese, and various alloys as a function of tempera- 
ture. 
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sure from effusion data. This accounts for the 
marked deviation from the straight-line relation- 
ship of log » vs 1/T for our data in Fig. 2 above 
10°° atm. The equality of slopes for pure manganese, 
Mn,C,, Fe-Mn 5 and Fe-Mn-C 3 indicates that within 
the precision of the experiments reported here, there 
is no change in manganese activity with temperature 
in the alloys. 

In many Knudsen measurements, the dependence 
of the measured pressure upon the orifice area and 
the accommodation coefficient has been ignored. 
Several authors, including Motzfeldt,’ have shown 
that the calculated pressure may vary significantly 
from the true pressure due to the effects of cell 
geometry, especially large orifice areas, and devia- 
tions of the accommodation coefficient, a, from unity. 
For the geometry of the cells used in this investiga- 
tion and for a knife-edged orifice, the following re- 
lationship given by Motzfeldt is applicable: 


Ag 


where p, is the equilibrium pressure of manganese, 


p, is the pressure calculated from the effusion equa- 


tion, A, is the orifice area, and A,is the projected 
area above the effusing species which is constant for 
a particular cell geometry. Table III gives values of 
m,p, and (A,/Aq)p, for iron-manganese alloys at 
1232°K and a plot of p, vs (A,/A,)p, is given in Fig. 3. 
The calculated pressure shows no dependence upon 
the parameter, (A)/A, )p,, within the precision of the 
data.* Therefore, the calculated pressures have been 


*Results of experimental runs where the rate of weight loss, m, was 
greater than 6 x 107’ g per sec were discarded because they yielded 
consistently lower values than the average for a given alloy. Below this 
rate of weight loss no dependence on orifice area could be detected. A 
trend would have been noted if there was a condensation coefficient 
problem. We believe that the effect is due to the high rate of manganese 
effusion quickly depleting the alloy surface of manganese so that the 
pressure calculated from weight loss data, even early in the run, does 
not represent the pressure in equilibrium with the gross alloy composition. 


averaged for each alloy so that lines of zero slope 
have been drawn for each alloy on Fig. 3. This has 
no direct meaning with respect to the Motzfeldt equa- 
tion since, although the accommodation coefficient is 
the reciprocal of the slope, it is also limited between 
the values zero and one by definition. However, it is 
apparent that the data demand the smallest possible 
slope (which is zero) so that a~1. It is impossible 
to distinguish between slopes corresponding to a=1 
and a= on the scale of Fig. 3 due to a factor of 10? 
difference between the axes. An accommodation co- 
efficient near unity would be expected under the con- 
ditions of this study according to the theory of Pound 
and Hirth;® however, the precision of the data does 
not allow quantitative measurements of accommoda- 
tion coefficients near unity by means of the Motz- 
feldt relationship. 

Table IV gives values of m,p,. and (A,/A,)p, for the 
experiments on the mixed carbides at 1232 °K. Fig. 4 
shows the dependence of the calculated manganese 
pressure upon orifice area for these alloys. In con- 
trast to the data for the iron-manganese system, the 
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Table Ill. Manganese Pressure over lron-Manganese Alloys at 1232°K 


Orifice Area Mn Pressure, A,/Aag X Po, 
Alloy A,, cm’ m, g per Sec Pc, Atm Atm* 
Mn 0.005509 6.89 x 10-7 13,4501 14.7 x 107° 
Mn 0.003021 8.50 x 107° 
Mn 0.002424 3.01 x 107’ 6.44 x 107° 
Mn 0.001526 1.97 x 10>’ 13375G108° 4.18 x 10-* 
Fe-Mn 1 0.005614 12.4 x 13:9 
Fe-Mn 1 0.004073 4.60 x 107’ 105° 9.85 x 107° 
Fe-Mn 1 0.002382 2.69 x 10-’ Ome 5.76 x 
Fe-Mn 2 0.006546 6.551052 105723 105° 14.0 x 10-° 
Fe-Mn 2 0.004660 4.99 x 107’ 11.4 x 10-6 
Fe-Mn 2 0.002831 2.971057 
Fe-Mn 2 0.001471 1.54 x 107 
Fe-Mn 3 0.006626 1057 9.54 x 10-° 12 Ome 
Fe-Mn 3 0.004940 4.54 x 107’ 9.75 x 10-° 9.6 x 10-° 
Fe-Mn 3 0.003077 2.89 x 107’ 10.0 x 107° 6.15 x 107° 
Fe-Mn 3 0.001865 1.66 x 10-’ 9.45 x 107° 3.52 x 10-* 
Fe-Mn 4 0.005095 4.03 x 1077 8.41 x 10° 8.57 x 107° 
Fe-Mn 4 0.003787 2.80 x 10-’ 7.85 x 107° 5.95'x 105° 
Fe-Mn 4 0.003471 PE MO 8.55 x 107° 5.94 x 10-8 
Fe-Mn 4 0.002346 1.86 x 10~’ 8.46 x 107° 3.98 x 107° 
Fe-Mn 5 0.005430 6.74 x 107° 7.3L 105° 
Fe-Mn 5 0.003020 1.81 x 107’ 6.41 x 10-° 3.94 x 107° 
Fe-Mn 5 0.002143 15311057 6253x0105" 2.80 x 10-° 
Fe-Mn 6 0.004806 3.58 x 10-° 3.44 x 107° 
Fe-Mn 6 0.003195 1.04 x 3.47 x 107° 
Fe-Mn 6 0.002171 7.40 x 3.64 x 107° 
*Projected area above the effusing species, Ag = 0.50 cm’ 


calculated pressures in equilibrium with the car- 
bides showed a significant dependence upon the 


Table IV. Manganese Pressure over (Fe, Mn)7C at 1232°K 


Orifice Area, Mn Pressure, 4,/Aa Pe; 
Alloy Ay, cm? m, g per Sec Pc, Atm Atm* 

Mn,C, 0.007142 2.16 x 10~’ 2.96 x 10-° 
Mn,C, 0.005777 3.38 x 107° 2.501% 
Mn,C, 0.003769 1.18 x 10-’ Ome 1.62 x 107° 
Fe-Mn-C 1 0.009337 2.39 x 10-7 PRES 3.28 x 107° 
Fe-Mn-C 0.005643 1.54 x 107’ 2.91 x 107° 105° 
Fe-Mn-C 0.004250 Ome 3,05: 1.66 x 107° 
Fe-Mn-C 2 0.007240 1.79 x 107’ 2.64 x 10-° 2.45 x 107° 
Fe-Mn-C 2 0.004122 23/0 One 1.46 x 107° 
Fe-Mn-C 3 0.004111 1.00 x 107’ 2.60 x 107° 1329 
Fe-Mn-C 4 0.007490 1.48 x 107’ 05° 2.02 x 10-° 
Fe-Mn-C 4 0.004079 105° 2.18 x 
Fe-Mn-C 0.007387 9.82 x 10-° 1.42 x 107° Ome 


*Projected area above the effusing species, Ag = 0.78 cm? 
tFe-Mn-C 5 was present as (Fe, Mn),C, 


by extrapolation to zero orifice area using a con- 
stant slope for all the alloys as shown in Fig. 4. Be- 
cause the variation in p, with orifice area was not 
determined at temperatures other than 1232°K for 
the carbides, the data listed in Table II and plotted in 
Fig. 2 are slightly lower than equilibrium since the 
correction for orifice area could not be made. 


DISCUSSION OF RESULTS 


The activity of manganese in iron-manganese al- 


parameter (A,/A, )p,. Slopes calculated for the five 
alloys with two data points or more resulted in ac- 
commodation coefficients which averaged 0. 09, with 
a standard deviation of 0.01,. The determination of a 
quantitative accommodation coefficient thus is pos- 
sible by this method if the value of a is much less 
than unity. This small value of the accommodation 
coefficient might be expected in this case since the 
manganese vapor is in dynamic equilibrium with a 
carbide lattice, all of whose sites are not favorable 
for manganese condensation. The equilibrium man- 
ganese pressure for the mixed carbides was found 
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Fig. 3—Manganese pressure as a function of orifice area 
for pure manganese and Fe-Mn alloys. 
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loys at 1232°K was calculated by using the ratio of 
manganese partial pressure to the pressure of pure 
manganese of the phase in question. The pressure 
of the stable B-manganese was measured directly 
whereas the pressure of unstable y- manganese at 
1232 °K was calculated from the data of Kelley, Nay- 


— 
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Nm 
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Fig. 4—Manganese pressure as a function of orifice area 
for various Fe-Mn-C alloys. 
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Fig. 5—Activity of manganese as a function of mol frac- 
tion of manganese, N),,,. The dotted lines represent 
Hellawell’s!! phase diagram. 


lor, and Shomate.* The ratio, Was 
calculated to be 1.01, at 1232°K. Table V lists the 
activities of manganese in the iron-manganese alloys 
with respect to the pure 6 and y phases, and Fig. 5 
shows the manganese activity as a function of mol 
fraction manganese. 

The deviations from ideality are small and are 
negative in all cases except for the possibility of 
Slight positive deviations above 0.85 Ny,. Below 
0.85 Ny, in the B phase, the deviations from ideality 
become increasingly negative until the B+ y field is 
reached. The y-phase alloys also show slight nega- 
tive deviations from ideality, but the data do not obey 
regular solution laws. Additional data by Smith, 
Paxton, and McCabe’® confirm the nonregular solu- 
tion behavior in the y range and fix the 8 + y bound- 
aries at 1232°K as those found by Hellawell” and 
shown in Fig. 5. 

Recently, Lyubimov, Granovskaya, and Berensh- 
tein’* have determined the activity of manganese in 
the solid iron-manganese binary at 1213°, 1363°, 
and 1447°K and found the system to be ideal. The 
method consisted of chemical analysis of the evapo- 


Table V. Activity of Manganese in lron-Manganese Alloys at 1232° K 


_ PMn _ 2Mn 
Mn B 1.000 13.61 1.000 1.000 
Fe-Mn 1 B 0.891 12.18 0.894 1.00+ 
Fe-Mn 2 B 0.828 11.11 0.816 0.986 
Fe-Mn 3 B 0.745 9.69 0.711 0.956 
Fe-Mn 4 0.656 8.32 0.605* 0,922 
Fe-Mn 5 0.505 6.56 0.477* 
Fe-Mn 6 0.295 3,33 0.242% 0.886* 


P2Mn = 13.61 x 10-® atm at 1232° K (measured) 
pyMn = 13.77 x 10° atm at 1232° K (calculated) 
*y-Mn is the std. state for all y alloys 


In 


Ideal 
RT 


09 Ke) 
Fig. 6—Free energy of mixing following Richardson for 
two models of Fe-Mn-C alloys. The dotted lines are 
tangents to the curves whose intercepts are to be com- 
pared with the open circles representing experimental 
points. 


rated species to determine the relative amounts of 
iron and manganese in the vapor and graphical in- 
tegration to obtain the total pressure. The method 
of integration appears inexact and according to the 
authors is useful only where the vapor pressures of 
the individual components differ by less than 1.5 in 
order of magnitude. Since manganese pressure is 
approximately 10° greater than iron pressure at 
these temperatures, this method should be used only 
at extremely low manganese compositions (below 
0.1 pet manganese in iron). 

The equilibrium values for the manganese pres- 
sure above Mn,C, and above mixed iron-manganese 
carbides (Fe, Mn),C,, in equilibrium with graphite 
can be used to determine the activity of Mn,C, in 
the mixed carbides’ using the equation: 


(532) 
where py, is the manganese pressure above the 


mixed carbide and py, is the manganese pressure 
above Mn,C,. On the assumption that the free energy 


Table VI. Activity of Mn7C, in Mixed Iron-Manganese 
Carbides in Equilibrium with Graphite at 1232° K 


Mn Pressure 
at Zero Orifice 


Alloy NMn,C; Area, Atm x 10° aMn,C; 
Mn,C, 1.000 3.59 1.000 
Fe-Mn-C 1 0.892 3.20 0.450 
Fe-Mn-C 2 0.827 PASS 0.254 
Fe-Mn-C 3 0.748 2.74 0.150 
Fe-Mn-C 4 0.647 2°35 0.052 
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of mixing is due entirely to the entropy of mixing of 
the metallic atoms with no contribution due to carbon 
and no heat of mixing, Richardson’® has shown that 
there should be a power relationship between the ac- 
tivity and mole fraction of Mn,C, in the mixed car- 
bide, (Fe, Mn).C,. A convenient way of demonstrating 
the applicability of Richardson’s model is by means 
of a free energy of mixing-composition plot such as 
that shown in Fig. 6. If the carbides mixed as indi- 
vidual molecules of ‘‘Fe,C,’’ and Mn,C,, the ideal 
free-energy curve would be given by the upper curve 
in Fig. 6 for the mixing of one mole of ‘‘Fe,C,’’ plus 
Mn,C,. If the free energy were due solely to the 
entropy of mixing a total of seven moles of iron plus 
manganese in the carbide lattice with fixed carbon 
positions, the lower curve in Fig. 6 would apply. The 
theoretical activities of Mn,C, in the mixed carbide 
at the compositions studied were obtained from both 
entropy of mixing curves by the slope-intercept 
method."* The activities of Mn,C, determined from 
the equilibrium vapor pressure measurements of 
manganese over the mixed carbides are shown by 
the open points on the axis. The close agreement of 
experiment with the model of iron and manganese 
mixing in the carbide lattice indicates that the 
Mn,C,-‘‘Fe,C;’’ system behaves ideally and that the 
proposed model of Richardson is applicable in this 
system. 


SUMMARY 


1) A vacuum microbalance was used to measure 
the weight change of an effusion cell due tomanganese 
vaporization from iron-manganese-carbon alloys. 
Continual determination of the weight change at the 
beginning of vaporization minimized surface deple- 
tion of the alloys in manganese so that no ambiguity 
of alloy composition for a measured vapor pressure 
was encountered. 

2) The data of McCabe and Hudson’ for manganese 
pressure in equilibrium with pure manganese and 
Mn,C, were reproduced in the temperature range 
1075" 

3) The effect of effusion cell orifice area upon the 
measured manganese pressure was determined. An 
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analysis of Motzfeldt’ was used to obtain an accom- 
modation coefficient of unity for the iron-manganese 
binary alloys and of 0.1 for the mixed iron-manganese 
carbides of the type, (Fe, Mn),C,. 

4) The iron-manganese binary showed small nega- 
tive deviations from ideality but did not obey regular 
solution laws. 

5) Mixed carbides of the type, (Fe, Mn),C,, in 
equilibrium with graphite were found to behave ideally 
according to a model proposed by Richardson” for 
the mixing of the iron and manganese in the carbide 
lattice. 
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TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


A Thermochemical Model of the Blast Furnace 


A method of calculating the changes in blast-furnace per- 
formance brought about by burden and/or blast modifications 
ts presented, Essentially the method consists of three simul- 
taneous equations derived from materials and heat balances. 


These equations can be used not only to evaluate quantitatively 


H. N. Lander 


the effect of changes in process operating variables on fur- 


nace performance, but also to provide a useful means of eval- 


H. W. Meyer 


uating changes in process variables which cannot be measured 


directly. 


It has been customary for a number of years to 
use Simple heat and materials balances as a basis 
for assessing blast-furnace practice. A good ex- 


| ample of the method used to set up these balances 


is that proposed by Joseph and Neustatter.’ This 
approach to process assessment has limited utility, 
however, in that it cannot be used to predict the 
furnace coke rate or production under new operat- 
ing conditions. Using an approach based on multiple 
correlation of blast-furnace variables, R. V. Flint? 
has developed an equation which may be used to 
predict the change in coke rate that will result from 
some changes in operating conditions with a reason- 
able degree of accuracy. Although this equation has 
useful applications in production planning, it cannot 
be used to study the relationships between the oper- 
ating variables and the fundamental thermochemi- 
cal characteristics of the process. 

In attempting to analyze the blast-furnace proc- 
ess quantitatively, the idea of dividing the furnace 
into zones® may at first appear attractive. In our 
present state of knowledge, however, it is not pos- 
sible to define with any accuracy the physical limits 
of such zones in relationship to their temperatures 


_ or to the reactions which may occur in them. Al- 


though its application is restricted, the zonal ap- 
proach to blast-furnace analysis is useful in some 
instances. For example, the change in the calcu- 
lated flame temperature in the ‘‘combustion zone’’ 
caused by injecting steam constitutes information 
which is helpful in understanding why the addition 
of steam to the blast is best accompanied by an 
increase in blast temperature. The zonal approach 
cannot, at the present time, be used to establish the 
relationships between process variables and proc- 
ess performance if the whole process rather than 
part of it is to be considered. 

One of the earliest approaches to the problem of 
relating blast-furnace operating variables to pro- 
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duction and coke rate was that developed by Mar- 
shall.* Essentially Marshall’s work showed that it 
was possible to estimate the performance of a fur- 
nace by solving three simultaneous equations which 
consisted of rudimentary carbon and heat balances 
plus a further equation relating the production, wind 
rate, and the carbon burned at the tuyeres. Although 
these equations did not include all of the chemical 
and thermal variables of the process, their deriva- 
tion and application seems to be the earliest attempt 
which achieved any success in relating prior fur- 
nace operating data to the calculation of furnace 
performance under different blast conditions. 

Work carried out in Germany has been directed 
mainly towards prediction of coke rates using ma- 
terial and thermal balances rather than statistical 
methods. Wesemann’ used prior furnace operating 
data as part of the basis for predicting the change in 
coke rate accompanying a change in burden com- 
position. This author employed a method of succes- 
sive approximations to estimate the secondary 
changes in slag volume and stone rate brought about 
by the change in coke rate. The most recent anal- 
ysis, which seems to have been developed concur- 
rently with the thermochemical model presented in 
this paper, has been described by Georgen.° This 
author has succeeded in improving on Wesemann’s 
approach by expressing the total changes in the slag 
volume and stone rate in terms of the change in 
coke rate itself. This is accomplished in a manner 
similar to that used in the thermochemical model 
described in this paper. Although Georgen makes 
use of a calculated furnace heat loss, he does not 
relate the heat loss per unit of hot metal to the 
production rate as is done in the present work. 
Georgen’s approach may be used to calculate the 
changes in materials requirements accompanying 
changes in furnace operation; it cannot be used to 
assess the resulting changes in production. 

The fact that blast-furnace behavior can be in- 
terpreted by consideration of the heat require- 
ments of the process was demonstrated by Dancy, 
Sadler, and Lander.” In the analysis of blast-fur- 
nace operation with oxygen and steam injection 
these authors showed that it was possible to ac- 
count for the changes in production and coke rate 
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using enthalpy and oxygen balance equations. The 
basic assumption made was that the amount of heat 
required to produce a unit of iron (defined as AHx,) 
from a given burden was constant irrespective of 
blast modifications. The value of AH 7. was com- 
puted from the data collected during a reference 
period of operation and it was found that it did not 
remain exactly constant due to small changes in 
burden composition. 

The system of equations described by Dancy, 
Sadler, and Lander was applicable only to changes 
in performance brought about by blast modifica- 
tions. The effects of a change in the composition 
or amount of one of the charge materials on coke 
rate and production could not be predicted, although 
such a change could be taken into account once it 
was known. The present analysis has no such re- 
striction. It provides a means of estimating the 
change in furnace performance brought about by 
gross changes in all of the input variables. The 
system of equations described herein has been 
found capable of reproducing furnace behavior 
with considerable accuracy and, therefore, con- 
stitutes a thermochemical model of the blast-fur- 
nace process. 


DERIVATION OF THE MODEL 


The three main equations which comprise the 
thermochemical model have been derived from ma- 
terials and energy balances. In order to use the 
model for assessing the effects of a change in prac- 
tice on the performance of a particular furnace, it 
is first necessary to calculate the materials and 
enthalpy balances from furnace data collected dur- 
ing a reference period of operation. The furnace 
heat losses during this period are used to deter- 
mine the furnace characteristic, K, ina manner 
similar to that described in the earlier work.’ 

The Furnace Characteristic— The thermochemical 
model has been designed not only to relate changes 
in furnace operating variables to their effects on 
furnace performance, but also to express these re- 
lationships with respect to the thermal character- 
istics of a blast furnace or group of furnaces. This 
is accomplished by making use of a furnace char- 
acteristic, K. In order to determine this character- 
istic, it is necessary to calculate an enthalpy bal- 
ance using the reference period data. Before this 
can be done several materials balances, including 
those for iron, carbon, hydrogen, oxygen and flux, 
must be calculated. 

The materials balances are based on the require- 
ments per pound atom of Fe produced (not hot metal), 
It is, therefore, extremely important that a good 
iron balance be obtained from the reference period 
data, and in some cases it is necessary to make 
adjustments in order to accomplish this satisfacto- 
rily. In cases where input and output iron weights 
differ by more than 2 to 3 pct the decision on 
whether to base the adjustment on the reported hot 
metal weights or on the reported input weights of 
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the iron bearing materials has to be made. In mak- 
ing this decision due consideration must be given to 
the methods by which these respective data have 
been collected. It should be mentioned that the usual 
procedure followed by the authors has been to take 
the hot metal production as the total hot metal leav- 
ing the furnace including the runner scrap. In ad- 
justing the weights of the input materials to close 
the iron balance, the ratio of ore and stone is held 
constant. A slag volume and theoretical slag com- 
position may then be calculated in the usual fashion 
from lime, magnesia, silica and alumina balances. 
The agreement. between the calculated slag com- 
position and the mean reported chamical analysis 

of the slags during the reference period provides a 
check on whether the best basis for adjusting the 
iron balance has been used. 

The authors have found that reported wind rates 
are somewhat unreliable. In order to avoid unneces- 
sary errors in the value of K, therefore, it is best to 
calculate the wind rate during the reference period. 
This is accomplished in a manner similar to that 
described earlier” by using the carbon, oxygen, and 
hydrogen balances. In the carbon balance it is as- 
sumed that the carbon input from the coke is cor- 
rect and compatible with the adjusted iron balance. 
For the oxygen balance the iron oxides are no longer 
assumed to be all present as Fe2O3 as in the earlier 
work, but rather both Fe203 and FeO are considered 
and determined by chemical analysis. 

For the enthalpy balance, the top gas temperature 
is assumed to be 400°F. Hence, the only moisture 
in the ores which is considered is that which is 
chemically combined. The amount of combined 
water and carbon dioxide which has to be driven off 
is calculated from the reported ignition loss and 
chemical analyses of the ores and sinters. Experi- 
ments carried out at Jones & Laughlin have shown 
that this combined moisture is virtually all driven 
off between 500° and 700°F. It has been found that 
the assumption of 400°F for the top gas temperature 
is not in itself critical. Even if the assumed tem- 
perature is 600°F the final results of the calcula- 
tions are negligibly altered, providing that the same 
top gas temperature is used in the original refer- 
ence period calculation as is used in subsequent 
calculations. 

The total enthalpy balance for the reference pe- 
riod may be written as: 


[1] 


* 
Loss 


The symbols used in this equation and all subse- 
quent equations are defined in Table I, In the mate- 
rial and enthalpy balances the materials require- 
ments are expressed as moles per pound atom of 
iron in the hot metal so as to simplify the heat 
terms in the enthalpy equation. The only exception 
to this rule is the slag which is expressed as pounds 
per pound atom of iron. The heat terms and the 
chemical reactions considered are the same as 
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i those given in the previous paper’ with the excep- 
{ tion that the reduction of FeO is now considered. 


When solving Eq. [1] for Hfeat Loss the sensible 


| heats of the burden, stone, and coke are taken as 


zero as these components are assumed to enter at 
77°F, The H'* is computed as in the earlier paper’ 


j using the reported CO/COz ratio and assuming the 
| ratio H2/H2O= 4. For normal operation, i.e. without 


| high blast moisture or hydrocarbon injection at the 
| tuyeres, the latter assumption has little or no effect 
| on the overall enthalpy balance. In calculating H S* 
| the slag is taken to be a mixture of 2 CaO- SiO; 

| 2 CaO- AlzO3* SiOz; SiO2; 2 SiO2; and 

| CaS. Richardson’s® data for the heats of formation 
| of these compounds are used together with the spe- 
| cific heat of the slag given by Umino.° At the pre- 

| sent time, the heats of mixing of these slag compo- 
nents, which should be relatively small,*° are neg- 
| lected. Recent work by Baldwin** suggests that the 
| ‘*compounds’’ most likely existing in the slag are 

| different from those used in this work. It is un- 

| likely, however, that the sum of the heats of forma- 
| tion of Baldwin’s compounds differ significantly 

| from those used in the present calculations. In any 
| case, thermal data for Baldwin’s slag compounds 


are not yet available. 
The term Hiteat Loss may now be obtained from 


_ the solution of Eq. [1]. The furnace characteristic, 


K, is defined by equation [2]. 


Hiteat Loss [2] 

In subsequent calculations to asses the perform- 
ance of the selected furnace under new operating 
conditions, the assumption is made that the heat 
loss per unit of time from the furnace is constant. 
Furthermore, the calculations are always referred 
to the furnace performance at the same wind rate 
as that calculated for the reference period. On this 
basis it can be seen from Eq. [2] that Hyeat Loss 
may be obtained by multiplying K by the moles of 
nitrogen associated with the production of 1lb atom 
of iron under the new conditions of operation. This 
is illustrated in the following section. 

The Basic Equations—In order to assess the ef- 
fect of changes in any of the process operating var- 
iables on coke rate and production it has been ne- 
cessary to derive three equations relating three un- 
knowns. These equations are solved simultane- 
ously. The three unknowns are: N'-the moles of 
blast required to produce 1 lb atom of iron; d—the 
moles of carbon per pound atom of iron which react 
directly with oxides in the furnace; and ANc-the 
change in the carbon rate per pound atom of iron as 
compared to the reference period carbon rate. The 
equations used to relate these three unknowns are 
a carbon balance, an oxygen balance, and an en- 
thalpy balance. 

In deriving the carbon balance, the carbon ap- 
pearing in the top gas as CO and COz2 may be equated 
to the carbon burned at the tuyeres plus the carbon 
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supplied by the stone plus the carbon reacting di- 
rectly with oxides in the bosh and stack ¢.e., direct 
reduction and solution loss). It is also equal to the 
sum of the carbon supplied by the coke, the metallic 
burden materials and stone, minus the sum of the 
carbon contained in the hot metal and flue dust. 
Using the nomenclature defined in Table I this may 
be expressed as: 


N' (2X6, + ANG 
L FD HM 
+No- No NG 
or 
N' (2X6, +XH,0) +4 = N&* + ANG +NB- MEP 
NEM 


[3] 
where the term N&" refers to the carbon supplied by 
the coke in the reference period. The carbon sup- 
plied by the coke in the new period is, therefore, 
the sum of and ANa. 

The oxygen balance, which is referred to oxygen 
on an atomic basis, has been derived as follows. 
The oxygen content of the top gas is equal to the 
oxygen contained in the metallic burden materials 
which are reduced in the furnace plus the oxygen 
combined as CO, in the stone plus the oxygen in the 
blast. It may also be expressed in terms of the 
CO, COz and H2O content of the top gas. Using the 


Table |. Explanation of Symbols 


H — 1) with superscript alone: enthalpy content of material denoted by 
superscript in Btu per lb atom Fe. 
2) with superscript and subscript: enthalpy content in Btu per lb 
mole of constituent denoted by subscript. 


7, — calculated heat loss in Btu per lb mol Fe. 


Heat Loss 
N -— moles of substance per lb atom Fe. 
X — mole fraction of gaseous constituents. 
P -— production rate in net tons of hot metal per day. 
MW — molecular weight of compound or element. 
% — weight percent of constituent (indicated by subscript). 
A — increment in any variable per lb atom Fe—as referred to the 
reference period. 
Rc — CO/CO, ratio in the top gas. 
Ry — H,/H,O ratio in the top gas. 
S S 

Rs — slag basicity ratio = * 

+ %A1,0, 
d — moles of carbon reacting directly with oxides per lb atom Fe. 


ANc —change in the moles of carbon, supplied by the coke per lb atom 
Fe as referred to the reference period coke rate. 


Subscripts — These refer to elements or chemical compounds unless a 
full descriptive word is used. The subscript ‘‘avail. base’’ is defined as 
the base available to flux the burden and coke gangue after allowing for 
the base required to flux the gangue content of the stone mix to the ba- 
sicity ratio Rs. 


Superscripts 


* — indicates reference period data. 
“ — denotes blast component. 
— denotes top gas component. 


B burden. 
C —coke. 
L -—stone mix. 


FL — flue dust. 
HM — hot metal. 
-—slag. 
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symbols Rc and Ry to denote the CO/COs; and 
H2/H20 ratios, the oxygen balance may be written 
as: 


NO +N5 +N! 2X}, + = 
2+ Ro L 


+ 


The terms Nb and nq are not known for the new pe- 
riod of operation because the oxygen and carbon 
contributed by the stone will be affected not only by 
the change in burden but also by the change in coke 
rate. Thus, 


N6= + (ANS) 


Due to A Burden 


L 
(ANO) Due to A Coke [5a] 
and 
Li --azL L 
Ne Ng (ANG) to 
(ANG) pug to A Coke [5b] 


The sum of the firsttwo terms on the right-hand side 
of both equations [5a] and [5b] is calculated by add- 
ing the stone required to flux the gangue in the new 
burden to the stone required to flux the gangue sup- 
plied by the coke consumed in producing a lb atom 
of iron in the reference period. The last terms in 
Eqs. [5a] and [5b] may be expressed in terms of the 
unknown change in the carbon rate, ANc, as shown 
in Eqs. [6a] and [6b]. 


ANc) (MW 
(ANC) Duc to A 


L 
21,0, + %sio, ) (Rs)||%ca0 


6a 
MWcao MWygo 


ail base 
and 
(And) = 2(ANL) [6b] 
O/Due to A Coke C’ Due to A Coke 


Eq. [6b] shows the relation between carbon and oxy- 
gen in the stone. 

The enthalpy balance, in simple form, has already 
been defined by Eq. [1]. This equation when written 
for the new conditions, and rearranged gives: 


When this equation is expressed in terms of the 
process variables it becomes: 


N'| Xb, HO, +Xh, Hk, 


+ 
+ + a ~ | (N'Xt 0) 


Hy K (NIXE ) [7] 


In Eq. [7] all the terms refer to the new operating 
conditions except K. The terms H® and H" contain 
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the changes in the enthalpies of the slag and lime- 
stone due to the change in burden composition and 
the unknown change in coke rate as expressed in 
Eqs. [8a] and [8b]. 


S * 
4 to A Burden 


= (AHS ) nue to A Coke [8a] 
L_ L 
H + (AH Dae to A Burden 
to A Coke 


As in the case for N& and Nb, the sum of the first 
two terms on the right-hand side of these equations 
is obtainable by calculating the stone requirements 
for the new burden and the reference period coke 
rate. The weights of slag and stone so calculated 
are simply multiplied by their appropriate heat 
terms to give values for H®” + (AH® ) Due to A Burden 
and HL* (AH Lone to A Burden, respectively. The 
changes in the enthalpies of the slag and stone 
caused by the unknown change in coke rate are 
given by: * 


*The symbol ibe corresponds to the weight of slag in the reference 
period in 1b./lb. atom Fe. 


(AHS )Coke = ws* ae 


C C 
HS" We: (%A1,0; + %8i0, 


Rs 708i0,+ % 41,0, [9a] 
L % avail base 
(AH 
L 
ANc+M We: (%A1,0,+ )* Rs° 
(7%) (havail base) (M Woao) | 


The equations listed above contain three unknowns: 
N', d, and ANG. If the thermochemical model is to 
be used to analyze a period of actual furnace opera- 
tion the values of all the other terms in the equa- 
tions are known, but when the model is used to pre- 
dict furnace performance there are some terms 
which must be estimated before the equations can 
be solved. In cases where furnace performance is 
to be predicted the top gas CO/CO. and H2/H.O ra- 
tios used in Eqs. [4] and [7] are assumed to be the 
same as in the reference period except in the cases 
discussed in the following section. The flue dust 
weight is assumed to be the same as in the refer- 
ence period unless a change from an unscreened to 
a screened burden is involved. In the latter case the 
weight and analysis of the flue dust is estimated 
from comparison with previous furnace operating 
data. The iron composition and Slag basicity are 
usually assumed to be the same as in the reference 
period. For furnaces producing a basic grade of 
pig iron, the latter assumption does not give rise to 
any Significant error. 

Using the values of N’ and ANc calculated for the 
new conditions the production and coke rate can be 
calculated using Eqs. [10] and [11]: 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


7 [10] 
2 
HM 
% 


| Coke Rate = 2000 (Ne + ANG), [11] 


MWre 

In Eq. [10] the symbol P denotes the hot metal 
production in NTHM/iay and is referred to the same 
dry wind rate as in the reference period. 


DISCUSSION 


In applying the model to the analysis of blast- 
furnace problems, care must be exercised to avoid 
certain types of errors, and a general understand- 
ing of the sources of error and the restrictions of 
the model is essential. The type of errors which 
are associated with the model may be broadly di- 
vided into errors in operating and thermodynamic 
data and errors inherent in the formulation of the 
model itself. The latter arise because not all of the 
reactions which occur in the furnace are taken into 
account. It will be shown below that although some 
of these errors are incalculable they do not result 
in an appreciable total error in the calculations 
made using the model. With regard to restrictions, 
the model can be used to assess performance under 
any given set of operating conditions, but when large 
changes in practice are involved some prior knowl- 
edge of the factors which influence process perform- 
ance is required. Providing attention is given to 
these restrictions, the model may be satisfactorily 
applied to the analysis of problems associated with 
production planning, those involving the effect of 
changing a single input variable, analysis of blast- 
furnace trials,’? and the study of the relationships 
between some of the variables which cannot be 
measured directly. 

Accuracy of the Model— The way in which general 
errors in the materials balances are handled has 
been dealt with in the previous section. It should be 
reemphasized, however, that appreciable errors in 
the coke data will result in inaccurate values of both 
N’*and K. In setting up the model, it is sufficient to 
know the amounts and the initial and final states of 
the various elements and their respective tempera- 
tures. All of the elements which have a significant 
effect on the enthalpy balance are considered but 
not all of the side reactions in which they are in- 
volved are taken into account. 

In the reference period calculation, the enthalpy 
equation is balanced by the Aheat logs term. In ad- 
dition to the heat loss through the walls of the fur- 
nace, this term contains, therefore, the algebraic 
sum of all errors, including those in operating and 
thermodynamic data and those due to the reactions 
which could not be taken into account. Because of 
the way in which the model is used to evaluate fur- 
nace performance under new operating conditions, 
this unknown error in the Aheat logs term does not 
give rise to any appreciable error in the results of 
the calculation. This is because all calculations of 
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furnace performance are referred back to the value 
of the furnace characteristic, K. Hence, the model 
deals only with differences between the furnace 
performance for the new and the reference period 
conditions. The errors in the Apeat josg term are 
common to both calculations and tend to cancel out. 
The validity of the assumption that the heat loss 
from the furnace per unit of time is constant has 
been established by the close agreement found be- 
tween the changes in performance calculated by the 
model and those which actually have been observed 
in practice.”’’* A further check on this assumption 
has been obtained from two separate reference pe- 
riods, the first covering 721 furnace days on three 
identical furnaces, and the second, twenty four fur- 
nace days on one of these furnaces. The operating 
conditions during these two reference periods dif- 
fered slightly and in particular the wind rate, pro- 
duction, and coke rate were not the same. The heat 
loss from the furnace in Btu per min during the 
reference period may be calculated by Eq. 12. 


2000 (Hifsat toss) (Geet) (P* ) 
1440 (UWre) 


Heat Loss = [12] 
Using the data obtained from the two reference pe- 
riods mentioned above the calculated furnace heat 
loss differs by only 0.37 pct. This degree of agree- 
ment suggests that the error in the 
is probably very small or is at least constant. 

Restrictions of the Model—In evaluating the 
changes in performance which will result from 
changes in burden composition it is necessary to 
specify the furnace operating conditions before an 
assessment of the new production and coke rate can 
be made. It will be appreciated, therefore, that the 
accuracy of the predicted furnace performance with 
a new burden depends on the degree to which the 
new operating conditions can be correctly estimated. 
Some examples of the restrictions imposed upon the 
use of the model in predicting furnace performance 
and the ways in which the restrictions can be par- 
tially overcome are discussed below. 

The thermochemical model cannot predict what 
change in blast temperature and wind rate is com- 
patible with smooth operation of the furnace if a 
major burden change is made, nor can it predict 
what the new CO/COz ratio in the top gas will be. 
The effect of a change in the burden on the operating 
wind rate can usually be estimated from similar 
practices on other furnaces. Alternatively, if a 
change in the size distribution of the burden is in- 
volved, Ergun’s** correlation of blast furnace wind 
rate, pressure drop and material mean particle size 
may be used, but further studies are needed in this 
area to improve the accuracy with which the change 
in wind rate can be estimated. The change in the top 
gas CO/COz ratio and the increase in blast tempera- 
ture which may be permitted if a major change in 
the burden is made can only be estimated by com- 
parison with existing examples of furnace operation 
on the type of burden being considered. Thus if a 
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change to self-fluxing sinter is being considered, 
some idea of the change in CO/COz ratio which can 
be expected may be obtained from the numerous ex- 
amples given in the literature. 

The change in furnace performance resulting 
from alterations in the slag basicity will, in prac- 
tice, not only include changes in the slag volume 
and coke rate but also in the distribution ratio of 
sulfur between the hot metal and slag. The change 
in the sulfur distribution constitutes only a very 
small part of the total change in the process heat 
requirements brought about by altering the slag 
basicity and no significant errors are introduced if 
such heat effects are ignored. 

When considering the effect of high blast tempe- 
rature, steam injection, oxygen injection, or the in- 
jection of other additives, the degree to which these 
are compatible with smooth furnace operation can 
be estimated from consideration of the calculated 
adiabatic flame temperature developed at the tu- 
yeres. Here again, existing practice provides the 
key as to what range of calculated tuyere zone tem- 
peratures can be tolerated with the particular bur- 
den considered. 

In all predictions of furnace performance carried 
out to date, the hot metal and slag temperature and 
composition have been assumed to remain constant. 
The theoretical approach developed by Ceckler and 
Lander” to analyze the conditions of heat exchange 
in the blast furnace suggests that the changes in 
hot metal and slag temperature brought about by 
changes in blast temperature and composition may 
be calculable. Analysis of blast-furnace trials in 
which oxygen injection was used’ or in which changes 
in blast temperature occurred’* has shown very 
close agreement between the calculated and ob- 
served performances, even though the hot metal, 
slag, and top gas temperatures were assumed to be 
the same as in the respective reference periods. 

It seems likely, therefore, that the heat required 
to give the increase in the liquid temperatures may 
be approximately compensated for by the decrease 
in the top gas temperature. The assumption has 
also been made that the hot metal slag and top gas 
temperatures remain constant when a change to a 
self-fluxing sinter burden is made. The fact that 
the model does not take cognizance of the tempera- 
ture levels at which the various heat demands are 
satisfied in the process could lead to an erroneous 


coke rate for self-fluxing sinter operation unless 
the assumed operating conditions are close to those 
observed in practice. Consideration of heat transfer 
at various temperature levels in the furnace’® sug- 
gests that when predicting furnace performance 
with self-fluxing sinter burdens the coke rate calcu- 
lated using the model should be more reliable for 
higher levels of blast temperature. 

Further studies are planned in order to expand 
the range of the thermochemical model so that more 
of these factors can be directly and accurately taken 
into account. 
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Applications of the Model— The thermochemical 
model may be applied to the analysis of several types 
of blast-furnace problems. Inthis respect, it provides 
an effective means of interpreting the data collected 
during blast-furnace trials.”’* When conducting a 
trial to evaluate the effect on process performance 
of changing a particular operating variable it is 
virtually impossible to maintain the other operating 
conditions constant. If, however, the changes in all 
the operating variables have been measured the 
model can be used to evaluate the separate effect of 
any particular variable. 

The effect of changes in some of the operating 
variables on furnace coke rate can also be estimated 
using the statistical coefficients developed by R. V. 
Flint’ in his multiple correlation of blast-furnace 
variables. The comparative changes in coke rate 
resulting from several specific changes in practice 
as calculated using the statistical coefficients and 
the thermochemical model are presented in Table 
II, The agreement between the figures calculated 
by the two widely different methods is in most cases 
remarkably good. The large discrepancy for the 
open-hearth slag addition is at the present time 
difficult to explain. As in the case of utilizing self- 
fluxing sinter the use of open-heart slag results in 
a decrease in the process heat requirements at the 
lower temperature levels. More furnace tests are 
necessary to determine the operating conditions 
under which full advantage may be taken of this de- 
crease in process heat requirements in terms of a 
decrease in coke consumption. 

The thermochemical model may also be used ef- 
fectively in studies connected with production plan- 
ning. If an increase in the hot metal production is 
required from a group of blast furnaces it is ne- 
cessary to assess the costs involved in attaining the 
desired production rate by various combinations of 
blast and/or burden modification. Performance data 
calculated using the model can provide information 
on which cost comparisons can be based. In view of 
the large number of calculations involved in this type 
of study it has been found convenient to program the 
model on a digital computer. 

The changes in hot metal cost resulting from the 
use of various blends of the available raw materials 
can be assessed using linear programming tech- 


Table Il. Comparison of the Effect of Some Operating Variables 
on Blast-Furnace Coke Rate as Calculated by Flint’s Method 2 
and by the Thermochemical Model 


Changes in Coke 


Rate in 
lb per NTHM 

Change in Variable Flint’s Model 

Value Value 
100° F increase in blast temperature -36 =39 
Increase in blast moisture from 4 to 5 gr per cu ft. +13 +11 
Increase of 100 1b per NTHM in slag volume +44 +43 
Increase of 100 1b per NTHM in charged scrap -81 -80 
Increase of 100 1b per NTHM in charged roll scale -18 -18 
Increase of 100 1b per NTHM in charged open hearth slag =) -20 
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Fig. 1—Relationship between furnace heat loss and surface 
area of the hearth and bosh. 


niques. This approach was first used by Bailey’® 
who incorporated into his linear program the sta- 
tistical information developed by Flint,* Similarly, 

a linear program which makes use of the thermo- 
chemical model and which includes restrictions on 
the quality requirements of the hot metal and all 

raw materials, operating and freight costs, can be 
used to optimize the blast-furnace burdens at dif- 
ferent locations with regard to cost and production.*® 

The fundamental relationships between the amount 
of carbon consumed in the direct reduction and so- 
lution loss reactions, ‘d’, and other blast-furnace 
variables cannot be determined by direct measure- 
ment, but it is possible to examine some of the re- 
lationships between ‘d’ and other operating varia- 
bles using the model. Thus it has been found that 
increasing the blast temperature increases ‘d’ 
while increasing the moisture has the opposite ef- 
fect. At the present time these relationships can 
only be calculated by making assumptions with re- 
spect to the top gas CO/COz and H2/H20 ratios. 
When additional operating data become available it 
will be possible to determine the effects of high 
blast temperature and steam additions on the com- 
position and temperature of the top gas. Any estab- 
lished relationships could readily be incorporated 
into the model calculation so that the fundamental 
relationship between ‘d’, blast temperature and 
moisture could be more accurately assessed. 

At the time of writing, in order to use the model 
to evaluate furnace performance, it is necessary to 
collect data on a reference period of operation be- 
fore Heat logs and K can be calculated. The bulk 
of the actual heat loss from the furnace takes place 
through the walls of the hearth and bosh. Fig. 1 
shows a plot of the calculated furnace heat loss, in 
Btu per min, vs the surface area of the hearth and 
bosh. Five of the points are taken from reference 
periods of operation on Jones & Laughlin furnaces, 
and the sixth has been calculated from the data 
given by J. S. McMahan.” These furnaces range in 
hearth diameter from 18 to 28 ft and all have cool- 
ing plates extending up to the mantle. The operating 
conditions during these reference periods differed 
appreciably. The burdens ranged from 6 to 90 pct 
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sinter, the blast temperatures from 1000° to 1310°F, 
the blast moisture from 3 to 12 grains per cu ft of 
blast, and the wind rates from 44,000 cfm to 80,000 
cfm. When sufficient data become available to sub- 
stantiate the correlation between these variables, it 
will be possible to obtain a reasonable estimate of 

K and hence, to use the model to evaluate the per- 
formance of furnaces for which reference period 
data are not available. 

From the foregoing discussion it will be appre- 
ciated that a wide range of problems in blast-fur- 
nace technology can be tackled using the thermo- 
chemical model. Experience to date has shown that 
it is a most useful tool, and there are reasons for 
believing that in the future some of the restrictions 
which presently exist in some areas of its applica- 
tion may be overcome. 


CONC LUSIONS 


This paper has described the derivation, restric- 
tions, and applications of a thermochemical model 
of the blast furnace. The model is based on con- 
siderations of the materials and heat requirements 
of the process and makes use of a furnace charac- 
teristic obtained from a reference period of  pera- 
tion. It can be used to estimate the performnce of 
the blast furnace under any given set of operating 
conditions, but it cannot predict what the best con- 
ditions of operation on a particular burden must be. 

Application of the model to the analysis of blast- 
furnace trials carried out on Jones & Laughlin fur- 
naces has shown good agreement between the calcu- 
lated and actual furnace production and coke rate. 

It will be desirable in the future to expand its use to 
cover more examples of all types of operation, par- 
ticularly in the cases of operation with self-fluxing 
or pellet burdens and high blast temperatures. 

Although additional refinements are required be- 
fore the blast-furnace process can be completely 
described on the basis of materials balances and a 
fundamental enthalpy balance, enough is known about 
the process to enable fairly accurate predictions of 
furnace performance to be made in the case of most 
changes in practice. 
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Penetration of Liquid Bismuth into the Grain 


Boundaries of a Nickel Alloy 


Columnar grained specimens of nickel, containing 0.25 pct 
Si and 0.22 pct Mn, have been exposed to liquid bismuth in the 
temperature vange 670° to 1050°C. Under isothermal condi- 
tions the liquid penetration rate is constant. The activation 
energy for the process is 22,000 cal per g-atom. Small 
amounts of plastic deformation, introduced into specimens 
prior to exposure, increase the penetration vate. The slow 


step in liquid film penetration is associated with a reaction 
which occurs at or near the leading edge of the film. Either 
transfer of nickel across the liquid-solid interface or dif- 


fusion in the grain boundary ahead of the liquid film is sug- 


gested. 


areata metal, if brought into contact with the sur- 
face of an unstrained solid metal, will usually pene- 
trate to some extent into the grain boundaries of the 
solid. Under isothermal conditions the extent of 
penetration after any particular time of exposure is 
related to the relative magnitudes of the interfacial 
tensions concerned.”’* If the liquid-solid interfacial 
tension is less than one-half the grain boundary ten- 
sion the liquid may penetrate at a relatively rapid 
rate for an indefinite distance into the grain bound- 
ary surfaces. If the liquid-solid interfacial tension 
is greater than one-half the grain boundary energy, 
liquid penetration occurs at a continually decreasing 
rate so that after the liquid has penetrated to a rela- 
tively short distance below the surface the process 
essentially ceases.° 

Many observations of a qualitative nature con- 
cerning intercrystalline attack by liquid metals have 
been reported, for example, liquid bismuth upon 
copper,’ liquid mercury upon brass,* and liquid 


mercury upon nickel.* Scheil and Schessl determined 


the rate of penetration of liquid bismuth into the 
grain boundaries of hot rolled copper rod.° At con- 
stant temperature, penetration rate was found to be 
independent of the depth penetrated, the rate in- 
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creasing with increasing temperature corresponding 
to an activation energy of 20,000 cal per g-atom for 
the process. It was suggested that at lower tempera- 
tures the liquid travelled mainly along lines of three 
grain intersections while at temperatures greater 
than 1000°C essentially all grain boundary surfaces 
were covered. 

Recently, in a study of copper bicrystals having a 
common [100] axis it was found that at 649°C bis- 
muth penetrated 22, 25, and 63 deg boundaries while 
it did not penetrate 2, 12, 15, and 72 deg boundaries. 
Elbaum reported that liquid gallium penetrates alu- 
minum grain boundaries to a depth of 0.6 cm after 
11 hr at 27°C.° Assuming that the rate controlling 
step in the process was diffusion down the liquid 
film to the specimen surface, a diffusion coefficient 
of 10"° cm’ per sec was calculated. 

This paper reports a study of the penetration of 
bismuth-nickel liquids into the grain boundaries of a 
nickel alloy, containing 0.25 pct Si and 0.22 pct Mn 
as principal alloying elements. The phase diagram 
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Table 1. Composition of Nickel Alloy 


Chemical Analysis Spectrographic Analysis 


Element Analysis, Pct Element Analysis 
GC 0.03 Al slight trace 
Si 0.25 B very slight trace 
Mn 0.22 Cr trace 
Mg 0.033 Cu trace 
Fe slight trace 
Zn very slight trace 
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Fig. 1—Rectangular specimen of columnar-grained nickel 
alloy. (a) Schematic illustration showing reference notches 
on ends and indicating direction of preferred orientation. 
(b) Macrophotograph of specimen side. X7. 


for the nickel-bismuth system indicates the highest 
melting intermetallic compound NiBi to undergo 
peritectic decomposition at 655°C. Penetration was 
studied at temperatures between 670° and 1050°C. 
Consideration is given to complications which might 
arise as a result of plastic strain, boundary migra- 
tion, stability of specimen surface, and the presence 
of lines where three grains intersect. 


EXPERIMENTAL PROCEDURE 


Specimens—Nickel castings were prepared by in- 
duction melting electrolytic nickel under hydrogen, 
remelting under argon, adding small amounts of 
alloying agents, and pouring into a chill mold. Anal- 
ysis of the resulting ingot is shown in Table I. 

Rectangular specimens, ranging up to approxi- 
mately 2 by 0.7 by 0.7 cm in dimensions, were cut 
from the portion of the ingot possessing a columnar 
structure, Fig. 1. A layer approximately 0.1 cm in 
thickness was removed from each cut surface by 
alternately etching in nitric acid and grinding on 
metallographic paper. Grain diameters ranged from 
0.1 to 0.2 cm. The majority of the grain boundaries 
have high-angle orientations as determined by X-ray 
analysis. 

Specimen Exposure to Bismuth-Nickel Melts— 
Bismuth of 99.999 pct purity was reacted with an 
excess of electrolytic nickel in an evacuated quartz 
capsule at the temperature of specimen exposure. 
The capsule, containing a mixture of liquid and ex- 
cess nickel, was then quenched to form a cylindrical 
ingot. One specimen, with the appropriate ingot, was 
then sealed off in another capsule, ingot positioned 
above specimen, and lowered into a vertical tube 
furnace for exposure. After the appropriate time of 
exposure, the capsule was pulled from the furnace 
and quickly shattered under water. 
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Fig. 2—Intercrystalline film penetrating boundary from 
specimen surface. Solidified layer present on surface. One 
hour at 670°C. X75. Enlarged approximately 16 pct for re- 
production. 


Metallographic Examination—When removed from 
quenching water, the specimen was thinly coated 
with solidified liquid. Orientation was established 
by locating reference notches on the specimen. A 
face parallel to the long axis of the grains was 
placed in the surface of a plastic mount and a 
measured amount of the specimen ground off. 
Usually one-third to one-half of the specimen width 
was removed in order to eliminate penetration from 
directions other than that under observation. 

Penetration parallel to [100] was measured on 
polished and etched surfaces using a movable mic- 
roscope stage, calibrated to 0.0008 cm. Frequently 
the amount of penetration was measured at several 
section-depths in the specimen to insure that side 
penetration had been eliminated. Boundaries near 
the ends of specimens and boundaries which were 
curved or which had migrated during exposure were 
neglected. 


EXPERIMENTAL RESULTS 


Penetration Depth Measurements—After exposure 
to the liquid essentially all high-angle boundaries 
are penetrated by a film, presumably composed of 
an intermetallic compound at room temperature. 
Typical boundary films, after an ammonium per- 
sulfate-potassium cyanide etch, are shown in Figs. 
2 and 3. Exposures were for 1 hr at 670°C and 1 
hr at 970°C, respectively. 


Fig. 3—Intercrystalline film after 1 hr at 950°C. X75. En- 
larged approximately 16 pct for reproduction. 
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Fig. 4—Depths of penetration into twenty-seven boundaries 
on a Specimen exposed for 24 hr at 670°C. 


Depths of penetration into twenty-seven boundaries 
of a typical specimen, exposed for 24 hr at 670°C, 
are shown in Fig. 4. These were taken to the visible 
forward edge of films as observed on polished and 
etched surfaces. Depths are plotted in order of in- 
creasing magnitude in Fig. 4; therefore, the se- 
quence of boundaries as located along the specimen 
is not preserved. With the exception of one high 
reading, which may be spurious, there is an approx- 
imately uniform distribution of boundaries over the 
penetration depth range. Mean and median values 
taken from these data are 0.0605 and 0.0623 cm re- 
spectively. 

A similar distribution in depths is observed in all 
specimens. Further, in all specimens studied, un- 
penetrated boundaries are found to compose 15 + 5 
pet of the total number of boundaries present. The 
degree of scatter indicated is associated with sub- 
structure in the material since it is difficult to be 
consistent in the counting of sub-boundaries. Almost 
all data points associated with penetrated boundaries 
fall close to a straight line, as plotted in Fig. 4, and 
essentially the same fraction of the total number of 


Fig. 5— Fracture which developed in boundary shown in Fig. 


2 after specimen was bent about an axis perpendicular to the 
plane of polish. X75. Enlarged approximately 16 pct for re- 


production. 
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Fig. 6— Fracture in the boundary of a bent specimen ex- 
posed for 1 hr at 950°C. X75. Enlarged approximately 16 
pet for reproduction. 


boundaries remain penetrated over the temperature- 
time range studied. Therefore, mean or median val- 
ues for depth of penetration are representative of the 
process despite the large spread in magnitude of the 
individual values. 

Boundaries containing the intruding films are quite 
brittle. After the measurements described above 
were carried out, several specimens were bent 
about an axis perpendicular to the plane of polish in 
order to determine the depth to which they would 
fracture. Fig. 5 shows the fracture which developed 
in the grain boundary shown in Fig. 2. Another frac- 
ture, along the boundary of a specimen which was 
exposed for 1 hr at 850°C, is shown in Fig. 6. A 
distinct change from brittle to plastic behavior is 
evident near the tip of these fractures. In general, 
only those boundaries near the center of the speci- 
men on the tension side open up. Mean depths of 


fracture, taken from data on those boundaries which 
opened up, are consistently greater by approximately 
0.001 cm than mean depths of penetration taken to 
the tips of the visible films. 

Mean penetration depths in specimens held for 
various times at 670°, 850°, 970° and 1050°C are 
plotted in Fig. 7. The penetration rate, under iso- 
thermal conditions, remains essentially constant to 
the maximum depths observed, approximately 0.1 
cm. 

Depths of penetration do not extrapolate to zero at 
zero time. Initially there is some solution of the 
specimen, the amount increasing with increasing 
temperature, despite the care taken to saturate the 
bismuth with nickel prior to exposure. Since pene- 
tration depths, as plotted in Fig. 7, refer to the 
original position of the specimen surface, a rela- 
tively rapid solution process may in large part be 
responsible for the apparently large initial penetra- 
tion rate. Further, an increase in the initial pene- 
tration rate would result from the presence of plas- 
tic strain, as might be introduced during specimen 
preparation, in the vicinity of the surface. 

Penetration rates, taken from the slopes of the 
lines in Fig. 7, are plotted ona logarithmic scale 
against the reciprocal of absolute temperature in 
Fig. 8. The experimental activation energy for the 
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process, calculated from the slope of the straight 
line of best fit, is 22,000 cal per g-mole. 

Change in Specimen Dimensions—In all instances a 
small increase in overall specimen dimensions was 
observed during exposure. The increase for each 
surface was taken as one-half the average increase 
in specimen width during exposure. This is shown in 
Fig. 9 for a series of specimens exposed at 670°C. 
As there seems to be no correlation with exposure 
time, growth is presumably the result of deposition 
of nickel during solidification. Material dissolved 
from the boundaries may add to the deposited layer 
but could only be a small fraction of that observed. 
Penetration data, as recorded in Fig. 7 and else- 
where, do not include this increase in specimen 
thickness, since they refer to the original position 
of the specimen surface. 

In an effort to determine if there was specimen 
growth in a direction perpendicular to the grain 
boundary surfaces, other than from deposition of 
nickel during solidification, a specimen of special 
design was exposed. This specimen was in the form 
of a cylindrical container, 0.3760 cm OD, 0.0172 cm 
ID, and 7.6011 cm long. Approximately 75 grains 
were located along its length. The specimen, while 
containing the liquid, was exposed at 1050°C until 
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Fig. 8—Penetration rate plotted as a function of the recip- 
rocal of absolute temperature. Slope corresponds to an 
activation energy of 22,000 cal per g-mole. 
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some boundaries were penetrated through to the out- 
side surface. As determined by comparison of length 
before and after exposure, any dimension change re- 
sulting from penetration was less than 10-* cm. 

Film Thickness— Measurements of thickness, 
taken along the lengths of films, show them to taper 
down to widths of less than 10-* cm in the vicinity of 
the leading edge. A series of width measurements 
taken along the length of a typical film, oriented ap- 
proximately perpendicular to the plane of polish, are 
shown in Fig. 10. A number of film thickness meas- 
urements made within 10-°* cm of the visible leading 
edge, on specimens exposed for various times and 
temperatures, indicate the apparent width at this 
point is somewhat less than 10-* cm. Since the mean 
fracture depth, on bent specimens, is on the order of 
10-° cm greater than the mean depth to which a film 
is visible, some further diminishing in thickness 
below that which was measured undoubtedly occurs. 
Because the apparent film thickness near the visible 
leading edge approaches the limit of resolution of the 
light microscope, these measurements are con- 
sidered to be no better than order of magnitudes es- 
timates. Further, the dimensions of the solid inter- 
crystalline film are not necessarily those of the 
penetrating liquid film, which undergoes properitec- 
tic and peritectic reactions on cooling. 
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Fig. 9—One-half the increase in specimen width, which oc- 
curs during exposure at 670°C, plotted as a function of ex- 
posure time. 
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Fig. 10—Film thickness as a function of length of a film 
oriented approximately perpendicular to the plane of 
polish. 


Lines of Three Grain Intersections—Specimens 
were sectioned at regular intervals, approximately 
0.01 cm apart, both parallel to and perpendicular to 
the long axis of grains in an effort to ascertain if 
penetration occurred at a faster rate along lines of 
three grain intersections than along surfaces where 
two grains join. No evidence was obtained to indicate 
that penetration occurred at a greater or lesser rate 
along these lines. 

Repeated sectioning of specimens parallel to the 
long axis of the grains shows the film to advance 
rather uniformly along individual grain boundary 
surfaces. However, in some instances on going from 
one boundary to another, at the point of three grain 
intersection, a sharp discontinuity appears. This 
difference in behavior between individual boundaries 
is in agreement with the wide variation in penetra- 
tion depths as shown in Fig. 4. 

Effect of Plastic Strain—Plastic strain, introduced 
into specimens prior to exposure, significantly in- 
creases the penetration rate. Specimens were 
strained by bending about an axis perpendicular to 
the long axis of the grains, as shown in Fig. 11. The 
specimen from which these data were obtained was 
exposed for 2 hr at 670°C. Its dimensions in the 
section shown in Fig. 12 were 2.54 cm long and 0.52 
cm in height. The amount of deformation, X, was 
0.015 cm. Penetration in boundaries near the center 
of the specimen, where most of the deformation oc- 
curred, was about 25 pct greater than in boundaries 
near the ends. There was no significant difference 
between boundaries located on the tension and com- 
pression sides of the specimen. 
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Fig. 11—Depth of penetration into boundaries of a specimen 
bent prior to exposure for 2 hr at 670°C. Specimen was 
0.52 cm high and x was 0.015 cm. 


DISCUSSION 


The occurrence of liquid phase penetration at a 
relatively fast and essentially constant rate under 
isothermal conditions indicates that in this system 
the energy of high angle boundaries is greater than 
twice the liquid-solid interfacial energy. The range 
in penetration depths in an individual specimen, as 
shown in Fig. 4, suggests substantial variation in the 
properties of boundaries which accept the liquid. 

Small amounts of impurities may have marked 
effects on the magnitude of interfacial tensions. 
Therefore, the presence of 0.25 pct Si, 0.22 pct Mn, 
0.03 pct C in the alloy and a small amount of oxygen, 
picked up by the liquid bismuth from the container, 
may influence somewhat the relative values of the 
interfacial tensions concerned. However, since the 
process proceeds at a constant rate under isother- 
mal conditions and in a manner similar to that ob- 
served by Scheil and Schessl for liquid bismuth 
penetrating into copper, it is believed that these re- 
sults are representative of liquid intercrystalline 
penetration in systems where the grain boundary 
tension is greater than twice the liquid-solid inter- 
facial tension. 

Three mechanisms for the initial step in the pene- 
tration process, that is, for the reaction which oc- 
curs in the vicinity of the leading edge of the pene- 
trating liquid film, have been considered. In the 
first mechanism, a mechanical displacement mech- 
anism, the process is conceived of as one in which 
the advancing liquid film forces the two grains lat- 
erally apart on a macroscopic scale. As penetration 
proceeds some deformation near the leading edge of 
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the film may be required, resulting in specimen ex- 


pansion in a direction perpendicular to the grain 
boundary surface. In the second mechanism, a solu- 
tion mechanism, the process is conceived of as one 
in which the advancing liquid film dissolves material 
at the leading edge, then transports this material to 
the specimen surface where it is deposited. In the 
third mechanism, a ‘‘vacancy-sink’’ mechanism sug- 
gested by Mullins,’® the process is conceived as one 
in which the grain boundary opens up as vacancies, 
drained from the bulk metal, collect at the leading 
edge; the initial step in the penetration process may 
then be viewed as being similar to the climbing of an 
edge dislocation. 

The possibility that penetration occurs by mechan- 
ical displacement of the contiguous grains is sug- 
gested by the observation that an abrupt expansion 
occurs in a bar of tungsten carbide when one end is 
exposed to liquid cobalt. However, during penetra- 
tion, insufficient expansion occurs to account for the 
relatively thick films present in specimens which 
have undergone prolonged exposure. Therefore, 
some solution and redeposition at the specimen sur- 
face must occur, at least in the latter stages of the 
process. If mechanical displacement occurs, it is 
restricted to the early stages of the process. An es- 
timate of its maximum contribution, based on the re- 
sults obtained from the cylindrical specimen, is 10° 
cm per boundary penetrated. 

If the process is entirely one of solution and re- 
deposition, diffusion from the advancing edge of the 
liquid film to the specimen surface is not the slow 
step in the process, as was assumed by Elbaum for 
gallium in aluminum grain boundaries,” since the 
rate of a diffusion controlled process would not re- 
main constant as penetration proceeds. Also, an 
activation energy of 22,000 cal per g-mole is too 
high for liquid-phase diffusion, although it is in the 
range for surface or grain boundary diffusion. 
Therefore, if the mechanism is entirely one of solu- 
tion and redeposition, it is suggested that the rate 
limiting step is associated with reactions which oc- 
cur at or just ahead of the advancing liquid film 
edge. Possibilities are transfer of nickel across the 
solid-liquid interface or diffusion of bismuth in the 
grain boundary ahead of the advancing film. 

There is evidence to indicate that bulk solid 
metals may dissolve into liquid metals at rates 
greater than penetration rates observed for grain 
boundary solution in this system. Ward and Tay- 
lor,** observed initial solution rates of approxi- 
mately 10° atoms per cm’ per sec for copper in 
unsaturated liquid bismuth at 510°C and gave evi- 
dence that the rate controlling step in this process 
was liquid phase diffusion. If the fraction of melting 
point is used as a basis of comparison for copper 
and nickel, 510°C for copper corresponds to 722°C 
for nickel. At 722°C the grain boundary penetration 
rate is equivalent to 10°” atoms per cm’ per sec, as- 
suming bulk density for the grain boundary. Since 
the solution processes for the two instances are not 
identical and since the difference in solution rate is 
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not particularly large, the possibility that the re- 
action is controlled by the rate of transfer of nickel 
across the advancing interface cannot be eliminated 
on this basis. 

The vacancy-sink mechanism can be associated 
with grain boundary diffusion since the grain bound- 
ary may be the source of a relatively large number 
of vacancies and in the presence of a vacancy con- 
centration gradient will tend to transport vacancies 
to the advancing film edge. Therefore a detailed 
analysis might predict an activation energy in the 
range observed. However, only the initial stages 
of penetration are predicted by this mechanism 
because it ceases to operate at the point where 
the grain boundary opens up on an atomic scale. 
Subsequent thickening of the films to the macro- 
scopic thickness observed must proceed by another 
mechanism, probably one of solution and redeposi- 
tion at the specimen surface. 

Consideration has been given to reasons why rela- 
tively thick liquid films form almost immediately as 
penetration proceeds. Grain boundaries are elimi- 
nated long before the films reach the thickness ob- 
served near their apparent forward edge. It appears 
that liquid intercrystalline films in contact with bulk 
liquid at the specimen surface resist thinning to be- 
yond a certain minimum thickness. The observation 
that abrupt expansion occurs when partially sintered 
compacts of tungsten carbide are exposed to liquid 
cobalt® suggests that during the early stages of 
thickening intruding interparticle films are capable 
of exerting an appreciable force. It has been ob- 
served that when a gas bubble in certain water solu- 
tions is pressed against a solid surface or against 
another bubble a detectable force develops which op- 
poses thinning of the resulting liquid film to below 
the range 10” to 10° Athickness.’”’!* Additives to the 
water such as sodium hexadecyl sulphate and sodium 
oleate are considered to be responsible for the 
effect. In the present case the rapid thickening of 
penetrating liquid films is probably due to a capil- 
larity effect and possibly one which is associated 
with the presence of the alloying elements in the 
nickel. 


SUMMARY 


In summary, it seems reasonably certain that the 
slow step in liquid film penetration is associated 
with a reaction which occurs at or near the leading 
edge of the film. Either transfer of nickel across 
the liquid-solid interface or diffusion in the grain 
boundary ahead of the liquid film is suggested. A 
grain boundary diffusion mechanism only describes 
the initial stages of the process; subsequent thicken- 
ing of the films to the macroscopic thickness ob- 
served must occur by solution and redeposition of 
material at the specimen surface. 
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in High-Purity Iron and Some 


The characteristics of the motion of the y-a interface 
during the ‘‘down’’ transformation was studied in zone-refined 
iron and dilute binary alloys containing nickel and molybdenum 
by means of the thermionic emission microscope and high 


speed photography. The frontal movements were found in all 
cases to be definitely discontinuous with time and an appreci- 
able number of incremental jumps were found to proceed in 
the reverse direction (a to y). Molybdenum was found to be 
particularly effective in increasing the frequency of the in- 
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crements of transformation from the stable to the metastable 


phase. 


A knowledge of the mechanism by which alloying 
elements affect the hardenability of a steel is desir- 


able from both the practical and scientific viewpoints. 


It is well established that microstructures consist- 
ing of tempered martensite and lower bainite exhibit 
the best performance in terms of toughness and re- 
sistance to crack propagation. The presence of some 
upper transformation products, namely ferrite and 
pearlite, is in general undesirable. Various re- 
searches have indicated that the ferrite matrix grain 
structure is a very important difference between the 
upper and lower transformation products, namely 
equi-axed vs acicular. Any comprehensive theory of 
the decomposition of austenite should explain the de- 
pendency of the morphology of the matrix on under- 
cooling. 

The contribution of various alloying elements to 
hardenability has been determined experimentally 
and catalogued in considerable detail. A rationaliza- 
tion of the basic mechanism or mechanisms by 
which individual elements affect the kinetics of the 
decomposition of austenite to products other than 
the phase ‘‘martensite’’ has not been evolved as yet. 
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J. W. Spretnak 


Interest in this problem was stimulated by the ef- 
fects of minute quantities of boron in hardenable 
steels. This paper deals with one aspect of this prob- 
lem, namely the characteristics of the y-a transfor- 
mation in high-purity iron and in two carbon-free 
iron binary alloys. 

A detailed historical account of the scientific de- 
velopments in the study of the decomposition of aus- 
tenite would be a prodigious undertaking and will not 
be attempted here. There are several excellent re- 
views in the literature on the formation of pearlite, 
martensitic reactions, and kinetics of solid-state 
reactions, The thinking on reaction mechanisms has 
been influenced to a large degree by the ‘‘classical’’ 
Tammann nucleation and growth model, in which an 
embryo springs into being by a fluctuation, and 
grows to a critical size through atom by atom de- 
position. Such a process is expected, accordingly, 
to be diffusion controlled. Considerable research at- 
tempting to relate the contribution of alloying ele- 
ments to hardenability on the basis of their effect on 
the diffusivity of carbon in iron has not been produc- 
tive from a mechanistic viewpoint. The formation of 
pearlite and ferrite has been treated in terms of 
nucleation and growth processes in which presumably 
the lattice transformation also occurs by a diffusion 
process, The other prominently considered mecha- 
nism is the ‘‘martensitic’’ or cooperative shearing 
mechanism, It seems generally, but not entirely, 
agreed that the phase ‘‘martensite’’ forms by this 
mechanism, and that it is involved to some extent in 
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the formation of lower bainite. Smith! has proposed 
that pearlite can form austinite by the movement of a 
noncoherent interface and Massalski? has introduced 
the concept of ‘‘massive transformations’’ occurring 
by the rapid motion of a high energy interface. 

it is clear that the mechanism by which y iron 
transforms to a iron is a vital issue in understand- 
ing the decomposition of austenite. From the view- 
point of a diffusional process, ferrite would be en- 
visioned to arise from an embryo in the austenite and 
grow by advance of an interface, presumably inco- 
herent, in which both the lattice rearrangement and 
essentially complete partitioning of the carbon to the 
austenite occurs. It is possible also, to propose that 
this segregation of carbon takes place in the meta- 
stable austenite. In the case of pearlite formation, 
however, this interface is called upon to deposit the 
cementite lamellae behind it in the ferrite instead of 
Sweeping the carbon atoms into the austenite. If it 
can be demonstrated that the transformation occurs 
first by a cooperative shearing mechanism (marten- 
sitic), then it can be hypothesized that supersatura- 
tion with respect to carbon is physically attained by 
the transformation followed by either ‘‘squeezing’’ 
out of carbon atom by the increment of transformed 
layer, or by a subsequent precipitation of a carbide 
phase. The case of formation of the phase ‘‘marten- 
site’’ is then a limiting case in which the transforma- 
tion takes place. with the solute atoms in situ, with no 
subsequent precipitation of carbides. Accepting that 
the phase martensite in steels forms by a marten- 
sitic mechanism, the crucial question suggests itself: 
Does the mechanism of the lattice transformation 
indeed change above the Ms temperature from a mar- 
tensitic mode to a diffusional mode? Previous con- 
siderations of this problem by this laboratory® sug- 
gested that such an ‘‘order-to-order’’ transforma- 
tion should proceed by a martensitic process at all 
degrees of undercooling. 

It is unfortunate in some respects that the charac- 
teristics of martensitic transformations were for- 
mulated on the basis of the formation of ‘‘martensite’ 
in hardenable steels. Kurdjumov and subsequent 
workers demonstrated the lack of generality of such 
criteria as morphology, kinetics, and time independ- 
ence of the reaction, raising the question of an un- 
equivocal criterion for discerning the basic mech- 
anism of the allotropic transformation in iron. After 
careful consideration of this problem, Eichen and 
Spretnak* adopted as the criterion for the mechanism 
the manner in which the y-a interface moves during 
transformation: a) if continuous with elapsed time, a 
nucleation and growth mechanism is indicated, b) if 
discontinuous with time, a martensitic, or coopera- 
tive shear, mechanism is indicated. This criterion 
did not gain universal approval and accordingly it 
must be regarded as tentative. The surface of the 
specimens in this research was observed to rumple 
consistently as a result of cycling through the trans- 
formation. 

The frontal movement was studied by Eichen and 
Spretnak by means of high-speed photography of the 
moving front on the screen of a thermionic emission 
electron microscope, followed by frame-by-frame 
analysis of the film. The experimental conditions re- 
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stricted the studies to continuous cooling with the 
transformation occurring at miid degrees of under- 
cooling. The front was found to move consistently in 
a discontinuous manner with time, in keeping with the 
concept of an initiation of a shearing event, the prop- 
agation through an increment of volume until scat- 
tered and halted, a rest period, and finally a re-initi- 
ation of a shearing event. These measurements 

were facilitated by the fact that very often straight 
moving fronts were observed on the film sweeping 
out large areas on the screen. On the basis that the 
selected criterion for discerning the mechanism is 
acceptable, the following conclusions resulted: 

1) The frontal movement is discontinuous with 
time and a martensitic mechanism is indicated for 
the A, transformation in iron. 

2) The greater the degree of undercooling, the 
longer the average shear length, and the shorter the 
average rest period between successive shears. 

The present paper extends these studies to zone- 
refined iron, iron-molybdenum and iron-nickel bi- 
nary alloys. 


EXPERIMENTAL PROCEDURE 


The microstructural features of the y-a@ trans- 
formation were followed on the screen of a thermionic 
emission electron microscope which has been de- 
scribed elsewhere.*® This instrument was designed 
with its axis in a horizontal position in order to 
facilitate photography of the fluorescent screen. 

This instrument was selected for these studies be- 
cause of its convenience at elevated temperatures, 
its good resolution, and good contrast between grains 
and phases. The image is produced by emission of 
electrons from a flat specimen surface (specimen is 
3/8 in. in diam and 0.030 in. thick) with the aid of an 
activator, their acceleration to an electrostatic lens 
system in which they are refracted to form the sur- 
face image on a fluorescent screen, using a zinc 
oxide phosphor. The activator was pulverized BaCO; 
passed through a 100-mesh screen, Three grams of 
this powder is added to 400 cc of ethyl alcohol, the 
mixture shaken well, and allowed to levigate for 30 
min in order to establish a consistent suspension 
concentration near the top of the liquid. The sus- 
pension is added drop by drop, allowing each drop to 
dry on the surface, until a slight frost appears on 
the specimen surface. The surface temperature of 
the specimen was calibrated by thermocouple tech- 
niques® so that the Variac transformer power read- 
ings in the specimen heater circuit corresponding to 
various equilibrium temperatures is known. Also, 
the cooling curves were determined for the speci- 
men surface resulting from suddenly changed power 
setting corresponding to an equilibrium value for a 
temperature under the A, temperature. It was de- 
termined that a gradient of 29°C exists from the 
periphery to the center of the specimen at tempera- 
tures in the vicinity of the transformation tempera- 
ture. This gradient assures that on cooling, the 
transformation will initiate at the periphery and pro- 
ceed to the center of the specimen on a ‘‘down’’ 
transformation. 
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The photographing of the moving front was done 
with the cooperation of the Department of Photography, 
The Ohio State University, by a high-speed movie 
camera operating at 64 frames per sec. Several 
sequences were taken of each specimen. The general 
technique was described in a previous publication.‘ 
Enlargements were made of each frame and the po- 
sition of the front was measured from a convenient 
fiduciary line established from microstructural fea- 
tures. The advantage of using fiduciary marks which 
are inherent in the microstructure is that an acci- 
dental movement of the screen image through occa- 
sional arcing, or slippage in the movie camera will 
not affect the measurement of the position of the 
front. A check was made to determine whether or 
not film shrinkage or magnification variations from 
frame to frame was seriously affecting the meas- 
urement. It was found that in 150 frames, the dis- 
tance between two points in the microstructure was 
reproducible to +0.005 in. at X200. This was taken 
as the experimental error; from one frame to the 
next, if the front was stationary or apparently moved 
less than 0.010 in., it was judged as no action in the 
frame—if it moved more than 0.010 in., it was judged 
to have undergone a significant movement. The ac- 
tual jump, of course, is not caught at these film 
speeds; the action when it was observed occurs in 
the interval between frames. 

The iron used in these studies was zone-refined 
iron supplied by the Battelle Memorial Institute 
through the sponsorship of the American Iron and 
Steel Institute.* The previously reported work* em- 


*The analysis is reported as follows in ppm: C < 10, O—27, N <2, 
H<0.1, X< 10, P<5, Al—4, Sb < 10 (ND), As < 10 (ND), B<5, Ca-1, 
Cd <50 (ND), Cr—1, Co—10, Cu—1, Ga< 50 (ND), Pb < 1, Mg—2, 
Mn—1, Mo—10, Ni—4, Si—10, Sn—1, V < 10 (ND), W <1(ND). Note: ND 
signifies not detected. 


ployed triple refined electrolytic iron containing 
about 2500 ppm impurities. The zone-refined iron 
was uSed to fabricate the iron specimens and also 

as melting stock for the molybdenum and nickel al- 
loys. Charges were carefully weighed up to obtain a 
Fe-1 pet Ni and Fe-1 pct Mo alloys. The alloys were 
melted in a small tungsten-arc button furnace. Six 
meltings of the button were effected, the button being 
turned over after each melting in order to minimize 
segregation. The buttons were carefully weighed 
after melting and losses in melting never exceeded 
0.16 pct by weight; the buttons were not analyzed 
quantitatively for nickel and molybdenum. The but- 
tons were rolled to 0.030 in. sheet from which the 
disc-shaped specimens were fabricated for the mi- 
croscope. 


EXPERIMENTAL RESULTS 


The y-a transformation was made to occur under 
three different thermal histories corresponding to 
instantaneously changing the power input to the speci- 
men heater coil from 25 w to a) 18 w, b) 17 w, and 
c) 16 w. The setting of 25 w corresponds to a steady- 
state peripheral specimen temperature of 930°C, 18 w 
to 857°C, 17 w to 842°C, and 16 w to 815°C. The three 
materials were in this manner subjected to three re- 
producible cooling rates through the transformation 
range. Care was taken to position the specimen each 
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time in order to have the structure on the screen 
corresponding to the center of the specimen. 

Three parameters characteristic of the transfor- 
mation were measured. These are as follows: 

1) The magnitude of the displacement of the front 
in the cases in which the front was observed to move 
from one particular frame to the next, hereafter 
termed the shear length. 

2) The time interval between successive displace- 
ments or shearing events, hereafter termed the rest 
period. This parameter corresponds to the number 
of ‘‘no-action’’ frames between two shearing events.* 


*Actually, this is taken as the number of ‘‘no action’”’ frames between 
two action frames minus one, since the action can take place throughout 
the 1/64 sec interval. 


Since each frame represents a time interval of 1/64 
sec, the rest period between shears is directly de- 
termined. 

3) The time interval between the initiation of the 
cooling of the specimen and the observation of the 
transformation front in the center of the specimen, 
hereafter referred to as the start time. 

The analysis of the film revealed two particularly 
interesting facts. First, as was observed by Eichen 
and Spretnak* using refined electrolytic iron speci- 
mens, the y-a@ front moves in a discontinuous man- 
ner. Secondly, although the transformation of the y 
iron occurs at temperatures at which a iron is the 
stable phase, the movement of the front is observed 
to occur in the backward direction, along with the 
predominantly forward jumps. That is, rather fre- 
quently an incremental volume of a at the y-a 
interface transforms back to the metastable phase. 

A summary of the data obtained is given in Table 
I. In this table, Fp is the fraction of the total number 
of jumps, or shear displacements, which were of the 


“backward nature’’, AXp and A Xp are the average 
values of the backward and forward jumps in inches 
measured at X200, and A@ is the average value of 
the rest period in units of one sixty-fourth of a sec- 
ond. Included, also, in Table I is a comparison of the 
time required for the front to travel an arbitrary 
distance (3/16 in.) as computed from the observed 
overall movement in the film, for an entire sequence 
and as computed from the average rest period, fre- 
quency of back jumps, and average jump lengths as 
follows: 

Distance travelled in increment of time dy = num- 
ber of jumps forward x average jump length forward 
number of back jumps X average length of back jumps. 

The total number of jumps in time d; is d,/A8, 
where A@ is the average rest period. 

Then 


d d 


[1] 


where 
Fp = fraction of total jumps in back direction 


AXp = mean jump length in forward direction 
AXp = mean jump length in backward direction. 
Collecting terms, 

dx _[&Xp - Fp (AXp + AXp)] 

dy 


[2] 
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Table |. Summary of Data on Transformation Kinetics of Zone-Refined Iron and Dilute Binary Alloys Containing Nickel and Molybdenum 


Time for Interface to 
Travel 3/16 In, Sec 


Average 
at As Calcu- As Mea- Start 
Experimental AXg, AO, lated from sured from Time,* 
Conditions Material Fp In. at X200 In. at X200 Sec Eq. [1] the Films Sec 
25 18 w Zone-refined Iron 0.273 0.013 0.0188 2.16/64 126 150 112 
1 wt pet Ni 0.333 0.0176 0.0251 1.69/64 91 83 72 
1 wt pct Mo 0.450 0.0239 0.0245 1.88/64 407 405 14 
25 17 w Zone-refined Iron 0.347 0.0192 0.0221 1.67/64 125 126 64 
1 wt pct Ni 0.167 0.0187 0.0201 1.97/64 85 96 43 
25 16 w Zone-refined Iron 0.410 0.0197 0.0244 1.39/64 130 130 35 


*Nucleation site for observed front at center of specimen is unknown. It may have been nucleated at sites other than the periphery. 


The time to travel an arbitrary distance of 3/16 

in, is 
3] 

16 [AXp = Fp(AXp AXp)] 
This calculation serves two purposes: 1) it gives a 
direct comparison of the net overall frontal move- 
ments, and 2) it affords an idea of the degree of 
skewness of the distribution of rest periods and 
jump lengths. If these distributions are normal, the 


times for travel of a given distance computed by the 
two methods should be identical. 


The last column in Table I gives the ‘‘average start 
time’’ for the-iron and iron alloys. This is the time 
between the start of cooling the specimen and the ob- 
servation of the transformation at the center of the 
specimen. These data should reflect the velocity of 
the movement of the transformation front, provided 
that the front is initiated at the same position in the 
specimen in each case. In the case of random nu- 
cleation over the surface of the specimen, the start 
time must be considered in terms of an average 
value, since the observed front can nucleate at any 
site on the specimen surface. The average start 
time can be calculated as follows, assuming that the 
specimen is at uniform temperature and free of 
structural discontinuities (random nucleation): 

The probability of the nucleus forming within an 
annular ring of the width dr = 


63/16(seconds) = 


b= 


where + is the radius and the specimen radius is 


3/16 
AY. 
where wv is the velocity of the front and 
Nile 
8v [6] 


If the front is nucleated randomly, the average start 
time will be inversely proportional to the average 
frontal velocity. The calculated start time is com- 
pared to the observed values in Table II. The gen- 
eral lack of agreement leads to the conclusion that 
nucleation is not random in the specimens, and that 
thermal gradients and microstructural features have 
an influence in determining nucleation sites. These 
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computations may be complicated by the fact that the 
velocity values used are those characteristic of the 
center of the specimen and may not be characteris- 
tic of the entire specimen. 


DISCUSSION OF RESULTS 


The discontinuous motion of the y-a@ interface 
during transformation in the high-purity iron and 
iron binary alloys is again demonstrated. On the 
basis of the nature of the frontal movement as the 
criterion of the mechanism, the observations suggest 
that the lattice transforms by a martensitic mecha- 
nism. A typical rest period between successive nu- 
cleation events is 0.03 sec. A typical shear length 
(jump) or transformation path length in the forward 
direction is 0.00011 in., or 9300 atom distances. It 
is of interest to note that the back jumps are con- 
sistently shorter than the forward jumps. The data 
for the zone refined iron shows that the average 
jump distance increases and the rest period de- 
creases with increasing undercooling. The increase 
in frequency of backjumps essentially cancels this 
advantage so that the kinetics in terms of dx/dt are 
essentially the same for the three degrees of under- 
cooling. It is interesting to note that these factors 
so combine in the case of the nickel alloy as to in- 
dicate a smaller dx/dt than for pure iron. At the 
smallest undercooling, molybdenum is very effec- 
tive in reducing the dx/dt as compared to that of 
pure iron. Films satisfactory for analysis at 64 
frames per sec could not be obtained for the alloys 
at increased undercooling because of the deficiency 
in screen intensity. 

In the previous paper on this subject,* occasional 
backups were reported to have been found on the 
triple refined electrolytic iron. Since about 27 pct 


Table Il. Test of Randomness of Nucleation Sites for the 
Transformation Fronts 


Frontal Calcu- 

Experimental Velocity, v, lated, Ob- 
Conditions Material In. per Sec 1/8v served 

25318 w Zone-refined Iron 100 112 

1 wt pet Ni 0.0U226 55 72 

1 wt pet Mo 0.00046 270 14 

25>17w Zone-refined Iron 0.00149 84 64 

1 wt pet Ni 0.00195 64 43 

25> 16 w Zone-refined Iron 0.00144 87 35 
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of the jumps in the zone-refined iron were found to 
be the reverse type, it was decided to check the 
original film, using the now-established film meas- 
uring technique and using an experimental error of 
+0.005 in. at X200. The undercooling corresponded 
to the 25 to 18 w sequence. The data obtained are as 
follows: Fp = 0.292, AXp = 0.018 in., AXp = 0.017 
in. (at X200), A = 2.07/64 sec. These data are in 
reasonably good agreement with those in Table 1k 
but are not in particularly good agreement with the 
prior data. It is not clear why the original data in- 
cluding the frequency of backups are not in better 
agreement with the recheck, except that the tech- 
nique for analysis in general was improved. 

An attempt was made to ascertain whether or not 
the individual shear jumps simulate a Poisson proc- 
ess, namely one in which the same event is occurring 
at intervals on a time scale and each event is inde- 
pendent of previous events.” A strip of 220 frames 
of the transformation film of the Fe-1 wt pct Mo 
alloy was divided into equal intervals of 10 frames 
each, or time intervals of 10/64 sec, and the number 
of jumps which occurred in each time interval was 
tabulated and compared with the distribution pre- 
dicted for a Poisson process. The results are tab- 
ulated in Table III. There is considerable deviation 
from the expected Poisson distribution in the inter- 
val from K = 4 to K =8, Considerably more data 
(number of intervals) are needed in order to draw a 
firm conclusion concerning the nature of the proc- 
ess. The indicated poor fit of the distributions, how- 
ever, point to the process as being a stochastic 
process in which the future is never uniquely deter- 
mined, but depends on the present state of the sys- 
tem. Such a process, seemingly, is expected in the 
system when one considers the various relaxation 
processes expected in the system as a result of the 
volume expansion accompanying the lattice trans- 
formation. In connection with possible relaxation 
effects, it was of interest to estimate the thermal 
history of a typical size increment of transformed 
a, assuming that it acts as an instantaneous heat 
source bounded on both sides by semi-infinite heat 
sinks, It is estimated that the instantaneous tem- 
perature rise is about 22°C and that in the time in- 
crement of an average rest period (1.5/64 sec), 
this temperature rise would diminish to approxi- 
mately 0.3°C. 

This paper serves two main purposes: 

1) Present further evidence that the lattice trans- 
formation in iron proceeds ina distinctly discon- 
tinuous manner at mild degrees of undercooling. 
Assuming that one accepts the criterion adopted for 
discerning the mechanism, these data suggest that 
the basic lattice transformation occurs by a marten- 
sitic mechanism at all degrees of undercooling., An 
important ramification of such a finding is the possi- 
bility that a supersaturated a phase is generally 
formed first, followed by whatever breakdown of this 
solid solution might occur. 

2) Present evidence on the effect of substitutional 
solute atoms on the nature of the movement of the 
transformation front. An important disclosure is the 
presence of back jumps (a-y) of the front. It is seen 
that alloying elements can affect the frequency of 
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Table III. Test of Data on Kinetics of Transformation of the 
1 Pct Mo Alloy as a Poisson Process, 
Each Event Independent of Others 


K Nx 


No. of Shears in an 
Interval of 10/64 Sec, 


Expected Vx 
from Poisson’s 


No. of Intervals of 
10/64 Sec with 


or Ten Movie Frames K Shears per Interval Distribution 
0 es 0.1 
1 on 0.6 
2 2 1.6 
3 3 2.8 
4 2 3.6 
5 3 3.8 
6 3.4 
U 2 2:5 
8 3 
9 = 1.0 
10 0.5 


these back jumps, suggesting a new possibility by 
which alloying elements may affect the kinetics of 
decomposition of austenite. 

No attempt is made at this time to rationalize the 
kinetics of the transformation. It is doubtful that the 
absolute rate theory would be particularly useful 
since it deals with individual atoms gaining a saddle 
point; in the martensitic process, the problem deals 
with the probability of groups of atoms attaining some 
saddle point. An interesting feature of this case is 
that the back reaction is clearly distinguishable from 
the forward reaction. A suitable model must be de- 
vised and the problem attacked from first principles; 
a start in this direction has been made by Crussard.® 
The present findings serve to suggest new possibili- 
ties of mechanisms by which alloying elements can 
affect the kinetics of a martensitic transformation 
in which lattice coupling of the two phases is an in- 
herent characteristic. Some tentative possibilities 
are listed: a) altering of lattice force constants which 
can affect the modes of vibration of the lattice, b) in- 
duce clustering in parent lattice which can act to 
scatter certain group waves in the lattice, c) effect 
on coherency strains, and d) blocking of relaxation 
of transformational strains through plastic flow by 
impeding dislocation movement. Such possibilities 
as these indicate a formidable challenge in gaining a 
comprehensive understanding of the mechanisms by 
which alloying elements affect the kinetics of the 
decomposition of austenite, 
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The Structure and Associated Properties of an 


Age Hardening Copper Alloy 


The electrical, mechanical, and corrosion cracking prop- 
erties of an age-hardenable Cu-Ni-Si alloy have been studied 
over a range of time, temperature, and deformation states for 
the purpose of determining the relationship between the proper- 
ties and the structural state. The precipitate has been identi- 
fied as Ni,Si, and the sites of preferred precipitation have 
been located by electron microscope studies of the structures 
developed by various combinations of heat treatment and 
plastic deformation. An extreme form of deformation banding 
has been observed in the aged alloy that results in high 
strain concentration in bands lying parallel to {111} planes. 


These bands are the structural paths along which transcrys- 


W. D. Robertson 


talline cracks propagate in the deformed alloy. The observa- 


tions provide a basis for a general mechanism of transgranu- 
lar corrosion cracking of face-centered cubic alloys in terms 


of stacking fault probability. 


Amone the age-hardening copper alloys the copper- 
nickel-silicon (Silnic Bronze) type is outstanding in 
exhibiting a high strength combined with a consider- 
able capacity for cold working, a relatively high con- 
ductivity, and a low to negligible susceptibility to 
stress corrosion cracking. It is not a new alloy and 
it has been the subject of a number of investiga- 
tions,1~-5 which were made primarily to establish 
practical composition and heat treatment limits. 

The structural characteristics of the aging processes 
in this alloy have not previously been studied in de- 
tail. 

This particular investigation was undertaken to ex- 
plore, in detail, and over a wide range of conditions, 
the properties obtainable by various combinations of 
working and heat treatment and to correlate struc- 
tural changes with the observed mechanical, elec- 
trical and corrosion properties. 


MATERIAL AND PROCESSING 


Eight different commercial heats of the alloy were 
made and used in the investigation. The range of 


composition among the eight heats is shown in Table I. 


W. D. ROBERTSON, Member AIME, Yale University, New 
Haven, Conn., Consultant to Chase Brass and Copper Co. E.G. 
GRENIER and V. F. NOLE are Research Chemist and Corrosion 
Engineer, respectively, Chase Brass and Copper Co., Waterbury, 


Conn. 
Manuscript submitted September 6, 1960. IMD 


E. G. Grenier 
V.F. Nole 


Billets, 8 by 24 in., were cast into water-cooled 
molds, extruded to 1.687-in. rod, and quenched in 
water after extrusion. Extruded material was rod 
rolled to 0.750 in., annealed at 1450°F for 2.5 hr, 
and quenched in water. Subsequent working opera- 
tions were performed by tandem rolling to various 
sizes depending on the degree of reduction required. 
Final cold-working operations were performed by 
drawing to a uniform size of 0.187 in. diam and 
straightening by a roller straightening machine 
(Lewis). 

The combinations of heat treatment, working and 
aging that were investigated are summarized in Table 
II; the various treatments were performed in the or- 
der given in each row of the table, and they will be 
subsequently identified by the symbols shown in the 
first column. 


SOLUTION TREATMENT 


All material investigated in the cold-worked condi- 
tion, or cold worked prior to aging, was solution 


Table | 


Weight Percent 
97.24 to 97.64 


Copper 

Nickel 1.73 to 1.93 
Silicon 0.51 to 0.73 
Lead 0.01 to 0.005 
Iron 0.02 to 0.01 
Tin 0.01 to 0.005 
Manganese 0.02 to N.D. 
Zinc 0.01 to 0.20 
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Table Il. Conditions of Heat Treatment and Cold Working 


Symbol 


Q — Quenched (1450° F) 

QA = Quenched (1450°F); aged (750°, 850°, or 950° F) 1 to 5000 min 

QD — Quenched (1450°F); cold drawn 50 or 75 pet 

QDA — Quenched (1450°F); cold drawn 75 pet; aged (750°, 850°, or 
950°F) 1 to 5000 min 

QDA — Quenched (1450°F); cold drawn 50 or 75 pct; aged 850°F, 90 min 

QAD — Quenched (1450°F); aged 850°F, 90 min; cold drawn 50 or 75 pct 

QDAD — Quenched (1450°F); cold drawn 50 pet; aged 850°F, 90 min, 
cold drawn 50 or 75 pct. 

QDAD — Quenched (1450°F); cold drawn 75 pet; aged 850°F, 90 min; 
cold drawn 50 or 75 pet. 


treated in coils in production furnaces, at a nominal 
temperature of 1450° F and quenched by water sprays. 
Material in the quenched, or quenched and aged con- 


dition, was enclosed in copper boxes containing char- 
coal to prevent internal oxidation and solution treated 


in laboratory furnaces for a total time of 1 hr, in- 
cluding 20 min to reach 1450°F. Aging treatments 


were also performed in laboratory furnaces; aging 
treatments less than 60 min were performed in a 
lead bath, and longer aging treatments were carried 
out in air furnaces, in which case the recorded time 
is time-at-temperature. 


METALLOGRAPHY 


Conventional methods were used for structural 
observations and the only significant feature is the 
fact that decorated dislocation pits are shown to be 
present by the ammonium hydroxide and hydrogen 
peroxide etch, but not by the other etching reagents 
commonly used for copper base alloys. 
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Fig. 1. Aging curves for a Cu-Ni-Si alloy 
as a function of time and temperature for 
the quenched, and the quenched and cold- 
drawn conditions. 
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Fig. 2. The rate of aging for material that was quenched, 
or quenched and cold-drawn 75 pct prior to aging. 


Specimens were prepared for electron microscope 
examination by electropolishing and etching in phos- 
phoric acid. A replica of the polished surface was 
made by evaporation of carbon directly on the sur- 
face; the replica was shadowed with palladium, at 
45 deg. After shadowing, the replica was undercut 
with ammonium persulfate and, in doing so, a num- 
ber of additional particles were freed from the vol- 
ume of material below the polished surface; these 
particles adhered to the replica but, since they were 
not shadowed, they appear only as silhouettes in the 
electron micrographs. The particles extracted from 
the underlying volume increase the apparent number 
of particles of precipitate per unit area of polished 
plane, but only those particles that were shadowed 
actually lie in the original plane of polish and corre- 
spond to the state of the structure seen in a single 
plane. The electron micrographs that illustrate the 
various processes represent negative replicas of the 
surface. 


AGING TIME AND TEMPERATURE 


After solution treatment at 1450°F, the dependence 
of mechanical properties on time and temperature of 
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aging was first investigated, in terms of hardness, 
at 750°, 850°, and 950° F; subsequently, tensile 
strength and yield strength (1/2 pct strain under 
load) were obtained after aging at 850° F, which ap- 
pears to be the optimum aging temperature. 

The data shown in Fig. 1 follow the anticipated pat- 
tern in that maximum hardness is attained at shorter 
times as the temperature increases. When preceded 
by cold work, the maximum properties are, again, 
obtained in a shorter aging time at the same tempera- 
ture. To provide a convenient method for extrapola- 
tion and interpolation of heat treatment time and 
temperature, the data are presented in Fig. 2 in 
terms of hardness as a function of the reciprocal 
aging temperature (1/°K), corresponding to the gen- 
eral equation for diffusion controlled processes: 

il = 
rate = A exp 
The apparent activation energy, Q, is 43,600 cal per 
mole for the undeformed state and 24.2 kcal per mole 
when aging is preceded by 75 pct plastic reduction in 
area, 

The absolute value of the hardness attained at 
maximum does not vary significantly with aging tem- 
perature in the range investigated. Consequently, an 
optimum aging temperature of 850° F was chosen and 
complete mechanical properties were obtained, with 
and without prior cold drawing to 75 pct reduction in 
area. The results are shown in Fig. 3. It appears 
that the various properties attain their maximum val- 
ues at different times when aged without previous de- 
formation; however, when aging is preceded by 75 
pct reduction, all mechanical properties attain their 
respective maxima almost simultaneously. The 
change in conductivity (Pct I.A.C.S.) with aging time 
is shown in Fig. 4 for both the quenched and quenched 
and deformed states preceding aging at 850°F. 


COMBINATIONS OF DEFORMATION AND AGING 


Further improvement in properties can be obtained 
by cold deformation subsequent to aging. Material 
was aged for 90 min at 850°F after deformation of 
00 and 75 pct reduction in area, or aged first and 
followed by 50 and 75 pct reduction in area. The re- 
sults are shown in Table III. Also incorporated in 
this table are various other combinations designated 
by Q, A and D, corresponding to quenched, aged 


Table Ill. Mechanical Properties 

Condition, Tensile Yield Elonga- 
(A = Aged 90 Min Strength, Strength, tion, Rockwell 

at 850° F) Psi ¥,PctExt. Psi Pctin2In. Hardness 
Q 46 ,000 13,000 37.0 F 46 
QA 88 ,500 55,000 20.5 13} 
QD 50 pct 68,500 62,500 10.0 B71 
QD 50 pct A 103,000 90,000 14.0 B91 
QD 75 pet 73,000 68,000 11.0 B72 
QD 75 pct A 101,000 89,000 15.0 B 90 
QAD50 pct 106,000 77,500 8.0 B95 
QAD 75 pct 111,500 80,500 7.0 B95 
QD 50 pct AD 50 pct 125,500 82,500 7.0 B 98 
QD 50 pct AD 75 pct 127,000 79,000 7.0 B 100 
QD 75 pct AD 50 pct 125,500 81,000 a0) B 99 
QD 75 pct AD 75 pct 113,500 82,500 7.0 B 96 
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AGING TIME - MINUTES 


850° F—90 min, and cold drawn, respectively. It is 

particularly interesting that excessive deformation 
subsequent to aging appears to diminish slightly the 
tensile strength. 


ELEVATED TEMPERATURE PROPERTIES 


The tensile properties of the material after quench- 
ing, drawing (80 pct) and aging for 90 min at 850°F 
are shown in Fig. 5 for temperatures to 700°F and a 
strain rate of approximately 0.05 min-!, 

Stress-rupture (constant load) obtained at 300°, 
400°, and 500°F on 0,125 wire quenched, drawn 88 


= 


CONDUCTIVITY 
PER CENT 1.A.C.S. 


107 10° 
- MINUTES 


AGING TIME 


Fig. 4. Effect of aging time at 850°F on the conductivity 
(pet LA.C.S.) of material quenched, or quenched and cold- 
drawn 75 pct. 
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pet and aged at 850°F are shown in Fig. 6. A typical 
set of the corresponding creep curves at 400°F and 
at stresses from 10,000 to 60,000 psi are shown in 


STRUCTURE 


In order to produce a sufficiently large grain size 
for purposes of detailed microstructural examina- 
tion and the evaluation of structure dependent prop- 
erties such as stress corrosion cracking, some 
specimens were heat treated at 1750°F for 2 hr and 
cooled to 1450°F, where they were held for 2 1/2 hr 
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Fig, 5. Effect of temperature on the mechanical properties 
of material quenched, drawn 80 pct and aged 90 min at 
850°F and evaluated at a strain rate of 0.05 min“!. 
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TIME TO RUPTURE - HOURS 
before quenching. These specimens will be desig- 
nated as ‘‘coarse grained’’. Otherwise, all speci- 
mens received the standard solution treatment at 
1450° F followed by quenching and aging at 850°F, 


QUENCHED STATE 


The general structure of the quenched state is 
shown in Fig. 8. Isolated particles of the second 
phase, which has been analyzed and found to be Ni,Si 
are occasionally found at grain boundaries but, 
more generally, they are found scattered about 
within the grains. It seems evident from the results 
of examination with the electron microscope and 
chemical analysis of extraction replicas to deter- 
mine the ratio of nickel and silicon, that the rela- 
tively large particles are Ni,Si that were not taken 
into solution and the particles that are present at 
grain boundaries in the quenched state are there as 
a consequence of boundary migration to the particles 
during solution treatment, rather than as a result of 
precipitation at boundaries during quenching. 


QUENCHED AND AGED 


In the quenched and aged state, which produces 
maximum tensile strength in the absence of prior 
working (300 min at 850° F), microscopic evidence 
of a precipitate appears at grain boundaries, Fig. 
9(a). Precipitation in the undeformed grains, distinct 
from the undissolved second phase, has not been 
definitely identified at any magnification except when 
a clearly defined pattern of ‘‘decorated’’ dislocations 
is observed, Fig. 9(b); rows of dislocations piled-up 
at grain boundaries and twin boundaries, Fig. 9(c), 
are also observed and probably correspond to the 
strain introduced by quenching. 

Fig. 10 shows a fine precipitate of Ni,Si at the 
boundary and also larger spherical particles in the 
grains, which were not taken into solution at the so- 
lution treatment temperature of 1450°F; the larger 
particles disappear when the solution treatment tem- 
perature is raised to 1750°F. Again, there is no 
clear evidence of precipitation within the grains in 
electron microscope pictures, though the structures 
observed after deformation show that the properties 
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of the grains have been very significantly affected by 
the aging treatment. Since the appearance of decora- 
ted dislocations is sensitively dependent on etching 
and the orientation of the surface of the grains, their 
absence from the electron microscope pictures is not 
unusual, 


QUENCHED AND COLD WORKED 


The changes in properties resulting from cold 
working of this alloy, either before or after aging, 
are very substantial and, accordingly, the structural 
changes were investigated in some detail. 

Fig. 11(a) shows a general view of the quenched 
and unaged structure after 50 pct reduction by draw- 
ing. The banding, which remains after polishing and 
etching, has the general characteristics of the so- 
called ‘‘deformation bands’’ (Barrett); in other re- 
spects the structure is typical of a deformed solid 
solution. Fig. 11(b) shows the structure at higher 
magnification but the electrochemical etching pro- 
cedure employed for electron microscope work does 
not produce strong structural contrasts in the de- 
formed solid solution when in the quenched state. As 
in other cases, there is a considerable amount of the 
unshadowed spheroidized second phase which evi- 


dently was not in solution at the quenching temperature. 


QUENCHED, DEFORMED, AND AGED 


Fig. 12(a) shows the banded structure resulting 
from aging for 90 min at 850°F after 50 pct defor- 
mation; the large particles are the undissolved 
second phase and the smaller particles are the pre- 
cipitated phase. Surprisingly, there is no certain 
evidence in this electron-microscope picture of a 
concentration of precipitate in the deformed vol- 
umes which appear to correspond with the curved 
deformation bands of Fig. 11(a). 

Increasing the amount of deformation from 50 to 
75 pct, followed by aging for the same period of 90 
min, at 850° F does, however, produce a substantial 
change in structure. In fact, microscopic evidence 
indicates that recrystallization begins in the time 
interval between 90 to 200 min at this temperature, 
for 75 pct deformation, and the mechanical proper- 
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Fig. 7. Creep curves at 400°F for stresses ranging from 
10,000 to 60,000 psi for material quenched, drawn 88 pct 
and aged for 90 min at 850°F. 


ties, shown in Fig. 3, begin to decrease; this struc- 
tural state also corresponds with the beginning of a 
change in stress-corrosion susceptibility, shown in 
Fig. 12(5), in which it appears that the susceptibility 
in ammonia vapor begins to increase and approach 
the undeformed and fully aged state. Fig. 12(c) shows 
the deformed (75 pct) and aged structure containing 
the remains of the banded structure, and, under these 
conditions of time, temperature and more deforma- 
tion, a very fine precipitate does appear within the 
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Fig. 8. Typical quenched structure showing undissolved 
particles of NisSi. Electron micrograph from palladium 
shadowed carbon replica. Negative replica. X12,000. 
Reduced approximately 49 pet for reproduction. 


bands. Thus the properties of the worked and aged 
material are limited by the competing process of 
recrystallization which, in this system, occurs in 
the same range of time and temperature as is re- 
quired to obtain the optimum properties, and is 
highly dependent on the amount of prior plastic de- 
formation [compare Figs. 12(c) and 12(a)]. 

The first increase in corrosion cracking sus- 
ceptibility resulting from aging the deformed alloy, 
[lower curve in Fig. 12(b)] is probably associated 
with the precipitate appearing in the banded struc- 
ture. In fact, previous work® has shown that the 
curved bands are reactive structural paths, of which 
Fig. 13 is a typical example. The second increase 
in susceptibility to cracking is associated with re- 
crystallization and a change from transgranular to 
the intergranular corrosion of the undeformed state. 


QUENCHED, AGED, AND DEFORMED 


Deformation of the aged alloy produces a structure 
that is entirely different from that associated with 
deformation of the quenched solid solution and one 
which has notable structural features. 

Fig. 14(a) is a general view of the structure pro- 
duced by 50 pct plastic deformation of the aged alloy 
(90 min at 850°F). This is not an isolated structural 
feature of a localized area; it is general throughout 
the section and typical of other samples in this con- 
dition. Note particularly that one set of bands is 
parallel to an identifiable twin boundary, which is 
the trace of a {111} plane. Fig. 14(b) shows the same 
structure at X15,000, again demonstrating the paral- 
lelism of one set of deformation bands with the {111} 
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Fig. 9(2). Material quenched and aged 
300 min at 850°F for maximum tensile 
properties. Note precipitate at grain 
boundaries. Chromic acid etch. X500. 
Reduced approximately 51 pet for repro- 
duction. 


Fig. 9(6). Crystall 


for reproduction. 


trace of the twin boundary and clearly showing the 
crystallographic character of the deformation process 
It appears that in the aged alloy, though the precipi- 
tate is not visible in the grains, the properties are 
sufficiently changed so that deformation, once started 
on a plane, continues on this plane and in clusters of 
closely adjacent planes. From the parallelism of 
one set of traces with twin boundaries, it seems 
reasonable to conclude that the deformation is con- 
fined to bands parallel with the {111} slip plane. 
Similar phenomena appear in single crystals of an 
aged Al-4 pct Cu alloy in which strain may be almost 
completely confined to a single narrow band with the 
result that one section of the crystal slips past the 
other until fracture occurs in the manner of a deck 
of cards sliding at a single interface.’ 


Fig. 10. Material solution treated at 1450°F, quenched and 
aged 300 min at 850°F. Negative replica. X12,000. Reduced 
approximately 49 pct for reproduction. 
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ographic pattern of 
dislocations in material quenched and 
aged 300 min at 850°F. Ammonium 
hydroxide-hydrogen peroxide etch. 
X500. Reduced approximately 51 pct 


Fig. 9(c). Rows of dislocations piled- 
up at grain boundaries and twin bound- 
aries of material quenched and aged 
300 min at 850°F. X500. Reduced ap- 
proximately 51 pct for reproduction. 


It was previously shown® that the structure produced 
by deformation of the aged alloy reacts preferentially 
with ammonia at the sites of the deformation bands, 
shown in Fig. 14(c). This reactivity appears to indi- 
cate that the deformed structure itself is more reac- 
tive than the surrounding matrix as a consequence of 
the concentrated plastic deformation, which possibly 
takes the form of a high concentration of stacking 
faults. In the latter event the deformed structure 
corresponds to the introduction of layers in a hexag- 
onal close-packed sequence in the face centered 
cubic matrix and, accordingly, it possesses a higher 
energy and reactivity; it is also possible as suggested 
by Swann and Nutting,’ that chemical interaction of 
solute with the deformed structure results in an in- 
crease in solute at these sites and a corresponding 
reactivity. 


QUENCHED, DEFORMED, AGED, AND DEFORMED 


Superimposing the different processes, and in- 
creasing the properties by the substantial amounts 
shown in Table III, produces structural changes that 
appear to be combinations of the previously observed 
phenomena. 


Fig. 11(@@). General view of quenched and deformed struc- 
ture showing deformation bands produced by 50 pet reduc- 
tion by drawing. X500. Reduced approximately 25 pct for 


reproduction. 
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Fig. 11(b). Electron micrograph of material quenched and 
cold-drawn. The etching contrast of deformation bands in 
the deformed solid solution is very low. Negative replica. 
X12,000. Reduced approximately 49 pet for reproduction. 


Fig. 15 clearly shows the concentrated bands of 
deformation. It appears that the heavily deformed 
structure on one Side of the grain boundary corre- 


Fig. 12(a). Material quenched, reduced 50 pct, aged 90 min 
at 850°F. No apparent precipitate at deformation bands. 
Negative replica. X15,000. Reduced approximately 49 pet 
for reproduction. 
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Fig. 12(6) . Relative loss in load-carrying capacity (1000 
hr endurance stress in ammonia vapor relative to tensile 
strength) as a function of aging time at 850°F. 


sponds to the structure of a deformation band seen 

in the plane of the band, which is lying nearly paral- 
lel to the plane of the surface; on the other side of 
the boundary, the deformation bands are seen as 
traces intersecting the polished surface which ap- 
pears to be close to a {100} plane. The bands, dis- 
posed at right angles to each other and seen in cross 
section, and the plane of banded material on the other 
side of the boundary appear to join at the diagonal 
grain boundary without any discontinuity. The areas 
between the bands represent volumes of alloy which 
are essentially unetched except for the square etch 
pits whose sides probably belong to {100} or {110} 
planes. As before, the deformation bands are paral- 
lel to {111} planes and, therefore, are diagonals of 
the square etch pits, as seen on the {100} plane. 


Fig. 12(c). Material quenched, reduced 75 pct, aged 90 min 
at 850°F. Evidence of fine precipitate at deformation bands. 
Negative replica. X10,000. Reduced approximately 49 pct 
for reproduction. 
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tion bands in the aged alloy; eo deformed 71 pct, Fig. 14(c). Wench eanutae corrosion by ammonia vapor fol- 
aged 90 min at 850° F and exposed to ammonia vapor. X1000. lowing structural paths produced by deformation following 
ely approximately 25 pet ba’ YANNI age hardening for 90 min at 850°F. X1000. Reduced approxi- 


mately 25 pet for reproduction. 


The deformed structure is chemically reactive as 
indicated by the fact that it etches into grooves where 
it intersects the plane of polish; on the other hand, 
the less deformed volumes into which the structure 
is divided by the deformation bands are relatively 
inactive and they appear as unetched, flat plateaus 
in a plane lying above the etched structure. Within 
the unetched areas there is a very fine precipitate 
which, when examined with respect to shadowing 
direction, is proved to be standing above the plane 
of polish. 


| Fig. 14(a). General structure mR aT of 50 pet de- 
| formation when preceded by aging. X1000. Reduced approxi- 
| mately 25 pct for reproduction. 


Fig. 15. Material quenched, drawn 50 pct, aged, and drawn 
50 pet showing the structure of deformation bands which 
are parallel to {111} planes. Note fine precipitate within 
undeformed volumes. Negative replica. X12,000. Reduced 
approximately 49 pct for reproduction. 


Fig. 14(b). Electron rilevosraph showing the crystallo- 
graphic character of the deformation process in the aged 
alloy. Negative replica. X15,000. Reduced approximately 
49 pet for reproduction. 
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In conclusion, a very close connection between 
structure sensitive properties and microstructure 
has been demonstrated. In particular, it appears 
that under certain aging conditions plastic deforma- 
tion is concentrated in narrow bands that are chemi- 
cally reactive and initiate transgranular corrosion 
cracking. Subsequent work has shown that similar 
bands are found after deformation in many face- 
centered cubic solid solutions and the frequency of 
their appearance coincides with the composition de- 
pendence of the stacking fault energy, as does the 
incidence of transgranular corrosion cracking that 


*M. G. Corson: AJME Trans., 1927, p. 435. 

2E. Lay: Z. Metallk., 1939, vol. 31, p. 326. 

J. Wortmann: Metallwirtsch., 1941, vol. 20, p. 531. 

“K. Dies: Metall, 1954, vol. 8, p. 842. 

5K. Dies: Metall, 1955, vol. 9, p. 955. 

°W. D. Robertson, E. G. Grenier, W. H. Davenport, and V. F. Nole: Physical 


can be produced by plastic deformation of face- 
centered cubic solid solutions, including some cop- 
per alloys and austenitic stainless steel.° 
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Synthetic Inclusions in the FeO-MnO-MnS-SiO, 
System In Equilibrium with Resulfurized Steel 


Mixtures of MnS, 2Fe0-Si0O,, 2MnO.SiO,, FeO, and MnO 
were prepared synthetically and used to study the planes 2FeO. 
FeO-MnO-MnS, and FeO-Mn0O.Si02-MnS 
in the quaternary system. Because the oxides and silicates 
studied flux MnS, inclusions in this system are partly liquid 
during rolling. Also, oxygen can modify subsurface inclusions 
through the reaction MnS + FeO—FeS + MnO during the soak- 


ing of ingots and the reheating of blooms and billets. 


E. N. Silverman 


NonMetALLic inclusions in steel have long been a _ ability ratings. Van Vlack’ also found that low sili- 


subject of study and conjecture because the proper- 
ties of many steels are known to be affected by the 
the kind and amount of inclusions present. In free- 
machining steels, the type of inclusion present has a 
direct bearing on their machinability; in other 
steels, cleanliness is important and metallurgists 
direct their efforts at reducing the amount of non- 
metallic inclusions. Thus, the accumulation of 
knowledge about the formation and behavior of in- 
clusions during all stages of steelmaking and proc- 
essing should aid in improving the quality of steels 
and decreasing the production costs resulting from 
rejections. 

Previous studies of inclusions have contributed 
greatly to our understanding. The investigators have 
generally examined inclusions in finished steel. 
Boulger, Moorehead, and Garvey’ found that in Bes- 
semer Steels, low silicon contents results in glob- 
ular sulfide inclusions with attendant high machin- 
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con contents favor inclusion morphology that contrib- 
utes to high machinability ratings. Boquist and Stoll* 


*Private communication. 
found that silicon content affected sulfide inclusions 
and machinability of blooms, billets and bars more 
than did the finishing temperature in the range be- 
tween 1775° and 2075°F. Carney and Rudolphy® 
studied the distribution of sulfur, manganese, sili- 
con, and carbon in a commercial ingot of resulfur- 
ized steel and found that silicon was concentrated 
near the bottom. This helped to explain why bottom 
cuts had poorer machinability. Klinger and Koch* 
developed techniques for extracting inclusions from 
steel, and the technique devised by Gurry, Chris- 
takos, and Stricker’ for extracting carbides can also 
be adapted to the study of inclusions. 

A different approach to the study of inclusions in 
steel consists of synthesizing the constituents that 
form inclusions and determining the phase equilibria 
in the system that contains the constituents. The 
resulting phase diagrams can then be used to deter- 
mine the effect of the various constituents upon each 
other. In this way, it becomes possible to under- 
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MnS MnO 


FeO 


Fig. 1—Location of the planes studied in the FeO-MnO- 
MnS-SiO, system. 


stand and sometimes predict the behavior of inclu- 
sions at different stages of processing. Although 
Wentrup’ and Ol’shanskii’ have described work on 
phase equilibria of oxides and sulfides, little infor- 
mation is available about phase equilibria in oxide- 
sulfide-silicate systems. The present paper de- 
scribes a study of phase equilibria in the system 
FeO-MnO- MnS-SiOz; the three planes studied in the 
quaternary were the 2FeO-SiO2-2MnO-SiO.- MnS 
plane, the FeO-MnO-MnS plane, and the FeO- MnO- 
SiO2-MnS plane, Fig. 1. 


MATERIALS AND EXPERIMENTAL WORK 


The compounds to be studied were first synthes- 
ized. Fayalite (2FeO-SiO.) and rhodonite ( MnO. 
SiO.) were prepared by slowly heating a mixture of 
the proper metal oxalate and silica flour in a steel 
crucible to 2300°F, holding for 2 hr and quenching. 
Tephroite (2MnO-SiO,) was prepared by reacting 
manganese carbonate with silica flour, using the 
same firing schedule. 

Alabandite (MnS) was prepared by slowly heating 
a mixture of electrolytic manganese and sulfur 
sealed in a heavy-walled (1-in. thick steel) crucible 
to 900°F. The crucible was held at 900°F for 6 hr 
and cooled with the furnace. 

Wiistite (FeO) and manganosite (MnO) were pre- 
pared by slowly heating the proper metal oxalate in 
a steel crucible to 2300°F, holding for 2 hr and then 
quenching. The preparations containing oxalate or 
carbonate were heated slowly from room tempera- 
ture to allow slow evolution of gases so that the 
preparation would not splatter. 

Mixtures of the synthesized compounds were 
weighed out, ground for 5 min to facilitate mixing, 
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Fig. 2 (a), (b), and (c)— Photographs show (a)—the crucible 
and plug before welding, (b)—the welded (completely sealed) 
crucible, and (c)—the sectioned and polished crucible after 
firing showing the melt concentrated Ld in the bottom of the 
crucible. X1.5. Reduced approximately 10 pct for repro- 
duction. 

and put into resulfurized steel crucibles, Fig. 2. To 
seal each crucible, a resulfurized steel plug was 
pressed into the crucible opening, and welded. The 
sealed crucibles were heated by suspending them in 
vertical tube-type furnaces wound with platinum. 

The furnace bottom was sealed with ground glass 
fittings, and nitrogen was passed through the furnace 
to inhibit oxidation of the crucibles. 

Phase equilibria in the three planes studied were 
determined by the quenching method.*® Most mixtures 
were melted and held for 1 hr to ensure homogen- 
eity, after which the temperature was reduced and 
held for 1/2 hr to determine the primary phase. By 
quenching each composition from several tempera- 
tures above and below the liquidus, the liquidus and 
eutectic temperatures were determined to + 10°F. 
Some mixtures were held at temperature for longer 
periods of time when it became apparent that equil- 
ibrium was not achieved in 1 1/2 hr. Mixtures along 
the MnS- MnO-SiO, join in the FeO- MnO-SiO,- MnS 


Table |. Chemical and Calculated Mineral Compositions 
of Equilibrated Mixtures in the 2FeO.Si0,-2MnO-Si0.-MnS Plane 


Mix- 
a Chemical Composition, Pct Mineral Composition, Pct 
ber SiO, Fe Mn S MnS 2Fe0-SiO, 2MnO-SiO, SiO, (Fe,Mn)O 
11852) 282002 48.6 13.6 2.8 
1852 26.5 37.9 0.3 
0 47.6 20.3 - 4 
142957 86.3 2.9 4.5 
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Fig. 3—Composition-temperature 
phase-equilibrium diagram of the 
system MnS-2FeO-SiO,-2Mno. 
Melting points of 2FeO-SiO,, 
2MnO-SiO, and Mn§S are found in 
Refs. 10, 11, and 12, respectively. 
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plane achieved equilibrium only after 6 hr at tem- 
perature. The crucible containing the mixture was 
lifted out of the furnace and plunged into cold water 
to quench the mixture. Petrographic examination of 
the samples indicated that this method of quenching 
was satisfactory, because very few dendrites devel- 
oped during quenching. The crucibles were sectioned 
longitudinally, polished, and the phase or phases 
present were identified by reflected-light micro- 
SCOpy. 


RESULTS AND DISCUSSION 


The techniques described were used to determine 
phase equilibria for the significant parts of the three 
planes studied. Much qualitative work was necessary 
to determine the mixtures that should be analyzed 
chemically. The solid points shown on the phase 
diagrams were located by converting the chemical 
composition of the mixtures (Tables I, II, and III) to 


Table Il, Chemical and Calculated Mineral Compositions of 
Equilibrated Mixtures in the FeO-MnO-MnS Plane 


Chemical Composition, Pct Mineral Composition, Pct 


Mixture 

Number Fe Mn S FeO MnO MnS 
53 ales 66.4 22.4 Die) 36.3 61.5 
54 27.0 40.7 22.6 3559 2.4 62.4 
55 iy 53.0 21.9 19.8 20.1 60.1 
56 1.6 66.6 23.1 ei 34.9 63.0 
57 14.1 54.0 PS 8! 18.2 18.2 63.6 
59 eh 60.0 2373 10.0 26.0 64.0 
60 8.5 59.5 22.6 11.0 27.0 62.0 
61 19.9 47.7 22.9 26.0 10.8 63.1 
62 44.1 23.0 30.7 5.9 63.4 
hes 1.4 65.9 22.9 1.9 34.7 63.4 
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mineral composition and then recalculating to 100 
pet (small amounts of excess oxides were disre- 
garded). The open points in Fig. 4 represent as- 
prepared compositions. 

Chemical analysis indicated that some mixtures 
had deviated from the unfired compositions because 
the synthetic constituents differed somewhat from 
their theoretical compositions and also because the 
compositions changed during equilibration. 

The 2FeO.SiO.-2MnO-SiO.-MnS Plane—In the 
2FeO.SiO2-2MnO.SiOz-MnS plane, Table I and Fig. 3, 
two fields of primary crystallization are present, 
one being MnS and the other being a solid solution 
between the two orthosilicates, 2FeO-SiO, and 
2MnO-SiO2. Also, FeS separates from the orthosili- 
cate liquid as crystallization starts in Area A, and 
is an immiscible liquid in Area B. Areas A and B 
are indicated by dotted lines in Fig. 3. The presence 
of FeS in melts rich in 2FeO-SiO2, such as mixtures 
No. 2, 25, 14, 26, and 29, indicates that the MnS- 
2FeO-SiO2 join is not a binary join and that the sys- 
tem therefore is not a true ternary system. Because 
of the formation of FeS, composition of the last liq- 
uid to crystallize is outside this plane and some 
compositions remain liquid down to about 1900°F, 
which is in the range of rolling and finishing tem- 
peratures. The liquidus isotherms shown in Fig. 3 
were determined from the series of quenches made 
for each composition point. 

Fig. 3 also shows that the liquidus temperature of 
an inclusion in the MnS field will decrease as the 
proportion of orthosilicate, and therefore Silica, in- 
creases and that a significant range of compositions 
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Fig. 4—Composition-temperature 
phase-equilibrium diagram for the 
FeO-MnO-MnS plane. Melting 
points of FeO and MnO are found in 
Refs. 10 and 11, respectively. 


LEGEND 
——— PRIMARY PHASE BOUNDARY 
ISOTHERMS 
LIMIT OF FeS FORMATION 
CALCULATED COMPOSITION 
AS-PREPARED COMPOSITION 
2155 F+I0F 
2275F + 10F 


MnS 
(2948F) 


FeO-MnO 
SOLID SOLUTION 


FeO 
(2498F) 


are completely liquid at 2400°F. Thus, in resulfur- 
ized free-machining steels, an increase in silicon 
content could result in an increase in orthosilicates 
and a corresponding decrease in the liquidus tem- 
perature of the inclusions. This decrease in liq- 
uidus temperature of inclusions with the attendant 
formation of liquid could influence the behavior of 
the inclusions during rolling and may be responsible 
for the elongated inclusions in free-machining steel 
containing more than about 0.010 pct Si. 

The FeO-MnO-MnS Plane—The FeO-MnO- MnS 
plane, Table II and Fig. 4, contains two primary- 
phase fields, MnS and FeO-Mn0O solid solution. In 
addition, FeS crystallizes from compositions high in 
FeO in the FeO- MnO solid solution field if they are 
cooled below about 2155°F. The approximate com- 
position range in which this occurs is indicated as 
Area A in Fig. 5. Final crystallization of mixtures 
in Area A occurs at about 1700°F with the formation 
of a eutectic between FeS and FeO-Mn0O solid solu- 
tion. The formation of FeS indicates that the FeO- 
MnS join is not a binary join. This plane must there- 
fore be considered a pseudo-ternary system. 

The formation of FeS by the reaction between FeO 
and MnS may be an important factor in the problems 
of hot workability and surface quality of high-sulfur 
low-carbon steels. During the soaking of ingots and 
the reheating of blooms and billets, the FeO formed 
by oxidation of these steels could react with MnS in- 
clusions at and near the surface to form FeS. This 
reaction has been observed in a piece of C1117 steel 
heated for 1 hr at 2330°F in a COz2 atmosphere, 
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Fig. 5. The penetration of austenite-grain boundaries 
by the FeS extended to a depth of about 0.004 in. 
from the surface of the sample. Other experiments 
with C1117 steel have shown that addition of CO to 
the CO2 atmosphere retards the formation of FeS. 

The FeO-MnO-SiO2-MnS Plane—This plane, 
Table III and Fig. 6, contains five primary phase 
fields. The phase boundaries in the vicinity of point 
1 are dotted because these mixtures reacted with the 
crucible so much that their compositions do not lie 
in the plane of the diagram. 

The primary phase fields are MnS, FeO, ortho- 
silicate solid solution, metasilicate solid solution 


Fig. 5— Photomicrograph shows the edge of a polished sec- 
tion of C1117 steel after 1 hr at 2330°F in a CO, atmos- 
phere. The light-gray FeS and the dark-gray FeO have 
penetrated along the austenite-grain boundaries. Also pres- 
ent are small, dark globules of oxide subscale and one of the 
original MnS inclusions. Reflected light. X375. Reduced 
approximately 45 pct for reproduction. 
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Table Ill. Chemical and Calculated Mineral Compositions of Equilibrated Mixtures in the FeO-Mn0-SiO.-MnS Plane 


Chemical Composition, Pct 


Mineral Composition, Pct 


Mixture 
Number Fe Mn S SiO, MnS FeO MnO.-SiO, Excess SiO, Excess MnO 

88 5.4 47.8 itil 21.4 47.4 7.0 45.6 0.4 

96 42.2 17.7 20.9 Sey! 43.1 1S 

99 41.9 21.8 6.7 IES 18.8 55.3 D5e2, 0.3 

101 9.8 35.3 0.1 40.3 0.4 QT. 84.6 1.8 

108 21.8 8%.3 13.3 15.9 36.6 28.3 34.3 0.3 

116 We? 40.8 6.8 Bi // 18.5 9.4 70.5 1.6 

121 14.7 38.3 9.6 25.0 26.5 19.2 53.2 1.0 

129 35.0 32.0 14.0 Sok 39.5 46.8 7.0 7.0 
136 43.9 16.9 19.9 fos} 41.3 

137 42.5 20.0 373 16.2 9.0 55.6 Sisal 0.4 

139 12.0 35.6 38.2 15.4 83.2 0.9 
142 30.4 36.1 GES: Sok 43.6 40.7 6.8 9.2 
146 29.6 37.1 15.6 Ze, 43.5 40.2 4.8 ial 
148 P2eI 38.0 6.8 30.3 18.8 15.8 64.3 153) 

149 31.6 35.1 16.3 2S 46.1 42.2 5.0 6.8 
152 7.9 39.5 6.6 Soee 18.1 10.3 69.1 Dee, 

153 ilsial 37.7 6.8 29.6 18.9 Wea 63.4 1.0 

154 11.8 38.9 Us) 20.7 1533 63.6 0.9 

157 27.3 15.8 5.5 43.8 37.0 Thea 
159 6.6 38.7 3.8 37.8 10.4 8.8 78.3 235 
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phase-equilibrium diagram for the 
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and SiOz which results from the incongruent melting 
of metasilicate ((Mn,Fe)O-SiO,). In Area A, FeS 
crystallizes at temperatures below the liquidus sur- 
face. There are two piercing points, four binary 
points, one binary peritectic, and one ternary peri- 
tectic in this diagram. Point 1, a piercing point, 
cannot lie in this plane because of the excess MnO 


| present. The shape of the MnS field shows that MnS 


is more soluble in silicate liquids rich in FeO than 
in silicate liquids rich in MnO. Also, MnS is more 
soluble in FeO than in the silicate liquids in this 

plane. Thus, as the FeO content of the silicate ligq- 


| uids decreases and the SiO, content increases, the 


solubility of MnS in silicate liquids decreases. Some 
of the mixtures in Area A, where FeS forms, do not 
reach complete crystallization until about 1700°F, 
when an FeO-FeS eutectic is formed. 

In steels containing the types of inclusions encom- 


| passed by this diagram, such as low-carbon resul- 
| phurized grades and other free- machining grades, 


the morphology of the inclusions in the finished 
product is determined to some extent by the oxygen 
content of the liquid steel. This is in agreement with 
the results obtained by Van Vlack.® Thus, the 
amounts of FeO and MnO in the steel, which are a 
function of steelmaking variables, appear to play a 
more important role in determining the type of in- 
clusion found in ‘the finished product than was pre- 
viously thought. 


SUMMARY 


The results of these studies have shown that man- 
ganese sulfide is fluxed by oxides and silicates in 


the planes studied and that inclusions in this system 
are partly liquid during rolling and finishing. In ad- 
dition, it has been found that oxygen can modify sub- 
surface inclusions through the reaction MnS + 
FeO—FeS + MnO during the soaking of ingots and 
the reheating of blooms and billets. The information 
developed in this study should aid in evaluating pres- 
ent steelmaking and processing practices from the 
standpoint of their effect on inclusions. 
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Notch Sensitivity of Refractory Metals 


The tensile and notch tensile properties of four refractory 


metals (molybdenum, tungsten, niobium (columbium), and tan- 
talum) and one alloy (Mo-0.5Ti) were investigated, All the 
materials were evaluated in bar form, and the molybdenum 


and Mo-0.5Ti also were studied in sheet form. The notch 


sensitivity of each material was evaluated on the basis of 
several criteria, including the notch-unnotch strength ratio, 
the ductility transition, and the fracture transitions. 


Use of refractory metals as structural materials in 
aircraft and space vehicles may subject them to low- 
as well as high-temperature environments. At ele- 
vated temperatures, the usefulness of a material 
usually is limited either by strength considerations 
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Table |. Interstitial Analysis of Refractory Metals 
Impurity Content, Percent 
Material H N 
Molybdenum (bar) 0.002 0.00006 <0.001 0.0022 
Molybdenum (sheet) 0.026 0.00006 <0.001 0.0009 
Mo-0.5 Ti (bar) 0.012 0.0006 0.001 <0.0020 
Mo-0.5 Ti (sheet) 0.020 0.0005 0.001 0.0042 
Tungsten 0.001 0.00002 <0.001 0.0005 
Niobium’ 0.004 - 0.005 0.015 
Tantalum’ <0.003 - 0.0008 <0.003 


‘Analyses of these materials were performed by the Wah Chang Corp. 
The other analyses were obtained at Battelle. 
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Table Il. Summary of Heat Treatments 


Grain Size 
Average 
Temperature, Hardness, Diameter, 
Material Condition ie Time, Hr Atmosphere Vhn ASTM mm 
Molybdenum (bar) Stress relieved 1000 y Hydrogen 234 
Molybdenum (bar) Recrystallized 1360 1 Hydrogen 188 Wet 0.032 
Molybdenum (sheet) Stress relieved 1000 %, Hydrogen 222, 
Molybdenum (sheet) Recrystallized 1300 %, Hydrogen 168 Tha 0.034 
Mo-0.5 Ti (bar) Stress relieved 1200 th Hydrogen 272 
Mo-0.5 Ti (bar) Recrystallized 1400 yy Hydrogen 201 8.1 0.024 
Mo-0.5 Ti (sheet) Stress relieved As received 267 
Mo-0.5 Ti (sheet) Recrystallized 1410 4 Hydrogen 188 8.4 0.021 
Tungsten Stress relieved 1200 1 Argon 440 
Tungsten Recrystallized 1600 1 Argon 370 4.7 0.078 
Tantalum’ Stress relieved 750 1 Vacuum 145 
Tantalum* Recrystallized 1200 3 Vacuum 83 4.8 0.076 
Niobium’ Stress relieved 750 1 Vacuum 100 
Niobium’ Recrystallized 1100 %, Vacuum 64 5.9 0.051 


Tantalum and niobium specimens were allowed to furnace cool in vacuum. 


not interfere with specimen preparation or testing procedure. 


All other specimens were air cooled. Oxidation was superficial and did 


or by oxidation protection problems. However, if the 
material is used at low temperatures, or is subjec- 
ted to a multiaxial stress system, it may display a 
pronounced tendency toward brittle behavior. Usual 
design criteria cannot predict failure adequately 
under these conditions. 

A research project was initiated at Battelle Me- 
morial Institute for the purpose of evaluating the be- 
havior of four refractory metals (Nb, Ta, Mo, and 
W) and the Mo-0.5Ti alloy under conditions where 
brittle behavior might be expected. Notched tensile 
specimens were used to develop multiaxial stress 


systems and stress concentrations. The notch sensi- 


tivity of each material was evaluated by comparing 
the tensile and notch tensile properties of each ma- 
terial over a range of temperatures selected to en- 
compass the brittle-to-ductile transition. Each ma- 
terial was investigated in both the stress relieved 
and recrystallized structural conditions. All the 
materials were evaluated in rod form. In addition, 


sheet specimens of molybedenum and Mo-0.5Ti alloy 


were evaluated. 


EXPERIMENTAL PROCEDURES 


The materials were purchased from commercial 
producers and are representative of those in current 


production. Molybdenum and Mo-0.5Ti bar and 
sheet stock were obtained from the Refractomet 
Division of the Universal Cyclops Steel Corp. Elec- 
tron-beam melted niobium and tantalum bar stock 
were purchased from the Wah Chang Corp. Tungsten 
bar stock was purchased from the General Electric 
Co. All materials were received in the wrought con- 
dition. Their interstitial analyses are reported in 
Table I. Oxygen and hydrogen contents were deter- 
mined by the vacuum-fusion technique. Nitrogen and 
carbon contents were determined by Kjeldahl and 
combustion methods, respectively. Spectrographic 
analysis was used for other elements, but are not 
reported, since the values were within the expected 
ranges. 

Heat treatments for all the materials are sum- 
marized in Table II. The stress-relief annealing 
temperature was selected in the recovery range for 
each material below the recrystallization tempera- 
ture, to provide a wrought structure with improved 
ductility. The recrystallization anneal was selected 
to provide a completely recrystallized structure 
without excessive grain growth. Molybdenum and 
Mo- 0.5Ti were annealed in hydrogen; tungsten was 
annealed in argon, and the tantalum and columbium 
in vacuum to prevent oxidation and contamination. 
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Unnotched bar specimens were prepared with a 
0.212-in. diam reduced section, whereas unnotched 
sheet specimens had a 0.250- by 0.065-in. reduced 
section. Notched specimens were designed with a 
60-deg notch angle and a 50 pct notch depth, result- 
ing in a theoretical stress concentration of 3 at the 
base of the notch. The dimensions of the reduced 
section of the notched specimens were identical with 
those of the unnotched specimens. Notch root radii 
were 0.011 in. for the bar and 0.021 in. for the sheet 
specimens. Accuracy and smoothness of the root 
radii were checked on a X100 projection of each 
notch. 

Notched and unnotched tensile specimens of each 
material, both in the stress-relived and in the re- 
crystallized condition, were tested at a minimum of 
five temperatures. These were selected to encom- 
pass the ductile-to-brittle transition. Temperatures 
of —253° and -196°C were obtained by immersing 
the specimens in liquid hydrogen and liquid nitrogen, 
respectively. Various proportions of dry ice and 
alcohol were used to obtain temperatures between 
0°C and —75°C. A water bath heated by an immer- 
sion heater was used to obtain the temperature of 
60°C. Tensile tests at temperatures of 100°C and 
above were conducted in a resistance wound vertical 
tube furnace. In all cases, temperature was con- 
trolled to within + 5°C. 


Temperature , C 
Recrystallized 


Wrought 

All tensile tests were conducted in a relatively 
hard (Baldwin-Southwark) Universal Testing Ma- 
chine. Cross head speeds were 0.02 in. per min for 
the unnotched specimens and 0.005 in. per min for 
the notched specimens. Strain rate of the unnotched 
specimens was approximately 0.016 per min. At 
room temperature, strain was measured by SR-4 
strain gages (Type A-7). A recording extensometer 
was used to measure strains at all other tempera- 
tures. Maximum load, point of fracture, reduction 
in area, and mode of fracture were recorded for 
each specimen. 


EXPERIMENTAL RESULTS 


The tensile and notch tensile properties of each 
material are illustrated in Figs. 1-7. The general 
features of these curves are summarized as follows: 
Initially, the notch strength of each material in- 
creased with decreasing temperature until the 
notched specimens showed tendencies toward brittle 
behavior. Thereafter, the notch strength decreased 
with decreasing temperature. The notch-unnotch 
strength ratio (ratio of notch strength to ultimate 
tensile strength) followed a similar pattern, remain- 
ing essentially constant at high temperatures and 
decreasing rapidly with decreasing temperature at 
low temperatures. Reductions in area of notched and 
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Fig. 4—Tensile properties of 


Mo-0.5Ti sheet. 
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unnotched specimens exhibited the abrupt decrease 
in ductility characteristic of body-centered-cubic 
metals in the transition region. 

Figs. 8 and 9 illustrate representative ductile and 
brittle failures of recrystallized molybdenum bar. 
The strain markings along the reduced section of the 
specimen tested at 300°C indicate that considerable 
uniform elongation occurred before necking devel- 
oped. Failure of the specimen tested at —40°C was 
in the vicinity of the gage marks, indicating fracture 
probably was initiated by the stress concentration at 
the gage marks. Longitudinal sections of the ductile 
and brittle fractures are illustrated in Figs. 10 and 
11, respectively. The ductile failure occurred by 
separations along shear planes. Grains near the 
fracture surface underwent considerable plastic 
flow prior to failure. The high degree of deformation 
produced voids apparently principally caused by the 
separation of adjacent grains along grain boundaries. 
The brittle specimen failed by transgranular cleav- 
age. No evidence of deformation was detected in the 
grains near the fracture surface. Additional trans- 
granular cleavage cracks can be seen forming below 
the fracture surface. 

Figs. 12 and 13 illustrate ductile and brittle fail- 
ures of niobium bar. The specimen tested at 25°C 
was extremely ductile. Evidence of severe plastic 
flow was observed in grains in the necked region. 


Twinning and the formation of transgranular cleav- 
age cracks below the fracture surface were detected 
in the niobium specimen tested at -253°C. These 
cleavage cracks appear to have developed from the 
pile-up and coalesence of dislocations at grain 
boundaries similar to those observed by Cottrell’ in 
steel. In several cases they can be seen to stop at 
grain boundaries or twins. 

The extreme ductility of wrought tantalum at 
—253°C is illustrated in Figs. 14 and 15. The ma- 
terial outside the notch was distorted and pulled out 
of round. Neither wrought nor recrystallized tan- 
talum became brittle or notch sensitive at tempera- 
tures down to —253°C. However, these materials did 
exhibit the rapid increase in strength with decreas- 
ing temperature characteristics of body-centered- 
cubic metals in the transition region; this suggests 
that they might become brittle at temperatures be- 
low —253°C. 


DISCUSSION 


The relation of the unnotch and notch tensile prop- 
erties to the ductile-to-brittle transition for all the 
materials investigated is summarized in Table III. 

In the following discussion, brittle fractures will 
be considered as those fractures occurring at the 
ultimate load by the cleavage mechanism, preceded 
by no macroscopic plastic flow. 
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Failure at Ultimate Load—Failure at the ultimate 
load is considered to be an indication of brittle be- 
havior. Usually it is the result of failure before 
yielding. However, since a drop in load before fail- 
ure must be accompanied by necking, failure at the 
ultimate load will also occur if plastic deformation 
remains uniform to the point of fracture. Failure at 
the ultimate load is therefore a necessary, but not a 
sufficient condition for brittle behavior. Several 
molybdenum, Mo-0.5Ti, and tungsten specimens 
that failed at the ultimate load exhibited considerable 
reduction in area. Failure at the ultimate load of 


| these specimens is not a true indication of brittle 
behavior. 


Low temperatures, which increase the resistance 
to flow and consequently reduce the probability of 
necking, favor failure at the ultimate load. A tem- 
perature is therefore expected below which failure 
at the ultimate load predominates. The introduction 
of a notch, which creates additional constraints to 
flow, raises this temperature. 

Fracture Transition—The change in fracture 


_ mechanism from predominantly separation along 


shear planes to cleavage is usually another indica- 
tion of brittle behavior. When the temperature is 


_ lowered to the point where the yield strength is equal 
to or greater than the cleavage fracture strength, 
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-50 ie} 


c-33612 
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Closed points denote fracture at maximum load 


cleavage fractures accompanied by zero reduction- 
in-area will occur. However, if the cleavage frac- 
ture strength is greater than the yield strength, but 
less than that required for separation along shear 
planes, cleavage fractures, accompanied by consid- 
erable reduction-in-area will result. The behavior 
is characteristic of materials tested at tempera- 
tures within the transition range; z.e., the range of 
rapidly increasing yield strength and rapidly de- 
creasing ductility with decreasing temperature. 
Many of the specimens tested in this program be- 
haved in this manner. 

If brittle fractures are classified as those occur- 
ring by the cleavage mechanism before any macro- 
scopic plastic flow has occurred, it is seen that 
cleavage fractures also are a necessary, but insuf- 
ficient, indication of brittle behavior. 

Low temperatures increase the probability of 
cleavage failures by increasing the resistance to 
slip. The introduction of lateral stresses by a notch 
will decrease the effective shear stress at the base 
of the notch, and therefore, will usually raise the 
temperature below which cleavage fractures may 
occur. 

In body-centered-cubic crystals, cleavage usually 
occurs on the {100} planes. Slip and separation in 
shear failure, on the other hand, usually occur along 
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Fig. 8—Views of the ductile shear failure of a recrystal- 
lized molybdenum bar tensile specimen tested at 300°C. 


planes of closest atomic packing, in the direction of 
least atomic spacing. Potential slip planes in body- 
centered-cubic crystals are the {110}, {112}, and 
{123} planes. Slip direction is parallel to the cubic 
diagonals, <111>. 

Ductility Transition—The ductility transition may 
be defined as the approximate temperature at which 
the reduction in area of the material decreases to 
one-half its maximum value. Therefore this tem- 
perature lies approximately at the mid-point of the 
transition range. Below this temperature cleavage 
fractures predominate, accompanied by limited or 
no reduction in area. Above this temperature, duc- 
tile fractures may occur by separation along shear 
planes. The introduction of a notch raises the duc- 
tility transition temperature. 

A comparison of unnotch and notch ductilities is 
illustrated in Fig. 16. It was observed that the duc- 
tility transitions of molybdenum, Mo-0.5Ti, and 
tungsten occurred at higher temperatures in the re- 
crystallized condition than in the wrought, stress- 
relieved condition. Similar but less marked behav- 
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Fig. 9—Views of the brittle cleavage failure of a recrystal- 
lized molybdenum bar tensile specimen tested at —40°C. 


ior was indicated for columbium, while tantalum 
showed no transition behavior in either condition. 
Nonmetallic impurities in these metals tend to seg- 
regate at the grain boundaries, adversely affecting 


Fig. 10—Longitudinal section of the shear failure of a 
molybdenum specimen tested at 300°C. 
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| Fig. 11—Longitudinal section of the cleavage failure of a 
_ molybdenum specimen tested at —40°C. 


ithe strength and flow properties of the material. 

Bechtold* suggests that the decrease in ductility 
jtransition after working is due largely to an elimin- 
gation or minimization of the adverse effects of the 
Jimpurity elements and of a large grain size. 

| Small additions of titanium to molybdenum tend to 
combine with interstitial impurity elements so that 
ithe adverse effects of the impurities are minimized 
;and a lower ductility transition can be expected. The 
'Mo-0.5Ti alloy tested in this research program 
igenerally exhibited a lower ductile-to-brittle transi- 
ition temperature than molybdenum. 

Zero Reduction-in- Area— Fractures preceded by 
ino observable macroscopic plastic flow are a true 
jindication of brittle behavior. They usually occur by 
ithe cleavage mechanism and always at the ultimate 
‘load. Under rare circumstances the stress required 
ifor separation along shear planes is lower than both 
ithe stress required for yield and the stress required 
ifor cleavage fracture. In these cases, fracture can 
joccur at the ultimate load by separation along shear 
planes, accompanied by no plastic flow. 


Fig. 12—Longitudinal section of the shear failure of a 
niobium specimen tested at 25°C. 
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Fig. 13— Longitudinal section of the cleavage failure of a 
niobium specimen tested at —253°C. 


Cleavage fracture at the ultimate load, accompa- 
nied by zero reduction in area, is a definite indica- 
tion (in fact, usually the definition) of brittle behav- 
ior. It is favored by low temperatures, which in- 


2 BRUMING 3 


Fig. 14—Views of the ductile shear failure of an unnotched, 
wrought, stress-relieved tantalum bar specimen tested at 
—253°C. 
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Table III. 


Relation of Tensile Properties to the Ductile-to-Brittle Transition 


Fracture 
Transition, 
Failure Occurrence Zero 
at Ultimate of Cleavage Ductility Reduction Notch 
Material Condition Specimen Load Fracture Transition in Area Sensitive’ 
Molybdenum (bar) Wrought, stress Unnotched -75°C -60° C 5G ORG 
relieved Notched < 2 100°C WINE 
Recrystallized Unnotched -40°C < 100°C 150°C 40°C 
Notched < 100°C < 100°C 2252.6 < 100°C 
Molybdenum (sheet) Wrought, stress Unnotched -25° C,-75° C -15°C -75° C 
relieved Notched 25°10 <-25°C 
Recrystallized Unnotched < -40° C < 100°C <-40°C 
Notched < 100°C <a 100 125°C <-40°C 
Mo-0.5 Ti (bar) Wrought, stress Unnotched -75°C < -50°C -75° C < 
relieved Notched < 026 < 100°C <-25°C 
Recrystallized Unnotched -40°C < 100°C —40° C <2 
Notched 300° C 25036 K 
Mo-0.5 Ti (sheet) Wrought, stress Unnotched -196° C <-40°C -75°C - < -60°C 
relieved Notched <-40°C <-60° C 
Recrystallized Unnotched <-40°C -10°C <-60° C 
Tungsten Wrought, stress Unnotched < 150°C 300°C < 25016 
relieved Notched = 30026 5 
Recrystallized Unnotched 7526 < 400° C 300° C 
Notched < 600°C < 600° C 425°C 300° C 40021¢ 
Niobium Wrought, stress Unnotched <-196°C —225° C 
relieved Notched —253°C < -196° C —205° C —253°C 
Recrystallized Unnotched <-196° C —225°C -196° C 
Notched —253°C < -196° C —215° C —253° C 


*Sharply decreasing notch-unnotch strength ratio. 


*This material did not exhibit a point of rapid decrease in the notch-unnotch strength ratio. The temperature at which the notch-unnotch strength 
tatio decreases to 1.0 is taken as the temperature below which the material is notch sensitive. 


crease the resistance to flow and the separation 
along shear planes. The introduction of a notch will 
develop additional constraints to flow and will re- 
duce the effective shear stress acting at the base of 
the notch. A notch therefore is expected to raise the 
temperature below which this definite indication of 
brittle behavior appears. 

Notch Sensitivity— The introduction of a notch into 
a tensile specimen has two major effects. First, the 
constraint to flow imposed by the unstressed ma- 
terial outside the notch develops a triaxial system 
of tensile stresses in the notched section. Second, 
the distribution of stress across the notched section 
becomes nonuniform. In the elastic region, the 
longitudinal stress at the base of the notch is in- 
creased over the average stress by an amount equal 
to the stress-concentration factor. When the yield 
stress is exceeded, the distribution of stresses be- 
comes more complex, and exact analyses are not 
available. 

The transverse stresses, in the triaxial stress 
system, reduce the effective shear stress in the 
notched section. Therefore, greater longitudinal 
stresses will be necessary to cause yielding. This 
reduction of effective shear stress also will raise 
the longitudinal stress required for failure by sep- 


524—VOLUME 221, JUNE 1961 


aration along shear planes. Thus, a notch acts as a 
strengthening factor in the ductile region. Higher 
nominal shear fracture strengths can be expected in 
notched specimens than in unnotched specimens. 

The increasing resistance to slip with decreasing 
temperature creates a rise in the longitudinal 
stresses required to produce flow and shear frac- 
ture of notched specimens similar to that observed 
with unnotched specimens. Since the cleavage frac- 
ture strength is relatively insensitive to tempera- 
ture and state of stress, it is readily seen that the 
condition for brittle cleavage fracture will be met 
by notched specimens at a higher temperature than 
by unnotched specimens. In addition, the stress con 
centration at the base of the notch will cause cleav- 
age cracks to develop and propagate at a lower 
nominal longitudinal stress than is possible with the 
unnotched specimens. A lower nominal cleavage 
fracture strength therefore is expected for the 
notched specimens than for the unnotched speci- 
mens. This fracture stress will be lowered by in- 
creasing the notch severity. 

Theoretical considerations alone predict that once 
the yield strength exceeds the cleavage fracture 
strength, the fracture strength will remain constant 
with decreasing temperature. However a sharp de- 
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| Fig. 15—Views of the ductile shear failure of a notched, 

: wrought, stress-relieved tantalum bar specimen tested at 

| —253°C. 
crease in notch strength with decreasing tempera- 
ture generally was observed at temperatures below 

_which the notched specimens fractured by the cleav- 
age mechanism without visible flow. This can be at- 

tributed to stress concentrations due both to the 
notch and to surface or structural defects that act 

as severe stress raisers. Restricting the ability of 
the material to flow will prevent these stress con- 
centrations from being relieved. Therefore, as the 
temperature is lowered and flow becomes increas- 
ingly difficult, the effect of the stress concentrations 
will be magnified and fracture will occur at increas- 
ingly lower strengths. This conclusion is supported 
by the scattering of the notch strength data in this 
region. 

It is now evident that, although the notch is a 
strengthening factor in the ductile region, as the 
temperature is lowered a temperature is reached 
below which the notch begins to have an adverse ef- 
fect on the strength properties. The notch strength 
falls below the unnotch strength, and material is 
said to be notch sensitive. 
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Fig. 16—Effect of temperature on the unnotch and notch ten- 
sile ductilities of refractory metals. 


The notch-unnotch strength ratio highlights this 
behavior. In the ductile region, where the notch 
exerts a strengthening effect, the notch-unnotch 
strength ratio remains above unity and is relatively 
insensitive to temperature. However, at tempera- 
tures below which the notch begins to have a dele- 
terious effect, the notch-unnotch strength ratio 
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Fig. 17—Comparison of notch-unnotch strength ratios. 
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usually exhibits a precipitous decrease with de- 
creasing temperature. This decrease obviously is 
the result of the decline in notch strength. However, 
it would still occur if the notch strength remained 
constant with decreasing temperature below the 
temperature at which brittle cleavage fractures first 
occurred. The temperature at which the notch- 
unnotch strength ratio begins to decrease sharply 
with decreasing temperature is usually identical to 
the temperature at which the notch strength attains 
its maximum value. 

Although it can be argued that a material becomes 
notch sensitive only below the temperature at which 
the notch-unnotch strength ratio decreases to unity, 
the point of abrupt decline is a definite indication 
that the strength of the material will be affected 
adversely by the presence of a notch at lower tem- 
peratures. Therefore, the temperature at which 
this decline first appears can be defined as the tem- 
perature below which the material becomes notch 
sensitive. This temperature is raised by increasing 
the severity of the notch. Materials used in applica- 
tions where they must withstand multiaxial stresses 
should have high notch-unnotch ratios. In general, a 
high notch-unnotch ratio is favored by high ductility, 
which permits the relief of stress-concentrations; 
and by a high cleavage fracture strength, which re- 
quires high nominal tensile stresses to initiate 
cleavage cracks in the stress concentration at the 
base of the notch. 

The relation of the notch-unnotch strength ratios 
of the materials are summarized in Fig. 17. The 
materials listed in order of decreasing temperature 
at which they become notch sensitive appear to be 
tungsten, molybdenum bar, molybdenum sheet, 
Mo-0.5Ti bar, Mo-0.5Ti sheet, niobium, and tan- 
talum. Small additions of titanium to molybdenum 
appear to lower the temperature at which molyb- 
denum becomes notch sensitive. Each material tends 
to become notch sensitive at a higher temperature in 
the recrystallized condition than in the wrought, 
stress-relieved condition. This again probably is 
caused by the elimination or minimization of the 
adverse effects of impurities segregated at grain 
boundaries, and by the smaller grain size. 

Although several exceptions can be noted, the 
following generalizations can be made from an anal- 
ysis of the data. The abrupt drop in the notch- 
unnotch strength ratio occurred at approximately the 
same temperature as that at which the reduction in 
area of the unnotched specimens began to decrease 
with decreasing temperature. With the recrystal- 
lized molybdenum bar and recrystallized Mo-0.5Ti 
bar specimens, an inflection was observed in the 
unnotched reduction-in-area curve. In these two 
cases, the precipitous drop in the notch-unnotch 
strength ratio occurred at approximately the same 
temperature as that at which the final decrease in 
the reduction in area of the unnotched specimens 
began. In addition, the reduction in area of the 
notched specimens appeared to approach zero at the 
point of rapid decrease in the notch-unnotch strength 
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ratio. 

The point of rapid decrease in the notch-unnotch 
strength ratio usually occurs at a higher tempera- 
ture than that at which this ratio decreases to unity. 
Therefore the selection of the abrupt drop as the 
criteria for notch sensitivity allows a margin of 
safety. 

The temperature below which failure at the ulti- 
mate load occurred was closely associated with the 
temperature below which zero reduction in area was 
observed and was always equal to or lower than the 
fracture transition temperature. It appears that the 
materials become notch sensitive at a temperature 
between those at which the notched and unnotched 
specimens fail at the ultimate load. 

The fracture transition usually occurred at a 
higher temperature than the ductility transition and 
at a higher temperature than that which the material 
becomes notch sensitive. The first appearance of 
cleavage fractures then indicates that at lower tem- 
peratures, the ductility of the material is question- 
able and that it may be notch sensitive. 

The transition temperature is in general higher in 
the bar than in the sheet specimens. Since composi- 
tions and grain sizes were similar, this suggests 
that the triaxial state of stress developed in the bar 
specimens is a more severe condition than the bi- 
axial state of stress developed in the sheet speci- 
mens. 


SUMMARY 


The tensile and notch tensile properties of four 
refractory metals (molybdenum, tungsten, niobium, 
and tantalum) and one alloy (Mo-0.5Ti) were inves- 
tigated. All the materials were evaluated in bar 
form, and the molybdenum and Mo-0.5Ti also were 
studied in sheet form. The notch sensitivity of each 
material was evaluated on the basis of several cri- 
teria, including the notch-unnotch strength ratio, the 
ductility transition, and the fracture transitions. 

The following conclusions were made from an 
analysis of the data: 

1) The temperature at which the notch-unnotch 
strength ratio decreases rapidly is an adequate cri- 
terion for notch sensitivity. 

2) The transition from a shear toa cleavage frac- 
ture mechanism generally occurs at a higher tem- 
perature than does the ductility transition. 

3) The materials investigated tend to become 
notch sensitive at a higher temperature in the re- 
crystallized condition than in the wrought stress- 
relieved condition. 

4) The materials investigated, listed in order of 
decreasing temperature at which they become notch 
sensitive are: tungsten, molybdenum bar, molyb- 
denum sheet, Mo-0.5Ti bar, Mo-0.5Ti sheet, ni- 
obium, and tantalum. 
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‘Some Thermodynamic Properties of the 


The partial molal free energy of Cd in each of the four 
intermediate phases, Cd3Cu, Cd,Cu,, Cd3Cu,, and CdCu, is 
determined using the Knudsen vapor pressure technique. 
Measurements are made also within the two-phase regions, 
and thus the variation in AFcq is now known across the en- 


tive phase diagram. The absolute values are all less the 
2.0 kcal and increase regularly with increasing Cd concen- 
tration. The small absolute value of the free energy pre- 
cludes the possibility of obtaining highly accurate values; 


phases. 


i, 
Tue elements Cu and Cd combine to form four in- 
/termediate phases which are designated* y, 6, 


*Recently the symbol y has been used to designate all phases having 
( electron to atom ratios of 21:13 and which are isotypic with y brass. 
| This is the 5 phase in the notation above. The older convention is used 
| here because of the convenience in having symbols for the remaining 
| phases which need not necessarily have the stoichiometric composition. 


and € and which include respectively the following 
intermetallic compounds: CdCu,, Cd, Cu,, Cd,Cu,, 
and Cd,Cu. The extent of each phase with respect 
| to temperature and composition is shown in Fig. 1 
which is the equilibrium diagram drawn according 
to Hansen. All four phases are brittle, and most 
probably are true intermetallic compounds. Only 
the crystal structure of the 6 phase has been 
thoroughly investigated.”*? The structure is cubic 
_and isotypic with y brass. The structure of Cd, Cu 
| has not been previously reported. It is hexagonal 
| with a = 8.11 andc = 8.76 + 0.02A and the structure 
F is presently being determined.* The compounds 


| *The current investigation is being conducted by D. Sands and A. 
| Zalkin of the Lawrence Radiation Laboratory, Livermore, Calif. 


| Cd, Cu, and CdCu, have been each previously the 
subject of a single investigation. Cd,Cu, is pre- 
_ sumed to be cubic* with the space group Fd3m, 
whereas CdCu, is hexagonal” with the C14-type 
| 
| 
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nevertheless, the results are compatible with those previ- 
ously reported for the liquid phase. Additional results are 
reported concerning the lattice parameters of the 6, €, and 


Richard Borg 


structure. Cu,Cd is found by X-ray analysis to be 
hexagonal with lattice parameters a = 5. 00A and 

c = 16.17A. The material appears to be pure Cu,Cd 
as all reflections could be indexed on the basis of 
the single hexagonal structure. These values dis- 
agree with those of Kripyakevich and coworkers® 
who report a = 4. 96A and c = 7.98A. Their investi- 
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Fig. 1—The phase diagram of the Cd-Cu system accord- 
ing to Hansen.! 
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gation was conducted using material which had been 
cooled from the melt phase and annealed but a 

single day. The long anneal times found necessary 
by the present author would indicate that the Russian 
investigators did not have the equilibrium composi- 
tion. 

Until the present, no satisfactory partial molal 
thermodynamic properties have been reported for 
the Cd-Cu system in the solid state. The heats of 
formation have been determined for the 8, y, and 6 
phases by liquid tin calorimetry.® The heat of fusion 
of the 6 phase for the congruently melting composi- 
tion has been measured by Kubaschewski,’ and the 
electromotive force method has been applied to a 
wide range in composition® for the liquid alloys. 
Whenever possible, the results of this investiga- 
tion have been extrapolated and compared with the 
results of the previous work. For such compari- 
sons the values given by Selected Values for the 
Thermodynamic Properties of Metals and Alloys® 
have been used rather than those reported by the 
original author. 

The results which are reported herein are based 
upon measurements of the vapor pressure of Cd by 
the Knudsen effusion technique. Essentially all re- 
gions represented by the phase diagram are inves- 
tigated, and the data extend more or less contigu- 
ously from the @-f region to the e phase. Because 
the values of |AF.,| are quite low, in fact less than 
2.0 kcal in all cases, the inherent systematic error 
becomes an appreciable fraction of the total value. 
Hence, one is not justified in claiming a high degree 
of accuracy; nevertheless, the data are believed re- 
liable and the precision is well within the limits 
usually accorded such measurements. 


EXPERIMENTAL 


The alloys are prepared by two methods. The 6 
phase, containing approximately 60 at. pct Cd is 
made by fusing Cu and Cd in a graphite crucible 
under a protective flux and homogenizing the re- 
sulting ingot for one week in vacuo. The remaining 
phases all melt incongruently and one must rely 
upon prolonged homogenizations in order to achieve 


the equilibrium compositions. The £, y, andeé phases 


are prepared by fusing the desired amounts of the 
constituent metals in evacuated ampoules of Vycor. 
The ingots which are obtained from the initial melt 
are pulverized and again sealed in evacuated cap- 
sules for homogenization. After being held for two 
weeks at temperatures nominally 20°C below the 
respective melting points the alloys are analyzed 
by X-ray diffraction to determine the degree of 
homogeneity. If the reaction is judged incomplete 
the material is again pulverized and the annealing 
procedure continued. A total of six weeks of an- 
nealing is required before the § and y phases ap- 
pear to reach equilibrium, and about three weeks is 
needed for the € phase. The compositions investi- 
gated corresponding to two phase regions are made 
by homogenizing the appropriate mixture of 
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the equilibrium phases. 

All alloys are prepared from reagent grade Cd 
and Cu. The 6 ande alloys are analyzed for Cd by 
the versenate method and the Cu obtained by differ- 
ence. The concentration of Cu is determined in the 
8B and y phases by the iodide method and the Cd cal- 
culated by difference. The limits assigned to the 
composition merely indicate the precision based 
upon two or more analyses for each alloy. 

The apparatus employed to measure the vapor 
pressure has been described in detail elsewhere. 
Several investigations commencing with those of 

Knudsen” have been conducted in an effort to de- 
termine the maximum pressure for which the ef- 
fusion conditions are obeyed as a function of the 
area of the orifice. It is frequently assumed that 

a ratio of orifice diameter to mean free path of 

0.1 is the maximum which will satisfy the require- 
However, the work of Mayer™’!® and 
Johnson?® indicated that measurements can be made 
at pressures where the mean free path is approxi- 
mately equal to the orifice diameter. Ackermann?” 
has recently recapitulated and assessed most of the 
previous work bearing upon this important point. He 
concludes that pressures corresponding to a mean 
free path of approximately three times the orifice 
diameter are justified, and perhaps even greater 
pressures are permissible. With the exception of 
three measurements, all results reported here are 
obtained at pressures sufficiently low so that the 
mean free path exceeds the orifice diameter by at 
least a factor of three. The three exceptions all 
concern measurements of the € phase. It is note- 
worthy, however, that even at these extreme pres- 
sures where the mean free path nearly equals the 
orifice diameter that the results are not depressed 
but fall on the expected straight line which includes 
the measurements at lower pressures. For these 
reasons, all results including the highest measured 
pressures are reported. 


10,11 


RESULTS 


In the following paragraphs each of the composi- 
tions investigated will be discussed separately. 
However, Table I summarizes all the results for 
580°K which is selected as the common temperature 


Appendix Table | 


Composition 

At. Pet Cd AF gg (eal.) AHeg (cal.) ASca {e.u.) 
€ 74.2 — 200 0 0 
68.1 40.1 200 0 0 
63.9 (-— 685) - 
6, 60.1 + 0.2 -1762 —2343 -1.0 
48.7 + 0.03 -1668 (-—2453) (-1.3) 
y 43.78 + 0.03 -1893 -1432 0.796 
a+B 31.55 + 0.01 -1922 (-3711) (-3.08) 

(+100) (+200) (40.2) 


The values given above are calculated at T = 580°K. The values 
given in parentheses are more uncertain than indicated by the limits of 
error cited at the bottom of each column. 
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Fig. 2—The vapor pressure of Cd as a function of tem- 
perature for the €;, 6, and € + 6 phase fields. 


for comparing the partial molal properties of the 
various phases. 

The equations describing the vapor pressure of 
each composition as a function of temperature are 
found by means of a least mean squares analysis. 
The equation giving the vapor pressure of pure Cd 
derives from earlier work:™ 


log P? 4, = 8.723 — 5781/T [1] 


All X-ray measurements, unless otherwise noted 
are the results of powder patterns obtained with the 
G.E. XRD-5 diffraction spectrometer using Cr Ka 
radiation. 

A) The € ande + 56 Phases—The composition of 
the € phase is determined to be 74.2 + 0.3 at. pct 
Cd. X-ray analysis failed to reveal the slightest 
trace of pure Cdor of the 6 phase. Thee + 6 mix- 
ture has an overall composition of 68.1 at. pct Cd. 

Within the limits of error AF ., = 0 for Cd,Cu. 
Actually, AFco4 could be as great as 200 cal and 
still not be detected by the vapor pressure meas- 
urements. As may be seen in Fig. 2, the two-phase 
mixture yields essentially the same results. Hence 
it would appear the |AF.,/< 200 cal at the Cd-rich 
boundary of the 5 phase. The electromotive force 
results of Riccoboni and coworkers yield a value of 
—100 cal for Cd,Cu at 397°K which helps to explain 
the lack of success of the vapor pressure deter- 
minations. 

The vapor pressures of the € phase as well as the 
€ + 6 mixture are slightly higher below 555°K than 
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Fig. 3—The vapor pressure of Cd as a function of tem- 

perature for the 6 phase and a+ £ phase field. 
the equivalent values for pure Cd. Although all these 
results are within the experimental limits of error, 
it is disturbing to find them all high rather than ran- 
domly scattered. This trend is not observed in the 
calibration measurements. A series of quenching 
experiments were conducted in order to determine 
whether this effect could have arisen from the non- 
equilibrium decomposition of the € phase at lower 
temperatures. Two sealed ampoules containing 
filings were annealed for one week at 573° and 
475°K. X-ray analysis again failed to demonstrate 
the presence of a new phase in either sample. 

B) The 6 Phase Fields—The vapor pressures of 
four compositions either containing or consisting of 
the pure 6 phase have been determined. The value 
of AFoq at the Cd-rich boundary is described in the 
preceding paragraph. The value of the Cu rich 
boundary will be discussed in section C. 

Two compositions of the pure 6 phase have been 
made and the vapor pressures measured. The com- 
position containing 63.9 + 0.1 at. pct Cd, 5,, seems 
to be just within the single-phase region. This alloy 
is prepared in the solid state by homogenizing a 
mixture of the pure 6 andeé phases. The lattice 
parameter is 9.662A + 0.002 which agrees with the 
value of a, = 9.654A which is reported by Owen and 
Pickup? for an alloy containing 63.0 at. pct Cd. The 
vapor pressure data given in Fig. 2 indicate that this 
composition at lower temperatures passes into the 
two-phase region and does not attain the equilibrium 
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Fig. 4—The vapor pressure of Cd as a function of tem- 
perature for the y phase and y + 6 phase field. 


composition during the effusion run. The deviation 
from linearity of log appears in the neighborhood 
of 580°K. The measurements do not permit an es- 
timate of this temperature closer than + 15°. The 
temperature range of the vapor pressure measure- 
ments,is severely limited in this instance by the 
orifice diameter and the decomposition temperature, 


so they do not warrant calculation of AHeq and ASg,. 


The vapor pressure is given as a function of temper- 
ature by Eq. [2] which is combined with Eq. [1] to 
give the equation for AFo,. 


10-0138 — T1437 [2] 
A Fog = 9.546 T — 6232 [3] 


The value of AFc, for 6, at 580°K is found to be 
—600 + 200 cal. 

The phase, here designated 6,, contains 60.1 + 0.2 
at. pet Cd which corresponds to the congruently 
melting composition. The lattice parameter is 
9.593A + 0.002 as compared with the value of 9.615A 
reported by Bradley and Gregory,” for an alloy con- 
taining 60.4 at. pct Cd. Eqs. [4] and [5] give the 
vapor pressure and AF., as a function of tempera- 
ture. The value of AFo, is found to equal —1762 + 
100 cal at 580°K. 


log = 8-942 — 6293 x [4] 
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A Fog = 1.002 T — 2343 [5] 


Although a rather long extrapolation is required, 
the value of AF, obtained using Eq. [6] can be 
compared with the electromotive force measure- 
ments® at 836°K, the melting point of the solid. A 
common temperature of 875°K has been used to tab- 
ulate the partial molal properties of the liquid 
phase.® Hence, one must first extrapolate these re- 
sults to 836°K, then add AF,,,, the free energy of 
melting for pure Cd at this temperature, in order to 
refer this value to solid as the standard state. The 
heat capacities are taken as Cp(1) = 7.10 and Cp(s) = 
5.31+2.94x 107° T. The free energy is calculated 
according to Eqs. [6], [7], and [8] which yield a 
value of —590 cal. 


=AH [6] 


A Fyn 


AH 
836 


= (1)— AHsy(s)+ ACp(TMT [7] 


836 


= (1) — (S)+ ACp(T)dinT [8] 
594 


A Fuze (1) = AH — TAS 

= —300 — 0.48 x 836 = —701 cal [9] 
Hence AF, at 836°K referred to the solid is 
A Fog = AFin + A Fagg (1) 


= —590 — 701 = —1291 cal [10] 


The value of the partial molar free energy obtained 
at 836°K from Eq. [5] is —1505 cal. The agree- 
ment is almost within the combined limits of error, 
for both sets of measurements (i.e., 200 cal). 

Using the reported value® for A F,3, (1) and by ap- 
plying Eqs. [6] to [9] one may calculate A F ag, (Ss) 
for Cu which may be combined with A Fy,(s) for 
Cd to give the free energy of formation, A F;, at 
836°K of the 6 phase. The values Cp(l) = 7.50 and 
Cp(s) = 5.41 + 1.50 X 10-87 are taken for Cu which 
give A F,3,(s) equal to -690 cal. The free energy 
of formation is given by Eq. [11] 


A Fy = Nea A Fea +NewA Fey = —1179 + 200 cal [11] 


The value reported by Kleppa® for A Fy 
—1092 + 100 cal. This discrepancy, 7.e. 87 cal, is 
obviously well within the combined limits of error. 

C) The y and 6 + y Phase Fields—The vapor pres- 
sure measurements made in the two phase region, 
5+, are summarized by Eqs. [12] and [13]. 


loge, 9,019. [12] 
A Fog = 1.354 X T — 2453 


The value of AF, at 580°K is given as —1668 + 100 
cal by Eq. [13]. As only six determinations are 
made at this composition, 48.7 + 0.3 at. pet Cd, 
and are not considered highly accurate. 
Nevertheless, these data may be extrapolated to the 
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eutectic temperature at 820°K and compared with 
the electromotive force results for the liquid having 
the eutectic composition. Eq. [13] gives —1475 cal 
for AF cg while one calculates —1343 cal from the 
electromotive force data. 

The ‘pure’ y-phase alloy contains 43.78 + 0.03 at. 
pet Cd and is slightly Cu rich with respect to the 
stoichiometric compound, Cd,Cu,. According to 
Hansen this composition should still lie in the 
single-phase field. The vapor pressure results 
are given by Eq. [14]: 


log = 8-550 — 6090 x [14] 


Combining Eq. [14] with Eq. [2] one obtains Eq. [15]: 


AFoq = —0.796T — 1432 [15] 


In the manner already described these results 
can be compared with the electromotive force data 
reported for the liquid phase. The y phase is in 
equilibrium at 820°K with a melt containing approx- 
imately 44.5 at. pct Cd. The AF, (820°) of the melt 
referred to the solid as the standard state is —1892 
cal while the value calculated using Eq. [15] is 
—2067 cal. Considering the scatter of the individual 
vapor pressure measurements this agreement must 
be regarded as fortuitous. 

D) The a — 8. Phase Fields—The two-phase 
mixture used to determine the A Fc, consists of 
nearly pure £, having an overall composition of 
31.55 + 0.01 at. pct Cd. 

The vapor pressure results and AFo, are given 
by Eqs. [16] and [17]: 


P= — 6592 x 771 
A Fea = 3.084T — 3711 


[16] 
[17] 


At 580°K AF, = —1922 + 200 cal which differs 
from the value for the y phase by much less than the 
limits of error. The value of AFc, extrapolated to 
822°K does not agree with the electromotive force 
measurements, the former yielding —1245 cal while 
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the latter gives —2012 cal. The values of AH, and 
AS cq are hence listed in parentheses in Table I and 
should be regarded with considerable skepticism. 


CONCLUSIONS 


The partial molal free energy of Cd has been 
measured for all the solid phases of the Cd-Cu sys- 
tem. Extremely small variations in the value of this 
quantity is found in traversing from the Cu- to the 
Cd-rich compositions. The results agree in general 
with the previously reported electromotive force 
measurements made on the liquid phase. 

It would appear that the lattice parameters pre- 
viously reported for CdCu, are in error. 
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The Solubility of Nitrogen in Solid lIron-Nickel 


Alloys Near 1000° C 


Alloys ranging from pure iron to pure nickel were satu- 
vated with nitrogen gas at 918°, 999°, and 1217°C and analyzed. 
The solubility of nitrogen at 1-atm pressure was obtained as 
a function of nickel content for the whole range of iron-nickel 
alloys and the temperature dependence of solubility is shown 


for the experimental alloy compositions. The heat of solution 
and the entropy of solution of nitrogen in the alloys as func- 
tions of composition up to 41 pct Ni are given. 


Tue acquisition of more exact thermodynamic in- 
formation for systems composed of iron with vari- 
ous alloying elements continues to interest ferrous 
metallurgists. The interstitial alloying elements, 
especially carbon, hydrogen, and nitrogen, comprise 
a field of particularly intense study. A recent inves- 
tigation of carbon solubility in Fe-Ni alloys held at 
1000°C in gases of fixed carbon activity showed an 
unpredicted minimum in the solubility near 72 pct 
Ni.’ The present investigation was undertaken to 
see if a Similar anomaly in solubility existed for 
nitrogen in Fe-Ni alloys. 

The solubility of nitrogen in yiron at known nitro- 
gen activities has been measured several times.” ° 
Corresponding information for the solubility of ni- 
trogen in solid Ni and Fe-Ni alloys is not available. 
Juza and Sachsze® reported that metallic nickel dis- 
solved 0.07 pet N in equilibrium with Ni3N at 445°C. 
This result was regarded as dubious by Turkdogan 
and Ignatowicz*® who found less than 0.0004 pct N 
in nickel specimens equilibrated at 600°C with am- 
monia-hydrogen mixtures having fugacities of Nz 
gas up to 35,000 atm. Such fragmentary reports in- 
dicate only that nitrogen gas has a very much lower 
solubility in nickel than in iron. 


MATERIALS 


A purified iron from Battelle Memorial Institute 
was used for solubility measurements. This grade 
contained more than 99.95 pct Fe, the highest con- 
tent of any measured individual impurity being 50 
ppm for each of As, C, Cu, and Pb. The nickel and 
iron-nickel alloys, supplied by the International 
Nickel Co., contained 0.02 to 0.04 pct C, 0.17 to 
0.19 pct Mn, 0.04 to 0.08 pct Si, < 0.01 pct P, < 0.03 
pet S, and <0.20 pct Co as principal impurities. 
The Fe-0.59 pct Mn alloy was of zone-melted qual- 
ity, the highest concentration of any individual im- 
purity being 15 ppm Al. 

The ‘‘prepurified’’ grade of nitrogen gas from 
Matheson Co. had a nominal nitrogen content of 
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99.996 pct. An ‘‘electrolytic’’ grade of hydrogen 

gas from National Cylinder Gas. Co. in which the 
principal impurity is water vapor was admixed with 
the nitrogen to prevent oxidation of these specimens. 
This grade was preferred to a purer grade because 
the presence of some oxygen helps in suppressing 
contamination of the specimens, for instance, by 
silicon from the porcelain furnace tube. 


EXPERIMENTAL PROCEDURE 


The specimens were equilibrated in vertical tube 
furnaces through which a 99 pct Ne-1 pct He gas was 
passed at ambient pressure. For the 915°, 918°, 
and 999°C runs, a wound-resistance furnace was 
used, and for the 1217°C runs, a furnace with a tu- 
bular silicon carbide element was used. The tem- 
perature control system on both furnaces was sim- 
ilar: a Weston ‘‘Celectray’’ controller with a mod- 
ulator, responding to the electromotive force of a 
thermocouple with its hot junction in the furnace, 
switched the furnace current between high and low 
settings. The temperature distributions in the work- 
ing zones of the furnaces were determined with 
calibrated Pt/Pt-10 pct Rh thermocouples. The 
overall uncertainty in temperature was estimated 
to be +3° at 915° to 999°C and £5° at 1217°C. 
Consideration of the small temperature coefficients 
of the equilibria studied, together with the error 
limits in the method of analyzing for nitrogen, 
showed that further refinement in temperature uni- 
formity would give no improvement in resultant ac- 
curacy. 

The reactive gas was generated by mixing to- 
gether ‘‘prepurified’’ nitrogen and ‘‘electrolytic”’ 
hydrogen directly from cylinders commercially 
supplied. The flow rates of nitrogen and of hydro- 
gen were fixed by setting with bleeders the pressure 
drops across the individual calibrated flow meters 
of constant resistance. 

For any given alloy, the solubility of nitrogen at 
1-atm pressure (% N) was obtained from the anal- 
yzed nitrogen content of equilibrated specimens 
(% N,4) according to Sieverts’ law, thus 


% N= %Ny: 
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Fig. 1—Variation of nitrogen solubility with temperature in 
pure iron. 


where Py, is the experimental absolute pressure of 
nitrogen (in atmospheres) computed from the com- 
position of the reactive gas and the barometric pres- 


sure. 
The duration of each run was decided by assum- 


ing that the time of equilibration was determined 
by the rate of nitrogen diffusion in the specimens. 
In the absence of information for iron-nickel alloys 
and pure nickel, estimates of the time required for 
equilibration were based on the diffusion coeffi- 
cients for nitrogen in iron. To ensure that equilib- 
rium was achieved, runs of duration much longer 
than the estimated equilibration times were made. 
At the conclusion of each run, the specimens were 
quickly pulled from the furnace and immediately 
quenched into cold water. 


The samples were analyzed for nitrogen by a 
modified Kjeldahl method. A piece of alloy was dis- 
solved in 1:1 hydrochloric acid and the solution was 
then made alkaline by addition of sodium hydroxide 
solution. The alkaline solution was distilled by 
passing steam into it. To the distillate, Nessler’s 
reagent was added and, after color development, 
the transmissivity was determined on an Evelyn 
colorimeter. The colorimeter was calibrated by use 
of standard samples prepared from ammonium chlo- 
ride and from NBS steel standards. Based on the 
reproducibility of values for specimens analyzed 
repeatedly over a period, the accuracy of analyses 
is + 6 ppm (or 0.0006 pct) N at a level of 0.029 pct 
N, +5 ppm at levels from 0.018 to 0.029 pct N, +4 
ppm at levels from 0.012 to 0.018 pct N, +3 ppm 
at 0.010 pct N, + 2 ppm at 0.006 pct N, +1 ppm at 
0.002 pct N. 


EXPERIMENTAL RESULTS 


The solubility of nitrogen at l-atm pressure in 
purified iron as measured by several sets of work- 
ers is shown in Fig. 1. At temperatures approach- 
ing 910°C, the authors’ solubility values (also con- 
tained in Table I) are slightly higher than the con- 
cordant results of Darken, Filer, and Smith,° Corney 
and Turkdogan,’ and Fountain and Chipman, ® but at 
higher temperatures, they essentially agree. The 
915°C series, which was made later and analyzed 
separately from the 918°C series because of the 
disagreement just mentioned, confirms the authors’ 
measurement at 918°C. In the case both of Darken 
et al. and of Corney and Turkdogan, the lower val- 
ues that they obtained near 910°C may result from 


Table 1. Experimental Nitrogen Contents of lron-Nickel Alloys 


Pct Nitrogen in Alloy 


Series Per Cent Nickel 
Tempera- Length in Alloy PureFe 1.01 3.98 8.11 15.46 26.8 40.7 (ili! 79.5 99.4 
ture, °C of Run, Hr. 
Zero 
dnitial Stock) 0.0003 0.0044 0.0047 0.0044 0.0033 0.0027 0.0021 0.0014 0.0010 0.0006 
915 236.4 0.0289 0.0285 = = = = 
736.6 0.0293 0.0283 = = = = = = = = 
Solubility Adopted 0.0291 0.0284 = = = = = om = - 
918 162.3 0.0293 0.0269 = 0.0182 NEC: 0.0061 N.C. 0.0004 = = 
662.1 0.0292 0.0283 0.0252 0.0205 0.0132 0.0062 0.0019 0.0006 = = 
Solubility Adopted 0.0292 0.0283 0.0252 0.0205 0.0132 0.0061 0.0019 0.0005 — = 
999 69.9 0.0257 0.0248 - 0.0180 - 0.0062 - - = 0.0002 
141.2 0.0262 - 0.0222 - N.C. - 0.0024 0.0004 < 0.0001 0.0004 
305.6 0.0263 0.0253 0.0186 0.0062 - 0.0003 
422.1 0.0256 —- 0.0218 - 0.0125 - 0.0023 0.0006 <0.0001 0.0001 
Solubility Adopted 0.0260 0.0253 0.0219 0.0186 0.0125 0.0062 0.0023 0.0005 <0.0001 0.0002 
1217 23.1 0.0221 0.0206 = = = 0.0062 = - - 0.0002 
24.4 - - 0.0188 = 0.0110 =- 0.0026 0.0007 0.0003 = 
45.4 0.0221 0.0215 = = 0.0060 0.0002 
47.5 - - 0.0186 0.0156 0.0112 = 0.0027 0.0007 0.0003 = 
Solubility Adopted 0.0221 0.0215 0.0187 0.0156 0.0111 0.0061 0.0027 0.0007 0.0003 0.0002 


N.C. denotes nonconcordant analyses. 
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Fig. 2—Effect of alloy composition on nitrogen solubility in 
iron-nickel alloys. 


loss of nitrogen during the relatively slow cooling 
of their specimens from the equilibrium tempera- 
ture; however, there is no obvious reason for the 
disagreement with Fountain and Chipman. After 
allowance for all the experimental uncertainties, 
this disagreement appears too small to be worth 
prolonged discussion. 

The data of Table I which show the effects of alloy 
composition and temperature on nitrogen solubility 
are plotted in Fig. 2 without the 915°C series.* The 


*The specimen of high purity Fe-0.59 pct Mn alloy, included only in 
the 915°C run, absorbed 0.0289 pct N. When compared with an absorption 
of 0.0291 pct N by high purity iron under identical conditions, this re- 
sult shows that the 0.2 pct Mn contained in the iron-nickel alloys of 
this investigation could have had no significant effect on the measure- 
ments. 


addition of nickel to iron rapidly diminished nitrogen 
solubility at constant nitrogen pressure. The amount 
by which solubility is reduced below that in pure iron 
for a given nickel content is larger at lower tempe- 
rature. At nickel contents exceeding 70 pet, the 
solubility between 918° and 1217°C is so small that 
it is beyond the limitations of the present method 
to prove or disprove beyond doubt the presence of 
a solubility minimum. However, the current re- 
Sults suggest that there is no minimum in the solu- 
bility of nitrogen analogous to the known minimum 
in the solubility of carbon near 72 pct Ni.’ Fig. 2 
also shows that a composition in the vicinity of 27. 
pet Ni the nitrogen solubility is independent of tem- 
perature. 

The temperature dependence of solubility for the 
experimental alloys is shown in Fig. 3. For the re- 
action involving an alloy with X percent nickel 


1/2 N2(g) = N (dissolved in alloy X) 


The equilibrium constant, K,, is given by 


-1/2 


an’ Py, 
whence 
K,, * %N, 


when the equilibrium pressure of nitrogen gas is 
fixed at 1 atm. The plot of ‘‘log solubility’’ versus 
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Fig. 3—Temperature dependence of nitrogen solubility in 
iron-nickel alloys. (1-atm N, pressure). 

“‘reciprocal temperature’’ in Fig. 3 is therefore 
also a plot of the temperature dependence of these 
equilibrium constants for the various alloys. The 
heats of solution, AH,, for the reactions 


1/2 Nz(g) = N (dissolved in alloy X) 


are proportional to the slopes of the lines in Fig, 3. 
Fig. 4 presents the heat of solution of nitrogen 
gas in iron-nickel alloys as a function of alloy com- 

position up to 41 pct Ni. Each data point was ob- 
tained by a least-squares treatment of the experi- 
mental results and the error limits shown for each 
point correspond to the extreme Slopes of lines in 
a “‘log solubility’? vs ‘“‘reciprocal temperature’’ 
plot that lie within the temperature and composition 
error limits described earlier for the individual 
data points. The line in Fig. 4, drawn with a mini- 
mum to conform to the best points, could also be 
drawn inside the error limits without a minimum. 
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Fig. 4—Heat and entropy of solution of nitrogen in iron-rich 
nickel-iron alloys. 
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| The heat of solution for nitrogen in pure iron 
'(-—3200 + 550 cal per g-atom) differs appreciably 
{from the value —2000 cal per g-atom of the recent 
mutually concordant investigations.’’® 

| The entropy change, AS,, for the reaction 


| 1/2 Nz(g) = N (dissolved in alloy X) 


is also shown in Fig. 4 as a function of alloy com- 
position. The best values and error limits were ob- 
| tained by procedures corresponding to those used in 
calculating the heats of solution. The composition 
dependence of the entropy change is small: the ab- 
solute magnitude of the entropy change remains 
close to the value associated with the losing of three 
translational degrees of freedom when a gas goes 

to a condensed state. 


| SUMMARY 


| The solubility of nitrogen in iron-nickel alloys 
has been investigated over the composition range 
from pure iron to pure nickel at temperatures be- 
tween 918° and 1217°C. The solubility in pure iron 


at temperatures approaching 910°C was found to be 
slightly greater than the values published for other 
recent and mutually concordant investigations, but 
good agreement was found at higher temperatures. 
The addition of nickel to iron markedly lowers ni- 
trogen solubility-at all the experimental tempera- 
tures. At nickel contents exceeding 70 pct Ni, the 
solubility was 0.0005 pct N or less, compared with 
0.02 to 0.03 pct N in pure iron at the same tempera- 
tures. No minimum was detected in the nitrogen 
solubility at any composition but the experimental 
method is not sufficiently accurate at the high nickel 
levels to demonstrate the absence of a minimum. 
Increasing the temperature causes a decrease in 
nitrogen solubility in high-iron alloys and an in- 
crease in high-nickel alloys. The solubility is in- 
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dependent of temperature at a composition near 27 
pet Ni. Corresponding to these temperature effects, 
the heat of solution of nitrogen was measured to vary 
approximately from —3200 cal per g-atom in pure 
iron to + 3900 cal per g-atom at 41 pct Ni. The en- 
tropy of solution of nitrogen in alloys with less than 
41 pct Ni shows a slight composition effect. In these 
alloys, the entropy change is of a magnitude (-10 cal 
per deg per g-atom) corresponding to the loss of 
three translational degrees of freedom in going from 
a gaseous State to a condensed state. Minima are 
tentatively indicated in the heat of solution and in 

the entropy change when plotted against nickel con- 
tent. 
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Acid Bessemer Oxygen-Steam Process 


Blowing acid Bessemer converters with oxygen-steam 
produces steel of below 0.002 pct N, content. This method of 
blowing, combined with a dephosphorizing treatment in the 
steel ladle, results in low-carbon steels of low nitrogen and 
low phosphorous (under 0.035 pct) contents, which has physi- 
cal properties equivalent to open-hearth steels of similar 
analysis, Using a 50-50 mixture of oxygen and steam, the re- 
fining rate is increased 25 pct over blowing with natural air, 
and scrap charge increased from 3 to 10 pct. Bottom life is 
normal with proper tuyere area and arrangements, fumes are 


decreased, yields increased, and hydrogen content is normal. 


The acid Bessemer plant at the South Works of 
Wheeling Steel Corp., consists of two 15-ton bottom 
blown converters with a monthly capacity of 57,000 
N.T. The product of the shop is skelp billets for 
continuous welded pipe and slabs for ordinary draw- 
ing and forming quality sheets. Approximately 50 
pet of ingot production is regular Bessemer steel of 
natural Phos content and the remainder is a dephos- 
phorized grade of steel made by a special treatment 
of the blown metal as it is poured into the steel 
ladle. 

The low Phos grade of steel has certain advan- 
tages over the higher Phos grade but since both 
grades were produced by blowing natural air, the Np 
content was in the range of 0.015 pct which limited 
its application. In 1954 it was decided to explore the 
possibilities of blowing with a steam-oxygen mixture 
for the production of steel of both low Nz and low 
Phos contents. The necessary equipment was in- 
stalled to operate one converter in this manner and 
early in 1955 an experimental run of 160 heats was 
made by blowing with a steam-oxygen blast and ex- 
cluding natural air entirely. During this period the 
proper operating techniques were established, such 
as blast pressures, steam-oxygen mixtures, valves 
and instrumental control equipment, tuyere arrange- 
ment in the bottoms, blowing times and production 
rates, and a thorough study made of the final steel 
quality. Also during this experimental period the 
dephosphorizing practice was improved by the use 
of a tap hole below the lip of the vessel. This pro- 
vided a clean separation of the acid converter slag 
and blown metal which made the dephosphorizing 
treatment more effective. 

The results of this experimental run dictated fur- 
ther development of this practice and a second run 
of 720 heats was made in 1957. The quality features 
and conversion cost results were in line with expec- 
tations and accordingly a 400-ton per day oxygen 
plant is now being installed. The plant is scheduled 
for completion in September of this year. This will 
provide sufficient oxygen to operate both vessels on 
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steam-oxygen blast and delete natural air blowing 
entirely. The steel will then be below 0.002 pct Nz 
bar content and the dephosphorized grades will be 
between 0.015 and 0.040 pct Phos. 


STEAM-OXYGEN BLOWING 


The steam for the process is fed to the plant at 
220 psig pressure through a 6-in. line. The high- 
purity oxygen is compressed to 200 psig and con- 
ducted through an 8-in. line. 

The oxygen from the main line is valved down to 
100 psig and passed through a steam heated heat ex- 
changer. The heat exchanger is regulated to supply 
oxygen at 300°F to the steam-oxygen mixing station. 
It is essential that the incoming oxygen be held at 
this temperature to avoid condensation of the steam 
with resulting excessive erosion of the clay tuyeres 
in the vessel bottom. Oxygen is admitted to the mix- 
ing chamber by a 6-in. hydraulically operated valve 
driven by the ratio control regulator on impulse 
from the flow of steam. 

Steam is admitted to the steam-oxygen mixture 
station through a 2 1/2-in. hydraulically driven 
valve. The ratio control regulator acts to increase 
or decrease oxygen input as the steam flow in- 
creases or decreases with changing positions of the 
Blower’s control lever. The important point to note 
here is that steam flow always precedes the oxygen 
flow as a safety measure. The control valves have 
sufficient capacity to afford protection should blow 
pipe trouble develop. 

A 50-50 mixture for these 15-ton heats demands 
an oxygen flow of 3800 standard cu ft per min along 
with 317 lb of steam. 

The Blower’s stations is provided with an indicat- 
ing blast pressure gage, and indicating steam and 
oxygen flow meters. Signal and warning lights indi- 
cate the valve positions and line pressures. 

A control room at the real of the Blower’s pulpit 
room houses the ratio control and pressure regu- 
lators, as well as the various meter bodies. The 
hand actuated wheels used to change the conditions 
are mounted on a panel on the front of the meter 
control house. The recording steam and oxygen 
meters used for totalizing and accounting purposes 
are also mounted on this panel. 
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Fig. 1—Bessemer converter. Oxygen-steam ratio flow diagram. 


The equipment employed in this operation may ap- 
pear to be quite complicated and difficult to control. 
Actually, however, the operation is designed to oper- 
ate automatically through a series of steps made in 
proper sequence. There has been no difficulty in 
operating this process with the regular personnel in 
the pulpit. The valves, piping, and instrumental con- 
trols are shown in Fig. 1. 


STEAM-OXYGEN MIXTURES AND BLAST 
PRESSURES 


In the initial experiments the steam-oxygen ratios 
were varied from a high of 74 pct O to a low of 48 
pct to develop practical maximum and minimum val- 
ues. There were many small minor difficulties at 
first in getting new sticky valves and some instru- 
mental equipment functioning properly and smoothly 
and eliminating all types of blast leaks and minor 
mechanical failures. 

After the initial break-in period all of these fac- 
tors were gradually brought under control as the 
run progressed. An optimum of 60 pct O and 40 pct 
steam was established, as well as a mimimum of 40 
pet O and 60 pct steam. Blowing with oxygen in ex- 
cess of 60 pct in the mixture made blowing rates too 
fast for the charging and steel pouring operations to 
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keep in step with. The 40 pct O mix blows too cold 
for straight-line use but is useful at intervals for 
cooling hot heats during the course of a blow. The 
50-50 mixture is normally used as it is thermally 
equivalent to natural air, and more important, pro- 
vides a blowing rate that properly fits the sequence 
of the whole cycle of charging, blowing and steel 
pouring operations in this particular shop. 

Under these conditions the 50-50 mix blowing es- 
tablished an oxygen consumption figure of 1500 cu ft 
of oxygen and 125 lb of steam per N.T. of ingots 
produced. Production rates were increased about 
25 pct with this 50-50 mix, as compared with natural 
air, as shown below; 


Heat to Heat Blowing Time 
Blowing Medium Cycle Per Heat 
Natural air 12 min 9 min 
Oxygen 50 pct - 9 min 7 min 


Steam 50 pct 
(by weight) 


The 15-ton heats can be blown in 6.5 min with a 
mixture of 65 pct O and 35 pct steam, but as men- 
tioned previously, this is too fast for the rest of the 
operation. Blowing times of as little as 5.5 to 6.00 
min per heat were achieved with higher oxygen ra- 
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tios but these rates were found to be impractical. 
These heats blew very hot and required more scrap 
for coolant than could be made on one charge with 
our equipment. Also in several instances the blowing 
time was too short for the available heat to melt all 
of the bloom butt scrap required in the charge and 
when poured into the steel ladle the metal was too 
hot and balls of unmelted scrap rolled out into the 
ladle. Therefore, for any given converting mill and 
iron analysis used, there will be a minimum blowing 
time than can be practiced regularly. 

In the initial experiments high blast pressures of 
30-40 psi were employed for investigation. This re- 
sulted in ruptures of the bottom plate packing, ex- 
cessive blast leaks at various joints and items of 
that nature for which the equipment was not built to 
withstand. In the final analysis, the best overall re- 
sults were obtained using blast pressures in the 
normal range of 20 to 28 psi for which the equipment 
was constructed. 


BOTTOM LIFE 

As was to be expected the initial experiments with 
high oxygen ratios showed rapid deterioration of the 
vessel bottoms and various innovations were applied 
to improve bottom life. Bottom building and drying 
practice was improved and the best of available re- 
fractory materials employed. Bottom life became 
more normal with the 50-50 oxygen-steam blast at 
normal blast pressures. 

In blowing with steam-oxygen mixture the volume 
of inert Nz as is in the natural air blast is not pres- 
ent and the total volume of blast is less than with 
natural air. Therefore, the total area of open tuyere 
holes in the clay tuyeres must be reduced to about 
50 pet of the area required for natural air blowing. 
The standard bottom for natural air blown bottoms in 
this shop is nineteen tuyeres per bottom, each con- 
taining 8 holes of 5/8-in. diam for a total tuyere 
area of 24.8 sq in. The first series of bottoms used 
were made up with nineteen tuyeres with five 3/8-in. 
diam holes in each for a total tuyere area of 10.5 sq 
in. The average bottom life with these bottoms was 
twelve heats per bottom and the blowing times aver- 
aged 8.5 min. 

The second series of bottoms used consisted of 
only seven tuyeres per bottom, each with eight 
1/2-in. diam holes. This resulted in an improved 
bottom life of twenty heats per bottom and blowing 
times of 7.7 min. Further, experiments with various 
tuyere arrangements and areas under conditions of 
better control of the whole operation will result in 
improved bottom life. 

Several conclusions, however, can be made. Uni- 
form distribution of the tuyeres over the bottom area 
is desirable. When the normal tuyere pattern with 
nineteen tuyeres is used the outer circle of tuyeres 
wear down and bore more rapidly than the central 
group of tuyeres. Blast pressures and steam-oxygen 
mixtures must be sufficient and continuously sup- 
plied. Even temporary compositions too rich in Oxy- 
gen can be very harmful to bottom life. The bottom 
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design we plan to use for the next run will consist of 
nineteen clay tuyeres each containing three 1/2-in. 
holes. 


END-POINT CONTROL 


In steam-oxygen blowing the flame characteristics 
are clearer and visual judgment of temperature lev- 
els and final end point for an 0.03 to 0.04 pct C blow 
are more positive than when blowing with natural 
air. Apparently the elimination of the large volume 
of Ne clears the flame. 


IRON ANALYSIS 


The hot metal used during these experiments was 
in a normal range for acid Bessemer iron: 


Si 0.90 to 1.50 pct 
Mn _ 0.40 to 0.60 
P 0.070 to 0.085 


The higher Si range of 1.25 to 1.50 pct was spec- 
ified in the latter stages of the run to achieve a 
higher Si to Mn ratio and produce a more viscous 
type of vessel slag. Steam-oxygen blowing, with the 
Nz excluded, produces a hotter slag than natural air 
blowing which with low Si iron particularly is semi- 
liquid and tends to flow with the metal into the steel 
ladle under lip pouring conditions. In order to hold 
the vessel slag back in the vessel it is necessary to 
use the tap hole previously mentioned and increase 
the Si to Mn ratio in the iron to about 3:1. 

Steam-oxygen blowing also provides a means of 
control besides scrap additions to control final metal 
temperatures with variations in Si contents of the hot 
metal. The oxygen proportions may be varied during 
the course of the blow to compensate for any varia- 
tions in metal temperature which were not fully 
compensated for by the initial scrap charge. Side 
blowing for extra temperature, as is practiced at 
times with air blowing, is not necessary and any 
additional ejection losses accompanying such prac- 
tice is avoided. On the other hand, steaming of 
heats by injection of steam into the air blast for a 
cooling adjustment as used in air blowing is handled 
by increasing the steam-oxygen ratio for the desired 
interval. 

The oxygen-steam ratio also provides a means of 
utilizing more or less scrap in the charge within 
wider limits than is possible with natural air blow- 
ing. Scrap in the range of from 3 to 15 pct may be 
melted in the charge as economic conditions or pro- 
duction levels may dictate. 

In several ways steam-oxygen blowing provides 
not only a low Nz steel but a wider range of controls 
which provide better and more uniform quality and 
production and economic advantages. 


FUMES 


Steam-oxygen blowing practically eliminates slop- 
page and less spittings are produced. The increase 
in yield of 0.50 to 1.00 pct obtained during this ex- 
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perimental run appeared to arise from a reduction 
in ejection losses and less blown metal lost to the 
slag pot. 

Fume emissions are less than when blowing with 
natural air but much greater than is the case with 
steam-oxygen blown basic converter operations in 
Europe. The greatest amount of fume is noted at the 
turn-up stage and during the course of the Si blow, 
particularly with high Si iron. Thomas type iron for 
the basic Bessemer process is usually below 0.45 
pct Si content and some times as low as 0.10 to 0.30 
pct Si, and in these cases the fume consists of a 
mere plume of white vapor. Evidently the fume prob- 
lem with acid converters in this country is closely 
associated with the practice of using rather high Si 
iron. 


NITROGEN CONTENT 


The Nez contents of the steam-oxygen blown fin- 
ished steel ranged from a low of 0.0005 pct to a high 
of 0.003 pct with an average of 0.0018 pct. This is 
lower than the 0.002 to 0.005 pct range which is 
normal for low-carbon open-hearth steels. 

Blows finishing in the higher ranges of 0.002 to 
0.003 pct were the result of very high Si iron and hot 
heats not properly compensated for by a sufficient 
scrap charge or the use of a reduced oxygen to 
steam ratio. 


HYDROGEN CONTENT 


The hydrogen content of the finished low-carbon 
steels made with steam-oxygen blast averaged 
around 0.3 to 0.4 ppm. This is in the same range 
as for air-blown steel and open-hearth steel used in 
the same flat-rolled products. It must be pointed 
out, however, that these pipe and sheet products 
were all of very thin sections, less than 5/8-in. 
thick, which were reheated and rolled several times 
after the billet or slab stage. Products of the higher 
carbon alloy steel types of 4-in. or more thickness 
of section, commonly associated with hydrogen flake 
characteristics, were not made or investigated. Ap- 
parently hydrogen content in the finished products 
made in this investigation are independent of the 
type of blowing gases employed. What with the 
moisture in natural air and some steam injected into 
the blast at times, air-blown steel is not entirely 
free of contact with hydrogen. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


DEPHOSPHORIZATION 


A method for dephosphorizing acid Bessemer 
steel we developed over 20 years ago is still in con- 
tinuous use in this plant, and at various times the 
practice has been improved. The tap hole is used 
principally for the subsequent application of the de- 
phosphorizing treatment used on 50 pct of the shop 
production. 

The present practice results in the following fig- 
ures for dephosphorized steel: 


Pct of Total 


Phos below Heats 
0.050 pct 90 pet 
0.040 pct 80 pct 
0.030 pct 55 pet 
0.020 pct 10 pet 


The dephosphorizing slag is formed with a mixture 
of the following materials: 


Pebble lime 250 lb 


Roll scale 250 1b 
Soda ash 100 lb 
Fluor spar 60 lb 
Total — 660 lb per 15-ton heat. 


These grades of steel then contain 0.015 to 0.040 
pct Phos as a normal range and are under 0.002 pct 
N2 as well. 

The physical properties are considerably better 
than air-blown Bessemer steel and are equivalent to 
open-hearth steels of the same Phos contents in the 
pipe and sheet products to which they were applied. 
This applies to low, medium, and high Phos grades. 

In conclusion this investigation has shown that 
steam-oxygen blowing of acid converters provides a 
practical and economic method of producing a very 
low Ne steel, and in addition increases the produc- 
tion rate 25 pct, provides better temperature and 
end-point control, better yields, and a means of 
melting more scrap in the process. 

The process extends the useful life of an existing 
plant. Some time in the future when added ingot ca- 
pacity is required this shop will be replaced with a 
basic oxygen plant of larger capacity. 
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Nucleation Catalysis by Carbon Additions to 


Magnesium Alloys 


Grain refinement of Mg-Al melts by carbonaceous additions 
has been attributed to nucleation by aluminum carbide. The ef- 
fects of process and alloy variables are interpreted and predicted 
in terms of the dispersion and chemistry of this phase. The grain 
coarsening action of Be, Zr, Ti, R.E., chlorination, temperature 
extremes, and prolonged holding times is described. Measures 


necessary to insure an adequate dispersion of the catalyst are © 


discussed. 


Carson inoculation treatments have become fairly 
well known and used for grain refinement of mag- 
nesium alloys containing Al. Although there is 
general agreement that a nucleation process occurs, 
the process is not understood and the inoculants are 
used in a rather empirical fashion. 

The treatment is applied to the class of alloys con- 
taining 3 to 10 pct Al, z.e., AZ31A to AMI00A. Typi- 
cal methods involve melting, alloying, and adjusting 
the temperature to 1400° to 1450°F. Then 0.01 to 
0.5 pct C as CaC,, C,.Cle, or lampblack is added by 
any convenient means, and the melt poured within 
10 to 30 min. 

Investigators generally have been impressed by an 
assumed similarity of this refinement process to 
superheat grain refinement, which depends on heating 
approximately the same alloys to a temperature in 
the range of 1550° to 1650°F, then pouring promptly 
after the melt is cooled to the pouring temperature. 
Various predictions have been made that carbon re- 
finement would replace superheating in commercial 
practice due to reduced process costs, but this re- 
placement has not fully taken place because of pro- 
duction difficulties and conflicting observations. 

Davis, Eastwood, and DeHaven’ agree with Nelson? 
and Wood? in suggesting that an excess of inoculant 
may be harmful. Wood however says that overtreat- 
ment is not a problem in production use of hexa- 
chlorobenzene inoculation, and Hultgren and Mitchell* 
claim no evidence of harm from excess additions. 

Various grain coarsening reactions are known to 
occur, including the possibility of overtreatment 
mentioned above. Trace amounts of Be,” Zr, and Ti 
may prevent refinement by either a carbon treat- 
ment or a superheat. Occasionally treatment with 
Cl,° may cause coarsening, although the Battelle 
refinement process’ uses a CCl,-Cl, blend. Grain 
coarsening also tends to occur on holding at tem- 
peratures below 1350°to 1400°F, especially after 
a superheat treatment, and for this reason Nelson” 
stresses the desirability of a refinement method 
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useful at lower temperatures for open pot melting 
practice. 

Since a carbon treatment can be made to work at 
temperatures below 1400°F, it seems desirable to 
investigate the mechanism of the refinement and the 
mechanisms of the coarsening reactions in order to 
establish control conditions for use in commercial 
production. The identity of the nucleating phase 
must first be established and then the factors affect- 
ing its chemistry and physical dispersion must be 
deter mined. 


THE IDENTITY OF THE NUCLEATING PHASE 


Davis, Eastwood, and DeHaven suggested that the 
nucleating phase in this system is Al,C;,° but 
Mahoney, Tarr, and LeGrand® disagree, largely be- 
cause they found no evidence of the compound in al- 
loys after carbon treatment and because there is no 
indication that aluminum carbide should be unstable 
over the temperature range used in the superheat 
treatment. This latter objection is based on the as- 
sumption that both the carbon treatment and the 
superheat treatment introduce the same nuclei. 

Electron diffraction studies have been made to 
identify the nucleating phase. Samples of grain 
refined AZ92 have been selectively etched so that 
clean surfaces are obtained and so that secondary 
phases are in relief. Electron diffraction patterns 
from these surfaces have established that the car- 
bon treatment of AZ92 introduces into the metal a 
large number of small, plate-like particles with a 
structure very similar to Al,C,. In most cases, the 
plate-like nature of the particles prevented positive 
identification but in the cases where the identification 
could be made the particles proved to be AIN Al,C;3. 
However, enough variation in lattice constants was 
observed so that all compositions from pure A1,C; 
to the 50:50 solid solution AIN-Al,C3 were probably 
present. ** 

In Al,C, and especially AIN-A1,C, the Al atoms 
occur in layers within which they have the same 
hexagonal symmetry and spacing as the Mg atoms 
in a Single basal plane of a magnesium crystal. | 

The solid solution spacing lies between the 3.11A 
of AIN and the 3.3Afor Al,C3, in satisfactory agree- 
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| ment with 3.23A for Mg. Therefore, it was concluded 
| that these aluminum carbides (and/or carbo-nitrides ) 
| would act as suitable nuclei for crystallization of 
magnesium, especially since they occur in the form 
of thin platelets. 

As a further confirmation, aluminum-containing 
alloys were grain refined using a carbon tetrachlor- 
ide-chlorine blend containing radioactive C’*. The 
amount of carbon introduced by this treatment 
amounted to a maximum of 0.65 ppm for commer- 
cial purity AZ92. A portion of this material was acid 
soluble with gas evolution, but did not produce detect- 
able acetylene or CO, on solution. Oxidation of the 
gaseous product did produce CO,, indicating the 
presence in the melt of an acid soluble carbide which 
hydrolyzes to give a hydrocarbon product other than 
acetylene. This is the known behavior of Ai,C,. 

In addition, previous electron diffraction studies!4 
of superheated metal have shown that the nuclei are 
different in structure and composition from the 
aluminum carbides or nitrides. The superheat nuclei 
are in general metastable structures associated with 
the various peritectic transformations of Mn-Al com- 
pounds and are therefore chemically different from 
the nuclei of the carbon treatment, though necessarily 
somewhat similar structurally. 

The present study was then undertaken to clarify 
the nucleation process involved in carbon refinement 
of magnesium alloys, using the assumption that 
Al,C,-Al,C,-AIN is the active catalyst. It was found 
possible to counteract most of the grain coarsening 
effects described by careful attention to dispersion 
and quantity of the additive. The catalyst poisoning 
reactions were observed to be largely predictable 
from the known chemistry of the assumed nucleation 
phase. It was confirmed that the catalyst is different 
from that active in superheat grain refinement, al- 
though interactions between the two processes may 
occur. 


EXPERIMENTAL 


All alloys studied were prepared from commer- 
cial Mg, Al, Zn, and M alloy (Mg-2 pct Mn). Melting 
and alloying were done in 50-lb-capacity clean steel 
crucibles using Dow 230 or 310 flux, unless other- 
wise noted. When two comparison melts were run 
together, each ingot going into the melts was split 
so that half went into each melt. Various carbon in- 
oculants were used, including C,Cl,, CaC,, CaCN, 
and lampblack, in amounts from 0.1 to 1.0 pct by 
weight. 

Grain size data reported indicate the average 
grain diameter (A.G.D.) in as-cast specimens, using 
the chart comparison method reported by George.® 
A 1-in. section from the center of a 4-in. cube speci- 
men was used in the critical determinations, and the 
corresponding data are indicated by 0 on all figures. 
Satisfactory refinement is considered to be an A.G.D. 
< 0.015 in.; 0.006 in. is the lowest value normally ob- 
tained in this section. 

For some of the rate studies cylinders 1 in. in 
diam by 2 in. long were chill cast in a graphite mold. 
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Fig, 1—Refinement incubation period; CaC, vs CgCl, (AZ 924A). 


A minimum A.G.D. of about 0.001 in. was obtained. 
The data are indicated by O on all figures. 


RESULTS 


A) Time, Temperature, and Stirring Response for 
Various Inoculants—None of the carbonaceous addi- 
tives used or proposed at various times have been 
generally accepted. The reason is found in the dif- 
ferent responses to operating conditions. 

Fig. 1 contrasts the grain refinement behavior of 
AZ92A treated with calcium carbide with that of 
AZ92A treated with hexachlorobenzene. The calcium 
carbide was stirred into the melt as 4-mesh pieces; 
the hexachlorobenzene was inserted as 35 to 50 g 
pellets by use of a ‘‘phosphorizer’’. The prompt 
grain refinement seen from the hexachlorobenzene 
and the induction period of the calcium carbide are 
typical of the behavior of these materials. 

Fig. 2 includes three runs for which the carbide 
reagent showed a comparatively short induction 
period. It appeared that the firing conditions were 
different in the two settings used for these runs, 
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Fig. 2—Incubation periods of identical melts treated at +0 
with 1 pet CaC, (AZ92A). 
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Fig. 3—Response to stirring with 1 pct CaC, (Mg-9 pct Al-2 
pet Mn). 


perhaps giving enhanced convection in the faster 
refining cases. Therefore, the experiments shown 
in Fig. 3 were run to clarify the role of a stirring 
in the grain refinement process. It is shown that a 
mild stirring operation eliminates the incubation 
period usually seen when the melts are treated with 
Cac... 

The stirring operation and intimate metal-carbon 
contact seem to be even more critical at 1250°F. As 
was seen in Fig. 1, metal once fine at 1400°F would 
remain fine for long periods at that temperature. But 
if a calcium carbide treated melt is cooled to 1250°F 
grain coarsening occurs. A portion of such a coars- 
ened melt was decanted into a clean steel crucible 
and both crucibles were then heated to 1400°F, The 
metal in contact with the carbon containing sludge 
re-refined but the decantate remained coarse, Fig. 4. 
Efforts to compensate for the 1250°F coarsening by 
stirring were not successful, though a degree of re- 
refinement could be obtained by stirring at 1250°Fa 
melt previously refined at 1400°F. 

Use of either hexachlorobenzene or calcium cya- 
namide was successful in producing refinement at 
1250°F, even without supplementary stirring, Fig. 5. 
Hexachlorobenzene frequently blew metal out of the 
crucible at this low temperature, and its efficiency 
was erratic. 

B) Grain Coarsening Additives—In a 100 lb or 
larger melt grain coarsening on chlorination after 
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Fig. 4—Refinement by sludge contact after low-temperature 
coarsening (AZ92A; CaC,). 
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Fig. 5—Grain refinement at 1250°F vs 1400°F (AZ92A). 
Various carbon sources. 


carbon treatment is typical, Table I. Re-refinement 
occasionally occurs on subsequent holding. 

Zr is a well-known grain coarsener in Mg base 
alloys containing Al. Additions as small as 0.01 pet 
are likely to cause the usual superheat or carbon 
grain refinement process to fail. A prolonged car- 
bon treatment corrects this situation, particularly 
if the melt is first decanted into a clean crucible, 
Fig. 6. Ti and Be are other well-known grain 
coarseners in this system and show a very Similar 
behavior, although Be has presented more problems 
in this series of experiments than Li, Fig. 7.. The 
data shown are for chill-cast specimens, but if ade- 
quate time is allowed, satisfactory refinement is 
found in the sand-cast cubes also for Ti or Zr, usu- 
ally not for Be. 

Mn shows more complex behavior. No evidence 
was seen for grain coarsening in alloys containing 
8 to 10 pct Al, even though Mn was at the saturation 
level. This appears to be true to a level somewhat 
below the concentration of the commercial AZ31B 
alloy. But at the 2 pct Al level the carbon refine- 
ment process does not tolerate more than about 0.2 
pet Mn, and at 1 pct Al, 0.1 pet Mn is usually de- 
leterious, Fig. 8. At 1/2 pct Al, refinement is quite 
unreliable, although adequate Mn control may make 
the refinement of such alloys feasible. 

Rare-earth additions are somewhat more com- 
patible with Al in Mg alloys than are Ti,. Zt, and’ Be. 
Mischmetal additions (0.5 to 0.8 pct) were made to 
AZ92A and were found to poison the carbon grain 
refinement process, although no interference with 
superheat refinement was observed, Fig. 10. In the 
presence of both rare earth and a carbon addition it 
became impossible to obtain grain refinement by 
superheating. 


Table |. Grain Coarsening Response to Cl 


1052 
84644 84957 84958 
1. 100# melt AZ92A as carbon refined 9 10 8 
2. After 15 min chlorination 35 30 40 
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Fig. 6—Effect of Zr contaminated sludge on induction 
period. (AZ92A, 1400°F). 


DISCUSSION 


The experimental data are consistent with the 
known chemistry and probable dispersion charac- 
teristics of an aluminum carbide (or carbo-nitride) 
nucleation catalyst, which differs from, but interacts 
with, the catalyst active in superheating. It is not 
necessary to assume any temperature dependent 
solubility of this phase, and it appears more rea- 
sonable to consider it a dispersion of a substantially 
insoluble phase. 

A) Dispersion—Assuming that each grain requires 
a nucleating particle, and that an average grain diam- 
eter of 0.004 to 0.005 in. is desired, it is necessary 
to have about 10” such particles uniformly distributed 
in each cubic inch of the specimen. 

When calcium carbide is added to the melt as 1/4- 
in. diam fragments, it settles quietly to the bottom. 
One would not expect uniform composition if an al- 
loying ingredient were added this way, and the ob- 
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Fig. 7—Effect of Ti or Be additions on induction period. 
(AZ92A, 1400°F). 
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served incubation period before significant refine- 
ment occurs is understandable. One would expect 
supplementary stirring to reduce or eliminate the 
induction period, and this effect was observed experi- 
mentally. 

Hexachlorobenzene is quite different and decom- 
poses with almost explosive violence when inserted 
into the melt. The consequent dispersion of material 
appears quite good, and no delay is normally seen in 
refinement (¢.¢., less than 2 min in most cases ex- 
amined). 

The preferred temperature range for carbon re- 
finement is reported to be above 1350°F*°, and 
Davis et al. suggest that grain coarsening at 1250°F 
may be due to precipitation of the Al,C; phase. How- 
ever, this temperature limitation is largely a circu- 
lation effect, as evidenced by the success of low- 
temperature treatments with the more reactive ma- 
terials and their relative immunity to coarsening on 
holding compared to the more inert CaC,. It is some- 
times possible to counteract partially this coarsening 
by stirring the latter material, but the results are 
erratic and no data are shown. 
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Fig. 9—Activity of carbon (Standard State-Graphite) for 
selected metal carbide systems. 
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Fig. 10—Carbon and superheat refinement with rare earth 
(AZ92A). 


Adequate dispersion of the nucleation catalyst then 
may be controlled by three processes: mechanical 
stirring, chemical propulsion, and thermal (or con- 
vection) circulation. The thermal effect alone is 
likely not to be sufficient for consistent results. 

B) Nucleant Chemistry—Al,C, is known to be 
moderately reactive chemically. It decomposes in 
water, oxidizes when heated in air or oxygen, and 
reacts vigorously with Cl, at red heat.° 

In view of this chemieal reactivity one would ex- 
pect that chlorination would largely destroy this 
phase in a melt and so the usual grain coarsening 
action of chlorine is not surprising. This grain 
coarsening action can result from a dynamic equi- 
librium involving simultaneous formation and de- 
struction of the carbide. Examples would be the use 
of a simultaneous carbon-chlorine treatment, or 
perhaps chlorination in a system containing a reser- 
voir of available carbon in the melt sludge. Hence, 
combination treatments may be unreliable unless 
extreme precautions are taken to control the supply 
of carbon and chlorine, and to control the stirring 
action involved. The workers who have reported dif- 
ficulty with excess carbon were either using such 
blends or using chlorinated hydrocarbons, in con- 
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trast to workers who saw no such problems of 
‘fovertreatment’’ in the absence of chlorine. 

Another method of destroying Al,C, is to form a 
more stable carbide. Unless the new carbide were 
fortuitously a good nucleation catalyst, grain 
coarsening would occur. The stabilities of selected 
carbides are shown in Fig. 9. Zr and Ti form much 
more stable carbides than does Al, and therefore 
the observed grain coarsening with these elements 
is not surprising. Be and the rare earths are also 
capable of forming stable carbides,’ but free energy 
data are not available. The extreme chemical simi- 
larity between Be,C and Al,C, suggests that free 
energy values would be somewhat similar. If this 
were true, a large value for the activity coefficient 
of Be in Mg would lead to preferential formation of 
Be,C even at very low Be concentrations. 

From this picture, one might predict that a pro- 
longed or repeated carbon treatment would reduce 
the concentration of the poisoning element suffici- 
ently for refinement to occur. This was found to be 
true for Zr and Ti and at least partially true for 
Be, as shown in Figs. 6 and 7. It should be empha- 
sized that hexachlorobenzene, an inoculant not usu- 
ally subject to delay, was used in these experiments. 
The importance of available Zr in the sludge may be 
noted from the much shorter times required for re- 
finement in decanted metal than in the residual ma- 
terial. 

The behavior of Ti is quite similar to that shown 
for Zr. In experiments on Be, refinement did not 
usually become satisfactory, measured by sand 
castings, despite the favorable chill-cast specimen 
response. 

The more complex behavior of Mn, which shows a 
coarsening effect only at low Al levels, is not yet 
resolved in detail. Nelson? reports that some Mn and/ 
or Fe is necessary for the refinement process to 
take place. The radiocarbon experiments described 
earlier also demonstrated that more carbon is taken 
up and more carbide formed in commercial melts 
than in high-purity melts of very low Fe and Mn 
levels. 

A ternary carbide MnAl,C is known to exist ina 
form similar to FeAl,C.*’ Taylor and Jones’* men- 
tion a ferromagnetic fcc phase probably based on 
Fe ;AlC associated with iron-aluminum alloys in the 
composition range 10 to 33 at. pct Al. They suggest 
an epitaxial relation between the bcc matrix and the 
fcc structure, based on lattice parameter measure- 
ments. 

The most probable explanation of the effect seen 
then is that a ternary carbide is intermediate in the 
formation of the nucleant. With a shift toward high 
Mn/A1 ratio, the carbide stability shifts toward a 
phase high in Mn and structurally unsuitable for 
nucleation, or perhaps simply too dense to be sus- 
pended in the melt effectively. 

A variant in the poisoning mechanism could be 
based on the well-known precipitation of various 


intermetallic Mn-Al compounds during cooling and 
solidification in this alloy system. In high Al alloys 
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the intermetallic compound which precipitates is 
known to be MnA1, but in dilute alloys a composition 
near MnAl is observed. In view of the extreme dif- 
ficulty one experiences in keeping any surface 
chemically clean, one would expect considerable de- 
position on any Al,C, particle which might exist in 
the system, leading to a chemisorbed layer or some 
sort of surface transition structure. If this surface 
is relatively dilute in Mn, the catalytic activity might 
not be seriously affected, but at high Mn levels the 
surface would certainly be drastically altered. 

Although the transition carbides have not been ob- 
served in Mg alloys, the variation of the ratio of 
activities of Mn and Al as indicated by the inter- 
metallic compounds which precipitate is certainly 
sufficient for their formation in the range of 1 to 10 
pet Al. 

A somewhat similar complex overgrowth is to be 
expected in the case of the poisons of the type Ti or 
Zr. In addition to forming extremely stable carbides, 
these metals also precipitate Al very strongly in Mg 
melts. Hence a mixed overgrowth involving both 
interactions would be expected. 

Special attention should be given to the rare-earth 
interference (Fig. 10). The rare earths are known to 
form stable carbides of the CaC, type, rather than the 
Al,C, type.’ Although thermodynamic values are not 
available for the rare earths, ThC, is quite stable. 
One might presume on the lanthanide-actinide simi- 
larity to suggest these carbides are also more stable 
than Al,C3. 

By contrast with the behavior of the other carbon 
refinement poisons mentioned, the rare earths do not 
interfere with Mn, Al, or Fe in magnesium melts. If 
one subscribes then to the idea that an iron or man- 
ganese-aluminum peritectic reaction is involved in 
superheat grain refinement of magnesium alloys,” ** 
one might expect no interference from rare earth. 
This was seen to be true, Fig. 10, and confirms the 
chemical difference of the two nucleation processes. 

Further evidence that the two refinement proc- 
esses are chemically different is shown in Fig. 8, 
where it is reported that carbon refinement applies 
to alloys containing as little as 1 pct Al if Mn is 
maintained low. The literature indicates that more 
than 3 pct Al should be present for superheat re- 
finement,° and experiments in the present series 
were not successful in superheat refining 1 pct Al 
melts in the range 0.05 to 0.4 pct Mn. 

The suggestion that the two nucleation processes 
share an interaction probably based on (Fe) Mn-Al-C 
is further supported by the data in Fig. 10. It is 
shown that if carbon is added to a rare earth con- 
taining melt, it is no longer possible to grain refine 
by superheating. It has been suggested” that carbon 
may interfere with superheating in some situations. 
In our small-scale experiments it has not been pos- 
sible to find any such effect, although some scores 
of melts were made which are not included in the 
data presented. It may be supposed that if the carbon 
treatment is of itself adequate for refinement, then 
any hypothetical interference with the superheating 
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mechanism is irrelevant. But if the carbon refine- 
ment is then poisoned by a rare-earth addition, 
which would not otherwise interfere with superheat- 
ing, it is no longer possible to refine the melt by 
either mechanism. 

If there is an epitaxial (or mixed crystal) rela- 
tionahip between the (Fe) Mn-Al compound and an 
MnAl1,C or perhaps even Al,C, then the two proc- 
esses might be expected to have much the same 
characteristics but to be somewhat mutually ex- 
clusive. 

At the risk of belaboring the obvious, we may say 
that two materials which act as nucleation catalysts 
for a given system are likely to be epitaxial. They 
also may be poisoned by the same impurities, 
though chemistry is likely to be more important than 
structure on this point. If one catalyst is distributed 
through the system and the other is formed in situ 
by a temperature dependent precipitation, but not a 
peritectic decomposition, the second is more likely 
to grow on the first than to form new nuclei. Hence 
there would be a mixed catalyst rather than two 
separate nucleants. In view of the structural re- 
strictions, interactions are to be generally ex- 
pected between nucleants. 

The known characteristics of carbon refinement 
can be understood in terms of the dispersion and 
chemistry of the assumed nucleant, Al,C, (N). A 
more satisfying analysis of certain interferences 
could be performed if free energy data were avail- 
able for pertinent carbide phases. The nucleation 
process is clearly different from that active in 
superheat refinement although there are many simi- 
larities and a large area of overlap. 


CONC LUSIONS 


1) Selection of suitable carbonaceous inoculants 
allows satisfactory grain refinement over the tem- 
perature range from 1200-1650F for magnesium 
alloys containing 20.5 pct Al. 

2) The degree of dispersion in the melt is the 
major criterion of a good inoculant in this system. 
Dispersion is also the major factor in the tempera- 
ture dependence for grain refinement. 

3) The refinement process involves a dynamic 
equilibrium of sludge-melt interaction. Thus in open 
pot practice, reagents which may refine less promptly 
but provide within the sludge an ample reservoir of 
material may be superior (e.g., CaCN,, CaC, and 
lampblack v. C,Cle). 

4) Grain refinement is based upon nucleation in- 
volving epitaxial relationships. Thus two grain re- 
fining agents in a given system are likely to nu- 
cleate upon each other, which may give a loss in 
dispersion instead of a gain. 

5) The carbon refinement species is different from 
that operative in the superheating process, although 
the two processes are interdependent via epitaxial 
relationships. 

6) Incompatibilities in the refinement process can 
be explained by the known chemistry of the assumed 
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nucleation catalyst, Al,C3, and by the reactions this 
phase is known to undergo with the catalyst poisons 
in macro systems. 

7) Since the nucleation poisoning effects result 
from a chemical reaction, it is sometimes possible 
to remove the trouble by adding sufficient nucleant to 
react with substantially all the poison and then gen- 
erate fresh clean nuclei. 
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Oxygen Potentials and Phase Equilibria in the 


Fe-Ca-O System 


This is a compilation and a critical review of the data on 
the Fe-Ca-O ternary system. Using the results on the reduc- 
tion-equilibria, an oxygen potential diagram is drawn for the 
greater part of the system. A number of univariant systems 
and invariant points, not determined experimentally, are 
evaluated by making use of the theorem on univariant curves 
intersecting at an invariant point. The formation of solid 
solutions and ternary compounds and the crystal structures of 
some of the phases in the composition-diagram are given for a 


few temperatures. 


Durine the past thirty years there has been a con- 
tinued interest in the study of the Fe-Ca-O system. 
A detailed literature survey made by White! in 1943 
indicated that further work was required to clarify 
the phase relationships; in fact, the work carried out 
in the subsequent years, reviewed by Burdese’ in 
1954, made a valuable contribution to a better under- 
standing of this subject. Most of the data were ob- 
tained by the step-wise reduction of mixtures of iron 
oxides and calcium ferrites. However, there is 
some uncertainty about the phase relationships in 
this system, arising mainly from insufficient use of 
thermodynamic concepts in the construction of phase 
diagrams. In this paper an attempt is made to es- 
tablish the invariant points from the available data. 


OXYGEN POTENTIAL DIAGRAM 


Schenck and coworkers*’* were the early investi- 
gators who Studied part of this system by the step- 
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wise reduction method and suggested the formation 
of two ternary compounds, CaO-FeO:Fe.0, and 
2CaO-5FeO-2Fe20s, the latter being referred to as 
point X. They also deduced from their results that 
the phases Y (8.74Ca0-32.5FeO.8.74Fe.03 and Z 
(2.02CaO-97.98FeO) were formed near the wiistite 
corner of the system. Martin and Vogel® postulated 
the existence of the compounds CaO-9FeO and 
4CaO-3Fe,0,; the former is very close to the com- 
position of point Z and the latter to that of CaO-FeO. 
Fe,0;. The most valuable contribution to the present 
knowledge on this system was made by Cirilli and 
Burdese® ° who showed by X-ray and chemical anal- 
yses that there were two ternary compounds, CaO- 
FeO-Fe,O, and CaO-3FeO-Fe,0,; the former is the 
same as that suggested by Schenck et al. and the 
latter is close to their point X. The results of 
Cirilli and Burdese show that the phases Y and Z 
postulated by Schenk et al. are solid solutions of 
calcium oxide in wiistite. 

In most of the above- mentioned reduction-equilib- 
ria measurements carbon monoxide-carbon dioxide 
mixtures were used and in a few cases hydrogen- 
water vapor mixtures were employed. Using the 
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free energy data’ on the formation of carbon monox- 
ide, carbon dioxide, and water vapor, the gas ratios 
CO/CO, and H,/H,O, in equilibrium with condensed 
phases in the Fe-Ca-O system, were converted to 
oxygen partial pressures, and in Fig. 1 the oxygen 
potential (Auo, =RTInpo,) in Keal/mole O, is plot- 
ted against temperature in °C. Most of the data shown 
by points (O) are those of Cirilli and Burdese® °; 
Points (@) for 900°C are from the work of Schenck 
et al.*** and points (A) for 1000°C are derived from a 
paper by Edstrom. Assuming that the phases sug- 
gested by Schenck ef al. are the same as those found 
by Cirilli and Burdese, the data in Fig. 1 are consis- 
tent among themselves and the oxygen potential vs 
temperature relationships may be shown by straight 
lines. Each line corresponds to the state of equilib- 


TEMPERATURE, °C 


condensed phases are in equilibrium, for which the 
appropriate data are given in Table I. The number 
and position of the oxygen potential vs temperature 
curves about the invariant points will be discussed 
in detail later in this paper; it will merely be noted 
here that Fig. 1 includes all the available data and 
hence all the curves that can be constructed di- 
rectly from these data. 

The oxygen potential line K can also be evaluated 
from the thermodynamic properties of the re- 
actants and products. The heat of formation of di- 
calcium ferrite from its oxides was measured by 
Newman and Offman™ (A H° 9, =— 7.4 + 1.0 kcal/ 
mole), the entropy by King * (S°,9, = 45.1 + 0.3 cal/ 
deg/mole) and high-temperature heat capacity by 
Bonnickson.*® Using these values together with 


rium between three condensed phases and a gaseous _ those for iron, calcium oxide, and oxygen’* * the 
phase. The points denoted by I, IJ, II, andIV are the following equation is obtained 
invariant points where a gaseous phase and four 
Invariant Points in Fe-Ca-O System within the Composition Range Fe-Ca0-2Ca0 - Fe,0,-Fe,0, 
Invariant 
Point Condensed Phases Temp., °C Po,» Atm pco/pco, PH,/PH,O 
I ‘FeO’, CaO-3FeO- Fe,0,, Ca0- Fe,0,, 2Ca0- Fe,0, 1035. 0.72 0.39 
II Fe, ‘FeO’, CaO, 2Ca0- Fe,0, 1070 8.3 x 10°15 3.88 1.99 
Ill Fe, ‘FeO’, CaO- 3FeO- Fe,0,, 2CaO- Fe,0, 840 9.8 x 10°19 1092 1.82 
IV Fe, CaO- 3Fe0- Fe,0,, CaO- Fe,0,, 2Ca0- Fe,0, 680 4.3 x 10°78 1.71 3.09 
Fe, ‘FeO’, CaO-3FeO-Fe,0,, CaO: FeO: Fe,0, 645 4.9 x 10°24 
VI Fe, ‘FeO’, Fe,0,, CaO- FeO- Fe,0, 570 3.69 
VII Fe, Fe,0,, 2CaO-Fe,0,, CaO: FeO- Fe,0, < 500 - about 2 to 3 about 10 to 12 
VIII Fe, ‘FeO’, CaO, Melt 1120 Avie 10814 4.33 2.02 
Ix ‘FeO’, CaO, 2CaO- Fe,0,, Melt 1115 3:77 
xX ‘FeO’, CaO-FeO- Fe,0,, 2CaO- Fe,0,, Melt 1110 6.10 x 107? 3.22 10m 
XI ‘FeO’, Fe,0,, CaO: FeO: Fe,0,, 1150 9.3 x 10°! 12520105" 6.69 x 107? 
Fe,0,, FeO: Fe,0,, 2CaO- Fe,0,, Melt 1190 4.6 x 1078 5.38 x 1073 
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4 Fe+ 4Ca0 + 0, =2 Ca,Fe,0, 
3 3 3 


Ato, = —135,070 + 38.22 T + 2,000 cal/mole O, within 


298° to 1343°K [1] 


The values of Avo, calculated from this equation 
agree reasonably well with those given by the line K 
in Fig. 1. Because of the lack of thermodynamic 
data, similar computations cannot be made for the 
other lines in Fig. 1. 


SOLID SOLUTIONS 


The phases denoted Y and Z by Schenck et al. have 
always been regarded as the solid solutions of cal- 
cium oxide in the wiistite lattice. In fact, X-ray and 
chemical equilibrium measurements made by 
Cirilli and Burdese® show that the solubility of cal- 
cium oxide in wiistite in equilibrium with iron is 4.3 
and 8.3 mole pct at 900° and 1100°C, respectively; 
this is in reasonable agreement with the composition 
of phase Z. 

Again, referring to the paper of Cirilli and Bur- 
dese,” the limit of solubility of wiistite in calcium 
oxide, in equilibrium with iron and calcium oxide- 
saturated wiistite, is 6.0 and 9.3 mole pct at 900° 
and 1120°C, respectively. 

Some recent data on the solubility of calcium oxide 
in wustite, in equilibrium with iron, obtained by X- 
ray measurements are not concordant with those 
mentioned above. For example, for 1100°C Tromel 
and Jager’® give 19.6 mole pct CaO and Allen and 
Snow’ claim that the solubility extends up to 33.3 
mole pct CaO. Further work must be carried out to 
clarify this uncertainty. 

From the results of Cirilli and Burdese,’® it is 
possible to calculate the activity of wlistite contain- 
ing calcium oxide in solid solution in equilibrium 
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Fig. 2—Activity of ferrous oxide in wiistite-calcium oxide 
solid and liquid solutions in equilibrium with iron (standard 
state being pure wilistite in equilibrium with pure iron). 
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with iron. These values are given in Fig. 2 together 
with the ferrous oxide activity curve for 1550°C ob- 
tained from other data.”° 

Although in the Fe-O binary system” magnetite 
has a narrow solid solubility range, monocalcium 
ferrite has a noticeable solubility in magnetite. For 
instance, Burdese and Brisi” showed, by X-ray, 
optical and magnetic methods that while below 950°C 
there is no solubility, at 1190°C magnetite dissolves 
14 mole pct CaO-Fe,O;. On the other hand, mag- 
netite does not seem to dissolve in the monocalcium 
ferrite. According to the results of Martin and 
Vogel,” there are no solid solutions along the section 
Fe,0, to 2CaO-Fe,03. However, this evidence is not 
conclusive, because the experimental method used 
was not suitable to detect limited solubility of dical- 
cium ferrite in magnetite. Recent measurements 
made by Phillips and Muan”™ also indicate that within 
the temperature range 1350° to 1450°C, a small 
quantity of calcium oxide dissolves in magnetite 
when equilibrated with air or oxygen. 

The X-ray measurements made by Burdese® and 
Cirilli and Burdese’ indicate that at temperatures 
above 1000°C about 6 mole pct 2CaO-Fe,O, dissolves 
in the ternary compound CaO-FeO.Fe,O3. 

It is also possible that the other phases in the 
Fe-Ca-O system may have limited solubility ranges 
depending on temperature and oxygen potential. 
However, more exact measurements are required to 
establish the solubility limits. 

Although the compositions of the phases deviate 
from the stoichiometry, for convenience, they are 
indicated by formulas having definite compositions. 
When the composition of the phases vary with tem- 
perature, there should be some deviation from line- 
arity in the Au,, - T plots, however, the data given 
in Fig. 1 are not accurate enough to show this small 
effect, and therefore, the curves are drawn as 
straight lines. 


CALCIUM FERRITES 


Sosman and Merwin” and later White, Graham, 
and Hay” showed that there were two compounds in 
the system CaO-Fe2QOs, e.g. 2CaO-Fe,03, melting and 
decomposing at 1436°C and CaO-Fe.Os, melting and 
decomposing at 1216°C. Travasci”® investigated the 
ferric oxide-rich part of this system and observed 
the formation of a third compound, e.g. CaO-2Fe2Os, 
melting and decomposing at 1227°C. It was, however, 
only recently that the existence of calcium diferrite 
was confirmed by Edstrom” and Batti,” who, re- 
spectively, showed that this phase was stable at 1- 
atm pressure of oxygen within the temperature range 
1228° to 1120°C and 1230° to 1130°C. According to 
the results of Phillips and Muan” calcium diferrite 
is stable in air within 1226° to 1155°C and in oxygen 
at 1-atm within 1228° to 1172°C. Another modifica- 
tion of the original CaO-Fe20; phase diagram was 
that made by Swayze”® who found that dicalcium fer- 
rite has a congruent melting point at 1435°C and that 
the eutectic temperature between this compound and 
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Fig. 3—Oxygen potentials of Fe-Ca-O 
system in the solid state. 
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calcium oxide is 1425°C. The values given for these 
invariant points by Phillips and Muan” are about 
13°C higher than those of Swayze. Contrary to the 
above findings, Bonnickson,** who measured the 
high-temperature heat capacity of calcium ferrites, 
observed that dicalcium ferrite started to melt at 
about 1431°C and that melting was complete at 
1479°C. 

Some work has recently been carried out by 
Holmquist®™ on the phase relationships in the Fe-Ca- 
O system at compositions near the CaO- Fe20O3 ‘‘bi- 
nary’’ side. The samples enclosed in sealed silica 
capsules were heat treated at 1000°C, quenched, 
analyzed, and their X-ray powder patterns were ob- 
tained. The results indicated the existence of two 
ternary compounds having compositions correspond- 
ing approximately to 4CaO-FeO-4Fe203 and 3CaO- 
FeO.7Fe203 which lie on the sections FeO to CaO- 
Fe203 and Fe304 to CaO-2Fe203, respectively. 

Similar results were also obtained by Muan and 
coworkers” for liquidus temperatures and they sug- 
gested the following two ternary compounds: 4CaO- 
FeO.4Fe203 and 4CaO-FeO.8Fe20s, the latter being 
slightly different from that given by Holmquist. 

The dissociation pressures of these new ternary 
compounds and those of monocalcium ferrite and 
calcium diferrite are not known. Although Malquori 
and Cirilli” and Burdese® measured the dissociation 
pressures of the monocalcium ferrite within the 
temperature range 975° to 1350°C, they have not, 
however, determined the phases present, and there- 
fore, these data could not be used in the construction 
of the oxygen potential diagram in Fig. 1. 

According to the X-ray studies made by Hansen 
and Brownmiller,** dicalcium ferrite has an or- 
thorhombic structure with lattice parameters: 
aq = 5.32A, b= 14.63A, and c = 5.58A, unit cell con- 
taining 4Ca2Fe20;; this compound is isomorphous 
with 4CaO-Al203. Fe2O3. 

The crystal structure of monocalcium ferrite was 
determined from single crystal studies by Decker 
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and Kasper.” The crystal system is orthorhombic 
and the unit cell, containing 4CaFe2O., has the fol- 
lowing dimensions: a = 9.230A, b = 10.705A and 

c = 3.024A. The coordination of oxygen around iron 
is that of a distorted octahedron and calcium is co- 
ordinated with nine oxygen ions. The structure is 
isomorphous with CaTi2O4 and 

The crystal structure of calcium diferrite is not 
known, but there are some lattice spacing measure- 
ments given by Phillips and Muan.”° 

Nothing is known about the structure of the ternary 
compounds in the Fe-Ca-O system. However, the 
lattice spacings for the compounds CaO-3FeO-Fe,03 
and CaO.FeO.Fe203; were measured by Cirilli and 
Burdese’” and for the compounds 4CaO.FeO-4Fe203 
and 3CaO-FeO-7Fe203 by Holmquist.” It should be 
mentioned that the X-ray powder diffraction pattern 
of 3CaO-FeO-.7Fe20; shows a close resemblance to 
that of calcium diferrite. This suggests the possi- 
bility that these two compounds may be the terminal 
compositions of a solid solution along the section 
Fe30, to CaO-2Fe203. 


DISCUSSION 


According to Gibbs’ phase rule, in a plot of pres- 
sure vs temperature (or Aug, vs T) for a system 
containing three components, five univariant curves 
intersect at an invariant point where one gaseous 
phase and four condensed phases are at equilibrium. 
Every one of four univariant (P- 7) curves repre- 
sent a state of equilibrium between three condensed 
phases and one gaseous phase and the fifth curve 
(nearly vertical to temperature axis) is for the sys- 
tem containing four condensed phases. This fifth 
univariant curve is usually omitted in P- T plots be- 
cause 1) the effect of total pressure on the state of 
equilibrium between condensed phases is small and 
2) the plot in Fig. 1 is for constant total pressure of 
one atmosphere. 

In view of the above statements, it follows that the 
experimental data given in Fig. 1 are incomplete; 
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Fig. 4— Oxygen potentials of Fe-Ca-O sys- 
tem in the solid plus liquid state. 
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there should be four univariant curves intersecting 
at the invariant points instead of the three curves 
determined experimentally. An attempt will now be 
made to estimate the position of i) the fourth univar- 
iant curve for each of the invariant points in Fig. 1 
and ii) the other invariant points which have not so 
far been determined experimentally. 

Theorem on Univariant Curves Intersecting at an 
Invariant Point—A theorem was developed by Smits,” 
Schreinemakers,” and Morey, and Williamson,” on 
the relation of the univariant curves intersecting at 
an invariant point. The following statements sum- 
marize the essential features of this theorem applied 
to a three component system. 

1) If the composition of three phases are colinear 
on the composition diagram, the two P- T (or 
Alo, - T) curves containing these three phases are 
identical, 7.e. the two curves meet at the invariant 
point without a discontinuity. 

2) In the composition diagram, if the position of 
the two phases A and B are on the one side of the 
lines joining the compositions of the other three 
phases, C, D, and EF, the two P- T curves are posi- 
tioned such that the stable part of the univariant 
curve for the system ACDE is adjacent to the meta- 
stable part of the univariant curve for the system 
BCDE and vice versa. 

3) If the composition of one or more of the con- 
densed phases vary with temperature, there is a 
maximum or a minimum point on the P- T univariant 
curve at a point where the compositions of the three 
condensed phases are colinear in the composition 
diagram. 

For further details on the mathematical derivation 
of this theorem references should be made to the 
paper mentioned above’ and also to a paper by 
Darken.® 


Fe-Ca-O System in the Solid State—The curves in 
Fig. 1 are reproduced in Fig. 3 together with those 
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calculated by the application of the above theorem 
and some details of these computations are given 
below. 


Invariant Point I—The fourth univariant curve C 
intersecting this point is for the system containing 
‘FeO’, CaO-3FeO-Fe203, CaO-FeO-Feo)s, and In 
view of the formation of solid solutions in these con- 
densed phases, the position of the line C coult not be 
calculated from the data on the line B, D and E. How- 
ever, the theorem predicts that the stable part of 
line C lies adjacent to that of line D, and as indicated 
below, its position can be estimated by using the data 
on other univariant curves. 

Invariant Point II—The calculated line mM is that 
for the system containing ‘FeO’, CaO, 2CaO.Fe203 
and Oo. 

Invariant Point IIJ—The fourth line F is for the 
univariant equilibrium between the phases Fe, ‘FeO’, 
CaO.3FeO.Fe2O3 and Oz. In the univariant equilib- 
rium systems represented by lines F, L, and N, the 
common phases are Fe, ‘FeO’, and Oz, and there- 
fore, lines F, L, N are substantially extensions of 
one another. However, slight differences in the 
slopes of these lines are due to the formation of 
wustite-calcium ferrite solid solutions, the compo- 
sitions of which vary that of the third condensed 
phase. 

Invariant Point IV—The position of line H in Fig. 3 
Should be above the metastable extensions of line G. 

Invariant Point V—This invariant point was not 
determined experimentally, but its position may be 
estimated by noting that the total number of con- 
densed phases distributed between the univariant 
systems, C, F, and H is four, and therefore, these 
curves must intersect at an invariant point Vv. 

Invariant Point VI— Again there are no experi- 
mental data on this invariant point. The fourth uni- 
variant system F* intersecting invariant point V con- 
tains the following three condensed phases: Fe, 
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‘FeO’, and CaO.FeO-Fe20; for which there is only 
one datum available, as shown in Fig. 1. However, 
since the compositions of Fe, ‘FeO’, and QO, are al- 
most colinear in the composition diagram, F’ should 
lie very close to the metastable extension of F with 
a slight increase in the slope. Univariant line F’ 
should intersect line A at the invariant point VI 
where phases at equilibrium are Fe, ‘FeO’, Fe;O,, 
CaO-FeO.Fe203, and O2. The temperature of this in- 
variant point is about 570°C which is in close agree- 
ment with the corresponding invariant point at 560°C 
in the Fe-O binary system.” The oxygen potential at 
VI is about 1.5 kcal lower than that for the Fe-Fe30,4 
equilibrium in the binary system; this difference is 
due to the formation of limited solid solutions of 
calcium ferrite in wtistite and magnetite phases. 
With this in view, the line F’’ in Fig. 3 is drawn 
parallel but 1.5 kcal below that for the univariant 
line Fe- Fe3;0,4-O, in the binary system. 

According to the theorem on the univariant P- T 
curves, line F’ should be slightly below the meta- 
stable extension of F’’and the slope of F’ be slightly 
greater than that of F. In this way the positions of 
line Ff’ and the invariant point V are established and 
the lines C and H referred to before, are drawn by 
joining the invariant point V to I and IV, respec- 
tively. 

It should be mentioned that the fourth univariant 
line A’ intersecting the point VI is for the system 
Fe, ‘FeO’, Fe304 and Oz and the univariant line 


should be almost vertical to the abscissa. 

The curve X, shown by broken lines in Fig. 3, is 
drawn through only one experimental point (not 
shown in the diagram) at Auo, =— 63.4 kcal/mole O, 
at 1000°C; this value was derived from the measure- 
ments of Edstrom.”° The total number of condensed 
phases in systems, F’’ and X is four, and there- 
fore, it is feasible to expect that these lines should 
intersect at an invariant point VII at a temperature 
below 500°C. The fourth line F’’ (not shown in the 
diagram) intersecting this invariant point below 
500°C will be for the system containing the con- 
densed phases Fe,Fe3:04 and 2CaO-Fe203 and iis 
Alo, — T curve will lie close to the metastable ex- 
tension of line F’’. 

Fe-Ca-O System in the Solid + Liquid State— 
Although the liquidus surfaces of this system are not 
well established, the temperatures of five invariant 
points at the solidus-liquidus regions may be esti- 
mated from the data compiled by Burdese.” The 
phases in quilibrium at these invariant points are 
given in Table I and the univariant curves emerging 
from these invariant points are estimated and plotted 
in Fig. 4. 

Invariant Point VIII—At this point, 1120°C, Fe, 
‘FeO’, and CaO are in equilibrium with melt and 
gaseous oxygen, and therefore, this point must lie 
on line N. The curve O is for the system Fe, CaO 
and (CaO-FeO) melt. According to the results of 
Larson and Chipman,” Ayo, for this system at 
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1550°C is about —76.3 kcal/mole O2, and since the 
point VIII is established, the univariant curve O may 
be drawn between these two points. 

As shown by Cirilli and Burdese, the solubility of 
CaO in ‘FeO’ decreased with increasing temperature 
above the eutectic at 1120°C. Therefore, the curve 
P, representing the equilibrium between condensed 
phases Fe, ‘FeO’ and the melt, terminate at the 
point P’ and where wiistite, in equilibrium with iron, 
melts at 1371°C and Auo, = -75.0 kcal/mole O2 as 
derived from the results of Darken and Gurry.”* At 
oxygen potentials within the range given by the 
curves O and P, iron (solid or liquid) is in equilib- 
rium with Fe-Ca-O melts and the activities of FeO 
and CaO in these melts may be obtained from other 
datas 

Invariant Point IX— At 1115°C, melt is in equilib- 
rium with solid phases, ‘FeO’, CaO, and 2CaO.Fe20s, 
and therefore, this invariant point must lie on line 
M. The line Q joining points VIII and IX is for the 
system containing the condensed phases ‘FeO’, CaO 
and melt. Above the metastable extension of line M, 
there must be a curve R for the univariant equilib- 
rium in the system CaO, 2CaO.Fe2O;3 and melt. On 
the CaO-—Fe20O3 ‘‘binary’’ side, the eutectic tempera- 
ture’* at 1 atm pressure of oxygen is 1438°C. Since 
the composition of the three condensed phases at 
1438°C are colinear in the composition diagram, the 
curve R should have an infinite slope when Auo, = 0 
at 1438°C. 

Invariant Point X— At 1110°C there is a ternary 
eutectic point where the three solid phases are 
‘FeO’, CaO.FeO-.Fe203 and 2CaO.Fe203. The position 
of the univariant curve S joining points IX and X is 
in agreement with the prediction based on the theo- 
rem discussed earlier. 

Invariant Point XI— This is a ternary peritectic 
point at 1150°C and is joined to point X by the curve 
T for the system containing the condensed phases 
‘FeO’, CaO.FeO.Fe203 and melt. The state of equil- 
ibrium for the condensed phases ‘FeO’, Fe3O. and 
the melt is shown by curve VY. Initially, the slope of 
this curve should be very close to that of A, because 
the melt will have a composition similar to that of 
the ternary compound CaO-FeO.Fe203. With increas- 
ing temperature, the solubility of calcium ferrite in 
wiistite and magnetite decreases, and therefore, the 
univariant equilibrium V approaches to that of the 
binary Fe-O system with increasing temperature. 
For the Fe-O binary system” the invariant equilib- 
rium ‘FeO’, Fe30, and melt is at Aug, = —45.8 
kcal/mole and 1424°C as indicated by the point V’ in 
Fig. 4. 

Invariant Point XIJ— This is the second peritectic 
invariant where the curves U and W from the points 
X and XI, respectively, intersect. It will be noticed 
that the slopes of the curves U and W are positive 
near the invariant points X and XI, but the theorem 
indicates that their slopes become negative as they 
approach the point XII, therefore, these univariant 
curves must pass through maxima as shown approx- 
imately in Fig. 4. Although there is only one experi- 
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mental point available for the system X, general 
direction of the line drawn approximately in Figs. 3 
and 4 satisfy the requirements dictated by the other 
univariant systems intersecting at invariant points 
VII and XII. 

General Considerations—To facilitate the use of 
the data given graphically in Figs. 3 and 4, they are 
reproduced in Fig. 5 which also contains a set of 
grids for easy conversion of Aug, to the logarithm 
of gas ratios pco/Pco, and py,/Py20 and the loga- 
rithm of the oxygen partial pressure in atmospheres. 

The phase relations in the composition diagram 
can also be predicted from Fig. 5 for any particular 
temperature. Since there are a number of invariant 
points, the composition diagram drawn will be valid 
only between the two invariant point temperatures. 
As examples, two composition diagrams are drawn 
in Fig. 6 for the temperature ranges 680° to 840°C 
and 840° to 1035°C. 

In the early part of this paper references were 
made to some recent work” indicating the existence 
of some new phases within the section Fe3Q, to 
2CaO-Fe203 to Fe203. However, information so far 
available on these phases is inadequate, and there- 
fore, they are not included in Fig. 6. 


SUMMARY AND CONCLUSIONS 


The oxygen potential diagram for the Fe-Ca-O 
system (within the composition range Fe-CaO- 


cad 


Fe 
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Ca0-FeO:Fe,0, 
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CaO: FeO: Fe,0, 
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Fig. 6—Phase relation in Fe-Ca-O system. (a) Within 680° 


to 840°C. (4) Within 840° to 1035°C. (The phases abbreviated 


by letters A, C, D, etc. are given in Figs.1, 3, and 4.) 
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2CaO-Fe203-Fe304) is constructed on the basis of 
available data and theoretical considerations. This 
is shown as Fig. 5. The following features are 
worthy of mention. 

1) Within the above composition range, there are 
eleven invariant points between 570°C and the liq- 
quidus temperatures; the data on these invariant 
points are given in Table I. Indications are that 
there may be at least one invariant point below 
500°C. 

2) The existence of two ternary compounds, e.g. 
CaO-3FeO-Fe20;3 and CaO.FeO-Fe20,, is well estab- 
lished. Their dissociation pressures are known and 
some lattice spacing measurements are available. 

3) There is some experimental evidence to indi- 
cate that two more ternary compounds may exist in 


this system, e.g. 4CaO-FeO.4 Fe,0, and 3CaO:FeO. 
7Fe203 (or 4CaO.FeO.8Fe20;); the latter may be a 
solid solution of Fe;04 in CaO-2Fe203. 

4) There is a limited solubility of all components 
in wustite, magnetite and in some of the ternary 
compounds. 

5) The lowest melting point in the range consid- 
ered (and possibly for the whole system) is at 
1110°C; this is a ternary eutectic involving the solid 
phases wiistite, dicalcium ferrite and the ternary 
compound CaO-FeO.Fe203. 
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Hardness Anisotropy in Single Crystal and 


Polycrystalline Magnesium 


Knoop hardness in the rolling plane and in the longitudinal 
plane of hot-rolled and cold-rolled sheets of sublimed magnes- 
tum was measured as a function of the angle between the long 
axis of the indenter and the rolling direction. These measure- 
ments were correlated with similar data taken on the (0001) and 
(1010) planes of a single crystal of magnesium where the hard- 
ness was measured as a function of the angle between the long 
axis of the indenter and the [1120] direction. The results were 


analyzed for compliance with the hypothesis of Daniels and 


M. Schwartz 


Dunn to account for slip, and with a similar hypothesis to ac- 


count for twinning. Some hardness anisotropy data are also 


S. K. Nash 


presented for magnesium-indium and magnesium-lithium solid 


solution alloys. 


Ir is well known that the hardness of a crystalline 
specimen is different for its different surfaces, and 
also that the hardness is a function of direction 
within a single surface. Variations in hardness for 
single crystals have been found to be much larger 
than those for polycrystalline materials. Also, ma- 
terials having low crystal symmetry were found to 
have a greater anisotropy of hardness than those of 
high symmetry. 

O'Neill’ and Pfeil,* using a 1-mm Brinell ball, 
studied single crystals of aluminum and iron, re- 
spectively; and they found a variation of hardness of 
about 10 pct between readings taken along the prin- 
cipal crystallographic faces. Daniels and Dunn® 
found that the Knoop hardness number varied about 
25 pct as the long axis of the indenter rotated on the 
basal plane of a zine single crystal. The variation 
on the (1450) plane was about 100 pet, and the aver- 
age hardness on this plane was about twice that of 
the basal plane. They also studied the variation of 
hardness within the (100), (110), and (111) faces of a 
single crystal of silicon ferrite and found variations 
of about 25 pct although the average values for these 
planes were almost identical. Single crystals of zinc 
were also studied by Meincke.* He found that the 
Vickers hardness numbers varied about 30 pct de- 
pending on whether the axis of the indenter was par- 
allel or perpendicular to the (1010) and (1120) 
planes. Mott and Ford,” using a Knoop indenter, found 
a 25 pct variation in hardness on the basal plane of 
zinc. Crow and Hinsley® studied heavily cold-rolled 
bronze, steel, brass, copper, and other metals. They 
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found that the difference in hardness numbers based 
on the difference in the length of the diagonals of the 
Vickers indenter was from 5 to 12 pct. 

Some minerals and synthetic stones show a very 
large anisotropy of hardness. Robertson and Van 
Meter’ found the Vickers hardness of arsenopyrite 
to vary from 633 to 1148 kg per mm’. Stern® using 
the double-cone method on synthetic corundum found 
the hardness number to vary from 950 to 2070. And 
Winchell® reported a variation of hardness number 
from 184 to 1205 in kyanite. 

The variation of hardness as a function of direc- 
tion in a given crystallographic plane in single crys- 
tals possesses a periodicity which is related to the 
symmetry of the lattice. Daniels and Dunn® found a 
six-fold periodicity of hardness in the (0001) plane 
of zinc. They found that the hardness curves of 
Silicon ferrite had a four-fold symmetry in the (100) 
plane, a two-fold symmetry in the (110) plane, and a 
six-fold symmetry in the (111) plane. Mott and Ford® 
also reported a six-fold symmetry of hardness in the 
basal plane of zinc. And Vacher’® found two-, four-, 
and six-fold periodicities of hardness in copper on 
the (110), (100), and (111) planes, respectively. 

The purpose of this paper is to report the results of 
an investigation on the anisotropy of hardness as a 
function of orientation in single crystals of mannes- 
ium, and samples of rolled magnesium, magnesium- 
indium, and magnesium-lithium solid solution alloys. 
The anisotropy of hardness of pure magnesium which 
had been hot rolled, and then cold rolled various 
amounts to fracture, was studied by means of Knoop 
indentation hardness numbers; and the results were 
correlated with the preferred orientation as deter- 
mined by quantitative X-ray pole-figure data. A 
comparison was made of the hardness data obtained 
from the rolled sheets and those of single crystals 
of magnesium. In order to obtain a more fundamen- 
tal understanding of the variation of hardness and of 
Knoop hardness testing, the data were analyzed by 
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the technique of Daniels and Dunn® to account for slip 
and a similar technique to account for twinning. 


EXPERIMENTAL PROCEDURE 


Sublimed magnesium crystals were melted ina 
graphitic crucible at 1350°F, chlorinated 15 min and 
poured into a 2- by 4- by 8-in. permanent mold. The 
lithium and indium alloys were melted in steel and 
graphite crucibles, respectively. The alloying tem- 
perature for all alloys was 1350°F. A fluid flux (3 
parts LiCl + 1 part LiF) was used for the lithium 
alloys. Slabs of these alloys were poured at 1325°F 
into a 2- by 4- by 8-in. permanent mold. The indium 
alloys were melted and refined using Dow #310 flux 
(20 pet KCl, 50 pet MgCle, 15 pct CaF2, 15 pct MgO), 
held for 15 min at 1350°F and poured into a 2- by 4- 
by 8-in. permanent mold at the following tempera- 
tures: 


1280°F for 15.36 at. pct In. 
1225°F for 28.89 at. pct In. 
1165°F for 38.13 at. pct In. 


The slabs were scalped to 1 7/8 in thick, heated for 
4 hr at 700°F in a normal furnace atmosphere, and 

hot rolled to 5/8 in. thickness. They were reheated 
for 1 hr at 700°F at both 1 1/4 and 1 in. gage during 
rolling. This completed the first hot-rolling treat- 

ment. 

The analyses of the seven materials, supplied by 
Dow Chemical Co., are as in table below. 

The pure magnesium was hot rolled a second time 
at about 600°F, so that after subsequent cold reduc- 
tion the final thickness was about 1/16 in. Specimens 
were obtained with 9, 17, and 39 pct cold reduction. 
Reductions from about one to several percent per 
pass were used during cold rolling; the rolls were at 
about 150°F and the metal was at room temperature. 
The samples used for X-ray preferred orientation 
studies were etched from 1/16 in. to about 0.008 in. 
using a standard picral etch. Those used for hard- 
ness measurements were mounted in room-temper- 
ature-setting plastic and etched with chromic acid. 

A single crystal rod of magnesium, grown from 
the melt by the Bridgeman technique, was cut into 
two crystals which were aligned by means of Laue 
back-reflection photographs and a special two-circle 
goniometer.’* One crystal was cut along the (0001) 
plane and the other on the (1010) plane. The surface 


of the crystals were ground on emery paper wetted 
with kerosene and then polished on a diamond dust- 
impregnated wheel. Finally, to remove the residual 
cold work, the surfaces were etched with a solution 
of 5 pct nitric acid in alcohol. Pole figures were 
obtained by the method which permits the determin- 
ation of scattered intensities using one sample and 
one sample holder.” For this work the (0002), 
(1010), and (1011) planes were used for the outer 
sections of the pole figures; the (0004), (2020), and 
(2022) planes for the inner sections. Powdered sam- 
ples of magnesium of random orientation were used 
for standardization. 

The hardness readings were taken with a Kentron 
microhardness tester using a Knoop indenter. Pre- 
liminary curves of Knoop hardness number (Khn) vs 
load were determined for both hard and soft mater- 
ials; a load of 100 g was chosen for all subsequent 
work, this load being in the nonsensitive portion of 
the hardness vs load curve. A similar procedure 
was used to determine a duration of loading of 30 
sec. Most of the points on the curves are an average 
of a minimum of five hardness readings, and the 
average of the standard deviations of all of the points 
on each curve is given at the end of the curve by a 
vertical line. The total length of this line represents 
two standard deviations. 


RESULTS AND DISCUSSION 


The geometry of the Knoop diamond indenter rela- 
tive to the rolled sheets and the single crystals is 
shown in Fig. 1. In the discussion which follows, the 
angle of rotation, @, is the angle between the long 
axis of the indenter and either the rolling direction 
(in the rolled sheets) or a[1120]-type direction (in 
the single crystals). Figs. 2 and 3 show the variation 
of hardness for both a single crystal of magnesium 
and polycrystalline magnesium sheets which had 
been cold rolled various amounts. Since the pole 
figures show a tendency for an (0001) [1120] texture, 
the rotation of the indenter in the rolled sheets pro- 
duces a hardness anisotropy which is crystallo- 
graphically analogous to that in the single crystals. 

In Fig. 2 hardness data were taken on the longi- 
tudinal plane of the polycrystalline sheets and on the 
(1010) plane of the single crystal. No variation of 
hardness in the longitudinal plane was found as a 
function of depth below the rolling plane. All of the 


At. Pct Wt Pct 
Li In Li In Al Ca Cu Fe Mn Ni Pb Si Sn Na Zn 
Magnesium 
= < 0.0004 <0.01 <0.001 <0.0021 <0.001 <0.0005 <0.001 <0.001 <0.01 - <0.001 
Magnesium Indium 
- Soff - 15.36 <0.03 <0.01 0.001 0.004 0.002 <0.001 0.007. <0.01 <0.01 - <0.02 
- 7.9 - 28.89 <0.03 <0.01 0.003 0.006 0.002 0.001 0.009 <0.01 <0.01 - <0.02 
38.13 <0.03 <0.01 0.004 0.004 0.003 0.002 0.017. <0.01 <0.01 < 0.02 
Magnesium Lithium 
(Gf - 2.0 - <0.03 <0.01 <0.001 0.007 <0.001 <0.001 <0.001 <0.01 <0.01 0.004 <0.02 
10.1 < 0.03 <0.01 <0.001 0.003 <0.001 <0.001 <0.001 <0.01 <0.01 0.001 < 0.02 
14.5 4.6 <0.03 <0.01 <0.001 0.009 <0.001 <0.001 < 0.001 <0.01 <0.01 0.005 <0.02 
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Figure 1. Geometry of the Knoop hardness indenter relative 
to a rolled sheet and a single crystal. The angle of rotation, 
6, is measured from the rolling direction in the rolled sheet 
and from the [1120] direction in the single crystals. 


curves of Fig. 2 were approximated by the function 
H=n+k cos 26, where H is the Knoop hardness 
number, and and k are constants which represent 
the average hardness number and the amplitude of 
the variation in the hardness number, respectively. 
The method of least squares was used to obtain 
curves of best fit, the equations of which are as 
follows: 


H single crystal = 22.4 - 9.25 cos 20 
Hy, = 28.6 — 7.17 cos 20 


Hy, = 28.3 — 6.67 cos 26 
44.5 12.5 cos 20 
50.4 — 11.3 cos 24 


From these equations it is seen that the average 
hardness number of the single crystal is smaller 
than that of the hot-rolled polycrystalline sheets, and 
also that the average hardness number of the cold- 
rolled sheets does not increase until after the sam- 
ple has been cold rolled to more than about 9 pct. 
The ratio k/n indicates the percentage variation in 
hardness, and the average of this ratio for all of the 
rolled samples is 25 + 2 pct. For the single crystal 
the ratio is 41 pct. The lower value of this ratio in 
the rolled sheets is attributed to the scatter in the 
orientation of the crystallographic plane (which 
makes k smaller) and to the hardness contribution 
of the grain boundaries (which make v larger). The 
grain size is about one-thousandth of an inch and the 
indenter cuts about six grain boundaries. 

The variation of hardness in the rolling plane of 
the polycrystalline sheets and in the basal plane of 
the single crystal was then studied. For the rolled 
sheets, no significant difference in hardness in the 
rolling plane was found at the surface and at about 
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Figure 2. Knoop hardness number vs the orientation of the 
Knoop indenter for magnesium. The hardness numbers for 
the polycrystalline samples are for the longitudinal plane, 
and those for the single crystal are for the (1010) prism 
plane. 


several thousandths of an inch below the surface. 
The data for the polycrystalline material, Fig. 3, 
show some scatter, but there is no clear periodic 
variation as is seen for the single crystal; hence, 
the best straight line was drawn through the points 
for the rolled sheets. The hardness variation equa- 
tion for the single crystal is H = 25.6 -— 2.39 cos 66, 
showing six-fold symmetry—a result which is expec- 
ted from the crystallography of the lattice. The per- 
cent variation in hardness for the (0001) plane in the 
single crystal is less than one-fourth that in the 
(1010) plane. Since there is no clear periodic varia- 
tion of hardness in the rolling plane for the poly- 
crystalline sheets, this technique is insensitive for 
the determination of the orientation of the basal 
planes in the rolling plane. However, the X-ray pole 
figures do tend to show a [1120] direction in the 
rolling direction. 

From Fig. 3, as was true of Fig. 2, it can be seen 
that slightly more than 9 pct cold reduction is neces- 
sary before the hardness increases; thereafter, the 
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Figure 3. Knoop hardness number vs the orientation of the 
Knoop indenter for magnesium. The hardness numbers for 
the polycrystalline samples are for the rolling plane, and 
those for the single crystal are for the basal plane. 
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the Knoop indenter in the longitudinal plane for magnesium- 
lithium and magnesium-indium solid solutions after the first 
hot-rolling treatment. 
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Figure 5. Knoop hardness number vs the orientation of the 
Knoop indenter in the rolling plane for magnesium-lithium 


and magnesium-indium solid solutions after the first hot- 
rolling treatment. 


hardness increases rapidly with cold work. Also, the 
hardness in the polycrystalline sheets is, as one 
would expect, greater than that of the single crystal 
because of the grain boundary effect. 

Fig. 4 shows the variation of hardness in the lon- 
gitudinal plane of rolled sheets of magnesium alloys 
after the first hot-rolling treatment. Data were 
taken every 15 deg in the angle of rotation, 6, for the 
pure magnesium and the 11.5 at. pct In alloy. For 
the other alloys, data was taken at 0 and —90 deg in 
6. Each point is the average of twenty readings. 
From the shape of the curve for the high indium 
alloy (H = 80.4 — 12.3 cos 26) and the previous ones 
for pure magnesium, it seems reasonable to assume 
that the shape of the curves for the other magnes- 
ium-indium alloys and the magnesium-lithium alloys 
is the same, namely, cosinusoidal with a period of 7. 
The slightly high values of z and k for the 6.7 at. 
pet Li alloy appear to be anomalous. Aside from this 
small anomaly, the increase in hardness with alloy 
content is clearly seen. Similar data for the rolling 
plane is shown in Fig. 5 where the previously men- 
tioned anomaly does not exist. 

Although the existence of a variation of hardness 
with crystal orientation is well known, there is no 
satisfactory theoretical treatment to explain the 
actual deformation mechanism during the hardness 
test from an atomic or crystallographic point of 
view. However, the method of Daniels and Dunn° 
does attempt to determine a function which is pro- 
portional to hardness from considerations of a theo- 
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Figure 6. Curves a and 0 are plots of cosa cos ¢cos wv for 
(0001) [1120] slip vs the orientation of the Knoop indenter 
for the (1010) plane and (1120) plane, respectively, of the 
magnesium single crystal. Curves c and d are plots of the 
experimental reciprocal hardness data for the longitudinal 
plane of the polycrystalline magnesium samples and the 
(1010) plane of the magnesium single crystal, respectively. 


retically evaluated shear stress resolved in the slip 
directions of the sample. This technique neglects 
twinning and assumes that the metal adjacent to the 
indenter facets is acted on by tensile forces which 
are in the direction of the greatest slope of the 
facets of the Knoop indenter. Briefly, the method 
considers that the material adjacent to the facets is 
made up of little cylinders of single crystals which 
can rotate by slip. The constraints exerted by the 
material adjacent to each cylinder modify the criti- 
cal resolved shear stress by an amount dependent 
upon the orientation of the lattice. 

The method of Daniels and Dunn was applied to a 
single crystal of magnesium in order to determine 
the effective resolved shear stress (ERS) as a func- 
tion of the orientation of the indenter. This stress, 
being inversely proportional to hardness, can then be 
compared to the experimental data in an attempt to 
explain the forces acting on the metal during defor- 
mation. The ERS is proportional to cos A cos ¢ cosy 
where 2X is the angle between the slip direction and 
the tensile force which is assumed to act along the 
direction of maximum slope of the indenter facet, 

g is the angle between the normal to the slip plane 
and the above-mentioned force, and Wis the angle 
between the line in the facet surface perpendicular to 
the force and the axis of rotation of the above- 
mentioned cylinders. The axis of rotation is the line 
in the slip plane perpendicular to the slip direction. 
The factor cos Wis the modifying function which re- 
duces the resolved shear to account for the con- 
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Figure 7. The dashed curves are plots of cos A cos odcos v 
for pyramidal slip in [1120] directions vs the orientation of 
the Knoop indenter in the basal plane of the magnesium 
single crystal. The solid curves are reciprocal hardness 
data for the basal planes of the single crystal. 


90° 


straining effect of the material adjacent to each ro- 
tating cylinder. The angles i, ¢, and W were obtained 
by means of a stereographic net. The crystallo- 
graphic plane on which the Knoop impressions were 
made was put at the center of the net, and then the 
slip planes and slip directions were added. The 
traces of the facets of the diamond indenter were put 
on a separate tracing paper which was rotated over 
the standard net. The desired angles were then read 
from the stereographic coordinate grid. For the 
theoretical analysis, only that slip system which 
gave the greatest ERS with respect to a given inden- 
ter facet was considered to be active at any given 


Figure 8. Diagram of Knoop indenter and cylinders de- 


formed by twinning showing positions of force, twinning di- 
rection and twinning plane. 
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position of the indenter. This maximum function was 
graphically averaged for the four indenter facets and 
the resulting curve compared with the reciprocal 
Knoop hardness data. 

The dashed curves in Fig. 6 represent the results 
of the theoretical analysis assuming slip on the basal 
planes in the <1120> directions when the Knoop in- 
denter is on the (1010) plane (curve a) and the (1120) 
plane (curve b) of a mangesium single crystal. The 
ordinate values are for cos \ cos ¢ cos Wwhich are 
proportional to reciprocal hardness, and the abs- 
cissa represents the orientation of the diamond in- 
denter. The solid curves are the reciprocals of the 
curves shown on Fig. 2 put on an arbitrary ordinate 
so that the total variation in reciprocal hardness 
covers the approximate range given by the theore- 
tical curves. Curve d is for the single crystal, and 
curve c, with very little variation, applies to the 
four rolled sheets of magnesium. The experimental 
curves and the theoretical curves should be com- 
pared as regards only shape and phase. Since there 
is good agreement between the two sets of curves, it 
can be concluded that these experimental data can 
be explained on the basis of tensile forces acting 
parallel to the facets along the directions of maxi- 
mum slope. The analysis for the basal plane is, 
however, not nearly so encouraging if one considers 
basal slip in <1120> directions. The theoretical 
curve is out of phase with the experimental data al- 
though the general shapes are similar. Daniel and 
Dunn also obtained an out-of-phase correlation be- 
tween theory and experiment when the indenter ro- 
tated on the basal plane of a zinc single crystal. 

The method of Daniels and Dunn was applied to 
prismatic and pyramidal slip in order to account for 
the experimental data taken on the basal plane. For 
prismatic slip the analysis is fruitless since the 
ERS is zero, cos Ybeing zero for all orientations of 
the indenter. However, the results of the analysis 
for pyramidal slip in <1120> directions do agree 
with experiment, as shown in Fig. 7. The dashed 
curves in (q) and (b) represent the theoretical anal- 
yses for slip on the {1011} and the {1012} planes, 
respectively, by assuming tensile forces acting on 
the metal adjacent to the facets. The solid curves 
represent reciprocal hardness data taken on the 
basal plane; the ordinate is an arbitrary scale cho- 
sen so that the total variation in reciprocal hardness 
covers the same range given by the theoretical 
curves. (The ordinates for the experimental curves 
in Figs. 9 and 10 are derived in a similar way). The 
method of Daniels and Dunn explains the anisotropy 
of hardness in the basal plane of magnesium on the 
assumption of pyramidal slip in <1120> directions. 

Since the material also deforms by twinning it is 
necessary to consider the anisotropy of hardness 
due to this mode of deformation. If one considers 
that the material next to the indenter facets is made 
up of little cylinders which can twin due to tensile 
forces acting along the direction of maximum slope 
of the facets, then in the process of twinning these 
cylinders will exert constraints on each other. The 
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solid cylinders in Fig. 8 represent the undeformed 
material and the dashed cylinders the twinned ma- 
terial. As the cylinders are deformed, the cross- 
sectional areas change from circles to elipses. This 
effect would tend to separate the cylinder, as shown 
in the figure, but since the material is continuous, 
there are constraints exerted on all of the cylinders. 
Since the length of the material parallel to the facets 
must remain unchanged and the length perpendicular 
to the facets is shortened, the constraints are a maxi- 
mum when the major axes of the elipses are perpen- 
dicular to the facets and a minimum when the major 
axes are parallel to the facets. The mathematical 
analysis for the effective resolved shear stress for 
twinning is exactly analogous to that for slip by as- 
suming the modifying function to the resolved shear 
stress to be cos Y; where y is the angle between the 
line A, which is normal to the twinning direction (7D) 
in the twinning plane and the line H which is perpen- 
dicular to the force (F) in the facet surface. Hence, 
the ERS for twinning is proportional to cos X cos ¢ 
cos WY, where J and ¢ are the angles between F and 
TD and between F and N (the normal to the twinning 
plane), respectively. If twinning were the only mode 
of deformation then this ERS would be inversely 
proportional to the hardness. 

The above analysis was applied to the experimental 
data for Knoop hardness when the indenter was in- 
cident on the (1010) and basal planes in the single 
crystal of magnesium. Assuming (1012) [1011] twin- 
ning the results are shown in Figs. 9 and 10 for the 
(1010) and (0001) planes, respectively. The solid 
lines are determined from the experimental data and 
the dashed lines result from the above theoretical 
analysis, assuming that for each facet the twin giv- 
ing the greatest ERS is the one which is active at 


60° 
ANGLE OF ROTATION 
Figure 9. The dashed curve is a plot of cos A cos ¢cos ¥ 
for (1012) [1011] twinning vs the orientation of the Knoop in- 
denter in the (1010) plane of the magnesium single crystal. 


The solid curve is a plot of the experimental reciprocal 
hardness data for the (1010) plane of the single crystal. 
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Figure 10. The dashed curve is a plot of cos A cos ¢cos w 
for (1012) [1011] twinning vs the orientation of the Knoop in- 
denter in the basal plane of the magnesium single crystal. 
The solid line is a plot of the experimental reciprocal hard- 
ness data for the basal planes of the single crystal. 


each position of the indenter and the ERS’s from all 
four facets are averaged. It can be seen from Figs. 
9 and 10 that the experimental curves agree very 
closely with the theoretical ones. It should be em- 
phasized here, as was also true for the data on slip, 
that the extreme values of the ordinates of the ex- 
perimental data have been arbitrarily matched to 
those of the theoretical curves in order to show the 
agreement between the two sets of curves as regards 
phase and shape. 

Feng and Elbaum °° studied the anisotropy of 
Knoop hardness with orientation in titanium single 
crystals, and they found that when the indenter is in 
the basal plane the hardness is a constant independ- 
ent of orientation. In magnesium there is a sinus- 
oidal variation with a period of 7/3. The results are 
also very different for the prism planes. For titan- 
ium there is no detectable difference in hardness be- 
tween the (1010) or (1120) planes, agreeing with 
curves q and 0 in Fig. 6, but for these planes in ti- 
tanium the hardness is a maximum when the long 
axis of the indenter is perpendicular to the hexagonal 
axis and a minimum when parallel to the hexagonal 
axis. Exactly the opposite is true in magnesium. It 
is felt that these differences are due to the different 
deformation mechanisms in the two metals; the 
mechanisms which explain the anisotropy of hard- 
ness in magnesium are basal and pyramidal slip in 
<1120> directions and (1012) [1011] twinning, and 
those for titanium are (1010) [1120] slip accompanied 
by very little twinning.” 


CONCLUSIONS 


The empirical results of Knoop hardness number 
as a function of orientation in single crystals and 
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rolled polycrystalline sheets of magnesium can be 
approximated by cosinusoidal functions whose period 
is related to the symmetry of the crystallographic 
plane on which the hardness data are taken. The 
single crystal is softest, and the hot rolled poly- 
crystalline material is a little harder due to the 
grain boundaries present. From an examination of 
the results on both the longitudinal plane and the 
rolling plane it can be concluded that a cold reduc- 
tion of more than about 9 pct is necessary to apprec- 
iably increase the hardness. No significant variation 
in hardness was found as a function of depth below 
the rolling plane. 

On the assumption of basal slip in <1120> direc- 
tions, the hypothesis of Daniels and Dunn success- 
fully explains the Knoop hardness data in the (1010) 
plane of the single crystal of magnesium and also in 
the longitudinal planes of the polycrystalline sheets. 
The scatter of the basal planes in the rolling plane 
wipes out the anisotropy of hardness that is present 
in the basal plane of a single crystal. The experi- 
mental anisotropy of hardness in the basal plane in 
the single crystal cannot be explained by basal or 
prism slip using the method of Daniels and Dunn. 
Pyramidal slip does account for the experimental 
data on the basal plane. A method of analysis based 
on the twinning mechanism does explain the experi- 
mental hardness data on both the (1010) and (0001) 
planes by assuming (1012) [1011] twinning. 
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Diffusion in Gamma Brass 


A layer of y brass was formed on B brass using a vapor- 
solid reaction technique. The variation in composition with 
distance within the Y phase layer and across the y -B inter- 
face was determined by an electron probe. The diffusivities 
were calculated as a function of concentration; the diffusion 
coefficient in y brass was found to change by a factor of 
twenty-five over a compositional range of 8 at. pct. An ex- 
planation is proposed to account for the large change in the 
diffusivity, based on possible stresses in the diffusion zone; 


itis suggested that the concentration dependence of the 
thermodynamic factor might decrease the activation energy 


with increasing zinc content. 


ALTHouGH the body of data on diffusion coeffi- 
cients (D - values) in terminal solid solutions and in 
isomorphous systems is quite large, there is but 
little quantitative information for intermediate alloy 
phases. This paper recounts measurements of D- 
values for the y phase in the Cu-Zn system. The ex- 
perimental method employed consists in the forming 
of alloy layers and determining and analyzing the 
concentration-distance (c-x) curve. The experi- 
mental method employed could have been applied to 
several systems; the Cu-Zn system was chosen be- 
cause the D-values in the @ and § phases are well 
known, and can thus be used for purposes of com- 
parison. 

The rates of growth of intermediate alloy layers 
are known for a number of systems. In nearly all 
cases the thickness varies parabolically with time, 
as to be expected if the rate of growth is controlled 
by the D-values. In a few cases, nonparabolic be- 
havior has been noted.’ Nonparabolic growth may be 
the result of a) a variation of the composition at the 
phase interface with time, b) interface-controlled 
kinetics, c) short diffusion times coupled with long 
vacancy lifetimes (in vacancy diffusion),” and d) 
crystal reorientation during diffusion in anisotropic 
systems.° In the Al-Ni system* and in the Al-U° 
system parabolic growth kinetics are slowly ap- 
proached after an initial transient period. 

In general those phases stable at a given tempera- 
ture ina system A-B appear as separate phase 
layers when A and B are put in contact and given a 
diffusion heat-treatment. In most cases the compo- 
sitions at the interface of adjacent phase layers are 
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those read from the phase diagrams for the termini 
of the respective phases. This discontinuity in con- 
centration is taken as independent of time, and the 
growth of one phase at the expense of another is 
assumed to be independent of interface kinetics, 
i.e., the rate of interface movement is controlled by 
volume diffusion in the phases concerned. 

Wagner’ has given many solutions for multi-phase 
diffusion processes, assuming that the chemical dif- 
fusion coefficient, D, is independent of concentra- 
tion, as have others. Jost’ has pointed out that the 
familiar Boltzmann-Matano solution is as valid for 
a (c-x) curve exhibiting concentration discontin- 
uities at phase boundaries as for the usual single- 
phase case. Heumann and associates*’® have applied 
this solution to the multi-phase case, but lacking 
concentration data within the several layers were 
forced to assume linear concentration gradients, 
thus calculating only average D-values. 

The purposes of the present study were: 1) to de- 
termine the dependence of D on concentration, 2) to 
calculate the intrinsic diffusion coefficients DL, and 
D2, 3) to establish the time-law for the movement 
of the interface, 4) to determine the concentration 
limits at the B-y interface, and, 5) to attempt to 
clarify the mechanism of diffusion. 


EXPERIMENTAL PROCEDURE 


The y phase is exceedingly brittle; conventional 
solid couples and conventional sectioning methods 
were thus inapplicable. Vapor-solid couples were 
accordingly employed. Unfortunately the equilibrium 
vapor pressures of Zn for the y phase are unknown; 
to escape this awkwardness, samples were enclosed 
in a capsule containing powder of an alloy of known 
composition, sufficiently large in quantity as to be 
effectively an infinite source, maintaining the con- 
centration of Zn at the sample surface constant with 
time. The sources of Zn-vapor which can be em- 
ployed in reaction with Cu, or @ brass, or brass, 
to form a layer of y brass satisfactorily wide in 
concentration range, are alloys of the phases ;, or 
y +€ or y + 6 (depending on the temperature). 
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Fig. 1—Unetched section showing line of markers in Y 
phase. 1) Copper electroplate. 2) Gamma layer. 3) Beta 
layer. X100. Reduced approximately 23 pct for reproduc- 
tion. 

The samples serving as a source of Zn vapor 
were prepared as follows: Suitable amounts of Cu 
and Zn were placed in a 30-mm vycor tube, the tube 
evacuated, flushed with hydrogen, sealed-off at a 
pressure of 10-°mm of Hg, left for 24 hr at 875°C, 
then quenched in water. The sample was finally 
ground to powder. 

The ‘‘solid’’ samples of the vapor-solid couples 
were cut from 2-cm diam bars (generously furnished 
by the Chase Brass and Copper Co.). An analysis of 
this alloy gave: 54.08 pct Cu; Pb, Fe, Ni each 
<0.005 pct; Sn, Mn each <0.001 pct, Al <0.001 pet 
and Si <0.01 pct. Initially the grain diameter was 
approximately 0.3 mm, unchanged on heating to 
450°C for 2 hr. Samples were cut to cylindrical 
shape, 5/8 in. thick and 5/8 in. diam; the opposite 
flat surfaces were finished parallel to within + 
0.0005 in. The samples were electrolytically pol- 
ished before a diffusion run. 


Diffusion treatments were carried out in a furnace 
with a constant temperature zone (+ 1.5°C) over 19 
in.; temperature fluctuation was + 1°C; all tempera- 
ture measurements were made with a calibrated Pt- 
Pt Rh thermocouple. 

Subsequent procedure was as follows: A sample 
was polished, weighed (+ 0.001¢), the thickness 
measured (+ 0.0005 in.), painted with an alcohol- 
Linde B (Al oxide) solution (the Linde B serving as 
the inert markers) and placed in a reaction tube. 
The reaction tube was either pyrex (for tempera- 
tures below 550°C) or vycor, 16 in. in length. 
Freshly powdered source alloy was then introduced 
into the tube in equal amounts on both sides of the 
specimen. The tube was flushed with hydrogen and 
evacuated to 107° mm of Hg, then placed in the fur- 
nace. Temperature was reached within 4 min; after 
completion of the diffusion anneal the tube was 
quenched in ice water. The weight increase and 
thickness increase in the solid sample were noted; 
the specimen was then electroplated with Cu and 
mounted. The sample was sectioned perpendicularly 
to the parallel surfaces, polished, and observed 
metallographically. 

Intrinsic diffusion coefficients are obtained by the 
use of markers. With the technique employed here, 
the markers originally on the outer surface become 
imbedded in the sample during the diffusion process. 
The distance between the markers and the outer 
surface was determined on the polished unetched 
section of the sample. An example of the appearance 
of the markers in the diffusion zone is shown in Fig. 
1. Distance measurements were made with the pre- 
cision of + 1 yu. 

The c-x curve was determined by means of elec- 
tron probe analysis. The results are shown on the 
graphs. The error involved in measuring the inten- 
sity of the emitted characteristic rays was + 0.2 pet, 
while the total error in actual composition, as deter- 
mined by relating the observed intensity to that from 
alloys of known composition was about 0.5 pct. 

A typical c-x curve is shown in Fig. 2 (all per- 
centages given herein are atomic percentages). 


525° C, 7 hours 
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Fig. 2—Composition distance curve as 
obtained with electron probe. 
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Fig. 3—Marker movement, expansion of sample, and layer 
thickness for 45.9 pet Zn solid and 72 pet Zn powder at 
C. 


The data reported here relate to a solid 8B sample 
with 45.9 pct Zn and a Zn vapor in equilibrium with 
ay te alloy of 72 pct Zn. 


RESULTS 


If the rate of growth of a phase layer is deter- 
mined by vacancy volume diffusion, then markers 
placed at the original surface should move para- 
bolically with time. Typical marker movement data 
are shown in Fig. 3; the movement is obviously para- 
bolic. The excellence of the marker movement data 
most likely stems from the fact that the position of 
the markers can be located precisely with respect to 
a reference surface (which is seldom the case with 
solid-solid couples) and also from the lack of poros- 
ity (usually a disturbing factor) in all of the diffusion 
couples. 

Deviation from parabolic behavior would occur if 
the surface composition were a function of time or 
if there were present a barrier to the diffusion flux 
which varied with time. An oxide layer on the sam- 
ples surface will form a troublesome barrier only if 
it covers an appreciable area, or if it is not readily 
reduced. It was found that the maximum growth 
rates were parabolic only if the surfaces were 
clean. If the oxide layer were thin (e.g. formed at 
room temperature for a couple of hours) no barrier 
effect was noted, while with thicker oxide layers 
nonparabolic growth rates resulted; in this case the 
thickness of the phase layers and the rate of move- 
ment of the markers were always less than those 
resulting from samples free from barriers. One 
further difficulty was encountered when using vycor 
tubing for the reaction capsule. Owing to the small 
amount of glass work required after the solid speci- 
men had been inserted into the capsule, it was no- 
ticed that a fine film (presumably SiOz) had condensed 
on the specimen’s surface, giving rise to nonpara- 
bolic diffusion effects. This film was eliminated by 
covering the specimen with water. Thus extreme 
caution must be employed to eliminate any rate de- 
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Fig. 4—Etched with FeCl, solutions; illustrating large 2) and 
small 1) y grains. X100. Reduced approximately 27 pct for 
reproduction. 


termining film barriers; perhaps such films are 
the cause for the nonparabolic growth rates reported 
in the literature. 

The particles of the markers in the majority of 
cases lay in a straight line, Fig. 1, though in some 
cases their positions varied somewhat from grain to 
grain, for reasons at the moment uncertain. Fig. 4 
shows that the markers separated the y layer into 
two regions: 1) an outer region of small grains, and 
2) an inner region, between the markers and the 8 
phase, of large grains; these two regions within the 
Y phase were observed in all samples, with the 
markers always at the separating surface between 
the two regions. 

Owing to the increasing solubility of Zn in the y 
phase with increasing temperature, it was necessary 
to quench all specimens to prevent precipitation at 
and near the phase interface. Precipitation could 


| 


TT 


| 


Lt 


| 
| 


| 


1.0 1.2 Re) 1.4 1.5 1.6 


3 


Fig. 5—Parabolic growth constant k (x? = kt) for the y 
phase as a function of reciprocal temperature, 45.9 pct 
Zn solid and 72 pct Zn powder. 
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Table |, Surface and Interface Compositions 


Tee Pct Zn at Surface Pct Zn at y-B Pct Zn at y-8 
650 68.3 58.7 SLY 

575 68.5 57.0 50.5 

325 67.2 59.0 51.6 

475 65.7 57.7 50.0 

425 65.7 58.7 50.2 

375 65.2 57.6 48.1 


not be avoided for diffusion-anneal temperatures 
above 650°C whatever the quenching technique, and 
this limited the maximum temperature that could be 
used. 

The parabolic rate constant (defined as k in 
x = kt, where x is the y layer thickness and ¢ is the 
time) subscribes to Arrhenius behavior, Fig. 5. 

The success of the vapor-solid technique depends 
upon maintaining the concentration of Zn at the sur- 
face constant with time. Originally it was planned to 
vary the vapor pressure of Zn by variations in the 
composition of the powdered alloy source of Zn- 
vapor; when using a source within the y range, non- 
parabolic behavior was observed, doubtless because 
of a variation of the vapor pressure of Zn during the 
diffusion anneal; however, in using a two-phase 
alloy, either y +€ or y + 6, parabolic growth was 
obtained. In the latter case the powdered alloy acted 
as an.infinite source for the amount of Zn lost in 
these experiments, with the vapor pressure that of 
the higher zinc solubility limit in the y phase. 

The surface concentrations listed in Table I are 
identical within 1 pct with the upper solubility limit 
of the y phase as shown in published phase diagrams, 
as are the discontinuities in concentration across the 
phase boundaries. 

The values of the diffusion coefficients in the y 
phase as calculated by the Boltzmann-Matano analy - 
sis are listed in Table II; since this analysis em- 
ploys the values of the slope of curves of the type 
shown in Fig. 2, and since the concentration varies 
but little at high Zn concentration, the errors in the 
calculation of the D-values are larger at higher Zn 
concentrations. 

Arrhenius behavior is usually described as D = Dy 
exp (— AH/RT) where AH is the enthalpy of activa- 
tion. Plotting the log of the D-values for specific 
values of concentration against the reciprocal of the 
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Fig. 6—D-values as a function of reciprocal temperature, 


45.9 pet Zn solid and 72 pet Zn powder. 


absolute temperature yielded Fig. 6, exhibiting 
reasonably linear behavior except at high Zn con- 
centrations. The calculated values of D, and AH 
were determined by the method of least squares, and 
are given in Table III. Both D, and AH decrease 
with increasing Zn concentration. Fig. 7 shows AH 
plotted as a function of Zn concentration. 

The variation of the D-values with Cz, is very high 
within this narrow concentration range, as shown in 
Fig. 8. These curves are not monotonic, and the 
reasons for the curious shapes escape us—assuming 
the shape is real. It will be remembered that D var- 
ies with Cz, exponentially in a brass, whereas 
corresponding curves for 8 brass” are roughly sig- 
moidal. The last column in Table IV shows the ra- 
tios of the maximum and minimum D values for the 
various temperatures. Because of the inferior pre- 
cision of the D values at high values of Cz,, it is dif- 
ficult to appraise the values of D and of AH for this 
concentration range. 


Table Il, D-Values as a Function of Temperature and Concentration 
D-Values for y (cm’/sec) Table III. Activation Energies and Frequency Factors 
475°C 650°C Pct Zn D, 10? (cm?/sec) AH (kcal) 

Pct Zn x 10° x 10° sa102 x 10° x 10° x 10’ 59.0 2.45 23.4 
59.0 0.300 0.979 4.10 2.50 0.623 60.0 2.44 22.9 
60.0 0.437 1.51 5.94 1.32 2.93 0.891 61.0 We7 21.9 
61.0 0.650 2.28 7.55 1.91 3.67 1.06 62.0 2.45 21.9 
62.0 1.02 3.27 10.85 Dee 5.32 1.64 63.0 1.14 20.1 
63.0 1.90 6.05 15872, 3.50 8.06 2.05 64.0 0.99 19.3 
64.0 Sal] 8.71 24.9 5.24 9.68 2.85 65.0 0.62 We 
65.0 SP 20.9 44.2 9.12 14.7 4.15 65.5 0.19 15.5 
65.5 27.6 63.7 10.0 16.7 4.85 66.5 0.28 1553 
66.5 20.1 29.5 7.42 67.0 0.06 ily 
67.0 41.1 Sys} 10.9 Gamma growth constant 1266 in.?/hr 26.9 
68.0 721 20.2 or 2.29 cm?/sec 
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Fig. 7—The heat of activation, AH, as a function of atomic 
pet Zn. 


All values noted thus far are D-values, the so- 
called chemical diffusion coefficient. The ratio of 
the ‘‘intrinsic’’ diffusion coefficients, /D2, may 
be obtained from only a ratio of areas on the c-x 
curve of vapor-solid couples while the two Darken 
relations,” [1] and [2], 
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Fig. 8—D-values as a function of atomic pct Zn. 
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Table IV. Ratios of D-Values 


375 19.1 59 to 65 19.1 
425 23 59 to 65.5 28.2 
475 10.8 59 to 65.5 15.4 
525 60 to 67 31.1 
575 5.9 59 to 68 28.9 
650 6.7 59 to 68 32.4 

Dz,/Dcy = Constant [3] 


which are most frequently employed in calculating 
the ‘‘intrinsic’’ diffusion coefficients require a 
measurement of the slope of the c-x curve. The ra- 
tio of DY, /D%,, as determined from only a measure- 
ment of areas on the c-x curve was obtained for 
several temperatures, as listed in Table V. The er- 
ror is less than 5 pct because of the high precision 
in locating the position of the markers. In order to 
evaluate the specific values of D?, and Dt, from Eqs. 
[1], [2], and [3], a measurement of the slope of the 
c-x curve is required at the position of the markers. 
The markers were always found in the high Zn por- 
tion of the curve and it is in precisely this range of 
the curve that the slope tends toward infinity and the 
error in the slope is large, thus making the deter- 
mination of pia and DL, only approximate. Values 
for the intrinsic diffusivities calculated from Eqs.[2] 
and [3] are listed in Table V. Changing the composi- 
tion of the solid from pure copper to 46 pct Zn re- 
sulted in displacing the markers in significant 
amounts, but they were always situated in the high 
Zn portion of the diffusion curve (j.e. the markers 
were displaced by this method without altering the 
composition at the markers by more than 1 pct). 


DISCUSSIONS OF RESULTS 


There have been numerous studies made of dif- 
fusion in the a brass phase, a few in the 6 brass 
phase, while this investigation represents the first 
study in the y phase. The a phase is a close-packed 
lattice structure (fcc) while the 8 phase is less 
closely packed (bcc). The y phase is essentially 


Table V. Marker Movement Data 


Distance from 
Outer Surface, Composition at from 
Tot cm x 10* Time, Hr Markers—Nz, Area Ratios 
650 121.9 3.75 0.682 5.73 
575 50.8 4.0 0.682 8.55 
525 33.0 7.0 0.672 135 
475 17.8 8.0 0.657 9.39 
425 10.2 8.0 0.657 9.30 
375 7.6 30.0 0.653 9.53 
Nz D2n (cm?/sec) Dé&y(em?/sec) 
650 0.682 Ome 
S15 0.682 Ome xe Ome 
475 0.657 Ome 
425 0.657 Ome 
375 0.653 1.4 x 10° 
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twenty-seven body-centered-cubic cells with two 
atoms missing, with the remaining fifty-two atoms 
slightly displaced. 

From previous data the chemical diffusivities in 
the 8 phase are one hundred times the corresponding 
values in the a phase, while the activation energies 
are halved. The comparison is more difficult for the 
y phase because of the wide variation in D-values 
across the phase field. A comparison between the y 
and § phases shows that the D-values in the y phase 
vary from one to ten times the values in the 8 phase 
while the activation energy range (23 to 15 kcal) for 
the y phase includes the activation energy range (20 
to 18.5 kcal) for the 8 phase. 

Owing to the necessity of using a two-phase alloy 
to provide a constant vapor pressure, the surface 
composition of the solid specimen was a function of 
temperature between 475° and 550°C. Above 550°C and 
below 475°C the composition was about 69 pct Zn and 
66 pct Zn, respectively, and because of these condi- 
tions, the markers originally placed on the surface 
were associated with different compositions the val- 
ues of which depended on the temperature range. 
From Table V it is evident that for the experiments 
where the markers occurred at approximately 65.5 
pet Zn the ratio of D¥,,/D4, remained constant with 
temperature, implying 4H7, = AH¢,. For the com- 
position 68.2 pct Zn the ratio of D),,/D%,, decreased 
with increasing temperature, implying that AH, is 
greater than AH7,. The data are insufficient to es- 
tablish definitely that AHj, is greater than AHz, 
which would be expected to be the case. 

The observation of the motion of markers in the y 
phase is incompatible with any mechanism of diffu- 
sion which involves a rotation of nearest neighbors. 
The interstialcy or vacancy mechanism could equally 
explain the observed mass movement but on the 
basis of the type of lattice it is thought that the va- 
cancy mechanism is operative. 

The two different sizes of y grains, as illustrated 
in Fig. 4, could occur in the following manner: after 
the initial nucleation of the layer of y grains, the 
surface composition is still in a transient period 
tending toward the equilibrium value. It will be as- 
sumed with Doo and Balluffi®* that in the initial stage 
of the absorption of the Zn vapor, the divergence of 
the vacancy current is a maximum at the surface, 
thereby creating the largest stresses at the surface. 
These stresses could be sufficient to cause recrys- 
tallization of the larger y grains at the surface. In 
the meantime, the markers have been embedded in 
the sample and are therefore removed from the 
vapor-solid interface. Once these smaller grains of 
y have formed they would tend to grow, but because 
of the foreign particles situated at the marker inter- 
face the movement of the advancing grain boundary 
would be retarded or completely halted. Thus as the 
diffusion process progresses there remain the two 
different sizes of y grains. 

The chemical diffusivity in the y phase has been 
shown to vary by about a factor of 25 over 7 or 8 
at. pct. This change is rather large when a com- 
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parison is made with other phases in different sys- 
tems. Explanations of the dependence of the diffus- 
ivity and activation energy on concentration have 
been proposed, based on a vacancy defect structure 
which is formed by deviations in the composition 
from the stoichiometric composition.** This would 
lead to the predictions that the diffusivity should 
pass through a minimum and the activation energy 
through a maximum at the stoichiometric compo- 
sition. Neither of these effects was observed in the 
y phase at the stoichiometric composition 61.5 pct Zn. 

A tentative explanation for the rather large in- 
crease in D over the narrow concentration range 
may be given in the following way. The unit cell of 
the y brass phase contains fifty-two atoms per unit 
cell and its electronic structure is such that the 
Fermi surface nearly encloses the first Brillouin 
zone. A full zone contains ninety electrons per unit 
cell.’° The same situation occurs in the Cu-Al’® and 
Cu-Ga’® systems and when the electron concentration 
exceeds 1.70 it becomes energetically favorable for 
the number of atoms per unit cell to decrease rather 
than to place electrons in the second zone with the 
resultant large increase in electronic energy. This 
results in a vacancy defect structure. 

In the diffusion zone of the y phase there may arise 
stresses from the divergence of the vacancy current 
and these would vary in magnitude from the low to 
the high Zn range. This would then distort the shape 
of the unit cell and hence the Brillouin zone and may 
cause an interaction between the Fermi surface and 
the first Brillouin zone. Thus a vacancy defect 
structure might occur if it is energetically more 
favorable to decrease the number of atoms per unit 
cell rather than increase the electronic energy by 
putting electrons in the second zone. This effect 
would depend on the stress distribution in the dif- 
fusion zone; this increase in vacancy concentration 
would be reflected in an increase of the diffusivity. 

Self-diffusion measurements within the y phase 
would establish if the substantial increase in the 
diffusivity were the result of the y lattice in an 
equilibrium situation or due to effects (stress, and 
so forth) deriving from a chemical concentration 
gradient. 

The activation energy of chemical diffusion de- 
creases substantially over the range of compositions 
investigated, as can be seen from Table III and 
Fig. 6. As pointed out by Hilliard,’” the measured 
activation energy of chemical diffusion consists of 
two additive parts: one part AH* arising from the 
temperature dependence of the self-diffusion coef- 
ficients and AH 7 arising from the thermodynamic 
factor (1 +d Inf; /d In x;), where f; = activity co- 
efficient and x; = atomic fraction). It appears that 
the contribution of AH, can be substantial in some 
nonideal solutions; the point has received attention 
in analyzing the diffusive properties in the Au-Ni 
system.’ The variation of AH, with composition 
might well have influence within the y brass phase 
but unfortunately the thermodynamic properties are 
unknown for this phase. 
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CONCLUSIONS 


1) The vapor-solid diffusion couple technique was 
employed with success in determining the D-values 
of the brittle y brass phase. 

2) Compositions were obtained by the use of an 
electron-probe apparatus. The resulting c-x curve 
of the y phase was unusual, in the sense of a very 
rapid decrease in Zn concentration as the 8 boundary 
was approached. 

3) Chemical diffusivities were calculated by the 
Boltzmann- Matano analysis for the y phase as a 
function of concentration over the temperature range 
of 375° to 650°C. The diffusivity increased by a 
factor of 25 over about 7 or 8 at. pct and the activa- 
tion energy and frequency factor decreased with in- 
creasing Zn content. The activation energy range for 
D was about 23 to 15 kcal. 

4) The movement of inert markers and the growth 
of the y phase exhibited parabolic behavior. The 
concentration obtained at the surface and phase 
boundaries were in agreement with published equil- 
ibrium phase diagrams. There was no evidence of 
porosity in the diffusion zone. 

5) The variation of AH with composition may be 
explained in terms of dependence of AH (i.e. that 
part of AH arising from the thermodynamic factors) 
on composition. 
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Dilatometric Investigaton of Vacuum-Melted 


Zircaloy-2 


A dilatometric determination of the a + B region temperature 
limits was performed on vacuum melted Zircaloy-2,. The tempera- 
ture of transformation for a+a+B8 and @+B-8 on heating and 
cooling as a function of vate of heating and heat treating history 
was studied. The limits were found to be 815° to 830°C to 975° to 
995°C on heating and from 960° to 930°C to 785° to 770°C on cool - 
ing. A 5° to 15°C increase was observed for &@+a@+B with in- 
creased rate of heating and a 20° to 30°C decrease for B+~@+8 


with increased rate of cooling. 


Josef Intrater 


Tue transformation temperature for pure zirconium @-— a + #6 transformation in Zircaloy-2 was 900°C 


has been determined by many investigators” using 


metallography, electrical resistivity measurements, 
and dilatometry. The effect of the rate of cooling on 
the transformation temperature of zirconium has 
been studied by Hayes and Kaufmann’® and Duwez,’ 
and the effect of alloying elements by Pfeil® and 
McGeary.*° 

Since the development of Zircaloy-2, the limits of 
the a + 6 region for that alloy have been also deter- 
mined. The first reported temperature for the 
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and for a + B ~ 8, 1000°C.° Subsequent studies by 
Picklesimer and Adamson”’ indicated the beginning 
of the a ~ a + 8 transformation at 810°C, and the 
metallographic study by the Technology Group of the 
Special Materials Section at the Westinghouse Bettis 
Plant" suggested that 820° to 830°C is the tempera- 
ture of transformation. The dilatometric investiga- 
tion by the latter group yielded 830°C for the be- 
ginning of the transformation. 

Thomas and Forscher”’ set the beginning of the 
transformation at 900°C on heating and the end of the 
transformation at 870°C on cooling. The above in- 
vestigators stated in their paper that the dilatometric 
curve exhibits features caused by a eutectoid reac- 
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HEATING 
COOLING 


100°C/HR 
100°C/HR 


ARBITRARY UNITS 


650 750 
TEMPERATURE °C 


1050 


Fig. 1—-Thermal expansion graph on heating and cooling of 
crystal bar zirconium. 


tion involving Fe, Ni, and Cr which begins at 830°C 
on heating and ends at 780°C on cooling. 

One phase of the Zircaloy study performed at the 
Materials Research Corp. dealt with the dilato- 
metric determination of the a + 6 region tempera- 
ture limits. An attempt was made to obtain repro- 
ducible results for the temperatures of transforma- 
tion @~ a+ Band heating and cooling 
as a function of the rate of heating and the heat treat- 
ing history. 


EXPERIMENTAL 


A) Materials—The specimens used in this investi- 
gation were supplied by Westinghouse Bettis Plant. 
The nominal composition is presented in Table V. 
The specimens were vacuum-melted, and cold-drawn 
into 1/4 inch diam Zircaloy-2 rods. A procedure of 
machining several thousandths of an inch from each 
specimen and subsequently etching in a solution of 
HF, HNO,, and H,O was necessary to obtain repro- 
ducibility. It is believed that this was due to surface 
contamination. 

Twelve specimens with different thermal histories 
were tested. The rate of heating and cooling was 
varied. Specimens were in an as-received (cold- 
drawn) condition, water-quenched after an anneal of 
4 hr at 1050°C, and the remainder were furnace 
cooled 50°C per hr after the same anneal, After each 
dilatometric run, the 3%-in.-long test rods were ex- 


Table I. Tabulation of Points at Which the Thermal Expansion 
Curve Deviates from a Straight Line on Heating and Cooling 
Zirconium Crystal Bar. Specimen Condition: As-Received, 

Swaged and Cold Drawn 


On Heating On Cooling 
Rate of Point A Point B Rate of Point B’, Point A’, 
Heating 2G Cooling Xe 
100°C perhr 850 885 100°C perhr 860 830 
100°C perhr 850 880 100°C perhr 860 830 
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22) 


ARBITRARY UNITS 


HEATING: 100°C/HR 
COOLING: 


650 750 
TEMPERATURE °C 
Fig. 2—Thermal expansion graph on heating and cooling of 
vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; slow cooled to room temperature at 50°C per hr. 


850 950 1050 


amined for possible oxidation. Thermal expansion 
curves were also obtained for two crystal bar Zir- 
conium specimens. 

B) Apparatus— The thermal expansion of Zircaloy-2 
was measured using an optical dilatometer. 

This instrument was activated by a quartz rod 
seated in a jeweled bushing on the back of a galvano- 
meter mirror. As the specimen expanded, it ro- 
tated the mirror and these motions were read ona 
scale located 10 ft from the apparatus. The sen- 
Sitivity of the dilatometer with this optical lever arm 
was atmosphere of purified argon, 
passing through a titanium furnace, was used. The 
specimens were inserted ina Zircaloy sleeve to 
prevent contamination from the fused quartz tubing. 
The rates of heating and cooling were varied with 
a cam-type temperature controller, from 100°C 
per hr to 1800°C per hr. 


HEATING: 300°C/HR 
COOLING: 700 °C/HR 


ARBITRARY UNITS 


450 650 750 


TEMPERATURE °C 


950 1050 


Fig. 3—Thermal expansion graph on heating and cooling of 
vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; slow cooled to room temperature at 50°C per hr. 
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350 450 550 650 750 850 950 1050 
TEMPERATURE °C 
Fig. 4—Thermal expansion graph on heating and cooling of 


vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; slow cooled to room temperature at 50°C per hr. 


Cc) Measurements—The dilation of each specimen 
was plotted as a function of temperature, and the 
temperature at which the curve first deviated from 
linearity was considered to be the temperature at 
which the @ — @ + 8 transformation occurred. The 
beginning of the all-8 field was determined from the 
point at which the curve became linear again. The 
reverse points on cooling were found inthe same 
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< 10 HEATING: 1800°C/HR 

COOLING: 900°C/HR 
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350 456 550 650 750 850 950 1050 


TEMPERATURE °C 
Fig. 5—Thermal expansion graph on heating and cooling of 


vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; slow cooled to room temperature at 50°C per hr. 
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Table I]. Tabulation of Points at Which the Thermal Expansion 
Curve for Vacuum-Melted Zircaloy-2 Deviates from a Straight Line 


on Heating and Cooling. Specimen Condition: Annealed in 
Prepurified Argon at 1050°C for 4 Hr; Slow Cooled 50°C per Hr to R. T. 


On Heating 

Heating Point A °C Pointicace Point B °C 
100°C per hr 820 870 980 
300°C per hr 820 870 980 
300°C per hr 820 870 980 
900°C per hr 825 - 980 
1800°C per hr 830 — 980 

On Cooling 

Cooling Point B’°C Point C’°C Point A’°C 
100°C per hr 960 845 785 
700°C per hr 940 820 780 
700°C per hr 940 820 780 
900°C per hr 930 820 770 
900°C per hr 930 820 770 


way. This graphic method was accurate to within 
£95 °C. 


EXPERIMENTAL RESULTS 


A) Crystal Bar Zirconium--A thermal expansion 
curve obtained in the present study for crystal bar 
Zirconium is reproduced in Fig. 1. The points of 
deviation from linearity on heating and cooling are 
tabulated for two specimens in Table I. The tem- 
perature of the a + 8 transformation was found to 
be 850°C. The fact that the transformation tempera- 
ture is about 10° to 15°C lower than that reported in 
the literature for pure Zirconium and the fact that 
there is a hysteresis on cooling suggest that some 
impurities were present in the crystal bar Zirconium. 
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26 
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io HEATING: 100°C/HR 
COOLING: 100°C/HR 
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=] 
350 450 550 650 750 850 950 1050 


TEMPERATURE °C 


Fig. 6—Thermal expansion graph on heating and cooling of 
vacuum-melted Zircaloy 2. Specimen condition: 4 hr at 
1050°C; water quenched. 
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ARBITRARY UNITS 


HEATING: 300°C/HR 
COOLING: 700 °C/HR — 


350 450 550 650 750 850 950 
TEMPERATURE °C 


1050 


Fig. 7—Thermal expansion graph on heating and cooling of 
vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; water-quenched. 


B) Zircaloy-2—1) As-Slow-Cooled Specimens— 
Specimens were annealed at 1050°C (in the all-6re- 
gion) for 4 hr and subsequently slow cooled 50°C per 
hr to room temperature. 

Thermal expansion curves for the above speci- 
mens are represented in Figs. 2 to 5. The salient 
features of these curves are a) deviation from 
linearity at 820° to 830°C (point A) and b) the re- 
sumption of linearity at 980°C (point B) on heating. 
The corresponding temperatures on cooling are 
960° to 930°C (point B') and 785° to 770°C (point A’), 

The dilatometric curve for a rate of heating of 
100°C per hr (Fig. 2, Table II) exhibited a ‘‘plateau’’ 
(section A-C) between 820° and 870°C. The same be- 
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HEATING: 900°C/HR 
COOLING: 900°C/HR 


ARBITRARY UNITS 


350 450 550 650 750 850 950 1050 


TEMPERATURE °C 


Fig. 8—Thermal expansion graph on heating and cooling of 
vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; water-quenched. 
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Table Ill. Tabulation of Points at Which the Thermal Expansion 


Curve for Vacuum-Melted Zircaloy- 


2 Deviates from a Straight Line 


on Heating and Cooling. Specimen Condition: Annealed in 


Prepurified Argon at 1050°C for 4 hr; Water Que nched 


On Heating 

Heating Point A °C Point C °C Point B °C 
100°C per hr 815 875 995 
100°C per hr 820 875 990 
300°C per hr 820 875 975 
900°C per hr 830 - 975 
1800°C per hr 835 - 980 

Rate of On Cooling 

Cooling Point B’ °C Point C’°C Point A’°C 
100°C per hr 950 850 770 
100°C per hr 945 850 775 
700°C per hr 940 830 770 
900°C per hr 930 820 770 
900°C per hr 930 820 770 


havior has been apparent ina specimen heated at a 
rate of 300°C per hr (Fig. 3, Table II). However, 
when the rate of heating was raised to 900°C per hr 
(Fig. 4, Table II) and 1800°C per hr (Fig. 5, Table 
II) the ‘‘plateau’’ in the thermal expansion curve 
disappeared. On cooling, the plateau A'-C' (820 °- 
785°-770°C) has changed its slope with increasing 
cooling rate. 

2) As-Quenched Specimens—The dilatometric 
curves obtained on specimens which have been 
water-quenched after an anneal of 4 hr at 1050°C 
are shown in Figs. 6 to 8, and the respective tem- 
peratures for the limits of the a + B as a function 
of rate of heating and cooling are compiled in 
Table III. In general, the same features were re- 
corded for these specimens as for slow-cooled 
specimens. Here the plateau in the thermal ex- 
pansion curve extended from 820° to 875°C. On 
cooling, the beginning of 8 — a+ 8 transformation 
was at 950°C for a cooling rate of 100°C per hr 
and was lowered to 930°C when the cooling rate was 
increased to 900°C per hr. 

3) As-Received Specimens—Table IV shows re- 
sults obtained on specimens which were not heat 
treated prior to the dilatometric study. The first 
run on an as-received specimen failed to exhibit 


Table IV. Tabulation of Points at Which the Thermal Expansion 
Curve for Vacuum-Melted Zircaloy-2 Deviates from a Straight Line 


on Heating and Cooling. Specimen Condition: As-Received; 
Swaged and Cold-Drawn 1/4-In. Rod 


Pateror On Heating 

Heating Point A °C PointiGce Point B °C 
300°C per hr 825 - 980 
300°C per hr 825 - 980 
1800°C per hr 830 880 985 

Rate ‘of On Cooling 

Cooling Point B’°C Point C’°C Point A’ °C 
700°C per hr 950 830 775 
900°C per hr 950 830 775 
900°C per hr 945 830 775 
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Table VY. Nominal Specimen Composition 


Element Amount 
Sn 1.45 pct by weight 
Fe 0.13 pct by weight 
Cr 0.10 pct by weight 
Ni 0.05 pct by weight 
(@) 1300 ppm 


Less than 200 ppm of B, C, Cd, Co, Cu, H, Hf, Mg, Mn, N, Pb, Si, Ti, 
U, W, Al. 


a plateau in the thermal expansion curve. Subse- 
quent cooling and repeated heating curves showed a 
plateau. 

Besides the small differences discussed above, no 
significant dependence of the @ + 8 phase region on 
the prior thermal history was found. 


DISCUSSION 


During the investigation it was observed that the 
dilatometric curves exhibited an anomalous be- 
havior at 820° to 870°C when the rate of heating was 
100° to 300°C per hr. (See Section A-C, in Figs. 2, 
3, 6, and 7). Up to 820°C, the specimen expanded, 
and a resumption of subsequent linear expansion was 
recorded at 980°C. 

The anomalous behavior observed in the neighbor- 
hood of the a ~ 2+ transformation temperature 
raises the following questions: 

1) At what temperature does the transformation 
begin—at temperature A or temperature C? 

2) What is the nature of the plateau in the thermal 
expansion curve ? 

McGeary,” in his dilatometric investigation of Zr 
containing 0.032 wt pct Fe, obtained curves which 
reveal a plateau when the rate of heating was 100°C 
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Fig. 9—Schematic drawing of dilatometric curves obtained 
by McGeary® on Zr + 0.032 wt pet Fe, by Balluffi et al.14 

on Zr + 1.2 wt pet Sn, and Zircaloy-2 obtained in the present 
study. 
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per hr. He postulated that the beginning of the 

a- 6 transformation sets in at the temperature 
which corresponds to the end of the horizontal sec- 
tion of the curve. 

Thomas and Forscher’” have reported that their 
dilatometric curve obtained on Zircaloy-2 ‘‘exhibited 
features due to eutectoid reaction involving Fe, Ni, 
and Cr.’’? The above investigators have also set the 
beginning of the a ~ @ + 6 transformation at a tem- 
perature higher than that corresponding to the 
anomaly in their dilatometric curves. 

The fact that in the present study point C (see 
Figs. 4, 5, and 8) was suppressed upon increasing 
the rate of heating and point A was not (it was shifted 
slightly ) led the author to the conclusion that the 
temperature A and not the temperature C corresponds 
to the temperature of @ - a + £8 transformation on 
heating. Here point A' corresponds to the tempera- 
ture of @+8 — @ transformation. This conclusion has 
been borne out by a parallel metallographic study, 
which revealed the presence of both aand 8 ina 
specimen cooled at a rate of 300°C per hr from 1020° 
to 805°C and subsequently quenched. The tempera- 
ture of 805°C falls within the anomalous region in 
the dilatometric curve upon cooling (see Fig. 3). 

To decide what is the cause of the plateau in the 
thermal expansion curve would require more exten- 
sive studies including high-temperature X-ray dif- 
fraction on Zircaloy-2 and, preferably, also on bin- 
ary alloys of Zr with Sn, Fe, Ni, and Cr. 

However, on the basis of this study, and the in- 
formation available in the literature, one can specu- 
late and possibly advance some plausible reasons 
for the anomaly in the dilatometric curves of Zir- 
caloy-2. 

Although the following picture is somewhat sim- 
plified, it lends itself well to analysis and contri- 
butes to the understanding of the phenomenon. 

The schematic drawing of the dilatometric curves 
obtained by McGeary* on Zr + 0.032 wt pct Fe, by 
Balluffi et al.’* on Zr + 1.2 wt pct Sn, and by the 


HEATING: 300°C/HR 
COOLING: 300°C/HR 


ARBITRARY UNITS 


350 450 550 650 750 850 950 1050 


TEMPERATURE °C 


Fig. 10—Thermal expansion graph on heating and cooling 
of vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; water-quenched. 
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author on Zircaloy-2 is shown in Fig. 9. One is 
very much tempted to state that the thermal expan- 
sion curves of Zircaloy-2 are composites of thermal 
€xpansion curves of both Zr- Fe and Zr-Sn. The be- 
ginning of the plateau (start of the a— a + 6 trans- 
formation) in Zircaloy-2 almost coincides with that 
for the Zr-Fe alloy, and the a+ — 8 transformation 
temperature does coincide with that for Zr + 1.2 wt 
pet Sn alloy. A significant effect of Sn, therefore, is 
the elevation of the a + 8 = B transformation temper- 
ature. Sn does not seem to affect the plateau. One 
can conclude, therefore, that the anomaly in the 
thermal expansion curve of Zircaloy-2 is caused 
solely by Fe, Ni, and Cr. 

It was pointed out previously that the anomalous 
behavior in the thermal expansion curve could be 
eliminated by increasing the rate of heating. The 
above observation indicated that the process re- 
sponsible for the plateau is probably diffusion-con- 
trolled. 

An experiment has been designed to obtain ad- 
ditional information concerning the diffusion process 
and its influence on a — @ + 8 transformation. A 
vacuum-melted Zircaloy-2 rod was heated in the 
dilatometer at a rate of 300°C per hr (see Fig. 10). 
After subsequent cooling, the specimen was heated 
at the same rate up to 830°C and held there for 2 
hrs, After this, heating was continued through the 
all-6 region. The thermal expansion curve for that 
dilatometric run is reproduced in Fig. 11. The 
isothermal contraction with time at 830°C indicates 
that 6 can, and in that region actually does, form 
isothermally. 

In view of the complexities described above, the 
author would like to emphasize that the temperature 
region of 820° to 870°C on heating and 830° to 770°C 
on cooling is of extreme importance from the re- 
search point of view, and that further fundamental 
investigations ought to be made in this region. 

The results of the present study are, however, 
immediately applicable in a very practical sense. 


HEATING: 300°C/HR 


HELD FOR 2 HOURS 
AT 830°C 


ARBITRARY UNITS 


350 450 550 650 750 850 950 1050 
TEMPERATURE °C 
Fig. 11—Thermal expansion graph on heating of vacuum- 
melted Zircaloy-2. Specimen condition: 4 hr at 1050°C; 
wate r-quenched. 
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For example, the fact that a diffusion process takes 
place in the region of 830° to 770°C on cooling can 
be utilized in the control of the amount and the dis- 
tribution of precipitates, which is of paramount im- 
portance in corrosion resistance and strength of 
Zircaloy-2. 


SUMMARY 


The @+8 transformation temperature limits in 
vacuum-melted Zircaloy-2 are from between 815° to 
830°C to between 975° to 995°C on heating and from 
between 960° to 930°C to between 785° to 770° on 
cooling. These temperature limits are a function of 
the rate of heating and cooling. 

1) The temperature of a+ a+ transformation in- 
creases 5° to 15°C with increasing rate of heating. 

2) The temperature of B ~ a + 6 transformation 
decreases 20° to 30°C with increasing rate of cooling. 

There is no significant dependence of the trans- 
formation temperature on the prior thermal history 
of the material. 

Within the a + B region there is an additional in- 
flection point. This plateau in the thermal expansion 
curve on heating and cooling is the result of a re- 
action involving Fe, Ni, and Cr. This reaction can 
be suppressed by increasing the rate of heating 
which indicates that it is a diffusion-controlled 
process. 
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Phase Diagram and Thermodynamic Properties 


of the Thorium-Zinc System 


Thermal, metallographic, and vapor pressure data were ob- 
tained to establish the phase diagram for the thorium-zinc system. 
Four compounds corresponding to the stoichiometric formulas 
Th,Zn, ThZn2, ThZng, and Th2Zn\, were observed. The melting 
points of these compounds under constrained vapor conditions 
were found to be 1055°, 1105°, 1095°, and 1015°C respectively. 
Four eutectics exist in this system with the following eutectic 
temperatures and thorium contents in wt pct: 1040°C, 89 Th; 


945°C, 79 Th; 1045°C, 55 Th; and 995°C, 35 Th. The standard 


P. Chiotti 


free energy, enthalpy, and entropy of formation for the com- 


pounds were determined from zinc vapor pressure data. 


A.THouGH the thorium-zinc system has been of 
technical importance in the commercial production 
of thorium and more recently of interest to some 
proposed pyrometallurgical separations processes 
for reactor fuels or blanket materials no detailed in- 
vestigation of this system has been made in the past. 
Some previous work has been reviewed by Hansen.’ 
The existence ‘of four compounds, Th,Zn,,, ThZn,, 
ThZnz, and Th2Zn has been established and their 
crystal structures have been studied by X-ray dif- 
fraction techniques.” * Smirnov e¢ al.,° determined 
the solubility of thorium in zinc and investigated the 
two-phase region between Th,Zn,, and zinc. They 
calculated some of the thermodynamic properties 
for these alloys from emf measurements on the cells 


Th/ThC1,(fused)/Cl,, C 
and Th,Zn,,(s) + Zn (/)/ThCl,(fused)/Cl,, C. 


The possibility of reaction between the anode ma- 
terials and fused thorium tetrachloride to produce a 
lower valent thorium salt would have to be resolved 
in order to evaluate the results obtained. 

The purpose of the present investigation is to es- 
tablish the phase diagram for the thorium-zinc sys- 
tem and to determine the standard free energy, 
enthalpy, and entropy of formation for the com- 
pounds formed. 


MATERIALS AND EXPERIMENTAL PROCEDURES 


The metals employed in the preparation of alloys 
were Bunker Hill slab zinc, 99.99 pct pure and Ames 
Laboratory thorium. The major impurities in the 
thorium in parts per million were oxygen—1250, car- 
bon—350, iron—100, nitrogen—75, and silicon—70. 


PREMO CHIOTTI, Member AIME, is Associate Professor, 
lowa State University, Ames Laboratory, U. S. Atomic Energy 
Commission, Ames lowa. KERMIT J. GILL, Associate Member 
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State University, is now with Westinghouse Electric Corp., 
Pittsburgh, Pa. 
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The metals in the form of several small massive 
pieces, total weight about 30 g, were cleaned with 
acid, washed with water and acetone, and dried just 
prior to their use for alloy preparation. Tantalum 
containers were found to be suitable for all the alloys 
studied and were used throughout this investigation. 
The metals were sealed inside of small 1-in.-diam 
tantalum crucibles by welding on preformed tantalum 
covers. A small thermocouple well made from 1/8- 
in.-diam tantalum tubing was welded in the bottom of 
each crucible. These crucibles were enclosed in 
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Fig. 1—Arrangement of quartz tube, condenser and thermo- 
couples for dew-point determinations. 
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Fig. 2—Phase diagram for the thorium-zinc system. 


stainless steel containers and heated in an oscillating 
furnace at temperatures up to 1200°C. Alloys in the 
composition range between 20 and 90 wt pct Th are 
completely molten at 1125°C and 1/2 hr at this tem- 
perature was sufficient to obtaina homogeneous liquid 
alloy. After this initial equilibration the alloy was 
cooled and the tantalum crucible was removed from 
the steel container and used directly for differential 
thermal analyses. Details of the apparatus used for 
thermal analyses are presented in an earlier paper. ° 
The same dew point method and procedure for 
measuring the zinc vapor pressure over these alloys 
was employed previously in measuring the vapor 
pressure over uranium-zinc’ and zirconium-zinc 
alloys.® However, one modification was made in cool- 
ing the condenser tip of the quartz tube containing 
the specimen. Details of the arrangement used are 
shown in Fig. 1. Instead of forming a thermocouple 
well in the top of the quartz container as in previous 
work, (the over-all length of the quartz container was 
the same, 9 to 10 in.) the top was drawn out into a 


Fig. 3—Zn-28 wt pet Th showing prim- 
ary Th) Zn,7 and zinc in grain bound- 
aries, X75. 


eutectic, X75. 


Fig. 4—Zn-35 wt pet Th, Th)Zn;--ThZn, 


small nipple approximately 3/16 in. diam and 7/16 in. 
long. A nickel cap made from 3/4 in. bar stock was 
fitted over the nipple. Two holes were drilled in the 
top of the nickel cap, one to receive a chromel- 
alumel thermocouple for measuring the dew-point 
temperature and the other to receive a small loosely 
fitting tube through which a controlled flow of air 
could be passed to lower the temperature of the 
nickel cap. By placing the thermocouple in the nickel 
cap it was protected from direct radiation from the 
hotter sample and furnace walls and from direct 
exposure to the air stream. This arrangement was 
employed to minimize possible differences in the 
thermocouple junction temperature and the true 
condensate temperature. In some experiments the 
dew-point temperature was roughly 250°C lower 
than the sample temperature. The temperature 
along the furnace was controlled by several inde- 
pendently powered Kanthal resistance windings. For 
a dew-point determination the temperature of the 
sample was held constant and the temperature along 
the furnace controlled so that the top of the quartz 
tube and nickel cap were about 20°C above the dew- 
point temperature. The nickel cap was then slowly 
cooled by passing a controlled flow of air into the 
hole drilled in the top of the nickel cap until zinc 
condensate was observed to form at the tip of the 
quartz nipple which was in direct contact with the 
nickel cap. The temperature of the sample and the 
difference in temperature between the sample and 
nickel cap were automatically recorded on an x-x 
recorder. By controlling the air flow the condensate 
could be made to appear and disappear within a tem- 
perature range of +1.0°C. At equilibrium the zinc 
vapor pressure over the alloy is equal to the vapor 
pressure of pure zinc at the condensate or dew- 
point temperature. The zinc pressure over the alloy 
is thus determined from the known vapor pressure of 
pure zinc. The vapor pressure of thorium over these 
alloys is negligible in the temperature range investi- 
gated. 


: 


Fig. 5— Zn-41.8 wt pet Th, showing 
ThZn, primary phase and eutectic, X75. 


Reduced approximately 27 pct for reproduction. 
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t Th, showing 
ThZn, primary phase and ThZn,-ThZn, 
eutectic, X75. 


Fig. 7— Zn-56.9 wt pct Th, showing 
primary ThZn, and eutectic, X100. 


a8 
Fig. 8— Zn-63.6 wt pet Th, showing 
ThZn, as major phase, X75. 


Reduced approximately 27 pet for reproduction. 


EXPERIMENTAL RESULTS 


Phase Diagram—The results of thermal analyses 
are summarized on the phase diagram, Fig. 2. Four 
compounds, all of which melt congruently, and four 
eutectics were established. The stoichiometric 
formulae for the compounds and the eutectic tem- 
peratures and compositions are indicated on the 
phase diagram. No attempt was made to determine 
the precise composition range for the compounds; 
thermal and metallographic analyses indicate the 
composition range is small, within +0.5 wt pct, and 
the compounds are shown as line compounds. Typical 
microstructures for furnace cooled alloys are shown 
in Figs. 3 through 12. The etchant used was a mix- 
ture of two parts saturated solution of potassium 
tartrate and sodium fluosilicate and one part (or less 
depending on the composition of the alloy) of con- 
centrated nitric acid. Alloys containing 50 wt pct or 
more of thorium are slowly etched on standing in air. 
The reactivity of the compounds to ordinary atmos- 
pheric conditions decreases in the order Th,Zn, 
ThZn2, ThZn,, and The latter compound re- 


tains its metallic luster after several weeks of ex- 
posure while small crystals of ThZn,z are decom- 
posed to a powder after one or two days exposure. 
The transformation temperature and the melting 
point for pure thorium are indicated on the phase 
diagram as 1360° and 1755°C, respectively. These 
temperatures are based on unpublished data ob- 
tained at the Ames Laboratory by P. Chiotti and 
John Tentor.° 

Solubility of Thorium in Zinc—The zinc-rich 
liquidus was determined from thermal data in the 
temperature range between about 900°C and the 
melting point of Th,Zn,,, 1015°C. At lower tem- 
peratures the solubility of thorium in liquid zinc 
was determined from thorium analyses of samples 
removed from the top of a zinc bath which had been 
equilibrated with excess Th,Zn,,. Experimental ap- 
paratus and procedure were the same as those em- 
ployed in an earlier investigation of the solubility 
of uranium in magnesium and magnesium-thorium 
solutions.*° The experimental results are shown on 
Fig. 13. The equation for the curve is 


Fig. 9—Zn-66.4 wt pct Th, showing 
ThZn, and ThZn,-Th,Zn eutectic, X75. 
eutectic, X150. 


Fig. 10—Zn-73.5 wt pct Th, showing 
primary ThZn, and ThZn,-Th,Zn 


Fig. 11—Zn-85.9 wt pet Th, showing 
primary Th,Zn and ThZn,-Th,Zn 
eutectic, X75. 


Reduced approximately 27 pct for reproduction. 
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log (at. pct Th) = -— 6,230/T + 5.850. 


Values obtained from this relation are given in Table 
I along with corresponding values calculated from 
Smirnov’ et al.’s relation. The agreement is fairly 
good at temperatures below 700°C. As is evident 
from the data obtained, the solubility of thorium in 
zinc is very small at temperatures approaching the 
melting point of pure zinc. No effect on the melting 
point of pure zinc, within +0.5°C, could be detected 
by thermal analyses. 
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Fig. 13—Solubility of thorium in zinc. 
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Table |. Solubility of Thorium in Zinc 


Temp., Wt Pct At. Pct Th 
Gc Th Th Ref. 5 
419 0.0025 0.00071 0.0010 
500 0.022 0.0062 0.0098 
600 0.18 0.051 0.059 
700 0.99 0.282 0.176 
800 3.83 1.11 0.330 
900 3.41 


X-Ray Analysis—X-ray powder photographs as 
well as some single-crystal patterns were taken of 
various alloys prepared in this investigation. No 
evidence was obtained for compounds other than 
those shown on the phase diagram. All of these 
compounds have been reported in the literature. 
Refined lattice constants for the compound Th Zn4 
were obtained from back-reflection powder photo- 
graphs and are in agreement with the values obtained 
by Makarov and Gudkov. ° However, the lattice con- 
stants for hexagonal Th Zn, obtained from single 
crystal and powder patterns were not in agreement 
with those reported by these authors. Both single- 
crystal data and powder data show that the lattice 
constants are a, = 9.03 and c, = 7.39. Time did not 
permit a more detailed investigation of this com- 
pound and further work needs to be done before a 
definite conclusion can be made relative to its true 
structure. X-ray data for the thorium-zinc com- 
pounds are summarized in Table II. 

Vapor Pressure and Thermodynamic Properties— 
The dewpoint as a function of temperature was 
measured for alloys containing 88.5, 82.0, 54.4, and 

39.0 wt pct Th. The equilibrium phases for these 
alloys are respectively Th-Th,Zn, Th,Zn-ThZn,, 
ThZn,-ThZn,, and ThZn,-Th2Zn,,. The calculated 
vapor pressures are plotted in Fig. 14. Relations 
for a least square fit to these data, assuming a 
linear relation between log P and 1/T, are sum- 
marized in Table III. These relations show that the 
vapor pressure attains a value of 1 atm at 1230°K 
(967°C) for the Th2Zn,7-Th Zn, region and at 1310°K 
(1037°C) for the ThZn,- ThZn,z region. Both of these 
temperatures lie below the respective eutectic tem- 
peratures and consequently at 1 atm pressure a 
vapor phase would intervene before alloys in these 
regions melt. The phase diagram given in Fig. 2 
would have to be modified accordingly if it is to 
represent the equilibrium phases at a pressure of 1 
atm. 


Table Il. X-Ray Data for Compounds in the Th-Zn System 


Lattice Constants, A 


Com- This Literature 
pound Wt Pct Th Crystal Class Investigation Values 
Th,Zn,, 29.456 thombohedral CHORE 
Co = 13.20 
ThZn, 47.515 Bc tetragonal = 4.267 
Q= 10.359 10.4 
ThZn, 63.959 hexagonal a= 9.03 a= 4.20? 
c= 4.17 
Th, Zn 87.652 Bc tetragonal a = 7.60 
64 
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Fig. 12—Zn-90 wt pet Th, showing primary Th and Th,Zn-Th 
eutectic, X75. Reduced approximately 27 pet for reproduc- 
tion. 
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Fig. 14— Zine vapor pressure for thorium -zinc alloys as 
a function of temperature. 


It has been pointed out in the above discussion that 
the determination of the vapor pressure of zinc over 
the alloys by the dewpoint method is dependent on 
known values for the vapor pressure of pure zinc. In 
order to calculate the standard thermodynamic prop- 
erties for the thorium-zinc compounds the free energy 
energy of vaporization of pure zinc is required and in 
order to estimate the room-temperature properties 
the free energy of sublimation is required. Various 
authors have assessed the available vapor pressure 
data and other thermodynamic data for zinc and have 
derived expressions for the vapor pressure or cor- 
responding free energy relations.’ The agree- 
ment with Kelley’s” relations for the vapor pressure 
is in general quite good. This is not surprising since 
the various assessments have been based to a large 
extent on the same experimental data. 

Kelley’s’’ equation for the free energy of vapori- 
zation of zinc is 


AF° = 30,092 + 6.037 logT + 0.275 10 °T* —45.03T 
[1a] 


from which, 


10810 Patm= 1.318 log T - 0.06011 10°74 9.843 
[1b] 


From a consideration of Kelley’s*” revised heat 
capacity data and the data given by Stull and Sinke’® 
for the enthalpy and free energy of vaporization and 
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Table Ill. Zinc Vapor Pressure as a Function of Temperature 
for Four of the Solid Two-Phase Regions of the Thorium-Zinc System 


logy) P Atm = +b 


Equilibrium Temp. 
Phases oa* b ab* Range, °K 
Th-Th, Zn -9743 Ue 6.422 0.073 875-1215 
Th, Zn-ThZn, -9119 61 6.364 0.061 880-1180 
ThZn,-ThZn, -8048 29 6.132 0.029 800-1220 
ThZn,-Th,Zn,, Hh? 41 6.117 0.042 655-1190 


*oa and ob are the standard deviations for the constants a and b, respectively. 


sublimation of zinc the following relations may be 
derived: for the temperature range 692.7° to 1181°K, 


AH 124068 12 [2a] 
AF® = 30,547 + 5.826T log T —43.766T, [2b] 
10810 Pain = 1.274 log T + 9.568 [2c] 
and for the temperature range 298° to 692.7°K, 

= 31,400 — 0.387 — 1.20 T? [3a] 


[3b] 


logy, _ 0.1913 log T 0.262% 10° T + 6,943 


atm Ts 


[3c] 


Eqs. [1b] and [2c] are in very close agreement. The 
difference in log P calculated from these two equa- 
tions, [1b] minus [2c], is - 0.001 at 692.7°K and 

+ 0.004 at 1180°K. The data plotted in Fig. 14 were 
based on Eq. [1b]. Within the experimental error of 
the dewpoint data either of these two Eqs., [1b] or 
[2c], may be considered as adequately representing 
the reference vapor pressure on which the data in 
Fig. 14 are based. 

Kubaschewski and Evans’’? equation for the vapor 
pressure of liquid zinc gives values which are ap- 
preciably higher than those obtained from Eqs. [1b] 
or [2c] at temperatures near the melting point of 
zinc but gives values in good agreement for tempera- 
tures approaching the boiling point 1181°K. The 
deviation at lower temperatures is presumably due 
to consideration of effusion data for temperatures of 
300° to 360°C obtained by Vance and Whitman.*® Cor- 
rections for the use of a cylindrical orfice gave 
pressures roughly 20 pct higher than previously ac- 
cepted values. Some recent data by Schmahl and 
Sieben*’ obtained by a transport method in the tem- 
perature range 505° to 551°C give vapor pressures 
which are somewhat lower but in fair agreement with 
values calculated from Kelley’s equation. At the 
melting point the vapor pressure of solid and liquid 
must be equal. Estimation of the sublimation pres- 
sure at the melting point from Vance and Whitman’s 
data gives results which are appreciably higher 
than expected from Schmahl and Sieben’s data or 
values of the vapor pressure calculated from Eqs. 
[1b] or [2c]. Until further data are obtained to sub- 
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stantiate Vance and Whitman’s results the authors 
prefer either Eq. [1b] or [2c] and [3c] for the vapor 
pressure of pure zinc. 

The relations for the vapor pressure given in 
Table III were employed along with Eq. [2b] for the 
standard free energy of vaporization of pure zinc 
to calculate the standard free energy, enthalpy and 
entropy of formation for the compounds. 

Considering the first two-phase region in which 
the equilibrium phases are thorium, Th,Zn and zine 
vapor at the equilibrium pressure P, the following 
relations may be combined to yield the standard free 
energy of formation for the compound Th,Zn. 


2This) + Zncvy ThaZns) AF° = RT1nP, [4] 
AF°= —RTInP° 
= RTInP,/P° 


2Ths) + Th, 


The letters s,1, and v refer to solid, liquid, and 
vapor states, respectively and P° is the vapor pres- 
sure over pure liquid zinc. Combining Eq. [2b] with 
the relation 


AF = + 


yields the relation for the standard free energy of 
formation for Th,Zn (see Table IV). 

It should be noted that in calculating the free en- 
ergy change for the first reaction in [4] on the as- 
sumption that the logarithm of the vapor pressure is 
a linear function of 1/T neglects any temperature 
dependence in the enthalpy change AH° for the reac- 
tion. A rough estimate of the error involved can be 
obtained from the standard deviations of the slope 
and intercept for the log P vs 1/T equation. The 
resulting probable error in AF° is given by the 
relation 


AF® Lave. 


where 0, and ©, are the standard deviations in the 
intercept and slope, respectively, and Taye, is ob- 
tained from the average 1/T for the measurements. 
An estimate of the probable error in AH° and AS° can 
be obtained from the standard deviation in the slope 
and intercept respectively. Similar equations hold 
for the other compounds, If heat capacity data were 
available for the compound Th,Zn an analytical ex- 
pression for the difference in heat capacity between 
products and reactants could be obtained. A more 
precise relation for AF° could then be calculated. 

The standard free energy of formation for ThZn, 
was determined from measurements of the equi- 
librium zinc vapor pressure, P,, over alloys con- 
taining Th,Zn and ThZnz and by combining the fol- 
lowing reactions: 


1/2 Th,Zms) + 
+ Zn(y)— Th ) 
3/2 Zn] y— 3/2 


AF<="3/2 
AF® = -3/2 RT InP° 
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Table IV. Thermodynamic Relations for Thorium-Zinc Compounds 
for Temperature Range 692.7-1181° K 


Compound Equation 
Th, Zn AF° = -14,017 14.392T + 5.826 T log T 
AH® = -14,017 - 2.53 T 
ThZn, AF® = —23,753 — 29.182 T + 11.652T logT 
AH® = —23,753 — 5.06 T 
ThZn, AF®° = ~36,281 60.618 T + 23.304T log T 
AH® = -—36,281 10.127 
Thy AF® = —106,879 263.319 T + 99.042 T log T 
AH® = —106,879 43.01 T 
Thy s) + 


+ 1/2 7) —~1/2 Th,Zns) 1/2 AF; =RT InP,/P° 


Ths) + 
AF; 3 
2 P° 


[5] 
As is apparent from the relations in [5] the expres- 
sion for ThZn,, AFy,, is obtained from a combination 
of the equation for the vapor pressure of zinc, ie, 
(second equation in Table III), Eq. [2b] and the rela- 
tion for AF °(ThzZn). Consequently any errors in the 
calculation of AF°(Th,Zn) will be carried over in this 
and subsequent calculations. 

The thermodynamic relations for the other com- 
pounds in this system were obtained by an analogous 
procedure. If it is assumed that the relations in 
Table III can be extrapolated to room temperature 
the room-temperature properties can be calculated. 
The free energy of sublimation for pure zinc, Eq. 
[3b] was substituted in the place of Eq.[2b] in the 
above sequence of operations. The relations obtained 
are Summarized in Table V and several values cal- 
culated from these relations are given in Table VI. 


DISCUSSION OF RESULTS 


No evidence for compounds other than the four 
shown on the phase diagram was observed. The 
microstructures of thirty different compositions 
besides those shown in this paper were examined. 
The microstructures show that the composition range 
for the compounds is within + 0.5 wt pct. 

The solubility of thorium in zinc at temperatures 
up to 600°C obtained by Smirnov et al.*° is somewhat 
higher than the solubility obtained in this investiga- 
tion but is probably within the experimental error 
of the present work. The experimental procedure in 


Table V. Thermodynamic Relations for Thorium-Zinc Compounds 
for Temperature Range 298° to 692.7°K 


Compound Equation 

Th,Zn AF®° = ~13,164 — 2.383 T + 0.875 T logT + 107? T? 
AH® = -13,164 0.38 T 1.2 x 107° 7? 

ThZn, AF® = —22,047 — 5.1647 + 1.75T logT + 2.4x 10-3 T? 
AH® = —22,047 0.76 T 2.4 107° 7? 

ThZn, AF® = -32,869 — 12.582 T + 3.50 T logT + 4.8x 107? T? 
= -32,869 — 1.52 T 4.8 x 10~°T? 

Th,Zn,, AF° = —92,378 — 59.166 T + 14.875 T log7 + 20.4x T? 


AH® = -92,378 6.46 T — 20.4x10- 7? 
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Table VI. Calculated Values for the Standard Free Energy, 
Enthalpy and Entropy of Formation 


-AF° -AH° -AS° 
Keal per Mole Kcal per Mole Cal per Mole ° 


Temp., 
Compound NK 


Th, Zn 298* 
773 
973 
1173 


973 
1173 


ThZn, 298 
773 

973 

1173 


Th,Zn,, 298 
773 

973 

1173 


13.4 + 1.5 


I+ 
ro) 


NHENO 
AWA 


0.0 


NNWW 

CHRON AGSHD wo 

WYRE 

WUN WwW Aum 

NDON CHOWN ODO 


CMOS DADO AWA 


0. 
0. 
0. 
0. 
0. 
0. 
1. 
0. 
0. 
0. 
1 
1. 
0. 


I+ 


2 
8 
2 


He 


*Values for 298°K are based on pure crystalline states for reactants 
and products and the assumption that the equations in Table III can be 
extrapolated to 298°K; for all other temperatures tabulated the refer- 
ence state for zinc was taken as the pure liquid. 


each case was similar except that a tantalum con- 
tainer and an inert atmosphere was used in the 
present work and they apparently used a quartz con- 
tainer and a fused salt cover. They sampled their 


saturated zinc liquid after a settling period of 20min, 


whereas in the. present investigation samples were 
taken after a settling period of 1 to 2 hr. They show 
that after a settling period of 15 min the change in 
composition with time for samples taken from the 
top of the bath is very small. In the temperature 
range from 600° to 775°C, the maximum temperature 
attained in their investigation, their results deviate 
markedly from the results obtained in this investiga- 
tion (see Table I). The reason for this departure is 
not known but may be due to side reactions with 
crucible materials. Alloys prepared in tantalum 
crucibles showed no detectable tantalum by spec- 
trographic analyses and it may be assumed that the 
tantalum content was less than 1000 ppm. Metal- 
lographic examination of the interface between the 
alloys and tantalum showed little or no evidence for 
compound formation. However, some slight pene- 
tration and erosion of the crucible walls by zinc was 
noted. 

In the absence of any information for the heat 
capacity of the thorium-zinc compounds. it is dif- 
ficult to estimate the probable errors in the cal- 
culated values of AF°, AH°, and AS° for tempera- 
tures other than the mean temperatures for the 
dewpoint data. The errors resulting from extrapo- 
lation of the vapor pressure relations in Table III 
can be calculated from the standard deviations of 
the constants and the average values of 1/T for 
each of these equations. The resulting errors on 
extrapolating to 298°K, the largest extrapolation 
considered, are quite small compared to the un- 
certainty in the thermodynamic properties for pure 
zinc.’* To obtain a more realistic estimate of the 
errors involved, the thermodynamic properties were 
calculated on the basis of Kubachewski and Evans’*” 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


equations for the vapor pressure of zinc and on the 
basis of an assumed AC, for the equilibrium re- 
actions studied. The use of Kubaschewski and 
Evans’ equations results in relations for log 

P vs 1/T based on the dewpoint data which differ 
somewhat from those tabulated in Table III. How- 
ever, the calculated thermodynamic properties 

were in fairly close agreement with the values given 
in Table VI and were well within the probable errors 
indicated in the Table. Calculations were also made 
by fitting the vapor pressure of liquid zinc to a 
straight line. On the basis of these calculations the 
uncertainty in the values given in Table III are be- 
lieved to be fairly realistic. 

The relationship for the free energy of formation 
for Th,Zn,, obtained by Smirnov et al.,° AF° = 45,200 
+ 11.26 Tis in poor agreement with the relation ob- 
tained in the present work. However, on the assump- 
tion that the ThCl, in their cell 


Th,Zn,, + Zn(l)/ThC1,(2)/C1,, C 


was reduced to ThCl, upon equilibration of their cell, 
their emf data can be combined with Glasner’s’* ap- 
proximation for the free energy of formation of 
ThCl, to obtain the free energy of formation for 
The calculated values for AF° and 
(Th,Zn,7) for 973°K are — 71.4 kcal per mole and 

— 85.0 kcal per mole, respectively. The value for 
the free energy is in fair agreement with the cor- 
responding value given in Table VI but the enthalpy 
values are in poor agreement. 


ACKNOWLEDGMENTS 


The authors wish to acknowledge the assistance of 
various members of the Ames Laboratory in carry- 
ing out this investigation. The X-ray diffraction an- 
alyses were carried out by Earle Ryba. Ardis John- 
son, under the direction of D. Peterson, performed 
all the tantalum welding operations which were re- 
quired. John Mason assisted in checking many of the 
calculations required. 


REFERENCES 


‘Max Hansen: Constitution of Binary Alloys, McGraw-Hill Book Co., New 
York, p. 1235, 1958. 

2E. S. Makarov and S. I. Vinogradov: Kristallografiia, 1956, vol. I, part 6, 
pp. 634-643. 

3E. S. Makarov and L. S. Gudkov: Kristallografiia, 1956, vol. I, part 6, pp. 
650-656. 

“N. C. Baenziger, R. E. Rundle, and A. I. Snow: Acta Cryst., 1956, vol. 9, 

5M. V. Smirnov, N. G. Ilyushchenko, S. P. Detkov, and L. E. ivanovskii: 
Zhur. Fiz. Khim., 1957, vol. 31, pp. 1013-1018, 

®P, Chiotti and G. R. Kilp: Trans. Met. Soc. AIME, 1959, vol. 215, p. 892. 

7P, Chiotti, H. H. Klepfer and K. J. Gill: AJME Trans., 1957, vol. 209, no. 
pp. 51-57. 

8P. Chiotti and G. R. Kilp: Trans. Met. Soc. AIME, 1960, vol. 218, pp. 41-44. 

°O. N. Carlson, et al.: The Metallurgy of Thorium and Its Alloys, Proceed- 
ings of the International Conference on the oan Uses of Atomic Energy, 
United Nations, New York, 1958, vol. 9, p. 

10P. Chiotti and H. E. Shoemaker: Ind. Chem., 
pp. 137-141. 

UK. K. Kelley: Contributions to the Data of Theoretical Metallurgy No. III, 
The Free Energies of Vaporization and Vapor Pressures of Inorganic Substances, 
U. S. Dept. of the Interior, Bur. of Mines Bulletin 383, 1935. 

120, Kubachewski and E. Ll. Evans: Metallurgical Thermochemistry, 3rd Ed., 
Pergamon Press, New York, p. 308, 1958. 

134. Glasner: Thermochemical Properties of the Oxides, Fluorides and Chlo- 
rides to 2500° K, Report ANL-5750, U. S. Government Printing Office, Washing- 
ton; GC. 

147. Lumsden: Thermodynamics of Alloys, The Institute of Metals, London, 
pp. 139-144, 1952. 


1958, vol. 50, no. 2, 


VOLUME 221, JUNE 1961-579 


SL. S. Darken and R. W. Gurry: Physical Chemistry of Metals, McGraw-Hill 
Book Co,, Inc., New York, p. 228, 1953. 

163, E. Vance and C. I. Whitman: J. Chem. Phys., 1951, vol. 19, p. 744. 

7K. K. Kelley: Contributions to the Data on Theoretical Metallurgy XIII. 
High-Temperature Heat-Content, Heat-Capacity, and Entropy Data for the Ele- 


ments and Inorganic Compounds, Bureau of Mines Bulletin 584, U. S Govern- 
ment Printing Office, Washington, D. C., 1960. 

*D. R. Stull and G. C. Sinke: Thermodynamic Properties of the Elements, 
ACS, Washington, D. C., 1956. 


The Gadolinium-lron System 


The constitutional diagram has been determined in part for 
the system Gd-Fe, Seven intermetallic compounds have been 


found at compositions corresponding to the following Gd-Fe 
vatios; 2:3, 1:2, 1:3, 2:7, 1:4, 1:5, and 2:17. The GdFe, com- 
pound has a congruent melting point above 1800°C, whereas all 


V.F.Novy 
R.C.Vickery 


of the remaining compounds melt incongruently, A eutectic 


exists at 13 wt pct Fe at a temperature of 860°C, 


ALTHOUGH an increasing amount of information is 
becoming available on the metallurgy of pure rare 
earth metals, relatively few studies have been made 
on alloy systems of the rare earths with the transi- 
tion metals; iron, nickel, and cobalt. Even less data 
are extant on gadolinium alloys although it could be 
expected that such alloys might possess interesting 
structural and magnetic properties. In this paper, 
we report investigation of the gadolinium-iron alloy 
system. Studies on systems containing nickel and 
cobalt will be presented in subsequent papers. 

Previous data on gadolinium-iron compounds 
have been reported by Endter and Klemm’ and Jep- 
son and Duwez.* Both reports agree on the exist- 
ence of the GdFez phase, which crystallizes with the 
C-15 type structure (face-centered cubic). This is 
in accord with results of the present work. 


EXPERIMENTAL 


The gadolinium metal used was prepared by met- 
allothermic reduction of high purity gadolinium 
fluoride. A typical analysis of the metal thus pro- 
duced indicated the principal impurities to be oxy- 
gen, 0.24 pct, and tantalum, 0.2 pct. The iron metal 
used for alloying was a reagent grade material. 

Alloys were prepared by arc melting mixtures of 
the respective metals. Appropriate quantities of the 
two component metals were carefully weighed, 
blended and compacted. The compacts were then 
melted in an arc furnace consisting of a water- 
cooled copper hearth plate and a water-cooled tung- 
sten-tipped counter electrode contained in a brass 
vacuum chamber. The furnace was evacuated to an 
absolute pressure of less than 1 uw with the leak 
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rate established as being less than 20 » per min. 
The furnace was then back-filled to a pressure of 
25 mm of Hg, with a 75 pet He-25 pct Ar mixture. 

Arc melting at 25 v and 300 amp was maintained 
for about 30 to 60 sec until the entire visible area 
of the sample became molten, by which time sur- 
face tension had drawn the molten metal pool into a 
large bead, After allowing the furnace to cool, the 
alloy button was inverted and the melting process 
repeated. 

A series of melts was made covering entire com- 
position ranges from 100 pct Gd to 100 pct Fe. All 
samples were examined metallographically in the 
as-melted condition. As the phase diagram became 
rationalized, and differential thermal analysis had 
given indications of temperature arrests, annealing 
was carried out in vacuo or in argon. Generally, 
compositions containing more than about 60 pct Gd 
were heat treated at 750°C and alloys containing 
less than this quantity of gadolinium were annealed 
at 1000°C. Prolonged annealing times were of the 
order of 100 to 200 hr. Metallographic examination 
was repeated on the annealed materials, 

Although little material loss was noted during 
alloy preparation, chemical analyses were made on 
all specimens prepared. The following standard, 
analytical techniques were used. Samples were dis- 
solved in hydrochloric acid; insoluble material was 
filtered off, ignited and fused with potassium pyro- 
sulfate. The cold melt was leached with dilute acid 
and the solution thus obtained added to the main 
sample solution. 

Gadolinium was always determined gravimetri- 
cally as oxide from oxalate ignition. Iron was re- 
moved from an aliquot sample by electrolysis on a 
mercury cathode at approximately six volts. Gado- 
linium in the iron-free electrolyte was then preci- 
pitated as oxalate which was subsequently ignited 
to oxide. 

Iron was determined volumetrically in an aliquot 
solution by reduction with stannous chloride fol- 
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25 pet HNO, etch. X250. 


Fig. 2—Gadolinium metal, annealed, 
1000°C, 4 hr. 25 pct HNO, etch. X250. 


Fig. 3—Gd-13.1 pet Fe, annealed 
1000°C, 4 hr. 1 pet HNO, etch. X250. 


Reduced approximately 27 pct for reproduction. 


lowed by oxidative titration with standard dichro- 
mate. 

Differential Thermal Analysis— The circuit used 
for differential thermal measurements consisted 
essentially of two alumel thermo-couple legs, plus 
a joint chromel leg. A Leeds and Northrup poten- 
tiometer in the circuit permitted accurate reading 
of the temperature of the alloy sample. Electromo- 
tive force differences between the sample and a ref- 
erence neutral (Ti-Mo) body, were simultaneously 
detected and amplified with a Kintel electronic gal- 
vanometer. Both curves were recorded automati- 
cally. 

The sample and reference body were heated ina 
stream of titanium-gettered argon within a tube fur- 
nace. Both heating and cooling curves were recorded 
to determine the characteristics of the thermal 
changes and reproducibility of results. The results 
obtained are shown in Fig, 21. 

Melting Point Determination-- Early experiments 
to determine liquidus-solidus temperatures for the 
alloys, by a simple observation of the specimen in 
the induction furnace, did not lead to conclusive re- 
sults. It was found that both tantalum and standard 
oxide-type crucibles reacted with the samples. 

Subsequently, more precise liquidus data were 
obtained by the following method. Each alloy speci- 
men was inserted as a resistor between two tung- 
sten electrodes in an inert (argon) atmosphere. 


Fig. 4—Gd-20.9 pet Fe, annealed 
1000°C, 4 hr. 5 pct nital etch. X250. 


Fig. 5—Gd-34.5 pet Fe, arc melted. 
5 pet nital etch. X250. 


Current up to 200 amp was passed across the elec- 
trodes and through the specimen. Melting charac- 
teristics and temperatures were obtained simulta- 
neously by two workers inspecting the sample 
through a cathetometer and an optical pyrometer. 
Temperature was raised at the rate of 50°C per 
min by increasing the current and each determina- 
tion was duplicated. Several of the exothermic and 
endothermic reactions noted in the differential ther- 
mal analysis work, could also be detected visually 
on the heated sample. 

X-Ray Diffraction—X-ray diffraction patterns 
were obtained by using a General Electric XRD-5 
diffractometer under the following conditions: 


Tube operations: Copper target; unfiltered and 
0.00035" Ni filtered radiation; 45 kv, 18 ma, and 
50 kv, 16 ma, respectively. 

Apertures: 3-deg diverging slit, 0.1-deg receiving 
slit, 4-deg take-off angle. 

Counter tube: Krypton proportional counter tube 
(no quench). 

Scanning speed: 2-deg per min and 0.4-deg per 
min. 

Chart speed: 1.0 in. per min. 


Samples in both arc melted and annealed condi- 
tions were investigated and for the interpretation of 
the diffractograms, standard procedures® were ap- 
plied. 


Fig. 6—Gd-38.9 pct Fe, arc meited. 
5 pet nital etch. X250. 


Reduced approximately 27 pet for reproduction. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


VOLUME 221, JUNE 1961-581 


a” 


Table |. Intermetallic Compounds in the Gadolinium-lron Sy stem 
Composition Teattice Density, 
Wt Pct At. Pct Crystal Constants, Grams per cc 
Phase Fe Fe System Z X-Ray Measured 
Gd 0 0 Hex. a, = 3.64 7.88 7.86 
Gd, Fe, 34.9 60 Cubic = 8.25 6 
Gd Fe, Rhomb. 6 8.40 8.43 
39°42! 
Gd,Fe, Ortho, 2 8.44 8.40 
Cp 
Gd Fe, Hex 2 8.54 8.52 
Cy = 6.64 
Gd Fe, 64.1 83.3 Hex a = 4.92 1 8.38 8.18 
= 4.11 
Gy 


The single-crystal method was used in only one 
instance and the results given in Table I are based 
upon polycrystalline data. 

Metallographic Examinations—Both arc-melted 
and annealed alloy buttons, ranging in composition 
from 100 pct Gd to 100 pct Fe were sectioned, 
ground, polished, and etched for metallographic ob- 
servation. Etchants used varied according to the 
particular composition of the button. In general; 
Keller’s etch, 1 pct nitric acid, 25 pct nitric acid, 
and 5 pet Nital were the reagents employed. 


RESULTS 


Microstructure—Descriptively, metallography of 
the structures in the system is best followed from 
the photomicrographs, (Figs. 1to 19), Etchants used 
for these studies are indicated in the captions to 
these figures. 

Figs. 1 and 2 show the typical grain structure of 
gadolinium before and after annealing, the grain 
boundary apparently being developed by a second 
phase of interstitial impurity compound. 

The eutectic developing at about 13 wt pct Fe is 
clearly shown in Fig. 3. The eutectic structure is 
fine and difficult to resolve below a magnification of 
X500. 

In Fig. 4,(20.9 wt pct, annealed 1000°C 4 hr), the 


primary phase is the compound Gd Fez, occurring with 


« 


Kellers etch. X500. 


Fig. 8—Gd-42.9 pct Fe, annealed 
1000°C, 4 hr. 5 pet nital etch. X250. 


a gray etching Gd2Fe3 which formed peritectically, 
both embedded in the eutectic matrix. At higher 
iron content (34.5 wt pct— Fig. 5), the arc-cast spec- 
imens contain approximately 50 pct of the eutectic 
composition, and a primary phase which is probably 
the GdFe4 compound which solidified from the melt. 
It shows evidence of having undergone an incomplete 
peritectic reaction (or reactions) involving the lower 
iron compounds, with the unreacted liquid reaching 
the eutectic composition. The microstructure of 

the 38.9 wt pct alloy, Figs. 6 and 7,is similar, except 
that more of the primary GdFe, compound has se- 
parated from the melt, with correspondingly less 
eutectic. 

Massive grains of the GdFez and GdFe3; compounds 
are shown in Fig. 8, in an alloy containing 42.9 wt 
pet Fe, homogenized at 1000°C for 4 hr. The struc- 
ture is predominately GdFe2 in equilibrium with 
GdFes, in approximately the correct proportions in- 
dicated by the phase diagram. The alloy containing 
49.8 wt pct Fe, Fig. 9, is in the same two phase 
field. After homogenizing at 1000°C for 4 hr the 
microstructure consists predominately of GdFe; 
with islands of GdFez in equilibrium. 

Fig. 10 shows the microstructure of the arc- 
melted alloy of 52.9 wt pct Fe. This specimen was 
taken from the top of the button. Apparently the rate 
of cooling was slow enough to allow the two high 
temperature peritectic reactions to go almost to 
completion. The matrix is therefore probably GdFes, 
with remnants of both the GdFe,, and Gd2Fe, com- 
pounds, and some residual eutectic. 

Fig. 11 shows clearly the highly stable, congruent 
melting GdFe, compound, which has partially de- 
composed peritectically, and the eutectic structure. 
On the iron rich side of the 1:4 compound, Hig ko, 

a peritectic product, GdFes, is associated with the 
GdFe, compound. This peritectically formed com- 
pound (GdFe;) is shown more clearly in specimens 
of slightly higher iron content in Fig. 13. In Fig. 14 
the 1:5 compound is predominant; the second phase 
is the peritectically formed Gd,Fe,, compound. 

Fig. 15 illustrates the structure of the Gd2Fe,7 
compound. The microstructure is essentially one 
phase, with evidence of incomplete peritectic reac- 


tions. 


Fig. 9—Gd-49.8 pet Fe, annealed 
1000°C, 4 hr. 5 pet nital etch. X250. 


Reduced approximately 27 pet for reproduction. 
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Fig. 10—Gd-52.9 pct Fe, arc melted, 
5 pet nital etch. X250. 


\ 


Fig. 11—Gd-58.6 pct Fe 
1 pet nital etch. X250. 


, arc melted. Fig. 12—Gd-58.9 pct Fe, arc melted. 
1 pet nital etch. X250. 


Reduced approximately 27 pet for reproduction. 


Fig. 13—Gd-63.7 pct Fe, arc melted. 
8 pet nital etch. X250. 


Fig. 14—Gd-68.5 pct 


7 * 2 


Fig. 15—Gd-75.8 pct Fe, arc melted. 
1 pet nital etch. X250. 


Fe, arc melted. 
1 pet nital etch. X250. 


Reduced approximately 27 pet for reproduction. 


Fig. 1 
1000°C, 4 hr. 1 pct nital etch. X290. 


Fig. 17—Gd-90.8 pet 
1 pet nital etch. X100. 


Fig. 1 d 
1000°C, 4 hr. 1 pct nital etch. X250. 


Fe, arc melted. 


Reduced approximately 27 pet for reproduction. 


Interpretation of the microstructures of the high 
iron content alloys is, like the construction of the 
iron rich end of the phase diagram, tentative at this 
time. In Figs. 16 through 19 the structure is be- 
lieved to consist of light etching primary iron, the 
amount of which increases as the iron content of the 
sample increases, and a second phase, possibly a 
coarse eutectic. 

Thermal Studies— Fig. 21 illustrates data obtained 
from differential thermal analysis and melting point 
determinations. The results obtained confirmed the 
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eutectic at about 13 wt pct Fe and established the 
eutectic temperature at approximately 860°C up to 
the composition of Gd2Fe3. The thermal arrest at 
1300°C, extending from the liquidus to nearly 60 wt 
pet Fe, indicates that compounds containing less 
iron than this all dissociate peritectically below 
that temperature. The intermediate arrests at 
1160°C (from the liquidus to 55 pct Fe), 1050°C 
(from the liquidus to 51 pct Fe), and at 910°C (from 
the liquidus to 42 pct wt Fe) all suggest peritectic 
dissociation of the 2:7, 1:3, 1:2, and 2:3 compounds. 
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Fig. 19—Gd-97.8 pet Fe, arc melted. Kellers etch. 
X100. Reduced approximately 27 pct for reproduction. 


Densitometry— Variation of density through the 
system is show in Fig. 20. Differentiated are values 
obtained pycnometrically, and those calculated from 
X-ray data (below), Agreement between such values 
is good when the nonhomogeneity of the specimens 
employed for pycnometry is considered. 

X-Ray Diffraction—In only one instance has it 
been possible to supplement the polycrystalline dif- 
fraction work by studies of a single crystal, how- 
ever, many analogies have been found in the three 
transition-element, alloy systems examined (gado- 
linium-iron, gadolinium-nickel and gadolinium- 
cobalt). The existence of comparable, rational struc- 
tures has greatly aided the interpretation of the dif- 
fraction patterns. 

The intermetallic compounds found, their lattice 
parameters and other data are listed in Table I. As 
indicated above GdFe;z has been reported by earlier 
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Fig. 20—Density vs composition, gadolinium-iron. 


584-—VOLUME 221, JUNE 1961 


O Melting Points + 
@ DTA Arrests 
8 
| 
= 
WN o 
7 | 
/ \ 
1600 | \ / 
| 
| 
1300% | 
L200 | 
e 
1000 
365 
800F 
600F 


Weight Percent Iron 
Fig. 21—Partial phase diagram, gadolinium-iron. 


workers’ and, although the general structure then 
found has now been confirmed, the cell parameter 
now found is slightly larger than previously reported. 

Constitutional Diagram—Correlating the data from 
the foregoing studies, it is possible to assemble the 
constitutional diagram given in Fig, 21 for the gado- 
linium-iron system. It is clear that iron forms, 
with gadolinium, a series of compounds which are 
relatively stable. Peritectic and eutectic reactions 
on cooling are sluggish, and frequently three or 
more of the compounds can be detected by X-ray 
diffraction in a single sample even after annealing 
for 100 hr at 1000°C although, of course, concentra- 
tion ratios of these compounds vary. 

Gadolinium enters into a eutectic reaction with 
Gd2Fe; at 860°C, the eutectic composition being ap- 
proximately 87 wt pct Gd, 13 wt pct Fe. There ap- 
pears to be little solubility of iron in gadolinium at 
the eutectic temperature. The intermetallic compo- 
Sitions 2:3, 1:2, and 2:7 produced with increasing 
iron content, dissociate at progressively higher 
temperatures, The most stable compound in the 
system is GdFe,, melting above 1800°C. On the 
iron-rich side of this compound 1:5 and 2:17 com- 
pounds are found. Construction of the iron-rich end 
of the system is tentative and incomplete. Additional 
experimental work will be necessary to locate field 
boundaries and invariant temperatures accurately. 
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The Gadolinium-Nickel System 


The constitutional diagram has been determined for the sys- 
tem gadolinium-nickel. Nine intermetallic compounds have been 
found at compositions corresponding to the following gadolinium- 
NICKEL 207, 1:4, 1:52:17, rhe GaNi 


and GdNi, compounds have congruent melting points of 1300° and 
1500°C, respectively while the remaining compounds melt in- 
congruently, Eutectics exist at 15 wt pct Ni, 31 1/2 wt pct Ni and 
87 wt pct Ni with melting points of 670°, 880°, and 1220°C, ve- 


spectively. 


In a continuing investigation of the properties of 
rare earth alloys, a study has been made of the 
gadolinium-nickel system. Previous work encom- 
passed the iron-containing alloys and a subsequent 
paper will deal with the constitution of the gadolin- 
ium-cobalt system. 

Vogel,’ examined alloys of nickel with lanthanum 
and cerium. R3Ni, RNi, RNiz, RNiz, RNia, and RNis 
compounds were found. Endter and Klemm,” Fulling 
et al.* Heumann,* and Nowotny’ found the 1:2 compo- 
sitions of this series to exist in a C-15 (face-cen- 
tered cubic) structure, and the 1:5 compositions in 
a hexagonal system. Jepson and Duwez° more re- 
cently examined these 1:2 and 1:5 compositions and 
generally confirmed earlier data while Wernick 
and Geller” most recently have given additional 
data on the GdNis compound. Comparisons with our 
results will be made in the appropriate section of 
this report. 


EXPERIMENTAL 

Methods of alloy preparation, annealing proce- 
dures, and experimental techniques have been given 
in our earlier paper.° Chemical analyses of the 
alloy samples were made by dissolving the speci- 
men in nitric acid, precipitating the gadolinium as 
hydroxide and the nickel with dimethylglyoxime. 
Both precipitates were ignited to oxide and weighed. 


RESULTS 


Microstructure—Metallography of alloy specimens 
in this series has been conducted on both arc-melted 
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and annealed materials. Etchants used have been 5 
pet nital with approximately 10 pct distilled water 
added, for high gadolinium samples; Carapella’s 
ferric chloride solution for intermediate composi- 
tions; and Marble’s (copper sulfate) reagent for 
high nickel content alloys. 

Because of difficulties encountered in the grind- 
ing and polishing of specimens containing 40 to 75 
wt pct Ni, no photomicrographs were made of such 
specimens. 

The microstructure of an arc-melted 5.3 wt pct 
Ni alloy is shown in Fig. 1. Light etching primary 
grains of gadolinium are embedded in an eutectic 
matrix. 

The microstructure of an alloy of 9.55 wt pct Ni 
alloy, Fig. 2, annealed 50 hr at 700°C, consists 
almost entirely of the intermetallic compound Gd3;Ni. 

The structure of an arc metal alloy of approxima- 
tely 19 pct Ni, Fig. 3, consists of grains of the com- 
pound GdNi embedded in the Gds;Ni2-Gd3Ni eutectic. 

The arc-cast structure of the 38.7 wt pct Ni alloy 
is shown in Fig. 4. Large primary grains of a com- 
pound rest in a matrix structure of coarse GdNi- 
GdNiz eutectic. Because of the occurrence of sev- 
eral peritectic compounds in the central region of 
the diagram, identification of the primary structure 
in this alloy is not certain. 

As has been indicated above, microstructures of 
alloy specimens containing between ca 40 and 75 wt 
pct Ni have not been photographed. These speci- 
mens were highly brittle, and macro- and micro- 
cracking were impossible to control in the grinding 
and polishing procedures. Prolonged annealing did 
not alleviate this condition. Visual observations in 
small specimens did, however, provide evidence for 
a multiplicity of phases and peritectic dissociations 
of compounds although rationalization of structures 
was not possible. 
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Fig. 
pet nital etch. Primary gadolinium in 


a Gd; Ni-Gd,Ni, eutectic. Gd;Ni compound. 


In Fig. 5(@) (77.9 wt pct Ni) the compound GdNi; is 
seen, in the arc-melted specimen, embedded in an 
eutectic of nickel and the Gd2Ni,,7 compound; some 
peritectically formed Gd2Ni;7 is seen at the edges of 
the GdNis crystals. On annealing at 1000°C for 50, 
100, and 200 hr, the 1:5 compound was seen to react 
progressively with the eutectic nickel to give in- 
creased quantities of the 2:17 intermetallic, Fig 5(d). 

Structure of the high nickel eutectic in this sys- 
tem is well shown in Fig. 6 (85.3 wt pct Ni), A 
small residue of the 2:17 compound is also present. 

Thermal Studies— Melting points and phase arrest 
temperatures, the latter obtained through DTA, are 
shown in Fig. 8, DTA of the 9.5 wt pct Ni specimen 
revealed a change in slope at 760°C, indicating a peri- 
tectic dissociation of the Gd,Ni compound. The first 
eutectic temperature was established at 670°C, the 
second at 880°C, and the third at 1220°C. Arrests 
at 1030°C (liquidus to 52 wt pct Ni), 1060°C (liquidus 
to 57 wt pct Ni), 1170°C (liquidus to 60 wt pct Ni) 
and 1210°C (liquidus to 65 wt pct Ni) indicated that 
the 1:2, 1:3,2:7, and 1:4 compounds decompose be- 
fore melting. The arrest at 1280°C from 66 wt pct 
nickel to the liquidus indicated a peritectic dissocia- 
tion of the 2:17 compound, and established the 1:5 
compound as being that melting congruently between 
the second and third eutectic. Good agreement was 
found between melting point observations and DTA. 


Fig. 4—Gd-38.7 pct Ni, arc melted. Carapella etch. Uniden- 
tified compound in GdNi-GdNi, eutectic matrix. X500. Re- 
duced approximately 27 pct for reproduction. 
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2—Gd-9.55 pet Ni, annealed 700°C, 
50 hr. 5 pet nital H,O etch. Principally 


Fig. 3—Gd-19.1 pct Ni, arc melted. 
Carapella etch. Gd Ni compound in 
Gd;Ni-Gd,Ni,. 


Densitometry— Fig. 7 shows density variation 
with composition through the system. Good agree- 
ment is seen between measured values and those 
calculated from X-ray data. 

X-Ray Diffraction--It has been possible to estab- 
lish single crystal data for only one intermetallic 
compound, GdNi. Although no 1:1 compound was 
found in the gadolinium-iron system, existence of 
GdCo enabled a comparison of lattice data. This was 
particularly apt since Daane (private communica- 
tion) has indicated existence in the yttrium-nickel 
system of 3:1, 3:2, 1:42 1:62and 
2:17 intermetallics. Allowing for the difference in 
atomic radii of gadolinium and yttrium, comparison 
of structural data and lattice parameters is good. 
Table I lists the intermetallic compounds found in 
this system. Also given are lattice parameters and 
derived data. The GdNi; compound has been re- 
ported previously;”” we have confirmed the struc- 
ture and lattice parameters assigned thereto. 


Table |. Intermetallic Compounds in the Gadolinium-Nickel System 


Composition Wattice Density, 
Wt Pct At.Pct Crystal Constants, _Grams per cc __ 

Phase Ni Ni System ; Z X-Ray Measured 

Gd Hex. a = 3.64 2 7.88 7.86 

Gd,Ni Ortho. = 2 25 
by = 6.70 
= (05283 

Gd,Ni, 20.0 40 Tetr. Gis = Mohs 4 8.56 8.54 

Gd Ni Ortho. 2 8.62 8.66 

Gd Ni, 42.8 66.7 Cubic 8 9.44 9,40 

Gd Ni, 52.9) Rhomb. ay = 4.25 6 

Gd,Ni, 56.4 77.8 Ortho. ad, = 6.05 2 

Gd Ni, 60.0 80 Hex 2 9.00 9.05 
= 0253 

Gd Ni, 8353) Hex: a, = 4.90 1 12 

Gd,Ni,, 75.8 89:5. Hex. 2 8.90 8.98 
Cy = 8.47 
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Fig. 6—Gd-85.3 pet Ni, arc melted. Marbles etch. High 
nickel eutectic structure. X500. Reduced approximately 
27 pet for reproduction. 


Constitutional Diagram—The constitutional dia- 
gram for the gadolinium-nickel system has been 
assembled by collating and correlating data from 
the foregoing studies. Little or no solubility of 


Fig. 5(@) —Gd-77.9 pet Ni, arc melted. 
Carapella etch. X750. Primary grains of 
GdNi,; in a Gd,Ni;7-Ni eutectic. (b) —Gd- 
77.9 pet Ni, annealed 1000°C 50 hr. Mar- 
bles etch. Dark etching Gd,Ni,, forming 
at the expense of GdNis, in the eutectic 
matrix. X500. Reduced approximately 27 
pet for reproduction. 
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Fig. 7—Density vs composition, gadolinium-nickel. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


nickel in gadolinium or of gadolinium in nickel was 
noted. Nine intermetallic compounds are formed in 
this system Gd3Ni, Gd3Niz, GdNi, GdNi2z, GdNis, 
Gd2Ni7, GdNix, GdNi;, Gd2Nii7. The 2:3 compound 
found in the gadolinium-iron system is not noted 
here, Of the intermetallics formed, only the 1:1 and 
1:5 compounds melt congruently. The remaining 
seven compounds dissociate peritectically, and 
three eutectics are found at 15, 31.5, and 87 wt pct 
Ni with respective melting points of 670°, 880°, and 
1220-G; 


O Melting Points 
@ Arrests 


1200 
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= 
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Fig. 8—Phase diagram, gadolinium-nickel. 
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The Gadolinium-Cobalt Sysem 


The constitutional diagram for the gadolinium-cobalt sys- 
tem has been determined. Seven intermetallic compounds have 
been found at compositions corresponding to the following gado- 


lintum-cobalt ratios: 3:1, 253, 1:2; 2:3, The 
compound has a congruent melting point above 1600°C, whereas 
the remaining compounds melt incongruently. Eutectics exist 


V.F. Novy 
R. C. Vickery 


at 16 wt pct Co and 84 wt pct Co, with melting points of 620° 


and 1260°C, respectively. 


Previous papers”’* have recorded constitutional 
data for systems of gadolinium with iron and nickel, 
This paper presents data obtained on alloys of gad- 
Olinium with the remaining 3d transition element— 
cobalt. Vogel® found that cerium forms, with cobalt, 
the intermetallic compounds ; CesCo, CeCo, CeCoz, 
CeCos, CeCo4, and CeCos. Other workers*° found 
the 1:2 compound in this series to exist in a C-15 
(face-centered cubic) structure and the 1:5 com- 
pound to exist in a hexagonal crystal system. Com- 
parison of earlier data with that now reported will 
be made subsequently. 


EXPERIMENTAL 


Methods of alloy preparation, annealing proce- 
dures, and experimental techniques have been pre- 
viously reported.’ The cobalt content of alloy spec- 
imens was determined volumetrically, 


RESULTS 


Microstructure— The alloy containing 10.5 wt pet 
Co corresponds closely to the composition of the 
first intermetallic compound Gd;Co. In Fig. 1 the 
microstructure is essentially single phase com- 
posed of Gd3Co which formed peritectically. The 
globular areas are remnants of the peritectic re- 
action which did not quite go to completion. 

A eutectic occurs between GdsCo and the next 
higher compound GdCo, which is followed by a se- 
ries of peritectic compounds. Fig. 2, an arc-cast 
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alloy containing 20.2 wt pct Co, shows large pri- 
mary crystals of GdCo etching either white or black 
(depending on crystallographic orientation), embed- 
ded in the eutectic. Similarly, in Fig. 3 at 31.2 wt 
pet Co, a compound, probably GdCo3, has separated 
from the melt. Subsequent peritectic reactions were 
almost completely by-passed as the alloy cooled, 
the residual liquid freezing as a fine eutectic. 

In the 47.5 wt pct Co alloy, Fig. 4, the high melt- 
ing point compound, GdCo,, has solidified as mas- 
Sive, white-etching grains, which reacted with the 
liquid to form GdCo3 as the second phase. 

The microstructure of an arc-melted alloy con- 
taining 60.5 pct Co is complex, Fig. 5, and presents 
some difficulty in interpretation. The grey etching 
matrix is probably primary GdCo.. The dappled 
phase represents grains of GdCos which have sepa- 
rated from the melt on cooling. The discrete spots 
in this phase are eutectic liquid. Small light etching 
crystallites are probably GdCo; formed by the in- 
complete high-temperature peritectic reaction. 

GdCo, is retained in arc-melted specimens con- 
taining 70.5 wt pct Co, Fig. 6. White areas of this 
compound are held in a matrix of GdCos, the appear- 
ance of which is mottled slightly by inclusions of the 
second eutectic in this system. The development of 
the spheroidized eutectic at high cobalt contents is 
depicted in Fig. 7 (80.3 wt pct Co) in which the white 
massive crystals are GdCos compound. Further de- 
velopment of this eutectic is seen in Fig. 8, the pri- 
mary white phase here being pure cobalt. 

Thermal Studies— Differential thermal analyses 
and melting point determinations have yielded the 
data shown in Fig, 10. The high gadolinium eutectic, 
indicated by microscopy, was confirmed at about 
16 wt pct Co, melting at 620°C. A eutectic also 
occurs at about 84 wt pct Co melting at about 1260°C. 
The thermal arrests at 880°, 960°, 1060° and 12 LUcCe 
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Fig. 1—Gd-10.5 pet Co, arc melted. 
5 pet nital etch. Principally Gd,;Co 


compound. eutectic. 


Fig. 4—Gd-47.5 pct Co, are melted. 
2 pet nital etch. Light etching GdCo, 
and GdCo3. 


Fig. 2—Gd-20.2 pet Co, are melted. 
2 pet nital etch. GdCo in Gdj;Co-GdO 


Fig. 5—Gd-60.5 pet Co, arc melted. 
2 pet nital etch. Tentatively identified 
as primary GdCo, (grey) and primary 


Fig. 3—Gd-31.2 pet Co, arc melted. 
5 pet nital etch. Primary crystals 
of compound in eutectic. 


. Reduced approximately 26 pct for reproduction. 


= 


2 pet nital etch. Massive GdCo,, light, 
and GdCo;, dappled. 


GdCo,; (dappled), with small amounts 
of light etching. GdCo; crystals 
formed peritectically. 


X500. Reduced approximately 26 pct for reproduction. 


suggest peritectic decomposition of all compounds 
up to GdCoa which appears to melt congruently, The 
arrest at 1440°C from 60 to 80 wt pct Co is consid- 
ered to indicate peritectic transformation of the 1:5 
compound, while one at 420° from 65 to 100 wt pct 
Co is associated with the a/8 transformation of co- 
balt. A similar transition from 6 to y cobalt occurs 
120°C, 
Densitometry— Fig. 9 compares densities with 


composition in this system. Again, pycnometric 
densities are compared with those calculated from 
X-ray diffraction data. Agreement is seen to be 
good. 

X-Ray Diffraction—No single crystals were iso- 
lated in this system, consequently all data given are 
based upon powder diffraction patterns. Intermetal- 
lic compounds found, and associated data, are listed 
in Table I. Only the 1:5 compound has been previ- 


Fig. 7—Gd-80.3 pet Co, arc melted. 2 pct nital etch. Mas- 
sive GdCo;, crystals in Co-GdCo; eutectic. X500. Reduced 


approximately 26 pct for reproduction. 
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Fig. 8—Gd-91.1 pet Co, are melted. 5 pct nital etch. Prim- 
ary cobalt in eutectic. X500. Reduced approximately 26 pct 
for reproduction. 
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Table I. Intermetallic Compounds in the Gadolinium-Cobalt System 


Composition Wathice Density, 
Wt Pct At.Pct Crystal Constants, Grams per cc 

Phase Co Co System A X-Ray Measured 

Gd Hex. a, = 3.64 2 7.88 7.86 
Cy = 5.78 

Gd,Co 25 Ortho. 2 8.52 8.50 
0072 
Cy = 5.94 

Gd Co Is 50 Ortho. ay = 3.90 2 8.94 8.95 
by = 4.87 
Cy = 4.22 

Gd,Co, 36.0 60 Cubic a) = 7.98 6 9.60 9.56 

Gd Co, 42.9 66.7 Cubic = 7.3 8 9.36 9.20 

Gd Co, 53.0 75 Rhomb a = 4.80 6 9.0 9.15 
= 41°32! 

GdCo, 60.0 80 Hex. a = 5.47 2 8.38 8.50 
Cy = 6.02 

Gd Co, 65.3 83.3 Hex. a, = 4.97 1 8.83 8.80 
ory 


ously reported? for the cobalt containing system, 
although analogous systems have been found to con- 
tain 3:1, 1:1, 1:2 and other compounds. Data now 
obtained for the GdCo, compound are in good agree- 
ment with those earlier presented. 

Constitutional Diagram—Correlation of data from 
the foregoing studies has led to assembly of the 
constitutional diagram presented in Figs1 0.2 Simi- 
larity is evident between the diagram for this sys- 
tem and that for the gadolinium-iron system.' How- 
ever, in the gadolinium-cobalt system a 3:1 com- 
pound exists but not a 2:17; the reverse occurs in 
the gadolinium-iron system. Seven intermetallics 


iva) 
oO oO oO iS} iS) 
oO oO oO o 


X measured density 


© X-ray density 
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Weight percent Cobalt 
Fig. 9—Density vs composition, gadolinium-cobalt. 
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Fig. 10—Phase diagram, gadolinium-cobalt. 


are found in the gadolinium-cobalt alloy series 
ranging from the 3:1 to 1:5 compounds. As with the 
gadolinium-nickel system,” these compounds enter 
into a relatively low-temperature eutectic reaction 
at the gadolinium-rich end; and peritectic transfor- 
mations occur at progressively higher temperatures 
as the high cobalt end of the system is approached. 
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The Thermal Decomposition of Cobalt Sulfate 


The reaction CoSO,(c) + CoO(c) + So,(g) was investigated from 
950° to1170°K by two different methods. The sulfate was decom- 
posed in a previously evacuated space and Ps, calculated from 
the measured total pressure on the assumption that Poo, = 2Po,. 
The sulfate was also decomposed under conditions of controlled 
oxygen pressure, The difference in the results obtained by 
these experimental techniques is attributed to the effects of 
thermal diffusion. The standard free energy change for the 


reaction is given by 


AF® = 66,292 + 17.273T log T — 102.57 T (+300 cal/mole). 
It was found by DTA and X-ray diffraction studies that CoSO« 


undergoes a transformation at 617°+ 4°C. 


Tue metal sulfates may decompose directly to the 
oxide or pass through one or more intermediate 
basic sulfates. Provided the oxidation state of the 
cation does not change in the course of the reaction, 
the decompositions may be described in general as 
follows: 


MSO, — MO + SO, (g) 
2MSO,— MO - MSO, + SO,(g) 
MO - MSO, — 2MO + SO,(g) 


[1a] 
[1b] 


Since the properties of the oxides are generally 
known, the determination of Ps, as a function of 
temperature will suffice to determine the thermo- 
dynamic properties of the normal and basic sulfates. 

In order to determine Pso, from measurements of 
the decomposition pressure, the dissociation of SO, 
must be taken into account. 


SO,(g) ~S0,(g) + 1/2 O,(g) [2a] 
K, = 2802 (Po,)"” [2b] 


At a constant total pressure of 1 atm, the extent of 
this dissociation is about 3 pct at 700°K, 30 pct at 
900°K, and 75 pet at 1100°K. It is obvious why Pgo, 
cannot be identified with the decomposition pressure 
except at temperatures well below 400°C. 

If the sulfate is decomposed in a previously evac- 
uated space, SO, and O, can be present only as a 
result of the dissociation of SO,. As Eq. [2a] shows, 
there must be twice as many moles of SO, as there 
are moles of O, in the gas phase at any time. Based 
on this fact, earlier investigators assumed the exist- 
ence of the following special restriction in the gas 
phase: 


Pso0, = 2Po, [3] 


The following relation between the total (or de- 
composition) pressure Py and the partial pressures 
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must be true in any particular volume of the gas 
phase: 


Pr = Pso, + Psog + Pon [4] 


If Eq. [2b] and [3] are used to eliminate Pso, and 
Po, from Eq. [4], the resulting Eq. [5] permits Pgo, 
to be calculated from the observed decomposition 
pressure. 


Pr Ps, + 3/22/8 (Ps0,)?/8 [5] 


THE EFFECT OF THERMAL DIFFUSION 


One of the major objectives of this work was to 
determine the validity of Eq. [3] as much of the ex- 
isting sulfate data has been calculated from decom- 
position pressures by Eq. [5]. The type of apparatus 
generally used for these measurements consists of 
a reaction vessel at high temperature which com- 
municates with a manometer at room temperature. 
A temperature gradient is thus imposed on the gas 
phase causing thermal diffusion which brings about 
a partial separation of the different gaseous species 
present in an initially uniform mixture. The basic 
theory and experimental facts associated with this 
phenomenon are summarized elsewhere? and it will 
suffice to state here that the heavier gaseous spe- 
cies diffuses down the temperature gradient. Since 
thermal diffusion destroys the homogeneity of the 
gas phase, it is not necessarily true that Pso, = 2 Po, 
in any particular volume element of the gas phase 
even though there are twice as many molecules of 
SO, as of O, in the gas phase considered as a whole. 

Under these conditions, the decomposing sulfate 
gives off SO, which dissociates to SO, and O, and 
all three species are distributed throughout the sys- 
tem by thermal diffusion. However, the sulfate will 
continue to dissociate until the equilibrium value of 
Pso, is established on the hot zone. Thermal diffu- 
sion may distribute SO, and O, throughout the gas 
phase in any way so long as Eq. [2b] is satisfied in 
the hot zone; Pso, (Po,)'/? = KyPso,. When a steady 
state is reached, we can characterize Pgo, in that 
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volume of gas in contact with the decomposing sul- 
fate as being some multiple, a, of Po, in the same 
volume of gas. The quantity a@ will depend on the 
temperature of the sulfate, the temperature distri- 
bution throughout the entire experimental system, 
the geometry of the apparatus, and so forth. 


= aPo, [6] 


If Eqs. [2b] and [6] are solved simultaneously with 
[4], the resulting equation [7] relates the decompo- 
sition pressure to Pso, in a system affected by ther- 
mal diffusion. 


(a + 1) 


Pr = Pso, + f (a) [7b] 
where 

a+] 


(@) = 


It is instructive to consider the case where P, 
contributes little to Pp. Eq. [7b] may then be re- 
written as follows: 

[8] 
Further, let Pg, be the value of Pso, computed from 
equation [8] when @ is assumed to be 2 and let Ps0, 
be the true value of P55, which could be computed 
from [8] if the true value of a were known. Since 
the left-hand side of [8] is a constant at constant 
temperature, 


F (2) = f (@) [9a] 
= f (@)/f (2) [9b] 


Strangely enough it may be shown that f(a) is a 
minimum at @ = 2 so the ratio f (a) / (2) is = 1 no 
matter how thermal diffusion causes @ to vary. This 
gives us the very useful limiting law that the values 
of Pso, calculated by means of Eq. [5] from decom- 
position pressures observed in a system subject to 
thermal diffusion, must be greater than or equal to 
the true values of Pso, for the sulfate concerned. A 
more detailed analysis reveals that this is the case 
regardless of the magnitude of Pso,. 


ELIMINATING THE EFFECT OF THERMAL 
DIFFUSION 


Although thermal diffusion cannot be prevented in 
the simple decomposition apparatus considered in 
this paper, the error which it introduces into the 
calculation of Pso, from Py by means of Eq. [5] can 
be eliminated by the following technique: 

A metal-metal oxide couple is placed in the hot 
zone in close proximity to the decomposing sulfate. 
This couple maintains a fixed value of Po, in the gas 
phase over the sulfate. Since the sulfate maintains 
a fixed value of Pgo,, the value of Psp, in the hot zone 
is fixed because of reaction [2a]. Consequently, Py, 
the sum of the partial pressures is also fixed over 
the sulfate. Thermal diffusion will vary all the par- 
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tial pressures in cooler parts of the apparatus but 
this is of no consequence since the only function of 
the remainder of the gas phase is to transmit Pr 
from the immediate vicinity of the sulfate to the 
manometer. The value of Pso, in the hot zone may 
be found from a measurement of Py, a knowledge 
of K, and the oxygen pressure of the couple. 

The oxygen controlling couple must satisfy three 
requirements: 1) neither member of the couple may 
form a sulfate more stable than the sulfate being 
investigated; 2) the couple must react rapidly with 
the oxygen in the gas phase; 3) the oxygen pressure 
of the couple should not be too small or the result- 
ing decomposition pressure will be too great to be 
measured in a Simple manometer.* 

*To see this, solve Eq. [2b] for Pso, and substitute it into [4]. Make 
the approximation that Po, and Pgo, are small relative to Pso, 


(Po, + Pso,)/Pr never exceeded 5.6 pet in this experiment] and the re- 
sult is: 


K,Pso, 
(Con) 


Unless the sulfate is very stable, a small oxygen pressure will result in 
a large value of Pr. 


In this experiment, cobalt sulfate was decomposed 
in a platinum crucible according to reaction [10]. 


CoSo,(c) CoO(c) + SO,(¢) [10] 


The copper oxide couple CuO-Cu,O was chosen to 
control the oxygen pressure in the system as it 
satisfies the three requirements set forth above. It 
determines an oxygen pressure as follows: 


4 CuO(c) > 2 Cu,O(c) + O,(g) [11a] 


Ay, = Po, [11b] 
However, certain precautions had to be taken. Since 
Bertaut and Delorme? reported solid solution of 
CuO in CoO and the existence of several compounds 
between the two oxides, the copper oxides had to be 
kept close to, yet separate from CoSO, and its de- 
composition product, CoO. Assayag*® showed that 
platinum could reduce both CuO and Cu,O and alloy 
the resulting copper. The experimental results 
showed that the platinum crucibles employed actu- 
ally did reduce CuO but a control experiment in 
which the copper oxides were contained in a Vycor 
boat showed that the actual oxygen pressure in the 
system was given by Eq. [11b]. This was probably 
due to reaction [11a] occurring at a faster rate than 
the reduction of the oxides with the accompanying 
alloying and diffusion of copper into the crucible. 

If Eqs. [2b], [4], and [11b] are solved simultane- 
ously, the result assumes the form 


= Pr-Ky, [12] 


This method enables Ps, to be determined by the 
experimentally simple method of measuring Pry 
without errors due to thermal diffusion. 
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THERMODYNAMIC DATA 


Both kK, and.A,, must be known as a function of tem- 
perature. Values of log K, were computed at each in- 
tegral value of 100°K from the compilation by Evans 
and Wagman.* These values were used to determine 
the constants of equations of the form log K, = a/T 
+b for interpolating over each 100°K interval. 

Professor H. H. Kellogg reviewed the existing 
data for reaction [1la].* He made a sigma function 


*Private communication. 


correlation of the high-temperature oxygen pressure 
measurements of Assayag,* Chiche,® and Roberts 
and Smyth,® with the value of AS>,,.,, for reaction 
[11a] as determined by Hu and Johnston’ by low- 
temperature calorimetry. The calculated values of 
AF° agree well with those given by Kubaschewski 
and Evans® and Coughlin.® Kellogg estimated the un- 
certainty in AF° as +500 cal per mole. He calcu- 
lated values of log Po, at each integral multiple of 
100°K and the linear equations given in Table I were 
used to interpolate to intermediate temperatures. 
The significant figures shown are required for con- 
sistency at the extremes of each 100°K interval. 


EXPERIMENTAL PROCEDURE 


The decomposition apparatus is essentially the 
same as that described by Kellogg and Basu? ex- 
cept for an alteration that permitted pure anhydrous 
SO,(g) to be introduced into the reaction space from 
a storage flask. This feature made it easy to ap- 
proach equilibrium from both the high- and low- 
pressure sides and also helped to make up for the 
small amounts of material that could be accommo- 
dated in the special crucible arrangements em- 
ployed. The temperatures reported are accurate to 
better than+1°C. The special crucible arrange- 
ments employed are shown in Fig. 1. 

The CoSO,-7H,O and CoCO, employed were Baker 
Analyzed Reagents, low in nickel (0.04 and 0.05 pct 
resp.), the maximum impurities being alkalies and 
earths (0.2 and 0.24 pct resp.). The CuO and Cu,O 
used were Fisher Certified Reagents. The CoSO,- 
7H,O was dried to the monohydrate in a drying oven 
before use. Both cobalt salts were found easier to 
handle if they were compacted in steel dies at 4000 
psi, then broken up, and a 14-x 20-mesh fraction 
selected for study. Mixtures of these salts were 
similarly treated. 

The amounts of reagents used, their physical dis- 
position and the crucible arrangement employed are 
given in Table II. 

The system was first evacuated at room tempera- 
ture and then for 9 to 11 hr at 300° to 350°C (450°C 


Table | 
Range °K Log Po, 
900-1000 -14,319.1/T + 10.401 
1000-1100 —-14,168.0/T + 10.25 
1100-1200 -13,999.2/T + 10.09 


_20mm_ 
0.001" 


RUN 2 RUN II 


3 lugs equally spaced equally spaced 


_l7mm_ 
(sph) 


RUN I2 


Fig. 1—Crucible Arrangements: Run 2—Top view of stand- 
ard crucible showing 0.001" platinum foil partition; Run 
10—Standard crucible showing boat of 17 mm. O. D. Vycor 
tubing; Run 11—Cross-section of standard crucible of 0.008" 
platinum; Run 12—Special crucible of 0.008" platinum. 
Height was 27 mm., other dimensions same as standard. 


RUN 


for #11) to decompose CoCo, to CoO and/or to de- 
hydrate CoSO,:H,O. With the exception of run # 2, 
the reactants were evacuated for at least 6 to 8 hr 
at temperatures from 500° to 650°C to remove ad- 
sorbed gases. 

The experimental values of P; were obtained by 
fixing the temperature and waiting for the pressure 
to build up to a constant value or by adding an ex- 
cess of SO, and waiting until the pressure decreased 
to a constant value. Equilibrium was considered to 
have been reached when the values of Py ceased to 
show a trend with time and any fluctuations over a 


Table Il. Details of Experimental Runs 
bee Reagents Crucible Arrangement 
#2 2.6876-g pelletized CoO pre- Standard crucible with 0.001 
pared by decomposing CoCO, in. Pt foil separating copper 
at 300°C. and cobalt phases. 
5.168-g CuO 
#10 2.9191-g pelletized mixture Cobalt mixture in standard 
of CoSO,-H,O and CoCO, crucible with copper mixture 
in 3:2 weight ratio. 3.379-g in Vycor boat. Boat didn’t 
mixture of CuO and Cu,0 touch cobalt mixture. 
in 1.2:1 weight ratio. 
#11 5.6734-g pelletized Standard crucible. 
CoSO, -H,0. 
#12 3.613-g pelletized mixture | Cobalt mixture in two of 


of CoSO,. H,O and CoCO, 
in 3:2 weight ratio. 0.9897-g 
Cu,0. 6.4055-g CuO. 


three compartments of per- 
manently divided Pt cruci- 
ble. Cu,O was in bottom of 
third compartment and CuO 
was placed on top of it. 
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Wohler & Flick 

Marchal 

Schenck & Raub 

Worner, Run No. 2 
"No. 10 
"No. 
"No. 12 


-3.5- 


80 85 3.0 35 10.0 10.5 


°K"! 


Fig.2—Log Bo 


vs 104/T for the reaction CoSO,(c) — 
CoO(c) + $0, (g). 


1/2 hr period could be ascribed to temperature fluc- 
tuations or the inherent uncertainty in reading the 
cathetometer. 

The gas phase was removed and renewed four 
times in run #10, after each experimental point was 
determined in run #11, and eight times in run #12. 
This precaution was to remove any traces of CO,, 
H,O, or other adsorbed gases that might have re- 
sisted the long pumping at 500° to 650°C, 

At the completion of each run, the system was 
evacuated and the furnace was raised in order to 
cool the reactants and products as quickly as possi- 
ble. The solids were quickly placed in a dry box 
where they were ground and loaded into capillaries 
sealed with plasticene. X-ray diffraction pictures 
were then obtained in Debye-Scherrer cameras. 


DISCUSSION OF RESULTS 


Fig. 2 displays log Pso, vs 10*/T for reaction [10]. 
The values of Po, for runs #2, #10, and #12 were 
calculated from the observed values of Pry using Eq. 
[12]. Run #2 yields slightly higher pressures than 
#10 and #12 probably due to insufficient degassing 
(it was never evacuated above 305°C); still the 
agreement is good considering that CoO and CuO 
were the only phases initially present in #2 while 
CoSO,-H,0, CoCO,, CuO and Cu,O were all initially 
present in #10 and #12. A sigma correlation was 
made for the twenty-nine points of runs #10 and #12 
in which AC, for reaction[10] was chosen to be —7.5. 
This constant value was assumed as the heat capa- 
city of CoSO, has not been measured and —7.5 gave 
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the best correlation of the experimental points, the 
standard deviation of I about the mean being 0.085. 
Because of the uncertainty in AG,; the resulting 
equations for AF° and log Pso,; May not be accurate 
at temperatures outside the experimental range of 
950° to 1170°K. 

The small standard deviation of the calculated I 
values demonstrates that the data was quite consis- 
tent. However, the values of Pro, Calculated from 
Eq. [12] must reflect some uncertainty due to pos- 
Sible errors in the measurement of Py and tempera- 
ture as well as the uncertainty in the standard free 
energy changes for reactions [2a] and [11a]. Taking 
these uncertainties to be 0.1 mm Hg, +1°C, +200 
cal per mole and +500 cal per mole respectively, a 
detailed mathematical analysis indicated the calcu- 
lated values of Pso, were uncertain by a factor of 
+15 pct and the standard free energy change for 
reaction [10] was uncertain by + 300 cal per mole. 
Essentially none of this uncertainty was due to pos- 
Sible errors of measurement of Py and temperature. 


CoSO,(c) ~ CoO(c) + SO, (g) [10] 
AF® = 66292 + 17.2737 log T — 102.577 [13a] 
log Pso, = 22.415 3.775 log T- [13b] 


The values of Pso, calculated by means of Eq. [5] 
from decomposition pressures measured by 
Marchal,’ Schenck and Raub,!? Wéhler and Flick,;*# 
and also in run #11 where no oxygen controlling 
couple was employed are also displayed in Fig. 2. 
With the exception of Wéhler and Flick’s data, these 
values show considerable curvature at low tempera- 
tures. This might be explained by the presence of 
adsorbed gas but great pains were taken to eliminate 
this source of error. Moreover the data for runs 
#2, #10, and #12 plot quite linearly yet the materials 
employed in these runs were not degassed any more 
thoroughly than were those for run #11. A reason- 
able explanation for this curvature is that it was 
caused by the failure of Eqs. [3] and [5] as a result 
of thermal diffusion.* 


*Wohler and Flick used a null type of pressure measuring device which 
kept most of the gas phase in the hot zone thereby reducing the effects 
of thermal diffusion. 


It is felt that Eq.\[13b] accurately represents Peo, 
as a function of temperature. The experimental 
data was much more consistent than that of the other 
investigators mentioned. In their preliminary work, 
Schenck and Raub found that porcelain boats were 
not inert in this reaction, yet Wohler and Flick, and 
Marchal carried out the decomposition in porcelain 
containers. Schenck and Raub also reported some 
interaction with the Aloska boats used in their final 
experiments. Marchal suspected that her tempera- 
ture measurements were lacking in accuracy as 
well as precision. The present experiment was free 
from all of these errors plus that due to thermal 
diffusion. 

The limiting law derived earlier seems to be ver- 
ified by the results of this experiment as the values 
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Table Ill, @ = Pso,/Po, over the Decomposing Sulfate. 
Calculated from the Data of Run #11 and Eq. [13b]| 


Table IV. X-Ray Diffraction Data for CoSO, (c) 
ASTM Indices Quenched from 613°C Quenched from 620°C 


as Described in the Text MoK@ Rad. CrK@ Rad. 5-Hr Exposure 
eo OK a d, A he d, A I, Est. d, A I, Est. 
980.3 0.06 9.10 1 
996.0 0.11 5.90 3 
1016.5 0.19 4.79 w* 
1035.6 0.24 4.30 15 4.33 m* 4.32 m 
1054.2 0.31 4.15 w 4.14 m-s* 
1080.5 0.47 3.93 w-m* 3.94 w 
1102.1 0.55 3.90 10 
1121.9 0.62 3.61 m-s 
1143.4 0.61 3.60 25 3.60 m-s 
1164.1 0.65 m s* 
1175.3 0.68 3.38 15 3.39 w-m 
3.36 m 
of Py, calculated from Eq. [5] and the measured aes w 2.64 m-s 
decomposition pressures (run#11) approach, but 2.58 100 
never become as small as the values of Py, calcu- 2.51 vw* 
lated from Eq. [12] and the decomposition pressures 2.45 w 2.45, m-s 
obtained under conditions of controlled oxygen pres- _, ,, oe 2.37 m 
sure (runs #2, #10, and #12). 
It is interesting to see how much the values of a 2.28 a 
depart from the frequently-assumed value of 2. In 2.16 vw 
order to do this, Eq. [13b] was solved for each ex- PO ay 
perimental temperature of run #11 and the correct ae pe: 
value of Py, thus obtained was substituted into Eq. 2.02 8 2.03 Ww 2.03 Ww 
[7a] together with the observed value of P,-from run 1.98 vw 1.98 m 
#11. We can thus evaluate at each temperature. 2 
A plot of f (@) vs @ was used to determine the cor- 1.89 3 1.90 7 are io 
rect value of @ corresponding to each value of f (a). 1.80 8 1.80 w-m 1.81 w-m 
Although f (@) is a double-valued function, the 1.76 w 1.76 m 
smaller root was always chosen (@ <2) as this cor- Hee : Vs w 1.68 w-m 
responds with the known facts of thermal! diffusion 
and also yields more credible values for a. The 1.58 1 1.59 w 1.59 w 
calculated values of @ are shown in Table III. 1.57 w 
It is surprising that a differs so much from the ims 2 sd 
assumed value of 2 but this may be due to the fact 1.52 w ik ‘es 
that the reaction vessel bears a distinct resemblance 1.50 6 1.50 w 
to the hot wire columns used by Clusius and Dickel”* 1.46 w 1.46 m 
1.44 1.44 w 1.44 w-m 
to separate isotopes. It is also seen that o increases 1.40 8 1.41 a 1.41 ss 
to a fairly constant value at high temperatures 1.38 vw 1.38 m 
whereas theoretically, the separation of SO, and O2 1.37 1 1.37 w 1.37 m 
should increase (corresponding to a decrease in wen 
‘ 1.29 1 1.30 w 1.30 vw 
proportionally to the natural logarithm of the tem- 1.28 a 
perature gradient. This apparent contradiction may 25) vw 
be due to the fact that the volumes of the hot and 1.24 vw 
cold zones are changing with temperature and this He “ 


effect will be investigated in the future. 

The X-ray diffraction pictures of the solid resi- 
due of each experiment revealed CoO(c) as the oxide 
present but the remaining lines did not agree with 
the lines given for CoSO,(c) in the A.S.T.M. indices. 
An involved thermodynamic argument led to the con- 
clusion that CoSO, must be present and that the ap- 
parent contradiction of the X-ray diffraction pictures 
might be due to the presence of a high-temperature 
form of CoSO,. Differential thermal analysis shows 
that CoSO, has a small endothermic heat effect at 
about 618°C. Samples of CoSO, quenched from 612° 
to 612.9°C and from 620.2° to 620.7°C to 0°C reveal 
different crystal structures. The low-temperature 
form of CoSQ, is a pink-violet color and the high- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


*s — strong, m-s —medium to strong, m— medium, w-m— weak to me- 
dium, w— weak, vw—very weak. 


temperature form is a dull pink and consists of finer 
crystals. Chromium radiation was used for 5 hr to 
obtain the d spacings given in Table IV. The longer 
wave length of Cr permitted much better resolution 
of the lines than the Mo radiation which was used to 
obtain the pattern of CoSO, now in the A.S.T.M. in- 
dices. Unfortunately, intensities had to be estimated 
by eye, but they frequently differed significantly even 
for ‘‘identical’’ lines appearing in the patterns for 
high- and low-temperature forms of CoSO,(c). There 
is thus a transformation of CoSO,(c) at 617 + 4°C. 
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This agrees with the findings of Rentzeperis’® who 
found that CoSO, changes from B-CoSO, (very similar 
to MgSO, which belongs to space group Da -Cmcm) 
to a-CoSO, (similar to CuSO, and ZnSO, so its prob- 
able space group is D3; -Pnma) somewhere between 
400° and 700°C. Rentzeperis heated a sample of 
CoSO, at 400°C for 5 days, then at 700°C for 2 days, 
then again at 400°C for an unspecified length of time. 
This sample retained the a structure. The DTA 
sample mentioned earlier was air cooled after hav- 
ing undergone the £ to @ transformation and then 
analyzed again after about 6 months. No heat effect 
was observed at the transformation temperature. It 
appears that the 8 to a transformation is not readily 
reversible. 


CONCLUSIONS 


1) Thermal diffusion can affect calculated results 
by invalidating the assumed relation = 2 
Values of Pso, calculated from Pry on the basis of 
this assumption will never be less than the true val- 
ues, all other things being equal. 

2) The decomposition of cobalt sulfate over the 
range from 950° to 1170°K is accurately described 
by Eqs. [10], [13a], [13b]. 


CoSO, (c) + CoO(c) + SO,(g) [10] 
AF® = 66292 + 17.273 Tlog T— 102.57T [13a] 
log Po, = 22.415 -3.775 log T- 14,487/T [13b] 


3) The crystal structure of CoSO, undergoes a 
transformation at 617° + 4°C. The data for the dif- 
fraction patterns of the high- and low-temperature 
forms of CoSO, is given in Table IV. 
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Development of Copper Base High Strength-Medium 
Conductivty Alloys-Cu-Ti-Sn and Cu-Ti-Sn-Cr 


Two new precipitation hardening copper-base alloys, 
Cu-1.5 pct Ti-2.5 pet Sn and Cu-1.5 pct Ti-2.5 pct Sn-0.4 
pct Cr were developed. -High strength anl medium conduc- 
tivity are obtained by solution annealing and subsequent heat 
treatment, Combination of solution annealing, cold working, 
and heat treatment increases the strength further. Good ele- 
vated temperature strength and ductility makes these alloys 


superior to copper-beryllium-cobalt alloys. 


A considerable amount of research work is being 
done throughout the world to develop new and im- 
proved copper-base alloys. In many cases, the ob- 
ject is to develop alloys having a combination of high 
electrical and thermal conductivities, and high 
strength. The problem is complicated by the fact 
that any alloying element added to increase strength, 
invariably decreases conductivity. 
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Among the few commercial precipitation hardening 
type copper-base alloys, the Cu-Be-Co alloys are 
best known. These alloys are used in many applica- 
tions that require good spring characteristics com- 
bined with high strength and moderately high elec- 
trical conductivity. They can be formed readily 
after solution annealing, then heat treated to obtain 
high strength and conductivity. 

Because of the relatively high cost of the Cu-Be- 
Co alloys, considerable research has been aimed at 
developing new lower cost alloys having similar 
properties. As far as is known today, the binary 
Cu-Ti alloy is the only one whose properties are 
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similar in many respects to those of the high 
strength, low conductivity Cu-Be-Co alloy, and there 
are none whose combination of properties is near 
those of the medium-strength, medium -conductivity 
Cu-Be-Co alloy. 

The present investigation was undertaken to de- 
velop a more economical alloy that would have prop- 
erties closely approaching those of the Cu-Be-Co 
alloys. 

The results of an earlier investigation of the bi- 
nary Cu-Ti alloys’ stimulated interest in the study 
of the effect of other elements on this alloy. Review 
of the literature showed that work has been done on 
several ternary systems such as Cu-Ti-Si, Cu-Ti- 
Cr, Cu-Ti-Al and others.”»? Both electrical conduc- 
tivity and strength of these alloys are inferior to 
those of the Cu-Be-Co alloys. 

In the present investigation, tin was selected as 
one of the elements that might improve the proper- 
ties of Cu-Ti alloys. Review of the literature failed 
to uncover any previous work on this ternary and 
related systems. The preliminary results of the 
Cu-Ti-Sn alloys showed that tin formed a compound 
with titanium and copper. The resulting alloy had 
improved electrical conductivity. The effect of tin 
on the Cu-Ti alloy was, therefore, investigated 
thoroughly. The effect of silver, zirconium, and 
chromium on the ternary Cu-Ti-Sn alloys followed. 
This report presents the results of these investi- 
gations. 


WORK PROCEDURE 


In preparing the alloys for this investigation, 
several series of alloys were made varying one 
element within each series while holding the others 
constant. 

OFHC R copper was used for making the alloys. 
Sponge titanium, zirconium, tin, silver, and Cu-5 pct 
Cr master alloy were used for alloying. 

The alloys were made in graphite crucibles. Argon 
was used to protect the melt during melting and 
casting. One-Kg., 1.3-in. diam, castings were made 
for basic study. Some 300-lb, 8-in. diam billets 
were also made. 

In making the alloys, the copper and the Cu-5 pct 
Cr master alloy (when used) were melted simultane- 
ously. Other elements were then added at 1300°C 
(2370° F), after which time the temperature was 
lowered to 1200°C (2190°F). The alloy was then 
stirred, held about 7 min at this temperature and 
cast into copper molds. 

For metallographic examination, the specimens 
were electrolytically polished in a 33 pct phosphoric 
acid and etched as well as mechanically polished and 
etched with potassium bichromate .* The structure of 
cast and wrought specimens was studied prior to 
and after solution annealing and heat treatment. 

To determine the hot workability, the alloys were 
preheated at different temperatures between 800° to 
900°C (1470° to 1650° F) and hot rolled from 1.0-in. 
machined castings, to 0.250-in. diam rods. Large 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


castings were hot forged from 8-in. billets to 1.5- 
and 2.5-in. sq rods. After hot working, they were 
solution annealed and quenched and then cold worked 
to different sizes. Cold workability was studied by 
cold rolling and wire drawing, with total reductions 
up to 90 pct. Properties were determined on 0.081- 
in. and 0.132-in. diam wires, 0.250-in. rod, and 
0.05-in. sheet. Annealing and heat treating were 
performed in a closely controlled laboratory furnace 
under heavy charcoal cover to protect against oxida- 
tion. Some tests were carried out also by heating 
the speciments in air to determine the effect of 
oxidizing atmosphere on the properties of the alloys. 

Room-temperature properties, such as hardness, 
tensile properties, and electrical conductivity were 
determined as a function of composition, heat treat- 
ing temperature and time, and cold working. Some 
work was also done to determine the short-time 
tensile properties at 300° and 425°C (570° to 795° F). 
A commercial copper-beryllium alloy containing 
0.65 pct Be, 2.70 pct Co, and balance copper was also 
tested at these temperatures for comparison pur- 
poses, 


RESULTS AND DISCUSSION 


A) Cu-Ti-Sn Alloys—Melting and Casting—Six Series 
of Cu-Ti-Sn alloys for a total of forty-one castings 
were made. The titanium content of the alloy series 
was 0.25, 0.50, 0.90, 1.60, 1.90, and 2.90 pct; tin 
varied from 0.21 to 5.21 pct with balance copper. No 
difficulties were encountered during melting and 
casting. Titanium and tin dissolved readily in copper 
and only a thin layer of dross formed in the surface 
of the molten alloy. It appeared that this layer was 
much thinner in the Cu-Ti-Sn alloys than in the Cu- 
Ti binary alloys. Similarly, the reaction of titanium 
with carbon was not nearly as great when the tin was 
present. However, a thin film of titanium carbide 
was formed in the crucible walls. 

Microstructure—The cast structure of the alloys 
was examined by microscope. Two phases are 


Fig. 1—Cu-1.6 pet Ti alloy. Cast condition. The spherical 
black inclusions are Cu;Ti. Electrolytic polishing and 
etching. X960. Reduced approximately 28 pct for repro- 
duction. 
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Fig. 2—Cu-1.6 

phase in a matrix is TiSn-rich compound. Note the differ- 
ence in structure in Fig. 1. Electrolytic polishing and 
etching. X960. Reduced approximately 28 pct for repro- 
duction. 


present in binary Cu-Ti alloys containing a minimum 
of 0.50 pct Ti. Those containing less than 0.50 pct Ti 
are Single phase. Addition of 0.35 pet Sn to the Cu- 
Ti alloy forms a second phase. The amount of the 
second phase increases with increasing titanium and 
tin. Its appearance differs from that of the Cu,Ti 
present in the Cu-Ti binary alloys. 

When the titanium content is maintained constant 
and the tin increased, the amount of the second 
phase is increased, indicating that the titanium is 
absorbed from solid solution to form a ternary 
compound with tin and copper, and that the solubility 
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Fig. 3—Solid solubility of tin in Cu-1.6 pet Ti alloy. 
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of this compound is less than that of titanium or tin 
alone. The appearance of the structure of the Cu- 
1.6 pet Ti binary alloy is shown in Fig.l. Fig, 2 
shows the alloy with the same amount of titanium but 
with the addition of 2.5 pct Sn. 

Because the most desirable combination of me- 
chanical and physical properties were obtained with 
a series of alloys containing 1.6 pct Ti and 0.25-3.5 
pet Sn, the solid solubility of tin in the Cu-1.6 pet Ti 
alloy was determined by thermal treatment and sub- 
sequent microscopic examination. It was found that 
close to 2.5 pct Sn is soluble in Cu-1.6 pet Ti alloy 
at the eutectic temperature of 885°C (1625° F), Fig. 3 
shows the phase diagram representing a constant 
ratio of Cu-Ti with a varying tin content. 

Hot and Cold Workability—The behavior of the 
alloys was observed during hot rolling from 1.0 in. 
casting to 0.250 in. rod. The castings were pre- 
heated in a charcoal bed for 1 hr at different tem- 
peratures between 800° to 900°C (1470° to 1650° F) 
and then hot rolled. These tests showed that the Cu- 
Ti-Sn alloys can be hot rolled without difficulty when 
preheated below the eutectic temperature. The most 
Suitable preheating temperature is in the neighbor- 
hood of 850°C (1560°F). The hot workability rating 
of the alloys is shown in Table I. 

Cold working of the alloys, either by wire drawing 
or sheet rolling was accomplished without difficulty. 
More extensive tests on the alloy containing Cu-1.6 
pet Ti-2.5 pct Sn showed that it can be cold worked 
over 90 pct without intermediate anneals. Both in- 
termediate annealing and solution annealing were 
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Fig. 4—Hardness as a function of aging temperature— 
0.250-in. diam rod. Specimens solution annealed at 900°C 
(1650°F) for 1 hr, quenched and aged at different tempera- 
tures for 2 hr. 
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Table 1. Some Properties of Cu-Ti-Sn Alloys 


Solution Annealed at 875° C, 1605° F, 
Aged at 450° C, 840° F, for 8 Hr 


Solution Annealed, Cold Drawn 85 Pct and 


Aged at 400° C, 750° F, for 2 Hr 


Approximate Ultimate Yield Elec. Ultimate Yield Elec. 

Solid Tensile Strength, Elong., Cond. Tensile Strength, Elong., Cond. 

Solubility Hot Strength, Psi Pct in Pct Strength, Psi Pet in Pct 

Pct Sn of Ti-Sn Workability Psi (0.1 Pct Offset) 2 In. IACS Psi (0.1 Pet Offset) 2 In. IACS 
Series ‘‘C’? —Cu-1.60 pct Ti-Sn 

binary complete solubility good 89,000 59,000 13.0 22.0 118,000 109,000 10.0 17.0 

0.25 complete solubility good 87,500 58,000 15.0 19.5 118,000 109,000 11.0 17.0 

0.50 complete solubility good 83,500 56,000 13.0 19.0 118,000 109,000 11.0 18.0 

0.75 complete solubility good 83,500 56,000 13.0 18.0 118,000 109,000 16) 19.0 

1.50 complete solubility good 85,000 58,000 14.0 17.0 128,500 118,000 8.0 24.5 

220 complete solubility good 85,000 60,000 10.0 34.0 132,000 120,000 8.0 34.0 

2.50 limit of solubility good 82,000 60,000 10.0 40.0 132,000 120,000 7.0 30.5 

3.00 not soluble good 81,000 53,700 13.0 37.0 120,000 113,000 6.0 37.0 

3.50 not soluble susceptible 82,700 55,000 15.0 39.0 124,000 113,000 7.0 35.0 


to cracking 


carried out at 875°C (1650° F) to maintain the one 
phase structure. 

Properties—Since response of the alloys to pre- 
cipitation hardening was of prime importance, the 
effect of composition and of heat treating tempera- 
ture on hardness was studied on 0.250-in. rod spec- 
imens of the alloy series containing Cu-1.6 pct Ti- 
0.25-3.5 pet Sn. The effect of heat treating tempera- 
ture on the hardness of alloys with and without ad- 
dition of tin is shown in Fig. 4. 

The results show maximum precipitation harden- 
ing at 450°C (840° F) and 475°C (885° F) depending on 
the tin content; that is, the binary Cu-1.6 pct Ti alloy 


230 
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Fig. 5—Effect of tin on the hardness of the Cu-1.6 pet Ti 
alloy —0.250-in. rod specimens solution annealed at 900°C 
(1650°F) for 1 hr, quenched and then aged for 2 hr at the 
temperature giving the maximum precipitation hardening. 
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and the same alloy with less than 2.25 pct Sn reach 
maximum hardness at the higher temperature, 
whereas the alloys containing greater amounts of tin 
harden most at 450°C (840° F). The results indicate 
also that the hardness of the latter group is more 
sensitive to temperature change than is the hard- 
ness of the lower tin alloys. Hardness as a function 
of tin content in a 1.6 pct Ti alloy is shown in Fig. 5. 
It is interesting to note that the maximum hardness 
is obtained by 2.5 pct tin. These results show that 
the Cu-1.6 pct Ti-2.5 pct 0.5 pct Sn alloys have a 
great response to precipitation hardening and they 
also indicate that the maximum solid solubility of 
tin in the Cu-1.6 pct Ti alloy is close to 2.5 pct be- 
cause maximum hardening was obtained with this 
amount of tin. 

Because of the encouraging results obtained, the 
investigation was carried further to determine the 
tensile strength and electrical conductivity of the 
alloy series. This work was done with 0.081-in.- 
diam wire specimens. 

The alloys containing Cu-1.6 Ti-2.25-3.0 pct Sn 
exhibit the best combination of tensile strength and 
electrical conductivity along with good ductility. 
Those containing less titanium and tin have lower 
strength, whereas, increasing titanium to 1.90 pct 
and tin to about 3.0 pct causes higher strength and 
lower conductivity. The other factor that limits the 
tin content to the 2.25 to 2.75 pct range with close to 
1.6 pct Ti is the hot workability, z.e., although 
higher titanium and tin contents give a good com- 
bination of properties, the alloys’ hot workability is 
limited. Some properties of the Cu-1.6pct Ti-0.25 to 
3.5 pet Sn alloys are shown in Table I. 

As shown by the hardness tests, Figs. 4 and 5, the 
ternary Cu-1.6 pct Ti-2.5 pct Sn alloy exhibits 
higher hardness than the binary Cu-1.6 pct Ti alloy 
after 2 hr heat treatment. The tensile strength, 
however, was lower for the ternary alloy than for 
the binary after solution annealing and heat treating 
for 8 hr. Over-aging had taken place in the ternary 
alloys during the 8-hr period. When cold worked 85 
pet and aged 2 hr at 400°C (750° F), the ternary 
alloys exhibit higher strength and electrical conduc- 
tivity than the binary alloys. 
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Effect of heat treating time at 450°C (840° F) on 
the properties of the Cu-1.5 pct Ti-2.5 pct Sn alloy 
was determined. The results are shown in Fig. 6. 
The alloy should be heat treated from 6 to 8 hr in 
order to obtain any appreciable increase in elec- 
trical conductivity. During this time, it is overaged 
somewhat as indicated by the slight drop in tensile 
strength. After 8-hr heat treatment, over 80,000 psi 
tensile strength, 60,000 psi yield strength, 10 pct 
elongation, and 40 pct I.A.C.S. electrical conduc- 
tivity were obtained. 

It was observed during solution annealing and lower 
temperature heat treating that the Cu-Ti-Sn alloys 
are susceptible to internal oxidation, while the binary 


Fig. 7—Cu-1.5 pet Ti-2.5 pet Sn-0.7 pet Cr. Cast condition. 
Gray inclusions in @ and TiSn phase are chromium-rich 
phase. Electrolytically polished and etched. X960. Re- 
duced approximately 28 pct for reproduction. 
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Cu-Ti alloys have good resistance to oxidation. Ap- 
parently the tin is the cuase of this inferior property. 
Oxygen diffused readily into the alloy forming a band 
of rather coarse oxide inclusions in the alpha matrix. 
This condition has a depressing effect on the 

strength of the alloy. For instance, after 0.132-in.- 
diam wire specimens were heat treated in air at 
475°C (885°F) for 2 hr, the tensile strength was 
76,000 psi; whereas the strength of the same wire 
was 83,000 psi after heat treating in the charcoal 
bed. It is apparent that the solution annealing and 
heat treatment of the Cu-Ti-Sn alloys must be done 
in a protective atmosphere. 


- 


Fig. 8—Same as Fig. 7 after mechafical polishing and 
etching with potassium bichromate. This figure shows 
the chromium-rich gray phase distinctively. X960. Re- 
duced approximately 28 pct for reproduction. 
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Despite the excellent combination of strength, 
ductility and conductivity of the Cu-1.6 pct Ti-2.50 
pet Sn alloys, their strength is about 20,000 psi 
lower than that of the medium strength, high conduc- 
tivity Cu-Be-Co alloys. On the other hand, the prop- 
erties of the Cu-Ti-Sn alloys are better than other 
high strength, medium conductivity Cu-base alloys 
and it has also some advantages over the Cu-Be-Co 
alloy, such as lower cost and lack of toxicity, which 
makes alloying and casting safer. 

Additions of Zr, Ag, and Cr to Cu-Ti-Sn Alloys— 
In order to increase the strength of the Cu-Ti-Sn 
alloys without sacrificing electrical conductivity, the 
effect of other alloying elements was investigated. In 
designing these alloys, it was believed that the addi- 
tional element(s) should have limited solubility at 
elevated temperatures and that they should not com- 
bine with titanium and tin but rather form an inde- 
pendent compound with copper. This compound 
would precipitate independently with the titanium-tin 
compound during heat treatment and contribute ad- 
ditional strength to the alloy. 

Silver, zirconium, and chromium were selected as 
those which might possibly improve the Cu-1.6 pct 
Ti-2.5 pet Sn alloy. 

When up to 0.96 pct Ag is added to the alloy, there 
is no noticeable effect. Zirconium, however, com- 
bines with tin and lowers the eutectic temperature to 
about 850°C (1560° F). A small amount, 0.15 to 0.60 
pet, of zirconium depresses the electrical conduc- 
tivity considerably. For instance, prolonged heat 
treating increased the electrical conductivity to only 
33 pet I1.A.C.S. instead of over 50 pct I.A.C.S. ob- 
tained with the ternary Cu-Ti-Sn alloy. Apparently 
the affinity of zirconium for tin is greater than the 
affinity of titanium for tin. Excess titanium, there- 
fore, remained in solid solution, and as a result 
electrical conductivity was depressed. 

The preliminary results of the Cu-Ti-Sn-Cr 
alloys were encouraging, therefore, an extensive 
study was made on this alloy system. 

B) Cu-Ti-Sn-Cr-Alloys—Melting and Casting—Sev- 
eral alloys of copper containing 0.85 to 1.71 pct Ti, 
1.53-3.24 pct Sn and 0.06 to 1.61 pct Cr were made. 
Melting and castings were carried out in the manner 
similar to the ternary Cu-Ti-Sn alloys with the 
exception that the Cu-5 pct Cr master alloy was 
melted simultaneously with copper. These alloys 
were melted and cast without difficulties and sound 
castings were produced. 

Microstructure —The cast structure of the Cu-1.5 
pet Ti-2.5 pct Sn-0.06-1.6 pct Cr alloys was studied. 
It was interesting to learn that, in addition to the a 
and the TiSn-rich phase, a third phase was present. 
The amount of the third phase increased with in- 
creasing chromium content. The appearance and 
color of it was the same as the Cr-rich phase pre- 
sent in the copper-chromium binary alloy. The cast 
structure of the Cu-1.5 pct Ti-2.5 pct Sn-0.70 pct Cr 
alloy is shown in Figs. 7 and 8. 

These observations show that chromium does not 
combine with titanium and tin but forms an inter- 
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mediate solid solution or a compound with copper. 
The chromium rich phase dissolved almost com- 
pletely during solution annealing at 875°C (1605° F) 
and there were indications that its solid solubility 
is the same as it is in the binary copper-chromium 
alloy. Thus, only about 0.25 pct chromium can be 
dissolved at 875°C (1605° F). 

Hot and Cold Workability—These alloys, like the 
ternary Cu-1.6 pct Ti-2.5 pct Sn alloys, possess 
excellent hot workability. The preheating and hot 
working temperature is the same for both alloys. 

In addition to the hot rolling of the small labora- 
tory castings, a 300-lb, 8-in. diam billet was hot 
forged to 2.5 by 2.5 in. and 1.5 by 1.5-in. sq rods. 
The billet was first preheated at 850°C (1560° F) for 
1 hr and then hot forged. It behaved well during hot 
forging. 

The alloys were cold worked up to 90 pct by 
rolling and wire drawing. No difficulties were en- 
countered. 

Properties—@ Solution Annealed and Heat-Treated 
Alloys—The investigation of the properties of the 
Cu-Ti-Sn-Cr alloys was begun by determining the 
effect of chromium on the Cu-1.5 pct Ti-2.75 pct Sn 
alloy. These alloys prepared had different amounts 
of chromium ranging from 0.06 to 1.61 pct. The re- 
sponse of the alloys to heat treatment was deter- 
mined by tensile testing and electrical conductivity 
measurement. The 0.132-in. diam wire specimens 
were first solution annealed at 875°C (1605° F) for 
30 min, quenched, and then aged at 450°C (840°F) for 
8 hr. The results of these tests are shown in Fig. 9. 

Chromium improves the tensile strength and 
elongation properties considerably while electrical 
conductivity remains unchanged. The full effect of 
chromium is attained at a minimum of 0.25 to 0.30 
pet. This amount raises the ultimate strength and 
yield strength about 13,000 to 15,000 psi and elon- 
gation is increased from 10 to 16 pct by the 8-hr 
heat treatment. 

The best combination of strength and conductivity 
are obtained on the quaternary alloy with 2.75 pct 
Sn, when heat treated after solution annealing. But 
when cold worked prior to heat treatment, the alloy 
with 2.5 pct Sn exhibits the best properties. Based 
on these results, it appears that the titanium content 
should be 1.3 to 1.7 pct, tin 2.25 to 2.75 pct and 
chromium a minimum of 0.25 pct. It is suggested 
that the nominal composition be Cu-1.5 pct Ti-2.5 
pet Sn-0.4 pet Cr. With this composition, the de- 
sirable properties are obtained. 


Table Il. Effect of Solution Annealing Temperature on the 
Properties of the Cu—1.6 Pct Ti-2.25 Pct Sn—1.07 Pct Cr Alloy 


0.132 In. Diam Wire Solution Annealed for 30 Min and 
Quenched and Aged at 450° C, 840° F 


Solution Yield 

Annealing Heat Tensile Strength Elonga- Elec. 

Tempera- Treating Strength, (0.1 PctOffset) tion, Pct Cond. 

ture, °C Time, Hr Psi Psi in2In. Pct IACS 
825 10 89,000 68,000 18.0 46.0 
825 14 80,000 63,000 16.0 SIS 
875 10 98,000 80,000 16.0 46.0 
875 14 87,000 70,000 14.0 49.0 
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The effect of 825°C (1515° F) and 875°C (1605° F) 
solution annealing temperatures was determined. 
The results are shown in Table Il. The best combin- 
ation of the strength and conductivity was obtained 
when solution annealing was done at 875°C (1605° F). 


The effect of small variation in heat-treating tem- 
peratures was studied. This alloy is quite sensitive 
to temperature variation, 7.e., +10°C (18°F) affects 
the properties. This observation agrees well with 
the hardness results of the Cu-Ti-Sn ternary alloys, 
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Fig. 11—Some properties as the function of aging tempera- 
ture. Solution annealed at 875°C (1607°F) 30 min, quenched 
and cold drawn to 0.081-in. wire (63.8 pct rod). Aged for 

hr. 


Fig. 4, which also indicates the sensitivity of the 
alloys to temperature. The heat-treating tempera- 
ture for the alloy that has not been cold worked be- 
tween solution annealing and precipitation heat 
treatment should be 450°C (840° F). 

The effect of time at 450°C (840° F) on solution 
annealed wire was determined. The alloy containing 
Cu-1.5 pet Ti-2.75 pct Sn-0.6 pct Cr was subjected 
to this series of tests. The results are shown in 
Fig. 10. The best combination of properties is 
achieved by a 6 to 8 hr heat treatment. After this 
length of time, the tensile strength of 95,000 psi, 
yield strength of over 70,000 psi, 13 to 16 pct elon- 
gation and 40 to 46 pct I.A.C.S. electrical conduc- 
tivity are characteristic. 

b) Cold-Worked and Heat-Treated Wire—All the pre- 
ceding work was carried out to determine the prop- 
erties of solution annealed and heat-treated mater- 
ial. The following part of the investigation presents 
the properties of cold-worked and heat-treated 
wire. Two alloys of Cu-Ti-Sn-Cr, one containing 


2.9 pct and the other 2.75 pct Sn were tested. Their 
properties were compared with those of the ternary 
Cu-1.5 pct Ti-2.5 pct Sn alloy. 

Some properties, such as tensile strength, elon- 
gation, and electrical conductivity of 0.081-in., 63.8 
pct cold-worked wire were determined as a function 
of temperature. The results of these series of tests 
are shown in Fig. 11. 

It is interesting to note that the cold-worked Cu- 
Ti-Sn-Cr alloys have ultimate strength close to 
10,000 psi higher than that of the Cu-Ti-Sn alloy. 
The electrical conductivity of the quaternary alloy 
containing 2.5 pct Sn is the same as that of the ter- 
nary alloy, whereas the quaternary alloy containing 
2.75 pet Sn has slightly lower conductivity. The elon- 
gation of all the alloys is similar. 

The slight overaging of the 63.8 pct cold-drawn 
wire at 425°C (795°F) decreases the strength but 
gives higher electrical conductivity. The effect of 
time at this temperature is shown in Table III. It 
appears that from 2- to 3-hr heat treatment at 425°C 
(795°F) is sufficient to give desirable properties. 

Properties as a function of cold working by wire 
drawing were determined. The specimens were 
tested in the cold-worked condition as well as after 
heat treatment at 450°C (840°F), Fig. 12. The spec- 
imens cold drawn 22 and 37 pct must be heat treated 
for 3 hr at this temperature to obtain better than 40 
pet I.A.C.S. conductivity, whereas those cold drawn 
53 pct and more attained over 40 pct I.A.C.S. con- 
ductivity after 2 hr. 

If heat treated at lower temperatures, such as 
425°C (795°F), the strength is increased consider- 
ably as shown in Fig. 11 and Table III. In addition to 
the high strength, the cold-worked and heat-treated 
alloy has 10 pct elongation and 42 to 46 pct I.A.C.S. 
electrical conductivity. 

c) Cold-Worked and Heat-Tveated Sheet—Properties 
of 0.05-in. thick sheet were determined. Material 
for this series of tests was made by hot rolling, sub- 
sequent solution annealing and cold rolling by vari- 
ous amounts. The cold-rolled specimens were then 
heat treated at 425° and 450°C (795° and 840°F) 
from 3 to 6 hr. 

Heat treating at 425°C (795°F) for 3 hr produces 
high tensile strength of 100,000 to 128,000 psi, but 
the electrical conductivity of less than 60 pct cold- 
rolled sheet is below 40 pct I.A.C.S. When cold 
rolled more than 60 pct, the conductivity is over 40 
pet I.A.C.S. In order to obtain 42 to 50 pct I.A.C.S. 
electrical conductivity and 7 to 12 pct elongation, the 


Table Ill. Effect of Heat Treating Time at 425° C (795°F) on the Properties of 63.8 Pct Cold Drawn 0.081 In. Wire 


Yield 
Tensile Strength, Electrical 
Strength, 0.1 Pct Offset Elongation, Conductivity 

Alloy Time, Hr Psi Psi Pct in 2 In. Pct IACS 
Cu—1.5 Pct Ti-2.5 Pct Sn—0.7 Pct Cr cold-worked condition 108,000 96,000 2S 6.4 
2 121,500 108,500 8.0 43.0 
3 120,000 106,500 9.0 45.0 
4 119,000 104,000 10.0 45.0 
5 116,000 99,500 9.0 48.0 
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sheet material must be heat treated at 450°C 
(840°F) for 4 to 6 hr. After this treatment, the ten- 
Sile strength is 98,000 to 115,000 psi. The greater 
the amount of cold work, prior to heat treatment, 
the higher the electrical conductivity and strength. 

A summary of the properties of cold-rolled and 
heat-treated sheet along with those of solution an- 
nealed and heat-treated material is given in Table 
IV, and compared with properties of Cu-0.4 pct 
Be-2.6 pct Co. The properties of the latter alloy 
were obtained from Ref. 5. It is interesting to note 
that the room-temperature properties of the Cu-1.5 
pet Ti-2.5 pct Sn-0.4 pet Cr alloy are comparable to 
those of the Cu-0.4 pct Be-2.6 pct Co alloy. 

d) High-Temperature Tensile Properties—The short 
time high-temperature tensile properties of the Cu- 
1.5 pet Ti-2.5 pct Sn-0.5 pct Cr alloys were deter- 
mined and compared with those of Cu-1.5 pct Ti-2.5 
pet Sn and a commercial Cu-0.65 pct Be-2.70 pct Co 
alloy. This series of tests was made on 0.250-in.- 
diam rod specimens solution annealed and aged to 


604—VOLUME 221, JUNE 1961 


obtain optimum properties. The results are shown 
in Table V. 

The new alloys exhibit good ductility and strength 
at elevated temperatures, whereas the Cu-0.65 pet 
Be-2.70 pct Co alloy is extremely brittle at elevated 
temperatures. In many instances, the specimens 
broke at the thick section along the bottom of the 
thread, indicating a tendency toward notch brittle- 
ness. In order to fracture the specimens within the 
gage length, this area had to be machined down to 
0.2 in. diam. Although several specimens were 
tested to assure the accuracy of the results, none of 
them showed any elongation nor reduction of area. 
The appearance of the fracture of the alloys is shown 
in Fig. 13. The copper-beryllium- cobalt alloy also 
has considerably lower proportional strength and 
somewhat lower ultimate strength than the two other 
alloys. 

It is worth mentioning that the low beryllium- 
copper (Cu-0.4 pct Be-2.6 pct Co) is used in many 
elevated temperature applications, such as resis- 
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Table 1V. Some Typical Room-Temperature Mechanical and Physical Properties of the Cu-1.5 Pct Ti-2.5 Pct Sn—0.5 Pct Cr Alloy 
Compared with Cu-0.4 Pct Be—2.6 Pct Co Alloy 


Cu-1.5 Pct Ti-2.5 Pct Sn—0.5 Pct Cr 


Cu—0.4 Pct Be—2.6 Pct Co 


Sol. Annealed 

and Heat 

Sol. Annealed Treated at 
at 875°C (1605° F) 450°C (840°F) 


Sol. Annealed 


Cold Worked* and 
Heat Treated at 
450° C (840° F) 


Sol. Annealed 


Sol. Annealed 
Cold Worked, 
Hard and 


Property Quenched for 6 to 8 Hr for 4 to 6 Hr Sol. Annealed and Heat Treated Heat Treated 
Ultimate tensile strength, psi 45 to 55,000 90 to 100,000 98 to 115,000 34 to 50,000 88 to 108,000 98 to 116,000 

0.2 pct offset = 75 to 85,000 - 

0.1 pct offset - 70 to 80,000 85 to 95,000 18 to 28,000 70 to 90,000 94 to 108,000 
Proportional limit, psi ~ 45 to 60,000 55 to 75,000 8 to 18,000 48 to 68,000 66 to 86,000 
Modulus of elasticity, psi = >18,000,000 — - 16 to 17,000,000 - 
Elongation, pct in 2 in. 35 to 40 13 to 17 7 to 12 20 to 35 8 to 15 5 to 12 
Ductility, pct reduction in area = Sih = — 32 - 
Vickers hardness 80 200 to 210 230 to 250 65 to 85 190 to 230 210 to 240 
Rockwell hardness 20 to 30 Rg 90 Rp 67 to 75 Rg - - - 
Electrical conductivity, pct IACS 7 40 to 48 42 to 50 20 to 25 48 to 52 45 to 48 
Specific gravity, g/cm? 8.805 8.8 


*-0.05-in. sheet cold rolled 16.6 to 80.0 pct. 


tance welding. Electrodes and electrode holders are 
made from this alloy. In certain elevated tempera- 
ture applications, this alloy has shown a tendency 
toward extreme brittleness resulting in failure of 
the part. Because the Cu-1.5 pct Ti-2.5 pct Sn-0.4 
pct Cr alloy has superior elevated temperature 
properties, it is more desirable than the copper- 
beryllium-cobalt alloy. 


é) Resistance to Oxidation—Contrary to the Cu-Ti-Sn 


ternary alloys, the Cu-1.5 pct Ti-2.5 pct Sn-Cr 
alloys possess excellent resistance to diffusion of 
oxygen. This observation was made during preheat- 
ing and heat treating of the specimens at different 
temperatures. It appeared that only a film of oxide 
is formed. During several hours heat treatment at 
450°C (840°F), and even at higher temperatures, the 
rate of oxidation is relatively slow. Apparently, the 
layer of chromium oxide is formed readily, and be- 
ing extremely dense, retards further diffusion of 
oxygen. 

Although no corrosion studies were made on Cu- 
1.5 pet Ti-2.5 pct Sn-0.4 pct Cr alloy, it appeared 


that this alloy has good resistance to most corrosive 
media. 


SUMMARY 


The copper-rich ends of the Cu-Ti-Sn and Cu-Ti- 
Sn-Cr alloy systems were investigated. As a result, 
two new precipitation hardening alloys exhibiting 
high strength and medium conductivity were de- 
veloped. 

The optimum properties of the ternary alloy are 
obtained with Cu-1.5 pct Ti-2.5 pct Sn. The solid 
solubility of tin in the Cu-1.6 pct Ti alloy was found 
to be 2.5 pct at the eutectic temperature of 885°C 
(1625°F). 

This ternary alloy responds well to precipitation 
hardening. In the solution annealed condition, it has 
a tensile strength of 45,000 to 55,000 psi, elongation 
40 pct, and electrical conductivity 7 pct I.A.C.S. 
Subsequent heat treatment increases the tensile 
strength to 83,000 psi and electrical conductivity to 
45 pct I.A.C.S. Elongation is 10 to 13 pct. The com- 


Table V. High-Temperature Tensile Properties of Cu-1.5 Pet Ti-2.5 Pct Sn, Cu—1.5 Pet Ti-2.5 Pct Sn—0.5 Pct Cr and 
Cu—0.65 Pct Be—2.70 Pct Co Alloys 


Ultimate Yield Yield Ductility, 
Testing Tensile Strength, Strength, Proportional Modulus of Pct Re- 
Temp., Strength, Psi Psi Limit, Elasticity, Elongation, duction 
Xe Psi 0.2 Pct Offset 0.1 Pct Offset Psi Psi Pct in 2 In. in Area 
Cu-1.5 Pct Ti—2.5 Pct Sn — Solution Annealed at 875°C (1605°F), 
quenched and heat treated at 450°C (840°F) for 6 hours 
300 63,500 54,000 50,000 - 20,000,000 12.0 53.6 
425 55,000 51,000 47,000 29,000 14,000,000 10.0 25.0 
Cu-1.5 Pct Ti—2.5 Pct Sn—0.5 Pct Cr — Solution Annealed at 875°C (1605°F), 
quenched and heat treated at 450°C (840°F) for 6 hr 
300 75,000 66,000 60,000 - 20,500,000 11.0 60.0 
425 56,000 51,000 47,000 32,000 21,000,000 16.0 31.0 
Cu—0.65 Pct Be—2.70 Pct Co — Solution Annealed at 920°C (1690°F), 
quenched and heat treated at 480°C (895° F) for 3 hr 
300 78,000 nil nil 
425 50,000 - = 18,000 - nil nil 


Crosshead Speed 0.025 in. per min. 
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Fig. 13—Appearance of the fracture of tensile speci- 
mens after testing at 300°C (570°F). Specimen on the 
left is the Cu-1.5 pet Ti-2.5 pet Sn-0.5 pet Cr alloy 
and the two specimens on the right are the Cu-0.65 pct 
Be-2.7 pct Co alloy. Note the brittle fracture of the 
latter alloy. 


bination of solution annealing followed by cold work- 
ing and heat treating increases the strength of wire 
further to about 115,000 psi, yet the alloy has 8 to 10 
pct elongation and 45 pct I.A.C.S. electrical conduc- 
tivity. 

Superior properties are obtained with the quater- 
nary Cu-1.5 pet Ti-2.5 pct Sn-0.4 pet Cr alloy, con- 
taining a minimum of about 0.25 pct Cr. Chromium 
improves the strength by about 10,000 to 15,000 psi, 
gives the alloy excellent resistance to oxidation and 
improves the elongation. In the solution annealed 
condition, this quaternary alloy has the same prop- 
erties as the ternary alloy, but subsequent heat 
treatment increases its strength to 93,000 to 100,000 
psi and elongation to 10 to 17 pct with electrical 
conductivity ranging from 40 to 50 pct I.A.C.S. 
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When cold worked by wire drawing after solution 
annealing and heat treated, its tensile strength 
ranges between 98,000 and 125,000 psi depending on 
the amount of cold work; elongation is about 10 pct 
and conductivity ranges from 42 to 50 pct I.A.C.S. 
When cold rolled to a sheet after solution annealing, 
a tensile strength of 98,000 to 115,000 psi with 7 to 
12 pct elongation and 42 to 50 pct I.A.C.S. electrical 
conductivity are obtained. 

The elevated temperature properties of the new 
ternary and quaternary alloys are superior to those 
of commercial copper-beryllium-cobalt alloys. The 
former exhibit good strength and ductility, whereas 
the latter are extremely brittle. The melting and 
casting characteristics of new alloys are good, 
therefore, they are desirable as casting alloys as 
well as in the wrought form. They also possess ex- 
cellent hot and cold workabilities. 

Silver in the amounts investigated (0.23 to 0.96 
pct) does not noticeably affect the properties of the 
Cu- Ti-Sn alloys. 

Zirconium from 0.15 to 0.60 pct depresses 
strength and conductivity considerably. 
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Orientation Relationships in 


the Heterogenous 


Nucleation of Solid Lead from Liquid Lead 


The crystallographic orientation relationships resulting when 
lead is nucleated from the liquid by Ni, Cu, Ag, and Ge were 
determined. For each nucleating agent several definite orienta- 
tion relationships were found. These relationships seemed to be 
controlled by good symmetry relations and low crystallographic 
disregistry between mating planes. For any given nucleating 
agent the undercolling for nucleation was found fairly constant 
and independent of the orientation relationship and consequent 
disregistry. It was also found that, upon remelting and refreezing 
the Pb, the orientation relationship was changed. These findings 
prove that crystallographic disregistry is not the controlling 
factor in heterogeneous nucleation from the liquid. The results 
of this investigation tend to confirm the theory presented in a 
preceding paper that heterogeneous nucleation starts with the 


formation of an adsorbed layer of nucleated metal on the nucleat- 


B. E. Sundquist 


ing impurity. Evidence is given that cavities in the nucleating 


agent act as centers of nucleation. 


Ir has long been known! that solid extraneous par- 
ticles are active in catalyzing phase transformations 
that occur in a system, particularly condensation 
and crystallization. It is well established that these 
heterogeneities act as catalysts by providing sur- 
faces upon which nuclei of the precipitating phase 
can form with activation energies smaller than those 
required for homogeneous nucleation. Numerous in- 
vestigations have shown that in this process of het- 
erogeneous nucleation: a) the nucleus forms with 
one, or several, definite crystallographic orienta- 
tion relationships with the nucleating phase?~* and 
b) that there is a small range of undercoolings or 
supersaturations characteristic of the nucleation of 
a given solid on a given substrate.°-?° 

Turnbull and Vonnegut* have developed a theory 
based on theories developed by Volmer” and Turn- 
bull and Fisher?’ for heterogeneous nucleation from 
gases and liquids, that relates the supersaturation 
or undercooling required for nucleation to the dis- 
registry between the lattices of the nucleus and the 
nucleating agent. This theory predicts that nucle- 
ation should occur with the orientation relationship 
between the nucleus and nucleating agent that mini- 
mizes the disregistry. Further, it predicts that the 
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undercooling or supersaturation necessary for nu- 
cleation should be a function of the disregistry. 

Numerous investigations have dealt with the ori- 
entation relationships resulting from the condensa- 
tion of vapors onto crystalline solid substrates” $ 
and a few with the nucleation of one phase by a sec- 
ond phase in solidification* *. Others have dealt 
with the supersaturation®-!° and undercooling®~’ 
associated with nucleation in condensation and 
solidification respectively. However, there is vir- 
tually no report that gives both of these factors for 
the same system. In this investigation a study was 
made of the undercoolings and orientation relation- 
ships resulting when Pb is nucleated from the liquid 
by Ni, Cu, Ag, and Ge. It was the purpose of this in- 
vestigation to check the Turnbull- Vonnegut theory, 
z.e., the importance of crystallographic disregistry 
between nucleating catalyst and nucleated metal. The 
results indicate that disregistry is not an important 
factor in nucleation and that the nucleation process 
is probably somewhat more complex than current 
theories suggest. 


EXPERIMENTAL PROCEDURE 


Small single crystals of nickel, copper, silver, 
and germanium were prepared from materials of 
four to five nines purity, and the Pb used was also 
99.999+ pct pure. Cu and Ag single crystals were 
prepared by sealing small chips of Cu or Ag in an 
evacuated quartz capsule and heating the capsule at 
2000°F for 1 hr before cooling. Nickel crystals of 
200 » diam were also prepared in evacuated quartz 
capsules, but melting was done by heating the cap- 
sules in an oxy-acetylene flame for a few minutes. 
These spheres were invariably polycrystalline so 
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that it was necessary to anneal them in their quartz 
capsules at 2300°F for several days. Ge single crys- 
tals were prepared by breaking small chips from a 
large single crystal of Ge. 

The bicrystals of lead plus a nucleating agent were 
prepared in a microscope hot stage apparatus which 
has been described elsewhere.!® A purified hydrogen 
atmosphere was used to deoxidize the surfaces of 
the liquid lead drop and of the nucleating agent to 
insure wetting. A dumbbell-shaped composite was 
produced when the hot stage was given several sharp 
blows to jar the single crystal onto the molten Pb 
droplet. The molten Pb invariably covered a consid- 
erable portion of the nucleating sphere’s surface and 
dissolved some of it so that it is reasonably certain 
that all possible crystallographic planes of the nu- 
cleating agent were exposed to the lead. On cooling, 
the freezing of the Pb could be detected by the 
wrinkling of the surface of the Pb. Due to the small 
volume of the drop and its large surface-to-volume 
ratio, the entire drop froze within a fraction of a 
second after nucleation. (The observed growth rate 


of the solid into the liquid was immeasurably fast.) 
The undercooling could be determined either as the 
difference between the actual melting and freezing 
points of the droplet in contact with the nucleating 
agent or as the difference between the actual freez- 
ing point and the eutectic temperature of the alloy 
from previous experiments. 

From previous experiments® it is known that Cu, 
Ni, Ag, and Ge nucleate Pb at undercoolings of less 
than 12°C and that drops of pure Pb of the size 
(about 200 4. diam) and purity used can be readily 
undercooled more than 20°C. All nucleating agents 
used have oxides that are unstable in a hydrogen at- 
mosphere and which can be readily reduced by heat- 
ing to a sufficiently high temperature. Further, Pb 
does not wet even slightly oxidized surfaces of other 
metals. Thus it is almost certain that no oxide layer 
was interposed between the Pb and the intended nu- 
cleating agent, and that nucleation took place on the 
surface of the intended nucleating agent. 

In the nucleation of Pb by Cu and Ag it was found 
that if the Pb was bonded to the Cu or Ag at temper- 


Table I. Crystallographic Orientation Relationships Found in the Nucleation of Lead by Nickel, Copper, Silver, and Germanium 


Number Orientation 


Possible 


Disregistry 


System of Relationship Mating Planes Undercooling, 
X-Pb Samples X-Pb X-Pb 6,, Pet 6,, Pet Oe. 
Ni-Pb 2— (110)//(114) (110)//(110)*** 0.67 0.70 2.25 + 0.25 
(331)//(110) with (001)//(110) 
2* (110)//(100) (100)//(100)*** 0.67 0.67 2.25 + 0.25 
ae (001)//(013) with (011)//(010) 
1 (110)//(111) (110)//(111) 6.27 6.27 2.25 + 0.25 
(331)//(110) 
1<— (100)//(100) (100)//(100) 0.67 0.67 2.0 
(011)//(001) 
1 (013)//(110) (110)//(110)*** 0.67 0.70 2.0 
(331)//(110) with (001)//(110) 
teed (013)//(110) (100)//(100)*** 0.67 0.67 2.5 
(331)//(111) with (011)//(010) 
(114)//(110) (110)//(110)*** 0.67 OAD 2.5 
(110)//(221) with (001)//(110) 
Cu-Pb 4 (100)//(100) (Any) 27 27 1.75 + 0.25 
(010)//(010) 
1 (100)//(110) (010)//(111) 3.2 10.5 2.0 
(010)//(111) 
2 (110)//(110)** (110)//(110) 10.5 10.5 1.75 + 0.25 
(110)//(111) or (110)//(111) 3.2 10.5 
2* (100)//(112) Approximately 10.5 10.5 1.5 
(023)//(110) as above 3.2 10.5 
Ag-Pb 7 (100)//(100) (Any) 17.5 17.5 1.5 + 0.25 
(010)//(010) 
1 (100)//(110) (100)//(110) 0.43 5.5 1:5 
(011)//(113) 
1 (110)//(110)** (110)//(110) 1.08 1.08 not 
(111)//(110) determined 
1 (110)//(110)** (110)//(110) 4.70 4.70 not 
(111)//(001) determined 
3 (100)//(112)** (100)//(112) 4.06 4.24 1.5 + 0.25 
(012)//(110) 
Ge-Pb 1 (100)//(100) (Any) 12.5 12.5 15. 
(010)//(010) 
1 ID) // (111)//(111) 12.5 12.5 7.5 
(011)//(101) 
5 ~ (110)//(110) ~(110)//(110) 6.6 6.6 11.5 + 0.5 
(See Fig. 1) ~(111)//(110) 7.5 + 0.5 


*Planes of X and Pb are interchanged from one sample to the other. 


**Planes of X and Pb are interchangeable. 
*** Approximate 
****But rotated 9 deg about [111]. 
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atures more than about 50°C above the melting point 
of Pb, the Pb would be polycrystalline. This was 
presumably due to the precipitation of Cu and Ag 
from Pb during cooling, which gave rise to a num- 
ber of nucleating crystals. Thus in these cases it 
was necessary to bond the Pb to the Cu or Ag at 
temperatures just above the melting point of Pb and 
slowly cool the composite through the freezing point, 
to permit the Cu and Ag that dissolved to reprecipi- 
tate on the original crystal. 

The bicrystals were mounted on the goniometer 
head of a 60-mm-diam cylindrical camera. A Laue 
photograph was then taken of one crystal at a time 
using polychromatic tungsten radiation. If both crys- 
tals were placed in the X-ray beam at the same time, 
the spots of the two different crystals could usually 
be differentiated and a second photograph to the far 
side of one of the crystals would identify which set 
of spots belonged to which crystal. The film spots 
were transferred to a stereographic projection by 
means of the standard chart’ for such purposes. By 
superimposing the two stereographic nets, it was 
possible to determine the relative orientations of 
the two crystals in the couple. The use of cylindri- 
cal films made it possible to detect numerous 
(100), (110), and (111) spots directly on the film and 
this facilitated rapid and accurate (+0.5 deg) plot- 
ting of the film spots. 


EXPERIMENTAL RESULTS 


The results of this investigation are given in Ta- 
ble I. The orientations listed, except in a few cases 
noted, are exact to within experimental accuracy 
(+1 deg of arc). Thus it will be noted that Pb orients 
itself with respect to the nucleating crystal such 
that a set of reasonably low index planes are paral- 
lel. A complete selection of planes of the nucleating 
agent was probably available for the Pb to nucleate 
upon in all cases. However, much work on nuclea- 
tion from the vapor onto flat planes of crystals 
formed by cleavage, and so forth, indicates that nu- 
cleation almost invariably takes place with low in- 
dex planes (h+k+1 < 4 to 5) of the nucleated mate- 
rial parallel to the nucleating agent surface. Fur- 
theremore, planes of h+k+1> 4 to 5 can best be 
considered as ‘‘steps’’ of lower index planes in 
matching one lattice with another. The orientation 
relationships are described by listing a set of two 
mutually perpendicular planes in each lattice, the 
two planes of one set being parallel to the two planes 
of the other set. The possible mating planes listed 
in the fourth column refer to the plane of the nucle- 
ating agent and the parallel plane of the Pb lattice 
that could constitute the interface between the nu- 
cleating agent and the nucleus. To select the mating 
planes, possible sets of parallel planes of the two 
crystals were drawn superimposed and with the 
proper orientation relationship. The disregistries 
were then determined in two mutually perpendicular 
directions in the plane. The disregistries are de- 
fined by: 
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SAMPLE| @ ° 
24 
2 23 
3 16 
4 34 
5 99 


Fig. 1—The most common orientation relationship in the 
nucleation of Pb by Ge. 


(periodicity of x) (periodicity of 100 
larger of the two periodicities | Pe 
[4] 


The set that showed a particularly low disregistry 
was taken as the mating planes. It is, of course, im- 
possible to tell which two planes are the true mating 
planes. However, it was found that many of the ori- 
entation relations could be explained by a good fit 
between the chosen mating planes. 

Most of the orientation relationships found in the 
Ge-Pb system were not described exactly by the set 
of low index planes listed in the third column. In 
Fig. 1 are shown the orientation relationships in the 
five couples which appear to deviate systematically 
from (110)//(110) and (111)//(110). It may be seen 
that the [110] of Pb is tilted 6 to 10 deg from [110] 
of Ge toward [001] of Ge. If the Pb lattice were ro- 
tated so the two (110) planes were parallel then sam- 
ples 1 and 2 would show (110)p,//(111),, within 1 
to 2 deg, samples 3, 4, and 5 would show the Pb ro- 
tated 9 deg from (110)p,//(111)¢~-—samples 3 and 5 
rotated one way giving (110)p,//(223),.,—sample 4 
rotated the other giving (110) p,//(332)¢,. 

A point of particular interest concerns the Ni-Pb 
system. The four couples giving the first two orien- 
tation relationships listed in Table I were reheated 
1° to 10°C above the melting point of Pb. The Pb 
melted but did not wet any additional portions of the 
Ni surface. On resolidification all four samples 
were found to give different orientation relationships 
from those previously determined (Note arrows in 
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Fig. 2—Number of undercooling determinations falling in 


the indicated ranges of undercooling as a function of under- 


cooling for the nucleation of Pb by Cu and Ni. 


column 2 of Table I). This indicates that a particu- 
lar orientation relationship comes about by random 
fluctuations or ‘‘accidents’’ and is not dependent on 
the presence of some peculiarity in the interface of 
a particular sample. It should be noted, however, 
that nearly all orientation relationships in Ni-Pb 
are approximately 15 deg away from (100)//(100) 
with (010)//(011) or (110)//(110) with (001)//(110), 
both of which involve a minimum of disregistry. 
During the course of this investigation it was 
found that if, instead of a single crystal, a cold 
worked chip was used as a nucleating agent, the un- 
dercooling was reduced by a significant amount. 
This is shown in Fig. 2 for Ni and Cu and in Fig. 3 
for Fe. Random error (+0.25°C) accounts for about 
half the width of the ‘‘peaks’’ in Fig. 2, thus giving 
peak widths more in line with those predicted by 
theory. However, random error (+0.5°C for under- 
coolings greater than about 4°C) cannot reduce the 
‘“‘peak width”’ in Fig. 3 to a reasonable value. In 
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Fig. 3—Same as Fig. 2 for the nucleation of Pb by Fe. 


Fig. 4 are shown some of the results from previous 
work. For most of the systems shown in Fig. 4, it 
is proven that all undercoolings shown must be as- 
sociated with nucleation on the surface of the in- 
tended nucleating agent. In each system shown in 
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Fig. 4—Same as Fig. 2 for six systems studied in a previous 


investigation.§ 
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Table Il. Orientation Relationships Giving a Minimum of Crystallo- 
graphic Disregistry in the Systems Investigated 


Disresistty Disregistry for 


Orientation (100)//(100) 
System Relation* 6,, Pet 6,, Pet (010)//(010) 
Ni-Pb (110)//(110) 0.67 0.70 29.0 
(110)//(001) or 
(100)//(100) 0.67 0.67 
(010)//(011) 
Cu-Pb Same as Ni-Pb 3.18 SAL 27.0 
3.18 3.18 
Ag-Pb (110)//(110) 1.08 1.08 17.5 
(111)//(110) 
Ge-Pb (110)//(110) 0.97 1.00 125 
(111)//(001) 


*Mating planes are the pair listed first. 


Figs. 2 to 4,there does appear to be a definite max- 
imum undercooling rather than a ‘‘dribbling off.’’ 
However, there are also lower undercoolings and 
these, as well as the maximum undercooling, in 
most cases appear to be describable in terms of 
several characteristic ‘‘peaks’’ of width consider- 
ably broader than predicted by theory. It should be 
pointed out here that for each system studied, nu- 
merous samples were used and in most systems the 
nucleating agent crystal was dissolved and reprecip- 
itated for each undercooling determination. 


DISCUSSION OF RESULTS 


It is commonly accepted that in heterogeneous nu- 
cleation from the liquid for each couple of nucleating 
agent-nucleated metal one and only one orientation 
relationship occurs. The findings reported in Table I 
definitely prove that a multiplicity of relationships 
can exist. The findings of experiments in the con- 
densation of vapors on crystalline substrate? agree 
with these results. Although in most experiments 
only one crystallographic plane of the substrate was 
exposed to the vapor and usually only one relation- 
ship was found, there are many cases where a multi- 
plicity of orientation relationships was found--even 
for a single plane of the substrate.? 

In passing it may be pointed out that some inves- 
tigators?’, have interpreted their nucleation exper- 
iments in terms of the disregistry computed from 
the percent difference in lattice cell edge lengths of 
the substrate and deposit. They, thus, implicitly as- 
sume that nucleation always occurs with (100)//(100) 
and (010)//(010). As shown in Table I this orienta- 
tion relationship occurs relatively seldom, thus cal- 
culations based on it are liable to be wrong more 
often than right. In most cases the actual disregis- 
try can be much lower as shown by Table II. 

In all the systems investigated, a study of the 
possible orientation relationships between low index 
planes reveals that very low disregistries are pos- 
sible, as shown in Table II. Here are listed the crys- 
tallographic orientation relations giving minimum 
disregistries for the systems studied. However, in 
only a few cases were the disregistries found as low 
as theoretically possible. It will be noted that only 
one sample in thirteen in the case of the Ag-Pb sys- 
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Table III. Comparison of Undercoolings for the Nucleation of 
Pb by Various Nucleating Agents and the Solubility of These 
in Liquid Pb at the Eutectic Temperature 


Fe-Pb 23 ~0.0 at. pct 
Ge-Pb 11.5 ~0.0 
Ni-Pb 0.1 
Cu-Pb 0.2 
Ag-Pb 1.50 4,7 
Sn-Pb 0.0 73.9 


tem showed the minimum disregistry. None of the 
Cu-Pb or Ge-Pb couples showed the minimum dis- 
registry although the most common orientation re- 
lation in the Ge-Pb system is not too remote from 
it. In the Ni- Pb system most of the couples showed 
an orientation relation that was close to minimum 
disregistry but only one actually showed the mini- 
mum. From this it is apparent that at least a sec- 
ond factor must operate in the selection of the ori- 
entation relationship. 

A number of the orientation relations in Table I 
do not seem to be based on a criterion of low dis- 
registry, but the symmetry of the mating planes 
seems to be the basis for their existence. The first 
two samples listed for Ge-Pb and the first ones 
listed for Ag-Pb and Cu-Pb show rather high dis- 
registries and at least in the cases of Cu-Pb and 
Ag-Pb, they constituted about half the samples 
studied. In all these cases the mating planes have 
the same indexes and the same directions in the 
mating planes are parallel. 

In the reviews of the orientations resulting in con- 
densation from the vapor by Van der Merwe? and 
Thomson,? orientation relationships with good sym- 
metry between the mating planes but with high dis- 
registries constituted a considerable portion of the 
lists. In fact, disregistries of 10 to 30 pct occurred 
about as often as disregistries of 0 to 10 pct. From 
the above it would appear that symmetry is at least 
as important as disregistry in deciding the orienta- 
tion relationship. 

Further evidence which suggest that disregistry 
may not be of importance is given in the last column 
of Table I, listing the undercoolings. It will be noted 
that, except in the Ge-Pb couples, the undercoolings 
are the same in a given system regardless of the 
disregistry. Thus neither the orientation relation- 
ship nor the disregistry appear to have an effect on 
the undercooling (and hence driving force) required 
for nucleation. 

It is apparent from this work that the Turnbull- 
Vonnegut theory mentioned earlier overemphasizes 
the importance of crystallographic disregistry on 
nucleation from metallic liquids and vapors. If their 
equation for coherent nucleation is used to compute 
the undercooling for nucleation of Pb on Ni with 0.67 
pet disregistry, an undercooling of about 2°C is pre- 
dicted in agreement with experiment. However, if 
the same relationship is used to compute the under- 
cooling for the 6.26 pct disregistry, an undercooling 
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of at least 20°C is predicted, which does not agree 
at all with the experimental 2.25°C. The same kind 
of results can be obtained for the other couples. 
The undercoolings instead appear to be somewhat 
related to the solubility of the nucleating agents in 
liquid Pb as indicated in Table III. The apparent in- 
verse relationship between solubility and undercool- 
ing does not hold as well if compounds and Sb® are 
included in this table. 

In the case of germanium three different under- 
coolings were found, 15°, 11.5°, and 7.5°C. In pre- 
vious work® the undercooling of 11.5°C was taken to 
be the undercooling for nucleation of Pb by Ge al- 
though a good portion of the determinations gave the 
7.5°C undercooling. The 15°C undercooling was 
found only once—in the (100)//(100)-(010)//(010) 
couple. Thus it is likely that this undercooling and 
orientation relation are very rare. The 7.5° under- 
cooling occurs in two orientation relationships, how- 
ever, as Table I shows. 

The point has often been raised that nucleation 
should occur preferentially in cavities in the sur- 


face of the nucleating agent in contact with the liquid. 


It is of interest to interpret the results of this and 
the previous investigation® in terms of this possibil- 
ity. The results shown in Figs. 2, 3, and 4 do make 
it clear that the nucleating agent—liquid interface is 
not homogeneous and that at least several kinds, or 
possibly a range of kinds, of sites for nucleation 
must exist in all the systems investigated. When the 
theory of nucleation in cavities as developed by 
Turnbull”’ is applied, however, difficulties are en- 
countered. This theory predicts that undercooling 
should be dependent on the temperature above the 
melting point to which the liquid was heated before 
undercooling (at least for small values of this 
‘““AT,’’). Although ‘‘thermal history’”’ effects have 
been well documented in the past (see Ref. 19), they 
were not observed in this investigation or in the 
previous one® in which AT, was varied from a frac- 
tion of a degree to hundreds of degrees C. This dis- 
crepancy between theory and observation can be 
avoided if it is postulated that the cavities, rather 
than being cylindrical with flat bottoms, are more 
conical (sloped walls) with nearly atomically sharp 
bottoms, e.g., dislocation pits or grain boundary 
grooves etched by the liquid metal. If the cavity 
walls are steep enough so that the solid-liquid inter- 
face of the nucleated metal is concave to the liquid, 
then it can be shown, following procedures given 
elsewhere,” that thermal history effects should not 
be observed and that the area, A,, of the nucleating 
agent- liquid interface intercepted by the cavity de- 
termines the undercooling in a given system. This 
finding gives rise to further difficulties however, It 
is inconceivable how the value of A, could have a, 
or a set of, characteristic values. A, should vary 
more or less continuously from very small to very 
large. Thus the plots of N; vs AT_ in Fig. 4 should 
start out high at or near 0° undercooling and de- 
crease more or less continuously to zero at some 
poorly defined maximum undercooling. Experiment- 
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ally, this is not observed. 

The picture of nucleation as taking place via an 
intermediate ‘‘adsorbed layer’’ of nucleated metal 
on the surface of the nucleating agent, as described 
qualitatively earlier ,® provides an explanation of the 
observations of this work and avoids the above men- 
tioned difficulties with the cavity theory. In a cavity, 
the adsorbed layer-liquid interface is concave to the 
liquid. Thus, the energy of this interface provides 
an additional driving force tending to increase the 
thickness of the layer. For a given system, this 
driving force depends only on the angle between op- 
posite walls of the cavity. For, say, a dislocation 
etch pit this angle has a characteristic value (or a 
small range of values if the solid-liquid interfacial 
energy is somewhat anisotropic). 

The theoretical analysis by Frank and van der 
Merwe” indicates that below a certain critical dis- 
registry, 6*, the interface between a substrate and 
an adsorbed monolayer is completely coherent 
whereas for disregistries not far above 5 *, vir- 
tually all the disregistry is taken up by dislocations 
and the monolayer is nearly unstrained. The re- 
sults of previous work® make it inconceivable that 
the layer could be completely coherent with the 
nucleating agent lattice. The undercoolings in over 
half the sixty systems studied were so small that a 
strain in the critical nucleus of more than about one 
percent could hardly be tolerated. It is doubtful that 
there exist pairs of mating planes in the lattices of 
the nucleating agent and nucleated metal of even a 
small fraction of the systems studied where the dis- 
registry is less than one percent. Thus the adsorbed 
layer is probably nearly completely incoherent with 
the nucleating agent and unstrained: hence the inde- 
pendence of undercooling on disregistry. Because it 
is apparent that the adsorbed layer is incoherent 
with the nucleating agent lattice, it seems reason- 
able to expect that the orientation relationship be- 
tween nucleating agent and layer varies from plane 
to plane of the nucleating agent surface but that the 
adsorbed layers on all planes are approximately 
equally effective as nucleating sites: hence the mul- 
tiplicity of orientation relationships between nucle- 
ating agent and nucleated metal. 


CONCLUSIONS 


1) Ina given system a number of crystallographic 
orientation relationships can exist between nuclea- 
ting agent and nucleated metal. These relationships 
appear to be determined by the criteria of low crys- 
tallographic disregistry or good Symmetry between 
a possible pair of mating planes. 

2) There is no dependence of undercooling on dis- 
registry. 

3) The nucleation catalyst-liquid interface is not 
homogeneous with respect to the nucleation process. 
This gives rise to several undercoolings charac- 
teristic of a given system. 

4) The hypothesis that nucleation takes place on 
an adsorbed layer (of solid being nucleated) at the 
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catalyst-liquid interface can be used to explain the 
experimental observations of this and previous 
work. 
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A Study of the Growth of Voids in Copper During 


the Creep Process by Measurement of the 


Accompanying Change in Density 


A study was made of the change in density during the first 
(transient) and second (linear) stages of the creep curve of 
polycrystalline copper as a function of 1) stress, 2) tempera- 
ture, 3) plastic strain, 4) impurity and atmosphere effects, and 
5) structure, including single crystals. Voids were not observed 
in single crystals strained 15 pct at 500°C, or ina polycrystal- 
line aggregate produced by recrystallizing a single crystal, 
within the limit of sensitivity, Ae/e = 1x10°~*. It appears that 
voids ave heterogeneously nucleated at grain boundaries by an 
insoluble phase, or phases, which can be removed by direc- 
tional solidification. The principal controlling mechanism of 
void growth appears to be condensation of vacancies at grain 
boundaries. Vacancies are transported to a boundary and con- 
dense as a consequence of the tensile stress component across 
the boundary, which depends on the orientation and configura- 
tion of the boundary plane and on boundary shear across ledges 


and other irregularities. The ultimate source of vacancies is 


Raymond C. Boettner 


the free surface and diffusional transport is by way of the 


boundary plane. 
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Previous investigations have dealt with the nucle- 
ation of voids at grain boundaries under creep con- 
ditions’ * and with the connection between grain 
boundary voids and subsequent brittle fracture.” ’ 
Growth of voids during the creep process, particu- 
larly in the transient and linear stages of creep, has 
not been studied with the same intensity. Therefore, 
it seems pertinent to investigate the process of void 
growth with respect to the related creep curve, and 
the morphology of growing voids with respect to the 
structure. 
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Table I. Impurities, Weight Percent 


Fe 


Sb Pb Sn Ni Bi Ag As Cr Si Te Se Sa Zn 
AS and RCO <0.00007 <0.0001 <0.0001 <0,0001 <0.0001 <0.000001 <0.00003 <0.0002 <0,00005 <0.00001 <0.0002 <0.0001 <0.0001 - 
OFHC* <0.001 <0.0005 <0.0005 <0.0005 <0,0005 — 0.001 <0.003 <0.001 - 0.0021 to0.0024 <0.01 


“Spectrographic analysis indicated 
cal in type and concentration. 
*Analyzed by American Smelting and Refining Co. 


that the metallic impurities in ‘‘certified”’ 


OFHC copper and OFHC copper after remelting and casting in vacuum were identi- 


Changes in density during the creep process pro- 
vide a direct and sensitive measurement of void 
volume, over a wide range of void concentration. 
Nevertheless, the only previous investigation of this 
kind known to the authors is that of Hanson and 
Wheeler, made 25 years ago on commercially pure 
aluminum. Since aluminum is not ideal for the pur- 
pose of detecting changes in density due to its own 
low density, an investigation was made of density 
changes in pure polycrystalline and Single crystal 
copper during the first (transient) and second (lin- 
ear) stages of the creep process. The variables 
surveyed were 1) stress, 2) temperature, 3) plastic 
strain, 4) impurity and atmosphere effects, and 5) 
structure. 


EXPERIMENTAL PROCEDURE 


Materials—Three classes of copper were used: 

1) OFHC copper, 2) American Smelting and Refining 
Corms high-purity copper and, 3) OFHC copper 
melted, stirred in vacuum of 10°* mm Hg and cast 


in vacuum.* The spectrographic analysis of these 


*Prepared for this investigation through the courtesy of the Temescal 
Metallurgical Corp., Richmond, Calif, 


materials is given in Table I, Details regarding 
special procedures of preparation and other charac- 
teristics of these materials are included with the 
descriptions of the particular experiments in which 
they are employed. 

Creep Apparatus—Creep experiments were per- 
formed at approximately constant stress. The appa- 
ratus” consisted of a lever with a large built-in me- 
chanical advantage, together with means for removal 
of incremental weights from the applied load to 
compensate for the decreasing specimen cross- 
section. Assuming uniform strain over the reduced 
gage length, the maximum error in applied stress 
due to incremental removal of the load was about 
pet, 

The creep furnace consisted of a stainless steel 
tube and three independent heating elements. By 
varying the resistance of individual windings it was 
possible to limit the difference in temperature to 
less than 2°C at the extreme ends of the 5-in. long 
specimen; the variation in time of the mean speci- 
men temperature was less then 1°C. 

Three atmospheres were employed—argon, air, 
and hydrogen. Argon was passed successively 
through magnesium perchlorate and through a fur- 
nace at 850°C containing titanium chips. Specimens 
were introduced into the creep furnace either at 
room temperature or at the test temperatures, de- 
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pending on the atmosphere employed. In any case, 
the required atmosphere was obtained through alter- 
nate evacuation and flushing of the system with the 
gas to be used in the test. The flushing cycle was 
repeated three times, requiring approximately 2 
min to introduce the new atmosphere. A positive 
pressure of about 2-cm Hg was maintained in the 
system during the creep test. A thin oxide film was 
formed when specimens were introduced into the 
furnace at temperature, but no further oxidation 
occurred during the test, as indicated by the ab- 
sence of a measurable change in weight (+ 0.1 mg) 
of copper foil after 24 hr at 600°C. 

Density Measurements— Density measurements 
were made with 0.5-in diam by 2-in. long cylinders, 
cut from the 2.5-in. reduced section of creep speci- 
mens. In all cases the density of a dummy speci- 
men, which had not sustained a load but had other- 
wise been subjected to the same test conditions, was 
measured and compared with the creep specimen as 
a constant check on material and procedure. 

Method I—Void volumes less than 100 x 107° em? 
per g Cu were measured with an apparatus constructed 


by Murphy” at the Frankford Arsenal, The balance 
was enclosed in an air-conditioned case and oper- 
ated from the outside so that the temperature and 
relative humidity could be controlled to 20° + 0.01°C 
and 30 pct respectively. The liquid was di (2-ethyl 
hexyl) azelate with nominal density of 0.91 ¢g per 
cm®, An average sensitivity of + 0.0004 g per cm? 
was achieved in the measured density of a 50-g 
specimen, corresponding to a void volume of +5 

x 10°° cm® per g copper. 

Method II—Void volumes greater than 100 x 107° 
cm®* per g Cu were measured with a standard analyt- 
ical balance and tetrabromoethane. The temperature 
of the liquid medium did not vary more that + 0.1°C 
curing the weighing process. At a given tempera- 
ture, T(°C), the density, d(g per cm’), of the tetra- 
bromoethane was calculated from the following ex- 
pression, supplied by the Solid State Division of Oak 
Ridge National Laboratory: 


d(T) = (3.00437 2.141 x107°T) + 0.0005 [1] 
All measurements of density were corrected to 
20°C by employing the volume coefficient of expan- 
Sion of copper, 49.5 x 107° per deg C™ and a dummy 

specimen of density, 8.9316 + 0.0002 g per cm* at 
20°C obtained from Method I, The sensitivity of 
Method II was + 0.0013 g per em’, corresponding to 
a void volume of + 16 107° cm* per g of Cu. 
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Table Il. Density of Single Crystals of OFHC Copper 
Before and After Creep at 500°C 


Density, g per cm’ 


Stress, Time, Strain,’ 
Type of Slip —— Psi Hr In perIn Precreep Postcreep 
Single 3500 78.8 0.14 8.9240 + 0.0013 8.9240 + 0.0013 


Conjugate 3000 74.6 0.16 8.9230 + 0.0013 8.9230 + 0.0013 


*Both crystals bent in the creep tests as a consequence of slip and the asso- 
ciated constraint of the grips; the strains reported are those calculated from 
change in length of diametrically opposed gage lengths. 


EXPERIMENTAL RESULTS 


Single Crystals of OFHC Copper—Single crystals 
of OFHC copper were grown in closed graphite 
molds by the Bridgman Method. Two creep speci- 
mens, 3 in. long containing approximately 1 in. gage 
lengths, 0.37 in. in diam, were machined from dif- 
ferent crystals. About 0.005 in. was etched from the 
surfaces after machining, which effectively prevented 
recrystallization during the creep tests. Of the two 
crystals, one was in an orientation favorable for 
single slip (axis near <1i0>), the other for conjugate 
Slip (axis near <112>), 

The density of each crystal was measured before 
and after the creep experiment. The crystals were 
placed in the creep furnace at room temperature, a 
purified argon atmosphere was introduced and the 
furnace was then heated to 500°C. The test condi- 
tions and results are presented in Table II. 

In evaluating the data for single crystals, it 
should be noted that comparable strain in polycrys- 
talline OFHC copper (grain size 0.05 mm), tested 
under the same conditions, produced density changes 
of approximately 2 pct, or about 140 times the sen- 
sitivity of measurement on single crystals. Further- 
more, polycrystalline aggregates at a strain of 15 
pet, at 500°C, are well in the third stage of creep 
and close to brittle fracture. 

In the crystal oriented for conjugate slip, condi- 
tions were presumably ideal for the production of 
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Fig. 1—Density change of OFHC copper during creep at 
500°C and 5000 psi in argon, together with the correspond- 
ing creep curve. 
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voids through the condensation of vacancies, as pos- 
tulated by Machlin.’” Conditions were also ideal for 
the operation of the void nucleation and growth me- 
chanism involving dislocation combination as pos- 
tulated by Kochendorfer.”* 

Failure to produce a significant change in density 
in single crystals, together with the large density 
changes measured in polycrystalline specimens at 
similar strains (Table IV, for example) shows that, 
within the experimental sensitivity, all of the void 
volume produced by creep in polycrystalline copper 
could be associated with grain boundaries. 

Polycrystalline OFHC Copper--Creep specimens, 
5 in. long with 2.5-in. reduced sections, 0.5 in. in 
diam, were machined from 0.75-in. OFHC copper 
rods, and as many as possible were obtained from 
one rod to minimize differences in structure and 
creep behavior. A dummy specimen, cut from the 
adjacent length of rod, was also prepared for each 
creep specimen. The dummy was attached beside 
the creep specimen to provide a method of detecting 
stress-induced grain growth and, in addition, the 
density of dummy specimens, do, was used as the 
base density, for the calculation of void volume JV, 
per unit weight of copper, in accord with 


V = 1/d-1/do [2] 


where d is the measured density of the creep speci- 
men, 

With the exception of experiments to test the ef- 
fect of atmosphere on void formation, polycrystal- 
line specimens were introduced into the creep fur- 
nace at temperature, after which the system was 
evacuated and flushed with purified argon, which 
was then kept at a positive pressure throughout the 
test. Specimens were annealed in the creep furnace 
at 600°C for 1 hr, without a load to establish a sta- 
ble grain size; the temperature was lowered to the 


Table lii. Creep and Density Data from Bar B! of OFHC Copper 


at 500° C 
Density, Volume 
Creep Stress, Time, Strain, Base 8.9300 g per cm’, Voids x10°, 
Stage Psi Hr In per In Creep Change cm* per g 
First 5000 0.50 0.315 8.9269 0.0031 38 + 16 
First 5000 1.00 0.426 8.9278 0.0022 27 + 16 
Second 5000 DAS 0.0579 8.9226 0.0074 9245 
Second 5000 3.50 0.0787 8.9078 0.0222 279+ 5 
Second 5000 5.00 0.0932 8.8931 0.0369 464+5 
Third 5000 6.40 0.1211 8.8611 0.0689 87045 
Third 5000? 7.67 0.2130 8.6672 0.2628 3395 + 16 
Second 4000 4.08 0.0405 8.9216 0.0084 105+5 
Second 4000 5.67 0.0530 8.9167 0.0133 167+5 
Second 4000 9.20 0.0628 8.9046 0.0254 319 +5 
Second 4000 11.25 0.0797 8.8888 0.0412 519+5 
Second 3500 11.58 0.0485 8.9086 0.0214 269+ 5 
Second 3500 15.50 0.0643 8.8929 0.0371 467+5 
Second 3500 18.00 0.0791 8.8839 0.0461 58145 
Second 3500 20.17 0.0865 8.8608 0.0692 87445 
Second 3000 24.58 0.0621 8.8932 0.0368 463 +5 
Second 3000 30.42 0.0742 8.8754 0.0546 688 +5 
Second 3000 37.62 0.0897 8.8397 0.0903 1144+ 5 


*Grain size: 0.060 + 0.005 mm. 
Fractured specimen. 
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Table IV. Creep and Density Data from Bar A! of OFHC Copper 


at 500°C 
Density, 

Creep Stress, Time, Strain, Base 8.9300 g/cm’, Arete 
Stage Psi Hr In per In Creep Change cm* per g 
Second 3000 24.00 0.0400 8.9145 0.0155 194+5 
Second 3000 32.05 0.0501 8.9039 0.0261 328 + 5 
Second 3000 44,50 0.0491 8.9062 0.0238 299 + 16 
Second 3000 59.50 0.0644 8.8859 0.0441 555 + 16 
Third 3000 73.30 0.0860 8.8484 0.0816 1032 +5 
Third 3000 76.77 0.1370 8.7310 0.1990 2552 + 16 
Third 3000? 97.52 0.1641 8.6300 0.3000 3892 + 16 


*Grain size: 0.050 + 0.005 mm. 
*Fractured specimen. 


test temperature and the load applied. Grain sizes 
were in the range of 0.045 to 0.060 mm. The ap- 
plied stress varied from 2000 to 5000 psi in a tem- 
perature range of 400° to 550°C, and time varied 
from 0.5 to 100 hr. Following a predetermined creep 
strain, specimens were removed from the furnace 
and density specimens were prepared from the gauge 
length of creep specimens. 

Fig. 1 shows a typical example of the change in 
density of polycrystalline copper with respect to the 
corresponding creep curve at 500°C and 5000 psi. 

In this particular experiment density changes, equiv- 
alent to (38 +16) X10°° cm® per g and (27 +16) x 107° 
cm* per g in 0.5 and 1.0 hr, respectively, were 
measured in the first stage of the creep process. 
The second stage brought about a substantial and 
continuous development of voids. In the third stage, 
a rapid decrease in density preceded intergranular 
fracture produced by the joining of previously 
formed, isolated voids into well defined cracks. 
These data show that the nucleation and growth of 
voids and cracks, which culminate in fracture, are 
continuous processes extending over the entire 
range of the creep curve, including the first stage. 

Stress, Strain, and Temperature Variables— The 
largest possible number of specimens were ma- 
chined from the same OFHC rod to minimize dif- 
ferences in structure and associated creep proper- 
ties. However, to cover the range of variables, it 


Table V. Creep and Density Data for Second-Stage Creep 
from Bar C! of OFHC Copper at 5000 Psi 


Density, 
Tempera- Time, Strain, Base 8.9300 g/cm’ Voidsx 10°, 
ture, °C Hr In per In Creep Change cm® per g 
400 26.13 0.0353 8.9227 0.0073 91+ 16 
400 44.25 0.0432 8.9182 0.0118 148 + 16 
400 58.62 0.0500 8.9136 0.0164 206+ 5 
450 9.00 0.0444 8.9229 0.0071 89 + 16 
450 20.37 0.0651 8.9100 0.0200 251 + 16 
450 28.60 0.0886 8.8898 0.0402 506 + 16 
500 2.00 0.0514 8.9264 0.0036 45+ 16 
500 3.08 0.0634 8.9191 0.0109 136 + 16 
500 4.75 0.0867 8.9023 0.0277 348 + 16 
550 1.00 0.0765 8.9203 0.0097 121+5 
550 1.98 0.1086 8.9024 0.0276 347 + 16 
550 3.00 0.1324 8.8877 0.0423 533 + 5 


*Grain size: (0.045 to 0.060) + 0.005 mm. 


was necessary to prepare specimens from several 
different rods. All of these data are summarized in 
Tables III, IV, V, and VI. 

When the logarithm of void volume per unit weight 
of copper is plotted as a function of the logarithm 
of the time at 500°C, Fig. 2, a different curve is 
obtained for each bar of copper, at each of two 
stresses. However, when measured strain is sub- 
stituted for time, the data obtained from different 
bars fall on a single curve for each stress, Fig. 3. 
The arrows indicate the approximate limits of the 
first and second stage of creep. These two plots of 
the data clearly demonstrate the strain dependence 
of void formation in creep. 

Fig. 4 shows void volume as a function of strain 
for different temperatures and a constant stress of 
5000 psi. All the data are associated with the sec- 
ond stage of creep and all the specimens were ma- 
chined from the same OFHC copper rod to avoid the 
variations indicated in Fig. 2. The data in Fig. 4 
show that void volume at a given strain increases 
as the test temperature decreases. 

Analysis of the temperature dependence of the 
rate of the processes involved is particularly dif- 
ficult since the range of temperatures used vary 
from 0.57yp to 0.6 Typ , which is on the borderline 


Table VI. Creep and Density Data from Bar D1! of OFHC Copper 


Volume 
Creep Temperar Stress, Time, Strain, Density Creep, Voids x 10°, 
Stage ture, °C Psi Hr In per In Base g per cm*® Change cm® per g 
First 500 3000 1.00 0.0129 8.9303 + 0.0007 8.9307 + 0.0004 0.0000 +5 
First 500 3000 2.00 0.0170 8.9307 + 0.0002 8.9308 + 0.0004 0.0000 +5 
First 500 3000 4.00 0.0222 8.9310 + 0.0003 8.9287 + 0.0004 0.0023 + 0.0004 SM eS 
First 500 3000 8.00 0.0294 8.9316 + 0.0002 8.9254 + 0.0004 0.0062 + 0.0004 Tif 32 
Second 500 3000 16.82 0.0548 8.9316 + 0.0002 8.9036 + 0.0004 0.0280 + 0.0004 SEY) ae & 
Second 500 3000 41.25 0.1137 8.9308 + 0.0003 8.7777 + 0.0004 0.1531 + 0.0004 1O53e5 
First 500 5000 0.50 0.0370 8.9309 + 0.0007 8.9299 + 0.0004 0.0010 + 0.0007 13+9 
First 500 5000 1.00 0.0480 8.9305 + 0.0007 8.9274 + 0.0004 0.0031 + 0.0007 39 +9 
First 500 5000 2.00 0.0666 8.9307 + 0.0008 8.9177 + 0.0004 0.0130 + 0.0008 163 + 10 
First 400 5000 5.05 0.0254 8.9308 + 0.0007 8.9301 + 0.0004 0.0007 + 0.0007 8+9 
First 400 5000 11.75 0.0309 8.9307 + 0.0007 8.9290 + 0.0004 0.0017 + 0.0007 21+9 
First 400 5000 oe 0.0328 8.9312 + 0.0007 8.9280 + 0.0004 0.0032 + 0.0007 40+9 
First 550 3000 0.50 0.0166 8.9306 + 0.0007 8.9291 + 0.0004 0.0015 + 0.0007 19+9 


1Grain size: 0.060 + 0.005 mm. 
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Fig. 2—Void volume as a function of time at 500°C in argon 
for specimens from four different bars of OFHC copper. 


| 


CM°/GM 


6 


2000 PSI 


3000 PSI 
5000 PSI = 


VOLUME VOIDS / UNIT WEIGHT COPPER xIlO 


10° = = 
= 
Oo BAR A 

eB 
4 D 

IN AIR 

Ol 02 .03.04 .06 08.10 15 .20 .30 40 


STRAIN, INZIN 


Fig. 3—Void volume as a function of creep strain at 500°C 
in argon for specimens from five bars of OFHC copper. 
At 2000 psi specimens were tested in argon and in air. 
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Fig. 4—Void volume as a function of second-stage creep 
strain at 5000 psi at different temperatures. 


between high- and low-temperature processes. An 
apparent activation energy for the overall creep 
process, from the temperature dependence of the 
second (constant strain rate) stage of creep in Fig. 
5, yields a value of 29,000 cal per mole. Similarly, 
an apparent activation energy for the growth of 
voids can be obtained in terms of the time to pro- 
duce a given void volume; the apparent activation 
energy derived for the growth of voids, from Fig. 
5, is also 29,000 cal per mole. 

Finally, for the purpose of estimating the contribu- 
tion of void volume to the measured Strain, it was 
assumed that all material displaced from Yoids con- 
tributed to the change in length. The ratio of €,, the 
strain associated with the voids, to the total meas- 
ured strain, €;,is shown in Fig. 6, as a function of 
stress at 500°C and at a constant measured strain 
of 0.07. Fig. 7 shows the ratio &,/&, as a function 
of temperature, for a constant stress of 5000 psi 
and a strain of 0.07, which is within the second stage 
of creep at all temperatures represented in Fig. 7. 
It is evident that the displacement of material from 
voids contributes appreciably to apparent strain, 
and that this contribution increases as the tempera- 
ture and stress are decreased. 

Structural Observations— Typical transverse 
cross sections are shown in Fig. 8. The significant 
fact at this point, and one that is perhaps more ap- 
parent after an examination of many sections, is 
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Fig. 5—Time to produce a given void volume, and second- 
stage creep rate, as a function of the reciprocal of the ab- 
solute temperature. 


that the voids are not uniformly distributed along 
the radius of the cylindrical specimens. 

To evaluate the distribution of voids in a radial 
direction five successive cuts were made, three 
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Fig. 6—The ratio of strain due to voids to total creep strain 
in the second stage as a function of stress at 500°C fora 
creep strain of 0.07. The corresponding void volumes are 
included for reference. 
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Fig. 7—The ratio of strain due to voids to total creep strain 
in the second stage as a function of temperature for a creep 
strain of 0.07 at a stress of 5000 psi. The corresponding 
void volumes are included for reference. 


removing approximately 0.01 in. from the radius 
and two removing 0.02 in., on each of six creep 
specimens. The density was measured after the 
removal of each annular layer. The average void 
volume, associated with the mid-radius of each an- 
nular volume of copper, was calculated and Fig. 9 
shows the results for three typical specimens at 
500°C and 3000 psi. The data for Specimens 17 and 
18 correspond to an earlier stage of void growth 
than that shown in Fig. 8(b), while the curve num- 
bered 15 describes the void distribution at the be- 
ginning of the third stage of creep approximated by 
Fig. 8(c). Clearly, there is an abnormally high vol- 


ume of voids near the surface but, in these rela- 
tively large specimens, the surface contribution to 
total volume is small and the average volume ob- 
tained from the entire specimen (shown by the dot- 
ted line in Fig. 9) appears to provide a reasonable 
representation of the average of the distribution. 
An interesting feature of these data is the pro- 
nounced minimum and maximum that appear in all 
six specimens, in approximately the same position 
relative to the surface. 


Effect of Atmosphere on Void Volume—Because of 
the very large number of tests required to obtain the 
density data, most of the specimens were introduced 
into the furnace at temperature, which produced a 
superficial oxide film in the period when the furnace 
was being evacuated and refilled several times with 
purified argon—a process requiring several min- 
utes. In order to determine the effect of oxygen on 
void volume, two specimens were strained at 500°C in 
air for 69 and 91 hr, respectively. The void volumes, 
determined after removal of the oxide film in dilute 
nitric acid, Table VII, were completely consistent 
with those obtained from tests in argon, as shown in 
Fig. 3 for 2000 psi. Furthermore, microscopic ex- 
amination of cross-sections indicated that the dis- 


tribution of voids at grain boundaries was the same 
for both argon and air atmospheres. 
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Fig. 8—Distribution of voids near the 
surface of OFHC copper, as a function of 
time and strain at 5000°C. X100. Reduced 
approximately 50 pet for reproduction. 
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In order to evaluate the possible influence of re- 
sidual oxygenin the OFHC copper, comparison tests 
were made in argon and in hydrogen; in order to 
eliminate from consideration oxygen introduced dur- 
ing the test these specimens were placed in the fur- 
nace chamber at room temperature, the atmosphere 
was established and the temperature raised to 
500°C. Comparative results are given in Table VII 
for 22 and 34 hr at 500°C and 3000 psi. The void 
volume at a strain of 0.0623, from the data in Fig. 
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Fig. 9—Void volume as a function of distance from the 
specimen surface. Average void volumes for the entire 
specimen are indicated by the dotted lines. 
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3, is 670 X10 ° per g, which should be compared 
with the void volume of 843 x 10° cm’ per g ob- 
tained in a hydrogen atmosphere at the same strain: 
at approximately twice the strain, argon and hydro- 
gen again differ (2419 to 2520) x10 °cm’ per g. 

The differences at both strains, 173 and 101 x 10° ° 
cm’® per g, indicate that the residual oxygen in OFHC 
does have an effect on void production in a hydrogen 
atmosphere; however, the effect is approximately the 
same for the two conditions examined and is respon- 
sible for only a small fraction of the total volume of 
voids produced. 

Effect of Purity on Void Volume—Comparative 
tests with three different types of pure copper 
were made at 500°C at 3000 psiand an apparent strain 
of 5 pct. An argon atmosphere was maintained 
throughout the test and specimens were introduced 
and removed from the furnace chamber at room 
temperature to prevent oxidation. The different 
types of copper were prepared in the following man- 
ner: 

1) Selected OFHC copper was melted in graphite 
and stirred under a vacuum of 10° * mm for 1 hr and 
cast in vacuum. The resulting ingot, 2 in. in diam 
by 12 in. long, was cold rolled to 0.63 in. diam rod 
from which creep specimens were machined. 

2) High-purity copper was obtained from American 
Smelting and Refining Co.in the form of 0.75-in. rod 
from which specimens were machined without fur- 
ther treatment to avoid contamination. 

3) Resnick and Seigle® had previously shown that 
the number of voids produced during creep of 70/30 
brass, solidified from the bottom, was significantly 
less than the number formed in commercial rod. 
This experiment was repeated with OFHC copper 
which was melted in a graphite crucible and solidi- 
fied from the bottom by lowering through a furnace; 
2 in. were cut from the top of the resulting single 
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Table VII. Creep and Density Data! for Specimens Strained in Atmosphere of Hydrogen, Argon, and Air at 500° C 


Density, Wolunie 
Specimen Straine Base 8.9300 g per cm’, Voids x 10°, 
Number Atmosphere Stress, Psi Time, Hr In per In Creep Change cm? per g 
90 Argon 3000 21.92 0.0551 8.8846 0.0454 5/254 16 
91 Hydrogen 3000 21.92 0.0623 8.8633 0.0667 843 + 16 
86 Argon 3000 33.92 0.1120 8.7412 0.1888 2419 + 16 
87 Hydrogen 3000 33.92 0.1116 8.7335 0.1965 2520 + 16 
105 Air 2000 91.42 0.0676 8.8442 0.0858 1086 + 16 
104 Argon 2000 89.08 0.0646 8.8512 0.0788 997 + 16 
103 Air 2000 69.33 0.0480 8.8866 0.0434 547 + 16 
100 Argon 2000 69.33 0.0463 8.8891 0.0409 SISEa6 


‘Grain size: 0.050 + 0.005 mm. 


crystal, and the remainder remelted and again 
solidified from the bottom. The twice melted and 
solidified crystal was cold rolled from 1-in. to a 
0.63-in. diam rod from which creep specimens 
were prepared. 

As a consequence of the different methods of prep- 
aration the grain sizes of these specimens estab- 
lished in the creep furnace prior to applying the load 
were different but the results, shown in Table VIII 
leave little doubt of the pronounced effect of prior 
treatment: 1) the time required to attain a strain of 
about 5 pct varies remarkably among the different 
types of copper; 2) the volume of voids produced by 
the same strain is very greatly affected by direc- 
tional solidification; 3) purification by vacuum melt- 
ing and casting is effective in reducing void produc- 
tion but not nearly to the extent effected by direc- 
tional solidification of standardOFHC copper in which 
the void volume corresponds to the limit of sensitiv- 
ity in density measurement. Since the AS and R cop- 
per contained long columinar grains, and it was not 
subsequently recrystallized, it is uncertain whether 
the absence of voids is due to the high purity or to 
the structure. 


DISCUSSION 


Nucleation— These experiments provide a meas- 
ure of total void volume averaged over an unknown 
distribution of void sizes, distance between voids, 
and averaged over the volume of the specimen; they 
do not, therefore, provide a direct evaluation of 


Table VIII. Void Volume Produced in Different Types of Copper 
by Creep at 500°C and 3000 Psi 


Density, 


3 Volume 
Time, Strain, Base 8.9300 g per cm Voids x10°, 

Material Hr InperIn Creep Change cm’ per g 
Vacuum Cast OFHC Copper’ 35.72 0.0488 8.9200 0.0100 116 + 16 
Recrystallized Single Crys- 170.40 0.0425 8.9288 0.0012 15 + 16 
tal of OFHC Copper, twice 
solidified from the bottom? 
American Smelting and 4.30 0.0487 8.9287 0.0013 16 + 16 
Refining Company High 
Purity Copper’ 
OFHC Copper,* Table VII 21.92 0.0551 8.8846 0.0454 572+16 


‘Mixed grain size, 80 pct 0.045 mm, 20 pct 0.070 mm, equiaxed. 
*Mixed grain size, 75 pct 0.070 mm, 25 pct 0.150 mm, equiaxed. 
*Longitudinal columinar grains. 

“Equiaxed grains, 0.050 mm. 


620-VOLUME 221, JUNE 1961 


detailed mechanistic processes of void nucleation 
and growth. Nevertheless, certain limiting condi- 
tions cen be derived from the data. 

The fact that a measurable volume of voids was 
not produced by 15 pct strain in a single crystal 
implies that vacancies do not condense in the ab- 
sence of nucleating sites, and/or that lattice diffusion 
is unable to transport sufficient material at 500°C. 
From the other experiments it appears that both 
nuclei and grain boundary diffusion are necessary 
conditions for void growth. 

Introducing grain boundaries by recrystallization 
of a single crystal did not result in the production of 
a measurable volume of voids as a consequence of a 
creep strain of 4 pct under the same conditions that 
produced a relatively large volume of voids in poly- 
crystalline copper without prior directional solidifi- 
cation. Thus, it appears that the presence of grain 
boundaries is not, in itself, a sufficient cause for 
nucleation and growth of voids. A second phase, lo- 
cated at the boundary, is also required. 

Since the structure of the high-purity AS and R 
copper consisted of large, longitudinal grains, it is 
uncertain whether the absence of voids in this ma- 
terial is a consequence of the higher purity, or the 
structure associated with the method of production. 
It may well be that the composition represented by 
spectrographic analysis is not relevant to the prob- 
lem in the comparatively high-purity material used 
through this investigation since the void volume of 
OFHC copper was reduced from about 500 X10 © 
em® per g to essentially zero in the same material, 
under the same creep conditions, by directional 
solidification alone. 

Oxygen in the gas phase or as a surface oxide ap- 
pears to be excluded as the cause of voids since 
large quantitities of oxygen (air) have only a small 
to negligible effect on void volume. Furthermore, 
voids were produced in vacuum melted and cast 
OFHC copper, whereas voids did not appear in re- 
crystallized OFHC copper after directional solidifi- 
cation in a graphite mold in air. 

Assuming that all included copper oxide was re- 
duced during creep in a hydrogen atmosphere, the 
relatively large remaining void volume represented 
by the difference between tests in hydrogen and in 
argon indicates that included copper oxide is not en- 
tirely responsible for voids. However, the pro- 
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Fig. 10—Wedge shaped void formed at specimen surface as 
a result of relative movement of grains along grain bound- 
aries, shown by displacement of fiducial marks. X1000. 
Enlarged approximately 6 pct for reproduction. 


nounced effect of directional solidification, as pre- 
viously observed in brass by Resnick and Seigle,° 
and ascribed to zinc oxide, supports the conclusion 
that some insoluble phase is responsible for the nu- 
cleation of voids at grain boundaries. The identity 
of this phase, or phases, remains unknown in spite 
of all efforts to identify it in the present investiga- 
tions. 

Void Growth—Hull and Rimmer, * by conducting 
experiments under the simultaneous application of 
axial tension and hydrostatic pressure, have shown 
that the growth of voids is prevented when the net 
normal stress across a boundary is zero. Following 
Balluffi and Seigle’* they conclude that void growth 
and subsequent fracture can be explained in terms 
of vacancy condensation at suitable nuclei located in 
the grain boundary; in this mechanism the source of 
vacancies is the boundary itself and the vacancy cur- 
rent is directed to the growing void by the stress 
acting across the boundary. 

The evidence from the present experiments that 
voids form initially in an annular ring immediately 
below the surface, and that the number of voids in- 
creases in time along the radius of the cylindrical 
specimen, indicates that the free surface is the ulti- 
mate source of vacancies. The fact that transport 
of atoms away from the voids is predominantly by 
way of the boundaries is substantiated: 1) by the rela- 
tively low value of the apparent activation energy 
for void growth (29,000 cal per mole compared with 
47,120 cal per mole” for self-diffusion), 2) by the 
absence of voids in single crystals and, 3) by the value 
of ratio 
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Fig. 11—Different shapes of voids at a grain boundary due 
to deformation and shearing of grains. X400. Enlarged 
approximately 6 pct for reproduction. 


Dy 


Dz 


for the two modes of transport at 500°C. D; and Dz 
are the lattice and the grain boundary diffusion coef- 
ficients, respectively; pis the void radius, and 6, 
the width of the grain boundary (assumed 5 x 107° 
cm by Hoffman and Turnbull).*® At 500°C, Dp 6, = 
3 cm*sec™* for silver’® and, presumably, this 
value may be used for copper without significant 
error. Assuming with Hull and Rimmer, an ex- 
treme upper limit for p = 10 “cm, and D, for cop- 
per single crystals = 0.2 exp (47,120/RT),’° the con- 
tribution to transport from lattice diffusion at 500°C 
is 4 pct of the total. Thus, to a first approximation, 
lattice diffusion can be neglected and grain bound- 
aries are essential to the process in this tempera- 
ture range. 

The remaining problem regarding the contribu- 
tion of boundary shear to the growth of voids is dif- 
ficult to evaluate because of the simultaneous opera- 
tion of different modes of strain in the intermediate 
range of temperatures where these experiments 
were conducted. Boundary shear is also an activated 
process and Harper’ gives an activation energy of 
31,000 cal per mole for boundary sliding in copper; 
this value should be compared with 29,000 cal per 
mole for void growth and second stage strain rates 
from the present experiments, Fig. 5. Thus the 
evidence for voids associated with boundary shear 
in copper, Figs. 10 and 11, may nevertheless result 
from the diffusional transport mechanism directed 
by the stress across the boundary. The location of 
voids, relative to the applied stress and to the shape 
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of grains, may only be indicative of locations where 
stress is concentrated by boundary shear at ledges 
in the boundary plane and at the line of junction of 
three grains. Once voids have formed, the additional 
degree of freedom allows grains to move under local 
forces, providing a great variety of void shapes and 
locations, 


CONC LUSIONS 


1) The change in density of copper single crystals, 
strained 15 pct by either single or conjugate slip 
processes, is less than the sensitivity of measure- 
ment, or less than 0.01 pct. For similar conditions 
of temperature and strain the change in density of a 
polycrystalline aggregate of copper ranges from 0.5 
to 22 pct. 

2) The void volume produced in four different bars 
of OFHC copper is a monotonic function of apparent 
strain at constant stress and temperature; the time 
required to produce a given void volume varies by a 
factor of two or more between different lots of ma- 
terial, and the same stress and temperature. 

3) Void volume increases continuously, with strain, 
beginning in the first stage of the creep process. 

4) The radial distribution of voids (in a plane nor- 
mal to the direction of the applied force) is not uni- 
form; void volume is a maximum at the surface and 
appears to reach another, lower maximum, at 0.05 
in. from the surface of a 0.5 in. diam cylindrical 
specimen. 

5) The volume of voids produced in a polycrys- 
talline aggregate of copper undergoing creep in the 
temperature range of 0.5 to 0.67\yp is extremely 


The Solubility of Hydrogen 


sensitive to the method of preparation, and/or pu- 
rity. Directional solidification of OFHC copper from 
the bottom reduces the volume of voids to the limit 
of sensitivity of measurement (16 X 10° cm® per g), 
under conditions that result in 500 x 107° cm® per g 
of voids in the same material produced by conven- 
tional methods. 
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in Alpha Iron 


Equilibrium concentrations of hydrogen in iron were 
measured at H, pressures up to 136 atm and temperatures 
down to 145°C. Residual hydrogen was prominent near 600°C 
in air-melted but not in vacuum-melted iron. The diffusible 
hydrogen solubility is abnormally high below 390°C, confirm- 
ing the hypothesis of hydrogen trapping.’ It appears that the 


traps for hydrogen in iron form suddenly on cooling. The es- 


M. L. Hill 


timated H, pressure in equilibrium with 5 ppm hydrogen in 


steel at room temperature is less than 1000 atm. 


Ir was shown previously! that the diffusivity of hy- 
drogen in a-Fe below 200°C is anomalously low, a 


behavior attributed to the presence in the metal struc- 


ture of hydrogen ‘‘traps.’’ The energy of the trapped 
hydrogen was computed as 4.8 kcal per g-atom be- 
low that of the interstitially dissolved hydrogen. 

M. L. HILL, Member AIME, formerly at the Westinghouse 
Research Laboratories, is presently Staff Metallurgist at the 
Johns Hopkins University Applied Physics Laboratory, Silver 
Spring, Md. E. W. JOHNSON, Member AIME, is Advisory 
Physical Chemist, Westinghouse Research Laboratories, Pitts- 
burgh 35, Pa. 

Manuscript submitted October 12, 1959. IMD 


622-VOLUME 221, JUNE 1961 


E. W. Johnson 


The strongest confirmation of the trap hypothesis 
should be obtainable from measurements of the hy- 
drogen solubility at low temperatures. Such meas- 
urements have been performed and are reported in 
this paper. The ‘‘residual hydrogen’’ effect’? must 
be carefully controlled if valid measurements of the 
solubility are to be obtained, and such an effort was 
made in the present work. 

Previous data for the solubility of hydrogen in 
iron have been summarized by Geller and Sun.® Their | 
equation for the most probable solubility at 1 atm in 
a-Fe above 400°C is 
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Co (ppm) = 42.7 exp(—6500 cal per g-atom/RT) [1] 


in which c, is the equilibrium hydrogen concentra- 
tion, R is the gas constant, and T is absolute tem- 
perature. More recently Eichenauer, Ktinzig, and 
Pebler* have measured the solubility of hydrogen in 
Armco iron at temperatures down to 200°C and ob- 
tained the relation 


[2] 


Both of these equations as well as the diffusivity 
above 200°C’ are consistent with the view that at 
high temperatures in the a range the hydrogen is 
dissolved in the iron lattice interstices. The con- 
formance of the solubility to Sieverts’ law, i.e. 


=Kp? 


Co (ppm) = 27.8 exp(—5800 cal per g-atom/RT) 


[3] 


in which p is the Hz pressure and K is an equilib- 
rium constant depending on temperature only, indi- 
cates that the dissolved hydrogen is in the form of 
single atoms or ions. At lower temperatures in the 
a range, however, the diffusivity is consistent with 
the view that the hydrogen is ‘‘trapped.’’* 


EXPERIMENTAL 


The unalloyed iron specimens for the present study 
were from the same heats and prepared in the same 
ways as those for the diffusivity measurements re- 
ported previously.’ All specimens were solid cylinders 
of length equal to diameter from 1/4 to 3/4 in. 

The solubility measurement technique consisted of 
charging the specimens to their equilibrium hydrogen 
contents in Hz at known temperatures and pressures, 
water quenching, and analyzing the specimens for 
hydrogen. Both ‘‘thermal’’ and ‘‘pressure”’ charging»° 
were used, the former above 600°C and the latter 
below this temperature. In both methods the speci- 
men temperature was controlled within +5°C and the 
Hz pressure within +5 pct. 

Hydrogen analyses were performed by heating the 
specimens in vacuum and analyzing the evolved gas. 
The fused-silica, glass and mercury vacuum analyti- 
cal apparatus for this purpose has been described.» *® 
The apparatus blank correction was below 0.01 ppm H. 

Hydrogen analyses resulting from thermal charging 
above 1000°C were independent of specimen size 
above 1/4 in. Slighly lower values from smaller 
specimens were due presumably to hydrogen losses 
during cooling. Hence all thermally charged speci- 
mens examined in the present study were at least 
1/2 in. in diam. A blue oxide coating that formed on 
these specimens during quenching was abraded off 
at a temperature below 0°C, as indicated by the 
persistence of a frost layer during abrasion. 

Pressure-charged specimens as small as 1/4 in. 
showed no size dependence of the analyzed hydrogen 
content and did not oxidize noticeably during cooling. 
These specimens were not abraded prior to analysis. 

Just prior to insertion into the analytical apparatus 
through the mercury lift, each specimen was removed 
from liquid nitrogen storage, warmed to room tem- 
perature in water, and rinsed with acetone and dried. 
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Table I. Hydrogen Content of Thermally Charged Iron, AMI, AM2 and AM3 


Charge T, Ave. H, Content, No. Ave. Dev., Max. Dev., 
ie) ppm Samples Pct Pct 
600 1.25 3 0 0 
610 1,3 0 
660 1 - 

877 2.55 2 5.9 
971 4.45 2 3.5 
1066 Shs) il 
1079 5.6 2 1.8 
1152 6.25 2 Des 
1166 6.35 2 0.8 
1191 6.8 1 
1202 6.9 9 3.0 Ted 
1262 7.4 3 
1312 8.0 2 0 
1346 8.1 5 2.0 3.7 
1362 8.2 2 0 
1371 8.5 2 2.4 


Collection of the evolved gas was started immediately. 
Moisture was collected in a liquid nitrogen trap and 
not added to the hydrogen analysis, as previous tests 
had shown that such moisture originated from the 
specimen surface rather than from the hydrogen in 
the specimen, 

The possibility of errors due to specimen surface 
impurities was checked by repeating the hydrogen 
analysis procedure on previously vacuum-extracted 
(uncharged) specimens that were again subjected to 
the various steps of oxidation, abrasion, rinsing, and 
so forth. The resulting hydrogen analyses were al- 
ways below 0.1 ppm and averaged 0.05 ppm. 


RESULTS 


Hydrogen Solubility in y Fe—As a check on the 
effectiveness of the charging and analysis procedure, 
solubility measurements for y Fe at 1 atm He were 
obtained with the aid of thermal charging. The re- 
sults are listed in Table I as values of the equilibrium 
hydrogen concentration c,, and plotted as logc, vs 
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Fig. 1—1-atm solubility of hydrogen in iron as de- 
termined by thermal charging. 
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1/T in Fig. 1. The solid curve in Fig. 1 represents 
the ‘‘most probable”’ literature solubility at 1 atm 


as given by Geller and Sun. Their equation for y Fe 
is 


Co (ppm) = 42.7 exp(—5400 cal per g-atom/RT) [4] 


The least-squares equation for the present experi- 
mental points for y Fe is 


Co (ppm) = 59.4 exp(-—6360 cal per g-atom/RT) [5] 


The 95 pet confidence limits are 52.5 and 67.25 ppm 
on the intercept, and 6000 and 6720 cal per g-atom 
on the slope. 

Since the discrepancies between the present data 
and Eq. [4] are generally less than the assumed 
experimental error of 5 pct, it is concluded that the 
present specimens acquired their equilibrium hydro- 
gen contents during charging and that they lost no 
Significant amounts of hydrogen between the times 
of charging and analysis. 

Residual Hydrogen—As noted previously,* residual 
hydrogen was prominent in air-melted iron speci- 
mens pressure-charged near 600°C. Its behavior is 
indicated by the following long-term experiment: 
Three 0.5 in.-diam air-melted Specimens were 
charged in 66 atm Hp at 550°C for 167 hr and subse- 
quently analyzed for hydrogen after varying periods 
of room-temperature storage. Specimen No, 1 was 
analyzed immediately by vacuum extraction at 600°C 
for 1.5 hr, during which 14.7 ppm H was recovered, 
followed by 1 hr at 850° where an additional 12.5 ppm 
was obtained. The other two specimens were stored 
in an air-filled desiccator at room temperature for 
1.5 and 2 years respectively. Specimen No. 2 yielded 
3.4 ppm H during 1.5 hr extraction at 500°C and an 
additional 15.1 ppm at 850°C. Specimen No, 3 yielded 
7.0 ppm in 1.5 hr at 600°C and 12.3 ppm at 850°, 

The evolution rate of diffusible hydrogen from such 
specimens’ is such that at least 99.9 pct of the diffusi- 
ble hydrogen should have been evolved in only 17 days 
at room temperature. Hence the 19 ppm H found in 
specimens 2 and 3 was entirely residual. The ap- 
proximately 8 ppm additional hydrogen found in Speci- 
men No. 1 was thus diffusible hydrogen, as is indi- 
cated also by the fair agreement of this figure with 
the solubility value of 6.5 ppm (at 66 atm and 00 ..C) 
computed from Eqs. [1] and [3]. 

During pressure charging at 600°C, the residual 
hydrogen concentration increased gradually to a max- 
imum in 50 to 100 hr. This maximum varied from 3 
to 19 ppm in the different heats of air-melted iron. 
The rate of residual hydrogen formation was im- 
measurably small below 400°C. 

Above 600°C, pressure charging was not attempted 
in view of the pressure vessel limitations, and l-atm 
charging was used. The resulting residual hydrogen 
contents never exceeded 0.3 ppm at charging temper- 
atures up to 1300°C. Thus the residual hydrogen con- 
centration appears to be proportional to p’*° at least. 

Fig. 1 shows that the hydrogen contents resulting 
from 1-atm charging at 600°, 610°, and 660°C ex- 
ceed the previous literature values by about 0.2 ppm, 
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which may now be accounted for as residual hydro- 
gen. The fact that no such difference was found at 
877° or any higher temperature is consistent with 
the observation that above 800°C the residual hydro- 
gen is liberated rapidly into vacuum and is thus un- 
stable. 

In contrast with the above results on air-melted 
iron, the analyzed* residual hydrogen contents of the 


*This analysis was performed by vacuum extraction of the diffusible 
hydrogen at 550° to 600° C for 1 to 2 hr followed by vacuum heating 
above 800° C. Hydrogen extracted during the latter step was considered 
residual, as discussed previously.” 
vacuum-melted iron specimens never exceeded 0.3 
ppm. The possibility that residual hydrogen is as- 
sociated with oxygen was checked by pressure charg- 
ing a special vacuum-melted heat containing 0.12 pct 
O, but no more than 0.1 ppm residual hydrogen was 
found. 

Mechanical testing of iron containing over 5 ppm 
residual hydrogen showed the material to be com- 
pletely brittle, failing by 100 pct grain boundary 
fracture at loads below the yield stress. The effect 
was independent of the presence of diffusible hydro- 
gen but could be eliminated entirely by removing the 
residual hydrogen by heating in vacuum above 800°C. 
The effect was similar to the grain-boundary weaken- 
ing phenomenon due to hydrogen described by Stan- 
ley. 

Low-Temperature Solubility—Previous measure- 
ments of the solubility of hydrogen in @ Fe have been 


Table Il. Hydrogen Contents of Pressure-Charged VM-3 Iron 


Charging Conditions Niaber Average 
Tempera- H, Pressure, Time, Concentration of Devia- 
ture, °C p, Atm Hr Co» ppm Specimens tion, Pct 

585 136 18 1553 8 0.6 
124 17; 122 4 0. 

123 255; 11.9 5 4.2 

119 Pas 12.4 12 1.6 

99 5 10.8 5 0.6 

73 18 8.83 3 1.9 

48 17 7.25 3 0.5 

4.81 3 1.0 

538 107.5 22 8.4 4 IE? 

24.5 24 3.8 4 333 

490 93 100 5.9 5 3.9 

24 6 2.9 6 6.4 

390 118 7 Sal 3 0.7 

107 5 3.48 2 1.6 

98 16.5 3.64* 2 bal 

69 3 V3 

59 2208 2.41 3 0.2 

9 2 0.4 

290 107 120 SpSV/ 3 0.4 

107 46 S25 4 

24 144 1.45 3 6.9 

210 124 43 2.84 3 7.9 

111 47 2.61* 2 10.2 

47 2 4.9 

92 96 2.14 5 6.5 

65 Us 2.28 2 9.6 

58 17 1.60* 3 1.9 

145 120 174 1.92* 4 8.3 

120 174 1.68 2 18.5 

59 70 0.95 3 13.7 

48 244 0.86* 2 IBS! 

48 244 1.04 3 Ig 


*Precharged at 92 atm, 585°C prior to final charging, 
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Log c, (ppm) for 290° Isotherm only 


100 atm. 

| | 

Log p (atm) 


Fig. 2—Solubility of hydrogen in iron at 145° to 
585°C: isotherms of log cy vs log p. (Note that the 
right-hand scale applies to the 290° isotherm only.) 


generally limited to the temperature range above 
400°C because of the low solubility and consequent 
low sensitivity of measurements below this tempera- 
ture. Classical measurement techniques such as that 
of Sieverts® are based on gas-volume difference 
measurements which are subject to serious losses 
of precision as the solubility and the measured dif- 
ferences become small. An exception is the recent 
study of Eichenauer et al.,* in which the solubility 
was measured directly by analysis at temperatures 
down to 200°C. 

In the present work the equilibrium hydrogen con- 
tent was also measured directly. Increased sensi- 
tivity was obtained by the use of pressure charging, 
which permitted the solubility to be measured at 
temperatures down to 145°C. 

A total of 118 specimens from heat VM-3 were 
charged at various Hz pressures between 22 and 136 
atm and at temperatures from 585° to 145°C, as 
shown in Table II. To assure that the resulting hy- 
drogen contents were equilibrium values, the speci- 
mens denoted by (*) in Table II were preliminarily 
charged at 92 atm and 585°C to about 10 ppm H be- 
fore being exposed to the lower temperature charg- 
ing conditions. The final hydrogen contents of these 
Specimens were thus approached from above, while 
those of the remaining specimens were approached 
from below. 


The primary results are given in Table II as values 
of the equilibrium hydrogen content c,. Each c, value 
listed is an average from two or more specimens that 
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Table Ill. Solubility of Hydrogen in @-Fe at 100 Atm Hy 


95 Pct Confidence 
100-Atm Solubility 


Tempera- Limits of Log c, 
ture, °C n Co, Ppm Log c, 
585 0.57 10.98 1.041 0.014 0.002 
538 0.54 8.08 0.907 0.023 0.010 
490 O52 6.13 0.787 0.067 0.029 
390 0.63 3.44 0.537 0.014 0.004 
290 0.55 3.19 0.504 0.138 0.047 
210 0.56 2.36 0.372 0.120 0.030 
145 0.75 1057, 0.195 0.165 0.043 


were charged together. The number of specimens 
contributing to each average and the mean deviations 
are also given. The deviations at the lower temper- 
atures are generally larger than the +5 pct experi- 
mental error of the individual measurements. 

A log-log plot of the isothermal average values of 
C, VS p is shown in Fig. 2. The heights of the tails 
on the plotted points represent the mean deviations, 
and the widths of the tails correspond to the number 
of specimens contributing to each point. The linear 
isotherms were determined by the least-squares 
method on the assumption that the solubility at each 
temperature is proportional to p”, in which 7 isa 
constant. The results of this treatment are given in 
Table III, in which 7 is seen to be higher than the 
Sieverts’ law value of 1/2 at all seven temperatures. 

The 100-atm solubility (rather than the 1-atm 
solubility) is given in Table III because it can be de- 
termined with satisfactory precision by interpolation 
in the present pressure range. This precision is in- 
dicated by two sets of 95 pct confidence limits of 
log cy (at 100 atm) in Table III. The values of “+L,” 
are the limits within which any individual determina- 
tion of log cy would be expected to fall 95 pct of the 
time. The values of ‘‘+Z,’’ are the 95 pct confidence 
limits of the average values of logcy as based on the 
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Fig. 3—Solubility of hydrogen in @ iron at 100 atm. 
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assumption that the scatter of the individual measure- 
ments is statistically normal. 

The 100-atm values of logc, are plotted against 
1/T in Fig. 3. The heights of the plotted rectangles 
represent +Z,, and the tails above and below the 
rectangles represent +L;. 

Fig. 3 also includes solubility values for 1 atm 
plotted one logarithmic cycle above their normal 
positions to represent the 100-atm solubility as com- 
puted from Sieverts’ law. Of these, the dashed line 
represents Eq. [1], and the circles are the results of 
1-atm charging air-melted iron, Table I. 

The most unusual aspect of the 100-atm isobar in 
Fig. 3 is that it consists of two distinct branches 
occurring respectively above and below 390°C. The 
points above 390°C are all quite close to the pressure- 
extrapolated 1-atm isobar but slightly above it in 
conformance with the small positive deviations of n 
from 1/2. On the other hand, all the points below 
390°C are very significantly higher (by up to 0.96 
log unit, or a factor of 9 at 145°C) than the extension 
of the higher temperature branch of the curve. This 
discrepancy is well outside the range of experimental 
error or uncertainty due to the scatter of the data, as 
is clearly indicated by the large gap between the 
dashed line in Fig. 3 and the 95 pct confidence limits 
of the present data. 

The abnormally high solubility below 390°C is in 
excellent accord with the hypothesis of hydrogen 
trapping in @ iron at low temperatures, and it 
strongly confirms this hypothesis. The solubility is 
thus consistent with the anomalously low diffusivity 
occurring in roughly the same temperature range.’ 


DISCUSSION 


Residual hydrogen has been widely known in con- 
nection with the analysis of steels for hydrogen. It 
is chiefly responsible for the lack of acceptance in 
this country of the ‘‘warm extraction’’ analytical 
method, in which only the hydrogen evolved during 
heating in the a range is measured. The residual 
hydrogen is not all removed in this procedure, and 
preference has been given to analytical techniques 
in which all the hydrogen may be recovered, an ex- 
ample being ‘‘tin fusion.’’” 

The present observations on residual hydrogen are 
in good accord with those in the literature. Geller 
and Sun* noted that ‘‘non-diffusible’’ hydrogen can be 
extracted only above 800°C and is ‘‘obviously more 
firmly combined.’’ This temperature is above the 
a-y transformation of most steels. If temperature 
alone is decisive, therefore, the present observations 
are consistent with those made previously on steel 
to the effect that residual hydrogen is extractable 
only above the transformation temperature.® 

It has been suggested’ that residual hydrogen is 
associated chemically with an impurity in the air- 
melted iron as a compound that decomposes rapidly 
above 800°C. An obvious possibility is that the com- 
pound is HO resulting from the reduction of FeO by 
dissolved hydrogen, and indeed such a reaction is 
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thermodynamically feasible. However, the oxygen 
contents of all the vacuum-melted heats were suffi- 
cient to form large amounts of H2O, but very little 
residual hydrogen formed. An extreme case was the 
vacuum-melted heat containing 1200 ppm O, which 
also failed to form a significant quantity of residual 
hydrogen. Thus the identity of the compound is still 
uncertain. * 

*A possibility is that the compound is methane, as seems suggested 
by recent work by H. H. Podgurski in Trans. Met. Soc. AIME, 1961, 

Vol. 221, p. 389. 

The rate of residual hydrogen formation is very 
low below 500°C and increases rapidly with tempera- 
ture. The maximum residual hydrogen content 
charged near 600°C may thus be attributed to a bal- 
ance between the respective kinetic and equilibrium 
factors. 

Residual hydrogen interference in the measure- 
ment of the true or diffusible hydrogen solubility 
near 600°C is difficult to avoid. The fact that the 
circles in Fig. 3 are above the literature curve is 
presumed due to residual hydrogen. The point for 
vacuum-melted iron at 585°C and 100 atm is simi- 
larly high. Since residual hydrogen concentrations 
exceeding 0.3 ppm were not found in any vacuum- 
melted iron specimens by analysis, it now appears 
that up to 1 ppm residual H may have been formed 
during pressure charging at 585°C and then evolved 
during the 600°C vacuum extraction at a sufficiently 
high rate to be indistinguishable from the diffusible 
hydrogen. A related observation is that the points 
for 585°C in Fig. 2 are suggestive of an isotherm 
Slope increasing slightly from 1/2 with increasing 
pressure, as would be expected if a small amount of 
residual hydrogen were present at a concentration 
proportional to p, This tendency is not seen at either 
538° or 490°C, where the values are both more 
nearly 1/2 and also the 100-atm solubilities agree 
better with the pressure-extrapolated literature data. 

The above evidence for the formation of residual 
hydrogen in vacuum-melted iron contradicts our pre- 
vious statements” that residual hydrogen does not 
occur in such material. The amount that apparently 
does form is small, however, compared with that in 
air-melted iron. 

The chemical fixing of residual hydrogen in steel 
probably occurs during cooling between 800° and 
500°C. If the steel is quenched through this range, 
very little residual hydrogen should form and nearly 
all the hydrogen in the material should remain dif- 
fusible. If the steel is slowly cooled, however, ex- 
tensive conversion of diffusible to residual hydrogen 
probably occurs. 

Previously reported residual hydrogen contents in 
steel generally do not exceed 1 ppm. The present ex- 
periments are unique in demonstrating that up to 19 
ppm residual H may be formed in air-melted iron by 
prolonged holding at 600°C under Hz pressure levels 
corresponding to diffusible hydrogen concentrations 
approximating 7 ppm. 

The common form of hydrogen embrittlement of 
steel is related to hydrogen diffusion.» *° Residual 
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hydrogen must be essentially immobile at the low 
temperatures where this embrittlement is observed, 
and so it cannot contribute to the embrittlement ef- 
fect. On the other hand, residual hydrogen seems 
responsible for a serious grain boundary weakening 
phenomenon. In view of these separate effects it is 
desirable that the analysis of steel for hydrogen in- 
clude separate determinations of both diffusible and 
residual hydrogen. 

Solubility—The reliability of the solubility meas- 
urement technique employed in this work is indicated 
by the consistency of the results of charging in the 
y Fe range, Table I and Fig. 1. These solubilities 
are slightly higher than the literature values at the 
upper end of the y range and slightly lower at the 
lower end, suggesting that there is no simple system- 
atic error attributable to the present measurement 
technique. A further indication of the reliability is 
the fact that the a-range solubility values at 877°, 
538°, 490°, and 390°C are all quite close to the re- 
sults of combining Eqs. [1] and [3]. 

The abnormally high solubility below 390° was an- 
ticipated from the previous finding that the diffusivity 
at low temperatures is anomalously low, being con- 
sistent with the hypothesis that the hydrogen in the 
iron is trapped.* Additional aspects of the low-tem- 
perature solubility anomaly are the specimen-to- 
specimen variability or scatter and the positive de- 
viations of the pressure exponent m from the Sie- 
verts’ law value of 1/2. 

The scatter of the solubility data at 145°, 210°, 
and 290°C is similar to that of the diffusivity in the 
same temperature range.’ The cause of the latter 
was postulated to be an abrupt transition between 
nontrapping and trapping behavior occurring at dif- 

_ ferent temperatures in the different specimens, Ad- 
_ ditional evidence for this hypothesis is seen in the 
shape of the solubility isobar, Fig. 3, which is not 
consistent with the idea that the number of traps is 
constant over the entire a Fe range. It suggests 
rather that there are practically no traps above 390°C 
and that the traps in each specimen are formed sud- 
denly as the material is cooled. 
| The positive deviations of the pressure exponent 
n from 1/2 are consistent with many previous ob- 
servations on permeation rates. The pressure de- 
pendence of the permeation rate is theoretically 
equal to that of the solubility alone. Ham and Rast” 
noted that different specimens exhibited different 
values of n as high as 0.555 at 500°C and that n in- 
creased with decreasing temperature to as high as 
1.08 at 200°C. Chang and Bennett’* noted that n ap- 
peared to pass through a transition from 0.5 to 1.0 
with decreasing temperature. 

We have stated that the energy of the trapped hy- 
drogen relative to the interstitial hydrogen is —4.8 
kcal per g-atom. This was obtained by subtracting 
the diffusion activation energy for the temperature 
range above 200°C from that for the range 25° to 
200°C.’ The enthalpy of the trapped hydrogen rela- 
tive to Hz, gas, AH;, should then be 4.8 kcal less than 
the heat of solution of the interstitial hydrogen, AH,. 
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Eq. [1] indicates that AH; is +6.5 kcal for the tem- 
perature range 400° to 900°C. Corrections for heat 
capacity differences (AC,) modify this to about +5.5 
kcal at 175°C. Thus AH; is about 5.5 - 4.8 or +0.7 
kcal per g-atom. 

An independent determination of AH; should be 
obtainable from the present solubility data. Only a 
rough estimate is possible, however, because of 
the scatter of the data and the fact that the useful 
temperature range is still quite narrow. Our tenta- 
tive estimate of 4H; based on application of the 
Clausius-Clapeyron equation at 210° and 145°C is 
+1.0 kcal per g-atom. This approximately confirms 
the previous figure of +0.7 kcal. Such consistency 
is not found at 290° or any higher temperature, which 
again suggests that the number of traps is not con- 
stant with temperature in this range. 

The above information is useful for estimating the 
solubility of hydrogen in iron and steel at room tem- 
perature. Extrapolation of the present measurements 
indicates that the 100-atm solubility at 25°C is between 
0.5 and 1.0 ppm, of which less than 0.02 ppm is inter- 
stitial. 

The amount of hydrogen in ordinary steel is com- 
monly around 5 ppm. The equilibrium Hz pressure 
associated with this hydrogen concentration at room 
temperature must be several orders of magnitude 
lower than the value usually extrapolated from above 
400°C (as by combining Eqs. [1] and [3]). The room- 
temperature fugacity computed by the latter method 
is 5 x 10” atm, but the present data indicate that this 
fugacity is no higher than 1700 atm, being more 
probably between 500 and 1100 atm. The correspond- 
ing He pressures are below 1000 atm. This finding 
suggests that the common theory of hydrogen em- 
brittlement of steel due to extremely high equilibrium 
Hz pressures is incorrect. 

Physical Nature of the Traps—The present hydro- 
gen traps in iron seem qualitatively similar to those 
in cold-worked iron-carbon alloys, which were postu- 
lated to be cracks formed by piled-up dislocations in 
which the hydrogen is chemisorbed.°® The present 
traps are considerably weaker, however, and their 
reaction with Hz is endothermic, and so they do not 
appear to be chemisorption sites in view of the fact 
that hydrogen chemisorption is exothermic in all 
known cases. Nevertheless, there might still be 
some connection between the traps in a Fe and those 
due to cold work in steel. During plastic straining of 
steel the present traps might migrate through the 
ferrite lattice and coalesce at interfaces with Fe,C 
particles to form the larger and more energetic 
traps characteristic of deformed steel. They would 
thus serve as building blocks for the stronger traps 
in cold-worked steel. 

This behavior of the traps suggests that they are 
dislocations. However, previous estimates of the 
strain interaction of hydrogen with dislocations are 
of the order of only 0.1 ev or 2 kcal per g-atom, and 
such interactions would be detectable only at quite 
low temperatures. “ The present trapping is detec- 
table at 290°C and the interaction energy is 4.8 keal 
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per g-atom. A possible explanation is that the hydro- 
gen is at least partially ionized and has an electro- 
static rather than a strain interaction with the dis- 
locations. 

An additional inconsistency is the seemingly in- 
adequate concentration of the dislocation sites, The 
usually accepted dislocation density in undeformed 
iron is about 10° lines per sq cm, or 5 X 107" dislo- 
cation sites per Fe atom. This is only 1/1000 the 
number of hydrogen atoms present at a concentration 
of 10 ppm. Thus a dislocation density several orders 
of magnitude higher than 10° lines per sq cm must be 
assumed if the traps are actually dislocations. 

It seems less likely that the traps are lattice va- 
cancies. In the temperature range of interest the 
concentration of vacancies varies from 10-8 to 10-5 
per metal atom, which is again several orders of 
magnitude smaller than the number of trapped hy- 
drogen atoms. 

It is possible that the traps are another kind of 
lattice defect, and this has been suggested in effect 
in numerous previous theories of hydrogen in metals. 
D. P. Smith’* has postulated that the hydrogen re- 
sides entirely in a network of interconnecting ‘‘rifts’’ 
created by the hydrogen itself. Our view differs from 
Smith’s in holding that the hydrogen diffuses through 
the lattice rather than through a rift network and is 
situated wholly in the lattice interstices at higher 
temperatures. The possibility of nonconnecting 
“‘rifts’’ is admitted only at lower temperatures 
where the anomalous diffusivity and solubility are 
found, 

Other views of extra-lattice accommodation of the 
hydrogen include the ‘‘planar-pressure occlusion’”’ 
theory of Zapffe*® and the hypothesis of hydrogen ac- 
commodation at subgrain boundaries advanced by 
Andrew and Lee.*” Ham and Rast” postulated that 
the low-temperature anomalies of the permeation 
rate are due to an association of lattice-dissolved 
hydrogen particles accompanying an hypothetical 
“fA, transition.”’ 

Bastien” has noted from X-ray studies that the 
(112) planes in a Fe are slightly tilted in the pres- 
ence of hydrogen but that parallelism of the planes 
is restored as the hydrogen diffuses out of the ma- 
terial. This effect is attributed to a local lattice dis- 
tortion associated with the hydrogen’s occupying and 
expanding the tetrahedral lattice interstices. 

All these views of hydrogen in metals have many 
points in common with the present concept of traps. 
A generally consistent conclusion might be that the 
traps are slightly widened planar lattice spacings 
that form only as the hydrogen-saturated Fe lattice 
is cooled below a certain temperature. Such a mech- 
anism does not require the presence of dislocations 
or vacancies, and there is virtually no limit on the 
number of traps that can be formed if the dissolved 
hydrogen concentration or the external He pressure 
is high enough. 


SUMMARY AND CONCLUSIONS 


Residual hydrogen concentrations up to 19 ppm 
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were produced in air-melted iron by pressure charg- 
ing at 550 to 600°C in 68 atm Hz. The residual hydro- 
gen appears to be a compound that forms at a strongly 
temperature-dependent rate and reaches its maxi- 
mum concentration in 50 to 100 hr at 600°C. The 
compound appears to decompose rapidly above 800°C 
to yield lattice-dissolved or diffusible hydrogen. At 
room temperature the residual hydrogen is immobile 
and cannot contribute to the usual form of hydrogen 
embrittlement, but it seems to have a severe grain- 
boundary weakening effect. 

The solubility of diffusible hydrogen at Hz pressures 
near 100 atm behaves much differently below 390°C 
than above this temperature. Above 390°C the solu- 
bility measurements agree with the results of extra- 
polating previous literature data from 1 atm by means 
of Sieverts’ law, whereas below 390°C the measured 
solubility is abnormally high. This behavior is con- 
sistent with the hypothesis of hydrogen trapping ad- 
vanced previously to explain the anomalously low 
diffusivity of hydrogen in iron below 200°C,* and it 
strongly confirms that hypothesis. 

The abrupt change of the temperature dependence 
of the solubility below 390°C suggests that the hydro- 
gen traps in iron do not exist at the higher tempera- 
tures but form suddenly on cooling. The heat of so- 
lution of the trapped hydrogen, 4H;, is estimated as 
+0.7 to +1.0 kcal per g-atom. Extrapolation of the 
present data to room temperature indicates that the 
equilibrium Hz pressure associated with 5 ppm hydro- 
gen in iron or steel is below 1000 atm. 

The traps in unalloyed iron are qualitatively but 
not quantitatively similar to those in cold-worked 
steel. The traps in the ferrite may be dislocations 
that migrate under an external stress to the FesC 
interfaces in steel and there coalesce to form cracks 
in which the hydrogen is chemisorbed. Alternatively, 
the traps may be widened lattice planes in which the 
hydrogen is segregated. 
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| 
The Melting of Malleable Nickel and Nickel Alloys 


The effects of minor constituents on the malleability of 
nickel alloys are described. These effects are related to the 
atomic diameter, valence, and position on the Periodic Table. 
The basic methods for vemoval or neutralization of deleterious 


elements are then reviewed. Finally, practical methods for 


C. G. Bieber 


melting nickel alloys are described in detail and related to 


minor constituent control. 


Tue first malleable nickel was produced by Fleit- 
man in about 1870 by the addition of manganese and 
magnesium to the molten metal to counteract the 
harmful effects of sulfur. 

Merica and Waltenberg? explained the mechanism 
by which these elements accomplished the desired 
result. They showed that sulfur in concentrations in 
excess of about 0.005 pct produced films of a brittle 
low melting eutectic of nickel-nickel sulfide which 
completely surrounded the grains. When manganese 
was added to molten nickel it reacted with the sul- 
fur to form manganese sulfide which precipitated as 
widely scattered globules in the grain boundaries. 
The further addition of small amounts of magnesium 
converted the sulfur to a very stable sulfide of mag- 
nesium which was relatively insoluble in both the 
liquid and solid states and therefore occurred as 
finely divided particles within the grains where it 
had relatively little detrimental effect upon the mal- 
leability of nickel or its alloys. 

The practice of treating nickel with manganese and 
magnesium came to be called ‘‘deoxidation’’ and was 
employed without appreciable modification for the 
commercial production of wrought nickel and high 
nickel alloys (in this paper—50 pct or more nickel) 
until about 1930 even though the results were never 
entirely satisfactory. At that time a more extensive 
study was made of the effects of minor constituents 
on malleability and metallurgical quality. The re- 
sults, small portions of which have been published,*~ * 
are presented here with other pertinent data. 


EFFECTS OF MINOR CONSTITUENTS UPON 
NICKEL 


Systematic additions were made of 0.5 pct or less 
of each of most of the elements of the periodic ta- 


C. G. BIEBER and R. F. DECKER, Junior Member AIME, are 
Supervisor of Special Alloy Research and Supervisor of Nickel 
and Stainless Alloy Research, respectively, Research Labora- 
tory, The International Nickel Co., Inc., Bayonne, N. J. 

Manuscript submitted July 25, 1960. EMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


R. F. Decker 


ble. It was established in this study that some mi- 
nor constituents other than manganese and magne- 
sium were extremely influential. 

The malleability, as evaluated by the reduction of 
area in tension tests, depended roughly on tempera- 
ture as shown in Fig. 1. Four temperature zones 
are of interest; the cold malleable zone (up to about 
1000° F), the red short zone from roughly 1000° to 
1500° F, the hot malleable zone around 2000° F and 
the incipient melting zone. Most of the malleability 
problems are associated with the red short zone and 
the discussion will concern this mainly. The reduc- 
tion of area in normal tensile tests on high-purity 
nickel (see curve A of Fig. 1) appeared to have no 


Cold Malleability Zone i Red Short Zone Hot Malleability Zone Incipient 
H : Melting 
Zone 


Malleability —Per Cent Reduction of Area 


500 1000 1500 2000 2500 


Temperature, °F 


Fig. 1. Effect of temperature, minor constituents and other 
factors on the malleability of nickel. Red Short Zone: Duc- 
tility lowered by—solution hardening; age hardening; large 
grain size; slow strain rate; harmful minor elements; and 
surplus malleabilizers. Ductility raised by—removal of 
harmful elements by refining; malleabilizing minor ele- 
ments. A)—High-purity nickel. B)-Commercially pure 
nickel—no additions. C)—Nickel with harmful element 
added. D)—Material of B or C with malleabilizer added. 
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Table I. Periodic Table Showing Behavior of Elements in Commercially Pure Nickel 


Metallic Valence below Element and Metallic Diameter (Percentage Oversize or Undersize from Ni) Above Element (Ref. 28, 29) 


IA HLA IVB VB viB 

Li Be B fe) 

l 2 3 LLLLL 3 2 
| 
+54 +29 +13 +7 +3 +2 

Na Mg Al Si P Ss 

2 3 IVA VA Vill 1B IIB 4 3 2 
WLLLLMLL 
+9I +58 +18 +9 +3 +3 +2 (@) +2 +10 +12 +12 +12 +13 

K Ca Ti V Cr Mn Fe Co Ni Cu Zn Ga Ge As Se 

| 2 4 5 3-6 4-6 5.8 6 6 54 4.4 3.4 4 3 2 

+28 +18 +13 +9 crit +8 +10 +15 +23 +26 +27 +30 +29 
Zr Cb Mo Te Ru Rh Pd Ag Cd In Sn Sb Te 
4 5 6 6 6 6 6 54 44 3.4 2.4-4 3 2 
LLLLIMLLLL:1 
+27 +18 +14 +9 +9 +15 +24 +40 +46 
Hf Ta WwW Re Os Ir Pt Au Hg Tl Pb Bi 
4 5 6 6 6 6 6 5.4 44 3.4 2.4 3 
— Does not alloy with molten nickel at 1 atm or less. 
V//7, — Harmful to malleability, even with minute additions. 
“refs. — Beneficial to malleability with minute additions, but harmful with larger additions still less than 0.5 percent. 
LUT] — Relatively neutral with minute additions, but harmful with larger additions still less than 0.5 percent. 
— Soluble above 0.5 percent; can be used as major alloying element. 


minimum in the red short zone in recent work.® The 
malleability of commercial purity nickel without ad- 
ditions is represented by curve B of Fig. 1. 

Solid Elements—The influence of minor constitu- 
ents can be seen from Table I, which is a portion of 
the periodic table. The elements could be classed 
as: 

Class 1—Those immiscible or volatile in the liq- 
uid state at atmospheric pressure and therefore not 
retained in the solid state—sodium, potassium, ru- 
bidium and cesium of Group IA and zinc, cadmium 
and mercury of Group IIB. 

Class 2—Those with some solubility which were 
detrimental even with the smallest controlled addi- 


tions. Malleability was lowered to curve C of Fig. 1. 


For example, as little as 0.0005 pct bismuth or tel- 
lurium lowered the red short zone ductility notice- 
ably. These elements were lithium of Group IA; 
thallium of Group IIIB; tin and lead of Group IVB; 
arsenic, antimony and bismuth of Group VB; and 
sulfur, selenium and tellurium of Group VIB. 

Class 3—Those which could raise ductility in the 
red short range with small controlled additions; but, 
with larger amounts (still under 0.5 pct), were det- 
rimental. The incipient melting zone was usually 
more sensitive than the red short zone to higher 
concentrations. These were of two types: 

1. Magnesium, calcium, strontium, and barium 
of Group IIA which counteract sulfur. If sulfur low- 
ered curve B of Fig. 1 to curve C; magnesium, cal- 
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cium, strontium, and barium would return the mal- 
leability to curve B. 

2. Boron of Group IIIA, zirconium and hafnium of 
Group IVA, and phosphorus of Group VB. These do 
not counteract sulfur but are more effective than the 
Group IIA elements and can raise the malleability to 
curve D of Fig. 1. 

Class 4—Those which were relatively neutral with 
small additions; but, with larger amounts (still un- 
der 0.5 pct) were harmful-carbon of Group IVB. 

Class 5—Those which could counteract red short- 
ness, still being tolerable above 0.5 pct—titanium of 
Group IVA, and manganese of Group VIIA. 

A specific example of class 2 and class 3 effects 
was synthesized with 99.96 pct purity vacuum-melted 
nickel and a split-heat technique; pouring from the 
same melt first an ingot of nickel, then one after a 
0.05 pet Pb addition and finally one after a 0.005 pet 
B addition to the melt. The reductions of area in 
tension tests were: 


Reduction 
of Area, Pct 
1450°F 1250°F 
99.96 pct Ni 99 95 
99.96 pct Ni + 0.05 Pb 13 8 
99.96 pct Ni+ 0.05 Pb+0.005B 36 31 


The valence and atomic size of elements are indi- 
cated in Table I. The latter is expressed as percent 
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oversize or undersize compared to nickel. These 
two basic factors usually determine the extent of 
solid solution. As one might expect on a theoretical 
basis, a very systematic correlation exists between 
these factors and malleability effects. The elements 
in Class 1 are most distant in size and valence from 
nickel. Classes 2, 3, 4, and 5 are progressively 
closer to nickel in atomic size and valence, in direct 
relationship to increasing tolerance. In the case of 
cadmium and mercury, the vapor pressures exclude 
alloying and effective amounts cannot be retained. 
The detrimental elements in Class 2 can be retained 
in solid nickel; but their incongruous sizes and/or 
valences severely limit solubility after freezing. 
Furthermore, because of the relative imperfection 
of grain boundaries, it is natural for these atoms to 
gather there, either in solution or in precipitates or 
films. A third factor, the low melting points asso- 
ciated with these Class 2 elements, multiplies their 
potency as films. All these factors give weak grain 
boundaries and brittleness. 

The third class of elements, being closer to nickel 
in size and valence, can be tolerated at levels which 
can be added commercially. Some of these elements 
owe their benefits to their reactivity and very spe- 
cific fixing of harmful elements. Examples would be 
magnesium and calcium in fixing sulfur. Part of 
the function of zirconium is in fixing nitrogen. Most 
of the mechanisms may be much more subtle; uti- 
lizing odd size or valence and segregation to grain 
boundaries to control grain boundary energy, com- 
position and/or precipitation. This appears to be 
the case with boron®~’ and, in at least one case, with 
zirconium.’ The rather specific counteraction of 
lead by boron shown above and by zirconium found 
by Eash and Kihlgren® might at first appear to be 
fixation. However, this may result from reduction 
of filming characteristics of lead. Segregated boron 
or zirconium may reduce the grain boundary energy 
of nickel or raise the lead-nickel interfacial energy 


— 


Ductility 


Per Cent of Minor Constituent —» 
Fig. 2. Effect of ‘‘Malleabilizing’’ minor constituents on 
ductility. 
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from values allowing continuity to values requiring 
globular lead. Boron also is a fluxing agent during 
melting and, furthermore, this element promotes 
welding of ingot gas pores during hot working. 

The Class 5 elements owe their abnormal bene- 
fits to compound fixation; titanium of nitrogen and 
manganese of sulfur. Other harmful constituents 
may also be tied up by these elements. 

Specific composition limits cannot be placed on 
the harmful elements or on the levels of ‘‘mallea- 
bilizers.’’ These vary with the base and interac- 
tions with co-present elements. For instance, the 
tolerable levels of calcium and sulfur are interde- 
pendent. The situation with Class 3 elements typi- 
fied by boron (see Fig. 2) may be more general than 
now realized. Whether the element is labeled good 
(at A), indifferent (at B), or bad (at C) depends on 
the level added, copresence of other elements, and 
many other factors. 

The ductility in the incipient melting zone usually 
follows the effect of additions in lowering the melt- 
ing point. Usually the tolerance for malleabilizing 
elements such as boron, zirconium, and phosphorus 
is lower in this zone than in the red short zone. 
Thus malleabilizing additions often limit the top end 
of the forging range and increase hot cracking in 
heat-affected zones immediately adjacent to welds. 

Finally, the red short zone is aggravated by sev- 
eral factors other than purity, as shown in Fig. 1. 
These are solid solution and age hardening, increas- 
ing grain size and decreasing strain rates. Their 
influence is through the mechanism of deformation 
in forcing or shunting deformation to the grain boun- 
daries, which makes for a more brittle intercrys- 
talline failure. 

Gases—Nickel is an endothermic occluder of hy- 
drogen and nitrogen. Solubility decreases with de- 
creasing temperature and, most important, drops 
precipitously on solidification, yielding gas pores. 
Eastwood? has listed this as a primary cause of 
macroporosity. The drop in solubility for hydrogen 
with solidification is from 0.003 to 0.001 pct at 
1 atm of hydrogen gas.’° The volume of gas evolved 
is, when measured under standard conditions, 
greater than that of the metal. The solubility of ni- 
trogen in nickel at about 2900° F is 0.001 pct.*)» # 
Addition of 15 pct Cr and 7 pct Fe to the nickel melt 
raises the nitrogen solubility to .05 pct. Fig. 3 
gives graphic illustrations of the serious macropo- 
rosity that can develop in nickel-chromium-iron in- 
gots from evolution of N, on solidification. In the 
1930 study, hydrogen and nitrogen were found to de- 
crease malleability over the entire temperature 
range. This probably resulted from the notch effect 
of the pores. 

Gas evolution during solidification can result from 
other reactions which precipitate gaseous com- 
pounds. These are 


C+ 0= (CO) 


2H + O = (H,O) 
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Al+Ti+B+Mg 
P.N. 36171 


Mg Zr 
P, N. 35209 P. N. 35209 P. N. 35209 


Fig. 3. Effect of various minor additions on macroporosity 
resulting from nitrogen evolution during solidification. 
Nickel-chromium-iron alloy with 0.05 N. 


Again, this will leave macroporosity in castings or 
ingots. 

The occlusion of oxygen in solid nickel is evidently 
exothermic since solubility increases as tempera- 
ture decreases.** About 0.01 to 0.02 pct is soluble 
in the solid state. In carbon- and hydrogen-free 
nickel, the much higher solubility in melts (about 
0.5 pet) does not lead to porosity on solidification 
due to a eutectic reaction involving Ni-NiO. No ef- 
fect of oxygen on ductility was found by Merica and 
Waltenberg’ on low-carbon and hydrogen material. 
Pores would form by the above reactions in carbon 
and/or hydrogen containing nickel. It appeared in 
the 1930 work that moderate oxygen additions low- 
ered ductility. This was probably due to pores from 
the (CO) or (H,O) reactions. The element has been 
grouped with Class 4. 


REVIEW OF BASIC METHODS OF REMOVAL OF 
GASEOUS ELEMENTS AND COMPOUNDS 


Degassing—Many of the available methods for re- 
moving hydrogen and nitrogen from nickel and nickel 
alloy melts involve Sievert’s Law 

%H = Ky VPy, and %N = KyVbn , 
where 
H or N= concentration in melt under equilib- 
rium conditions. 
Ky = 0.0008 for nickel at 2876° F? 
Ky, = 0.0015 for nickel at 2876° 
p = partial pressure of gas above melt, 
mm Hg 


Reduction of py, or py, at the melt interface is the 
objective. One approach is melting in vacuum at 
about 10-? mm Hg. According to Sievert’s Law, this 
should reduce the nitrogen and hydrogen to less than 
0.0001 pct at 2876°F. 

The rate of removal is largely determined by the 
diffusion rate of the gaseous element to the melt-gas 
interface. Since the diffusion rate of hydrogen is 
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large, this can be removed relatively easily. In the 
case of nitrogen, however, the atom is larger and 
diffusion slower. As a result, nitrogen removal by 
straight degassing is limited.'* 

Purging and Agitation—One of the gaseous precip- 
itation reactions which has already been mentioned 
in an unfavorable light can be turned to a refining 
purpose. This is 


C+ 0O= (CO) 


producing CO gas bubbles nucleated in the melt. 
Nitrogen and hydrogen diffuse into each bubble of 
CO to satisfy Sievert’s Law. This bubble formation 
reduces diffusion distances and increases metal-gas 
interface area. Furthermore, it provides a surface 
agitation to break up surface diffusion barriers of 
slag or oxides. In the same light, inductive stirring 
is a possible method of speeding the reaction. 

Results in vacuum melting confirm that hydrogen 
and, especially, nitrogen removal goes hand-in-hand 
with this CO boil? 

The Carbon-Oxygen Reaction— Adjustment of the 
carbon and/or oxygen level of the melt can be ac- 
complished by the reaction 


+0=(Co) 


Thermodynamic data are not available for the equi- 
librium constant, K, in molten nickel. The best ap- 
proximation can be made from that for molten iron 
containing small quantities of carbon at 2912° F.45 


In air melting nickel with a final carbon content of 
0.05 pet and poo = 0.1 atm, an oxygen level of 0.005 
pet could be reached. If the objective were to re- 
move carbon, a content of 0.2 pct O in the melt could 
reduce the carbon level to 0.001 pct. Reduction of 
Pco can reduce the %C x %O product considerably. 
Vacuum melting is one method, although the ideal 
reduction in product is not obtained, due to reoxida- 
tion of the melt by crucibles. An average product of 
%C xX %O = 2.5 x 10-® was obtained for molten nickel 
in a magnesia crucible at about 10-5 atm.14 Under 
these conditions, 0.2 pct O would yield <1 ppm of 
carbon. A level of 0.05 C should yield <1 ppm of 
oxygen but it is doubtful if reoxidation above this 
level could be prevented in refractory crucibles. 

The Hydrogen-Oxygen Reaction—The following re- 
action 


(H,) + O = (H,0) 


can be utilized to remove oxygen in special cases 
where residual deoxidizers and products are unde- 
sirable. The equilibrium constant in molten nickel 
at 2912" 


PH,0 
Puy %0 


The oxygen remaining in the metal is determined 
largely by the (H,O)/(H,) ratio. If the exit gas were 
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P. 35209 Cb rt 

Conte 756 
%C x %O 


at a dew point of -10° F (a ratio of (H,O)/(H,) of 
7.9 X 10~*) after prolonged treatment, the oxygen 
level should reach < 0.0001 pct. A vacuum must be 
applied to remove hydrogen after the deoxidizing 
treatment. 

In practice, this oxygen level is not attained. 
Hadley and Bianchi*’ impinged H, on nickel melts 
at 2858° F. They obtained a minimum of 0.002 pct 
O after 100 min. This ‘‘practical endpoint’’ in- 
creased with chromium, being 0.01 pct O in 80 Ni- 
20 Cr. The expected endpoint was not reached be- 
cause of reoxidation of the melt. 

Compared to other deoxidation methods, the 
rate is slow. The use of hydrogen is also costly and 
hazardous. Therefore, hydrogen deoxidation in prac- 
tice is limited to very special applications such as 
the production of alloys for electronic applications. 
Here the presence of carbon or metallic deoxidizers 
or products is undesirable. 

Metallic Deoxidation—Residual oxygen remaining 
after the above deoxidizing methods can be removed 
from solution in the melt by formation of solid ox- 
ides. This prevents the formation of (CO) or (H,O) 
on freezing. The reactions are 


2Mg+O= 2MgO 
O= 3Al,0, 
Zr+O= 


Thermodynamic data are lacking for these reactions 
in molten nickel. The deoxidation power of the vari- 
ous elements can be estimated very roughly from 
data on iron.’ It appears that the power increases 
in the order listed. Aluminum and zirconium are 
the strongest deoxidizers. Judging from the free 
energy of formation of pure MgO, magnesium would 
be roughly comparable with aluminum. Magnesium 
is the preferred addition in nickel because of its ad- 
ditional desulfurizing function. Aluminum is also 
used in nickel alloys. 

It should be noted that at low foo, such as in vac- 
uum melting, deoxidation by the CO boil can be more 
efficient than the above reactions. 

Removal of Nitrogen as Solid Nitrides—The sta- 
bility of some nitrides can be utilized to remove re- 
sidual nitrogen from solution after full utilization 
has been made of degassing by Sievert’s Law. Some 
of the solid nitride product may remain in the metal 
product. The possible reactions are: 


AF°(298° K) From Pure 
Components (kcal per g mol of Nz) 


3Mg + 2 N= Mg,N, — 96 
2 Cb + 2.N = 2CbN -106 
2Al + 2N= 2AIN =113 
2Ti + 2.N = 2TiN -147 
2Zr +2N = 2ZrN -151 


Again, no thermodynamic data are available for 
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nickel melts. The above free energies of formation 
from pure components can be used for comparison 
of power. The Ti x %N product can be estimated 
roughly at 1 x 10-* from data on iron at 2912° F.© 
A level of 0.25 pct Tiin the melt should be in equi- 
librium with 0.0001 to 0.001 pct N in solution. This 
level of nitrogen in solution is comparable with that 
attained by vacuum degassing. However, due to re- 
sidual TiN in air melted and Ti treated products, 
chemical analysis usually shows higher nitrogen in 
this grade. 

A small laboratory experiment was run ona 
nickel-chromium-iron alloy to illustrate the deni- 
trifying power of these elements. The base material 
with 0.05 pct N addition exhibited macroporosity 
(see Fig. 3) from 


2N=N, 


during solidification. The reduction of porosity in- 
creased in the order; magnesium, aluminum, nio- 
bium, zirconium, and titanium as seen in Fig. 3. 
This was in good agreement with the amount of de- 
nitrification as ranked by the AF° value. In practice, 
titanium is the preferred addition because its 
greater solid solubility permits larger excesses to 
be tolerated than in the case of zirconium. 


DESULFURIZATION 


Removal of sulfur as a gaseous compound has 
been proposed for nickel alloys. The possible re- 
actions are given below along with equilibrium con- 
stants for molten nickel at 2912° F which were ei- 
ther given in the literature or calculated:+> 16 18, 19 


s = 4(s,) x= 9.95 x 10-8 
%S 
(H,) + S = (H,S) K = gx 1073 
2 Pre %S 
p 
+ 20 = (SO,) 


%S (%O)? 


The equilibrium partial pressure of S, is too low to 
obtain a sulfur level of 0.005 pct by the first reac- 
tion. Excessive amounts of H, are required for the 
second reaction. With the SO, reaction, it appears 
that S could be removed by Nadiee O o the melt and 
lowering Pso, (perhaps by vacuum), providing other 
side reactions involving oxygen are prevented. If 
Pso, were 10-§ atm. and %O were 0.2, it is pre- 
dicted that S could be lowered below 0. 005 pet. Dar- 
mara, Huntington and Machlin have indeed found such 
a desulfurization tendency in 80 Ni-20 Co melts un- 
der vacuum.” Usually the amount of sulfur removed 
by gaseous reactions during vacuum induction melt- 
ing is negligible when melting stock contains about 
0.005 pct S to start.?!’?? In this case the melts 
never reach high oxygen levels, mainly because of 
the usual CO boil. 

Strong metallic desulfurizers are available. The 
reactions are: 
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Mn + S=MnS 
Mg + S = MgS 
Ca +S=Cas 


Thermodynamic data are not available for nickel 
melts, but the free energies of formation of the pure 
Sulfides at 2912° F are: 


Mns - 68 Kcal per g mol of S, 
Mgs — 86 
CaS — 165 


These can be used as a rough comparison of the de- 
sulfurizing power of the elements. Merica and Wal- 
tenberg’s work,? as pointed out earlier, established 
the benefits of manganese and preferably, magne- 
sium, in desulfurizing. The use of calcium is attrac- 
tive. It was pointed out that excesses of magnesium 
and calcium can be deleterious. The tolerance for 
magnesium is sufficient to make this no problem; 
but, in the case of calcium, the tolerance is much 
lower and prevention of excesses is more difficult 
in practice. 


REMOVAL OF DELETERIOUS SOLID ELEMENTS 
BY VOLATILIZATION 


Many of solid elements that have serious em- 
brittling tendencies also have high vapor pressures. 
With the advent of commercial vacuum melting, a 
means became available to reduce the partial pres- 
sures over the melt to refine nickel by preferential 
volatilization of deleterious elements. 

The vapor pressures in solution in nickel were es- 
timated by Wakeman?$ from vapor pressures of pure 
elements and activities estimated from equilibrium 
diagrams. These were calculated for three levels 
of impurity, 1, 0.01 and 0.001 wt pct. Wakeman then 
indicated (see Table II) which elements are likely to 
evaporate at these levels in vacuum melting. It was 
assumed for the 1 and 0.01 pct level that the nickel 


Table Il. Probable Volatization of Elements in Vacuum Melting of 
Nickel at 2912° F 23 


Evaporates When Present at 


Element 1 Pct 0.01 Pct 0.001 Pct 
As xX 
Ba x ».4 Unlikely 
Bi xX xX ? 

Ca xX Xx 
Cd xX xX xX 
Hg xX Xx 

K xX xX xX 

Li xX Xx xX 
Mg X Xx 

Na x xX xX 
Pb ».4 x x 
Rb X xX 

Sb X x Unlikely 
Se Xx xX Xx 

Sn X Unlikely Unlikely 
Sr xX xX Xx 
Te xX xX x 

Tl xX xX xX 
Zn xX xX 

X = Likely 
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melt would lose the volatile element as long as its 
vapor pressure exceeded 1y. At the 0.001 pct level, 
the limit was taken as 0.1 because of the relatively 
greater capacity for the pumps to remove the vola- 
tile products from the melt. 

Of the potent deleterious elements, it appears 
from Table II that lithium, lead, arsenic, thallium, 
selenium, and tellurium can all be reduced below 
0.001 pct. It is predicted that tin, antimony, and 
bismuth would be removed less readily. It should 
be noted that methods are available in air melting 
to obtain low partial pressures of the volatile ele- 
ments at the metal interface. These include purging 
with inert gases, the CO boil and gas circulation 
above the melt. 


PRACTICAL PROCEDURES FOR MELTING 
NICKEL ALLOYS 


By combining the above theoretical principles 
with sound metallurgical practices which have been 
perfected in related metallurgical fields, a program 
of melting and deoxidation can be recommended for 
nickel-base alloys which will yield improved malle- 
ability with a minimum of seams, inclusions and 
other metallurgical defects.?’3 The general proce- 
dures are: 

1) Start with purest raw materials commensurate 
with satisfactory cost, and avoid the use of contami- 
nated scrap for remelting. 

2) Avoid contamination of the charges during melt- 
ing by impurities from the slags, refractories, fur- 
nace atmospheres, and so forth. 

3) Refine during melting to reduce remaining 
harmful nongaseous constituents as much as possi- 
ble. 

4) Remove hydrogen and most of nitrogen, if 
present, by means of a CO boil. 

5) Reduce remaining oxygen by means of a small 
addition of a powerful preliminary deoxidizer such 
as silicon or aluminum. 

6) Stabilize remaining nitrogen by a small titan- 
ium addition. 

7) Add one or more of the potent malleabilizing 
elements, zirconium, boron, and phosphorus. 

8) Convert sulfur to a harmless form by the addi- 
tion of magnesium which also completes the deoxi- 
dation of the melts. 

The heats are then to be stirred thoroughly and 
teemed at the highest temperatures that can safely 
be used without damaging the molds. 

Melting Furnaces—Nickel-base alloys can be ad- 
vantageously melted in several types of furnaces, 
the choice often being determined by the character- 
istics or the requirements of the alloy to be 
melted. Nickel can be satisfactorily melted in acid- 
lined open hearth furnaces of the reverberatory type 
heated with natural gas. The voluminous flow of 
combusted gases over the surface of the metal dur- 
ing melting is beneficial in removing dissolved 
gases from the melt by degassing. Nickel- copper 
alloys high in nickel are readily melted and refined 
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in basic-lined electric-arc furnaces. Nickel-chrom- 
ium alloys are very satisfactorily melted either in 
high-frequency induction furnaces or in basic-lined, 
electric-arc furnaces. Induction melting is especi- 
ally advantageous where close control of composi- 
tion is needed although the control of raw materials 
becomes possibly still more important. 

The vacuum induction furnace is an excellent tool 
for melting high purity nickel and nickel alloys for 
applications which command a premium price. One 
such application is the production of nickel-base 
turbine blade alloys hardened with high concentra- 
tions of aluminum and titanium. In air melting, 
these elements tend to react with oxygen and nitro- 
gen to form non-metallic inclusions and special pre- 
cautions are necessary to avoid carrying them into 
the wrought product of the melt. Vacuurm induction 
melting eliminates the formation of oxides and ni- 
trides, but considerably increases the opportunity 
for oxide formation by reactions with the crucible 
refractory. The concentrations of lead, tellurium, 
and other detrimental elements of high vapor pres- 
sure is also reduced by properly conducted vacuum 
melting, thus improving the ductility of the finished 
product in creep as well as during hot working. The 
improved ductility resulting from vacuum melting 
permits higher concentrations of strengthening ele- 
ments to be added to the super alloys. 

Melting of Nickel—Since electrolytic nickel has 
been refined by the method of production, only melt- 
ing, degassing, and the addition of small amounts of 
minor constituents precede casting into ingots. 
Charges consisting of electrolytic nickel, clean 
nickel mill scrap and about 1 pct of low-sulfur char- 
coal may be melted in gas-heated hearth furnaces. 
These furnaces may be lined with bricks consisting 
of about 55 pct silica and 45 pct alumina. No slag 
need be added intentionally, but some incidental slag 
is always formed by fusion of the refractories. 

The nickel heats should be melted down with about 
0.25 pct C. When the temperature of the bath has 
reached 2850°F, the carbon content should be re- 
duced to about 0.05 to 0.10 pct by the addition of 
nickel oxide. This gives the CO boil. After the car- 
bon content has been adjusted to the desired level, 
approximately 0.3 pct Mn should be added and the 
metal tapped into bottom-pour ladles. Small amounts 
of titanium, boron, and magnesium should be added. 
The metal should be teemed at about 2800° F into 
cast iron molds of appropriate size and design. This 
temperature and other pouring temperatures men- 
tioned later are as measured with an optical pyrom- 
eter set for 0.4 emissivity. The readings are taken 
on the stream of metal being teemed from the ladle 
into the mold. 


The practice just described will produce commer-__ 


cially pure nickel suitable for most applications. 
However certain electronic applications require that 
the nickel strip be treated only with manganese and 
magnesium since the other ‘‘malleabilizing’’ and gas 
fixing elements are believed to be harmful to the end 
products. 
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One special technique which can be used to produce 
high purity nickel should be mentioned here. The 
melting stock is high purity carbonyl! nickel powder 
with the principal impurities being carbon and oxy- 
gen. The steps are: 


1. Melt in air or under argon to promote the CO 
boil. Oxidizing conditions remove carbon to a level 
around 0.001 per cent. 

2. Remove oxygen by magnesium deoxidation and 
cast. 

3. After cropping the top of the ingot which con- 
tains most of the MgO, vacuum melt the ingot. This 
reduces residual magnesium to less than 0.01 per 
cent. 


Nickel of 99.99 per cent purity can be produced by 
this technique, providing that extreme care is taken 
in preventing contamination (from crucibles, etc.). 

Melting of Nickel-Chromium Base Alloys—These 
alloys are preferably melted in a coreless induction 
furnace. A lining which consists of 40 per cent alu- 
mina and 60 per cent magnesia gives excellent re- 
sults. 

The charges should consist of electrolytic nickel, 
low-carbon ferrochromium and clean mill scrap of 
the same alloy. The scrap and electrolytic nickel 
should be melted first, followed by the ferrochrom- 
ium. No slag need be added to the material in the 
furnace. When the temperature of the bath has 
reached about 2950° F, small amounts of aluminum, 
titanium, boron and magnesium should be added. The 
metal is then tapped into ladles (preferably bottom- 
pour) and teemed at 2900° F into cast-iron molds 
from which the ingots are then stripped and pro- 
cessed. Nickel-chromium base alloys may also be 
melted in electric-arc furnaces with basic magne- 
site ‘‘bottoms.’’ This permits an oxygen lance to 
be used to reduce carbon picked up from oily or 
high carbon scrap. After the CO boil the tempera- 
ture of the bath should be lowered by adding cold 
metal, and oxides in the slag should be reduced by 
aluminum chips or ferrosilicon. Then, small 
amounts of aluminum, titanium, boron, and magne- 
sium should be added. The arc-furnace melts should 
then be tapped in the same manner as those from 
induction furnaces. 

The aluminum plus titanium age hardenable 
nickel-chromium alloys operate in service in the 
red short zone. The addition of boron and zirconium 
is particularly beneficial to ductility and rupture 
strength for this type of application. This was es- 
tablished by Bieber,?*’ Koffler, Pennington, and 
Richmond? and Decker, Rowe, and Freeman”’ and in 
many other cases too numerous to list here. 

Melting of High Nickel Nickel-Copper Alloys— 
These alloys are preferably melted in electric-arc 
furnaces on basic magnesite ‘‘bottoms.’’ The 
charges should consist of clean mill scrap of the 
alloy and electrolytic nickel and copper. They 
should be melted with enough carbon to finish with 
about 0.25 pct of the element and refined. under a 
reducing slag consisting of approximately equal 
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parts of lime and fluorspar mixed with a small 
amount of carbon in the form of ground electrode 
dust. After the refining period is completed the first 
Slag should be removed from the furnace and the 
carbon content lowered by the addition of nickel ox- 
ide or the use of an oxygen lance. This results ina 
a CO boil which is to be continued until the carbon 
content of the melt has reached about 0.15 pet. A 
second slag of lime and fluorspar should then be 
placed on the melt and the temperature adjusted to 
about 2750° F. The oxides in the slag should then be 
reduced with carbon electrode dust and additions 


should be made of small amounts of silicon, phos- 
phorus, titanium, zirconium, and magnesium. The 
heats should be tapped at about 2700° F into cast 
iron ingot molds of suitable size. 
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A Study of the Titanium-Nickel System Between 


Ti,Ni and TiNi 


The phase boundaries of “‘TiNi’’ have been accurately de- 
termined by high-temperature X-ray diffraction and metallo- 
graphic techniques. The phase (centered at 51 pct Ni) has a 
restricted range of homogeneity at 500°C, and a much greater 


range at 800°C. ‘‘TiNi’’ in all alloys containing less than 51 
pet Ni decomposes rapidly and reversibly at 36°C to form a 


previously unreported phase. 


Tue region of the titanium nickel system corres- 
ponding to the phase ‘‘TiNi’’ has been the subject of 
several investigations.’ Laves and Wallbaum! 
reported ‘‘TiNi’’ as a body-centered cubic (A>) 
phase, and Duwez and Taylor’ determined its para- 
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meter to be 2.986A. Duwez and Taylor also reported 
that ‘‘TiNi’’ decomposed into ‘‘Ti,Ni’’ and ‘‘TiNi;”’ 
on prolonged heating at 650° and 800°C, which led 
McQuillan® to suggest a sluggish eutectoid reaction 
between ‘‘TiNi;’’ and ‘‘Ti,Ni’’. Margolin, Ence, and 
Nielsen,* working with higher purity alloys, found no 
evidence of this decomposition. They showed the 
‘“‘TiNi”’ phase region extending from 49 to 54 pct* 


*Atomic percent is used throughout this paper. 


Ni at all temperatures below 1000°C. 
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Equilibrated 800°C, water quenched, 
Remington ‘‘A’’ etch. (‘‘Ti,Ni’’ in matrix of partially de- 
composed ‘‘TiNi’’) X800. Reduced approximately 45 pct 
for reproduction. 


Poole and Hume-Rothery” metallographically de- 
termined the phase boundaries of ‘‘TiNi’’ above 
900°C. The boundary on the Ti-rich side appeared 
to be close to 50 pct Ni, and very steep. They sug- 
gested that the solubility limit at low temperatures 
was narrower than that shown by Margolin, Ence, 
and Nielsen,* and reported that filings containing 50 
pet Ni yielded faint diffraction peaks corresponding 
to ‘‘Ti2Ni’’ and ‘‘TiNi;’’ after prolonged annealing at 
600°C. 

Phillip and Beck® reported the ‘‘TiNi’’ parameter 
as 3.015A. Stiiwe and Shimimura,” investigating the 
relationships between lattice parameter and compo- 
sition in ‘‘TiCo’’, ‘‘TiFe’’, and ‘‘TiNi”’ alloys 
quenched from 1000°C, showed that Vegard’s law 
held for ‘‘TiCo’’ and ‘‘TiFe’’ within the single-phase 
regions and that the parameter change was equally 
due to all atoms. Their results for ‘‘TiNi’’ were 
consistent on the Ti-rich side of the phase region 
(q =3.011A), but were widely scattered in alloys 
containing 51 to 56 pct Ni. However, if ‘‘TiCo’’, 
“TiFe’’, and ‘‘TiNi’’ behaved similarly, the para- 
meters reported by various authors 7° for ‘‘TiNi”’ 
could be correlated with composition. 

The investigation reported here was initiated to 
accurately determine the phase diagram between 
‘“TiNis’’ and ‘‘Ti,Ni’’, and to attempt to resolve the 
differences between the reports of previous inves- 
tigators. 


EXPERIMENTAL 


Alloys were prepared by triple levitation melting 


spectrographic standard nickel and iodide titanium to 


Fig. 2—52.00 pct Ni. Held 800°C, equilibrated 500°C, water 
quenched. Remington ‘‘A”’ etch. (‘‘TiNi,’’ in ‘‘TiNi’’ ma- 
trix) . Reduced approximately 45 pct for reproduction. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table |. Lattice Parameters of ‘‘TiNi’’ 


Temperature, Composition, 
Pct Ni A 
25 53 3.010 
48.5 3.010 
500 55 3.036(5) 
53 3.036 
48.5 3.037 
45 3.036 
800 55 3.038 
55 3.037 
47 3.050 
45 3.050 


produce homogeneous, 1/4-in.-diam, chill cast in- 
gots. The ingots were weighed after casting to as- 
certain that no material had been gained or lost dur- 
ing the melting process, and were examined metallo- 
graphically to check for homogeneity. 

The compositions studied were: 34.80; 40.00; 
45.00; 47.00; 48.50; 49.00; 50.00; 51.00; 52.00; 53.00 
and 55.00 pct Ni. 

Samples for metallographic observations were 
equilibrated for periods of 100 to 300 hr in molyb- 
denum-lined, argon-filled, sealed silica capsules. 
Samples for X-ray diffraction were prepared by 
crushing portions of the ingots to —200 mesh. High- 
temperature X-ray diffraction measurements were 
obtained with a high vacuum (107° mm Hg) Geiger 
spectrometer based on a design by Chiotti® and de- 
veloped by Goldak.® Parameter measurements were 
obtained by extrapolating high-angle parameters 
plotted against the Taylor-Sinclair function. 


RESULTS 


I) The Range of Composition of ‘‘TiNi’’—Metallo- 
graphic observations of samples quenched from 
equilibration temperatures indicated that the range 
of composition of ‘‘TiNi’’ was much narrower than 
that shown by Margolin, Ence, and Nielsen.* Fig. 1, 
for example, shows the structure of a 50 pct Ni alloy 
after 150 hr equilibration at 800°C. The spheroidal 
precipitate is ‘‘Ti,Ni’’. The matrix is partially de- 


Table Il. Powder Pattern of the ‘‘7’’ Phase 


Observed Sin? 0 


CuKa Intensity Akl 

0.1099 W 00.2 
0.1143 - *11.0 
0.1405 S 
0.1502 *20.0 
0.2584 - *20.2 
0.2670 W 21.0 
0.2940 W 
0.3416 W 30.0 
0.3675 vw 30.1 
0.4375 M 00.4 
0.4921 M 31.0 
0.5120 MW PAS 
0.5904 VW 20.4 
0.7760 M 30.4 
0.7960 M 41.0 
0.8535 Ww 40.3 


*These reflections also correspond to ‘‘Ti,Ni.”’ 
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ATOMIC PERCENT NICKEL 


composed ‘‘TiNi’’—which is discussed below. The 
50 pct alloy was made up twice and contained the 
same amount of ‘‘Ti2Ni’’ each time. The amount of 
‘“‘Ti2Ni’’ appeared to be independent of the equilibrat- 
ing temperature at 800°C and lower. Holding 50, 51, 
and 53 pct Ni alloys at 950°C produced single-phase 
structures, but only the 51 pct alloy retained its 
Single-phase structure at subsequent holding at 
500°C. The 52 pct Ni alloy developed a single-phase 
structure after quenching from 800°C, and a two- 
phase structure after subsequent equilibration at 
Pig.. 2; 

High-temperature X-ray techniques gave the para- 
meter measurements listed in Table I. 

The assumptions that Vegard’s law holds, and that 
the parameter measurements are accurate to 
+ 0.0014, allow the calculation of a maximum pos- 
sible composition range of 0.4 pct Ni at 500°C, and 
a probable composition range of 2.5 pct Ni at 800°C. 

By comparing the parameter measurements at 25° 
and 500°C, a coefficient of thermal expansion may 
be calculated and used to approximate the parameter 
at any temperature. The figure obtained for 800°C is 
3.05A, implying that the composition of ‘‘TiNi’’ in 
alloys containing less than 51 pct Ni does not change 
from room temperature to 800°C—i.e. that the phase 
boundary on the Ti-rich side is vertical between 
these temperatures. This contention is supported 
by the metallographic observations, and by the work 
of Poole and Hume-Rothery.° The scatter in the 
parameter data obtained by Stiiwe and Shimomura’ in 
alloys containing more than 51 pct Ni may be attrib- 
uted either to the fact that their measurements were 
made on cold-worked powders, or that the quenching 
technique employed to retain the high-temperature 
structures might have been variably effective. This 
would result in scattered parameter values for com- 
positions above 51 pct Ni, and in consistent values 
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for compositions below 51 pct Ni, where the compo- 
Sition of ‘‘TiNi’’ is less dependent on temperature. 

The phase region ‘‘TiNi’’ is shown on the amended 
phase diagram, Fig. 3. 

II) The Decomposition of ‘‘TiNi’?—Room tempera- 
ture X-ray diffraction results from solid and powder 
samples indicated that ‘‘TiNi”’ in alloys containing 
from 34.8 to 47.5 pct Ni completely transforms to a 
previously unreported phase, designated ‘‘n’’. The 
powder pattern obtained for the ‘‘1”’ phase is given 
in Table II. The lines have been tentatively indexed 
as hexagonal (@ = 4.572A, c = 4.660A, c/a = 1.02). 
No structure containing ‘‘7’’ alone could be pro- 
duced, since ‘‘Ti.Ni’’ was present in all samples. 
Those lines marked with an asterisk in Table II 
might not be due to ‘‘n’’ but to ‘‘Ti,Ni’’. 

The transformation temperature was determined 
in powder samples containing 34.8, 40.0, 45.0, and 
47 pct Ni, by allowing the goniometer to oscillate 
through the 110 ‘‘TiNi’’ reflection (6 = 21.2 deg with 
CuK) as the sample was slowly cooled (about T/2-€ 
per min) from various holding temperatures. At 
36°C the 110 ‘‘TiNi” reflection decayed, and a new 
reflection at 6 = 22.1 deg appeared. This reflection 
(indexed as 111 ‘‘7’’) grew in intensity while the 110 
‘““TiNi’’ reflection continued to decay and eventually 
disappeared. The transformation was completely 
reversible on heating above 36°C. In solid samples 
the transformation was much Slower, requiring 
several hours for completion. 

In samples containing 48.0, 49.0, and 50.0 pct Ni, 
the transformation of ‘‘TiNi’’ to “‘7’? was not com- 
plete, but again, the transformation temperature (the 
temperature corresponding to the appearance of the 
111 ‘‘n”’ reflection on cooling) was 36°C. The only 
metallographic evidence for the ‘‘1’’ phase is an 
uneven surface on metallographically prepared sam- 
ples containing *““TiNi’’, and ‘¢TisNi’’ (shown in 
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Fig. 1). A plot of intensity of the ‘‘TiNi’’ 110 re- 
flection vs composition yielded linear relationships 
between 47.5 and 51 pct Ni and between 51 and 75 pct 
Ni (extrapolated from 55 pct Ni). While this last ex- 
trapolation is optimistic, it does serve to indicate 
that ‘‘TiNi’’ does not decompose in alloys containing 
more than 51 pct Ni. Attempts to induce the trans- 
formation by cold working 50 and 51 pct Ni alloys 
failed to change the amount of ‘‘TiNi’’ in the sample 
(measured by X-ray intensities). 

The type of transformation encountered here is in 
doubt, since it occurs rapidly at a temperature that 
seems low enough to prohibit a diffusion controlled 
process. The experimental points corresponding to 
the formation of the ‘‘7’’ phase are shown on the 
modified phase diagram, Fig. 3. 


Technical Notes 


The Structure of Ti,Al 
A.J. Goldak and J. Gordon Parr 


Ocpen et al.’ and Bumps al.” suggested that the 
solubility of aluminum in a titanium extended to 30 
pet.* Sagel,*® Clark and Terry, * Anderko et al.,° Ence 


*All percentages atomic. 


and Margolin® and Saulnier and Croutzelles,’ subse- 
quently proposed the existence of an intermetallic 
compound in the region of 25 pct Al. Although Anderko 
et al.* suggested that the structure of this phase, 
Ti,Al, was of the DO,, (Ni,Sn) type, their conclusion — 
was based only upon the results of a powder photo- 
graph that included reflections from 6 = 0 to @= 27° 
(CuK,),some of which were reported to be indistinct. 
Ence and Margolin, ° referring to a 25 pct alloy (but 
without indicating whether the figure referred to 
weight or atomic pct) stated: ‘‘The structure of Ti,Al 
is isomorphous with Ti,Sn DOjg as pointed out by 
Pietrokowsky’’. But the point was not proven, be- 
cause Ence and Margolin did not report values of 
calculated intensities of Ti,Al with the DO,, struc- 
ture. In fact, the observed intensities they reported 
are in poor agreement with the values we calculate 
for DO,, (see Table I). Saulnier and Croutzelle’ con- 
cluded, on the basis of electron micrography and 
microdiffraction studies, that the structure of the 
25 pct Al alloy was ordered hexagonal. Our purpose 
has been to unequivocally determine the Ti,Al struc- 
ture. 

Alloys containing 25 pct Al were prepared from 
iodide titanium and spectrographic standard alumi- 
num by levitation melting. The levitation chamber 
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was evacuated to 10 °mm Hg before filling with 
99.999 + pct A. After casting, the alloy was chilled 
to liquid air temperature and crushed to —200 mesh 
in a percussion mortar. The powder, wrapped in 
molybdenum foil, was annealed (by induction heating) 
at 1000°C for 2 hr in the argon atmosphere of the 
levitation chamber. No sublimate was seen on the 
foil or elsewhere, and therefore the assumption is 


Table | 
Ence and 
Calcu- Margolin Anderko 
Observed Calculated Observed lated Observed Observed 
hkl Sin?0 Sin? 0 Int. Int Int. Int. 
100 0.0238 N.D 2.3 10 N.D. 
101 0.0519 0.0516 3 5.2 20 1 
110 0.1032 2 5 <l 
200 0.0950 0.0952 22 24 50 5 
002 0.1114 0.1112 26 27 70 5 
201 0.1236 0.1230 100 100 100 6 
102 0.1350 N.D. 0.4 N.D. <1 
211 0.1944 N.D. 6 «1? 
202 0.2054 0.2064 17 14 60 4 
103 0.2740 N.D. 0.4 4 
220 0.2863 0.2856 17 16 50 
302 0.3254 0.3254 N.D. 0.3 2 
203 0.3455 0.3454 32 18 60 
400 0.3802 2 2S 10 
222 0.3951 0.3968 2 17 40 
401 0.4090 0.4080 18 12 30 
004 0.4443 0.4448 4 3 20 
402 0.4913 0.4914 3 3 20 
204 0.5393 0.5400 4 3 20 
403 0.6306 0.6304 9 7 30 
420 0.6664 N.D. 3 10 
421 0.6938 0.6942 17 16 40 
224 0.7278 0.7304 17 10 40 
422 0.7767 0.7776 3 6 10 
205 0.7868 0.7902 9 8 40 
404 0.8250 3 4 10 
503 0.8957 N.D 2 
600 0.8572 5 
Pills) 0.8616 4 20 
423 0.9135 0.9166 38 24 50 
602 0.9668 0.9680 18 27 40 


All lines omitted have a calculated intensity of less than 1 and were not ob- 
served. 

N.D. —Not detected. 

*Not resolved. 
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made that no composition change occurred. 
Data from an X-ray diffraction pattern (obtained 


by diffractometer CuK, radiation) are listed in Table 


I, together with calculated values of sin?6 and rela- 
tive intensities of Ti,Al with a DO,, structure. 

X-ray diffraction patterns were obtained by a dif- 
fractometer method at temperatures up to 900°C and 
pressure of 10 °mm Hg. The hexagonal structure 
persisted; but no superlattice lines were observed 
above 600°C. 

The data in Table I show good agreement between 
observed and calculated intensities, and therefore 
the attributed DO,, structure is confirmed. The ab- 
sence of superlattice lines above 600°C may have 
been due to the temperature factor effect reducing 
their intensity to the extent that they could not be 
detected, or due to disordering of the structure. 

From the data, lattice parameters of a = 5.77 A, 

c = 4.62 A were computed. 

The generally accepted phase diagram (Bumps 
et al.*) should be modified to accommodate the phase 
Ti,Al; and we express the hope that the phase may 
indeed be designated Ti,Al rather than Ti,Al as sug- 
gested by Ence and Margolin, ° Since the structure is 
isomorphous with Ni,Sn. 

This work formed part of a project sponsored by 
the Defence Research Board of Canada, DRB 7510-27. 
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Effect of Grain Size on Brittle Fracture in 
Steel 


F. de Kazinczy and W. A. Backofen 


FracturinG under conditions of particular interest 


is identified with the junction of curves relating ten- 
Sile yield and fracture stresses to test temperature; 
the intersection point gives the lowest stress, Oy *, 
for brittle fracture (at the ductility transition tem- 


perature). An expression for 0,*is found in Cottrell’s 


brittle-fracture analysis, Eq. [15],’ while measure- 
ments of this stress and temperature have been re- 
ported for a low-carbon steel heat treated to differ- 
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Fig. 1—Over-all plastic extension at fracture in singly 
notched specimens of mean grain diameter about 0.028mm. 
Points in lower left quadrant are considered to lie below 
the ductility transition temperature. Specimen types are 
shown schematically; dashed lines illustrate the difference 
between singly and doubly notched. 


ent grain sizes.” The results of additional experi- 
ments with notched specimens of the same test ma- 
terial @s in Ref. 2) are being presented now. 
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Fig. 2—Data represented with 0 symbol: Grain-size de- 
pendence of stress, oy*, and temperature at the junction 
of plots relating yield and fracture stresses to test tem- 
perature; smooth, unnotched specimens (from ref, 2). 
Other data from this work: Grain-size dependence of 
yield stress at the ductility transition temperature and 
the transition temperature in notched specimens. 
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Two types of specimens were prepared from those 
of the previous work by cutting straight notches with 
0.004-in. root radius into the circular cross section 
to a depth of 1/3 of the diameter. Some were notched 
from both sides; others were notched only on one 
Side, the opposite side being milled flat to the same 
depth, Fig. 1. 

Since the yield point is masked in a notched speci- 
men, the transition had to be defined somewhat ar- 
bitrarily. It was observed that over a wide tempera- 
ture range fracture was preceded by plastic exten- 
sion. The amount was small at low temperature but 
increased rather abruptly at a higher temperature 
which was identified as the transition temperature. 
An example is given in Fig. 1 with results from 
singly notched specimens of a particular grain size. 
The upper limit on the plastic extension for brittle 
behavior so-defined would naturally vary with ex- 
perimental conditions; in these tests it was some- 
what less than 0.004 in. The lower yield point cor- 
responding to the transition temperature was then 
determined on other, unnotched specimens. Both 
transition temperatures and stress values obtained 
in this way are plotted in Fig. 2, together with the 
previously reported’ data from unnotched Specimens. 

The indication from work of Hendrickson, Wood, 
and Clark® is that transition in a given material oc- 
curs as the maximum normal stress reaches a 
critical value, independent of temperature, deforma- 
tion rate, and any triaxiality due to notches. On this 
basis, taking 0y* as the critical stress, the ratio 
q = %%* (unnotched)/o,, (notched) from Fig. 2 may be 
viewed as a stress-concentration factor that ap- 
plies at the origin of fracture in the notched speci- 
men; for the conditions represented in Fig. 2, 

q = 1.5 (ingly notched) and 1.6 @(oubly notched). 

In the Hendrickson, Wood, and Clark analysis, qg 

was concluded to be about 2.5 for the notch geome- 
try investigated. Subsequently, Wood suggested (in 

a discussion reported by Barrett*) that the condi- 
tion for initiating brittle fracture may involve the 
stress averaged over some small volume of material 
around the elastic-plastic boundary beneath a notch. 
In such a case, the stress-concentration factor would 
be reduced; the lower values reported here can be 
interpreted as in accord with that suggestion. 

An additional point of interest in the data of Fig. 2 
is that lines representing the grain-size dependence 
of the transition stress do not extrapolate to zero on 
the stress axis, as would be expected from Cottrell’s 
theory. However, the trend is like that observed in 
work on polycrystalline magnesium by Hauser, Lan- 
don, and Dorn.® Furthermore, by testing with notched 
specimens, transition has been brought into a range 
of temperature in which the grain-size dependence 
of the yield point (en) is known to be insensitive to 
temperature. ° Therefore, an explanation of the non- 
zero intercept on the basis of Ry being a function of 
temperature seems ruled out. 

This work was done in a program sponsored by the 


Ship Structure Committee under the advisory guidance 


ance of the Committee on Ship Steel of the National 
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The Production of Controlled Orientation 
Bicrystals for Grain Boundary Migration 
Studies 


J. W. Rutter and K. T. Aust 


In previous studies of grain boundary migration in 
zone-refined lead, the authors used bicrystal speci- 
mens consisting of a striated crystal which was 
grown from the melt, and an adjacent striation-free 
crystal, introduced by artificial nucleation and growth. ¢ 
While this method permits the study of the motion of 
individual grain boundaries, it does not provide con- 
trol of the relative orientations of the grains. The 
present note will describe a technique for controlling 
the orientations of the two crystals in this type of 
specimen. 

The technique consists essentially of placing a 
striated crystal and a striation-free crystal of con- 
trolled orientations end-to-end in a graphite trough, 
then melting a short zone at the junction of the two 
crystals and allowing it to freeze to form the desired 
grain boundary. The apparatus used to carry out this 
process is illustrated in Fig. 1. It consists of a 
trough milled from high-purity graphite, with grooves 
in the underside for the placement of thermocouples. 
The graphite piece fans out on one end at the level of 
the bottom of the trough; the sides of the trough are 
completed in this region by the attachment of a mat- 
ing plate with a slot cut at any desired angle to per- 
mit reorientation of the crystal placed at this end of 
the assembly. The joint between the crystals is made 
at or near the point where the slotted plate joins the 
rest of the trough. The thermocouple slots are deep- 
ened in this region so that the thermocouples are 
separated from the melt by only 1/32 in. of graphite. 
An induction heater, with suitable temperature con- 
trol, is used to obtain the molten zone. 

The two single crystals used are first chemically 
polished in a solution consisting of eight parts glacial 
acetic acid and two parts 30 pct hydrogen peroxide. 
They are then placed in the trough with the ends to be 
joined at the position of the thermocouples. Next, 
cooling is applied to the two crystals by means of air 
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Fig. 1—Illustration of apparatus used to produce controlled 
orientation bicrystals. 


jets located 1 to 2 in. from the position of the joint 
and directed away from it, Fig. 1. The air cooling 
helps, first, to limit the length of the molten zone by 
increasing the temperature gradients and, second, to 
prevent the nucleation of stray crystals during freez- 
ing of the zone by assuring that the solid-liquid inter- 
faces are the coldest surfaces exposed to the molten 
zone. Next, the temperature is raised, part of each 
crystal being melted, to form a liquid zone about 1/2 
in. in length. Since the two crystals often do not butt 
together closely, the liquid level is usually lower 
than desired. This can be corrected by sliding one or 
both of the crystals into the liquid zone. The liquid is 
“‘puddled’’ within a thin Pyrex rod, in order to elimi- 
nate oxide inclusions, and the temperature is then 
lowered slowly to freeze the liquid zone. 
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Fig. 2—(a) —(upper) Bicrystal of zone-refined lead pro- 
duced by the controlled orientation technique. Etched in a 
solution of 5 pet nitric acid in methyl alcohol. (b)— (lower) 
Same specimen, chemically polished, annealed and etched. 
X4, Reduced approximately 59 pct for reproduction. 
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Fig. 2(a) shows a specimen produced in this way. 
It can be seen that the striations have been propa- 
gated in that portion of the zone which froze from 
the striated crystal, so that a source of driving en- 
ergy for migration of the grain boundary is present 
at the position of its formation. It may also be seen 
from Fig. 2(a) that no striations formed in that part 
of the zone which froze from the striation-free crys- 
tal. This may be explained on the basis of the incu- 
bation distance required for the formation of stria- 
tions, as noted by Teghtsoonian and Chalmers.” The 
fact that a grain boundary formed in the manner 
described above will migrate on annealing is demon- 
strated in Fig. 2(b), which shows the specimen of 
Fig. 2(a)after annealing for 2 min at 300°C. 

Using high-purity lead, no difficulty has been ex- 
perienced in moving the boundary from the position 
where it is formed. With doped materials, however, 
segregation to the last portion to freeze might pro- 
duce a solute concentration large enough to anchor 
the boundary, even though it would be mobile in the 
doped crystal. This difficulty may be overcome by 
growing the doped, striated crystal from a pure seed, 
to which it is left attached. The grain boundary may 
then be introduced between a pure, striation-free 
crystal and the pure, striated region and subsequently 
migrated into the doped portion. It is often useful to 
anneal at a temperature near the melting point to 
provide the maximum opportunity for the grain bound- 
ary to get free of any irregularities in the region 
where it is formed. This may conveniently be done 
by halting cooling as soon as the liquid zone has been 
frozen. The steep temperature gradient provided by 
the air cooling prevents the boundary from migrat- 
ing too far during this annealing treatment. 

The present technique is being used to prepare 
bicrystals for a study of grain boundary migration 
in high-purity lead. It is also useful for the prepa- 
ration of accurately oriented, substructure-free, 
Single crystals and the production of substructure- 
free bicrystals with a transverse boundary, formed 
by migrating two boundaries together from opposite 
ends of a striated crystal. The principal limitation 
appears to be the requirement of high-purity material 
in order to maintain sufficient boundary mobility un- 
der the small driving force provided by the striation 
substructure. 


*See, for example: J. W. Rutter and K. T. Aust: Acta Met., 1958, vol. 6, 
p. 375, and Trans. Met. Soc. AIME, 1959, vol. 215, p. 119. 

*E. Teghtsoonian and B. Chalmers: Can. J. Physics, 1951, vol. 29, p. 370; 
ibid, 1952, vol. 30, p, 388. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


AIR COOLING TUBES 
® 
© 
TR 
WR 
< 
Kon 
Ze 
LZ. 
ZS 


The Phase Relationships in the Magnes- 
ium-Rich Region of the 335°C Tetrahe- 
dron of the Mg-Al-Ca- Zn Phase Diagram 


J. B. Clark 


An exploratory study of the 60 wt pct Mg and 80 wt 
pct Mg sections of the solid constitution in the 
magnesium-rich region of the Mg-Al-Ca-Zn sys- 
tem was undertaken. The objective of the investi- 
gation was to determine the general configuration of 
the. phase fields with respect to the magnesium 
solid solution in this complex system. 

The 335°C (635°F) tetrahedron was selected for 
study because the solid constitutions of the bounding 
ternary systems—Mg- Al-Zn,’ Mg- Al-Ca,” Mg-Ca- 
Zn°—were well known and, at least in these ternary 
systems, diffusion was rapid enough at 335°C for 
equilibrium to be reached fairly rapidly. Metal- 
lography and powder X-ray diffraction were se- 
lected as the best corroboratory methods for de- 
termining the solid phase equilibria. 

A total of forty-six quaternary alloys on the 60 wt 
Mg and 80 wt Mg sections were prepared, annealed 
to equilibrium at 335°C, and the phases present 
identified. 

Singly sublimed (99.99 pct) magnesium, elec- 
trolytic (99.99 pct) zinc, high-purity (99.99 pct) 
aluminum, and USP calcium were alloyed in 
graphite crucibles under a chloride flux and chill 
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cast into a split graphite mold. 

Alloy samples were sealed under argon in Pyrex 
vials and annealed at 335°C + 1/2°C for a minimum 
of 500 hr. At the conclusion of the anneal, the alloy 
samples were quenched rapidly in ice water. 

Standard metallographic procedures for mag- 
nesium alloys were used. Powder X-ray diffraction 
patterns were taken onaG. E. Camera with a 
diameter of 14.32 cm using nickel filtered copper 
radiation. 

The phase equilibria in the 60 wt pct Mg section 
of the 335°C (635°F) tetrahedron is shown in Fig. 1. 
The complex equilibria in the zinc-rich region 
were not accurately determined and are shown only 
tentatively with dotted lines. The equilibria of the 
three bounding ternary 335°C sections from pure 
magnesium to 60 wt pct Mg are also shown as 
though folded away from the tetrahedron. The 80 
wt pct Mg section has the same configuration of 
phase fields as that shown in Fig. 1. Thus it is 
reasonable to conclude that in higher magnesium 
sections, the same relative configuration of phase 
fields is maintained though the relative proportions 
of the individual phase fields may change slightly as 
the magnesium solid solution is approached. 

Note that all the ternary phases present in these 
ternary diagrams enter into the quaternary equi- 
libria with the exception of the y phase of the Mg- 
Al-Zn system which becomes unstable with the 
addition of as little as 1/2 pct Ca. No quaternary 
intermetallic phases were found. No liquid phase 
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Fig. 1—The 60 wt pet Mg section of the 
335°C (635°F) tetrahedron of the Mg- 
Al-Ca-Zn system. The adjacent ternary 
equilibria are also shown. 


was detected in any of the quaternary alloys an- 
nealed at 335°C suggesting that if a quaternary eu- 
tectic exists, it must lie between 335°C and 339°C, 
the temperature of the ternary eutectic in the Mg- 
Al-Zn system. 
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Since all the phases designated in Fig. 1 are 
stable to room temperature, the same phase re- 
lationships must exist in similar sections of lower 
temperature tetrahedra. Therefore, the general 
phase relationships shown in Fig. 1 are character- 
istic of the solid constitution over a wide range of 
temperature and composition. 
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The Solid Constitution in the Magnes- 
ium-Rich Region of the Mg-Ca- Zn Phase 
Diagram 


J. B. Clark 


In 1933, R. Paris’ published a phase diagram for 
the entire Mg-Ca-Zn system. He reported the ex- 
istence of a ternary intermetallic phase, Mg;Zn;Caz, 
which formed a quasi-binary with the magnesium 
solid solution. Since then, no extensive work has 


been reported on the system. Recently however, 
indications of the existence of a second ternary in- 
termetallic phase in equilibrium with the magne- 
sium solid solution led to a reinvestigation of the 
solid phase equilibria involving the magnesium 
solid solution. The 335°C (635°F) isothermal sec- 
tion was chosen for study. Metallography and 
powder X-ray diffraction were selected as the best 
mutually corroborating methods for determining the 
solid phase constitution. 

Seventy-six alloys were prepared from singly 
sublimed (99.95 pct) magnesium, electrolytic 
(99.95 pct) zinc and USP calcium. The analyses of 
some of the alloys are shown in Fig. 1. The alloys 
were melted in a graphite crucible under a chloride 
flux and chill cast in a split graphite mold. Dif- 
fusion couples (see Fig. 2) were prepared by 
casting molten Mg-20 wt pct Zn alloy around a 
cylinder of Mg-30 wt pct Ca alloy. 

The alloy samples and the diffusion couples were 
sealed under argon in Pyrex vials and annealed ina 
furnace capable of controlling within 1/2°C of 
335°C. At the conclusion of the anneal, the alloy 
samples were quenched in ice water and the dif- 
fusion couples were air cooled. 

Procedures standard for magnesium alloys were 
used for metallographic examination. Powder X- 
ray diffraction patterns were taken on aG. E. cam- 
era with a 14.32 cm diam using nickel-filtered 
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Fig. 1—The 335°C (635° F) section of the 
Mg-Ca-Zn phase diagram. O—compo- 
sitions studied. 
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copper radiation. 

The redetermined 335°C (635°F) section of the 
Mg-Ca-Zn phase diagram is shown in Fig. 1. Two 
ternary intermetallic phases, designated w and £, 
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Fig. 2—The cross section of the Mg-20 wt pet Zn/Mg-30 
wt pet Ca diffusion couple after 500 hr anneal at 335°C 
(635° F). 


are in equilibrium with the magnesium solid solu- 
tion. Both of these ternary phases appear to be 
stable to room temperature. The d values of these 
phases will be published in the ASTM Powder Dif- 
fraction Card File. The metallographic structures 
of alloys in the magnesium-rich region of the 335°C 
section are illustrated by the sequence of the dif- 
fusion layers formed in Mg-20 wt pct Zn/Mg-30 wt 
pet Ca couple shown in Fig. 2. 

This redetermined 335°C section differs from the 
equilibria reported by Paris’ in three respects. 

a) Although the exact limits of the 8 phase field 
toward the Ca- Zn binary were difficult to deter- 
mine, the £8 phase field does not contain the compo- 
sition Mg,Zn;Ca, reported by Paris for this ternary 
intermetallic phase. 

b) An additional ternary intermetallic phase, w, 
is present at Mg-80.7 wt pct Zn-7.8 wt pct Ca. 

c) No liquid structure was detected over the en- 
tire composition range studied, although Paris re- 
ported a ternary eutectic at 2 pct Ca, 38.5 pct Mg, 
59.5 pct Zn and 330°C (626°F). 

The general equilibria at lower temperatures are 
the same as that shown in Fig. 1 with the exception 
that the binary Mg,Zn; (P)phase decomposes into 
magnesium solid solution and MgZn (7) phase below 
(617 

'R, Paris: Compt. rend., 1933, vol. 197, p, 1634; The Technology of Magne- 
sium and Its Alloys, A. Beck, F. A. Hughes & Co., Ltd., London, p. 90, 1940; 
Contribution a l’Etude des Alliages Ternaires. Publications Scientifiques et 


Techniques du Ministeére de l’Air, No. 45, 1934, pp. 1-86. 
2J. B. Clark and F. N. Rhines: AJME Trans., 1957, vol. 209, pp. 425-29. 


Stacking Faults in Platinum 


J. Tavanto and F. R. Brotzen 


SEVERAL investigators have computed stacking- 
fault concentrations from X-ray diffraction data.*~ 
The method generally employed relates the line 
shift to the stacking-fault probability. In this in- 
vestigation platinum filings of 99.99 pct purity 
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screened to -325 mesh were studied after having 
been subjected to various annealing treatments. 
The lines were measured on a General Electric 
XRD-5 spectrogoniometer using CuK, radiation. 
The centroid of the broad reflections was deter- 
mined by the method proposed by Pike.° The 
stacking-fault probability was calculated by the 
formula given by Warren and Warekois,° with the 
assumption that all stacking faults were on the 
{111}. Various high-angle reflections were used, 
but most data collected refer to the shift in the 
{400} reflections. 

When the filed platinum powder was annealed at 
1200°C for 20 min the stacking fault concentration 
was too small to be detected. The stacking-fault 
probability in freshly filed specimens, as deter- 
mined by the line shift relative to the annealed 
specimen, was about 0.016, Fig. 1. If the faults 
would be created only by extended dislocations, the 
dislocation density in the filed specimen would be 
about 3X10'*cm'*. The average stacking-fault width 
of about 21A, which was used in this computation, is 
that given by Thornton and Hirsch.’ 

The mechanism by which stacking faults are an- 
nihilated during annealing is not yet fully understood. 
The isothermal results obtained do not seem to sup- 
port the simple hypothesis of a first-order decay. On 
the other hand, the analysis by Kuhlmann, Masing, 
and Raffelsieper® for the loss of dislocations during 
recovery agrees much better with the experimental 
data of this investigation. This analysis yields an 
activation energy of 29 + 8 kcal per mol for the dis- 
appearance of stacking faults in cold-worked plati- 
num during annealing. Even if one takes into ac- 
count the lack of accuracy inherent in this X-ray 
method, the activation energy found is substantially 
less than that of self-diffusion in platinum, ?.e., 61.6 
kcal per mol.’ The results therefore suggest that 
processes other than dislocation climb, which in- 
volves the activation energy of self-diffusion, are re- 
sponsible for the loss of stacking faults in platinum 
during annealing. 

The broad reflection lines became sharper early 
in the recovery process, Fig. 1. The sharpening oc- 
curred well before the stage during which stacking 
faults disappear. This lends support to Nowick’s”° 
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belief that a considerable rearrangement of disloca- 
tions takes place in platinum during the early stages 
of recovery. 


*A, J. C. Wilson: Proc. Roy. Soc., London, 1942, vol. 180A, p, 277. 

*M. S. Paterson: J. Appl. Phys., 1952, vol. 23, p. 805. 

°B. E. Warren and E. P. Warekois: Acta Met., 1955, vol. 3, p, 473. 

“C..N. J. Wagner: Acta Met., 1957, vol. 5, p. 427, p. 477, and Rev. de Mét., 
1958, vol. 55, p, 1171. 

‘R. E. Smallman and K. H. Westmacott: Phil. Mag., 1957, vol. 2, p, 669. 

°E. R. Pike: Sci. Instr., 1958, vol. 35, p. 34. 

”P. R. Thornton and P. B. Hirsch: Phil. Mag., 1958, vol. 3, p. 738. 

*D. Kuhlman, G. Masing, and J. Raffelsieper: Z. Metallk., 1949, vol. 40, 
p. 241. 

°G. L. Bacchella, E. Germagnoli, and S. Granata: J. Appl. Phys., 1959, 
vol. 30, p. 748. 

A. S. Nowick: Acta Met., 1955, vol. 3, p. 312. 


Observations on the Powdering of Yttrium 
Hydride 


John D, Roach 


Durie an investigation of the yttrium-hydrogen 
system aimed at producing solid yttrium hydride 
Specimens containing various amounts of hydrogen, 
it was observed that yttrium containing approxi- 
mately 2 wt pct H exhibited a tendency to crack and 
crumble to a powder on standing in air at room tem- 
perature. It was also observed that longer hydriding 
times, at a given temperature, increased this sus- 
ceptibility to powdering without an increase in hydro- 
gen content, also that moisture in the air is neces- 
sary for the observed effects to occur. 

Even if cracking did not occur, there was a con- 
tinual formation of a light gray powder on the as- 
treated surface of the hydrided yttrium and this re- 
action continues until the entire hydrided piece has 
been reduced to a powder. Storing the hydrided 
specimens in the absence of air or removing the 
surface either by machining or grinding were ef- 
fective means of preventing this disintegration of 
hydrided yttrium. 

In an attempt to determine the reason for this 
powdering phenomenon, the surfaces of a number of 
as-hydrided yttrium specimens were examined by 
X-ray techniques. In all cases the X-ray pattern ob- 
tained showed the major phase to be yttrium hydride 
(YH,) as would be expected since the specimens con- 
tained 2 to 2.2 wt pct H. In some cases a trace of 
yttrium oxide was observed. There was also a third 
phase present on the surface of these hydrided speci- 
mens which could not immediately be identified. This 
unknown phase was a face-centered cubic material, 
NaCl-type structure, with a lattice parameter of 
4.855A and a calculated density of 5.914 g per cc. 
Very slight hand polishing of the surface of the hy- 
drided yttrium specimens completely removed both 
the unknown phase and the traces of oxide so that 
only the yttrium hydride pattern remained. Based 
on the X-ray patterns the quantity of the unknown 
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phase on the surface of the hydrided yttrium ap- 
peared to be directly related to the susceptibility of 
the material to powdering. 

Work at the Denver Research Institute on the 
yttrium-nitrogen binary system showed that yttrium 
nitride (YN) is a face-centered cubic material with 
a lattice parameter of 4.878A and a density of 5.890 
g per cc. They also noted that this compound rapidly 
disintegrated to a powder on standing in air. The un- 
known pattern observed in the above specimens cor- 
responds very closely to that of the nitride—fcc 
structure, 4.885A parameter, and density of 5.914 
g per cc. The presence of this thin film of nitride on 
the surface of the hydrided specimens probably ac- 
counts for the observed powder formationand crumb- 
ling. The nitride reacts with the water vapor in the 
air (verified by private communication from Dr. C. 
Huffine, General Electric Co.) to yield yttrium oxide 
and ammonia. Ammonia is readily detected when 
hydrided yttrium specimens were allowed to stand 
in bottled moist air. The powder formed on the 
Surface of the hydrided specimens was shown by 
X-ray analysis to be yttrium oxide. This reaction 
appears to occur primarily at the grain boundaries 
Since discrete particles of yttrium hydride sepa- 
rate from the specimens during this powdering 
process. 

The reaction of yttrium nitride with water vapor 
is believed to be as follows: 2YN + 3H,0 — Y,O, 

+ 2NH;. Despite the fact that this nitride is present 
only as an extremely thin surface film, if the above 
reaction is not prevented by removing this film from 
the surface either by machining or grinding, the re- 
action continues until the entire hydrided piece has 
been reduced to a powder. To account for this con- 
tinuation of the reaction, it is believed that the fol- 
lowing reactionalso occurs: + 2NH, 2YN + 5H,. 
The nitride produced by the latter reaction reacts in 
turn with water vapor. The reaction therefore be- 
comes autocatalytic and continues until the hydride 
has been consumed and the entire piece reduced to 
oxide powder. 

The amount of nitride required to initiate this re- 
action is quite small and this nitrogen contamination 
can occur from a number of sources—hydrogen gas 
employed, minute leak in the hydriding apparatus or 
even from degassing of the reaction vessel itself. 
Longer hydriding times increase the possibility of 
nitrogen contamination and this is especially true 
when a dynamic gas system is employed in the hy- 
driding process. The production of stable, solid 
hydrided yttrium is dependent on the complete ab- 
sence of nitrogen contamination during processing. 
If such contamination does occur, powdering of the 
hydrided product can be prevented by removing the 
nitride from the surface e.g. grinding or by pre- 
venting access of air to the pieces e.g. sealing in 
wax or plastic. 

The author wishes to express his appreciation to 
General Electric Co. for sponsoring this research 
and for permission to publish the results of work 
under Subcontract AT-93. 
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the Existence of Lower Tantalum Oxides 


. J. Wasilewski 


In addition to the pentoxide Ta20s, lower oxides, 
namely Ta,0,' TaO* and Ta,0* have been stated to 
exist. In more recent investigations, the existence 
of the intermediate phases Taz,0, and TaO could 
not be confirmed. In addition, no confirmation for 
the existence of the suboxide was provided by the 
extensive investigation of Lagergren and Magneli. * 
In view of a similar earlier discrepancy between 
the observations of Brauer® and Grube and Kubas- 
chewski° on Nb,O, the reported structure of which 
was almost identical with that proposed for Ta,O, 
some of the samples previously used® were rein- 
vestigated, and in particular analyzed for their 
nitrogen content. A number of new samples were 
also prepared, both by the technique used pre- 
viously, (¢.e., slow oxidation at 1050°C in hydrogen 
containing minute additions of air), and by nitriding 
with cracked ammonia, again with very low partial 
pressure of air. Tantalum powder 99.8 + pct pure, 
— 325 mesh BSS was used throughout, as in previous 
work. All the samples were furnace cooled after a 
1050°C anneal, analyzed for nitrogen, tantalum, and 
gain in weight on ignition at 1000°C. X-ray diffrac- 
tion patterns were then taken, using CuK, radiation. 

It was found that the diffraction pattern previously 
reported as that of Ta,O did not, in fact, refer to the 
suboxide composition, but to an oxynitride of the 
approximate composition Taz(O,N,-,). Furthermore, 
direct comparison of patterns of the oxynitrides con- 
taining an increasing nitrogen/oxygen ratio, Table I, 
and that of the lower nitride Ta,N permitted estab- 
lishing the structure of the oxynitride as hexagonal 
close packed, with parameters a, = 3.057, A Co= 
4.924, A and c/a= 1.610. The originally Beerned 
orthorhombic cell can be re-indexed satisfactorily 
on this basis. 

Line intensities varied appreciably with composi- 
tion, although the lattice parameters remained es- 
sentially constant. At lower N,/O, ratios, the high- 
angle lines tended to be diffuse, indicating some 
Spread in parameter values. 

During the oxynitride preparation experiments 
involving oxygen contaminated, electrolytically 
deposited Ta powder containing 3.31 pct (weight) 
oxygen, a diffraction pattern of a cubic structure 
was observed after vacuum anneal of the metal at 
800°C. Diffuse Ta diffraction lines were also pres- 
ent. After annealing at temperatures above 1000°C 
this structure decomposed to oxygen saturated Ta 
and Taz0s. 

The cubic phase was indexed on the basis of a 
cubic cell a, = 3.99, jig Assuming the formula to be 
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Table | 
Composition Qo Co c/a Remarks 
Ta, No.38s 0.65 3.055 4.928 16133 Lines diffuse 
No.83 Oo. 20 3.056 4.927 1.612, Sharp pattern 
Ta, No.o8 4,924 1.610 
Ta, No.76-1.06) 3.042 4.909 1.614 Brauer & Heinz” 


TaO, the X-ray density of this phase is 5.13 or 10.26 
g per ccm for Z =1 or Z = 2 formula units per cell, 
respectively. The pycnometric density of the com- 
posite sample was determined as 12.65 g per ccm. 
Calculated density of the composite, based on the 
Ta:TaO ratio determined from the known total oxy- 
gen content is 13.25 g per ccm for Z = 2, and 10.26, 
for Z=1. If the difference between the higher of the 
calculated and the experimental values were taken 
as due to vacant sites in the TaO structure, then 25 
pct of the lattice sites are vacant, as has been postu- 
lated for NbO.° 

An NaCl type structure of a, = 4.42 to 4.44 Ahas 
been reported* for TaO previously. The preparation 
method used, however, (Oxidation of TaC or TaN with 
Hz + H,O bien makes it probable that the pattern 
observed was that of the residual carbide (@, = 4.45). 

It is believed that the monoxide is metastable, and 
the structures reported may be merely transition 
structures between the oxygen solid solution in tan- 
talum and the pentoxide. The formation of such a 
transition phase may be connected with the anomalous 
oxidation behavior reported. 


1B. S. Hopkins: Chemistry of the Less Familiar Elements, Stipes, Chicago, 


2N. Schonberg: Acta Chem. Scand., 1954, vol. 8, p. 240. 

3R. J. Wasilewski: J. Amer. Chem. Soc., 1953, vol. 75, p. 1001. 

4S. Lagergren and A. Magneli: Acta Chem. Scand., 1952, RE 6, p. 444. 

5G. Brauer: Z. anorg. allgem. Chem., 1941, vol. 248, 

®G. Grube, O. Kubaschewski, and K. Zwiauer: Z. Picton 1939, vol. 45, 
p. 885. 

7G. Brauer and K. Heinz: Z. anorg. Chem., 1954, vol. 277, p. 129. 

8R, Bakish: J. Electrochem. Soc., 1958, vol. 105, p. 71. 


Density Anomalies in the Bi,Te3-Sb,Te, 
System 


L. R. Testardi and J. R. Wiese 


OBSERVATIONS have been made that the substitution 
of antimony for bismuth in BizTe,; leads to anomalies 
in some of the electrical and magnetic properties of 
the BizTes-SbeTe; alloy system at the composition 
ratios 2 BizTe3 SbeTes and 1 Bi2Te3 Sb2Te3. 
Airapetiants and Efimova’ have reported the peaking 
of the nondegenerate hole mobilities, Uo, at these 
compositions for sintered materials and ascribe the 
peaking to the formation of ordered alloys. From a 
study of these materials produced by the Bridgeman 
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technique, Birkholz® found a maximum in the observed 
mobility in the vicinity of the bismuth-rich ordered 
alloy while the mobility of the antimony-rich ordered 
alloy approached a minimum.* From thermoelectric 


*These measurements were made with the current flow aligned with 
the direction of the cleavage planes. 


measurements Wright* observed that the product 

Lo (m*/m)*/*, where m*is the density of states effec- 
tive mass, does not change appreciably with compo- 
Sition in this alloy system. The latter findings, also 
from Bridgeman grown material, are in agreement 
with the results of Airapetiants and Efimova for the 
2 BizTe; : 1 SbzTes composition, but not for the 

1 Biz,Te, : 2 Sb2Te, composition. 

To establish evidence for the presence of ordering 
at both composition ratios we have investigated the 
densities of annealed near-single crystals 22-3 crys- 
tals/cross section) and quenched ingots of a number 
of alloys of the system Bi2Te,-SbszTe 3. For all of the 
samples the elemental constituents were initially 
reacted and agitated in evacuated and sealed Vycor 
tubes, held for a period of time at 100 °C above the 
melting point and then water quenched. For the 
single-crystal preparation one ingot was placed ina 
Vycor ‘‘boat’’ but buffered from direct contact with 
the walls of the boat by a layer of graphite powder. 
The powder served to reduce the thermal conduct- 
ance of the sample surface environment and to mini- 
mize stresses in the sample on solidification. The 
boat with its sample was then placed into a Vycor 
tube which was evacuated and sealed. The sample 
was zone-levelled and then cooled from 500°C to 
room temperature over a period of 36 hr. 

Density measurements were made at room tem- 
perature by the hydrostatic weighing technique using 
distilled water as the immersant liquid. The method 
and necessary corrections are described elsewhere. 
Masses were determined to 0.01mg and the tempera- 
ture of the immersion bath was determined to 0.1°C. 
The samples were sectioned or cleaved after meas- 
urement to establish the absence of voids in the ma- 
terial. The largest source of error lay in the irre- 
producibility of the surface tension of the water on 
the suspension wire. It was found experimentally that 
for advancing and receding liquid-wire interfaces of 
varying ‘‘age’’ the surface tension for our measure- 
ments averaged about 1.5 mg +0.5 mg of force. This 
contributes an error of 0.05 to 0.005 pct for the dif- 
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Fig. 1—Density vs alloy composition—Bi,Te;-Sb,Te, system. 
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Table I. Density as a Function of Composition — Bi,Te3-SboTe, 
System Quenched and Near-Single Crystal Material 


Composition, Mol Pct Density, g/cm® 


Bi,Te, Sb, Te, Quenched Near-Single 
100 0 7.803 7.836 
90 10 7.682 7.696 
80 20 7.536 7.564 
70 30 7.411 7.452 
667, 337, 7.418 
60 40 7.278 7.319 
50 50 7.138 7.149 
40 60 7.009 7.021 
33%, 667%, 6.922 6.934 
30 70 6.887 6.936 
20 80 6.729 6.745 
10 90 6.568 6.607 
0 100 6.440 6.488 


ferent sized samples and exceeds the contributions 
from all other error sources by at least one order of 
magnitude. In view of the almost linear relationship 
between density and alloy composition (see Fig. 1) 
inhomogeneity of the ingot under test should not in- 
troduce an error greater than that due to surface 
tension provided that, in their total count, the atoms 
in the ingot are present in the ratio implied by the 
alloy composition figure. 

Table I gives the densities of quenched and near- 
Single crystal ingot at 10 mol pct composition inter- 
vals and at the 2:1 and 1:2 composition at 25°C. The 
experimental values, determined in the temperature 
range 25°C +2°C, have all been referred to 25°C 
using thermal expansion data obtained in this labora- 
tory. The values given in Table I are shown graphic- 
ally in Fig. 1. In general the densities of the quenched 
Samples are lower than those of the near-single crys- 
tal ingots, consistent with the expectation of greater 
vacancy and dislocation densities in the quenched ma- 
terial. In the vicinity of the 2:1 BizTes : Sb2Tes com- 
position ratio a gentle peaking is observed in the 
densities of the near-single crystal materials, but 
not in the quenched materials. If there is no ab- 
normal change in the vacancy or dislocation densi- 
ties (X-ray data by Birkholz* is inconclusive for this 
point) this could be indicative of a tighter packing of 
the atoms in an ordered arrangement for the annealed 
near-Single crystals. A similar peaking occurs near 
the proposed antimony-rich ordered composition, but 
it is not associated with the exact composition ratio 
of 1 BizTe; : 2 Sb2Tes. It could be expected that the 
tighter packing might give rise to anomalies in the 
energy gap at these compositions. Studies of the 
thermal energy gaps now in progress at this labora- 
tory seem to verify this, showing minima in the 
energy gaps near the proposed ordered composi- 
tions. If a second phase is present in small amount 
in these alloys,” the anomalous behavior of the den- 
sity near the 2:1 and 1:2 composition ratios may 
represent a change in the solubility of the second 
phase in the predominant phase. 

The authors are indebted to the sponsors of the 
Thermoelectric Effects Research Program for their 
financial support. 
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Optimum Conditions for Zone Refining 


J. D. Harrison and W. A. Tiller 
| 


Pranw3 has described a procedure for choosing the 
zone travel rate f and the number of passes n in the 
zone-refining process which minimize the time for a 
given degree of purification at any chosen point in the 

charge. We have performed the calculations accord- 

ing to this procedure and find that the results can be 
readily tabulated and a much simpler procedure put 
forth to gain this useful information. 

Since zone refining may be performed under vari- 
ous conditions of mixing (natural or forced convec- 
tion) the data is best described in terms of the nor- 
malized growth velocity f5/D where 5 is the thickness 
of the diffusion boundary layer at the freezing inter- 
face and D is the diffusion coefficient of the solute in 
the melt.” The value of the effective partition coeffi- 
cient k associated with the interface partition coef- 
ficient k, and the-value of f5/D which yields optimum 
partitioning will thus be denoted as Rop for the par- 
ticular refining objective. We have found that the 
Ropt Obtained by Pfann’s’ procedure is not sensitive to 
the relative purification desired or the position in the 
charge at which this purification is desired. There- 
fore, Ropt for any k, and the associated value of f5/D 
can be tabulated directly as shown in Table I. 

These values are valid for semi-infinite bars at 
least to 20 zone lengths; in finite bars to the region 
where back reflection from the impure end effects 
the solute concentration. In general one can choose 
the normalized growth velocity value of f5/D =1 for 
any k, without any appreciable dimunition in zone 
refining efficiency. 

From Table I, one finds immediately op for any 
particular ky. Having selected the position for crop- 
ping of the purified charge, one can find the number 
of zone passes n at this value of Ropt required to 
yield the desired purification at this point. For ex- 
ample, if ky = 0.3, then = 0.5. If the solute con- 
centration is to be reduced by a factor of 10 at 8 
zone-lengths from the beginning end, then from the 
appendix of Pfann,* the plot of relative solute con- 
centration vs distance in a semi-infinite bar for 
k = 0.5 shows that eighteen passes are required. A 
finite bar gives essentially the same results pro- 
vided the bar is more than 12 zone lengths long. 

The rate of zone passage f required to produce 
this optimum refining condition will increase as 6 
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Table | 
ky 0.1 0.2 0.3 0.4 0.5 0.6 0.7 
opt 0.3 0.4 0.5 0.7 0.7 0.8 0.8 
5f/D ils! 1.0 0.9 1.3 0.9 1.0 0.8 


decreases (D~10™*to 10°° cm*sec and is a constant). 
The value of dvaries from 10°* cm for natural con- 
vection to about 10°* cm for vigorous forced convec- 
tion. Therefore, if 6is known as a function of the 
mixing force F in the liquid or can be determined 
experimentally,° the optimum rate of zone passage 
for any value of F can be calculated. For the above 
example, (f 6/D)op¢= 0.9. If the solvent and solute are 
Pb and Sn respectively and the liquid is forced elec- 
tromagnetically to rotate in the plane of the solid- 
liquid interface by a magnetic field of strength H 
oersteds, then is given 


= 1-2 X 10°* emH*cm/sec [1] 


where m = 3.5X 10°* (oersteds)™. For H = 350 oer- 
steds, fo, = 0.9 x 10° cm/sec. 


tw. G. Pfann: Zone Melting, John Wiley & Sons, Inc., New York, 1958. 

?J. A. Burton, R. C. Prim, and W. P. Slichter: J. Chem. Phys., 1953, vol. 21, 
p. 1987. 

3W. C. Johnston and W. A. Tiller: Trans. Met. Soc. AIME, 1961, vol. 221, 


Hot Pressing of Lead Spheres 


F. E. Westermann and R. G. Carlson 


Hor pressing of powder particles has gained im- 
portance recently, since it affords a method in which 
high densities are rapidly attained. In a recent study 
on hot pressing of alumina powders, Mangsen, Lam- 
bertson, and Best’ have shown within the limits of 
their experiment, the validity the rate equation for 
densification in hot pressing, originally proposed by 
Murray, Livey, and Williams,” i.é., 
aan (1-D) 
where D = fraction of theoretical density, ¢= time, 
P = pressure and 7 is the viscosity, all in appropri- 
ate units. This equation was derived from earlier 
work of Shuttleworth and Mackenzie® which is based 
on the closing of spherical pores under the action of 
surface tension. The integrated form of this equa- 
tion yields a straight-line relation between log (1 - D) 
and ¢. Such conditions were found by Felten * to be 
true only after extended periods of pressing. 

In an endeavor to quantitatively evaluate the ex- 
actitude of this equation in the initial sintering stage, 
i.e., prior to sealing of the pores, spherical anti- 


FRED E. WESTERMANN, Member AIME, is Associate Pro- 
fessor of Metallurgical Engineering, University of Cincinnati, 
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Fig. 1—Transverse cross section of Pb spheres after com- 
paction at 400°F and 1500 lb. X4. Reduced approximately 
48 pet for reproduction. 


monial lead 4 pct Sb) alloy shot, approximately 
0.095 in. diam was pressed at four temperatures and 
four pressures at times up to 40 min. The shot was 
pressed in a 7/8-in.-diam hardened steel die under 
argon atmosphere with the compression load applied 
by a Baldwin testing machine: continuous dilato- 
metric readings were made during pressing. Four 
temperatures were used, 300°, 330°, 350 °, and 400°F 
at a constant load, 400 lb: temperatures were con- 
trolled to +5°F. In an identical manner four com- 
pressive loads were applied, 400, 700, 1000, and 1500 
lb while the temperature was held constant: the vari- 
ation of the load was + 20 lb. Fig. 1 is a photomacro- 
graph of a cross section of a compact pressed at 
400°F and 1500 lb. A summary of these data are 
shown in Fig. 2 on a log (1—D) vs log ¢ plot. 

It can be observed that all curves are linear and 
when extrapolated back to shorter times converge 
at the fractional density of the compact (D = 0.50) at 
a time of 0.003 min; this fractional density approxi- 
mates that of asimple cubic array of uniform Spheres. 

From these data it appears that the hot pressing of 
lead spheres is not in agreement with the rate equa- 
tion proposed by Murray, Livey, and Williams, where 
the log (1-—D) should be directly proportional to 
time, but rather, that the log (1-D) is linearly re- 
lated to the log ¢. 


100 


Ol 10 
Time (minutes) 


Fig. 2—Summary of data plotted on log (1-D) vs log (time). 
> 300°F—700 lb load. §330°F—700 lb load. @350° F— 
700 lb load. X 400°F—700 lb load. © 400° F—400 lb load. 
@ 400°F—700 lb load. A400°F—1000 lb load. © 400°F— 
1500 lb load. 
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Identification of Deformation Twins in a 
Molybdenum-35 Pct Rhenium Alloy 


H. W. Schadler and A. Lawley 


Twinninc has long been recognized as a possible 
mode of deformation in crystalline solids and has 
been studied in a wide variety of crystals.’ Recently, 
deformation markings which have the topographical 
characteristics of twins have been seen in tungsten” 
and the body-centered cubic alloys of tungsten and 
molybdenum with rhenium.*” These markings have 
been identified as twins because: 1) they are visible 
after polishing and etching ;”* 2) their formation is 
accompanied by an audible click and a drop in load ;* 
and 3) the habit plane is {112}, the plane which has 
been identified as the twinning plane for several 
body-centered cubic metals.* However, there has 
been no published evidence for the specific deter- 
mination of the twinning direction in rhenium alloys 
of tungsten and molybdenum, because usually the 
deformation twins were not broad enough to be de- 
tected with a conventional X-ray beam. Consequently, 
[111] is inferred as the twinning direction since the 
latter must lie in a plane of Symmetry perpendicular 
to the twinning plane (112). 

As Sims and Jaffee*® and Lawley and Maddin‘ have 
shown, the addition of rhenium to molybdenum and 
tungsten increases the ductility of the alloy over 
that of the pure metal, but twinning is much more 
profuse in these alloys than in the pure elements, 
particularly at Mo-35 pct Re*and W-30 pet Re. 


*All compositions quoted are in atomic percent. 


Since twinning is often associated with brittle frac- 
ture in iron® and the silicon-irons,° direct experi- 
mental proof that the deformation markings in tung- 
sten and molybdenum alloys of rhenium are twins 
seemed to be needed. 

Using the Laue back-reflection technique, the de- 
formation markings in a Mo-35 pct Re alloy are 
shown to be deformation twins. The twins have a 
{112} habit plane and the twinning direction is <111>. 

The Mo-35 pct Re specimen used was taken from 
a 0.060-in. zone-refined single crystal deformed 6 
pet in tension at 78°K. The Laue back-reflection 
technique, with a film to specimen distance of 2 cm, 
and white radiation from a copper target were used. 
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| Fig. 1—Deformation markings formed in Mo-35 pct Re alloy 
deformed 6 pct in tension at 78°K. X500. Reduced approxi- 
| mately 24 pct for reproduction. 


| The X-ray beam was 25y in diam and the exposure 
time was about 60 hr. 

The deformation markings formed in Mo-35 pct 
_ Re deformed in tension at 78°K are shown in Fig. 1. 
The orientation of the original single crystal (here- 
after referred to as matrix) is indicated by the in- 
dexed points in Fig. 2. Three different sets of twins 
were identified on the sample, and the three traces, 
identified as AA, BB, CC, and the corresponding 
poles, identified by the open circles marked Py, Pz, 
and Po, are also indicated on Fig. 2. The experi- 
mental points used for the trace analysis are repre- 


\ 
\ 
\ 
@ 


Fig. 2—Stereographic projection indicating orientation of the 
single crystal matrix (indexed poles), the traces of the de- 
formation markings (dotted lines), and the orientation of the 
deformation twin (solid symmetry figures) which would re- 
sult from twinning on the (211) plane in the [111] direction. 
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MADE 


A |22 MATRIX OR (100) TWIN 
B 255 MATRIX OR (112) TWIN 


Fig. 3—Tracing of the Laue back-reflection pattern obtained 
from deformed single crystal. The film to specimen distance 
is 2 cm. 


sented as small crosses. The largest and most nu- 
merous markings were formed on the (211) plane 
identified by the pole P,, and these were the ones 
subjected to X-ray analysis. If the markings are in 
fact deformation twins and [111] is the twinning di- 
rection, then the resulting orientation of the twin with 
respect to the matrix would be as represented by the 
solid symmetry symbols in Fig. 2. 

Fig. 2 was used as a guide in analyzing the Laue 
back-reflection pattern shown in Fig. 3. If the Laue 
pattern contains poles belonging both to the matrix 
and to the twinned material (as is the case), then the 
symmetry evident in Fig. 2 can be used to identify 
the poles in Fig. 3. The pole closest to the center of 
the stereographic projection is the (011) pole of the 
matrix. 

About the (011) pole of Fig. 2 the matrix has two- 
fold symmetry, both east-west and north-south. The 
twin, however, has only twofold symmetry, east-west. 
Therefore, the poles representing the twinned orien- 
tation would show only east-west symmetry. Fig. 3 
is a tracing of the back-reflection pattern in which 
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Fig. 4—Schematic representation of atomic positions before 
and after twinning. Circles are in the plane of the paper and 
x and'+ are in the plane immediately above (or below) the 
paper. 


the individual poles have been identified and divided 
into the categories given below the figure. Within 
the region outlined by the zone traces marked 
I-013-II- (114)-A, and so forth, the symmetry of al- 
most all the Laue spots can be checked. Spots having 
twofold symmetry both north-south and east-west 
and hence originating from the matrix material are 
represented as dots. Those spots having twofold 
symmetry east-west only and identifiable as origin- 
ating from the deformation markings are repre- 
sented by the open squares. The other representa- 
tions are identified in the key below Fig. 3. Asa 
guide in analyzing this pattern the Laue reflections 
originating from the matrix are indexed in the same 
sense as the indexing on the stereographic projec- 
tion in Fig. 2. The Laue reflections from the lattice 


of the deformation markings are identified as to 
type by the numbers contained in parentheses. 

The Laue reflections represented as open squares 
were used to determine the orientation of the de- 
formation markings, and the result is identical with 
the orientation of the twin indicated on Fig. 2. Thus 
this back-reflection picture constitutes proof that 
the deformation markings in this Mo-35 pct Re sam- 
ple are in fact twins with a {211} habit plane and a 
<111> shear direction. 

In addition to the X-ray analysis an attempt was 


‘made to measure twinning shear directly on the 


surface of the sample. Fig. 4 shows a schematic 
representation of the original and final positions of 
the atoms for the matrix and twin orientation which 
Figs. 2 and 3 indicate. The angle of the twinning 
shear can be calculated if the distances 6 and h 
are measured. The calibrated fine adjustment of the 
microscope was used to measure 3b, and an eyepiece 
micrometer was used to measure h. The two widest 
twins present on the sample were measured. The 
values of the angle a calculated from these meas- 
urements were 14 deg and 16 deg. The theoretical 
value of @ is 19 deg 28 min. The agreement is 

good considering the inaccuracies, but can be con- 
sidered only secondary evidence. 

X-ray evidence has shown that in a Mo-35 pct Re 
alloy which was deformed at 78°K, deformation 
twins form on{112} planes by shear in the <111> 
direction which lies in the twinning plane. Since the 
deformation markings formed at room temperature 
in Mo-35 pct Re form with the same audible click 
and drop in load as the twins formed at 78°K and, 
Since these markings form on{112} planes, they are 
assumed to be twins also. 

The authors are grateful to W. B. Fleck and L. M. 
Osika for their patient effort in obtaining the X-ray 
patterns. This work was supported in part by the 
Office of Naval Research. 
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Correction to Volume 218, October 1960 


Precipitation Processes in Copper-Rich Copper-Iron Alloys by A. Boltax, p. 812 


Page 821 
Eq. [1 5] Should be: InK = lnk 


Correction to Volume 221, February 1961 


Redetermination of the Chromium and Nickel Solvuses in the Chromium-Nickel System by C. J. Bechtold 


and H. C. Vacher, p. 14 


The text of pages 16 and 17 is in improper sequence. The correct version will appear in the bound volume. 
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The 1961 Howe Memorial Lecture—lron and Steel Division 
Role of Chemistry in Metallurgical Research 


Lawrence S. Darken 


In view of the antiquity of metallurgy, which dates 
back at least four-thousand years, it might seem 
more appropriate to consider the effect of metallur - 
gy on chemical research than that of chemistry on 
metallurgical research. The coke blast furnace was 
in existence almost a hundred years prior to Dal- 
ton’s atomic theory. Roughly contemporaneous with 
Bessemer’s first converter and Siemens’ open hearth 
were the statement of the Second Law of Thermody - 
namics by Clausius, of the Law of Mass Action by 
Guldberg and Waage, and of the Periodic Law of the 
Elements by Mendeléeff. 

The founding of physical chemistry as an exact 
science is usually considered to date from Gibbs’ 
paper “On the Equilibrium of Heterogeneous Sub- 
stances”—this famous work received little attention 
until it was put into less severe language by Rooze- 
boom, who, interestingly enough, also wrote in 1900 
a well-received paper on “Iron and Steel from the 
Point of View of the ‘Phase Doctrine’.” This period 
in physical chemistry coincided with the early pro- 
fessional life of Henry Marion Howe. His remark- 
able ability to comprehend and integrate the best of 
what was then known not only of physical chemistry 
but also of metallography and engineering, to aug- 
ment this and to transmit it in a lucid style in his 
lectures and writings, was a major factor in the 
foundation of modern metallurgy. Although we may 
speculate about what his reactions would be to today’s 
metallurgical scene, we may also envy Howe the sa- 
tisfaction of working in this field at a time when it 
was possible for his exceptional mind to encompass 
essentially all known aspects of the metallurgy of 
iron and steel. 

Since that time the cumulative effect of all branches 
of metallurgical research and the wide transmission 
of this, especially through our schools and universi- 
ties, has indeed been tremendous. Twenty-five years 
ago it was frequently a mutually discouraging experi- 
ence for a scientist to meet operating people, but 
within that period much progress has been made in 
bridging the gap, both by the increase in scientific and 
technical knowledge and, importantly, by a change in 
climate of opinion, leading to a warmer reception of 
new ideas and techniques. In many respects the sci- 
ence has still not caught up to the art, but in others 
it is leading—and all indications are that this tendency 
will continue strongly in the future. I will avoid the 
temptation to say that a new day is dawning, recalling 
the inherent gradual nature of research and of its in- 
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654—VOLUME 221, AUGUST 1961 


corporation into technology, as well as one of Howe’s 
less cautious comments to this effect in 1917 that, 
“Pure science in its relation to engineering seems 
today to be in an intermediate stage of its asymptotic 
evolution from the state of a follower to that of an 
absolute dictator.” The last two words may have 
been in better repute then than now. However, it 
does seem predictable that the evolution, if not rev- 
olution, in practice will continue—aided rather than 
dictated by advances in fundamental knowledge and 
under standing—and that the trial and error method 

of designing new alloys, sometimes known as stir- 
ring the witch’s cauldron, will continue to yield 
ground though never completely be displaced. 

I shall briefly outline the role of physical chemis- 
try in the understanding of metallurgical phenomena, 
especially in the high-temperature field and in the 
area related to iron and steel. I shall remind you of 
the dominant and continuing role played by thermody - 
namics and the thermodynamic viewpoint, and the 
lack of any other unifying conceptual scheme of com- 
parable scope—from either fundamental atomistics 
or empirical correlation. Then I shall outline the 
usefulness and limitations of the thermodynamic ap- 
proach in areas where its validity is less generally 
recognized; these areas include metastable equlibria, 
partial equilibria, local equilibria, coupled equilibria, 
and irreversible thermodynamics. I shall also men- 
tion other types of kinetics problems and other areas 
where the chemical viewpoint plays an important role, 
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Fig. 1—Sn-Au system, 600°C. (From O., J. Kleppa’. Pub- 
lished by permission of the American Chemical Societyo 
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| stressing the importance of the integration of ap- 


proaches to metallurgical problems from many differ - 
ent fields. 


TRADITIONAL THERMODYNAMIC APPROACH 


A large part of the earlier metallurgical research 


' after Gibbs was concerned with the establishment of 


temperature-composition diagrams—phase diagrams. 
Metallography came into its own. This chapter is by 
no means closed—nor does it show any signs of be- 
coming so. The monumental compilation of phase 
diagrams of binary alloys by Hansen and Anderko,! 
while illustrating the tremendous accumulation of in- 
formation, still leaves disconcerting gaps and discrep- 
ancies. And this is in spite of such modern techniques 
as the electron microscope, X-ray and electron dif- 
fraction, electron microprobe, and internal friction. 
Even that most investigated system iron-carbon still 
has several unsolved features, perhaps most notably 
the solubility of cementite in ferrite below the eutec- 
toid. How often we find in conducting an experiment 
or investigating a process that the requisite equilib- 
rium data are unavailable or inadequate! The zone 
melters might optimistically expect that solidus 

and liquidus curves were handily awaiting them, but 
major discrepancies still exist. The more interest- 
ing and important phenomena are involved with sys- 
tems of several components—ternary and multicom- 
ponent systems. Here reliable information is even 
less plentiful. Investigations of this sort can be con- 
ducted only when the need becomes obvious, for the 
number of combinations of the elements in groups of 
three or more is just too vast. 

The parallel thermodynamic formulation of the 
manifold metallurgical reactions has proceeded over 
a long period. The many compilations of free ener- 
gies, heats and entropies of phases of fixed composi- 
tion give ample evidence of great activity in this 
area and of the changed climate of opinion, in which 
the present day metallurgist easily thinks in these 
terms. 

The number of compounds of metallurgical interest 
such as oxides, sulfides, nitrides, carbides, halides, 
Silicates is indeed large, but the number of conceiva- 
ble reactions involving these with each other and 
with the elements is even larger. The great and 
simple contribution of thermodynamics here is the 
fact that for additive chemical reactions the cor- 
responding free energies are also additive. An exam- 
ple by Rosenqvist and Hynne’ serves as an illustra- 


tion. It had been suggested that iron-sulfide ores 


might be converted to iron oxide and elementary 
sulfur by making use of the reaction of pyrrhotite 
with sulfur dioxide. The standard free-energy change 
for this reaction may be found as an algebraic sum 
from the three known free energies of formation as 
follows (a slight departure of the pyrrhotite from 
stoichiometry is ignored). 


AF? = 257,700 + 71.17T 


1) 3Fe +20, = Fe,O, 
2) 280, =S, + 20, AF? = 173,240 34.627 
3) 3FeS = 3Fe+ 3/28, AF3 = 107,730 - 37.687 
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Sum) 3FeS + 2SO, = Fe,0, + 5/28, 
23,0700 1, 


The equlibrium sulfur content of the gas (at one at- 
mosphere total pressure) is then found from the 
standard free energy via the equilibrium constant in 
the usual way. 


= -RT In K = -RT In 
Equil. Pct §, 
iC Calc. Obs. 
700 
800 1.6 20 
900 2.3 3.4 


It is found that the efficiency of the reaction is ther- 
modynamically limited to an unfortunately low value. 
The agreement of the calculated values with those of 
direct experiment is not atypical. 

In this example the condensed phases were con- 
sidered to be of substantially fixed composition, 
about which we first learned in our earliest contact 
with chemistry and upon which Dalton based his 
atomic theory. It has since turned out that though the 
assumption of fixed composition is a very good ap- 
proximation in some cases, it is nevertheless always 
an approximation and we find to our delight or con- 
sternation, as the case may be, that we must deal 
with phases of variable composition. These compo- 
sition ranges are in general greater at more elevated 
temperatures and are usually greater in liquid than 
in solids. All such phases are properly viewed as 
solutions. Thermodynamic investigations of solutions 
usually consist of the experimental determination 
of the partial molal free energy, which is conveniently 
called the chemical potential and is directly related 
to the activity and activity coefficient; the Gibbs- 
Duhem relation provides an exceedingly useful inter- 
relation. For ideal solutions the activity is propor- 
tional to the concentration in accord with Raoult’s 
law and the activity coefficient is a constant, 
usually taken as unity. Although departures 
from ideality have long been recognized in prin- 
ciple, it has dawned on us only slowly that ex- 
ceedingly great departures are by no means rare. 
Activities in the tin-gold system, as measured by 
Kleppa,? are shown in Fig. 1. Here the departure 
from ideality in the behavior of tin reaches a factor 
of about ten thousand. Fig. 2 shows a similar chart 
for the activity of silicon in liquid iron-silicon alloys 
at 1600°C (Chipman and Elliott).* Here it is seen 
that the activity coefficient of silicon at low percent- 
age is less than one-hundredth. We would be in error 
by this factor in computing the amount of silicon nec- 
essary for a given degree of deoxidation of steel if 
this low activity coefficient were ignored. 

It is with some trepidation that I touch on the physi- 
cal chemistry of iron and steelmaking. The fine fruit- 
ful research in this area has been so vast and so well 
reported and organized, especially by John Chipman 
and his group in this country, that anything I can say 
would be but a travesty. This work, though bedevilled 
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Fig. 2—Activity of silicon in liquid iron at 1600°C. (From 
Chipman and Elliott.) 4 


by the large number of difficulties inherent in high- 
temperature research, has occupied an appreciable 
fraction of the pages of our Transactions as well as 
giving rise to important symposia and books. Never- 
theless, I feel compelled to say a few words on this 
subject in which my interest has affectionately been 
involved for a quarter of a century. In that period 

a large part of the work was concerned principally 
with the equilibria underlying the refining reactions 
of steelmaking, including the primary carbon-oxygen 
reaction and the distribution between slag and metal 
of various elements, such as oxygen, sulfur, manga- 
nese and phosphorus; with deoxidation equilibria; 
with the solubility of various substances, especially 
of gases, in liquid iron and alloys. It became evident 
that true ternary effects are involved; for example, 
higher amounts of carbon influenced not only the ac- 
tivity coefficient of carbon but also that of oxygen 
and other elements, thus altering the carbon-oxygen 
solubility product. The fact that blast-furnace con- 
ditions are more favorable than those of the open 
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Fig. 3—Effect of alloying elements on the activity coef- 
ficient of sulfur in iron at 1600°C. (From Sherman and 
Chipman.)® 


656—VOLUME 221, AUGUST 1961 


CARBON, WEIGHT PERCENT 
je) 
3 


° 
ro) 


(0) 10.0 20.0 


30.0 
CHROMIUM, WEIGHT PERCENT 


Fig. 4—Limits of decarburization of iron-chromium al- 
loys at atmospheric pressure. (Lines calculated, Chipman;é 
points, data of Hilty.) 


hearth for desulfurization, depends not only on the 
difference in temperature and nature of the slag and 
the difference in oxygen potential but also on the ef- 
fect of carbon in altering the activity coefficient of 
sulfur. This is shown along with similar effects of 
other elements in Fig. 3 from the work of Sherman 
and Chipman.® Such interaction effects are found for 
all elements in solution. Their magnitude, which may 
be measured by the slopes of these curves, may be 
large or small. The net effect may be quite signifi- 
cant at the higher alloy ranges. For example, the ef- 
fect of chromium on the activity coefficients of both 
carbon and oxygen gives rise to a pronounced increase 
in the carbon-oxygen solubility product, leading toa 
much higher carbon content than in the absence of 
chromium, as shown in Fig. 4 from Chipman.® It was 
the realization of this phenomenon which led to the 
development of the process in which carbon is oxi- 
dized preferentially from chromium steel at a very 
high temperature. 

In view of the large amount of data now accumulated 
on the stable equilibria involving liquid iron and steel, 
it would appear that we are now approaching the end 
of an era. But the end of one era heralds the begin- 
ning of another. Although crystal gazing is very haz- 
ardous, the indications in this area are of continued 
increased attention to kinetics including various types 
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Fig. 5—Ferrite corner of Fe-N system. Showing stable and 
metastable equilibria. 
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of departures from complete equilibrium and espe- 
cially of an evolution of practice based on sound re- 
search, engineering and inventiveness. 

Some parallel researches have been carried out 
in the solid state but these are by no means so nu- 
merous. No one working in this area need be re- 
minded how frequently our understanding of the phe- 
nomena involved is hampered by the absence of bas- 
ic thermodynamic knowledge. The need for such 
background is imperative in view of the increased 
attention to solid-state phenomena and the demand 
for tailor-made alloys. 

Metastable Equilibria. In addition to the stable 
equilibria so far explicitly considered, we are also 
concerned with a variety of metastable equilibrium 


phenomena, which thermodynamics is equally capable 
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tion rate control. 
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of handling. These merit more attention than they 
have received, not only because of the numerous 
metastable phases encountered, but also because 
they are necessary for the integration of our ther- 
modynamic knowledge. Such equilibria are typified 
by that of supercooled water with its vapor, which 
may be treated like any other equilibrium as long as 
ice does not actually form in the circumstances 
under consideration. As we all know, the cementite 
in low alloy steels is metastable with respect to 
graphite under nearly all conditions. Similarly, the 
iron nitrides commonly encountered are metastable 
with respect to gaseous nitrogen. The solubility of 
gaseous nitrogen and of two nitrides in ferrite is 
shown in Fig. 5. A higher degree of metastability is 
always associated with a higher solubility. A natural 
or artificial suppression of the stable equilibrium is 
always involved in such cases of metastability. In 
this case the suppression of the stable equilibrium 
lies in the slew diffusion of nitrogen at these lower 
temperatures where nitride phases are found. 
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Fig. 9—Solute distribution near solid liquid interface during 
zone melting. (From Johnston and Tiller.) !” 
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Before leaving the subject of stable and metastable 
equilibria, I cannot resist the temptation to mention 
the recent surprising finding of Elliott and Lemons? 
on the cerium-cadmium system. These investigators 
found an amazing array of several dozen stable and 
metastable phase regions within a composition range 
of only 1 pct. The significance of this and the ques- 
tion as to whether similar phenomena will be re- 
vealed by careful investigation of other systems re- 
mains to be seen. 

Metastable equilibria and the relations between 
these and the stable equilibria constitute an interest- 
ing and important area on which I must now forego 
further elaboration. 

Partial Equilibria. There area variety of situa- 
tions departing drastically from the dead state usu- 
ally considered typical of thermodynamic equilibri- 
um, where nevertheless the thermodynamic approach 
including the equilibrium concept proves useful. 

One such category involves the partial equilibrium. 
I use this term to cover situations in which a sys- 
tem may be out of equilibrium in some respects and 
yet be close to equilibrium in others. For example, 
the open hearth may be out of equilibrium with re- 
spect to the carbon-oxygen reaction yet close to 
equilibrium with respect to the distribution of man- 
ganese, sulfur, or phosphorus between slag and 
metal. In some cases the approach to a partial equi- 
librium leads to rather unusual effects, including 
reversal of the direction of a reaction. An example 
of this occurs in the simultaneous oxidation and 
sulfurization of a ferrous silicate melt by a gaseous 
atmosphere, as shown in Fig. 6, from data of Turk- 
dogan.*® Under these conditions sulfurization occurs 
more rapidly than oxidation; as shown by the top 
curve the ferrous melt initially picks up sulfur from 
the gas very quickly, to an extent greatly in excess 
of that in equilibrium with the final melt. After this 
initial stage the sulfur content drops, following the 
equilibrium corresponding to the actual state of oxi- 
dation. The corresponding “normal” type of sulfur 
absorption by a preoxidized melt is shown by the 
lower curve. The ultimate equilibrium is of course 
the same in both cases. I shall return shortly to 
other types of situations removed from complete 
equilibrium where, nevertheless, we may make use 
of the thermodynamic approach. 


KINETICS 
The foundation of present rate theory goes back 
to Arrhenius who found that for many reactions the 
natural logarithm of the reaction rate is a linear 
function of the reciprocal of the absolute temperature. 
Many of us were introduced to the kinetics of chem- 
ical reactions through collision phenomena in mole- 
cular gases. The basic idea of the classical treat- 
ment is that the number of collisions of an A mole- 
cule with a B molecule is proportional at constant 
temperature to the number of B molecules present 
in a unit volume and that a certain fraction of these 
collisions are successful in forming, for example, 
an AB molecule. For the simplest cases this leads 
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to the well-known mathematical expressions corre- 
sponding to the order of the reaction, and to the Ar- 
rhenius expressions for the temperature dependence 
of the rate constant. This approach has not proved 
fruitful in most metallurgical systems because they 
are usually not molecular in nature and because the 
concept of frequent unsuccessful collisions is not 
valid in most high-temperature metallurgical sys- 
tems of interest. 

Modern reaction rate theory or the activated 
state theory has been elaborated by a number of in- 
vestigators, amongst whom H. Eyring is prominent. 
This is a field of flourishing activity far too involved 
to be considered in detail here. Also we hear whis- 
pers of criticism from other sophisticated quarters 
as to the validity of its basic postulates; but there is 
no question that the activated complex theory has 
had outstanding success in a very wide range of ap- 
plications. Its two basic principles, both concerned 
with the activated complex are 1) that the activated 
complex, though of exceedingly short life, may be 
treated as any other chemical species (é.g., as hav- 
ing a definite set of thermodynamic functions) and is 
in equilibrium with the reactants; and 2) that the spe- 
cific rate of decomposition of the activated complex 
is a universal rate, RT/Nh, independent of the nature 
of the particular reaction or of the particular activat- 
ed complex. It might be noted that corresponding to 
this universal rate the average life of an activated 
complex at 1600°C is about 107'4 sec. Successful as 
this theory has been, we find it of only limited use in 
metallurgical reactions, especially at high tempera- 
ture; here inherent reaction rates are usually so 
fast that the overall reaction rate is controlled not 
simply by the activated complex at the site of reac- 
tion but by transport phenomena —that is, by the time 
required for the reactants to arrive at the site or for 
the products to be dissipated. I purposely avoid the 
area of nucleation phenomena. 


LOCAL EQUILIBRIUM 


In considering such transport-controlled cases, it 
is convenient to think in terms of what we may call 
the concept of local equilibrium. Where this concept 
is applicable, we assume that any small volume ele- 
ment of the system, whether homogeneous or hetero- 
geneous, may be considered as being Substantially in 
true equilibrium within itself even during the course 
of a rapid reaction, and is thus characterized by an 
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unambiguous temperature and by a chemical potential 
of each element of species. Fig. 7 may help to visual- 
ize this situation in the vicinity of a two-phase boun- 
dary. If interface control, a special case of chemical 
reaction rate control prevails, the situation is as illus- 
trated on the left; the slow step is at the interface 
and is concerned with the high energy to form the 
activated complex and the consequent small number 
of these. The transport process, diffusion, is rela- 
tively rapid; correspondingly, as seen in the lower 
left, the chemical potential undergoes a discontinuity 
at the boundary. If, however, local equilibrium pre- 
vails, the situation is quite different, as illustrated 
on the right, where the activation energy at the 
boundary is depicted as not significantly different 
from that for the diffusion process at relatively great 
distances from the boundary. The corresponding 
curve for the chemical potential on the lower right 
thus goes smoothly through the boundary and exhib- 
its no significant discontinuity. In this case the 
change in the chemical potential may be spread over 
an appreciable fraction of a centimeter, perhaps 

over one million atomic distances; the overall change 
in chemical potential may be of the order of ten 
thousand calories. This change occurs over about 
one atomic distance in the chemical rate control 
case; however it is spread over perhaps a million 
atom distances in the local equilibrium case so that 
the difference in chemical potential between two ad- 
jacent atoms is only one-hundredthof a calorie. 

Thus the difference between the two cases usually 
lies in the answer to the question, “Is the change in 
chemical potential at the interface many thousand 
calories or is it a small fraction of a calorie?” 

The concept of local equilibrium or of transport 
control of a process is by no means new; it was sug- 
gested by Noyes and Whitney® in 1897 for the growth 
of crystals from supersaturated aqueous solutions, 
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and by Nernst?® in 1904. This concept and its limita- 
tions have received considerable attention from many 
investigators, especially Carl Wagner and coworkers; 
Kahlweit'! has recently shown that in the precipitation 
of various sparingly soluble salts from aqueous solu- 
tion, silver chloride provides the only case of simple 
diffusion control; Rickert’? has found that the rela- 
tively rapid growth of silver sulfide on silver is only 
partly transport controlled at 200° to 400°C, the more 
dominantly so at the higher temperature. Others 
have considered the role of transport control either 
explicitly or implicitly in a wide variety of cases. It 
has been reported that the dissolution of sodium 
chloride or benzoic acid in water may be satisfac- 
torily explained in terms of transport control’? as 
may that of copper in liquid bismuth and lead** but in 
the dissolution of lead in tin the interface reaction 
was found to be partially controlling except in the 
absence of convection. In 1955 Eldred'® reviewed 
the then available observations on interactions be- 
tween solid and liquid metals and alloys. 

Transport control can be used as a unifying con- 
cept for metallurgical reactions in somewhat the 
same way as gravity is for the motion of bodies. 
Many forces other than gravity may act, yet gravity 
is ever present and frequently dominant and certainly 
serves as a unifying concept. Analogously, for reac- 
tion to occur, the species must come together by 
some transport process, although other factors may 
also influence the overall rate. In general there are 
hindrances to the reaction such as an intervening 
adsorbed substance or a high activation energy or 
electric field effects. However, in metallic systems 
these are of less significance than in systems involv- 
ing covalent bonds, and in any event these hindrances 
very generally become of much less significance as 
the temperature is raised and local equilibrium is 
more closely approached. In somewhat oversimpli- 
fied language, reaction rates become so fast at suf- 
ficiently high temperature that the significant time 
is that taken by the reactants to arrive at the scene; 
the temperature which may be regarded as “suffi- 
ciently high” depends very strongly on the system 
under consideration. 

I shall now give a few metallurgical examples 
which I hope you will find interesting illustrations of 
the utility of the local equilibrium concept in aiding 
our understanding of kinetic behavior. 

Uphill Diffusion. The so-called uphill diffusion 
phenomenon provides a rather clearcut case of local 
equilibrium. A concentration profile from a diffusion 
weld experiment involving two ternary alloys is shown 
at the top of Fig. 8.'®° Both alloys were iron base, 
One containing silicon, and the other manganese. The 
initial carbon contents were nearly equal, being a lit- 
tle higher on the manganese side of the weld than on 
the silicon side. If one thought merely in terms of 
concentration as a driving force for diffusion, only a 
very small flux of carbon would be expected. How- 
ever, the experimental finding is seen to be quite dif- 
ferent. There has been very substantial migration of 
carbon from the silicon side of the weld to the man- 
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Fig. 12—Growth of wiistite layer during oxidation of iron. 


ganese Side and in the opposite direction to what 
might have been anticipated from the small difference 
in the initial carbon content. In simple language car- 


bon hates silicon and loves manganese. From thermo- 


dynamic measurements of these systems, we may 
evaluate the activity of carbon along the concentration 
gradient in the vicinity of this diffusion weld, ob- 
taining the curve in the bottom half of Fig. 8. Now 

it is seen that the carbon does indeed flow to a re- 
gion of lower activity or chemical potential, and that 
within the experimental error there is no discon- 
tinuity in the carbon activity even at the interface 
itself. There is only a slight change in the slope of 
the curve at this point corresponding to a change in 
the diffusivity of carbon. This relatively rapid dif- 
fusion of carbon and other interstitials as compared 
to the substitutional elements thus leads to an under- 
standing, in terms of local equilibrium, of banding 
and other effects wherein carbon concentration fails 
to equalize even on rather lengthy heat treatment. 
Equalization of the carbon content would require a 
vastly longer time governed by the low diffusivity of 
the substitutional elements involved. 

Zone Melting. In zone melting the prevalence of 
local equilibrium has been generally taken for 
granted. In fact, in Pfann’s original conception and 
invention of this process, the concept of local equi- 
librium is inherent. Schematic representation of the 
concentration profile in the vicinity of the advancing 
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solid interface during motion of the zone is shown in 
Fig. 9. The solute, such as Sn in Pb, is rejected by 
the solid and eeumulree in the liquid. Diffusion in 
the solid is usually negligible, and mixing in the liq- 
uid is sufficient that the liquid is uniform in compo- 
sition at appreciable distances from the interface. 
However, such convective mixing cannot take place 
immediately adjacent to the interface and we now fo- 
cus attention on the peak in the concentration curve. 
The width of this peak, 6, is normally small—some- 
times a small fraction of a millimeter—and is diffi- 
cult, if not impossible, to determine directly. If local 
equilibrium prevails, then the concentration in the 
liquid at the peak, Cz(0), and in the solid, Cg (0), 

will correspond respectively to that of the liquidus 
and of the solidus in the equilibrium diagram at the 
corresponding temperature. As a matter of fact, 
careful thermocouple measurement shows that the 
temperature of the interface within the error of meas- 
urement (0.01° to 0.1°C) does correspond to the soli- 
dus, the composition of the solid being determined 
by analysis of the frozen ingot. The verification that 
the composition of the liquid immediately adjacent to 
the interface does indeed correspond to that of the 
liquidus on the phase diagram is more difficult and 
must be done indirectly. Such analysis and experi- 
ment have been carried out by Johnston and Tiller!” 
using a magnetic stirring technique to vary 5. On 
the hypothesis that local equilibrium is obtained, 
they show that a linear relation should exist be- 
tween a function of the effective partition coefficient, 
k = Cg (0)/Cz(«), and the freezing velocity for a 
given 5. Their experimental data shown in Fig. 10 
give striking and impressive evidence that this is 
indeed so. Each magnetic field strength corresponds 
to a given rate of stirring and hence to a fixed value 
of 6. It will be noted first that all the curves extra- 
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polate back at zero rate of freezing to a value of the 
effective partition coefficient, k, which is identical 
with the equilibrium value (R, = 0.55). Moreover, at 
each rate of stirring the points fall on a straight 

line exactly as called for by the theory, thus giving 

it strong support and indicating that local equilibrium 
does prevail at the interface even for relatively ra- 


. pid freezing rates. The marked effect of magnetic 


stirring in bringing the apparent distribution coeffi- 
cient closer to the equilibrium value is most strik- 
ing. Burton and coworkers'!®!° carried out a very 
detailed mathematical analysis of the growth of a 
rotating crystal from the liquid. Their experimental 
work with alloys of Sb, Ga, or As in Ge agrees very 
well on the basis of local equilibrium at the freezing 
interface. The wide successes of the theory in pre- 
dicting the results of zone refining strongly indicate 
that the concentration ratio at the interface generally 
corresponds to the equilibrium ratio. Thus the prev- 
alence of local equilibrium is amply though in part 
indirectly demonstrated in these cases. It is impor- 
tant to note that the width, 6, of the diffusion boun- 


_dary layer though large compared to atomic dimen- 


sions is small compared to ordinary macro dimen- 
sions and that the bulk of the liquid is by no means 
in equilibrium with the solid at finite freezing rates; 
the bulk liquid does not have the composition corre- 
sponding to the liquidus on the phase diagram. 

Since the vast majority of all the metal we use has 
undergone freezing at some stage of its history and 
since this history leaves its indelible imprint on the 
product in a variety of ways, sometimes called “mem- 
ory effects,” it seems apparent that research in this 
area will continue to prove fruitful from both the 
theoretical and practical aspects. 

Oxide Growth. Diffusion-controlled growth of oxide 
layers during the oxidation of a metal provides anoth- 
er example of the usefulness of the local equilibrium 
concept. In many cases it is found that dense oxide 
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layer growth follows the well-known parabolic law— 
the square of the layer thickness being proportional 
to the time of oxidation. The rate of growth may be 
deduced from the diffusivity and the assumption that 
the oxide has a composition corresponding to equilib- 
rium with the metal on one side and to either the gas 
or higher oxide at the other interface. Birchenall 
and coworkers”°~”2 conducted an extensive series 

of experiments on iron oxide showing first that the 
growth rate of relatively thick scales on iron fol- 
lowed the parabolic relation characteristic of diffu- 
sion control as shown in Fig. 11. Utilizing radioac- 
tive silver as a tracer they further showed that iron 
is the mobile constituent in both wtistite and magne- 
tite, the mobility of oxygen being very small. They 
then determined the diffusivity of iron in both these 
oxides using a radiotracer technique; they were able 
to show that the rate of scaling computed on the basis 
of this diffusivity and thermodynamic properties, on 
the assumption of local equilibrium at the boundaries, 
agrees very well indeed with the observed rate. 

By no means can all oxidation phenomena be inter- 
preted so simply. In the case of iron, Hauffe and 
Pfeiffer?® found a linear relation between scale thick- 
ness and time of exposure in certain ranges. More 
recently, Smeltzer?* has presented further convincing 
evidence of this linear growth rate for very thin wtis- 
tites in the submicron range. He used CO, or CO- 
CO, mixtures as oxidizing agent in order to prevent 
the formation of any oxide other than wiistite. The 
marked contrast with the high parabolic oxidation 
rate when a magnetite layer forms is shown in Fig. 
12. These investigators attribute this slowness to 
the high activation energy for the dissociation of car- 
bon dioxide, a factor which does not enter when oxy- 
gen is the oxidizing agent. 

We are forever confronted with the reaction of met- 
al with its environment; it is evident that all aspects 
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of these reactions warrant even increased attention, 
especially since the avenues of pertinent basic re- 
search are now much clearer than ever before. The 
local equilibrium concept, in a limited way, provides 
a helpful starting point in understanding these pheno- 
mena, even in complex cases where other factors also 
enter. 

Cementite Growth. I should next like to consider a 
Slightly more involved and perhaps surprising exam- 
ple which may be understood in terms of local equilib- 
rium. This involves the growth of grain boundary ce- 
mentite in austenite. I feel it may be typical of a whole 
class of phenomena where pronounced impurity effects 
may be interpreted in terms of local equilibrium. 

The thickness-time relation for the growing cemen- 
tite layer as computed for a pure iron-carbon alloy 
from the postulate of local equilibrium and the well- 
known diffusion laws is shown in Fig. 13, from Hec- 
kel and Paxton?® whose measurements are also 
shown. Obviously there is a very wide discrepancy 
between the observations and the calculations based 
on the foregoing hypothesis. The lower curve per- 
tains to a carbon steel containing 0.91 pet Mn and 
0.23 pet Si and indicates a growth rate about one- 
tenth of that anticipated; the upper experimental 
curve pertaining to a relatively high purity alloy 
shows growth at only about one-fifth the anticipated 
rate. At first it may not seem reasonable to blame 
such a large effect on such a small amount of im- 
purity; however, I shall show that a careful analysis 
of the impurity effect does indeed lead us to antici- 
pate this decreased rate as indicated by the calcu- 
lated tangent shown in the figure. The diffusivity of 
substitutional elements, such as silicon, is so small 
compared to that of carbon, and the distribution coef- 
ficient of silicon between cementite and ferrite is so 
small that a very tall peak in the concentration pro- 
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file of silicon and similar elements may be antici- 
pated, as shown in Fig. 14. In fact, calculations indi- 
cate that the silicon concentration may be about a 
hundred times as great in the austenite at the mov- 
ing interface as in the bulk specimen of relatively 
pure alloy. This effect is somewhat analogous to the 
wave-like rise of water asa shallow puddle on the 
floor is rapidly pushed back by a broom or yard- 
stick. Even so, the interpretation of the relatively 
large effect is still not apparent. The key to under- 
standing the situation lies in the thermodynamics of 
ternary systems. The condition of local equilibrium 
in the immediate vicinity of the interface would re- 
quire that the activity product, at.ac, be constant 
(even in the presence of other components, provided 
these do not enter the cementite). The effect of sili- 
con in decreasing the activity of iron and correspond- 
ingly increasing that of carbon leads to a higher per- 
centage of carbon just outside the silicon peak, as in- 
dicated by the dashed curve in Fig. 14. The flux of 
carbon through the austenite and hence the rate of 
growth of cementite is much smaller than would 
otherwise be anticipated, as may be inferred from the 
smaller siope. This is a rather striking illustration 
not only of the utility of the local equilibrium concept 
but also of the effect of rather small amounts of im- 
purity of the appropriate kind. It will be noticed that 
the width of the silicon peak region is much smal- 
ler than is the region of appreciable carbon gradient 
—even though this distance is small, it is still larger 
than atomic dimensions. The influence on the growth 
rate of impurities insoluble in cementite, as calcu- 
lated on the basis of these considerations by Kirk- 
wood,’* is shown in Fig. 15. The computed relation, 
which is shown as a band on account of the uncer- 
tainty in the diffusivity of the impurity, is in reason- 
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Fig. 18—Partially reduced sphere of hematite. (From 
Mc Kewan.)° 


ably good agreement with the observations, espe- 
cially at the higher impurity level. This agreement 
is also indicated by the calculated initial slope shown 
in Fig. 13. The local equilibrium concept permits us 
to deal with this type of phenomenon in a definite 
way instead of speaking vaguely of the reaction kine- 
tics at interfaces. 

If conditions are altered in such a way, as by low- 
ering the temperature, it is apparent that the width 
of the peak becomes smaller and smaller, we even- 
tually come to the case where its width approaches 
atomic dimensions. 

A similar analysis in the rate of growth of pear- 
lite shows that these same considerations enter here 
and that the effects of alloying elements may ade- 
quately be explained in terms of local equilibrium 
concept, thus aiding us substantially in understanding 
hardenability effects. As mentioned previously, I 
feel that this type of interpretation may be capable of 
extension to a variety of other cases. 

It is also of some interest to note that the exam- 
ples I have mentioned, especially that of cementite 
and of pearlite growth, serve well to expose the fal- 
lacy of the loose but rather common way of thinking 
that the driving force derives directly from the over- 
all free energy change. The analysis of these cases 
makes it amply clear that the effective driving force 
is the gradient of the partial molal free energy or 
chemical potential of the mobile constituent rather 
than that of the overall free energy. It is for this 
reason that in discussing rates I have spoken princi- 
pally of the chemical potentials rather than the over- 
all free energy change. 

Open Hearth Reactions. The primary reaction of 
the open hearth—the transfer of oxygen from slag to 
metal and its subsequent evolution as oxides of car- 
bon—can also be understood in terms of the local 
equilibrium concept. The chemical potential of oxy - 
gen in the slag is very high compared to that in the 
metal, which is well stirred under conditions of nor- 
mai boil by the evolution of oxides of carbon. One 
of the main barriers to the transport of oxygen is a 
thin boundary layer in the metal immediately adja- 
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Fig. 19—Reduction of iron-oxide sphere at 750°C in hydro- 
gen. (From McKewan.)3° 


cent to the slag; diffusion of oxygen through this 
must occur before the general turbulence of the met- 
al distributes the oxygen throughout the bath to pro- 
mete the normal boil. This boundary layer normal- 
ly has a thickness of a few thousandths of a centi- 
meter. The flux of oxygen through this layer may 

be computed from Fick’s law of diffusion and the 
known boundary conditions of the layer. Since sub- 
stantially all the oxygen so transferred is evolved as 
oxides of carbon, we may thus compute the rate of 
carbon drop. Good agreement with observed rates 

is found. A similar computation permits us to esti- 
mate the rate of transfer of sulfur or manganese 
from slag to metal or vice-versa; again agreement 
with open hearth experience is found. The transfer 
of heat from slag to metal may also be treated in 
terms of a boundary layer though in this case it isa 
layer in the slag which offers the principal resis- 
tance. In a pseudo steady state such as this, we have 
to be very careful in drawing conclusions as to the 
rate controlling step. In an open hearth the overall 
rate is drastically increased by oxygen injection 
which supplies heat ina much more direct way and 
increases the carbon evolution rate which in turn in- 
creases the interfacial area and decreases the thick- 
ness of the boundary layer, so that these and other 
factors are interrelated in a very complex way. 


INTERFACE CONTROLLED REACTIONS 


Although I have elaborated on the usefulness of the 
local equilibrium concept, even in cases (as previ- 
ously cited) where its validity is not immediately 
obvious, there is no question that there exists a num- 
ber of cases even at relatively high temperatures 
where local equilibrium does not prevail and the 
dominant rate controlling factor is interfacial. A 
rather clear-cut case of this is the nitrogenizing of 
iron in the austenite region. Even when this nitrogen- 
ization is performed in nitrogen gas to which suffi- 
cient hydrogen has been added to prevent or remove 
oxide film (which is known to hinder markedly nitro- 
gen penetration), it is found that the surface of the 
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Fig. 20—Effect of nitrogen and water vapor on reduction 
rate of hematite at 700°C. (From McKewan.)30 


Specimen rises only very slowly toward the equilib- 
rium nitrogen content. This is illustrated in Fig. 16,27 
showing the nitrogen profile at a series of times; it 
is seen that even after nine days there still exists a 
marked contrast between the nitrogen content at the 
surface and the ultimate equilibrium content, which 
is well established. This shows very clearly that 
local equilibrium does not prevail at this metal-gas 
interface where covalent bonds are broken, and that 
the interface reaction itself is rate controlling under 
these circumstances. 

Even more surprisingly it has now been found by 
Pehlke and Elliott”® that a similar effect prevails 
in the nitrogenizing of liquid iron by nitrogen gas. 
They found, as shown in Fig. 17, that the presence 
of relatively small amounts of oxygen well below the 
solubility limit decreased the rate of nitrogen absorp- 
tion by a factor as high as 20. Clearly we must con- 
tend here with an interface control problem undoubt- 
edly involving the adsorption of oxygen on the sur- 
face and the hindrance to the dissociation thereon 
of the nitrogen molecule. However, at very low Oxy - 
gen content the rate of nitrogen absorption may well 
be controlled by diffusion through the boundary layer 
as indicated by the much smaller activation energy. 

A rather spectacular example of marked departure 
from local equilibrium is the phenomenon of the in- 
ternal burning of graphite. If a cube of graphite is 
heated in air, it is found that in a time interval when 
the apparent volume changes by only a few per cent 
the weight loss may be about twenty per cent. Clearly, 
oxygen or CO, penetrates the entire specimen through 
small channels wherein the oxidizing gas molecules 
collide very frequently with the walls but seldom 
react, in spite of the large difference in chemical 
potential between the carbon in the graphite and that 
in the gaseous phase. 

Another perhaps less clear-cut example of lack of 
local equilibrium is the dissolution of a rotating 
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tungsten carbide specimen in molten cobalt. It was 
shown by Skolnick’*that the velocity of rotation had 
little effect on the rate of dissolution—contrary to 
the expected behavior for simple diffusion control. 

In fact, the observed rate is slower by a factor of a 
hundred than that computed. Whether this process is 
indeed chemically controlled, as suggested by Skol- 
nick, or is limited by impurity or by the occurrence 
of another phase, this type of phenomenon would ap- 
pear to warrant further attention in relation to a num- 
ber of metallurgical problems—perhaps most notably 
in the refractory field where reduction of the disso- 
lution rate by such a large factor would certainly be 
appreciated. 

Iron Oxide Reduction. Interface control plays a 
major role in iron oxide reduction. In spite of the 
large number of previous investigations of these 
reduction reactions, McKewan*° has been able to 
demonstrate an underlying simplicity. In the reduc- 
tion of dense spheres of hematite by hydrogen he 
finds that, under fixed conditions of temperature 
and gas composition, the rate of advance of the inter- 
face between reduced iron and unreduced oxide is 
constant throughout the experiment. A partially re- 
duced sphere is shown in Fig. 18. The intermediate 
layers are relatively thin so that the weight loss is 
a good measure of iron reduced. The linear rela- 
tion between the position of the interface and time 
of reduction is illustrated by Fig. 19. This linear 
relation is by no means limited to spherical shapes 
but applies to all boundaries; apparent anomalies 
may occur for porous or cracked specimens but 
here also the linear relation apparently applies to 
all surfaces to which the gas can penetrate—and the 
gas penetrates with surprising ease through the por- 
ous reduced iron. The effect of diluting the hydrogen 
with nitrogen or water vapor is shown in Fig. 20. 
This phenomenologically simple type of behavior for 
the reduction of hematite prevails over a wide range 
of temperatures and hydrogen pressures. It is found 
however by experiments at elevated pressure that a 
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Fig. 22—Schematic diagram of ‘‘uphill pumping’’ of sulfur by 
oxygen. 


ceiling is eventually reached; above a certain pres- 
sure, at a given temperature, the reduction rate no 
longer increases. 

In the corresponding reduction of magnetite below 
the eutectoid temperature, the metal-oxide interface 
again advances at constant rate. This rate however, 
as shown in Fig. 21, is decreased by the presence of 
water vapor much more than might have been antici- 
pated—firstly, zero rate is approximately approached 
not at the water vapor content corresponding to the 
stable equilibrium Fe-Fe,O, but at that correspond- 
ing tothe metastable equilibrium FeQ-Fe,O, ; and 
secondly, there is a strong curvature which can be 
explained quantitatively in terms of adsorbed oxygen. 

This whole series of phenomena has been inter- 
preted, in part quantitatively, in terms of interface 
control; however the interpretation is by no means 
complete. It would seem that if the overall reduction 
is controlled by the reaction at the interface of me- 
tallic iron in wustite then some type of local equilib- 
rium must prevail in the intervening region between 
the metallic iron and the unreduced hematite. 

From these examples it is apparent that in metal- 
lurgical reactions, we deal with both transport and 
interface control and mixtures of these, as well as 
with a host of nucleation phenomena which I have 
entirely omitted from discussion. The unraveling 
of these phenomena will undoubtedly continue to 
prove a fruitful research area for some time to 
come. 


COUPLED REACTIONS 


I should now like to call attention to another type 
of reaction and associated equilibrium which would 
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seem to merit more metallurgical attention than it 
has received. This may be called “coupled” reac- 
tion. The corresponding coupled equilibrium may 
be viewed as a Special type of partial equilibrium. 
It involves the separation of the system into parts in 
such a way that there is a limited but definite con- 
nection or communication between these parts. 

The connection may be a diaphragm with properties 
such that, although the chemical potentials do not 
equalize, a definite relation prevails amongst them. 
The reaction is then analogous to the seesaw or the 
simple pulley or the water ram wherein the gravita- 
tional potential of one mass is increased at the ex- 
pense of the other. 

The phenomenon may be illustrated by a concep- 
tually simple example involving the uphill pumping 
of sulfur at the expense of oxygen. This is shown 
schematically by Fig. 22. The partial pressure of 
oxygen is continually maintained higher on the left 
than on the right. The partial pressure of sulfur is 
initially uniform throughout. The oxide-sulfide 
diaphragm is essentially of purely ionic nature and 
contains no elements which can undergo a valence 
change under the conditions of the experiment. The 
motive force is the tendency of oxygen to migrate 
from the side of higher partial pressure to that of 
lower. However, the potential gradient of oxygen can 
actually effect a migration of oxygen only if sulfur 
moves in the opposite direction; this follows from the 
necessity of maintaining electrical neutrality; the 
charge carried in one direction by the O* ions can, 
under the stipulated conditions, be returned only by 
S* ions. Thus sulfur could be pumped uphill by the 
motive power of oxygen. The limit of this effect 
would indeed be an example of partial equilibrium 
where the membrane is of uniform composistion and 
satisfies on each side the equilibrium 
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(gas) = S* + O, (gas) 
so that the ratio of the partial pressure of sulfur to 
that of oxygen is the same on each of the two sides 
even though the partial pressures themselves may 
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Fig. 25—Energetics of coupled transfer of oxygen and sulfur 
through ionic diaphragm. 
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Fig. 26—Thermal diffusion of carbon ina iron. (60 hr; 
Gradient 545°C/cm) (From Shewmon.)32 


be vastly different on the two sides. Thus, if the 
partial pressure of oxygen were one hundred times 
greater on one side than on the other, that of sulfur 
would tend to the same ratio. 

I was inclined to feel a bit pessimistic about the 
feasibility of a convincing laboratory demonstration 
of such an effect. However, Turkdogan and Grieve- 
son*' devised a series of experiments which were 
carried out by the latter. The nature of these experi- 
ments is shown in Fig. 23. Here the solid Mn-MnS 
mixture on the bottom provides the low oxygen and 
sulfur potential whereas the FeO-FeS melt on the 
top provides the higher oxygen and sulfur potentials. 
Soda-lime glass, which is a viscous liquid at this 
temperature, serves as the diaphragm (actually as 
two diaphragms); the intervening gas space is an 
experimental convenience. The course of the reac- 
tion on the FeO-FeS side is shown in Fig. 24. Here 
it is seen that the oxygen lost is replaced atom for 
atom by sulfur gained—the sum remaining constant; 
the corresponding opposite change was found in the 
portion of the manganese pellet near the diaphragm. 
The change in the chemical potentials of the oxygen 
and sulfur transferred is shown in Fig. 25. The de- 
crease in the chemical potential of oxygen just 
slightly overbalances the increase in that of sulfur 
thus driving the sulfur “uphill” through the ionic 
diaphragm. On this diagram one can visualize the 
seesaw effect of the sulfur rising in potential as the 
oxygen decreases in potential. There is only a small 
net decrease in the free energy of the whole system. 
The net effect is the apparent anomaly of the desul- 
furization of manganese by iron, but actually this is 
accomplished at the expense of the deoxidation of 
iron by manganese. 

It is quite possible that we would find actual or 
potential couplings in a variety of circumstances, 
especialiy in slag-metal reactions, if we search for 
them, 


IRREVERSIBLE THERMODYNAMICS 


Another important area that has been receiving 
increasing attention in various quarters is that of ir- 
reversible thermodynamics. In this field the phenom- 
ena to which I have referred as thermodynamic, in 
the usual meaning of the word, are referred to as 
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Fig. 27—Blade shaped platelets formed by the oxidation of 
an iron wire in water vapor. (From Gulbransen*®®, Pub- 
lished by permission of the Faraday Society). 


thermostatic; the word thermodynamic is reserved 
for an entirely different set of phenomena. The 
foundation of the concepts in this field goes back to 
Onsager’s formulation of the principle of microsco- 
pic reversibility, from which he deduced, in a very 
general way, the equality of certain cross-effect 
coefficients when two fluxes occur simultaneously. 
He thus evolved a formulation to represent the effect 
of one flux on another. The best known example is 
the thermoelectric effect, wherein the flux of heat 
gives rise to an electric potential—as in the case of 
the thermocouple. The general principle is very 
broad in scope and includes all sorts of fluxes of 
matter such as those occurring in diffusive proces- 
ses, as well as fluxes of energy such as thermal and 
electrical. 

The Soret effect, also known as the thermal diffu- 
sion effect, is another well-known example. An inter- 
esting illustration of this is due to Shewmon.” He 
held an iron-carbon alloy in a thermal gradient; the 
cementite was initially uniformly distributed; the re- 
sult, as seen in Fig. 26, shows that carbon has mi- 
grated to the hot side of the specimen and formed 
more cementite there at the expense of that on the 
cooler side. This is the reverse of what might have 
been expected if one thought only in terms of con- 
centration. Thus we see clearly that there is a strong 
pumping effect of the thermal gradient in pushing the 
carbon uphill against its own concentration gradient. 

A major advance in this field of irreversible ther- 
modynamics was made by Prigogine who showed that 
the Onsager principle is equivalent to the statement 
that, on a linear approximation, the rate of production 


of entropy by the system at steady state is a minimum. 


This means, loosely and especially near equilibrium, 
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Fig. 28—Sn-Sb System, 412°C. (From Yanko, Drake and 
Horvorka*4, Published by permission of the Electrochemi- 
cal Society). 


that nature in general behaves in such a way as to 
conserve energy in useful form and to minimize its 
dissipation. She carefully conserves this currency 
on her own, within her ability to do so, consistent 
with the conditions that may be imposed. In a grandi- 
ose and perhaps exaggerated sense we might be 
tempted to say that if the second law of thermodynam- 
ics appears to call for the universe eventually to go 
to hell, the Prigogine principle tells us that it is cer- 
tainly not doing so on greased skids. Examples of 
this or analogous minimization principle are present 
on nearly every hand; the idea provides a very useful 
adjunct to what might be called a common sense or 
intuitive way of thinking about many phenomena. A 
dropped piece of paper does not streamline itself 
and dive to the floor but rather flutters back and 
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and Turkdogan.) 
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forth thus decreasing its rate of fall; similarly, a 
rising gas bubble in a liquid is not Spherical but 
shapes itself so as to decrease its velocity. It is 
perhaps an aid to our intuitive thinking to view some 
of the cases I mentioned previously in this light. 
Thus in the case of the growing cementite we see 
that nature has very cleverly taken advantage of a 
small trace of impurity to decrease markedly the 
rate of growth. This is also true in the case of 
pearlite growth. The effect of alloying elements in 
increasing the hardenability of steel—that is, in de- 
creasing the rate of transformation—may be viewed 
as arising from the cleverness of nature in utilizing 
these elements to maximum advantage to slow the 
transformation. On the cosmic scale we see that the 
high temperature energy of the sun is not exclusively 
absorbed and reradiated at a low temperature but 
rather that nature has evolved a complicated scheme 
whereby she manages to save some of this in living 
things, and even to pack some of this energy away as 
coal and oil. The growth of filaments or whiskers, 
the study of which has enjoyed considerable popular - 
ity, presents another example of nature’s hesitancy 
to plunge a system into its lowest free energy state; 
for example, Gulbransen** has demonstrated an odd 
phenomenon in the very early stages of the oxidation 
of iron. He encountered a variety of whiskers, blades, 
and fan shaped growth. Some of these are shown in 
Fig. 27. The development of these, which he inter- 
preted in terms of imperfections in the base metal, 
clearly involves storage of some of the free energy 
of oxidation as surface free energy rather than dissi- 
pation as heat. 

The detailed and highly mathematical treatment 
involved in irreversible thermodynamics so far deals 
exactly only with so-called linear cases involving 
small departures from equilibrium. I do not wish to 
give the impression that theorists can at present 
handle cases such as some I have cited, or that we 
are warranted in jumping to too broad conclusions as 
to the applicability of the theory. The pessimistic 
thought has also been expressed that in order to com- 
plete the formulation of a problem in these terms, it 
must first be stated in terms of appropriate laws 
from other fields; but if these are completely known 
then the formulation in terms of irreversible thermo- 


dynamics may, in a sense, be regarded as superfluous. 


But, just as in earlier days, the relations of conven- 
tional thermodynamics were less useful because da- 
ta were relatively unavailable and related fields 
were less well understood, so in irreversible ther- 
modynamics it is found that fruitful application calls 
for as yet unknown quantities and parameters. James 
Li has recently succeeded in dealing with the theory 
of irreversible thermodynamics in another way, 
based on the postulate of the separability of indivi- 
dual processes; this treatment leads to a variety of 
interesting results, especially an extension to larger 
departures from equilibrium. 

It is to be hoped that this promising area of irre- 
versible thermodynamics will develop in future years 
to be as sound a mainstay as classical thermodynamics. 
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ELECTROCHEMISTRY 


No discussion of chemistry in metallurgy, no mat- 
ter how individual the viewpoint, can ignore the large 
role of electrochemistry and recent advances in our 
understanding in this field. Both practically and ex- 
perimentally metals are frequently in contact with an 
ionic environment. The environment may be an aque - 
ous solution as in electrodeposition, corrosion, or 
laboratory cell, or it may be a molten slag as oxide 
or halide, or a solid ionic phase as oxide or sulfide. 
Much use has been made of reversible cells and the 
well-known relation AF = - f€3_ to determine the 
chemical potential of more active elements in a liq- 
uid alloy. This method, usually utilizing molten elec- 
trolyte, is one of the most precise. The high preci- 
sion obtainable is beautifully illustrated by Yanko, 
Drake, and Hovorka’s** determination of the activity 
of tin in the tin-antimony system, as shown in Fig. 
28. The approach to Raoult’s law as a limiting law is 
shown very nicely. The Gibbs-Duhem equation is 
used to give the activity of the other component, and 
hence the free energy of formation of the alloy. This 
method may also be used for ternary and more com- 
plex systems,* though the thermodynamic treatment 
to obtain the activities other than that which is meas- 
ured is a bit more complex. Many variations have 
been used, noteworthy among which are the sophisti- 
cated and fruitful techniques of Carl Wagner for solid 
state cells. 

Work in electrochemistry in aqueous solutions has 
undergone a drastic change in the last decade or two. 
Previously, fundamental experimental work was in- 
volved principally with the potentials of reversible 
cells. Today, irreversible electrochemistry is com- 
ing into its own on a sound basis, though the num- 
ber of groups interested in this field, especially in 
this country, is rather small. The basic mechanism 
of the cathodic deposition of metals and hydrogen 
and of the anodic dissolution, as well as inhibition 
by adsorption or protection, are being investigated. 
Corrosion theory has been stimulated by Wagner’s* 
theory of mixed electrode potentials as well as by 
local cell theory. A major driving force toward the 
understanding of fundamental electrode processes 
has been the development and use of electronic in- 
struments such as oscilloscopes and pulse genera- 
tors with response times of less than a microsecond. 
This area serves as a beautiful illustration of the 
correlation of scientific advances with the art of the 
instrument maker. From such measurements?” it 
has been possible to show, for example, that the slow 
and hence controlling step in the evolution of hydro- 
gen from acid solution on mercury is the formation 
from the electrolyte of an adsorbed hydrogen atom 
on the surface. In the case of the electrodeposition 
of silver**° at low current density it has been shown 
the diffusion of adsorbed silver atoms on the surface 
to kink sites is the rate controlling process. The 
theory of adsorbed atoms known as adatoms has been 
worked out rather thoroughly on both a thermodynamic 
and a kinetic basis. The pioneering work of David C. 
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Grahame on the electrode double layer has extended 
our understanding of adsorption under the influence 

of an electric field. The formation of the electrode 
double layer at the solution interface in a matter of 

a few microseconds can now be followed and its ca- 
pacitance determined. This capacitance, which is 
greatly affected by adsorbed species, provides a means 
of understanding corrosion inhibition. 

The ionic theory of aqueous electrolytes was clear- 
ly propounded by Arrhenius in 1883 and rather gene- 
rally adopted after many misgivings a few decades 
later. However, the ionic nature of molten oxides in- 
cluding silicates and slags has become generally ac- 
cepted only during the past decade although the mole- 
cular model has not been tenable since the early thir- 
ties. Measurements of the electrical conductivity and 
of transport numbers have firmly established the 
highly ionic nature of molten oxides. In some cases 
there is also substantial electronic transport. In sili- 
cates, electronic transport is usually small. Viscosity 
data are also available, contributed largely by Bockris 
and coworkers. He* has presented a rather satisfac- 
tory model of silicate meits involving oxygen ions 
on the low silica side of systems such as CaO-SiO,; 
the first additions of silica produces SiOj* ions; at 
higher silica content first rings and then more com- 
plex silicate ions are formed; at about 90 pct silica 
the complexity becomes so great that the melts con- 
sist of a silica network similar to that of solid silica. 
This model in terms of discrete ions accounts satis- 
factorily for a number of features of silicate systems. 

An interesting illustration of electrochemical ef- 
fects in slags is the recent demonstration by Ohtani 
and Gokcen* that the passage of current from a 
graphite electrode through a blast furnace type slag 
to a molten iron-carbon-sulfur alloy, has a very 
pronounced effect in enhancing the removal of sulfur 
from the metal. 

Thus, we are well advanced from the situation of 
not SO many years ago when corrosion research was 
almost purely empirical, seeming in large part a 
black art, and when the nature of slags was beyond 
comprehension. Although major problems remain, 
methods of attack are now much clearer. 


NEWER AND OLDER APPROACHES 


Some of the subjects I have mentioned would not 
have sounded strange in general tenor, to at least 
some ears, a quarter or even a half century ago. 
There certainly are areas in metals research that 
would have. Iam reminded of a comment in a popu- 
lar article on education to the effect that a liberal 
education used to be considered one which produced 
a gentleman—and that this definition is still true ex- 
cept that our idea of a gentleman has changed consid- 
erably. Similarly, the physical chemist has changed 
and, in part, the nature of his contribution to metals 
and metallurgy has changed accordingly. 

The physical chemist has entered fields that might 
once have appeared to be pure physics. This whole 
area including semiconductors, electronic behavior 
of metals, and the vast field of imperfection phenom- 
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ena and of structure, I have purposely excluded from 
the present discussion. Here the chemist’s and the 
physicist’s approach have quite properly merged to 
become almost indistinguishable. 

The pursuit of high-pressure research is in effect 
leading us into a new dimension. It is quite possible 
that we may develop a technology of pressure treat- 
ing analogous to that of heat treating. 

The development of instrumentation, especially 
electronic instrumentation, has had a very strong 
impact on these and on nearly all areas of research. 
The interesting and significant parallelism between 
instrumentation and research and, in broader terms, 
between instrumentation and civilization in general, 
could fruitfully be elaborated at considerable length 
and, in fact, has been.” There seems an inevitability 
about this, not without industrial repercussions. 

In spite of the rather rapid rate of progress in 
many of these areas, it is a bit disappointing that 
this progress has not led to any broad generaliza- 
tions in the areas considered earlier. The heart of 
equilibrium and kinetic problems lies in the free 
energies of the substances involved; these must still 
be found by experiment. Very few valid generaliza- 
tions have been made. Let us consider for a moment 
that a given atom and hence element knows exactly 
how to behave in all situations with a knowledge of 
only a single parameter—its atomic number. We may 
excuse ourselves, as mere men for not yet being 
able to predict its behavior from such a small bit of 
information. However, we might hope that with a few 
more parameters we could integrate our knowledge 
sufficiently to do reasonably well at prediction. The 
periodic table, which in essence furnishes two para- 
meters per element (row and column) is of course a 
beginning, but progress in predicting the properties 
of alloys and other systems from this has been very 
disappointing. We have turned to other parameters— 
notably the atomic radius and the electronegativity 
and although these have been helpful they leave us a 
long way from such a goal. If it were not well estab- 
lished by experiment I doubt if anyone would have 
predicted that the alkali metals are generally miscible 
with their halides slightly above the melting point of 
the latter or, at the other extreme, that liquid lithium 
and sodium would be nearly immiscible. 

Several years ago we were investigating some of 
the thermodynamics of the behavior of sulfur in melts 
of calcium-iron oxides. At the time, it seemed rea- 
sonable to suppose that the sulfate ion (or calcium 
sulfate) would behave nearly ideally in these solutions. 
On this basis we computed the activity of calcium ox- 
ide. However, subsequent work from other sources 
indicated a disagreement with these activities by a 
very large factor. If all the experimental work were 
simply accepted at face value, then we would be forced 
to the conclusion that the activity coefficient of calci- 
um sulfate which we had thought to be near one would 
be closer to one hundred. This would imply a large 
miscibility gap in the system. At first this seemed so 
intuitively unreasonable that it was hardly worth 
considering, but Grieveson and Turkdogan** inves- 
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tigated this system and did indeed find a very large 
miscibility gap, as shown in Fig. 29. At the lowest 
point of this gap the percent sulfur in the liquid fer - 
rite is about one-third of a percent. After register - 
ing due surprise one might perhaps venture the pre- 
diction that similar gaps are likely to appear in sim- 
ilar systems; though this is so, the prediction is 
merely qualitative. 

It is quite apparent that there is nothing indicated 
on the horizon to take the place of such experimental 
work; free energies must still be determined the 
hard way making use of the thermodynamic relations. 
The predictability of kinetic phenomena from known 
basic parameters seems even more remote. The 
integration of our knowledge on a grand scale so that 
we could predict the properties of an uninvestigated 
system from a few basic parameters is entirely be- 
yond our grasp at present and apparently for the 
foreseeable future. We need to remind ourselves 
that it is still true, as we learned in school, that the 


very heart of chemistry is that reactions are specific. 


But if we cannot bring all together on a grand scale 
we certainly can and do achieve a bringing together 
in a more limited way. Fuller understanding of met- 
allurgical problems, as of all problems, and the con- 
sequent evolution result from new insights into inter- 
relations between newly found or previously known 
phenomena or ideas. The term “coupling” seems to 
express adequately this fruitful process of bringing 
together two or more independently developed con- 
cepts, ideas, effects or areas to form a new one. 
Thus metallurgy, which may be regarded as a coup- 
ling of chemistry, physics, and engineering, has been 
an interdisciplinary science longer than that term 
has been in common use. Many of the ideas I have 
mentioned here represent couplings: the thermody - 
namic couplings in multicomponent systems; the 
coupling of thermodynamics and kinetics as for sys- 
tems where local equilibrium prevails; the coupling 
of fluxes of mass and energy in the sense of irrever- 
sible thermodynamics; the coupling of chemical reac- 
tions; the coupling of atomistics with macro proper - 
ties; the coupling of advances in instrumentation with 
advances in research and in industry. 


Fundamental research in metallurgical fields, as 
other fundamental research, can be viewed ambiva- 
lently. On the one hand it is easy to look back and 
make a list of advances; on the other hand it is easy 
to belittle much of the voluminous maze of publica- 
tions. From the viewpoint of the individual research- 
er disappointment and frustration is the rule. Kel- 
vin commented, “One word characterizes the most 
strenuous of the efforts for the advancement of sci- 
ence that I have made perseveringly during fifty - 
five years; that word is ‘failure’.” Even Newton, 
probably the greatest scientific genius of all time, 
said toward the end of his life, “I do not know what 
I may appear to the world, but to myself I seem to 
have been only like a boy playing at the seashore, 
and diverting myself in now and then finding a 
smoother pebble or a prettier shell than ordinary, 
whilst the great ocean of truth lay all undiscovered 
before me.” At any given time our aims and goals 
always far exceed our ability and accomplishments. 
It is only with the passage of time that some meas- 
ure of perspective is gained and we find “our scien- 
tific structure is indeed a sturdy one, so sturdy that 
we may replace even a major stone from the foun- 
dation without tumbling the structure as a whole.” 

It is the sum of the gradually acquired knowledge and 
understanding by the combined efforts of all of us 
which in future retrospect will be even more im- 
pressive than those of the past now are. 
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Density-Pressure Relationships in Powder Compaction 


R. W. Heckel 


A method is described whereby the relationship 
of both the ‘‘at-pressure’’ powder compact density 
and the ‘‘zero-pressure’’ compact density to the 
applied pressure may be obtained from continuous 
measurements of punch movement during a single 
compaction operation. The rate of density increase 
with applied pressure for the metal powders is 
found to be proportional to the volume fraction of 
pores for pressures exceeding a lower limit which 
varies from 15,000 to 30,000 psi, depending on the 
powder. 


Tue compaction of powdered materials is carried 
out primarily to increase the density of the mate- 
rial. If the ultimate goal of the over-all process is 
the attainment of minimum porosity, compaction is 
responsible for most of the densification. For ex- 
ample, loose powdered metals have porosities of 
about 65 to 75 pct. Axial loading in a die or hydro- 
static pressure may effectively reduce the porosity 
of most powders to 20 pct or lower with pressures 
of 50,000 psi and greater. 

The relationship between the density of a powder 
compact and the pressure needed to achieve that 
density is most commonly obtained by pressing sev- 
eral compacts, each at a different pressure. Meas- 
urement of the densities of the individual compacts 
when they are removed from the die then provides 
the density-pressure relationship. However, this 
method suffers from several disadvantages. Be- 
cause a large number of compacts and pressing 
operations are required, it is inherently slow. Fur- 
thermore, since density measurements are made 
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after the specimens are removed from the die, data 
obtained refer only to pressures greater than those 
necessary to form a coherent compact. The third 
disadvantage is the inability of this method to pro- 
vide information about the compact density at the 
applied pressure in the die. 

Because the determination of density-pressure 
relationships has been a slow, tedious process, in- 
vestigators have sought to express the compaction 
behavior of powders by other means. The general 
terms ‘‘compactability’’ and ‘‘compressibility’’ have 
been used to rank powders qualitatively according 
to their compaction characteristics. To restore a 
quantitative nature to the subject and to prevent 
confusion, Schwarzkopf’ has proposed that compac- 
tibility be defined as the minimum pressure needed 
to produce a given green strength, while compres- 
sibility should be used to indicate the extent to which 
the density of a powder is increased by a given pres- 
sure. Probably the most widely used of the compac- 
tion parameters is the ‘‘compression ratio,’’ which 
is generally defined as the ratio of the compact 
density obtained by pressing at a given pressure to 
the apparent density of the loose powder.” However, 
the description of the compaction behavior of a 
powder by these parameters provides only limited 
information about the process because of their ap- 
plicability to just one specific condition such as a 
given green strength or a given pressure. 

The method of obtaining density-pressure rela- 
tionships which will be described in the present 
paper was designed to eliminate the shortcomings 
of the previous techniques while maintaining equiv- 
alent accuracy and precision. 


EXPERIMENTAL TECHNIQUES 


The general principle employed makes use of the 
fact that the linear movement of the punch during a 
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DIAL GAGE READINGS 


PRESSURE 
Fig. 1—Schematic representation of data curves along 
with pertinent values for calculating densities. 


Single die compaction may be used to calculate the 
change in volume of the powder as a function of 
pressure, if the cross-sectional area of the die is 
known. The density-pressure relationship over the 
entire range of pressures used in the compaction 
operation may then be calculated from a knowledge 
of the weight of the powder and the volume-pres- 
sure relationship. (It should be noted that the term 
‘density’? as used here refers to the average den- 
sity of the compact.) Since only the change in the 
volume of the powder may be obtained as a function 
of pressure, the data must be referred to a known 
powder compact volume. Two volumes may be used: 
zero die volume, which corresponds to the readings 
taken when the top and bottom punches of the die are 
in physical contact, or the volume of the compacted 
specimen after completion of the compaction opera- 
tion. 

Since the linear movement of the punches during 
the application of pressure to the powder is the 
algebraic sum of the change in height of the compact 
and the elastic compressive strains in the punches, 
the latter changes must be measured experimentally 
by a blank pressing operation in order to separate 
the two effects. These punch-elasticity data are 
used in the reduction of the linear punch-movement 
data to allow the calculation of compact density at 
the applied pressure. This will be referred to as 
‘fat-pressure’’ density. The densities measured 
after the compacts are removed from the die will 
be known as ‘‘zero-pressure’’ densities. 

Thus far, consideration has been given to die com- 
paction only. However, the method is adaptable to 
hydrostatic compaction by suitable measurements 
of volume decrease as a function of hydraulic pres- 
sure. Corrections for the compressibility of the 
hydraulic fluid and elastic deformation of the hydrau- 
lic cylinders would be necessary. 
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Die compaction of powdered materials may be 
carried out under one of many possible experimental 
conditions. In particular, a tensile bar die of 1.00- 
Sq in. cross-sectional area with cavity dimensions 
specified by the Metal Powder Association® and 
having the die body supported by springs so that the 
die behaved in a double-action manner was used in 
the present investigation. The choice of die was 
arbitrary; any die of interest could have been used. 
Die lubrication was carried out by painting the body 
and punches with a 3 pct solution of stearic acid in 
carbon tetrachloride. The die was cleaned after 
each compaction operation. One-half cubic inch 
(0.50 in. depth) apparent volume’ of powder was used 
for the compacts, which averaged about 0.20 cu in. 
in volume after pressing to 100,000 psi. The loading 
was accomplished on a 120,000-1b capacity Baldwin 
tension-test machine. A loading rate of 6000 psi 
per min was used throughout. The measurement of 
the amount of punch movement in the die was car- 
ried out with the dial gage and lever assembly hav- 
ing a precision of 0.0001 in. The base of the as- 
sembly was fixed to the table of the testing machine 
and the lever contacted the crosshead. As the table 
moved upward, pressing the punches of the die into 
the die body, the relative movement of the cross- 
head and table, identically equal to the amount of 
punch movement, was indicated on the dial gage. 


ANALYSIS OF THE EXPERIMENTAL DATA 


If the scale on the dial gage is chosen so that the 
dial-gage readings decrease as the load is applied 
to the die, the experimental data, when plotted, take 
the form shown schematically in Fig. 1 by the curves 
RS and ST. These curves represent the data taken 
on the application and removal of the pressure dur- 
ing the pressing operation, respectively. 

The mathematical reduction of the experimental 
data into curves relating the average density of the 
powder compact and the applied pressure requires 
the following information: a) The weight of the pow- 
der in the die, b) the cross-sectional area of the die 
cavity, c) the elastic changes which take place in the 
die itself as a function of the applied pressure (if 
the at-pressure densities are to be calculated), and 
d) either the dial-gage reading at zero die volume 
without an applied pressure or the thickness of the 
powder compact when removed from the die. The 
weight of the powder and the dimensions of the die 
cavity may be measured directly, the die elasticity 
may be measured by a blank run (without powder), 
the zero-volume gage reading may be taken before 
placing the powder in the die, and the compact thick- 
ness may be measured after the pressing operation 
when it is removed from the die. Because of the 
extremely small difference in cross-sectional area 
between the die cavity and the compact when it is 
removed fron the cavity, the areas of the two may 
be assumed to be equal without affecting the accu- 
racy of the analysis. 
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The reduction of the dial-gage readings vs ap- 
plied-pressure data to give average compact den- 
sity at zevo pressure vs pressure may be obtained 
through the use of Fig. 1. The relationship between 
zero-pressure density and the applied pressure in- 
dicates the compact density, measured after re- 
moval from the die, which may be obtained by pres- 
sing at the given pressure. In terms of Fig. 1, by 
loading the die to the point S, a density character- 
istic of the point T is obtained. Thus, we may con- 
sider the curve ST to be a curve of constant zero- 
pressure density. The zero-pressure density of the 
compact may be calculated for any pressure P up 
to Pax, asSSuming that, if we would have unloaded 
the die after having reached, for instance, point M 
(pressure P), we would have proceeded along curve 
MN, such that 


and, by vertical displacement, curves MN and OT 
can be brought into coincidence. The average zero- 
pressure compact density, Pp» may be calculated 
from the general expression 


W/ Vp, [2] 


where Wis the weight of the powder in the compact 
and Vp. is the calculated compact volume which 
would be measured experimentally if the pressure 
were dropped from the value P to zero; 7.é€., the 
volume of the compact at point N. 

Actually, the volume of the compact at point N 
may be expressed as 


Substituting from Eq. [1], 
Vp, = —Up “A 
Thus, from Eq. [2], 


pp, = [3] 
Po Cp —up +t))°A 
If a calculation based on a zero-volume reading, a, 
is desired, the substitution 


— a [4] 


may be made in Eq. [3]. In general, experimental 
data and calculations based on ¢, will be made more 
easily and will have greater inherent accuracy, 
especially in the more important high-pressure 
range, since actual measurement of the compact 
establishes the density value at P,,,,. However, for 
materials whose compacting characteristics are 
desired, but whose poor interparticle cohesion, even 
at the maximum pressure, does not permit their re- 
moval from the die intact, the density calculations 
must necessarily be based on a zero-volume meas- 
urement, 

At-pressure densities may be obtained from punch- 
movement data as a function of the applied pressure 
by modifying Eq. [3] to take into account the axial 
elastic compressive strains in the punches. In 
terms of the notation used previously, the at-pres- 
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Fig. 2— Zero-pressure density-pressure relationships for 
-200 +250 mesh electrolytic iron, -140 +200 mesh chem- 
ically precipitated copper, -250 mesh nickel, and ~ 154 
tungsten powders. 


sure density, pp, may be shown to be: 


[5] 
P (lp + 


where @p is the elastic strain in the punches at the 
applied pressure, P. It should be noted that Eq. [5] 
differs from Eq. [3] in the substitution of (ep — up) 
for up. If the at-pressure density calculation is to 
be based on a zero-volume reading, a, Eq. [4] may 
be substituted into Eq. [5]. 


EXPERIMENTAL RESULTS 


To test the accuracy of Eqs. [3] and [5] in the 
calculation of density-pressure curves, compacts 
were pressed from an electrolytic iron powder and 
a chemically precipitated copper powder at pres- 
sures of 10,000, 25,000, 50,000, 75,000, 100,000, and 
120,000 psi. The data obtained from each pressing 
was used to calculate both zero-pressure and at- 
pressure densities at lower pressures using Eqs. 
[3] and [5]. The 90 pct confidence intervals, de- 
termined from a ‘‘t’’ distribution,* on zero-pres- 
sure densities at pressures in the range investigated 
averaged about +0.05 g per cc. Comparisons of den- 
sities of compacts pressed at 10,000, 25,000, 50,000, 
75,000, 100,000 psi with densities calculated from 
data obtained by compacting at higher pressures 
gave an average error of about 0.06 g per cc. It may 
therefore be concluded that Eq. [3] is valid for the 
powders used and for the range of pressures em- 
ployed in the present investigation. Further, it is 
probable that this equation would also apply for all 
powders having pressing characteristics similar to 
those of the iron and copper powders used. 

The results of calculations of at-pressure den- 
sities for both the iron and copper powders did not 
yield as good reproducibility as those for zero- 
pressure values because of tHe difficulty in obtain- 
ing values of u, in Eq. [5]. The double-action fea- 
ture of the die caused the unloading curve to level 
out at about 200 lb, the force of the supporting 
springs. This prevented the zero-pressure data 


VOLUME 221, AUGUST 1961-673 


At) SPRESSURE 


ZERO PRESSURE 
mo 
oO 
= 
uJ 
GRAPHITE 
0 | 
10° 10% 10° 
PRESSURE, psi. 


Fig. 3—At-pressure and zero-pressure density-pressure 
relationships for artificial graphite powder. 


point from being obtained directly and necessitated 
an extrapolation to obtain uw). The at-pressure den- 
sities (pp) for both iron and copper powders aver- 
aged slightly greater than the zero-pressure den- 
sities (Pp,) but the dispersion of the data, as in- 
dicated by 90 pct confidence intervals, averaged 
about twice as large as that for the zero-pressure 
values. Relative at-pressure densities* could not 


*Relative density is defined as the ratio of the density of the 
compact (p) to that of the metal without porosity. 


be obtained because an unequivocal measurement of 
the change in density of iron and copper free of voids 
under the state of stress imposed by the die could 
not be made. 

Fig. 2 shows the zero-pressure relative density- 
pressure curves for iron, copper, nickel, and tung- 
sten powders. The maximum applied pressure for 
the copper, nickel, and tungsten powders was re- 
stricted to avoid extraction difficulties which were 
encountered with the iron powder. 

The high elastic moduli of most metals render 
the difference between at-pressure and zero-pres- 
sure densities quite small. However, graphite, hav- 
ing a modulus of about 1 x 10° psi, should exhibit a 
sizeable difference. Fig. 3 shows both at-pressure 
and zero-pressure density-pressure relationships 
for an artificial graphite powder. The lack of reli- 
able data on the density of void-free graphite neces- 
sitated the expression of density as g per cc. It 
should be noted that a 14 pct decrease in density 
comes about by releasing the applied pressure from 
75,000 psi. This is almost twice the change in den- 
sity which should occur on the basis of elastic 
changes in the graphite particles if a modulus of 1 
x 10° psi is assumed correct for these conditions. 
This information would seem to indicate that the 
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PRESSURE, 


Fig. 4—In (1/1—D) vs pressure for -200 +250 mesh elec- 
trolytic iron, -140 +200 mesh chemically precipitated 
copper, -250 mesh nickel and ~15/ tungsten powders. 


volume of the specimen increased upon release of 
the pressure as a result of both elastic expansion 
of the graphite particles and sliding of particles 
over each other, thus bringing about a condition of 
poorer packing. 


DISCUSSION 


If the compaction of powders is considered to be 
analogous to a first-order chemical reaction, the 
pores being the reactant and densification of the 
bulk of the product, the ‘‘kinetics’’ of the process may 
be described by a proportionality between the change 
in density with pressure and the pore fraction. 


dD 


dP (1-D) 
or 

dD 

dP (1-D) [6] 
where: 


D is the relative density, 

P is the pressure, 

1-D is the pore fraction, 

and K is a proportionality constant. 


In order to reduce this to a more usable expression: 


aD 
D P 
aD 
—— =-k]/|dP 


where D, is the relative density of the loose powder 
at zero pressure. Therefore: 


In (1-—D,) In (1-D) = KP 
or 
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Table 1. Values of Constants A and K from Eq. [11] for Various 
Metal Powders Along with the Lower Limit of Linearity of the Data 


| 
| 


Lower 
Limit, 
Powder A psi 

Iron (electrolytic -200 + 250 
mesh) 0.79 25,000 
Copper (chemically precipi- 
tated -140 +200 mesh) 0.71 1.65 x1055 30,000 
Nickel (-325 mesh) 0.85 122 25,000 
Tungsten © 0.60 15,000 

1 1 

In KP +1n [7] 


The validity of this analysis was checked by plotting 
In (1/1-—D) vs P for the metal powders already dis- 
cussed. The results are shown in Fig. 4. Although 
the data do not lie on a straight line over the entire 
pressure scale, linearity exists over 65 to 80 pct of 
the pressure range studied and would seem to in- 
dicate that extrapolation of the values to even higher 
pressures would be justified. The nonlinearity in the 
early stage of compaction is probably due to the ef- 
fect of rearrangement processes in the powder and 
the general behavior of the powder as individual 
particles rather than a coherent mass. 

Since the curves in Fig. 4 exhibit some curvature 
at low pressures, Eq. [7] does not describe the 
process quantitatively. The replacement of the term 
[In (1/1-—D,)] in Eq. [7] with a constant, A, gives an 
expression, Eq. [8], which is quantitatively valid 
except at the lowest pressures. 


n( 75) = KP +a [8] 


To see if the transition from nonlinear to linear 
behavior in Fig. 4 can be associated with bonding, 
a —80 +140 mesh alumina powder (which densifies 
by crushing) was compacted in the same manner as 
the metals. In this case there was little interparti- 
cle bonding and the plot of In (1/1—D) vs P did not 


It is postulated that in Eq. [8] the constant A, 
which is always somewhat larger than [In (1/1—D,)], 
represents the degree of packing achieved at low 
pressures as a result of rearrangement processes 
before appreciable amounts of interparticle bonding 
take place. It is also postulated that the constant kK, 
the slope of the linear region, gives a measure of the 
ability of the compact to density by plastic defor- 
mation. 

The values of A and K from Eq. [8] for the metal 
powders are given in Table I along with the lower 
limit of linearity of the data. 

The ability to express the compaction behavior of 
powders in terms of the constants A and K has sev- 
eral advantages. The mathematical expression of 
the density-pressure relationship of a given powder 
necessarily permits the analytical determination of 
the density values in the range of pressures investi- 
gated and also permits extrapolation to pressures in 
excess of those available experimentally. Most im- 
portant, though, is the fact that the constants quan- 
titatively describe the compaction behavior of a 
given powder. The evaluation of the constants A and 
kK in terms of powder properties and the manner of 
compaction is currently underway at this Laboratory. 
The ultimate goal of this research will be the quan- 
titative determination of the density-pressure curves 
from basic data on powders and the compaction 
process. 


CONCLUSIONS 


1) Both zero-pressure and at-pressure density- 
pressure curves for a given powder may be deter- 
mined from punch-movement data for a single pres- 
sing operation. 

2) Density-pressure data indicate that the rate of 
change of density with pressure at any pressure is 
proportional to the pore fraction in the compact at 
that pressure. 

3) There is little difference between zero-pres- 


have a linear region over the pressure range studied sure and at-pressure densities for iron, copper, 


(0 to 75,000 psi). All of the densification came about 
as a result of crushing and rearrangement of the 
individual particles. This is shown by the fact that 
65 pet of the alumina particles after pressing were 
less than 140 mesh, the minimum size of the orig- 
inal powder, and 38 pct were less than 250 mesh. 
From this information it is concluded that the 
curved region in a plot of In(1/1—D) vs P is asso- 


nickel, or tungsten powders, Since they are char- 
acterized by relatively high elastic moduli. On the 
other hand, there is a large decrease in density of 
graphite compacts upon releasing the applied 
pressure. This may be accounted for both by elastic 
expansion of the compact and sliding of particles as 
the pressure is removed. 

4) Density-pressure curves may be described by 


ciated with densification which takes place by a mech- two parameters. It is postulated that one is related 
anism of individual particle movement in the absence to low pressure densification by interparticle mo- 


of interparticle bonding. It was also found that the 
transition from curved to linear behavior in the 
powders whose compaction curves are shown in Fig. 
4 corresponded closely with the minimum pressure 
necessary to form a coherent compact. Therefore, 
it is concluded that the densification which is rep- 
resented by the linear region of a plot of In (1/1-D) 
vs P occurs by plastic deformation of the compact 
after an appreciable amount of interparticle bonding 
has taken place. 
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‘tion and the other is a measure of the ability of the 
compact to densify by plastic deformation after ap- 
preciable interparticle bonding has taken place. 
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Strengthening of Iron-Base Alloys Containing Columbium 


E. E. Underwood, E. M. Stein, and G. K. Manning 


Columbium, carbon, and nickel additions were 
made to iron-base alloys with 20 pct Cr. The effects 
on microstructure, precipitation-hardening charac- 
teristics, and high-temperature properties were in- 
vestigated by means of metallographic, hot-hardness, 
and magnetic measurements. An austenitic alloy con- 
sisting of Fe-20Cr-14Ni-0.8C -2.5Cb had higher hot- 
hardness at 1700°F than the other alloys investigated. 
Its favorable standing is attributed to an enhanced 


interaction of Cb and Cr4C particles dispersed within 
a Stable austenitic matrix. 


For the past 20 years, cobalt- and nickel-base 
alloys have been used for the more stringent high- 
temperature applications because of their excellent 
creep resistance. Although their performance is 
quite satisfactory, other base materials must be 
considered for large tonnage, low-cost applications 
such as for the automotive gas turbine. 

Iron-base alloysare also used extensively, but at 
somewhat lower temperatures, primarily because of 
the instability of particles or because precipitation 
occurs at relatively low temperatures. Since un- 
usual stability has been reported for Fe-Cb and Cb- 
C compounds,’~° it was hoped that effective amounts 
of these compounds could be taken into solution at 
temperatures just below the melting range, then 
precipitated upon reheating. Actually, strengthening 
was found to occur by both precipitation hardening 
in some alloys and by phase transformations in 
others. Among the alloys investigated, that with the 
best high-temperature properties owes its strength- 
ening to a combination of carbide particle interac- 
tion and a relatively stable austenitic matrix. 


EXPERIMENTAL PROCEDURES 


Small preliminary melts of about 100 g were made 
in a vertical Glotube furnace, using alundum cruci- 
bles and an argon atmosphere. Alloys weighing 35 
lb were melted in a basic-lined induction furnace, 
also under argon. The compositions of the alloys are 
given in Table I, The nickel-free alloys were usu- 
ally ferritic, while those containing nickel were gen- 
erally austenitic. Depending upon the particular heat 
treatments, or the combination of alloying elements, 
two-phase alloys of ferrite and austenite could be 
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obtained. In the following text, however, the nickel- 
free or nickel-bearing alloys are referred to simply 
as either ferritic or austenitic alloys respectively. 

The small ingots were swaged at 2000°F, in steps, 
to rods of approximately 3/16-in. diam. The large 
ingots were forged at 2100°F to 1-in. sq bars. No 
difficulties were encountered in swaging or forging 
any of the alloys to as much as 90 pct reduction in 
area. 

For heat treating at temperatures above 2000°F, 
Specimens were sealed in quartz tubes under a par- 
tial pressure of helium. No special precautions were 
found to be necessary at lower temperatures. 

Intermetallic compounds in the preliminary alloys 
were identified by means of X-ray diffraction meas- 
urements. Correlation of these results with micro- 
structural characteristics (such as color, shape, 
size, and location) of the compounds aided in their 
identification. Magnetic susceptibilities were also 
obtained at room temperature with a Magne Gage 
instrument after the various heat treatments. To 


Table |. Composition of Alloys* 


pa Weight Composition, Wt Pct Cb:c 
nation of Melt (e: Mn Si Cr Ni Coa Wi Ratio 
Nickel-Free (Ferritic) Alloys 
1 100g (<0.03) (0.1) (0.1) (20) - - - 0 
3) 0.03) (051) 20) - 168 56-84 
100 (0,03) Onl 20) 107-160 
6; C0503) 1922 130-196 
A-l 150g 0.15 (0.1) (0.1) (20) - 1.42 — 9.5 
A-2 150g 0.28 (0.1) (0.1) (20) — 2.40 8.6 
A-3 150g 0.20 (0.1) (0.1) (20) 15.6 
A-4 150g 0.28 (0.1) (0.1) (20) - 242 - 8.6 
A-S 150g 0.30 (0.1) (0.1) (20) 157) 5.2 
A-6 150g 0.46 (0.1) (0.1) (20) 098 
Nickel-Bearing (Austenitic) Alloys 
B-l 150g (<0.03) (0.1) (0.1) (18) (14) - - 0 
B-2 150g (<0.03) (0.1) (0.1) (18) (14) 1504 eee 34-52 
B-3 150g (<0.03) (0.1) (0.1) (18) (14) 1.76 — 59-88 
B-4 150g (<0.03) (0.1) (0.1) (18) (14) 250) 83-125 
BS 150g (<0.03) (0.1) (0.1) (18) (14) 3.98 — 133-199 
B-6 150g (<0.03) (0.1) (0.1) (18) (14) 3.39 113-169 
D-2 35 Ib 0.40 (0.4) (0.4) 21.2 7.00 2.28 — Shy/ 
D-4 35 Ib 920.9) 13°71 2.48) 3.1 


*Parentheses denote nominal composition; other values obtained by chemical 
analysis. 

tTo be read as, for example, from 30:1 to 46:1, because of the uncertainty 
in the carbon content. 
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(a) Alloy 2: 0.92 pet Cb. 


(o) Alloy 4: 2.58 pct Cb. 


(c) Alloy 6: 3.92 


ct Ch. 


Fig. 1—Effect of niobium on swaged low-carbon, iron-20 pct Cr alloys. Large particles: Fe,Cb. Picral etch. X500. 


Enlarged approximately 4 pct for reproduction. 


simplify the operation of the Magne Gage instrument, 
one of the weights was removed from the counter- 
balance arm, and only the no. 1 magnet was used. In 
this way, the complete range of ferromagnetism en- 
countered in these alloys could be assessed with only 
one magnet. The limits of the dials between the up- 
per and lower stops read from 5 units (no ferromag- 
netism) to 849 units (very strongly ferromagnetic). 

Hardnesses were measured at both room and ele- 
vated temperatures. The room-temperature data 
were obtained with a Rockwell machine using the 
R30-N or R30-T scales on specimens mounted in 
Bakelite. The results were converted to Vickers 
hardness numbers, Vhn, and equivalent Brinell hard- 
ness numbers for the 10-mm ball and 3000-kg load. 
Specimens used for the hot-hardness tests were pol- 
ished, but not mounted, then heated to the desired 
temperature in a vacuum of less than 5y. Vickers 
hardness was measured with the conventional 15- 
sec time of indentation at temperatures up to 1700°F; 
or, in special cases, at constant temperatures with 
variable indentation times. The temperature and 
time dependence of hardness could then be utilized 
in a parametric plot in order to gain some idea of 
the relative strengths at elevated temperatures. 


EXPERIMENTAL RESULTS 


Microstructural Observations— The low-carbon 
ferritic alloys (Alloys 1 through 6) showed a pro- 
gressive increase in the amount of iron columbide 
(Fe2Cb) particles as the columbium content in- 
creased. Fig. 1 shows microstructures of alloys 
2, 4, and 6 after swaging at 2000°F. The Fe2Cb par- 
ticles appear to be well dispersed and relatively 
spherical, while small black dots (presumably CgC) 
favor the grain boundaries. 

The Fe2Cb particles in the alloy with 0.92 pct Cb 
were completely dissolved in the 6-phase after 1/2 
hr at 2500°F, or 2 hr at 2400°F. A small amount 
of Fe.Cb was still present in the alloy with 1.68 pct 
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Cb after 16 hr at 2400°F. For all practical purpo- 
ses, the maximum solubility of columbium in the 6- 
phase appears to be about 1.5 pct in an iron-base, 
20 pet Cr alloy. Genders and Harrison’ reported a 
maximum solubility of 2.6 pct Cb in the 6-phase of 
the binary Fe-Cb system. Thus, the introduction of 
20 pet Cr lowers the columbium solubility appreci- 
ably. Metallographic evidence indicates a eutectic 
temperature of about 2440° F at the iron-rich corner 
of the Fe-Cr-Cb system. 

There is also an increase in the amount of FeeCb 
with increasing columbium content in low-carbon 
austenitic alloys (Alloys B-1 through B-6). However, 
the columbium solubility is lower in austenite than 
in ferrite, since 4 hr at 2400°F failed to dissolve 
completely all the Fe2Cb in the alloy containing 1.04 
pct Cb. Thus, it appears that nickel additions have 
the same effect as chromium with regard to lower- 
ing the columbium solubility. Evidence obtained in 
connection with precipitation hardening also reveals 
the low solubility of Fe2Cb in austenite. 

Carbon additions to the ferrite alloys resulted in 
the formation of columbium carbide (CbC) particles. 
Depending upon the ratio of columbium to carbon, 
CbC would either form alone, or with Cr4C. When the 
ratio was less than the stoichiometric ratio for CbC, 
z.e€., 7.7 to 1, both CbC and Cr4C were found; at 
greater ratios, the excess columbium combined into 
Fe2Cb, and just the one carbide, CbC, appeared. 

For example, Alloy C-4 had a Ch:C of 21 to 1, and 
CbC and Fe2Cb particles were identified. The mi- 
crostructure of this alloy is shown in Fig. 2(a). On 
the other hand, the very low ratio of 1.5 to 1 in Alloy 
C-1 resulted in CbC and Cr,C particles, but no 
Fe2Cb. Figure 2(b) illustrates a typical microstruc- 
ture for Alloy C-1. The matrix of this alloy is fully 
austenitic after the quench from 2300°F because of 
the excess carbon. Alloy C-3 with a low Cb:C ratio 
of 2.2 to 1, also revealed CbC and Cr.C particles. 
This alloy had a higher columbium content than Alloy 
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(a) Alloy C-4: Ferrite, Fe,Ch (larger 
particles), and CbC. 


particles), and CbC. 


(b) Alloy C-1: Austenite, Cr,C (larger (c) Alloy C-3: Austenite (A), Ferrite 


(F), Cr,C (larger particles), and CbC. 


Fig. 2—Partially and fully ferritic alloys. Two hours at 2300°F and water quenched. Picral etch. X500. Enlarged ap- 


proximately 4 pct for reproduction. 


C-1 so there was relatively less carbon available 
for solution. Consequently, the partially austenitic 
matrix shown in Fig. 2(c) was obtained. 

Much the same state of affairs was noted when 
carbon was added to the austenitic alloys—CbC par- 
ticles were always found. When the Cb:C ratio was 
low (as in Alloy D-4), Cr4C was also present. Fig. 3 
displays microstructures observed in Alloys D-2, 
D-3, and D-4, Alloy D-2 apparently has insufficient 
nickel for a fully austenitic matrix. 

There was little or no solution of the CbC parti- 
cles in either the ferritic or austenitic alloys up to 
a temperature as high as 2400°F. The particles 
were elongated when forged and they remained so 
after heat treatments up to the eutectic temperature, 
see Figs. 2(c) and 3. This behavior, in itself, sug- 
gests that the CbC particles had a very low degree 


NS 


att 

oh 
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(a) Alloy D-2: Austenite (A), Ferrite 
(F), and CbC. 


(0) Alloy D-3: Austenite and NbC. 


of solubility under the experimental conditions en- 
countered here. 

Precipitation and Transformation Hardening—In 
general, the alloys were aged by holding for 1 hr at 
various temperatures, then water quenched to room 
temperature. The property changes were followed 
by hardness measurements as well as by Magne 
Gage readings in some cases. 

None of the austenitic alloys gave any evidence of 
precipitation hardening. Prior treatments encom- 
passed quenching from 2100° to 2350°F, followed by 
aging between 800° and 2000°F. Even Alloy D-1 


? 


which was approximately 50:50 ferrite and austenite 
after quenching from 2300°F, failed to harden by 
precipitation. However, this alloy did exhibit trans- 
formation hardening when tempered between 1200° 
and 1600°F. The Magne Gage curve followed the 


(c) Alloy D-4: Austenite, Cr,C (larger 
particles), and NbC. 


Fig. 3—Partially and fully austenitic alloys. Two hours at 2300°F and water quenched. Picral plus Kalling’s reagent. 


X500. Enlarged approximately 4 pct for reproduction. 
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Fig. 4—Effect of columbium: carbon ratio on the harden- 
ing mechanism of iron-base, 20 pct Cr alloys quenched 
from 2300° or 2400°F and aged 1 hr at 1200°F. 


same pattern as the hardness curve, so it is pos- 
sible that the increased hardness was associated 
with the formation of martensite. 

The ferritic alloys underwent a substantial degree 
of hardening at Cb:C ratios either greater than or 
less than the stoichiometric value for CbC (7.7 to 1). 
The results for an aging temperature at 1200°F are 
portrayed in Fig. 4, where the change in room-tem- 
perature hardness, AH (between the solution-treated 
state and the aged condition) is plotted vs the Cb:C 
ratio. The appearance of this curve would be ex- 
pected to change somewhat for other aging tempera- 
tures, é.g., at higher aging temperatures there 
would be a decrease in the hardness increment, AH, 

Over most of the diagram, the Ad is positive; 
however, at Cb:C ratios close to that for stoichio- 
metric CbC, AH becomes negative. The latter phe- 
nomenon is not so much the result of softening 
during aging at 1200°F, as it is the result of an un- 
usually high hardness in the quenched alloy. An ex- 
amination of the microstructure of Alloy A-1 after 
quenching revealed a practically continuous border 
of austenite at the grain boundaries. The high hard- 
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Fig. 5—Effects of aging temperature on hardness of micro- 


constituents in alloy A-6. 
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ness of the quenched alloy could thus be ascribed to 
the strengthening at the grain boundaries in addition 
to a profuse distribution of CbC particles through- 
out the matrix. 

Hardening at Cb:C ratios greater than about 10:1 
was due primarily to precipitation hardening. Both 
CbC and Fe:2C particles contributed to the AH for 
Alloys A-3 and C-4, However, in the other alloys 
(with ratios greater than about 30 to 1), only Fe2Cb 
was present in any quantity, since the carbon level 
was negligibly low. 

The microstructures of Alloys 2, 4, and 6, which 
were shown in Fig. 1, were analyzed by quantitative 
metallography in order to gain some insight into 
their hardening capabilities. The more important 
characteristics of the large spherical Fe2Cb parti- 
cles are tabulated below. 


Mean® 
Wt Vol? Spac- Hardness, 
Pet Pet ing,S, Radius, r, Equivalent 
Alloy Cb Ratio Fe,Cb Microns Microns $/r Bhn 
2 0.92 30 to 46 4.26 66.7 1.24 53.5 225 


4 2.58 86 to 129 9.92 20.0 Tey, 17.1 232 
6 3.92 130 to 196 18.3 11.9 1.48 8.1 247 


“Calculated for carbon contents of 0.02 to 0.03 pct. 
Measured by point counting. 
“S=1/P,, where P, = particles per mm. 


2, 
(P,/P4) where P, = particles per mm’. 


Although these alloys are in the swaged condition, 
some general observations may be drawn from the 
results. There is a linear decrease in log (hard- 
ness) vs both log (S) and the dimensionless parame- 
ter, log (S/y). When plotted against log (volume frac- 
tion) or log (Cb), log (hardness) increases linearly. 
The latter increase has been noted before and is 
close to linear in many alloys. Furthermore, there 
is an implied reciprocity between log (S) and log 
(volume fraction), Experimentally, this relation- 
ship is found to be approximately linear as in the 
present case. 

An improvement in the linearity observed between 
log (hardness) and log (S) is effected by using S/7, 
instead of S, as a measure of the particle spacing. 
This dimensionless ratio may be thought of as the 
spacing per unit length of the particle radius. As 
such, it attempts to account for the undoubted effect 
of particle size on the simple relation between 
strength and particle spacing. For example, for the 
same interparticle spacing, a smaller particle would 
permit a sharper radius of curvature in the ob- 
structed dislocation. ‘‘Extrusion’’ would be easier in 
such a case. There is not sufficient quantitative data 
available with these alloys to test this idea further. 

Returning to Fig. 4, a sharp increase in Ad is 
seen at Cb:C ratios less than 10 to 1. In these alloys, 
the hardening mechanism is not attributable prima- 
rily to precipitation hardening, but is associated 
with the transformation of austenite. The behavior 
of Alloy A-6 may be quoted in this regard. The so- 
lution-treated specimen consisted of austenite plus 
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Fig. 6—Tempering effects on hardness and magnetic sus- 
ceptibility of alloy C-1. 


ferrite, but upon heating between 1200° and 1400°F, 
the austenite grains progressively transformed to 
bainite, beginning at the grain boundaries. Raising 
the temperature to about 1450°F initiated the further 
transformation of bainite to ferrite. 

Knoop hardness measurements of the microcon- 
stituents in Alloy A-6 helped to analyze the changes 
that occurred. The hardnesses of the ferrite grain 
and of the edge and center of the austenite grain 
were followed as a function of the aging temperature. 
The three hardness curves are given in Fig. 5 vs the 
aging temperature. At 1300°F, the austenite grain 
was converted completely to bainite, at about 1450°F 
the bainite was further transformed to ferrite with 
a consequent marked loss in hardness. The hard- 
ness of the ferrite grains on the other hand, re- 
mains relatively unaffected over the same tempera- 
ture range. At aging temperatures even higher than 
1450°F, it is possible that the ferrite would emerge 
as the hardest microconstituent in this alloy. 

In Alloy C-1, with a Cb:C ratio of 1.5 to 1, the ma- 
trix was completely austenitic at 2300°F. Transfor- 
mation hardening started at an aging temperature 
of about 1150°F and reached a high point at 1200°F, 
as shown in Fig. 6. A drop in hardness at 1400°F 
was followed by another sharp increase after aging 
at 1600°F. Magne Gage readings coincided qualita- 
tively with the hardness curve. 

In certain respects, the behavior of Alloy C-1 is 
analogous to some precipitation-hardening stainless 
steels. In the latter alloys, as well as in Alloy C-1 
at 1500°F, chromium carbides precipitate out at an 
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Fig. 7—Hot hardness of ferritic and austenitic alloys. 


elevated ‘‘conditioning’’ temperature. As a result 
of the depletion of the matrix in carbon and chro- 
mium, the M@; temperature is raised, and martensite 
is formed upon cooling to room temperature. Inter- 
preted in this light, it would appear that the 1200°F 
hardness peak in Fig. 6 can be traced to the forma- 
tion of bainite, while the hardness increase at 1600°F 
is probably due to the formation of martensite. At 
about 1900°F, the Cr,C in Alloy C-1 goes back into 
solution, and at 2300°F, the matrix is fully austenitic. 

Behavior at Elevated Temperatures—In recent 
years, there has been an accumulation of evidence 
that the hot-hardness test is a reliable one for in- 
dicating high-temperature strength.*»®-3 For the 
purposes of this research program, hot-hardness 
measurements were adopted to reveal relative 
strengths of the alloys over a range of temperatures. 

Fig. 7 presents typical hot-hardness curves for 
three ferritic alloys (dashed lines) and three auste- 
nitic alloys (solid lines). They conform to the shape 
usually encountered with high-purity alloys when the 
data are plotted on semilogarithmic coordinates.4 
The curves consist of two straight-line portions—a 
relatively flat, low-temperature segment and a 
steeper, high-temperature segment. The tempera- 
ture of intersection represents the equicohesive, or 
break, temperature, and divides the region of low- 
temperature deformation from that for high-tempe- 
rature deformation. In general, the data points fall 
fairly well along the straight lines. 

Other features of interest in these curves concern 
the slopes of the two segments. Although the low- 
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_ temperature portions of these curves are roughly 


the same, there is a marked divergence between 
those for austenitic and ferritic alloys at the higher 
temperatures. In fact, the ferritic alloys have much 
the same (steep) slope, and the austenitic alloys 
have almost identical (but flatter) slopes. Moreover, 
break temperatures for each of the two groups of 
alloys are grouped closely together—1000° and 
1400°F, respectively. 

Although the ferritic alloys in Fig. 7 are generally 


harder at low temperatures than the austenitic alloys, 


the opposite is true at higher temperatures. Alloy 
D-4 (containing Fe-20Cr-14 Ni-0.8 C-2.5Cb) is 
clearly superior to the other alloys at higher tem- 
peratures. In fact, as Manning’ has emphasized 
recently, Alloy D-4 compares favorably with several 
commercial high-temperature alloys. 


DISCUSSION 


Observations drawn from the hot-hardness curves 
are in accord with findings made by Underwood,** 


_ who proposed relationships among break tempera- 


tures and slopes of hardness and creep curves. He 
showed that the break temperature bears a direct 
relationship to the high-temperature slope of the 
curve. The slope is related to the ‘‘stability’’ of an 
alloy, in the sense that a flat slope represents little 
change in strength with temperature, and a steep 
slope means a rapid loss in strength. The term 
‘‘stability’’ is expressed numerically as the value of 
the slope of the curve and is directly proportional to 
the break temperature. Qualitatively, this is seen 
here—the austenitic alloys have a higher break tem- 
perature and a higher stability while the ferritic 
alloys have a lower break temperature and a lower 
stability. The ferritic alloys are harder at low tem- 
peratures, but they soften sooner and faster than the 
more stable austenitic alloys. 

The close parallelism of the high-temperature 
portions of these curves, and the approximate in- 
variance of their break temperatures, suggest a 
means for obtaining the same curve with less ex- 
perimental data. The product of the absolute value 
of the break temperature and the high-temperature 
slope is nearly constant for each of the two groups 
of alloys. Thus, it may be possible to establish the 
slope if the break temperature is known, or, to cal- 
culate the break temperature once the slope is 
known. For the alloys in Fig. 7, the constant equals 
-2.3 for ferritic alloys and —2.1 for austenitic al- 
loys. The temperature is expressed in °k, and the 
slope is obtained from the plot of log (hardness) vs 
temperature, °F. 

Interestingly enough, Nisbet and Hibbard’*® found 
that their cobalt-containing alloys (which consisted 
of Fe-Cr-Co-Ni) had a common slope in the high- 
temperature region, and that their cobalt-free alloys 
(consisting of Fe-Cr-Ni) also had a common slope, 
but steeper. A comparison between their slope val- 
ues and these is not feasible, because they plotted 
strength vs a time-temperature parameter. The 
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fact that they obtained this invariance for such a 
large number of alloys is quite striking. 

For the iron-base alloys studied here, the con- 
stancy of high-temperature slopes seems associated 
either with the alloy composition or crystal struc- 
ture. The effect of crystal structure may be second- 
ary, however, since Nisbet and Hibbard*® found, 
within an alloy group, that the same slope obtained 
regardless of the crystal structure. The composi- 
tional factor (that is, the presence, or absence, of 
nickel, in the iron-base alloys; and of cobalt, in 
Nisbet and Hibbard’s alloys) appears to be pre- 
eminent. 

An attempt was made to relate the different con- 
stant slopes to values of activation energy, but 
failed because of insufficient data. One would sus- 
pect that the influence of cobalt in Nisbet and Hib- 
bard’s alloys was decisive; it is not as clear-cut 
that nickel plays the decisive role in the present 
alloys. 

In an effort to determine why the relatively simple 
Alloy D-4 performed so well, the microstructures 
and other pertinent data were reviewed. Reference 
to Table I reveals that the main difference between 
Alloys D-3 and D-4 lies in the carbon level; Alloy 
B-1 has still less carbon and no niobium. All three 
alloys, however, have about 14 pct Ni. 

It was noted previously that ferritic alloys with 
low Cb:C ratios possess both CbC and Cr.C parti- 
cles. This was also true in Alloy D-4 but not in 
Alloy D-3, which only had CbC particles. Quantita- 
tive measurements on the microstructure of Alloy 
D-4 revealed that the relative amount of CbC was 
about twice that of Cr,C, 7.e., 8.8 to 4.1 vol pct. The 
presence of these two types of carbides, and their 
joint contribution to strengthening, may well explain 
the strength observed in Alloy D-4. 

Also present in the grain matrix was a fine dis- 
persion of black dots which were too small for meas- 
urement. It is not believed that these objects had an 
appreciable effect on the strength of Alloy D-4, be- 
cause a Similar fine dispersion was also present in 
Alloy D-3. Furthermore, larger particles and spac- 
ings are frequently found to be more stable and ef- 
fective at high temperatures than small particles and 
Spacings. 

The fairly continuous dark lines delineating the 
austenitic grain boundaries in Alloy D-4 appear to 
be due to small black particles. Since the grain 
boundaries in Alloy D-3 are not as extensively out- 
lined, it is conceivable that the boundaries constitute 
a strengthening factor in Alloy D-4. 

Another consideration in evaluating an alloy con- 
cerns the contribution of the matrix to the over-all 
strength. Nickel probably has the greatest effect on 
stiffening the matrix in Alloy D-4, and the chromium 
and carbon are also effective. Increases in the latter 
element, up to 0.8 pct, produced a linear increase in 
the hot hardness of austenitic alloys. The amount of 
niobium not tied up in carbides is probably small, but 
the matrix solid solution should be saturated in nio- 
bium. A columbium content of 1.04 pct was found to 
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give the maximum hardening in austenitic alloys. 
Kornilov’’ has demonstrated particularly clearly 
how the strength is augmented as the saturation 
limit is approached. It is possible that a similar 
beneficial effect is obtained in Alloy D-4. 

The factors enumerated above are known to be im- 
portant in many high-temperature alloys, and have 
been established by conventional long-term testing. 
Although the hot-hardness test is a short one, it ap- 
pears to give a reliable indication of relative strength 
Thus, Alloy D-4 can be expected to perform just as 
favorably when tested under the customary creep or 
tensile conditions. 

The presence of two kinds of particles, with dif- 
ferent stabilities, may be responsible for a ‘‘com- 
plexity’’ effect as suggested by Cottrell.'® This 
effect can arise in an alloy stressed at elevated tem- 
peratures, in which the first type of particle that ap- 
pears maintains a high strength level in the alloy. 
As testing is continued, these early particles start 
to redissolve and lose their effectiveness. However, 
the second, more stable precipitate then makes its 
appearance and continues the high-strength level 
established by the earlier, more transient, particles. 

This situation may be paralleled by Alloy D-4, in 
which two types of carbide particles, CbC and Cr4C 
are present. Here, too, the CbC is extremely stable, 
and the Cr.C particles are relatively unstable. From 
the metallographic analysis, it was found that the 
volume ratio of CbC to Cr4C was about 2 to 1 in 
Alloy D-4 in the solution-treated condition. This 
ratio may be the optimum one for maintaining the 
alloy strength at the higher testing temperatures. 


SUMMARY 


One of the alloys studied in this investigation, 
Alloy D-4 (Fe-20 Cr-14 Ni-0.8 C-2.5 Cb) appears to 
possess excellent high-temperature strength, based 
on hot-hardness measurements. It is believed that 
the nickel, carbon, and columbium additions contrib- 
ute to a strong, stable matrix, while two kinds of car- 
bide particles interact to enhance their individual 
strengthening effects. The stable CbC and relatively 
unstable Cr<C particles may cooperate in maintain- 
ing a high strength level, somewhat as described by 
Cottrell in the ‘‘complexity’’ effect. 

The manner in which columbium promotes the 
strength of aged alloys can be described in terms of 
the Cb:C ratio. At low ratios, hardening occurs by 
the decomposition of austenite into bainite, or through 
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particle hardening with CbC or Cr.C. At higher ratios, 
hardening is due primarily to the precipitation of 
Fe2Cb particles. In between, near the stoichiome- 
tric Cb:C ratio for CbC, aged alloys can be softer 
than solution-treated alloys, probably because of a 
strong grain-boundary structure formed during solu- 
tion treatment. 

In austenitic alloys, precipitation hardening is not 
observed, but strengthening by stable CbC particles 
can become appreciable. Carbon and nickel additions 
impart definite hardness increases to the solid solu- 
tion. The amount of columbium in solid solution, al- 
though slight, may be significant through the satura- 
tion effect, whereby large strength increases are 
noted near the phase limits. 

A marked invariance in the slope of hardness vs 
temperature curves is noted for both ferritic and 
austenitic alloys at elevated temperatures. The dif- 
ference in slopes between the two types of alloys is 
attributed more to the presence, or absence, of 
nickel, than to differences in crystal structure. A 
Similar invariance in high-temperature slopes were 
reported by Nisbet and Hibbard for alloys with and 
without cobalt. 
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The Heats of Solution in Liquid Tin of the Group III 


J. B. Cohen, B. W. Howlett, and M. B. Bever 


The partial molar heats of solution at infinite di- 
lution in tin of aluminum at 300° and 350°C and of 
gallium, indium, and thallium at 240°, 300°, and 
350°C have been measured by tin solution calori- 
metry, Aluminum, gallium, and thallium are endo- 
thermic on solution; indium is exothermic. Any 
temperature dependence of the heats of solution lies 
within the experimental scatter. Over the dilute 
ranges investigated, only aluminum has a measur- 
able change in its heat of solution with composition, 


Hears of solution of one element in another re- 
flect the interaction between them. The investiga- 
tion of partial molar heats of solution in dilute al- 
loys is of particular interest as the properties of 
the solvent are altered to only a limited extent by 
the presence of the solute and also as the interac- 
tion between solute atoms is small. When the heats 
of solution of a related series of elements in a sol- 
vent are known, a systematic comparison may be 
made. 

In the investigation reported here, the partial 
molar heats of solution of the Group III elements 
aluminum, gallium, indium, and thallium in dilute 
solution in tin were measured. This work follows an 
investigation of the heats of solution in tin of the 
Group IB elements.’ 


EXPERIMENTAL PROCEDURES 


Materials. Samples of gallium, indium, and thal- 
lium were obtained from Johnson, Mathey and Co., 
Ltd. Indium and thallium were supplied as wire, 1.6 
mm in diam; gallium was in the form of irregular 
pieces. The supplier reported the following mini- 
mum purities: gallium—99.95 pct; indium—99.99 
pet; thallium—99.99 pct. The aluminum, obtained 
from Alcoa Research Laboratories, was reported 
to be 99.995 pct pure. The tin was supplied by Baker 
and Co., Inc.; the reported analysis indicated a tin 
content of at least 99.96 pct with lead as principal 
impurity. 

Calorimeter. This description will cover only the 
essential features of the calorimeter with special 
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Elements Aluminum, Gallium, Indium, and Thallium 


attention to modifications made since an earlier de- 
scription was published.’ A Dewar flask containing 
the tin bath was held in a constant-temperature bath 
of a near-eutectic mixture of lithium, sodium, and 
potassium nitrates. This bath, which was stirred 
vigorously, was heated by a primary resistance 
winding in the container wall and by a secondary 
winding immersed in the salt. The voltage supplied 
to both windings was stabilized. The temperature of 
the salt bath was controlled by means of a platinum 
resistance thermometer in one arm of a Wheatstone 
bridge. The light from a mirror galvanometer in the 
bridge circuit fell on a photocell which controlled 
the current in a saturable reactor in series with the 
secondary winding. In this manner, the temperature 
of the salt bath was controlled to + 0.003°C and that 
of the tin bath to at least +0.002°C. Each of these 
temperatures was measured by two iron-constantan 
thermocouples in series, coiled in a helix to mini- 
mize heat loss and immersed in the salt and tin 
baths in protective sheaths. The temperature of the 
laboratory was kept constant to +1°C during a run. 

Specimens were dropped into the tin bath from an 
addition arm held at 0°C which was part of the cal- 
orimetric system. The system was evacuated to 
about 0.02 u to minimize oxidation and to reduce 
transfer of heat. The bath was stirred by a glass 
stirrer introduced through a double Wilson seal. 

The samples were scraped clean before weighing, 
which was carried out as rapidly as possible. Each 
sample was immediately placed in the evacuated ad- 
dition arm to minimize contamination. These pre- 
cautions were especially necessary with aluminum. 

After the runs with gallium and thallium at all 
temperatures and with indium at 240° and 350°C 
(Series I) were completed and before the runs with 
indium at 300°C and aluminum at 300° and 350°C 
(Series II) were begun the following changes were 
made. The shape of the Dewar flask was changed so 
as to result in a lower surface to volume ratio of the 
bath and at the same time the amount of tin was re- 
duced from 500 to 400 g. The paddle type stirrer 
was replaced by a helical screw and the rate of stir- 
ring was increased to about 150 to 200 rpm. 


Table 1. Published Enthalpy Values, cal/g-atom 


Tin 3386 3806 4148 3,4 
Aluminum - 1858 2193 3 
Gallium 2931 3329 3661 33.5 
Indium 2426 2861 3224 4 
Thallium 1582 2045 3383 4 
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Table Il. Measured Partial Molar Heats of Solution at 
Infinite Dilution, cal/g-atom 


240° C 300°C 350°C 
Aluminum -_ +6075 + 25* +6080 + 25* 
Gallium + 700 + 30 + 710+ 30 + 700 + 50 
Indium - 140 + 30 - 150+ 30 - 150+ 50 
Thallium +1950 + 50* +1950 + 50* + 960+ 90 


*These values refer to solid solutes. All other values refer to liquid 
solutes. 


Calibration and Calculations. The calorimeter 
was calibrated by adding tin from 0°C before any 
additions of solute. A second calibration was made 
with tin or tungsten at the end of each run. The ini- 
tial calibration failed to yield a satisfactory result 
in only one run and the final calibration (employing 
tungsten) was used. The enthalpy values of tin re- 
ferred to 0°C were derived from published sources,?4 
and are listed in Table I. The approximate value of 
the heat capacity of the calorimeter was 39.5 cal 
per °C for Series I and 35.2 cal per °C for Series II. 

The method of calculation has been described.! 

In principle, the heat effect is found from the heat 
capacity of the calorimeter and the temperature 
change resulting from an addition corrected for the 
heat exchange between the calorimeter bath and its 
environment. The heat capacity of the calorimeter 
is adjusted after every addition by adding the heat 
capacity of the solute. 

Each heat of solution was found by subtracting 
the heat content of the solute at the bath tempera- 
ture from the calculated heat effect. These heat 
contents were derived from published sources;?~> 
their values are given in Table I. 

The heat of solution is calculated as an integral 
heat effect on solution per gram-atom of solute re- 
sulting from a change in composition of the bath 
from x, tO x2, where x, and x2 are the gram-atomic 
fractions of solute in the solution before and after 
each addition. Then the heat effect is plotted against 
composition at a composition of x1 + % (xe-—m). This 
gives a linear plot which extrapolates at x = 0 to the 
partial molar heat of solution at infinite dilution and 
which is itself a close approximation to a plot of 
partial molar heat of solution against composition. 
When there is no composition dependence of the par- 
tial molar heat of solution, this plot gives rigorously 
the partial molar heat of solution. 


EXPERIMENTAL RESULTS 


General. The heats of solution in tin of aluminum 
were determined at 300° and 350°C and of gallium, 
indium, and thallium at 240°, 300°, and 350°C. The 
heat of solution of aluminum could not be measured 
at 240°C as solution was too slow. The tin bath was 
not precisely at the nominal temperatures in every 
run; in half of the runs, however, the difference did 
not exceed 2°C and in most of the others, it was well 
below the maximum difference of 8°C. In this inves- 
tigation, the deviation of the actual from the nominal 
bath temperature was of no significance since no 
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dependence of the heat of solution on temperature 
could be observed over the temperature intervals 
investigated. 

The partial molar heats of solution extrapolated 
to infinite dilution are presented in Table IL. 

The first additions of aluminum or gallium made 
to the tin bath gave a less endothermic heat effect 
than subsequent additions. This was not observed 
with indium or thallium. The anomaly in the heat 
effect is attributed to deoxidation of the bath by 
aluminum or gallium as the free energies of forma- 
tion of their oxides are considerably larger than that 
of SnOz. By contrast, although the free energies of 
formation of InzO3 and T1203 are not known, the mag- 
nitude of their heats of formation is such* as to make 
the reduction of SnOz by indium or thallium present 
in dilute concentration in tin unlikely. No difficulty 
was experienced from deoxidation after the first ad- 
dition of solute. The first additions of aluminum and 
gallium were ignored in calculating the heats of 
solution. 

Limits of Error. Nine of the eleven values re- 
ported in Table II are based on at least two runs. 
The two values which are based on only one run are 
those for indium at 300° and 350°C. 

The estimated limits in Table II are in no case 
smaller than the spread of the experimental values. 
In two cases—indium at 300° and 350°C—larger lim- 
its are estimated. 

The reported limits express estimates of the pre- 
cision of the experimental values, not of their ab- 
solute accuracy. The latter is also affected by 
errors in the published values of the enthalpies 
used in the calculations. As these values are given 
in Table I, corrections can be made when better 
enthalpy data become available. 


DISCUSSION 


Aluminum. The partial molar heats of solution at 
infinite dilution of solid aluminum at 300° and 350°C 
are large and positive. Any change with temperature 
is within the experimental scatter. The observed 
averages are reported in Table II. The partial molar 
heats of solution depend linearly on composition in 
the range investigated, which extended to 1.5 at. pct. 
They may be expressed for 300°C by the equation: 


AnHM = 6075 — 10,750x,, in cal/g-atom 


where X,) is the atomic fraction of aluminum in so- 
lution. At 350°C, the same linear dependence was 
observed. If the heat of fusion of undercooled alu- 
minum at 300° and 350°C is calculated on the as- 
sumption that the heat capacity of the liquid does not 
change in the range of undercooling, the partial mo- 
lar heats of solution at infinite dilution of under- 
cooled liquid aluminum in liquid tin are + 3440 and 
+ 3430 cal per g-atom at 300° and 350°C, respec- 
tively. 

Kawakami* measured integral heats of mixing of 
liquid aluminum and tin at 800°C. His results, when 
plotted as HM/(x,)xs5,) against xa), yield a straight 
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line which extrapolates at xa, = 0 to + 3260 cal per 
g-atom, the partial molar heat of solution at infinite 
dilution of liquid aluminum in liquid tin at 800°C. 
This is to be compared with a value of + 3430 cal 
per g-atom for 350°C derived in the present inves- 
tigation. Part of the difference may be due to the 
assumption made in calculating the heat of fusion of 
undercooled aluminum at 350°C. It is also relevant 
that the heats of mixing in other alloy systems in- 
vestigated by Kawakami at the same time as the tin- 
aluminum system appear to be too low.”® 

Gallium. This element is liquid at all tempera- 
tures of dissolution investigated. Any change of its 
heat of solution in tin with temperature is within the 
experimental scatter. The experimental observa- 
tions suggest that there may be a slight dependence 
of the heat of solution on composition, but the effect, 
if present, is small. Kleppa, in a graph of molar 
heats of solution showed a value of approximately 
+ 820 cal per g-atom for gallium in tin,’ and sub- 
sequently reported a value of +748 +12 cal per g- 
atom at 250°C.*° This is to be compared with a value 
of +700 to 710 cal per g-atom determined in the 
present investigation. 

Indium. The heat of solution of liquid indium in 
tin is negative. Kleppa*’ obtained calorimetrically 
a value of — 142 cal per g-atom for the partial molar 
heat of solution of indium in tin at infinite dilution 
at 450°C. This value is in good agreement with those 
of — 140 and — 150 cal per g-atom found in the pre- 
sent investigation, if it is assumed that the lack of 
measurable dependence on temperature of the heat 
of solution extends to 450°C. Kleppa observed a 
slight dependence of the heat of solution on compo- 
sition, but his measurements extended up to about 
34 at. pct of indium compared to an upper limit of 
about 2 at. pct in the present investigation. 

Thallium. On heating, thallium transforms from 
the close-packed hexagonal a phase to the body-cen- 
tered cubic 6 phase at 234°C; it melts at 304°C. The 
heats of solution at 240° and 300°C thus refer to 
solid 8 thallium, while the value for 350°C refers 
to liquid thallium. When the published value* of the 
heat of fusion of thallium (+975 cal per g-atom) at 
304°C is subtracted from the measured heats of 
solution of solid thallium in tin at 300°C, and a cal- 
culated value of the heat of fusion at 240°C is sub- 
tracted from the measured heat of solution at 240°, 
the resulting values of +940 and +970 cal per g- 
atom at 240° and 300°C, respectively, are consist- 
ent with the heat of solution of liquid thallium in tin 
at 350°C’ (+960 cal per g-atom). 

The results can be compared with those obtained 
by earlier investigators. Kleppa, *° by extrapolating 
his results on concentrated solutions, obtained a 
value of +955 +12 cal per g-atom for the heat of 
solution at infinite dilution at 350°C. This is in good 
agreement with the present work. Hildebrand and 
Sharma?” made electrochemical measurements at 
352°, 414°, and 478°C over the range 6 to 71 at. pct 
Tl and Vierk!? made electrochemical measure- 
ments at 462°C over the range 6 to 93 at. pct Tl. 
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Their values are in good agreement. The tempera- 
ture coefficients of Hildebrand and Sharma exhibit 
considerable scatter, and therefore, lead to widely 
scattered values of the partial molar heat of solution. 
These temperature coefficients suggest a value of 
about +2000 cal per g-atom for the partial molar 
heat of solution at infinite dilution of liquid thallium 
in liquid tin in the range 352° to 478°C. Miiller™ 
measured calorimetrically integral heats of forma- 
tion of five liquid alloys in the range 20 to 82 at. pct 
Tl by direct mixing of the liquid elements at 350°C. 
Hultgren* extrapolated Miiller’s results to x7, = 0 
to give a value of +870 cal per g-atom for the par- 
tial molar heat of solution of thallium in tin at in- 
finite dilution. This is to be compared with a value of 
+960 cal per g-atom found in the present investiga- 
tion. Using the value for the partial molar free en- 
ergy determined by Vierk at 462°C, and the enthalpy 
value determined in the present investigation, the 
excess partial molar entropy at infinite dilution and 
462°C is — 0.52 cal per °K-g-atom. 

General. It is of interest to consider how far 
statistical models help in interpreting the composi- 
tion dependence of the heat of solution. In either the 
Bragg- Williams or first-order approximation of the 
quasi-chemical theory, the value of HMo, the partial 
molar heat of solution of component 1 at infinite 
dilution, determines completely the variation of 
HM, the partial molar heat of solution, with composi- 
tion.*° Specifically, for the Bragg- Williams approxi- 
mation 


HM = (1— HMo 


[1] 
In deriving this equation the bond energies £,, and 
E22 between atoms in the pure components are as- 
sumed to remain unchanged on solution. When a 
curve of partial molar heat of solution vs concen- 
tration is drawn for aluminum based on the above 
equation, the observed points deviate from it by 
amounts in excess of the experimental error. 

Oriani and Murphy” have modified the Bragg- 
Williams theory by assuming that the bond energy 
of the solute £,; is not the same in the solution as 
in the pure component. On this basis they have ob- 
tained satisfactory agreement between experiment- 
ally observed and calculated curves of partial molar 
heat of solution vs composition of Group IB ele- 
ments in tin. The modification suggested by Oriani 
and Murphy leads to the following relation for dilute 
solution of component 1 in component 2: 


HM = + Z/2AE\, [2] 
where 
(En + E22) 


AE,, is the change in 1-1 bond energy in going 
from the pure component 1 to the solution of compo- 
sition x,; and Zis the coordination number of the 
solvent. From the values of dHM@o/dx:, H™ and the 
coordination number, values of W and AE), may be 
calculated by Eq. [2]. If the coordination number of 
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liquid tin is assumed to be 11.0, the calculation 
yields values of +489 cal per g-atom for W and 
— 354 cal per g-atom for 4A. These give a rela- 
tion between 4,“ and composition which coincides 
with the experimental results over the composition 
range investigated. 

There is a simple qualitative correlation between 


the partial molar heats of solution at infinite dilution 


of the Group III elements in tin and their phase dia- 
grams with tin. Aluminum, gallium, and thallium, 
which have positive heats of solution, suggesting 
clustering in the liquid solution, have Simple eutec- 
tic phase diagrams without intermediate phases and 
with low solid solubilities in tin. Indium, on the 
other hand, which has a negative heat of solution at 
infinite dilution, suggesting short-range order, 
forms two intermediate phases with tin. These ob- 
servations suggest that an exothermic heat of solu- 
tion tends to be associated with systems in which 


intermediate phases occur in the solid state. For tin 


as a Solvent, results obtained in this laboratory 
have shown exothermic heats of solution for gold, 
nickel, magnesium, and tellurium, all of which form 
intermediate phases with tin.’’**’* A brief survey 
of published information® has failed to show excep- 
tions to the tendency stated above, provided long- 
range and short-range order in systems with com- 
plete solid solubilities are considered as equivalent 
to intermediate phases. An endothermic heat of so- 
lution may occur in systems in which intermediate 
phases are formed so that the converse of the above 
tendency does not hold. 

Various properties have been suggested in the 
literature as being related to the heats of solution in 
liquid metallic systems. The difference in the first 
ionization potentials of the solvent and solute ele- 
ments has been mentioned in this connection. No 
correlation, however, was found for Group III ele- 
ments in tin between their heats of solution and their 
first ionization potential differences. Similarly, the 


difference in electronegativities of solvent and solute 


in the systems investigated here showed no correla- 
tion with the heats of solution. Oriani has argued’? 
that an atom size effect persists in liquid solutions 
and is related to the heats of solution. It is interest- 
ing to note that indium, which has an atomic size 
closest to that of tin, also has the smallest heat of 
solution of the elements investigated. Aluminum, 
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gallium, and thallium have larger size differences 
and larger heats of solutions, but in going from 
gallium to aluminum, the heat of solution increases 
greatly while the size difference decreases. 


SUMMARY AND CONCLUSIONS 


1) The partial molar heats of solution in liquid 
tin of aluminum at 300° and 350°C and of gallium, 
indium, and thallium at 240°, 300°, and 350°C have 
been measured. 

2) Aluminum, gallium, and thallium are endo- 
thermic on solution in tin, while indium is exo- 
thermic. 

3) No temperature dependence of the heats of so- 
lution was observed within the estimated limits of 
error. 

4) Of the elements investigated, only aluminum 
has a partial molar heat of solution which changes 
appreciably with composition in dilute solution. 
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Identification of Intermediate Phases in the 


Manganese-Titanium System 
R. M. Waterstrat 


X-ray diffraction and metallographic examina- 
tion of binary Mn-rich alloys with Ti revealed the 


_ presence of intermediate phases in this system, 


A binary R phase has been identified and also a 
phase having an a-Mn type structure. The X-ray 


pattern of the phase TiMn, is presented and a 


tentative phase diagram for the Mn-rich portion 
of this binary system has been constructed. 


Mancangse-rich alioys with titanium have been 
subjected to thermal analysis at temperatures down 
to 1100°C by Hellawell and Hume-Rothery.! Their 
results indicate the existence of an intermediate 
phase TiMn, in this binary system. This phase ap- 
pears to coexist with the Laves phase TiMn,, and 
with terminal solid solutions based on the allotropes 
of manganese, at least down to 1100°C. The above 
investigators did not attempt to determine the crys- 
tal structure of this phase, however. 

Since, by analogy to the binary systems Mn-V and 
Mn-Cr, one might expect to find a o phase in this 
region of the diagram, it seemed desirable to obtain 
X-ray diffraction patterns of alloys in the concen- 
tration range in question, in order to ascertain 
whether the sigma phase or related structures occur. 


EXPERIMENTAL PROCEDURES 


Alloys were prepared by arc-melting electrolytic 
manganese and iodide titanium in a water-cooled 
copper crucible under a helium atmosphere. Ex- 
cess manganese was added to each melt in order to 
allow for losses incurred during melting. The alloys 
were then wrapped in molybdenum foil and sealed in 
evacuated quartz tubes for annealing at various tem- 
peratures, as shown in Table I, followed by quench- 
ing in cold water. Although the inside of the tubes 
showed evidence for some loss of manganese from 
the specimen during annealing, there was no evi- 
dence of any reaction between the specimen and 
either the molybdenum foil or the quartz tube at 
these temperatures. It was later found that the man- 
ganese loss was considerably reduced by annealing 
these alloys in sealed quartz tubes containing one 
atmosphere of purified argon. As an added precau- 
tion the surface of each specimen was ground off 
before crushing the alloys to —-270 mesh powder, 
using a hardened steel mortar and pestle. X-ray 
powder patterns were obtained using either FeKa 
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or CrKa radiation in an asymmetrical focusing 
camera, which gave excellent dispersion of the 
closely spaced lines. Pictures were also obtained 
using a Debye camera of 5-cm radius which pro- 
vided data in the angular region not covered by the 
focusing camera. The alloy specimens were polished 
and examined metallographically, using an etchant 
consisting of 60 pct glycerine, 20 pct nitric acid, 
and 20 pct hydrofluoric acid. The 10-g buttons were 
in each case broken in half and found to be well- 
melted and free of any gross segregation. One half 
of certain alloy buttons was submitted to chemical 
analysis in the ‘‘as-cast’’ condition. No appreciable 
change in composition seemed to occur during an- 
nealing. 


RESULTS 


The X-ray pattern of alloy Tiy,,,Mnp),,, was found 
to agree well with that of the ternary R phase which 
was first found in the Mo-Cr-Co system,’ and re- 


1350 
1250 
1200 ya 
2G 
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1050 
10 30 40 
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Fig. 1—Tentative partial phase diagram of the Ti-Mn sys- 
tem. 
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Table |, Ti-Mn Alloys Used in the Present Study 


Composition, At. Pct Condition X-Ray Pattern Microstructure 
As-cast a Mn 
Ma 210 per 1145° C~3 hr Mn Single phase, @ Mn 
As-cast & Mn + R phase 
86.6 pct Mn 13.4 pct Ti 1050° C—6 days & Mn + R phase % Mn (60 pct) + R phase (40 pct) 
700° C—10 weeks % Mn + R phase 3 phases 
As-cast R phase 
1150° C —3 days R phase R phase + second phase (2 pct) 
*82.80 pct Mn 16.92 pct Ti 1050° C—6 days R phase R phase + second phase (2 pct) 
1000° C—10 days R phase 
700° C—10 weeks % Mn + R phase 3 phases 
; As-cast R phase + Laves phase 
SPC hoe MiPeorpersT! 1050° C —6 days R phase + TiMn, R phase + second phase (15 pct) 
79.0 pct Mn 21.0 pct Ti 1125°C—3)days TiMn, + R phase R phase (50 pct) + TiMn, (50 pct) 
: 1125° C-—3 days TiMn, + R phase TiMn, + second phase (10 pct) 
Maw Ti 700° C —10 weeks Laves phase + R phase + Mn 3 phases 
4 As-cast Laves phase + R phase 
* 
Preis pet Mn 23.95 pct Tt 1150° C—3 days TiMn, phase TiMn, phase + second phase (<5 pct) 
71.6 pct Mn 28.4 pct Ti 


1060° C —6 days 


Laves phase + trace TiMn, 


Laves phase + second phase (10 pct) 


Compositions are intended, except those marked * which are the result of chemical analysis. 


cently also in other ternary systems.? The complex 
crystal structure of the R phase has recently been 
determined by Komura, Sly, and Shoemaker‘ using 
data from single crystals of a Mo-Cr-Co alloy. The 
crystal structure which they reported is rhombo- 
hedral with 53 atoms per unit cell. They have in- 
dexed the powder pattern of this alloy on the basis 
of a hexagonal cell with cell constants a = 10.9034, 

c = 19.342A, c/a = 1.774. It was found that the X-ray 
pattern of alloy Tip, ,,Mnj,,, can be completely in- 
dexed by assuming a slightly larger hexagonal cell 
of this type, a = 11.003A, c = 19.446A, c/a = 1.767. 
The relative intensities of all lines are in reasonably 
good agreement with those calculated for the Mo- 
Cr-Co R phase by Komura, Sly, and Shoemaker. 
These results are shown in Table II. The (Ti,Mn) 

R phase is the first binary phase known to have this 
structure, 

Metallographic and X-ray examination of the var- 
ious alloys show that the R-phase apparently coex- 
ists with the TiMn, phase and with a phase posses- 
sing 7Q-Mn structure. Alloy although 
consisting primarily of the R phase, may also con- 
tain a very small amount of this a-Mn type phase 
Since the X-ray pattern of this alloy shows a weak 
line which would correspond to the strongest line of 
either a-Mn or B-Mn. A comparison of the relative 
positions of the R phase lines in alloys Tig..)Mno., 
and Tio,,; Shows a small difference, indicating 
that the R phase occurs over a finite composition 
range in this system. 

Alloy Mng,7, annealed at 1150°C contains 
primarily the TiMn, phase, since less than 5 pct of 
a second phase was revealed by metallographic 
examination. The X-ray pattern of this alloy is 
therefore probably that of the TiMn, phase. This 
pattern, given in Table III, shows a distinct similar- 
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ity to the powder pattern of the phase 5(Mo,Ni) first 
reported by Ellinger.* Shoemaker, Fox, and Shoe- 
maker® have obtained X-ray data from a single crys- 
tal of the 6 phase and indexed the powder pattern on 
the basis of a tetragonal unit cell. They found some 
evidence however that the structure may be actually 
orthorhombic, although no deviation was observable 
in the axial lengths. The pattern of the TiMn, phase 
could not be completely indexed on the basis of the 
proposed tetragonal cell. It may therefore be either 
a different structure or perhaps an orthorhombic 
unit cell would be suitable for both structures. 

The TiMn, phase apparently coexists with the R 
phase and with the Laves phase. The manganese- 
rich boundary of the Laves phase could be inferred 
from a measurement of the lattice parameters of 
this phase in alloy Tig 5. Mno,7.2, together with the 
lattice parameters vs composition relationships ob- 
tained by Das and Beck.” The boundary was by this 
means established at approximately 30 + 1 at, DC ae 

Alloys Tig; Mno.g7 and Tip.17Mno were annealed 
at 700°C for 10 weeks and both alloys were subse- 
quently found to contain considerably greater amounts 
of the @-Mn phase than were present after annealing 
at 1000°C to 1150°C. Alloy Tig.2: Mny.7, when given 
an identical heat treatment, contained appreciable 
quantities of the Laves phase TiMn,, as well as the 
a-Mn type phase after annealing. It seems possible, 
therefore, that neither the R phase nor TiMn, is 
Stable at 700°C, and that the a-Mn phase and the 
Laves phase would co-exist under equilibrium con- 
ditions. 


DISCUSSION 

It is noteworthy that alloys Tig .o5 Mno.9; and 
Tig.13 Mng.g7 contain an @-Mn type phase, even when 
quenched from 1145°C. Apparently titanium strongly 
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Table Il. Powder Pattern of TiMn R Phase FeK®@ Radiation 


Calculated Intensity Values from Ref. 4 


Table III. X-Ray Diffraction Pattern of TiMn3, FeK& Radiation 


Tine sin’ 0 Intensity 
No. hkl Obs. Calc. Obs. Calc, ** 
1 223 0.1479 0.1463 a 6 
401 0.1678 2 
2 018 0.1684 0.1691 wet ag 
134 0.1740 ll 
3 042 0.1745 0.1752 weet 
4 306 0.1821 0.1823 7 7 
5 217 0.1946 0.1939 2 78 
6 315 0.1963 0.1963 ; 84 
208 0.2001 4 
{ 404 0.2050 ww 
8 232 0.2067 0.2062 
9 226 0.2117 0.2133 va 2 
10 410 0.2174 0.2169 3 62 
u 045 0.2274 0.2273 aS 46 
128 0.2311 51 
12 119 0.2324 0.2320 s { 34 
13 324 0.2367 0.2360 A 37 
14 413 0.2401 0.2393 i 29 
137 0.2559 9 
235 0.2583 B 
15 1,0,10 0.2574 0.2584 ms 15 
051 0.2607 3 
16 502 0.2691 0.2682 nw 10 
0,2,10 2.2894 1 
17 241 0.2924 0.2917 2 
309 0.2939 16 
18 416 0.3070 0.3063 a 9 
505 0.3203 b 
2,0,11 0.3415 
526 0.4922 
0114 0.4966 
22 701 0.5073 0.5087 
704 0.5459 9 
a 262 0.5464 0.5471 w { 5 
0,0,15 0.5582 6 
24 1.214 0.5592 0.5586 m { 48 
25 535 0.5677 0.5682 ay 20 
609 0.5728 15 
{ari 0.5741 0.5742 mw 
710 0.5888 3 
28 265 0.5988 0.5992 oa 13 
618 0.6030 2 
29 529 0.6038 0.6038 mv { 99 
713 0.6111 24 
30 3,2,13 0.6145 { mw 
707 0.6277 2 
31 {43,10 0.6319 | 0.6303 wv? 7 
541 0.6326 8 
081 0.6636 
33 0.6682 5 
628 0.6959 
34 1 449 0.6963 0.6968 mw 


*This very weak reflection could also be due to the presence of a small 
amount of an o.-manganese or a B-manganese phase. In both cases the line is 
by far the strongest reflection observed in these patterns. It could be either 


the (330,411) for an Q-Mn structure or (300,221) for a 8-Mn structure. 
very broad line. 


broadened line; 
**Intensity values not given in table were omitted in Ref. 4. 


stabilizes the @-Mn terminal solid solution. It may 
be significant in this connection that @ Mn is the 
only one of the four allotropic forms of Mn which 
contains interatomic distances commensurate with 
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Line Interplanar Spacing Relative 
No. in A Intensities 
1 2.390 Ww 
2 2.369 m 
3 vs 
4 2.203 vv w 
5 2.176 w 
6 2.142 m 
if 2.092 vvw 
8 2.077 m 
9 2.049 ms 
10 2.038 mw 
11 2.023 m 
12 2.008 ms 
13 1.976 m 
14 1.955 mw 
15 1.935 vw 
16 1.896 mw 
17 1.840 w 
18 1.783 mw 
19 1.348 mw 
20 1.339 m 
21 w 
22 Si m 
23 1.300 mw 
24 1.284 Ww 
25 1.260 ms 
26 1.251 m 
27 1.238 mw 
28 1.229 w 
29 L203 w 
30 12205 mw 
31 1.191 m 
32 ipa tals} ms 
33 1.059 
34 1.044 vw? 
35 1.035 w> 
36 1.027 
37 1.019 vw? 


bindicates a broadened reflection 


vs — very strong mw — medium weak 


s — strong w — weak 
ms — medium strong vw — very weak 
m — medium vvw — very very weak 


the Goldschmidt diameter of titanium. Kasper® has 
reported that in the y-phase of the Mo-Cr-Fe sys- 
tem, which also possesses an @-Mn type structure, 
the Mo atoms occupy primarily the crystallographic 
positions involving the larger interatomic distances, 
and surrounded by 16-fold coordination polyhedra. 
It would seem likely that the large Ti atoms would 
Similarly prefer these positions when added toa-Mn. 
Even if such an ordering occurs, however, it would 
be difficult to detect it with either X-ray or neutron 
diffraction techniques, since the difference between 
the respective scattering factors of Mn and Ti is 
small. This difficulty could be somewhat reduced if 
vanadium K@ radiation were used, since the anoma- 
lous scattering of titanium would, in this case, be 
advantageous. 

The crystal structure of the R phase, as well as. 
the structures of the Laves and @-Mn type phases, 
contain crystallographic positions with the same 16- 
fold coordination polyhedra, and it has been shown 
in other alloys*’®»** that in each case the larger 
atoms occupy these positions. It seems likely, there- 
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fore, that Ti atoms will be located there in each 
phase in the Ti-Mn system. 

It is an interesting fact that the Zr-Re system, 
which involves second and third long-period transi- 
tion elements from the same columns of the periodic 
table as Ti and Mn, also has an a@-Mn type as wellas 
a Laves-type phase.° However, in the Zr-Re system 
tha @-Mn and Laves phases apparently coexist, while 
in the Ti-Mn system they are separated by the R 
phase and the TiMn, phase, at least at high tempera- 
tures, 

An @-Mn type ternary phase has been recently re- 
ported in the system Ti-Cr-Fe.!° This phase is ap- 
parently isomorphous with the ternary y phase of 
the Mo-Cr-Fe system, with Ti atoms replacing the 
Mo atoms in the positions possessing 16-fold coordi- 
nation. The y phase contains a greater percentage 
of Ti than that soluble in the @-Mn terminal solid 
solution. It is notable, however, that Fe and Cr, 
which are located next to Mn on either side of it in 
the periodic table, may together substitute for Mn 
in stabilizing this structure. The (Ti, Cr, Fe) x phase 
is reported to decompose below 1000°C to form a 
Laves phase. 

Fig. 1 shows a tentative phase diagram for the 
Mn-rich portion of the Mn-Ti binary system, based 
on the present results and on the work by Hellawell 
and Hume-Rothery.’ The phase diagram given by 
Hellawell and Hume-Rothery? is based primarily 
upon thermal analysis, and apparently only to a very 
minor extent on microscopic or X-ray diffraction 
study. This may explain why the presence of the a- 
Mn phase and of the R phase was not noted. In par- 
ticular, the marked change in the form of the ar- 
rests, which Hellawell and Hume-Rothery inter- 
preted as an indication of a peritectoid decomposi- 
tion of the 8-Mn phase at 1148°C, could possibly 
also include an effect due to the peritectoid decom- 
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position on heating of the @-Mn phase at a slightly 
higher temperature, as shown in Fig. 1. The indi- 
cated formation of the R phase and the TiMn, phase 
by peritectic reactions on cooling at 1230° and 
1250°C, respectively, is compatible with most of 
the thermal analysis data. There are, nevertheless, 
a few arrest points which cannot be explained by 
Fig. 1, such as their point at 1200°C for 22.0 pct Ti 
or at 1230°C for 25.3 pet Ti and for 29.7 pct Ti. 
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Isothermal recrystallization and grain growth in 
zone- and vacuum-melted irons and Fe-Mn alloys, 
up to 0.60 pct Mn, were studied in the range 480° to 
650° C, after 60 pct cold reduction. In initial stages, 
vate of gvain growth and rate of recrystallization of 
ivon decrease with time. The recrystallization is 
typical of a growth-controlled process, and rate of 
growth is determined by the extent of recovery. 

Mn decreases rates of growth and of recrystalliza- 
tion. The recrystallization process changes at about 
0.30 pct Mn and nucleation may become time- 
dependent. 


In recent years, considerable effort has been ex- 
pended in determining the effects of solute elements 
on recrystallization and boundary migration in fcc 
metals. The results have indicated that the effects 
produced by single solute additions are dependent 
upon both the element added and its concentration.*® 
In contrast, there have been very few attempts to de- 
termine the characteristics of recrystallization and 
boundary migration in high-purity bcc metals, espe- 
cially after heavy deformation, and the effects there- 
on of single solute elements.°~'! This study was un- 
dertaken to determine the recrystallization charac- 
teristics of various “high-purity” irons and the ef- 
fects of manganese additions at two levels of base 
purity. It was hoped that the information obtained 
would improve our understanding of the recrystalli- 
zation of pure metals and aid in formulating a theory 
for the effect of solute elements. The interest was 
not entirely academic, for the annealing of low-car- 
bon steels, which is of very great commercial im- 
portance, is but poorly understood. 


MATERIALS 


The compositions of the irons and iron-manganese 
alloys used are listed in Table I. 


The zone-melted iron and Fe-Mn alloys were made 


by Battelle Memorial Institute. Iron S-1 was arc- 
melted in a water-cooled steel mold in an argon at- 
mosphere. The ingot was forged into a bar, then 
given two horizontal zone-refining passes in an alu- 


mina boat. Iron V-4 was treated in a similar manner, 


but was not zone-refined. The iron for the zone- 
melted Fe-Mn alloys was induction melted in vacuum 
in MgO crucibles and cast into alumina molds. The 
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Fig. 1—Isothermal recrystallization of zone-melted iron 
S-1 (0.0001 pet Mn). 


ingots were forged into bars, machined to shape, and 
a groove milled down one side of each. The best 
available electrolytic Mn was placed in the grooves, 
and the bars were zone melted. 

The vacuum-melted Fe-Mn alloys were induction 
melted in this Laboratory in MgO crucibles and 
poured into cast-iron molds. 

Iron V-5 was purchased from National Research 
Corp. in the form of a small vacuum-cast ingot. 

The low-carbon steel was made by induction melting 
in air at the U.S. Steel Corp. Applied Research Labo- 
ratory. 

The history of the materials prior to the final cold 
reduction differed; these details are given in the Ap- 
pendix. The penultimate grain size of the principal 
materials was kept in the range ASTM 2 to 4, except 
for the low-carbon steel. 


PROCEDURES 


The cold work prior to the final recrystallization 
anneal was kept constant at 60 pct. It is known that 
rolling procedure can influence the kinetics of re- 
crystallization of iron’’; therefore, all specimens 
were rolled in one direction only, between clean, 
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Fig. 2—Isothermal recrystallization of vacuum-melted 
iron (0.0004 pet Mn) V4. 
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Table I. Composit 


ion of Materials 


Zone Melted 


Vacuum Melted 


Low- 
S-5 S-6 S-8 v-4 v-2 V-3 v-1 V-5 Carbon 
Iron 0.02 Mn 0.31 Mn 0.60 Mn Iron 0.025 Mn 0.15 Mn 0.35 Mn Tron Steel 
G <0.001 0.003 0.001 0.001 0.005 0.0008 0.0009 0.0013 0.002 0.06 
Pp 0.0004 <0.0005 0.0005 0.0005 0.0007 0.0003 0.0002 0.0002 0.004 0.007 
S 0.0007 0.0039 0.0003 <0.0005 <0.001 0.004 0.005 0.005 0.006 0.013 
Mn 0.0001 0.02 0.31 0.60 0.0004 0.025 0.15 0.35 <0.01 0.52 
Si 0.002 0.001 0.001 0.001 0.001 0.018 0.013 0.014 0.033 0.005 
O 0.0026 0.0047 0.0013 0.0002 0.0016 0.009 0.015 0.009 0.0057 — 
N <0.0002 0.0004 0.0004 <0.0001 0.0003 0.0007 0.0011 0.0012 0.0013 0.005 
Cu 0.0002 0.005 0.0002 0.0002 0.0008 0.006 0.01 
Ni 0.001 0.0015 0.0012 0.0012 0.002 0.026 0.025 0.029 0.006 = 
Gr 0.00007 0.0002 0.0005 0.0005 0.001 0.006 0.006 0.008 0.002 = 
Mo 0.0002 <0.0005 <0.0005 <0.0005 0.001 0.008 0.007 0.010 0.003 = 
Al 0.0015 0.0015 0.0015 0.0015 0.002 0.025 0.022 0.004 0.001 0.005 
Co 0.003 0.0025 0.0001 0.0001 0.004 0.008 0.009 0.006 0.005 
Sb <0.001 <0.0005 <0.0005 <0.0005 <0.001 <0.01 
As <0.001 <0.001 <0.001 <0.001 <0.001 
Be <0.0005 <0.0001 0.00002 0.00002 <0.0005 
B <0.0005 0.0005 0.0005 <0.0005 0.0005 
Ca <0.001 <0.001 <0.001 <0.001 0.0001 
Cd <0.005 <0.0005 <0.0005 <0.0005 <0.005 
Ga <0.005 <0.0005 
Pb 0.0001 <0.0001 <0.0001 <0.0001 0.0001 <0.0005 
Mg 0.00005 0.0001 0.0005 0.0005 0.0002 
Sn <0.005 0.0005 <0.0005 <0.0005 0.0005 <0.001 
Ti <0.0001 <0.0001 <0.00005 <0.00005 <0.001 
W <0.0001 <0.001 <0.001 <0.001 <0.001 <0.01 
Vv <0.001 <0.0001 <0.0001 <0.0001 0.0002 <0.002 
Zn <0.001 <0.001 <0.001 <0.001 <0.01 
Zr <0.0001 <0.0001 <0.00005 <0.00005 <0.005 


dry rolls, without reversal. The reduction from 
0.180 to 0.072 in. was made in 18 passes, of 0.006 in. 
per pass. The strip was degreased before and after 
rolling. Smaller pieces, about 1/2 by 1/2 in. were 
cut from the strip, using an abrasive cut-off wheel 
with a copious quantity of cutting fluid. The burred 
edges were removed by fine abrasive paper, used 
wet. All the materials used in this investigation 
strain-aged at room temperature after rolling. There- 
fore, the annealing was begun as soon as possible 
after cold rolling, and never later than the following 
day. 

Before recrystallization, the specimens were 
plated with copper, then nickel, to minimize oxida- 
tion. The isothermal recrystallization treatments 
in the range 480 to 650°C were carried out in lead- 
bismuth baths, controlled to + 3°C. After annealing, 
the specimens were mounted and a longitudinal sec- 
tion was polished and etched. For the zone-melted 
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Fig. 3—Isothermal recrystallization of vacuum-melted 
iron V5. 
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materials, and for the vacuum-melted Fe-Mn alloys, 
the volume fraction recrystallized was determined 

by point counting, using a hundred-square grid at 

50 or 100 diam magnification. The intersections fal- 
ling on recrystallized grains were counted. At least 
three determinations were made on each specimen, 
with random orientation and location of the grid, and 
the average of the three was reported. Point count- 
ing in this manner has been found to be the most ef- 
ficient method of volume fraction analysis.!? For the 
Battelle and NRC vacuum-melted irons and for the 
commercial steel, three independent visual estimates 
of fraction recrystallized were made by three observ- 
ers, then averaged. When compared with point-count- 
ing, this seemingly crude method produced very sim- 
ilar results. Four or five diamond pyramid hardness 
measurements (Vickers, 10-kg load) were made on 
each polished and etched section. 
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Fig. 4—Isothermal recrystallization of low-carbon steel. 
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Fig. 5—Isothermal recrystallization of zone-—melted 0.02 
pet Mn alloy ($5). 


To determine rates of grain growth, the length and 
width of the largest recrystallized grain on each pol- 
ished and etched section, up to 30 pct recrystalliza- 
tion, were measured using a microscope with a mi- 
crometer stage. These maximum grain dimensions 
were plotted versus time, and instantaneous growth 
rates were obtained from the slopes of the curves. 

It should be noted that rates so determined were 
maxima. Grains with less favorable orientation re- 
lations with the matrix would grow more slowly. 


RESULTS 


I) Isothermal Kinetics. a) Jvon. The recrystalli- 
zation of the three irons is shown in Figs. 1, 2, and 
3. Rather surprisingly, the vacuum-melted iron V-4 
recrystallized slightly more rapidly at 595°C than 
did the zone-melted iron of higher purity, but both 
recrystallized much more rapidly than did the vac- 
uum-melted iron V-5. Recrystallization of the last 
was not complete even after 136 hr at 650°C. The 
sluggish behavior of iron V-5, is quite common in 
“high-purity” irons and it cannot be attributed to 
any Obvious difference in microstructure or compo- 
sition. The most likely cause is the presence of an 
unidentified trace element which interacts very 
strongly with boundaries or sub-boundaries. Com- 
pletion of recrystallization in all three of these irons 
required longer periods than did the low-carbon 
steel, Fig. 4. The more rapid completion of recrys- 
tallization of the steel can be attributed to 
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Fig. 6—Isothermal recrystallization of zone-melted 0.31 
pet Mn alloy (S6). 
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Fig. 7—Isothermal recrystallization of zone-melted 0.60 
pet Mn alloy (S8). 


1) Smaller penultimate grain size. 

2) The presence of comparatively large, hard sec- 
ond-phase particles (Fe,C, inclusions) during rolling. 

3) Lesser effect of recovery. 

An increase in the number of grain boundaries and 

of hard, dispersed particles can raise the rate of 
recrystallization by increasing the number of sites at 
which growth of recrystallized grains can begin.'47!® 
These effects can outweigh any decrease in rate of 
recrystallization because of larger amounts of solutes 
in the commercial steel. The effect of recovery will 
be discussed later. 

It is obvious from the kinetics of recrystallization 
of these irons that uncontrolled impurity effects are 
present. To eliminate or minimize such effects in 
iron, very careful floating zone refining is essential. 
Besnard’’ found that iron so treated recrystallized 
completely in 1/2 hr at 300°C after cold rolling 95 pct. 
The zone-melted iron employed in this investigation 
(S-1) showed no recrystallization at all under these 
conditions, but did exhibit considerable recovery (30 
pet softening after 30 min at 300°C). 

b) Irvon-Manganese. Isothermal recrystallization 
curves for the zone-melted and vacuum-melted Fe- 
Mn alloys are presented in Figs. 5 through 10. It is 
interesting to note that at the same Mn content, re- 
crystallization is more rapid in the vacuum-melted 
than in the zone-melted alloys, despite the higher 
purity of the latter. It was considered that this un- 
expected observation could be explained by the high- 
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Fig. 8—Isothermal recrystallization of vacuum-melted 
0.025 pet Mn alloy (V2). 
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Fig. 9—Isothermal recrystallization of vacuum-melted 
0.15 pet Mn alloy (V3). 


er oxygen content and inclusion count of the vacuum- 
melted alloys (Table I, Fig. 11), which might provide 
more sites for growth of recrystallized grains. How- 
ever, the grain size after recrystallization was the 
Same in both sets, Fig. 11, and, as will be discussed 
later, it was found that the rates of grain growth in 
the vacuum-melted were greater than in the zone- 
melted alloys. This could explain the difference in 
over-all recrystallization rates. Differences in de- 
gree and kinetics of recovery between the two groups 
of alloys might have caused the observed differences 
in growth. If more recovery occurred in the zone- 
melted than in the vacuum- melted alloys, the driving 
force for growth, and hence the rate, could have been 
reduced to below that of the vacuum-melted alloys. 

Although it is a convenient and almost universal 
practice, the use of pct recrystallized vs log time 
plots can effectively conceal significant information.}® 
In Fig. 12, in which pct recrystallized is plotted vs 
time on a linear scale, it is evident that for the zone- 
melted iron (S-1) and 0.02 pct Mn alloy (S-5), the 
rate of recrystallization, in the early stages, de- 
creased with time. It is equally evident that for the 
0.31 and 0.60 pct Mn alloys the rate increased with 
time. This behavior of these two alloys was uniform 
over the temperature range employed. Such a de- 
creasing rate is not apparent in the usual pet recrys- 
tallized vs log time plots. 

II) Relation Between Hardness and Recrystalliza- 
tion. Changes in hardness during annealing were 
quite erratic, and not related in a simple manner to 
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Fig. 10—Isothermal recrystallization of vacuum-melted 
0.35 pet Mn alloy (V1). 
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Fig. 11— Microstructures of Fe and Fe-Mn alloys after 
60 pet cold reduction and complete recrystallization at 
540°C. X100 nital etch. Enlarged approximately 4 pet 
for reproduction. 
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Fig. 12—Recrystallization of Fe and Fe-Mn alloys ona 
linear time scale. 
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Fig. 13—The softening of three iron alloys recrystallized 
at 595°C. 


100 


the amount of recrystallization. A considerable 
amount of recovery occurred in all of the materials 
used, except the low-carbon steel. It is obvious that 
the process of recrystallization in iron, in contrast 
to copper!”?° cannot be followed by means of hard- 
ness measurements, unless some means of separat- 
ing hardness changes due to recovery from those 
due to recrystallization can be devised. 

As shown in Fig. 13, a nearly linear relationship 
was found between the volume fraction recrystallized 
and the fraction softening of the low-carbon steel, 
z.€., recovery processes were unimportant in anneal- 


ing. For the vacuum-melted-0.025 pct Mn alloy nearly 


all of the softening occurred before the alloy was 20 
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Fig. 14—The effect of manganese on the softening of zone- 
melted iron. 
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Fig. 15—Temperature dependence of recrystallization 

(50 pet). 

pet recrystallized. Recovery was much more impor- 
tant in softening than was recrystallization. The be- 
havior of the vacuum-melted-0.35 pct Mn alloy was 
intermediate. The last instance was exceptional in 
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Fig. 16—Rates of grain growth in Fe and Fe-Mn alloys at 
540°C - width dimension. 
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Fig. 17—Temperature dependence of grain growth at 5 pet 
recrystallization, 

that less recovery occurred than in the other Fe-Mn 
alloys. The more common finding is shown in Fig. 
14. The effect of manganese on recovery is slight, 
at least in the temperature ranges studied. Softening 
in the Fe-Mn alloys continues until recrystallization 
is complete, whereas in the zone-melted iron, very 
little softening occurs after recrystallization is 50 
pct complete. 
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Fig, 18—The effect of manganese on rate of grain growth 
at 540°C - width dimension. 
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Fig. 19—Time dependence of rate of grain growth in zone- 
melted iron at 480°C, 


III) Temperature Dependence of Recrystallization. 
The times required for 5, 30, and 50 pct recrystalli- 
zation were obtained from the isothermal plots. When 
log 1/t was plotted vs 10°/T, as shown in Fig. 15, . 
straight lines were obtained Only occasionally. The 
temperature dependence of rate of recrystallization 
of iron and Fe-Mn alloys, under the experimental 
conditions employed, was a function of temperature. 
In general, the rate of recrystallization did not fol- 
low the relation 


Rate = = Ae~2/RT 


and no unique value can be asSigned to Q, the “activa- 
tion energy” for recrystallization. Depending upon 
the temperature range selected, the “activation ener- 
gy” for recrystallization of zone-melted iron could 
vary between 30 and 88 kcal per mole. Previous 
workers™)!® have drawn straight line log 1/t vs 
10°/T plots, but this appears to be an Oversimplifica- 
tion. 

The addition of Mn to both the vacuum-melted and 
the zone-melted irons caused a change in the shape 
of the log 1/t vs 103/T plots. The curves for the irons 
were concave downward. As the Mn content was in- 
creased, the curves approached straight lines. Addi- 
tional Mn caused the curves to become concave up- 
ward. Stated in another way, the rates of recrystalli- 
zation of all the alloys tended to become Similar at 
650° and 480°C. The differences in rate were greater 
at the intermediate temperatures, 595° and 540°C. 
The “activation energy” for recrystallization de- 
creased with increasing temperature in iron and Fe- 
low Mn alloys, and increased with increasing temper- 
ature in the higher Mn alloys. 

The effect of Mn, in the range investigated, on the 
kinetics of recrystallization of iron was slight in com- 
parison with the effect of unspecified trace elements. 
This can be noted in Fig. 15, by comparing the curves 
for the zone-melted iron, S-1, and the vacuum- melted 
iron, V-5. The zone-melted iron recrystallized 
about 3000 times faster at 540°C. 

The careful work of Vandermeer and Gordon?! 
has demonstrated that Avrami’s?2 equation 
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X=1 exp (-Bi”) 
where 


X = fraction recrystallized 
t = time 
B,n = constants 


describes the kinetics of isothermal recrystallization 
in an Al-0.008 pct Cu alloy. The rate of growth of 
recrystallized grains did not vary with time, and 

the constant, 7, was found to be 2. Microstructural 
examinations showed that recrystallized grains be- 
gan to grow at essentially zero time at edges of 
cold-worked grains, no additional nucleation occur - 
red, and that growth was two-dimensional, thus con- 
firming Cahn’s prediction?* of the characteristics 

of site-saturated, edge-nucleated reactions. Thus, 

if growth rates and “nucleation rates” do not vary 
with time and if only one type of nucleation site is 
operative, Avrami’s equation can be used to deter - 
mine the dimensionality of growth of recrystallized 
grains. If m = 1, the growth is one-dimensional (wire- 
like); if m = 2, the growth is two-dimensional, and if 
n = 3, growth is three-dimensional. Very clean met- 
als or alloys are essential to reduce the possible 
types of nucleation sites to a minimum. 

The data obtained from recrystallization at 540°C 
of the zone-melted and vacuum-melted alloys were 
used in plots of-log In 1/1 -— X vs log time. If the con- 
ditions for applicability of Avrami’s equation are ful- 
filled, such plots should produce straight lines, of 
slopes equal to , but no such linear relationships 
were found. Despite this, the best fit of a straight 
line to the plotted data was used to obtain values of 7. 
These values ranged from 0.71 to 2.00. The range 
was greater in the cleaner, zone-melted alloys than 
in the vacuum-melted materials. Similar results 
were obtained at other annealing temperatures. As 
will be shown later, the requirement of time-indepen- 
dent growth rates was not fulfilled, and no valid con- 
clusions can be obtained from such plots. The results 
are similar to those obtained for iron by Michalak 
and Hibbard.’” 

IV) Rates of Grain Growth. The rates of grain 
growth could be measured in the width direction with 
greater certainty than in the length direction. For 
this reason, to conserve space, and because of sim- 
ilarities, only data for the width direction are pre- 
sented. 

As shown in Fig. 16, rates of grain growth ata 
given temperature were not constant, but decreased 
with time. This characteristic was common to all 
the compositions employed. It has also been observed 
in iron reduced 97 pct by straight or cross rolling.” 

The kinetics of grain growth noted are similar to 
the kinetics of recovery, for the rate was highest 
initially, then decreased with continued growth. This 
change in rate of growth with time indicates that the 
driving force for growth may be changing. Since all 
the alloys showed this characteristic, regardless of 
purity, it is unlikely that the retardation of growth 
is due to finely dispersed inclusions. The probable 
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cause is a decrease in the residual strain energy 

per unit volume of the deformed metal because of 
recovery occurring simultaneously with growth. That 
such recovery is occurring is indicated by the soften- 
ing curves, Figs. 13 and 14. 

The observation by Vandermeer and Gordon?! that 
isothermal grain growth in an Al-0.008 pct Cu alloy 
occurred at a constant rate may be due to the excep- 
tional circumstance that recovery and recrystalliza- 
tion in their alloy were separated. 

In the low-carbon steel employed in this investiga- 
tion, the softening was almost proportional to the 
fraction recrystallized, Fig. 13, indicating that little 
recovery occurred. However, it was found that the 
rate of isothermal grain growth still decreased with 
time. It was concluded that softening in this alloy 
may be too complex to be attributed only to recovery 
and recrystallization. 

The temperature dependence of the rate of grain 
growth at 5 pct recrystallizations is shown in Fig. 17. 
The forms of the curves are strikingly similar to 
those in Fig. 15, which illustrates the temperature 
dependence of recrystallization. For the high-purity 
irons and low-Mn alloys, the activation energies for 
grain growth and for recrystallization decrease with 
increasing temperature. For the higher Mn alloys, 
the opposite is true; z.e., the activation energies be- 
come greater with increasing temperature. The sim- 
ilarity of Figs.15 and 17 is a strong indication that 
the same process, or processes, are involved in both 
growth and recrystallization. The change in form of 
the curves indicates that the process may be changing 
with increasing Mn content. This indication is strength- 
ened by the change in the isothermal kinetics with 
increasing Mn, Fig. 12, and more strikingly, by the 
plot of rate of grain growth vs Mn content, Fig. 18. 
As Mn is increased, the rate of grain growth de- 
creases, but a discontinuity is encountered at about 
0.30 pct Mn. Addition of Mn in amounts greater than 
this produces little additional effect. This phenome- 
non has also been observed by Abrahamson and 
Blakeney” in respect to recrystallization of Fe-Mn 
alloys. They placed the critical manganese content 
at about 0.24 pct. The agreement is remarkably good, 
considering the differences in criteria and techniques 
employed in the two investigations. 


DISCUSSION 


These results have several interesting aspects, 
not all of which can be explained in a completely sa- 
tisfactory manner. In the recrystallization of heavily 
cold-worked, high-purity iron, both rate of grain 
growth and rate of recrystallization decrease with 
time in the early stages of recrystallization. The tem- 
perature dependence of the rate of growth and of re- 
crystallization vary in the same manner. The situa- 
tion is consistent with a model of a growth-controlled 
process in which nuclei are present at zero time. 

To explain the decrease of rate of growth with time, 
it is reasonable to assume that rate of growth is pro- 
portional to the concentration of residual strain ener - 
gy in the matrix: 
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G=K,-F 


[1] 
where 


G = instantaneous rate of growth of recrystallized 
grains 
F = concentration of strain energy in the matrix 


The concentration of strain energy is reduced by 
the concurrent process of recovery; therefore 


where 


[2] 


F, = concentration of residual strain energy at 
zero time 
R = strain energy removed by recovery 


The recovery of zone-melted iron, in the period 
t, to t,, where ¢, > 0, has been shown to follow the 
relationship”? 


R=alnt [3] 


Then, 


F= -alnt [4] 


and 


G=K,K-k, Int [5] 


For periods greater than ¢t,, recovery ceases, the 
strain energy of the matrix remains substantially 
constant, and the growth rate would be constant, 


G=K [6] 


The rate of growth of recrystallized grains intoa 
heavily cold-worked iron matrix can follow two 
growth laws. The time at which recovery ceases and 
the rate of growth becomes a constant, ¢,, is a func- 
tion of the annealing temperature. It is possible that 
in heavily cold-worked iron this point is not reached 
before the situation is further complicated by im- 
pingement of growing grains. The situation described 
is probably more common than the example of con- 
stant growth rate shown by Vandermeer and Gordon 
in an Al-0.008 Cu alloy.’ In that instance, there ap- 
peared to be a clear separation of recovery and re- 
crystallization. It will be difficult to separate the 
two processes in iron. If a prior recovery anneal is 
attempted, subsequent recrystallization must be done 
at a higher temperature, and more recovery will oc- 
cur 

Eq. [5] calls for a linear relationship between rate 
of growth and In ¢. As shown in Fig. 19, this relation- 
ship is valid up to about 35 min annealing at 480°C, 
or up to about 10 pct recrystallization. For longer 
periods, the rate of growth seems to approach a con- 
stant value, as predicted. A similar agreement was 
found at 540°C, for the zone-melted iron, except that 
no tendency towards a constant growth rate was found, 
up to 16 pct recrystallization. 

With the addition of Mn to iron, in the amount of 
0.30 pet or more, a change occurs in the mechanism 
of recrystallization. Although the rate of grain growth 
decreases with time, the rate of recrystallization in- 
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creases, Fig. 12. It is known that the form of the iso- 
thermal recrystallization curve cannot be accepted as 
proof of a nucleation and growth process,?® but the 
change in the form of the curves shown in Fig. 12 is 
strong presumptive evidence that nucleation of new 
grains continues after zero time. It becomes neces- 
sary to explain three items: 

1) The apparent effect of Mn on rate of nucleation. 

2) The effect on rate of growth. 

3) The discontinuous change in rate of growth. 

It is known that in iron cold rolled 60 pct, there iy 
exist relatively strain-free blocks of at least 4000A 
in diam which could act as nuclei during subsequent 
recrystallization.”® Deformation is highly nonuniform. 
It is proposed that the solute atoms (Mn) diffuse 
very rapidly, during annealing, to favorable sites in 
the highly -deformed regions around these blocks. 
That segregation at such sites does occur has been 
shown by the observation of thin films of Cu precipi- 
tated in substructure boundaries in iron.2? Calcula- 
tion of the possible concentration of solute elements 
in substructure boundaries is uncertain, but an esti- 
mate can be made by using Cottrell’s formula2® for 
the interaction of a solute atom and a dislocation, 
after Lucke and Detert:?° 


We 37 GF n 
where 
V = interaction energy 
y = atomic radius of Fe = 1.24 x 1078 cm 
G = shear modulus = 6.5 x 10'' dynes/cm? at 480°C 
v = Poisson’s ratio = 0.3 
To VF 


atomic radius of Mn in a iron. This is uncer- 
tain, but because of the small effect of Mn on 
the lattice parameter of iron,”® it cannot be 
much greater than that of iron. A value of 1.30 
x 107° cm seems reasonable. 


Solving, 
V = 1.36 x 107 erg, or 1980 cal per mole 


For dilute solute concentrations, the concentration 
factor is given by 


where 
Cp = subboundary concentration 
C = average concentration 


For the value of the interaction energy obtained 
above, the concentration factor has a value of about 
4 for a temperature of 500°C. The calculation indi- 
cates that in an alloy of 0.30 pct Mn, for example, it 
does not seem likely that the concentration of manga - 
nese in subboundaries can account for a crystallogra- 
phic change such as formation of fcc films. Because 
of the approximate nature of the calculation, how- 
ever, and the neglect of factors other than elastic 
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| interaction, this possibility should not be dismissed 


out of hand. 

Partially recrystallized specimens of the zone- 
melted Fe, S-1, and the zone-melted Fe-0.60 pct 
Mn alloy S-8, were thinned electrolytically and ex- 
amined by transmission electron microscopy at 100 
kv acceleration voltage. No distinct differences 
could be noted between dislocations in the two ma- 


| terials. The effects of recovery (regular dislocation 


arrays) were much more evident than they were in 
similar micrographs taken from partially recrystal- 
lized nickel,** in which comparatively little recovery 
occurs before recrystallization. The reason for the 
apparent change in the mechanism of recrystalliza- 
tion at 0.30 pct Mn remains obscure. 

In the presence of manganese, the time dependence 
of grain growth in recrystallization frequently could 
be described by the equation 


G=K,F,- K,\nt 


but there were sufficient examples of nonlinear rela- 
tionships between G and In ¢ to preclude any general 
application of this equation. It was not possible to 
rationalize the various forms of the curves, or their 
changes in form with manganese content or annealing 


temperature, on the basis of the Lucke-Detert theory. 


Under the experimental conditions employed, the 
effect of Mn on the rate of grain growth in Fe can be 
expressed by the equation 


G = G, exp - (K:%Mn) 
where 
G, = rate of grain growth in high-purity iron 


This equation is valid up to about 0.30 pct Mn, Fig. 
18. 

Lucke and Detert?” have proposed that the rate of 
grain growth is controlled by the rate of diffusion of 
solute atoms behind the boundary. It is tempting to 
use the data for rates of grain growth during recrys- 
tallization of iron-manganese alloys to check this 
theory. However, since the growth rates depend upon 
the extent of recovery, z.e., are time dependent, as 
well as upon the Mn concentration, such comparisons 
are of doubtful value. 

The effect of Mn appears to be due to some sort of 
site saturation process, which is complete at about 
0.30 pct Mn. This process may be a Saturation of the 
moving grain boundary by solute atoms, as des- 
cribed by Liicke and Detert, but a definite conclu- 
sion is not justified at this time. 


CONCLUSIONS 


1) The recrystallization of heavily cold-rolled, 
polycrystalline, high-purity iron is consistent with 
the proposal that recrystallization is a growth-con- 
trolled process, with nucleation occurring substan - 
tially at zero time. 

2) In the early stages of recrystallization, the rate 
of grain growth and the rate of recrystallization of 
high-purity iron decreased with time at constant 
temperature. 
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3) It is suggested that in the early stages, the rate 
of grain growth in high-purity iron is proportional 
to the concentration of residual strain energy in the 
deformed matrix. This, in turn, is determined by 
the extent to which recovery has occurred. The 
characteristic kinetics of recovery determine the 
kinetics of grain growth. At first, the rate of grain 
growth is given by the equation 


G = - K,Int 


After recovery ceases, the growth rate becomes con- 
stant, unless substantial impingement intervenes. 

4) Up to a concentration of about 0.30 wt pct, man- 
ganese reduces the rate of growth of primary recrys- 
tallized grains according to the relationship 


G = G, exp (- K:% Mn) 


5) Above about 0.30 pct Mn, the rate of growth of 
recrystallized grains is only slightly reduced by in- 
crements of Mn. 

6) The mechanism of recrystallization appears to 
change at about 0.30 pct Mn. At this point, nucleation 
may become a function of time. Although the rate of 
growth decreases with time, the rate of recrystalliza- 
tion increases. 

7) In comparison to other elements, Mn has a com- 
paratively small effect upon the recrystallization of 
iron. 
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APPENDIX 


History of Materials Prior to Final Cold Reduction 
and Recrystallization 


I) Zone-Melted Iron and Iron-Manganese Alloys. 
S-1, 5, 6, 8 

1) Slice 1/2 in. thick cut from trailing end of each 
zone-refined bar. 

2) Heated to 925°C for 30 min in dry hydrogen, 
then cooled in furnace. Process repeated four times 
to eliminate the columnar grains present in the zone- 
refined bar. 

3) Cold rolled 50 pct, to 0.250 in., 0.0125 in. per 
pass, using clean, dry rolls. 

4) Annealed 15 minat 730°C in dry hydrogen, furnace 
cooled. 

5) Cold rolled 28 pct to 0.180 in., 0.0063 in. per 
pass. 

6) Annealed 1 hr in dry hydrogen at 730°C, furnace 
cooled. Grain size ASTM 2-4. 

II) Vacuum- Melted Iron-Manganese Alloys. V-1, 
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1) Ingots hot rolled to 1/2 in. plate at 1150°C, air 
cooled. 

2) Heated to 925°C in dry hydrogen for 20 min, 
furnace cooled, to eliminate columnar grains. 


3) Cold rolled 50 pct, to 0.250 in. in steps of 0.0125 


in. per pass. 

4) Annealed in dry hydrogen at 730°C for 5 min, 
furnace cooled. 

5) Cold rolled 28 pct to 0.180 in., 0.0063 in. per 
pass. 

6) Annealed in dry hydrogen at 730°C for 2 hr, fur- 
nace cooled. Grain size ASTM 3-4. 

III) Battelle Vacuum-Melted Iron. V-4 

1) Slice 1/2 in. thick cut from forged ingot. 

2) Cold rolled 40 pct to 0.300 in. 

3) Annealed in lead at 815°C, 5 min. 

4) Cold rolled 40 pct to 0.180 in. 

5) Annealed in lead at 815°C, 5 min. Grain size 
ASTM 1 1/2 to 31/2. 

IV) NRC Vacuum-Melted Iron 

1) Slice 1/2 in. thick cut from ingot. 

2) Normalized at 925°C, 20 min. 

3) Cold rolled 50 pct, to 0.250 in. 

4) Annealed in lead at 730°C, 5 min. 

5) Cold rolled 28 pct, to 0.180 in. 

6) Annealed in lead at 730°C, 120 min. Grain size 
ASTM 1 to 3. 

V) Low-Carbon Steel 

1) Hot rolled to 1/2 in. thick. 

2) Heated to 705°C, held 1/2 hr, air cooled. 

3) Machined to 0.250 in. thick. Grain size ASTM 7. 
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The equilibvium of gaseous H2O-H2 mixtures with 
liquid ivon-columbium alloys in the range 0.2 to 2.4 
pct Cb shows that the activity coefficient of oxygen 
is strongly diminished by Cb. The oxide in equilib- 
ryium with the melt is identified as CbO2. The equi- 
librium constant at 1600 deg C is [% Cb] [fo: % O]*= 
2.9 x 10-* where log {p= — 0.14 [% Cb]. The deoxi- 
dizing power is comparable to that of vanadium, 


Cotumpium (niobium) is finding increasing use as 
an alloying element in steel. It forms several stable 
oxides and is removed from the steel bath by oxi- 
dizing slags. The specific oxide formed in steel- 
making is not known although Sazanov snd Shvarts- 
man,* in their study of its partition between slag and 
metal, have assumed this to be Cb2Os. It is the pur- 
pose of this study to determine its deoxidation equi- 
librium at 1600°C, the nature of the oxide formed 
and the interaction between columbium and oxygen 
in the melt. 

The investigation was based on the reaction 


H, +O=H,O; (1] 


in which O signifies oxygen dissolved in the liquid 
Fe-Cb alloy. The method and equipment of recent 
studies’’® were utilized. In brief, the molten alloy, 
contained in a small crucible, is held in a controlled 
mixture of steam, hydrogen, and argon until equilib- 
rium is reached. It is then cooled quickly in a stream 
of helium and analyzed for columbium and oxygen, 

the latter by vacuum fusion.* The solubility of the 
oxide in liquid iron is determined by visual observa- 
tion of scum formation on the surface of the melt. 

Crucibles of MgO proved unsatisfactory because 
of partial reduction at the metal interface. Pure 
Al2O3 crucibles were heavily blackened by the melt 
and could not be used at high concentrations of co- 
lumbium. Silica crucibles were more satisfactory 
but these introduced some silicon into the melt thus 
necessitating an uncertain but small correction for 
its effect on the activities of the other solutes. In 
silica it was possible to observe the scum formation 
when the melt became saturated and there was no 
apparent reaction between scum and crucible. 

The procedure for saturated melts was as follows. 
The alloy charge composed of electrolytic iron and 
columbium grain was melted and held at constant 
temperature. The gas ratio H.O:H2 was progressively 
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increased by raising the saturator temperature until 
a point was reached at which a bright film appeared 
on the surface and covered it completely. This film 
could be dissolved by raising the temperature of 

the melt and it reappeared when the temperature was 
lowered. Under a partial film covering, utilizing 
bare areas for temperature measurement, the melt 
was brought to equilibrium with the atmosphere by 
holding at temperature for about 1 hr as suggested 
by Dastur.° . 


INTERACTION IN THE MELT 


Several experiments were made without colum- 
bium to establish a base in silica crucibles. The 
results are shown in Table I. Except for one run, 
they agreed well with Floridis’ comparable results 
in other crucibles. The value of log Ki is taken 
from Table I as 0.58. This is slightly larger than 
Floridis’ result, probably because of less elaborate 
safeguards against thermal diffusion. 

Results obtained in the Fe-Cb-Oseries in which no 
scum formed are shown in Table II. The equilibrium 
ratio Kj is defined as py,0/(hy,[%O)). It is related to 
the equilibrium constant K, as follows: 


log K, = log Ki/— log f§ — log f 8! — log f§° 


The value log f§ taken from Floridis is log f§ = 
—0.20 [% O]. Values of log f§: are now known with 
accuracy® and are given by log f §' = —0.14 [% Si], a 
negligible quantity in most cases. 

The resulting values of log fS® are plotted against 
concentration in Fig. 1. The average line corre- 
sponds to the interaction coefficients: 


| 
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oO 
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Fig. 1—Effect of columbium on the activity coefficient of 
oxygen. 
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Table I. Iron-Oxygen Melts in Silica Crucibles at 1600 C° 


Run Time, 
No. Hr:Min PH,0/PH, Pct O Log Ke Pct Si 
30 1:50 0.0605 0.0160 0.578 0.059 
31 4:00 0.1046 0.0282 0.568 0.016 
38 3:00 0.0612 0.0147 0.619 0.067 
50 4:10 0.0873 0.0243 0.556 0.026 
Cb 
och log f 
31% Ch] 
Cb 


This figure is obviously subject to a large probable 
error. It is interesting to compare the value €§° = 
—54 with «§ = —57° and «2! = —37." 


THE DEOXIDATION PRODUCT 


Results of runs in which a scum was formed on 
the melt are shown in Table III. Several of these 
runs were covered by scums of sufficient thickness 
for X-ray diffraction. Diffraction patterns taken 
directly on the surface of ingot 28 gave a number of 
lines closely related to the pattern of CbO>. A good 
Debye-Scherrer powder pattern on material filed 
from the crust of ingot 39 gave conclusive proof of 
CbO,. This is then the equilibrium oxide at least in 
the range of 0.76 — 1.61 pct Cb and probably the en- 
tire range of this study. 


DEOXIDATION EQUILIBRIUM 


During freezing, additional amounts of CbO2 
floated to the surface and joined the scum. This was 
visible in a number of near-saturated runs and may 
account for some of the scatter in Fig. 1. Because 
of this effect the constant of the deoxidation reac- 
tion, ac, * @ cannot be determined from the analy- 
sis of the ingots. It is obtained from the gas equi- 
librium data as follows. Fig. 2 is a log-log plot of, 
the ratio py,o/py, against [% Cb]. The line of re- 
gression has a slope of 0.52 corresponding to 0.50 
required by the equation: 


LOG Pr, 


tos [%cb] 


Fig. 2—Observations on formation of scum in melts satu- 
rated with CbO, at 1600°C. 


CbO2 + 2H2 = Ch + 2H20; Ke = Pino [% Cbl/pu, [2] 
From this line we have log Kz = — 2.38 and AF° 


= + 20,400+ 600 cal at 1600°C. 


Now if we combine Eqs. [1] and [2] and their ob- 
served equilibrium constants, we find 


CbO2 = Cb +20; Ks=[% Cb] [a]? = 2.9 x107* 
AFig73 = + 30,300 cal 


[3] 


Thus columbium has about the same deoxidizing 
power as vanadium. 


ACTIVITY OF COLUMBIUM IN LIQUID IRON 


Coughlin® gives estimated values for the heat and 
free energy of formation of the oxide from which we 
write, for temperatures around 1900°K: 


Ch (s) + O2 (g) = CbO> (s); 


From Floridis’’ results and the free energy of water 


AF° = — 187,000 


+ 40.2T [4] 


1/2 O2(g)=O; = — 27,930 — 0.717 [5] 
And for fusion of columbium the estimated value?: 
AF. = 6300. 2:33 [6] 
Combination of the three gives the equation: 

Cb (1) +20=CbOz(s); AF® =— 137,440+43.97 [7] 


Cb (s) = Ch 


Table II. lron-Columbium-Oxygen Nonsaturated Melts at 1600°C 


Run Time, PetiCb; Pct Cb, 


No. Hr:Min Charged Final PH,O/PH, Pct O Log Ki Log f¢° Pet Si Crucible 
8 2:45 0.25 0.19 0.0153 0.0047 0.513 -0.066 = Al,0, 
10 3:35 0.25 0.19 0.0150 0.0054 0.444 -0.135 “ Al,0, 
1k 2:35 0.25 0.19 0.0159 0.0049 0.511 -0.068 be Al,0; 
13 2:00 0.25 0.20 0.0287 0.0088 0.516 -0.062 = Al,0, 
19 1:50 1.00 0.76 0.0258 0.0100 0.412 -0.166 = Al, 0, 
24 0:50 1.33 1.05 0.0323 0.0135 0.378 -0.199 0.09 SiO, 
29 4:0 1.00 0.72 0.0489 0.0138 0.549 -0.026 0.10 SiO, 
32 1:50 1.20 1.09 0.0514 0.0199 0.412 -0.164 0.065 SiO, 
40 3:0 1475 1.30 0.0505 0.0175 0.460 -0.116 0.046 SiO, 
43 3:50 0.50 0.13 0.1027 0.0284 0.558 -0.019 0.02 SiO, 
57 2:45 0.25 0.19 0.0947 0.0211 0.652 +0.076 0.040 SiO, 
58 3:05 1.50 1.23 0.0341 0.0141 0.384 -0.189 0.24 SiO, 
59 2:50 0.70 0.58 0.0374 0.0106 0.548 -0.027 0.19 SiO, 
60 3:40 0.20 0.09 0.0815 0.0195 0.621 +0.045 0.042 SiO, 
61 3:0 0.60 0.51 0.0599 0.0198 0.482 -0.093 0.075 SiO, 
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Table II. lron-Columbium-Oxygen Saturated Melts at 1600° C 


Run Time, Initial Final 
No. Hr:Min  py,0/pH, Pct Cb Pct Cb Pct O Pct Si 
27 1:10 0.0723 1.50 1.10 0.0137 0.10 
28 2:40 0.0680 1.00 0.76 0.0118 0.046 
33 1:10 0.0657 1.20 0.99 0.0116 0.055 
36 1:10 0.0597 1.50 1.26 0.0143 0.065 
39 1:0 0.0551 2.00 1.61 0.0150 0.090 
44 1:0 0.0519 2.50 1.69 0.0136 0.16 
45 0:50 0.0440 2.50 1.90 0.0115 0.15 
46 3:0 0.0354 3.00 2.42 0.0200 0.24 
48 1:0 0.0475 1.75 1.35 0.0140 0.13 
49 2:30 0.0445 2.25 ea 0.0168 0.15 
and 
° 
AP 09,200 cal 


If ye, represents the activity coefficient ac¢,/Nc, 
at infinite dilution, the standard free energy change 
in going from a standard state of unit mole fraction 
to one of unit weight percent is”: 


Ch (1) =Cb (%);  AF° = 4.5757 log (0.00602 7°) 
=4,575T logy°—10.16T [8] 


The numerical value of AF° in Eq. [8] is — 24,900 
cal, obtained by combining [3] with [7]. From this 
the value of y° at 1873°K is — 0.20. This denotes 
only a slight negative departure from Raoult’s law 
in the Fe-Cb liquid solution and an estimated inter- 


action coefficient In = 3.2. 


Assuming regular behavior, Eq. [8] may be rewritten: 


Cb (1) =Cb %); AF° = —5900 — 10.167 [8a] 
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EFFECT OF TEMPERATURE ON THE DEOXIDA- 
TION EQUILIBRIUM 


Eqs. [7] and [8a] are combined to give 

CbO2=Cb+ 20; AF° = 131,600 — 54.17 [9] 
From which the deoxidation equilibrium constant is: 

log K = log [% Cb] [4 %O] =— 28,780/T + 11.83 


The activity coefficient of columbium is approxi- 
mately unity while that of oxygen is given by the re- , 
lation log f > = —0.14[% Cb]. 


SUMMARY 


The oxide formed by reaction of columbium with 
oxygen in liquid iron is CbO2. Columbium is rather 
like vanadium with respect to its effect on the ac- 
tivity coefficient of oxygen. It is also similar in 
deoxidizing power. The solution of columbium in 
liquid iron exhibits slight negative deviation from 
Raoult’s law. 
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Technique for Determining Orientation Relationships and 


Interfacial Planes in Polyphase Alloys: 


Application to Controlled Eutectic Specimen 


R. W. Kraft 


A back-reflection precession-type X-ray camera 
for determining the crystallographic orientation of 
the crystallites of both phases in small areas of 
thick specimens of polyphase alloys is described 
and the geometry, advantages, and limitations of 
the apparatus are discussed. Metallographic ob- 
servations of interfacial angles (or habit planes or 
§vowth direction) are made on the same specimen 
so that the crystallographic and metallographic 
orientation data can be directly correlated, An ex- 
ample of the application of the technique to a unidi- 
rectionally solidified CuAlz-Al eutectic specimen 
ts presented, The interfacial planes and growth 
directions of each phase were established, and the 
orientation relationship between the phases was 
observed and found to be approximately interme- 
diate between two previously reported relationships. 


Tue crystallographic interfacial relationship be- 
tween two solid phases is an important parameter 
in a variety of metallurgical phenomena because of 
the energy associated with the interface and because 
this energy is at least partly associated with the 
way in which the two space lattices are in contact 
along the interface. In order to describe the inter- 
facial planes in the crystallites of both phases it is 
necessary to determine the crystallographic orienta- 
tion of each phase in a specimen relative to each 
other, and to directly correlate these data with met- 
llographic measurements from which the interfa- 
cial planes can be determined on the same specimen. 
The back-reflection Laue technique is the easiest 
way to determine the orientation of thick single crys- 
tals or large grains and the method can be combined 
with metallographic techniques to provide the nec- 
essary data, provided the reflections from each 
phase can be distinguished from one another. How- 
ever, if the crystallites are small or of varying 
orientation or if one or both phases has a unit cell 
with less than the maximum symmetry, many over- 
lapping and complex Laue patterns are recorded 
Simultaneously and it becomes impractical if not 
impossible to interpret the photographs. All of these 
complexities were present in a unidirectionally so- 
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lidified Al-CuAl, eutectic alloy’ for which a crys- 
tallographic analysis was desired. Consequently the 
method described here was developed since no known 
X-ray or electron diffraction technique had all of 

the following attributes which were required. 

1) Method should yield data from which the crys- 
tallographic orientation of every crystallite or dif- 
fracting unit in the irradiated area can be determined. 

2) Method should be adaptable to the study of 
small areas. Depending upon the degree of preferred 
orientation in the specimens, it should be possible 
to obtain reliable data in a reasonable length of time 
on irradiated areas as small as 1.0 or even 0.1 mm 
in diam. 

3) Method should permit direct correlation of 
crystallographic data with microscopic orientation 
data pertaining to crystallite axes, habit, morphology, 
and growth directions as determined by optical mi- 
croscopy. 

4) Method should be such that selected areas of 
large specimens can be easily studied. Trepanning 
of a small specimen (such as an electron micro- 
scope specimen) from larger specimens was unde- 
sirable since it would greatly increase the problem 
of correlating the crystallographic and microscopic 
directional data. 

Requirements 3 and 4 dictated that an X-ray back- 
reflection pinhole technique should be used on large 
samples, such as metallographic specimens which 
had previously been examined and analyzed for their 
microscopic characteristics. Similarly, require- 
ment 2 could be satisfied by choosing a collimator 
of appropriately small diameter. Exposure times 
would not be excessive provided the detector were 
close enough to the specimen. Because of space 
limitations film was chosen in preference toa 
Geiger counter. Requirement 1 was fulfilled by 
using monochromatic radiation and providing enough 
additional degrees of freedom in Specimen rotation 
to compensate for Bragg law restrictions on dif- 
fracted beams. 


DESCRIPTION OF APPARATUS 


The apparatus shown in Fig. 1 consists of a pin- 
hole collimator, (a), projecting through a rotatable 
circular film in a holder, (b), which records X-ray 
reflections in the back-reflection region. The spe- 
cimen, (c), is mounted on the end of a shaft, (d), 
which is provided with an adjustment, (e), so that 
the specimen surface can be placed accurately on 
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Fig. 1—Photograph of camera. 


an axis, (f), perpendicular to the X-ray beam, about 
which the specimen can be swiveled. The specimen 
mount, (g), includes horizontal and vertical adjust- 
ments, (h), so that the portion of the specimen to be 
irradiated can be easily positioned along the X-ray 
beam. The swivel angle, designated B, is adjustable 
from 0 to 45 deg. A motor, (i), flexible shaft, (j), 
and appropriate gearing, (k), is provided so that the 
Specimen can be rotated in the same direction and 
at the same rate as the film for any setting of the 
swivel angle. Indexing devices permit alignment of 
the film and the specimen so that the ‘‘top’’ of the 
specimen can be aligned with ‘‘north’’ on the film. 
A clutch assembly, (1), can be disconnected when 
necessary so that only the specimen rotates. The 
bracket supporting the specimen and its adjustments 
is mounted on a movable track, (m), which is cali- 
brated to measure the specimen to film distance. 
This entire unit can be rotated away from the X-ray 
tube and a microscope inserted for examining the 
specimen if the film holder is removed. Another 
unit, called the y window, (n), is placed between the 
specimen and film. It consists of a fixed circular 
frame, (0), and thin pie-shaped pieces of brass 
shim stock, (p), which absorb unwanted reflections 
and prevent them from being recorded on the film. 
The angular window width or open portion can be 
varied as desired merely by placing the brass 
wedges around a protractor scale on the fixed frame 
to block off all X-rays except those within a given 
angular range. 
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Fig. 2—Back-reflection pinhole precession camera char- 
acteristics. 


It has been found convenient to prepare a set of 
curves giving various camera characteristics and 
an exposure guide. Fig. 2 is such a set for the cam- 
era shown in Fig. 1. The two solid curves in this 
illustration indicate the upper and lower limits of @ 
values that can be observed in the back-reflection 
region as a function of specimen to film distance. 
The lower limit is determined by the film diameter 
and the upper limit by the diameter of the lock nut 
around the collimator. For convenience, the d val- 
ues of X-ray reflections which can be observed 
within this region for various characteristic radia- 
tions are shown on separate scales below. The 
dashed lines are ‘‘isoexposure’’ lines calculated on 
the basis of the inverse square law for the speci- 
men to point-on-film distance. Any point along the 
curve labeled 2.0 would require twice the exposure 
of any point along the line 1.0 to give the same den- 
sity, all other factors being equal, since the speci- 
men to point-on-film distance of curve 2.0 is v2 
times that on curve 1.0. 


GEOMETRICAL CONSIDERATIONS 


The geometry of the technique can best be de- 
scribed with reference to the stereographic projec- 
tion, Fig. 3. The plane of projection is parallel to 
the film which is considered to be stationary for 
the moment with north at the top. The projection 
is viewed from the incident beam side. Since east 
on Fig. 1 was drawn from the same viewpoint, it 
appears at the right of Fig. 3 and west at the left. 
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Fig. 3—Stereographic projection of angular relationships 
in X-ray camera. 


The incident monochromatic beam, O, at the center 
of the projection, will diffract from a general hkl 
plane according to Bragg’s law if the incident beam 
makes an angle 90—¢ with the plane normal. Thus, 
the reflecting circle, Crpp is drawn. The specimen 
axis is inclined at an angle 8 in a westerly direc- 
tion from the incident X-ray beam as shown in Fig. 1 
and intersects the projection at A. In the specimen 
a crystallite is oriented such that the normal to the 
hkl planes is inclined at an angle afrom the rota- 
tion axis of the specimen. When the specimen is 
rotated, this normal will describe a circle, Nykl> 
on the projection. Diffraction will occur when the 


SPECIMEN SHADOWS FILM 
[x LOW Y VALUES 


o/|\ 
\ WALLS 
\ [2 \% 
40 5 
X \ O83 JX Y=0 
> NY 
35 WANS 
nm 30 AN 
J 2 
a 
o iS Y= 180° 
les 
X 
10 % 
45 
Re) 
55: 160) 65 80 85 90 
@, DEGREES 


Fig. 4— Limits of aw angles that can be observed. 
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Fig. 5—Stationary film photograph. 6 = 25 deg. Cu radia- 
tion, Ni filter, 50 kv, 40 ma, 0.5 hr exposure, 1/32 in.-diam 
collimator, 1.9 cm specimen to film distance. 


Cypi and Ny»; circles intersect, viz. at points Q and 
Q’. Now since the incident beam, plane normal, and 
diffracted beams are coplanar, the spot will be sym- 
metrically recorded on the film along the lines OQ 
and OQ’. The pair of spots will occur at a radial 
distance from the center of the film such that tan 
(180 deg —2 6) = radial distance/specimen to film dis- 
tance, and at an angle y which is arbitrarily meas- 
ured from the west on the film. Since @ and y can 
be measured, and f is known, the angle @ can be de- 
termined graphically on a stereographic projection by 
by the inverse of the procedure just described. So- 
lution of the stereographic triangle AOQ and AOQ’ 
provides a means for determining @ analytically and 
was the method used in this paper. It is readily 
found that 


cos @ = cos f sin 6 — sin B cos 6 cos y [1] 


The limiting conditions for a angles that can be 
observed are determined by tangency of the Cypy and 
and N;,7 circles. Two possibilities arise, when 
y = 0 deg or 180deg. The restrictions imposed under 
these conditions are represented mathematically by 


cos @ = cos sin 6 sin8B cos 6 [2] 


It can be shown that Eq. [2] is identical to the follow- 
ing forms which are easily visualized on the stereo- 
graphic projection, Fig. 3, namely, 


For y = 0 deg: 
[3a] 


For » = 180 deg: 


6 when B > 5 — 6 [3b] 
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Fig. 6—Sketches showing where reflections are recorded 
on film. Angles shown correspond to those shown on stereo- 
graphic projection, Fig. 3. a) Film rotation of w —6, db) Film 
rotation of w +06. 


[3c] 


A plot of Eqs. [3] for the useable back- reflection 
region (@ ~ 55 to 85 deg) and for 8 from 0 to 45 deg 
is shown in Fig. 4. At high 6 angles the surface of 
the specimen can absorb the diffracted beam. The 
limiting condition when the diffracted beam is paral- 
lel to the specimen surfaces is given by 


cot B= tan (180 deg —26) 


a +B=5-6 whenB<5 -6 


[4a] 
or 


B= 20—90 deg [4b] 
This limitation will only affect those reflections oc- 
curring at the low end of the y range. When y = 0, 
substitution of Eq. [3a] into Eq. [4b] shows that the 
limiting value of a that can be observed is equal to 
6 as shown by the heavy line on Fig. 4. 

If the irradiated area of the specimen contains 
several crystallites, it is possible and indeed prob- 
able that more than onehkil plane normal, when rotated, 
Willintersect the reflection circle, C,, 7. In fact, even 
a single crystallite, especially if it is one with high 
symmetry, can have more than one pole correspond- 
ing to equivalent planes which, when rotated, will 
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Fig. 7—Rotating film photograph. B=30 deg w,y window 75 
to 85 deg. Cu radiations, Ni filter, 50 kv, 40 kv, 40 ma, 1.5 
hr exposure, 1/32-in.-diam collimator, 1.9 cm specimen 
to film distance. 

intersect the reflection circle. In general, these 
other specific planes belonging to the family hkl 
in the same or in different crystallites will oc- 
cur at different @ angles. They will therefore be 
recorded at different angles y. In a typical example, 
Fig. 5, several pairs of spots which are always 
symmetrical about the E-W direction, can be ob- 
served on the various Debye-Scherrer circles. 

By itself the angle @ does not provide sufficient 
information to completely describe the orientation 
of the hkl planes in a crystallite relative to the 
specimen. Another angle, w, is defined as the rota- 
tion angle in the specimen measured clockwise from 
the left side of the specimen as seen by the incident 
beam to the pole of the hk/ planes, P,,;. The angle 
6 is defined as the rotation angle of the specimen 
between the east-west axis and the intersection of 
the reflecting and normal circles. When the speci- 
men is rotated in a counterclockwise direction, the 
diffraction spots caused by P,,, corresponding to 
Q and Q’ are recorded on the film after revolutions 
of w—65and w+ 6 respectively. By applying the Law 
of Sines to the stereographic triangle AOQ or AOQ’, 
it is found that 


cos @ siny 


sin = 
sin @ 


[5] 
Eq. [5] does not distinguish between the angle 6 and 
its supplement, 180 deg—5, both of which can occur 
depending upon the values of 6, 8, and @. When 6 is 
90 deg, solution of the triangle AOQ yields the fol- 
lowing relationship 


[6] 


It is obvious from the construction, Fig. 3, that the 
proper value of 6 is less than 90 deg for @ angles 


sin 6 =cos @ cos B 
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greater than given by Eq. [6]; conversely 6 will be 
in the second quadrant if @ is less than that which 
satisfies Eq. [6]. 

The angle wcan be determined by rotating the film 
in the same direction and the same rate as the spec- 
imen and observing the angular displacement in a 
clockwise direction of the midpoint between the pair 
of spots from the westerly direction on the film. 
However, when the film is rotated, the pair of spots 
corresponding to one pole will not be 2y apart as 
was the case for the stationary film. The diagram 
shown in Fig. 6(a) shows that the spot correspond- 
ing to Q, viz. Pi, will be recorded on the film at an 
angle of w--5 +y. Similarly the spot corresponding 
to Q’, namely Py, will be recorded at an angle of 
w+5—y, Fig. 6(b). The average displacement or the 
displacement of the midpoint between the spots is 


[7] 


as mentioned above. The angular separation between 
the spots is 


(w—5 + y) — = 2(y—5) [8] 


If the quantity 2(y —6) happens to be 180 deg, two 
values of omega, w and w + 180° will satisfy these 
restrictions which means that w is not uniquely de- 
termined. In this event, the angle 8 can be changed 
and another photograph taken. 

When more than one pair of spots occurs on a 
given Debye-Scherrer circle of a stationary film 
photograph, Fig. 5, each pair is associated in gen- 
eral with its own @ and w value. Under these cir- 
cumstances, when the film is rotated during the ex- 
posure, it has been found that it is impossible to 
distinguish the various pairs of spots from one an- 
other. In order to circumvent this difficulty, the 
device called the y window is used. The w compo- 
nent of each pair of spots is determined separately 
by allowing only those diffracted beams within a 
certain predetermined y range (and therefore of the 
corresponding @ values) to be recorded on the film. 
In the event that two or more poles have the same a 
value, within the limits of the corresponding y win- 
dow setting, and differ only with respect to their w 
component, more than one pair of spots will be re- 
corded on the rotating film photograph. Fig. 7 is an 
example. Since it is know from Eq. [8] exactly what 
the angular separation between the pair of spots 
corresponding to one pole must be, it is possible by 
applying Eq. [8] to determine the w component of 
each pair. A few very special sets of circumstances 
can be envisioned where this technique would fail. 
For example, if 2(y —6) = 90 deg and two poles hap- 
pened to be 180 deg apart, it would not be possible 
to geometrically differentiate one pair of spots from 
another. In this case another photograph could be 
taken at a different 6 angle if the pairs could not be 
distinguished from one another by an intensity dif- 
ference, difference in spot shape, etc. 

When the a and w components of all poles, the in- 
dices of which must be known, are determined, they 
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Table |. Powder Pattern Data on Filings of 50 Pct Cu—50 Pct Al 


Cast Alloy 114.6-mm Diam Camera, Cu Radiation, Ni Filter, 


50 kv, 40 ma 
Cu Al, Al 
Observed Calculated 
Line 6-Rad Intensity Sin?9Kq, Sin? 6Kay hkl hkl d,A 
1 10.340 vs 0.0321 0.0322 110 4,28 
2 14.70a@ sg 0.0643 0.0644 200 3.06 
3 18.290 vw 0.0983 0.0997 002 2.456 
4 18.94 a vs 0.1051 0.1054 121 2.374 
5 19.24 a s 0.1084 ss = 111 2.338 
6 21.05 a s 0.1288 0.1287 220 2.147 
7 21.30 a vs 0.1318 0.1319 112 2.123 
8 22.370 0.1446 = 200 2.024 
9 23.65 a vs 0.1606 0.1609 130 1.922 
10 23.900 vs 0.1638 0.1641 202 1.916 
11 28.55 0 m 0.2280 0.2284 222 1.613 
12 30.71 o m 0.2605 0.2606 132 1.508 
13 32.600 om 0.2898 0.2896 330 220 1.431 
14 33.16% 0.2987 0.2984 141 1.408 
15 33.53% m 0.3046 0.3048 123 1.396 
16 34.570 0.3214 0.3218 240 1.359 
17 36.690 5 0.3564 0.3571 402 1.290 
18 38.60 4,1 5 0.3892 0.3893 332 1.232 
19 39.11d@ 5 0.3974 0.3989 004 311 
20 40.28 a w 0.4175 0.4183 150 1.194 
21 40.47 a w 0.4206 0.4215 242 1.188 
0.4271 501, 431 

22 40.95 a w 0.4289 a 4311 114 1.176 
23 41.28 a w 0.4346 0.4335 323 222 1.169 
24 42.860 vw 0.4619 0.4633 204 1.134 
25 44.02 o w 0.4821 0.4915 251 1.109 
26 44,90 a w 0.4975 0.4979 143 1.092 
27 46.05 0.5174 0.5180 152 1.071 
28 46.62 a w 0.5273 0.5276 224 1.059 
29 47.78 0, w 

30 47.88 at . } 0.5480 0.5470 350 1.040 
31 48.46 4, m 

30 48.61 0; m } 0.5601 0.5598 134 1.029 
33 49.610, 

34 49.75 a 0.5792 600 400 1.012 
35 51.64 a vw 0.6139 0.6145 442 0.983 
36 53.59-a vw 

37 53.75 at a } 0.6474 0.6467 532 0.958 
38 55.88 w 

39 56.05 at ‘ } 0.6851 0.6845 541 331 0.929 
40 56.18 o w 

Al 56.49 a, s 0.6909 0.6909 523 0.927 
42 57.02 0, vw 0.7036 0.7038 215 0.920 
43 58.11 

58.36 at .0,7211 0.7207 424 420 0.506 
45 59.61 o w 

46 59.83 at % } 0.7439 0.7432 622 0,893 
47 63.810, vw 0. 8052 0.8044 550, 710 0.858 
48 64.70 4, vw 

49 64.97 at } 0.8172 0.8172 514 0.852 
50 68.93 a vw 0.8694 = = 422 0.827 
51 70.074, vw 0.8838 0.8840 543 0.821 
52 72.01 o w 

53 72:52 at ey, } 0.9049 0.9041 552,712 0.810 
54 73.01 a vw 

55 73.38 a } 0.9141 0.9137 444 0.805 
56 74.56 0, 

57 75.09 ww } 0.9291 0.9298 116 0.799 
58 75.42 w 

50 75.97 at ee } 0.9366 0.9363 642 0.796 
60 76.60 0 vw 

61 77.14 } 0.9460 0.9459 534 0.792 
€2 78.75 vw 

63 79,5) af ie } 0.9620 0.9619 206 0.785 
64 81.54 a w 

65 87.56 a } 0.9783 0.9781 604 333,511 


also present. 
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Fig. 8—Orientation of aluminum lamellae in eutectic 
specimen. 2 


can be plotted on a stereographic projection. A mul- 
tiple pole figure is the result. From this, a measure 
of the degree of preferred orientation and the rela- 


tive orientation of each phase with respect to the 
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Fig. 9—Orientation of CuAl, lamellae in eutectic specimen. 
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arbitrary specimen coordinate system can be de- 
termined. The next section illustrates this more 
clearly. 


EXAMPLE OF APPLICATION OF TECHNIQUE 


A specimen of CuAl-Al eutectic unidirectionally 
solidified at a rate of 9.8 cm per hr, throughout 
which the lamellae were substantially parallel to 
one another, was investigated. The specimen was 
free of colonies, but contained lamellar faults (ap- 
proximate density of 4.5(10)° per sq cm) and a sub- 
structure size of about 19u in the transverse sec- 
tion. The mean orientation of the lamellae was de- 
termined by the two surface technique on four pairs 
of surfaces. The lamellar orientation in the speci- 
men is described in this paper by three orthogonal 
axes labeled ‘‘t’’ for the thickness, ‘‘/7’’ for the 
length or growth direction, and ‘‘w’’ for the width 
or direction between mismatch surfaces in the 
transverse plane. 

Since it is necessary that the indices of the planes 
in the back-reflection region be known in order to 
apply the technique described here, a Debye-Scher- 
rer photograph was taken of filings of a heat which 
was predominantly CuAl, in a 114.6 mm diam cam- 
era. The lines were indexed after correcting for 
film shrinkage and are shown in Table I. Examina- 
tion of this table and the chart of camera character- 
istics, Fig. 2, showed that the Al 420 and 422, and 
CuAl, or 6 424, 622, 514, and 543 reflections would 
be satisfactory for the present study. The Al 420 
and 6 424 lines overlapped but could be separated 
in the subsequent analysis by their known angular 
relationships to other planes in each type of crystal. 
With this exception each of these lines could be 
easily resolved, all were sufficiently intense, all 
could be simultaneously recorded on the circular 
film with CuK, radiation if the specimen to film 
distance were 1.9 cm, and none would yield am- 
biguous data such as the 6550, 710 reflection would. 

To facilitate the interpretation of the films and 
subsequent analyses of the data several labor saving 
aids were devised. The first consisted of a set of 
computations of the angle @ according to Eq. [1] 
performed on a high-speed digital computer for @ 
angles corresponding to the reflections which were 
to be used, for 8 from 5 to 45 deg in 5-deg incre- 
ments, and for y from 0 to 180 deg in 5-deg incre- 
ments. In addition, the quantities 2(y—6) and 2(y— 
180 + 6) were computed using Eq. [5] for 6. From 
these computations two sets of graphs were pre- 
pared. The first set was a plot of @ vs y with 6 
as a parameter, 8 being held constant on each graph. 
The second set was a plot of 2(y—5) vs y with @ as 
a parameter and # again constant on any one graph. 
On the latter set Eq. [6] was used to determine 
whether 6 or its supplement should be used in plot- 
ting the displacement between spots. To simplify 
reading of the films a commercial circular film 
reading device was equipped with two angularly ad- 
justable hairlines. When reading rotating film pho- 
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Fig. 10—Metallographic and crystallographic orientation 
data in eutectic specimen. 


tographs, the hairlines were set at the proper angle 
(which was obtained from the appropriate graph in 
the second set) and the angle w observed directly. 
Finally, the @ and w coordinates of each reflection 
were plotted on a stereogram using the specimen 
surface as a reference. To avoid having too many 
spots and identifying marks on one projection, one 
stereogram was made for each phase and a color 
code was used for each type of reflection. Compari- 
son of these experimentally determined stereograms 
with standard projections of each phase on which all 
of the planes of each type were color coded in the 
same manner provided a rapid means for determin- 
ing the orientation of the crystallites present in the 
specimen. 

As a preliminary step in studying the specimen, 
stationary film photographs were taken at 8 angles 
of 20, 25, 30, and 35 deg to determine the a angles 
(up to more than 50 deg) for all reflections of in- 
terest. A series of rotating film photographs at 
various 8 angles and with the y window opened 10 
deg but at various mean values was then taken so 
that the w components of all of the reflections whose 
@ values were now known could be determined. The 
data obtained in this way are shown in Fig. 8 for 
the Al phase and Fig. 9 for the @ phase. 


DISCUSSION OF RESULTS 


It was deduced from Figs. 8 and 9 that the speci- 
men consisted of one mean orientation for each 
phase but that within the irradiated area (x1 mm 
diam) the crystallographic orientation of separate 
lamellae varied from the mean by several degrees. 
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It was this multiplicity of orientations which con- 
tributed to the complexity of Laue photographs and 
made them undecipherable. The mean orientation 
data from Figs. 8 and 9 are combined in Fig. 10 
together with a description of the lamellar orienta- 
tion as deduced by optical microscopy. 

Although no general conclusions can be drawn 
from only one specimen, it is apparent that the 
crystallography of this eutectic specimen is more 
complex than frequently is assumed. For example, 
the orientation relationship between the phases in 
this eutectic has been reported variously as 


(001) 6 || (001) Al; [100] || [100] Al 
by Ellwood and Bagley,” and 
(001) || (001) Al; [100] [110] Al 


by Takahashi.* Ellwood and Bagley determined the 
relationship by a Laue technique on wire samples 
which were subsequently passed through a gradient 
furnace. Takahashi prepared thin foils of eutectic 
for study by electron microscopy and electron dif- 
fraction by dipping a small loop of iron wire into a 
molten bath of eutectic alloy and rapidly withdraw- 
ing it. Apparently, these quite different modes of 
solidification were responsible for the different 
crystallographic relationships reported. The orien- 
tation relationship found in this paper was not con- 
stant and is approximately intermediate between the 
two extremes given above. It can be described as 


(001) @ = |] (001) Al; [100] 6 = || [210] Al 


Tiller,* has pointed out that the two phases will 
grow in such a way that the interfacial energy is 
minimized. A part of this interfacial energy comes 
from the strain present at the interface due to the 
disregistry associated with the contact of lattices of 
different crystallography and different atomic dis- 
tances. From the data reported here, it appears as 
though the preferred interfacial planes were (111) 
and (221) in the Al and @ phases respectively, these 
being the closest low index planes of the two lattices 
to the Al-@ interfaces. 

The discrepancy between the orientation relation- 
ships reported by the previous workers and the data 
given here indicate however that some force, in ad- 
dition to that suggested by Tiller, must also influ- 
ence the crystallography of eutectics. It seems 
likely that this may be associated with a preferred 
growth direction of each phase. Aluminum for ex- 
ample tends to grow with [001] normal to the heat 
flow in castings.° It would be expected therefore that 
the aluminum platelets in the Al-CuAl, eutectic 
would also tend to grow with [001] normal to the 
heat flow. But since the condition of preferred 
growth directions in both phases may not be crystal- 
lographically compatible with conditions of minimum 
interfacial energy, a compromise or balance is 
achieved. In general, it is logical to expect that 
thermal conditions, solute concentration, and the 
solidification rate will affect the relative import- 
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| ance of these two tendencies. Therefore, the crys- 
: tallography of eutectics can be a function of growth 
| conditions. (For the specimen studied here the alu- 
| minum (112) and CuAlz (102) were the low index 

| planes closest to being parallel to the solid-liquid 

| interface which was approximately normal to the 
heat flow.) It seems reasonable to postulate that the 
| lamellar faulting described by Kraft and Albright’ 

| may be a direct consequence of such a balance of 

| forces. 


SUMMARY 


1) A back-reflection X-ray diffraction technique 

_ is described which provides a means of determining 
| preferred orientation in small portions of thick 

| samples which are too complicated to analyze by 
more conventional techniques. The method can be 
combined with optical microscopy and a direct cor- 
| relation obtained between metallographic and crys- 
| tallographic phenomena. 

| 2) As an example of the application of the tech- 
nique, a specimen of unidirectionally solidified 


CuAlz-Al eutectic was analyzed and the orientation 
relationship, interfacial planes, and growth direc- 
tion determined. Analysis of these data and previ- 
ously published information revealed that the crys- 
tallography and morphology of eutectics is more 
complicated than is frequently assumed. 
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Dynamic Effects During Twinning in Alpha Iron 


Erhard Hornbogen 


Twins were propagated into large, well-annealed 
crystals of a tvon-phosphorous and a iron-molyb- 
denum solid solutions. Strain fields caused by in- 
teraction of these twins were made visible by pre- 
cipitation. These strain fields can be explained by 
assuming that transmitted and reflected plastic 
waves are created when a twin strikes an obstacle 
with high velocity. The twin front itself can be re- 
garded as a shear wave that may be able to develop 
a one-dimensional shock front. The occurrence of 
{100} fracture by the reflected stress is also dis- 
cussed. The described effects were not found when 
twins propagated at low velocity into disturbed 
crystals, for example, into crystals previously de- 
formed by slip. 


D EFORMATION twinning leads to shearing of a 
crystal lattice under external load. The shear ap- 
pears to be homogeneous over a large number of 

crystal layers. In a iron, shear occurs on the {112} 
planes and in the <111> directions. The formation of 
a twin proceeds by the movement of partial disloca- 
tions that change the stacking at the twinning plane. 


In the bcc lattice, this partial dislocation can be 


1111] dislo- 


created by dissociation of a sessile 9 


cation that lies in the (112) plane: 
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2 sessile 3 sessile 6 glissile 
Cottrell and Bilby’s spiral mechanism can explain the 
homogeneous shear, but has not been proven experi- 
mentally. Nevertheless, this mechanism can explain 
the possible high velocity of formation of a twin. In 
Cottrell and Bilby’s model, as in other models of 
twinning or phase transformation, a much higher en- 
ergy is required to spread the first stacking fault 
than to add new layers by further movement of the 
partial dislocations. The dislocations will therefore 
become accelerated proportional to the difference 
between the stress, Ty, to nucleate and Tp to propa- 
gate the twin. It has been assumed *** that Ty is the 
stress required to make two partial dislocations of 
opposite sign pass for the first time. After the first 
layer of new stacking has been formed, the maximum 
stress is 


_ Gb 
'N = Gad 


where G is the shear modulus, b is the Burgers vec- 
tor of the partial dislocation, and d is their perpen- 
dicular spacing so that the amount of shear is S = b/d. 
From this formula, a value of 25 kg per mm’ has 
been estimated for twinning in Zn’. The measured 
values are smaller, but local internal stresses may 
help to provide the necessary stress. For a iron, a 
higher value can be expected, mainly due to the higher 
value of G. That agrees with the observation that 
“burst” twinning occurs if the yield strength is in- 
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Fig. 1—Grain boundary and twin struck by a high velocity 
twin; a-Fe-20 at. pet Mo solid solution; aged 3 hrs at 600°C 
to decorate the strained zones. Nital etch. X1000. Reduced 
approximately 43 pct for reproduction. 


creased by lowering the temperature or by solution 
hardening.’ The angular velocity, w, of the partial 
dislocation in the spiral is 


STN 


where c= velocity of sound, if the friction is neg - 
lected.® It has been assumed that the friction stress is 
proportional to the velocity of the dislocations.’ This 
damping may be due to the excitation of sound waves? 
and to the stress fields caused by different lattice im- 
perfections. Thus, rate of formation of a twin may 
vary greatly due to changing concentrations of defects 
of the lattice into which it is propagated. 

Measurements of the velocity of dislocations under 
different stresses in an Fe-Si alloy have shown that 
there is a strong dependence of the velocity of a dis- 
location on the applied stress® 


To 

where V is the velocity of a dislocation, 7 is the ap- 
plied shear stress, 7, is the applied shear stress re- 
quired for a velocity of 1. cm per sec, and” was 
found to be about 40 in the Fe-Si alloy and for veloci- 
ties far below that of sound. From this, it can be ex- 
pected that the partial dislocation that leads to the 
shear will be accelerated rapidly at the beginning of 
the twin formation. The acceleration will decrease 
sharply due to the increase in friction with increasing 
velocity and due to the fact that 7 will decrease as 
soon as the twin forms if no further stress is applied 
from outside. It is probable that the partial disloca- 
tions are able to reach velocities close to the speed 
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Figs. 2 and 3—Interaction of twins in an a-Fe-3.8 at. pet 
P solid solution; aged 4 hr at 500°C. X1000, nital etch. 
Reduced approximately 10 pct for reproduction. 


of sound at the beginning of twin formation in an un- 
disturbed crystal. 

There are measurements on the speed of formation 
of martensite plates,%!° and twins®!»!2 but it has been 
possible to measure only the rate of formation of 
the whole plate in length and thickness.? The meas- 
urements of formation of martensite plates have been 
analyzed in respect to the velocity of the growth in 
length. Bunshah and Mehl? estimated a velocity V = 
1000 m per sec, while Arsky!® and Lokshin'!° assume 
a maximum value of V = 7000 m per sec which cor- 
responds to the speed of sound. 

From the possibility that the twin front reaches a 
very high velocity, it can be expected that this front 
can attain the properties of a shock wave propagating 
in the crystal. C. S. Smith proposed a model for a 
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Figs. 4 and 5—Formation of cracks by interacting twins 
a-Fe-3.8 at. pct P solid solution, aged 4 hr at 500°C. 
X1000. Nital etch. Reduced approximately 10 pct for re- 
production. 


shock front moving through a crystalline solid that 
contains dislocations moving in the shock front (Smith 
interface).'4 Crussard pointed out that a martensite 
plate as it forms can be regarded as an “explosive” 
wave. He described the propagation in terms of hydro- 
dynamic theory of waves."® It is therefore possible 
that the stress field at the front of a fast moving twin 
can also be described in terms of a propagating elasto- 


plastic wave. 
The optimum conditions for high velocity of a twin 


are achieved when a twin is originated, with little 
plastic deformation by slip, in a crystal of a-iron 
that contains a minimum of disturbances that contri- 
bute to damping. 


MATERIALS AND EXPERIMENTAL PROCEDURE 
Two alloys were used to produce crystals of @-iron 
solid solutions: Fe + 1.78 wt pct P (3.2 at pct P), and 
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Fe + 29.5 wt pct Mo (19.5 at pct Mo). The alloys were 
made of electrolytic iron containing 0.004 pct N, and 
0.004 pct C, with addition of 99.95 pct Mo or ferro- 
phosphorus containing 0.05 pct S, 1.5 pct Si, 1.1 pct 
C, and 2.0 pct P. The alloys were vacuum melted 
and cast, then held a longer time than necessary for 
solution at the homogenization temperature in order 
to obtain large grains. The Fe-P alloy was held for 
7 days at 1100°C, the Fe-Mo alloy for 1 day at 1440°C, 
then quenched into ice water. In this way, qa-iron 
crystals ~10 mm in diam were obtained. 

Twins were initiated on surfaces of these crystals 
in two different ways: by impact with a sharp needle 
after quenching, or by notches put in the surface be- 
fore quenching. In the latter specimens, the quench- 
ing stresses were sufficient to initiate a few twins 
that penetrated into the interior of the crystal. 

To reveal the strain fields caused by twins, the 
Specimens were aged so as to cause precipitation 
principally in the deformed zones. In this way, the 
shape of the strain fields produced by twins was 
shown and the amount of strain could be estimated. 
The best aging treatments for the two alloys were: 
Fe-P, 4hr at 500°C, Fe-Mo, 1 hr at 600°C. 


EXPERIMENTAL RESULTS 


Fig.1(a) shows a twin that encountered a grain 
boundary and was stopped. Strain fields appear that 
can be interpreted as being caused by reflected and > 
transmitted stress waves. The transmitted strain 
field extends about 10~? cm into the next grain, 
whereas the twin has a thickness of less than 1074 cm. 
Slip seems to be largely restricted to one crystallo- 
graphic plane. The reflected strain does not extend 
as far into the crystal from which the twin came. 

In the following, a few cases of interaction between 
twins are shown, Figs. 1 to 3. Strain fields of this 
kind appear only if very few twins penetrate into an 
undisturbed crystal. If a whole network of twins is 
formed or if the twins penetrate into a crystal that 
has been deformed by slip, only the more localized 
plastic strain fields caused by static stresses are 
observed. 

Fig. 2 shows a twin that has been stopped by 
another one. The greater portion of the transmitted 
plastic strain is in the direction of the incident twin, 
whereas the reflected plastic strain seems to be 
randomly distributed over the whole range of reflec- 
tion. The strain penetrated again about 107? cm 
from the point of interaction. The micrographs show 
also that there is little strain produced along the 
sides of a twin. The nucleation sites for general 
precipitation, can be easily distinguished from those 
in the strain fields in the twin intersections, Fig. 1. 
Fig. 1(6) shows the interaction between two twins in 
an a iron-molybdenum crystal. The reflected and the 
transmitted plastic strain can again be easily recognized. 
In the a iron-molybdenum crystals, the strain seemed 
to be more restricted to the {110} planes than in the 
a iron-phosphorous crystals where {112} and {123} 
have also been found. Figs. 1(b) and 2 show that the 
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[11] (112) 

[ii] (12) 
Fig. 6—Growth in length of a twin in the [111] direction 
on a plane. The moving twin-front can be regarded as a 
one dimensional shear wave that moves in the {111] di- 
rection and changes the stacking of the (112) planes. The 


compression part of the shear wave (+) may be respon- 
sible for the observed effects. 


strain frequently occurs in slip lines with an angle 
of 45—60 deg to the direction of the propagating stress 
wave. 

Fig. 3 shows the same kind of interaction as Fig. 
2, but with two parallel twins struck by a third. The 
intensity of the transmitted strain is low in this case, 
for most of the energy is retained between the two 
parallel twins. This pattern may be explained by a 
zig-zag reflected stress that produced plastic strain 
between the two twins. The ratio between the reflected 
and the transmitted strain seems to be controlled by 
the thickness of the obstacle. There were instances 
in which only reflected plastic strain was visible; all 
the transmitted energy was absorbed by the obstacle. 

The concept that the moving twin can be regarded 
as a propagating linear shear wave’®!> implies that 
the reflected compression part of the wave will be a 
wave of tension.'® If the tensile stress has a compo- 
nent normal to a {100} plane, crack formation is 
possible if the stress is high enough. Cracks at a 
{112} twin interface can be excluded, for the reflected 
stress will reach its maximum amplitude at some 
distance from the reflecting {112} interface. {100} 
cracks that may have been originated in this way 
were found in the Fe-P crystals, Figs 4and5, in ad- 
dition to cracks that arise from static stresses 
caused by 


DISCUSSION 


The observation of interactions of twins in a@ iron 
indicate that dynamic effects can be expected if the 
twins reach a high velocity. The observations can be 
explained qualitatively if the front of a twin is re- 
garded as a linear wave front, with a compression 
and a tension zone moving in the [111] direction on 
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Fig. 7—Shapes of fast and slow moving twin fronts. A 
shock front can form if the velocity of the propagating 
twin (V) comes close to the velocity of sound, (x/t = 
Velocity of the wave fronts in [111].) 


a (112) plane, Fig. 6. If this wave hits an obstacle, 
for example another twin, a transmitted and a reflect- 
ed stress wave are created. The compression zone 
will create a reflected tension wave, the tension 
zone, a compression wave. Both may interfere de- 
pending on the particular geometrical situation. The 
transmitted stress wave will have the same sign as 
the incident wave. This stress wave will be an elas- 
toplastic wave. It degenerates to a pure elastic wave 
at some distance from the interaction Spot, for ener- 
gy is used for the creation of plastic strain. It is 
probable that the compression part of the wave is 
solely responsible for the observed Slip. In the com- 
pression part, the atom movement during shear is in 
the direction of the propagating twin, while it is in 
the opposite direction for the tension part (see Fig. 
6). 

Let V = velocity of growth in length, Vs = atom 
velocity during shear, Vo = effective velocity of com- 
pression wave, Vp = effective velocity of tension wave 
then, 


V+Vs=% 
V-Vs = Vp 
Yo = Vr + 


Therefore, the formation of a shock front can be 
expected in the compression part of the wave first if 
V reaches values close to the velocity of sound. This 
would be the extreme case. Generally, the lengthwise 
growth of a twin may be described by the v. Karman 
theory of elastoplastic waves. !6)18 However, this 
theory assumes a constant velocity of the propagating 
wave. This condition is not fulfilled for the formation 
of a twin. A twin forms first at an accelerating, then 
with a decelerating rate. Therefore, the shape of the 
wave front will be different at various times during 
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| twin formation. At a given instant, it will have the 
| form given by the three solutions of v. Karman’s 
| equation, Fig. 7 


ax | V velocity of propagation of 

the twin. 

varying velocity. [2] 
ax E 

as ree C velocity of sound. [3] 


where x/t is the velocity of propagation of a partic- 
ular strain. S = do/de is the modulus of deforma- 
tion which becomes E = do/de for the elastic defor - 
mation. p, = density of the undeformed material. 

Fig. 7 shows a schematic strain velocity diagram 
for a slow and for a fast moving twin where in the 
first case (7a) the elastic wave is travelling far 
ahead of the plastic wave. In Fig. 7(b), the rate of 
twin formation comes close to the velocity of sound, 
so that there is a tendency to form a shock front. In 
this condition, the effects shown in Figs. 1 to 5 can 
be expected. The evidence presented here is that 
twins do not always reach such a high velocity, but 
only under the conditions of propagation into an un- 
disturbed lattice. 


CONCLUSIONS 


1) The growth in length of a twin can be regarded 
as the movement of a linear plastic wave. 

2) If twins propagate into large undisturbed crys- 
tals, they will reach a maximum velocity. 


3) Under these circumstances, dynamic effects can 
occur, Such as emission of new stress waves if an 
obstacle is met. 

4) There is a possibility of initiation of {100} 
cracks by tension waves reflected when a twin strikes 
an obstacle. 

5) All the factors that favor high velocity of twin 
formation and therefore dynamic effects are also 
known to favor brittle fracture in a iron. These 
factors are a) large grain size, b) increased yield 
strength of the ferrite, c) high perfection of the crys- 
tal, for example, no predeformation by slip, or no 
subboundaries. 


ACKNOWLEDGMENT 


The author wishes to thank Drs. J. R. Low and 
W.C. Leslie for helpful discussions. R. C. Glenn 
helped with the experimental work. 


REFERENCES 


1N. Thompson and D. J. Millard: Phil. Mag., 1952, vol. 43, p. 421. 

2A. H. Cottrell and B. A. Bilby: Phil. Mag., 1951, vol. 42, p. 573. 

3R. Siems and P. Haasen: Z. Metallk., 1958, vol. 49, p, 213. 

4A. Seeger: Z. Metallk., 1956, vol. 47, p. 653. 

SE. Hornbogen: Trans. Met. Soc. AIME, 1960, vol. 218, p. 634. 

®J. C. Fisher: Acta Met., 1955, vol. 3, p. 413. 

’G. Leibfried: Z. Phys., 1950, vol. 127, p, 344. 

®D. F. Stein and J. R. Low: J. Appl. Phys., 1960, vol. 31, p. 363. 

°R. F. Bunshah and R. F. Mehl: AJME Trans., 1953, vol. 196, p, 1251. 

FR, L. Lokshin: Nauch. Dokl. Vysshei Shkoly-Metaliurg., 1959, vol. 1, p. 146, 

MF, Forster and E. Scheil: Z. Metallk., vol. 32, p, 165. 

“T. B. Lean, J. Plateau, C. Bachet, and Ch. Crussard: Compt. rend., 1958, 
vol. 246, p. 2846. 

18W, N. Arsky: Metallovedenje i Obrabotka Met., 1956, vol. 11, p, 156. 

4C, S. Smith: Trans. Met. Soc. AIME, 1959, vol. 212, p. 574. 

Ch. Crussard: Compt. rend., 1955, vol. 240, p. 2313. 

16H. Kolsky: Stress Waves in Solids, Oxford, p. 89, 1953. 

“PD. Hull: Acta Met., 1960, vol. 8, p. 11. 

Th. von Karman: NDRD Report A29, OSRD 365, 1942. 


The Effect of Striation Substructure on the Critical 
Resolved Shear Stress of Zinc Single Crystals 


J. Rezek and G. B. Craig 


The critical resolved shear stress of zone-vefined 
zinc single crystals deformed in tension is found to 
increase with increasing amount of striation sub- 
structure. The increase in strength with numbers of 
striations can be accounted for by a dislocation pile- 
up mechanism. A somewhat different means of 
plotting stress-strain data is introduced which al- 
lows a more unambiguous choice of yield stress to 
be made. 


Few systematic studies of the role played by mac- 
romosaic or striation-type substructure in the de- 
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formation of high-purity metal single crystals grown 
from the melt have been reported. McGrath and 
Craig’ found that striations increased the critical 
resolved shear stress of zone-refined aluminum 
crystals, postulating a dislocation blockage by the 
striations as the strengthening mechanism. Lauri- 
ente and Pond? found that, as the etch pit density in- 
creased in aluminum crystals grown from the melt, 
the critical resolved shear stress also increased. 
Fleischer and Chalmers? also found changes in the 
critical resolved shear stress of aluminum crystals 
grown from the melt at varying rates, but could not 
be certain whether an increase of strength with rate 
was due to a higher concentration of impurity in the 
gage length or to an increase in the number of small- 
angled boundaries. An early work by Hibbard? indi- 
cated that copper crystals containing lineage boun- 
daries were stronger than those free from this type 
of imperfection. 
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Fig. 1—Orientations of zinc crystals. 


While little information exists on how substructure 
in melt grown crystals affect strength, considerable 
information exists on the effect of artificially intro- 
duced subboundaries. Washburn® introduced con- 
trolled small-angled boundaries into zinc. He found 
that introduction of these boundaries resulted in an 
increase in the yield stress when the crystal was 
deformed by pure shear. Parker and Hazlett® investi- 
gated the effect of prestraining pure polycrystalline 
nickel by varying amounts and determined that an 
increase in the density of subboundaries resulted in 
an increase in the flow stress. Ball’ investigated de- 
formed polycrystalline aluminum, and determined 
that the critical resolved shear stress was propor - 
tional to the inverse square root of the subgrain size. 

Despite an increase in the interest shown in the 
variation of mechanical properties of high-purity met- 
als with the substructure inherently present in the 
growth process, no work has been published to date 
on the effect of striation boundaries on the critical 
resolved shear stress of hexagonal close-packed met- 
als and of zinc in particular. The present work was 
undertaken to provide information on this subject. 


EXPERIMENTAL PROCEDURE 


The zinc employed in this investigation was pro- 
vided by the Consolidated Mining and Smelting Co. of 
Canada Ltd., and was of an initial purity of 99.9996 pct. 
Prior to use, the zinc was zone refined, the refining 
operation being verified by recrystallization tests 
and resistivity ratios. 

Single crystals were grown by the Chalmers’ tech- 
nique® at rates of 1.0, 4.0, and 7.0 mm per min under 
a gradient in the liquid of 30°C per mm. Following 
growth, the crystals were chemically cut in a 50 pct 
solution of concentrated nitric acid and water after 
which they were annealed at 410°C for 24 hr and 
furnace cooled. The crystals were etched in a 50 pct 
solution of hydrochloric acid and water. This treat- 
ment was followed by a chemical polish. The polish- 
ing solution, developed by Gilman and DeCarlo,® con- 
sisted of equal volumes of 30 pct hydrogen peroxide, 
ethylalcohol, and concentrated nitric acid. The fin- 
ished crystal, prior to deformation was about 5 in. 
long, 0.5 in. wide, and about 0.175 in. deep. 

Orientations of crystals were determined by X-rays 
using the Laue back-reflection technique. The aver- 
age orientations of the series of crystals grown are 
shown on the stereographic projection of Fig. 1. A 
traverse across the face of each crystal was made in 
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Fig. 2—Top and bottom surface of a heavily striated zinc 
crystal one-half actual size. 


order to ascertain the total angular misorientation 
due to the striations. 

The crystals were each strained approximately 
2 pct in a soft-type tensile machine, and an optical 
lever extensometer was employed to indicate strains. 
Up to approximately a strain of 0.014 pct the strain 
sensitivity was 2 x 107° over a gage length of 2 in.; 
ithe corresponding limits of accuracy in this range 
were, however, only + 4 x 107°. From the strain of 
0.014 pct up to 2 pct the strain sensitivity was of the 
order of 3.6 x 107%. The loading rate was approxi- 
mately 2 g per sq mm per min. 

In order to count the number of striations, the 
crystals were cleaved at liquid nitrogen temperature 
at both gage marks and midway between them. The 
number of striations were counted on each of the six 
cleavage surfaces. From these counts, two figures 
were obtained; a minimum number of striations on a 
cleavage surface, and essentially the arithmetic aver- 
age of the number of striations on the cleavage sur - 
faces. The minimum striation count was employed 
as the number against which the critical resolved 
shear stress was compared, while the average stria- 
tion count was used for other deformation parameters. 

The above method of counting striations was felt 
to be more accurate than counting striations on the 
surface of the crystal, since such a count was depen- 
dent upon the quality of the etch. X-ray techniques 
were found to be inadequate for the more densely 
striated crystals. Fig. 2 is a photograph of the top 
and bottom surfaces of a heavily striated single 
crystal. It shows graphically the difficulty of count- 
ing striations visually. 


RESULTS 


The results of this investigation are tabulated in 
Table I. It is apparent from this table that, in gene- 
ral, an increase in the rate of growth results in an 
increase in the number of striations. It is also ap- 
parent that the total angular misorientation also in- 
creases with increasing numbers of striations. The 
average orientation difference between striations, 
calculated by dividing the total angular misorienta- 
tion by the average number of boundaries per cross 
section, is tabulated in column 6. The average num- 
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Table l. Summary of Results 


SV Striation Width 
Rate Total Angular Angular oe 
of Growth Minimum No. Misorientation, Misorientation, 
Specimen mm per Min of Striations g/mm” Degrees Degrees ees) mm~/ 
X2A i il 14.5 0 0 1257, 0.282 
X2B 4 1 14.0 15) 0.75 12.7 0.282 
LAC 7 3 19.5 2 0.50 4.23 0.485 
X3A 1 14 OBIS 5 0.38 0.907 1.05 
X3B 4 7 17.5 Ta5 0.62 1.815 0.740 
X3C 7 24 29.0 15 0.27 0.577 1.318 
X4A 1 76 43.0 - - 0.167 2.45 
X4B 4 55 40.5 16 0.29 O231eeeZ108 
X4C Uf 136 47.5 - - 0.093 3.27 
Y2A 1 4 15.0 3 1.0 3.175. 
Y2B 4 3 14.5 4.5 teak 4.23, 0.485 
W2C 4 15.0 3 0.75 
Y3A 1 1 12.0 3 1.0 12.7 0.282 
Y3B 4 4 19.0 335 0.88 
WOE "| 16 26.0 1255 0.42 0.794 1.12 
Z2A 1 1 13.0 3 155 7, 0.282 
Z2B 4 5 20.0 3 0.75 2.54 0.630 
Z3A 1 3.5 6.35. 0.398 
Z3B 4 5 NGS) 6 0.67 2.54 0.630 
Z3C 26.5 0.38 0.847 1.09 
Z4A 1 2 a's) 0.5 0.5 6.35 0.398 
Z4B 4 1 i555) 0 0 PY 0.282 
ZAC af 3 19.0 1 0.5 4.23 0.485 


ber of boundaries equals the average number of stri- the effect of carefully controlled thermal conditions 


ations less one. For crystals 


X4C and A, the spread on the nature of the striation boundaries. 


of angular misorientation was so great as to cause It appears from the results that the average angular 
overlapping on the X-ray film of back reflections from misorientation derived by dividing the total misorien- 
differing planes. It was therefore not possible to de- _ tation by the average number of boundaries is approx- 
termine the average or total angular misorientation imately a constant of about 0.35 deg for crystals with 
for these particular crystals. five striations or more. For those crystals with few- 
For low numbers of striations, Laue back-reflec- er than five striations, the scatter of results is so 
tion photographs were taken straddling each boundary. great as to make analysis difficult. 
The results were very inconclusive in that the angu- During the examination of cleavage surfaces, it was 
lar misorientation across individual boundaries var- noted that the pattern of striations did not obey the 
ied from angles as high as 3 deg to as low as 0.5 deg. classical picture presented for this type of substruc- 
An investigation is now being initiated to determine ture by Teghtsoonian and Chalmers.’° Fig. 3 is a 
E + | 
| 
| 
| 
| 
5 30 Y-3B (4) | 
5 
20 Y- 3A (3) 
7 
irs} | 


Resolved Shear Strain x (g/m)! 
d7=const. 


Fig. 4—Typical resolved shear stress—shear strain curves 


Fig. 3—Cleavage surface of a striated zinc erystal. Mag- and equivalent inverse shear hardening curves (number of 


nification approximately X7. 
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Stress 


Resolved Shear 


| | | | 
20" 80, 100 


Minimum Number of Striations per Crystal 


Critical 


Fig. 5—Variation of critical resolved shear stress with 
numbers of striations, 


photograph of the cleavage surface of a crystal with 
few striations, and it will be noted that the striations 
do not have the classical “bundle of rods” shape. This 
feature of striations has been presented in a previous 
paper." 


Stress-Strain data was plotted in two different ways. 


The first method was the standard one of plotting re- 
solved shear stress against resolved shear strain. 
This method was not satisfactory for determining 
the critical resolved shear stress; consequently, a 
new method of plotting stress-strain data was de- 
vised. This method is an adaptation of the inverse 
temperature curve used for calibrating thermocou- 
ples. Its advantage lies in the fact that in common 
with all differential type curves, differences in the 
measured parameters are accentuated. It is called, 
in recognition of its source, an inverse shear hard- 
ening curve. 

The inverse shear hardening curve is obtained by 
plotting the increment of resolved shear strain per 
unit increment of resolved shear stress against the 
applied resolved shear stress. Fig. 4 illustrates 
typical resolved shear stress-shear strain curves 
for zone-refined single crystals with increasing 
numbers of striations, as well as the corresponding 
inverse shear hardening curves for the same crys- 
tals. The expanded low strain region for the true 
stress-true strain curves is not shown. 

The position of the critical resolved shear stress 
is determined with little ambiguity in the inverse 
shear hardening curves. Its value is determined 
by noting the resolved shear stress at which the in- 
crement of resolved shear strain per unit increment 
of resolved shear stress reaches 5 x 1075 sq mm 
per g. This figure is arbitrary, but the critical re- 
solved shear stress chosen in sucha way is the re- 
solved shear stress at which a relatively large change 
of strain takes place with a small change in stress, 
the change of stress being held constant at all times. 
The choice of a yield stress in this manner is more 
in line with the concept of the yield stress as being 
that stress at which macroscopic flow begins to take 
place and is therefore not as arbitrary as choosing 
an offset yield or by extrapolating from a given por- 
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Graph of Critical Resolved Shear Stress 


versus 
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Fig. 6—Critical resolved shear stress as a function of 
striation width. 


tion of the stress-strain curve. 

From the curves of Fig. 4, it is apparent that in- 
creasing the number of striations increases the cri- 
tical resolved shear stress. It is also seen from the 
resolved shear stress-shear strain curves of this 
figure that an increase in the number of striations re- 
sults in an increase in the slope of the curves. This 
last point is now being investigated and will be re- 
ported at a later date. 

A plot of the critical resolved shear stress for all 
crystals vs the minimum number of striations is pre- 
sented as Fig. 5. It is seen that striations increase 
the critical resolved shear stress rapidly for few 
striations and less rapidly for intermediate numbers; 
while for highly striated crystals, the relative 
strengthening effect of striations levels off at be- 
tween 70 and 80 after having increased the critical 
resolved shear stress by over 300 pct over that of 
an unstriated crystal grown from the melt. The 
shape of this curve is in agreement with that found 
for striated aluminum crystals by McGrath and 
Craig.* 

To determine if striations alone could account for 
the strength of crystals, a heavily striated crystal 
was pinched at one end in order to remove striation 
substructure, and annealed for 24 hr at 410°C. This 
method of removing striation-type substructure has 
been used extensively by Aust and Rutter.!’2. The 
crystal was then treated and deformed as usual, and 
the critical resolved shear stress was determined 
to be 8 g per sq mm. From Table I, it is seen that 
the lowest value for this parameter for an unstriated 
crystal grown from the melt is 12 g per sq mm. Ob- 
viously, not only does the passage of a boundary 
through a striated crystal remove the Optical mosaic 
but it also removes substructure of an order below 
this. This substructure affects the strength of the 
crystal and may play an important role in solution 
hardening. 


DISCUSSION 


Cottrell has shown'® that the stress concentration 
at the head of a pileup of dislocations is 
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no = Oj 


[1] 
where 7 are the number of dislocations in the pileup, 
o is the applied stress, and o; is the stress concen- 
tration. The number of dislocations in the pileup can 
be calculated from an equation developed by Eshelby, 
Frank, and Nabarro' viz., 


KT0L 
Lb 


where K 


[2] 


(1-y) where y is Poisson’s Ratio 

applied stress 

length of slip plane between the source and 
an obstacle 

lt = shear modulus 

b = Burger's vector 


The number of dislocations emitted by a source 
situated in the middle of a grain, diameter d, would 


bel® 


_ Knod 
[3] 


the factor 4 entering because a back stress comes 
from dislocations piled up on both sides of the 
source. 

For a given o; in Eq. [1], we rewrite Eq. [3] as 


[4] 


where c is a constant. 

In applying Eq.| 4] tostriations, weassume that the 
length of available slip plane is limited by the num- 
ber of striations--7.e., the obstacle to the disloca- 
tion movement is the striation boundary. Plotting o 
vs t™'”, Fig. 6, where ¢ is the striation width, prod- 
uces a Straight line and shows that o is proportional 
to t7'/?. Since Eq. [1] was derived on the assump- 
tion of a pileup of dislocations, then the agreement 
of the results with Eq. [4] indicates that a pileup 
mechanism can account for the strengthening effect 
of striations on the critical resolved shear stress. 
The functional relation between o and ¢ may be des- 
cribed by the equation 


WY 


[5] 


where the limit of ¢ is 12.7 mm-—.e., the specimen 
width. 

The intercept of this straight line is at a stress of 
14 g per sq mm, the critical resolved shear stress 
of an unstriated single crystal. At least part of this 
resolved shear stress is required to overcome the 
effect of substructure other than the striation type, 
since the critical resolved shear stress of a crystal 
through which a boundary had passed at the expense 


of striation type substructure was only 8 g per sq mm. 


The orientations of crystals employed in this work 
were such that the slip direction was parallel to or 
within 15 deg of the traces of the striation boundaries 
on the cleavage surface. If the interaction between 
the edge component dislocations and the striation 
boundaries were alone responsible for the strength- 
ening effect of striations, it would be expected that 
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there would be little increase in strength. On the 
other hand, since the screw component dislocations 
would be moving at right angles to the boundary, it is 
felt that the interaction of a striation boundary with 
screw component dislocations does influence the cri- 
tical resolved shear stress. If such is the case, the 
strengthening effect of a striation as a function of its 
width could be explained satisfactorily. 

The present results are in qualitative agreement 
with those of Ball’ who found that o was proportional 
to ¢-!” for subgrains in polycrystalline aluminium. 
Fleischer*® has also pointed out that the results of 
McGrath and Craig’ show a proportionality between 
o and 1/?, 

Having assumed that a dislocation pileup mechan- 
ism is operative, the strengthening effect of stria- 
ations can be explained by the use of Eqs. [1] and 
[2]. Crystals containing few striations present 
correspondingly long slip distances between them- 
selves and a source. As a result, the number of dis- 
locations in a pileup for a given applied stress will 
be large compared to a crystal with many striations. 
Consequently, the applied stress to break through 
the obstacles must be higher for crystals containing 
many striations than those containing few. 

The shape of the striation strengthening curve, 
Fig. 5, can also be explained in terms of Eq. [2]. 
This equation shows that for a given stress 7 is pro- 
portional to N~'. Thus, there will be a large pileup 
and a high stress concentration when few striations 
are present. A small increase in the number of 
striations causes a very rapid decrease in the num- 
ber of dislocations in a pileup, and in fact reaches a 
relatively constant number for over 70 striations. 
There must be, as a result, a correspondingly rapid 
increase in the applied stress with a small increase 
in numbers of striations to attain a stress concentra- 
tion sufficient to break through the boundaries. On 
the other hand, for crystals containing many stria- 
tions, an increase of a few scarcely changes the num- 
ber of dislocations in the pileup; consequently, it is 
expected theoretically and seen experimentally that 
the strengthening curve of striations levels off at 
high numbers of these boundaries. 


CONCLUSIONS 


The following conclusions are drawn from the ex- 
perimental results: 

1) The presence of striation boundaries raises the 
critical resolved shear stress of zone-refined zinc 
single crystals. 

2) A dislocation pileup mechanism can explain the 
strengthening effects of striations in zinc, since o is 
proportional to 

3) Striations are seen to affect the slope of the 
true stress-true strain curve. 
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The Evolution of Textures in FCC Metals, Part Il: Alloys 


of Copper with Phosphorus, 


R. H. Richman and Y. C. Liu 


Deformation and recrystallization textures of the 
a solid solutions of Cu-P, Cu-As, and Cu-Sb alloys 
ave examined as a function of composition. It is 
found that the deformation texture of copper is un- 
changed up to a composition of 0.43, 0.41, and 0.24 
at. pct of phosphorus, arsenic, and antimony, ve- 
spectively, and then the transition to the 70:30 brass 
type of deformation texture proceeds linearly as the 
logarithm of the solute content. Recrystallization 
textures consist of strong, new components that do 
not all bear the usual <111> rotational relation to 
the deformation components. The dependence of the 
deformation texture transitions and the recrystalli- 
zation orientations upon composition and solute- 
element type is discussed. 


x systematic evolution of individual recrystalliza- 
tion components in the annealing texture of copper 
was portrayed as a function of germanium or tin 
content in a previous study.' Similar patterns of tex- 
tural change have been observed with copper-zinc 
alloys,’ and in less detailed studies of other sys- 
tems??? In fact, most of the literature dealing with 
preferred orientations in copper alloys indicates 
that the influence of solute elements upon textures 
in copper is of one general type. As the alloy con- 
tent of copper is increased, the deformation texture 
changes from the copper type to the 70:30 brass type, 
and the annealing texture undergoes a comparable 
change from the (001) [100] orientation of unalloyed 
copper to the {113} <211> type of 70:30 brass, with 
the notable exception of copper alloyed with Periodic 
Subgroup V-B elements.*~® In almost every case it 
is possible to describe the reorientations after an- 
nealing as 30 to 40 deg rotations about <111> poles 
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Arsenic, and Antimony 


of the deformation components. Since there is ap- 
parently not much difference in the final textures of 
the copper binary systems already investigated, only 
a limited variety of preferred orientations has served 
as the basis for current theories of the origin of an- 
nealing textures. In order to test the validity of the 
proposed theories, and the possibility that the <111> 
rotations are not unique, it would be most desirable 
to study the reorientation relationships of additional, 
and heretofore unanalyzed, recrystallization compon- 
ents if such components exist. 

Examination of the literature reveals a good deal 
of uncertainty concerning preferred orientations in 
copper alloyed with elements in Subgroup V-B of the 
Periodic Table. Phosphorus is known to inhibit the 
cube texture in copper when present in amounts as low 
as 0.01 wt pct,® but the recrystallized matrix that oc- 
curs instead of the cube orientation was reported as 
either random or weakly textured, with orientations 
not observed in Cu-Zn, Cu-Ge, or Cu-Sn alloys.+~® 
A Cu-0.75 at. pct As alloy apparently contained, along 
with the (001)[100] and {113} <211> type of recrys- 
tallization components, {110} <112> and {110} <001> 
components, whereas an almost random distribution 
of orientations was found in alloys of higher arsenic 
content.* A {110} <001> component also appeared in 
rolledand annealed Cu-Sb alloys, but otherwise the 
recryStallization textures of Cu-Sb alloys seem to con- 


Tabie |. Composition of the Alloy Constituents 


Element Grade 


P 99.4 pct 
As 99.6 pct 


Impurities 


Not analyzed 


0.02 pct Cu 0.05 pct Si 
0.05 pct Fe 0.01 pct other 
0.01 pct Pb 

0.20 Sb 

0.05 Ca 


0.003 pet Cu 
0.003 pct Fe 
0.010 pct Pb 
0.005 pct As 


Sb 99.97 pct 
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Table Il. Chemical Compositions and Processing of 


Cu-P, Cu-As and Cu-Sb Alloys 


Homogeni- Annealing Prior he : 
zation to Final Rolling, Percent 
Weight Atomic Temp., Time, Temp., Time, ness, ness, Reduc- 
Percent Percent °C Hr ec Hr In. In. tion 
COPPER-PHOSPHORUS 
0.002 0.004 900 65 400 1 0.493 0.0035 99.3 
0.005 0.010 850 62 450 1 0.553 0.004 99.3 
0.006 0.011 900 66 400 1 0.539 0.004 99,3 
0.008 0.015 850 62 400 1 0.542 0.004 99.3 
0.010 0.020 850 66 400 1 0.554 0.004 99.3 
0.011 0.023 850 66 400 1 0.545 0.004 99.3 
0.015 0.031 850 66 400 1 0.552 0.004 99.3 
0.025 0.051 850 40 400 1.5 0.639 0.004 99.4 
0.031 0.063 850 40 400 i 0.700 0.004 99.4 
0.035 0.072 850 40 400 15 0.698 0.0035 99.5 
0.053 0.109 850 40 400 1.5 0.699 0.004 99.4 
0.098 0.20 850 66 400 1 0.548 9.0045 99.2 
0.15 0.31 800 66 400 1 0.545 0.0045 99.2 
0.22 0.46 800 66 400 1 0.546 0.0045 99.2 
0.32 0.66 800 66 400 1 0.600 0.0045 99.2 
0.38 0.78 800 68 450 1 0.547 0.0045 99.2 
0.50 1.03 800 66 450 1 0.541 0.004 99.3 
0.58 1.19 800 66 450 1 0.541 0.004 99.3 
0.63 1.29 800 66 450 1 0.540 0.004 99.3 
0.65 1.33 700 266 500 1 0.544 0.004 99.3 
0.84 1.70 700 266 500 il 0.544 0.004 99.3 
COPPER-ARSENIC 
0.054 0.048 850 70 450 il 0.510 0.004 99.2 
0.085 0.072 850 65 450 1 0.496 0.004 99.2 
0.16 0.13 850. 67 450 1 0.629 0.004 99.4 
0.28 0.23 850 65 450 1 0.500 0.004 99.2 
0.47 0.40 850 65 450 1 0.500 0.004 99.2 
0.74 0.63 850 66 500 il 0.536 0.004 99.3 
A515, 0.98 850 66 500 1 0.534 0.004 99.3 
1.97 1.68 850 67 500 1 0.624 0.005 99.2 
| 850 65 500 1 0.488 0.004 99.2 
3.24 2.76 800 65 500 1 0.529 0.004 99.2 
4.10 3.50 700 68 500 1 0.553 0.0045 99.2 
6.04 5.17 650 68 500 1 0.550 0.004 99.3 
COPPER-ANTIMONY 

0.017 0.0089 900 69 450 i 0.528 0.004 99.2 
0.033 0.017 900 69 450 iL 0.487 0.0035 99.3 
0.066 0.035 900 65 450 1 OF537) 0.004 99.3 
0.082 0.043 900 69 450 1 0.518 0.0035 99.3 
0.11 0.057 900 69 450 1 0.501 0.004 99.2 
0.18 0.094 900 65 450 1 0.535 0.004 99.3 
0.33 0.17 900 60 450 1 0.530 0.004 99.2 
0.37 0.19 900 65 450 1 0.537 0.004 99.3 
0.57 0.30 900 65 450 1 0.535 0.004 99.3 
0.67 0.35 900 60 500 0.5 0.760 0.0045 99.4 
0.82 0.43 900 65 500 1 0.537 0.004 99.3 
1.56 0.82 900 65 500 1 0.545 0.003 99.4 
2.74 1.45 800 66 500 1 0.274 0.0025 99.1 


form to the usual evolutionary pattern, at least up to 
0.63 at. pct Sb.* 

The evidence from past work points to the existence 
of recrystallization components in Cu-As and Cu-Sb 
alloys that are not the types usually observed in cop- 
per alloys. Probably such components also occur in 
the more highly alloyed Cu-P solid solutions. Unfor- 
tunately, many of the available results for these sys- 
tems are presented in terms of “complicated,” “ran- 
dom,” and “weak” making the existence of these com- 
ponents or their correspondence to theory quite un- 
certain. Preliminary experiments with several Cu- 
Subgroup V-B compositions confirmed the presence 
of the previously indefinite, as well as other unre- 
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Fig. 1—Transition of deformation textures in Cu-P, Cu-As, 
and Cu-Sb alloys. 

ported, recrystallization components. A detailed 
study was therefore undertaken to define more pre- 
cisely the preferred orientations in cold-rolled and 
annealed Cu-P, Cu-As, and Cu-Sb solid-solution al- 
loys. Knowledge of these orientations will ultimately 
permit more rigorous evaluation of current theories, 
and the patterns of evolution with changing composi- 
tion should provide further insight into the relations 
between deformation and annealing textures. Finally, 
it is hoped that a study involving three alloying ele- 
ments of the same Subgroup will contribute informa- 
tion concerning the influence of ion-core interactions 
upon textures. 


EXPERIMENTAL PROCEDURE 


Binary alloys were prepared from cathode copper 
99.95 pet pure containing 0.04 pct O as the major im- 
purity, and the alloying elements in Table I. The pro- 
cedures used for processing and treatment of the al- 
loys as well as the details of experimental determin- 
ations were the same as described in Ref 1. As in the 
previous work, the castings were grain refined prior 
to final rolling. Primary recrystallization was found 


Fig. 2—{111} Pole figure of a Cu-0.31 at. pet P alloy rolled 
99.3 pet A—{110} <112> A—{358} <523>. 
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Fig. 3—{111} Pole figure of a Cu-0.66 at. pet P alloy rolled 
99.3 pet A—{110} <112> A—{358} <523>. 


metallographically to be complete in all compositions 
after 1 hr at 400°C; extension of the annealing time 
to 2 hr at 400°C produced no significant changes in 
the recrystallization textures. Chemical compositions, 
intermediate heat treatments, and dimensions of the 
Specimens are listed in Table II. 


EXPERIMENTAL RESULTS 


Deformation Textures. Changes in deformation tex- 
tures as phosphorus, arsenic, or antimony is added to 
copper were examined by the determination of pole 
figures and by the peak-height ratio technique.' The 
peak-height ratio method essentially consists of com- 
paring the heights of the diffraction peaks associated 
with the peripheral pole concentrations at 20 deg from 


Fig. 4—{111} Pole figure of a Cu-1.70 at. pct P alloy rolled 
99.3 pet A—{110} <112> A—{358} <523>. 
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Fig. 5—{111} Pole figure of a Cu-3.50 at. pet as alloy rolled 
99.3 pet A— {110} <112>. 


the rolling direction and at the transverse or 90 -deg 
direction of {111} deformation pole figures. The 20- 
deg pole concentration is strong in both the copper 
type and the 70:30 brass type of deformation textures, 
but the 90-deg concentration is dense only in the 
70:30 brass type of preferred orientation. The ratio 
of 90- to 20-deg peak heights is used as a measure 
of the relative amounts of each type of preferred 
orientation in the deformation textures. 

It is found that the copper deformation texture is 
essentially unchanged by the first solute additions, 


Fig. 6—{200} Pole figure of a Cu-0.020 at. pet P alloy rolled 
99.3 pet and annealed 1 hr at 400°C. 

{012} <100> @— {227} <774>-1 @—-{110}<1125 + 14° 

{234} <323> 227} <774>-11 
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Fig. 7— {111} Pole figure of a Cu-0.020 at. pet P alloy rolled 
99.3 pet and annealed 1 hr at 400°C. 

[100] a—{123}<233> 
<100> <774>-1I @—{110} <112>+14° 
A—{234} <323> @—{227! < 774>-1 


and when the change does occur it proceeds approx- 
imately linearly with the logarithm of the solute con- 
tent in atomic percent, as shown by Fig. 1. Initiation 
of the textural transition occurs at 0.43 at. pct P, 
0.41 at. pct As, or 0.24 at. pct Sb. Deformation texture 
pole figures of selected alloy compositions agree 


Fig. 9— {200} Pole figure of a Cu-1.03 at. pct P alloy rolled 


99.3 pet and annealed 1 hr at 400°C. 
@ —{110} <112> +14°  —{110} <112> — 16° 
@—{ 227 <774>-1 


well with these findings. For example, the deforma- 
tion texture of a Cu-0.31 at. pct P alloy should be of 
the copper type according to Fig. 1; comparison of 
the deformation texture for this composition, Fig. 2, 
with that of unalloyed copper® confirms the similarity. 
A phosphorus content somewhat above that required 
to initiate the deformation transition is represented 


Fig. 8—{200} Pole figure of a Cu-0.11 at. pet P alloy rolled 
99.5 pet and annealed 1 hr at 400°C. 


(001) [100] @—{227} <774>-I1 {110} <112> + 14° 
M— {012} <100> {227} < 774>-I—{110} <112> —16° 
{227} <774>-I-Twin 
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Fig. 10—{111} —Pole figure of a Cu-1.03 at. pet P alloy 
rolled 99.3 pet and annealed 1 hr at 400°C. 

— {110} <112>+ 14° — {110} <112>—16° 

@- {227} <774>—1 
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Fig, 11—Evolution of recrystallization components in cold 
rolled Cu-P alloys annealed 1 hr at 400°C, 
( (001) [100] component omitted). 


by the pole figure for a Cu-0.66 at. pct P alloy in Fig. 
3. The increase in the peak-height ratio for Cu-0.66 
at. pct P is reflected in the diminished intensities of 
the “yoke” areas of Fig. 3. Otherwise the general 
features of the copper type of deformation texture 
are preserved. At higher phosphorus contents, the 
deformation textures appear increasingly like that of 
70:30 brass, as for example the deformation pole fig- 
ure of a Cu-1.70 at. pct P alloy in Fig. 4. 

Completion of the deformation-texture transition 
was not achieved in two of the alloy series, presumably 
because of low solubility at room temperature in the 
case of Cu-P alloys,'° and because of brittleness in 
alloys of high antimony content. Extrapolating the 
linear transitions to the approximate peak-height ra- 
tio values of the preceding investigation,' it is esti- 
mated that about 2.5 at. pct P or 1.5 at. pct Sb is nec- 
essary to complete the transition. In the Cu-As series 
the transition is completed at 3.0 at. pet As witha 
peak-height ratio slightly higher than that observed 
for Cu-Sn alloys, but comparable to the ratio for Cu- 
Ge alloys.’ A solute content higher than that required 
for completion of the deformation transition results in 
the 70:30 brass type of deformation texture, such as 
that of Cu-3.50 at. pct As in Fig. 9. 

Recrystallization Textures. Copper-Phos phorus 
Alloys. The pole figures appearing in Figs. 6 to 10 
illustrate the influence of phosphorus upon the re- 
crystallization texture of copper; the evolutionary 
patterns of the individual recrystallization compon- 
ents are presented in Fig. 11. The methods employed 
to obtain Fig. 11, and the reasons for Omitting the 
(001) [100] component from this figure, have already 
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Fig. 12—{200} Pole figure of a Cu-0,035 at. pet Sb alloy 
rolled 99.2 pct and annealed 1 hr at 400°C, 

C~(001) [100] A— {113} <211> type 
@-{012} <100> — {358} <523> type 


been described in detail.! Because of the complexity 
of the preferred orientations in Cu-P alloys, some 
explanatory comments follow. 

Dilute alloys exhibiting orientations other than the 
cube component and its twins are categorically re- 
presented by {200} and {111} pole figures of the Cu- 
0.020 at. pet P composition in Figs. 6 and 7. Eight 
components are identified: (001)[100], {012} <100>, 
{234} <323>, {123} <2335, {227} <774>-1, {227} 
<774>-TI, the twin of {227} <774>-II, and a compon- 
ent designated {110} <112>+ 14 deg. The {234} 
<323> and {123} <233> components, whose exact in- 
dices are {478} <747> and {257} <12,19,1T>, appear 
to be twin related; the {234} <323> component is also 
very close to a twin relation with the (001)[100] com- 
ponent, making it quite likely that the {123} <233> 
component is a second-order twin of (001)[ 100]. 

Recrystallization textures in dilute Cu-P alloys 
are complicated by the components designated {22 7h 
<774>—I and —II. The actual indices of the 227) 
<774>-I component are {227} <15,13,8>, related to 
the ideal {227} <774> orientation by a 4-deg rotation 
around the rolling plane normal. This Slight difference 
from the ideal {227} <774> orientation is not illus- 
trated clearly in Fig. 6, but the peak shapes on the 
original chart recordings demonstrate the necessity 
of the rotated indices. Similarly, the indices of the 
{227} <774>-II component are {2,5,12} <553>, which 
is a radial split of the ideal {227} <774> orientation 
instead of the {227} <774>-I type of circumferential 
split. The stereographic coordinates of these ideal 
orientations are given in Table III. The {227} <774>— 
twin component shown in Figs. 6 to 8 seems best 
related to the {227} <7745-_1] orientation, resulting 
in the ideal indices {5,13,29} <2,15,7. 

The mutual proximity of certain of the cube poles 
of the ideal {227} 1227) <7 74 
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Table Ill. Observed Stereographic Coordinates of 
the Cube Poles of Cu-P Recrystallization Components 


Coordinates 

Ideal Indices Alternate Designation Beta* Alphat 
44 2A 
{478} <747> {234} <323> 156 44 
296 38 
6 52 
1257} <12, 19, 17> {123} <233> 117 15 
218 34 
0 67 
{227} <774> 133 16 
227 16 
6 68 
12278 <15, 13, 8> {227} <774>-1 138 14 
232 16 
24 66 
5.11.2} <553> SS 132 8 
226 23 
19 20 
{225} <412> {227} <774> --I-Twin 152 61 
282 19 
11 23 
013, 29} <2. 15, 7> {227} <774> —I]-Twin 171 65 
8 


*Rotation along the basic stereographic circle, counterclockwise from 


the rolling direction. Fig. 13—{200} Pole figure of a Cu-0.19 at. pct Sb alloy 
tDegrees of tilt from the circumference along a diameter of the polar rolled 99.2 pet and annealed 1 hr at 400°C. 
stereographic projection. O-(001) [100] A —{358} <523> type 
{012} <100> @ {227} <774>-1 
A-— {113} <211> type —{295} <412> 


{234} <323> orientations necessitates a graphical 3 
subtraction, using information from another {234} 

<323> cube pole that is not influenced by any adjacent of these two components do not vary identically with 
pole concentrations, to determine the peak heights of phosphorus content, they usually occur together in 
the {227} <774> components. Furthermore, the peak the recrystallization textures; consequently, they can 
heights of the {227} <774>-I component were meas- pe denoted {110} <112>+ 15 deg without serious er- 


ured at the ideal {22 7 <774> position for simplic- ror. One of the reasons the peak maxima values for 

ity; the values plotted in Fig. 11 are really the the {110} <112> + 15 deg orientations are so high is 

ee interaction of two {227} <774>-I peaks 8 that these components have a multiplicity of two rather 
eg apart. 


Both Yen’ and Baldwin!! identified a {112} <111> 
component in the recrystallization textures of Cu-P 
alloys of approximately this same composition. In- 
asmuch as this orientation was not observed in the 
present investigation, the {112} <111> of the prior 
researches may have been confused with either or 
both of the {227} <774> types of components. The 
{227} <774>-I component is very similar to the {113} 
<785> orientation observed by Koh in ultra-thin 
molybdenum permalloy tapes.!”»'% 

Figs. 8 to 10, representing alloys of intermediate 
and high phosphorus content, display two strong re- 
crystallization components with {110} in the plane 
of the sheet. One of the components has a cube pole 
concentration on the periphery of the stereogram 21 
to 23 deg from the rolling direction, depending on the 
phosphorus content. The angle is 21 deg for alloys con- 
taining more than 0.20 at. pct P, so that the ideal orien- 
tation can be conveniently related to the {110} <112> 
orientation by a 14-deg counterclockwise rotation about 
the sheet normal, i.e., {110} <112> + 14 deg. Similarly, 


the other component with a cube pole 49 to ou deg Fig. 14—{200} Pole figure of a Cu-0.82 at. pet Sb alloy 
from the rolling direction (51 deg for the high-phos- rolled 99.3 pet and annealed 1 hr at 400°C. 

phorus alloys) is equivalent to a 16-deg clockwise neces <774>-I @—{110}<001> + 4° 
rotation, or {110} <112>-16 deg. Although the amounts A—{225} <412> 4 g— {110} <221>+ 4° 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME VOLUME 221, AUGUST 1961-725 


x. 
= = == = 
| 1000 S 
200 
6 
SO 
[Ro 
© 


Fig. 15—{111} Pole figure of a Cu-0.82 at. pet Sb alloy 
rolled 99.4 pet and annealed 1 hr at 400°C. 

A-—{227} <774>-I {110} <001>+ 4° 
A—{225} <412> @—{110} <221>+ 4° 


than the four usually associated with recrystallization 
components of high Miller Indices. 

Copper-Antimony Alloys. Figs. 12 to 15 typify the 
changes in recrystallization textures as antimony is 
added to copper, and Fig. 16 summarizes the evolu- 
tion of the individual components. A primary feature 
of dilute Cu-Sb alloys is the prominence of the {358} 
<523> component, illustrated in Fig. 12. In this re- 
spect, the influence of antimony is similar to that of 
tin.’ The {113} <211> type of recrystallization com- 
ponent is also present in dilute alloys, Figs. 12 and 
13, although the amount is little affected by antimony 
content over the range of its existence. As the {358} 
<523> and {113} <211> types of components disap- 
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Fig. 16—Evolution of recrystallization components in cold 


rolled Cu-Sb alloys annealed 1 hr at 400°C. 
( (001) [100] component omitted). 
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Fig. 17—Stereographic analysis, with corresponding sym- 
bols, of Fig. 16. 


pear at intermediate antimony contents, a component 
with the apparent indices {110} <001> appears in the 
recryStallization textures, Figs. 14 and 15. Actually, 
this component is a {110} <001> orientation rotated 
clockwise and counterclockwise about the rolling 
plane normal by an amount depending upon the anti- 
mony content. The rotation, measured on {111} 


Fig. 18—{200} Pole figure of a Cu-0.13 at. pct as alloy 
rolled 99.4 pct and annealed 1 hr at 400°C. 

<233> M—{012} <100> 

A—{234} <323> @—{227} <774>-I 
O~{001) 100) {225} <412> 
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Fig. 19—{111} Pole figure of a Cu-0.13 pet as alloy rolled 
99.4 pet and annealed 1 hr at 400°C. 

{123} <233> M—{012} <100> 

4234) <323> 774>—I 

(001) [100] {225} <412> 


chart recordings, varies from 8 deg in 0.057 at. pct 
Sb to 3 deg in 1.45 at. pct Sb. A {110} <001> recrys- 
tallization component was previously observed ina 
Cu-0.63 at. pct Sb alloy* and more recently in molyb- 
denum-permalloy tape.*? 

In addition to the components mentioned above, the 
{227} <774>-I and {225} <412> components are also 
present in most Cu-Sb recrystallization textures. 


Fig. 20—{200} Pole figure of a Cu-2.76 at. pet as alloy 
rolled 99.3 pet and annealed 1 hr at 400°C. 

A—{227) <774>-I @ —{110} <112> + 25° 
A—{225} <412>  —{110} <112> — 23° 


®- {203} <302> 
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Fig. 21—{111} Pole figure of a Cu-2.76 at. pct as alloy 
rolled 99.3 pet and annealed 1 hr at 400°C. 

A-{227} <774>- 1 @ — {110} <112> + 25° 
A-{225} <412> — {110} <112> -—23° 

®-{203} <302> 

Like the split {110} <001>, the {227} <774>-I com- 
ponent changes slightly with composition, and seems 
to approach the ideal {227} <774> orientation with 
increasing antimony content. The {225} <412> com- 
ponent is in twin relation to the {227} <774>-I com- 
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Fig. 22—Evolution of recrystallization components in cold 
rolled Cu-As alloys annealed 1 hr at 400°C. 
( (001) 1.00] component omitted). 
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Fig. 23—Deformation texture transition points and atom 
misfit for solute elements in copper. 


Number in square at upper right is lattice parameter change 
of copper, A@/Ac x 103; number at lower center is atom 
percent of solute to initiate transition. 


ponent. Because each {227} <7745-] orientation is 
almost symmetrical with respect to the rolling direc- 
tion axis, it is not certain which of two possible {111} 
poles is the twinning pole. The chart recordings indi- 
cate that the pole concentrations associated with this 
component consist of several smaller peaks. The re- 
ported peak heights are therefore average values 
centered on the ideal {227} <774>—twin position. The 
Similarity in the variations with composition of the 
{227} <774>—I and {225} <412> components serves 
to support the proposed twin relationship, Fig. 16. 

Two minor components with the designation {110} 
<221> + 4 deg, not included in Fig. 16, appear in the 
pole figures of the Cu-0.82 at. pct Sb alloy, Figs. 14 
and 15. These components are also characterized by 
{110} in the plane of the sheet, and can be alternately 
described as {110} <112>+4 31 deg and {110} <11295 
+ 39 deg. A stereographic analysis shown in Fig. 17 
reveals twin relationship among the five components 
{225} <412>, {227} <774>-1, {110} <oo1> + 4 deg, 
and {110} <221>44 deg. The symbols of Fig. 17 cor- 
respond to those of Fig. 15 with the ideal orientations 
represented by heavy dots. Thus, the {110} <2215 4 
4 deg orientations are, geometrically at least, third- 
order twins of {225} <412>, 

Copper-Arsenic Alloys. Figs. 18 to 21 show that 
the recrystallization textures of Cu-As alloys are, in 
a sense, intermediate between those of Cu-P and Cu- 
Sb alloys. In the dilute alloys, represented by the Cu- 
0.13 at. pct As composition in Figs. 18 and 19, the 
{012} <100> is apparently the dominant component 
in a texture that includes the {234} <323>, {123} 
<233>, {227} <774>-I, and {225} <412> components. 
The latter two components persist to high arsenic- 
content alloys, and the {200} pole figure of the Cu- 
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Table IV. Rotational Relations between Deformation and 
Recrystallization Components 


Separation 
of Low In- 
Nearest dex Axis 
LowIndex andCen- Amount 
Axis to ter of Ro- of Related 
Recrystallization Center of tation, Rotation, Deformation 
Component Rotation Deg. Deg. Component 
(001) [100] <ailsfes 0 44 {358} <523> 
{358} <523> <111> 0 44 {358} <523> 
<111> 0 38 {110} <112> 
{113} <211> euns 0 16 {358} <523> 
0 60 {358} <523> 
{234} <323> <111> 4 12 {358} <523> 
{123} <233> <111> 10 {358} <523> 
or 
{110} <112> 
{012} <100> <111> 6 38 {110} <112> 
{227} <774> <111> 12 {358} <523> 
<110> 9 30 {110} <112> 
{227} <774> —II <111> 10 {110} <112> 
{225} <412> <111b> 6 {358} <523> 
{110} <112> 
{5, 13, 29} {2, 15, 7} <11lb 11 {358} <523> 
11 {110} <112> 
{110} <112>+15 deg <110> 0 +15 {110} <112> 
{110} <112> +24 deg <110> 0 +24 {110} <112> 
{110} <001> +4 deg <110> 0 —31 {110} <112> 
{110} <001> 4 deg -~39 
{110} <221> + 4 deg <110> 0 +31 {110} <112> 
{110} <221> deg +39 


2.76 at. pct As alloy, Fig. 20, clearly demonstrates 
the split of the ideal {227} <774> orientation around 
the sheet normal. 
Alloys of high arsenic content exhibit strong re- 
crystallization components with {110} in the plane of 
the sheet, as do the Cu-P and Cu-Sb alloys. Concen- 
trations of cube poles occur on the periphery of the 
stereogram centered at 9 to 11 deg and 57 to 59 deg 


from the rolling direction. Takin 
as 10 and 58 deg, 
ferred to the {110 
+ 25 deg and {110} <1125— 
{110} <112> + 24 deg. The relativ 


} <112> orient 


23 deg, 


g the mean positions 
the components may again be re- 
ation as {110}<112> 
or for convenience 
e€ amounts of each 


of the recrystallization components over the inves- 
tigated range are given in 


It is seen in Fi 
the {012} <10@ 
ents, are not the same on the 
the {111}. This situation was 


gs. 18 and 19 that the intensities of 
component, unlike the other compon- 
{200} pole figure as on 


also observed with the 


Cu-P and Cu-Sb series, although to a lesser degree. 
AS was pointed out previously,' the cube component 


pole concentration ori 
tion of {200} pole figu 
equator toward the s 


increasing 
{012}<100> 


ginally at the transverse direc- 
res appears to spread along the 
heet normal direction with 
solute content, thus augmenting the 
component pole concentration 26 deg 

from the transverse direction. In add 
poles of the {225} <412> component 
height of the {012} <100>. It is also 
differences between the 
of the pole concentratio 
from the transverse di 


ition, {200} 
obscure the true 
possible that the 
{200} and {111} peak heights 
ns On the equator at 26 deg 
rection are due in part to an 
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as yet unidentified minor component. Consequently, 
all the {012} <100> component peak heights plotted 
in Figs. 11, 16, and 22 are derived from data taken 
from {111} chart recordings. 


DISCUSSION 


Deformation Textures. It appears from the results 
of the peak-height ratio method that all solute 
elements exert the same type of influence upon the 
deformation texture of copper. As seen in Figs. 2 to 
5, and in pole figures from past work, »*»4)®!4 the cop- 
per type of deformation texture changes toward the 
70:30 brass type as the alloy content increases, re- 
gardless of the solute element. In the Cu-Subgroup 
V-B alloys the composition point at which the de- 
formation transition begins moves to lower alloy 
content as the ion-core size of the solute increases 
from phosphorus to antimony, as illustrated in Figs. 
1 and 23. The number in the lower center of each 
square of Fig. 23 is the at. pct of solute at which 
the deformation transition begins. Texture transi- 
tions in Cu-Ge, Cu-Sn, and Cu-Si alloys are also con- 
sistent with this ion-core effect, as shown in the lat- 
ter figure. 

Smallman* demonstrated a correspondence between 
misfit of solute atoms in the solvent fcc lattice and 
the quantity of solute element needed to complete the 
deformation texture transition. Peak-height ratio 
data for transition completion have been obtained 
only for Cu-Ge, Cu-Sn, and Cu-As alloys, so it is not 
possible to test Smallman’s correlation rigorously. 
However, even for these three solutes the transition 
end points of 4.3, 3.5,and3.0 at. pct Ge, Sn, and As 
respectively, do not correlate with the Aa/Ac x 10° 
values of 3.3, 10.1, and4.7 for the same elements in 
the copper lattice. Since the information on texture- 
transition completion is neither as extensive nor as 
precise as for the start of the transition, it is more 
informative in this case to compare atom misfit (the 
numbers in the smaller boxes of Fig. 23) with the 
quantity of solute element required to initiate the tex- 
ture transition. The misfit values correlate well with 
texture transition points within each column (sub- 
group) of Fig. 23 and within each horizontal row, but 
among all the solute elements there is not an unequiv- 
ocal correlation. Apparently elastic interaction, al- 
though important, is not sufficient as a criterion of 
deformation behavior. Perhaps it would be better to 
attribute the changes in deformation modes simply to 
a combination of electronic interactions (horizontal 
rows in Fig. 23) and ion-core interactions (vertical 
columns.in Fig. 23) rather than to misfit energy or 
elastic interactions. For each type of solute change, 
electronic or ion core, the texture-transition changes 
are relatively consistent. 

Not only are the specific atomic interactions that 
change deformation modes unknown, but the changes 
in the modes themselves have not been adequately 
described for polycrystals. Both Calnan’’ and Small- 
man® have suggested that the differences in deforma- 


and “overshoot” when strained in tension. In particular, 
Calnan has offered an explanation of the observed 
deformation textures based upon the initial crys- 
tallographic rotations of single crystals strained in 
tension or compression. Alloying delays the onset 

of duplex slip in single crystals, and undoubtedly 
alters the lattice rotations in the early stages of 
strain. However, it must be appreciated that indivi- 
dual crystals in a polycrystalline matrix cannot be 
limited to one or two glide systems. In order to pre- 
serve grain boundary contiguity several glide sys- 
tems must function simultaneously; Taylor specified 
a minimum of five systems.’® It is unlikely that sin- 
gle-crystal rotations involving one or two glide sys- 
tems are appropriate without modification for poly- 
crystals that deform by many glide systems, and the 
differences in glide mechanisms between alloyed and 
unalloyed fcc polycrystals must be considered still 
uncertain. 

Calnan also proposed that a major end orientation 
in the rolling textures of unalloyed fcc metals is of 
the {113} <121> type, but from his analysis, or from 
any preceding,** it is not clear why this should be so 
even if the specific initial differences in single-crys- 
tal rotation pertain to polycrystals. According to 
Calnan, the {113} <121> type of orientation is gene- 
rated by competition between tension and compression 
rotations for certain orientations. However, still as- 
suming that single-crystal rotations are appropriate, 
the compression axis cannot oscillate around the 
[113] position without moving gradually toward [110], 
since the compression rotations even in the region 
of [113] are not exactly parallel to the [100] -[111] 
symmetry line. Small portions of such a compromise 
orientation would constantly be breaking away from 
the “pseudo-equilibrium” {113} <121> to move toward 
{110} <112>, and fcc rolling textures would all ap- 
proach {110} <112> in the limit as rolling reductions 
increase. This has not been observed experimental- 
ly.'° Consequently, explanation of the differences in 
textures awaits a more comprehensive description, 
either theoretical or experimental, of crystal defor - 
mation modes and rotations as a function of orienta- 
tion, composition, and strain in a polycrystalline ma- 
trix. 

Piercy, Cahn, and Cottrell?° demonstrated elegantly 
that overshooting in a-brass single crystals is due to 
the difficulty that slip on the conjugate system expe- 
riences in cutting through the active slip planes. Re- 
cent explanations of overshoot in terms of solute ele- 
ment locking of dislocations on the conjugate glide 
system, or migration of vacancies away from planes 
of the active slip system thus appear to be disproved, 
whereas the old hypothesis of “latent hardening” is 
strongly supported. The absence of overshoot in un- 
alloyed single crystals indicates an exceptionally 
turbulent deformation in which an equal number of 
barriers to primary slip are formed (by slip on in- 
tersecting systems) as barriers on the conjugate 
slip system. On this basis, perhaps an extension of 


tion textures between copper and its alloys are related Calnan’s ideas will provide the nucleus for explana- 


to the tendency of alloy single crystals to easy glide 
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tion textures. Probably the fundamental difference in 
deformation modes between alloyed and unalloyed fcc 
metals resides in the number and choice of operative 
systems,*! and the relative amount of glide on each 
of the concurrently operating systems. Overshoot in 
Single crystals is the continued operation of one 
glide system rather than conjugate slip; in polycrys- 
tals the analogous situation may be slip on five or 
six rather than eight or more systems. It remains 
to rationalize, in terms of the various electronic and 
ion-core interactions in the solvent lattice, the rela- 
tively invariant influence of any solute element upon 
deformation textures. 

Recrystallization Textures. Some insight into the 
evolutionary pattern of recrystallization textures in 
Cu-Subgroup V-Balloys can be gained by a compari- 
son of the deformation transition curves, Fig. 1, with 
the curves showing the peak heights of each of the re- 
crystallization components at the various composi- 
tions, Figs. 11, 16, and 22. As a first approximation, 
it appears as if there are two “generations” of re- 
crystallization components, those appearing before 
and those appearing after the deformation transition 
commences. For instance, significant intensities of 
the {358} <523>, {113} <211>, {234} <323>, and {123} 
<233> types of components do not persist much be- 
yond the start of the deformation transition. Correla- 
tion of the {358} <523> type of recrystallization com- 
ponent with the deformation textures is consistent 
with the explanation offered before!; the {358} <523> 
recrystallization component originates in the {358} 
<523> deformation component. 

The behavior of the {113} <211> type of recrystal- 
lization component is a departure from previous ob- 
servations and analyses. In almost all the past work 
with binary copper alloys, increasing the alloy con- 
tent increased the amount of {113} <211> type of com- 
ponent in the recrystallization texture, or else pro- 


duced complex textures approaching randomness.°;4,§,14 


In many cases the {113} <211> component consti- 
tutes essentially a one-component recrystallization 
texture at or near the solid solubility limit, as typ- 
ified by 70:30 brass. These observations of the par - 
allel development of the 70:30 brass type of defor- 
mation texture and the {113} <211> recrystalliza- 
tion component led to the suggestion that the {113} 
<211> is the terminal recrystallization component 
in binary copper alloys, or, for that matter, fcc al- 
loys in general.” Now it is seen that the deformation 
texture of the Cu-3.50 at. pct As alloy (Fig. 5) is of 
the 70:30 brass type, but there is no Significant 
amount of {113} <211> in the recrystallization tex- 
ture. Instead, recrystallization components with 
{110} in the plane of the sheet are the terminal com- 
ponents for the Cu-Subgroup V-B alloys. 

Each alloy series exhibits at least one major re- 
crystallization component with {110} in the plane of 
the sheet, but no two of the series show precisely the 
same {110}-components. In proceeding down Peri- 
odic Subgroup V-B from the smallest (phosphorus) 
to the largest (antimony) solute ion-core, it is seen 
that the geometrical relation of the {110}-compon- 
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ents to the {110} <112> orientation is an increasing- 
ly larger rotation around the rolling plane normal, 
t.@., + 15, + 24, + 32 deg. Moreover, these {110}- 
recrystallization components can be conceived of as 
the “characteristic” recrystallization components of 
each alloy series, since they are the only components 
peculiar to a given alloy type. The Cu-Subgroup V-B 
alloys develop different annealing textures than do 
other binary copper alloys having the same 70:30 
brass deformation texture, but Subgroup V-B copper 
alloys having the same degree of deformation tex- 
ture transition have essentially the same annealing 
textures, except for the characteristic components. 
This is not to say that the characteristic components 
are wholly unrelated to the deformation matrices. As 
shown best by the Cu-P and Cu-As alloys, the rapid 
increases in peak heights of the {110} <112> + 15 
deg and {110} <112> + 24 deg components coincide 
well with the deformation texture transition. One may 
thus conclude that the deformed-matrix orientations 
are an important, but not the only, factor in the devel- 
opment of recrystallization orientations. 

The existence of the {110} <112> + X deg and {227} 
<774> types of recrystallization components neces- 
sitates revision of the usual correlations between de- 
formation and recrystallization textures. Neither of 
these types of components can be related by an obvi- 
ous <111> relation to any of the orientations thought 
to constitute the deformation textures of cold-rolled 
fcc metals. Therefore, it may be deduced that the 
often-observed <111> rotational relation between 
recrystallized grains and the deformed matrix is 
the manifestation of a process that may be only one 
of several possible recryStallization mechanisms. 
Hypotheses requiring a <111> rotational relation- 
ship can account for the origin of some, but not all, 
of the observed recrystallization components. Some 
possible geometrical relations between deformation 
components and the recrystallization components 
observed in Cu-Subgroup V-B alloys are summar- 
ized in Table IV. A <111> rotation is seen to apply 
well only to the (001)[100], {358} <523>, and {113} 
<211> types of recrystallization components. Seven 
of the remaining recrystallization components pos- 
sess {111} poles within 12 deg of {111} poles of the 
deformation components, making it possible to im- 
pose an approximate <111> rotation, but the repro- 
ducible nature of the angular Separation of deforma- 
tion and recrystallization {111} poles makes the im- 
posed <111> rotations appear more artificial than 
intrinsic. Of course, the rotational relations of Table 
IV were compiled for only two deformation orienta- 
tions, {110} <112> ana {358} <523>, and it is con- 
ceivable that a better correlation might be found with 
minor undetected deformation components. 

Both the {110} <112> + X deg and the {227} <774> 
types of components can be accounted for by the rota- 
tional reorientation concept if the restriction of a 
<111> rotation is not imposed. As is implicit in the 
designation, the {110} <112> + X deg components are 
related to the {110} <112> deformation component 
by rotation about a <110> axis which is also the rol- 
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ling plane normal. Evidence from the present investi- 
gation cannot be used to differentiate between the two 
kinds of axes. However, annealing of an aluminum 
single crystal cold-rolled from an initial {110} <112> 
orientation resulted in recrystallized grains related 
to the deformed matrix by <110> rotations.** In this 
case a latitudinal spread of the {110} <112> orienta- 


| tion was developed by the cold rolling. When such a 


deformation spread was absent in a subsequent inves- 
tigation of aluminum Single crystals with the same 
initial orientation, the <110> rotational relationship 


| was not observed after annealing.?* In the aluminum 


crystal that did show the <110> rotations, the func- 
tional {110} poles were those of planes containing a 


| <111> zone axis parallel to the transverse direction. 


One rotation was a unidirectional 30 deg about the 
<110> parallel to the rolling plane normal, and 
yielded an orientation close to the off—{116} <001> 
component in Cu-Sb alloys. Rotations of 30 deg 
around the other two {110} poles of the transverse 
<111> zone resulted in an orientation not far from 
the {227} <774>-I component. The various <110> 
rotations found in the present work are also listed 

in Table IV. Although it is emphasized that all the 
correlations are geometrical, the unambiguous gene- 
ration of {110} <112> + X deg recrystallization com- 
ponents from {110} <112> deformation textures 
strongly suggests that <111> rotational relations be- 
tween deformation and recrystallization components 
in fcc metals may not always have significance. 

The formation of annealing twins is another possi- 
ble mechanism for the origin of some components of 
the recrystallization textures, as was discussed in 
the previous study.’ Further support for this con- 
cept is received from observations of several orders 
of twin-related orientations during this investigation. 
In Cu-P and Cu-As alloys the recrystallization com- 
ponents may be divided into one low alloy and two 
high alloy twin series. The low alloy sequence is 
composed of, in the probable twinning order, (001) 
[100], {234} <323>, and {123} <233>. The high al- 
loy series are {925} <412> and {227} <774>-I, as 
well as {110} <112> + 15 deg in Cu-P or {110} 
<112> + 24 deg in Cu-As. Attention is called to the 
fact that each component of the type {110} <112> 4 
X deg consists of four orientations, andthat each such set 
of four orientations is composed of two twin-related 
pairs of orientations. In Cu-Sb alloys, the low solute 
series is {358} <523>and {113} <211> types, and the 
high solute series is {225} <412>, {227} <774>-I, 
{110} <001> + 4deg, and {110} <221> + 4 deg. It 
was noticed that {110} <221> + 4 deg recrystalliza- 
tion component is also in twin relation to the {110} 
<112> orientation. It is quite possible that the low 
and high solute sequences in each alloy series are 
connected by an undetected high-indices component 
or components. Further experiments are necessary 
to elucidate this concept of the origin of annealing 
textures. 

SUMMARY AND CONCLUSIONS 

1) The peak-height ratio technique, proposed in a 

previous study, adequately describes the transition of 
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deformation textures in Cu-Subgroup V-Balloys. It is 
found that the copper type of deformation texture be- 
gins to change when the composition of the alloys 
reaches 0.43 at. pct P, 0.41 at. pct As, or 0.24 at. 
pet Sb. Transition to the 70:30 brass type of defor- 
mation texture proceeds linearly as the logarithm 

of the solute content of the copper. 

2) All the solute elements investigated to date 
cause the deformation texture of copper to change 
toward the 70:30 brass type. The composition at 
which the deformation transition begins is moved 
consistently to lower solute content as the ion core 
size or the number of electrons of the solute atoms 
is increased. Elastic interaction of the solute atoms 
with the copper lattice correlates with the degree of 
texture transition if either the ion core size or the 
number of electrons of the solute atoms remains 
relatively constant. However, there seems to be no 
general correlation of solute-atom misfit with tex- 
ture transition. 

3) The recrystallization components of Cu-Sub- 
group VB alloys appear to evolve in two stages as a 
function of composition. Components in the first 
stage are those observed in previous investigations 
of copper alloys. In the second stage the {113} <211> 
recrystallization component, usually occurring as the 
terminal component of copper solid solution alloys, 
is replaced by new recrystallization components. 

One set of terminal components has {110} in the 
plane of the sheet, and thus can be geometrically re- 
lated to the {110} <112> deformation component by 
rotation about the sheet normal. The rotation relat- 
ing {110} <112> and the recrystallization components 
increases with increase in the ion-core size of the 
solute atoms, z.e., + 15 deg for phosphorus, + 24 deg 
forarsenic, and + 32 deg for antimony. 

4) Two of the new recrystallization components, 
{110} <112> + X deg and {227} <774> types, are not 
related by <111> rotations to the major orientations 
in the deformation textures, and several other recrys- 
tallization components are only imperfectly related 
to the deformation orientations by <111> rotations. 

It is deduced, therefore, that the often-observed <111> 
rotational relation reflects a recrystallization mech- 
anism that is not unique. 
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The Strain Rate and Temperature Dependence of the 


Yield Point in Mo in Torsion 
D. Weinstein, G. Sinclair, and C. Wert 


Yielding in annealed arc-cast molybdenum in tor- 
ston was studied as a function of strain rate and tem- 
perature. The temperature dependence of the yield 
point for different strain rates was used to calculate 
a heat of activation for the yield point. The heat of 
activation was not a constant but was approximately 
a linear function of the stress at yteld. It is pro- 
posed that the vate effect in ytelding is determined 
in part by a site place-change of C (or other inter- 
stitial atom) in the metal, 


Tue low-temperature embrittlement phenomenon 
in metals and alloys has been known to exist for a 
long time. Although a transition from ductile to brit- 
tle behavior has been observed in some close-packed 
hexagonal metals! and a face-centered cubic alloy, 
the most common class of metals exhibiting this be- 
havior has a body-centered cubic lattice structure. 
For example, a ductile to brittle transition has been 
observed in iron,? molybdenum,? chromium,® colum- 
bium,® and tungsten.” In the present investigation, 
molybdenum specimens were tested in torsion over 

a wide range of temperatures at three widely sepa- 
rated strain rates, and the temperature for onset of 
embrittlement was determined. 

Characteristic of body-centered cubic metals and 
closely associated with plastic deformation is the 
appearance of a sharp upper and lower yield point. 
Theoretical explanation of the yield point in iron and 
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low-carbon steel is due to Cottrell,® who attributes 
the phenomenon to the pinning of dislocations by the 
formation of impurity atmospheres around the dislo- 
cations. These atmospheres tend to lock the dislo- 
cations and make them more difficult to move. The 
stress required to move a dislocation and thereby 
cause plastic deformation is greatly increased, and 
thus an upper yield point is observed. In addition, 
theoretical analysis, as well as experimental obser- 
vations, show that the upper yield point is strongly 
a function of temperature. The upper yield point is 
observed to decrease with an increase in testing 
temperature, and above a certain temperature 
(~700°K in iron) it no longer appears. This is con- 
sistent with the concept that thermal vibrations will 
help free a dislocation from its atmosphere, so that 
the external stress required to free a dislocation from 
its pinning atmosphere decreases with increasing 
temperature. Furthermore, with increasing temper- 
ature the equilibrium concentration of impurity atoms 
around a dislocation decreases exponentially with the 
result that the dislocation is less firmly pinned. 

In Cottrell’s theory of yield point a static model is 
visualized in which the pinning atmospheres, particu- 
larly interstitial atoms, are immobile, and the dislo- 
cations are anchored to stationary positions in the 
lattice. However, experiments’? show the upper 
yield point to be time-dependent or a function of the 
rate of straining, a high strain rate causing a high 
upper yield point. Present theory does not adequately 
account for the rate dependence of the yield point, and 
the exact function of the interstitial atom is not under - 
stood. Nevertheless, observation of the temperature 
dependence and rate dependence strongly suggests 
that the upper yield point phenomenon is due to the 
interaction between dislocations and pinning atoms, 
and that a diffusion mechanism is important in de- 
termining the yield point. 
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Table |, Chemical Analysis of Molybdenum in ppm 


Cc 205 
N 10 
10) 30 
Fe 52 
B 8 
Co 150 
Mn 38 
Cd 150 
Al 120 
Mg 
Zn 150 
Sn 38 
Cu 750 
Pb 
Cr 38 
Si 
Ti 75 
Ni 8 
V 15 
Na 150 
Ag 15 


Recent fracture theory’°~'*? has postulated that in 
steel, and probably in other body-centered cubic 
metals, fracture is started or nucleated by the oc- 
currence of plastic deformation. The generation of 
a crack depends upon a certain train of events. First, 
dislocations are thought to break away from their 
locking atmosphere under the influence of the applied 
external stress. The movement of the freed disloca- 
tions is eventually stopped by grain boundaries and 
the dislocations are caused to pileup at these boun- 
daries. These piled-up groups are thought to be able 
to form a crack under proper conditions. Fracture 
follows if this crack can propagate indefinitely. 

If a crack is to form, the material around the 
piled-up groups of dislocations must not yield, and 
this condition is satisfied when the existing Frank- 
Read sources are locked in the manner described by 
Cottrell. Furthermore, either the formation of a 
crack or the yielding of the material around a piled- 
up group is likely to be a function of temperature, 
for the locking of Frank-Read sources is thought to 
be strongly dependent on the temperature. For exam- 
ple, a theoretical analysis’* of the interaction of so- 
lute atoms with dislocation walls shows that for an 
interaction energy of 1 ev between solute and dislo- 
cation, the dislocations might be completely saturated 
at 500° K in a typical body-centered cubic metal; 
whereas, at 700°K the dislocation might be only one- 
tenth saturated. Thus, if the temperature is low 
enough to lock the Frank-Read sources, the material 
is likely to be brittle, for the piled-up groups of dis- 
locations will form cracks which can propagate under 
the action of the applied external stress. Basically 
then, the mechanistic explanation of the low-temper- 
ature embrittlement phenomenon is found in the inter- 
action between dislocations and pinning atoms which 
interfere with dislocation motion at low temperature. 

The observations pointed out above, plus the furth- 
er fact that the transition from ductile to brittle be- 
havior is not determined by temperature alone, but 
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Fig. 1—The geometry of the specimens. 


also by rate of loading, suggest that the embrittle- 
ment of body-centered cubic metals at low tempera- 
tures may be caused in part by the sluggish move- 
ment of interstitial impurities. If this is a major 
factor, then it should be possible to determine a heat 
of activation for the embrittlement phenomenon. One 
of the purposes of this investigation was to deter- 
mine whether a heat of activation exists for the on- 
set of low-temperature embrittlement, and if it does, 
to try to relate this heat of activation with the behav- 
ior of a specific interstitial atom. 


SPECIMENS AND APPARATUS 


A) Materials and Specimen Geometry. The high- 
purity, arc-cast molybdenum used in this investiga- 
tion was obtained from the Climax Molybdenum Co. 
in the form of 5/8-in. diam rods in the annealed con- 
dition. The grains of this material were equi-axed 
and fairly uniform in size; the microstructures show 
no evidence of any remaining cold deformation. The 
grain size was approximately 950 grains/mm? (about 
ASTM No. 7). Chemical composition of the molyb- 
denum uSed is given in Table I. 

Hollow torsion specimens with the dimensions 
shown in Fig. 1 were machined from the as-received 
rod. The critical dimensions were held to within 
0.002 in. To prevent fracture from occurring at the 
fillets, a slight undercutting of the gage length was 
necessary. The hole through the specimen was 
reamed and honed to give a reasonably smooth finish, 
the wall thickness was chosen large enough to prevent 
failure by plastic buckling. 

B) General Description of Torsion Testing Machine. 


The testing machine used in this investigation was a 
mechanical apparatus designed to apply a pure tor- 
sional load to one end of the test specimen while the 
other end was held fixed. It is a slight modification 
of an apparatus used by Work and Dolan, who des- 
cribe it in detail.?" With the device as it was used 
here, a wide variation in loading rates was possible, 
strain rates from 0.005 to 12.5 per sec being attain- 
able. Strain rates lower than 0.005 per sec would 
have been possible, but 12.5 per sec was about the 
upper limit of the apparatus as we uSed it. This 
range was, however, quite adequate to show the ef- 
fect we wished to observe. 

The recording of data was done with an oscillo- 
graph. Again this will not be described in detail since 
it is reported in a thesis (Daniel Weinstein, 1958) at 
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Fig. 2—Typical torque-strain records for the three testing 
rates used. The ordinates show the torque applied to the 
specimen. The abscissae are surface strains (or time since 
these two are proportional). The scale of the strain is 
shown for each curve by an appropriate angle interval, 


the University of Illinois. Typical pieces of data for 
each of three strain rates used in this work are 
shown in Fig. 2; these illustrate the ability of the 
equipment to show the elastic portion of the curve, 
the upper and lower yield points and the further de- 
formation of the specimen to fracture. (Note in Fig. 

2 the zig-zag traces just below the torque time traces 
for the two faster strain rates. These are a second 
set of oscilloscope traces which allow the strain to 
yield and fracture to be calculated.) 

The maximum strain rate of 12.5 per sec is close 
to the limit of reliability of the apparatus. This lim- 
it is set by the ability of the weighbar and oscillo- 
graph to respond to the torque in the specimen. The 
first of these, the reliability of the weighbar was 
checked by comparison on a dual beam cathode ray 
oscilloscope of output signals from electric SR-4 
strain gages, one set attached directly to the speci- 
men, and one Set on the weighbar itself. Differences 
were no more than 3 pct which is well within our 
ability to read the trace. The ability of the galvano- 
meter of the Hathaway oscillograph to respond to 
this signal rate was also checked by comparison of 
its trace to that of a cathode ray oscilloscope for the 
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Fig. 3—Typical fractures of annealed molybdenum speci- 
mens loaded in torsion at 0.25 per second. A) Ductile: 
120°C, 1000-deg twist.B) Brittle: —160°C, 10-deg twist. 


Same signal. Again the differences were small. It is 
concluded therefore, that the apparatus does give re- 
liable information at the highest strain rate, though 
calculations show it to be close to the limit. 


RESULTS 


Prior to the start of the testing program on an- 
nealed molybdenum, exploratory tests were carried 
out on specimens of SAE 1020 steel, and on small 
diameter solid specimens of arc-cast molybdenum 
in the as-swaged condition. Tests were made at tem- 
peratures down to -196°C with neither material ex- 
hibiting brittle behavior with a strain rate of 12.5 
sec”. Shear fracture occurred after many degrees of 
twist, with the fracture surfaces being normal to the 
axis of the specimen. For the as-swaged molybdenum 
specimen, gross plastic deformation occurred ina 
zone of approximately 1/4-in., anda very sharp line 
of demarcation existed between this deformed region 
and the adjacent material. This behavior is quite dif- 
ferent from experience with tensile testing, for tensile 
tests on these materials at comparable temperature 
and strain rate would certainly result in brittle frac- 
ture. There are numerous papers in the literature 
which show this. Apparently a change in the state of 
stress from tension to torsion is very effective in de- 
pressing the ductile to brittle transition. 

The major part of this investigation consisted of 
the testing of the annealed, arc-cast molybdenum 
Specimens over a wide range of temperature at strain 
rates of 0.005, 0.23, and 12.5 sec-!. Two typical 
fractures are shown in Fig. 3, one ductile and one 
brittle. For the ductile Specimen, large plastic de- 
formation took place within the gage length, anda 
shear fracture occurred normal to the Specimen ax- 
is resulting in a dull, “mattelike” fracture surface. 
The brittle specimen is characterized by the absence 
of measurable ductility and a bright, crystalline, 
helical fracture occurring normal to the direction 
of maximum tension. The brittle fracture is catas- 
trophic in that failure occurred with great speed and 
resulted in many pieces of specimen. 

Using a strain rate of 12.5 sec”, these specimens 
first exhibited a measurable loss of ductility at ap- 
proximately -50°C. This behavior can be compared 
to the results obtained for the as-Swaged solid mo- 
lybdenum specimens where, using the same strain 
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Fig. 4— Propagation of cracks in annealed molybdenum 
tested at —196°C using a strain rate of 12.5 ner second. 
Etchant: Alkaline K,;Fe(CN), solution. X200. Reduced 
approximately 23 pct for reproduction. 


rate, large plastic deformation was observed down 

to -196°C. These observations are in agreement 
with previous ones that cold working is effective in 
lowering the ductile to brittle transition temperature. 

The tests on annealed molybdenum offer further 
evidence for the importance of state of stress in de- 
termining the transition range, as is known from 
earlier studies. Tensile tests on recrystallized 
molybdenum’ show zero ductility at approximately 
25°C. For torsion tests at a comparable strain rate 
(0.25 sec”), it was found that loss of measurable 
ductility did not occur until the test temperature was 
depressed to -100°C. This comparison is significant 
inasmuch as grain size, composition, prior metallur- 
gical history, and strain rates were almost identical, 
only the state of stress was changed in the two tests. 

A photomicrograph of a typical brittle specimen is 
shown in Fig. 4 for a specimen being tested at -196°C 
with a strain rate of 12.5 sec™!. One sees that the 
fracture propagates both transgranularly and inter - 
granularly with a tendency for the latter to be favored. 
Strain markings were found in a few grains in the 
vicinity of the fracture which might be said to re- 
semble Neumann bands (mechanical twins), however, 
no attempt was made to determine the nature of these 
markings. Bechtold earlier reported strain patterns 
in molybdenum which do closely resemble mechanical 
twins. 

From oscillograph records such as those shown in 
Fig. 2, the upper yield point and angle of twist to 
fracture were determined. The upper yield point vs 
temperature and angle of twist vs temperature were 
plotted for the three strain rates previously men- 
tioned, and are shown in Figs. 5 and 6, respectively. 
These curves show normal behavior for body -centered 
cubic metals in that, at a given test temperature, 

a high rate of straining will result in a higher yield 
stress and lower ductility than that caused by a low 
rate of straining. Other investigators have obtained 
similar results on molybdenum by tensile testing. 
Note the straight-line behavior of the yield-point 
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Fig. 5—The upper yield point as a function of temperature. 
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Fig. 6—Angle of twist to fracture as a function of tempera- 
ture. 
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Fig. 7—The heat of activation is approximately a linear 
function of the yield stress. The spread of the calculated 
values for AH is shown by the height of the lines at each 
value of yield stress. 


curves and the almost exact parallelism between 
them. 

Note in addition the peculiar behavior of the yield- 
point curve obtained using a strain rate of 12.5 sec™?. 
In this curve the yield point goes through a maximum 
at -120°C and then drops to a stress of 87,000 psi at 
-196°C. An attempt was made to verify this drop in 
yield point by carrying out a series of tests at a 
strain rate of 7.7 sec™'. The results of these tests 
showed the yield point to remain constant below 
-100°C, but no drop in yield point was observed. It 
is possible that the behavior observed at the highest 
strain rates is associated with an increase in “notch 
sensitivity” to surface imperfections. At a given 
strain rate, preyield microstrain goes through a max- 
imum as a function of temperature as shown by Bech- 
told, Wessel and others. 


DISCUSSION 


Two topics will be considered in the discussion of 
the results. They are: a) the observation of yield 
points greater than the fracture stress, and b) the 
determination of a heat of activation associated with 
the embrittlement phenomenon. Discussion of these 
topics will be presented in the paragraphs to follow. 

a) From Figs. 5 and 6, we have determined that 
brittle fracture occurs when the yield point reaches 
a value of approximately 90,000 psi. However, the 
data obtained at a strain rate of 12.5 per sec shows 
yield points greater than this value. This observation 
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requires some explanation. The brittle fracture con- 
cepts originally developed by Ludwik, who proposed 
that brittle fracture occurs when the temperature is 
such that the yield strength equals the brittle frac- 
ture strength, are not able to explain yield points 
greater than the fracture stress. Mott,!° Stroh,!! 
Petch,’” and Cottrell’? have proposed a model which 
can offer an explanation, however. They suppose that 
yielding must precede fracture and postulate that dis- 
locations gliding along a slip plane will pile up at 
grain boundaries. These piled-up dislocation arrays 
act as Griffith’s cracks. The yield point is thus the 
stress required to nucleate a crack, and the fracture 
stress is the stress required for propagation of the 
crack. Since yielding on this model must, therefore, 
precede fracture, decreasing the temperature below 
the maximum brittle temperature can result in an 
increase in yield point over the fracture stress (as 
is observed). 

b) From the yield-point curves in Fig. 5, a heat 
of activation was calculated. We supposed that the 
strain rate, €, depends on stress, o, and tempera- 
ture, 7, through some equation 

= f(a)e~ SH/RT [1] 
If f(c) is not a function of temperature, then AH may 
be calculated from the yield-point data in a standard 
manner. 

The results of these calculations show that AH is 
not constant but varies with the magnitude of the 
yield point. This behavior is clearly obvious in Fig. 
5 since the three curves are about parallel in T it- 
self (not 1/7). The variation of AH is large, being 
about 27,000 cal per mole at 30,000 psi and only 
5,600 cal per mole at about 90,000 psi. Further- 
more, the value calculated for AH is about a linear 
function of stress up to about 85,000 psi; the calcula- 
tions are shown in Fig. 7. The linearity may be only 
approximate since lines with slight curvature might 
also be drawn through the calculated points. We will, 
however, assume that the relationship is linear. Note 
that the value of AH corresponding to zero stress is 
about 36,000 cal per mole. 

If our initial postulate is correct; i.e. that the time 
effects in yielding are caused by motion of an inter- 
stitial; then we should expect that the activation ener- 
gy determined above would be the same as that for 
motion of one of the interstitial impurities in Mo. 
This interpretation is plagued by two troublesome 
features, the nonconstancy of AH and the lack of dif- 
fusion data for impurities in Mo. In answer to the 
first of these, we will suppose that AH is indeed in- 
fluenced by stress in some unknown manner. Then 
the AH appropriate for comparison with a diffusion 
experiment should be that corresponding to zero 
stress, namely 36,000 cal per mole. The second 
point, that of the diffusion data, is described as fol- 
lows. 

Experimental measurements of diffusion coefficients 
and heats of activation for the diffusion of interstitial 
atoms in molybdenum are virtually nonexistent. How- 
ever, a heat of activation for the diffusion of carbon 
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in molybdenum has been reported.** This measure- 


ment was obtained by the method of chemical analysis 
of different regions following diffusion in a chemical 


gradient. The value obtained was 33,400 cal per 
mole. This value compares closely with the value 


of 36,000 cal per mole cited above. This comparison 


suggests that the diffusion of carbon determines the 
yield point or controls the onset of embrittlement 
(if the yield point is indeed due to interstitial atoms 


pinning the dislocations). However, the heats of acti- 


vation for the diffusion of other interstitial atoms in 
molybdenum are not known, and it is possible that 


per mole. Nevertheless, the value of 36,000 cal per 
mole obtained by means of the yield-point behavior 
and Eq. [1] is of the proper magnitude to indicate 
that diffusion of interstitial atoms may be extremely 
important in determining the mechanism of embrittle- 
ment. The most logical type of diffusion which one 
might envision as being important here is not long- 
range diffusion, but only atom movement, of the order 


of one atomic distance, z.e. simply site place change. 
By such movement, an interstitial atom in a bcc lat- 
tice can alter its effect on dislocations and it is pos- 
sible that yielding might be affected by this move- 


another interstitial, particularly nitrogen, may have ment.?425 
a heat of activation that is also close to 36,000 cal 
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Observations of the Structure of Aluminum Specimens 


Grown from the Melt 
P. E. Doherty and R. S. Davis 


Subboundaries and micropores, as well as certain 
other imperfections, may be revealed in aluminum by 
the formation of pits on the surface during cooling 
from elevated temperatures. The pits are attributed 
to the condensation of vacancies from supersaturated 
solution. This ‘‘vacancy pit’’ phenomenon has been 
used as an etching technique for studying the struc- 
ture of aluminum specimens grown from the melt. 
Three fundamental structures were studied; stria- 
tions, cells, and dendrites. Two types of striations, 
as well as a crosswise structure are veported. Mic- 
voporosity is observed to occur in the cell walls on 


freezing. Subboundaries between primary, secon- 


dary, and tertiary branches ave observed in dendritic 
growth, A special case is cited in which cellular 
growth suppresses the formation of striations. 
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S MALL, well-defined pits have been observed to 
form on the surfaces of electropolished aluminum 
specimens during cooling from elevated tempera- 
tures.! This phenomenon was attributed to the con- 
densation, from supersaturated solution, of vacan- 
cies at particular points on the surface. It was 
shown that the amount of cooling required for the 
formation of pits increased exponentially with de- 
creasing holding temperatures in a way that was 
consistent with the thesis that a critical supersa- 
turation of vacancies was required for the pits to 
form. 

Pits do not form in the vicinity of certain imper- 
fections, namely, subgrain or normal graind bound- 
aries, phase boundaries, certain surface irregulari- 
ties, and pores. The width of the pit-free region in- 
creases with decreasing cooling rate. This observa- 
tion suggests that the imperfections in question are 
effective sinks for vacancies and that the pit-free 
region around them is material that is not sufficiently 
supersaturated with respect to vacancies to nucleate 
the surface pits during cooling. 
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Fig. 1—A heavily striated aluminum single crystal, grown from left to right, at approximately 10 cm/hr. (X8.6). Re- 


duced approximately 30 pct for reproduction. 


It is, therefore, possible to reveal the presence of 
certain imperfections by taking a suitably prepared 
aluminum specimen through a heating and cooling cy- 
cle. Subgrain boundaries that represent as little as 
3 sec of misfit are revealed as easily and as effective- 
ly as large-angle grain boundaries. Pores or holes in 
the surface of a specimen, of the order of lp in 
diameter or even less, are revealed in the same way. 
Similarly, pores situated just below the surface of the 
Specimen are revealed. This paper discusses pre- 
liminary observations made by applying this tech- 
nique to Studies of the structures in aluminum Single 
crystals grown from the melt. 


EXPERIMENTAL TECHNIQUE 


Aluminum of varying purity, ranging from zone- 
refined material to material containing a percent or 
two of magnesium, was cast into a suitable form and 
electropolished. The blank was then melted in a gra- 
phite mold in a helium atmosphere and was solidified 
under varying conditions to be discussed later. Pits 
were observed to form on the as-grown surface to 
reveal the structure of the specimen. These pits form 
on cooling only a few degrees below the freezing tem- 
perature. Material below an as-grown surface can be 
studied by electropolishing the specimen, heating in 
air to an elevated temperature, and cooling. Structural 
changes that occurred on annealing may be studied 
directly without the electropolishing step, as the pit 
formation process is, to a large extent, reversible. 


OBSERVATIONS 


Striations. Aluminum single crystals prepared 
by linear growth from the melt? were examined under 
varying growth conditions. Except in cases of high 
growth rates (greater than 2 cm per min), two types 
of subgrain boundaries were generally present: 
striations, which are aligned in the growth direction, 
and a crosswise structure aligned approximately 
perpendicular to the striations, Fig. 1. 

The striations are characterized by the fact that 
they are very stable on long-term annealing, whereas 
the crosswise structure coarsens and in some cases 
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disappears on prolonged annealing. The density of 
both the striation boundaries and crosswise bound- 
aries normally increases with increasing growth 
rate and increasing impurity content, with an excep- 
tion that will be discussed later. In general the num- 
ber of striations and crosswise boundaries was ob- 
served to increase along the length of the specimen. 

The details of the striation boundaries formed in 
crystals grown from the melt in the absence of a 
seed were studied by the Schultz X-ray technique.3 
Two distinct types were observed: 

1. Small-angle boundaries that are present from 
the beginning and which increase in angle only when 
they coalesce. 


> 


Fig. 2— A (100) surface of an aluminum single crystal grown 
dendritically with a 100 axial orientation. There are four 
primary branches growing from left to right; the secondary 
branches are perpendicular to these. Tertiary branches, 
perpendicular to secondaries, are also present. Air cooled 
from 600°C. (X14). Reduced approximately 37 pct for repro- 
duction. 
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4 
Fig. 3—An aluminum single crystal grown dendritically. The 
dark circular pit-free regions surround small holes or pores 
that are only a few microns in diameter. Shown are secon- 


dary branches which grew from top to bottom. (X23). Re- 
duced approximately 48 pct for reproduction. 


2. Boundaries that form after an incubation period 
and continously increase in angle to a limiting value 
of several degrees. A number of observations of 
striation boundaries of this type have been reported.* 

Both types behave similarly in other respects, in 
that they tend to follow the interface normal and are 
very stable. 

Dendritic Growth. Fig. 2 is a photomacrograph of 
a high-purity aluminum crystal grown dendritically 
in the [100] direction by thermal (or positive) super- 
cooling. The subboundaries, which are found when 
the last liquid between adjacent branches freezes, 
are outlined by the pit-free regions. 

Fig. 3 illustrates an aluminum single crystal that 
grew dendritically where the predominant microstruc- 
tural feature is the rows of pores aligned in regular 
arrays relative to the dendrites and their branches. 
The pores occur in the regions between neighboring 
branches. 

A preliminary study of the subgrain boundaries of 
the type illustrated in Fig. 2 by the Schultz technique 
indicates that the misorientation between primary 
dendrite arms is about 1°. This misorientation is 
due mainly to the misorientations in the material 
from which the dendrites grew, 7.e., striated regions. 
The orientation difference across the secondary 
branches is of the order of the resolving power of 
the Schultz X-ray technique used (15 sec of arc), and 
the boundaries observed between tertiary branches 
are not resolved with the Schultz technique. 

Cellular Growth. Single crystal specimens of alu- 
minum with minor additions of magnesium were 
grown under conditions that resulted in cellular 
growth.® Fig. 4 is a photomacrograph of a specimen 
with cells that had been electropolished and then 
heated and cooled to produce pits on the surface. The 
pit-free regions, which appear as long lines in this 
figure, are shown in Fig. 5 at a higher magnification. 
Here it can be seen that the lines are the result of a 
series of circular, pit-free regions that surround 
small pores that lie in the cell walls. The surface 
intersects only a portion of the pores; the other pit- 
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Fig. 4—The bottom surface of an aluminum single crystal 
exhibiting cellular growth. The specimen was electro- 
polished, heated to 600°C, and air cooled. (X50). Reduced 
approximately 42 pct for reproduction. 


free regions are associated with pores that lie just 
below the surface. Decanting experiments were used 
to demonstrate that the structure observed in Fig. 4 
is associated with cellular growth. However, the 
pores were not located on or near the growing sur- 
face, as revealed by decanting. When approximately 
0.1 mm of material was removed from the decanted 
surface by electropolishing, the porosity was re- 
vealed. The pores were located in a hexagonal array 
in the plane normal to the growth direction, that was 
identical with that of the cell walls. 

Cells and Striations. An aluminum specimen was 
grown under conditions that would promote cellular 
growth from the beginning. When about half of the 
crystal was frozen, the growth conditions were 
changed so that cellular growth terminated. At this 
point no striation boundaries were visible. When 
growth continued for about a centimeter, striation 
boundaries began to form. 


DISCUSSION OF RESULTS 


This investigation was conducted primarily to dem- 
onstrate the usefulness of the technique for macrosco- 


Fig. 5—A photomicrograph taken in the vicinity of the dark 
lines in Fig. 4, showing the microporosity in the cell walls. 
(X450). Reduced approximately 42 pct for reproduction. 
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pic studies of very small-angle subgrain boundaries 
and other imperfections such as small pores or holes. 
It is particularly useful for studies of certain aspects 
of the structure resulting from the solidification proc- 
ess and shows promise for studies of polygonization, 
recrystallization, etc. The technique will not provide 
information on the degree of misfit associated with 
small-angle boundaries. However, the pits have a 
strong crystallographic morphology (in the case of 
aluminum they are bounded by (111) planes), so that 

it is possible to distinguish between small- and large- 
angle grain boundaries by studying the detailed 

shape of the pits on either side of a boundary. 

Striations. Our observations on striations in alu- 
minum are in general very similar to those of Teght- 
soonian and Chalmers on tin* and Atwater and Chal- 
mers® on lead. The principal difference is in the 
indentification of two types of striation boundaries: 
those that start from the beginning of growth and 
those that require some incubation period to form. 
The increase in angular misorientation across the 
former may be accounted for entirely by coalescence 
of a number of smaller angle boundaries of similar 
orientation and of similar sign, whereas the bound- 
aries of the second type seem to grow in angle, at 
least in part, without the coalescence of individual 
boundaries. 

Dendrites. Observations have been reported in the 
literature of subboundaries located between dendrites 
and their branches.’ The technique used in this work 
reveals in considerable detail the substructure asso- 
ciated with dendritic growth from the melt. Most of 
the misfit between the main dendritic arms may be 
accounted for by misorientations due to striations 
that existed in the parent crystal. No change in the 
misorientation between two parallel dendritic arms 
that had grown several inches was observed. 

The porosity that is illustrated in Fig. 3 occurred 
between the dendritic branches. It is presumably due 
to the volume shrinkage that occurs during freezing. 
The location of these shrinkage cavities suggests that 
the last liquid to freeze is located near the stem of 
the dendrite rather than at the intersection of the 
branches of two main dendritic arms. 

Cells. Rutter and Chalmers observe small misori- 
entations of up to 15 min of arc between the corruga- 
tions produced by cellular growth in lead. Similar 
misorientations have not been observed in this inves- 
tigation for the case of cellular growth in aluminum, 
although a misfit of less than 3 sec of arc would have 
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been detected. The only structural features observed 
were rows of pores. This porosity is presumably due 
either to the formation of shrinkage cavities, as in the 
case of dendritic growth, or to the precipitation of 
gas to form small bubbles. The formation of shrink- 
age cavities would imply that the solid-liquid inter - 
face extends back into the crystal for a considerable 
distance of the cell walls, a distance that is much 
larger than that implied by the results of decanting 
experiments. However, gas bubbles could form in 

the cell walls at a position that is close to the mean 
position of the solid-liquid interface. The decanting 
experiments did not reveal cavities in the cell walls 
near the mean position of the solid-liquid interface; 
this result tends to confirm the shrinkage cavity 
hypothesis to account for the porosity associated 
with cellular growth. 

Cells and Striations. Striations were observed not 
to form during cellular growth in the case of alumi- 
num single crystals grown at moderate speeds. At 
high growth rates (1 cm per min), striations formed 
under cellular growth conditions. These observa- 
tions would tend to confirm the vacancy disc collapse 
mechanism as the origin of dislocations for the for- 
mation of striations.* Presumably the pores produced 
during cellular growth act as vacancy sinks to reduce 
the over-all supersaturation with respect to vacancies 
in the crystal. 


SUMMARY 


The formation of pits on the surface of aluminum 
specimens by the condensation of vacancies forms 
the basis of a useful technique for studies of defects 
that act as sinks for vacancies. The results reported 
here on the structure of aluminum Single crystals 
grown from the melt confirm most of the previous 
work on this subject, with the exception that we did 
not observe misfit associated with the corrugations 
formed by cellular growth. Certain features of linear 
crystal growth from the melt have been observed 
that had not previously been reported in the literature. 
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H. B. Probst 


Mechanical twins were produced in zone-refined 
tungsten single crystals by explosive working at 
yoom temperature. These twins are parallel to 
{112} planes and have irregular boundaries rather 
than the classical plane twin boundaries. These 
boundaries ave grooved surfaces in which the 
grooves themselves are parallel to a<111>direc- 
tion and the sides of the grooves appear to be par- 
allel to {110} planes. 


Twins were produced in tungsten single crystals 
by explosive working at room temperature. These 
twins differ in character from any previously re- 
ported for tungsten; however, they are similar to 
those found in molybdenum after compression at 

Deformation twins “resembling Neumann bands in 
ingot iron” have been observed in tungsten by Bech- 
told and Shewmon.” This observation was made with 
sintered polycrystalline tungsten pulled in tension to 
fracture at 100°C and using a strain rate of 2.8 x 1074 
sec"'. More recently Schadler* found deformation 
twins in zone-refined tungsten single crystals pulled 
in tension at -196° and -253°C. These tests were 
conducted using a strain rate of 3.3 x 107+ sec, and 
the twin bands were found to be parallel to a {112} 
plane. 

Deformation twins in tungsten’s sister metal, mo- 
lybdenum, were observed by Cahn.* These twins were 
produced by compressing small (0.7 mm) vapor-de- 
posited molybdenum single crystals at -183°C. The 
compression was performed “by impact.” By the 
use of precession X-ray techniques, Cahn was able 
to identify the twin plane as {112} and the shear di- 
rection as <111>. 

Mueller and Parker! produced deformation twins 
in polycrystalline electron-beam-melted molybdenum 
by compression at -196°C. Their “loading rate” was 
5000 psi per min which, judging from their stress- 
strain curve, corresponds to a strain rate of approx- 
imately 0.3 x 10-*sec™!. These twin bands were found 
to be parallel to {112} planes; however, they differed 
in appearance from previously observed twins. In 
place of straight and parallel twin boundaries they 
were found to be irregular, jagged, and sawtoothed. 
The sides of the saw teeth were identified as {110} 
planes and irrational planes of a {111} zone, The 
twins observed in the present work in tungsten single 
crystals are similar in appearance to those of Mueller 
and Parker in polycrystalline molybdenum. 


H. B. PROBST is Research Metallurgist, National Aeronau- 
tics and Space Administration, Lewis Research Center, Cleve- 
land, Ohio. 
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_ Observations on Twinning in Zone-Refined Tungsten 


EXPERIMENTAL PROCEDURE 


The starting material used in this investigation was 
3/16-in. diam commercial tungsten rod produced by 
powder -metallurgy techniques. This material was 
converted to a single crystal by the electron-bombard- 
ment floating-zone technique.® The process was car- 
ried out in a vacuum of 10° mm of Hg using a travers- 
ing speed of 4 mm per min. 

Segments (~2 in. long and 3/16 in. in diam) of two 
crystals (A and B) produced in this manner were 
studied. Crystal A received one zoning pass, while 
crystal B received two passes. 

The two crystals were explosively worked at Bat- 
telle Memorial Institute in the following manner. A 
1 /2-in.-thick layer of plastic was applied to the 
crystals to serve as a buffer in an attempt to prevent 
cracking. The composite, crystal and buffer, was 
then wrapped with 1/8-in.-thick DuPont sheet ex- 
plosive EL506A2 and detonated in water at room 
temperature. 

Metallographic samples of the worked crystals 
were prepared, and back-reflection Laue X-ray pat- 
terns were obtained using unfiltered molybdenum 
radiation. 


RESULTS AND DISCUSSION 


Blasting the crystals as described above failed to 
prevent cracking. The crystals fractured into sev- 
eral fragments about 3/16 to 1/2 in. long; however, 
the fragments were of sufficient size to be useful for 
the subsequent study. 

The diamond pyramid hardness of the crystals 
after blasting was in the range 430 to 450 as com- 
pared with 340 for the as-melted material, which 
shows a definite hardening resulting from plastic 
deformation. These hardness values were obtained 
using a 1000-g load and taking readings only in sound 
portions of the crystals free of cracks. 

The crystals exhibited profuse twinning as shown 
in Fig. 1. No such structure is present in the as- 
melted condition. Most of these twins have jagged 
twin boundaries and are Similar in appearance to 
those found in molybdenum by Mueller and Parker. 
The twins in both crystals were found to be parallel 
to {112} planes. This identification was made by us- 
ing the conventional two-trace method. 

Subsequent efforts to describe these twins more ful- 
ly were carried out on crystal A. If the longitudinal 
axis of crystal A is placed in the (001)-(011)-(i11) 
basic triangle of the standard cubic stereographic 
projection, as in Fig. 2, then the two sets of twins 
shown in Fig. 1 are parallel to the (112) and (121) 
planes. 

Fig. 3 shows a schematic representation of a twin 
with jagged boundaries. This type of twin with a <111> 
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Fig. 1—Transverse section of crystal A. Etchant, Mura- 
kami’s reagent. X250. Reduced approximately 44 pct for 
reproduction. 


shear direction is the type proposed by Mueller and 
Parker for molybdenum. It is apparent from Fig. 3 
that a cut perpendicular to the shear direction would 
yield jagged twin boundaries and a cut parallel to the 
shear direction would yield straight twin boundaries. 
More generally, exposing any plane in the zone of 
the shear direction should result in straight twin 
boundaries (assuming the grooves of the twin sur- 


{112 PLANE 
PARALLEL 
TO TWIN 

BAND 


PLANE TO 
MAXIMIZE 
JAGGED 


SHEAR 
DIRECTION 


Fig. 3—Schematic view of twin showing irregular twin 
boundaries. 
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Fig. 2—Crystal A located in (001) standard projection. 


face are continuous as depicted in Fig. 3), while 
any plane not in this zone should result in jagged 
boundaries. 

In this work the type of twin depicted in Fig. 3 
with a <111> shear direction was assumed, and the 


5 
1 


Fig. 4—(011) plane of cry 
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crystal was then cut to expose planes which should 
result in straight and jagged boundaries in an effort 
to verify or disprove the assumed twin. 

As pointed out above, any exposed plane in the zone 
of the shear direction should exhibit straight twin 
boundaries. In a case such as crystal A, where two 
sets of twins are present, there is only one plane 
that would show straight boundaries for both sets of 
twins, and that plane is the plane common to both 
shear-direction zones. Since the two sets of twins 
present in crystal A were found to be parallel to the 
(112) and (121) planes, their assumed shear direc- 
tions are [f11] and [1i1] respectively. The plane 
common to both the (111) zone and the (111) zone is 
(011); thus, exposing the (011) plane should result 
in straight twin boundaries for both sets of twins. 

Fig. 4 shows the (011) plane of crystal A, and in- 
deed both sets of twins exhibit straight boundaries 
as predicted. The fact that all the twin boundaries of 
Fig. 4 are straight verifies that the grooves of the 
twin surface are continuous. The two sets of twins 
shown in Fig. 4 are approximately 70 deg apart, as 
they should be, since the (112) and (121) planes inter- 
sect the (011) plane in the [{111] and [111] direction, 
respectively, which are 70.5 deg apart. 

In order to identify the components of the saw- 
toothed twin boundary, z.e., the sides of the saw teeth, 
it was desirable to expose a plane which would maxi- 
mize the jagged character of the twin boundary. It is 
apparent from Fig. 3 that this plane should be near 


the plane which is parallel to the twin band, i.e., {112}, 


and on the zone connecting this plane and the shear 
direction. In the case of crystal A with its two sets 
of twins, exposing the (111) plane is a compromise to 
maximize the jagged character of the boundaries of 


both sets of twins. In order to show a maximum jagged 


appearance in the boundary of the twins parallel to the 
(112) plane, a plane of the (110) zone near (112) should 
be exposed. Similarly, a plane of the (101) zone near 
(121) should be exposed in order to maximize the 
jagged appearance of the boundary of the twins paral- 


lel to the (121) plane. The plane which represents a 
compromise between these two conditions is located 
at the intersection of the (110) and (101) zones, i.e., 
the (111) plane. 

The (111) plane of crystal A is shown in Fig. 5. 
Both sets of twins exhibit the irregular boundaries. 

The lengths of the sides of the saw teeth, as shown 
in Fig. 5, are short, and thus the angular measure- 
ments between these and the twin band are inaccurate. 
The only thing that can be said for these measure- 
ments is that, in the main, the angle between the 
side of a saw tooth and the twin band is in the neigh- 
borhood of 60 deg. This suggests that the compo- 
nents of the saw teeth are planes of the {110} type. 

The two sets of twins shown in Fig. 5 are 60 deg 
apart, as they should be, i.e., the (112) and (121) 
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Fig. 5—(111) plane of crystal A showing jagged twin bound- 
aries. Etchant, Murakami’s reagent. X650. Reduced ap- 
proximately 48 pct for reproduction. 


planes intersect the (111) plane in the [110] and [101] 
directions, which are 60 deg apart. 


CONCLUSIONS 


As a result of this work the following conclusions 
may be drawn: 


1) Zone-refined single-crystal tungsten will de- 
form plastically by mechanical twinning at room tem- 
perature when subjected to explosive loading. 


2) The twins so formed have irregular boundaries 
rather than the classical plane boundaries and are 
parallel to {112} planes. 


3) The irregular twin boundaries are grooved sur- 
faces in which the sides of the grooves appear to be 
parallel to {110} planes and the grooves themselves 
are parallel to a <111> direction. 
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The Growth of Large Single Crystals of 99.9 Pct 
lron of Controlled Orientation 


D. F. Stein and J. R. Low, Jr. 


Single crystals of iron have been grown from 
three different lots of Ferrovac ‘‘E’’ of somewhat 
different chemical composition by the strain anneal 
technique. Using a technique to seed the crystal 
similar to Dunn’s for silicon-iron, it has been pos- 
sible to orient the crystals grown in both direction 
and plane of growth. Crystals having the plane of 
the strip oriented (100), (110), (111), (112), (Zs). 
and (491) have been grown. The growth directions 
used have been [100], [110], 45 deg from a [110], 
and various others of no specific crystal orienta- 
tion. The usual dimensions of the crystals were 
& by 1 by 0.08 in. Attempts to grow crystals were 
about 90 pet successful. 


Meruops of growing single crystals of high purity 
iron have been reported in the literature.* How- 
ever, each of these methods was not completely re- 
liable when used on materials having slightly dif- 
ferent chemical composition and in some instances 
a Small number of successes were obtained using 
identical materials. Except for the method used by 
S. Dohi and T. Yamoshita,’ it has not been possible 
to reorient single crystals of high purity iron to 
give any desired orientation. The method to be des- 
cribed has made it possible to grow single crystals 
from three different lots of material having different 
compositions, and to orient the crystals with respect 
to growth direction and surface. 


STARTING MATERIAL 


The material used during this investigation was a 
vacuum melted high purity iron marketed by the Vac- 
uum Metals Corporation designated Ferrovac “E.” 
Three lots of Ferrovac “E” having the following com- 
position were used with equal success: 


Heat A Heat B Heat C 
Cc 0.005 0.005 0.034 
Nz 0.0011 0.0003 0.003 
(ON 0.013 0.0092 0.0017 
H, * 0.00003 0.0004 
Mn 0.005 0.001 * 
je * 0.002 * 
s * 0.006 * 
Si 0.005 0.006 * 
Ni 0.029 0.04 * 


D.F. STEIN and J. R. LOW, Jr., Member AIME, are Metal- 
lurgists, General Electric Research Laboratory, Schenectady, 
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Heat A Heat B Heat C 
Cr 0.003 0.01 
Mo 0.006 0.01 * 
Cu * 0.01 * 
Al 0.005 0.01 * 
V 0.003 Trace 


*Not Determined 


The compositions listed are those of the as-received 
material; and they may have been modified before the 
growth of single crystals. Analysis of heat B just be- 
fore growth and after growth revealed that the heat 
treatment prior to growth did not change the carbon 
content, but the oxygen content was changed from 
0.0092 pct to 0.0034 pct and the nitrogen content from 
0.0003 pct to 0.0001 pct. After growth of the single 
crystals, the carbon had dropped to 0.001 pct. None 
of the heat treatments would be expected to change 
any of the other impurities very markedly. Heat C 
would be expected to have a metallic impurity con- 
tent similar to heats A and B. 


PROCEDURE 


Ferrovac “E” iron which had been obtained in bar 
form having a diameter of about 1 in. was rolled into 
strip for growing single crystals. By passing the 1- 
in. bar through a cold rolling mill several times, it 
was reduced to a strip 0.15 in. thick. The strips 
obtained were then cut into suitable lengths for heat 
treating (about 9 in. long), annealed at 925°C for 2 
hr in dry hydrogen and water quenched. It was then 
necessary to bake the strip at 200°C for 24 hr in air 
in order to prevent cracking during further rolling 
operations. While it was possible to cold roll the 1- 
in. bar directly to the desired 0.080-in. strip, the 
intermediate anneal was used because the strip so 
obtained produced better single crystals. The strip 
obtained by rolling the 1-in. bar directly to 0.080-in. 
strip produced single crystals having a large number 
of occluded grains. Experiments showed that the Op- 
timum reduction in area by rolling prior to the 
growth of single crystals was about 50 pct. Attempts 
to grow single crystals from material that had been 
reduced less than 40 pct were unsuccessful presuma- 
bly because the matrix did not possess the critical 
amount of texture necessary for growth. The strip 
obtained after the rolling operations had very irregu- 
lar edges which were ground to give a strip with uni- 
form dimensions. 

The strip was then annealed at 825°C for 3 hr in 
hydrogen and furnace cooled. Fig. 1 illustrates the 
grain size obtained. A temperature of 940°C was used 
for the annealing temperature on one group of strips 
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Fig. 1—Ferrovac ‘‘E’’ grain size after 825°C anneal. X100 
2 pet Nital Etch. Reduced approximately 41 pct for repro- 
duction. 


but attempts to grow single crystals from this mate- 
rial were unsuccessful. It did not appear that any 
grain growth took place after the 940°C anneal when 
the strip was strained 3.0 pct and gradient annealed. 
The grain structure obtained from the 940°C annealing 
Operation was equi-axed and the recrystallized mate- 
rial did not appear to have a texture when etched in a 
50 pct HNO, - 50 pct H,O solution. If the annealing tem- 
perature was high in the ferritic region (830° to 890°C) 
the higher the temperature, the larger the number and 
size of occluded grains inthe final crystal. There was 
some indication that if annealing temperatures were 


lower than 825°C it might be possible to produce single 


crystal completely free of occluded grains, but this 
possibility has not yet been explored. 

The strain necessary for growth using the strain 
anneal method was introduced by pulling the strip 
in tension in a standard Instron tensile testing ma- 
chine. A very slow strain rate of 0.01 per hr was 
selected to prevent the formation of a Ltiders Band 
which would produce inhomogeneous deformation. 
Total strains of from 2.0 pct to 3.5 pct were used, 
with the best results being obtained from material 
that had been strained between 2.2 to 2.6 pct. When 
larger strains were used, it became very difficult 
to restrict the nucleation of new grains in the matrix 
which competed with the seed grain for growth of a 
single crystal. With strains of less than 2.2 pct it 
was difficult to nucleate grains necessary to seed 
the crystal. ; 

After straining, the portion of the strip that had 
been in the grips of the tensile machine was cut 
away. The sample was then etched in a 50 pct HNO, 
-50 pct H,O solution, which preferentially etches the 
{100} planes in iron. It was found that by etching the 
surface in this manner it was possible to suppress 
nearly completely the formation of occluded twin 
grains which have a tendency to form during the 
growth of iron single crystals. 


FURNACE AND GROWTH OF CRYSTALS 


In order to obtain a large temperature gradient a 


furnace developed by Dunn and Nonken® was employed. 
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Fig. 2—Temperature gradient obtained with furnace set to 

maintain maximum temperature of 870°C. 


This furnace employs a water-cooled copper slot to 
obtain a sharp gradient. The atmosphere in the fur- 
nace is line hydrogen. With the furnace set to main- 
tain a maximum temperature of 870°C the tempera- 
ture gradient was measured by passing a thermocou- 
ple spot welded to a sample through the temperature 
gradient, Fig. 2. 

The method used to reorient the crystals was quite 
similar to the one developed by Dunn and Nonken® for 
Si-Fe. Large crystals necessary for use as seeds 
were developed at one end of the strip by passing the 
strip into the furnace at a rate of 1/4 cm per hr until 
the leading edge had passed about 2 cm into the maxi- 
mum temperature region. Usually three or four 
grains started at the end of the sample. The orienta- 
tion of each grain was determined by X-ray diffrac- 
tion using the standard back reflection Laue method. 
The grains were cut in such a manner that only a 
grain possessing the orientation which most closely 
approached the desired orientation was connected to 
the main body of the strip, Fig. 3. By use of a ster- 
eographic projection and a Wulff net the desired plane 
and direction of growth are located and the neces- 
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Fig. 3—Diagram demonstrating the selection and joining of 
seed grain to matrix. 
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Fig. 4—(110) plane of sheet single crystal grown in<100> 
direction. 50 pet HNO,;—50 pct H,O Etch. 


sary rotations to bring the seed crystal to the de- 
sired orientation were determined. Using a device 
developed by Dunn and Nonken® the seed grain may 
be reoriented to the desired orientation. To facili- 
tate bending, the neck joining the seed crystals and 
the matrix was maintained at about 800°C by heating 
with a torch. The most severely strained regions of 
the seed grain and neck due to reorientation were 
removed by etching in 50 pct HNO,-50 pct H,O solu- 
tion until about 50 pct of the neck had been removed. 
The strip was then lowered at 1/4 cm per hr, seed 
grain first, into the gradient anneal furnace set to 
maintain a maximum temperature of 890°C. 890°C 
was chosen as the growth temperature because it 
was found that the higher the temperature of growth 
the easier it was to grow single crystals. Also, 890°C 
was safely below the transformation temperature so 
that fluctuations in furnace temperature did not pro- 
duce transformation. 


RESULTS 


Several crystals have been grown having a usual 
size of about 1 in. by 0.075 in. by 8 in., Fig. 4. Crys- 
tals have been grown having a plane of sheet orienta- 
tion of (100), (110), (111), (112), (123), and (491). The 
growth directions used have been [100], [110], and 
[110] at 45 deg to the growth axis and other directions 
selected at random having no specific crystal orienta- 
tion. Because of the texture in the strip it would be 
expected that certain orientations would grow more 
readily than others. However, this was not observed 
to be true with any of the orientations attempted, al- 
though it was observed that some crystals were more 
imperfect (dislocations, subgrains) in certain orien- 
tations. In some cases a large number of occluded 
grains were observed and there was an indication 
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that this may have had something to do with the initial 
grain size. Using the method described, about 90 pct 
of the attempts to grow single crystals were success- 
ful. 

The suggestion?® that a large amount of carbon was 
necessary for the growth of single crystals was found 
to be unnecessary in our material. Carbon analysis 
of a strip from lot B which had been partially grown 
into a single crystal was made. About 0.25 in. in 
front of the growth interface the carbon content was 
0.008 wt pct and about 0.25 in. behind the growth 
interface the carbon content had dropped to 0.001 pct. 
Because of the apparent difference between the carbon 
concentration ahead of the interface and that re- 
ported for heat B material, a check was made of 
the carbon content of a crystal from the same heat 
that had been subjected to all the preliminary oper- 
ations but not to the gradient anneal. The carbon 
content of this crystal was 0.0057 +0.0010. If it is 
assumed that the same error exists in the analysis 
of carbon concentration 0.25 in. ahead of the inter- 
face the difference may well be very small. While 
it has not been determined accurately, it appears 
that there may be a slight increase in carbon con- 
centration in a region slightly in advance of the in- 
terface. 


SUMMARY 


The critical requirements for the growth of single 
crystals in Ferrovac “E” are: an annealing treat- 
ment below the growth temperature before straining, 
a critical strain of 2.2 to 2.6 pct, and a growth tem- 
perature near 890°C. There is also reason to believe 
that a preferred orientation in the matrix material 
is also required, but this point is not yet proven. 
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Structural Relationships between Precipitate and Matrix 
Cobalt-Rich Cobalt-Titanium Alloys 


R. W. Fountain, G. M. Faulring, and W. D. Forgeng 


Precipitation of the phase Co,Ti (Cu,Au type) from 
a Co-5 pet Ti alloy has been investigated using single- 
crystal X-vay diffraction techniques. Oscillation and 
transmission Laue patterns of specimens aged for 
short-time periods at 600° C indicate the formation 
of titanium-vich and titanium-poor zones coherent 
with the {100} matrix planes. Longer aging times at 
600° C establish that the equilibrium phase also 
forms on the {100} matrix planes as platelets. 
These observations are corroborated by electron 
metallography; electron diffraction studies show the 
phase Co,Ti to be ordered. A probable sequence of 
the precipitation reaction is discussed. 


A previous publication by two of the present authors 
reported on the phase relations and precipitation in 
Co-Ti alloys containing up to 30 pct Ti.’ The results 
of this investigation established the existence of a 
new face-centered cubic intermetallic phase, y, rang- 
ing in composition from about 17.0 to 21.7 pct Ti at 
temperatures below 1000°C. The decomposition of 
the fcc supersaturated solid solution was studied 
employing hardness and electrical resistivity meas- 
urements. The changes in hardness upon precipita- 
tion in alloys containing 3, 6, and 9 pct* Ti were 


*All compositions are expressed in wt. pct. 


found to be associated with an initial increase in 
hardness followed by a plateau and then a second, 
more pronounced hardness increase. Investigation 
of this behavior by electrical resistivity measure- 
ments suggested that two different kinetic processes 
were involved, which, when interpreted in terms of 
the kinetic relation,?“* indicated that initial precipita- 
tion was in the form of thin plates. On continued ag- 
ing, the plates impinged during the growth process. 
The general features of these findings have been 
confirmed by Bibring and Manenc,° while, in addition, 
they report the y phase to be ordered. 

The present investigation was undertaken to provide 
more definite information on the structural relation- 
ships between the precipitate and the matrix. 


EXPERIMENTAL PROCEDURE 


Single crystals of a Co-5 pct Ti alloy were pre- 
pared from the melt employing the Bridgman tech- 
nique. Polycrystalline rod, 1/2 in. in diam, prepared 
from vacuum-melted material, was machined to 3/8- 
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in. diam to remove any surface contamination that 
may have resulted from hot-working. The crystals 
were grown under a purified hydrogen atmosphere in 
high-purity alumina crucibles heated by induction. 
Considerable difficulty was encountered in attempting 
to grow monocrystals because of the high melting 
point of the alloy and the high solute concentration. 
However, one crystal about 6 in. long was obtained 
which was essentially a single crystal except for one 
or two very small grains around the periphery. The 
as-grown crystal was solution heat-treated for 24 hr 
at 1200°C in a purified argon atmosphere and water - 
quenched. One-quarter-in. slices were taken from 
each end of the solution heat-treated crystal for chem- 
ical analyses, and the remainder of the crystal was 
mounted and oriented by the back reflection Laue 
Method. The chemical analysis of the crystal was 

as follows: 


Peta 
0.0003 


Pct O PctC PctN Pct Co 


0.08 0.004 0.002 


By proper tilting of the crystal, it was possible to 
obtain slices 1/32 in. thick of [100] and [110] orien- 
tation. The solution heat-treated crystal slices were 
sealed in silica capsules for the aging treatments, 
with titanium sponge placed at one end of the capsule 
to act as a getter. All slices were water -quenched 
from the aging temperatures, the capsules being 
broken under the water to ensure a rapid quench. 
Thinning of the slices for transmission X-ray stud- 
ies was accomplished by a combination of mechanical 
and electrolytic techniques, the final thickness being 
about 0.1 mm. Laue patterns of the solution heat- 
treated crystal indicated that no strain was intro- 
duced by the thinning technique. 


Pct Ti 
5.29 


Balance 


ELECTRON METALLOGRAPHY 


After X-ray examination, the structural changes 
attending the precipitation were followed by examina- 
tion of direct carbon replicas of polished and etched 
surfaces of the single-crystal slices and extracted 
phases. The earliest indication of significant struc- 
tural change was observed after aging at 600°C. The 
structure of a heavily etched, solution-treated crys- 
tal is shown in Fig. l(a). Aside from the etch pit pat- 
tern, no regularity of background structure is ob- 
served. On the other hand, in the background of the 
specimen heated for 500 hr at 600°C, the etching pat- 
tern shows a directionality indicating the influence 
of minute precipitate particles, Fig. 1(b). On elec- 
trolytic dissolution of this specimen in 10 pct HCl in 
alcohol, a large volume of very small, flattened cubes 
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(c) Extracted particles from alloy 
aged at 600°C. X40,000. 


Fig. 1—Co-5 pct Ti alloy. Reduced approximately 35 pct for reproduction. 


of the type shown in Fig. l(c) was obtained. The aver- cipitate can be seen to be parallel to the diagonals 


age diam of these platelets is approximately 0.01 yu. 
By X-ray diffraction, the particles were identified as 
the y phase, Co,Ti (~17.0 pct Ti). 

At higher temperatures, even short aging times 


of the etch pit in the upper left corner of Fig. 2(d). 
This block-like structure appears to define cer- 

tain crystallographic directions in the precipitate. 

Since the cube directions of the single crystal were 


produced a well-defined directional pattern, as shown known both from X-ray diffraction and etch-pit con- 


for a specimen aged 24 hr at 800°C, Fig. 2(a). The 


figuration, it seemed likely that the orientation rela- 


precipitate itself is not observed here, but only a con- tionships between the precipitate and matrix could 


figuration of etch pits, although the y particles iso- 
lated from this alloy were well-defined cubic plates 
with an average diam of about 0.2 uw. The diagonals 


be uniquely defined by determining the directions of 
the markings in the precipitate. The steps in deter- 
mining these directions are illustrated in Fig. 3. 


of the etch pits define the precipitate directions. From Fig. 3(a) shows a relatively large plate isolated from 


X-ray evidence it was found that the diagonals of the 
Square-shaped etch pits also define the <100> direc- 
tions of the matrix which indicates that the etch pits 
are pyramidal depressions whose sides are parallel 
to the faces (hll). 

With longer aging times at this temperature, not 
only can the precipitate phase itself be seen, Fig. 
2(b), but structural details are observed within the 
precipitate. The flat, elevated areas of the precipi- 
tate are divided into straight-sided segments, and the 
particles of the precipitate extracted from the alloy 
also have this characteristic block-like structure, 
Fig. 2(c). The sides of the internal blocks of the pre- 


(ad) 24 hr at 800°C.—carbon replica. 


X20,000. X20,000. 


— 
(6) 100 hr at 800° C.—carbon replica. 


a 9 pct Ti alloy solution treated and aged at 900°C 
for 20 hr. The orthogonal markings are clearly evi- 
dent. In the course of transferring from the micro- 
scope image to electron diffraction, the transition 
image, Fig. 3(b), showing both the particle and dif- 
fuse diffraction spots was obtained. The electron 
diffraction pattern of the particle, Fig. 3(c), clearly 
indicates that [100] directions are defined by the in- 
ternal block boundaries. Therefore, each of the 
blocks is a section of a cube which establishes that 
the y phase (Co,Ti) precipitates with its cube direc- 
tions parallel to those of the matrix. 

These observations indicate that the morphology 


| 


(c) Extracted particles from alloy 
aged 100 hr at 800°C. X20,000. 


Fig. 2—Solution treated and aged 5 pct Tialloy. Reduced approximately 35 pct for reproduction. 
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(a) Solution-treated single crystal (6) Solution treated and aged 500 hr at 
heavily etched—carbon replica, X16,500. 600°C.—carbon replica, X40,000. 


(a) Electron optical image. X18,000. (6) Transition image with defocused (c) Electron diffraction pattern of 


Reduced approximately 28 pct for re- electron beam. 
production. 


particles. 


Fig. 3—Precipitate particle (y) isolated from a Co-9 pct Ti alloy solution treated and aged 20 hr at 900°C. 


of the precipitate is controlled by the {100} planes 

of the matrix, probably because of the closeness of 
the lattice parameters (y, a) = 3.604A, matrix, a = 
3.573A) and crystal symmetry of the matrix and pre- 
cipitate. Whether the rectangular markings are a re- 
flection of a substructural configuration in the matrix 
or result from periodic depletion of the matrix upon 
growth of the precipitate is uncertain. A similar type 
of growth, howéver, has been observed during the 


precipitation of carbides in austenitic stainless steels.® 


In addition to the strong reflections corresponding 
to a fcc lattice, weaker spots can be observed in the 
pattern as indicated in Fig. 3(c). These spots corre- 
spond to superlattice reflections, establishing that the 
Co,Ti phase is ordered. This confirms the earlier 
X-ray diffraction results of Bibring and Manenc,°® who 
found superlattice reflections in a powder pattern of 
a 17.4 pct Ti alloy. 


X-RAY DIFFRACTION 

After thinning, the heat-treated crystal slices were 
oriented on a two-circle goniometer and mounted on 
a precession camera. The [100] or [110] crystal 
directions were nearly perpendicular to the parallel. 
flat surfaces of the specimen slice, and thus, it 
could be assumed that the X-ray absorption factor 
was approximately constant over the area radiated. 
Transmission Laue patterns were obtained employ - 
ing molybdenum radiation, a 0.25-mm diam collima- 
tor, and a 5-cm specimen to film distance. 

Some of the oriented crystal slices were trans- 
ferred on the goniometer head to a 57.3-mm diam 
oscillation camera. Oscillation patterns were ob- 
tained using vanadium-filtered chromium radiation, 
a complete oscillation angle of 80 deg, and a 0.5-mm 
diam collimator. Only one side of the film was devel- 
oped employing the technique described by Parrish’ 
to eliminate some of the fogging due to the fluores- 
cence of the titanium and air scatter. 


OSCILLATION PATTERNS 
Oscillation patterns of crystals aged at 600°C for 
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times up to 30 min were characterized by satellite 
reflections. This can be seen from the series shown 
in Figs. 4(a) to 4(c). The satellite reflections ob- 
tained from crystals heated at 600°C for 10 and 30 
min are of equal intensity on opposite sides of the 
matrix reflection, although those for the 30-min ag- 
ing were Slightly more diffuse. After aging for 48 
hr at 600°C, the discrete satellites merge with the 
matrix reflection to form a broadened reflection oc- 
curring over the entire original area occupied by the 
satellites, Fig. 4(c). On prolonged aging at 600°C or 
after aging for 48 hr at 800°C, Fig. 4(d), two fairly 
sharp spots were obtained corresponding to reflec- 
tions from the matrix and a well defined precipitate. 
Theories to account for the presence of side bands 
or satellites* of equal intensity observed on opposite 


*The term satellites refers to the anomalous X-ray diffraction effects 
observed on single-crystal type X-ray diffraction patterns. The term 
side bands refers to the same phenomenon but observed as bands on 
powder X-ray diffraction patterns, 


sides of the matrix reflections on powder and rota- 
tion patterns have been proposed by Daniel and Lip- 


¢ 
4 
(a) (b) 


(c) (d) 
Fig. 4—Portion of oscillation pattern of solution-treated 
and aged Co-5 pct Ti alloy. (a) 600°C—10 min. (6) 600°C— 
30 min. (c) 600°C—48 hr. (d) 800° C—48 hr. 
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son,® Hargreaves,°® and Guinier.!° Daniel and Lipson, 
and Hargreaves explained the occurrence of satellites 
in Cu-Fe-Ni alloys by the existence of a modulated 
structure consisting of a periodic arrangement of al- 
ternating copper-rich and copper-poor lamellae. 
Guinier, on the other hand, considered that complex 
zones distributed at random in the solid solution 
would be sufficient to account for the side bands. In 
either event, satellites can result from a directional 
and periodic variation of the lattice parameter, a 
periodic variation in scattering power, or a combin- 
ation of the two. 

Satellites were most clearly revealed in the aged 
crystals by chromium radiation; they were also de- 
tected with Cu or MoKa radiations, but the intensity 
of the reflections was less. This results from the 
fact that the difference in the dispersion-corrected 
scattering factors for cobalt and titanium is greater 
for chromium radiation than for molybdenum or cop- 
per radiations (fCo — fTi for CrKa = 26.33, for 
MoKa = 17.3, and for CuKa = 6.56). The satellites 
occurred exactly on the zero layer line and rho lines 
of the matrix reflections of the rotation patterns, and 
no Satellites were observed immediately above or 
below the zero layer line. This would indicate that the 
satellites are due primarily to a variable lattice par- 
ameter resulting from a coherent modulated structure 
consisting of a periodic arrangement of alternating 
titanium-rich and titanium-poor lamellae placed sym- 
metrically with respect to the lattice points. The 
fact that satellites occur on the rho lines of the ma- 
trix further indicates that the matrix material is 
modulated along the three cube axis directions. This 
conclusion is in agreement with that of Bibring and 


Satellites and (200) matrix reflections, X3. Enlarged 
approximately 15 pct for reproduction. 


Fig. 5—Small-angle scattering region of Laue patterns of 
Co-5 pet Ti alloy aged 10 min at 600°C. (a)[100]. (0) [110]. 
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Manenc® who observed side bands on powder patterns 
of a Co-9.7 pct Ti alloy heated for 30 min at 750°C. 


LAUE PATTERNS 


The observation of satellite reflections on the os- 
cillation patterns of crystals aged up to 30 min at 
600°C prompted a further study of the precipitation 
process employing the Laue technique. Early stages 
of precipitation in some alloy systems can often be 
observed from Laue patterns and are manifest by 
streaks which are superimposed on the normal dif- 
fraction pattern. Streaks can result from the pres- 
ence of two-dimensional type zones consisting princi- 
pally of atoms having a scattering power different 
from that of the matrix, from strong lattice distor- 
tion, or from a combination of both. As precipitation 
progresses, the original diffuse streaks become more 
definite and finally may develop into distinct reflec- 
tions characteristic of a three-dimensional type 
precipitate. Streaking has been of value in establish- 
ing the presence and orientation of the precipitating 
phase in several alloy systems. 

Laue patterns of the aged Co-Ti single crystals are 
characterized by a singular lack of streaking. This 
most probably results from the absence of large 
lattice distortion and the fact that the scattering fac- 
tor difference is not great enough between cobalt 
and titanium for the wave lengths contained in the 
polychromatic beam. The lack of streaking due to a 
scattering factor difference may be explained by 
consideration of the reciprocal lattice concept as 
follows: From the polychromatic molybdenum beam, 
there will only be a limited range of wave lengths of 
radiation that will emphasize the difference in the 
scattering power of cobalt and titanium (H6nl effect). 
Thus, there must be a reciprocal lattice point ina 
reflecting position for a limited range of wave lengths 
in order to have streaking appear on a Laue film. 
Because of the similarity in scattering factor of co- 
balt and titanium, the probability that this situation 
could occur in Co-Ti alloys is extremely slight. 

Faint, rod-shaped reflections, however, were evi- 
dent in the small-angle scattering region of the Laue 
patterns obtained from crystals heated at 600°C for 
3, 10, and 30 min. From angular relationships, it 
was determined that the rods were pointing in the 
<100> directions. In Fig. 5 are shown the small-angle 
regions of the Laue patterns obtained from crystals 
oriented in the [100] and the [110] directions heated 
at 600°C for 10 min, and sketches emphasizing the 
rod-shaped reflections easily seen on the films but 
only slightly visible on the photographic reproduc- 
tions in Figs. 5(a) and 5(b). These rod-like reflec- 
tions were not noted on Laue patterns obtained from 
crystals heated at temperatures and times greater 
than 600°C for 30 min. 

The phenomena noted here may be related to small- 
angle scattering due to a difference in the scattering 
factor of the titanium-rich and titanium-poor zones 
or to double Bragg reflections caused by slight mis- 
orientations of the crystallites. The straight, although 
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[loo] 

[o10] 


somewhat diffuse, edge on the rod-shaped reflections 
is more characteristic of a small-angle scattering 
than double Bragg reflections. 

The length of the rod-shaped reflections was equi- 
valent to a 6-deg angular range from the center of 
the direct beam. On the other hand, the average an- 
gular range of the normals to the {221} matrix planes 
was found to be approximately one deg, and this value, 
calculated from the dimensions of the {221} matrix 
reflections, did not vary appreciably with heat-treat- 
ment. If the rod-shaped reflections result from a 
double Bragg phenomenon, they should extend over an 
angular range of approximately twice that of the 
normals to the matrix reflections. Consequently, 
the 6-deg angular range of the rod-shaped reflec- 
tions is too great to be accounted for by double 
Bragg phenomena. The conclusion that a small-angle 
scattering origin is responsible for the phenomena 
is further substantiated by the fact that neither the 
rod-shaped reflections nor the satellites were de- 
tected on patterns from crystals heated at 600°C for 
48 hr. Finally, the occurrence of rod-shaped reflec- 
tions in the <100> directions only, is a further indi- 
cation that the zones are forming on the {100} planes 
of the matrix. 


DISC USSION 


In the initial stage of decomposition of supersa- 
turated solid solutions in systems where the solute 
and solvent atoms have different sizes, zone forma- 
tion occurs as platelets.'? As an example, in Al-Cu 
alloys the zones are formed on the {100} matrix 
planes, and X-ray evidence indicates that both the 
matrix and the zones are deformed. In the Co-Ti al- 
aloys the difference in atomic size between the solute 
and solvent atoms is almost the same as that between 
copper and aluminum, and the zones are also formed 
on the {100} matrix planes. Therefore, it appears 
reasonable to conclude that titanium-rich and titani- 
um-poor zones are formed as platelets. 

The existence of satellite reflections has been at- 
tributed to the presence of solute-rich zones formed 
coherent with the parent lattice. From the oscillation 
pattern of the aged crystals, Fig. 4, the following se- 
quence of events can be postulated for the aging proc- 
ess. For aging times up to 10 min at 600°C, titanium- 
rich and titanium-poor lamellae are formed coherently 
on the {100} planes of the parent lattice. As the aging 
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time at 600°C is increased to 30 min, the satellite re- 
flections on the oscillation patterns become quite dif- 
fuse, indicating a substantial loss of coherency. Since 
the equilibrium precipitate and the lamellae are both 
formed on the {100} matrix planes, it appears that 

the lamellae lose coherency and continue to grow to 
form the equilibrium structure. The diffuse nature 

of the satellites at this point, as well as the fact that 
they become closer to the matrix reflection, is indica- 
tive of a thickening or growth of the zones. 

The final stage of the precipitation is exemplified 
by the crystal aged 48 hr at 800°C. The oscillation 
pattern, Fig. 4(d), shows the appearance of two dis- 
crete spots, one of the fully developed precipitate 
and the other of the depleted matrix. The rod-shaped 
reflections observed in the small-angle region of the 
transmission Laue patterns presumably result 
from a small-angle scattering phenomenon. Since 
the presence of these reflections is affected by 
heat-treatment in the same manner as the satellite 
reflections, it is concluded that both result from 
the presence of titanium-rich and titanium-poor 
zones. The rod-shaped reflections follow the <100> 
directions of the matrix. 

The electron-microscope studies establish that 
the equilibrium precipitate is in the form of plates 
with their cube directions parallel to those of the 
matrix. The equilibrium precipitate, Co,Ti, is also 
shown by electron diffraction to be ordered, in agree- 
ment with the X-ray diffraction results of Bibring 
and Manenc.° Whether the Co,Ti phase precipitates 
in the ordered state or becomes ordered after preci- 
pitation is unknown. 
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The Control of Annealing Texture by Precipitation in 


Cold-Rolled Iron 


W. C. Leslie 


The textures of cold-rolled and of annealed iron 
are compared with those of an ivon—0.8 pct copper 
alloy in which the amount of precipitation after cold 
rolling was controlled. Previously published pole 
figures for cold-rolled and for annealed iron are 
confirmed. The effects of precipitation after cold 
rolling are to retain the cold-rolled texture after 
annealing, to inhibit the formation of the usual an- 
nealing texture, and to produce elongated recrys- 
tallized ferrite grains, It is suggested that the in- 
hibition of new textures by precipitation after cold 
rolling is a general phenomenon. 


tak great deal of attention has been paid to the devel- 
opment of texture during the secondary or tertiary 
recrystallization of ferritic alloys, but very little 
work seems to have been done on the control of tex- 
ture during primary recrystallization. If such con- 
trol were attained, it might be possible to simplify 
the processing of oriented materials or to change 
the characteristics of current cold-rolled and an- 
nealed products. 

From previous experience, it seemed likely that 
texture could be controlled by recrystallizing a sup- 
ersaturated solid solution. Green, Liebmann, and 
Yoshida’ found that the formation of preferred orien- 
tation in aluminum (40 deg rotation about <111> re- 
lative to the deformed matrix) was inhibited when 
iron was retained in supersaturated solid solution in 
the strained aluminum. The authors attributed this 
inhibition to iron atoms in solid solution. There is, 
however, an alternative explanation. Green et al, 
took a highly supersaturated solution of iron in 
strained aluminum and heated it to an unspecified 
temperature for recrystallization. It is probable that 
precipitation occurred prior to and during recrys- 
tallization, and it is proposed that the inhibiting agent 
is this precipitate, rather than the iron atoms in solid 
solution. It is important to note that precipitation be- 
fore cold work is ineffective; the effective precipitate 
is that formed after cold working and either before or 
during recrystallization. The location and distribu- 
tion of the precipitate are critical. Precipitation in 
such a manner has been found to have profound effects 
upon kinetics of recrystallization and the microstruc- 
ture of the recrystallized alloys.** It would be sur- 
prising, indeed, if this were accomplished with no 
change in texture. 
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Because of the relative simplicity of the system, 
and because of previous experience,*” it was decided 
to determine the effect of precipitation on texture in 
an alloy of iron and copper. Bush and Lindsay® found 
an unspecified change in texture in cold-rolled and 
annealed low-carbon rimmed steel sheets when the 
copper content exceeded 0.1 pct. 


MATERIALS 


In earlier work, the rate of recrystallization of a 
low-carbon steel was greatly decreased by 0.80 pct 
copper, and, after the proper treatment, the recrys- 
tallized ferrite grains were greatly elongated.* Ac- 
cordingly, it was decided to investigate the effect of 
precipitation on texture at this level of copper content. 

The iron and the iron-copper alloy were made 
from high-quality electrolytic iron and OFHC cop- 
per, vacuum-melted in MgO crucibles, cast, hot- 
rolled to 0.2 in., then machined to 0.150 in. The 
compositions are given in Table I. The plates were 
heated to 925°C and brine quenched, twice. This 
produced a ferrite grain size of ASTM 0 in the iron 
and ASTM 1 in the Fe-Cu alloy. Disk specimens 
were cut from the heat-treated plates, repeatedly 
polished and etched, then used to determine (110) 
and (200) pole figures by reflection. Despite the 
complication of large grain size, these pole figures 
strongly indicated a random texture. 


PROCEDURES 


The copper content in solid solution in ferrite be- 
fore cold rolling and recrystallization, and hence, 
the amount that could precipitate during the recrys- 
tallization anneal, was controlled at three levels by 
heat treatment. The specimens as quenched from 
925°C were presumed to have all the copper, 0.80 
pet, in solid solution. Other samples of the quenched 
alloy were aged 5 hr at 700°C to retain about 0.5 pct 
Cu in solid solution.® A third set of quenched speci- 
mens was reheated to 700°C, then slowly cooled in 
steps, to reduce the amount of copper in solid solu- 
tion to a very low level. All specimens were cold- 
rolled 90 pct, from 0.150 to 0.015 in. thick. The rol- 
ling was done in one direction only, i.e., the strip 
was not reversed between passes, with a jig on the 
table of the mill to keep the short specimens at 90 
deg to the rolls. The rolls were 5 in. in diameter 
and speed was 35 ft. per min. Machine oil was used 
as a lubricant. 

In a supersaturated alloy, the maximum effect of 
the copper precipitate on microstructure and on re- 
crystallization can be developed by a treatment at 
500°C, after cold rolling and before recrystallization.+ 
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Table |. Chemical Composition Materials 


Cu 16) Mn 12 Si N Ni Cr Mo Al Co Tey 
Fe 0.001 0.0016 0.008 0.001 0.0009 0.004 0.010 0.0007 0.009 0.017 <0.005 0.004 0.004 0.003 <0.001 
Fe-Cu 0.80 0.0024 0.020 0.004 0.004 0.006 0.0006 0.035 0.001 0.005 0.004 <0.008 <0.004 0.001 0.003 
This treatment initiates precipitation of the €-phase Tienes 


(copper saturated with iron).” Recrystallization to 
elongated ferrite grains can then be accomplished by 


raising the temperature, to 700°C, for example. This 


observation, made on low-carbon copper -bearing 


steels, was confirmed by preliminary experiments on 


the Fe-Cu alloy. 

The details of specimen history are given in Table 
II. Specimens of iron were carried through the same 
processes as a control, with the exception of the 
slow-cooling treatment. 

Specimens for determination of pole figures were 
thinned to 0.0025 to 0.0035 in. in a 1:1 solution of 
H,O, (50 pct concentration) and orthophosphoric 
acid (85 pct concentration). Complete (110) pole 
figures were constructed for each specimen. The 
central portions (0 to 50 deg outward from the cen- 
ter) were determined by reflection, using a Seifert 
pole figure goniometer on a G.E. XRD 3 unit, with 
filtered CrK, radiation. The outer portions (0 to 
60 deg inward from the periphery) were determined 


HISTORY OF POLE FIGURE SPECIMENS OF Fe AND Fe-0.8% Cu 


HOT ROLL, AIR COOL 


REHEAT TO 925°C, HOLD I5 min., BRINE QUENCH TO PRODUCE 
SUPERSATURATED SOLUTION WITH RANDOM ORIENTATION 


AS QUENCHED AGED SLOWLY, COOLED 


COLD ROLL 90% 


AGE 700°C, Shrs., TO REHEAT TO 700°C, HOLD 5 hrs. 


PRECIPITATE ~ 0.3 % Cu COOL TO 600°, “ 3)" 
AGE 500°C, 3 hrs "965°C, ~ 
TO INITIATE PREC. COLD ROLL 90% 


FURNACE COOL TO ROOM TEMP. 
TO PRECIPITATE NEARLY ALL 
COPPER FROM SOLID SOLUTION 


[coLo ROLL 90%| ROLL 90% 
AGE 500°C, 3hrs. 


[RECRYSTALLIZE AT 700°C, 5 hrs.] 


RECRYSTALLIZE AT 
700°C, 5hrs 


AGE 500°C, 3 hrs. 


[RECRYSTALLIZE AT 700°C, 5hrs| 


by transmission, using a G.E. pole figure goniometer 
and filtered MoK, radiation. The reflection intensi- 
ties were converted to the transmission intensities 
by use of the ratios of the measured intensities by the 
two methods in the region of overlap. The intensity 


(a) Elongation ratio = 1.5 Longitudinal Section Elongation ratio = 3.9 (b) 


Rolling 
direction 


Section parallel to rolling plane Fe - 0.80 pet Cu 


Fig. 1—Effect of precipitation before recrystallization on ferrite grain structures (quenched from 925°C, cold rolled 90 
pet, pretreated 3 hr at 500°C, recrystallized at 700°C). X300 Nital etch. Reduced approximately 30 pct for reproduction. 
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| 
(c) Fe 


Se 


Held 5 hr. at 700°C before cold rolling. 
Elongation ratio = 3.4 


Slowly cooled from 700°C before cold rolling. 
Elongation ratio = 2.1 


Fig. 2—Decrease in grain elongation with decrease in amount of copper precipitated from solid solution after cold rolling. 
(Fe—0.8 pet Cu, quenched from 925°C, treated as noted above, cold rolled 90 pet, pretreated 3 hr at 500°C, recrystallized 
at 700°C.) Nital etch X300. Reduced approximately 30 pet for reproduction. 


levels were taken as multiples of the random inten- 
sity measured from iron powder specimens made to 
the same absorption thicknesses as the iron and Fe- 
Cu samples. 


RESULTS AND DISCUSSION 


Microstructures. The contrast between the recrys- 
tallized ferrite grain structure in iron, with no preci- 
pitation occuring after cold rolling, and in iron-cop- 
per with considerable precipitation, is shown in Fig. 
1. The precipitation produced markedly elongated 
ferrite grains, which are believed to result from a 
combination of inhibition of “nucleation” of new grains 
and barriers to grain growth. As the concentration of 


(a) 


Fig. 3—{110} pole figures of iron and iron-0.8 pct copper alloy, 


copper in solid solution before cold rolling, and hence, 
the amount available for precipitation, is decreased, 
the ferrite grains become more equi-axed (Fig. 2a 
and 2b compared with Fig. 10). 

Textures. a. Cold-Rolled. The pole-figures ob- 
tained from iron and from the iron-copper alloys, 
cold rolled 90 pct after quenching from 925°C, after 
aging at 700°C, and after slow cooling from 700°C, 
were identical. Typical examples are shown in Fig. 
3a and 3b. The cold-rolled texture was not affected 
by the presence of copper, whether in supersaturated 
solid solution or in precipitated e€ particles. It is pos- 
sible, of course, that this conclusion may not be valid 
for lesser amounts of cold reduction. 


cold rolled 90 pet in one direction only after indicated 


treatments. (a) Iron, quenched from 925°C. (b) Iron—0.8 pet copper alloy, quenched from 925°C, reheated to 700°C, slowly 


cooled. 
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Fig. 4—{110} pole figures of recrystallized iron and iron-copper, quenched from 925°C, cold rolled 90 pct, annealed 3 hr 


500°C, 5 hr 700°C. (a) Iron. (b) Iron—0.8 pct copper. 


The pole figures for the cold-rolled iron and iron- 
copper alloys are interesting in that they cannot be 
described in terms of the “ideal orientations” (100) 
[011], (112) [110], or (111)[112], as has been custo- 
mary in the past.®»'° They agree, however, with the 
results of Haessner and Weik" on iron cold-rolled 
80 to 95 pct. In Fig. 3a and 30, there is a slight asym- 
metry, due to rolling in one direction only, without 
reversal, which did not appear in the pole figures 
of Haessner and Weik. The four maxima are rotated 
about 2-1/2 degrees away from the rolling direction, 
about a transverse axis. 

Haessner and Weik proposed, after the work of 
Grewen and Wassermann on aluminum,” that the 
four intensity peaks are due to a combination of 
two [110] fiber textures, one with the axis at an 
angle of 35 deg to the sheet normal, toward the rol- 
ling direction, and the other with the [110] axis in 
the direction of rolling. The scatter in the intensity 
maxima is explained as being due to scatter of the 
fiber axis and incompleteness of the fiber texture. 
There may also be traces of a (100) [011] texture. 
These proposals seem reasonable, but they do not 
establish the mechanism of formation of the texture 
of cold-rolled iron. 

b. Recrystallized, The textures of the iron and 
iron-copper alloy, quenched from 925°C, cold rolled 
90 pct, pretreated 3 hr at 500°C, then recrystallized 
5 hr at 700°C, are shown in Fig. 4. These pole figures 
were taken from specimens with microstructures 
corresponding to those shown in Fig.1. The texture 
of the recrystallized iron (Fig. 4a) is similar to pre- 
vious determinations®,%11; it consists of the cold- 
rolled texture rotated 15 deg about the sheet normal 
to each side of the rolling direction, with greatly re- 
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duced intensity maxima. This texture has been des- 
cribedas (111)[ 112], (100) 15 deg from [ 011], and (112) 
15 deg from [ 110] .° The iron-copper alloy (Fig. 40), how- 
ever, retained the cold-worked texture, with greatly 
reduced maxima, with only a slight tendency to form 
the annealed texture. 

When the amount of copper in solid solution prior 
to cold rolling was reduced by aging at 700°C for 5 
hr, the grain elongation after recrystallization was 
reduced (Fig. 2a) and the texture (Fig. 5b) was less 
pronounced than when the copper was retained in 
solid solution. Although this texture still resembles 
that of the cold-rolled specimens, the intensity max- 
ima have been so reduced that a random orientation is 
approached. The texture of the iron after a similar 
treatment was the usual annealing texture (Fig. 5a), 
but with low intensity maxima. 

Reducing the copper in solid solution still further, 
by very slow cooling from 700°C prior to cold rol- 
ling, reduced but did not eliminate the tendency to 
form elongated ferrite grains (Fig. 2b). The texture 
after this treatment again resembled the texture after 
cold rolling, but with very low intensity maxima 
(Fig.6). Despite the very slow cooling, and the very 
low solubility of copper in ferrite at low tempera- 
tures, there seemed to be enough copper remaining 
in solid solution to form a precipitate during the 
500°C treatment after cold rolling. 

Haessner and Weik!! reported that the texture of 
cold-rolled and annealed iron, with a constant amount 
of cold reduction, varied with the annealing temper - 
ature. In their work, iron annealed at low tempera- 
tures retained the cold-rolled texture, whereas high 
annealing temperatures produced the frequently ob- 
served annealing texture of the type shown in Figs. 
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Fig. 5—{110} pole figures of recrystallized iron and iron-copper, quenched from 925°C, aged 5 hr 700°C, cold rolled 90 
pet, annealed 3 hr 500°C, 5 hr 700°C. (a) Iron. (b) Iron—0.8 pet copper. 


4a and 5a. The presence of copper in ferrite raises would be a “low” annealing temperature for iron- 


the “recrystallization temperature,”* and the re- copper. 

sults shown in Figs. 4b, 5b, and 6 indicate that iron— To determine whether this notion was correct, and 
0.8 pct copper, recrystallized at 700°C, tended to to check the results of Haessner and Weik, a speci- 
retain the cold-rolled texture. It seemed possible, men of iron was quenched from 925°C, cold rolled 
therefore, that the effect of copper on texture was 90 pet, then annealed 2 hr at 540°C. Recrystallization 
due to the raising of the “recrystallization tempera- was complete after this treatment as judged from 
ture”, z.e., a “high” annealing temperature for iron the microstructure, but as shown in Fig. 7, the cold- 


RD 


Fig. 6—{110} pole figure of recrystallized iron—0.8 pet cop-__—‘ Fig. 7—{110} pole figure of recrystallized iron, quenched 
per alloy, quenched from 925°C, reheated to 700°C, slowly from 925°C, cold rolled 90 pct, annealed 2 hr at 540°C. 
cooled, cold rolled 90 pet, annealed 3 hr 500°C, 5 hr 700°C. 
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rolled texture was retained to a remarkable extent, 
thus confirming the observations of Haessner and 
Weik. 

A sample of the iron-copper alloy was quenched 
from 925°C, cold rolled 90 pct, then annealed 3 hr 
at 500°C to precipitate € particles and 4 hr at 800°C 
to recrystallize. If the effect of precipitation on tex- 
ture was due to the raising of the temperature re- 


quired for recrystallization, this treatment would be 


expected to produce the annealing texture illustrated 
by Figs. 4a and 5a. This did not occur. The texture 
after recrystallization, although it contained vestiges 
of the cold-rolled texture, was very close to random 
(Fig. 8). 

Under the condition of severe cold-rolling employed 
in this investigation, the € precipitate increases the 
tendency to retain the cold-rolled texture after anneal- 
ing. The intensity of this texture after annealing can 
be reduced by increasing the annealing temperature 
or by decreasing the amount of precipitate formed 
after cold rolling. In the presence of the ¢€ precipitate, 
high annealing temperatures produce a nearly random 
texture rather than the annealing texture commonly 
found in iron. 

In view of the alternative explanation offered in 
the introduction of this paper for observations of 
Green ef qi’ on impure aluminum, it seems probable 
that inhibition of annealing textures by precipitation 
after cold rolling is a general phenomenon. Another 
example may be found in the common use of con- 
trolled precipitation of AIN in cold-rolled, alumi- 
num-killed, low-carbon steel sheets to produce the 
elongated ferrite grains that are desirable for good 
performance in deep drawing.» The effect of this 
controlled precipitation upon the texture of the an- 
nealed steel sheets should be redetermined, using 
modern techniques. 

Since the large effects upon recrystailization kine- 
tics, microstructure, and texture in the iron-copper 
alloys used, and probably also in aluminum-iron 
alloys,’ were due to precipitation, it follows that the 
Lticke-Detert theory'’ of the effects of solutes upon 
boundary migration cannot be used to explain the 
phenomena, as has been done in the past.’ It also 
follows that Lticke and Detert were in error in as- 
Signing a minor role to precipitation. 

It is clear from the results of Haessner and Weik, 
and from those presented here, that the primary re- 
crystallized texture of straight rolled iron can be 
controlled by — 


1) Amount of cold reduction. 
2) Annealing temperature. 


3) Precipitation following cold rolling. 


CONCLUSIONS 


1) It is very difficult to describe the texture of 
iron after straight cold rolling in terms of “ideal 
orientations,” and the development of this texture re- 
mains obscure. 
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Fig. 8—{110} pole figure of recrystallized iron—0.8 pct cop- 
per alloy, quenched from 925°C, cold rolled 90 pct, annealed 
3 hr 500°C, 4 hr 800°C. 


2) The texture of severely cold-rolled iron is not 
affected by the presence of copper, whether precipi- 
tated or in solid solution. 


3) As previously noted,** low annealing tempera- 
tures cause a retention of the cold rolled texture in 
fully recrystallized iron. Increasing the annealing 
temperature produces the customary texture of an- 
nealed iron. 


4) The precipitation of copper in cold-rolled iron, 
after rolling, increases the tendency to retain the 
cold-rolled texture after annealing and prevents 
the formation of the usual annealing texture. 


5) The cold-rolled texture of iron is retained to 
a greater extent after annealing as the amount of 
precipitate formed after cold rolling is increased. 
Such an increase also leads to the greatest elonga- 
tion of recrystallized ferrite grains. 


6) A new interpretation of observations of prefer - 
ential grain growth in aluminum makes it probable 
that inhibition of new textures by precipitates dur- 
ing annealing is a general phenomenon. The effec- 
tive precipitates are those formed after cold rolling. 
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Annealing Twins and Coincidence Site Boundaries in 


Zone-Refined Aluminum 
K. T. Aust 


The occurrence of annealing twins in high-purity 
aluminum resulted in the formation of grain bound- 
aries having orientation relationships which corre- 
spond to a high density of coincidence sites. The 
results provide support for the coincidence site 
model and indicate that large-angle coincidence 
boundaries have lower free energies than large- 
angle noncoincidence boundaries. Observations are 
presented concerning the coherent structure of twin 
interfaces in aluminum and the tmportance of inter- 
facial energy in preferred orientation. 


Recent experiments’ have shown that when an an- 
nealing twin is formed during grain boundary migra- 
tion in zone-refined lead, a large-angle random 
boundary is replaced at the growth front by a large- 
angle coincidence site boundary. The coincidence 
site orientation relationships obtained by twinning 
were of the type considered by Kronberg and Wil- 
son,” Frank,* and Dunn.‘ On the basis of the theory 
of annealing twins advanced by Fullman and 
Fisher,° these observations indicate that the energy 
of a coincidence site boundary is less than the en- 
ergy of a random boundary by an amount which ex- 
ceeds the energy of the coherent twin boundary. 
This energy difference between the coincidence and 
random boundaries must be at least about 5 pet 
since the ratio of twin boundary energy to grain 
boundary energy in zone-refined lead is 0.05 + .014.° 
Fullman’ has found that the twin boundary energy 
in aluminum is about 21 + 5 pct that of a large-angle 
grain boundary. A twin boundary energy as large as 
this would be expected to exclude the formation of 
many coincidence site grain boundaries, especially 
those which have a relatively low density of coin- 
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cidence sites. Therefore, if the coincidence site 
model is a useful interpretation of certain large- 
angle boundaries, then it would be predicted that 
only coincidence boundaries which Separate adja- 
cent crystals with a relatively high density of coin- 
cidence sites may be obtained as a result of twin- 
ning in aluminum. The present experiments provided 
a means of testing this prediction since annealing 
twins occurred during the growth of recrystallized 
grains into striated, melt-grown Single crystals of 
zone-refined aluminum. 


EXPERIMENTAL PROCEDURE 


A striated single crystal of zone-refined alumi- 
num, about 1 cm sq and 37 cm in length, was ob- 
tained during zone melting of aluminum of 99,996 
wt pet starting purity ina graphite boat under he- 
lium atmosphere.’ A molten zone of 2 to 3 cm in 
length, which was maintained by induction heating, 
was passed along the length of the bar for eleven 
passes at a rate of 0.9 mm per min. An additional 
final pass was given at a rate of 0.2 mm per min, 
The center portion of the zone-melted bar was 
characterized by an electrical resistivity ratio 
between room temperature and 4.2°K of 8000 to 
9000. Single crystals of 1 to 2.cm in length were 
removed from the center section of the zone-re- 
fined bar and electrolytically polished in a 2:1 solu- 
tion of methyl alcohol and concentrated nitric acid. 
The specimens were then chemically polished in 
Alcoa R-5 solution. X-ray analysis of the Single 
crystals indicated the presence of striations or lin- 
eage substructure having misorientations as high 
as 2 deg. 

New, recrystallized grains were introduced into 
each striated crystal by the technique of artificial 
nucleation and growth, previously described.? Dur- 
ing the growth of the recrystallized grains at 300° 
to 600°C in argon, it was sometimes found that a 
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Fig. 1—Macrophotograph showing growth of grain A and its 
twin A“ into an aluminum single crystal S. X10. 


twin of a recrystallized grain would form and grow 
into the striated crystal. An example of an anneal- 
ing twin which formed during grain boundary migra- 
tion is shown in Fig. 1. A recrystallized grain A, 
which was introduced by artificial nucleation and 
growth, and its twin A!, which formed during the 
growth of A, have advanced into the single crystal 
S. X-ray analysis confirmed the first-order twin 
relationship existing between grains A and A’. The 
orientation relationships between grains A and§S, and 
between A’ and S, were determined from X-ray 
back-reflection analysis. 


RESULTS AND DISCUSSION 


The results of the orientation determinations are 
given in the separate stereographic triangles of 
Fig. 2 for each case of twinning observed in the 
present study. The single axis of rotation relating 
the first growing grain A to the striated crystal S, 
by the smallest amount of rotation 6, is shown at 
the position before the arrow; the axis of rotation 
relating the twin of grain A, namely grain A’, to the 
striated crystal is given at the position after the 
arrow. The amount of rotation @ is indicated at each 
axis position in Fig. 2. 

In every case, except in triangle No. 7, grain A 
is related to the striated crystal by rotations about 
high-index axes; these orientation relationships are 
similar to those previously defined as ‘‘random’’ 
grain boundaries.? However, in all cases grain A! 
(twin of A) is related to the striated crystal S by 
ratations about axes near <110>and<111>. The 
A!-S orientation relationships about <110> cor- 
respond closely to the coincidence site relationships 
of 39 deg about <110> in which the density of coin- 
cidence sites is 1 in 9 (triangle Nos. 1,2, and 3), and 
50 deg about <110> in which the density of coinci- 
dence sites is 1 in 11 (No. 4). The observed rota- 
tions about <111> (Nos. 5 and 6) may be interpreted 
in terms of the coincidence site relationship of 38 
deg about <111> with a density of coincidence sites 
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Fig. 2—Stereographic plots of the axes of rotation which 
relate each of the grains A and A! with the striated crystal 
S by the smallest amount of rotation 6, in eight cases of 
twinning. 


of 1 in 7. In one instance (No. 7), the coincidence 
value of near 39 deg about <110> was replaced as 

a result of twinning by a near-twin boundary of 58 
deg about < 111> in which the density of coincidence 
sites approaches 1 in 3. The results given in the 
last triangle (No. 8) confirm a previous suggestion? 
that twinning may also occur when the boundary 
separating grains A! and S is a medium-angle bound- 
ary and, therefore, a lower energy boundary. 

A summary of the coincidence site orientation 
relationships obtained by twinning, in the previous 
study on lead? and in the present work on aluminum, 
is shown in Table I. It is evident that where an an- 
nealing twin was formed during grain boundary 
migration in high-purity aluminum, a large-angle 
random boundary is replaced at the growth front by 
a large-angle coincidence boundary or, in one case, 
by a medium-angle boundary. The observed coin- 
cidence site relationships in aluminum are those 
with the highest densities of coincidence sites about 
<110> and <111>.?* In the previous work on 
zone-refined lead,’ the formation of annealing twins 
resulted in the appearance of coincidence boundaries 
corresponding to low as well as high densities of 
coincidence sites, e.g. see Table I. These observa- 
tions are, therefore, consistent with the experiment- 
ally measured larger ratio of twin boundary energy 
to grain boundary energy in aluminum’ as compared 
to lead.® 

It should be noted that the ratio of interfacial free 
energy of twin boundaries to that of grain boundaries 


Table |. Coincidence Site Orientation Relationships 
Obtained by Twinning 


Density of 
Coincidence 
Axis 6, deg Sites 
High-purity lead <110> 39 1lin9 
(Ref. 1) <110> 56 lin 41 
<100> 16 lin 25 
<1l1> ~60 ~lin3 
22 ‘Lin 7 
47 1 in 19 
High-purity aluminum <110> 39 lin9 
(present work) <110> 50 1 in 11 
<11lb ~60 ~lin3 
<111> 38 lin7 
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Fig. 3—Photomicrograph showing surface pits near a co- 
herent twin boundary in aluminum. X300. Reduced approxi- 
mately 23 pet for reproduction. 


of 0.21 + 0.05 was determined for aluminum of 99.96 
pet purity.” This ratio may be somewhat lower for 
the zone-refined aluminum used in the present ex- 
periments. For example, Bolling and Winegard® 
found that 0.1 at. pet of silver in zone-refined lead 
raised the ratio of twin boundary energy to grain 
boundary from 0.050 + 0.014 to 0.077 + 0.016. Con- 
sequently, the difference in interfacial energy be- 
tween the random and coincidence boundaries in the 
present specimens may not be quite as large as 
would be deduced from the Fullman- Fisher theory 
and from Fullman’s twin boundary energy measure- 
ment on relatively impure aluminum. 

The presence of a coherent structure in the twin 
interface of aluminum may be inferred from ob- 
servations on the formation of surface pits at twin 
boundaries. For example, Fig. 3 shows a photo- 
micrograph of a twin boundary in zone-refined alu- 
minum after a 4 hr anneal at 600°C in argon fol- 
lowed by furnace cooling at a rate of approximately 
2°C per min. The surface pits shown in Fig. 3 are 
Similar to those which have been observed by 
Doherty and Davis?° to form on Smooth-polished 
surfaces of aluminum single crystals during cooling 
from elevated temperatures. They concluded that 
these pits are formed by the condensation of vacan- 
cies at surface sites in the free surface. These sur- 
face pits do not form in the vicinity of small or large 
angle grain boundaries since such boundaries act as 
sinks for vacancies.’° The presence of surface pits 
right at the twin boundary in Fig. 3 indicates that 
this boundary is not a good sink for vacancies, pre- 
sumably due to the coherent structure in the twin 
interface. In this connection, Barnes et al.!! demon- 
strated that grain boundaries in copper are effective 
sources of vacancies but twin boundaries are not. 

Doherty and Davis” suggested that the points of 
emergence of dislocations at the surface act as sites 
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for the nucleation of pits. This was recently con- 
firmed by Lommel,” who used X-ray diffraction 
microscopy to compare the distribution of disloca- 
tions with the distribution of vacancy pits in alumi- 
num. The pit density in regions on the surface, as 
shown in Fig. 3, was about 105 per sq cm, which may 
also correspond to a dislocation density in view of 
the above results. 

The coincidence site orientation of 38 deg about 
<111>, which was obtained by twinning in aluminum, 
is of interest since it is an orientation relationship 
frequently observed in annealed fec metals.? In this 
connection, Verbraak’* has found that secondary re- 
crystallized grains in copper, which are related to 
the primary cube texture matrix by Kronberg and 
Wilson rotations of 38 and 22 deg about < 1112, 
were derived by twinning. In addition, Aust and 
Rutter’® have shown that grain boundary energy, 
through the twinning process, plays an important 
role in obtaining preferred orientations of the coin- 
cidence type in high-purity lead. It is evident from 
these various observations that grain boundary 
energy is an important factor in the development of 
preferred orientations in annealed metals. 


SUMMARY 


Annealing twins were obtained during the growth 
of recrystallized grains into striated, melt-grown 
single crystals of zone-refined aluminum. It was 
found that where an annealing twin was formed, a 
large-angle random boundary was replaced bya 
large-angle coincidence site boundary or by a me- 
dium-angle grain boundary. The coincidence bound- 
aries observed in the present experiments corre- 
spond to orientation relationships having a high den- 
sity of coincidence sites about <111> and <110> 
axes. 

These results are consistent with the relatively 
high ratio of twin boundary energy to grain boundary 
energy in aluminum and, therefore, provide support 
for the interpretation of certain large-angle grain 
boundaries in terms of the coincidence site model. 
The present study indicates that large-angle coin- 
cidence grain boundaries have lower free energies 
than large-angle noncoincidence grain boundaries 
in high-purity aluminum. The importance of these 
differences in grain boundary energy, in the intro- 
duction of preferred orientations of the coincidence 
type, is noted. 
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The Effect of Hydrostatic Pressure On 


Self-Diffusion in Lead 
John B. Hudson and Robert E. Hoffman 


The self-diffusion coefficient of pure lead has been 
measured at five pressures between atmospheric and 
40 kb. over a temperature range of about 150°C near 
the melting point at each pressure. Measurements 
were made using a vadiotracer technique, samples 
being sectioned electrochemically after the diffusion 
anneal to determine the diffusion penetration curve. 
Pressure was applied ina “‘belt”’ type pressure de- 
vice similar to that used by Hall et al., in the dia- 
mond synthesis. 

The self-diffusion coefficient, D, can be vepre- 
sented by an equation of the form 

AH* 
RT 


at constant pressure, and an equation of the form 


PAv* 
RT 


at constant temperature. 

An apparent correlation between the effects of 
pressure on self-diffusion and on the melting point 
of the material observed by Nachtrieb et al., at pres- 
sures below 10 kb. was found to be only approximate 
as measurements are carried to higher pressures. 


Over the course of the past 30 years a large num- 
ber of studies’ ° of the rate of atom movements in 
solid metals have been carried out. These studies 
have in general been aimed at increasing the under- 
standing of the detailed atomic process by which 
atom movements in metals can take place. The 
largest portion of these studies consisted of meas- 
urements of the self-diffusion coefficient, D, as a 
function of temperature. From such studies con- 
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siderable information regarding the energetics of 
the motive process has been deduced. 

Recently such measurements have been extended 
to the pressure dimension. However, the existing 
work in this area is scanty and has in the past been 
limited to the pressures attainable in oil or gas 
bombs--i.e., up to about 10 kilobars (kb). In the 
present work, the self-diffusion behavior of pure 
lead has been investigated using the ‘‘belt’’ type 
high-pressure apparatus designed by Hall’ over a 
pressure range from atmospheric to 40 kb at tem- 
peratures extending over about a 150°C range close 
to the melting point at each pressure. 


THEORY OF DIFFUSION 


The first treatment of the kinetics of the diffusive 
process was an extrapolation of the absolute reac- 
tion rate theory of Eyring and coworkers’ to cover 
this process. Application of this treatment to deter- 
mine a value for D leads to the expression: 

(AG + AGH) 


RT [1.1] 


where qa is a constant determined by lattice geome- 
try, A the ‘‘jump distance,’’ z7.e. the distance an atom 
moves in the crystal while accomplishing a unit jump, 
V, a weighted mean lattice vibrational frequency, 

AGy the Gibbs free energy of formation of one mole 
of the defect active in the diffusive process, if sucha 
defect is involved, and KGa the increase in Gibbs 
free energy associated with the transition of one 

mole of individual diffusing systems from equilibrium 
to the so-called ‘‘activated configuration’’ from which 
the motive step is accomplished spontaneously. From 
this equation one may obtain the familiar form: 


D=aNn 


AH* 
D=D, [1.2] 
where 
AS* 
Do= ard voe R [1.3] 
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Furthermore, one may obtain by differentiation of 
Eq. [1.1] with temperature and pressure respec- 
tively that: 


dln D AH * 
/p 
and 
aA Vo 
15) 
oP T RT 


where AH* the measured “‘activation energy’’ is the 
Sum of two terms AH; and AHy whose significance 
is similar to the two free-energy terms mentioned 
above and AV*, the measured “‘activation volume”’ is 
similarly defined by a AVp and AV;;. These two 
terms, AH* and AV* can both be obtained from ex- 
perimental measurements of D as a function of tem- 
perature and pressure. Their significance will be 
discussed at greater length later in this work. 

An alternative way of looking at D is to consider 
a dynamical model of the lattice, in which the motive 
step takes place by a suitable combination of the 
normal vibrational modes of the lattice. In sucha 
process for the case of the fcc lattice, the four 
nearest neighbor atoms common to the potential 
diffusing atom and its associated defect are re- 
quired to move apart just enough to allow the dif- 
fusing atom to slip through at just the same instant 
that the diffusing atom acquires sufficient energy in 
the direction of the defect to make the jump. Sucha 
treatment has been developed by Rice, *® leading to 
the expression 


Uj Wet 
j k>l 
where U, is the kinetic energy associated with the 
motion of the diffusing atom, U;’s are the energies 
associated with the motions of all other atoms which 
must move in order for the jump to take place, and 
W,, is the potential energy change associated with 
the relative motion of atoms k and 1. By suitable 
rearrangement of terms one obtains from this 
treatment 


dln D 


1 


1 


a relation formally identical to Eq. [1.4] of the ab- 
solute reaction rate theory. 

This treatment has been further expanded by Rice 
and Nachtrieb’® to cover the effect of pressure on D. 
Here the authors consider a crystal whose Debye 
temperature is low compared to room temperature 
(e.., ®p = 88°K for lead) and assume that the solid 
may be considered classical (i. e., equipartition 
of energy among modes exists). From considera- 
tions of the effect of pressure on the equilibrium 
lattice positions and vibrational amplitudes, they 
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find that Ug, U;, and W,, are all linear functions of 
pressure, This leads to the expression 


bP 
D(P) = D(o) e747 [1.8] 
at constant temperature, where d is a constant given 
by 
[1.9] 


and b' is another constant representing the depend- 
ence of U,, U;, and W,, terms on pressure. We may 
readily obtain from the above that 


[1.10] 


a relation formally identical to Eq. [1.5] of the ab- 
solute reaction rate theory. 

Rice and Nachtrieb’® have further identified the 
changes in U and Wp, terms with pressure with the 
change in the melting point of the material with 
pressure. Using this assumption, one can deduce 
the relation 


dln D AV* 


where the subscript o refers to zero pressure, 7, 
is the zero pressure melting point and Z,is the 
melting point at pressure. This relation predicts 
that, aside from slight deviations at T,,/1 > 1 due 

to the change of d7,,,/dp with pressure, InD should be 
a linear function of the single variable T/T at all 
pressures. This relation has been found to hold in 
previous works by Nachtrieb et al.‘-!5 for self-dif- 
fusion in sodium, white phosphorus, and lead at 
pressures below 12 kb. 


EXPERIMENTAL 


In view of the limited volume of the sample cham- 
ber of the press used in this work, it was decided to 
use a cylindrical sample, with the radioactive tracer 
layer plated on the cylindrical face. 

This arrangement gave the maximum active sur- 
face area consistent with the limited space available 
in the high pressure cell. 

In order to achieve maximum accuracy and re- 
liability it was desirable to employ the sectioning 
method of diffusion measurement.'? Other experi- 
mental conditions, dictated primarily by the press 
design indicated the need for the development of 
methods for removing uniform cylindrical layers 
of a few microns thickness and for measuring the 
thickness of each section accurately. The method 
chosen to meet these requirements was the electro- 
chemical dissolution of material from the sample 
surface. This was accomplished by making the lead 
sample the anode in the electrochemical cell 


Pbis) | Pb Pb Oz 
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Sections were taken by making connection in the cell 


' long enough for the desired amount of material to be 


put into solution by the cell reaction 


Pb + PbO, + 2H,0 ~2Pb++ + 40H 


This had the advantages that material would be re- 
moved under practically reversible conditions, with 
no tendency toward preferential dissolution at any 
one area (aside from small differences in chemical 
potential on various crystal faces which is shown 
later not to be an important factor in the present 
case), that it was ideally suited to removal of ma- 
terial from a nonplanar surface, and that the prog- 
ress of the dissolution could be followed by meas- 
uring the total current passed. 

The required current integration was accom- 
plished with an electronic coulometer of the type 
described by Hudson and Dickey.*® Precision and 
Sensitivity of this coulometer were such that one 
could dissolve sections 2-y thick from the sample 
surface with an error of +0.02 uy, or +1 pct,a 
figure well within the previously calculated allow- 
able limit. 

Samples for the measurements of this work 
were cylinders of zone-refined lead, in excess of 
99.9999 pct pure, ~0.250 in. long, and ~0.117 in. 
in diameter. These samples were cut by various 
acid machining techniques from melt-grown single 
crystals of the zone-refined lead. After the cutting 
Operations, all samples were thoroughly annealed to 
relieve stresses introduced in the cutting operations 
and to insure that no recrystallization would take 
place during the diffusion anneal. 

Radioactive Pb™° was electroplated onto the cylin- 
drical surface of the sample from a plating bath 
which was a modification of that described by Blum 
and Hogaboom.’® Samples were cleaned in 50 pct 
HNO, immediately prior to plating to insure that a 
clean, oxide-free surface was exposed to the plating 
bath. 

The samples diffused at atmospheric pressure 
were annealed in a test tube filled with the same 
silicone oil subsequently used as a pressure trans- 
mitting agent in the high-pressure runs. These tubes 
were heated in a furnace in air for the required dif- 
fusion time. The heating and cooling times in this 
set of experiments were in all cases less than 3 pct 
on the time of anneal. Temperature in the furnace 
was maintained within +1°C over the period of the 
anneal. 

Samples which were annealed under pressure 
were mounted in the sample chamber of the ‘‘belt’’ 
type high-pressure apparatus described by Hall.” 
The sample was surrounded in the cell by silicone 
oil to insure hydrostatic conditions during pressing 
and anneal. 

Previous to its use in the diffusion measurements 
the pressure and temperature within the sample 
chamber of the press were determined by calibra- 
tion. Pressure calibration was obtained by meas- 


uring the applied load at which certain phase changes 
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Table |. Press Calibration Data 


Chamber 
Temp, Press Load, Pressure, 
Transition ox Lb of Oil kb 

Bi I to Lig 243 220 7,000 
Bi I to Lig 208 365 13,800 
Bi I to Bi II 18 657 25,700 
Tl I to Tl Ill 18 1035 45,000 
Ba I to Ba II 18 1700 80,000 


took place within the sample chamber and relating 
these loads to the accepted literature values of the 
pressures at which these transformations take place. 
Since there is currently some controversy as to the 
correct reference values, the press loading at which 
transformations were observed in this work, the 
transformation observed, and the literature value of 
the transition assumed to be correct in this work.are 
included in Table I for future reference. 

Temperature calibration was accomplished by 
measuring the melting point of lead at various cham- 
ber pressures. Results of these measurements were 
in good agreement with the previous work of Butuzov 
and Gonikberg’’ and it is thus inferred that tempera- 
ture measurements given in this work are correct to 
within + 2°C at all pressures. 

Samples were annealed in this belt apparatus at the 
predetermined pressure and temperature for the re- 
quired diffusion time and then quenched by turning off 
the power to the sample heater. This resulted in the 
sample being quenched to near room temperature in 
less than 20 sec. During the anneal pressure re- 
mained constant to within +0.15 lb and temperature 
was controlled to +1°C. 

The apparatus used in sectioning the sample after 
anneal is shown in Fig. 1. The sample was cleaned 
after anneal to remove the silicone oil and any sur- 
face film developed during the anneal. The nonac- 
tive ends of the sample were then cut away by acid 
polishing to avoid end-effects in the analysis. 

The sample was next soldered to a silver rod, 
weighed, and the nonactive areas masked with lac- 
quer. This assembly and a PbO, cathode, made by 
plating PbO, on a nickel wire by the method of 
Kato et al.,** were next mounted in the sectioning 
apparatus as shown in Fig. 1. 


mit = 5) DC AMPLIFIER 
PULSE 
TELECHRON | — CATHODE GENERATOR 
MOTOR of 
(ANODE) 
COUNTER 


Fig. 1—Sectioning apparatus. 
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An aluminum pan containing the electrolyte, an 
aqueous solution of ammonium acetate, was posi- 
tioned as shown, and revolution of the cathode about 
the sample begun. The circuit composed of the cell 
and electronic coulometer was then closed, and cur- 
rent permitted to flow, using the electromotive force 
of the Pb/ PbO, cell as driving force, until the coulo- 
meter reading indicated that sufficient current had 
been passed to dissolve a 2-u layer from the sample 
surface. The electrolysis was then stopped, the pan, 
now containing the lead from this section, set aside 
to evaporate to dryness, and the cathode replaced 
with a fresh wire. Another section was then taken as 
described above. In all, fifteen sections were taken 
from each sample. 

Note that it is extremely important that the sam- 
ple surface be clean and stress-free before section- 
ing is begun and that the ammonium acetate elec- 
trolyte be freshly prepared for each sample. Other- 
wise uneven etching or pitting will result. 

After the sectioning of a sample was completed, 
the sections taken were set aside for 30 days, about 
six half-lives of Bi”°, in order to achieve secular 
equilibrium between Bi™° and Pb™®. This holding 
time is identical to that used in previous studies of 
self-diffusion in lead. After this period had elapsed, 
sections were counted by a shielded Geiger tube set 
up so as to insure reproducible geometry for all 
Samples, and screened from the sections by an alumi- 
num disc which trapped the a emission from the 
Po™° daughter. At least 10° counts were taken for 


DIFFUSION DATA AT ATM. PRESS. 
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Fig. 2—Diffusion data at atmospheric pressure. 
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each section used in constructing the penetration 
curve for the sample. 

The choice of cylindrical symmetry for this work 
called for a special solution to Fick’s Law in order 
to obtain a value for D from the observed penetra- 
tion curve. The solution obtained was found to re- 
duce, within negligible error in D, to the simple 
planar surface case for the conditions of the pres- 
ent study. 

The penetration curve for the radioactive lead in 
each sample was determined in the usual manner 
from the coulometrically determined weight of each 
section and its observed specific activity. In these 
calculations no.corrections were made for changes 
in density under the conditions of the anneal due to 
thermal expansion and compressibility. Rough cal- 
culations showed that any such correction would 
certainly not cause a change in D of more than 2 pct 
and no really good assumptions could be made about 
the changes of the thermal expansivity and compres- 
Sibility with pressure and temperature. 

The log of the observed specific activities was 
plotted vs the square of the calculated penetration 
distance, and the value of D was then determined 
using the formula 


0.1086 
dlogaA 


d(a-r)* 


[2.1] 


where a is the initial sample radius and ¢ is the 
radius after the removal of the section in question. 
The slope of the curve was in all cases determined 
by eye. 


RESULTS 


Results of diffusion runs made at atmospheric 
pressure are shown in Fig. 2. Here the results of 
this work, along with those of the previous studies 
of Nachtrieb ed al.*° and of Okkerse” are plotted 
in the familiar log D vs 1/Tform. As can be seen 
from this figure, agreement among the three 
Studies is quite good. Activation energies derived 
from the three sets of data differ by less than + 3pct 
with the result of the present study lying between 
the two previous results. Individual D values found 
in the present study all lie within + 10 pct of values 
found in the previous studies. 

This good agreement has important implications 
in regard to the experimental techniques used here. 
Had there been some serious flaw in the assumption 
that the plane surface approximation could be used 
in the calculation of D values from the data obtained 
by sectioning on a cylindrical surface, this should 
have been reflected in a disagreement between the 
results of this work and the previous studies 2° 
both of which were carried out using the standard 
techniques of cutting sections mechanically from a 
plane surface. 

Similarly, any flaw in the experimental procedure, 
such as errors arising from poor plating technique, 
annealing in silicone oil instead of in vacuum, errors 
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DIFFUSION DATA AT HIGH PRESSURES 


LOG 0 


13.2 


PRESSURES kb 403 0,3 14 
1 


120 1.24 1.28 132 136 140 144 1.48 1.52 156 140 164 1.68 1.72 1.76 1.80 
1000 


Fig. 3—Diffusion data at high pressures—isobars. 


in the sectioning technique described above, or er- 
rors in counting the activity of the resulting sections 
should show up as discrepancies at this point. Bar- 
ring the unlikely possibility of large compensating 
errors, it appears that on the basis of this compari- 
son One can set the cumulative experimental limits 
of error in the plating, annealing,-sectioning, and 
counting operations at about +10 pct. This limit 
does not, of course, include any errors in measure- 
ments made at high pressures due to errors in 
measurement or control of the pressure or tem- 
perature in the high-pressure cell. 

The high-pressure diffusion data were collected 
as isobars-—-7.é@., a number of runs were made over 
a range of temperatures at each of four chosen pres- 
sures. These isobars are presented in Fig. 3. It can 
be seen that the results of diffusion runs at high 
pressures follow the same linear log D vs 1/7’ 
relation as those annealed at atmospheric pressure, 
but that the scatter is appreciably greater. This in- 
creased scatter is probably due mainly to uncertain- 
ties in the control and measurement of the pressure 
and temperature within the sample chamber. The 
pressures studied cover the range up to 40 kb,a limit 
imposed by the loss of thermal stability of the pres- 
Sure transmitting agent. Temperatures covered the 
range from Slightly below the melting point at each 
pressure down to about 150°C below this melting 
point, a range considered sufficient to allow deter- 
mination of the slope of each isobar. 

A least-squares analysis was applied to each iso- 
bar to determine the equation of the straight line 
which best fits the data. Such a fit represents the 
data by an equation of the form 

AH * 
D=D,e-RT [3.1] 
The results of these analyses and the analysis of 
the atmospheric pressure data, as well as the er- 
rors, AH*, log D, and log D at any temperature, are 
given in Table II. Errors listed are in all cases the 
probable error. 

Data such as these determined here can also be 
used to show the variation in log D with pressure. 
Isotherms can be constructed from a plot similar 
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Table Il. Results of Least Squares Analyses 


Pressure, AH*, 
kg/cm? kcal/mol log D, 
0.0 24,800 + 600 -0.334 + 0.245 
26,500 + 500 O22 
21.4 28,300 + 2000 -1.259 + 0.662 
30.3 26,200 + 2600 -2.448 + 0.802 
40.3 27,300 + 850 -2.694 + 0.225 


to Fig. 3 by choosing a temperature then picking 

off the values of log D corresponding to this tem- 
perature from the least-squares calculated lines. 
Results of this construction are shown in Fig. 4, 
which gives log D vs pressure for a number of ar- 
bitrarily chosen temperatures. A separate graph, 
showing the comparison between the results of this 
work and that of Nachtrieb ef al.** is shown in Fig. 5. 
It can be seen from this figure that the data of the 
two studies are in quite good agreement in the range 
of pressure covered by both sets of data. 


DISCUSSION 


A) Technique, Although it was not the prime ob- 
jective of this study, one of its more important re- 
sults is the precise technique evolved for the re- 
moval of very thin sections from a sample by elec- 
trochemical sectioning. In the present work, sam- 


ISOTHERMS OF LOG Dvs.P 
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20 30 40 
P- kkg/cm? 
Fig. 4—Diffusion data at high pressures—isotherms. 
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COMPARISON WITH PREVIOUS WORK 
LOG D vs.P 


NACHTRIEB 


O PRESENT STUDY 
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° 
5301 °C 
° 
| 253°C 
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Fig. 5—Comparison with data of previous work. 


ples of about 2u. thickness were taken, mainly be- 
cause this was a convenient distance based on con- 
Siderations of the steepness of the penetration curve 
resulting from the value of D in the system studied 
and available time at temperature, 

The error in measuring the thickness of a section 
and the microscopic surface roughness resulting 
from the etching process are slight enough that sec- 
tions as thin as 1/2 could have been taken. The 
only limitation that arises is that of not having suf- 
ficient active material in a section to give statistic- 
ally valid results in the counting of the activity of a 
section. This problem is of course easily solved 
where space is not a problem by using a larger dif- 
fusion area. 

The lower limit on the diffusion coefficient meas- 
urable by this technique can be set at about 107* cm? 
per sec on the assumption of a 30-day diffusion time 
removal of 15 1/2u sections anda A log A of 2 in this 
distance. Accuracy under these conditions should be 
about + 10 pct. This value for D is not as low as that 
obtainable from such methods as internal friction, 
a-particle back scattering, or surface counting tech- 
niques, but it is applicable to self-diffusion, which 
internal friction is not, and shows much greater ac- 
curacy than the other two methods. The only other 
method capable of measuring diffusion coefficients 
in this range with comparable accuracy is the pre- 
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cision grinding technique. This technique cannot, 
however, be applied to any but planar diffusion inter- 
faces, and is difficult to use on soft materials, such 
as lead. 

The only serious potential limitation of this tech- 
nique is the problem of finding the proper cathode 
and cell electrolyte materials for a given system. In 
pure metals this should not be too great a limitation, 
with the possible exception of the extremely cathodic 
metals such as gold or platinum. In alloys, however, 
there is always the possibility of preferential disso- 
lution of one component. This limitation, while it 
might cause great difficulty in some systems, should 
not be insuperable in most. 

B) Diffusion Results. As was shown in Fig. 3, log 
D was found to vary linearly with 1/7 at all pres- 
sures Studied, as has been observed many times for 
cases of diffusion at atmospheric pressure. The 
Slope of this curve, however, as measured by the 
activation enthalpy, AH* is not constant with pres- 
sure, aS can be seen from Table II. The activation 
energy appears to increase with increasing pressure, 
but the limits of error in observed AH* values do not 
permit quantitative evaluation of the change. This 
increase seems physically reasonable, as AHp, the 
work required to form a defect which requires an 
expansion of the crystal would increase as the ex- 
ternal pressure increased. Similarly one would ex- 
pect an increase in the motional energy contribu- 
tion, defined either as the work required to push 
apart the neighboring atoms between the defect and 
diffusing atom, as in the absolute reaction rate treat- 
ment, or as a combined increase in the energies of 
the lattice vibrational modes active in the motive 
process as in the dynamical treatment. 

Data of the sort given in Fig. 4 may be used to 
calculate the activation volume for diffusion, defined 
above as 


AV* = Vo 


This has been done using the present results, cal- 
culating the activation volume as 


_, D 
* =z RT 
AV* = RI 


[4.1] 


[4.2] 


These values differ from the correct ones defined 
in Eq. [4.1] by the additive factor 


This factor has been shown by rough calculations 
to be less than 2 pct of the values of AV * calculated 
using Eq.[4.2], which is certainly negligible com- 
pared to the probable errors in the experimental 
measurements. 

Values of AV* found in this way, as well as the 
values reported by Nachtrieb?? are Summarized in 
Table III, along with the appropriate temperatures 


and ratios of AV* to the molar volume V. Values 


[4.3] 
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Table Ill. Calculated Activation Volumes 

1000/7, AV*, 

cm?/mol AV*/V Source 
130) 13.0 0.715 Present work 
1.50 2 0.670 Present work 
1.67 11.6 0.637 Present work 
1.70 IWS 0.632 Present work 
1.74 dale? 0.615 Present work 
1.74 13.0 0.715 Nachtrieb 
1.90 10.9 0.599 Present work 
1.90 15.4 0.846 Nachtrieb 
2.10 10.4 0.572 Present work 


given based on the present work are for the portion 
of the isotherm below 20 kb, where AV* is appar- 
ently constant with increasing pressure. The de- 
crease in AV* with Pat higher pressures may or 
may not be real, depending on the pressure values 
one uses for the standards in the press calibration 
and so no conclusions are drawn from this apparent 
change. Note the values reported by Nachtrieb, es- 
pecially that at the lower temperature, are some- 
what larger than those found in the present work. 
This is apparently due mainly to the short range 

of pressure covered and experimental scatter in 
Nachtrieb’s results, which is apparently worse at 
the lower temperatures. 

Note that the value of AV* observed in this work, 
which varies slightly with temperature and pres- 
sure, is about 11.6 cm® per mol, or about 64 pct of 
the molar volume JV, at a temperature near the 
atmospheric pressure melting point. This figure 
may be compared with the calculations by Tewordt™ 
of 0.55 V for the formation of vacancies and 0.67 V 
for the formation of interstitials in copper (lso fcc) 
and with the value of 0.15 V observed by Emrich and 
Lazarus™ for the mobility volume of vacancies in 
gold (again fcc). 

The data of this study have also been used to check 
the validity of the relation proposed by Nachtrieb 
et al.** correlating the effects of pressure on self- 
diffusion and on the melting point (cf. Eq. [1.11]). A 
plot of log D vs T,,/T, shown in Fig. 6, indicates that 
the proposed relation is not very well obeyed in the 
present case. At T,,/T = 1, where Eq. [1.11] should 
be exact, measured diffusion coefficients at atmos- 
pheric pressure and at 40 kb differ by about a factor 
of four. Note that this result is independent of any 
uncertainties in the pressure scale, as both D’s and 
T,,’S were measured with reference to the same 
scale. 

We may now consider the results of this study in 
terms of various theoretical predictions. Up to this 
point no assumptions have been made as to the na- 
ture of the defect active in self-diffusion in lead. 
Previous diffusion studies in fcc metals,*® have all 
tended to support the vacancy as the most probable 
active defect. It is felt that the results of the present 
work support this contention. The observed activation 
volume is somewhat larger than the value calculated 
by Tewordt™ for the equilibrium volume of a vacancy 
in copper, but is somewhat smaller than that calcu- 
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lated for an interstitial. Since the observed AV*con- 
tains both the formation volume of the active defect 
and an incremental volume associated with motion 
the correct mechanism must satisfy the condition 


V obs (AV [4.4] 


This condition rules for the vacancy in the present 
case. We may now write that 


= AV*- [4.5] 


Inserting the observed AV*= 0.64 a and the calcu- 
lated AV; = 0.55 V we see that 0.1 V for the 
present case. This appears to be a surprisingly 
small figure when one considers the configuration 
appropriate to the activated complex, wherein the 
four nearest neighbor atoms between the diffusing 
atom and the vacancy must be forced apart enough 
to allow the diffusing atom to pass through. The only 
apparent rationalization of the observed value of 
AV* with a picture of an activated complex is a con- 
figuration in which one considers this activated com- 
plex to consist of a fairly large number of atoms, 
and assumes the free volume associated with the 
vacancy at equilibrium to be distributed over this 
fairly large volume in such a way that the dilation 
observed during the activation step is quite small. 
This of course requires that the ions in the lattice 
be somewhat elastic. This concept is similar to 
that of the ‘‘relaxion’’ proposed by Nachtrieb e¢ al.” 
This situation, however, would require that a sys- 
tem composed of a large number of atoms come to 
thermal equilibrium with the surrounding lattice 
in a time short compared to the normal lattice vi- 
brational frequency, and it is upon this highly un- 
likely premise that the objection to the application 
of absolute reaction rate theory to self-diffusion is 
based. 

The dynamical treatment is free from this objec- 
tion. The constant b, experimentally determined as 


b = —RT ar Vo 


[4.6] 


is formally identical with AV* of the absolute re- 
action rate theory and indeed contains the same aie. 
The remainder of this term, corresponding to AV 
deals with the pressure dependence of the vibra- 
tional modes and the correlation energies, and is not 
identified with any real volume. It is thus not tied to 
the objection raised above concerning the unexpected 
smallness of 

The utility of the dynamical approach is however, 
quite limited by the difficulty in calculating any ex- 
pected value for b. Rice and Nachtrieb’° tried to do 
this by assuming that the effect of pressure on self- 
diffusion behavior could be well represented by the 
effect of pressure on the melting temperature. Justi- 
fication given for this procedure was that it appar- 
ently worked at low pressure’ ° and one could plot 
log D vs T,,/T and find that all data fitted a single 
straight line. It has been shown in Fig. 6 of the 
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Fig. 6—Test of Nachtrieb’s relation—log D vs Tm/T. 


present work that there is marked deviation from 
this relation at higher pressures. In view of this 
sharp discrepancy it is felt that no more meaning 
can be attached to this apparent correlation than to 
other such correlations as that between the Debye 
temperature and the melting temperature, or the 
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Debye temperature and the activation energy for 
diffusion, and so forth, all of which show some de- 
gree of correlation mainly because all are in some 
way related to the strength of binding in the solid. 
For example, a high Debye temperatures implies 
strong binding, which in turn implies a large AHy 
for vacancy formation and difficulty in straining 
the lattice enough to move these vacancies (7. é., 
a large AHKy in absolute reaction rate theory) and 
thus an apparent correlation between the Debye 
temperature and AH* for diffusion is observed. 
Similarly, other correlations which have been 
based on the relation of D to the melting tempera- 
ture are seen to be only approximate, and the close 
agreement with experiment observed in some of the 
earlier works must be regarded as fortuitous. While 
such correlations may be useful in order of magni- 
tude calculations, it is felt that no basic importance 
should be attached to them. It is certainly over 
Optimistic to claim that on the basis of the loose 
correlation between D and the melting temperature 
that the basic transport process in diffusion is 
identical to the nucleus for melting, as was done by 
Nachtrieb e¢ al.** 
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Embrittlement of NaCl by Surface 


Compound Formation 


W. H. Class, E. S. Machlin, and G. T. Murray 


The embrittling effects of oxygen, ozone, nitrogen, 
airy, and surface residues, on NaCl has been investi- 


| gated, The embrittlement by ozone and oxygen was 
| found to be associated with the formation of a NaClO; 


| 
| 
| 


surface compound. In these cases the initial crack 
that was responsible for fracture (in a bend test) al- 
ways nucleated at the corners between the tension 
and side faces. The behavior of air was very erratic 
and on certain days did not produce embrittlement. 
During these periods, crystals that had become em- 
brittled by the ozone treatment completely recovered 
their ductility after a short exposure to the ambient 
atmosphere. 


Ir was established many years ago? that consider - 
able ductility could be obtained in NaCl single- 
crystal specimens if the crystal surfaces were dis- 
solved in water either during or immediately prior 
to the test. The original interpretation of this ef- 
fect by Joffe attributed the enhanced ductility to the 
removal of surface microcracks by dissolution. Later 
investigations?»* have suggested that the exclusion of 
air from the specimen surface is the criterion for 
extensive plastic flow prior to fracture. The air em- 
brittlement in this later work was attributed to the 
diffusion of gaseous atoms into the surface layers 

of the crystal, thereby impeding the movement of 
dislocations. This model satisfactorily accounts for 
the reembrittlement observed after further air ex- 
posure subsequent to the water dissolution treatment. 
However, the situation has recently become more 
complex by the observations in several laboratories*~® 
that under certain conditions air exposure does not 
impair the ductility of NaCl. It has also been recog- 
nized® that improper drying operations after water 
dissolution can leave surface precipitates that lead 
to embrittlement. 

Cleavage defects on as-cleaved crystals can often 
be another source of embrittlement. 

In the present work the effect of the gaseous at- 
mospheres nitrogen, argon, air, oxygen, and ozone, 
on the ductility of rock salt was studied extensively. 
The embrittlement resulting from oxygen and ozone 
exposures was found to be associated with the forma- 
tion of a NaClO, surface film. It is suggested that 
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certain atmospheres, one of which often can be ambi- 
ent air, which inhibit the formation or favor the de- 
composition of this compound, can promote ductility. 
Thus one aspect of the Joffe effect is certainly related 
to the removal of surface compounds or complexes 

by water dissolution. The effect of surface precipi- 
tates that remain after drying operations and of cleav- 
age defects were also studied. In neither of the latter 
cases was the embrittlement as severe as that found 
with a NaClO, surface layer. 


PROCEDURE AND SPECIMEN PREPARATION 


The nature of the embrittlement produced by the 
agents mentioned above was studied by means of mi- 
croscopy, mechanical testing, and X-ray diffraction. 
Specimens were cleaved from large crystals of optical 
quality sodium chloride obtained from the Harshaw 
Chemical Co., and, except for those tested in the as- 
cleaved condition, were given a 15- to 20-sec immer- 
sion in distilled water followed by a rinse in abso- 
lute methyl alcohol. The specimens were then 
blotted on a soft, absorbent paper, and dried by a 
few seconds exposure to a stream of warm, dry air. 
Such a procedure was found to give a control surface 
which was microscopically free of residues. (A few 
crystals were intentionally painted with a concen- 
trated NaCl solution in order to investigate the ef- 
fect of surface residues). All specimens were of 
0.140 sq in. cross-section. 

Crystals prepared in the above manner were im- 
mediately placed in a gas train where they could be 
exposed to the desired gases for preselected periods 
of time. For the oxygen and nitrogen exposures, pure 
reagent-grade gases were employed. The ozone was 
provided in the form of an ozone-oxygen mixture 
(approximately 10 pct ozone) prepared by passing 
commercial grade oxygen over a strong ultraviolet 
light source. All gases were dried prior to their 
introduction into the train. Since argon was found to 
be completely inert in its behavior (i.e., residue- 
free specimens that were exposed to argon were not 
embrittled), itwas periodically utilized to check the 
control specimen surfaces as well as the condition of 
the gas train used for aging the specimens. After ex- 
posure to the gaseous media in question, the crystals 
to be used for the measurement of the strain to frac- 
ture were transferred from the gas train to a protec- 
tive oil bath (without further exposure to the atmos- 
phere) where the tests were conducted in three-point 
bending. The apparatus was so adjusted that the load 
could be applied at a constant, continuous rate. 

Other specimens from the gas train were deformed 
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©-OZONE AGED 


OUTER FIBRE STRAIN AT FRACTURE ( %) 


5 Te) 
AGING TIME (MINUTES ) 
Fig. 1—The effect of aging in ozone on the ducility of NaCl. 


in a Small jig which was constructed such that three- 
point bending could be performed while the tension 
surface of the crystal was being viewed microsco- 
pically. These tests were conducted in air but the 
total exposure was less than 5 min. In many instances, 
it was possible to detect the origin of a crack in the 
tensile surface and observe its growth under the in- 
fluence of the applied stress. In addition, the device 
was so arranged that it was possible to compute the 
strain at fracture. In such a manner, crystals in 
the as-cleaved, distilled-water polished, ozone em- 
brittled, and surface painted conditions, were ex- 
amined. 

The Debye-Scherrer X-ray diffraction technique 
was employed for the investigation of surface com- 
pound formation. In order to obtain as much surface 


Table I. Outer Fiber Strain to Fracture Resulting 
From the Indicated Aging Treatments 


0.5-hr Age in 
Ozone Followed by 

a 0.5-hr Age in 

Dessicated Air. 


0.5-hr Age in Ozone 
Followed by a 0.5-hr 


0.5-hr Age in Ozone Age in Atmospheric Air. 


2.00 pct 4.71 pct 7.50 pet 
1.09 pct 6.39 pct 

1.41 pct 6.25 pet 

1.70 pet 
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Fig. 2—The effect of aging in ozone on the fracture stress 
in bending of NaCl. 
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area as possible, specimens were prepared by crush- 
ing crystals of Harshaw material. The resulting 
powder was then annealed at 700°C for 1 hr in dyna- 
mic vacuum of approximately 107? mm Hg and sub- 
sequently exposed to ozone for 0.25, 1.5, and 8 hr. 
Following this treatment the specimens were sealed 
in Duco cement to prevent further exposure to air. 
The specimens were then placed in a Debye-Scherrer 
camera. 


EXPERIMENTAL RESULTS 


A) Bend Tests. The effect of aging in ozone upon 
the ductility of sodium chloride in three-point bend- 
ing is shown in Fig. 1. In this and subsequent fig- 
ures, the strain reported is that on the outer fiber of 
the bend specimen. It can be seen that the ductility 
of the rock-salt single crystals decreased markedly 
upon a short exposure to ozone. The short time re- 
quired for embrittlement coupled with the fact that 
the embrittlement can be removed by redissolution 
in distilled water, suggests that the embrittling me- 
chanism is some type of a surface reaction. It was 
also found that the stress to fracture (as measured 
by Mc/I) decreased monotonically with the strain to 
fracture. This effect is depicted in Fig. 2. Although 
the elasticity relationship used for calculation of the 
stress is not valid in the plastic region, it neverthe- 
less serves as a useful means for comparison. 
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Fig. 3—The embrittlement effects of ozone, oxygen, nitro- 
gen, and air on NaCl. 


The embrittlement effects of the gases ozone, oxy- 
gen, nitrogen, and air are shown in Fig. 3. It was ob- 
served that ozone embrittled rock salt the most ra- 
pidly followed by oxygen, nitrogen, and air in descend- 
ing order. Whenever a specimen was embrittled by 
any of the above gases, its stress to fracture was 
correspondingly low. The effects of the gases oxygen, 
ozone, and nitrogen were fairly reproducible provided 
that air was excluded from the specimen surface and 
the rate of stress application was not varied. How- 
ever, aS can be seen in Figs. land3, air embrittle- 
ment was very erratic. In fact, on many days no air 
embrittlement was observed even after 24-hr expo- 
sure. To further test this anamalous air behavior, a 
series of crystals was aged in ozone sufficient to 
achieve the embrittled condition. One group was then 
allowed to age in the atomsphere, a second specimen 
in a dessicator, and a third group was tested immedi- 
ately. It was found that on days when air embrittle- 
ment was negligible, a considerable restoration of 


o-OXYGEN AGED, TESTED AT A 
LOADING RATE OF 278 8/min 


@-OXYGEN AGED, TESTED AT A 
LOADING RATE OF 1035 93/min 


OUTER FIBRE STRAIN AT FRACTURE 


5 10 15 
AGING TIME (MINUTES) 


Fig. 4—The effect of loading rate on embrittled specimens. 


The embrittlement reported above was also found 
to be sensitive to the rate of loading (Fig. 4). An in- 
crease in the rate of stress application resulted ina 
decrease in ductility for a given time of age. In fact, 
a rather sharp transition between ductile and brittle 
behavior was observed as the rate of stress applica- 
tion was increased. This transition is shown in Fig. 
5 as a function of the testing temperature. (The aver- 
age outer-fiber strain rate is the ratio of the outer- 
fiber strain at fracture to the time in the plastic re- 
gion required to fracture. This does not imply that 
the tests were conducted at constant strain rates). 

It is interesting to observe that there is a definite 
lower limit to the amount of strain required to frac- 
true. This strain (approximately 1.5 pct) is observed 
to be independent of temperature and loading rates. 
This lower limit agrees with that obtained on the ag- 
ing curves of Figs.3 and 4. In addition, preliminary 
data on water polished unaged rock-salt crystals 


ductility was obtained in the embrittled crystals merely indicate a similar transition at higher-loading rates 


as a result of exposure to air. The results of these 
tests are shown in Table I. 

Since dessicated air gave results similar to those 
of atmospheric air, it is not believed that the water 
vapor content of the air is responsible for these 
restoration effects. Neither could there be found 
any relationship between the relative humidity and 
air embrittlement. 
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but with the same lower limit of strain required to 
fracture. 

B) Restoration of Ductility. It has been previously 
reported’ that an air embrittled crystal becomes 
quite ductile when tested in air at 150°C. It was also 
established that this higher-temperature ductility 
was not related to the removal of a surface film, 
since specimens so heated were brittle when subse- 
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Fig. 5—The ductile-brittle transition of ozone treated NaCl 
Specimens. 


quently tested at room temperature while protected 
from the atmosphere (the specimens were placed in 
a protective oil bath immediately upon removal from 
the heat source). In the present work, however, it was 
found that ductility could be restored if the anneal 
was carried out in a dynamic vacuum followed by a 
quench in vacuum. A set of six crystals was exposed 
to oxygen for 1 hr. Three of these crystals were 
subsequently annealed at 150°C for 1 hr and quenched 
in oil in a dynamic vacuum of 5 x 1074 mm Hg. The 
results are listed in Table II. The increase in duc- 
tility is apparent. 

C) X-Ray Results. Microscopic evidence of crys- 
tallite formation on the surface of NaCl Single crys- 
tals was found after long (24 hr) ozone exposures, 
Fig. 6. However, these crystallites were not ob- 
served after the much shorter aging periods found 
sufficient for embrittlement. Since the formation of 
a surface compound during the early gaseous expo- 


Table Il. Outer Fiber Strain at Fracture 


No. Anneal Annealed in Vacuo 
1.8 pct 4.0 pet 
1.1 pct 5.7 pct 
1.9 pct 7.5 pet 
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Fig. 6—Crystallites on surface of ozone treated crystal. 
X300. Enlarged approximately 12 pet for reproduction. 


sure was suspected of being associated with the em- 
brittlement phenomenon, it was decided to examine 
ozone treated NaCl powder by X-ray diffraction tech- 
niques. Harshaw crystals which had been crushed 
and annealed in a dynamic vacuum were exposed to 
ozone for periods of 0.25, 1.5, and 8 hr. The powder 
patterns of the 1.5 and 8 hr specimens exhibited very 
prominent NaClO, diffraction lines. The specimen ex- 
posed to ozone for 0.25 hr exhibited a few weak 
NaCloO, lines. The position of the NaClO, (210) re- 
flection was shifted in a manner corresponding to a 
crystallographic plane spacing less than normal, 

and the line was somewhat broadened. 

D) Observations of Crack Formation. Microscopic 
observations were made with the aid of a device for 
viewing the tension surface (a {100} type cleavage 
plane) of the bend specimen. On such a surface, the 
Slip traces occur as either lines running perpendicu- 
lar to the specimen axis or at an angle of 45 deg to 
this axis. 

The fracture surface of a ductile (water -polished) 
rock-salt crystal is shown in Fig. 7. In this case the 
tension surface is at the top of the photograph. It can 
be seen that the fracture nucleated at a point below 
the tensile surface. This is very Similar to the frac- 
ture surface of a polished MgO crystal reported by 
Stokes, Johnston, and Li.’ In contrast to the ductile 
crystals, fracture in as-cleaved rock salt apparently 
results from the nucleation of cracks at Cleavage de- 
fects on the surface of the Specimen. Fig. 8 shows an 
example of a crack on the tension surface of a bend 
specimen which originated at a cleavage step on the 
surface of the crystal. 

In 0zone-aged crystals on the other hand, it was 
found that crack formation commenced on the corner 
of the tension face and the surface perpendicular to 
the bend axis. Fig. 9 shows a typical crack just prior 
to fracture growing in from the corner edge of the 
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Fig. 7—Fracture surface, ductile crystal. X55. 


Enlarged 
approximately 12 pct for reproduction. 


tensile surface. All brittle ozone-aged crystals frac- 


tured in this manner in contrast to the behavior of 


the water-polished crystals where fracture originated 


in the body of the material near the tensile surface 
and to the behavior of the as-cleaved crystals where 
fracture originated at a cleavage defect. A typical 
fracture surface of an ozone treated crystal is 
shown in Fig. 10. The river patterns on these sur- 
faces clearly show that fracture originated at the 
corners of the tensile surface and the face perpen- 
dicular to it. This crystal was fractured in a step- 
wise manner by intermittent application of the 
stress. The concentric markings indicate the posi- 
tions where the crack stopped. The specimen sur- 


Fig. 9—Crack formed at corner; ozone treated crystal. 
X100. Enlarged approximately 12 pct for reproduction. 
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Fig. 8—Crack formed at cleavage step. X50. Enlarged 
approximately 12 pct for reproduction. 


faces were examined for cracks after the ozone 
treatment and prior to stress application, but cracks 
were never observed until after a small amount 
(e.g., 1.0 pct) of strain had been produced. Lad, et 
al.® on the other hand, have observed microcrack 
formation in NaCl after long air-aging periods at 
room temperature. 

Several ductile (water-polished) specimens were 
painted on their tension surfaces and allowed to dry 
in a stream of warm, dry air, to produce residues 
similar to those reported by Stokes, Johnston, and Li® 
to be responsible for embrittlement. After, strains 
of approximately 2 to 4 pct cracks appeared in the 
crystal originating from the rim of the residue re- 


Fig. 10—Fracture surface ozone treated crystal. X55. En- 
larged approximately 12 pct for reproduction. 
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Fig. 11—Crack formed at residue. X90. Enlarged approxi- Fig. 12—Growth of crack in Fig. 11. X90. Enlarged ap- 
mately 12 pct for reproduction. proximately 12 pct for reproduction. 


gion. Figs. 11 and 12 show two stages of sucha frac-_ that the embrittlement induced was less severe than 
ture (arrows indicate the crack which led to the ul- for the ozone treatment. 

timate fracture of the material). The crack originates 

at a point on the rim of the residue which appears as DISCUSSION OF RESULTS 

a broad irregular vertical line on the tensile surface 
being viewed. This crack was observed to propagate 
and result in the ultimate fracture of the crystal. 
Fig. 13 shows the fracture surface of this specimen. 
Note how the river patterns converge to the region 
of the residue which in this photograph appears asa 
slight mound on the edge of the tensile surface. The 
embrittlement of the rock salt by surface residues 
was most effective when the entire tensile surface 
was painted. However, even in this case it was found 


The above results strongly support the contention 
that oxygen, ozone, and in most cases air, induce em- 
brittlement in NaCl by the formation of a NaClO, sur - 
face layer. It is conceivable that the embrittling ef- 
fect of the gases is either to form a layer against 
which dislocation pileups develop or to enhance the 
stress to fracture at pileups in the vicinity of the sur- 
face. The X-ray data indicates that a coherency stress 
may play a role in the latter case. Since the cleavage 
planes of NaCl are {100} type planes, one would 
therefore expect that the powder utilized in the X- 
ray investigation would consist predominantly of 
little cubes with {100} surfaces. Such an orienta- 
tion would also place {200} planes perpendicular to 
the surface since NaCl has a cubic structure. Now 
since the plane spacing of the NaClO, {210} planes 
is just slightly larger than that of the NaCl {200} 


NaClO, (210) PLANE 


Na C10, (120) PLANE 
NaCl(020) PLANE 
7s 
NaCl (100) INTERFACE | | 
PLANE | 
NoCl (200) PLANE | 
Fig. 13—Fracture surface of crystal shown in Figs. 11 and Fig. 14—Expected crystallographic relationship for a co- 
12. X55. Enlarged approximately 12 pet for reproduction. herent NaClO, layer on a NaCl crystal. 
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jplanes, it is conceivable that the NaClO, forms on 


lithe surfaces of the powder such that ihe (210) planes 


of the NaClO, are parallel with the (200) planes of 
(the NaCl. (See sketch in Fig. 14). One would there- 
‘fore have a coherent layer of NaClO, on a crystal 
(of NaCl, the interface of the two being a NaCl (001) 
| plane. Since the (210) NaClO, plane spacing is 

| slightly larger than that of the (200) NaCl spacing, 
| the layer would be placed in a state of compression, 
;a result which was experimentally observed. In addi- 
tion, the rock-salt single crystal would be placed in 
_a state of tension, a condition which is very helpful 
| to the nucleation of cracks. 


| The transition temperature between ductile and 


| brittle behavior for such coated crystals is strain 


| rate dependent. Use of the Arrhenius relationship 


between strain rate and temperature for these data 
| yields an apparent activation energy of about 0.26 


| 0.05 ev (this statement is not meant to imply that 


| the data prove that an Arrhenius relation between 


| strain rate and temperature exists, but rather that 


they can be fitted to the relationship to obtain an ap- 
parent activation energy of 0.26 +0.05 ev). The 
source of the embrittlement induced by aging in ni- 
trogen is unknown. The formation of a chlorate layer 
due to oxygen as an impurity in the nitrogen has not 
been eliminated as such a possible source of embrit- 
tlement. 
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‘Zinc-Rich Corner of the Zn-Fe-Al System 


E. H. Rennhack 


Phase equilibria of the zinc-vich portion of the 
Zn-Fe-Al system containing up to 20.0 wt pct Fe and 
Al have been investigated at 600°C (1112°F), 450°C 
(842°F), and room temperature by metallographic 
and X-ray diffraction techniques. The phase relation- 
ships were found to involve only those phases pres- 
ent in the three binary systems. 


Tue presence of small quantities of aluminum 
(approx. 0.2 wt pct*) in zinc galvanizing baths is 


*All compositions are reported in wt pct. 


known to suppress the formation of Zn-Fe alloy 
layers within the coating.’ As part of an extended 
investigation of this suppression effect and the alloy 
reactions involved, the zinc-rich corner of the Zn- 
Fe-Al equilibrium system containing up to 20.0 pct 
Fe and Al was determined at 600°C (1112°F), 450°C 
(842° F), and room temperature. The present paper 
reports the findings of this study. 

The constitution of the Zn-Fe system has been 
reported by Raynor? based mainly on the work of 
Schramm’ and Truesdale et al.© The solid solu- 
bility of iron in zinc is extremely small and lies be- 
tween 0.0009 and 0.0028 pct in the range 150° to 400°C 
(302°to 752° F). Within the temperature and composi- 
tion range of interest, a eutectic reaction involving 
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nearly pure zinc, liquid = Zn+FeZn,,, is observed 
at about 419°C (786° F) and 0.018 pct Fe along with a 
peritectic reaction, FeZn,+ liquid = FeZn,,, at 
530°C (986° F) and 6.2 pct Fe. The latter reaction is 
sluggish due to the large proportion of solid phase 
involved in the transformation. Halla et al.,’ iden- 
tified the compound FeZn,, as monoclinic with a= 
68A, 63A, O7A, and B = 128°44. The 
structure of FeZn, was reported by Bablik, ef al.,® 
to be of hexagonal symmetry, belonging to either the 
Cw = C,/m me or Dgh = C6/mc space group. Dimen- 
sions of the unit cell are a = 12.81A and c = 57.6A., 

The Zn-Al diagram as composed by Raynor® and 
later Gebhardt?° is characterized by a eutectic de- 
composition, liquid = a’ + B at 382°C (720° F) and 
95.0 pct Zn and a eutectoid decomposition, a’ = a + B 
at 275°C (527° F) and 78.0 pct Zn. The eutectoid reac- 
tion cannot be suppressed permanently by quenching. 
Above 275°C (527° F), and a’ co-exist in a closed 
miscibility gap between 31.6 and 78.0 pct Zn. Both 
phases are fcc and have nearly the same lattice 
parameter. The maximum solubility of aluminum in 
zinc (8) is approximately 1.0 pct at the eutectic tem- 
perature. 


PROCEDURE 


Materials. The experimental alloys were prepared 
from both massive and powdered material. Cast alloys 
were composed from three zinc-base master alloys 
containing 8.0 pct Fe, 16.0 pct Fe, and 50.0 pct Al 
which were made from C.P. zinc, Armco iron, and 


VOLUME 221, AUGUST 1961-775 


Table 1. Chemical Purity of Wrought Materials 


Concentration — Wt Pct 


Armco 
Element Zine Iron Aluminum 

Carbon 0.015 
Phosphorus 0.005 
Sulfur 0.025 
Manganese 0.028 0.9001 
Silicon 0.003 0.002 
Lead 0.0002 
Iron 0.0002 0.002 
Cadmium 0.00005 
Magnesium 0.0005 
Copper 0.001 


high-purity aluminum. The chemical analyses of these 
materials are set forth in Table I. Commercially 
available powders of 98.5 to 99.5 pet purity were 

used in preparing the powder alloys. 

Alloy Preparation. The cast alloys were synthe- 
sized by melting the required amounts of master 
alloy and zinc ina graphite crucible under an atmos- 
phere of purified argon. Each melt was agitated for 
> hr at 800°C (1472°F) and furnace cooled to 700°C 
(1292° F) where it was held for 72 hr. Similar iso- 
thermal anneals were performed during the cooling 
cycle at 600°C (1112° F), 500°C (932° F), and 400°C 
(752°F) to promote equilibration. The solidified 
ingots were 1 in. in diam, 4 in. long, and weighed 
approx. 1 lb. Several Zn-Fe and Fe-Al binary - 
control alloys were prepared along with the ternary 
ingots to establish the X-ray diffraction patterns of 
known compounds in these systems. The latter al- 
loys were triple melted under argon in a water- 
cooled copper crucible with a tungsten-tipped elec- 
trode. 

The powder alloys were prepared in the form of 
1 in. long compacts weighing 20 g by pressing indi- 
vidually blended admixtures of the elemental pow- 


LEGENO 
——___LECEND 
CAST POWDER 
ALLOYS ALLOYS 


ONE PHASE ° ° 
TWO PHASE ° a 
THREE PHASE @ . 


L+FeZn, 


4.0FeZn}3“6.0 8-0 10.0 12.0 14.0 


!RON CONTENT-WT. PER CENT 


16.0 18.0 200 


Fig. 2— Partial isothermal section at 450°C (842°F) for 
the Zn-Fe-Al system. 
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THREE PHASE e 


FeZnj+Feal, +Fe3Zn) 
14.0 16.0 18.0 


8.0 10.0 120 200 

IRON CONTENT - WT. PER CENT 


Fig. 1—Partial isothermal section at 600°C (1112°F) for 
the Zn-Fe-Al system. 


6.0 


ders in a 1/Z-in. diam single acting split die at 120,- 
000 psi. Each compact was subsequently sealed in 
an evacuated Vycor capsule, sintered for 21 days at 
400°C (752°F), and furnace cooled to room tempera- 
ture. 

Annealing Treatments. Filings and 1/8-in. thick 
cross-sectional layers were taken from both the in- 
gots and powder compacts and Separately sealed in 
evacuated Vycor capsules. Both types of samples 
from each alloy were then annealed for 21 days at 
450°C (842° F) and 600°C (1112°F), after which, they 
were quenched by breaking the capsules under ice 
water. All annealing heat treatments were carried 
out in a Nichrome-wound furnace whose tempera- 
ture was maintained within +1°C as measured by a 
Pt/Pt-13 pct Rh thermocouple. 

Concentration of Minor Phases. The relatively 
small amount of minor phases contained in the present 
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Fig. 3—Partial isothermal section at room temperature 
for the Zn-Fe-Al system. 


16.0 


4.0 6. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


; 
mm 
j 
16.0, 4 
/ 
if 
14.0, 
/ 
A: te. 
L+FeAl, d 
& 10.04 / 
& f/ 
> 
/ a 
6.0 
. < 
7 s 
40k/ 4 é a 
a 
e 
2.0 4.0 = 
20.0 
20.0 
/ 
18.04/ 
18.0 
16.042 
Aj 
14.04 
14.0 
5 é 
& 
/ 
& 12.0 
s 
Zn+ Al+F 2 
& 10.0 oA, 
& 10.0 e g 
> 8.0 4/ A 
e 
Vv 
3 
6.0 e 
WIE 
° 
4.0 
2.0 
78.0 


Fig. 4— Zn-10.0 pct Fe-6.0 Al alloy 
21 days at 600°C (1112°F) and water quenched. Primary 


crystals of FeAl, (white) in a matrix of Zn. Etchant: 
Na,SO,+CrO3. X100. Enlarged approximately 16 pct for 
reproduction. 


alloys frequently necessitated their concentration 
through cyrstal extraction or chemical leaching in 
order to obtain their identity by X-ray diffraction. 
Crystal extraction was performed only on the cast in- 
gots. For this purpose, a ground and polished sur- 
face was macroetched by immersion in an HCl-water 
mixture of equal volume for about 10 sec. This solu- 
tion preferentially attacked the zinc matrix causing 
the crystallites of the minor phases to stand in relief, 
permitting them to be removed by scraping the sur- 
face with a needle. 

Samples comprised of filings were chemically 
leached with the same HC1 solution as that used for 
macroetching. With this technique, regulated amounts 
of the leachant were allowed to flow by gravity 
through the filings which were contained in No. 2 
filter paper supported by a glass funnel. After re- 
ducing each sample to about one-fourth its original 
size, it was successively washed with hot water, 
ethyl alcohol, and ether. Filings from the Zn-Fe and 
Fe-Al binary-control alloys prepared earlier were 
leached in a similar manner to determine if leach- 
ing would produce a structural change in the binary 
compound phases. The apparent breakdown of FeAl, 
into FeAl or a-iron depending on the time of leach- 
ing was the only change observed. When either of 
the latter two phases was detected in the ternary 
alloys, it was usually found satisfactory to leacha 
second sample for a shorter period of time. 

Metallographic and X-Ray Examination. The alloys 
were polished and etched using standard metallogra- 
phic procedures for zinc.'! Most phases were easily 
identified, although it was difficult to distinguish be- 
tween FeAl, and Fe, Al, when both phases were pres- 
ent in the same alloy. In such cases, identification 
was based mainly on X-ray diffraction. The metal- 
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“a 
Fig. 5—Zn-10.0 pct pet Al cast alloy annealed 
21 days at 450°C (842°F) and water quenched. Two-phase 
structure of FeZn, (white) and Fe, Al; (gray). Etchant: 
Na,SO4,+ CrO3. X100. Enlarged approximately 16 pct for 
reproduction. 


lographic specimens were also used as analytical 
samples in which the iron and aluminum contents 
were determined by volumetric and gravimetric 
methods, respectively. 

X-ray diffraction of the extracted crystallites and 
leached filings was performed with an 11.46 cm diam 
Debye-Scherrer camera using nickel-filtered CuKa 
radiation. Diffraction patterns of the compound phases 
in the binary control alloys were in good agreement 
with those listed in the ASTM X-ray Powder Data 
File with the exception of FeAl, for which no data 
were available. This phase was characterized by 
only three reflections whose measured d-spacings 
were 2.10, 2.05, and 2. 2A. 


RESULTS AND DISCUSSION 


The partial isothermal sections established at 
600°C (1112°F), 450°C (842° F), and room tempera- 
ture by metallographic observation and X-ray diffrac- 
tion are presented in Figs. 1to3. Phases denoted as 
Zn and Al are the zinc-rich and aluminum-rich solid 
solutions, respectively. Binary intercepts were taken 
from Raynor.?»° The dashed lines represent the most 
probable location of phase boundaries in those areas 
where the number of alloys was insufficient to permit 
their precise location. Further work in the impor- 
tant areas adjacent to the zinc vertex is still needed. 

No ternary intermediate phases were found to 
occur within the temperature and composition ranges 
explored. The main point of interest was the occur- 
rence of a Class II four-phase invariant reaction: 


L+ FeAl, = FeZn, + Fe, Al, 


The temperature of this reaction was set at about 
592°C (1098° F) by differential thermal analysis. At 
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Fig. 6—Zn-8.3 pet Fe-4.4 pct Al cast alloy annealed 21 
days at 450°C (842°F) and water quenched. Primary 
crystals of FeZny (light gray) Fe, Al; (dark gray) and Zn 
(white). Etchant: Na,SO,+ CrO;. X100. Enlarged ap- 
proximately 18 pct for reproduction. 


this temperature, the (L + FeAL) phase field shown 
in Fig. lnarrows to a line such that the two three- 
phase regions (L + Fe, Al, + FeAl) and (L + FeZn, 
+ FeAl,) become contiguous. Just below the invari- 
ant plane, two new three-phase regions (L + FeZn, 
+ Fe, Al;) and (FeZn, + Fe, Al, + FeAl) are formed 
separated by the two-phase field (FeZn, + Fe, Al, ) 


AS 
Fig. 8—Zn-4.7 pct Fe-0.33 pet Al cast alloy annealed 21 
days at 600°C (1112°F) and water quenched. Primary 
crystals of FeZn; in a matrix of Zn. Etchant: Nay SO, + 
CrO;. X100. Enlarged approximately 18 pct for repro- 
duction. 
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Fig. 7—Zn-12.9 pet Fe-6.5 pet Al cast alloy annealed 
21 days at 450°C (842°F) and water quenched. Fe Zn7 
matrix containing Fe,Al; (serrated surfaces) and FeAl, 
(smooth contour). Etchant: Na,SO, + CrO3. X100. En- 
larged approximately 18 pct for reproduction. 


as shown in Fig. 2. The structural change accompany - 
ing the invariant reaction in the vicinity where the 

(L + FeAl,) and (FeZn, + Fe, Al,) fields were found 
by projection to intersect is illustrated in Fig. 4 and 
5. Photomicrographs of the two three-phase regions 
which originate beneath the four-phase reaction 

plane are shown in Figs. 6 and 7. 


\ 


#59 


Fig. 9—Zn-3.7 pet Fe-0.34 pet Al cast alloy annealed 21 
days at 450°C (842°F) and water quenched. Primary crys- 
tals of FeZn, (hexagonal shaped) and FeZnj3 (sharp angled 
and showing skeletal growth) in a matrix of Zn. Etchant: 
Na, SO, + CrO3. X100. Enlarged approximately 18 pct for 
reproduction. 
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On cooling from 450°C (842° F) to room tempera- 


‘ture, several other Class II four-phase invariant re- 


actions may exist. Work in this temperature range, 
however, was limited and this region is in need of 
further clarification. 

The solubility of aluminum in FeZn,, was estimated 


| to be about 0.2 pct at 450°C (842° F). However, un- 
| like FeZn,, the FeZn,, binary compound does not 


enter into equilibrium with any Fe-Al phase. No 
microstructure was available in the FeZn,, field, 
although, representative structures of the (L + FeZn,) 
field at 600°C (1112°F) and (L + FeZn, + FeZn,,) 


| field at 450°C (842° F) are presented in Figs. 8 and 9, 


respectively. 

With decreasing temperature, the progressive sep- 
aration of aluminum-rich solid solution (Al) from the 
melt compressed the liquid region toward the zinc 
vertex as seen in Fig 2. The eventual liquid to solid 
transformation by a Class I four-phase ternary reac- 
tion:'$ 


L = Zn + Al’ + FeAl, 


appeared possible in this compositional region, al- 
though no evidence in support of this reaction was 
found. The symbol Al’ corresponds to the a’ phase 

in the Zn-Al binary system discussed earlier. If such 
a eutectic exists, the subsequent formation of the 

(Zn + Al+ FeAl,) field, whose structure is presented 
in Fig. 10, would necessitate the decomposition of 

Al’ to Al upon further cooling by a Class I four- 
phase eutectoid reaction: 


Al’ = Al+ Zn+ FeAl, 


SUMMARY 


The phase equilibria existing at the zinc-rich 
corner of the Zn-Fe-Al system containing up to 
20.0-pct Fe and Al have been investigated at 600°C 
(1112° F), 450°C (842° F), and room temperature. The 
salient features of the work include the following: 


1) A Class II four-phase invariant reaction: L + 
FeAl, = FeZn, + Fe, Al; was found to occur at 
about 592°C (1098°F). 

2) The solubility of aluminum in FeZn,, is about 
0.2 pct at 450°C (842°F). Unlike FeZn,, this phase 
is suppressed from entering into equilibrium with 
the Fe-Al compound phases. 

3) The occurrence of a Class I four-phase ternary 
eutectic reaction, L = Zn+ Al’ + FeAl, and eutec- 
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of Zn-rich and Al-rich solid solutions containing primary 
crystals of FeAl;. Etchant: Na,SO,+ CrO3. X100. En- 
larged approximately 18 pct for reproduction. 


toid reaction, Al’ = Al+ Zn+ FeAl, adjacent to the 
Zn-Al binary boundary appeared to be possible. No 
evidence was found to indicate such reactions actually 
existed, however. 
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The Effect of Surface Removal on the Plastic 


Behavior of Aluminum Single Crystals 


I. R. Kramer and L. J. Demer 


Aluminum single crystals were pulled in an eléc- 
trolytic cell allowing surface removal during the de- 
formation. The extent of Stages I and II of the stress- 
strain curve was increased and the slope decreased 
as the rate of metal removed from the surface was 
increased, An increase of the strain rate caused a 
decrease in the effectiveness of the metal removal. 
The data indicate that the work-hardening coefficient 
in Stage lis determined primarily by the conditions 
which exist on the surface of the crystal. In Stages 
II and III, both surface effects and internal barriers 
ave important. 


ALTHOUGH numerous investigations have been 
conducted on the plastic flow characteristics of met- 
als in an attempt to explain the mechanism of work- 
hardening, relatively few studies have taken into ac- 
count the influence of the surface. In all current 
theories of work-hardening it is assumed that the 
impediments to the movement of dislocations are 
within the crystal. The barriers due to the surface 
and the existence of solid and liquid films have been 
neglected even though it has been demonstrated that 
the surface exerts a large effect. 

A number of investigators!“!® have shown that 
solid films on the surface of single crystals mark- 
edly affect their mechanical behavior. In general, 
the presence of a solid film tends to increase the 
yield stress and increase the work-hardening rate. 
Often, on single crystals, Stage I and, at times, Stage 
II regions are completely suppressed. 

Various mechanisms have been offered for the 
effects of oxide and metal films as well as the in- 
fluence of electrolytes. Of these, concepts concerned 
with the locking of surface dislocation sources and 
the blocking of dislocations at the surface resulting 
in pileups appear to be actively considered at pre- 
sent. Barrett,’’ Takamura,® Gilman,?® Lipsett and 
King,”° Shapiro and Read,!° and Weiner and Gensamer?! 
are among those who have interpreted their results 
in terms of piled-up dislocations at the surface, 
while Adams,”* and Chalmers and Davis?3 have ex- 
plained their experimental observations in terms of 
locking of surface dislocation sources. 

In general, the change in plastic flow properties 
due to electrolytes has been explained in terms of 
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the unblocking or unlocking of dislocations by the 
removal of the oxide films. In considering the two 
proposed mechanisms, it appears that the locking of 
sources of surface dislocations by a solid film should 
exert a primary influence only on the critical resolved 
shear stress for flow and not on the slopes of Stages 
I and II. However, the blocking at the surface of dis- 
locations from internal sources may also affect the 
critical resolved stress and furthermore exert an 
influence throughout the whole plastic range. In cer- 
tain cases it does not seem feasible to explain the 
results of experimental observations in terms of 
locking of surface dislocation sources. The abnormal 
aftereffects found by Barrett*”” by removing the 
oxide by an acid treatment are excellent evidence of 
the blocking of dislocations at the surface. Additional 
evidence in favor of a blocking due to a pileup of dis- 
locations at the surface may be found from the ob- 
servations that the critical resolved shear strength 
continues to increase with the thickness of the oxide 
layer until very heavy oxide layers are formed. If 
the locking of surface dislocations sources were 

the dominant factor, the critical resolved shear 
stress would not be expected to increase after all 

of the surface sources were locked by the formation 
of the oxide. This may be expected to happen after 

a few atomic layers of the oxide are formed. 

In spite of the above evidence on the strong influ- 
ence of the surface on the plastic flow characteris- 
tic, this has been ignored in current theories of work- 
hardening. Seeger?**> suggested that most of the 
dislocations may slip out of the crystal only when the 
Specimen axis is within certain areas of the orienta- 
tion triangle. In other areas the resolved shear 
stress in other glide systems is large enough to 
generate dislocations which can form Lomer-Cottrell 
locks, thereby decreasing the average Slip distance 
in some directions and causing a larger hardening 
rate. Friedel’® assumed that at the beginning of 
Stage II, a large number of Lomer-Cottrell disloca- 
tions are formed by a catastrophic process which 
used up all the Frank-Read sources on the secondary 
Slip-planes. In this manner a fixed number of Lomer- 
Cottrell locks is formed which act as barriers against 
which the dislocations can pile up. In Stage III, See- 
ger?* and Diehl, Mader, and Seeger*® proposed that 
Lomer-Cottrell barriers are circumvented by the 
cross Slip of extended screw dislocations. Cottrell 
and Stokes,*” Friedel,”® Cottrell,?® and Stroh?® sug- 
gest that the Lomer-Cottrell dislocations collapse 
under the stress field of the dislocation pileup. 

It is the purpose of this paper to report the changes 
in Stages I, II,and III of the deformation process in 
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Fig. 1—Orientation of aluminum crystals. 


aluminum single crystals pulled in tension while the 
surface was being continuously removed. It is in- 
tended that through these studies a clearer insight 
may be obtained on the effects of surface conditions 
on the passage of dislocations out of the crystal sur- 
face and the associated effects on the work-hardening 
characteristics. Some effects of the surface on the 
irreversibility of plastic flow and the recovery of 
critical resolved shear stress after plastic deforma- 
tion will also be given. 


EXPERIMENTAL PROCEDURES 


The aluminum single crystals used throughout this 
investigation were prepared by a modified Bridgman 
technique using a multiple-cavity graphite mold 
which was capable of yielding 35 crystals of the 
same orientation. The aluminum was 99.997 pct 
pure and contained as impurities, magnesium, sili- 
con, zinc, copper, and iron. From this material, 
five sets of crystals, 4 in. x 1/8 in. x 1/8 in., were 
prepared. 

The orientation of the crystals as determined by 
back-reflection Laue patterns is shown in Fig. 1. 
Prior to testing, the specimens were prepared by a 
mechanical and electrolytic polishing treatment 
after which they were annealed in vacuum at 640°C 
for 2 hr; then the furnace was allowed to cool. Just 
before testing, the specimens were again electroly- 
tically polished. In order to remove the surface con- 
tinuously during the testing procedure, a methy] al- 
cohol-nitric acid polishing solution was employed. 
The specimens were electrically insulated from the 
tensile machine by the use of phenolic resin speci- 
men holders containing an electrical lead which al- 
lowed the current to pass through the 3-in. gage 
length of the crystals. The movement of the head of 
the tensile machine was used as a measure of the 
strain. 
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Fig. 2—Comparison of calculated and measured cross-sec- 
tional area of aluminum specimens pulled in electrolytic 
polishing bath (rate of metal removal was 25 x 10° in. per 
min). 


The specimen holders were approximately 1 1/2 
in. deep and 5/16 in. in diameter. The ends of the 
crystals, for a distance of 1/2 in., were copper 
plated and coated with a thin layer of soft solder. The 
specimens were placed in a special fixture which al- 
lowed the specimens to be accurately aligned axially 
and with respect to the distance between the speci- 
men holders. A low melting point lead-bismuth alloy 
was poured between the crystal and its holder to keep 
it firmly in place. The exposed portion of the lead- 
bismuth alloy was coated with paraffin to prevent it 
from reacting with the electrolyte. The temperature 
was maintained constant within +0.1°C by means of 
a water bath. In all cases, unless otherwise speci- 
fied, the tensile tests were conducted at 3°C. 

An Instron tensile machine equipped with an auto- 
matic recorder was used to measure the loads and 
deformations. It was possible to measure elonga- 
tions to within 3 x 1075 in. and loads to 0.01 lb. 

Since it was necessary to know the area of the spe- 
cimen while the surfaces were being removed in the 
polishing bath, a series of calibration curves were 
obtained to determine the amount of metal removed 
as a function of the current density. These values 
were used for the construction of the stress-strain 
curves. The average rate of metal removed as a 
function of the cell current is given in Table I for 
the aluminum crystals specimens of group 37. The 
rate of metal removed as defined here refers to 
the rate of change in the transverse dimensions. A 
typical curve showing a comparison between the 
measured and calculated values of the area for vari- 
ous periods of time during the extension of the spe- 
cimen is given in Fig. 2. 
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Table |. Relationship between Current Density and Rate of 
Removal of Aluminum from the Surface 
Current, Current Density, Rate of Metal Removal, 
Amp Amp/sq in. In./min x 10-5 
0.5 0.417 1255 
1.0 0.835 25.0 
2.0 1.67 50.0 


EXPERIMENTAL RESULTS 


A set of stress-strain curves typical of those ob- 
tained from aluminum single crystals pulled ata 
strain rate of 107° sec” in an electrolytic polishing 
bath is shown in Fig. 3. 

In this paper, the €, and €, values were taken at 
the end of the linear portion of Stages I and I], re- 
spectively. The critical resolved shear stress was 
defined to be the stress at which the stress-strain 
curve first became nonlinear. The terms 7, and 7, 
are the shear stresses which occur at the strains 
€, and €,. From the curves of Fig. 3, it may be seen 
that €2 and €3, the extent of Stages I and II, re- 
spectively, increased as the rate of metal removed, 
R,was increased. The slopes 6, and 6, for the two 
stages correspondingly decrease. Figs. 4and which 
contain the data obtained from crystals 37, show 
that €, and €, increase in a linear fashion with the 
rate of metal removal. €, increased from a value of 
0.8 pct when R was zero to 1.65 pct whenR was 50 x 
10~° in. per min. €, changed from 2.75 pet to 4.25 
pct. The slopes of Stages I and II decreased continu- 
ously, but not linearily. There seems to be a tendency 
for 6, to approach some constant value when R be- 
comes sufficiently high. This tendency was not no- 
ticed for 6 in the range of R used in these studies. 
From the data reported in Figs. 6 and 7, it is seen 
that for a given R, the change in €, is not as large as 
that of €,; however, the change in 6, is larger than 
that of 6,. The slope, 6,, decreased from a value of 
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Fig. 4—The effect of rate of removal on the extent (€5) and 
slope (04) of Stage I of Al-37. 
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Fig. 3—The effect of rate of removal on the stress-strain 
curves of Al-37 (temperature 3°C and strain rate 1075sec71), 


7400 to 2900 psi, a difference of 4500 psi, while that 
of 6, decreased from 13,000 to 10,000 psi. Through- 
out this study, as well as in an associated study using 
surface-active agents, it was noticed that the critical 
resolved shear stress and 7, did not change with the 
rate of metal removal, Fig. 8. The ratio of these 
two stresses is equal to 1.9. Rosi,3° and Garstone and 
Honeycombe™ found that for copper, copper -gold, and 
copper -silver alloys the ratio was 2. The stress Ts3 
at which Stage III begins, decreased linearily as the 
ratio of removal of the metal increased, Fig. 8. When 
the specimens were pulled at R= 0, T; = 900 psi; 
however, at R= 50 x 1075, 7, = 440 psi. 

In another series of experiments, the effect of 
strain rate on the behavior of various plastic flow 
parameters was determined, at a constant rate of 
metal removal of 60 x 1075 in. per min. For these 
experiments, specimens of crystals 42 and 43 were 
pulled in a water bath and in an electrolytic polish- 
ing bath. The difference in 6, and €, obtained under 
the two conditions as a function of strain rate is 
shown in Fig. 9. As may have been expected, the 
extent of Stage I increased but the slope decreased 
as the strain rate decreased. At a strain rate of 
10°4 sec™, the increase in €, and decrease 6, due 
to the removal of the surface during the tensile 
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Fig. 5—The effect of rate of removal on the extent (€3) and 
slope (@,) of Stage II of Al-37. 
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Fig. 6—The effect of rate of removal on the increase of €, 
and €3. 


deformation is small; however, at a strain rate of 
10~° sec™, €, increased from 1.10 to 2.20 pct 
while 6, decreased from 7500 psi to 2750 psi. Suffi- 
cient data were not obtained to establish a reliable 
relationship between strain rate and €, and 6, since, 
in the case of specimens of Aluminum 43 tested at a 
strain rate of 2 x 1075 sec™!, Stage II was not fully 
developed. From the data obtained from specimens 
of Aluminum 42, there were definite trends which 
showed that €, increased and 6, decreased as the 
strain rate decreased. 

A series of specimens of crystals 35 and 40 were 
pulled in a chemical polishing bath at 78°C to deter- 
mine whether a Stage I region would be present at 
this temperature when the rate of metal removal 
was rapid. Specimens tested in water did not show a 
Stage I region at strain rates of 1074 or 1075 sec™!. 
However, the stress-strain curve of those specimens 
pulled at these strain rates in a polishing bath where 
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Fig. 8—The effect of rate of removal on the critical re- 


solved shear stress, the stress at the end of Stage I, Tj 
and the stress at the end of Stage II, 73. 
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Fig. 7—The effect of rate of removal on the decrease in 
slopes 6; and 0». 


the rate of metal removal was 2 x 107% in. per 
min had a Stage I region which extended to 1 pct and 
a slope of 1700 psi. 

Back-reflection Laue patterns were obtained after 
pulling specimens of crystal 35 to various amounts 
of strain in the chemical polishing bath at 78°C. When 
the deformation was confined to Stage I, the Laue 
spots did not show asterism or streaking; however, 
when the strain was increased to start of Stage II, 
there was definite evidence of the formation of streaks. 
Thus, confirming other observations, it appears that 
the start of Stage II is associated with lattice bending. 
It was also found that for specimens strained within 
the Stage I region, the Laue spots were broken up 
into several discrete smaller units roughly 1 degree 
apart. Laue spots obtained from specimens pulled in 


water did not show this breakup. Subgrain bound- 
aries were apparently formed in the first case and 
not in the second. 

Since it was shown that the slopes of Stages I 
and II could be influenced by the rate at which the 
metal was removed from the surface of the speci- 
men, it was of interest to determine the degree to 
which the work-hardening coefficient was reversible. 
A series of specimens of Aluminum 37 was pulled 
in an electrolytic polishing bath and the rate of met- 
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Fig. 9—Effect of strain rate on the increase in €, and de- 
crease in 6. 
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Fig. 10—The effect of a change in the rate of removal on 
the slope in Stage I (at A, the rate of removal was 
changed from 12.5 x 107° in. per minto 0.025 x 1075 in. 
per min). 


al removed was changed at various positions along 
the stress-strain curve. Fig. 10 is typical of the 
changes which occurred in the slope of Stage I when 
the rate of removal of the metal varied. In this case, 
the initial removal rate, R,was 12.5 x 1075 in. per 
min. At the point A,R was changed to 25 x 1075 in. 
per min and the slope 6, changed from 6300 to 4900 
psi. In other experiments done in the same manner, 
R was changed from 25 to 10°° to 12.5 x 10° in. per 
min. In these cases the slope changed from 4900 to 
6300 psi. Ina similar manner, the same reversible 
changes in slope occurred in Stage II. However, in 
no case did the slope of Stage II become as low as 
that of Stage I. Fig. 11 shows an example of the 
effect of a series of changes of Ron the work-harden- 
ing coefficient of Stage III. The Stage III region is 
not linear but the work-hardening coefficient may be 
approximated for comparative purposes by determin- 
ing the average slope between the region shown in 
Fig. 11,R, was 25 X 1075 in. per min, and the aver- 
age Slope was 8600 psi. When R.was 12.5 x 1075 in. 
per min, the slope increased to 12,500 psi and an in- 
crease to R350 X 107° in. per min decreased the 
slope to 5350 psi. Upon returning to R2,the slope 
again assumed the value of 12,500 psi. Throughout 
the course of this investigation at least 25 measure- 


0.5 1.0 1.5 2.0 
Shear Strain (%) 


Fig. 12—The effect of removing 0.041 in. from the trans- 
verse dimensions of the specimen on the recovery of work- 
hardening. 
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Fig. 11—The effect of change in the rate of removal on 
the slopes in Stage III. 


ments were made wherein the rate of metal removal 
was changed from one value to another. In all cases 
the slope of the stress-strain curve changed rever- 
Sibly. 

It will be noted at Point A in Figs. 10 and 11 that 
whenever the rate of metal removal was changed 
from a low value to a high value, a large drop in load 
occurred. This drop in load is due to an elongation 
of the specimen and could be reproduced at will dur- 
ing any of the three stages of deformation. In no case 
was there a large increase in load when R was in- 
creased. A series of investigations showed that the 
large drop in load was not due to magnetic or electri- 
cal interactions with the strain gages of the load cell. 
Since an increase in temperature of the specimen 
could possibly cause such a change, an extensive 
program was undertaken to determine whether this 
factor was important. Thermocouples were placed 
along the surface and in the center portion of the 
Specimens. For the time period during which the 
drop in load occurred, no change in temperature 
could be noted. That a change in temperature could 
not have been responsible for the drop in load is 
evident from the rapidity of the change of load and 
the fact that no change of load occurred when the 
current through the cell was changed from a high to 
a low value. The entire drop in load took place in 
less than 0.1 sec. In Fig. 11 at point A the current 
through the cell was changed from 1/2 to 2 amp while 
at point B the change was from 2 to 1/2 amp. Chang- 
ing the specimen from anodic to cathodic did not 
produce a sudden decrease in the load when the cur- 
rent was varied. 

Having shown that the work-hardening coefficient 
within all three stages was reversible, it was of in- 
terest to determine whether the original work- 
hardening state could be recovered by polishing off 
a given amount of the surface. For this portion of 
the study, crystals of Aluminum 37 were strained 
within the Stage I region and then polished, usually 
after the load had been removed, for various periods 
cf time. In the initial experiment the Specimens 
were deformed in the polishing bath and the rate of 
metal removed was 12.5 x 1075 in. per min. In Stage 
I the load was removed and only 0.001 and 0.004 of 
an inch were removed. No effect on the critical re- 
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solved shear stress was found. There was, however, 
an increase in the extent of Stage I for a specimen 
from which 0.004 of an inch had been removed. Nor- 
mally, €, for this specimen would have been 1 pct, 
however, upon retesting, €, was 1.5 pct. The effect 
of removing 0.041 in. from the surface on the critical 
resolved shear stress is shown in Fig. 12. This spe- 
cimen was deformed in the electrolytic polishing 
bath and zero voltage was maintained until a strain of 
0.5 pct at shear stress of 192 psi was reached. The 
critical resolved shear stress was 120 psi. The load 
was then removed and the specimen polished, after 
which the dimensions were measured with a traveling 
microscope. Upon reloading, again at zero voltage, 
the critical resolved shear stress became 120 psi and 
the slope 6, was the same as that before the metal 
was removed. The end of Stage I in this case occurred 
at a total strain of 1.25 pct as compared to 0.75 to 
0.80 pct obtained on specimens pulled without re- 
moval of the surface. The extent of Stage I obtained 
after the removal of the surface layers was 0.75 pct 
and is essentially equal to that obtained on virgin 
specimens. A recovery in the critical resolved 
shear stress, by removal of the surface layers, was 
also found in KCl crystals by T. Suzuki.” 


DISCUSSION 


The experimental data show that the extent and 
slopes of Stages I and II as well as the stress at 
which Stage III begins are markedly affected by the 
removal of the surface during tensile deformation. 
In general, the extent of Stages I and II is increased 
and the slopes decreased as the rate of metal remov- 
alis increased. For a constant rate of metal remov- 
al, increase in the strain rate decreases the extent 
of Stages I and II and increases the slopes. The cri- 
tical resolved shear stress does not seem to be af- 
fected by the rate of metal removal; however, the 
stress at which Stage III begins is decreased. The 
stress at which Stage I ends appears to be constant. 
Within the range of the rates of metal removal, used 
in this investigation, the slopes of all three stages of 
deformation are reversible; however, it has not been 
possible, thus far, to change the slope of Stage II to 
that of Stage I. By polishing off enough of the sur- 
face of the specimen, there appears to be a complete 
recovery of the work-hardening stage of crystals 
deformed in the Stage I region. 

From the foregoing experimental observation that 
the slope continues to decrease with increasing pol- 
ishing rate, it appears that in Stage I the major por- 
tion of the work-hardening coefficient of face cen- 
tered cubic metals is due to dislocation barriers at 
the surface. Internal obstacles such as Lomer- 
Cottrell barriers apparently exert a minor influence. 
The observations that the original value of the criti- 
cal resolved shear stress can be recovered after 
deformation by removing a given amount of the sur- 
face also show that the dislocations blocked by the 
surface do not extend throughout the cross section 
of the specimen. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


In the Stage II region, both internal obstacles and 
the surface appear to contribute to the work-harden- 
ing coefficient. It was possible to decrease the slope 
of Stage II about 25 pct when the rate of metal re- 
moved was 50 x 107 in. per min and presumably it 
might have been decreased somewhat more with 
faster polishing rates. Since it has not been possible 
to produce a marked decrease in the work-hardening 
coefficient by removing the surface layers of the spe- 
cimen, the internal obstacles apparently thread the 
entire cross section of the crystal. 

Stage III is also affected to a large degree by sur- 
face barriers. The experimental data showed that a 
60 pct change in the slope of Stage III occurred when 
the rate of removal was changed from 12.5 x 107° 
to 50 x 107° in. per min. In some cases, it was also 
possible to change the slope of Stage III from a nega- 
tive to a positive value by decreasing the rate of re- 
moval of the metal. Apparently, if in Stage III the 
work-hardening is associated with the cross slip of 
screw dislocations, as suggested by Seeger,?* then 
a large percentage of the obstacles is at the surface 
as well as in the interior of the crystal. 

The rapid decrease in load which occurred when- 
ever the rate of removal of the metal from the sur- 
face changed from a low to a high value seems to be 
associated with a dislocation “pop out” phenomenon 
similar to that found by Barrett??!>!2 on the untwisting 
of wires. Apparently, during the deformation process, 
only a certain number of dislocations leave the crystal 
and a number of dislocations remain in piled-up ar- 
rays at the surface. When the current density is in- 
creased, the surface energy is decreased, especially 
at the piled-up sites, and the dislocations run out in 
an avalanche which causes a sudden elongation in the 
Specimen. 

From the observations of this investigation, it is 
clear that the surface plays a very important role in 
the plastic deformation process in Stage I; disloca- 
tions may pile up or form tangles at the surface. In 
Stage II, internal obstacles which may form first at 
the surface and then later in the interior appear to be 
formed only after the piled-up array of dislocations 
activates sources on secondary systems. This latter 
effect is indicated by the fact that the end of Stage I 
occurs at the same stress regardless of the slope 6,. 
Once internal obstacles are formed, the slope 6, is 
governed primarily by these barriers. However, as 
indicated by the drop in 7,, the effectiveness of the 
barriers is governed to an appreciable extent by the 
surface. 

It is not entirely clear how the surface blocks the 
egress of dislocations and forms an effective barrier. 
Under usual test conditions there is present on the 
surface of the specimens an oxide film which can re- 
tard the passage of dislocations out of the crystal. The 
effectiveness of the oxide film in retarding dislocation 
escape depends upon the nature and thickness of the 
film. It also appears possible that a clean surface 
may impede the egress of dislocations from the 
crystal. Experiments** on gold and platinum, metals 
which do not have oxide films, have shown that the 
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creep behavior could be increased by testing in solu- 
tions containing surface-active agents. There is 
further evidence from the observation that the ex- 
tent of Stage I for gold crystals is far less than that 
which would be expected on the basis of applied 
shear stress on the secondary slip system. In the 
present experiments on aluminum crystals pulled in 
an electrolytic polishing bath, it is not known whether 
the observed effects are associated with the oxide 

or hydrate film on the surface. These effects may 

be due to a weakening of these barriers with increas- 
ing current density or due directly to the removal of 
the aluminum surface. The latter effect also appears 
possible since it is known the aluminum ions can 
migrate easily through the anodic film. A series of 
experiments using gold crystals is planned to deter- 
mine whether the plastic flow characteristics are 
affected by surface-active agents and by plating off 
the surface during deformation. 


SUMMARY AND CONCLUSIONS 


The extent and slope of Stages I and II were found to 
be affected by rate of removal of metal from the 
surfaces of aluminum crystals. The critical resolved 
shear stress and the stress at which Stage I ended 
appeared to be constant regardless of the surface 
treatment; however, the stress at which Stage III be- 
gan was lowered as the rate of metal removed was 
increased. Within all three stages of deformation, 
the work-hardening coefficients were reversible. It 
was possible to produce a complete recovery of the 
work-hardening state by removing enough of the sur- 
face if the deformation was confined to Stage I region. 
A phenomenon which may possibly be due to a “pop 
out” of dislocations was observed whenever the rate 
of metal removed was changed from a low toa high 
value. 

From the experimental observations it appears that 
the slope and extent of Stage I are determined prima- 
rily by the conditions which exist on the surface of the 
crystal. In Stages IIand III both the surface effects and 
internal barriers determine the plastic flow charac- 


teristics. Apparently, the starting point for the forma- 


tion of internal barriers is at the surface; however, 


786—VOLUME 221, AUGUST 1961 


once the internal barriers are formed they thread the 
entire cross section of the specimen. 

In this paper it has been shown that the surface 
effects are important to the mechanical deforma- 
tion of single crystals pulled in tension. These ef- 
fects have been neglected in all current theories 
of work-hardening. Similarly, in spite of the fact 
that surface effects influence creep and fatigue be- 
havior, they have not been considered in theoretical 
treatments of such subjects. 
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- Magnetism in a High-Carbon Stainless Steel 


S. M. Purdy 


Under certain conditions of hot rolling and air 
cooling from the hot-rolling temperature, bars of 
a high carbon (0.40 pct C) chrome -nickel austen- 
itic alloy were found to show magnetism even 
though no ferrite or martensite could be detected 
by microscopic or X-ray methods. The appear- 
ance of magnetism in such alloys may come from 
chromium impoverishment of the austenite grains 
near the precipitated carbide particles. 


S PoRADICALLY, hot-rolled bars of Silchrome 10, 
an exhaust valve steel, have been found to be magne- 
tic. Because of the analysis of the alloy —0.40 pct 
C,.18 pct Cr, 8 pct Ni, 3 pct Si—magnetism is unex- 
pected. Preliminary investigation showed neither 
martensite nor ferrite to be present; only austenite 
and Cr,,C,. Since a literature search was fruitless, 
a brief study was made of the appearance of magne- 
tism in this alloy. 

Nonmagnetic hot-rolled bars from two heats with 
the following analyses were obtained: 


Heat No. Cc Mn Si P s 
39794 0.39 1.15 3.23 0.026 0.008 
39911 0.37 1.10 3.31 0.029 0.006 

Heat No. Cr Ni Mo Cu Ne 
39794 18.76 et 0.28 0.27 0.11 
39911 18.73 8.09 0.35 0.35 0.058 


The only basic difference between the two heats is the 
nitrogen content. 

Permeability was measured using a Severn magne- 
tic gauge. This instrument consists of a magnet 
mounted on a counterbalanced arm. A Set of cali- 
brated plugs is placed in contact with one pole of 
the magnet. The specimen is placed close to the 
other pole of the magnet. If the specimen pulls the 
magnet away from the plug, it has a permeability 
greater than that marked on the plug. This technique 
is swift and reproducible. Previous experience has 
shown that the permeabilities obtained corresponded 
to those obtained on a permeater with a field strength 
of 100 oe. 

Specimens from both heats were annealed at tem- 
peratures between 1700 and 2300°F. One set of spe- 
cimens was water cooled and another furnace cooled. 
All the water-quenched specimens were non-magne- 
tic; the furnace cooled ones were magnetic as shown 
in Table I with no difference being observed between 
the two heats. 
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Microstructural examination of the specimens 
showed the expected increase in carbon solubility 
with increasing temperature. Carbide solution was 
complete at 2200°F. The specimens heated to 1900°F 
or below showed some carbide precipitation from the 
hot-rolled structure. A furnace cooled specimen 
from a given temperature showed less carbide out of 
solution than the water-quenched specimen from the 
next temperature below; e.g., the specimen furnace 
cooled from 2100°F showed less carbide out of solu- 
tion than the water-quenched specimen from 2000° F. 
These studies indicated that the appearance of mag- 
netism was not related to the quantity of carbon in or 
out of solution and it was related to precipitation at 
temperatures below 1700° F. 

A set of samples annealed and water -quenched 
from 2100° F was aged for 4 hr at temperatures be- 
tween 1000° and 1600°F; all were non-magnetic. 

A second set of samples, similarly annealed, was 
aged 1 to 24 hr at 1200°F with the results shown in 
Table II. None of the latter set of specimens showed 
magnetism until they had been aged about 8 hr. Mag- 
netism was quite strong after aging 24 hr. 

X-ray diffraction studies on several of the magne- 
tic specimens showed that the austenite had a lattice 
parameter of 3.58A and that the carbide was Cr,, C,. 
Several of these samples were electrolytically di- 
gested in 10 pct HCl in ethanol, with a current den- 
sity of 0.1 amp per sq cm. None of the particles in 
the residue were magnetic. Accidentally, one cell was 
run at 1 amp per sq cm; ée.g., magnetic particles were 
found in this residue. After careful separation, the 
magnetic particles were mounted on a quartz fiber 
and their diffraction pattern determined using a 5.73- 
in. Debye-Sherrer camera with CrK radiation. These 
particles showed a fcc structure with a lattice para- 
meter of 3.57A. Prolonged exposure, up to 16 hr, 
produced no other lines on the film. 

The following facts seemed to be established at 
this time: 

1) Austenite was the magnetic phase. 

2) Neither ferrite nor martensite could be detected. 

3) Magnetization could be produced by aging at 
1200°F. 

One explanation of these data is that the carbide 
precipitation impoverishes the region immediately 
around the carbide particle of carbon and chromium 
and increases the proportion of nickel. All of these 
serve to increase the Curie temperature of the re- 
gion around the carbide particle. 

If the composition change is enough, the Curie tem- 
perature will rise above room temperature. If the 
volume of the affected region is great enough, the 
magnetism will become detectable. At low aging tem- 
peratures, composition changes are great enough but 
the overall volume of impoverishment is quite small 
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Table 1. The Permeability of Furnace-Cooled Silchrome 10 Alloy 


Heat Annealing Temperature, ° F 

No. 1700 1800 1900 2000 2100 2200 2300 
39794 1.05 to 1.2 L05;to 122 1.2 to 1.6 L2sto eG 1.2 to 1.6 1.2 to 1.6 1.05 to 1.2 
39911 1.05 1.2 to 1.6 1.2 to 1.6 1.2 to 1.6 1.05 to 1.2 


N.B. Specimens water-quenched from the same temperature showed no detectable permeability. The two permeability values indicate the range in 


which the sample fell, by comparison with a set of calibrated standards. 


Table Il. The Effect of Aging Time and Temperature on 
Magnetism of Solution Annealed Samples 


Permeability 
Heat Time, Temp, Immersed in After 
No. Hr “39 At Room Temp Liquid N, Immersion 
39794 4 1000 Nil - - 
1200 Nil 1.02 to 1.05 Nil 
1300 Nil 1.02 to 1.05 1.02 to 1.05 
1400 Nil - 1.02 to 1.05 
1600 Nil 1.02 to 1.05 Nil 
1 1200 Nil 1.02 to 1.05 Nil 
hy Nil 1.02 to 1.05 Nil 
3 Nil 1.02 to 1.05 Nil 
4 Nil 1.02 to 1.05 Nil 
8 1.02 to 1.05 N.D. N.D. 
24 16 N.D. N.D. 
39911 4 1000 Nil 1.02 to 1.05 Nil 
1200 Nil 1.02 to 1.05 1.02 to 1.05 
1300 Nil 1.05 to 1.2 1.02 to 1.05 
1400 Nil 1.02 to 1.05 1.02 to 1.05 
1600 Nil 1.02 to 1.05 1.02 to 1.05 
1 1200 Nil 1.02 to 1.05 Nil 
2 Nil 1.02 to 1.05 Nil 
3 Nil 1.02 to 1.05 Nil 
4 Nil 1.02 to 1.05 Nil 
8 1.02 to 1.05 N.D. N.D. 
12 1.2 to 1.6 N.D. N.D. 


N.D. —Not determined. 


because of steep diffusion gradients. At high aging 
temperatures there is a large volume but the shallow 
gradient does not produce a high enough Curie tem- 
perature to produce magnetism. Only at intermediate 
temperatures is there an optimum combination of 
diffusion gradient and volume. 

If this is true, some of the non-magnetic speci- 
mens ought to become magnetic at very low temper- 
atures. Such specimens would be 1) those aged 
above 1200°F and having a shallow, broad diffusion 
gradient, and 2) those aged at short times at 1200°F 
having an insufficient rise in Curie temperature— 
provided that the volume of impoverishment is great 
enough. The annealed and water-quenched specimens 
and those aged below 1200°F ought to remain non- 
magnetic. 

All the non-magnetic specimens were immersed 
in liquid nitrogen and their permeabilities measured 
at this temperature with the results shown in Table 
II. All the specimens that should have become mag - 
netic did indeed show measurable magnetism; the 
others did not. Upon returning to room temperature 
the permeability was again measured to be certain 
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that the increase in permeability observed was not 
the result of martensite formation during cooling. 
Only the specimens aged 4 hr at 1200° or 1400°F 
remained non-magnetic after warming up. Metallo- 
graphic examination showed the presence of marten- 
site in these specimens. The specimens which had 
been aged at 1600°F for 4 hr and those aged 1, 2, 
and 4 hr at 1200°F remained non-magnetic at room 
temperature although they were magnetic at the low 
temperature. 

A second hypothesis is that very small ferrite par- 
ticles will form in the impoverished region. Parti- 
cles about 200A in diam would give a smeared diffrac- 
tion pattern that would escape detection against the 
background of the film even after long exposures. 
Such particles would show superparamagnetism! rath- 
er than ferromagnetism. A characteristic of super - 
paramagnetism is that the curve of magnetization vs 
field strength is very similar to normal paramagnetic 
materials but with much higher magnetization values. 
The curve also would show no hysteresis. Samples 
from both heats with several degrees of magnetiza- 
tion were tested on an isthmus electromagnet with 
fields up to 7000 oe. All the specimens show decided 
hysteresis indicating that this latter hypothesis was 
not correct. The samples showed remanence values 
above 40 gauss after being subjected to fields of 250 
oe. 

This appearance of magnetism in stainless steels 
without formation of martensite or ferrite seems 
confined to high-carbon high-silicon stainless steels. 
Similar experiments on Types 302, 304, and 304L 
produced no detectable magnetization. 


CONCLUSION 


These experiments show that in high-carbon high- 
silicon stainless steels magnetism can appear with- 
out the formation of martensite or ferrite. This 
magnetism is probably the result of composition 
changes in the regions immediately surrounding the 
precipitated carbides. These magnetic regions have 
an austenitic structure and do not have sharp bound- 
aries. 
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The Cadmium-Uranium Phase Diagram 


Allan E. Martin, Irving Johnson, and Harold M. Feder 


The cadmium-uranium system was studied by ther- 
mal, metallographic, X-ray and sampling techniques; 
special emphasis was placed on the establishment of 
the liquidus lines. The single intermetallic phase, 
identified as the compound UCd,,, melts peritectically 
at 473°C to form a-uranium and melt containing 2.5 
wt pct uranium. The cadmium-rich eutectic (0.07 wt 
pet uranium) freezes at 320.6°C. Solid solubilities in 
uranium and cadmium appear to be negligible. Be- 
tween 473°C and 600°C the liquidus line is retograde. 


No publication relating to the cadmium-uranium 
phase diagram was found in the literature. The es- 
tablishment of this diagram was of considerable in- 
terest to us because of a possible application of the 
system to the pyrometallurgical reprocessing of 
nuclear fuels. Analysis of liquid samples, metallo- 
graphic examination, thermal analysis, and X-ray 
diffraction analysis were used to establish the 
phase diagram from about 300° to 670°C. Particu- 
lar emphasis was placed on the establishment of the 
liquidus lines. The same system was concurrently 
studied in this laboratory by the galvanic cell meth- 
od. Both studies benefited from a continual inter- 
change of information. 


MATERIALS AND EXPERIMENTAL PROCEDURES 


Stick cadmium (99.95 pct Cd, American Smelting 
and Refining Co.) contained 140 ppm lead as the ma- 
jor impurity. Reactor grade uranium (99.9 pct U, 
National Lead Co.) was most often used in the form 
of 20-meshspheres. This form was particularly sui- 
table because it does not oxidize as readily as finer 
powder. 

The liquidus lines were determined by chemical 
analysis of filtered samples of the saturated melts. 
The liquid sampling technique is described else- 
where;? alumina crucibles (Morganite Triangle RR), 


tantalum stirring rods, tantalum thermocouple protec- 


tion tubes, Vycor or Pyrex sampling tubes, and 
grades 60 or 80 porous graphite filters were used. 
Uranium dissolves in liquid cadmium rather slowly. 
In order to achieve saturation of the melts it was 
necessary to modify the procedure of Ref. 2 by the 
use of more vigorous stirring and longer holding 
periods (at least 3 hr) at each sampling temperature. 
The samples were analyzed for uranium by spectro- 
photometry (dibenzoyl methane method) or by polar- 
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ography. The analyses are estimated to be accurate 
to 2 pct. 

Thermal analysis was performed on alloys con- 
tained in Morganite alumina crucibles in helium at- 
mospheres. Standard techniques were employed; 
heating and cooling rates were about 1°C per min. 
For the determination of the peritectic temperature, 
Cd-10 pct U charges were first held for at least 50 
hr at temperatures in the range 435° to 460°C to 
form substantial amounts of the intermediate phase. 
For the determination of the effect of cadmium on 
the a-£ transformation temperature of uranium, 
charges of Cd-25 pct U (-140+100 mesh uranium 
spheres) were first held near the transformation 
temperature, with stirring, to promote solution of 
cadmium in the solid uranium. The holding times 
and temperatures for these treatments were 18 hr 
at 680°C for the cooling run and 28 hr at 630°C for 
the heating run. 

Alloy specimens for X-ray diffraction and metal- 
lographic examination of the intermediate phase 
were prepared in sealed, helium-filled Vycor or 
Pyrex tubes. Ingots from solubility runs and ther- 
mal analysis experiments also were examined 
metallographically. Crystals of the intermediate 
phase were recovered from certain cadmium-rich 
alloys by selective dissolution of the matrix in 20 
pct ammonium nitrate solution at room temperature. 

Temperatures were measured with calibrated 
Pt/Pt-10 pct Rh thermocouples to an estimated ac- 
curacy of 0.3°C. However, the depression of the 
freezing point of cadmium at the eutectic is esti- 
mated to be accurate to 0.05°C because a special 
calibration of the thermocouple was made in place 
in the equipment with pure cadmium just prior to 
the measurement. 


EXPERIMENTAL RESULTS 


The results of this study were used to construct 
the cadmium-uranium phase diagram shown in Fig. 
1. This diagram is relatively simple; it is charac- 
terized by a single intermediate phase, 6 (UCd,,), 
which decomposes peritectically, and which forms a 
eutectic system with cadmium. The solid solubilities 
in the terminal phases appear to be negligible. An 
unusual feature of the diagram is the retrograde 
slope of the liquidus line above the peritectic temper - 
ature. 

The Liquidus Lines. The liquidus lines above and 
below the peritectic temperature are based on three 
separate solubility experiments. The data are shown 
in Fig. 1 and are given in Table I. It is apparent 
from the figure that the solubility data obtained by 
the approach to saturation from higher temperatures 
fall on substantially the same lines as those obtained 
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URANIUM ATOM PER CENT 
1.0 


80 Table I. The Solubility of Uranium in Cadmium 
700 SovusiLiTY DATA °¢ WtPctU At. Pct U °C WtPctU At. Pet U 
@ HEATING | 
© COOLING 325.6 0.0754 0.0356 468.4 2.32 
THERMAL ANALYSIS DATA = 332.6 0.096 0.0454 477.8 2.46 1.18 
HEATING 339.7 0.113 0.0534 491.2 1.13. 
4 348.7 0.158 0.0747 506.4 2.41 1.15 
3612) 0.002 0.0955 517.8 2.26 1.08 
369.7. 0.265 0.125 531.5 2. 26 1.08 
L 380.7 0.326 0.154 537.7 2.22 1.06 
390.0 0.392 0.185 554.9 2.20 1.05 
= 399.4 0.503 0.238 580.3 2.16 1.03 
& 473 408.1 0.640 0.303 590.2 2.12 1.01 
@ AR 421.2 0.841 0.399 608.1 2. 16 1.03 
= 
01.02 0.484 629.7 2.16 1.03 
Sta 0.666 640.6 2.10 1.00 
ed 4 453.5 1.70 0.810 654.1 2.14 1.02 
461.1 2.00 0.954 
8 
320.6 a 
prods The standard deviations of the data from these 
7 equations were 3.2 and 1.2 pct, respectively. 
The solubility of uranium in liquid cadmium de- 
{ji titi creases with rising temperature from 473°C to 
0.5 1.0 20 25) 30 50 70 100 


URANIUM WEIGHT PER CENT about 630°C. A retrograde liquidus such as this is 
unusual in metallic systems; no other example was 
noted in a compilation? of nearly 700 binary phase 
diagrams. Several independent solubility experi- 
ments were made for verification and in each the 
retrograde slope was observed. Furthermore, in the 
Cd-U-Zn and Cd-U-Mg systems, which will be the 
subjects of future reports, the same feature was 
exhibited up to additions of about 4 pct Zn or 6 pet 
Mg. The data on the ternary systems provide addi- 
tional support for the existence of the retrograde 


Fig. 1—The cadmium-uranium phase diagram. 


by the approach from lower temperatures. This is 
good evidence that equilibrium was reached. It is 
also clear that the solubility data above and below the 
peritectic temperature fall on two quite different 
lines. The solubility data were fitted? to empirical 
quadratic equations by the least-squares method to 
yield the following equations: 


3 
(Below 473°C) log (% U) = 8.174 — 6.766 x = solubility in the binary system. 
108 The Intermediate Phase, 6, and Its Peritectic 
02726 X Te [1] Decomposition. Samples of the intermediate phase 
108 were obtained from three sources: crystals (A) 
(473 to 650°C) log (%U) = 1.754 — 2.593 x T formed during the slow cooling of a saturated melt 


from 400°C; crystals (B) formed by the reaction of 
uranium with cadmium for 6 days at about 460°C; and 
a single crystal (C), a 1/2-in. cube with octahedrally 
truncated corners, which accidently formed on a 
stirring rod. The photomicrograph, Fig. 2, shows 
crystals of the intermediate phase which formed 
from a saturated melt during cooling at 0.3°C per 
min. 

Three samples of the B crystals were recovered 
by the selective dissolution method already described; 
they were analyzed as follows: 


Sample Wt pct U Wt pet Cd 
B-1 15.96 83.8 
B-2 15.87 83.7 
B-3 16.26 82.9 

Total pct Atom Ratio, Cd:U 
99.7, 
99.5, 11.2 
99.1, 10.8 


Fig. 2—A 1.0 pet uranium alloy cooled slowly from 445°C; 
crystals of UCd,; in a cadmium matrix. Etched with 2 
Schramm’s reagent.4 X250. Reduced approximately 21 pct buoyancy and the pycnometric methods, ranged 

for reproduction. from 8.95 to 9.15 g per cc. Identical X-ray diffrac- 


The densities of these samples, measured by the 
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10° 
[2] 


tion patterns were obtained for the A, B, and C sam- 
ples. With the assistance of the clues provided by the 
chemical analysis and the density, the diffraction pat- 
tern of the intermediate phase, 5, was indexed by 
Flikkema and Tani® and identified as UCd,,, cubic, , 
isostructural with BaHg,,,° and CeCd,,," a, = 9.289A, 
36 atoms per unit cell. The theoretical composition 
is 16.14 wt pct U, 83.86 wt pct Cd and the calculated 
X-ray density is 9.164. 

Metallographic examination of alloys quenched 
from above the peritectic temperature showed that 
uranium was the solid phase in equilibrium with the 
melt at these temperatures; it was therefore pre- 
sumed that uranium is the solid phase which forms 
when UCd,, decomposes peritectically on heating. 
The presumption was confirmed in a test with a Cd- 
8 pct U alloy which originally contained a bed of 
UCd,, crystals. When this alloy was heated for 2 
hr at 550°C and quenched to room temperature, the 
crystals, which were isolated from the product by 
selective dissolution, were identified as @ uranium 
by X-ray diffraction. In addition, metallographic 
examination of ingots which had been cooled slowly 
from above the peritectic temperature showed peri- 
tectic reaction rims of UCd,, around the uranium 
crystals. Thus, these tests indicated that the peritec- 
tic reaction was: 


UCd,; = U atpna + Melt, 2.50 wt (1.20 at.) pct U [3] 


In the related galvanic cell study’ the electromotive 
force of a saturated U-Cd solution electrode vs an 
annealed uranium electrode was observed to be zero 
above the peritectic temperature; this observation 

is additional confirmation that uranium is the solid 
phase in equilibrium with the melt above the peritec- 
CLC! 

The peritectic temperature was established by 
three types of measurements, namely, thermal anal- 
ysis, solubility, and cell studies. The thermal anal- 
ysis value, 473.9 +0.8°C, was the average of six ar- 
rest measurements which were obtained on heating 
a Cd-10 pct U alloy. The thermal arrests obtained 
at about 459°C on cooling were discounted because of 
our experience and that of others® with similar sys- 
tems. A second value of the peritectic temperature, 
471.7°C, was obtained from the intersection of the 
liquidus lines via Eq [1] and [2]. A third value,473°C, 
was obtained independently in the related cell study.’ 
The average of these three determinations of the 
peritectic temperature is 473°C. 

The Cadmium-Rich Part of the System. Metallo- 
graphic examination and thermal analysis data indi- 
cated the existence of a eutectic between cadmium 
and UCd,,. The eutectic temperature, determined 
by thermal analysis on an alloy which contained 
0.13 pct U, was found to be 0.26°C below the freez- 
ing point of cadmium. If the latter is taken as 
320.9°C, the eutectic temperature is 320.6°C. By a 
slight extrapolation of Eq.[1] to the eutectic temper - 
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ature the eutectic composition was estimated to be 
0.069 wt (0.032 at.) pct U. 

A saturated melt was cooled from 350°C to produce 
a fine-grained alloy. This was then annealed for 23 
hr at 310°C and quenched to room temperature. The 
lattice parameters of the cadmium in this sample 
were determined’ to be: a) = 2.9790A and Cy = 
0.6181A. Within experimental error, the parameters 
were the same as for pure cadmium; consequently, 
an appreciable solubility of uranium in solid cadmium 
at 310°C is not indicated. 

The Uranium-Rich Part of the System. The por- 
tion of the system between the UCd,, composition 
and uranium was not explored in detail. As already 
mentioned, uranium was shown to be the only solid 
phase that is stable above the peritectic temperature. 
Furthermore, on the basis of thermal, metallographic, 
and X-ray evidence, UCd,, appears to be the only in- 
termediate phase that is stable below the peritectic 
temperature. Two indirect indications of the extent 
of solid solubility of cadmium in uranium were ob- 
tained. The transformation temperature of 
uranium saturated with cadmium was determined 
by thermal analysis. The arrests, at 669°C on heat- 
ing and 644°C on cooling, were not significantly dif- 
ferent from those obtained prior to the saturation with 
cadmium, A more Significant observation was that 
the lattice parameters of a uranium, formed by the 
peritectic decomposition of a bed of UCd,, crystals, 
were the same as those of pure uranium within the 
experimental error of the measurement.® It was con- 
cluded that the solid solubility of cadmium in urani- 
um is probably negligible. This conclusion is sup- 
ported by the galvanic cell study.’ 
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The Fracture Behavior of Silver Chloride-Alumina 


Composites 


T. L. Johnston, R. J. Stokes, and C.H. Li with an appendix by K. H. Olsen 


The effect of alumina particles on the nucleation 
and growth of cracks through a silver chloride ma- 
trix has been investigated. It has been found possible 
to promote fibrous cracking in dispersion-strength- 
ened silver chloride under notch-impact conditions 
at temperatures at which silver chloride alone 
cleaves brittlely. The modification of fracture be- 
havior is thought to be due to the relaxation of hydro- 
Static stress beneath a notch by the nucleation of 
cavities near alumina particles. 


In recent years, composite or dispersion-strength- 
ened materials have been studied primarily to un- 
derstand their high resistance to plastic flow par- 
ticularly at elevated temperatures. Dislocation mod- 
els have been developed with which it is possible to 
deduce with fair success the effects of interparticle 
distance, particle size, temperature, upon yielding 
and creep behavior.!-?_ Much less attention has been 
paid to the fracture behavior of these materials (with 
the notable exzeption of common structural steels) 
and little is known experimentally about the manner 
in which inclusions affect the nucleation and growth 
of cracks through a matrix. Nevertheless a begin- 
ning has been made in connection with fibrous crack- 
ing in ductile matrices where inclusions appear to 
play an essential role.5~? During the severe local- 
ized plastic deformation which accompanies necking 
in a tensile test, cavities are believed to develop at 
inclusions; these cavities subsequently grow and co- 
alesce by plastic flow until separation is complete. 

It is of interest to consider whether inclusions can 
affect fracture behavior under loading conditions 
which restrict the plasticity of the matrix itself (for 
example, cleavage under conditions of a high imposed 
strain rate at low temperatures). It is particularly 
interesting to study these effects in a solid which 
shows a spectrum of behavior ranging from fully duc- 
tile to semi-brittle behavior. Such a solid is silver 
chloride whose mechanical behavior depends sensi- 
tively upon temperature and strain rate.®»9 

The present paper is concerned with a study of the 
influence of inclusions (in the form of alumina par - 
ticles) on the fracture behavior of silver chloride 
loaded uniaxially at low strain rates at room temper- 


T. L. JOHNSTON, Member AIME, formerly with Honey- 
well Research Center, Hopkins, Minn., is with The Scientific 
Laboratory, Ford Motor Co., Dearborn, Mich. R. J. STOKES 
and C. H. LI, Members AIME, are Staff Scientist and Metal- 
lurgy Section Head, respectively, Honeywell Research Cen- 
ter. 


Manuscript submitted December 30, 1960. IMD 


792—-VOLUME 221, AUGUST 1961 


ature and also under notch impact conditions over a 
wide range of temperature. In particular, it will be 
shown that the alumina particles can exert a startling 
effect on the ductile-brittle transition temperature of 
notched silver chloride and that the magnitude and 
nature of the effect depends upon both the quantity of 
alumina and the shape of the alumina particles. 


1. EXPERIMENTAL PROCEDURE 


1.1 Materials Used. Silver chloride powder of 
analytical reagent (AR) quality having an average par - 
ticle size 6 was supplied by the Mallinckrodt Chem- 
ical Works (St. Louis, Mo.). Acid washed 900 mesh 
alumina powder, designated A38-900, was supplied 
by the Norton Co. (Cambridge, Mass.). This powder 
was added to silver chloride in two forms: a) the 
as-received condition in which the individual partic- 
les were of random irregular shape; their statisti- 
cal average size was 7; b) in a condition in which 
each particle was spherically shaped by a fusion 
technique. In this case, the statistical average par- 
ticle size determined with the optical microscope 
was approximately the same (about 5y) but electron 
micrographic evidence indicated that many ultra 
fine particles were present in the spheroidized pow- 
Gene 

1.2 Preparation of Composite Materials. Silver 
chloride-alumina composites containing 2.5, 5, and 
15 pet by volume of alumina were produced by the 
extrusion of mechanically mixed powders blended 
in a ball mill for 24 hr at room temperature. The 
mixtures were compacted at 50,000 psi at room tem- 
perature in the form of billets 3/4 in. in diameter 
and 1 in. long which were then extruded with a 16:1 
reduction ratio at 370°C through a radius-type steel 
die having a 5 deg lead-in angle. An extrusion tem- 
perature of 370°C was selected to ensure that all com- 
posites had sufficient plasticity to be extruded. Apart 
from this general requirement, the choice was arbi- 
trary. 

1.3 Microstructure of Composites. Attempts were 
made to check the distribution of alumina metallo- 
graphically by polishing transverse and longitudinal 
sections of the extruded rod. Specimens were wet- 
ground to 600 emery paper and lapped successively 
with 5 and 0.25-, grades of diamond paste. They 
were etched for 10 sec in 10 pct sodium thiosulfate 
solution and lightly polished in concentrated ammo- 
nium hydroxide. The most effective way to render 
the alumina particles and grain boundaries visible 
was to radiate the surface with intense white light to 
decorate the grain boundaries and the particle-matrix 
interfaces photolytically. 
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It was difficult to obtain a polished section which 
gave an adequate representation of the microstructure 
of all the composites investigated. Particles less 


than 5y in size could not be distinguished readily from 


the matrix and the other light scattering centers (pre- 
sumably silver oxide and free silver specks) which 
were already present. Since a large number of par- 
ticles were less than 5, no realistic estimate could 
therefore be made of the average interparticle dis- 
tance. In addition, grain boundaries were difficult to 
detect in the 15 pct composites. Nevertheless, it was 
possible to appreciate two important aspects of the 
microstructure. Firstly, alumina particles were seg- 
regated to a certain extent in grain boundaries and 
tended to be strung out in the extrusion direction so 
that a longitudinal section had a banded structure. 
Secondly, there was a marked difference in the shape 
of the silver chloride grains in material containing 
2.5 or 5 pct spherical alumina on the one hand and 
silver chloride alone or containing irregular alu- 
mina particles on the other. In the latter case, the 
grains were equiaxed in a longitudinal section where- 
as in the former case the grain boundaries lay al- 
most exclusively parallel to the extrusion direction. 
The average transverse grain size in samples con- 
taining 2.5 pct spherical particles was 0.003 mm 
compared with 0.03 mm in the AR silver chloride. 

1.4 Mechanical Test Procedure. The fracture be- 
havior of polycrystalline silver chloride and material 
containing alumina particles was investigated under 
two extreme conditions, namely, uniaxial tension at 
a low strain rate at room temperature and impact 
bending over a range of temperature in the presence 
of a notch. 

For the low strain rate tests, cylindrical tensile 
specimens were turned on a lathe to the dimensions 
shown in Fig. 1(b). Some difficulty was encountered 
in machining specimens containing 5 and 15 vol pct 
of irregular alumina. The abrasive nature of these 
particular materials blunted the tool tip very rapid- 
ly causing it to bite into the specimens and fracture 
them prematurely. In contrast, the specimens con- 
taining spherical alumina particles were easy to ma- 
chine. The specimens were tested in the as-extruded 
and machined state. They were clamped in split 
shoulder grips which made it possible to mount them 
in the machine without damage. They were pulled at 
room temperature in a hard gear-driven machine at 
astrain rate of 1.6.x 1074 sect: 

It has been pointed out elsewhere® that exposure to 
visible radiation has a negligible effect on the stress- 
strain behavior of polycrystalline silver chloride. 
Composites were found to be similarly insensitive. 

For each composite, a total of twelve specimens 
was prepared from two identical extrusions. It was 
found that the reproducibility of the corresponding 
stress-strain curves was generally good, any scatter 
increased with the degree of plastic strain. For ex- 
ample, after a plastic strain of 0.01, the scatter in 
the value of the flow stress was less than +0.5 pct 
for all three composites containing spherical alumina, 
whereas at a strain of 0.05, the scatter increased to 
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Fig. 1—Dimensions of a) notch impact and b) tensile speci- 
men, 


+3 pct. The behavior of material containing irregular 
alumina was less reproducible, for example, the scat- 
ter was +6 pct after a strain of 0.05. 

For the notch impact tests, specimens were made 
in two stages. The extruded rod, 0.187 in. diameter 
was first rolled to introduce parallel flat surfaces 
0.165 in. apart. The strip was cut into 1-1/4 in. 
lengths and then a 90° notch, 0.025 in. deep was in- 
troduced with a razor blade into one of the flat sur- 
faces at its mid-point to give the specimen illus- 
trated in Fig. 1(a). Specimens were held in a hori- 
zontal position by supports at each end 1-1/16 in. 
apart and were subjected to an impact bending load 
at the mid-span by a swinging pendulum pivoted 
above the specimen. At the moment of impact the 
pendulum striker had a velocity of 110 in. per sec 
and an energy of 10 in. per lb. The corresponding 
maximum strain rate at the root of the notch (assum- 
ing a stress concentration factor of 4) was estimated 
to be approximately 400 per sec. 

The following baths were used to heat or cool the 
specimens prior to being placed in position in the 
impact machine. Isopentane cooled with liquid ni- 
trogen was used for subzero temperatures, while 
a heated bath of mineral oil reached temperatures 
between 20 and 175°C. Above 175°C, specimens were 
raised to the test temperature while in position in 
the machine with a small removable resistance fur- 
nace. In all cases, at least 5 min was allowed for 
specimens to reach thermal equilibrium. 

The scatter in the values of the energy absorbed 
by the composites during impact and fracture will 
be discussed below. 


2. EXPERIMENTAL RESULTS 


2.1 Stress-Strain Behavior of AgCl: Alumina Com- 
posites at Room Temperature. It was found that the 
flow stress of the extruded AR silver chloride pow- 
der was far greater than that of material obtained by 
recrystallizing cold-rolled silver chloride ingots. 
For this latter material, which is clear and trans- 
parent, the limit of proportionality is of the order of 
400 psi and is independent of grain size at room tem- 
perature.® In contrast, the present extruded material 
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Fig. 2—True-stress-true-strain curves of composites con- 
taining spherical alumina particles. 


was Opaque and had proportional limit of 2300 psi in 
the as-extruded condition. Moreover this powder 
material was thermally stable to the extent that 30 


min at 180°C had a negligible effect on the flow stress. 


Even after severe cold work and complete recrys- 
tallization at 200°C the proportional limit was no 
lower than 900 psi. It should, therefore, be stressed 
that the effects of alumina particles on fracture be- 
havior described in this paper were manifested ina 
matrix already strain hardened during extrusion and 
dispersion strengthened possibly by free silver and 
Silver oxide. 

In Fig. 2 and 3 the respective true-stress and true- 
strain curves of silver chloride containing spherical 
and irregular alumina are compared. As one might 
expect, the proportional limit and initial rate of 
strain hardening both increased as the vol pet of 
alumina increased. After greater degrees of plastic 
strain, the rate of strain hardening was insensitive 
to the amount of alumina present. It may be noted 
that specimens containing spherical alumina har- 
dened to a greater extent than those containing ir- 
regular particles. This difference is not fully un- 
derstood at present, but it is thought to be associ- 
ated with the greater proportion of fine particles in 
the spherical powder or possibly due to a difference 
in the chemical activity between the two forms of 
alumina. A higher surface chemical activity would 
cause additional decomposition of the silver chloride 
to form finely divided silver. 

Of particular interest was the effect of alumina 
additions on the reduction in area at complete fail- 
ure. From the values tabulated in Fig. 2 and 3 one 
can appreciate that an increase in the quantity of 
alumina present decreased the reduction in area from 
the value of 75 pct for silver chloride alone to 8 pet 
for composites containing 15 pct by vol of alumina. 
Alumina particle shape evidently had very little 
effect on these values. In every case the fracture 
surfaces had a conventional cup-cone shape and the 
fracture mode was entirely fibrous in character. It 
is significant that clean transparent silver-chloride 
monocrystals and polycrystals (which are free from 
inclusions and large pores) neck down to a point or 
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Fig. 3—True-stress-true-strain curves of composites con- 
taining irregular alumina particles, 


knife edge when deformed at the same strain rate at 
any temperature where wavy glide is the operative 
Slip mode.® In silver chloride under these test con- 
ditions, therefore, it is possible to demonstrate 
clearly that inclusions can produce the cup-cone type 
of fracture. This fact is consistent with the current 
thesis that inclusions nucleate cavities during neck- 
ing. 

2.2 Energy Absorbed Versus Temperature Curves. 
It is important to recognize at the outset that a tran- 
sition from brittle to ductile behavior with an increase 
in temperature is shown by silver chloride when 
prepared in a variety of ways in addition to the pow - 
der product considered here. Optically pure mono- 
crystals cleave with little macroscopic deformation 
in the notch impact test at temperatures below 
-10°C and become sufficiently ductile to avoid frac- 
ture above about 70°C. Likewise, coarse grained 
polycrystals (grain size 0.3 to 0.5 mm) prepared 
by the direct extrusion of high purity monocrystals 
and finer grained material (grain size of the order 
of 0.1 mm) prepared by the extrusion of pure cast 
ingots and finally fine grained (0.03 mm) material 
prepared by powder methods all manifest the tran- 
sition in the same range of temperature under notch 
impact conditions, as can be seen in Fig. 4. The 
transition temperature was found to be relatively 
unaffected by the presence of grain boundaries with- 
in the above range of grain size and source of mate- 
rial. The transition range of -10° to 70°C appears 
to be fundamental to silver chloride for the partic- 
ular loading and notching conditions adopted in the 
present work. 

The transition curves associated with each com- 
posite are plotted in Fig. 5 and 6. The curves ob- 
tained with the composites of different spherical 
alumina contents are grouped together in Fig. 5, 
while those obtained with irregular alumina are 
shown in Fig. 6. In each case the transition curve 
for polycrystalline silver chloride alone is hatched 
in for comparison. 

It can be seen from the above figures that the 
form and position of the transition curve depended 
not only on the quantity of alumina present but also 
upon the alumina particle shape. In the case of com- 
posites containing spherical alumina, the transitions 
occurred over a fairly wide range of temperature 
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Fig. 4—Ductile-brittle transition curves of silver chloride 
polycrystals prepared by extrusion of monocrystals, cast 
polycrystals, and AR powder. 


within which the energy absorbed changed gradually 
with a uniform scatter. The slope of these curves 
decreased with an increase in the alumina content. 
In contrast, the ductile to brittle transitions of com- 
posites containing irregular alumina were, in gene- 
ral, manifested over a narrower range of tempera- 
ture. Within the transition range the distribution of 
energy -absorbed values for composites containing 
irregular particles appeared to be bimodal in char- 
acter; the readings were either low or high with few 
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Fig. 6—Ductile-brittle transition curves of silver chloride- 
alumina composites containing irregular alumina particles, 
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intermediate values. This was particularly true for 
the material containing 2.5 pct by vol of irregular 
alumina. Bimodal behavior was manifested also in 
the 5 pct composites in the temperature range 50 to 

At temperatures above the transition range char- 
acteristic of polycrystalline silver chloride alone, 
the addition of alumina, irrespective of particle 
shape, decreased the energy absorbed during frac- 
ture. Below the characteristic transition range, 
however, certain composites absorbed more energy 
than the silver chloride alone. This was particular- 
ly true of the composite containing 2.5 pct by vol of 
spherical alumina. At room temperature, for ex- 
ample, the impact strength of the 2.5 pct spherical 
alumina composite was an order of magnitude great- 
er than the silver chloride alone. The behavior of 
the 2.5 pct spherical alumina composite was even 
more notable in terms of the nil-ductility tempera- 
ture, defined here as that temperature at which an 
increase in energy could just be detected. The val- 
ues for single phase silver chloride and the 2.5 pct 
irregular alumina composites were approximately 
30° and 40°C respectively but the value for the 2.5 
pct spherical alumina composites was in the neigh- 
borhood of liquid nitrogen, a reduction of over 200°C. 


3. MACROSCOPIC FRACTURE APPEARANCE OF 
IMPACTED SPECIMENS 


The fracture appearance of impacted composites 
containing alumina differed in many respects from 
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Fig. 7(a)—Types of macroscopic fracture appearance ob- 
served in composites containing 5 and 15 pct alumina. 


that of extruded silver chloride alone. The tempera- 
ture of impact, the quantity, and shape of alumina 
particles present were all found to affect the frac- 
ture appearance Significantly. It is convenient to 
describe first the macroscopic fracture appearance 
of extruded silver chloride powder and of composites 
containing 5 and 15 pct alumina. Specimens con- 
taining 2.5 pct alumina will be considered separately. 
Microscopic features will be described later in Sec- 
tion 4, 

3.1 Fracture Appearance of Polycrystalline Silver 
Chloride. For extruded silver chloride alone, the 
fracture surfaces of specimens impacted at tempera- 
tures below the transition range had a bright specu- 
lar appearance characteristic of cleavage over all 
the fracture surface. Similarly those specimens 
tested within the transition range which absorbed lit- 
tle energy also fractured by cleavage. In many cases 
it was possible to tell visually from the convergence 
of cleavage markings that the primary fracture origin 
was located below the line of the notch. Specimens 
which absorbed 6 in.-lb. or more within and above 
the transition range did not fracture but merely bent 
around the pendulum striker and were Swept between 
the supports. 

3.2 Fracture Appearance of Composites Containing 
and 15 pet Alumina. Figs. 7(a) and 7(b) describe 


graphically the effect of test temperature on the 
macroscopic appearance of the fracture surfaces of 
composites containing 5 and 15 pct alumina. In gene- 
ral terms, it was found that cleavage was the prin- 
cipal mode at low temperatures (the corresponding 
fracture appearance is designated type A). At high- 
er temperatures a dull fibrous mode appeared which 
was first manifested at the specimen rim (type B 
fracture appearance). With a further increase in 
temperature, the fibrous zone also appeared below 
the notch thereby enclosing an area at the center 
within which the principal mode was cleavage; this 
arrangement of the two modes characterize the type 
C fracture appearance as illustrated in Fig.7(a). This 
type is analogous to the “picture-frame” effect ob- 
served in steels. At still higher temperatures, the 
fracture surfaces were dull and fibrous throughout 
(type D). 

It was of interest to note in Fig. 7(b) that in the 5 
pct alumina composites, those specimens containing 
Spherical particles manifested the fracture appear - 
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Fig. 7(6)—Ranges of temperature over which the fracture 
appearance types A through D were manifested in compos- 
ites containing 5 and 15 pct alumina. 


ance transition A through D at lower temperatures 
than those containing irregular particles. On the 
other hand, particle shape had less influence in these 
respects in composites containing 15 pet alumina. 

The transition from type B to C in material con- 
taining 5 pct irregular alumina was directly corre- 
lated with the bimodal scatter of impact strength 
shown for this material in Fig. 6. If in the transition 
temperature range 50° to 125°C, the fractured speci- 
mens had a clearly recognizable fibrous rim along 
the base of the notch, then the impact strength had a 
value in excess of 3.0 in.-lb. If the fibrous region 
below the notch was absent, then the impact strength 
was less than 2 in.-lb. In this so-called bimodal 
range, therefore, the impact strength was not related 
in any simple way to the proportion of fibrous area 
in the fracture surface but rather to its disposition. 
However, in general, within a given type By Cy ar 
the impact strength appeared to be roughly propor- 
tional to the amount of fibrous fracture. These ob- 
servations are very similar to those of Crussard 
et al.’°ina study of brittle fracture and impact tests 
in steel. 

Whenever the fracture appearance was of type A 
(this applies also to silver chloride alone and as we 
Shall see below, to composites containing 2.5 pct ir- 
regular alumina) the impact strength was always in 
the range 0.5 to 1.0 in.-Ib independent of the temper - 
ature, quantity, and shape of the alumina particles 
present. In contrast, for fracture appearance types 
B, C, or D the impact strength was affected to a sig- 
nificant degree by the quantity of alumina present 
and to a lesser extent by the temperature. 

3.3 Fracture Appearance of Composites Contain- 
ing 2.5 pct Alumina. The effect of temperature on 
the fracture appearance of Specimens containing 
2.5 pct by vol of alumina was quite different from 
that described above. The fracture surface of the 
Specimens containing spherical particles was very 
rough and fibrous at temperatures above 0°C and 
could be considered to be of type ‘D’. As the test 
temperature was decreased, the fibrous fracture 
surfaces became smoother until at liquid nitrogen 
temperature they had a smooth satin appearance. 
Even at this low temperature they did not have the 
specular appearance characteristic of polycrystalline 
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Fig. 8—Primary intergranular origin of cleavage fracture in 
AR silver chloride. X500. 


cleavage. In this material a picture-frame effect 
was never observed. Of particular importance was 
the fact that the locus of the fracture surfaces lay at 
an angle of 45 deg to the direction of the maximum ten- 
sion stress at the base of the notch regardless of the 
test temperature. 

The fracture surfaces of composites containing 
2.5 pct of irregular alumina impacted at tempera- 
tures below thé transition range consisted primarily 
of cleavage facets (type A). Such surfaces were al- 
most identical with the corresponding fracture sur- 
face of silver chloride alone. Above the transition 
temperature, however, the fracture behavior was 
quite different from that of silver chloride. Whereas 
silver chloride specimens merely bent around the 
pendulum striker just above the transition, compos- 
ites containing 2.5 pct irregular alumina fractured 
by the growth of a fibrous crack extending from the 
notch root to about one-third of the way across the 
specimen. The rest of the fracture surface consisted 
of cleavage whose primary origin lay beyond the line 
of demarkation between the fibrous and cleavage 
areas (i.e.—a modification of type C). At tempera- 
tures well above the transition the fracture surface 
was 100 pct fibrous (type D). 


4, MICROSCOPIC APPEARANCE OF FRACTURE 
SURFACES 


4.1 Examination of Cleavage Areas. In silver chlo- 
ride alone, the primary source of cleavage always 
lay beyond the base line of the notch. The distance of 
the origin from the notch was of the order of 0.1 mm 
but varied from specimen to specimen and bore no 
obvious relationship to the temperature of impact. 
More important, however, was the fact that when- 
ever the actual source could be examined, it was 
found to be intergranular. Fig. 8 shows a typical 
fracture origin in this material where the dark re- 
gion indicated by the arrow is a grain boundary sur- 
face. Such cracks, once nucleated, propagated across 
the specimen following a fracture path which was 
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Fig. 9—Primary origin of cleavage at the surface of a par- 
ticle at the base of the notch in a specimen containing 2.5 


pet irregular particles. X400. 


predominantly transgranular cleavage, occasionally 
switching along isolated grain boundaries. 

It will be recalled that the macroscopic fracture 
appearance of composite specimens containing 2.5 
pet irregular alumina, which absorbed 1 in.-lb or 
less, was in many respects similar to that of silver 
chloride alone. Closer microscopic examination 
showed, however, that the primary origin of cleavage 
was not always internal; sometimes it lay very close 
to the base line of the notch at an alumina particle. 
Fig. 9 shows an example of this. By comparing mat- 
ing surfaces of such a specimen in the region of the 
origin, it was possible to deduce that the alumina par- 
ticles that one could detect in the fracture surface 
had not themselves fractured. Instead, the fracture 
path had been interfacial between the silver chloride 
and the particle. Thus, intergranular cracks consid- 
ered to be the primary origin of cleavage in silver 
chloride alone, could in certain composite specimens 
be replaced by an interfacial crack. 

In composites containing 5 and 15 pct alumina, test- 
ed at temperatures at which the fracture appearance 
was of type C (picture-frame arrangement), the 
change from fibrous to cleavage fracture beyond the 
notch was not sharply defined. Just below the notch, 
the locus of the (unresolvable) fibrous surface was 
not perpendicular to the maximum tension stress but 
made an angle between 45 to 60 degtoit. Inthis region 
it was possible to detect individual cleavage facets 
whose markings indicated that the crack had propa- 
gated in a direction from the notch towards the inte- 
rior. Further away from the notch, the locus of the 
fracture surface gradually changed direction to be- 
come more perpendicular to the maximum tensile 
stress and at the same time, the number of cleavage 
facets increased. Of particular importance was the 
fact that the central (macroscopic) cleavage zone | see 
Fig. 7(a)] had its own primary origin separated from 
the fibrous zone. Between this origin and the nearest 
“boundary” of the fibrous zone the cleavage facets had 
markings which indicated that, locally, cleavage cracks 
had propagated back towards the notch. It was possible, 
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Fig. 10—Electron fractograph of specimen containing 2.5 pct 
spherical particles impacted at 10°C. Note irregular tear 
lines. X2000. 


therefore, to deduce that the fracture appearance 
characterized as type ‘C’ arose by the spread of a 
fibrous crack from the notch whose growth was sud- 
denly terminated by the nucleation and growth of 
catastrophic cleavage from a location ahead of the 
fibrous crack tip. Careful examination of many spe- 
cimens showed that whenever a macroscopic patch 
of cleavage was formed it nearly always had its own 
primary origin within its own boundary. 

4.2 Examination of Fibrous Regions. It has alrea- 
dy been pointed out that there was an interesting cor- 
relation between impact strength and the extent of 
fibrous fracture. Of importance was the effect of 
spherical particles in promoting fibrous cracking at 
temperatures at which silver chloride itself cleaved. 
To appreciate this effect more fully, it was necessary 
to examine the fibrous areas in detail in order to de- 
termine the nature of this mode of fracture and to 
compare it with cleavage. The poor depth of focus of 
the conventional metallograph confined this instru- 
ment to the examination of cleavage areas as des- 
cribed in Section 4.1. To study the fibrous areas it 
proved most effective to replicate the fracture sur- 
face and exploit the great depth of focus of the elec- 
tron microscope. Details of the replica preparation 
are given in the Appendix. 

As already indicated, fibrous areas could be dis- 
tinguished macroscopically by their dull and uneven 
surfaces. Such areas covered the whole of the sur- 
face in type D fractures and the outer rim of type C 
fracture surfaces. However, closer examination of 
type C fractures by electron microscopy revealed 
small localized fibrous areas to exist adjacent to 
individual cleavage facets within the central (macro- 
scopic) cleavage zone. Both these localized areas 
and the large scale fibrous areas had several frac- 
tographic features in common no matter in which 
composite they occurred and regardless of their lo- 
cation in the fracture surface. 

Firstly, many more alumina particles were located 
in the surface of fibrous regions than in the surface 
of cleavage areas within a given composite. It may 
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be concluded that in the fibrous mode the crack front 
advanced primarily from particle to particle whereas 
in the (macroscopic) cleavage mode individual cracks 
propagated locally over distances greater than the 
average interparticle distance. 

Secondly, fibrous fracture regions were character - 
ized by tear lines which were wavy in form, often 
discontinuous and associated with extensive local 
plastic distortion (Fig. 10). Indeed, the tear lines ob- 
served in the fibrous areas of composites were sim- 
ilar in many respects to those observed in the sur- 
face of low velocity cleavage cracks formed in sin- 
gle phase monocrystals of silver chloride impacted 
at temperatures within the ductile-brittle range.®)!3 
Fig. 11 shows an example of a boundary between low 
and high velocity cleavage crack surfaces ina silver 
chloride monocrystal. The complexity of the tear 
lines in the low velocity crack region is clearly 
evident and should be compared with the fibrous re- 
gions of Fig. 10. 

The nature of fibrous regions could best be dis- 
tinguished in those areas which were in juxtaposition 
to cleavage facets within the central cleavage zone 
in type C fractures. Such fibrous areas were gene- 
rally less uneven and it was often possible to infer 
the local direction of crack propagation from the dis- 
position of the tear lines not Only within the fibrous 
zones themselves but also in the neighboring clea- 
vage facets. Fig. 12 is an electron fractographof an 
area containing fibrous and cleavage regions in the 
fracture surface of a composite containing 15 pct by 
vol of spherical particles impacted at room tempera- 
ture. The crack propagation direction was from top 
to bottom in the figure. The position originally oc- 
cupied by spherical particles in the fracture surface 
can be distinguished by the mottled surface cavities 
(from some of which the particles had been removed 
during replication, see Appendix), two are indicated 
by arrows in the figure. Of particular significance 
was the appearance of tear lines in the cleavage fa- 
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Fig. 12—Electron fractograph of specimen containing 15 pct 
spherical particles showing intimate mixture of cleavage 

| and fibrous cracking. Note tear lines which terminate at 

| cavity X. Specimen impacted at room temperature. Crack 
propagation from top to bottom in figure. X2000 


_ cet at the bottom left of the figure in the neighbor - 

| hood of X. It will be noticed that a group of three 

_ tear lines converge upon, and terminate at, the sur- 

| face cavity designated X. Moreover, the right-hand 
tear line of the group thickened and became more ir- 
regular as the cavity was approached, z.e. the tear 
line assumed the character of those observed in low 
velocity cleavage surface shown in Fig. 11. This im- 
portant observation suggests that the degree of plas- 
tic deformation accompanying propagation increased 
as the crack front approached the alumina particle. 
It will be recalled, Section 3.2, that macroscopic ex- 
amination of the fracture surface of composites con- 
taining 2.5 pct spherical particles indicated an essen- 
tially fibrous mode (with satin appearance) to predo- 


minate even at temperatures as low as liquid nitrogen. 


Electron micrographic examination of fracture sur- 
faces of these composites revealed that they too were 
made up of fibrous areas (having the characteristic 
wavy tear lines and surface markings) in addition to 
isolated cleavage facets and a limited number of in- 
tergranular surfaces. As the impact temperature of 
these specimens was decreased, the fibrous tear 
lines became less distorted and more continuous and 
the number of cleavage facets increased. At lower 
test temperatures, the microscopic distinction be- 
tween fibrous areas and cleavage facets became less 
distinct and finely intermixed. This is probably the 
reason why the macroscopic fracture surfaces did 
not have the specular appearance characteristic of 
large-scale cleavage which seems to require that 
many individual cleavage facets should successively 
form one after the other in a catastrophic manner. 


0. DISCUSSION 


Of particular interest in the present work was the 
observation that certain additions of alumina to sil- 
ver chloride could not only increase resistance to 
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Fig. 13—Fracture path from notch root in a) composite 
specimen impacted at temperatures at which type C frac- 
tures were manifest and b) silver chloride alone impacted 
at a temperature below the ductile-brittle transition. 


plastic flow by dispersion strengthening effects but 
also the ductility and toughness under notch impact 
by virtue of a modification of fracture behavior. It 
is our thesis, to be presented here, that the change 
in fracture behavior is due to the nucleation of cavi- 
ties in the region of alumina particles which in turn 
influence the state of stress and distribution of plas- 
tic constraint below the root of the notch. 

The salient microscopic observations were as fol- 
lows: a) At temperatures below the ductile-brittle 
transition of pure silver chloride it was possible in 
certain composites for cracks to spread from the 
notch root in a fibrous mode before propagating ca- 
tastrophically by cleavage. b) Fibrous cracking be- 
low the notch was always distinguished by the fact 
that the locus of the fracture surface was not perpen- 
dicular to the maximum tension stress, see Fig. 13(a). 
In the present extruded powder form of silver chlo- 
ride, fibrous cracking never preceded cleavage from 
the notch root; instead cleavage, which nucleated be- 
low the notch root at an intergranular crack, propa- 
gated over a surface perpendicular to the maximum 
tension stress as in Fig. 13(d). 

Green and Hundy'! have analyzed the distribution of 
plastic strain below the root of a notch at the onset 


Fig. 14—Slip-line field for pure bending of a specimen hay- 
ing a notch of finite radius (after Green and Hundy).!! 
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Fig. 15—Strain energy of edge dislocations piled up at an 
alumina sphere (a) may be relaxed by matrix pulling away 
from particle (b) . 


of yielding. Fig. 14 illustrates their conclusions in 
terms of the slip line field below a notch of finite cur - 
vature for a small deflection. The “slip lines” OP 
and OP’ define the surfaces over which the shear- 
stress and shear-strain rate are a maximum. This 
distribution of plastic strain has been verified experi- 
mentally by these workers and by Crussard et al.}° 
The notched beam bends at first by the rotation of 
the rigid parts on both sides of the notch over the 
central rigid pivot POP’, However, the material in 
the plastically deformed zones OP and OP’ is con- 
strained by the rigid parts on either side so that a 
hydrostatic stress is generated below the notch. 
Green and Hundy showed that both the tensile stres- 
ses and the hydrostatic component have maximum 
values at O, the boundary between the plastic zone 
and the central rigid pivot. Unless this hydrostatic 
stress is relaxed a semi-brittle material will tend 
to fracture catastrophically from a source located 
near O, as was the case for pure silver chloride i]- 
lustrated in Fig. 8 and 13(b). The belief that the hy - 
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drostatic stress is relaxed in the composite material 
by the formation of cavities at alumina particles is 
based upon the following considerations. 

There was evidence that the alumina particles were 
not tightly bonded to the silver -chloride matrix. Many 
of those particles which lay in the fibrous surface 
were very easily pulled loose in the course of strip- 
ping collodion replicas. In addition, electron micro- 
scopic examination showed clearly that many cavities 
in the fibrous fracture surfaces, from which particles 
had been pulled loose, were distorted from a circular 
shape. These observations suggest that internal cavi- 
ties could have formed in the vicinity of alumina par - 
ticles prior to fracture. This may be the result of 
the particles acting as barriers to slip in the manner 
considered by Orowan.” In the present system it is 
possible that the concentrated tensile stresses asso- 
ciated with dislocation pile-up at a particle generates 
a crack which prefers to spread along the interface 
between the particle and the matrix, so that the latter 
essentially pulls away from the particle as indicated 
in Fig. 15. 

Cavities formed in this way are most likely to be 
located in regions of high shear strain and therefore 
are expected to develop first at the surface of the 
notch root and then along the lines OP or OP’ towards 
the interior, Fig. 14. The high hydrostatic stress 
which would normally exist ata point such as Ois 
dissipated or diffused by the elimination of the local 
hydrostatic component at the many Cavity surfaces. 
For this reason the crack front finds it more expe - 
dient to follow a locus parallel to OP linking the cavi- 
ties rather than a locus normal to the tension stress. 

We will now consider the mode by which the crack 
propagates from particle to particle. The most com- 
mon mode was a form of transcrystalline cleavage 
in which the tear lines were wavy and discontinuous 
Figs. 10 and 12. This mode has been observed in 
single crystals, Fig. 11! and is associated with 
low -average velocity cleavage in which the crack 
propagation is accompanied by considerable plastic 
deformation. Normally, cleavage is accompanied by 
very little plastic flow, but under certain favorable 
conditions of temperature and stress state this may 
not be so. A change in stress state occurs when a 
crack approaches a free surface such as a cavity, 
since the stress normal to the surface must then 
drop to zero. There is an increase in the ratio of 
the maximum shear stress to maximum tension 
stress and thereby in the probability of plastic de- 
formation occurring. The change in the character of 
the tear lines as the cleavage crack approached the 
free surface of the particle at ‘X’ in Fig. 12 is con- 
sistent with this process. It is important to note that 
there isa corresponding increase in the energy ab- 
sorbed by low velocity cleavage because of the plas- 
tic work involved, this is reflected in the transition 
curves of Figs. 5 and 6, 

In addition to the low velocity cleavage mode con- 
sidered above, it was observed that material connect- 
ing the cavities also fractured by a) fast cleavage 
and b) intergranular cracking and that when the tem- 
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perature was high enough the material simply sheared 
off if the particle spacing happened to be small. 

It is now possible to consider the importance of 
particle shape, size, and vol pct on fracture behavior. 
The radius of curvature of any notch whether internal 
or external dictates the thickness of the plastic zone 
emanating from it at the onset of local plastic flow. 
The constraint and stress concentration associated 
with a sharp edged particle is more likely to nucleate 
local catastrophic cleavage than the interfacial crack 
necessary for internal cavities. This is probably why 
higher temperatures are required to obtain fibrous 
cracking under impact in compacts containing irre- 
gular alumina particles. 

The total volume of included particles was impor- 
tant because this factor influenced the general stiff- 
ness of the composite as shown in Figs. 2 and 3. The 
increase in flow stress and work-hardening rate which 
which accompanied an increase in the vol pct alum- 
ina presumably restricted the plastic growth of cav- 
ities and encouraged cleavage instead. 'n addition, 
the energy absorbed in fibrous fracture depends upon 
the volume of material undergoing deformation and 
the local degree of plastic strain. Both of these pa- 
rameters decrease with an increase in alumina. 

Although it is proposed that cavity formation is an 
essential feature of fibrous cracking in silver chlo- 
ride-alumina composites, it must be emphasized that 
other factors are certainly involved. For example, 
particles can increase the energy absorbed during 
fracture by serving simply as crack arrestors for 
both transgranular and intergranular fracture. Also, 
the fiber texture of composites containing spherical 
particles may have contributed to the change in frac- 
ture path and corresponding lowering of the ductile- 
brittle transition temperature in these composites. 
This texture was particularly pronounced for the 
composite containing 2.5 pct of spherical alumina and 
may well account for the rather different behavior 
of this material. 

On the basis of the above discussion it may be con- 
cluded that there are probably certain optimum con- 
ditions which must be met in order that a dispersion 
of hard particles will promote fibrous cracking at 
temperatures below the characteristic ductile-brittle 
transition range of the single phase matrix. For each 
matrix (and even for particular loading conditions) 
there is undoubtedly an appropriate particle size and 
distribution necessary to dissipate the hydrostatic 
stresses below a notch sufficiently to delay cata- 
strophic cleavage. In the present system where the 
average particle size is of the order of 7p, the op- 
timum vol pact of irregular alumina is about 5 pct 
while for spherical particles it is about 2.5 pct. The 
combination of alumina and silver chloride must also 
be appropriate in that the cohesion or bond between 
a particle and the matrix breaks down at a local 
stress less than that required to nucleate cata- 
strophic cleavage in the matrix. 
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APPENDIX 


Preparation of Fracture Surface Replicas by K. H. 
Olsen 


The stripping of high resolution replicas from a 
rough fracture surface without tearing or distortion 
is made difficult by the interlocking or re-entrant 
features of the surface. If, as an alternative proce- 
dure, the replica is separated by dissolution of the 
silver chloride specimen in sodium-thiosulfate so- 
lution, then its usefulness is again limited by the ad- 
herence of many fine alumina particles originally 
present in the specimen. 

To overcome the above difficulties, the following 
steps may be taken to prepare relatively undamaged 
replicas without destruction of the specimen. The 
technique is essentially a development of one des- 
cribed by Bradley.'* 


1) The fracture surface is first coated with a 1 pct 
solution of collodian (trade name Parlodian) in 7”- 
amyl acetate and dried for 1 hr at room tempera- 
ture. This layer faithfully replicates the surface 
with good resolution. 


2) This first layer is then backed with a stronger 
layer of collodian from an ”-amy]l acetate solution 
containing 20 pct collodian. The specimen is al- 


lowed to dry for 3 hr at room temperature. 


3) The dried collodian is scored around the edges of 
the specimen with a razor blade and removed 
with tongs. The first replica made in this way 
contains much of the fracture surface debris and 
many alumina particles which were loosely bound 
to the silver chloride. It is discarded and a second 
replica made by the same process. In some cases, 
it may be necessary to repeat this step a third 
time before obtaining a clean replica. 


4) The thick collodian replica is shadowed with a 710A 
film of chromium fron an angle of 10 to 20 deg and 
backed with a 200A carbon film from an angle of 
70 deg. The replica is rotated continuously while 
the carbon is evaporated to facilitate deposition in 
undercut areas. 


5) The shadowed replica, with its carbon side up, is 
then placed on filter paper and coated with a chlo- 
roform solution containing 1 pct Formvar;the ex- 
cess being allowed to drain off into the filter paper. 
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Such a Formvar layer minimizes rupture of the 
carbon film during dissolution of the collodian in 
the final step. 

6) Finally, the replica is placed with its collodian 
Side down on an electron microscope specimen 
grid supported by a fine mesh screen. The latter 
is placed in the surface of an acetone bath so 
that the replica is wetted by, but not submerged 
in, the acetone. Usually a dissolution time of 
1 1/2 hr is sufficient to remove all the collodian 
leaving a chromium shadowed carbon replica 
Suitable for examination. 


Acceleration of Deformation 
Phase Change 
A. G. Guy and J. E. Pavlick 


The total creep of tin alloys containing antimony 
in solid solution was observed to decrease with in- 
crease in antimony content. However, near the sol- 
ubility limit an anomalous maximum in deformation 
was found, in agreement with similiar observations 
by Bochvar, 


Ir has long been recognized that alloys may deform 
more rapidly under stress if there is a tendency for 
a phase change or other structural change to occur 
Simultaneously. However, the phenomena involved 
are complex and in some instances the opposite ef- 
fect, strengthening, may result.! This area of re- 
search has not attracted much interest in the wes- 
tern world, and although Russian investigators have 
studied it for the past 15 years their work has not 
received due attention here. 

Recently diametrically opposing views on one as- 
pect of this problem have been espoused by two Rus- 
sian investigators, Kornilov and Bochvar. The ques- 
tion is this: in certain binary alloys tested in creep 
at the temperature where the solute is at the limit 
of solid solubility, does the incipient formation of the 
second phase strengthen or weaken the alloy? Korni- 
lov’s arguments in favor of strengthening were pre- 
sented at the 1954 Symposium at the National Physical 
Laboratory, “Creep and Fracture of Metals at High 
Temperatures.”* The most recent statement of Boch- 
var’s theory of weakening is in Oding’s new book on 
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by Concurrent 


creep and rupture.* Although Bochvar agrees that 
strengthening occurs in some alloy systems, he ar- 
gues that in certain alloys an anomalous weakening 
is observed. However, the extensive work of Korni- 
lov’s group on creep properties of alloy systems has 
not revealed any anomaly of this type, but instead 
has tended to refute Bochvar’s theory. This clear- 
cut controversy offered a good Opportunity for a sim- 
ple experiment to resolve the problem. The experi- 
ment and its results supporting Bochvar are the sub- 
ject of this paper. However, it will be helpful first 
to sketch the present status of the larger question of 
the effect of a phase change or other structural 
change on plastic deformation. 


PREVIOUS WORK 


One of the first researches in this area was by 
Pfeil,*’ who investigated the creep resistance of an 
80 Ni-20 Cr alloy containing varying amounts of ti- 
tanium. He found that the resistance to creep in- 
creased rapidly as the solid solubility limit in the al- 
loy at 775°C was approached and slightly exceeded. 
With further addition of titanium the creep resistance 
decreased, presumably because of precipitation ef- 
fects. 

Bochvar’s first work in this field was a study in 
1945 of “superplasticity” in zinc alloys containing 
15 to 25 pct Al.* He found that alloys quenched from 
about 400°C had anomalously low hardness when 
tested below this temperature. The following year, 
in a paper on the dependence of mechanical proper - 
ties on the composition and structure of alloys,° he 
extended some observations of Kurnakov to predict 
that at high temperatures of testing the hardness val- 
ues for solid-solution alloys might be lower than 
those for the component metals. He also pointed out 
the influence of changes in solidus temperature in af- 
fecting curves of hardness vs composition, and he 
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suggested the use of homologous temperatures re- 
ferred to the solidus. 

In 1946 Kayushnikov®’ observed the increased 
plasticity of steels when they are in the temperature 
range in which a phase transformation is occurring, 
and he made use of this fact to avoid distortion of 
steel during hardening. For example, he applied this 
method to the heat treatment of the crankshafts of 
large aircraft engines. 

The following year Bochvar reported a study of 
hot-hardness tests near the limit of solid solubility .® 
In the Al-Mg system this limit is at about 6 pct Mg, 
at 300°C, and it was found that a 5 pct Mg alloy was 
softer than either a 3 pct or a 7 pct alloy when the 
alloys were tested at 300°C after 100 hr homogeniza- 
tion at this temperature. In his 1948 paper discussing 
various mechanisms of plasticity of alloys,? Bochvar 
presented his “solution and precipitation” theory of 
enhanced plasticity in two-phase alloys. Movement 
of grains of the two (or more) phases relative to one 
another is facilitated by the mutual solution and preci- 
pitation of the phases. This process is enhanced by 
sharp changes in solubility with temperature, high- 
diffusion rates, and fine dispersion of the phases. 

At about this time Karskii and Sobolev?® presented 
experimental evidence on the increased rate of plas- 
tic deformation in a Cr-Ni-Mo steel undergoing de- 
composition of austenite to pearlite or even to mar- 
tensite. 

It is significant that in the western world during 
the period 1950 to 1957 there were several studies 
of strength in solid-solution alloys,'*"!° but none of 
them reported the anomalies found by the Russians. 
Only in Underwood’s paper?® was there mention of 
the Russian work, that of Kornilov, and to the extent 
that Underwood touched on the present question his 
results might be considered to support Kornilov’s 
position. Meanwhile extensive work was being done 
by Kornilov’s group, developing a point of view op- 
posite to that of Bochvar. For exampie, although 
Kornilov and Pryakhina’’ essentially duplicated Boch- 
var’s work on the creep strength of Al-Mg solid so- 
lutions, they attributed the lower strength at the lim- 
it of solid solubility to the decrease in solidus tem- 
perature with increase in magnesium content. Ref. 

2 is a publication in English briefly describing the 
extensive work of Kornilov’s group. A more com- 
plete summary has recently appeared in Russian.’® 
Kornilov presented much experimental data to sup- 
port the view that a maximum in creep resistance 
occurs at the composition corresponding to the limit 
of solid solubility. Also, his data for the range of 
solid-solution alloys across the Cu-Ni system failed 
to show the reversal in strength at high temperatures 
predicted by Bochvar. 

Bochvar’s more recent contribution’® was a discus- 
sion based on the conference reported in Ref. 1. He 
concluded that a suitably stable two-phase structure 
should produce better creep strength than a single- 
phase alloy. However, he emphasized that the inter - 
actions at the surfaces of the two phases are of prime 
importance and that it is pointless to try to assess 
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the relative contributions to strengthening made by 
each phase. Low creep strength would be expected by 
virtue of the solution and precipitation mechanism if 
there were a sharp change of solubility with temper - 
ature. 

Within the past two years a number of interesting 
papers have appeared on various aspects of the larger 
problem. Gol’denberg”° found that the initial stage of 
relaxation of stresses occurs very rapidly in quenched 
steels if tempering reactions are occurring simulta- 
neously. Vorob’ev”' studied the effect of the transfor - 
mation of austenite to martensite at subzero temper- 
atures and found that deformation in bending under 
constant load was roughly proportional to the percent 
transformation. Blanter and Mashkov” also investi- 
gated abnormal properties in steels undergoing trans- 
formation and found both an anomaly in electrical re- 
sistance and unusually low hardness values. 

Sherby and Lytton® and Sherby*® found a disconti- 
nuity in the creep rate of iron at the a-y transforma- 
tion. They attributed this phenomenon to the differ- 
ence in the self-diffusion constants of iron in the two 
different crystal structures. Recently, Weertman” 
has shown that the creep rates of several indium al- 
loys increase by an order of magnitude at composi- 
tions where the crystal structure changes from tetra- 
gonal to fcc upon alloy additions. 

Presnyakov and coworkers?*>*4 obtained additional 
data on superplasticity in alloys near a eutectic ora 
eutectoid composition. Their conclusions agreed with 
those of Bochvar. In a study of the hot hardness of 
magnesium alloys, Goffard and Wheeler” found that 
the alloys were softer than pure magnesium at high- 
er temperatures and longer times of hardness test- 
ing. However, neither this nor the following paper 
gave any Russian references, and there was no dis- 
cussion of the implication of the results for the pres- 
ent topic. Richardson and Grant”® studied the effects 
of solid-solution alloying on the creep-rupture 
strength of titanium. Their results appear not to 
make any substantial contribution to the present ques- 
tion. 

When Pelloux and Grant studied the strengthening 
of nickel alloys (including the Ni-Cr system) by solid 
solution formation and the presence of a second 
phase,?” they were aware of Kornilov’s work? and ob- 
tained roughly similar results. However, an earlier 
research by Osipov and Miroshkina”’ using the hot- 
hardness method to study nickel alloys containing 
chromium in solid solution, gave results more near- 
ly in agreement with Bochvar’s ideas. 

Presnyakov and Starikova have just published an 
especially interesting study of the well-known ano- 
maly in plasticity in @ and 8 brasses.”° When values 
of pct elongation in high-temperature tension tests 
were plotted against the temperature of testing, a 
maximum in ductility was observed as the two-phase 
region was entered. This enhanced ductility was not 
due to the characteristics of the 6 phase itself, since 
a B-brass alloy had lower elongation values than did 
the two-phase alloy. If an alloy was held at tempera- 
ture before testing, so that the equilibrium structure 
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Fig. 1—The solid solubility of antimony in tin. Eyre.?° 


was approached, the maximum in ductility was less 
pronounced, 


EXPERIMENTAL RESULTS 


It was decided that the most profitable attack on 
the general problem of acceleration of deformation 
by concurrent phase change could be made employing 
a binary system having a solubility limit that varies 
with temperature. Fig. 1 shows that the Sn-Sb sys- 
tem*° satisfies this requirement. This system also 
has the advantage of a solidus temperature that rises 
out to the maximum of solid solubility. Therefore, 
any increase in creep rate at higher antimony con- 
tents could not be attributed to closer approach to 
the solidus. Also, it was desirable to study creep 
behavior itself, since some of the conflict in previous 
work may have been caused by the use of such accel- 
erated testing methods as hot-hardness or centrifugal 


Table !. Composition of Alloys 


Composition, Wt pct, Balance Sn* 


Alloy Number, 
Nominal Wt pct Sb Sb Pb As Ni 
0 0 0.046 0.024 0.021 
2 DES 0.056 0.029 0.020 
4 3.85 0.057 0.026 0.049 
5 4.80 0.057 0.026 0.140 
6 5.90 0.050 0.026 0.054 
8 8.46 0.10 0.028 0.248 


*Also: Ag < 0.001; Bi < 0.011; Cd < 0.011: Co < 0.001 Zn, not de- 
tected. 
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Fig. 2—Creep data for alloys tested at 200°C. 


bending. A search of the literature revealed that 
creep Studies had been made on tin at high tempera- 
tures,** on Sn-Sb alloys at room temperature, and 
on other aspects of Sn-Sb alloys,3%,34 but that no data 
existed on the creep of alloys near the limit of solid 
solubility. 

The six alloys listed in Table I were prepared from 
commercially pure tin and antimony by melting 2-lb 
charges in an iron crucible under charcoal. Cast 
slabs 3/16 in. thick were cold rolled to 0.125 ine 
then strip test specimens were machined to produce 
a gage length 1.00 by 0.375 by 0.125 in. After 65 hr 
homogenization at 214° +5°C, gage lines about 40 mm 
apart were scratched on the body of the specimen be- 
yond the 25 mm gage length. The distance between 
the gage lines before and after creep testing was 
measured to +0.005 mm witha travelling-stage mi- 
croscope. 

Creep tests were run using the Siemen’s method®5 
in which four specimens were connected together to 
form a single “chain” that was suspended at the top 
specimen and loaded at the bottom Specimen. This 
assembly was heated in a 36-in. vertical tube furnace 
containing a 16-in. brass sleeve centered within it. 
The temperature along the 13-in. specimen chain was 
uniform to within 1°C, and during the course of a test 
the temperature was constant to +1°C. The specimens 
were allowed to remain at temperature for 1 hr be- 
fore the dead-weight load was applied. 

Because of the additional weight of the specimen 
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Fig. 3—Creep data for alloys tested at 210°C showing re- 
producibility of the results at 146psi and effect of stres- 
ses. 


beneath it, there was a progressive increase of 7 
psi for each specimen in the chain above the lowest 
one. All specimens were corrected to the stress of 
the bottom one using the equation:*® creep rate = 
constant x (stress)” All of the creep was assumed 
to be in the 1-in. gage length and the total creep/to- 
tal time was used as the creep rate. Evidence for the 
effectiveness of this correction is given by the two 
uppermost curves in Fig. 3, which are almost identi- 
cal. Specimens 2 and 6 were in the top and bottom 
positions in the chain, respectively, for the upper 
test, but their positions were reversed for the other 
test. Since most of the tests were run for about 65 
hr, all results, Figs. 2-4, were reduced by the above 
equation to this time interval for purposes of com- 
parison even though the test at the lowest stress at 
at 210°C was run for 118 hr. 

All of the tests showed a common pattern in their 
results. Within the range of solid solubility at the 
temperature of testing there was less creep at the 
higher antimony contents. However, for the increase 
in antimony content that brought the alloy composi- 
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tion to the solubility limit, there was an increase in 
the amount of creep. With still larger additions of 
antimony the amount of creep again decreased as 

the alloy entered the two-phase region. Thus, in Fig. 
2 for creep at 200°C there is a relative maximum in 
the amount of creep at 4 pct Sb, the solubility limit 
at 200°C. Similarly, Figs. 3 and 4 show that a local 
maximum of creep occurs at the solubility limits for 
these test temperatures, 210 and 220°C, respectively. 
Fig. 3 also presents three duplicate runs that were 
made at 146 psi, as well as tests at two lower stress 
values. The anomaly in creep behavior at the solu- 
bility limit was found in every test. 

Metallographic studies were made of specimens 
containing 2, 4, 5, and 6 pct Sb. Typical results are 
given in Fig. 5, which shows the structures found in 
a 5 pct Sb specimen after creep testing at 210°C, the 
temperature at which this composition is anomalously 
weak. The structure characteristics of the strained 
area, Fig. 5(a), shows more precipitation generally, 
but the grain boundaries are especially delineated by 
the precipitate compared to the photomicrograph of 
an unstrained part of this specimen, Fig. 5(b). Since 
the specimens were cooled in air from the testing 
temperature, at least a portion of the precipitate 
formed during cooling. Only the 2 pct Sb alloy failed 
to show precipitate both in strained and unstrained 
regions, 

Microhardness was measured on the metallogra- 
phic specimens, and the following average values 
were obtained for the strained and unstrained re- 
gions, respectively: 2 pct Sb, 13.4, 13.1 kg per sq 
mm; 4 pct Sb, 16.3, 16.2; 5 pct Sb, 18.1, 18.3; 6 pet 
Sb, 19.0, 19.7. These results clearly show the ex- 
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pected increase in hardness with increase in anti- 
mony content. It is doubtful that there is a signifi- 
cant difference between the pair of values for each 
composition, except possibly for the 6 pct Sb speci- 
men. In this case a possible cause might be the 
greater depletion of the matrix in antimony content 
as a result of straining, thus resulting in a lower 
overall hardness. 


DISCUSSION 


The corroboration of Bochvar’s weakening me- 
chanism given by the present work suggests addi- 
tional study along several lines. First, it would be 
desirable to investigate other instances in which 
concurrent phase changes accelerate deformation; 
“super -plasticity,” steel-hardening reactions, and so 
on. Second, in the area of the present research, there 
is the broad question as to the generality of the pheno- 
mena, requiring the study of a variety of metallic sys- 
tems. And finally, in the Sn-Sb alloys studied here 
there is considerable work to be done on the possible 
mechanisms of the observed weakening. This topic 
will be discussed briefly. 

Bochvar proposes that precipitation and resolution 
of the second phase involves atomic mobility which 
is additional to the usual diffusion effects, thus re- 
sulting in enhanced creep. Actually, it would seem 
that the reverse of Bochvar’s proposal would be a 
more likely possibility. That is, rather than the 
“tendency for phase change” enhancing the diffusion- 
controlled deformation, it appears likely that local 
structural effects of the deformation process might 
permit the nonequilibrium formation of embryos of 
the second phase within the nearly-saturated solid 
solution. Now, by one of several conceivable me- 
chanisms, this incipient phase transformation might 
facilitate deformation in the vicinity of an embryo, 
thus leading to the observed anomaly in creep be- 
havior. Moreover, the localized deformation could 
have another important effect; namely, changing the 
environment of the embryo and causing it to redis- 
solve. It is probable that not precipitation alone but 
rather a cycle of precipitation and resolution is need- 
ed to account for creep at a constant, enhanced rate. 
A detailed study of creep rates in these alloys would 
give useful information in this regard. 

In view of the recognized importance of grain- 
boundary shearing during creep at high temperatures, 
it is reasonable to consider the possibility that the 
observed anomaly in creep rate is associated with 
the grain boundaries. The especially high activity 
of dislocations and vacancies near grain boundaries 
during high-temperature creep would seem to make 
the boundaries a preferred location for anomalous 
nucleation effects, a possibility supported by the 
evidence of Fig. 5(a). On the other hand, considering 
the general area of the acceleration of deformation 
by concurrent phase change, it seems unlikely that a 
grain-boundary mechanism would be widely applica- 
ble. 

Further work is in progress on the Sn-Sb system 
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Fig. 5—Microstructure of 5 pct Sb alloy after creep test- 
ing at 210°C for 65 hr. 2 pct nital etch. X75. Reduced ap- 
proximately 17 pct for reproduction. 


in the Metallurgical Research Laboratory aimed at 
elucidating the mechanism operating in this case. 
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Density of Liquid Iron Silicates 


John Henderson, R. G. Hudson, R. G. Ward, and G. Derge 


Densities of melts of the iron oxide-silica system 
in contact with solid iron have been measured by the 
maximum bubble pressure method in the composition 
range 0 to 37 wt pct SiOz and the temperature range 
1255° to 1410°C. The constitution of the melts is dis- 
cussed and it is postulated that the structure changes 
from a distribution of iron tons in an oxygen ton net- 
work at pure “FeO” to a distribution of tron ions in 
a network of silicate tetrahedra at the orthosilicate 
composition. 
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"Tue system iron oxide-silica is an important one 
metallurgically because it forms the basis of sev- 
eral complex slag systems in use for industrial 
smelting and refining processes. In recent years 
considerable work has been done on liquids of this 
system but there are still many points of difference 
among workers using different experimental tech- 
niques and theoretical approaches. 

Phase equilibria,'~* activity,*~® electrical conduc- 
tivity,” current efficiency,® transference number,® 
viscosity,? surface tension,*° and density’! measure- 
ments have all contributed to an understanding of the 
problem. Measurement of density is one procedure 
which is directly indicative of liquid structure since 
any deviation from ideality must be a result of struc- 
tural interactions. 

Liquids of the iron oxide-silica system are of spe- 
cial interest because this is one of the few metal 
oxide-silica systems on which measurements can be 
carried out conveniently over the entire composition 
range from pure oxide to silica saturation. This in- 
cludes the range of high basicity which has received 
relatively little attention in other systems. Although 
one investigation of density in this system has previ- 
ously been undertaken," the results seem of suffi- 
cient importance to warrant the independent redeter- 
mination reported here. 
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Fig. 1—Experimental arrangement for the study of density 
in the iron oxide-silica system. 1) Argon flow control 
bubbler; 2) Three-way stopcock; 3) Manometer; 4) Blow- 
ing tube; 5) Cathetometer; 6) Argon outlet; 7) Alumina 
furnace tube; 8) Molybdenum windings; 9) Argon supply 
to blowing tube; 10) Needle valve; 11) Capillary tubing; 
12) Copper deoxidizing furnaces; 13) Drying columns; 

14) Argon supply to furnace tube; 15) Ingot iron radiation 
shields; 16) Ingot iron crucible; 17) Melt; 18) Alumina 
pedestal; 19) Alumina thermocouple well; 20) Pt/Pt-10 Rh 
thermocouple. 


EXPERIMENTAL 


The technique used in the measurement of density 
was the maximum bubble pressure method.’? It was 
chosen in preference to a positive displacement meth- 
od because it is far simpler to operate in a closed 
system. In principle the procedure is to blow bubbles 
in the melt at two different depths of immersion, 
whence measurement of the difference in maximum 
bubble pressure and the difference in depth of immer- 
sion of the blowing tube allow direct calculation of 
the density from 


Ps = Py (AH/Ah) g 


where pg is the density of the silicate melt, Pm is the 
density of the manometer liquid used to measure the 
maximum bubble pressure, and Ad is the difference 
in manometer readings for a difference in immersion 
depth of Ah. 

Fig. 1 shows a schematic arrangement of the den- 
sity apparatus with details of the blowing tube shown 
in Fig. 2. The resistance furnace was a 36-in. by 
1 1/2-in. by 1 1/4-in. alumina tube wound for 24 in. 
of its length with molybdenum wire to provide a 4- 
in. uniform temperature (+ 3°C) zone. A 3/8-in. 
alumina thermocouple sheath was inserted from the 
bottom of the furnace tube inside a 1-in. inverted 
alumina crucible. This crucible served as a pedestal 
for the 3-in. by 1 1/8-in. by 7/8-in. ingot iron cruci- 
ble used to contain the melt. The blowing tube, to 
which 1 1/8-in.-diam by 1/8-in.-thick ingot iron ra- 
diation shields were affixed, was passed through an 
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Fig. 2—Details of blowing tube. 1) Ingot iron radiation 
shield; 2) Low carbon steel tube; 3) Shrunken joint; 
4) Ingot iron tube. 


air-cooled rubber seal at the top of the furnace tube. 
By moving the blowing tube through this seal it could 
be lowered into or raised out of the melt. The depth 
of immersion was measured by following a hairline 
mark on the tube with a cathetometer. 

The tip of the blowing tube was constructed of a 
6 in. length of 1/4-in.-diam ingot iron rod connected 
to a 1/4-in. OD, 1/8-in. IDlow-carbon cold-rolled 
steel tube. The rod was drilled to an ID of 1/8 in. 
for 5 3/4 in. of its length, and to an ID of 1/32 in. for 
the remaining 1/4 in. A 20 in. length of tubing was 
then shrunken onto the drilled rod to provide a gas 
tight seal. 

Temperature control was, for reasons discussed 
later, an important feature of this work. Tempera- 
ture was measured with a calibrated Pt-10 pct Rh/Pt 
thermocouple located immediately below the base of 
the crucible. By manipulation of a variable trans- 
former in parallel with the furnace windings anda 
continuous balance, proportional controller con- 
nected to the thermocouple, temperature was con- 
trolled so that during a run (2 to 4 hr) it increased 
continuously from 5 to 10°C; for example, from 
1405° C initial to 1420° C final. 

The melts were prepared from pure native quartz, 
assaying better than 99.9 pct SiO, and wiistite pre- 
pared by melting A.R. grade Fe,O3 in an iron cruci- 
ble. The SiO, was ignited at 1000°C prior to use. 

The experimental procedure was to lower the cru- 
cible with 50 to 60 g of the constituents in their prop- 
er proportions into the furnace tube, through which 
dry deoxidized argon was flowing at about 200 cm? 
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Table I. Density of lron-Silicate as a Function of 
Temperature and Composition 


Nominal Compos, Chemical Analysis, 


Temp., ere Wt Pet Density, Pct Error in 
XG FeO SiO, Fe SiO, g-cm-? Density 

1410 62.0 38.0 AS 0.8 
1350 62.0 38.0 49.1 36.8 S202, 0.8 
1300 62.0 38.0 49.2 36.6 S508 0.9 
1255 62.0 38.0 49.5 36.2 Bi5S 0.9 
1410 69.0 31.0 54.4 30.0 0.6 
1350 69.0 31.0 54.4 30.0 3.71 0.6 
1300 69.0 31.0 54.5 29.8 3.65 0.6 
1255 69.0 31.0 54.6 29.6 3.68 0.6 
1410 76.0 24.0 60.2 22.5 3.78 0.8 
1350 76.0 24.0 3.74 0.8 
1300 76.0 24.0 822.9 3.74 0.8 
1255 76.0 24.0 59:6) 22.9) 3.76 0.8 
1410 82.0 18.0 63.5 18.0 3.93 0.8 
1410 Sor0 15.0 66.0 14.6 4.07 0.7 
1330 85.0 15.0 65.9 14.7 4.14 1.5 
1410 92.5 71.3 4.26 0.7 
1410 92.5 Aes - - 4.64 1.5 
1410 96.5 74.5 355 4.35 
1410 96.5 74.5 4.35 
1410 100.0 0.0 76.5 0.0 4.56 0.9 
1410 80.0 15.0% - 4.17 1.9+ 0.08 
1410 - 3.85 1.3 +0.05 


*Melt contained suspended iron. 

"Bubbles blown with nitrogen (N, content of melt nil). 
*Melt contained 5.0 pct CaF,. 

“Melt contained 8.7 pct MnO. 


min7!. This was accomplished by a keyed rod attached 
to the crucible and passing through a rubber seal at 
the top of the furnace tube. After locating the cruci- 
ble on the alumina pedestal the rod was withdrawn 
and replaced with the blowing tube. 

When the melt had come to temperature the blow- 
ing tube was lowered until the surface was located, 
as indicated by the sudden rise in pressure in the 
blowing system. The tube was then immersed 2 to 3 
cm in the melt and bubbles blown with dry deoxidized 
argon at the rate of one every 10 to 15 seconds for 
1 to 2 hr, to insure homogeneity. The bubble rate 
was then reduced by means of a needle valve to one 
every 1 or 2 min and a set of ten readings of the 
maximum bubble pressure was taken. These meas- 
urements were made with a cathetometer and a ma- 
nometer containing dibutyl phthalate.’? The proce- 
dure was repeated for 7 to 10 different depths of im- 
mersion. The maximum reading of a set of 10 was 
taken as the maximum bubble pressure characteris- 
tic of a particular depth. At the conclusion of a run 
the blowing tube was removed and replaced with a 
copper sampler attached to an iron rod. A 2 to 
3-g Sample was taken and cooled in argon in the up- 
per part of the furnace tube. These samples were 
analyzed for total Fe and SiO,: they were not analyzed 
for ferrous iron because it was felt that the informa- 
tion would not add to the existing equilibrium data. 

No effect of bubble blowing rate on maximum bubble 
pressure was found in the range one bubble every 30 
sec to 5 min. However spuriously high readings were 
obtained when higher rates were employed. The max- 
imum of a set of ten readings agreed to within 0.02 
pct with the maximum of 100 readings taken over a 
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Fig. 3—Density of iron silicate melts as a function of 
composition. 


period of 48 hr, the spread in the readings being 
about 0.1 pct. 

The value of (AH/Ah) and the standard deviation of 
this value were calculated by the method of least 
squares from a plot of AH against Ah, the latter value 
being first corrected for the displacement of liquid 
in the crucible by the blowing tube and thermal ex- 
pansion of the tube. The error in AH was estimated 
at +0.05 pct, in the Ah at 0.1 pct and p,, at +0.01 pct. 
Temperatures quoted are accurate to +6°C and the 
standard deviations of the p, values varied from 0.6 

The results of experiments designed to measure 
the dependence of density of liquid iron silicates in 
contact with solid iron on composition and tempera- 
ture are shown in Table I. Fig. 3 shows the density 
from the present work of the melts at 1410°C com- 
pared with the determinations of Popel and Esin"? at 
1400°C, as a function of composition. Fig. 4 shows 
the deviation from additivity of the density at 1410°C 
as a function of composition, calculated from the 
curve shown in Fig. 3 and the ideal density line. The 
ideal line for this calculation was determined from 
the experimental density of “FeO” found in this work 
and an experimental value of SiO, density’? of 2.2 g 
cm7° The effect of the varying ferric iron content of 
the melts was not considered in calculating their 
ideal densities. 

Also included in Table I are two exploratory de- 
terminations of density in the systems CaF,-FeO- 
SiO, and MnO-FeO-SiO,. These were to observe 
whether the effects of CaF, in decreasing the vis- 
cosity of iron silicate melts and MnO in increasing 
the proportion of ionic conductance in these melts!® 
are accompanied by a change in density, reflecting 
structural changes. 


DISCUSSION 


a) Disparity between the Present Work and That 
of Popel and Esin.'! Consider the equilibrium 


3Fe?*(solution) = Fe(solid) + 2Fe* (solution) 
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in iron silicate melts. It has been shown?»?>4,8 that 
this equilibrium is temperature and composition de- 
pendent, and that high temperature and high silica 
contents favor the formation of ferrous ions. The 
rate of attainment of this equilibrium was also ob- 
served to be high. 

This means that at any given composition increas- 
ing the temperature will decrease the concentration 
of ferric ions. In the absence of oxygen this can be 
accomplished only by the solution of iron. A decrease 
in temperature causes an increase in ferric ion con- 
centration and solid Fe is precipitated in the melt. 

As the composition changes toward the iron rich side 
of the system the effect of temperature becomes 
greater, that is raising the temperature a given 
amount in a melt containing 5 pct SiO, will take more 
iron into solution than will the same temperature in- 
crease ina melt containing 30 pct SiO,. 

If then the temperature of the melt is allowed to cy- 
cle a solution-precipitation process occurs and a sus- 
pension of solid iron can be formed in the melt. Since 
the density of iron (about 7.6 g cm™? at these tempera- 
tures) is much higher than that of either iron oxide or 
Silica it is apparent that considerable error could be 
introduced in the density determination and further, 
this error would increase as the composition changes 
toward the iron rich side of the system. 

Experimental observations in the present work are 
explained by this reaction. An iron silicate melt con- 
taining 30 pct SiO, whose temperature was allowed to 
cycle +5°C overnight under the action of the on-off 
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Fig. 4—Deviation from additivity of density as a function 
of composition at 1410°C. 


may therefore be considered as being similar to the 
solid oxide with small cations (radii: 0.75A; 
Fe*, 0.60A) coordinated by large anions (O?~, 1.40A) 
and vice versa, but only possessing short-range 
order. The similarity is also preserved in the elec- 
trical properties and conduction is primarily elec- 
tronic in both liquid and solid states.’ 

When silica is added to liquid wiistite the density 
rises above the “ideal density” calculated for mechan- 
ical mixtures of “FeO” and SiO,. This reflects the 
consumption of two O*~ anions by each SiO, added to 
form SiO*” anions’” in which the partially covalent 
internal bonding causes a contraction in the Si-O bond 
length from a value of 1.81A for free ions to 1.60 in 


sequence of the controller, showed only a small amount the silicate tetrahedron,'® with a resulting increase 


of metallic iron, after rapid freezing, but a melt con- 
taining 7.5 pct SiO, subjected to similar conditions 
showed a 1/2-in. layer of finely divided iron in the 
bottom of the crucible. The density of a melt con- 
taining 7.5 pct SiO, was, after allowing the temper - 
ature to cycle +5°C for 2 hr prior to the determin- 
ation, found to be 4.64 g cm~* whereas the density 
determined using “controlled” temperature was 4.26 

It is suggested on the basis of the above findings 
that the previously reported density values!! are er- 
roneously higher than those found in the present work 
because the melts contained a suspension of metallic 
iron formed by a solution-precipitation process 
caused by temperature cycling during the determin- 
ations. Popel and Esin’' did not show that tempera- 
ture was closely controlled during a run and in fact 
indicated that it may have varied as much as 30°C. 
Their bubble blowing conditions—several bubbles per 
minute through a 6-mm tube—would cause quite vio- 
lent agitation of the melt and thus tend to keep the 
iron in Suspension. 

b) Interpretation of Density Measurements on 
“FeO”-SiO, Melts. The 15 to 20 pct increase in vol- 
ume on melting of wtistite (“FeO”) observed in the 
present study is about that which would be expected 
from the disappearance of the long-range order of 
the solid on melting. This is supported by the low en- 
tropy of fusion’® (6.1 cal deg) which also suggests 
little change in structure on melting. Liquid wistite 
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in density. At low concentrations of silica the few 
SiO*” anions will be lost in a sea of iron and oxygen 
ions, and the unfilled space caused by bad packing 
will be quite small. 

With increasing silica content the fraction of SiO4™ 
ions grows and packing becomes less efficient. This 
is because it becomes progressively more difficult to 
achieve the desirable condition of minimum internal 
energy in which anions are only coordinated with 
cations and vice versa, without creating larger 
Spaces in the melt than those which would be present 
if the problem was merely the packing of uncharged 
balls. The divergence from the ideal line is there- 
fore not proportional to the amount of silica added, 
Fig. 4. 

At about 20 pct silica the fraction of SiO*7 ions ex- 
ceeds that of O*~ ions and the character of the melt 
changes from being like liquid wiistite in which some 
O’~ ions are substituted by SiO*", to a fundamentally 
orthosilicate melt containing silicate anions coor- 
dinated by Fe** cations in which some replacement of 
the silicate anions by O?7 anions occurs. The rapid- 
ly increasing positive deviation from the ideal line 
with greater than 20 pct silica is probably caused by 
the appearance in the melt of complex, polymerized 
Silicate tetrahedra giving a distribution of anion sizes 
which can be packed more efficiently than SiO‘ te- 
trahedra alone. However, more experimental density 
measurements are required to define this behavior 
in a conclusive manner. 
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Table Il. Influence of MnO and CaF, on the Densities of 
Basic Iron Silicates at 1410° Cc 


Nominal Composition, Wt Pct Density, 
FeO CaF, MnO SiO, g-cm~° 
70.3 - 8.7 21.0 3.85 + 0.05 
79.0 ~ 0.0 21.0 3.85 + 0.03 
80.0 5.0 = 15.0 4.17 + 0.08 
85.0 0.0 - 15.0 4.03 + 0.03 


In this composition range some iron ions form 
“bridges”'® between silicate tetrahedra and are more 
mobile than those in the Fe-O network. The propor- 
tion of mobile iron ions increases with increasing 
SiO, hence the ionic contribution to conduction in- 
creases.® These observations are in line with the 
fact that the coefficient of viscosity increases from 
0.2 poise at zero silica to 0.8 poise at the orthosili- 
cate composition.® 

The density values determined at various temper- 
atures show no significant temperature coefficient. 
This is in accord with the observations that FeO ac- 
tivity, electrical conductivity and viscosity are tem- 
perature independent. The small influence of temper - 
ature on density is difficult to explain. Possibly, on 
the iron-rich side of the system density tends to in- 
crease with increasing temperature because of the 
decrease in ferric ion concentration but tends to de- 
crease with increasing temperature due to the break- 
down of the Fe-O network. On the silica-rich side of 
the system temperature would be expected to have 
little effect because the liquid is thought to consist 
predominantly of (SiO{~) complexes and Fe?‘ ions 
which are about the simplest units the system can 
form. 

In the above discussion the role of ferric iron (Fe*) 
in possible formation of complex ions such as FeOQ3~ 
has been neglected as it is felt that such effects are 
of secondary importance. 


c) The Effect of Additions of MnO and CaF, on 
Iron Silicate Melts. In Table I the densities of two 
complex melts are given. These are compared in 
Table II with the densities of “FeO”-SiO, melts of 
the same silica contents taken from the experimen- 
tal curve of Fig. 3, for which an accuracy of +0.03 
cm™? is assumed. 

The replacement of “FeO” by MnO with substan- 
tially the same solid state density (densities: FeO, 
5.7 g cm™3; MnO, 5.5 g cm™’) makes no significant 
change in the density of the melt, and it would ap- 
pear that substitution of Fe?* by Mn?’ cations of, sim- 
ilar ionic radii (radii: Fe?*, 0.75A; Mn?*, 0.80A) has 
no effect on the structure of the liquid silicate. 
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However, replacement of “FeO” by CaF, produces 
an increase in density which is just significant at the 
16 level, which is surprising in view of the lower 
room temperature density of CaF, (3.18 g cm™) than 
FeO (5.7 g cm™’). This suggests that CaF, promotes 
the packing of ions in the melt, possibly by replace- 
ment of oxygen in silicate tetrahedra by fluorine, 7.e. 


| 
— Si — “O — Si — F 
| | 


which would simplify the difficulties of packing and 
require coordination of three instead of four to satis- 
fy electrical requirements. Packing would also be 
facilitated by the presence of cations of greater ra- 
dius than Fe?*, i.e. Ca?*, 0.99A and Fe”*, 0.75A. 


SUMMARY 


1) Density has been measured in liquids of the iron 
oxide-silica system in contact with solid iron, as a 
function of temperature and composition. 

2) The erroneous high values of previously reported 
densities are accounted for by the presence of sus- 
pended iron in the melts. 

3) The constitution of these melts is discussed and 
the proposed changes in structure with composition 
to account for the observed density variations are 
shown to be compatible with previous work. 
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The Effect of Initial Orientation on the Fiber Texture of 


Aluminum Rods 


Carl J. McHargue 


Rods of 99.99 + pct Al which had initial orienta- 
tions of <O0I>, <118>, <115>, <111>, and ran- 
dom were swaged at room temperature. Changes 
in orientation as a function of deformation were 
studied on axis distribution charts. The <001> 
orientation appeared to be relatively stable due to 
the inhomogeneity of the deformation process. 
Orientations near the <100> zone were quickly 
reortented towards <001>. Ovientations on the 
<110> zone between <118> and <115> appeared 
to be stable to reductions of about 50 pct, then 
were reoriented toward <001>. At very high re- 
ductions, movement away from the <111> orien- 
tation was observed. 


Ir has been generally accepted that the deformation 
texture obtained at high reductions, e.g, 90 pet, will 
not be noticeably affected by a prior texture; whereas, 
that obtained at reductions of 40 to 50 pct may be sig- 
nificantly influenced by the specimen history.! Some 
recent studies, however, have been interpreted as 
showing that an initial texture strongly influenced 


the deformation textures in rods at reductions greater 


than 90 pct. Freda and Cullity suggested that the 
<001> texture in a heavily cold-worked copper rod 
was due to a <00D texture in the original casting.? 
McHargue, Jetter, and Ogle concluded that the <001> 
component in an aluminum rod extruded at liquid 
nitrogen temperature was remanent from a <001> 
texture in the cast extrusion billet.? 

Most of the published work on the effect of initial 
orientation on deformation textures has been for 
cold-rolled or compressed single crystals.4~® The 
primary interest in these studies was to examine 
various orientations with regard to their stability 
under flow, thus determining the possibility of such 
orientations being stable end orientations. There ap- 
pears to be no published studies on the effect of ini- 
tial orientation on fiber textures in polycrystalline 
Specimens. A recent study, however, is concerned 
with the reorientation of individual grains in poly - 
crystalline specimens pulled in tension.” Although 
the reorientation of single crystals loaded in simple 
tension is well known, the movements in the forming 
of wires and rods would be expected to be different 
due to the circular array of radial-compressive 
stresses exerted by the die walls or the rolls, and to 
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the requirement that a circular cross section be 
maintained. In addition to these mechanical factors, 
there are grain-boundary effects in polycrystalline 
materials which are not yet understood. Hartmann 
and Macherauch conclude, for example, that multiple 
slip occurs for all orientations in fine-grained alu- 
minum and copper and that the choice of operative 
slip systems has no simple relationship to orienta- 
tion.” 

Many investigators have attempted to avoid prob- 
lems of interpretation caused by an initial texture 
by treating the starting material to obtain as ran- 
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Fig 1 -Axis distribution charts for casting of aluminum gi- 
ven the indicated reductions in area by Swaging at room tem- 
perature. 
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Fig. 2—The amount of material having orientations near 
<001>, <111>, <112>, and <113> in the specimens of Fig. 1. 


dom a texture as possible. However, this does not 
completely eliminate the possibility that minor tex- 
ture components originate from special initial orien- 
tations. In a specimen having a random texture, there 
are significant amounts of the volume oriented near 
each crystallographic direction. For example 4.6 pct 
of the volume will be within 10 deg of the <001> ori- 
entation, 6.1 pct within 10 deg of <111>, 18.2 pct 
within 10 deg of any <hhl> or <OkI> direction, and 
36.5 pet within 10 deg of any </kl> direction. 

Aside from the interest toward controlling pre- 
ferred orientation in fabricated articles by choice of 
initial orientation, the stability of various crystallo- 
graphic orientations and the way in which changes oc- 
cur are of much interest in the development of theo- 
ries of texture formation. The treatment of Hibbard 
and Yen® predicts <111> to be the most favored end 
orientation for fcc metals. Calnan and Clews? pre- 
dict a duplex <111> + <001> texture in drawing, rol- 
ling, or swaging. A modification by Calnan’® suggests 
that <111> is not the most stable orientation in pure 
fec metals, but predicts that a shift toward <112> 
should occur at very high reductions. Hibbard, how- 
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(a) AS-EXTRUDED (b) 59.7% R.A. 


(c) 78.7% R.A. 


(7) 92.4% R.A. 


(e) 96.1% R.A. 


Fig. 3—Axis distribution charts for aluminum rod having an 
initial texture of 75 pet <001>- 23 pct <111> given the indi- 
cated reductions in area by swaging at room temperature. 


ever, feels that <111> is the only true deformation 
texture of fcc wires or rods."? 


EXPERIMENTAL PROCEDURE 


The material studied was 99.99+ pct Al except in 
one case where 0.2 pct Ti was added to the melt. 
Chemical analysis showed the impurities to be (by 
weight) 0.002 pct Cu, 0.001 pct Si, 0.001 pct Mg, and 
all others less than 0.001 pct. Various initial orien- 
tations were obtained by chiil-casting (primarily a 
<001> texture) and from the rods extruded for anoth- 
er study which had textures described as: a) <118>; 
b).97-pet <115> pet <111>; c) Ta pet <001> 
pet <111>; d) 12 pet <001> + 86 pct <111>.° The ear- 
lier study showed that the <118>, <115>, and most of 
the <001> components resulted from recrystalliza- 
tion during fabrication, and that the <111> component 
was present in deformed grains. 

Rods were swaged to various reductions at room 
temperature and specimens were taken for X-ray and 
metallographic examination. The ORNL technique 
was used for determining axis-distribution charts 
which show the distribution of fiber axes with re- 
spect to the crystallographic axes in a basic triangle 
of a standard stereographic projection in units which 


are “times random” 
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Fig. 4—The amount of material having orientations near 
<001> and <111> in the specimens of Fig. 3. 


400 


RESULTS 


Initial Texture <001>. Fig. 1 shows the axis dis- 
tribution charts for the as-cast ingot of 99.996 pct 
Al and for reductions in area of 26.7, 41.4, 69.1, 81.6, 
89.5, 94.5, and 99.0 pct by swaging at room tempera- 
ture. The orientations of 25 randomly chosen grains 
on the leading end of the cast rod are shown in Fig. 
1(a). In all but three of these grains the rod axis was 
within 20 deg of a <001>. Figs. 1(b) to 1(h) show 
that the <001> texture became sharper for reductions 
up to about 70 pct and that there was not much change 
in this component for greater reductions. Grains ini- 
tially approximately 5 deg from <001> on the <100> 
zone moved to the <001> orientation rather quickly. 
Material with orientations near <133> appeared to 
move toward a region on the <110> zone between 
<112> and <111>. There was a continuous increase 
in the axis density at <111> for reductions greater 
than 40 pct and a marked sharpening of this compo- 
nent for very large reductions. 

Fig. 2 shows the volume of material having the 
rod axis within specified ranges of orientations about 
<001>, <111>, <113>, and <112>. The amount of ma- 
terial oriented within 10 deg of <001> remained con- 
stant for reductions of 26.7 to about 85 pct, above 
which there was a small decrease. The amount of 
material in the region 10 to 20 deg from <001> con- 
tinuously decreased for all reductions. The material 
in the region 20 to 30 deg from <001> was quickly 
reoriented and only about 2 pct of the material had 
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Fig. 5—Axis distribution charts for aluminum rod having an 
initial texture of <118> given the indicated reductions in 
area by swaging at room temperature. 


these directions parallel to the rod axis for reduc- 
tions greater than 40 pct. 

In the region 0 to 30 deg from <111> there was a 
continuous increase in amount of material with in- 
creasing deformation. The increase in the range 0 
to 10 deg at first increased rapidly, then slower, and 
finally above 85 pct reduction in area rapidly again. 
The initial rapid increase was due to material ori- 
ginally oriented near <133>. Since the material with 
this orientation moved to the <110> zone between 
<112> and <111>, this movement also accounts for 
the slight increase in the amount of material within 
10 deg of <112>. The sharpening of the <111> com- 
ponent for reductions greater than 90 pct is due pri- 
marily to a reorientation of material along the <110> 
zone as well as that already within 30 deg of <111>. 

Initial Texture—75 pct <001>—23 pct <111>. From 
the axis charts of Fig. 3, it can be noted that both 
the <001> and <111> components became much 
sharper for a reduction of 59.7 pct. The curves in 
Fig. 4 show that there was not much change in the 
relative volumes associated with these components 
during this deformation; thus, there was a movement 
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Fig. 6—The amount of material having orientations near 
<001>, <111>, <112>, and <113> in the specimens of Fig. 5. 


only of material oriented within the regions near 
<001> and <111>. For higher reductions to about 

90 pct, there was a decrease in the volume of the 
<001> component, particularly in the region 10 to 20 
deg from <001> and a corresponding increase in the 
<111> component. For reductions greater than 90 
pct, there appeared to be a movement away from the 
<111> direction as shown by the decrease in axis 
density at <111> and the increase in spread about 
this position. There was no increase in the amount 
of material oriented along the <110> zone near <113> 
and <112> during the deformation when material was 
being reoriented from <001> to <111>. 

Initial Texture —<118>. The axis distribution charts 
for the rod containing only a <118> texture in the 
as-extruded condition and after reductions in area of 
21.1, 37.8, 59.7, 78.7, 92.1, and 96.1 pct are shown 
in Fig. 5. Although there was a very marked increase 
in the amount of material oriented 0 to 10 deg of 
<001>, Fig. 5(a-d) and Fig. 6, for reduction up to 
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Fig. 7—Axis distribution charts for aluminum rod having an 
initial texture of 97 pct <115>- 3 pet <111> given the in- 
dicated reductions in area by swaging at room temperature. 


about 60 pct, there was no change in the axis density 
at <118> until reductions greater than 80 pct were 
obtained. For low reductions, the texture could be 
described as <118> + <001> + <111>. Much of the 
increase at <001> came from material initially ori- 
ented near the <100> zone. There was a slow devel- 
opment of a <111> component for reductions up to 
80 pct, then a rapid increase in the volume of mate- 
rial with this orientation and a concomitant decrease 
in the <001> component, Fig. 6. The changes in rela- 
tive volume of material oriented 0 to 10 deg of <112> 
and <113> are also shown in Fig. 6. In each case, 
there was a decrease with increasing deformation. 
Initial Texture—<115>. Consideration of the axis 
distribution charts of Fig. 7 shows the development 
of a strong <001> component and a weaker <111> 
component. The first material to move to <001> 
seems to be that oriented along the <100> zone and 
there appears to be a slower movement of material 
away from orientations along the <110> zone. From 
the appearances of the axis density contours, it seems 
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Fig. 8—The amount of material having orientations near 
<001>, <111>, <112>, and <113> in the specimens of Fig. 7. 


that there was a tendency to retain the <115> compo- 
nent to reductions on the order of 50 pct. The volume 
of material associated with each component is shown 
in Fig. 8. It is to be noted that there was no increase 
in the amount of material near <112> or <113> as 
reorientation from the <001> corner of the stereo- 
graphic triangle to the <111> corner occurred. After 
a reduction of approximately 60 pct, there was no ma- 
terial having orientations in the range of 20 to 30 deg 
from <001>, and after a reduction of 96.1 pct, all of 
this component was within 10 deg of the peak position. 
Initial Texture—12 pct <001>-86 pct <111>. The 
axis charts for the specimens having an initial tex- 
ture of 12 pct <001>-86 pct <111> are given in Fig. 
9 and the changes in amounts of each component with 
deformation are shown in Fig. 10. The primary 
change in the <001> component was an initial sharp- 
ening of the texture, but there was no significant 
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(a) AS-EXTRUDED 


(0) 59.7% R.A. 


(c) 78.7% R.A. 


(0) 92.4% R.A. 


(e) 96.1% R.A. 


Fig. 9— Axis distribution charts for aluminum rod having an 
initial texture of 12 pet <001>- 86 pet <111> given the indi- 
cated reductions in area by swaging at room temperature. 


change in the total amount of this component. There 
were significant changes in the <111> texture. After 
a reduction of 59.7 pct, there was a very sharp tex- 
ture (axis density 179 times random, all material 
within 10 deg of the maximum). Further deformation 
resulted in a spreading about this crystallographic 
direction. Although there was a slight increase in 
the amount of material in the range 0 to 10 deg from 
<111> with increasing deformation for reductions be- 
tween 59.7 and approximately 85 pct, there was ap- 
preciably less material at <111> for reductions of 
90 to 96 pct than at lower reductions. At the same 
time there was an increase in the amount near <112>, 
The movement of material away from <111> is very 
obvious when Fig. 9(e) is compared to 9(b). 

Initial Texture—Random. In preparing rods for 
this study, the only random texture obtained was in 
a cast ingot which contained 0.2 pct Ti. Certainly it 
would have been desirable to study such an initial 
texture without the possible complications of the ti- 
tanium; however, the results are thought to be of suf- 
ficient interest to warrant inclusion in this paper. 

The axis charts of Fig. 11 show the gradual devel- 
opment of a duplex <001>-<111> texture. It can be 
noted that material with orientations near <011> was 
removed relatively quickly. After a reduction of 22 
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Fig. 10—The amount of material having orientations near 
<001> and <111> in the specimens of Fig. 9. 


pet, the axis density at <011> was only one-third of 
that initially, and after a reduction of 69 pct, there 
was no material having fiber axes within 10 deg of 
this orientation. Material having orientations on the 
<100> zone between <012> and <013> appeared to 
move toward <001> rather quickly; whereas, that on 
the <110> zone, for example near <112> and <113>, 
showed only minor changes in axis density. 

Fig. 12 shows that the <001> and the <111> tex- 
tures appear to result from material initially orien- 
ted within 30 deg of these directions. The curves for 
<112> and <113> indicate that material did not move 


very much from these orientations until a deformation 


of the order of 80 pct was reached. On the other 


hand, there was a continuous decrease with increasing 


deformation in the amount of material oriented near 
<011> and <012>. These observations are consistent 
with those for similar orientations in the aluminum 
not containing titanium. 


DISCUSSION OF RESULTS 


The <001> orientation appears to be relatively 
stable for the plastic flow encountered in this study. 
Figs. 2, 4, and 10 indicate little change in the amount 
of material oriented within 10 deg of the <001> di- 
rection for reductions in area up to about 96 pct in 
specimens which had material initially in this orien- 
tation. Orientations in the range of 10 to 30 deg from 
<001> do reorient at relatively low amounts of de- 
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Fig. 11—Axis distribution charts having an initially random 
texture given the indicated reductions in area by swaging at 
room temperature. 


formation, and the movement seems to be toward 
<OOLb. 

Specimens from rods which initially had <118> 
and <115> textures showed much material moved 
into the region 0 to 10 deg from <001> but little 
change in the total amount within 30 deg of this di- 
rection. The axis charts of Figs. 5 and 7 show that 
there was not much change in the value of the axis 
density on the <110> zone between <001> and <118> 
or <115> until reductions of the order of 80 and 60 
pct, respectively. The increase in the material at 
<001>, then, seems to come from that initially on 
the <100> zone or in the unit triangle 15 to 30 deg 
from <001>. 

A similar interpretation can be given for the spec- 
imen containing 0.2 pct Ti. Since this texture was 
originally random, the increase in the region 0 to 10 
deg is thought to come from that material oriented 
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Fig. 12—The amount of material having orientations near 
<001>, <111>, <112>, and <113> in the specimens of Fig. 11. 


in the triangle and along the <100> zone near the 
<001> corner. 

In contrast, the results of Hosford et al.!4 showed 
that single crystals of aluminum pulled in tension in 
the <001> direction at 273° K deformed primarily 
by operation of two slip systems with accompanying 
lattice reorientation. Thus the <001> orientation did 
not appear to be stable. On the other hand, Hartmann 


and Macherauch showed that grains with tensile axes - 


near this orientation behaved in no predictable man- 
ner in fine-grained specimens.” The present results 
show that large amounts of <001> orientation were 
retained in polycrystalline specimens deformed in 
the complex stress systems encountered in these 
experiments. 

Fig. 13 shows that fragments of the original <001> 
grains were pinched off by inhomogeneous flow. Ex- 
amination of etch pits in such fragments showed that 
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Fig. 13— Photomicrograph of transverse section of rod 
having an initial <001> texture after a reduction in area 
of 69.1 pct. X500. Reduced approximately 4 pct for re- 
production. 


they retained the <001> orientation, even after re- 
ductions in area of the rods of the order of 96 pet. 

In general, the <001> component remaining after re- 
ductions of the order of 90 pct consisted primarily 
of these grain fragments and larger areas which ap- 
peared to the centers of the original large grains 
that did not show evidence of having been deformed 
much, 

The fact that the amount of <001> component in 
the region 0 to 10 deg reaches a maximum at a re- 
duction of about 60 pct for an initial <118> texture, 
and at about 90 pct for an initial <115> texture could 
mean that deformed material reoriented to <001> 
from some other orientation in less stable than that 
having an initial <001> texture. Thus grains witha 
<001> orientation which have resulted from casting 
or recrystallization differ in their behavior under 
stress from those having the same orientation but as 
a consequence of plastic flow. 

A decrease in the sharpness of the <111> compo- 
nent was noted in all of the specimens which initially 
contained significant amounts of this texture. This 
increase in spread is particularly noticeable in Fig. 
9(e). Because this movement away from <111> is so 
marked, the behavior was rechecked at several places 
along the rod given a 96.1 pct reduction, and there is 
no doubt that these results are real. Calnan’s?° treat- 
ment of texture development predicts that the <111> 
orientation is not stable in pure fcc metals but calls 
for a movement towards <112> at high deformation. 
In the present study, although a movement away from 
<111> was noted, it appeared to be uniformly away 
from <111> rather than toward any new orientation. 
This occurred only after the material received a 
considerable amount of deformation while in the 
<111> orientation. In order to obtain the initial 
<111> texture, the rod had been reduced from 3.125- 
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in. diam to 0.890-in. diam (a reduction in area of 
91.9 pct) and then to 0.175-in. diam in the present 
study for a total reduction in area of 98.2 pct. 


CONC LUSIONS 


The <001> orientation can be stable to quite high 
reductions in polycrystalline aluminum rods. This 
stability is associated in part with the inhomogeneous 
nature of the deformation process which leaves frag- 
ments of the original grain that retain the initial 
<001> orientation. 

Material having orientations near the <100> zone 
between approximately <012> and <001> is quickly 
reoriented to <00L>. 

Orientations on the <110> zones between about 
<118> and <115> appear to be relatively stable up 
to reductions of the order of 50 pct. At higher re- 


ductions, a reorientation toward <001> occurs. 

The <111> orientation is not stable at very high 
reductions. It is not clear, however, that the move- 
ment away from <111> is toward <112> as predicted 
by Calnan.?° 
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The Thermal Diffusion of Hydrogen in Alpha-Delta 


Zircaloy-2 
J. M. Markowitz 


The movement of hydrogen in two-phase a-6 Zir- 
caloy-2 under the influence of a thermal gradient was 
studied in specimens of cylindrical geometry. A 
gross displacement of hydrogen toward the cooler 
regions of the specimen was observed with conse- 
quent copious precipitation of 6-zirconium (ZYH,, 4) 
there. The kinetics of the diffusion are analyzed and 
discussed, 


Tue temperature-gradient redistribution of hy - 
drogen in a-Zircaloy-2 has been treated both 
theoretically and experimentally.? Hydrogen moves 
toward the cold side of the temperature gradient un- 
til a steady state has been established; tendency for 
further hydrogen movement because of temperature 
differences is nullified by the tendency to move in the 
reverse direction because of the concentration gra- 
dient. The steady state condition is described by the 
equation 


[1] 

in which JN is the concentration of hydrogen at a point 
in the specimen corresponding to absolute tempera- 
ture T, R is the gas constant, k is a constant of integ- 
ration, and Q@* is a parameter called the heat of 
transport, characteristic of the particular system. 
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The value of @* has been determined for hydrogen in 
Zircaloy-2 by several investigators, using Eq. Cie 
There is considerable variation in the results, the 
cause of which has not been resolved; reported values 
lie in the range 3 to 6 kcal per mole. 

The physical situation for two-phase thermal mi- 
gration is much more complex. The a-phase boundary 
for the solubility of hydrogen in Zircaloy-2 ranges 
from a concentration of 25 ppm at 200°C to a maxi- 
mum of about 600 ppm at 550°C.4? Thus, if the con- 
centration of hydrogen in Zircaloy-2 is sufficiently 
great (>600 ppm), the specimen will be entirely two- 
phase, consisting of a matrix of a-Zircaloy-2 sur- 
rounding particles of zirconium hydride. At time 
zero, with a temperature gradient imposed, the rela- 
tive amounts of hydride and a-phase in each infinite- 
Ssimally thin isothermal section of the specimen can 
be determined from the phase diagram by the lever 
rule. Moreover, the concentration of hydrogen in the 
matrix phase varies from point to point, following the 
a@ solubility line. Over most of this temperature range 
(<450°C) 6 phase, Fig. 3, has a constant concentra - 
tion.®> The diffusion rate toward the cold side should 
be governed by 1) the slope of the a solubility 
line and 2) the temperature gradient. The extra com- 
plication of two-phase thermal diffusion lies in the 
fact that migration of hydrogen would leave the a- 
phase concentration gradient unaffected, since it is 
fixed at any temperature only by the solubility; gross 
concentration changes would reflect only the relative 
amounts of matrix and hydride, which could vary con- 
tinuously at every point. Migration of hydrogen out of 


_ a region would lead to dissolution of hydride, and 
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Fig. 1—Experimental apparatus. 


hydride would be precipitated by movement of hy- 
drogen into the region, but the matrix concentration 
would continue to equal the terminal solubility at 
that temperature. One might therefore expect a 
“sweeping out” of precipitated hydride phase from 
the hot to the cold side. The newly hydride free re- 
gion near the hot side, having a single phase, should 
then adopt the distribution of Eq. [1]. In the present 
study, experiments were performed to learn the ex- 
tent to which the above scheme, originally suggested 
by Shewmon,° is actually followed experimentally. 


EXPERIMENTAL 


Experimental details have been discussed else- 
where.’ Briefly, annuli of Zircaloy-2 containing a 


TC 


#3 


200F 
(0) 10 20 30 40 50 60 O/H 
fe) 5000 10,000 15000 ppmH 


Fig. 3—Smoothed concentration-temper ature curves, super- 
imposed on the hydrogen-zirconium phase diagram. 


820-VOLUME 221, AUGUST 1961 


0.5 1.0 1.5 2.0 2.5 3.0 
RADIUS, cm. 


Fig. 2—Concentration profiles after thermal diffusion. 


uniformly distributed quantity of hydrogen sufficient 
to place them in the two-phase region were furnace 
annealed while being cooled axially by a constant flow 
of water through the hole. The thermal gradient so 
applied was measured by three thermocouples posi- 
tioned along the midsection radius. The experimental 
arrangement is shown in Fig. 1. At the conclusion 

of the anneal, the specimen was sectioned and radial 
samples were analyzed using the warm extraction 
technique, which measures total hydrogen content. 
The radial temperature distribution was determined 
by fitting the three radial temperatures to the theo- 
retical curve, using the temperature dependent ther- 
mal conductivity of Zircaloy-2.% 


RESULTS 


The results of the thermal diffusion experiments for 
two-phase a-6 specimens are presented in Table I 
and Figs. 2 and 3. Fig. 2 shows concentration distri- 
butions while Fig. 3 shows smoothed concentration- 
temperature curves superimposed on the phase dia- 


Table |. Experimental Conditions 


Initial Hydrogen 
Spec. No. Duration Outer Inner Gradient Concentration 
hr. IG °C/em ppm 
1 720 450 295 73 300 
Z 1000 400 250 75 3360 
3 3000 500 300 80 3500 
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gram; the latter were plotted by picking tempera- 
tures corresponding to the radial distances of Fig. 2 
from the prepared temperature profile. The specimen 
designations correspond to those of Table I. 

Specimen #1 had an initial concentration of 300 ppm 
so that in the temperature interval of the experiment 
the entire specimen was initially in the two-phase re- 
gion. From the final curve for this specimen, particu- 
larly as superimposed on the phase diagram in Fig. 3, 
it is evident that the process of “sweeping out” of hy- 
dride described previously has been followed to a 
great extent. The curve breaks, within experimental 
error, at its intersection with the a@ solubility 
line, indicating the difference in the features of 
thermal transport in the single-phase and two-phase 
regions. The value of @* calculated from the upper 
portion of the curve is 3.4 kcal per mole, consistent 
with a-phase thermal diffusion results.! 

It would be natural to conclude from the results 
on specimen #1, that the “sweeping out” mechanism 
is completely borne out. However, this mechanism 


Fig, 4—Gross appearance of thermal diffusion specimen 
#3 after anneal, 
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requires that at the steady state, no two-phase re- 
gion should exist; this condition would be exhibited 
by a horizontal line across the two-phase region of 
the diagram. Specimen #1 approached such a condi- 
tion but did not reach it. Specimen #2 and #38, con- 
taining initially about 3500 ppm hydrogen were there- 
fore run under the conditions indicated in Table I so 
that the presumed steady state could be approached 
more closely and the concentration changes at the 
cold side observed in more detail. 

The results, shown on Figs. 2 and 3, are also con- 
sistent with the “sweeping out” mechanism, although, 
again, the hypothetical steady state has not been 
reached. The appearance of the three curves in Fig. 
3, considering the different times of exposure, sug- 
gests a steady state like that of the dashed line. 

It was found that hydrogen had migrated longitudi- 
nally in specimen #3. The resultant longitudinal aver- 
age concentration distribution was much lower (~ 700 
ppm) than the initial concentration at one end, much 
high (~ 6000) at the center, and slightly higher (~ 4000) 
at the other end. This longitudinal migration is as- 
cribed to an unsymetrical axial temperature distribu- 
tion along the annealing furnace. The effect of longi- 
tudinal migration on the shape of the radial distribu- 
tions cannot be great, since the components are mutu- 
ally orthogonal. Moreover, curves of log N vs 1/T 
for the end sections of specimen #3 show a qualitative 
resemblance to the one shown in Fig. 3 (the same rel- 
ative temperature profile was assumed). Finally, 
longitudinal migration was not observed for specimen 
#2, whose concentration profile shows the same gene- 
ral features as that of specimen #8. 

At the cold side of specimen #3, the concentration 
curve breaks sharply at a temperature and concentra- 
tion which correspond to the (@ + 6)-6 phase boundary 
(14,500 ppm, or ZrH, , at temperatures below 450°C).5 
It is qualitatively apparent that Q* for 6-phase mate- 
rial is positive, just as in a-Zircaloy-2, hydrogen 
moving to the cold side. 

The gross appearance of the changes described 
above for specimen #3 can be observed in the pho- 
tographs of Figs. 4 and 5. Fig. 4 shows half of spe- 
cimen #3 immediately after removal from the an- 
nealing furnace. The cut is along the longitudinal 
center section later analyzed. The region around 
the center is heavily hydrided, and, because of its 
great brittleness, this portion of the specimen sim- 
ply broke while it was being parted on the lathe; this 
accounts for the rough, cracked appearance. One of 
the thermocouple holes can be seen, with a radial 
crack running from it toward the center, from which 
the copper axial water tube has not yet been removed. 
This crack as well as a pronounced equatorial bulge 
probably owe to the difference in density between a- 
Zircaloy-2, 6.4 g per cc,* and ZrH, 4, 5.5 g per cc.” 

Fig. 5 shows the microstructure of three radial 
positions in the specimen. The inset corresponding 
to the outermost position shows 6-phase material in 
a matrix of a@ solid solution, while the innermost 
structure is the reverse of this, the matrix being 6 
phase. The intermediate structure shows an approxi- 
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Fig. 6—Concentration-temperature curves of Sawatsky? 
and of this work compared. 


the concentration and in the slope of the curve, the 
: | latter actually changing sign (in favoring his theore- 
| tical interpretation, Sawatsky disregards one of his 
experimental points). The data of the present work 
show a change in slope at the boundary (specimen 
#1) with no change in sign, and no discontinuity in 
the concentration. 

Sawatsky’s analysis depends on Shewmon’s theory® 
for two-phase thermal redistribution. The diffusion 
flux for a homogeneous field, derived by the methods 
of irreversible thermodynamics,® is 


__ DN [pp dinn Qx dT 
ler ax [2] 


in which D is the diffusion coefficient, Do exp (- €/RT), 
R is the gas constant, @* is the heat of transport, 
and N is the concentration. Following Shewmon, 
Sawatsky applies this equation to the inhomogeneous 
field by setting N equal to the a terminal solubility 
for hydrogen, given by N, exp (- AH/RT). When the 
exponential expressions for D and N are introduced, 
Eq. [2] becomes 


Fig. 5—Microstructure of thermal diffusion specimen #3 
after anneal, 


mately equal distribution. At some positions around 
the central hole the microstructure is completely 
featureless, corresponding to pure 6 phase. In the 
unmagnified polished specimen surface, the heavily 
hydrided region can be distinguished easily by the 
abrupt change in reflectivity. 


DISCUSSION DSN AH+€ 
J=- — ( ) 
The only other experimental work on the thermal R dx T RDA 3 
diffusion of hydrogen in two-phase Zircaloy-2 was AH is the heat of the reaction Zr (a) & Zr (5), and 
performed by Sawatsky,” who studied specimens at € is the activation energy for diffusion. Sawatsky, 


low enough concentrations so that initially they crossed using a linear geometry, could treat dT/dx asa con- 
the a boundary, z.e., the portion of the specimen in the stant. He substituted Eq. [3] into the equation of con- 
high temperature part of the gradient was in the solid tinuity, 

solution region, the lower temperature part being 

two-phase. He used rod specimens in a linear temper- BC _ _ aT AF 4] 
ature gradient. The concentration-temperature curve 00 ax 

for one of his specimens is redrawn and contrasted 
with the data for specimen #1 of the present work in : 
Fig. 6. Sawatsky’s specimen was annealed for 34 days 


under a temperature gradient of 130°to477°C. The 


and integrated the result, finding, for the two-phase 


solid line connecting the data points is the result of D,N,(AH + 
Sawatsky’s theoretical analysis; the line represent- is Reais ax 

ing specimen #1 of the present work is the mean of ra ae 

the data points. Sawatsky differs from the writer in (4 27) 

interpreting the discontinuity at the a, a-6 phase R [5] 


boundary. Sawatsky’s theoretical concentration tem- where @ is the time, C the total hydrogen concentra- 
perature curve is discontinuous both in the value of tion (C = N; the latter is the fixed a-phase hydrogen 
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concentration), and Cy is the initial value of C. Sawat- 
sky fitted Eq. [5] to the portion of his concentration 
temperature curve indicated in Fig. 6. The a-phase 
portions of both his data and the data of the present 
work are fitted by Eq. [1]. 

According to Eq. [5] the concentration increases 
linearly with the time at all temperatures since all 
the factors are positive [in the present case (AH +6)/R 
>2T|. This outcome does not allow for the con- 
servation of solute, a boundary condition which must 
be applied during the analysis. But the differential 
equation from which Eq. [5] arises is simple first 
order in C and ©, and no more complicated condition 
can be applied to it than the value of C at time zero. 
Thus Sawatsky’s differential equation cannot be gene- 
rally correct. Eq. [5] describes a static gradient, 
more or less parallel to the a-solubility line, whose 
elements move across the phase diagram at a con- 
stant rate. Such an accumulation of solute cannot be 
maintained in the absence of a source. Nonetheless, 
some validity must be accorded to Eq. [5] because 
it does fit Sawatsky’s data. The purpose of the argu- 
ment which follows is to define the region of validity 
of Sawatsky’s model. 

The shortcomings of Eq. [5] are probably caused 
by the neglect, in the flux expression, Eq. [2], of two 
significant factors: 1) the specimen does not present 
a cross-section of constant area to the movement of 
hydrogen in a-phase material because of the accumu- 
lation of hydride phase; 2) migration of hydrogen oc- 
curs in the hydride phase. Thus the variation in area 
for that phase must also be considered. We will take 
the fractional areas normal to the flux direction as 
equal to the relative amounts of @ and 6 phases pres- 
ent at each temperature, neglecting density changes. 
Thus, according to the lever rule, 


Ns —Ny [6] 
C No 
As MN, [7] 


where Ny; is the @ + 6, 5-phase boundary hydrogen con- 
centration, N, is the a, @ + 5-phase boundary concen- 
tration, and C is the overall concentration. We add the 
quantities - A,J, and - A;Jg, and, using Eq. [2] for 
J, and Js, find 


( dinNs dT\C - Ny 


Eq. [8] is perfectly general, except for neglect of the 
density difference between the phases. The first loga- 
rithmic derivative is evaluated just as Sawatsky did. 
If the maximum temperature is less than 450°C, N; is 
temperature independent,° and the second logarithmic 
derivative vanishes. To a reasonable approximation 
we can neglect N, in the differences (N; - N,). Eq. 
[8] can then be simplified to 
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[9] 


Now if C «Ns, is, in fact, of the order of N,, the 
second term in brackets will be very small and (1 - 
C/N;) will be close to 1, so that Eq. [9] will approx- 
imate Eq. [3]. This shows quantitatively the region 
of validity of Sawatsky’s equation: when C ~ N, ini- 
tially and for a short time interval thereafter. For it 
is obvious that even if C is about equal to N, initially, 
it must increase with time in the cooler part of the 
specimen. As this happens, the flux is no longer 
given by Eq. [3], but by Eq. [9]. Ultimately, if C in- 
creases in some part of the specimen until it is of the 
order of Ns, the first term of Eq. [9] vanishes and in 
that part of the specimen the flux is given by the sec- 
ond term only. The boundary condition difficulty in- 
herent in Eq. [3] is removed by use of Eq. [9], since 
substitution into the equation of continuity, Eq. [4], 
leads to a partial differential equation, of first order 
in both © and T. It is therefore possible to prescribe 
for the solution, not only an initial condition, as in 
Sawatsky’s model, but also a boundary condition, 
namely that solute must be conserved. Thus the flux 
expression given by Eq. [9] in principle allows a 
general solution of the problem. Unfortunately, no 
means were found for the solution of the differential 
equation, so that this discussion must remain qualita- 
tive. 

The developments carried out above are, of course, 
limited to linear geometry. For the case of cylindrical 
geometry, corresponding to the experimental arrange- 
ment of the present work, the mathematical complica- 
tion is vastly multiplied by the non-linearity of the 
temperature gradient in cylindrical coordinates. Thus 
further elucidation of the kinetics of two-phase ther - 
mal diffusion can best be served by accumulation of 
data on linear rather than cylindrical specimens. 


SUMMARY AND CONCLUSIONS 


It has been shown experimentally that in two-phase 
alloys of hydrogen and Zircaloy-2, the hydrogen mi- 
erates, under the influence of a thermal gradient, 
toward the cold side. This process is accompanied by 
dissolution of 6-phase ZrH,,, on the hot side and its 
precipitation at the cold side. The kinetics of this 
process cannot be given inmathematical detail; how- 
ever, they must include consideration of hydrogen 
movement within both phases as well as the influence 
of the presence of each phase on diffusion in the 
other. 
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W. R. Mitchell, J. A. Mullendore, and S. R. Maloof 


Preliminary experimental evidence is presented to 
show that the metallic impurities aluminum, iron, 
and silicon, and beryllium oxide as found in commer- 
cially pure hot-pressed beryllium powder can be re- 
duced to lower concentrations by Zone -purification 
techniques. The reduction in the concentration of 
aluminum to extremely low levels (10 bpm) ts note- 
worthy, since earlier work demonstrated that alu- 
minum is a major factor contributing to the hot- 
tearing of beryllium during fusion welding. On the 
basis of present findings, a method is suggested for 
producing beryllium metal of improved weldability. 


Experimenta. research now being conducted on 
the purification of beryllium indicates that several 
of the metallic impurities and beryllium oxide can 
be reduced to lower concentrations by employing 
standard horizontal zone-refining techniques. For 
the preliminary work, commercially -pure hot- 
pressed beryllium having a purity of 97.84 pct was 
used. The chemical composition is given in Table I. 

The hot-pressed beryllium was machined into bars 
5/8 by 5/8 by 4 to 6 in. in length. Beryllium-oxide 
boats which had been conditioned by prior heating in 
a vacuum of 107° mm of Hg at 1100°C for 3 hr were 
used to hold the beryllium while it was zone melted. 

The boat with its charge, along with a smaller 
beryllium-oxide boat containing scrap beryllium to 
be used for gettering purposes, was loaded into a 
quartz tube and evacuated to 107° mm of Hg. After 
alternately evacuating and flushing three times with 
purified argon, the furnace tube was backfilled to a 
pressure of 1/6 atm of A and sealed off by means of 
a vacuum-tight stopcock. It was then removed from 
the pumping equipment and mounted on the traveling 
carriage of the zone-refining apparatus. 

Heating was accomplished with a 10 kw 450 kc induc- 
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tion heating unit using an induction coil consisting of 
two turns of 3/16-in. diam copper tubing. Before 
starting to zone melt, the atmosphere in the furnace 
tube was gettered by heating the scrap beryllium in 
the smaller boat to above its melting point and hold- 
ing at temperature for several minutes. The carriage 
was then shifted so as to locate one end of the beryl- 
lium ingot in the large boat within the induction coil. 

A molten zone approximately 3/4 to 1 in. was es- 
tablished by loading directly into the ingot. The mol- 
ten zone was moved very slowly along the length of 
the ingot. Before each pass was made the procedure 
for evacuating, flushing, and backfilling, and so forth 
was repeated. Speeds of 1 1/2 and 3 in. per hr were 
used with up to twelve zone passes. 

The appearance of a typical zone-refined ingot is 
shown in Fig. 1. After zone refining, the grains in 
the ingot appear to be elongated in the direction of 
zone travel, whilst before, they are essentially equi- 
axed. A microexamination revealed the presence ofa 
network in the beryllium grains as seen in Fig. 2. 
Laue spots in back reflection pictures taken of the 
sample were not sharp, indicating the presence of 
subgrains in the structure. As can be seen, however, 
many of the network boundaries cross beryllium 
grain boundaries. It has been shown by Martin and 
Moore’ that beryllium solidifies as a bcc structure 
which then transforms to the hexagonal structure at 
about 1250°C. It is believed that the observed net- 
work is merely the outline of the bec structure which 
formed from the melt and are not subgrain bound- 
aries. 

In order to eliminate surface contaminants, ap- 
proximately 1/16 of an inch of material was removed 
from the outer skin of each ingot after zone refining. 


Fig. 1—Typical appearance of beryllium ingot after zone 
refining in a horizontal boat. Marco etched with modified 
Tuckers reagent. 
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Table 1. Chemical Analysis of Hot-Pressed Beryllium 
Used in the Present Investigation. 

Composition Wt Pct 
Be 97.84 
BeO 1.76 
Si - 0.118 
Al 0.079 
Fe 0.118 
Ca 0.011 
Mg 0.014 
Ni 0.017 
Cu 0.008 
Zn <0.006 
B 0.001 
Cr 0.019 


Samples for chemical and spectrographic analyses 
were obtained by taking borings along the length of 
the ingot. 
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Fig. 3—Relative concentration of Al, Si, Fe, and BeO after 
twelve zone passes at 1¥, in. per hr as a function of dis- 
tance along the axis of a zone-refined hot-pressed beryl- 
lium ingot. 
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Fig. 2—Network in beryllium zone refined in a horizontal 
boat. Bright field illumination transverse section. 


X100 Electroetch: 3.2 nitric acid—Lactic acid. Reduced 
approximately 20 pct for reproduction. 


The distribution of silicon, iron, aluminum, and 
beryllium oxide for an ingot subjected to twelve 
zone passes at a speed of 1 1/2 in. per hr is shown 
in Fig. 3. 

Comparison of the observed concentrations as 
shown in Fig. 3 with the original composition given 
in Table I indicates that a definite lowering of the 
impurity level has taken place. The general shape of 
the curves is, however, unusual due to the initial de- 
crease in impurities which has occurred. Piersall? 
has reported a similar result for the case of direc- 
tional solidification of a beryllium ingot. This initial 
decrease is believed to be caused by an initial rapid 
freezing which occurred before a stable zone was 
established. 

In the case of beryllium oxide, purification probably 
took place by mechanical segregation rather than by 
solute rejection into the molten zone. During zone 
refining a skin of oxide formed on the surface of the 
molten zone and there was a tendency for some of 
this oxide to be carried along by the zone. Micro- 
structures of the ingots also showed that segregation 
of oxide inclusions to the outside of the bars also oc- 
curred. 

It can also be noted that there is an apparent pick- 
up of iron. The source of pickup has not been estab- 
lished as extreme care was taken to avoid contami- 
nation during sample preparation. 

More volatile impurities such as magnesium, cal- 
cium, and zinc, although not shown on Fig. 3, dropped 
to lower levels of concentration and remained more 
or less constant throughout the ingot. It was thus as- 
sumed that some purification occurred as the result 
of evaporation of impurities. 

Of particular interest is the reduction in concentra- 
tion of aluminum. Recent work by Passmore? demon- 
strated that aluminum in concentrations of 0.5 to 1.0 
wt pct as is sometimes found in and above the range 
of aluminum contents in commercially-available hot- 
pressed beryllium, is a major factor contributing 
to the hot tearing of beryllium during fusion weld- 
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solidification initiate cracks which Open up along 
grain boundaries that have been weakened by the 
presence of a low melting point (644°C) intergran- 
ular film. Metallographic examination of tears and 
cracks in fusion welds made on hot-pressed beryl- 
lium plates containing an aluminum impurity in this 
range showed aluminum to be distributed along the 
center line of the welds and near the base plate in 
the same areas where the greatest concentration of 
tears and cracks occurred. 

The results obtained to date, particularly for alu- 
minum, suggest the possibility of producing beryllium 
metal with even lower aluminum contents than are 
now experienced by employing directional solidifica- 
tion during casting. The economics as well as the 
feasibility of doing this commerically, however, must 
be weighed against the advantage of producing metal 


of improved weldability. Furthermore, since beryl- 
lium metal of greater purity than produced by the 
present technique has not been shown to be more duc- 
tile than commercially-pure beryllium,’ it is obvious 
that improved purification methods are needed be- 
fore the exact role of impurities on the brittleness of 
beryllium can be determined. Improved analytical 
techniques will also be required, particularly for the 
interstitial impurities. 
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Spectrochemical Slag Analysis with the Tape Technique 


A. Danielsson, |. Nilsson, and G. Sundkvist 


A spectrochemical method of slag analysis is des- 
cribed which utilizes fusion of the sample with a flux, 
then cooling and crushing to put all samples into a 
common form. The powder is then fed onto adhesive 
tape and passed through a spark by means of a spe- 
ctal device to provide very reproducible discharge 
conditions. Combined with a direct-reading optical 
emission instrument, this system provides speed 
and accuracy of analysis heretofore unobtainable 
for slag samples by any other method. 


Tuere are many suggested methods for spectro- 
chemical analysis of slags. The most important are 
fusion-pellet methods and solution methods. In our 
company the fusion-pellet method has been used ear - 
lier, and is described by Lounamaa.! W. H. Tingle 
and C. K. Matocha have made refinements of the pel- 
let method.? A Committee of the British Iron and 
Steel Research Association has investigated different 
methods of spectrochemical analysis of slags. Its 
purpose was to formulate a method which would give 
the complete analysis in 30 min with an accuracy of 
+3 pct.* The committee recommends a solution tech- 
nique, which was thought to correspond best to their 
requirements. 

The method to be described is a fusion-tape meth- 
_0d. The sample is isoformed by fusion and grinding. 
The powder is analyzed with the tape technique. 

The tape machine and some of its applications are 
described earlier.*> The powder to be analyzed is 
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continuously fed onto a moving adhesive tape, which 
passes through the spark gap. The sparks break 
through the tape and vaporize and excite the material 
to be analyzed. The most outstanding feature of the 
tape machine is its very high reproducibility. 

The concept of isoformation has been introduced 
earlier.® It means a pretreatment of the samples to 
make them uniform from the spectralanalytical point 
of view, z.e., cancelling systematic differences be- 
tween the samples. The purpose of the isoformation 
is to reduce the influence of particle size, as well as 
chemical and mineral composition. Before describing 
the isoformation by fusion plus grinding, which is the 
purpose of this paper, a few words will be said about 
two other types of isoformations, i.e., grinding with 
buffer and ion exchange plus grinding as they have 
been considered during the application of the tape 
technique for slag analysis. Grinding with buffer 
might be a sufficient isoformation in some special 
cases, where the mineral composition is defined. The 
time of grinding must, however, be rather long, at 
least 5 to 10 min, even when using such an efficient 
mill as the Swing Mill from Messrs. Siebtechnik, 
Mitthlheim, Germany. This type of isoformation is not 
recommended due to its limitations and due to the 
fact that the gain in time compared with the fusion 
technique is almost negligible. The principle of ion 
exchange plus grinding and some of its applications 
have been described.> The following elements of in- 
terest in slag analysis can be determined in this way: 
Na, K, Cu, Mg, Ca, Ba, Zn, Pb, Al, Cr, Mn, Peso; 
Ni. The very important element Si, however, cannot 
be analyzed with this method. Although the ion ex- 
change isoformation for slag analysis cannot be 
looked upon as a routine method, it can be used for 
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analysis of standard samples and for checking pur- 
poses, replacing wet chemical methods. 


DEVELOPMENT OF THE METHOD 


The sample is mixed with a prefused flux. The 
mixture of sample and flux is fused, the melt is 
quenched to a glass, and the glass bead is ground. 
The powder obtained is analyzed with a Quantometer 
provided with a tape machine. The aim of the iso- 
formation is to fuse the sample to a homogeneous 
glass containing internal standard elements and 
spectroscopic buffer. During the development of the 
method the following has been considered: composi- 
tion and properties of the flux, mixing of sample and 
flux, choice of crucible, fusion conditions, and grind- 
ing. 

Composition of the Buffer. In conformity with 
most publications in this field, the word buffer means 
the whole mixture used to fuse the sample. Thus the 
buffer contains glass former, spectroscopic buffer, 
and internal standard elements. The inorganic glasses 
usually consist of oxygen or fluorine anions, which 
coordinate, around the cations, building up a three- 
dimensional network. According to Stillwell® the fol- 
lowing compounds are glass formers: B,O,, P,O,, 
As,O, Sb,O,, SiO, , GeO,, P.O, , and As,O,. This is 
probably the case also with Sb,O,, V,0,, Nb,O,, and 
Ta,O,;. Most of the above-mentioned glass formers 
are unsuitable for this purpose. As,O,, Sb,O,, and 
GeO, are too volatile. SiO, and P,O, have to be de- 
termined. From a practical point of view B,O, is the 
only glass former which can be used. Besides boron 
oxide the buffer must contain basic oxides. This is 
necessary in order to obtain a sufficient dissolving 
power of the buffer and suitable physical properties 
of the melt (surface tension and viscosity) and the 
glass (hardness). As main basic oxides, alkalies, and 
alkaline earths have been investigated. They act also 
as a spectroscopic buffer. Many different composi- 
tions of borate buffers have been discussed in the 
literature.'-* The present investigation has dealt 
with the following components: B,O,, alkali, SrO, 
Co,0,,and smaller amounts of added internal standard 
elements. The possibilities of variation of these com- 
ponents are, of course, too many to make a complete 
study possible. 

As a result of this investigation the following 
composition has been accepted for slag analysis: 


67.0 pct Li, B,O, 
23.0 pct SrB,O, 
9.95 pet Co,0, 

0.05 pet BeCo, 


The effect of variations and substitutions of the 
components of the above-mentioned buffer is dis- 
cussed in the following. All investigations refer to 
prefused buffer. 

Alkali Oxide-B,O,. In the system alkali oxide- 
B,O, there is a complete miscibility in the melt. 
From that point of view it does not matter which al- 
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kali metal is chosen, but there may be an interest 
in the analysis of sodium and potassium, and there- 
fore lithium has been chosen. Rubidium and cesium 
would be too expensive. Buffers containing Na,O or 
K,O have, however, been investigated. When Li,O is 
completely replaced by Na,O or K,O a higher sensi- 
tivity is obtained but the melt will adhere to the 
graphite crucible. Increasing the ratio Li,O/B,O, 
will increase the dissolving power, but at the same 
time the general background of the spectrum is in- 
creased. A higher content of B,O, lowers the sur- 
face tension of the melt against graphite. 

SrO. A pure alkali borate glass is very soft and 
its hardness is strongly influenced by the presence 
of other oxides especially alkaline earths as CaO and 
BaO. Parallel to increasing hardness there is an in- 
creased intensity, which causes variations in expo- 
sure time. In order to cancel this effect SrO is in- 
troduced into the buffer. BaO could replace SrO but 
there are generally more demands for barium than 
strontium analysis. It could be mentioned that CaO, 
SrO, and BaO increase the viscosity and the surface 
tension of the melt. 

Co,0,. In the prefused buffer, cobalt is probably 
divalent. Cobalt oxide was originally introduced as 
internal standard for analysis with photographic re- 
cording because it gives a sufficient number of lines 
with suitable intensities in different wave-length re- 
gions. In direct-reading analysis there is no need for 
such a great number of internal standard lines. As 
it furthermore might be of interest to determine co- 
balt, the possibility of eliminating cobalt has been in- 
vestigated. The investigations have, however, shown 
that cobalt oxide is an essential component stabilizing 
the glass state of the melt when quenched. The amount 
of Co,O, has to be above a certain limit, not less 
than half the amount chosen. If the cobalt content is 
too low the quenched bead might partially crystallize. 
Among imaginable substitutes for cobalt oxide, the 
following have been investigated: NiO, V,O,, and 
MnO. NiO does not have the stabilizing property. 
V,O, and MnO in about the same amount as Co,0, 
are possible substitutes. V,O, gives, however, risks 
for too many coincidences, and there is a general 
interest for analysis of MnO. Cr,O, has not been in- 
vestigated, but might be used. Besides being a good 
stabilizer, cobalt is a good internal standard element 
from the point of view of precision. 

Prefusion of the Buffer. As far as the authors 
know, the use of a prefused buffer containing the in- 
ternal standard elements has not been reported ear- 
lier. This might justify a discussion in some detail. 

The prefusion of the buffer is performed in a 
graphite crucible and the melt is quenched in water. 
The glass obtained is dried and ground, and the buf- 
fer is then ready for use. 

The use of prefused buffer has the following advan- 
tages: 

1) The fused sample does not wet the graphite cru- 
cible which is clean after the melt has been poured 
out. This property of the melt seems to be more in- 
dependent of the composition of the buffer when the 
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Table |. Spectrum Lines Used 


Energy Levels, ev ? 
Ionization 
Element Line A Upper State Lower State Pot, ev 
I Si 2881.6 5.08 0.78 
I Fe 4404.8 4.37 1.56 
I Al 3944.0 3.14 0.00 
I Cu 3274.0 3.78 0.00 
I Zn 3345.0 7.78 4.07 
4057.8 4.38 leeks} 
Int. Stand. I Co 3518.4 4.57 1.05 
II Mg 2795.2 4.43 0.00 7.65 
II Ca 3179.3 7.05 Sits) 6.11 
Int. Stand. II Be 3130.4 S295 0.00 9.32 


buffer is prefused than when a mixture. This is a 
question of surface tension. The alkali oxides as well 
as other metal oxides increase the surface tension 
of the borate melt. When fusing mixtures of Li,CO, 
and B,O, , for instance, the boric oxide will melt first 
and before it has dissolved any appreciable amount 
of metal oxide, it will have very low surface tension 
and might therefore wet the graphite. The prefused 
buffer has a surface tension high enough not to wet 
the graphite. 

2) The prefused buffer has a rather low softening 
point which favors a close contact between the sam- 
ple and buffer before the temperature becomes high. 

3) The prefused buffer does not contain any volatile 
components such as water and carbon dioxide. Thus, 
the melting is quieter. Because of the reduced volume, 
a smaller crucible can be used. 

4) If desired, very low concentrations of internal 
standard elements can be used, since they are homo- 
geneously distributed in the prefused buffer which is 
difficult to achieve by mechanical mixing. 

5) The prefused buffer is nonhygroscopic. 

6) Compared with precipitated chemicals the 
ground, prefused buffer is more easily handled in 
weighing and mixing, since it is more fluid. 

Internal Standard Elements. The perfect internal 
standard line should have the same excitation poten - 
tial as the analytical lines (in the case of spark lines 
the same sum of ionization and excitation potentials), 
and the internal standard element should chemically 
resemble the elements to be analyzed. Furthermore, 
the internal standard lines should have a negligible 
self-absorption and a sufficient line-to-background 
ratio at the chosen concentration level and be free 
of interfering lines. The above ideal conditions can- 
not, of course, be fulfilled in practice. The practical 
solution is a compromise. Alcoa Research Labora- 
tories* have used the Li line 6103.6 A. Although the 
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Fig. 1—Analytical curve—SiO, in slags. 


lower level is as great as 1.84 ev, the line has very 
strong self-absorption. The use of a prefused buffer 
makes it convenient to introduce various internal 
standard elements even at low concentrations, but a 
detailed study has not been made. The investigations 
confirmed that cobalt and beryllium, as pointed out 
by Lounamaa, are good internal standard elements. 
Furthermore, cobalt is essential as a stabilizer. 

Sample to Buffer Ratio. The sample-to-buffer ratio 
may be varied according to the requirements. With 
increasing dilution, interelement effects are reduced, 
but at the same time the sensitivity decreases. In 
some cases the self-absorption of available analytical 
lines puts an upper limit to the sample-to-buffer ratio. 
The proper choice is always a compromise. 

Choice of Crucible, Hasler’ introduced graphite 
crucibles for fusion purposes. In some cases it 
would be an advantage to perform the fusion in a neu- 
tral or oxidizing atmosphere. The possibility of us- 
ing nickel or platinum crucibles has therefore been 
investigated. It was found that regardless of composi- 
tion the buffer always adheres to metal crucibles. 
Graphite is therefore the only suitable material for 
the crucible. It is very important that the graphite 
crucible contains no loose graphite powder, which 
might partially reduce some metal oxides such as 
CoO. 

Mixing of Sample and Buffer. The efficiency of the 
fusion is strongly dependent on a close contact be- 
tween sample and buffer. If the mixing is not adequate 
a small part (not necessarily observable) might be 
undissolved, resulting in erroneous analysis. The mix- 
ing should preferably be done outside the graphite 
crucible. If done in the graphite crucible introduc- 
tion of graphite into the mixture must be avoided. 


Table Il. Precision of the Method 
SiO, CaO ALO, FeO ZnO Pb Cu 
Element I Il I II I Il I II I II I II I II 
Content, Pct 34.95 38.65 3.70 4.00 527. 5.65 38.8 39.8 8.00 5.50 1.10 0.50 0.43 0.28 
Coefficient of 
Variation 0.9 0.8 1.4 1.3 0.9 0.9 0.8 0.8 
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Table Ill. Precision of the Method 
CaO SiO, 

Element I II Ill I II Ill 
Content, Pct 30.00 30.80 23.00 28.15 17.00 16.50 
Coefficient of 

Variation 0.6 0.5 0.7 0.6 


Time and Temperature of Fusion. At higher tem- 
peratures the risk of reduction of some oxides in- 
creases. At 1050°C reduction of cobalt oxide has 
been observed. At lower temperature the time of 
fusion, of course, has to be increased. A fusion 
time must be chosen around which variations in fus- 
ing time, within practical limits, have no significant 
influence on the intensities of the spectral lines. 

Quenching of the Melt. In order to avoid partial 
crystallization of the melt it has to be quenched. The 
quenching is performed in a water-cooled silver cru- 
cible. With the aim of cancelling residual matrix ef- 
fects, quenching in water was investigated. No im- 
provement was observed. 

Grinding. The purpose of the grinding is to pre- 
pare a powder Suitable for the tape technique. The 
swing mill used (Messrs. Siebtechnik, Mtihlheim, 
Germany) is described elsewhere.® The house and 
bodies are easily cleaned with water. Attention 
should be paid:to possible contamination from the 
millhouse and millbodies. It is recommended that 
either a hard metal mill or a hard chrome-plated 
mill be used. A grinding time should be chosen 
around which variations in grinding time do not af- 
fect the spectral line intensities significantly. The 
effect on reproducibility of milling by addition of pa- 
per, graphite, and synthetic wetting agent has been in- 
vestigated. The reproducibility of milling was improved 
by addition of paper. The improvement was less 
significant for graphite and synthetic wetting agent. 


DESCRIPTION OF THE ANALYTICAL PROCEDURE 


In the following a description is given of the method 
used in the Boliden Mining Co. for the analysis of 
copper and lead-making slags. 
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Fig. 3-— Analytical curve—Ca0O in slags. 
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Fig. 2— Analytical curve—Al,O3 in slags. 


Isoformation. A 125-mg sample is weighed out into 
a polished nickel crucible (standard type 40 ml) con- 
taining 3.00 g pre-weighed buffer. The crucible is 
covered, and the mixing is performed by shaking (10 
sec). The mixture is quantitatively transferred to a 
graphite crucible. The fusion is performed in a muf- 
fle furnace at 1000°C. The fusion time is 4 min. The 
melt is quenched in a water-cooled silver crucible. 
The glass bead plus one paper tablet (Whatman Accel- 
erator 1.95 cm, 0.45 g) are transferred to the mill- 
house of the swing mill. The grinding time is 60 sec. 

Spectrographic Procedure. The isoformed sam- 
ple is run with the tape technique on a Quantometer 
(Applied Research Laboratories, Inc.). The expo- 
sure time is about 15 sec with no prespark. An ARL 
High-Precision Source Unit is used which has been 
modified to give 50 sparks per sec, instead of 
200, by disconnecting 3 of 4 rectifier tubes in the 
high-voltage spark section. The inductance value in 
the oscillating spark circuit is 360 wH, and the ca- 
pacitance is 0.015 pF. Air at low pressure is blown 
into the spark gap. High-purity graphite electrodes 
are used. The surface of the tips of the electrodes 
are smooth and have a polished appearance. The up- 
per electrode is positive. The speed of the tape is 
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Fig. 4—Analytical Curve—MgoO in slags. 
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Fig. 5—Analytical curve—ZnO in slags. 


about 0.15 m per sec. The width of the adhesive slit 
is 2.5 mm. Normally two runs are made. In Table I 
the lines used are presented. 

Chemicals and Accessories. In the following the 
preparation of buffer is described. Furthermore, 
questions regarding crucibles and tape are dealt with. 

Prefused Buffer. The prefused buffer is made from 
the following components: 67.0 pct Li,B,O,, 23.0 pct 
SrB,O,, 9.95 pct Co,0,, and 0.05 pct BeCO,. The 
weighed chemicals are carefully mixed in a mechan- 
ical mixer (3 D-u type 1, Messrs. Rudolph Grave, 
Stockholm, Sweden) in charges of about 3 kg. The 
mixture in charges of 1 kg is fused in a graphite cru- 
cible with the dimensions 100 by 200 mm. The fu- 
sion time is 30 min at 1000°C. The melt is quenched 
by pouring it into distilled water in a stainless steel 
container (10 liter). The pouring must be done care- 
fully to avoid local overheating of the water. The 
glass granules obtained are filtered on a filter nutch 
and dried with alcohol and air. The glass is then 
ground in charges of 100 g in a chrome-plated swing 
mill for 2 min. The charges from the mill are then 
mechanically mixed in the above-mentioned mixer. 

Graphite Crucible. The crucibles have the inner 
dimensions 24 by 20 mm. The wall thickness is 
about 6 mm. The crucibles can be used several times 
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Fig. 7—Analytical curve—Cu in slags. 
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Fig. 6—Analytical curve—Pb in slags. 


but must be resurfaced by boring. They should be 
blown free of any loose graphite dust by compressed 
air. 

Tape. Two types of tape are used at present (Min- 
nesota Mining and Manufacturing Co., and Messrs. 
Edaplast, Malmé, Sweden). The tape from Edaplast 
has been specially developed for this particular use, 
and is marketed under the name Spectrotape. In both 
cases the width is 16 mm and the lengths of the rolls 
are about 500 m. The rolls are stored horizontally in 
the air-conditioned spectrometer room. 


DISCUSSIONS OF THE RESULTS 


Interelement Effects. With the internal standard 
elements used, no interelement effects have been 
observed on calcium and iron. Due to high dilution 
the interelement effects on other elements, except 
silicon on aluminum, are almost negligible. The ef- 
fect of silicon on aluminum is in conformity with the 
results reported by W. H. Tingle and C. K. Matocha.? 
An increasing silicon content decreases the intensity 
of the aluminum lines. In practice the correction is 
made by establishing an empirical working curve. 
Since in this case the slag analysis is based on syn- 
thetic standards similar to the samples, any residual 
matrix effect is included in the working curve. 

Some Limitations. If the sample contains sulfur 
above a few pct, strongly sulfophile metals suchas cop- 
per might be nonhomogeneously distributed in the 
glass bead. One way to eliminate this is to calcine 
the sample. Another possibility is to add an oxidizing 
agent such as BaO, to the mixture at fusion. 

Precision and Accuracy. In Tables Iland II, typical 
examples of precision obtained are presented. The 
coefficients of variation concern double runs and 
Single isoformations. The precision is 1 pct or bet- 
ter. 

As there are no systematic differences between 
repeated isoformations, and since residual interele- 
ment effects can be corrected for, the accuracy is ex- 
pected to correspond closely to the precision. Figs. 
1 to 7 show that samples of varying composition fit the 
same analytical curves. The samples marked with 
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rings are natural-slag samples from different years; 
those with crosses are synthetically prepared mix- 
tures of widely varying composition. The fact that 
smooth curves are obtained proves that the matrix 
effects are almost completely cancelled. 

Time Involved. Using the method described above, 
it is possible to make a complete slag analysis in 
less than 10 min. Compared with the pellet method 
there is a reduction in time, since the following steps 
are not required: screening of powder, weighing of 
screened powder, mixing of powder and graphite, and 
briquetting. Furthermore, repeated runs are more 
conveniently made. 


OTHER APPLICATIONS OF THE METHOD 


The described method is, of course, not limited to 
analysis of copper and lead-making slags but can be 
used for related materials such as other types of 
slags, glasses, cements, and rocks. 

In these types of material the following elements 
can be analyzed: Rb, Cs, Cu, Mg, Ca, Ba, Zn, Sc, 
Fe, and Ni. Modifying the composition of the buffer, 
beryllium, strontium, and cobalt can also be deter - 


mined. In principle, it is also possible to determine 
sodium and potassium. The present limitations are 
the impurities in the tape and in the buffer. 


CONCLUSIONS 


Using the tape technique and isoformation by fu- 
sion, it is possible to make a complete slag analysis 
in less than 10 min with a precision of 1 pct or bet- 
ter. The important new aspect of the method is the 
application of the tape technique. The use of a pre- 
fused buffer has definite advantages. 
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The Oriented Growth Mechanism of the Formation of 
Recrystallization Textures in Aluminum 


M.N. Parthasarathi and Paul A. Beck 


The recrystallization texture formed by selective 
growth of random nuclei in an 80 pet rolled 99.997 
pet Al crystal of initial orientation near (123) [412] 
was found to consist of components related to the 
single-component rolling texture by 40 deg. rota- 
tions around [111] axes. The velative-volume frac- 
tion of the various recrystallization-texture com- 
ponents may be accounted for on the basis of the 
low mobility of twist boundaries, if it is assumed 
that the mobility of the tilt boundaries also varies 
with their orientation. Similar results with an 
aluminum-alloy crystal of the (110) [112] orienta- 
tion, containing iron, silicon, and zinc, show that 
these solute contents do not impair the effective- 
ness of the oriented growth mechanism of recrys- 
tallization-texture formation, 


In a previous investigation’? it was found that a 
sharp recrystallization texture is formed as a result 
of the oriented growth of random artificial nuclei in 
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an aluminum crystal rolled to 80 pct Rag, on the (110) 
plane in the [112] direction. Four recrystallization- 
texture components were found to occur, with orien- 
tations corresponding to 40-deg rotations around 
[111] axes of the deformation texture. Reorientations 
of this type were already found in earlier work,*»# 
where the presence of random nuclei could be rea- 
sonably assumed, but was not rigorously documented. 
The same orientation relationship was found also by 
Lticke and Liebmann, who actually measured the ori- 
entation dependence of boundary-migration rates in 
the recrystallization of Al crystals slightly deformed 
in tension.5»® 

The occurrence in the recrystallization texture of 
only four of the eight crystallographically equivalent 
orientations of the type referred to above remained 
unexplained,’*»? although it was clearly not a result 
of the absence of suitable nuclei. Recently Burgers’ 
suggested that this effect may be due to the aniso- 
tropy of boundary mobility observed” °; it was found 
that the recrystallized grains of the 40-deg [111] - 
rotated type grow much faster in directions perpen- 
dicular to the [111] they have in common with the 
matrix than parallel to this direction, z.e., the tilt 
boundaries have much higher mobility than the twist 
boundaries. The four orientations corresponding to 
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the recrystallization-texture components actually 
found, had a direction of high-boundary mobility paral- 
lel to the normal direction (N.D.) of the rolled crys- 
tal. They were, therefore, favored in selective 
growth in the normal direction over the other four 
orientations, which had their directions of high mo- 
bility tilted approximately 55 deg with respect to the 
N.D. 

In order to test the above explanation, and to inves- 
tigate the question whether the boundary mobilities 
in the various directions perpendicular to the com- 
mon [111] are all the same or not, the investigation 
described below was undertaken with a high-purity 
aluminum crystal. The orientation of this crystal 
was chosen so that 1) the various potential recrys- 
tallization-texture components derived from it by 
40 deg rotations around [111] axes had different ori- 
entations with respect to the N.D. of the rolled strip, 
and 2) recrystallization could be made to depend en- 
tirely on artificial nuclei, the randomness of which 
has been well documented. Since orientations near 
(123)[ 412] were previously found to be prevalent in 
highly -rolled polycrystalline aluminum,? it was ex- 
pected that the rolling of a crystal of this orientation 
may be accomplished by plastic flow of relatively 
slight turbulence, and thus the formation of natural 
recrystallization nuclei on subsequent annealing might 
be minimized. Because of the low symmetry of this 
orientation with respect to the N.D., it also satisfied 
the first condition. 

In addition, an experiment was carried out with an 
aluminum alloy of a composition similar to that for 
which a recent study® indicated the absence of ori- 
ented growth in the solution-treated condition. If this 
result, which was obtained with single crystals de- 
formed 20 pct in tension, is assumed to be applicable 
also in the case of high deformations by rolling,*° 
the development of random recrystallization tex- 
tures would be expected on the basis of the oriented 
growth mechanism. It was, therefore, of interest to 
study the recrystallization texture of an 80 pct rolled 
aluminum alloy crystal provided with random arti- 
ficial nuclei. For this crystal the (110)[ 112] orienta- 
tion was selected, so that the results may be directly 
compared with those previously obtained? for a high 
purity aluminum crystal of that orientation. 


EXPERIMENTAL PROCEDURE 


The analysis of the high-purity aluminum and of 
the aluminum alloy used was as follows: 


Analysis in wt pct 


Cu Fe Si 
High purity Al 0.0004 0.0005 0.001 
Aluminum alloy 0.002 0.086 0.080 

Mg Zn Na 
High purity Al 0.0007 0.000 0.0004 
Aluminum alloy 0.000 0.033 0.000 


A single crystal of high purity aluminum 4 in. long, 
1 in. wide, and0.1 in. thick was prepared in the (123) 
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[412] orientation by solidification from the melt. A 
crystal of the aluminum alloy in the (110)[112] ori- 
entation, having the same dimensions, was grown by 
the strain-anneal method. Both crystals were rolled to 
0.020 in. thickness in 22 passes, and always reversed 
end to end between passes. Specimens cut from the 
rolled strips were electrolytically thinned (methyl 
alcohol + nitric acid electrolyte) from 0.020 to 0.010 
in. thickness, so that a 0.005-in. thick layer was 
removed at both rolled surfaces. 

The high degree of very localized plastic deforma- 
tion necessary for artificial nucleation was carried 
out as follows. The specimen was mounted in a plas- 
tic frame with molten paraffin, so that one surface 
was exposed, and the whole specimen was well sup- 
ported by the solidified paraffin. The exposed sur- 
face of the specimen was rubbed with emery paper 
in a manner as random as possible. The specimen 
could be removed from the supporting frame without 
deformation by dissolving the paraffin in carbon te- 
trachloride. Isothermal annealing heat treatments 
were carried out in a salt bath. 

Metallographic study of the cross section of vari- 
ous specimens necessitated polishing and etching, 
with the edge of the section well protected, in order 
to see the thin recrystallized layer formed at the 
nucleation side in the early stages of annealing. For 
this purpose an effective method of preparation was 
suggested by Keller.’ The surface of the specimen 
was coated with a thin layer of Duco cement. The 
specimen was then placed into a slot cut in a 0.1-in. 
thick aluminum sheet by means of a jeweler’s saw. 
The sheet, containing the specimen, was then slight- 
ly squeezed so that the specimen was securely held 
in position in the slot. After careful mechanical 
polishing, the final polishing and etching was carried 
out electrolytically in a fluoroboric acid bath. 

Texture determinations were made by means of 
the Schulz back reflection method,?? using CuKa ra- 
diation at 19kv, with a Ni filter 0.014-in. thick, and 
a scintillation counter detector. The correction fac- 
tors for defocusing’* were determined by means of a 
random specimen prepared from aluminum powder. 

Spurious peaks [ of intensities 1/100 to 1/400 of 
those of the (111)-maxima] appeared in the pole fig- 
ures for the rolled single crystal, corresponding to 
planes other than (111) reflecting radiation of appro- 
priate wave lengths present in the white radiation, 
even with the low X-ray tube voltage and the heavy 
filtering used. In order to confirm this, these peaks, 
indicated by dotted contour lines in Figs. 1 and 2, 
were eliminated by decreasing the tube voltage to 
such an extent that the appropriate wave lengths no 
longer appeared in the white radiation. In the other 
pole figures, where the intensity maxima were con- 
siderably lower, such spurious peaks were not de- 
tectable. 


RESULTS 


As seen in Figs. 1 and 2, the texture of the rolled 
crystal was very homogeneous throughout the thick- 
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Fig. 1—(111) pole figure for high purity Al crystal of (123) 
[412] initial orientation, rolled 80 pct, 5 mils removed 
from rolled surface by chemical polishing. Dotted contour 
lines outline low-intensity spurious peaks due to other than 
(111) planes and to white radiation. Open triangles give 
(111) poles for initial orientation of crystal. Arbitrary 
pole density units... 


ness used. Data obtained at the rolled surface prior 
to thinning (and not reproduced here) indicated that 
the homogeneity in fact extended even to the surface 
layers. As in the case of the (110)[112] starting ori- 
entation,’ the rolling texture was extremely sharp. 
Approximately 10 to 20 deg away from the peaks the 
measured intensities fell almost everywhere to the 
level of the background, 7.e., ~4 cps. The location of 
the maxima in the rolling texture was slightly differ - 
ent from that of the (111) poles of the original crystal 
prior to rolling (Fig. 1). 

After 2-1/2 min annealing at 325°C the rolled and 
etched crystal, subjected to rubbing with emery paper 
at one side, recrystallized to a depth of approximately 
10 at the rubbed side, Fig. 3. The orientation of this 
recrystallized layer at the “nucleation side” was quite 
random, as shown in the (111) pole figure, Fig. 4. 
Aside from the maxima corresponding to the rolling 
texture, which the X-rays clearly detected underneath 


Fig. 3— Photomicrograph of cross section of rolled alu- 
minum crystal, as in Fig. 1, but after rubbing one surface 
with emery paper and annealing for 2 1/2 min at 325°C. 
Layer of recrystallized grains, ~10y thick, shown at nu- 
cleation side. X290. Reduced approximately 48 pct for 
reproduction. . 
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Fig. 2—(111) pole figure for rolled crystal, as in Fig. 1, 
but 10 mils removed from rolled surface by chemical 
polishing. Same pole density units as in Fig. 1. 


the thin recrystallized layer, only gentle undulations 
are recognizable in the pole figure. 

After 15 min annealing at 325°C some of the re- 
crystallized grains formed at the rubbed surface 
grew considerably deeper into the rolled crystal than 
the others, Fig. 5. However, they did not yet reach 
the opposite surface (“growth side”) of the specimen. 

After 150 min annealing at 325°C the growth side 
of the artificially nucleated specimen appeared com- 
pletely recrystallized on optical examination, Fig. 6. 
However, the X-ray pinhole pattern shown in Fig. 7 


min.37 


|_ min.40 


Fig. 4—(111) pole figure for ‘‘nucleation side’’ of speci- 
men rubbed with emery paper and annealed 2 1/2 min at 
325°C, as in Fig. 3. Same pole density units as in Fig. 1. 
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Fig. 5— Photomicrograph of cross section of rolled alu- 
minum crystal, as in Fig. 3, but after annealing for 15 
min at 325°C. Some recrystallized grains grew from 
‘nucleation side’’ deep into rolled crystal. X145. Re- 
duced approximately 47 pet for reproduction. 


indicated the presence of a certain amount of the de- 
formed material. This is also clearly shown in the 
(111) pole figure for the growth side, Fig. 8. In addi- 
tion to the retained deformation texture, the pole figure 
shows intense peaks due to the recrystallization texture. 
The orientation of the recrystallization texture compo- 
nents corresponds to 40 deg rotations around [111] 
axes of the deformation texture, as seen by compar - 
ing Figs. 8 and 9. Each of these peaks arises from 
two nearly coincident and therefore overlapping (111) 
pole concentrations connected with two separate re- 
crystallization texture components. Accordingly, 

the relative volume fractions of the individual recrys- 
tallization texture components cannot be directly read 
off the pole figure. Nevertheless, by systematic anal- 
ysis a fairly good estimate of these relative volume 
fractions may be obtained. The symbols used to des- 
ignate the eight recrystallization texture components 
are given in Fig. 9. 

Since a (111) pole each of components I Land IVR 
is located near a = 170 deg, ¢ = 47 deg, with a peak 
intensity in this vicinity of only 130 cps, both of these 
components must be very weak. Similarly, the maxi- 
mum intensity of only 190 cps at a = 13 deg, ¢ = 67 
deg, near a (111) pole of each of components II R and 


Fig. 7—Back-reflection pinhole pattern of the ‘“orowth 
side’’ of specimen, as in Fig. 6, taken with unfiltered Cr 
radiation. Specimen-film distance 3 cm. The segments 
of rings are due to retained deformed material. 
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Fig. 6— Photomicrograph of rolled aluminum crystal at 
growth side after annealing for 150 min at 325°C. Recrys- 
tallized grains, which grew across entire thickness of 
specimen, are elongated 1) in R.D. (up and down in mi- 
crograph) , 2) 70 deg from R.D. counter clockwise, and 
3) 45 deg from R.D. clockwise. X8. Enlarged approxima- 
tely 6 pct for reproduction. 


IV R, confirms that IV R is weak and it indicates that 
II R is also weak. A (111) pole of each of components 
Ill L and IV R is located near a = 290 deg, o = 32 deg, 


Fig. 8—(111) pole figure of ‘‘growth side’’ of specimen 
shown in Fig. 6, in the same pole-density units used in 
the other pole figures. Empty triangles give (111) poles 
for retained deformation texture. Circles show (111) 
poles for ideal orientations derived by 40 deg-rotations 
around [111] axes of deformation texture. 
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Table |. Approximate Relative Volume Fractions of Recrystallization 
Texture Components at Growth Side of (123) [412] Aluminum Crystal 
Rolled 80 Pct and Annealed 150 min at 325°C 


Intensity Peak, CPS 
Annealing Texture in combination with other 


Components components indicated Approximate Relative 
(see Fig. 9) (from Fig. 8) Volume Fraction 
IR with IIL 465 absent 
® with IR 490 
with IVR 130 30-60, weak 
with IIL 1100 
IIR rs) it IVR 190 100-180, weak 
with IL 255 
with IVL 3800 
iL oO jit IIIR 1250 ~ 465, medium 
with IR 465 
with IVL 3400 
IIR 0) jit IR 490 ~ 490, medium 
with IIL 1250 
WL re) with IIR 1100 900-1100, strong 


with IVR =1290 


Fig. 9—Stereogram showing [111] axes of deformation 

texture (triangles marked I, II, Ill, and IV) and (111) IVR 0 
poles for eight ideal orientations derived by 40 deg 

rotations around the four [111]-axes. The four poles 

of a rotated orientation are identified by the roman IVL © 
numeral of the raqtation axis, and by a capital letter 
indicating the sense of rotation (Left or Right). 


with IL 130 50-70, weak 


fis IIR 190 
with IIL 1290 


with IIL 3800 3000-3300, very strong 
with IIR 3400 


pole concentration of 1100 cps at @ = 100 deg, ¢ = 37 
where the peak intensity is 1290 cps. Since IV Ris deg, associated with components II R and III L. Since 
weak, as shown above, the intensity here must be at-. II R was found to be very weak, this intensity may be 
tributed largely to component III L. A confirmation of again largely attributed to II] L. The peak intensity 
this conclusion is obtained by considering the (111) of 465 cps at a = 132 deg and ¢ = 60 deg, associated 

with the combination I R and II L, shows that the in- 
/\ tensity of II L alone cannot be larger than 465 cps. 


2100 


Similarly, the intensity of III R cannot be larger than 
= 490 cps, since this intensity was measured for the 
| combination III R and IR at a = 272 deg and @ = 62 


deg. But the peak of 1250 cps at a = 50 deg and @ = 
1300 62 deg due to the combination of II L and III R requires 
| of =180° that both of these components assume the maximum 
values mentioned (actually it would require even 
somewhat higher values, but the argument evidently 
cannot be made that quantitative). Consequently, the 
component I R must be essentially absent. The ap- 
proximate relative intensity values that may be as- 
signed to the various recrystallization texture com- 
ponents with a fair degree of self-consistency on the 
: basis of this analysis are listed in Table I. These in- 
$ J™N tensities are assumed to be proportional to the rela- 
60. >< tive volume fractions of the recrystallization texture 
40 —\ a components, and in the following text they are used 
20 Bi \ 7X as a measure of these relative volume fractions. 
ae eee The development of the sharp recrystallization tex- 
0) lo 20 30 40 50 60 70 ture by the selective growth of random nuclei is fur- 
7, DEGREES ther clearly illustrated in Fig. 10, which gives the 
Fig. 10—(111) pole densities in arbitrary units as a func- detailed comparison of the radial sections at w= 180 deg 
tion of tilt angle ¢, at a fixed azimuthal angle of a = 180 of the three pole figures shown in Figs. 1, 4, and 8. 


i 1 in the followi 
We The fact that the observed recrystallization texture 


bing and annealing for 2 1/2 min at 325°C and (O) growth has actually developed from the random artificial 
side after annealing for 150 min at 325°C. nuclei and not from natural nuclei, which might be 
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Fig. 11—(111) pole figure of the ‘‘growth side’’ of 80 pet 
rolled and artificially-nucleated aluminum alloy crystal 
after annealing for 135 min at 380°C. Initial orientation of 
crystal was (110) [112], empty triangles. Circles show 
(111) poles for ideal orientations derived from deforma- 
tion texture by 40 deg rotations around [111] axes. Same 
pole density units as in previous pole figures. 


assumed to have a preferred orientation, was shown 
by a control experiment. A section of the rolled sin- 
gle crystal, thinned as before, but not subjected to 
rubbing by emery paper on either surface, was an- 
nealed for 150 min at 325°C. Metallographic and X- 
ray diffraction examination indicated no trace of re- 
crystallization in this specimen. Consequently, na- 
tural nuclei must have been absent, and recrystalliza- 
tion in the artificially nucleated specimen was, in 
fact, originated wholly by the artificial nuclei. 

The aluminum alloy single crystal of (110)[1i2] 
orientation was annealed in a salt bath at 640°C for 
10 hr and quenched in cold water in order to retain 
in solid solution as much of the alloying elements as 
possible. The quenched crystal was rolled to 80 pct 
Rag. The pole figure in the as-rolled condition was 
not determined. However, a back-reflection pinhole 
pattern was taken, and this was identical with that 
for the rolled high purity aluminum crystal of the 
(110)[ 110] oréentation previously described.! Two 
specimens were prepared from the rolled strip by 
the usual method of thinning. One of them was rubbed 
with emery paper on one side, in the same way as pre- 
viously described. Both specimens were then annealed 
for a period of 135 min ina salt bath at 380°C. The 
artificially nucleated specimen showed extensive 
recrystallization at the growth side, while there was 
no sign of recrystallization on either side of the spe- 
cimen not artificially nucleated. The (111) pole fig- 
ure of the growth side of the artificially nucleated spe- 
cimen after annealing for 135 min at 380°C is shown 
in Fig. 11. The recrystallization texture was quite 
sharp and it was essentially identical with that at the 
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Table Il. Average Relative Volume Fraction of Pairs of Right- and 
Left-Rotated Recrystallization Texture Components Associated with 
Each [111] Rotation Axis in (123) [412] Aluminum Crystal 


Average Relative 
Volume Fraction, 


Angle between 
Twist Plane 


{111] Rotation Axis 
for Texture 


Components and ND approximate 
I 63° A) 
II 44° 600 
IV iy? 3200 
Il De 1500 


growth side of the rolled and artificially -nucleated 
high-purity single crystal of the same orientation.! 

It consisted of four components obtained by 40 deg 
rotations around the [111] axes of the deformation 
texture located at the periphery of the pole figure. 
Intensity peaks due to some retained deformation tex- 
ture were also present. 


DISCUSSION 


Fig. 6 clearly shows the anisotropy of the boundary 
mobility for recrystallized grains having the 40 deg 
[111] -rotational relationship with the rolled (123) 
[412] crystal matrix. In this case the grains are 
elongated predominantly in three directions: 1) ap- 
proximately parallel to the rolling direction, 2) en- 
closing 70 deg with the rolling direction counter- 
clockwise, and 3) enclosing 45 deg with the rolling 
direction clock wise. These directions are satisfac- 
torily accounted for as the traces in the rolling plane 
of the (111) planes the recrystallized grains have in 
common with the matrix. Clearly, the anisotropy 
shown in Fig. 6 for the recrystallized grains in the 
rolled crystal of initial orientation (123)[ 412] is iden- 
tical with that previously observed for a rolled crys- 
tal of the (110)[112] orientation.! Twist boundaries, 
perpendicular to the [111] axes the recrystallized 
grains have in common with the matrix, have much 
lower mobility than tilt boundaries that lie parallel 
to these [111] axes. Fig. 5 also shows that the re- 
crystallized grains grow from the nucleation side in 
the form of plates, the extended faces of which cor- 
respond to boundaries of low mobility. As mentioned 
earlier, Burgers suggested’ that the absence of four 
of the eight crystallographically equivalent recrys- 
tallization texture components in the experiment with 
the (110)[112] crystal! was due to this anisotropy of 
boundary mobility, and’to the fact that the nearest 
direction of high boundary mobility for the missing 
texture components enclosed a tilting angle of 55 deg 
with the direction of the shortest distance between 
the nucleation side and the growth Side, z.e., with the 
normal direction, while that for the recrystallization 
texture components actually occurring was parallel 
to the N.D. 

Table II gives the average relative volume fraction 
for right- and left-rotated pairs of recry stallization 
texture components in the (123)[412] crystal, and the 
tilting angle between the (111) twist plane and the 
normal direction appropriate for each pair. It may 
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be seen that there is quite good qualitative agreement 
with Burgers’ suggestion. With only one exception, 


the average relative volume fraction values increase 


_as the twist plane, which contains the directions of 
high mobility, becomes more parallel to the normal 
direction. However, Table I shows that the volume 
fraction of the right- and left-rotated components 


connected with the same [111] -axis and, therefore, 


having the same tilting angle, is different. This dif- 


ference is particularly large in the case of compo- 


nents IV L (very strong) and IV R (very weak). Since 


the availability of random artificial nuclei has been 


thoroughly documented, these differences cannot be 
_due to preferred nucleus orientations. Rather, the 
observed differences of the volume fraction of the 
-right- and left-rotated recrystallization texture 
components associated with the same [111] axis 


of rotation must be attributed to effective differ - 
ences between these orientations in regard to 


their growth rates in the normal direction of the 


rolled strip. Since the mobility of the (111) twist 
boundaries was quite low, the differences in boundary 
mobility referred to may be attributed to the various 
tilt boundaries. The large extent of the variations in 
mobility among these tilt boundaries required to ac- 
count for the relative volume fractions of the corre- 
sponding recrystallization texture components is 
rather surprising. It is quite likely that the observed 
effects are exaggerated since grains of higher mobil- 
ity “cut ahead” of grains with lower mobility, thus ef- 
fectively “pinching them off”, which makes the ob- 
served differences in the corresponding volume frac- 


tions of the associated recrystallization texture com- 


ponents much larger than expected otherwise.'* It is 
very reasonable to assume that the differences in mo- 


bility between the various tilt boundaries result from 


variations in their structure. However, a detailed ac- 


count of these variations cannot be given at the pres- 


ent time. 

The aluminum alloy used had very much higher 
zinc, iron, and silicon contents than the high-purity 
aluminum. Even though the alloy crystal was heat 
treated so as to keep a large part of the alloying ele- 
ments in solution, after rolling to 80 pct Ry artificial 
nucleation on one side and annealing for 135 min at 
380°C it also developed a very sharp recrystalliza- 
tion texture at the growth side. Here, too, the various 
recrystallization texture components were related 
to the deformation texture by 40-deg rotations around 
[111] axes, as in the case of high-purity aluminum. 
Since the chemical composition was very similar to 
that used by Green, ef al.,° and the solution treatment 
was even more effective in retaining the alloying ele- 
ments in solid solution, the deviating results of the 
present investigation indicate that, with a high driv- 
ing energy (deformation by rolling to 80 pct R4), the 
orientation dependence of boundary mobility is not 
nearly as sensitive to the concentration of solutes 
as found by Green, e¢ al.,° for a low driving energy 
(deformation by 20 pct extension). The suggestion of 
Aust and Rutter?> that the effect of solutes on the 
orientation dependence of boundary mobility, as de- 
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termined by them with driving forces presumably 
much smaller even than those used by Green, eé al., 
is directly applicable to the problems of textures in 
primary recrystallization after heavy reductions by 
rolling is, therefore, open to serious question. That 
at least some of Aust and Rutter’s results actually 
do not apply under conditions more closely resem- 
bling those prevailing in typical everyday examples 
of the formation of sharp primary recrystallization 
textures (e.g., after heavy reductions by rolling at 
relatively low annealing temperatures) is suggested 
by the following observations. Aust and Rutter’? 
find that the boundary mobility is orientation depen- 
dent only in the presence of certain specific solutes 
(tin, but not silver or gold, in lead) and only in a low 
and relatively narrow range of concentrations (5 to 
40 ppm of Sn in Pb).* At tin concentrations higher 


*In an as yet unpublished investigation, the abstract of which ap- 
peared?® after the present paper was submitted for publication, Aust 
and Rutter.themselves found, in contrast to their previous results 
obtained at 300°C @0°C below the melting point of lead), that at 
175°C high-purity lead did show orientation dependence of boundary 
mobility without tin additions. 


than about 50 ppm their lead alloy specimens showed 
no selective growth of recrystallized grains in orien- 
tations having “special” (high-mobility) boundaries. 
Their findings might lead one to expect that growth 
selectivity is a rare phenomenon, occurring only under 
rather specialized conditions. Yet the present expe- 
riment with the aluminum alloy crystal shows that 
iron, silicon, and zinc in solution in quantities sev- 
eral orders of magnitude larger than the effective tin 
additions to lead according to the investigations of 
Aust and Rutter?® does not in any way impair the ef- 
fectiveness of the selective-growth mechanism in 
producing a sharp texture, identical with that observed 
in a high purity aluminum crystal of the same orien- 
tation. In fcc metals, even with high concentrations 
of impurities and of alloying solutes, no random re- 
crystallization textures are known to develop on an- 
nealing after severe rolling, although this might be 
expected on the basis of Aust and Rutter’s views.’® 
In fact, recrystallization textures in highly rolled 
fcc metals tend to change relatively little with the 
addition of a rather large variety of solutes over 
fairly wide composition ranges, where the solutes 
do not alter the rolling texture, e.g., 0.85 pct Mn in 
Al,!7 1 pct Zn or 0.2 pet Al in Cu,?® 48 pct Fe in Ni.” 
The present work deals with recrystallization tex- 
tures in rolled single crystals having a single-com- 
ponent deformation texture. The oriented growth me- 
chanism allows straightforward predictions in such 
cases as to the orientations of possible recrystalliza- 
tion-texture components. When the deformation tex- 
ture consists of more than one component, and per- 
haps also of important orientation spreads, such pre- 
dictions are, in general, not always possible to make 
with great assurance.** In this connection, some re- 
sults obtained by Verbraak’® are of considerable in- 
terest. He observed that the recrystallization tex- 
ture of a cold rolled aluminum crystal of (110)[ 110] 
initial orientation, which had a (112)[111] twin de- 
formation texture on rolling to 99 pct Ry, consisted 
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of two components, each of which was related to both 
deformation texture components by 30-deg rotations 
around the [111] at the rolling direction. The occur- 
rence in this instance of the 30-deg rotations, instead 
of the 40-deg rotations usually encountered in alumi- 
num, appears to be a rather clear-cut case of the 
tendency to compromise previously noted.!? The 30- 
deg rotated recrystallization texture components are 
fairly favorably oriented for growth with respect to 
both deformation texture components (since they are 
only 10 deg removed from the most favorable orien- 
tation relationship with both of these deformation 
texture components) while the 40-deg rotations would 
be ideally oriented for growth with respect to one of 
the two deformation texture components, while being 
unfavorably oriented with respect to the other (20 deg 
away from the most favorable orientation relation- 
ship). The compromise orientation was in this case 
evidently preferred. Allowing the formation of such 
compromise recrystallization textures from certain 
multicomponent deformation textures, the oriented 
growth mechanism offers at least a qualitative ex- 
planation of all recrystallization textures observed 
in aluminum, 

Verbraak pointed out’? that his experiment with 
the (110)[110] aluminum crystal, as described above, 
indicates that the “martensitic mechanism” proposed 
by him to explain the formation of the cube texture in 
copper in terms of oriented nuclei, cannot be opera- 
tive in the formation of the cube texture in aluminum. 
Verbraak has also shown,?® in agreement with earlier 
conclusions,** that other, previously proposed, orien- 
ted nucleation mechanisms for the formation of the 
cube texture are also not operative. Consequently, 
at the present time no oriented nucleation mechanism 
is known that could account satisfactorily for the for- 
mation of the cube texture in aluminum. The same 
statement is true also for all other recrystallization 
textures in aluminum, including the one observed by 
Verbraak, as described above. 


SUMMARY 


1) A sharp recrystallization texture was found to 
develop by selective growth of random nuclei in an 
80 pct rolled high-purity aluminum crystal of initial 
orientation (123)[ 472]. 

2) All components of the recrystallization texture 
were related to the deformation texture by 40-deg 
rotations around [111] axes, as previously found also 
for an 80 pct rolled crystal of (110)[1i12] orientation. 

3) The relative volume fractions of the various re- 
crystallization texture components may be accounted 
for on the basis of the observed relatively low mobil- 
ity of twist boundaries, as compared with tilt bound- 
aries, if it is assumed that the mobility of tilt bound- 
aries also varies with their orientation. 

4) Results obtained with a (110)[112]crystal of an 
aluminum alloy containing 0.086 pct Fe, 0.080 pct Si, 
and 0.033 pct Zn (largely in solid solution) show that 
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these solute contents do not impair the effectiveness 
of the oriented growth mechanism in producing a 
sharp recrystallization texture (after 80 pct rolling). 
The recrystallization texture of this alloy crystal was 
the same as that previously found in a similarly rolle 
and recrystallized high purity aluminum crystal of 
the same initial orientation. 

5) All known recrystallization textures in polycrys- 
talline aluminum and in highly deformed single crys- 
tals may be qualitatively accounted for by the orientec 
growth mechanism. No oriented nucleation mechanisn 
has been suggested that would satisfactorily account 
for any recrystallization texture in aluminum. 
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Recrystallization of a Silicon-Iron Crystal as Observed 
by Transmission Electron Microscopy 


‘Hsun Hu and A. Szirmae 


_ The early stages of vecrystallization in a 70 pct 
cold-rolled Si-Fe crystal of the (110) [001] ovienta- 


| tion weve studied with a Siemens electron micro- 


Orientation studies based on electron-dif- 
fraction patterns confirm the results of previous 

. texture analysis. The driving energy for recrystal- 
lization and the critical radius for growth were cal- 
culated from the dislocation energy and the energy 
of the subgrain boundaries, and it was found con- 
sistent with the observed size of the recrystallized 
grains, The vecrystallization characteristics of 
crystals with different initial orientations are dis- 
cussed, 


Tue recrystallization of cold-rolled (110)[ 001] 
crystals of Si-Fe has been widely studied by various 
investigators.'"*. Their results on both deformation 
and annealing textures are in good agreement. The 
rolling texture after 70 pct reduction consists mainly 
of two crystallographically equivalent (111) [112] 
type textures and a minor component of the (100) 
[011] type. The latter is derived from the deforma- 
tion twins, or Neumann bands, which are formed dur- 
ing the early stages of deformation and later rotate 
to the (100) [011] orientation upon further rolling 
reduction.'»*,4 Between the two main (111)[112] type 
textures, there is some orientation spread, because 
of which very low intensity areas appear in the pole 
figure. If these very low intensity areas are consid- 
ered to be a very weak component in the texture, 
then a (110)[ 001] orientation may be assigned to 
them. When this rolled crystal is annealed at a suf- 
ficiently high temperature for recrystallization, the 
texture returns to a simple (110)[001]. The purpose 
of the present investigation was primarily to seek a 
better understanding of the recrystallization process 
by using the electron transmission technique. The 
(110) [001] type of crystal was selected because ori- 
entation data for it are well known from previous 
studies with conventional techniques. Direct observa- 
tions on the recrystallization of such a crystal have 
also been made by using a hot-stage inside the elec- 
tron microscope, and the results will be reported in 
another paper. 


MATERIAL AND METHOD 


A single-crystal strip of the (110)[001] orienta- 
tion was prepared from a commercial grade 3 pct 
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Si-Fe alloy by the strain-anneal technique.® The 
strip was approximately 0.014 in. thick, and was 
rolled 70 pct at room temperature to a thickness of 
0.004 in. Specimens were cut from the rolled strip 
and were annealed in a purified hydrogen or argon 
atmosphere. They were then electrolytically polished 
in a chromic-acetic acid solution to very thin foils. 
Best results were found by polishing first between 
two narrowly spaced flat cathodes with the specimen 
edges coated with acid-resisting paint, followed by 
polishing between two pointed electrodes until a hole 
appeared in the center as described by Bollmann.° It 
was found that a thin transparent film always formed 
along the thin edges of the polished specimen. This 
film was then removed by rinsing the specimen very 
briefly in a solution of alcohol with a few drops of HF 


RESULTS AND DISCUSSION 


1) The Deformed Crystal. From the electron- 
diffraction patterns taken at various areas of an as- 
rolled specimen, the texture components as deduced 
from ordinary pole-figure analysis were confirmed. 
Over most of the areas where orientation was ex- 
amined, a (111) pattern with a [112] direction paral- 
lel to the rolling direction was obtained. This corre- 
sponds to the main deformation texture of the (111) 
[112] type. In a few areas the diffraction pattern 
was (100)[011], corresponding to the minor-texture 
component derived from the Neumann bands. The 
(110) [001] orientation, which corresponds to the 
very weak intensity area in the pole figure, was 
found infrequently. A typical example of the deformed 
matrix having the (111)* type main texture is shown 


*For simplicity, the orientation will be herein referred to its plane 
only, as the rolling direction (R.D.), or cross direction(C.D.), is well 
known from previous texture studies. 


in Fig. 1, where (a) is the microstructure and (bd) is 
the diffraction pattern taken from that area. It was 
also frequently observed that in other areas more or 
less continuous rings of weaker intensity were super- 
imposed on the simple (111) diffraction pattern, sug- 
gesting the presence of a wide range of additional 
orientations. Other evidence indicated that the re- 
crystallization characteristics are different in these 
two different types of areas. The hot-stage observa- 
tions which provide this evidence will be discussed 
in another paper. 

As shown in Fig. 1(a), numerous dislocation-free 
areas of very small size are embedded in the “clouds” 
of high-dislocation density. This indicates that the 
deformation of a single crystal, even after a rolling 
reduction of 70 pct, is far from uniform on a micro- 
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(III) 


Fig. 1—Microstructure and diffraction pattern of the cold- 
rolled crystal. (a) Microstructure showing ‘the high density 
of dislocations, and the small dislocation free areas, 
X40,000. Reduced approximately 37 pct for reproduction. 
(6) Diffraction pattern of (a) showing the (111) [112] orien- 
tation. 


scopic scale. This observation is in agreement with 
the observations of Bollmann’ in pure nickel, and 

that of Bailey and Hirsch®,°in pure silver. Both of 
these authors used polycrystalline materials. The 

size of these dislocation-free domains appears to be 
very small, averaging about 0.10 yw. In many instances, 
these domains are not clearly defined, and their size 
is difficult to estimate. 

2) Recovery and Polygonization. Figs. 2(a) and 
2(d) were taken from different areas of a specimen 
annealed at 550°C for 15 min. As can be seen from 
these photomicrographs, the average dislocation 
density has been considerably reduced by this low- 
temperature anneal. Many individual dislocations can 
now be resolved. Polygonized subgrains are beginning 
to form, and dislocation networks within the polygo- 
nized subgrains are clearly shown (Fig. 2(b)). There 
are still areas of very high-dislocation density where 
individual dislocations cannot be resolved. From the 
as-rolled state to the present recovered state, can- 
cellation of dislocations of opposite sign and rear- 
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Fig. 2—Microstructure 
and diffraction pattern of 
| the crystal annealed 15 
min at 550°C. (a) Area 
where individual dislo- 

| cations are well resolved, 
X80,000. (6b) Area where 
polygonization cells are 

| beginning to form, and 
dislocation networks 
within the cells are well 
| Shown, X80,000. (c) Dif- 
| fraction pattern taken 
from (a) or (b) areas. Re- 
duced approximately 25 
‘pet for reproduction. 


rangement of the remaining dislocations are appar - 
ently the main processes for the resulting structural 
changes. The orientation of these recovered areas 
remains unchanged from that of the deformed crys- 
tal. This is shown in Fig. 2(c). 
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Fig. 3—Microstructure and diffraction pattern of the crys- 
tal annealed 1 hr at 550°C. (a) First appearance of a recrys- 
tallized grain (marked R), X40,000. Reduced approximately 
31 pet for reproduction. (b) Diffraction pattern showing 
orientation of the recrystallized grain R, (110) [001]; extra 
spots are from the unrecrystallized matrix showing the 

(111) [112] orientation. Both orientations have the [110] 

axis in common in the cross direction. 


3) The Beginning of Recrystallization. After a 
specimen was annealed at 550°C for 1 hr, a well- 
defined subgrain structure was formed. The overall 
dislocation density was further reduced. In very 
rare areas it was possible to find one or two recrys- 
tallized grains at their very early stages of forma- 
tion. Fig. 3(a) shows such an area, where the grain 
in the center of the picture (area marked R) has just 
begun to grow into the polygonized matrix (areas 
marked M). This recrystallized grain is shown in 
Fig. 3(0) to have a (110) orientation. As can be seen 
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Fig. 4—Microstructure and diffraction pattern of the poly- 
gonized matrix after annealing 1 hr at 600°C. (a) Well-de- 
fined polygonized subgrains, X18,000. Reduced approxi- 
mately 47 pet for reproduction. (d) Diffraction pattern of 
(a) showing the same orientation as the deformed crystal 
(111) [112]; some spots clearly split into small distinct 
points. 


from the diffraction pattern, there are a few small 
extra spots. These extra diffraction spots indicate 
the (111) orientation of the unrecrystallized matrix. 
Such a superimposed diffraction pattern, in fact, 
very effectively illustrates the relative orientation 
relationship between the recrystallized grain and the 
polygonized matrix. These two orientations, z.e., the 
(110) [001] of the recrystallized grain and the (111) 
[112] of the polygonized matrix, have a [110] axis in 
common, and they are related by a rotation of 35 deg 
around this [110] axis, which is parallel to the cross 
direction of the crystal. As can be seen from Fig. 3(b), 
the [110] direction is shared by both orientations. 
This is, again, in agreement with the results from 
previous texture studies.* 


*In some instances, the orientation of the recrystallized grains is not 
exactly (110), but close to it. In a few cases, planes of some other in- 
dices, including (100) [001], are observed. These are understandable 
as the orientation spread of the (110) [001] recrystallization texture 
extends over 10 to 20 deg, and small amounts of off orientations are al- 
ways present. ‘ 

The size of this recrystallized grain (it actually 
consists of several large subgrains) is about 2 x 1074 
cm in the longest diameter, and the dislocation den- 
sity inside the grain is still fairly high. The average 
subgrain size of the polygonized matrix is approxi- 
mately 0.2 x 107* cm, and there still are local areas 
of very high-dislocation density. This is about the 
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earliest recrystallized grain that could be found in the 
present experiments. In contrast to the observations 
of Bollmann’ and of Bailey® on the recrystallization 

of polycrystalline nickel and Silver, the growth of re- 
crystallization nuclei by boundary migration of the 
subgrains was never clearly observed in the present 
work. This is understandable, because in a deformed 
single crystal neighboring subgrains are only very 
Slightly misoriented, hence the mobility of such bound- 
aries is very low. On the other hand, in a polycrys- 
talline specimen the misorientation between two 
neighboring subgrains at the old grain boundaries 

can be large, consequently such boundaries can move 
easily. 

4) The Growth of Recrystallized Grains. Upon 
annealing the deformed crystal at a still higher tem- 
perature, the polygonized structure becomes further 
well defined, and some growth of the subgrains also 
takes place. Fig. 4(a) shows a well-polygonized area 
in a Specimen annealed for 1 hr at 600°C. The aver- 
age Subgrain size is 0.5 x 107-4 cm. There has been 
no change in orientation as shown by the diffraction 
pattern taken from this well polygonized area, Fig. 
4(b). However, some of the diffraction spots have 
split into small discrete points (compare Fig. 4(d) 
with Fig. 1(0), both of which are equally enlarged 
patterns). This indicates that the continuous orienta- 
tion spread of the deformed lattice is now broken 
into discrete misoriented segments or subgrains by 
the polygonization process. 

In different areas of the same Specimen, more re- 
crystallized grains were found. A typical structure 
of these partially recrystallized areas is shown in 
Fig. 5(a). The size of this large recrystallized grain 
is 8 x 1074 cm in diameter. The dislocation density 
within the recrystallized grain is much lower than 
that in the central grain of Fig. 3(a), and it was found 
to be 2 x 10® cm per cm°.* The dislocation density in 


*Corrected for the assumed randomness of the dislocation lines by 
multiplying the measured mean projected length by (4/77). Thickness of 
specimen was assumed to be 2 x 10 -° cm. 


the polygonized matrix immediately adjacent to the - 
recrystallized grain boundary is about 100 times high- 
er than that within the recrystallized grain, or 2 x 
10*° cm per cm, Since the boundary energy of the 
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recrystallized grain and that of the subgrains can be 
estimated, the net available energy for growth of the 
recrystallized grain can be calculated; hence, the 
critical size of the growth nucleus can also be deter- 
mined. A similar analysis'° was given previously for 
the recrystallization of a (113) [332] crystal, which 
has a very weak tendency to recrystallize. On the 
other hand the recrystallization tendency of a (110) 
[001] crystal is very strong, and a simple recrystal- 
lization texture is formed. 

The free energy change that occurs when a recrys- 
tallized grain is formed in a strained matrix involves 
a reduction in the volume free-energy, and an addi- 
tional free energy required to form the new interface. 
Thus, the rate of growth of a recrystallized grain can 
be expressed as 

dR 


20 


where R is the radius of growing grain, 
a is the interface mobility, 
Ag is net free energy per unit vol for growth, 
and ois the specific surface energy of the inter- 


face. 


At equilibrium, dR/dt = 0, the critical radius for 
growth will be 


20 
Re = Ag 
This means that if the radius of the recrystallized 
grain is greater than the above value, the grain can 
grow, resulting in a decrease in the free energy of 
the system. If the radius of the recrystallized 
grain is smaller than the above value, the energy of 
the system is lower without this grain so the grain, 
theoretically, will shrink and vanish. 

The net-free energy available for growth in the 
present case can be considered as consisting of two 
terms: the energy of the dislocations and the energy 
of the subgrain boundaries. In a unit volume this can 
be expressed as 


Ag = Eq (Ny Ng) + 


Fig. 5—Microstructure and diffraction 
pattern of a partially recrystallized area 
after annealing 1 hr at 600°C. (a) Growth 
of recrystallized grain in polygonized ma- 
trix, X20,000. Reduced approximately 50 
pet for reproduction. (5) Diffraction pat- 
tern showing orientation of the recrystal- 
lized grain, (110) [001]. 


(b) 
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is the energy per unit length of dislocation 
in a random array, 


is dislocation density within subgrains in 
the polygonized matrix, 


is dislocation density in the recrystallized 
grain, 


is the subgrain boundary surface area per 
unit vol, and 


0, is the subgrain boundary surface energy 
per unit area. 


If the area shown in Fig. 5a is taken as an example, 
Ng = 2 x 10° cm per cm*, N,, = 2 x 10'° cm per cm°, 
The average subgrain size as measured by the linear 
intercept method is 0.5 x 107* cm, hence the sub- 
boundary surface area per unit vol will be! 


av(%) - = 4x 104cm 


The specific subgrain boundary energy is calculated 
from the equation given by Read and Shockley”: 


Using E,, = 10° ergs cm™~ for the energy of a high- 
angle boundary in silicon-iron as given by Dunn and 
Koch,’ 6,, = 35 deg for the angular misfit between 
the recrystallized grain and the polygonized matrix, 
@, = 0.5 deg for the average misorientation between 
the subgrains,'* the specific subgrain boundary en- 
ergy, Es, will be approximately 75 ergs per sq cm. 

The energy of a single dislocation in silicon-iron 
has been calculated by Dunn and Aust’® from the 
boundary curvature. With a dislocation density of 
10’, they have found the dislocation energy to be 
around 14 x 107* ergs per cm. Bailey and Hirsch® 
have shown that after recovery the calculated dislo- 
cation energy in silver is within a factor of 2 with 
the stored energy measurements. Their formulation 
is the following*: 


*To avoid confusion with the symbols used in the present paper, 
some of the symbols in the original formulation are changed. 


2 


Fa = 2 


where G is the shear modulus, b is Burgers vector, 
K = 1 for a screw, (1-v) for an edge dislocation, vis 
Poisson’s ratio, d is the radius of the stress field, 
Y is the core radius, and 7 is the separation between 
dislocations. This equation takes into account the 
interaction energy among four dislocations. If the 
interaction energy is neglected, only the first two 
terms on the right-hand side of the equation are used. 
For the present work, we take G = 8 x 107* dyne 
b=av3/2, where a= 2.86X 1078 cm, K=0.83 for 
equal number of edge and screw dislocations, d = 0.5 
x 1074 cm, the diameter of subgrains (as the upper 
limit), % = b/2, and rv = 200 x 107® cm, the dislocation 
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energies and subsequently calculated critical radii 
are listed in the following: 


Dislocation Energy, Critical Radius, 


Eq, Ergs/cm Re, cm 
Interaction Energy Neglected 4.4x 
Interaction Energy Among 4 
Dislocations Included 873 x LO 1:0 10 
Calculated from Boundary 
Curvature 14x 0.65 x 10% 


The diameter of the recrystallized grain shown in 
Fig. 5(a) is 8 x 1074 cm. Comparing with the calcu- 
lated critical radius based on no interaction energy 
among the dislocations, its actual radius is approxi- 
mately 2.5 times larger. Thus, it is obvious that this 
particular grain will continue to grow. 

Comparing the results of the present investigation 
with that from a previous study on the (113) [332] crys- 
tal,!° the driving energy for recrystallization can be 
greatly different in different crystals. In the 70 pct 
cold-rolled (113) [332] crystal it was found that re- 
crystallization nuclei, having once grown to 40 x 1074 
cm (40u,) in diam, had to stop their growth because of 
the lack of sufficient driving energy in the matrix. In 
the present (110) [001] crystal, the critical radius 
required for growth at the stage shown in Fig. 5(a) 
is 20 to 60 times smaller than that in the (113) [332] 
crystal. These observations indicate that the amount 
of the stored energy of cold work remaining in rolled 
Si-Fe crystals after heating to the recrystallization 
temperature varies with their initial orientation. 


SUMMARY AND CONCLUSION 


The recrystallization of a 70 pct cold-rolled (110) 
[001] crystal has been studied by the techniques of 
transmission electron microscopy. The orientation 
studies in both as-rolled and annealed specimens con- 
firm the results from previous texture analysis. Cal- 
culations of the net available driving energy for re- 
crystallization from the strain energy of the disloca- 
tions and the surface energy of subgrain boundaries 
give a critical radius for growth which is consistent 
with the experimental observations. The results of 
the present investigation, and those of a previous 
study on a different crystal, show that the driving 
energy for recrystallization can be widely different 
in crystals of different initial orientations. 
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Solute Segregation During Dendritic Growth 


F. Weinberg 


Measurements have been made of solute segvega- 
tion during dendritic growth by using radioactive 
solute elements and measuring the activity of den- 
drites cut from decanted specimens. This has been 
done for both lead and tin based binary alloys con- 
taining the following solute additions: Ag™°, T1?°4, 
Zn, Sb**4, Sn™3, and Co™. It was found that 
the ratio of the dendride to matrix concentration, 
was dependent onk,, the equilibrium distribution 
coefficient in the following way. For k, <0.1, C4/Co 
20,0: Ke 0.0, 016 <C4/C,< 1. Qualitative ob- 
servations were made of dendritic segregation, by 
using autoradiographic techniques, for the Sn + Agii0 
and Sn + T1?°* systems. The observations were found 
to be in general agreement with the measurements 
of C4/C,. Autoradiographs were also obtained of 
sectioned dendrite stalks. These indicated that the 
stalks had a substructure, delineated by solute con- 
centrations along the substructure walls. A new 
dendrite growth direction <111> is reported for tin. 


SoLutTE segregation in dilute binary alloys has 
been investigated by Pfann,* Smith, Tiller, and Rut- 
ter,’ and others. They considered the case of a slow- 
ly advancing plane solid interface, and derived ex- 
pressions for the distribution of solute in both solid 
and liquid during solidification. To determine these 
expressions, they assumed no diffusion in the solid 
and either complete mixing in the liquid,! or diffu- 
sion controlled solute movements in the liquid with- 
out any convective mixing.? 

The present investigation considers solute segre- 
gation during dendritic growth, in which case the 
solid-liquid interface is not plane, and the growth 
rates are rapid. Segregation under these growth con- 
ditions has not been treated mathematically, because 
of the relative complexity of the system. 

It has been suggested by Chalmers,? on the basis 
of preliminary results, that an alternative to the dif- 
fusion and heat flow controlled conditions during 
growth is “diffusionless” dendritic growth in which 
solid is formed with the same composition as the 
liquid. He suggests this type of growth may depend 
upon a solvent-solute relationship that permits some 
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solid solubility without excessive increase in internal 
energy, as is the case for solutions of tin in lead. On 
the other hand, Montariol,* and others, have shown ex- 
perimentally that some segregation does occur during 
dendritic growth in metals using etching and radio- 
active tracer techniques to indicate the concentrations 
of the solute. 

The present investigation was undertaken to deter- 
mine, both qualitatively and quantitatively, the extent 
of solute segregation associated with dendritic growth 
in a series of binary alloys, as a function of solute 
concentration. 


PROCEDURE 


The solvent materials used were Vulcan Electro- 
lytic tin (99.997 pct purity) and Tadanac lead (99.998 
pet purity). The solute materials were Zn, Sn, and 
Sb (better than 99.998 pct purity), Ag and Co (99.5 pet 
purity), and Tl (Fisher “purified” metal sticks). Ac- 
tivation of the solute metals was carried out in the 
reactor at Chalk River, Canada. 

Master alloys were prepared by induction heating 
from the radioactive solute metal and the pure sol- 
vent, under argon, in graphite crucibles. Pieces of 
these alloys were then added to the solvent to give 
the required solute concentration. 

Dendrites were grown in essentially the same man- 
ner as that described by Weinberg and Chalmers,®® 
in which controlled orientation single crystals were 
grown dendritically in horizontal graphite boats, and 
the liquid decanted. The crystals were grown and 
decanted in an atmosphere of tank argon. Before de- 
canting, a sample of the liquid was drawn up ina 
glass tube and allowed to solidify rapidly. The orien- 
tations of the single crystals were such that <100> 
was parallel to the growth direction, and {100} in the 
horizontal plane for lead, and [110] and (110) respec- 
tively for tin. With these orientations long dendrite 
stalks formed along the bottom of the boat in the den- 
drite direction (<100> for lead and [110] for tin) 
from which secondary branches grew. Only these 
secondary branches, which grew freely in the liquid 
from the dendrite stalk to the liquid surface, were 
used in the measurements. Accordingly, effects due 
to substrates and oxides on the surface of the liquid 
need not be considered. 

In order to measure the solute concentration C, of 
the dendrites, individual dendrite stalks were cut 
from the decanted specimens, remelted, and formed 
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Fig. 1—Dependence of activity on concentration for the 
Pb + Ag!!0 systems. 


into discs weighing approximately 0.5 g. The activity 
of these discs A, was then measured using a scintil- 
jation counter for the y-emitting isotopes, and a mica 
window Anton tube geiger counter for the B -emitting 
isotopes. Periodic checks were made to ensure that 
remelting did not affect the measured activity. The 
solute concentration of the liquid matrix CQ, was de- 
termined from the average activity A, of four speci- 
mens, formed from the metal drawn up in the glass 
tube. These specimens had the same weight and ge- 
ometry as the dendrite specimens and were measured 
under the same conditions. 

To relate the activity measurements to solute con- 
centrations, calibration curves were obtained for 
three alloy systems, Pb + Ag’!®, Pb + Zn®, and Pb + 
T17°*, Disc samples similar to the dendrite samples 
were prepared for each alloy system at several sol- 
ute concentrations and the activity of these speci- 
mens measured under standard conditions. The com- 
position of the samples was determined from the 
weights of the alloy constituents. The activity was 
then plotted as a function of concentration, giving the 
results shown in Fig. 1, for the Pb + Ag’?® system. 
From the figure it is seen that the activity is propor- 
tional to the concentration. Similar results were ob- 
tained for the Pb + Zn®, and Pb + T17°* systems, ex- 
cept that the curves did not pass through the origin. 
This was attributed to loss of solute in preparing 
the initial master alloy which would not affect the 
slope of the curve. In the case of Pb + Co®, consid- 
erable difficulty was experienced in dissolving all 
the solute in the master alloy. As a result, the pro- 
portionality constant was determined by dissolving 
Co® in acid, measuring the activity of aliquots of the 
solution, and correcting for absorption in a standard 
specimen. For the remaining alloys, only two points 
on the activity -concentration curve were determined 
to evaluate the proportionality constant. 

The technique adopted for obtaining autoradio- 
graphs of dendritically grown specimens was to place 
the specimen surface in good contact with the emul- 
sion of a photographic film, expose for a sufficient 
period of time, and then develop the film in the nor- 
mal manner. Best resolution was obtained with Con- 
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trast Process Ortho film with T1®% (a 6-emitting iso- 
tope) as the solute addition. For the y-emitting iso- 
topes, thin specimens (0.5 mm) were used to obtain 
satisfactory autoradiographs, the specimens being 
prepared by growing between mica plates. 

To obtain autoradiographs of individual dendrite 
stalks, sections of the decanted specimens were 
mounted in a dental compound, microtomed, and then 
exposed in the normal manner. It was established, 
by comparing autoradiographs of as-grown and micro- 
tomed surfaces of the same specimen, that micro- 
toming did not affect the resolution of the autoradio- 
graph or disturb the solute segregation. 


RESULTS AND DISCUSSION 


The observed dependence of C,/C, on C, is shown 
in Fig. 2. Allowing for the scatter of the points, the 
results indicate that: 

1) The value of C,/C, is a function of the particular 
binary system being considered and is not generally 
equal to unity. 

2) C,/C, is independent of C, in all of the alloy 
systems considered, at least over the range of con- 
centrations shown in Fig. 2. 

The scatter of the points shown in Fig. 2 might be 
a result of small variations in the growth and decant- 
ing conditions of successive tests. However, no cor- 
relation could be found between the deviation of the 
activity from the average, as a result of differences 
in dendrite size or small differences in growth rates. 
It was observed that microsegregation was present 
in both the dendrite and matrix specimens, which 
varied for different specimens. 

It will be noted in Fig. 2 for both Zn® in Sn and Pb, 
and Sn??* in Pb, that the curves are terminated at G = 
50 ppm. For Sb**4 in Pb, and Co® in Sn the curves 
terminate at a lower concentration. In all of these 
systems anomalous experimental points were ob- 
tained for values of C, below the lower limits of the 
curves, and in all cases, there appeared to be a ra- 
pid increase in C,;/C, as C, decreased. For example, 
in the case of Zn® in Sn, a value of C,/C, = 3.6 was 
obtained for C, = 5 ppm. 

There were three possible explanations for the in- 
crease in C,/C, at low concentrations: 

1) The equilibrium distribution coefficient in- 
creased. 

2) There was a marked change in the segregation 
mechanism during solidification. 

3) Spurious effects not associated with the solidi- 
fication process became significant at low concen- 
trations. 

To check the first possibility, direct measurements 
were made of the equilibrium distribution coefficient 
in two systems Ag*?° in Sn, and Zn® in Sn, these 
being selected because the former showed no increase 
in C;/C, at low concentrations whereas the latter 
showed a marked increase. The technique adopted 
was that described by Yue and Clark’ in which a ho- 
mogeneous alloy rod is solidified progressively from 
a solid portion at one end of the rod. In the present 
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Fig. 2—The dependence of Cy/Co on Co for the alloy system indicated. 


case rods 30-cm long by 0.8-cm in diam were used, 
sealed in glass tubes in an argon atmosphere. The 
solute distribution was determined by cutting cross- 
sections of the rod 1 mm in thickness and measuring 
the activity of the section. The initial alloy concen- 
tration C, was determined from the unmelted por- 
tion of the rod. 

The results for Ag’?° in Sn are shown in Fig. 3, in 
which the relative solute concentration is plotted as 
a function of the portion solidified, for different rates 
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of solidification. The results are similar to those 
obtained by Yue and Clark for the Cu-Mg system, 
and are also similar to the curves shown by Pfann 
for the case of complete mixing in the liquid. Ac- 
cordingly, segregation in the Ag!!° in Sn system can 
be considered to be normal at this concentration (10 
ppm). The equilibrium distribution coefficient k, = 
0.03, estimated from the value of the relative solute 
concentaiion at the beginning of solidification for 
the slowest growth rate (2 cm per hr) curve, agrees 
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plotted as a function of the fraction solidified, for a rod aneeROwn: 

progressively solidified from one end, at the rates indi- 

cated. eh phase diagram is 0.1. This compares reasonably 

with the value of 0.15 obtained from the intercept of 

reasonably well with the value of k, = 0.02 obtained Curve (1) in Fig. 4, with the ordinate axis. 

from the phase diagram. It appears reasonable to account for the high values 
The results for Zn® in Sn are shown in Fig. 4. of C;/C, obtained at low concentrations for Sn'!3 and 

Curves (1) and (2) are for sepcimens having C, = 88 Sb?24 in Pb and Co® in Sn systems, by postulating the 


and 10 ppm respectively, and grown in an atmosphere presence of a secondary effect, possibly oxidation, 
of tank argon. Curve (3) is also for C, = 10 ppm, but due to constituents present, other than the solute and 
in this case purified argon was used instead of tank solvent atoms. Data was also obtained for the Co® 
argon as an atmosphere. The same results for Curve in Pb system at low solute concentrations, and most 
(2) were obtained using a higher purity (99.9999 pct) of the values of C,/C, were found to be greater than 


tin solvent. unity. Progressive solidification at slow rates in 
Examining the three curves, it can be seen that purified argon gave k, = 0.09 at C,= 0.5 ppm for this 

Curves (1) and (3) are similar to those obtained at system, indicating that most of the data obtained was 

the slow growth rates for Ag!?° in Sn, whereas Curve not significant, and therefore this curve was not in- 

(2) is markedly different, with a peak in the concen- cluded. 

tration curve shortly after the start of solidification. The values of the effective dendrite-segregation 

It is clear that the anomalous behavior of Curve (2) coefficient C,/C, are compared to the corresponding 

is a result of a secondary effect at low zinc concen- equilibrium segregation coefficient k, in Table I. 

trations, due to a constituent in the tank argon, since The former values were obtained from the curves 

the effect can be eliminated by using purified argon. in Fig. 2, the latter estimated from the phase dia- 

It is not clear what the effect is; possibly some of grams given by Hansen.’ In some cases there was 

the Zn®> was oxidized to ZnO by oxygen present in the insufficient information available from the phase 

argon and the ZnO segregated in a totally different diagrams to determine k, at low solute concentrations. 

manner than the zinc atoms. In these cases, estimates were made from tangents 
This effect could account for the high values of C,;/ drawn to the solidus and liquidus curves at low con- 

C, obtained in the dendrite segregation for the Zn® centrations, or from estimates of the maximum 

in Sn and Pb systems below C, = 50 ppm since tank solid solubility, if the solidus was not known. In one 

argon was used in this case as well. To check this case, Sb’*4 in Sn, k, was determined experimentally 


further, dendrites were grown in an all glass system _ by progressive solidification in purified argon, in 

using a purified argon atmosphere, and at C,= 10 ppm _ the manner described previously. 

the value of C,;/C, was found to be the same as that From the table it is clear that the value of C,/C, 

at the higher concentrations. in all of the systems examined, lies between k, and 1. 
The value of k, for Zn in Sn as estimated from the __ If the value of k, is less than 0.1, then C;/C, approx- 
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Pig. 5—Autoradiograph of Sn specimen containing 650 ppm 
T1°% solidified dendritically in the region A-A. 


imately equals 0.6 and is independent of k,. For val- 
ues of k, greater than 0.1, C,/C, is greater than 0.6, 
approaching 1 as k, approaches 1. 

Qualitative observations of solute segregation in 
dendritically grown thin specimens were made using 
autoradiographic techniques. An example is shown 
in Fig. 5, from the T1®% in Sn system. This specimen 
was grown from left to right; non-dendritically at 
first, as indicated by the uniform distribution of sol- 
ute, and then dendritically from a number of nuclei. 
Solute segregation is clearly visible in the large den- 
drites, with solute concentrations along the grain 
boundaries. 

An example from the Ag’?° in Sn system is shown 
in Fig. 6. In this case the specimen was a thin single 
crystal, with [110] parallel to the growth direction 
and (110) in the plane of the photograph. The entire 
specimen was grown dendritically. Solute segrega- 
tion is clearly apparent with a low-solute concentra- 
tion in the initial branches, more solute in the sec- 
ondary branches, and a relatively high concentration 
where the dendrite branches meet. 

Several decanted specimens from the T1?° in Sn 
system containing dendrite stalks were sectioned and 
autoradiographed giving the results shown in Fig. 7. 
Fig. 7(a) consists of autoradiographs of typical den- 
drite specimens, with the dendrites—in this case 
three growing from the bottom to the top of the fig- 
ure—sectioned parallel to the dendrite axis. Fig. 7(d) 
shows dendrites sectioned perpendicular to the den- 
drite axis. It can be seen in all of the autoradio- 
graphs that there is marked segregation in the den- 
drite stalks. Some of the segregation can be associa- 
ted with small secondary stalks, but the major part 
appears to be associated with a substructure in the 
dendrite, with a high concentration of solute along the 
substructure boundaries. The substructure is rela- 
tively small, and cannot be readily associated with 
either the primary or secondary branches of the den- 
drite. 


Table I. 
Cq /Cy ky Ca/Co 
Pb+ 0.04 0.65 Sn+Ag'?? 0.02 0.65 
1.00 1.00 Sher 0.02 0.65 
Pb+ 0.2 0.65 Sn+ 0.1 0.65 
Pb+Sb!* 0.5 0.85 Sn+Sb**4 1.6 
Pb+Sn’*? 0.6 0.95 Sn+Co* ?(small) 0.55 
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Fig. 6—Autoradiograph of thin single crystal Sn specimen 
containing 50 ppm Ag"!9, solidified dendritically. 


An autoradiograph of dendrites from the Sb!”* in 
Sn system, sectioned parallel to the dendrite axis is 
shown in Fig. 8. In this system k, = 1.6, which sug- 
gests that the highest solute concentration should be 
along the axis of the dendrite. The autoradiograph in- 
dicates that this is the case, particularly in the one 
large bent dendrite in the upper part of the autoradio- 
graph. 

In general, therefore, the results from the auto- 
radiographs in Figs. 5 to 8 are in agreement with the 
results shown in Table I, in that for systems with 
k, <1 there is a depletion of the solute in the dendrite 
stalks, and with k, > 1 there is a concentration of 
solute. The presence of a substructure in the dendrite 
stalks could account for the observation that C,/C, is 
essentially constant for small values of k,, since the 


(6) 
Fig. 7—Autoradiographs of sectioned dendrites grown in 


a 450 ppm T12% in Sn alloy, sectioned parallel to the den- 
drite axis (2), and perpendicular to the dendrite axis (5). 
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Fig. 8—Autoradiograph of a sectioned dendrite grown in 
2 ppm Sb!#4 in Sn, sectioned parallel to the dendrite axis 
(the dendrite was bent during decanting). 


values of C, are the average concentrations of the sol- 
ute which includes both the depleted portions of the 
substructure and the concentrated regions at the sub- 
structure boundaries. The observation that k, < C;/C, 
<1 could also be accounted for in the same way. 

On the basis of the above results it is apparent that 
the suggestion put forward by Chalmers—that the solid 
formed during dendritic growth has the same compo- 
sition as the liquid in which it grows—is not generally 
applicable to the binary alloys considered in this in- 
vestigation. The question still to be considered is 
whether the same segregation process is operative 
during dendritic growth as in the case of the rapid 
advance of a plane solid-liquid interface. 

In considering this question, three factors enter in 
the comparison: 1) the effect of the geometry of the 
solid-liquid interface of an advancing dendrite, 2) the 
growth velocity both parallel and perpendicular to 
the dendrite axis, and 3) the effective mixing in the 
liquid during solidification. All three factors can 
only be considered in a semiquantitative way with 
the available data. At best, a comparison of the seg- 
regation processes can only be considered in gene- 
ral terms. 

1) It is quite possible that the shape of the solid- 
liquid interface of an advancing dendrite could result 
in segregation under conditions where it does not 
occur for a plane interface. According to Weinberg 
and Chalmers® the advancing tip of a dendrite consists 


of a wedge or pyramid bounded by close packed planes. 


The distribution of solute at the dendrite tip might 
be that sketched in Fig. 9, with the half-thickness of 
the solute layer increasing with the cross section of 
the wedge. In effect then, the solute-rich layer at the 
dendrite tip would be appreciably thinner than at the 
dendrite base, permitting more effective segregation 
at the tip. This condition would be stable as long as 
the dendrite continues to advance at a uniform rate. 
Since only a small portion of the melt solidifies den- 
dritically, the concentration of the liquid into which 
the dendrite is advancing can be considered to re- 
main at the initial concentration. 

2) The growth rates of dendrites grown in the pres- 
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Fig. 9—Solute concentration at the tip of an advancing 
dendrite. 


ent manner, in a direction parallel to the dendrite axis, 
is of the order of 1 cm per sec.® The rate perpendic- 
ular to the axis is not known; it could be less by a fac- 
tor of 10. At these growth rates, for a plane advanc- 
ing interface, assuming no mixing and k, = 0.1, the sol- 
ute concentration in the solid would equal that of the 
liquid when 1074 to 1075 cm of the material had solidi- 
fied estimated from Ref. 2. Segregation over this dis- 
tance would not be detectable in the present measure- 
ments. For the case of extensive mixing in the liquid 
(enriched-layer thickness 6 = 10~* cm), k&, = 0.1, and 

a growth rate of 1 cm per sec, k,,, would be 0.999.! 
This again would not be detectable. Accordingly, the 
equations developed for an advancing plane interface 
are not directly applicable to the case of dendritic 
growth. 

3) The extent of convective mixing associated with 
the advance of a vertical plane interface, without ex- 
ternal agitation, is not known. From the results shown 
in Fig. 3, it is clear that some convective mixing must 
occur, z.e., segregation is not entirely diffusion con- 
trolled, since at slow rates of growth the condition of 
complete mixing in the liquid is approached. Accord- 
ingly, in the case of dendritic growth, some mixing 
in the liquid must be assumed. 

The above considerations suggest the possibility 
that segregation during dendritic growth might occur 
by the same process as that associated with an advanc- 
ing plane interface, taking into account the difference 
in the shape of the solid-liquid interface and the extent 
of convective mixing in the liquid. 

The directions in which dendrites grow in tin have 
been reported as [110], [110] with minor [001] 
growth.® For the orientation of the specimen shown in 
Fig. 6, this would result in dendrite branches growing 
parallel and perpendicular to the edges of the speci- 
men. However, it can be seen that many of the dendrite 
branches are inclined to the edges of the specimen. 


From the orientation of the specimen, and by measur- 
ing the angles between the different dendrite branches 


shown in Fig. 6, it has been clearly established that 
these dendrites grew in [111] and [111] directions. 
Dendrites growing in these directions were also ob- 
served in pure tin and all of the other tin-based alloy 
systems investigated. 


CONCLUSIONS 


Solute segregation occurs during dendritic growth. 
The amount of segregation is independent of the ini- 
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tial solute concentration, but is dependent, to some 
extent, on the distribution coefficient. 

Individual dendrite stalks contain a solute substruc- 
ture, delineated by high solute concentrations along 
the substructure walls. 

Consideration of the segregation processes asso- 
ciated with dendritic growth suggests that segrega- 
tion in the dendrite case is essentially the same as 
that for a plane interface, allowing for the different 
interface geometry and extent of mixing for dendritic 
growth. 


Dendrites grow in the <111> direction in tin, in 
addition to the directions previously reported. 
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Some Recovery Characteristics of Zone-Melted Iron 


J. T. Michalak and H. W. Paxton 


The recovery of the initial flow stress of poly- 
crystalline ivon is characterized by a) a logarith- 
mic time dependence; b) an increasing activation 
energy with increasing recovery; c) an increased 
vate and fraction of vecovery with decreased tem- 
perature of deformation; and d) an increased rate 
with increased deformation. Isochronal studies of 
the recovery of single crystals revealed more 
sluggish vecovery. The original flow stress of 
single crystals could be vegained by vecovery an- 
neals at 800° or 900°C. 


Tue great majority of the theoretical treatments 
and experimental studies of strain-hardening have 
been concerned with the close-packed lattices.’ Very 
little effort has been expended on the bcc structure so 
that the theory of work-hardening of this lattice is 
essentially nonexistent. The limited amount of expe- 
rimental data resulting from the direct studies on 
silicon-iron,? low-carbon steel,’ and purified irons*~? 
does not as yet permit a detailed analysis of the 
strain-hardening. Studies concerned with the effects 
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of annealing following deformation have been few in 
number,®~*° have been somewhat limited in extent, 
and have had the disadvantage of using irons contain- 
ing a substantial impurity content. 

The present research was undertaken to augment 
the limited knowledge we have of the characteristics 
of a bcc metal as regards strain-hardening and re-~ 
covery from the strain-hardened state. The recovery 
of the flow stress has been employed since it was 
felt that the stress associated with the hardened state 
gives at least a fair qualitative description of the 
state of the imperfections causing the hardening. The 
study was concerned primarily with the recovery of 
flow stress following strain-hardening of polycrys- 
talline, zone-melted iron as a function of the amount 
of deformation, the temperature of deformation, and 
the time and temperature of the recovery anneal. A 
limited investigation of the recovery of the initial 
flow stress of single crystals of this same material 
as a function of the recovery temperature was also 
conducted in conjunction with the Lambot X-ray tech- 
nique. 


MATERIAL 


The zone-melted iron used in this investigation was 
obtained through the courtesy of the American Iron 
and Steel Institute and Battelle Memorial Institute. 
The analysis, as given by the supplier indicated a 
maximum impurity content of 0.02 wt pct excluding 
those impurities listed in Table I. (The actual impu- 
rity content is very probably less than this since de- 
tection limits were considered as the amount of a 
particular impurity level.) Also listed in Table Iare 
the interstitial impurity contents of the iron at various 
stages of experimental work indicating that these im- 
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Table |. Partial Analysis of Zone-Melted Iron 


Element and Content, Wt pct 


Material Carbon Nitrogen Oxygen Hydrogen 
As-received 0.001 0.0004 0.0024 0.00003 
Polycrystalline—After 0.0009 0.0003 _ = 
Processing 

Polycrystalline—After 0.0009 0.0003 - - 
Strain and Recovery 

Single Crystal 0.0008 0.0003 = oa 


purities were very low throughout the study. A com- 
pletely recrystallized structure of uniform, equiaxed 
grain size of 0.05 to 0.07 mm diameter was produced 
from the as-received iron by a combination of aus- 
tenitizing followed by a water quench, and several 
cold reductions at room temperature and intermediate 
recrystallization anneals at 600°C in flowing wet hy- 
drogen. 

Single crystals of the size of the test specimen 
(gage section: 0.5 mm by 5.0 mm by 32.0 mm) could 
be obtained with reasonable frequency by the follow- 
ing strain-anneal technique. A polycrystalline tensile 
Specimen was strained at room temperature to a 
total of 3.4 pct strain, and was then pulled through a 
fairly sharp temperature gradient in a flowing wet- 
hydrogen atmosphere. The maximum temperature 
in the gradient furnace was 825°C and the rate of 
travel of the specimen, which was a critical factor, 
was 8.4 mm per hr. These conditions proved success- 
ful only with the first ingot of zone-melted iron used 
in this study. From a second ingot of the same com- 
position, and identical thermal and mechanical his- 
tory, with the identical strain-anneal technique, the 
authors were able to grow only a few single crystals 
out of about 75 attempts. In fact, none of the many 
variations of the strain-anneal technique employed 
was successful. It is believed that an undetectable 
variation in impurity content (either a single element 
or combination of impurities) was the cause of the 
difference in behavior. The recrystallization charac- 
teristics of purified irons are very erratic and ex- 
tremely sensitive to trace impurities.’? 

The orientations of the single crystals obtained 
from the first ingot are shown in Fig. 1. The prepon- 
derance of the surface normals from [112] to [111] 
and tensile axes from [112] to [011] suggests the 
preferential growth during the strain-anneal proce- 
dure of the (111)[112] and (112) ~15 deg from [110] 
components which are reported by Barrett’* to com- 
pose the primary recrystallization texture of cold 
rolled iron. 


EXPERIMENTAL PROCEDURE 


a) Measure of Recovery. The recovery was based 
on the evaluation of the flow stress of the iron in va- 
rious states, and, as in previous work,**~’® the frac- 
tion of residual strain hardening is defined as 


Om — % 


[1] 
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Fig. 1—Orientations of single crystals of zone-melted iron. 


where R = fraction of recovery 


0, = flow stress of fully-annealed material 


0 = flow stress of strain-hardened material at 
a predetermined constant strain 
o = initial flow stress after a recovery anneal 


b) Stress-Strain Measurements. The specimens 
were strained in tension in an Amsler tensile testing 
machine employing a calibrated Mg-Al alloy load 
cell. The maximum error in stress determination 
was +0.095 kg per sq mm and the total strain was 
measured to +0.026 mm over a 32.0-mm gage length. 
The strain rate was in all cases 2.0 x 107-5sec7}. 
Preliminary tests established that homogeneous strain 
could be attained up to total strains in the vicinity of 
about 20 pct, andtherefore the prestrains were limited 
to total strains of 5 and 15 pct. 

c) Temperature of Prestrain. The results of a pre- 
vious investigation?” indicated that the temperature 
of prestrain might have more influence on the kine- 
tics of recovery than the amount of prestrain, and so 
temperatures of prestrain of 0°C and -78°C were em- 
ployed. 

The loading apparatus was so constructed that a 
vacuum vessel containing a liquid bath of the appro- 
priate temperature could be raised to immerse com- 
pletely the specimen. The temperature was measured 
by means of a calibrated copper-constantan ther mo- 
couple placed approximately 0.50 in. from the surface 
of the center of the gage section of the specimen. No 
tests were performed until equilibrium of the bath 
had been attained, and both the prestrain and the 
strain after anneal were carried out at the same 
temperature. 

d) Temperature of Recovery Anneals. It was found 
that for the 5 and 15 pct prestrain employed, 550°C 
was the maximum temperature at which strained 
polycrystalline specimens could be annealed for long 
times without recrystallization. The range of recov- 
ery temperatures was therefore set at 300° to 500°C 
at 50°C increments. Strained specimens were an- 
nealed in several different non-reactive media (de- 
pending on the time and temperature combinations) 
controlled to +2°C. 

e) Recovery Study on Single Crystals. The number 
of single crystals available allowed only a limited 
study. The recovery of the initial flow stress was 
evaluated as a function of temperature for a constant 
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Table Il. Flow Stresses of Zone-Melted Iron 


Temperature Oo Oe 
Type Specimen AG: kg permm? __ kg per mm? € 
Polycrystalline 0 10.80 16.66 0.05 
Polycrystalline 0 10.80 23.80 0.15 
Polycrystalline —78 23.01 27.05 0.05 
Single Crystal 0 6.64 10.50 0.05 


annealing time of 15 hr in flowing wet hydrogen fol- 
lowing 5 pct prestrain at 0°C. It was felt that 15 hr 
should produce essentially the complete recovery 
characteristic of the temperature employed. 

f) Metallographic and X-Ray Study. In addition to 
the determination of recovery of flow stress, metal- 
lographic studies were made utilizing several previ- 
ously reported polishing and etching techniques,!8~2! 
in an attempt to reveal substructure. Lambot!! X-ray 
patterns (reflection) were obtained from the single 
crystals and standard back-reflection and transmis- 
sion patterns from the polycrystalline material. 


RESULTS AND DISCUSSION 


I) Recovery of Initial Flow Stress of Polycrystal- 
line Iron. a) Following 5 pct Prestrain at 0°C. None 
of the stress-strain curves obtained at 0°C showed 
any indication of discontinuous yielding. This permit- 
ted a consistent and positive evaluation of the initial 
flow stress and also indicated that the effect of car- 
bon and nitrogen pinning of dislocations, which is 
commonly believed to contribute substantially to the 
yield point, was not important for this temperature 
of straining. The average values of true flow stresses 
are given in Table II. 

The fractions of residual strain hardening (1 — R) 
are shown in Fig. 2 as a function of annealing time at 
temperatures of 300°, 350°, 400°, 450°, and 500°C. The 
resulting curves are typical of a recovery process, 
in that they show a rapid initial rate (rate = slope of 
curve) and a decreasing rate as the time at tempera- 
ture increases. At the higher temperatures at least, 
there appears to be effectively a “saturation” value 
of recovery, characteristic of the temperature, be- 
yond which the yield strength does not change signifi- 
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Fig. 3—Recovery of strain hardening of polycrystalline 
iron following 5 pet prestrain at 0°C. 
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Fig. 2—Recovery of strain hardening of polycrystalline 
iron following 5 pct prestrain at 0°C. 


cantly with time. The lack of any yield point pheno- 
menon and the constancy of interstitial content, Table 
I, indicate that the change in flow stress is a true re- 
covery process due to thermal rearrangement and 
annihilation of imperfections. 

These same data are replotted in Fig. 3 as the 
fraction (1 - R) vs time on a logarithmic scale. This 
plot indicates that the dependence of recovery on an- 
nealing time at a constant temperature may be des- 
cribed for a substantial period of time by 


(1 —R)=6 -alnt [2] 


where (1 - R) = fraction of residual strain hardening 
= annealing time 
a and b = constants which depend on tempera- 
ture 


The question of what detailed processes are occur- 
ring during recovery which can result in the logarith- 
mic relation between flow stress and time is not easy 
to answer. The dislocation movements and resulting 
structure which occur on work-hardening a bec ma- 
terial are complex. It appears from published work 
(especially from electron transmission studies) that: 
a) a very tangled network of dislocations is produced 
on straining;°»’ b) a cell structure, the walls of which 
are tangled networks of dislocations, develops with 
increasing strain;°»’ c) no substantial pileups of dis- 
locations occur;**7 d) cross-slip is very easy at 
normal temperatures;”»* e) annealing leads to a re- 
arrangement of the tangled networks of the cell walls 
into simple subboundary networks;>)” and f) the inte- 
rior of the subgrains become relatively dislocation 
free during recovery.’ 

It would be surprising perhaps if a thermally acti- 
vated process associated with such a complex pattern 
of imperfections gave any unique activation energy. 
By making the assumption of “equivalent structures” 
at the same flow stress (which is somewhat question - 
able but apparently the only one available) it is pos- 
sible to evaluate “activation energies” from the rates 
of recovery at various values of fraction of residual 
strain hardening. The rates of recovery have been 
calculated according to the differential form of Eq. 
[2] 

ah. a 

[3] 
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Fig. 4—The temperature dependence of the rate of recov- 
ery of strain hardening of polycrystalline iron at differ- 
ent fractions of residual strain hardening following 5 pct 
prestrain at 0°C. 


and the equation suggested by Titchener and Bever”? 


at... P a P\ a 


Both forms give the same result and use the values 
of a and } calculated for each temperature by the 
least squares analysis of the data of Fig. 3. The usual 
Arrhenius type plot of In rate for a given fraction vs 
the reciprocal of temperature is shown in Fig. 4 and 
indicates the spectrum of activation energies shown 
in Fig. 5 as a function of the fraction of recovery or 
flow stress. This is qualitatively in agreement with 
the concept of most highly strained regions recover - 
ing most easily as suggested by Kuhlmann” and Dorn 
et al.” As recovery progresses, it becomes more 
and more difficult energetically to make an activated 
jump because of less assistance to fluctuations in 
local free energy. It is of interest to note that the 
curve of Fig. 5 is not inconsistent with a stress in- 
dependent activation energy at 100 pct recovery of 
about 67 kcalper mole, in reasonable agreement with 
the activation energy for self-diffusion of @ iron.** 
This result conforms qualitatively with a recovery 
mechanism suggested by Seeger and developed by 
Gregory and Rowe” for recovery of hardness of Cbh- 
1 pct Zr alloy. These workers postulate that recovery 
occurs by thermally activated double cross-slip which 
annihilates unlike screw dislocations. The activation 
energy for the annihilation is dependent on the length 
of the dislocation line and the separation distance and 
with a spectrum of line lengths and separation dis- 
tances, a spectrum of activation energies would be 
expected. A combination of simultaneous mechanisms 
would also result in a range of observed activation 
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Fig. 5—The activation energy for recovery as a function 
of the fraction of recovery following 5 pct and 15 pct pre- 
strain at 0°C. 


Ke) 


energies for recovery and a kinetic study alone will 
probably not define the mechanism of recovery. 

b) Following 5 pct Prestrain at —78°C. After strain- 
ing at -78°C, it was observed that a) there was always 
a well defined discontinuous yield during the prestrain, 
b) there was less strain hardening at this tempera- 
ture than at 0°C as measured from the slope of the 
stress-strain curve do/de, and c) there was no dis- 
continuous yield during straining after a recovery 
anneal. The occurrence of the yield point during the 
prestrain may be associated with the interstitial im- 
purity at the dislocations. The binding energy be- 
tween impurity atoms and dislocations is increased 
sufficiently by the decrease in temperature so it may 
give rise to the discontinuous yield. The lack of the 
yield point after a recovery anneal suggests that, 
even after an anneal resulting in a large decrease in 
the initial flow stress, there are still present more 
dislocations than can be effectively pinned by the 
interstitial impurities. From Harper” the density 
of dislocations at 5 pct strain would be 


sq cm 


[5] 


It has been shown that the overall dislocation den- 
sity does not change significantly during recovery’ 
so that, assuming 1 carbon atom per atom plane in- 
tersected by the dislocation for effective pinning, a 
minimum of about 107° wt pct of C (and N) is neces- 
sary to saturate all the dislocations.?® From Table 
I, there is present a maximum of 1.2 x 107? wt pct 
total interstitial impurity which may be insufficient 
for complete saturation. 

In Fig. 6 the data obtained on recovery following 
5 pct prestrain at -78°C are compared with similar 
data following prestrain at 0°C. There is an increased 
fraction of recovery and an increased rate of recov- 
ery due to straining at the lower temperature. The 
increased fraction of recovery is not solely a mani- 
festation of the decreased strain hardening at —78°C 
but is a result of the greater flow stress change (o —- 
>), as defined in Eq. [1], during annealing following 
prestrain at -78°C. The differences in rate of recov- 
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Fig. 6—Recovery of strain hardening of polycrystalline 
iron following 5 pct prestrain at 0°C and —78°C. 


ery, fraction of recovery, and strain hardening are 
associated with the increase in stored energy anda 
different dislocation configuration resulting from the 
low-temperature straining. Keh*® has recently shown 
by transmission electron microscopy that low-tem- 
perature deformation results in somewhat less jog- 
gy dislocations and fewer tangled networks forming 
cell boundaries. 

c) Following 15 pct Prestrain at 0°C. Some of the 
data for recovery following 15 pct prestrain at 0°C 
are shown in Fig. 7 along with similar data after 5 pct 
prestrain. The figure indicates that for a given tem- 
perature of anneal the increased strain results in an 
increase in the fraction of recovery and in the rate of 
recovery during the early stages of the process, but 
that an equivalent steady state fraction of recovery 
is reached for both strains. This type of behavior 
has been demonstrated previously in other met- 
als,}4)15s26,39,51 but an explanation is not apparent. Al- 
though the “saturation” fraction of recovery is inde- 
pendent of strain, over the range investigated, the 
recovered flow stresses are not equivalent as shown 
in Fig. 8 which also indicates that the “saturation” 
value of the recovered flow stress decreases linearly 
with recovery temperature. Specimens treated at 
700°C recrystallized and had a grain size of 2 to 3 
mm or four to five times the specimen thickness as 
compared to a grain size of 0.05 to 0.07 mm for all 
of the other, unrecrystallized specimens. 
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Fig. 8—The initial flow stress of polycrystalline iron in 
the maximum recovery state following 5 pct and 15 pct 
prestrain as a function of recovery temperature. 
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Fig. 7—Recovery of strain hardening of polycrystalline 
iron following 5 pct and 15 pct prestrain at 0°C. 


The activation energies for equivalent fractions of 
recovery are the same within experimental error as 
the activation energies following 5 pct prestrain as 
shown in Fig. 5. It might be expected that the activa- 
tion energy for a given fraction of recovery would 
decrease with increasing prior strain. However, pre- 
vious studies have indicated no change™ or a very 
slight decrease!®** with increasing strain. It must be 
emphasized that comparison of the “activation ener - 
gies” for a given fraction of recovery is not neces- 
sarily a meaningful comparison as the states of 
stress, or dislocation configuration and density, are 
not the same for the same fraction of recovery after 
different prestrains. 

II) Recovery of Flow Stress Other Than Initial Flow 
Stress. It was observed that for all annealing temper- 
atures considered, the greatest part of the recovery 
was a recovery of only the initial flow stress. In gene- 
ral, after an additional strain of a few percent during 
restraining after anneal, the stress-strain curve of 
the recovered material coincided with that for the 
virgin material as shown in Fig. 9. However, after 
longer annealing times, especially at the higher tem- 
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Fig. 9—Recovery of initial flow stress of polycrystalline 
iron at 400°C following 5 pct prestrain at 0°C. 
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Fig. 10—Schematic representation of recovery of strain 
hardening at 15 pct total strain. 


peratures, another recovery effect became apparent 
in that this coincidence of stress-strain curves was 
obtained only at increasingly higher strains as the 
time increased. This recovery effect was evaluated 
by noting the difference in the flow stresses between 
the virgin material and the recovered material at 
some fixed total strain. The evaluation is based on 
the assumption that the maximum difference would 
be obtained for any flow stress if 100 pct recovery 
were attained. The measurement of the flow stress 
at some fixed strain was necessitated by the obser- 
vation that the recovered specimen exhibited a great- 
er coefficient of work-hardening (as indicated by the 
slope of the stress-strain curve) than the virgin ma- 
terial. Thus, the flow stress difference decreased 
as the strain increased as may be seen from Fig. 10, 
which also indicates the definition of this recovery. 
Experimentally, this recovery was measured at 15 
pet total strain for 5 pct prestrain at 0 and -78°C, 
and at 20 pct total strain for 15 pct prestrain at 0°C. 
Some typical data are shown in Fig. 1] which com- 
pares the recovery of the flow stress at 15 pct total 
strain with the recovery of the initial flow stress 
following 5 pct prestrain at 0°C. As the figure indi- 
cates, this decrease in flow stress is less advanced 
than recovery of the initial flow stress, but appears 
to follow the general kinetics of a recovery process. 
The upper two curves of Fig. 11 will obviously not 
go through the ordinate at zero time. Recovery at 
15 pct total strain was not experimentally detectable 
until the steady-state fraction of recovery of the ini- 
tial flow stress had been attained at some time great- 
er than zero. The effects of decreased temperature 
of prestrain or increased amount of prestrain are 


the same as for the recovery of the initial flow stress. 


This type of behavior fits the recovery model of 
Rowe et al. who suggest that the annihilation of un- 
like screw dislocations by cross-slip would leave a 
large number of edge dislocations perpendicular to 
the slip plane, which would not retard the initiation 
of slip, but would increase the rate of work-harden- 
ing as a result of interaction with the moving glide 
dislocations. 

The theory of work-hardening proposed by Mott 
and Hirsch** for the second-stage hardening of the 
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Fig. 11—Recovery of strain hardening of polycrystalline 
iron at 15 pct total strain compared to recovery at 5 pct 
total strain following 5 pct prestrain at 0°C. 


close-packed fcc lattice may also describe qualita- 
tively the behavior noted here. They consider that 
the jogs on glide dislocations result in hardening by 
retarding the movement of these dislocations. Recov- 
ery of the initial flow stress then would occur by the 
annihilation of jogs without a significant decrease in 
the density of dislocations. The rate of work-harden- 
ing would be high because of the greater density of 
the “forest dislocations.” For both models, the rate 
of work-hardening of a recovered material will de- 
crease, or the flow stress beyond initial yield will 
decrease, as the density of the “forest dislocations” 
is decreased. The annihilation of the “forest” might 
be expected to require long annealing times at high 
temperatures. 

III) Metallographic and X-Ray Examination of Poly- 
crystalline Specimens. Metallographic and X-ray 
examination of the polycrystalline material indicated 
that no recrystallization had taken place during any of 
the anneals following the various prestrain conditions. 
Unfortunately, no formation of substructure could be 
detected by any means. In the case of metallographic 
examination, because of the purity of the iron, no pre- 
ferential etching of the subboundaries proved possible, 
and so, even if formed, substructure would not be re- 
vealed. 

The Laue X-ray techniques also failed to detect the 
presence of substructure in that no breakup of the 
elongated Laue spots was observed. This confirms at 
least that no recrystallization had occurred during 
the recovery anneals but, because of low sensitivity 
inherent in the technique, it is far from proof that 
substructure was not formed. From recent electron 
transmission studies*” it is expected that a well- 
defined substructure is formed as a result of the strain 
and anneal conditions of this work. 

IV) Recovery of Single Crystals. a) Flow Stress 
Measurements. Prior to prestraining, all of the as- 
grown crystals were annealed for 12 hr at 825°C. In 
addition to this anneal, specimens 3, 7, 16, 17, and19 
were subsequently annealed for 26 hr at 900°C prior 
to prestraining to determine if there was any thermal 
history effect on the recovery behavior. Specimens 
were strained 5 pct at 0°C and, unlike the polycrystal- 
line material, a discontinuous yield sometimes occur- 
red in the single crystals. The occurrence of the yield 
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Fig. 12—Recovery of polycrystalline and single crystal 
iron as a function of recovery temperature following 5 
pet prestrain at 0°C. For polycrystalline—the maximum 
recovery attained at each temperature. For single crys- 
tal—the recovery attained after 15 hr at temperature. 


point could not be correlated with any of the variables 
of orientation, thermal and mechanical history, and 
the presence of substructure. Annealing following 
prestrain was for 15 hr in flowing wet hydrogen. The 
fraction of recovery in single crystals has been plot- 
ted as a function of recovery temperature in Fig. 12, 
along with the maximum recovery exhibited by the 
polycrystalline material. If it is assumed that a 15 
hr anneal at a given temperature is sufficient to reach 
the saturation level of recovery observed in the poly - 
crystals, then the figure indicates that to attain the 
same fraction of recovery, the single crystals would 
require a higher annealing temperature than the 
polycrystals. This is not unreasonable on the basis 
of the stored energy measurements” for polycrystals 
and single crystals, and the greater complexity ex- 
pected in polycrystalline deformation. As in the case 
of the polycrystalline material, the recoverable frac- 
tion of strain-hardening observed is, over a large 
temperature range, a linear function of the tempera- 
ture of the anneal. 

For the single crystals apparently, the recovery 
may be extended to 100 pct and even more; that is, 
after 5 pct prestrain and an anneal at 800 or 900°C 
the single crystal has an initial flow stress equal to 
or less than the initial flow stress of the prestrain. 
For those crystals which did exhibit more than 100 
pct recovery, it is believed that this is not necessa- 
rily a “pure recovery” effect but may be the result 
of exceeding the conditions under which the crystals 
were initially prepared. For two of the three cases, 
the specimens were annealed for a much longer time 
(Specimen 4) or at a higher temperature (Specimen 1) 
then was employed in defining the initial state of the 
crystals. For those crystals given an additional an- 
neal at 900°C (3, 7, 16, 17, 19), the initial flow stress 
during the prestrain is less than the initial flow stress 
for those crystals annealed only at 825°C (2.79 kg per 
sq mm as compared to 3.51 kg per sq mm - resolved). 
Following this recovery study, all the crystals were 
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(a) 
Fig. 13—{123} Lambot reflections from single crystals 
of iron; (a) as-grown and annealed, (b) following 5 pct pre- 
strain at 0°C, and (c) after 15 hr at indicated tempera- 
tures. 


annealed for 132 hr at 900°C and in each case tested 
the new flow stress was the lowest observed for each 
particular crystal. Therefore, it appears that the 
extraordinary anneal would return the crystal not 
only to its initial stress level, but even below it. It is 
suspected that this decrease may be associated with 
a further removal of impurities or an increase in 
subgrain size. 

When the initial state conditions are not exceeded 
(thermally) the thermal history prior to prestrain 
has little effect on the amount of recovery attained. 
This is shown by the comparable fractions of recov- 
ery exhibited by crystals (3, 6, 19), (14, 16), and (7, 
17, 22). In addition, when the same restriction applies, 
the amount of recovery approaches but does not ex- 
ceed 100 pct. 

b) Metallographic and X-Ray Examination. Metal- 
lographic examination of each crystal in each of its 
different states again failed to reveal the formation 
of substructure. It was successful in establishing that 
no recrystallization or phase change of the crystals 
had taken place, even after annealing 132 hr at 900°C. 

The Lambot X-ray technique was somewhat more 
successful in revelaing the presence of substructure, 
even in the as-grown and annealed condition. Sever- 
al typical Lambot patterns are given in Fig. 13 which 
shows the as-grown, as-strained, and recovered 
{123} reflections for various recovery anneal tem- 
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peratures. The results of the Lambot study as em- 
ployed in this investigation can be used only asa 
qualitative indication of the presence of substructure. 

The lack of a single sharp reflection from the as- 
grown crystals showed that substructure is present 
in this condition. In this study, the presence of ad- 
ditional new substructure was detectable after an- 
nealing at a temperature of 400°C and became more 
apparent as the temperature of anneal was increased. 
That a new substructure has been formed is evidenced 
by the much shorter and sharper striae in the recov- 
ered reflection as compared to the reflection prior to 
straining. The formation of substructure in high- 
purity iron at these low annealing temperatures 
agrees with the X-ray observations of Chaudron and 
co-workers.** Unfortunately, since the subgrain size 
could not be evaluated, a quantitative correlation be- 
tween subgrain size and initial flow stress is not 
possible. 


CONCLUSIONS 


1) At a given temperature, the recovery of the ini- 
tial flow stress of polycrystalline zone-melted iron 
is a logarithmic function of the annealing time up to 
the maximum amount of recovery possible at that 
temperature. 

2) The “activation energy” for the recovery of the 
initial flow stress following 5 pct prestrain at 0°C in- 
creases as thé fraction of recovery increases over 
the temperature range of 300° to 500°C. 

3) At a constant amount of prestrain, decreasing 
the temperature of prestrain increases the rate of 
recovery and the recoverable component of strain- 
hardening. 

4) At a constant temperature of prestrain, increas- 
ing the amount of prestrain increases the rate of re- 
covery but does not increase the total fraction of re- 
covery. Increased prestrain from 5 to 15 pct has 
little or no effect on the activation energy for recov- 
ery of the initial flow stress. 

5) The recovery of a flow stress other than the ini- 
tial flow stress has kinetics similar to the recovery 
of initial flow stress, but is less advanced even at the 
highest temperatures and longest times. 

6) The fraction of recovery of single crystals is 
less than that of polycrystalline material for the same 
prestrain. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


7) Substructure is formed during annealing at tem- 
peratures as at least as low as 400°C following 5 pct 
prestrain. 
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Ettect of Temperature on Yielding in Single Crystals 
of the Hexagonal Ag-Al Intermetallic Phase 


J. D. Mote, K. Tanaka, J. E. Dorn 


In an attempt to uncover the operative strain-rate- 
controlling dislocation mechanisms, specially ori- 
ented single crystals of the intermediate hexagonal 
phase containing Ag plus 33 at. pct Al were tested 
in tension over a wide range of temperatures. Slip 
was observed to take place by the {0001} <1120> 
and {1100} <1120>mechanisms; fracture took place 
across the {1100} plane and twinning occurred by the 
{1012} mechanism. 

Basal slip exhibited a strong yield point over the 
range from 77° to 450°K, the upper resolved shear 
stress having the exceptionally high value of 10,500 
psi over this entire range of temperatures. 

The critical resolved shear stress for prismatic 
slip decreased from 48,000 psi at 4.3°K to 23,000 
psi at 170°K (Region I) following which it decreased 
slowly to 21,500 psi at 475°K (Region Il); from 475° 
to 575°K (Region II), the critical resolved shear 
stress decreased precipitously to 2000 psi; and from 
575° to, 750°K (Region IV) it decreased less rapidly 
to a low value of about 500 psi. 

Prismatic slip in Region I was probably controlled 
by the thermally activated mechanism of nucleation 
and growth of kinks in dislocations lying in Peierls 
potential troughs. In Region II for prismatic slip the 
critical resolved shear stress was shown to be de- 
termined by short-vange ordering. Over all the re- 
gion for basal slip, where a strong yield-point phe- 
nomena was observed, the critical resolved shear 
stvess was shown to be determined by a combination 
of Suzuki locking and short-range-order hardening. 
The precipitous decrease in the critical vesolved 
shear stress with increase in temperature over Re- 
gion lll was tentatively ascribed to a decrease in the 
degree of short-range ordering (or clustering) and 
also the effect of fluctuations in the degree of order. 
It is at present uncertain as to whether these or other 
possible effects are also responsible for the data ob- 
served in Region IV. 


Iwnrerest in intermetallic compounds stems not 
only from their role in dispersion hardening of poly- 
phase alloy systems’’ but equally from their poten- 
tialities for high strength, hardness, and stability 
not only at atmospheric temperatures but especially 
at elevated temperatures. As summarized in a re- 
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cent Symposium of the Electrochemical Society on 
“Mechanical Properties of Intermetallic Com- 
pounds”,* most of the experimental evidence regard- 
ing the mechanical behavior of intermetallic com- 
pounds centers about the effect of temperature on 
the hardness and ductility of polycrystalline speci- 
mens. The available data reveal that the plastic be- 
havior of intermetallic compounds might be ration- 
alized in terms of the usual dislocation mechanisms 
appropriate to a solid solutions providing the addi- 
tional complexities arising from crystal structure, 
long-range ordering, short-range ordering, and de- 
fect lattices are taken into consideration. It is ap- 
parent, however, in terms of the history on a solid 
solutions, that a complete detailed mechanistic ra- 
tionalization of dislocation processes may not be 
possible until the deformation processes are studied 
in single crystals of intermetallic compounds. The 
present paper contains a preliminary report on the 
plastic behavior of single crystals of the hexagonal 
Ag-Al intermetallic phase over a wide range of tem- 
peratures. The results confirm the thesis that single- 
crystal data provide a most effective method of iden- 
tifying operative dislocation mechanisms in inter- 
metallic compounds. 


EXPERIMENTAL TECHNIQUES 


Several factors prompted the selection of the hex- 
agonal Ag-Al intermetallic phase for this preliminary 
investigation on the plastic properties of single crys- 
tals of intermetallic compounds: 

1) This phase has a wide solubility range® which 
would permit future investigations on the effect of 
composition and axial ratios on slip mechanisms. 

2) Although it undoubtedly exhibits short-range 
ordering (or clustering) this intermetallic phase is 
free from complexities arising from long-range or- 
dering .® 

3) Since the atomic radii of aluminum and silver 
are practically identical, the possible complications 
due to Cottrell locking are minimized. 

4)Whereas the dislocations on the basal planes are 
expected to dissociate into Shockley partials and are 
thus susceptible to Suzuki locking, those on the pris- 
matic planes probably remain complete. 

5) The axial ratio, being 1.61, is almost ideal, 
suggesting that short-range ordering may be almost 
spherically symmetrical. 

The present investigation was conducted exclu- 
sively with the hexagonal Ag-Al alloy containing 33 
at. pct Al. Preliminary investigations revealed 
that this alloy undergoes basal slip by the {0001} 
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Fig. 1—Tensile stress-tensile strain diagram for basal slip. 


<1120> mechanisms, prismatic slip by the {1100} 
<1120> mechanisms, twinning by the {1012} me- 
chanism, and fracture across the {i100} prismatic 
planes. In order to investigate the basal and pris- 
matic slip, specially oriented single crystals were 
produced by the following sequence of operations: 

1) High-purity Ag (99.995 wt pct) and high-purity 
Al (99.995 wt pct) were melted under argon in an in- 
duction furnace and chill cast to produce an ingot 
of the master alloy containing the composition of 33 
at. pct Al. 

2) Sections of the above-mentioned ingot were 
placed in a graphite mold containing a spherical cavi- 
ty in which single crystal spheres about 1 in. in 
diam were grown under argon by the Bridgman tech- 
nique. 

3) The orientations of the spheres were determined 
by the Laue back-reflection technique. 

4) One set of spheres was oriented in a graphite 
mold containing a 1/4 x 1/8 in. prismatic cavity 
above the spherical receptacle to give the angles 
90 — x,, between the axis of the prismatic bar and 
the normal to the basal plane, and A,, between the 
slip direction and the axis of the bar, of about 45 deg 
each. A second set was similarly oriented for pris- 
matic slip. Oriented single-crystal bar seeds were 
produced by melting under argon a polycrystalline 
bar placed in the prismatic cavity above the oriented 
spherical seed and growing an oriented single-crys- 
tal bar from the seed. 

5) Finally, oriented single-crystal bars were 
grown using sections of the prismatic bar described 
above as seeds. 

6) Because of the unexpected high strength of the 
single crystals at low temperatures, it was necessary 
to cast polycrystalline grip sections onto the ends of 
the single-crystal bars in order to avoid necking of 
the specimen in the vicinity of the grips. Over the 
higher temperature range above about 500°K, speci- 
mens containing chemically milled gage sections were 
successfully tested. 

7) The initial orientation x, and A, of each speci- 
men was determined by the Laue back-reflection tech- 
nique to within +1 deg. 

8) Tension tests conducted below atmospheric 
temperature were carried out by complete immer- 
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Fig. 2—Schematic diagram and photograph of Luder’s band. 
(a) Schematic (b) Photograph looking normal to surface A. 


sion of the specimen in special constant tempera- 
ture baths. Tests above atmospheric temperature 
were conducted in a temperature controlled resis- 
tance furnace in air. The temperature over the 
gage section never deviated more than +1°K from 
the reported value. 

9) Axial stressed were measured to better than 
+100 psi and axial strains, obtained from a pair of 
linear differential transformers, were measured to 
a sensitivity of +0.0015 in. perin. The load-exten- 
sion diagram was autographically recorded. An 
axial strain rate of about 10~ per min was used in 
all tests. 


EXPERIMENTAL RESULTS 


A) Crystals Oriented for Basal Slip. Over the 
range of temperatures from 77° to 450°K, crystals 
oriented for basal slip exhibited exclusively sharp 
basal slip-line traces (as revealed metallographi- 
cally) which were coincident with the {0001}<1120> 
mechanism. Furthermore, within the limits of expe- 
rimental scatter, the specimens exhibited identical 
tensile stress vs tensile strain diagrams, over this 
temperature range. A typical example is given in 
Fig. 1. Several factors prove interesting: 

1) The critical resolved shear stress for defor- 
mation in this intermediate phase was about 75 to 
150 times greater than those usually observed in 
pure metal crystals. 

2) Upper and lower yield points were observed, 
the Luder’s strain having the exceptionally high value 
of € = 1.35 (see Fig. 1). 

3) A typical Luder’s band is illustrated in Fig. 2. 
Metallographic examination and back-reflection Laue 
photographs taken over the section at the front of a 
Luder’s band, revealed usual kinking due to basal 
slip. Once the band has passed a region, however, 
only a small amount of asterism was retained and 
no kinking was observed. 

4) Contrary to some opinion,’ the difference be- 
tween the upper and lower yield strength is not the 
locking stress. As the Luder’s band propagates at 
the lower yield stress, unlocking continues to take 
place at the band front. The applied stress necessary 
to propagate the band front is below the upper yield 
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Fig. 3—Fracture across an unidentified crystallographic 
plane of a specimen oriented for basal slip. 


strength because of the effects of stress concentra- 
tions arising from the geometry and from the dislo- 
cation pileups at the band front. 

5) Only a single Luder’s band formed. Once the 
Luder’s band traversed the specimen, mild strain 
hardening reminiscent of easy glide took place fol- 
lowed by a stage of more rapid strain hardening. 

6) Fracture, as shown in Fig. 3, took place by 
separation across a crystallographic plane which 
could not be definitely identified. The pole of the 
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Fig. 5—Duplex prismatic slip on specimen favorably ori- 
ented for basal slip and tested at 560°K. (a) Schematic 
(6) Photograph 
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Fig. 4—Effect of temperature on the critical resolved shear 
stress for prismatic and basal slip. 


fracture surface appeared to be 6 to 10 deg from 
the pole of the basal (0001) plane. 

7) The temperature dependence of the upper cri- 
tical resolved shear stress, Ty, the lower critical 
resolved shear stress, Ty, and the shear stress at 
fracture, Tr, for crystals favorably oriented for 
basal slip are given in Fig. 4. The data reveal that 
from 77° to 450° K these quantities are insensitive to 
the temperature. Although the crystal tested at 560°K, 
indicated by the triangular symbol in Fig. 4, was 
oriented for basal slip only, duplex prismatic slip 
took place resulting in a necking of the specimen. 

The duplex slip resulting in necking is illustrated in 
Fig. 5. The decrease of the critical resolved shear 
stress for slip on the prismatic planes with increase 
in temperature in this region will be justified in the’ 
next section. The fact that prismatic slip becomes 
very facile at high temperatures precluded studying 
basal slip above about 550°K. 

B) Crystals Oriented for Prismatic Slip. The effect 
of temperature on the critical resolved shear stress 
necessary to first induce slip on the prismatic plane 
is also shown in Fig. 4. For convenience of discus- 
sion, the temperature effect will be described in 
terms of the four regions documented in the figure. 
Whereas the critical resolved shear stress for pris- 
matic slip is much above that for basal slip in Re- 
gions I and II, it crosses and becomes less than that 
for basal slip in Region III at about 525°K. This fact 
confirms the observation previously made that at 
560° K single crystals most favorably oriented for 
basal slip actually slip on the weaker prismatic plane. 

Typical resolved shear stress vs shear strain curves 
for each of the four regions are given in Fig. 6. 

1) Region I: Over Region I (vide Fig. 4.) the criti- 
cal resolved shear stress decreased as the tempera- 
ture increased. As shown in Fig. 6, no yield-point 
phenomena was observed in this region and fine Slip 
bands were obtained exclusively due to the {1100} 
<1120> slip mechanism. Although no appreciable 
strain hardening was noted up to a shear strain of 
y = 0.22, reasonably rapid strain hardening occurred 
thereafter. The stress acting normal to the prismatic 
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Fig. 6—Typical resolved shear stress vs shear strain curves 


for prismatic slip. 
slip traces were extremely wavy and could not be as- 


sociated with a single slip system. During the test 
the critical resolved shear stress decreased as the 
specimen was deformed as shown in Fig. 6. No frac- 
ture took place, separation of the specimen being in- 
duced by duplex slip resulting in necking to a point 
over all of Region III. The strain to necking, shown 


plane at fracture, as recorded in Fig. 7, decreased 
uniformly with an increase in temperature over Re- 
gion I in a manner that paralleled the effect of tem- 
perature on the flow stress. Excepting the low-tem- 
perature test at 4.3°K which exhibited practically 
zero ductility, the strain to fracture over Region I 
was independent of the temperature. Fracturing was 
observed to be coincident with the inception of duplex 
prismatic slip, as observed metallographically; the 
plane of fracture being the second operative slip 
plane. As expected, the strain to fracture was found 
to equal that necessary to first induce duplex slip. 

It is possible that dislocations on the first set of 
Operative slip planes serve as barriers for slip on 
the second operative slip plane and thereby cause the 
dislocations on the second operative slip plane to 
pile up and coalesce thus forming the nucleus for 
fracturing. 

2) Region II; Over Region II the critical resolved 
shear stress for initiating slip was observed to be 
practically independent of the temperature as shown 
in Fig. 4. Usually a small yield point was observed 
and the specimen exhibited no strain hardening over 
the test, as shown in Fig. 6. Slip started at a number 
of points along the gage section and slip spread out 
from such faint Luder’s bands as deformation con- 
tinued. The series of photomicrographs of Fig. 8 il- 
lustrate the spreading of slip and reveal the high 
prevalence of cross-slip from the (1100) to the (0001) 
plane in spite of the fact that the applied shear stress 
to the basal plane was zero for this orientation. Frac- 
ture took place by separation across the prismatic 
plane at a shear strain of about 0.73 and a normal 
stress of about 15,000 psi regardless of the tempera- 
ture in Region II, as shown in Fig. 7. As in the case 
of Region I, the strain to fracture was equal to that 
necessary to induce duplex prismatic slip. 

3) Region III: Over Region III the critical resolved 
shear stress for initiating prismatic slip decreased 


precipitously with increasing temperature as shown Gees oer (6) 

in’ Fig. 4. The first slip bands of the {1100}<1120> py, 5_ spreading of prismatic slip in region II showing 
type to form were reasonably sharp and rather uni- cross slip to basal plane. (a) ~ X25 (6) X1000. Reduced ap- 
formly distributed. But near the end of the test the proximately 12 pct for reproduction. 
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in Fig. 7, is that necessary to induce duplex pris- 
matic slip. 

4) Region IV; Over Region IV the critical resolved 
shear stress for slip decreased slightly as the tem- 
perature was increased. Slip was so fine as to pre- 
clude detection and no strain hardening took place. 
Separation occurred by necking to a point as a re- 
Sult of duplex slip over all of Region IV and the 
strain to necking was that necessary to induce du- 
plex prismatic slip. 


DISCUSSION 


The presence of a pronounced yield point over the 
entire range of temperatures where basal slip oc- 
curs must be ascribed to some strong dislocation 
locking mechanism. Two possible locking mechan- 
isms must be considered: 

1) Cottrell locking® arising principally from strain 
energy interactions between solute atoms and dislo- 
cations, 

2) Suzuki locking® due to solute atom distribution 
between the crystal proper and the stacking fault re- 
gions between the Shockley partials of dislocations 
lying on the basal planes. 

The observed yield points for basal slip cannot be 
ascribed to Cottrell locking. First, in view of the 
similarity in the atomic radii of silver and aluminum, 
Cottrell locking would indeed be very mild, whereas 
pronounced locking was observed. Secondly, Cottrell 
locking should result in thermally activated yielding 
but, in contrast, the observed yield strength was 
found to be independent ef the temperature, revealing 
that the operative locking mechanism is not thermally 
activatable. 

Suzuki locking qualifies in terms of the fact that it 
is an athermal mechanism. Furthermore, a strong 
yield point is observed for basal slip where the dis- 
locations are split into partials and are therefore 
Suzuki locked, whereas only a mild yield point is ob- 
served for prismatic slip where the dislocations are 
probably not split into partials and therefore not Su- 
zuki locked. The dislocations moving on the prisma- 
tic plane must constrict the Suzuki locked dislocations 
on the basal plane during the process of intersection. 
The small yield point observed for prismatic slip must 
be due to the mild pileups which occur during the con- 
striction of the Suzuki locked dislocations. 

Although Suzuki locking qualifies in terms of the 
athermal nature of the yield point and adequately des- 
cribes the yield-point phenomena observed on both 
the basal and prismatic planes, it has been shown 
that only a mild strengthening effect can be effected 
by this mechanism.’ In order to explain the remark- 
ably high yield strength observed in this alloy, one 
must invoke some additional hardening mechanism 
which can be superimposed on Suzuki locking. One 
attractive possibility is that of short-range-order 
hardening as proposed by Fisher.!! Very effective 
strengthening can be obtained by this mechanism 
and yielding cannot be helped by thermal activation. 
Consequently, a short-range-order hardened alloy 
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can give a constant high yield strength over temper- 
atures below about one-half of the melting temper- 
ature at which the order becomes frozen in. Since 
such general trends are consistent with the obser - 
vations, a more detailed inspection of the data in 
terms of short-range-order hardening is warranted. 

Up to the present, no analyses have been made on 
short-range ordering in hcp lattices. Since the axial 
ratio (c/a = 1.61) in the present example is only 
slightly less than ideal for close-packing of spheres, 
the approximations for fcc metals suggested by Cow- 
ley’? and treated further by Flinn!*»!* might serve as 
a preliminary guide for analysis. 

Following Flinn’s example, it can be shown that 
the shear stress, Tp, necessary to cause basal slip 
is given by 


_ ay [1] 
a3 
where 
M, = mole fraction of component A, 
Mz = mole fraction of component B, 
v = ordering energy, 
a =the degree of order, and 


a =the lattice constant. 


Eq. [1] is identical with that given by Flinn for (111) 
Slip in the face-centered cubic lattice when proper 
conversion of units is made. 

A similar calculation for the shear stress, Tp, nec- 
essary to cause prismatic slip gives 


ty = Op [2] 
1.61q@° 


Thus, by just considering short-range-order strength- 
ening, Tp ~ Tp, while the observed value deduced from 
Fig. 4 is Tt) ~2.15 7. This difference must be as- 
cribed to the difference in strain energy associated 
with slip on the prismatic and basal planes, respec- 
tively. Indeed, in a pure hexagonal metal, such as 
Mg, the stress necessary to cause slip on the pris- 
matic plane is much larger than that needed to cause 
basal slip. A more fundamental understanding of 
why slip occurs only on certain crystallographic 
planes is needed to clarify this issue. 

An attempt was made to ascertain whether it 
might not be possible to retain the disorder intro- 
duced upon annealing at elevated temperatures by 
quenching specimens in an ice brine. The degree of 
order decreases with increasing temperature as 
given 


2v 
= May Jexp 1| [3] 


(1 - a) 
According to Eq. [1] or [2] such a decrease in the 
degree of order should result in a proportional de- 
crease in the critical resolved shear stress for slip. 
The results shown in Table I were obtained. Whereas 


the degree of disorder increased slightly when the 
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Table |. Effect of Quenching in an Ice Brine on the 
Critical Resolved Shear Stress for Slip at Room Temperature 


Quench Temp., Critical Resolved Shear Stress, psi. 


K Basal Slip Prismatic Slip 
973 8,800 21,800 
873 9,800 22,500 
773 10,500 
slowly cooled 10,500 22,500 


specimens were quenched from the highest tempera- 
tures, analyses based on simultaneous solution of 
Eqs.[1] and[3] revealed that it was not possible in 
this way to retain fully the equilibrium degree of 
order established at the temperature from which 
quenching was done. This result is expected in view 
of the anticipated rapidity of the ordering process, 
since only minor local atomic adjustments are re- 
quired to change the degree of short-range order. 
Since diffusion rates in metals become negligible 
below about one-half of their melting temperature, 


it might be anticipated that the degree of order frozen 


in the specimen at low temperatures corresponds to 
the equilibrium value at about 475°K. This concept 
is further verified by the fact that the critical re- 
solved shear stress remains substantially constant 
below this temperature for basal slip and prismatic 
Slip in Region II. Assuming that the degree of short- 
range order at the low temperatures is frozen in at 
475° K and using the observed values of Tp over the 
locking range for the simultaneous solution of Eqs. 
[1] and [3] gives the wholly reasonable results of 
a frozen in degree of order of a@ = 0.30, and an or- 
dering energy, v = -5.3 x 107!* ergs per atom or 
-760 cal per mole. 

An attempt was also made to ascertain whether the 
disordering resulting from the motion of dislocations 


could be detected by a decrease in the critical resolved 


shear stress for slip. For this purpose the following 
experiments were performed: 


1) Specimens oriented favorably for basal slip 
were cold rolled so as to cause some plastic flow 
to occur and yet prevent Luder’s band formation. 
These specimens were then tested in tension at 
300°K. 

2) To obtain more homogeneous deformation 
throughout the volume of the material, specimens 
oriented favorably for basal slip were first com- 
pressed in the thickness direction to cause plastic 
flow and then tested in tension at 300°K. 

3) Specimens oriented favorably for prismatic 
slip were strained to a shear strain of y = 0.20 at 


77°K, unloaded and further tested in tension at 300°K. 


In all the above cases the yield stress in tension 
was found to be identical with that obtained in the 
absence of cold work. This somewhat surprising 
result suggests that some, as yet unknown, barriers 
are being formed on the active slip planes. When 
the material is deformed in a tension test following 
cold work, the original slip planes are probably no 
longer active and slip takes place on new Slip planes 
on which disordering has not yet taken place. How- 
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Fig. 9—Comparison of the critical resolved shear stress 
for slip with the value calculated in terms of the equilibrium 
degree of order. 


ever, the “strain softening” observed in Region III 
might well be ascribed to the disordering that ac- 
companies slip. 

The precipitous decrease in the critical resolved 
shear stress for slip with increasing temperature in 
Region III arises, in part from the decreasing degree 
of order with increasing temperature. Assuming that 
the ordering energy is —760 cal per mole, and calcu- 
lating by means of Eqs.[3] and[ 2] the critical re- 
solved shear stress for slip under the equilibrium 
degree of order gives the broken curve shown in Fig. 
9. The observed experimental results, shown by the 
solid lines, coincide with the calculated values only 
at 475° K. Since the degree of order for temperatures 
below 475° K is believed to be that which is frozen in 
at 475°K, the observed critical resolved shear stress 
just below 475°K does not increase as rapidly with 
a decrease in temperature as that which would be 
obtained if the higher equilibrium degree of order 
were established. Above 475° K, however, the equili- 
brium degree of order must be established very ra- 
pidly. But the observed critical resolved shear 
stress in this region is below the value calculated 
from Eqs. [3] and[2]|. Therefore, an additional fac- 
tor must also affect the results in Region III. Un- 
doubtedly, since diffusion occurs reasonably rapidly 
in this region, this factor involves thermal fluctua- 
tions in the degree of order and composition. Under 
a small applied shear stress, the dislocation will 
remain arrested at a point until the local degree of 
short-range order or the composition fluctuates so 
that 7, calculated on the basis of Eq. [2] is less than 
the applied stress. Theoretical and experimental 
investigations have already been started on this 
issue. 

At present, it is not certain as to whether the 
rate controlling mechanism for slip in Region IV is 
merely an extension of that thought to be operative 
in Region III or whether some new mechanism con- 
trols the slip rate in this region. Additional investi- 
gations have been started to elucidate the rate con- 
trolling mechanism in Region IV. 

Over Region I no yield point was obtained and the 
critical resolved shear stress for slip decreased 
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with an increase in temperature, as shown in Fig. 4, 
Two models for low-temperature dislocation motion 
must be considered: 

1) The intersection of the moving dislocation with 
the forest dislocation. 

2) The nucleation and growth of kinks in disloca- 
tions lying in Peierls troughs. 

Neglecting for the present the necessary refine- 
ments to the intersection mechanism suggested by 
Basinski,’> and formulating the theory as suggested 
by Seeger,*® the shear strain rate is given by 


U 


= NL*bye *T 


[5] 


where 


N = number of points per unit volume at which the 
dislocation on the slip plane contact the forest 
dislocations, 


L =the mean spacing between the forest disloca- 
tions, 


b = the Burger’s vector, 

= the Debye frequency, 

k = the Boltzmann constant, 

T =the absolute temperature, and 

U =the activation energy for intersection. 


When the effect of the applied shear stress on the ac- 
tivation volume is neglected, the activation energy 
can be approximated by 


U ~U, - (T= Ldb 


where 


[6] 


UY = the activation energy for intersection under 
zero stress, 


T =the applied resolved shear stress, 
TG = the back stress on the slip dislocations, and 


d =the distance over which the dislocation must 
be moved to effect intersection. 


If it is assumed that the operative slip planes are a 
mean distance s apart and that such slip planes con- 
tain so many dislocations that each forest disloca- 
tion threading an operative slip plane is contacted 
by a slip dislocation, then N = (1/sL?), and the re- 
duced Seeger equation can be written as 


- (7 - t¢)Lbd 


Table Il 
Y dynes/cm? 
0.060 10 1.14 
0.150 0.1 —1.36 
0.206 10 elt 
0.288 0.1 —1.15 
0.327 10 1,34 
0.397 0.1 —1.69 
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Consequently, an estimate of the spacing L of the 
forest dislocations can be obtained from the effect 
of the strain rate on the resolved shear stress for 
slip according to 


+=e [8] 

Ye2 
if it is further assumed d ~ b. The results of a test 
conducted at 115°K in which the strain rate was 
changed periodically between 7 x 107% sec™ and 7 x 
10-* sec“! is given in Table II. These data reveal 
that L ~ 4 x 1077 cm or that the density of the forest 
dislocations is p = 1/L? ~ 6 x 10" cm™? in the as 
grown crystal which is greater than the suggested 
limiting density of dislocations,’” p; = cm™?, in 
cold-worked material. This result indicates that the 
intersection mechanism cannot account for disloca- 
tion motion in Region I. 

Considering the Peierls model and formulating the 
theory as suggested by Lothe and Hirth,!8 we have 


y=pbV [9] 
where 


p = the density of dislocations on the prismatic 
plane, 


b = the Burger’s vector, 

V = the velocity of motion of dislocation, 
and 

V=afLtJ 


where 


[10] 


L* = the length of the dislocation segment, 


f =the forward displacement of the dislocation 
line, and 


J = the diffusion current. 


The forward displacement of the dislocation line, 
considering the motion of screw dislocations is given 
by 


Cc 
f=5-<.¢ 


a 2 [11] 


where c and a are lattice constants. 
The diffusion current is given by?® 


(tT - 


U 
exp ) [12] 
where 
‘ure 
gb, 


T = the line tension of the dislocation line, 


D = the diffusion coefficient 


Tp =the Peierls stress, and 


U = the activation energy for thermal production 
of a kink pair in the dislocation line of separa - 
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tion larger than the critical separation, d, ~2 CONCLUSIONS 


h = . 
Paces ee 1) The hexagonal intermetallic phase of Ag plus 33 


The activation energy, U, is given by?® at. pet Al exhibits the following deformation and frac- 


U = 2U, - (7 - T¢)bfd, [13] turing mechanisms: 
where U, = energy for formation of one kink. Where 21P: a) Basal on the {0001} planes in the <1120> direc- 


tions 
Lothe and Hirth’® were able to neglect the stress de- 5 
pendent term in Eq. [13], it is not possible to do so in b) Bid eas on the {1100} planes in the <1120> 


the present consideration since the value of the applied e Ape 

stress is so large. Therefore, if Eqs.[10],[11],[12], Twining: On the {1012} planes. 

and [13] are substituted into Eq. [9], one obtains Fracturing: a) Across the {1100} prismatic planes. 
b) Across a crystallographic plane with 


_ 0.24yb'p73/2L*(r — Te) its pole 6 to 10 deg from the (0001) 
172 pole. 


icy Eo 2 2) Over the range from 78° to 450°K, the critical 
[14] resolved shear stress for basal slip has the almost 
constant value of 10,500 psi. The presence of a 
strong yield-point phenomenon and the athermal be- 
havior of slip was shown to arise from Suzuki lock- 
ing and short-range-order hardening. 


exp { 


Differentiating Eq. [14] partially with respect to 7 
and solving for w one obtains 


_ kT any 1 [15] 3) From 4.3° to 170° K (Region I) the resolved 
be ror T shear stress for prismatic slip decreased with an 
increase in temperature from 48,000 psi to 23,000 
Applying the results tabulated in Table II to Eq. psi, respectively. Over this region the rate of slip 
[14] one obtains for the kink length the wholly rea- is probably due to nucleation and growth of kinks in 
sonable value of w ~ 8b. dislocations lying in Peierls potential troughs. 
The kink energy, Uz, can now be calculated from 4) From 170° to 475° K (Region II) the critical re- 
the expression .. solved shear stress had the almost constant value of 
22,500 psi. Over this range the resolved shear stress 
Upl a. a Sa — TG) Wb? [16] was believed to be determined by the degree of 


short-range order. 

5) From 475° to 575° K (Region III) the critical re- 
solved shear stress for prismatic slip decreased 
precipitously with an increase in temperature from 
21,500 psi to 2,000 psi. This pronounced effect of 
temperature on the shear stress was tentatively as- 
cribed to the effect of temperature on short-range 
ordering, and the influence of fluctuations in degree 
of order and composition on the strain rate. 

6) Over the range from 575° to 750° K (Region IV) 
the critical resolved shear stress decreased slowly 
from 2,000 psi to 500 psi. 


The major back stresses that are operative in the 
present example arise from the restraints of short- 
range order and strain energy on the slip dislocations. 
Therefore 7G is given by the critical resolved shear 
stress over Region II which varies linearly with T and 
can be readily extrapolated into Region I. Hence, from 
the previous calculation and from Fig. 4 one finds 
Uz = 0.194 ev 


One may thus calculate Tp, from the equation’® 


2 
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Thermodynamic Considerations in the Chlorination of 
Ditferent Oxides Constituting Columbite (Niobite) 


and Tantalite 


G. V. Jere, C. C. Patel, and V. Krishnan 


Standard free energy and standard enthalpy 
changes as a function of temperature have been cal- 
culated for the chlorination reactions of different 
oxides constituting columbite and tantalite. The 


chlorination, andthe reduction of the chlorides in 
vapor phase to the respective metals. Recently, Si- 
bert, Kolk, and Steinberg* have considered a number 
of methods for the preparation of columbium metal 


values of standard free-energy change (AF p) in- 
dicate the possibility of preferential chlorination of 
different oxides but the ease of chlorination of 
columbium pentoxide at about 250°C and the chlor- 
inating tendency of columbium pentachloride in 
promoting the chlorination of tantalum and other 
metal oxides, prevent the separation of columbium 
and tantalum from other oxides and from each 
other, It is likely that low temperatures of chlor- 
ination and continuous removal of columbium pen- 
tachloride from the reaction zone may help partial 
separation of columbium from tantalum as well as 
from titanium. The standard enthaply change 
(AHy) values show that low-temperature chlori- 
nation around 300° to 500°C is likely to sustain the 
chlorination reactions without external heating. 


and the most promising is found to be the halide reduc- 
tion. Since the minerals columbite and tantalite are 
comparatively abundant in nature, the future of the 
metallurgical processes depends on the utilization 

of these minerals for the production of columbium and 
tantalum chlorides by chlorination. 

In this paper, an attempt has been made to interpret 
thermodynamically the chlorination of individual ox- 
ides constituting columbite and tantalite, with the help 
of the recent thermodynamic data.°~® For this pur - 
pose, standard free energy and standard enthalpy 
changes of the chlorination reactions of the oxides 
with chlorine, both in absence and presence of carbon 
as the reductant, have been calculated as a function of 
temperature and represented graphically. Similar 
calculations for the reactions employing carbon te- 
trachloride and carbonyl chloride as chlorinating 

agents have also been incorporated in this paper. 
Cotumsrum (niobium) and tantalum metals, their 
alloys and interstitial compounds are finding exten- 
sive uses in nuclear reactors and high-temperature 
equipment.“*~* These metals also find uses in chemi- 
cal process plants, electrical rectifiers and capaci- 
tors and as “getters” in electronic tubes.} 

With the development of Kroll process of reduction 
of volatilized titanium tetrachloride by magnesium 
for the production of titanium metal, chlorine metal- 
lurgy is receiving greater attention. Chlorine metal- 
lurgy has several advantages, the foremost amongst 
them are: the ease of chloride formation, separation 
of the different constituents of minerals by selective 


REPORTED WORK ON CHLORINATION 


Cuvelliez® has patented a process for the separation 
of columbium and tantalum from their concentrate, 
wherein 75 pct Cb,0, is claimed to be chlorinated at 
1050°C in the course of 7 hr using chlorine or chlorine 
containing nonreducing gases, the products of reac- 
tion being CbCl,; or CbOCl,. At this temperature, 
Ta,0; is claimed to remain unaffected. It is further 
claimed’° that at higher temperatures, the proportion 
of Ta,O, chlorinated increases while that of Cb205 
diminishes. During the studies on the action of chlor- 
ine On individual metal oxides, Kangro and Jahn?! have 
observed that Ta,O, is not chlorinated even at 1200°C 
in the stream of chlorine, while 75 pct of Cb,0; is con- 
verted into CbOC1, around 900 to 1100°C. 

The chlorination of Cb,0, by chlorine in the pres- 
ence of carbon, investigated by Lind and Ingles,’? and 
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also by Sue,’® indicates that both CbCl, and CbOC1, 
are formed as the products of chlorination. Block!? 
has observed the total chlorination of columbium and 
tantalum oxides in tin slags in the temperature range 
of 500° to 800°C, when chlorinated by chlorine in pres- 
ence of carbon as the reducing agent, the products of 
reaction being CbOCl,, CbCl,, and TaCl,. 

Ruff and Thomas*® have employed carbon tetra- 
chloride as a chlorinating agent and observed that at 
200° to 225°C, Cb,0, is chlorinated forming CbCl, 
while Ta,O; remains unaffected. In a secondary reac- 
tion, they have observed that CbCl,; reacts with Ta,O, 
giving CbOCl, and TaCl,. Schafer, Bayer, and Pie- 
truck’ have chlorinated pure pentoxides with carbon 
tetrachloride and have observed that Cb,O, gets 
chlorinated at 200 to 250°C, while Ta,O, gets chlorin- 
ated only above 350°C. These observations of Ruff 
and Thomas,?> and of Schafer and coworkers?!® have 
been confirmed by Atkinson, Steigman, and Hisky.*’ 
The latter authors’” have further noticed that TiO, is 
not chlorinated at 300°C by carbon tetrachloride but 
its chlorination is favored in presence of Cb,O, at 
the same temperature. Schafer and coworkers?® have 
also chlorinated Cb,O, containing TiO,, SnO,, and 
Ta,O,; with carbon tetrachloride and have observed 
that TiCl,, SnCl,, and TaCl, respectively are the 
products of chlorination along with CbCl,. 

Atkinson and coworkers" have carried out exten- 
Sive studies on the chlorination of Cb,0,, Ta,O,, and 
TiO, employing octachloropropane, C,Cl,, as the 
chlorinating agent. The reactions with this reagent 
have been found to be similar to those of carbon te- 
trachloride, since octachloropropane dissociates as 
follows at about 250°C and above: 


CCl 


These authors?’ have further noted that tetrachloro- 
ethylene, C,Cl,, is not a chlorinating agent. 


MINERALOGICAL OCCURRENCE AND PRODUCTS 
OF CHLORINATION 


In more common minerals of columbium and tanta- 
lum, these elements occur almost invariably together 
as columbite and tantalite of iron and manganese, hav- 
ing the composition (FeMn)O-(CbTa),0,.1> Columbite 
and tantalite are also obtained as by-products from 
tin ores, in which the former are associated with 
SnO,.1> The average composition of tantalum and co- 
lumbium minerals of the world range as: Ta,O, 

(0.2 to 83.4 pct); Cb,O, (1.5 to 73.0 pct); TiO, (0.3 

to 48 pct); SnO, (0.5 to 21.9 pct); FeO (0.5 to 15.5 
pet), and MnO (1.2 to 3.8 pct). Only one mineral man- 
ganotantalite from Australia is known to contain 13.3 
pet of MnO. 

It may be pointed out here that the values of stand- 
ard free energy (AF7) and standard enthalpy (AH) 
changes, calculated for individual oxides like TiO,, 
FeO, and Fe,O, have been useful in interpreting the 
chlorination reactions of ilmenite.*® Similarly in the 
present publication, the values of AF'7 and AH; 
changes for the chlorination reactions of columbite 
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and tantalite have been calculated employing the indi- 
vidual oxides, constituting the minerals. Oxides con- 
sidered for the chlorination of these minerals are 
Cb,0,, Ta,O,, FeO, Fe,0,, TiO,, SnO,, and MnO. 

Tantalum pentoxide on chlorination gives only tan- 
talum pentachloride, which is quite stable even at 
high temperatures. Tantalum does not form an oxy- 
chloride even when tantalum pentachloride is sub- 
limed in an atmosphere of oxygen.'®* Even the recent 
work of Jenkins and Cook”° does not show the cer- 
tainty of the formation of tantalum oxychloride. Co- 
lumbium pentoxide, on the contrary, gives rise to 
both columbium pentachloride and columbium oxy - 
chloride on chlorination. The pentachloride is stable 
up to 1300°C and dissociates into the metal and chlo- 
rine above this temperature.”!»? In the presence of 
excess chlorine, the dissociation reaction is likely to 
be retarded. The columbium oxychloride is converted 
into columbium pentoxide and columbium pentachlo- 
ride at high temperatures.’ For standard free-ener- 
gy calculations, the formation of TaCl,(g), CbCl,(g), 
and CbOC1,(g) have, therefore, been considered. In 
the same way, the chlorination of SnO, is considered 
to give rise to SnCl,(g). The products of chlorination 
of iron oxides are Fe,Cl,(g) and FeCl,(g) while those 
of titanium dioxide and manganese oxide are TiCl,(g) 
and MnCl, respectively. The products of chlorination 
of iron oxides and titanium dioxide have been dis- 
cussed previously.’® For the chlorination of MnO, the 
work of Kellogg may be referred to.” 

Other products of importance during the process of 
chlorination when carbon is employed as the reduc- 
tant are carbon monoxide and carbon dioxide. The 
equilibrium between these oxides has also been dealt 
with in the earlier publication.'® 


THERMODYNAMIC EQUATIONS AND CHEMICAL 
REACTIONS 


The standard free energy (AF 7) and standard en- 
thalpy (AH) changes of chlorination reactions, as a 
function of temperature, have been calculated by us- 
ing the following equations: 


Ab NG 


= - AaT InT T? + 57, + IT [1] 
AH An, [ 2] 


The symbols have the usual significance. The ther- 
modynamic data employed are given in Table I. Chem- 
ical reactions that are expected to take place during 
the chlorination are given in Table II in which the 
coefficients for Eqs. [1] and [2] for the chlorination 
reactions are also included. In these calculations, 3 
moles of chlorine or its equivalent at a partial pres- 
sure of 1 atm have been employed for all the reac- 
tions. This makes possible the direct comparison of 
the various chlorination reactions, including those 
which have already been given for TiO,, FeO, and 
Fe,O, in the previous publication.!® The AF values, 
calculated at different temperatures, with chlorine in 
the absence of a reducing agent, using Eq. [1] are 
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Table |. Thermodynamic Data 


Heat Capacity at Constant Pressure (7 = °K) 
in Cal Deg™* Mole~* 


Heat of Formation Free Energy of Formation CG, =a+b6T—c/T? 
Substance State 
AHP kcal per Refer- AF? kcal per Refer- Range of Refer- 
mole at 298.1°K ence mole at 298.1°K ence a b x 10° ce x 107° Temperature °K ence 
Cc C (Graphite) = 1.02 2.10 298 — 2300 25 
Gas —53.30 24 —50.31 24 14.51 - 24 
Go; Gas 94,05 24 ~94.26 24 10.55 2.16 2.04 298 — 2500 25 
co Gas ~26.42 24 ~32.81 24 6.79 0.98 0.11 298 — 2500 25 
(Oleih Gas —25.5 24 —15.3 24 23.34 P7%8) 3.6 298 — 1000 25 
CL Gas ~ - 8.82 0.06 0.68 298 — 3000 25 
Cb, 0, ~455,2 26, 27 —442.9 26 21.88. = 298 — 800 25 
CbCl, ~190.6 5 = - - 
CbCl, Gas —168.0* ~155:0 6 25+ - - 
CbOCI, 7 - 31.9 2.9 7 
Gas 184.1 7 —174.8** = 25.8 2.0 7 
O, Gas rs = 7.16 1.0 0.4 298 — 3000 25 
Sn0, Cc —138.8 24 —124.2 24 17.66 2.4 5.16 298 — 1500 25 
SnCl, Gas —117.9 28 —108.9 28 oso 0.20 1.87 298 — 1000 25 
Ta0, —488.8 26) 27 456.55 10.0 298 — m.pt. 25 
TaCl, —205.5 5 - 
TaCl, Gas —180.4* ~168.0 6 31.6 Ee 1.9 = 8 
*Calculated from the solid values. **Calculated from S>,, value.” tEstimated value. 
plotted in Fig. 1, while those with carbon as the re- method similar to the one reported earlier has been 
ductant are represented in Fig. 2. The AF>p values adopted to obtain the resultant AF; curves for the 
with CCl, and COCI, as chlorinating agents are given chlorination of Cb,0,;, Ta,O,, and SnO,.'® Similar 
in Fig. 3. The resultant AFr values of the chlorina- overall AFp curves for TiO,, FeO, and Fe,O, have 
tion reactions with carbon as the reductant and chlo- _ been included here from the earlier publication?® for 


rine as the chlorinating agent are given in Fig. 4. A the sake of comparison of the results. The standard 


Table Il. Coefficients for Free Energy and Heats of Reaction Equations 


The values of various coefficients given below make it possible to calculate AF§, and AH*. at different temperatures using Eqs. [1] and [2] 


Ab A Calculated Range of 
No. Reaction AHS Aa “2 x 10 Ac x1075 I Temperature °K 
(A) Chlorination with Chlorine 
(a) In the absence of a reducing agent 
(1) 3/5 Cb,0,(c) + 3Cl, (g) 26/5 CbCl,(g) + 3/2 O,(¢) 72353 1.15 8 —14 29.82 573 to 1773 
(2) Cb,0;(c) + 3C1,(g) = 2CbOCI,(g) + 3/2 0,(g) 83163 14.00 — 13.0 2.56 108.30 573 to 1473 
(3) 3/5 Ta,O, (c) + 3Cl,(¢) = 6/5 TaCl, (g) + 3/2 O,(g) 75331 4.68 — 2.34 0.84 15.43 573 to 1773 
(b) In Presence of Carbon (Graphite) 
(4) 3/5 Cb, 0, (c) + 3/2 C + 3CL,(g) = 6/5 CbCl, (g) 
+ 3/2 CO,(¢) —68106 0.08 —7.69 — 2.13 20.65 573 to 873 
(S) 3/5 Cb, 0, (c) + 3C + 3C1,(g) = 6/5 CbCI,(g) 
+3 CO (g) —3835 —1.52 -8.61 —8.01 —56.57 above 873 
(6) Cb,0,(c) + 3/2C + 3CL,(g) = 2CbOCI1,(g) + 3/2 CO,(g) —57295 12,93 — 13,30 1.87 99.13 573 to 873 
(7) Cb,0,€) + 3C + 3Cl,(g) = 2CbOCI,(g) + 3CO(g) 6974 1IkSs) — 14.30 — 4.01 21.96 above 873 
(8) 3/5 Ta,O,(c) + 3/2 C + 3CL(g) 2 6/5 TaCl,(¢) 
+ 3/2 CO,(¢g) —65127 3.61 — 2.24 0.15 6.25 573 to 873 
(9) 3/5 Ta,0s(c) + 3C + 3Cl,(¢) =6/5 TaCl, (g)+3CO(g) —853 2.01 — 3.15 —5.73 —71,03 above 873 
(10) 3/2 SnO,(c) + 3/2 C + 3C1,(g) = 3/2 SnCl, (g) 
+ 3/2 CO,(g) —105734 —4,92 — 0.88 — 7.06 —65.28 573 to 873 
(11) 3/2 SnO,€) + 3C + 3Cl, = 3/2 SnCl, (g) + 3CO(¢) —41462 —6.52 — 1.80 —12.94 —142.50 above 873 
(B) CCl, (g) as Chlorinating Agent 
(12) 3/5 Cb,0, (c) + 3/2 CCl, (g) = 6/5 CbCl, (g) 
+ 3/2 CO,(g) —28992 —2.32 —8.56 — 2.34 —47.37 573 to 873 
(13) 3/5 Ta,0,(c) + 3/2 CCl, (g) | 6/5 TaCl, (g) 
+ 3/2 CO,(¢) —26015 121 —3.1 — 0.06 —61.80 573 to 873 
(C) COCI,(g) as Chlorinating Agent 
(14) 3/5 Cb,0;(c) + 3COCL,(g) = 6/5 CbCl, (g)+3C0,(¢) —53810 5.0 —5,2 6.12 29.2 573 to 873 
(1S) 3/5 Ta,0,(c) + 3COCI,(g) = 6/5 TaCl, (g) + 3CO, (g) —51070 8.52 2.9 8.40 16.32 573 to 873 
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enthalpy change (AH 7) values of chlorination reac- 
tions with carbon and chlorine, and with CCl, and 
COC1, have been represented graphically in Figs. 5 
and 6 respectively. 


DISCUSSION 


Chlorination with Chlorine in the Absence of a Re- 
ducing Agent. The standard free-energy change val- 
ues, AF, for the chlorination of columbium and tan- 
talum pentoxides, as indicated in Fig. 1, are positive 
throughout the temperature range of 300° to 1500°C. 
This shows that chlorination of columbium and tanta- 
lum pentoxide by chlorine in the absence of a reduc- 
ing agent will not proceed. This finding, therefore, 
does not support the patent claims of Cuvelliez®?° 
and experimental findings of Kangro and Jahn.’! It 
may be pointed out here that the AF; values reported 
in Fig. 1 for the formation of CbOC1, from Cb,O, are 
in general agreement with the experimental findings 
of Morozov and Korshunov”’ and also the theoretical 
findings of Schafer and Kahlenberg.’ 

The free energy change values for the chlorination 
of FeO, Fe,0,, and MnO by chlorine in the absence of 
a reducing agent are negative." Hence, these oxides 
are likely to be chlorinated in the absence of carbon 
while Cb,0,, Ta,O,;, and TiO, will remain unaffected. 

Chlorination with Chlorine in the Presence of Car- 
bon. The standard free-energy change values for the 
reactions of chlorination in the absence of a reducing 
agent do not show the possibility for the chlorination 
of Cb,O,; and Ta,O,. It is, therefore, necessary to use 
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Fig. 1—Standard free energy changes as a function of tem- 

perature for chlorination reactions with chlorine alone 

(for stoichiometry of the equations in all figures, refer to 

Table II). 


a Suitable reducing agent for taking up the oxygen 
from the oxides during the chlorination. It is shown 
in the earlier publication’® that carbon is the best 
reductant amongst the common reducing agents during 
the chlorination of ilmenite by chlorine. In the pres- 
ent publication, the AF and AH 7 values have, there- 
fore, been calculated employing carbon as the reduc- 
tant and chlorine as the chlorinating agent for the 
chlorination of different oxides constituting colum- 
bite and tantalite. 

The resultant AF 7 values for the chlorination of 
Cb,O, , Ta,O,, TiO, , SnO,, FeO, and Fe,O, given in Fig. 4 
are all negative, showing the ease of total chlorina- 
tion of these oxides by chlorine in presence of car- 
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Fig. 4—Resultant standard free-energy changes for chlo- 
rination of different constituents of columbite and tanta- 
lite as a function of temperature with Cl, in the presence 
of carbon. 


bon at any temperature in the range of 300°to1500°C, 
Such an indication has been given by Kroll*° for the 
chlorination of columbite and tantalite. Experiments 
on total chlorination of columbium and tantalum ox- 
ides in tin slags, carried out by Block!* confirm the 


| 


above theoretical findings. Further, the findings of 
Lind and Ingles,’? and also of Sue’? on the formation 
of both CbCl,; and CbOC1, as products of chlorination 
of Cb,O;, find support from the data presented in Fig. 
4, curves 1 and l(a). 

The curves 3, 4, 5,and6 given in Fig. 4 show that 
the AF values for the chlorination of TiO,, FeO, 
Fe,O,, and SnO, respectively are more negative than 
those for Cb,O0,, curves 1 and 1(a), and Ta,O,, curve 
2. The former are, therefore, expected to be prefer- 
entially chlorinated in the presence of carbon; while 
the chlorination of Cb,O; and Ta,O, can be expected 
to be relatively slow. Further, the appreciable dif- 
ference in the AF values for the chlorination of the 
pentoxides of columbium and tantalum indicates the 
possibility of separation of these two elements by 
selective chlorination. But these expectations are 
not likely to hold entirely as pointed out later. 

Chlorination with Carbon Tetrachloride, Octachlo- 
ropropane, and Carbonyl Chloride. The chlorination 
reactions involving carbon tetrachloride and carbonyl 
chloride as chlorinating agents are given in Table II. 
It has already been pointed out that octachloropropane 
behaves like carbon tetrachloride in its chlorinating 
tendency. No thermodynamic data are, therefore, cal- 
culated for octachloropropane as a chlorinating agent. 
The standard free-energy and standard enthalpy 
change values, as a function of temperature for the 
chlorination of Cb,0O; and Ta,O,, are given in Figs. 3 
and 6 respectively while those for TiO, and Fe,O, un- 
der identical conditions are given in Figs. 3 and 6 of 
the previous publication.’® The AF7 values in Fig. 3 
of this paper are negative showing the ease of chlo- 


Figs. 5 and 6—Standard enthalpy changes 
of reactions as a function of temperature. 
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rination of Cb,O, and Ta,O,; with carbon tetrachloride 
and carbonyl chloride. The experimental findings of 
Ruff and Thomas,*® Schafer, Bayer, and Pietruck,'® 
and Atkinson, Steigman, and Hisky?’ for the chlorina- 
tion of Cb,O; and Ta,O; by carbon tetrachloride are 
in agreement with the above findings. Chlorination 

of Cb,0,, Ta,O,, or their minerals have not been in- 
vestigated employing phosgene. However, the AF; 
values in Fig. 3 indicate more or less the same trend 
as that with carbon tetrachloride. Further, the stand- 
ard free-energy curves indicate the possibility of se- 
lective chlorination of Ta,0O; as compared to that of 
Cb,O,. But this theoretical expectation with carbon 
tetrachloride and carbonyl chloride does not hold be- 
cause of other competing factors as indicated below. 

The investigations carried out on the chlorination 
of Cb,0,, Ta,O,, and TiO, with carbon tetrachlo- 
ride’®-*” indicate that Cb,O, has greater tendency of 
being chlorinated than that of Ta,O, and TiO, at lower 
temperatures of 250°to 350°C. This is because the 
temperatures at which chlorination commences are 
dependent on the rates of reaction and not entirely 
on the conditions of affinity. It may also be interest- 
ing to point out here that the more acidic the oxide 
in the G. N. Lewis sense, the greater the ease of its 
chlorination.!” Hence in a horizontal series of the 
periodic table, the ease of chlorination of the highest 
oxides of the transition metals increases steadily; 
while within a given group the ease of chlorination 
decreases with the rise in the at. wt. These consid- 
erations also explain the ease of chlorination of Cb,O, 
as compared to that of Ta,O, and TiO, at lower tem- 
peratures. Further, the experimental findings of Ruff 
and Thomas,?® Schafer and coworkers,?® Atkinson and 
coworkers,’” and also Chaigneau® show that CbCl, 
promotes the chlorination of Ta,O, and TiO, at lower 
temperatures of 300°C, at which individually these 
oxides resist chlorination by chlorine in presence of 
carbon and also by carbon tetrachloride.*®%? From 
the above discussion it is seen that the greater ease 
of chlorination of Cb,O,; and the chlorine carrying 
tendency of CbCl; prevent the preferential chlorina- 
tion of Ta,O, and TiO, and hinder the separation of 
columbium, tantalum, and titanium by chlorination 
methods. 

In dynamic methods of chlorination of mixtures of 
Cb,O, and Ta,O; in a stream of CCl,, COCI,, or chlo- 
rine in presence of carbon, if the products of chlorin- 
ation are continuously removed from the reaction 
zone, it may be possible to effect partial separation 
of the constituents at low temperatures of 250° to 
300°C for chlorination. 

Upgradation of Columbium Oxide Content by Chlo- 
rinating with Columbium Chlorides. It can be seen 
from Fig. 4 that curves 1 and 1(q) for the chlorina- 
tion of Cb,O, occupy higher positions than those of 
Ta,O,, TiO,, FeO, Fe,O,, and SnO,, showing the pos- 
sibility of chlorinating these oxides by columbium 
pentachloride or columbium oxychloride. This shows 
the possibility of upgradation of Cb,O, content of its 
minerals. A similar upgradation has successfully 
been employed by Pascaud*? to remove the oxides of 
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iron, tin, and manganese from titaniferous ores by 
chlorinating them with the vapors of titanium tetra- 
chloride. There is sufficient experimental evidence 
from the work of Schafer et al.1® and Atkinson et al.” 
showing the chlorination of other oxides by columbi- 
um chlorides. Chaigneau™ has also pointed out that 
the reaction of the following type takes place even 
around 225°C: 


Ta,O, + 5CbCl, = 2TaCl, + 5CbOCI, 


All these observations show the possibility of upgra- 
dation of the Cb,O, content of the oxides constituting 
columbite and tantalite by chlorinating them by chlo- 
rides of columbium. 

Activity Correction for Actual Conditions of Chlo- 
rination. In actual practice, it is AFp and not AF; 
which determines the driving force of a chemical re- 
action. The relation between the two is given by the 
following equation, 


[3] 


where Q is the activity quotient and RT In@ is a total 
“activity term” for products and reactants. In calcu- 
lations for standard free-energy changes, @ is usu- 
ally held at unity by assuming the activities of the 
reactants and products as unity. In such a case, AF 7p 
= AF;. But such is not the case in actual practice. 
For corrections, the activity term can be estimated 
from the curves given by Osborn,** Fig. 7 and Kel- 
logg,?? Fig. 1(a). 

Standard Enthalpy (AH) Changes of Chlorination 
Reactions. The AH7 values for the chlorination of 
Cb,0;, Ta,O,, and SnO, with carbon as the reductant 
have been represented graphically in Fig. 5. These 
exothermic values indicate the possibility of chlori- 
nation without external heating at low temperatures 
of 300°to 600°C. This finding has been confirmed by 
the experimental work of Niberlein®® who finds that 
external heating is unnecessary, once the chlorina- 
tion is started. The AH values given in Fig. 5 at 
higher temperatures indicate that the reactions will 
not be self-sustaining and will need external heating 
to maintain the desired temperatures of chlorination 
due to carbon monoxide formation. 

It was also found by Atkinson et al.’” that the rate 
of chlorination of Cb,0, with CCl, was slow at 250°C, 
but once the reaction commenced, the rate was much 
enhanced. This is obviously due to exothermic nature 
of the reactions as shown in Fig. 6. 


AFp = + RT1nQ 
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Discussion: Institute of Metals Division 


Permeability and Diffusion of Hydrogen through Palladium 


M. van Swaay and C. E. Birchenall 


Trans. Met. Soc. AIME, vol. 218, pp. 285-289 


A. S. Darling (Johnson, Matthey & Co. Ltd., Lab- 
oratories)— Because of its initial emphasis upon 
the production of membranes by powder metal- 
lurgy and by normal casting and rolling techni- 
ques, this paper is of considerable interest to 
those concerned with the design and application of 
industrial diffusion units. As the subsequent per- 
formances of the three grades of palladium were 
not compared in detail, it can perhaps be con- 
cluded that specific permeabilities were very 
Similar. A short table in which the absolute dif- 
fusion rates obtained by the Authors with their 
three grades of palladium were compared with 
those of other investigators’®** would, however, 
have been of particular value in view of the very 
variable results obtained with this membrane 
material. 

The Authors state early in the paper that the 
permeability of the thoriated samples decreased 
in much the same way as that of the nonthoriated 
samples. Later, they emphasize that sintered 
palladium without thoria was very susceptible to 
poisoning and did not respond as well as the other 
materials to the decontamination treatment. These 
results, which suggest that sintered membranes 
are less effective than those produced by normal 
methods, have considerable industrial implica- 
tions, and amplified experimental details would 
be very welcome. 

The results of the Authors differ in one impor- 
tant respect from those of other investigators. 
Thus, no ‘‘bleeding’’ was required to maintain a 
constant rate of diffusion, although Davis, Darling, 
and De Rosset found this to be necessary. Davis™ 
found that ‘‘bleeding’’ was necessary even when 
the hydrogen had already been purified by diffu- 
sion through a palladium tube, and it would be of 
value to know the purity of the gas stream emerg- 
ing from the purification train shown on Fig. 1 of 
the Authors’ paper. 

The Authors show that diffusion rates varied ac- 
cording to the square root of the pressure differ- 
ence providing that the palladium membrane was 
not contaminated in any way. This finding is in 
agreement with the results of those workers 
who diffused their hydrogen through the membrane 
into a partly or completely evacuated system. Those 
workers who did not find this square-root law de- 


pendence did not have a partial vacuum on the down- 


stream-side of the membrane.” 


The difference between the two experimental con- 
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ditions appears to be significant, as the absolute 
diffusion rates per sq cm of diffusion area are 
lower when the square-root law dependence is not 
observed. While the effect could be attributable to 
poisoning of the membrane it is conceivable thata 
positive pressure on the downstream side of the 
membrane might influence the mechanism of dif- 
fusion. In view of the capricious behavior of pal- 
ladium, factors of this type, which are likely to in- 
fluence its industrial significance, should be care- 
fully considered. 

M. van Swaay and C. E. Birchenall (authors’ reply) 
— Our Eq. |9; may be compared with several others 
for hydrogen diffusion in palladium: 


D = 3.55 X 10° exp (-5550/RT)? 
4.3 X10 .expal-5620) Rae 


Other values are given in the literature, but in many 
cases surface poisoning may have affected the re- 
sults. 

No analysis was performed on the hydrogen gas 
stream after purification. It should be noted that 
the presence of liquid nitrogen traps near the heated 
membranes may have set up convection currents 
and provided the equivalent of ‘‘bleeding.’’ 

The question of whether a partial vacuum existed 
on the downstream side of the membrane is not clear. 
Does it imply that there is something unique about 
the permeability measured near one atmosphere 
pressure? We do not believe that there is. 

When square root pressure dependence is not ob- 
served, diffusion rates are not measured. Is ‘‘abso- 
lute diffusion rate per sq. cm. of diffusion area’’ 
equivalent to permeability ? The terminology is new 
to us. In any case we doubt very much that pres- 
sures of the order of several atmospheres can af- 
fect the mechanism of diffusion. 
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Observations on the Thermal Etching of Silicon Iron 


D. S. Hutton and W. C. Leslie 


Trans. Met. Soc. AIME, vol. 218, pp. 525-527 


M. J. Fraser (Westinghouse Electric Corp.) — When 
presenting observations of surface microgeometry 
resulting from any given treatment such as thermal 
etching, ion bombardment, dissolution, and so forth, 
it is important to give, as completely as possible, the 
experimental conditions obtained. Without such knowl- 
edge, the observations have relatively little meaning. 
The microgeometry produced by thermal etching is 
known to be sensitive to the chemistry of the atmo- 
Sphere present during the treatment. Although the 
authors specify ‘‘purified’’ atmospheres, their ob- 
servations would be more meaningful if they can give 
the composition of the atmosphere or the systems 
used to purify the gases. Further, there is always 
the possibility of active impurities coming directly 
from the furnace system. It would be helpful to know 
what type of furnace tube was employed. Were any 
other metals or ceramics present in the hot zone ? 

The observations of striated grains which are 
presented are concentrated upon six crystals. Four 
pertain to thermal etching in hydrogen ({100} within 
2 deg of the surface) and two pertain to thermal etch- 
ing in argon ({100} within 12 deg of the surface). 
X-ray analysis indicated that the predominant striae 
direction in the hydrogen-treated grains was <100>, 
while that of the argon-treated grains was <110>. It 
should be pointed out that these findings have no 
general significance with regard to thermal etching. 
They may reflect texture components in the polycrys- 
talline sample, but a simple thought experiment in- 
volving a cube intersected by a plane at a small 
angle to one face will demonstrate that any striae 
direction is possible between <100> and <110> in- 
clusive. That is, the striae direction is determined 
by the geometry of the crystal orientation relative 
to the surface plane. This might not be the situation 
where a {100} plane is very nearly coincident with 
the crystal surface or after very long times with 
larger angles, but neither of these conditions is ap- 
plicable to the present results. 

As the authors observe, surface irregularities are 
contoured by the striae traces. The sensitivity of 
contouring depends strongly on the orientation of the 
striating plane ({100}) relative to the surface. The 
nearer the coincidence, the more curved are the 


striae with a given degree of surface irregularity. 
This orientation dependence of contouring sensitivity 
must be considered in comparing say Fig. 2 with 
Fig. 3. Since general undulations present in the initial 
surface should tend to be leveled as a result of the 
operation of surface diffusion or evaporation during 
thermal etching, one expects that the longer the 
treatment, the flatter, in a general sense, the sur- 
face. This is to be expected, regardless of the at- 
mosphere as long as thermal etching can occur and 
uncompensated evaporation from the specimen sur- 
face is not too strong. Therefore, it is probable that 
the argon treatment (72 hr) produced a flatter sur- 
face than the hydrogen treatment (6 hr) independent 
of any specific effects due to the two gases. 

Finally it should be mentioned that when an alloy 
whose components differ considerably in chemical 
activity is used for this type of study, one must con- 
sider the changing surface chemistry of the alloy 
during the thermal etching treatment. Silicon iron 
undergoes a compositional change at its surface 
under the conditions of the reported experiments, 
and the surface chemistry after 72 hours exposure 
will be quite different from that after 6 hours ex- 
posure. Therefore another variable must be con- 
sidered when drawing conclusions about the surface 
microgeometry. 

D. S. Hutton and W. C. Leslie (authors’ reply)— 

The experimental details requested by Dr. Fraser 
were included in the original draft of the paper, but 
were removed at the request of the reviewers for 
brevity. It is difficult for authors to reconcile these 
conflicting demands. The observations discussed in 
the paper were only incidental to another investiga- 
tion and a more extended treatment was not justi- 
fied. 

The hydrogen and argon were ‘‘purified’’ by pass- 
ing over copper gauze at 550°C, through P,O,, then 
over magnesium turnings at 475°C. The vertical 
furnace tube was zircon and the specimens were 
suspended by an iron wire. 

The authors did not intend to imply that the di- 
rections of the striae were significant except as an 
indication of crystal orientation relative to the sur- 
face. 


Environmental Effects on the Mechanical Properties of lonic Solids with Particular Reference to the Joffe Effect 


R. J. Stokes, T. L. Johnston, and C. H. Li 


Trans. Met. Soc. AIME, vol. 218, p. 655 


S. Floreen (International Nickel Co.)—One fairly sim- 
ple way to differentiate between embrittlement due to 
surface microcracks or due to a dislocation barrier 
effect might be to load a brittle rock salt crystal in 
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tension to some stress just below the fracture stress 
and then immerse the loaded crystal in water. If a 

surface film is retarding plastic flow then one should 
observe some plastic deformation of the rock salt as 
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the film is dissolved by the water. This type of effect 
has frequently been observed in studies of the effects 
of surface films on metal single crystals.**-”° 

On the other hand, if microcracks were present 
on the surface the tensile stress should be highest 
at the roots of the cracks because of the stress-con- 
centration. Adding water might therefore cause an 
accelerated dissolution of the rock salt at the roots 
of the cracks because the stress is highest at these 
sites. In this case the rock salt should fracture when 
the microcracks have grown to a sufficient depth to 
cause brittle fracture. This type of mechanism has 
been used to account for the static fatigue failure of 


glass on exposure to environments which attack 
glass.” 

Thus two distinctly different effects a be ob- 
served, plastic flow or stress-corrosion fracture, 
depending upon whether dislocation barriers or mi- 
crocracks are present on the surface. 


Sm. N. Andrade and R. F. Y. Randall: Nature, 1948, vol. 162, p. 890. 

167. W. Mentor and E. O. Hall: Nature, 1950, vol. 165, p. 611. 

‘7D, J. Phillips and N. Thompson: Proc. Phys. Soc., 1950, ser. B, vol. 63, 
p. 839, 

186 N. Andrade and R. F. Y. Randall: Proc. Phys. Soc., 1952, ser. B, 
vol, 65, p. 443. 

°F, D. Coffin and A. L. Weiman: J. Appl. Phys., 1953, vol. 24, p. 282. 

20M, Metzger and T. A. Read: Trans. Met. Soc. AIME, 1958, vol. 212, 
p. 236. 

71R. J. Charles: J. Appl. Phys., 1958, vol. 29, p. 1549. 


Dispersion-Hardening in Binary Titanium-Copper Alloys 


D.N. Williams, R. W. Wood, H. R. Ogden, and R. I. Jaffee 


Trans. Met. Soc. AIME, vol. 218, p. 787 


D. W. Morgan, D. H. Polonis, and R. Taggart (Univer- 
sity of Washington)—Dispersion hardening in titanium- 
copper alloys is of particular interest to us in view 
of our current research activities in phase transfor- 
mations in this system. We should like to raise 
questions concerning several points in the paper. 

The flow sheet for fabrication and heat treatment 
(Authors’ Fig. 2) indicates that 0.045 in sheet is 
treated in air for a period of 30 min at 1625° F. Were 
any surface coatings used to reduce oxygen contam- 
ination at this stage? One might ask the same ques- 
tion about the 8-hr annealing at 1400°F. Contamin- 
ation during fabrication and heat treatment of such 
thin sections could be considerable without some 
protection. Although the authors state that no an- 
alyses were made, they note that contamination 
masks the distinction between base strengths of the 
different alloys. In this connection, what fabrication 
and heat-treatment procedures were used in obtain- 
ing the comparison specimens of unalloyed titanium? 
It would seem that oxygen contamination must cast 
doubt on the reliability of the proposed strength- 
mean free path relationship deduced from the data 
(Authors’ Fig. 5). 

It is usual to evaluate dispersion hardening on the 
basis of yield strength rather than ultimate tensile 
strength, and accordingly we have replotted the 
authors’ Fig. 1 to include yield strength. The yield 
strength data do not justify a discontinuity of 3 p at 
either 70° or 1000°F. Can the authors substantiate 
their conclusion 1) with additional evidence? Other- 
wise it seems that they have succeeded only in 
pointing out the possibility of a linear relationship 
between yield strength (or Uts) and the logarithm of 
the mean free path, comparable with that demon- 
strated for iron-carbon alloys (Authors’ Ref. 2). 

Work in our own laboratories has shown that the 
hardness of the phase Ti,Cu is 235 Vpn, and that of 
a 1.5 pct (at.) @ pct wt) supersaturated solid solu- 
tion of copper in titanium is 190 Vpn. This small 
difference in hardness would suggest that Ti,Cu 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


should not be a very effective dispersion-hardening 
phase. 


D. N. Williams, R. W. Wood, H. R. Ogden, R. I. Jaffee 
(authors’ veply)— This discussion brings out some in- 
teresting points with respect to the interpretation of 
our results, and also raises some questions regard- 
ing the experimental technique. We shall consider 
the latter questions first. 

Contamination during heat treatment was prevented 
by performing all heat treatments in argon-filled 
Vycor capsules. Fabrication was done in air, with 
the usually observed scaling. Scale was removed 
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tensile-strength data as determined by least squares 
approximation. 


before heat treatment. Unalloyed titanium, fabricated 
in the same manner, showed properties indicating no 
significant contamination. The properties of unalloyed 
titanium are reported in the paper. 

The highest copper content alloys showed tensile 
strengths at equivalent dispersion distributions ap- 
proximately 8 ksi higher @t room temperature) than 
the lowest copper content alloys. The lowest copper 
content alloys were approximately 30 ksi stronger 
than the unalloyed base. The difference in the alloys 
may be partially due to contamination, perhaps re- 
sulting from some impurity in the copper melting 
stock. However, the much greater difference between 
the alloys and unalloyed titanium is hardly attribut- 
able to this source. 

Although yield strength is more often used than 
ultimate strength to measure dispersion hardening, 
the scatter in our yield-strength results was quite 
high, and the use of these results was, in our Opinion, 
less reliable than the use of tensile strength. 


The principal suggestion made in the discussion 
relative to the interpretation of the results is that 
the data can be as well represented by a straight line 
relationship when plotting strength vs log mean-free 
path as by the curve we presented. To illustrate that 
this is untrue, we have submitted the tensile-strength 
data at room temperature to a least squares analysis. 
First, it was assumed that all 27 points could be 
represented by a single straight line. The resulting 
curve is shown in Fig. 6 (Solid line). The sum of the 
squares of the residual errors was 754.6 (ksi’*). 
Next, it was assumed that the data were represented 
by two straight lines, one holding for mean-free 
paths between 1 and 3 (0 to 0.48 on the log scale) 
and one from 3 to 10 y (0.48 to 1.0 on the log scale). 
This curve is shown by a dashed line in Fig. 6. The 
sum of the squares of the residual errors for the 
dashed curve was 542.1. This would indicate that the 
second curve is more probable. The slight downward 
Slope of the curve at higher values of mean-free path 
would appear to result from the difference in base- 
strength between 4, 6, and 8 pct Cu alloys. Since the 
lower copper alloys tend to show higher mean-free 
paths, the curve would be depressed in this region. 
For this reason, we have drawn the curve as shown 
in the paper. 

Although not specifically mentioned in the discus- 
Sion or the paper, it should be noted that a reason- 
ably good correlation of these data exists when 
strength is plotted vs the reciprocal of the mean- 
free path. This form of plotting is suggested by the 
Orowan theory of dispersion hardening. 

The suggestion that the low strength of the Ti-Cu 
compound may explain its relative ineffectiveness in 
dispersion hardening of titanium is interesting. How- 
ever, two factors prevent us from readily accepting 
this suggestion. First, we question whether the hard- 
ness measurement given truly represents the strength 
of the compound. It seems unusually low. Second, we 
have not yet seen a clear demonstration that the 
strength of the dispersed phase is a Significant fac- 
tor in dispersion hardening. A considerable amount 
of data now exists that suggests that the effective- 
ness of dispersion hardening decreasesas the strength 
of the matrix increases. Our results would tend to 
Support such a conclusion. We would Suggest that the 
high hardness reported for the matrix of Ti-Cu al- 
loys may be more significant than the low hardness 
reported for the compound. 


Precipitation Processes in Copper-Rich Copper-lron Alloys 


A. Boltax 


Trans. Met. Soc. AIME, vol. 218, p. 812 


H. Herman and M. E. Fine (Northwestern Univer- 
sity)—The author is to be complimented on the qual- 
ity and completeness of his work. Of special interest 
to us was the exponent of time in the exponential rate 
equation, n = 0.28 + 0.03, since it is consistent with 
results for the early stage of quench-aging in Al-2 
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at. pct Cu, m = 1/3, first determined in this labora- 
tory.** In that work we attributed the early kinetics 
to attraction of vacancy - solute atom complexes to 
the plate-shaped zone due to the strain field about 
the zone and the lowering in free energy. 

To our knowledge, Hirano et al.* were the first to 
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propose that dislocation loops (formed from cluster- 
ing vacancies) could nucleate a new phase. This is a 
very interesting and important suggestion, but does 
not appear to be the case for Al-2 at. pct Cu, since 
the chief dislocation structure from the quenching 
are helixes rather than loops as found recently by 
electron-microscopy.* Furthermore, Panseri and 
Federighi** have recently shown that the number of 
growing zones in quenched Al-4.4 at. pct Zn appear 
to be independent of the quenching temperature, 7. e. 
independent of the density of any dislocation loops 
which may be present. 

For the case of the Cu-rich Fe alloys studied by 
Boltax there may be even less reason to expect the 
loops to act as nuclei. The defects which form due 
to the quench will probably not be stable for very 
long at 400°C, which is the highest aging tempera- 
ture used by Boltax obeying his kinetic law. Hirano 
et al.*® found a heat evolution at about 200° to 250°C 
during isochronal annealing of quenched pure Cu and 
Al, which they attributed to ‘‘resolution’’ of disloca- 
tion loops. The degree of influence of alloying on the 


stability of these dislocations, however, is not known. 


Also, one must be concerned with the orientation of 
the defect configuration with reference to the mor- 
phology of the precipitate. 

For the 400°C aging Boltax finds excellent linear- 
ity in the time law plot for 10,000 min (almost seven 
days). If the dislocation loops act as sites of nuclea- 
tion it is not clear why the kinetics should conform 
to n = 1/3 for so long. 

On the basis of these points, we wish to suggest an 
extension of the idea proposed in our Al-Cu paper; 
that is, the kinetics are due to an interaction between 
solute atoms and the coherent precipitate. 

A. Boltax (author’s reply)—The author wishes to 
express his appreciation to Mr. Herman and Profes- 
sor Fine for their interesting discussion. Two of 
the points mentioned in the discussion will be exam- 
ined; first, the question of nucleation and second, the 
kinetics of precipitation. 


Herman and Fine’s suggestion that dislocation loops 


do not act as nuclei in Cu-Fe alloys because they 
would not be stable for a long time at 400°C may not 
be the case if all of the nucleation takes place during 
the first stages of aging or even during the quench 
from the solution temperature. In the kinetic model 
described in the paper, it was assumed that the num- 
ber of nuclei depends on the defect structure and thus 
the solution temperature. An experiment of the type 
performed by Panseri and Federighi** would be use- 
ful in checking this assumption. 

With respect to the explanation for the observed 
kinetics of precipitation, the mechanism suggested by 
Herman and Fine is reasonable and would be expected 
to be important in systems where there is a con- 
siderable strain field associated with coherent par- 
ticles. In systems where the lattice misfit between 
the coherent particles and the matrix is small, such 
as in the Cu-Fe system, a low level of coherency 
strain would be expected. In such cases, the defect 
which nucleated the particle, such as a dislocation 
loop, may exert a larger strain field than that due to 
coherency. Under these conditions the kinetics could 
be attributed to the interaction between dislocation 
loops and solute atoms. With regard to Cu-Fe alloys, 
it is difficult to evaluate whether or not the loops 
would remain stable for 10,000 min at 400°C, since 
little is known about the stability of dislocation loops 
when they are pinned by a cluster of solute atoms. 

The author was not aware of the paper by Hirano 
et al.*” and is grateful to Herman and Fine for bring- 
ing it to his attention. Finally, one correction should 
be noted in Eq. [15] which should be changed as fol- 
lows: 


410, Chiou, H. Herman, and M. E. Fine: AJME Trans. Met. Soc., 1960, vol. 
218, p. 299, 
“kK, Hirano, Y. Takagi, and H. Maniwa: J. Phys. Soc. Japan, 1955, vol. 10, 


“3G. Thomas and M. J. Whelan: Phil. Mag., 1959, vol. 4, p. 511. 

44C, Panseri and T. Federighi: Acta Met., 1960, vol. 8, p. 217. 
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p. 909. 


The Role of Stress in Hydrogen Induced Delayed Failure 


E. A. Steigerwald, F. W. Schaller, and A. R. Troiano 


Trans. Met. Soc. AIME, vol. 218, p. 832 


D. N. Williams (Battelle Memorial Institute)— The 
authors have presented an extensive collection of 
arguments pertaining to the role of stress in hydro- 
gen embrittlement. The basic assumption of these 
arguments is that stress is essential as a driving 
force for diffusion of hydrogen. However, in view 

of the rapid diffusion rate of hydrogen in steel at 
low temperatures as evidenced by the ability to alloy 
with hydrogen by electrolytic charging, it seems un- 
likely to me that stress acts in this manner. Instead, 
I would like to suggest that stress may be essential 
for the nucleation of hydrogen in steel. I believe that 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


such an assumption would equally well satisfy the 
experimental data presented by the authors. 

I should also like to comment on the interpreta- 
tion of the data presented in Figs. 5and 6. Fig. 5 
shows the effect of hydrogen content on ductility ina 
rupture test. The curve as drawn by the authors in- 
dicates an abrupt transition from ductile to brittle 
behavior at about 0.001 amp per sq in. (6 ppm). The 
data points would equally well support a gradual 
transition from ductile to brittle behavior extending 
over the range from 0.0008 to 0.02 amp per sq in. 

(4 to 8 ppm). A gradual transition would be the ex- 
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pected behavior. If a gradual transition is assumed, 
the scatter of the data points in Fig. 6 might well be 
a result of the failure to include hydrogen content as 
a Significant variable. I would be interested in learn- 
ing whether points to the right of the calculated 
curves in Fig. 6 tend to be lower in hydrogen content 
than those to the left. 

Also, I would appreciate further comment by the 
authors relative to certain data in Table Iand in Fig. 
10. The data in Table I are representative of one 
material annealed for slightly different times at 
300°F. If Ihave read the authors correctly, the 
stress level designated ‘‘A’’ is below the lower 
critical stress in each case. If so, one must assume 
that annealing has a tremendous effect on the value of 
the lower critical stress since it varied in these six 
cases from about 80 ksi to about 160 ksi. However, 
the authors have disregarded the apparently major 
effect of heat treatment in their discussion of the 
effects of strength level (p. 838) and have related 
lower critical stress variations directly to strength 
level (See Fig. 10). No importance is attached to the 
heat treatments required to reach these strength 
levels. These treatments are, I believe, of greater 
Significance than the strength levels. Along this same 
line, an adjustment of lower critical stress for 
changes in yield strength, such as has been made in 
Fig. 11, is not justified if it is heat treatment rather 
than strength level which is significant. The scatter 
of the data points in Fig. 11 is too great to permit a 
choice between the corrected and uncorrected curve. 

Finally, I would like to emphasize a point which 
has probably not been adequately stressed in this 
paper. That is that most theories of hydrogen em- 
brittlement would result in the same basic equations 
presented by the authors, although the significance 
attached to the various constants might be quite dif- 
ferent. Agreement between theory and observation of 
the type presented in this paper cannot be taken as 
evidence that the theory is correct. It shows only 
that the theory is feasible. 

E. A. Steigerwald, F. W. Schaller, and A. R. Troiano 
(authors’ reply)—Our basic assumption in the delayed 
failure work is that the diffusion of hydrogenis stress- 


induced. This reasoning, of course, is supported not 
only by the present paper but by several previous 
publications” which indicate that the delayed failure 
is reversible with reference to stress and which show 
that strain aging and yield point phenomena (whichare 
caused by stress-induced diffusion) can occur as a 
result of hydrogen. We do not understand what Dr. 


Williams means by nucleation of hydrogen. 
We do not agree with the discussor’s interpretation 


of the data in Fig. 5. The curve as he proposes it 
would be extremely biased (2 points above the line 
and 7 points below). In addition, subsequent data, 
including V-notch Charpy tests, have produced fur- 
ther support of the relationship as presented in 
Fig. 5. 

In reference to the comments on Fig. 6, the hydro- 
gen content was constant in this series of curves. Of 
course, if this were not true, the comparison pre- 
sented would have no meaning and Eq. 3 would not 
apply. 

The data in Table I were obtained from several 
different baking times. These baking time variations 
produced different average hydrogen contents, and 
hence Variations in lower critical stress. The pur- 
pose of Table Tis to show that grouping of hydrogen 
did occur below the lower critical stress for several 
different values of the lower critical stress. It should 
be emphasized that the specimens were baked at 300°F 
after charging, and not annealed, to produce the hy- 
drogen content. The use of the term ‘‘annealed’’ by 
the discusser is misleading and inaccurate. This 
baking treatment had no influence on the strength 
level of the uncharged steel which had been previ- 
ously tempered at 750°F. The continued reference 
to the influence of the 300 °F baking treatment on the 
strength level of the steel is confusing and completely 
irrelevant. In view of this, the discussor’s comments 
that heat treatment rather than strength level is the 
critical variable have no pertinence to the discussion. 

We regret that we cannot visualize how ‘‘most 
theories of hydrogen embrittlement would result in 
the same basic equations.’? We would be pleased to 
examine the discussor’s rationalization of this state- 
ment. 


A Study on the Texture Formation in Rolled and Annealed Crystals of Silicon Iron 


Hsun Hu 


Trans. Met. Soc. AIME, vol. 221, p. 130 


C. G. Dunn (General Electric Research Labora- 
tory)—Dr. Hu’® has obtained a number of rolling and 
annealing texture results that partly agree with those 
of Dunn’’ and Dunn and Koh?8 for experiments of a 
Similar nature. I would like to discuss some of the 
points of agreement as well as some of disagreement 
and then present Some unpublished data as a contri- 
bution to the work on textures. 

Firstly, there is agreement on the components pro- 
duced during a 70 pct cold-rolling reduction of a (110) 
[001] single crystal; there is agreement on the forma- 
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tion of a (110) [001] recrystallization texture provided 
recrystallization occurs at 800°C or higher; and there 
is agreement on the formation of (120) [001] com- 
ponents provided recrystallization occurs below 
600°C. There is some disagreement on the low-tem- 
perature recrystallization since I also obtained a 
substantial amount of a (110) [001] component while 
the author obtained only (120) [001] components. I 
also discussed the differences between low- and 
high-temperature recrystallization (which included 
further annealing changes in the Samples on long 
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time annealing at 980°C) from the point of view of 
both oriented nucleation and oriented growth and con- 
cluded that oriented growth alone seemed inadequate 
for an explanation of all the results observed. 

Secondly, if some mechanical twinning is ignored, 
the way the (111) [112] and (111) [112] components 
develop during the 70 pct reduction of a (110) [001] 
crystal should be revealed in the data on different 
percent reductions. In this connection an initial 
separation of (110) [001] into two orientations 12 deg 
apart was obtained by the Laue method for a crystal 
cold-rolled 10 pct.*® The explanation involved slip on 
a (112) plane for part of the crystal and slip on a 
(211) plane for the other part. This view of the slip 
systems admittedly is too simple, but it is instruc- 
tive for the present discussion. For example, let us 
calculate the angle of rotation @ about the common 
(110) pole for one of the two components for reduc- 
tions of 10, 30, and 50 pct and the reduction required 
to reach 6 = 35.5 deg and a (111) [112] orientation. 
These numbers and the angle of separation (angle of 
relative rotation about the common axis) are the 
following: 


Angle of 
Reduction 8 Separation Observed Angle 
10 pet 7.5 deg 15 deg 12 deg (Ref. 4) 
30 pct 20 deg 40 deg _ 
50 pct 31 deg 62 deg -- 
70 pct 354+ deg 70.5 deg approx. 70.5 deg 


(Ref. 2) 


With a (110) pole as the axis of rotation, the se- 
quence of changes in a (110) pole figure is: 1) re- 
placement of six isolated poles by eleven isolated 
poles as soon as resolution is achieved, 2) con- 
tinued separation of the components, and 3) re- 
placement of eleven isolated poles by nine isolated 
poles when the (111) [112] and (111) [112] orienta- 
tions, or twin positions, are reached. Referring to 
pole figure data given by the author, we See nine re- 
solved (110) poles for Fig. 1(c) indicating the twin 
positions, but do not see eleven poles in Fig. 1(0) 
for a 50 pct thickness reduction, nor do we see any 
clear evidence toward the formation of two com- 
ponents in Fig. 1(a@) when the reduction is 30 pct and 
the expected separation is large according to the 
above estimates. Some comments by the author on 
this apparent anomaly would be welcome. 

Thirdly, the reported effects of rolling a (110) 
[001] crystal first at 1000°C and then rolling further 
at room temperature are quite interesting. Accord- 
ing to Fig. 11, the hot rolling developed only one 
(111) [112] component, unless the operation of thin- 
ning the specimen for X-ray analysis removed the 
other component. The 70 pct hot-rolled crystal did 
not recrystallize during annealing at 1100°C, where- 
as a cold-rolled crystal may undergo both primary 
and secondary recrystallization during annealing at 
the lower temperature of 980°C, see Ref. 17, for 
example. This is a rather surprising result. Although 
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the higher temperature of rolling may have developed 
a Sharper deformation texture, and hence a lesser 
tendency for recrystallization,® I think information 
here on the state of the substructure would probably 
reveal a much lower energy configuration (substruc- 
ture information was reported for 1100°C annealing 
of a (111) [112] crystal after a cold-rolling reduc- 
tion of 7 pct, for example)? or indicate evidence 
of a lack of nuclei for recrystallization. When the 
hot-rolled crystal was finally cold rolled 70 pct and 
annealed, it was found to have a (110) [001] texture. 
In the discussion of this result, the author pointed 
out that Dunn and Koh" required much thicker (111) 
[112] oriented crystals for obtaining the (110) [001] 
recrySstallization texture after a 70 pct cold-rolling 
reduction. However, Dunn and Koh particularly 
pointed out that the effect was associated with a 
higher percentage of widening of the thinner crystals 
and further developed this point in the discussion of 
oriented nucleation versus oriented growth for an 
explanation of the effect. The production of the 
(110) [001] texture would be interesting if the pres- 
ent thin (111) [112] pseudo crystal of the author had 
widened 20 pct or more during the cold rolling. 
Finally I would like to contribute some unpublished 
data obtained a number of years ago for a near (120) 
[001] crystal. The crystal was cold-rolled to a re- 
duction in thickness of 70 pct to 0.014 in. It widened 
7 pct. The central section of one part of the deformed 
crystal and central sections of other parts taken 
after the anneals were used in the (110) pole figure 
studies (X-ray work was done by R. G. Hirst of the 
Pittsfield Laboratory). The contour lines were 
plotted in times random units with pole densities as 
follows: 1/4, 1/2, 1, 2, 4, 8, 16, and so forth. The 


Fig. 14—Cold rolled specimen. Small circles give the ini- 
tial orientation, and solid squares and solid triangles give 
the orientation of the two components of the cold-rolled 
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Fig. 15—After 1 min at 980°C. 


results are given in Fig. 14 for the cold-rolled 
sample; in Fig. 15 for the sample recrystallized 
during a 1 min anneal at 980°C; and Fig. 16 for the 
sample recrystallized completely during a 70 hr 
anneal at 560°C but also given the 1 min anneal at 
980°C. The central region with dotted lines was 
not determined experimentally and is not needed ex- 
cept for visualizing the complete pole figure. 

The present (120) [001] crystal, like the (110) [001] 
crystal, is divided into two components with rotation 


about a common (110) pole of the original orientation. 


The amount of rotation, however, of one component 
from the other is not 70.5 deg, but is about 56 deg. 
Thus there are eleven isolated poles instead of the 
nine that would have resulted had the open triangle 
position been reached for the twin positions. The 
result, therefore, is slightly different from results 
obtained by the author or by Walter and Hibbard,?! 
who reported (132) [112] and (132) [112] components. 

One effect of recrystallizing the present samples 
is a measurable lateral shift of 7 deg of the common 
(110) pole (compare Figs. 15 and 16 with Fig. 14). 
If this shift is neglected, the recrystallization tex- 
tures agree with those reported by the author. How- 
ever, in the present case there is no effect of tem- 
perature on the recrystallization texture as there 
was for the rolled (110) [001] crystals. 

During a 7-hr anneal at 980°C, secondary recrys- 
tallization occured in a 0,014-in-thick sample which 
initially was recrystallized at 560°C, and the texture 


obtained was a single component closer to (110) [001]. 


In fact all the secondaries had the orientation of the 
resolved weak minor component marked H in Fig. 
16. Of further interest is the correlation here with 
the cold-rolled texture. The (110) pole concentration 
marked common in Fig. 16 is in the same position as 
the solid square near 5 O’clock in Fig. 14 for a pole 
concentration of one component of the deformation 
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Fig. 16—After 70 hr at 560°C and 1 min at 980°C. 


texture. This feature is similar to relationships re- 
ported previously.”” On the other hand both the author 
and Walter and Hibbard obtained ‘‘near’’ cube or 
cube-textures during prolonged annealing, indicating 
an additional difference for cold-rolled (120) [001] 
crystals. Although no cube component was found in 
Figs. 15 and 16, nor in further annealed samples, 

one was obtained during primary recrystallization 
when a near (120) [001] crystal was turned 90 deg 
and cold rolled in a [210] direction. As expected, the 
deformation process for cold rolling the (120) [210] 
orientation is more complicated, and more informa- 
tion about this and the rolling of (120) [001] crystals 
is perhaps needed. 

Hsun Hu (author’s veply) —I want to thank Dr. Dunn 
for his stimulating discussion of my paper. In regard 
to the question that no clear splitting of the (110) 
poles were shown in the pole figures determined for 
the (110) [001] crystal after 30 and 50 pct rolling re- 
ductions (Figs. 1(6) and 1(c) respectively in the orig- 
inal paper,** whereas a distinct separation of 12 deg 
was noted by Dr. Dunn from his transmission Laue 
photograph taken from a (110) [001] crystal after it 
was rolled 10 pct, I think this is probably due to 
the surface effect. All of my specimens were etched 
until they were very thin (etched from both surfaces 
to 0.0015 in. thick) for pole figure determinations, 
whereas Dr. Dunn’s transmission Laue photograph 
was taken with the total specimen thickness (10 pet 
reduction from an initial thickness of 0.014 in.) with- 
out removing the surface layer. It is suspected that 
the rolling texture of the surface layer may deviate 
appreciably from that of the interior in certain 
crystals, and that such deviation in orientation be- 
tween the surface layer and the interior of a rolled 
sheet may become less at high reductions and at 
small final thickness. In order to test this idea, a 
crystal of 3 pct Si- Fe with an initial orientation of 
about 6 deg from (110) [001], which is very close to 
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(a) unetched specimen, showing a double (111) [112] type 
orientation. 


(6) specimen etched on both surfaces to 0.002 in. thick, 
showing a single (111) [112] orientation. 


Fig. 17—Transmission Laue photograph taken from an approximately (110) [001] crystal of 3 pet Si-Fe after cold rolling 
50 pet from 0.014 in. to 0.007 in. thick. Tungsten radiation, 50 Kv. specimen to film distance 3 cm. 


the orientation of crystal No. 16 used in the original 
paper?® and has the same thickness as Dr. Dunn’s 
crystal (0.014 in.), was rolled 30, 50, and 70 pct to 
0.010, 0.007, and 0.004 in. thick respectively. In the 
30 or 50 pct rolled crystal, the transmission Laue 
photographs taken either from an area free from 
Neumann bands, or by integration over the entire 
specimen area, about 1/2 in. square, showed that 
from the unetched specimens thre are extra 

spots in the patterns. The integrated transmission 
Laue photographs of the 50 pct rolled crystal taken 
with tungsten radiation, 50 Kv, and at 3 cm specimen- 
to-film distance, are shown in Fig. 17, where (@) is 
from an unetched specimen, and (6) is from the same 
specimen after etching on both surfaces to 0.002 in. 
thick. If the orientation spread is neglected, the pat- 
tern shown in Fig. 17(@) consists of a double (111) 
[112] type orientation, whereas that shown in Fig. 
17(6) contains largely a single (111) [112] orienta- 
tion. For the 70 pct rolled crystal, such a simple 
transmission Laue pattern is inadequate for orien- 
tation analysis. A tilting technique was used to de- 
tect the presence of a single or a double (111) [112] 
type texture. In Fig. 18, the (200) poles of an initial 
orientation of (110) [001] are plotted in the stereo- 
graphic projection as open squares. When the (111) 


[112] and (111) [112] final orientations (as indicated 
by the open and filled triangles respectively) are 
reached by 35 deg rotations around the cross direc- 
tion from the initial orientation (as indicated by the 
arrows), these (200) planes can be brought into re- 
flection by tilting the specimen through an angle with 
respect to the X-ray beam so that the reflection 
circle will be in touch with the (200) poles of the 
(111) [112] type orientations. If MoK, radiation is 
used, the Bragg angle will be 6 = 14.3 deg; hence a 
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tilting angle of @ = 23.5 deg will bring the (200) 
planes of the (111) [112] type orientations into re- 
flection. The integrated transmission X-ray photo- 
graphs of the 70 pct rolled crystal taken with un- 
filtered molybdenum radiation and at a tilting angle 
of 25.5 deg (because the initial orientation of the 
crystal is not exactly (110) [001]) are shown in Fig. 
19, where (a) is from the unetched specimen, (0) is 
after etching the specimen on both surfaces to 0.002 
in. thick, and (c) is from a specimen etched on one 
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Fig. 18—Stereographic projection showing the technique 
used for obtaining relections from the (200) planes of the 
various orientations with MoK, radiation. 
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(a) unetched specimen. 


(6) specimen etched on both surfaces 
to 0.002 in. thick. 


(c) specimen etched on the surface 
only to less than 0.002 in. thick. 


Fig. 19—Transmission X-ray photographs taken with the technique illustrated in Fig. 2, from the same crystal after 
cold rolling 70 pet from 0.014 in. to 0.004 in. thick. Unfiltered molybdenum radiation, 50 Kv, tilting angle @ = 25.5°, 


specimen to film distance 3 cm. 


All three patterns are practically the same, showing the presence of both (111) [112] and (111) [112] components. (Inten- 


sity maxima at 8 and 10 O’clock positions respectively). 


surface only to slightly less than 0.002 in. thick. 
These three X-ray photographs are practically iden- 
tical. The (200) plane of the (111) [112] orientation 
was brought into reflection with the characteristic 
radiations very nicely (intensity maxima at 8 
O’clock position), but for the (200) plane of the (111) 
[112] orientation only reflections of the white radia- 
tions were recorded in these photographs (high in- 
tensity at 10 O’clock position). This is probably 
due to the fact that the two (111) [112] type com- 
ponents developed from the approximately (110) 
[001] initial orientation of the crystal were actually 
somewhat unsymmetrical, so that simultaneous re- 
flections with the characteristic radiations from 
both components were not obtained at the tilting 
angle (25.5 deg) used. However, the presence of a 
double (111) [112] type texture in the various sec- 


Fig. 20—Transmission electron micrograph of the 70 pct 
hot-rolled crystal, showing very low density of disloca- 
tions. Most of the dislocations are clustered as narrow 
bands, consisting of very fine points. In many instances, 
they appear like very fine networks. X30,000. Reduced 
approximately 24 pct for reproduction. 
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tions of the 70 pct rolled crystal is evident as shown 
by the three photographs, Fig. 19. 

My hot-rolled (110) [001] crystal developed only a 
single (111) [112] texture after 70 pct reduction. 
Whether this is due to the fact that the crystal was 
enclosed in a steel block and rolled so that no ap- 
preciably different surface texture was developed, 
or that one component was probably removed by 
etching as suspected by Dr. Dunn, is not known. 
More experiments for the study of surface textures 
in both hot-and cold-rolled crystals of the same 
thickness would be very desirable. I am inclined to 
think that the double (111) [112] type texture observed 
in the 70 pct cold-rolled crystal is derived from the 
deformation bands. Results from the 0.014 in. thick 
crystal described earlier in this discussion appear 
to support such an interpretation. Unfortunately, no 
more hot-rolled specimens from my previous work 
are now available except the one that had actually 
been used for texture determinations. I agree com- 
pletely with Dr. Dunn’s interpretation of the extreme- 
ly weak recrystallization tendency of the hot-rolled 
crystal as being due to its very sharp deformation 
texture and very low strain energy. During a recent 
study of the recrystallization of Si-Fe crystals by 
transmission electron microscopy, this 70 pct hot- 
rolled specimen previously used for texture deter- 
minations was also examined. As shown in Fig. 20 
the dislocation density in this hot-rolled crystal is 
very low, and most of the dislocations are clustered 
into narrow bands, consisting of individual points 
(end view of dislocation lines). In many instances, 
they appear like very fine networks. This is to be 
compared with the very high density of dislocations 
in a 70 pct cold-rolled crystal, which appear as 
‘‘clouds’’ in the transmission electron micro- 
graphs 7526 

In regard to the subsequent cold rolling of the hot- 
rolled crystal, no measurement of the percentage 
widening was recorded. From my only available 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


“ 
; 
? 


specimen, which was previously thinned to 0.0015 in. 
thick for texture determinations, the estimated 
widening after 50 pct cold rolling* of the hot-rolled 


*Dr. Dunn erroneously stated that the amount of cold rolling was 70 
pct instead of 50 pct. 


crystal should be less than 10 pct. 

The results of Dunn and Koh?’ on the recrystalli- 
zation textures of 70 pct cold rolled (111) [112] and 
(111) [112] crystals of different thicknesses showed 
that although their rolling textures were the same 
their recrystallization textures were different. 

They found that in the thin crystals, which widened 
20 pet or more upon 70 pct cold rolling, the recrys- 
tallization texture was mainly (120) [001] plus (230) 
[001], whereas in the thick crystals the widening 

that occurred after 70 pct cold rolling was only a 
few percent, and the recrystallization texture was 
mainly a simple (110) [001]. While Dr. Dunn’s cor- 
relation between widening and recrystallization 
texture may be real, the interesting question re- 
mains as to why Dunn and Koh’s rolling textures are 
the same despite the substantial difference in lateral 
flow during deformation. Also, if their rolling tex- 
tures of these crystals are the same, regardless of the 
amount of widening that occurred during deformation, 
why are their recrystallization textures different? 

I wonder whether this recrystallization texture 
anomaly is largely due to the effect of surface tex- 
ture. In those crystals that widened excessively (for 
unknown reasons) upon rolling, their surface texture 
might deviate considerably from their interior tex- 
ture. If such specimens were annealed without suf- 
ficient prior removal of the surface layer, those 
recrystallized grains formed earlier in the surface 
layer might grow into the central section of the sheet, 
thus dominating the recrystallization texture of the 
whole specimen, An indication of such a possibility 


is shown in the recrystallization textures of Dunn and 
Koh’s specimens A-1 and B-1 (Figs. 1 and 2 in Ref. 
27). These textures differ from a simple (110) [001] 
texture largely by lateral tilts. The large amount 

of widening that occurred in these crystals during 
rolling may have produced a surface texture later- 
ally tilted from the (111) [112] orientation. 

However, it is still not all understood why the 
thinner (0.025 in.) crystals of Dunn and Koh exhibited 
larger widening than did their thicker (0.050 in.) 
ones, while the author’s pseudo crystal of only 0.012 
in. thick widened less than did their 0.025-in-thick 
crystals? From these results, it can only be con- 
cluded that the amount of widening does not seem to 
depend on the thickness of the crystal. It will be in- 
teresting to see whether the recrystallization tex- 
ture of Dunn and Koh’s specimens A-1 and B-1 of 
Ref. 27 is a simple (110) [001], if the specimens are 
etched to 0.002 in. then anneal for recrystallization, 

Dr. Dunn’s results on the (120) [001] crystal are 
very interesting. Obviously, more study is needed in 
order to understand all of these results. I feel that 
intermediate textures during the annealing process 
would be more informative. 
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Phase Relations in the Titanium-Aluminum System 


Elmars Ence and Harold Margolin 


Trans. Met. Soc. AIME, vol. 221, p. 151 


A. J. Goldak and J. Gordon Parr (University of Al- 
berta) —While we appreciate the difficulties involved 
in any investigation of this system, and we wish to 
congratulate the authors on their comprehensive ef- 
forts, there are several aspects of their paper that 
are not clear to us. 

1) If the 6 phase is, in fact, isomorphous with 
Ti,Sn, it should not be designated Ti,Al. An A,B 
structure cannot be isomorphous with an ordered 
structure of the DO,, type. Anderko ef al.’ sug- 
gested that the structure be called Ti,Al, and we 
believe this to be a more reasonable designation. 
The confusion is compounded when the authors desig- 
nate the y phase Ti,Al—yet the composition limits 
of this phase (according to their diagram) are ap- 
proximately Ti,Al and Ti,Al. Further, while Pietro- 
kowsky is said to have pointed out that the structure 
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of the 5 phase is isomorphous with Ti,Sn, we under- 
stand that this was only a suggestion that was not 
confirmed. Margolin and Ence do not appear to have 
presented any evidence to support the suggested iso- 
morphism. 

2) In referring to the precipitation observed mi- 
croscopically during the initial breakdown of high 
Al @ during quenching, the authors state that ‘‘such 
precipitation is not likely to be detected by Debye- 
Scherrer techniques’’. We suspect that if the pre- 
cipitate was visible by optical microscopy, it must 
have at least one dimension of the order of 1 LU or 
greater, and would therefore be readily detected by 
diffraction techniques. 

3) The authors state: ‘‘The basis for this sugges- 
tion (that 5 forms peritectically 8+2Z-—5) is the 
observation that the 6 + 6 and 6 phase fields were 
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observed up to 1450°C’’. Unless the authors used 
techniques that they have not described, the phase 
fields were not, in fact, observed up to this tem- 
perature. Their presence was rather implied from 
results obtained from samples cooled to room tem- 
perature from 1450°C. This is not a quibble. It is 
important to distinguish between what one observes 
and what one deduces. 


4) In discussing the transformation structure of ys 
the authors state that ‘‘y’ fits a hexagonal type struc- 
ture similar to a. It is important to note that the fit 
of y’ is not as good as that of an a alloy containing 
4 pet Al’’. We do not understand what the authors 
mean by the ‘‘fit’’ of this structure. 

5) In their section of results, Ence and Margolin 
state: “Since the lines of y’ are rather sharp it im- 
plies that some slight distortion of the hexagonal 
structure exists’’. Ignoring the fact that this state- 
ment contains more than a “‘result,’’ we wish to know 
whether the observed sharp diffraction lines are 
positive evidence that some deformation is present, 
or that the deformation, if present at all, is not 
greater than some small amount. After all, sharp 
diffraction lines are generally not an indication of 
distortion. But if the distortion does exist, which 
phase is distorted: y or y’? 

6) The authors state that slopes of the y phase 
field boundaries imply a eutectoid reaction—which 


is, of course, a possibility. But their subsequent 
comment that ‘‘The transformation of y to a hexa- 
gonal structure quite similar to @ would fit sucha 
construction’’ is less meaningful. What is the in- 
tention of this remark? 

7) The authors write: “In considering the trans- 
formation of y, the possibility of ordering comes 
to mind’’, We cannot be sure of what comes to the 
authors’ minds unless they are more Specific. How- 
ever, while we hesitate to interpret the authors’ data 
Table I does suggest that y might be an ordered 
modification of a close packed hexagonal structure. 
Is y ordered? Is y’ ordered? Does y=y’ in- 
volve an order-disorder transformation? 

Ence and Margolin (authors’ reply) —The authors 
are pleased that their paper has received such close 
attention by the discussers and will deal with ques- 
tions raised in the order presented. 

1) In labelling the phase fields with a homogeneity 
range, we have used Greek letter symbols as is 
conventional. As pointed out in the paper, the sub- 
scripts ‘“‘have been introduced to include a possible 
chemical formula within the homogeneity range of 
the intermediate phase.’’ The discussers have ap- 
parently ignored this. 


The discussers are apparently unaware of the fact 
that an A,B structure can exist as the DO,, structure 
type. We refer them to Ta,Si.!” The question of an 
ordered DO,, type structure is irrelevent, since 
there is evidence that the 2c position can randomly 
be occupied by Ta or Si. Further, there is consider- 
able doubt that Ti,Sn exists as a fixed composition, 
and here, however, the discussers have raised no 
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questions about an ordered structure existing over a 
range of compositions. Our results indicate that 6 
exists over a range of compositions. 

We agree with the discussers that we have not dis- 
cussed the basis for the suggested isomorphism of 
56 with Ti,Sn in this paper. The X-ray data were 
presented in an earlier paper.’® If the discussers 
mean that we have not carried out a detailed struc- 
tural analysis, they are correct. Nevertheless, there 
is sufficient evidence to suggest that the OT: Al 
structure is isomorphous with Ti,Sn. The approxi- 
mate composition limits of y given by the discussers 
are too approximate. There is no quarrel with the 
lower limit, but the upper limit extends beyond 
Ti,Al to 26 at. pct Al (16.5 wt pct), and not to Ti,Al. 

2) By dealing with only a portion of the authors’ 
statements, the discussers appear to have missed 
several features. First, we have stated that we be- 
lieve the mottled structure of a to be due to initial 
precipitation of 6. We have not said that what we 
Saw was in fact a 6 precipitate, because of the pos- 
sibility of exaggerated effects due to etching. If we 
consider the mottling of Figs. 9 and 10 to be 6, this 
would be extremely difficult to detect not only be- 
cause of the small amount but also because the 6 
structure is similar to @ and could be detected only 
by the presence of lines which, in a pattern of pure 
5, would have low intensity. 

3) For an understanding of our procedure, we re- 
fer the authors back to the description of the experi- 
mental procedure in the paper. 

4) ‘... the fit of y’ is not as good as that of an 
alloy containing 4 pct Al’’ means that calculated lat- 
tice spacings based on an a-Ti structure do not 
agree with observed spacing as closely as one 
would expect. 

5) We have asked ourselves why the y’ struc- 
ture ‘“‘does not fit’? an a-Ti type structure as well 
as is observed for alloys in the a field. A possi- 
bility is that y’ is not an a-Ti structure but a new 
structure, similar to a, which is produced by the 
transformation. It would be considered as a dis- 
torted a in the same sense that indium can be con- 
sidered a distorted fcc structure. 

Some evidence for irregularities (on the basis of 
an a-Ti type structure) in the transformation struc- 
ture of y have been reported by Saulnier and Crout- 
zeilles.?° 

6) In regard to the criticism that ‘‘this statement 
contains more than a ‘result’ ’’, a fact which the 
discussers have not ignored, it should be pointed out 
that it is within the authors’ discretion to insert a 
comment which is appropriate to the text at any point 
in the paper. 

This comment refers to the relationship between 
the structure of martensite in Fe-C alloys and bec 
ferrite. 

7) If our postulation of the phase relationships in- 
volving y is correct, we would expect that y — y’ 
transformation is one analogous to martensite for- 
mation. We have not been able to find evidence for 
ordering. Extra lines appear not when y transforms 
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to y’ but when y is retained. Although y’ may be 

different from a-Ti, we are not in a position to say 

that it represents an ordered y structure. 
Additional data on transformation and precipita- 


“Ww. B, Pearson: A Handbook of Lattice Spacings and Structure of Metals 
and Alloys, Pergamon Press, 1958. 

*®M. Hansen and K. Anderko: Constitution of Binary Alloys. McGraw-Hill 
Book Co,, New York, 1958. 

9%, Ence and H. Margolin: Compounds in the Titanium-Rich Region of 
the Ti-Al System. AIME Trans., 1957, vol. 209, p. 484. 


tion behavior of a Ti-8Al-8Zr-1(Ta + Cb) allow”? 
are believed to support the interpretation presented 
in the paper under discussion. 


9A, Saulnier and M, Croutzeilles: Etude d’alliages titane-aluminium par 
micrographic et microdiffraction electroniques sur coupes minces. Fourth In- 
ternational Conference on Electron Microscopy, Sept. 17, 1958. Springer- 
Verlag 1960, Berlin. 
H. Margolin and E. Ence: Constitution and Transformation Behavior of 
the Ti-8Al-8Zr-1(Ta+Cb) Alloy. To be published in the June Transactions 
Quarterly of ASM. 


Yield Point and Easy Glide in Silver Single Crystals 


Joachim J. Hauser 


Trans. Met. Soc. AIME, vol. 221, p. 305 


William F. Hosford, Jr. (Massachusetts Institute 
of Technology)-—-Dr. Hauser has used a very inter- 
esting method to study the interaction of dislocations 
on different slip systems, but it should be pointed 
out that the analysis of the experiments is subject to 
a serious criticism. He states that ‘‘the effect of the 
compression can be adequately described by one 
slip system.’’ The effect of frictional constraint 
during the compression makes this quite unlikely. 

When a block of metal is compressed its lateral 
expansion requires a Sliding of the metal over the 
compression platens. The role of friction in the in- 
terface between the deforming metal and the platens 
is to increase’‘the normal force required for the 
compression. Analyses”’*® have shown that, in 
general, the additional force, p, required for the 
compression is a function of pl/h where wis the 
coefficient of friction, J is the length of the speci- 


COMPRESSION 
AXIS 


PLATEN 


SPECIMEN 


PEATEN 


Fig. 1-—-Sketch of compression arrangement. 
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men in contact with the platens. For a constant co- 
efficient of friction, Bishop” shows that p should 
increase exponentially with yJ/h for both plane 
strain and axially symmetric compression. 

For a compression specimen, Fig. 7, whose cross 
section perpendicular to the compression axis is a 
rectangle whith one dimension L, much larger than 
the other W, a much larger force would be required 
for appreciable flow parallel to L than for flow par- 
allel to W. Therefore lateral strain in the W direc- 
tion, €w, Should be much greater than the lateral 
strain in the L direction €;. Since L/H = 14.5 for 
Dr. Hauser’s crystals, and since no lubrication was 
used, it seems questionable that appreciable length- 
ening of the crystals could occur. 

Because the theories of frictional constraint have 
been derived for isotropic polycrystalline materials, 
it was decided to make experimental measurements 
on a Single crystal. A section 3.590 in. long was 
sawed from an aluminum Single crystal with a square 
section of 0.249 in., so that L/W = 14.4. This crystal 
was tested in compression between dry ground steel 
platens. Fig. 8 shows the orientation of the crystal 
and the axis of compression. The face for compres- 
sion was chosen so that the operation of the single- 
slip system which would be predicted in the absence 
of friction would lead to a larger strain in the length 
direction than in the width direction. The dimensional 
changes of the width and length as well as the height 
were measured frequently during the compression 
with micrometers. Width strains were calculated 
from the average of readings near each end and at 
the center. A plot of the length strain, €,, against the 
width strain € pis given in Fig. 9. The slope indi- 
cates that the €; amounted to only 2.5 pct of €y. 
Other compression tests on similar crystals with 
shorter lengths also showed severely limited elonga- 
tion. Even for a crystal with L/W=A.0, was only 
about 26 pct of €y. Because of the frequent inter- 
ruptions of the tests for dimensional measurements 
should have decreased the frictional constraint by al- 
lowing a reseating of the platens, even smaller 
elongations under continuous testing seem probable. 

These tests on long narrow crystals show that es- 
sentially plane strain conditions prevailed. We may 
assume that Dr. Hauser’s crystals deformed simi- 
larly. That the compression can be described by the 
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Fig. 2—Orientation of crystal for compression test. L, W, 
and H indicate the length, width, and height directions. 


action of a single-slip system seems highly unlikely. 
Under such conditions five slip systems are probably 


required. To predict what slip systems would oper - 
ate under plane strain constraint would require a 
lengthy analysis similar to that used by Taylor” for 
axially symmetric flow. It can be seen, however, 
that compression applied to one of the flat faces of 
the crystal should activate the same slip systems as 
compression applied to the flat face 90 deg away, al- 
though in the opposite directions. This explains why 
little difference was found between the effects of the 
X, and X’, compressions or between the effects of 
the X, and X’, compressions. A satisfactory ex- 
planation of difference between the X, and X’, com- 
pressions on the one hand and the Xz and X’3 com- 
pressions on the other depends on determining the 
relative amounts of slip on the various slip systems 
acting during the compression, and should involve 
the total amount of crystallographic shear to accom- 
plish the plane strain compressions as well as dis- 
location arguments. 

Since the concept of Dr. Hauser’s experiments is 
extremely interesting, it might be worthwhile to 
make similar experiments in which the frictional 
constraint during compression was minimized. 
Studies of interface friction during compression’® 
suggest that this might be done by using shorter 
samples, by using a very good lubricant film such 
as teflon, and by frequently interrupting the com- 
pression. 

Joachim J. Hauser (author’s reply)—The analysis 
of Dr. Hosford which is certainly correct theoretic- 
ally does not, however, permit the physical conse- 
quences that he implies. The five slip systems re- 
quired by a Taylor analysis are usually never 
observed in a deformed polycrystal. Livingston and 
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Fig. 3— Length and width strains during compression of 
the aluminum single crystal with a length to width ratio 
of 14:4. 


Chalmers*® who studied the deformation of bicrystals 
in tension found that the secondary slip systems 
necessary to satisfy the compliance at the grain 
boundary could not be predicted by a Taylor analysis. 
Furthermore, they found that the secondary slip 
systems could be predicted by consideration of pile- 
ups and maximum resolved shear stress and that the 
secondary slip is only observed in the immediate 
vicinity of the grain boundary. Similarly, in the case 
of sideways compression of a single crystal, the non- 
homogeneous deformation caused by the friction 
along the compression blocks will be localized in a 
very thin region adjoining the surface. Indeed, sec- 
ondary slip was only observed in a very thin layer 
close to the surface and the major portion of the 
single crystal revealed only slip traces of the pri- 
mary Slip system. Consequently, the major portion 
of the single crystal can be described by slip on a 
single slip system especially for the small strains 
investigated. 

From another point of view, Dr. Hosford states 
that there is very little difference between the Xp 
and X’,; compressions. However, in some experi- 
ments which were conducted subsequent to the pub- 
lication of the paper, it was found that X, and X’, 
compressions are very different. The compression 
along X’g which activates system UK gives quali- 
tatively the same results as a compression along X, 
and X’,. This is consistent with the idea that the im- 
portant factor is that the slip plane activated by com- 
pression intersects the slip plane activated by the 
subsequent tension. 

A possible source of discrepancy between the ex- 
periments performed by Dr. Hosford and those de- 
scribed in the paper can be attributed to the differ- 
ence in orientations. During compression the axis 
of compression will change its orientation by rota- 
ting towards the pole of the active slip plane. Con- 
sequently, the axis of compression H in the alumi- 
num Single crystal will most probably lead to 
multiple slip because of its proximity to the [110] 
direction. The axes of compression in the silver 
experiments on the other hand, will tend to produce 
Single slip defor mation. 


YR, Hill: The Mathematical Theory of Plasticity, Oxford, Clarendon Press, 
1950, 
1S F. W. Bishop: On the Effect of Friction on Compression and Indenta- 
tion Between Flat Dies, J. Mech. Phys. Solids, 1958, vol. 6, p. 132. 
G. I, Taylor: Plastic Strain in Metals, J. Inst. Met., 1938, vol. 62, p. 307, 
G, Pearsall: Friction and Lubrication in Plastic Compression, M. I. T. 
Sc, D. Thesis, February 1961. 
J. D, Livingston and B, Chalmers: Acta Met., 1957, vol. 5, Pis22; 
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Discussion: lron and Steel Division 


End-Point Temperature Control of the Basic Oxygen Furnace 


W. J. Slatosky 


Trans. Met. Soc. AIME, vol. 221, p. 118 


W. O. Philbrook (Carnegie Institute of Technol- 
ogy)—Mr. Slatosky has presented an interesting and 
constructive paper that represents another step along 
the way of converting steelmaking from an art toa 
science. I am confident that his computer will be 
practical and successful and that with a very few 
months of experience it will provide a significantly 
better degree of control than his record of 65 pct of 
heats within range obtained with the slide-rule cal- 
culator. 

A paper such as this, with a lot of symbols and 
condensed mathematics, is difficult to comprehend 
quickly. Since I have had an opportunity to study it 
carefully, perhaps my evaluation of its validity and 
accomplishments will save time for others. 

Mr. Slatosky has correctly used standard princi- 
ples of stoichiometry and heat balances, which are 
available to anybody, but he has also brought to them 
two original contributions: 

1) He has developed from operating data some 
empirical relations for predicting the final FeO 
content of the slag (at 0.5 pet C end-point) as a func- 
tion of slag basicity, lance height, and scrap, ore, 
and scale in the charge. This improves the accuracy 
of prediction of temperature or scrap requirement 
compared with assuming an arbitrary, constant FeO 
content at the end of each heat. There is no assur- 
ance yet that exactly the same relations will hold 
for other furnaces or practices, but similar corre- 
lations can be expected. 

2) He has combined calculations that are ordi- 
narily carried out laboriously as a number of indi- 
vidual steps into a single, simple linear equation 
that can readily be fed into a machine. This involved 
a tremendous amount of painstaking detail work as 
well as the imagination to see the possibility and work 
out the steps. While his particular Eqs. [3] and [6] are 
valid only for the furnace design, charge weight, and 
blowing time used at Aliquippa Works, only a few 
numerical values have to be changed to adapt it for 
other conditions. 

In order to arrive at a useable solution, Mr. 
Slatosky had to make some basic assumptions about 
the process that are similar to those used by others. 
He neglected variation in some process variables 
and assumed an arbitrary average value for waste gas 
analysis and temperature for want of more exact in- 
formation at the present time. All of these judgments 
are clearly stated. In addition, some thermody- 
namic data presently available are not adequate for 
the job, notably in relation to heats of formation and 
sensible heat in slag, and some expedient has to be 
adopted to get around the difficulty. Other people 
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might prefer slightly different judgments about these 
details and hence obtain somewhat different numeri- 
cal solutions. This is not of serious importance, 
however, because the errors accumulate in the ‘‘heat 
loss’’ term and are largely self-compensating for a 
constant heat time. 

Although the extended Eq. 1(a) in Appendix I was 
set up as a rate equation originally, for convenience 
in using an analogue computer as stated in the paper, 
the time dependence was removed by later mathe- 
matical manipulations and assumptions about the 
process. The final result is an integration of ele- 
ment and energy balances from initial to final states; 
this procedure is as legitimate here as in any other 
form of heat-balance calculation. The formal hand- 
ling of stoichiometry and thermochemistry appears 
to be correct, and it is assumed that any arithmeti- 
cal errors would have come to light in applying the 
calculations to furnace practice. 

Mr. Slatosky’s approach is not necessarily unique, 
in that other people might start with apparently dif- 
ferent equations or prefer another form of final equa- 
tion for another type of computer. However, he has 
presented an accomplished result that appears to be 
a theoretically sound and practically useful way of 
applying scientific principles and rapid computation 
for better control of steelmaking. His success will 
undoubtedly encourage himself and others to improve 
on the mathematical model and its use as better in- 
formation becomes available. 

John F. Elliott (Massachusetts Institute of Tech- 
nology)— The last comment by Mr. Richards that a 
calculator is quite unnecessary for an L-D operation 
requires a rebuttal. 

The L-D furnace is a very high capacity process 
which places a premium on close control. When one 
is making steel at rates between 100 and 200 tons 
per hr, one cannot afford the luxury of an extra 5 or 
10 min at the end of a heat correcting for an error 
that should never have been made in the first place. 
Mr. Slatosky’s paper is a very sound application of 
the simple principles of stoichiometry and the energy 
balance. It is a satisfactory and valuable start, but 
only the start of the development of methods of con- 
trol for this process. 

An analysis of the process shows that it should be 
very suitable to control by a computer. This is es- 
pecially the case when various grades of steel are 
to be made. In fact, it would seem that the organi- 
zations who are planning new and bigger installations 
of L-D vessels should consider carefully the advan- 
tages that would stem from computer control of a 
vessel with the operator present to do little more 
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than start, watch, and stop the operation. 

Pertinent information on such items as the tem- 
perature, composition, and amount of hot metal 
charged, character of scrap, delay since the last 
tap, aim composition and temperature at tap, anda 
variety of other data could be fed by card to the ma- 
chine or be recorded automatically. Data on previous 
heats would be stored in a memory circuit. The com- 
puter could refer to the past performance of the 
vessel on this particular grade of steel and then 
within seconds calculate the necessary furnace con- 
stant, recover factors, and so forth, and fix the op- 
erating variables of scrap charge, blowing time, and 
so forth, and then proceed to control the Operation. 


The information necessary for this type of control 
must be known in any case for proper operation of 
the vessel. Proper integration of all factors is be- 
yond the competence of any human being in the time 
available, and the economic penalties for mistakes 
or even large uncertainties are very large. Conse- 
quently, it is not merely desirable that control by 
computer be investigated, but it is virtually manda- 
tory that it be used to obtain metallurgical and eco- 
nomic control of the process. 

It might be noted that variations in yield and slop- 
ping should be added to the list in the paper of factors 
leading to off temperature heats. 


The Austenite Solidus and Revised lron-Carbon Diagram 


M. G. Benz and J. F. Elliott 


Trans. Met. Soc. AIME, vol. 221, p. 323 


J. F. Elliott and M. G. Benz (Massachusetts Insti- 
tute of Technology)—In reviewing the available liter- 
ature on the peritectic reaction, 6 + liquid = y, the 
authors chose to accept the compositions presented 
by Adcock.*® They selected the temperature horizon- 
tal for the peritectic reaction as that which intersects 
the austenite solidus, deter mined by their investiga- 
tion, at 0.16 wt pct C which is Adcock’s composition 
for y iron at the peritectic. This temperature hori- 
zontal is 1499°C, which is 3°C higher than Adcock’s 
choice. Adcock was uncertain of his temperature 
scale, and this choice permitted establishment of a 
temperature scale for his measurements. 

Recently, Buckley and Hume-Rothery*® have re- 
ported a study by thermal analysis of the Fe-C tem- 
perature-composition diagram. Information from 
this work has caused the authors to reconsider their 
treatment of the work of Adcock*® as outlined above. 
The authors now conclude that they should accept 


Adcock’s choice of the temperature for the peritectic 
reaction along with the compositions indicated in the 
following equation: 


The Peritectic Reaction at 1496 + 2°C 
5 (0.10 wt pet C) + liquid (0.51 wt pct C) = 
y (0.18 wt pet C) 


This changes but slightly the Fe-C temperature- 
composition diagram originally presented by the 
authors. Specifically, the fifth line of Table V and 
the peritectic regions of Figs. 5, 6, 7, and 9 should 
be changed in accordance with Eq. [1]. 

A brief discussion of this and other areas of agree- 
ment and disagreement with the authors of Reference 
2 has been submitted to the J. Iron Steel Inst. 
(London). 

35, Adcock: J. Iron Steel Inst., 1937, vol. 135, p. 281. 


°°R, A, Buckley and W. Hume-Rothery: J. /ron Steel Inst., 1960, vol. 196, 
p. 403. 


[1] 


A Study of the Ti-Cu-Zr System and the Structure of Ti2Cu 


Elmars Ence and Harold Margolin 


Trans. Met. Soc. AIME, vol. 221, p. 320 


A. J. Goldak and J. Gordon Parr (University of Al- 
berta)—Margolin and Ence’s paper reached us only a 
few days after we had submitted a paper on the struc- 
ture of Ti,Cu to the AIME. 

Here, however, we only wish to point out an error 
in the paper (page 321): ‘‘Karlsson has reported the 
crystal structure of the first intermediate phase oc- 
curring in the Ti-rich portion of the Ti-Cu system 
to be face-centered tetragonal.’’ Karlsson actually 
reported the structure of TisCu (i.e., ‘‘the first in- 
termediate phase’’) to be primitive tetragonal with 
four atoms per lattice point: Cu at 0, 0, 0; and Ti at 
172, 0; 0, and 1/2, 2, 
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Karlsson suggests a primitive lattice with an ordered 
arrangement of atoms located at corners and face- 
centers: Ence and Margolin suggest a random body- 
centered tetragonal structure—with which our results 
agree. 

E. Ence and H. Margolin (authors’ reply)—We do 
not agree that Karlsson has not reported the struc- 
ture of TisCu as face-centered tetragonal. The fact 
that Cu atoms are located at the corners and titanium 
at the face-centers does not indicate that the lattice 
is not face-centered. 

We are pleased that the discussers’ results agree 
with our own. 
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Technical Notes 


Dependence of Segregation of 
Impurities on the Crystallinity 
of Gallium 


Leonard R. Weisberg and P. R. Celmer 


Tue principle of fractional crystallization has been 
successfully used to prepare high-purity (99.999 pct) 
Ga. Hoffman and Scribner’ removed single crystals 
of gallium solidifying in a gallium melt, while Zim- 
merman’ grew single crystals from the melt by the 
Kyropolous technique. In contrast, attempts at pu- 
rifying gallium by zone refining have been less suc- 
cessful. Richards? reported that despite the passage 
of 40 zones through a gallium ingot, there still re- 
mained 5 to 70 ppm each of Cu, Fe, Ca, Mg, Si, Al, 
and Ag. Previously, Detwiler and Fox? detected only 
one impurity, Pb, segregating in zone-refined ingots. 
These surprising results prompted an investigation 
of the factors controlling impurity segregation in 
gallium. Possible reasons for this were insufficient 
diffusion of impurities in the melt; recontamination 
of the melt by its oxide film which is not affected by 
the passage of the zone; reaction of gallium with the 
boat; sudden freezing of gallium following super- 
cooling, especially since gallium easily supercools 


to 0°C; and trapping of impurities at grain boundaries. 


Impurity segregation tests were carried out by 
directionally freezing gallium using the Bridgman 
method,*® modified in that the molten gallium is low- 
ered out of a furnace into a slush of dry ice and 
trichloroethylene, thus minimizing supercooling. 
Since the gallium is contained vertically, the oxide 
film is in contact only with the tail end of the melt. 
It was found that Teflon makes an excellent crucible 
for gallium since it is quite pure, non-reactive, 
translucent, flexible, machinable, and is not wet by 
gallium. The gallium crystals could be grown at vari- 
ous speeds, and the melt could be vigorously stirred 
by a Teflon rod moving through the gallium in a ver- 
tical reciprocating fashion. Single crystals could be 
grown by placing a solid Teflon plug at the bottom of 
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Technical Staff, RCA Laboratories, Princeton, N.J. 
P. R. CELMER, formerly a Member of the Technical Staff, 
RCA Laboratories, is now with Materials Electronic Prod- 
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Table 1. Segregation of Impurities in Directionally Frozen Gallium 


Impurity Concentration in ppm 


Position in 


Conditions Crystal Sn) Rb Ci Siig 
No Stirring used Front 2 33 1 1 OE 3) 
Polycrystalline Tail 1 1 3 
Stirring used Front 3 5 il 053) laut 5 
Polycrystalline Tail 10 10 2 1 Tee? 5 
No Stirring used Front - Ht 0.3 - - - 3 
Single Crystal Tail 30) 10) 1 il 1 


the melt drilled out in such a way to cause the solid- 
ifying gallium to follow a winding path. Thus, even 
if many crystals are originally nucleated, only one 
grain will predominate. The grain structure of the 
gallium crystals was revealed by an etchant com- 
posed of equal volumes of HCl, HNO,, and HF, diluted 
with water to half strength. Emission spectrographic 
analyses were carried out on samples removed from 
the front and tail ends of the resulting gallium ingots. 
Typical results of this study are summarized in 
Table I. The rate of freezing in all three cases was 
about 1 in. per hr. It can be seen that even though 
stirring of the melt does help, it is even more impor- 
tant to grow a single crystal of Ga in order to obtain 
good segregation of impurities. The effect of crys- 
tallinity on the segregation of impurities was previ- 
ously observed® in the directional freezing of ger- 
manium; however, in this case, the effect was much 
less pronounced. This dependence of impurity seg- 
regation on the crystalline perfection of Ga may be 
related to its thermal conductivity which is the most 
anisotropic of all metals.’ The anisotropic thermal 
conductivity can cause the solid-liquid interface to 
be nonuniform, thus leading to trapping of impurities 
during freezing,® and therefore reduced segregation. 
In conclusion, it is indicated that zone refining 
of gallium would be more successful if seeding and 
similar precautions are taken to insure single crys- 
tal growth. The authors are indebted to Mr. H. H. 
Whitaker for the spectrographic analyses and to Drs. 
B. Abeles and F. D. Rosi for helpful advice and en- 
couragement throughout the course of this work. 
This research was supported by the Electronics Re- 
search Directorate, Air Research and Development 
Command, under Contract No. AF33(616) -5029. 
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Orientation of Cast Beryllium 


F. A. Crossley, A. G Metcalfe, and R. P. Elliott 


Tue texture method (utilizing monochromatic cop- 
per radiation) was applied to determine the orien- 
tation of the columnar grains of two vacuum cast 
beryllium ingots of 3 in. diam. Samples were 
mounted in a fixture as illustrated in Fig. 1, which 
permitted rotation and translation in order to ap- 
proximate the method used for wires. The speci- 
mens were aligned so that the major axes of the 
columnar grains were parallel. Rotation was around 


DIFFRACTED 
BEAM 


AXIS OF ROTATION 
AND TRANSLATION 


S 


INCIDENT 
X-RAY BEAM 


Fig. 1—Arrangement for developing a simulated texture 
pattern for vacuum-induction melted and cast beryllium 
ingot. 
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(0002) MIDDLE RING 
(1010) INNERMOST RING 


Fig. 2—X-ray Debye pattern for simulated wire specimen 
from beryllium ingot compared with projected patterns 
for two possible crystallographic directions. 


the growth direction. After each translation the 
specimen holder was rotated 2 deg (1 deg for the 
samples from the second ingot) until a range of 30 
deg on either side of the vertical was covered. The 
speed of translation was 1 mm per sec. 

A representative Debye pattern is shown in Fig. 
2. The pattern was compared with theoretical pat- 
terns for various orientations. Also shown in Fig. 2 
is the disposition of reflections on the (1010), (0002), 
and (1011) Debye rings for the two possibilities that 
growth is either in the <1010> or <1120> direction. 
It is apparent that no significant preference for the 
direction of columnar growth is indicated. It is 
considered that the lack of a preferred orientation 
is due to the occurrence of the phase transforma- 
tion (reported by Martin and Moore’ to occur above 
1250 °C) which masked the original solidification 
orientation. 

This research was supported by the United States 
Air Force under Contract No. AF 33 (616)-5911, 
monitored by the Materials Central, WADD, Wright- 
Patterson Air Force Base. 
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Observations on the Decarburization 


of Mild Steel by Reaction with a 
Surface Scale 


Donald J. Knight 


Hear Treatment at 1500° F of a mild steel contain- 
ing 0.1 pct C, in an atmosphere which is oxidizing 

to both carbon and iron, results in the progressive 
oxidation of the metal surface with little or no 
change in the carbon content of the underlying metal. 
Further heat treatment of the scaled metal in either 
a neutral atmosphere or in a vacuum may or may 

not result in the decarburization of the metal depend- 
ing upon the physical nature of the scale. 

It is apparent that if a continuous layer of oxide is 
present on the steel surface, the reaction Ogcaie + 
Cmetal ~ COgas cannot progress since the so formed 
gas would be unable to leave the oxide/metal inter- 
face. Thus, in order for the reaction to progress, 
the oxide must be cracked or porous. 

Vacuum heat treatment at 1500° F of samples with 
a thick continuous oxide scale showed no decarburi- 
zation of the steel. However, when cracks were in- 
troduced mechanically into the scale prior to the 
vacuum heat treatment notable decarburization of 
the metal resulted and a structure as shown by Fig. 
1 obtained, z.e., reduction of the crack walls to 
ferrite. 


Mounting Material 


‘Metal 


Fig. 1—Ferrite layers formed along oxide cracks during 
the vacuum annealing of oxidized mild steel. Photomicro- 
graph. X500. Reduced approximately 36 pct for reproduc- 
tion. 
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OXIDE \ OXIDE (Cc) 


Fig. 2—Suggested mechanism for ferrite layer growth. 


METAL 


With reference to the diagram of Fig. 2, it would 
appear that a mechanism of the following type takes 
place. Carbon atoms arriving at an oxide/metal/void 
interface, such as ‘A’, Fig. 2(a), can combine with 
oxygen atoms from the scale and leave the reaction 
site as CO,,, thereby reducing the oxide to metal. 

On a greatly magnified scale, Fig. 2(0), this will ap- 
pear as a ferrite projection along the crack wall. 
Carbon atoms entering this projection can react with 
oxygen atoms at point ‘C’, which is a new interface, 
and so on leading to a progressive growth of the fer- 
rite along the crack wall and to the surface, Figs. 
2(c) and 1. It would appear that the only means by 
which thickening of the ferrite film can take place 

is by a diffusion of oxygen through the ferrite film 
to react with carbon at the newly formed ferrite/ 
void interface. Since the diffusion rate of carbon is 
reportedly much greater than that of oxygen, and 
since there is a low probability factor of oxygen and 
carbon atoms arriving simultaneously at the same 
site on the ferrite/void interface, there will be a 
tendency for more rapid lengthening than thickening 
of the ferrite layer, as is observed. 
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Temperature Dependence of the 
Yielding Behavior of SAP-Type 
Dispersion Strengthened Alloys 


F. V. Lenel, G. S. Ansell, and R. A. Bosch 


Recent ty, Ansell and Lenel* proposed a disloca- 
tion model to account for the yielding behavior of 
dispersion-strengthened alloys. The criterion for 
yielding used in this model was that yielding occurs 
when the shear stress due to arrays of piled-up 
dislocations fractures or plastically deforms the 
dispersed second-phase particles. Calculations 
based on this model predict that the yield strength, 
Oy 5 of a dispersion-strengthened alloy containing 
particles whose geometry permits them to be con- 
sidered as straight, i.e. not curved, barriers to 
dislocations follows the relation 


bu* 1/2 
= [1] 


where yp and p*are the shear moduli of the matrix 
and dispersed phase respectively, b is the Burger 
vector of a dislocation in the matrix, X is the mean 
free path between dispersed phase particles and C 
is a constant. This yield stress, o s iS Closely ap- 
proximated in polycrystalline alloys by the propor- 
tional limit. The offset yield stress, Joys is the 
yield stress, o s Plus the increase of stress due to 
strain hardening in the offset strain increment. 

Previous investigation’ has shown that Eq. [1] 
describes the yielding behavior of several different 
dispersion-strengthened alloys as a function of the 
mean free path between dispersed phase particles 
at a constant temperature. The purpose of this in- 
vestigation was to investigate the temperature de- 
pendence of the yielding behavior of dispersion- 
strengthened alloys. The alloys studied, MD2100 
and MD5100,* are SAP-type alloys containing flake 
shaped aluminum oxide particles dispersed ina 
matrix of commercial purity aluminum. 

The proportional limit and 0.2 pct offset stress 
of both of these alloys were determined as a func- 
tion of temperature over the temperature range 
from -190°to 500°C. All tests were conducted on 
an Instron tensile testing machine. Stress was 
measured by means of the Instron load cell. Strain 
was measured by means of SR-4 strain gages at- 
tached to the tensile specimens. Stress sensitivity 
was 80 psi. Strain sensitivity was 2x 10°. Fig. 1 
shows the values received for the proportional limit 
and 0.2 pct offset yield stress plotted as a function 
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MD- 5100 
MD—2100 
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a 


THEORETICAL e 
CURVES ® 


Fig. 1—0.2 pet offset yield stress and proportional limit of 
MD2100 and MD5100 alloys plotted as a function of the 
homologous temperature of these alloys. 


of homologous temperature for both the MD2100 and 
MD5100 alloys. 

Inspection of Eq. [1] shows that of the terms which 
determine the theoretically predicted yield stress, 
Oy 5» only the shear moduli have an appreciable tem- 
perature dependence. From Eq. [1] the yield stress 
at any temperature T, 07, may be predicted from the 
yield stress at any arbitrary reference temperature, 
in this case 25°C, 025, by the relation 


1/2 
OT 2s Mes 


where the subscripts T and 25 refer to the values of 
the property at test temperature and at 25°C, respec- 


_tively. The temperature dependence of the yield 


stress predicted by Eq. [2], based on the observed 
value for the proportional limit at 25°C, is also 
shown in Fig. 1. In evaluating Eq. [2] the following 
data was used. The values for the shear modulus of 
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aluminum were interpolated from the data of Sutton® 
for the elastic constants of high-purity aluminum and 


can be considered reliable in this temperature range. 


Much less reliance can be placed in the values for 
the shear modulus of aluminum oxide which were in- 
terpolated from the date of Stravolakis and Norton* 
because of the scarcity of their data in this tempera- 
ture range. 

Referring to Fig. 1, it is seen that the agreement 
between the experimentally determined values of 
the proportional limits of these alloys and the theo- 
retically calculated yield strengths is as good as 
would be expected in view of the uncertainty of the 
available data for the shear modulus of aluminum 
oxide. 

A similar comparison between the experimentally 
determined 0.2 pct offset yield stress and the cal- 
culated yield stress shows no such agreement. The 
reason for this is that yielding in these alloys occurs 
at a strain which is much less than the strain as- 
sociated with the 0.2 pct offset yield stress. The 
offset yield stress given by Eq. |1] plus the stress 
increment due to strain hardening. Since the rate 
of strain hardening is very sensitive to test tem- 
perature, the variation of offset yield strength with 
temperature differs from the variation of the yield 
strength predicted by Eq.|2]. One could, however, 
from these data determine the temperature depend- 
ance of the strain hardening coefficient in the 0.2 pct 
strain range. 

The authors wish to acknowledge the support of 
the National Aeronautics and Space Administration 
for their support of this investigation. 
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The Hardening Mechanism in 


Nitralloy-N Steel 
G. C. Gould and H. J. Beattie 


i) B. Seabrook? recently published properties of a 
low-alloy Ni-Al age-hardening steel known commer - 
cially as “Nitralloy-N”. He mentioned three possible 
mechanisms of age hardening, vzz. order -disorder 
in the matrix, order-disorder in a precipitate, anda 
precipitate that goes in and out of solution reversibly 
without losing coherency. The following results indi- 
cate that the last-mentioned of these mechanisms is 
the cause of age hardening in Nitralloy-N. 
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Q-1650°F OIL QUENCH 
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B-975°F 22 HRS.AC. 


Ba A 
TREATMENTS 


Fig. 1—Results of various heat treatments on hardness of 
Nitralloy after Seabrook.’ 
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Fig. 2—Aging curves of martensitic and spheroidized ma- 
trix aged at 975°F. 


The reversibility of the age hardening with a sub- 
critical solution temperature was demonstrated strik- 
ingly by Seabrook,? whose results are reproduced in 
Fig. 1. Aging for 22 hr at 975°F (525°C) can reharden 
the fully-tempered martensite to its original as- 
quenched hardness of R, 45. 

A Nitralloy steel was obtained from Seabrook? with 
the following analysis: 

C Gr Mn Mo Si AL 
0.24 0.51 0.43 0.24 0.33 1.94 4.83 0.09 


50 
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Fig. 3—Aging curves of martensitic and spheroidized ma- 


trix aged at 1075°F. 


10,000 
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Fig. 4—Nitralloy-N sample spheroidized 24 hr at 1275°F, 
air cooled and aged 16 hr at 1075°F. X5,000. Reduced ap- 
proximately 25 pct for reproduction. 


Some of the material was carbide-spheroidized prior 
to treatment for comparison with control specimens 
in the martensitic condition. After being solutioned 
at 1275°F (690°C), the highest controllable subcritical 
temperature, specimens were aged from 1 min to 72 
hr at 975°F (525°C) and at 1075°F (580°C), Figs. 2 and 


3, respectively. The aging curves, Figs. 2 and 3, show 


a Similar effect with respect to the spheroidized and 
martensitic conditions, z.e., the hardness increase 
is the same for both conditions, but the initial hard- 
nesses are different. 

Microstructural differences between the as-solu- 
tioned and aged conditions were not discernible at 
the optical level. 

Extraction replicas were prepared by electrolyti- 
cally etching the mechanically polished surface in a 
10 pet aqueous solution of H,PO,, applying 10 pct ni- 
trocellulose in amyl acetate, stripping, and transfer - 
ring to a carbon replica, Examination of extraction 
replicas in an electron microscope revealed a fine 


Inset: Electron diffraction pattern of stringers. Reduced 
approximately 25 pct for reproduction. 
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dispersion that appears to precipitate during aging 
and grow to a limited extent with aging time. An ex- 
traction replica from a Nitralloy-N specimen 
quenched from 1275° F (690°C) showed the presence 
of fine particles in smaller quantity than in the aged 
specimens. Fig. 4 shows the equiaxed particles that 
characterizes most of the precipitate, and Fig. 5 
shows a fibrous form that appears less often. Se- 
lected-area electron diffraction patterns show that 
both forms were a CsCl-type structure with a lattice 
parameter around 2.9A. An area similar to Fig. 4 
gives a powder pattern, while the fibers in Fig. 5 
produce in effect a “rotation” pattern, inset, Fig. 5, 
with [100] as the “rotation axis” that coincides with 
the fiber axis. 

A spheroidized specimen that had been solutioned 
at 1275°F (690°C) and aged for 16 hr at 1075°F 
(580°C) was anodically dissolved in an aqueous elec- 
trolyte of 5 pct HCl at 0.2 amp per sq in. Examina- 
tion of the residue by X-ray diffraction disclosed a 
mixture of the precipitation-hardening intermetallic 
compound and the carbides Fe,C and M,,C,. The lat- 
tice parameter of the intermetallic compound was 
determined as 2.8874, which agrees perfectly with 
the published lattice parameter value of the interme- 
tallic compound NiAl. 

The electrolytic residue was further treated by 
immersion in a 0.25 pct aqueous solution of HCl at 
90°C for 18 hr. X-ray examination of the resulting 
residue showed that the intermetallic compound had 
been preferentially dissolved without much attack of 
the carbides. A second successive treatment of the 
same kind and duration was shown by X-ray exami- 
nation to cause further preferential dissolution of 
the intermetallic compound, while a third successive 
treatment made it disappear entirely. One more suc- 
cessive treatment beyond this caused a weight loss 
of 10.6 pct of the residue, which serves to indicate 
the extent of carbide dissolution at each stage of the 
chemical fractionation treatment described above. 

The filtrates from the first three treatments were 
analyzed chemically for iron, nickel, and aluminum, 
Table I. As expected, the first filtrate has the high- 
est Ni-Al concentration. These filtrate analyses do 
not account for all the weight losses of the residues 
during the treatments; spectrographic and further 


Table I. Fractional Analyses Of Electrolytic Residue 


Filtrate Analyses 


Treatment No. 1 2 3 
Weight Percentages* 
Al 1323, 5.8 6.5 
Ni 34.1 17.4 16.1 
Fe 18.5 50.0 515 
Total 65.9 SSP 74.1 


Atomic Percentages** 


Al 38.0 15.7 16.6 
Ni 40.3 21.8 19.1 
Fe 21.6 62.4 64.2 


*Percent of residue weight loss after chemical fractionation. 
**Atomic percentages are normalized to total 100. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


\y < > Yi 
Fig. 5—Stringer-like precipitate in Nitralloy-N, X10,000. oe eee 


quantitative analyses did not reveal other elements 
present in amounts that could account for this weight 
discrepancy. Thus, one can draw conclusions only 
from ratios among the three elements analyzed. The 
results, given in atomic percentages, Table I, indi- 
cate that the nickel:aluminum ratio remains fairly 
close to unity. 

The crystal structure, the lattice parameter, and 
the chemical analyses all indicate that the age hard- 
ening precipitate is the compound NiAl. 

The lattice parameter of the Nitralloy steel ma- 
trix is 2.872A. A coherent precipitation of Ni-Al 
would thus have a lattice disregistry of 0.5 pct. A 
previous investigation‘ of an ordered fcc structure 
precipitating coherently in austenitic alloys indicated 
that below a 0.5 pct disregistry the coherency strain 
is not great enough to affect the morphology of the 
precipitate, while above 0.5 pct the particles have a 
characteristic shape and line up in parallel rows. 
The 0.5 pct disregistry in the present case then would 
be borderline, and the electron micrographs, Figs. 4 
and 5, indicate that this is the case. 

Since it has been shown!’ that longer times at this 
solution temperature do not cause higher maximum 
hardness, it is possible that a steel containing less 
than 5 pct Ni and 2 pct Al would have the same age 
hardening characteristics. A material containing 
3.5 pct Ni and 1.09 pct Al was spheroidized and aged 
for 4 hr at 975° F (525°C); the aging caused the hard- 
ness to increase from R, 21 to R, 31. This increase 
is comparable to the increase of the Nitralloy-N steel 
although the initial and final hardnesses are less be- 
cause of the lower alloy content. This suggests that 
less nickel and aluminum are necessary to yield suf- 
ficient precipitate for the maximum hardening incre- 
ment. 


me B. Seabrook: Metal Progress, 1961, vol. 79, p. 80. 
2}. B. Seabrook: General Electric Report No. RS8MSD323, April 15, 1958, p. 11. 
3W. B. Pearson: A Handbook of Lattice Spacings and Structures of Metals and 
Alloys, Pergamon Press, 1958, value quoted in kX units. 
4w. C. Hagel and H. J. Beatie: Jr.: Trans. Met. Soc. AIME, 1959, vol. 215, 
p. 967. 


Mn Vapor Pressures in the 
Mn-Fe System 
J. H. Smith, H. W. Paxton, and C. L. McCabe 


Tue recent investigation of Butler, McCabe, and 
Paxton! on the vapor pressure of manganese gas in 
equilibrium with Mn-Fe alloys has been extended to 
include the iron-rich solutions and alloys in the two 
phase equilibrium region. The study of the phase 


J. H. SMITH, Junior Member AIME, is with Armco Steel 
Corp., Middletown, Ohio. H. W. PAXTON, Member AIME, 
and C. L. McCABE, Member AIME, -are Firth-Sterling Pro- 
fessor of Metallurgy and Professor of Metallurgical En- 
gineering, respectively, Carnegie Institute of Technology, 
Pittsburgh, Pa. 


Manuscript submitted February 21, 1961. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table I. Equilibrium Mn Partial Pressure At 1185°K 


Mn Concentration, Orifice Area, Flux Mn Pressure 
at. Pct cm? x 107° g/cm’ sec x 107° atm x 107° 
74.5 4.08 3.74 
74.5 3.31 3.55 
3.56 
69.7 3.29 3.44 
67.3 3.29 3.44 
67.3 2.87 3.24 3.40 
65.6* 4.41 3.28 
65.6* 4,33 3.10 3.24 
61.8 3.48 3.09 3.22 
61.8 3.33 3.01 
61.8 2.81 2.98 


*For this alloy an independent analysis was made by Armco Steel 
Corp. and the result was identical with the Carnegie Institute of Tech- 
nology value reported here. 


equilibrium by Kurnakov and Troneva? and the exten- 
sive reviews of the Mn-Fe system by Hansen,? and 
Hellawell* are not in agreement with regard to the 
location and extent of the equilibrium between the 
solid phases of fcc y and complex f in the tempera- 
ture range above the eutectoid temperature of ap- 
proximately 975° K where 6 decomposes to y and 
bcc a. An evaluation of the existing equilibrium data 
is confronted with the conflicting results presented 
by various investigators who used techniques requir - 
ing a quenching treatment to retain the high-tempera- 
ture equilibrium or encountered temperature hyste- 
resis during thermal analyses. The difficulty of sup- 
pressing the transformation of the manganese-rich 
concentrations of the y-solid solution during quench- 
ing has been well established.°® 

To avoid this uncertainty the phase equilibrium 
was investigated at temperature by measuring the 
partial pressure of manganese gas in equilibrium 


4.5 


— - — Kurnakov & Troneva 
Hellawell = 
— — — Hansen 


Mn Pressure (atmospheres Fo?) 


70 


80 90 


Atom % Mn 


Fig. 1—Manganese pressure as a function of composition 
for Mn-Fe alloys at 1185°K. Single values are repre- 
sented by O while the range of multiple values is indicated 
by I. Raoult’s law for 6-Mn standard state is shown by the 
straight line. 
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Fig. 2—Manganese pressure and activity as a function of 
composition for Mn-Fe solid solutions at 1232° K. Raoult’s 
law for the 6-Mn standard state is shown by the straight 
line. 


with Mn-Fe alloys of the apporpriate compositions. 
The Knudsen effusion technique was employed and 
has been described previously.1 Alloys were pre- 
pared from electrolytic Mn (99.9 pct) and Ferrovac- 
E Fe, and induction melted under a purified argon 
atmosphere. The carbon, nitrogen, and oxygen con- 
tents (maximum) were 0.016, 0.0022, and 0.075 wt pct, 
respectively. 

The results for the 1185°K investigation are re- 


ported in Table I and the manganese pressure data 
plotted in Fig. 1. Within the scatter of the data, it is 
evident that the y +f field is quite narrow; indeed it 
is probably somewhat narrower than the suggested 
width of Hellawell* or Kurnakov and Troneva.? To 
make the data fit either of these diagrams exactly 
would require marked curvature in the activity vs 
composition curve, which does not contradict the re- 
sults but is not consistent with the usual description 
of solution behavior. The suggested curve in Fig. 1 
is probably adequate for most purposes. 

Additional single measurements for the solid solu- 
tions made at 1232°K to supplement those of Butler 
et al.’ are plotted in Fig. 2. Deviations from Raoult’s 
law are seen to be small throughout the entire compo- 
sition range, and the existence of a very narrow y+ 
field receives additional support. 
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Correction to Volume 218 


Page 1125 
Discussion on Kunz and Bibb’s paper reads: 
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T. S. Liu (Lockheed Aircraft Corp) 
T. S. Liu (Southwest Research Institute) and M. A. Steinberg (Lockheed Aircraft Corp.) 


Correction to Volume 221 


Page 295 
Title reads: 


A Thermodynamic Study of Dilute Solutions of Sulfur in Liquid and Lead 


Should read: A Thermodynamic Study of Dilute Solutions of Sulfur in Liquid Tin and Lead 


Errata 


Some Thermodynamic Properties of the Cadmium-Copper System, vol. 221, p. 527 


Appendix Table I reads: (First two lines) € 
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Derivation of Phase Diagram for the Silicon-Oxygen- 


Carbon System 


W. A. Krivsky and R. Schuhmann, Jr. 


A general method is presented for the derivation 
of ternary phase diagrams under various conditions 
of temperature and pressure from existing thermo- 
dynamic data. This method has been found very 
useful for the analysis of complex commercial re- 
duction reactions giving an understanding of the 
process not readily available by other means. The 
method assures the proper use of thermodynamic 
data and prevents misunderstandings resulting 
from misapplication. For purposes of illustration, 
the system Si-O-C was chosen over the tempera- 
ture range of interest to the process metallurgist 
and at pressures ranging from 0.01 to 5 atm. 


To the metallurgist concerned directly with com- 
mercial metallurgical reduction processes, the in- 
creasing number of excellent thermodynamic studies 
that have become available in recent years are inval- 
uable aids to his general understanding of the limita- 
tions and true efficiencies of any particular process. 
Although such thermodynamic data are usually incom- 
plete for a complex practical process, a great deal 
may be gained toward an increased understanding of 
the problem from the proper organization of the 
available data. Such an organization presents the 
data in proper perspective for correct application, 
outlines areas where further study is needed, and 
provides some basis for qualitative extrapolation 
into regions of interest which have not been investi- 
gated. The most useful form into which such data 
may be placed is a phase diagram which not only re- 
lates the equilibrium condensed phases as a function 
of overall composition, temperature, and pressure; 
but also defines the coexisting gaseous phase. Prac- 
tical processes generally deal with so many compo- 
nents that such representation is difficult; however, 
in many cases, ternary or pseudoternary diagrams 
may be utilized to yield approximate representations 
of the more complex systems. 

The present paper is an account of the results of 
such a treatment of available thermodynamic data on 
the Si-O-C system. 


W. A. KRIVSKY, Member AIME, formerly Manager, Metals 
Research, Metals Research Laboratories, Union Carbide 
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EQUILIBRIUM CONDENSED PHASES 


Careful application of the Phase Rule to a multi- 
component system provides the means by which ther- 
modynamic data may be utilized to yield the phase 
diagram of the system under study. It is also neces- 
sary to know the nature of the condensed phases that 
can exist within the system. In the Si-O-C system 
at the elevated temperatures of interest to the proc- 
ess metallurgist, it is well known that carbon may 
exist as graphite, silicon as a liquid or solid, silica 
as a liquid or in various crystalline modifications as 
a solid, and silicon carbide in various solid forms. 
The thermodynamic properties of the various allo- 
tropic forms of both silica and silicon carbide are 
not too different and need not be of great concern to 
us for the present purpose. In the ensuing discussion, 
when the terms silica, silicon carbide, and silicon 
are used, the equilibrium form under the particular 
conditions existing is inferred. 

The possibility of the presence of silicon monoxide 
as a stable high-temperature condensed phase ex- 
ists;’»? and since this is of importance to the result- 
ing phase diagram of the ternary system, it is nec- 
essary to decide on the basis of the evidence pres- 
ently available whether such a phase does occur. The 
apparently most reliable measurements of the sili- 
con monoxide pressure above silicon and silica have 
been carried out by Schafer and Hirnle? using the 
orifice effusion technique, and by Tombs and Welch? 
using an inert carrier gas method. Their results 
are presented in Fig. 1 and literal interpretation 
would indicate a phase change within the system at a 
temperature of approximately 1300°C. However, the 
two investigations agree within 20 pct assuming no 
new solid-phase formation; and although this does not 
represent as good agreement as might be desired, the 
inherent experimental difficulties encountered in this 
system and the use of two different experimental tech- 
niques over a rather wide range of temperature does 
not permit acceptance of the data in itself as proof 
of the existence of silicon monoxide as a high-tem- 
perature equilibrium condensed phase. Brewer and 
Edwards’ have presented some evidence for a solid 
phase reaction taking place between silicon and sili- 
ca at a temperature of approximately 1175°C, but no 
special precautions were taken to prevent oxidation 
of silicon. Hoch and Johnston? believed that they had 
demonstrated the existence of silicon monoxide as a 
stable high-temperature solid by means of X-ray dif- 
fraction studies at temperature. Forgeng® and Geller 
and Thurmond,® however, have shown that the diffrac- 
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Fig. 1—Temperature dependence of silicon monoxide 
pressure above silicon and silica or solid silicon mo- 

noxide. 


tion pattern thought by the original authors to repre- 
sent silicon monoxide is in reality that of a mixture 
of cristobalite and silicon carbide. Table I (after 
Geller and Thurmond) presents this interpretation of 
the original data. 

On the basis of the evidence presented to date, it is 
concluded that the existence of solid silicon monoxide 
as an equilibrium phase has not been demonstrated 
and, therefore, it was not considered in the present 
treatment of the Si-O-C system. Should such evi- 
dence be presented subsequently, the present dia- 
grams may be readily modified. 


DERIVATION METHOD 


The discussion of the previous section is of con- 
cern only in that the first step in the derivation of 
the ternary phase diagram requires a knowledge of 
the stable condensed phases that may exist within the 
system. In the Si-O-C system there are four such 
phases; silicon, carbon, silica, and silicon carbide. 
The Phase Rule states that the number of degrees of 
freedom of a system at equilibrium is equal to the 
difference between the number of components and 
the number of phases plus two. 


[1] 


Application of the Phase Rule to a ternary system 
yields the relationship 
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fz=zc-p+2 


[2] 


Table 1. Comparison of X-Ray Diffraction Data of Hoch and Johnston 
with the Data on B Cristobalite and Silicon Carbide 


Data of Hoch 


and Johnston B Cristobalite B Silicon Carbide 
d I/I, d d Wis 

4.13 § 4.125 100 

DEES) 26 2.515 69 

2.18 W 2.177 17 

2.05 W 2.059 9 

1.67 VW 

1.54 M 1.542 46 
1.32 M 1.315 32 

0.99 VW 1.000 16 

0.98 VW 0.9753 8 

0.89 W 0.8899 24 

0.84 W 0.8394 24 


from which may be determined that, if three phases 
are present, there remain only two degrees of free- 
dom in the system. This is another way of saying 
that the system then can be completely described by 
two coordinates on a piece of paper. For the present 
purpose, it is convenient to choose as the two para- 
meters the composition of the gas phase and the tem- 
perature. In the Si-O-C system there are three 
thermodynamically important constituents of the gas 
phase; namely, carbon monoxide, silicon monoxide, 
and carbon dioxide. Because of this, it is not possible 
to define the gas phase completely with a single para- 
meter; and, as will be seen subsequently, this will re- 
quire that two plots be used to define completely the 
system. In the present system, it was decided to 
choose as the defining parameters of the gas phase 
the ratios of silicon monoxide to carbon monoxide 
and of carbon dioxide to carbon monoxide. 

Balanced chemical equations are then written in- 
volving two condensed phases with each of the two gas- 
phase parameters. Since there are four different con- 
densed phases within the system, it is known that six 
equations will be necessary to cover all possible 
combinations of two condensed phases with each gas- 
phase parameter. A total of twelve equations is in- 
volved, therefore, and these are listed below: 


Series I —Reactions Involving SiO and.CO 

1/2 SiO, (s,2) + 1/2 Si(s,l) SiO(g) [ 
SiO, (s,Z) + C(s) — SiO(g) + CO(g) [ 
2 SiO, (s,l) + SiC(s) — 3SiO(g) + CO(g) [ 
2 Si(s,l) + CO(g) — SiC(s) + SiO(g) [ 
SiC(s) + CO(g) — 2C(s) + SiO(g) [ 
Si(s,) + CO(g) — C(s) + SiO(g) [ 
Series II —Reactions Involving COz and CO 
SiO, (s,l) + 3 CO(g) C(s) + SiO(g) + 


2 CO, (g) [9] 

SiC(s) + 3 CO(g) — 3C(s) + CO, (g) + 
SiO(z) [10] 

Si(s,l) + 3CO(g) 2C(s) + CO,(g) + 
SiO(g) [11] 
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Fig. 2—Temperature dependence of the ratio SiO/CO for 
univariant equilibria in the system Si-C-O P, = 1.00 atm. 


SiO, (s,1) + 4CO(g) SiC(s) +3CO,(g) 
1/2 SiO, (s,l) + CO(g) 1/2Si(s,J) + 

CO, (g) [13] 
Si(s,Z) + 2 CO(g) — SiC(s) + CO, (g) [14] 


Equilibrium constants for the above reactions are 
given below: 


K3 = Psio Koos (Psion) (Peo,)?/(Peo)® 
(Psio) (Poo) Kyo = (Peos)/(Peo )? 
Ks = (Psion)? (Peo) = (Pai) (Poo, (Peo)® 
Ke = (Psio ) /(Peo) Ky. = (Peo,)*/(Peo)* 

K, = (Psio)/(Peo) = (Pco,)/ (Peo) 


Kg = (Psio) (Peo) (Peo,)/(Peco)? 


The parameters Py /Poo and Peo, /Peo are then cal- 
culated as a function of temperature from existing 
free-energy data on the particular reactions involved. 
After the partial pressure of silicon monoxide is 
calculated for Eqs.[3-8], it is then possible to use 
this value in the appropriate Eqs. [9-14] to permit 
calculation of the Peo, /Pco parameter. Calculation 
of the partial pressure of SiO was done on the as- 
sumption that the pressure of CO, was negligible 
stoichiometrically and that, therefore, Pyg + Poo = 
1 atm. As will be subsequently seen, this is a valid 
assumption. Calculation of the Poo, /Peo for Eqs. 
[9-14] can then be done by allowance for the Pyo 
calculated from the appropriate reaction in the se- 
ries of Eqs.[3-8]. For example, in calculating the 
Poo, /Pco for the reaction 


Si(s, 1) + 2CO(g) SiC(s) + CO,(g) 
Ky4 = Peo, /(Peo)” 


it is necessary to subtract from the total pressure 
the Ps. obtained from reaction [6] 


2Si(s, 1) + CO(g) > SiC(s) + SiO(g) 
Ke = Psig/Pco 


which yields the partial pressure of silicon monoxide 


[14] 


[6] 
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in equilibrium with the same two condensed phases 
for which the Pog, /Peo is required. The necessity 
for doing this arises because the ratio Poo, /Peo for 
Eq.[14] is dependent on the sum of the pressures of 
carbon dioxide and carbon monoxide. In cases such 
as Eq.[13] where this ratio is independent of pres- 
sure, it is unnecessary to allow for this silicon- 
monoxide pressure. Under conditions where the 
Pg is very small it can, of course, be safely neg- 
lected even in calculating the Poo, /Pco for pressure- 
dependent reactions such as Eq. [14]. 

A calculation simplification is possible in the reac- 
tions of Series II where carbon is present as a con- 
densed phase, Eqs. [9-11]. For allthese reactions, the 
equilibrium CO,/CO ratio may be calculated from 
the reaction 


2CO(zg) > C(s) + CO,(g) 
Kis = (Peo,)/ (Peo)? 


over the entire temperature range. It is necessary 
only to subtract from the total pressure the pressure 
of silicon monoxide obtained from the appropriate 
reaction in Series I. The two simultaneous equations 
for solution then become 


Kis = Poo, /(Pco)? 
Poo, + Poo total 


[15] 


[16] 
[17] 


Over a part of the temperature range, the pressure 
of silicon monoxide is negligible and Eq. [17] sim- 
plifies further to 


[18] 


Fig 2 is the result of calculation of the reactions 
in Series I. The direct result of these calculations 
is the entire series of lines both broken and solid 
each of which represents the equilibrium ratio of 
silicon monoxide to carbon monoxide for the coexis- 
tence of two condensed phases. It is now necessary 
to eliminate from the drawing the obviously metas- 
table regions. This has been done in Fig. 2 and the 
stable equilibria are indicated by the heavy, solid 
lines. The reasoning involved in accomplishing this 
is as follows. At the low temperature end of the 
diagram (high values of 104/7), there are several 
lines sloping upward to the right depicting the equili- 
brium ratio of silicon monoxide to carbon monoxide 
with SiO,-C, SiO,-Si, and SiO,-SiC, respectively, as 
the two condensed phases. Consider what would hap- 
pen if temporarily a gas mixture were produced with 
a higher Py9/Pco than that corresponding to equili- 
brium with silica and carbon (the lowest line of the 
three on the diagram). This line corresponds to the 
following reaction: 


SiO,(s, 7) + C(s) SiO(g) + CO(g) 

= (Peo) 

It is noted from Fig. 2 that the ratio of Py, to Poo is 
quite small ranging from 1076 to about 107? in this 


range of temperature. Having a very small amount 
of silicon monoxide in essentially pure carbon mon- 
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Fig. 3—Temperature dependence of the CO,/CO ratio for 
univariant equilibria in the system Si-O-C P, =1.0 atm. 


oxide means that K, above is far more sensitive to 
minor variations in silicon monoxide pressure than 

it is to equivalent variations in carbon monoxide. In- 
creasing the Py,/Pco, therefore, means a large, tem- 
porary increase in the product (Pg5)(Peo) or K, above. 
If this value is greater than the equilibrium ratio 
given by the line SiO,-C, then this gas is unstable and 
will decompose by reversal of Eq.{ 4] to deposit SiO, 
and C until the equilibrium ratio of silicon monoxide 
to carbon monoxide is reestablished. Consequently, 
any line above the stable line of SiO,-C represents 

a metastable condition and is not involved in the 
equilibrium system. 

The stable line SiO,-C extends upward to the right 
until it intersects the lines SiC-C and SiC-SiO, at a 
value of the /Peo equal to approximately 1077. In 
order to determine the stable field boundaries in this 
area, it is necessary to consider the three reactions 
involved: 


SiO,(s, 2) + C(s) > SiO(g) + CO(g) 
= (Psio) (Peo) 


[4] 


ASi02 + 3C 
xSi02+2C 
2 Si02 +2SiC 


SiC +C+GAS 


SiC +Si02+Si 


= 


st yy 


sio 
Fig. 5—1900°K— 1 atm. 
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Fig. 4—1700°K— 1 atm. 


2Si0,(s, 1) + SiC(s) > 38i0(g) + CO(g) [5] 
Ks = (Psio*) (Peo) 
SiC(s) + CO(g) — C(s) + SiO(g) [7] 


K, = (Psio)/(Pco) 


The line SiC-C corresponding to Eq.{'7] above states 
that SiC can only exist at Py9/Peo greater than given 
by that line whereas C can only exist at values below 
that line. This line then is a boundary between the 
regions of SiC and C stability. At this intersection, 
the line corresponding to equilibrium with SiC and 
SiO, is lower on the graph than that corresponding 
to SiO,-C or SiO,-Si. Inspection of Eqs.[ 4] and [5] 
and the application of similar reasoning as that used 
for the SiO,-C at lower temperatures leads to the 
conclusion that the SiO,-SiC line represents a stable 
field boundary. The SiC-C and the SiO,-SiC lines 
then form two boundaries of the SiC field. Moving to 


A Si02 +3C \ 
x SiOz +2C \ 
SiO, +2SiC 


c+sic+Gas \ 


GAS 
SiC +Si+GAS | 
£02 
SiOg+ 
SiO> 


Fig. 6—2500°K— 1 atm. 
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higher temperatures and Py o/Peo ratios another in- 
tersection is encountered, this time that of the SiO,- 
SiC, SiO,-Si, and SiC-Si lines. Consideration of the 

following equations 


1/2SiO,(s, 1) + 1/2Si(s, 1)  SiO(g) [ 3] 
= Psio 
2Si(s, 1) + CO(g) — SiC(s) + SiO(g) [ 6] 
Ke = /Peo 
2SiO,(s, 1) + SiC(s) 3SiO(g) + CO(g) [5] 


Ks = (Psiq*) (Peo) 


and reasoning similar to that applied at the previous 
intersections permits location of the boundaries be- 
tween the stable-phase fields for SiC and Si. The line 
corresponding to the reaction 


Si(s, 7) + CO(g) — C(s) + SiO(g) 
Kg = Psig/Pco 


passes through the center of the SiC field. According 
to the reaction, silicon may exist at Py, /Pco ratios 
greater than this line, and C may exist at Py4/Pco 
ratios smaller than these values. However, the Si- 
SiC line and Eq.{6] above state that Si cannot exist 

at lower values of the Pyg/Pco given by that line. 
Similarly, the SiC-C line and Eq.{7] state that C can- 
not exist at Pyq/Pco ratios greater than that line and, 
therefore, the Si-C line is metastable in this region 
and becomes a boundary between stable phases only 
to the right of the intersection of the Si-C, SiC-C, and 
SiC-Si lines. The regions of stability of various con- 
densed phases have now been outlined as a function of 
temperature and ratio of silicon monoxide to carbon 
monoxide. 

It is to be noted, however, that a choice of phases 
exists in each of the regions delineated, z.e., Si or 
SiO,, SiC or SiO,, and C or SiO,. This is a conse- 
quence of the fact that specification of the total pres- 
sure and the ratio of silicon monoxide to carbon mon- 


[8] 


902—-VOLUME 221, OCTOBER 1961 


A Si02+3C 
X Si02+2C 


C+SiC+GAS 


; sid SiO 
Fig. 8—1900°K — 0.01 atm. 


oxide does not completely define the gas phase and 
thereby exhausts the degrees of freedom of the sys- 
tem. It remains to prepare another plot, Fig. 3, in 
which the carbon dioxide-carbon monoxide ratio is 
shown as a function of temperature. This involves 
calculation of the six equations in Series II which re- 
late the equilibrium Poo, /Pco ratios for all combin- 
ations of two condensed phases that may occur in the 
system. The method is exactly the same as in the 
case of Fig. 2 and the detailed reasoning need not be 
pursued again at this point. The system Si-O-C has 
now been completely defined in terms of temperature 
and the ratios of silicon monoxide and carbon dioxide, 
respectively, to carbon monoxide. For instance, if 

it is desired to know the nature of the stable phase 
in the system at 1923°K and a ratio of silicon mon- 
oxide to carbon monoxide of 0.10 at 1 atm total pres- 
sure, Fig. 2 indicates that this would be SiC or SiO,. 
Reference to Fig. 3 then indicates that SiO, would be 
the stable phase if the log Poo, /Pco was greater than 
-3.94, whereas SiC would be the stable phase if the 
latter ratio were smaller than this value. 

From Figs. 2 and 3, it is possible to construct iso- 
thermal sections of the ternary system Si-O-C. 
These are presented on an atom pct basis as Figs. 
4-6. They are derived from Figs. 2 and 3 and appli- 
cation of the Phase Rule to the necessary sequential 
order of phases in an isothermal section. 

In locating specific compositions on the diagram, it 
is necessary to calculate the composition in terms of 
atom pct silicon, oxygen, and carbon. Care must be 
taken if the Lever Principle is applied in order to 
locate specific compositions. For example, a 50 mole 
pet mixture of silica and silicon carbide does not 
correspond to the midpoint of a line joining silica 
and silicon carbide. This is a consequence of the 
fact that the two compounds have a different number 
of atoms per molecule; only in the special case 
where the compounts or elements at the ends of a 
join contain the same number of atoms can the Lever 
Principle be directly applied to determine composi- 
tion. This is true along the SiO-CO join and is con- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


A 
\ \ 
C+GAS 
\ 
GAS 
? RO fF | / 
| | 
SWE 


4 Si0,+3C 
xSi0,+2C 
2 Si0,+2 SiC 


SiC + Sit GAS 


0) 
Fig. 9—2500°K —0.01 atm. 


venient in reading equilibrium gas compositions di- 
rectly from the graphs. 

The present method may be utilized to determine 
the equilibrium-phase diagram for the system when 
the total pressure is something other than one atm. 
Recalculation of Eqs. [3-12] for the conditions of 0.01 
and 5.0 atm was carried out, and the results are pre- 
sented as Figs. 7 to 9, and 10 and 11, respectively. 

The diagrams presented are quantitative and are 
directly related to the thermodynamic data utilized 
for their derivation over the temperature range in 
which these data are known. Above this temperature 
range (2000°K except for carbon), they represent an 
extrapolation of the existing data. However, the dia- 
grams do not indicate the extent of solubility of one 
phase in another which can only be established by 
direct experimentation. 


DISCUSSION 


The present calculation method of deriving ter- 
nary phase diagrams has been found extremely use- 
ful for summarizing and organizing existing thermo- 
dynamic data relative to the understanding and study 
of complex metallurgical reduction processes. Fur- 
ther, data so presented prevent considerations that 
are contrary to the Phase Rule. For example, the 
consideration of the free energy-temperature rela- 
tionship for such reactions as 


SiO. + 2C Si + 2CO [1] 
SiO. + 3C — SiC + 2CO [2] 


at constant pressure is completely misleading, for 
under these conditions the four phases can only co- 
exist at one particular temperature. While this is 
quite obvious in the present case, numerous examples 
exist of similar misapplications of thermodynamic 
data. On the study of complex commercial processes 
such violations are generally not so evident and the 
use of data in the suggested form is most helpful. 
General phase diagrams of this type are also most 

useful in surveying and evaluating the influence of 
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Fig. 10—1900°K — 5 atm. 


very broad changes in conditions on a system. As an 
example, the influence of pressure on the Si-O-C 
system was considered. Many other similar effects 
may be evaluated without additional experimental 
effort. If the effect of other elements on the activi- 
ties of the basic three components is known, it is pos- 
sible in certain cases to construct new diagrams for 
the pseudoternary system as influenced by these ad- 
ditional elements. 

A great deal of rather laborious calculation is in- 
volved in the present method. In order for it to be 
generally useful for the rapid, yet thorough, evalua- 
tion of proposed process changes or developments, 
it is essential that such calculations be carried out 
rapidly and accurately. The development of elec- 
tronic computing equipment in recent years has pre- 
sented the means by which this may be done; some 
of the present calculations and many others of a simi- 
lar nature were carried out in this way. It is antici- 
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Fig. 11—2500°K— 5 atm. 
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pated that the increased utilization of this equipment 
in Such an application as this will increase the proper 
use of basic physiochemical data for the under stand- 
ing of commercial metallurgical processes. 
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A Reinvestigation of the Systems Ti-Cr and Ti-V 


Felix Ermanis, Paul A. Farrar, and Harold Margolin 


The systems Ti-Cr and Ti-V have been reinvesti- 
gated in the region up to 40 wt pct alloying addition 
using both conventional and rapid quenching tech- 
niques. The Ti-Cr eutectoid temperature was deter- 
mined to be at 667° + 10°C and 14.5 wt pct Cr. The 
solubility of the Cr ina Ti was found to be less than 
I pet at 700°C, The £ transus of the Ti-V system 
was found to be depressed to 510°C at 40 wt pct V 
and the solubility of Vin a Ti was found to be less 
than 2 wt pet at 700°C. 


InvesticaTion by A. D. McQuillan’3and M. K. 
McQuillan* on the systems Ti-Co, Ti-Cr, Ti-Cu, Ti- 
Fe, Ti-Mn, Ti-Ni, and Ti-V has cast doubt as to the 
position of the B/a + 8 boundaries in many of these 
systems. Their investigations were carried out us- 
ing hydrogen pressure and/or rapid quenching expe- 
riments, as opposed to the conventional quartz cap- 
sule techniques employed by most other investiga - 
tors.°"' By these methods, the B/a + 6 boundary 
was found to be lower than that obtained by conven- 
tional techniques in all except the Ti-Fe system. In 
the latter, the B/a + 8 boundary was essentially the 
same as the boundary obtained by conventional tech- 
niques.°*° On the basis of rapid quenching results 


FELIX ERMANIS, formerly Assistant Research Scientist, 
New York University, N.Y., is Associate Member of Tech- 
nical Staff, Bell Telephone Laboratories, Murray Hill, N.J. 
PAUL A. FARRAR, Junior Member AIME, is Associate Re- 
search Scientist, New York University. HAROLD MARGOLIN, 
Member AIME, is Associate Professor, New York University. 
This research was supported by the United States Air Force 
under Contract AF33(616)-3619, the United States Navy 
under Contract NOas54-665-C, and the United States Army 
under Contract DA30-069-ORD-1216. Portions of this paper 
were based on a thesis submitted by FELIX ERMANIS to the 
Graduate Division, College of Engineering, New York Uni- 
versity in partial fulfillment of the requirements for the degree 
of Master of Science in Metallurgy. 

Manuscript submitted November 18, 1960. IMD 


in the Ti-Cr system, M. K. McQuillan? placed the 
eutectoid temperature below 550°C whereas other 
investigations using conventional techniques had 
placed the eutectoid variously as between 650° and 
700°C,° between 675° and 700°C,® between 650° and 
675°C,” at 670°C,® and above 625°C.12)13 

In order to check these results, a reinvestigation 
of four of the systems was undertaken using both 
conventional and rapid-quenching techniques. The 
Ti-Fe and Ti-Mn systems will be dealt with in anoth- 
er paper, with only the Ti-Cr and Ti-V systems 
being discussed here. 


EXPERIMENTAL TECHNIQUES 


Alloys employed for the delineation of the systems 
under investigation were prepared from iodide tita- 
nium sheet capsules containing the alloying materials, 


Table |. Purity of Materials Used 


Ti (Bur. Mines) 


Element Ti (Iodide)? BHN 73> Cre va 
Purity Pct 99.99 99.9 O97 
Al 0.04 4 
B 
Cc 0.0001 0.002 0.01 0.07 
Cl 0.03 
Cr 0.005 a 
Cu 0.001 0.006 
Fe 0.02 0.01 
H 0.007 0.002 
Mg 0.002 
Mn 0.001 0.05 At 
N 0-0.002 0.005 0.02 0.08 
Na 0.016 
(9) 0-0.002 0.031 0.013 0.08 
Ss 0.03 
Si 0.005 0.005 0.01 ae 
Vv 0.005 


“Furnished by Watertown Arsenal. 

*Furnished by U.S. Bureau of Mines. 
“Obtained from Fulmer Research Institute Ltd. 
“Obtained from A. D. Mackay, Inc. 

T —Spectrographic trace. 
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Table Il. Heat Treatment Times and Temperatures 


Time, Hr 
Tempera- TiCr Ti-V 
ature, Quartz Rapid? Quartz Rapid# 
or Capsule Quenching Capsule Quenching 
1100 24 
1000 48 
900 96 
850 168 5-5.5 168 24 
800 240 5-6 312 24 
750 336 6-7 456 24 
700 504 8.5-22 504-816 24 
650 720 Di 720 24 
600 1008 27 1008 24 
550 1176 27 1176 - 
500 1440 1440 24 


“These specimens received the indicated quartz capsule annealing 
prior to the anneal in the rapid quenching furnace. 


and iodide titanium rod, electrolytic chromium and 
high-purity vanadium. The purity of these materials 
is given in Table I. A total of twenty-seven alloys 
were prepared in the range of 1 to 40 pct* Cr and 


*All percentages given are in weight percent. 


thirteen alloys from 16 to 40 pct V. In addition eight 
alloys were prepared in the range from 2 to 14 pct V 
using Bureau of Mines Titanium. In all cases, alloys 
were arc-melted in glass walled furnaces’? under an 
inert atmosphere of high-purity argon and/or helium. 
The as-cast buttons were heated to 850°C and hot 
rolled in air until the specimens were reduced about 
50 pct or until the first crack appeared. The scale 
was removed by grinding before the specimens were 
heat-treated. A homogenization heat-treatment of 24 
to 48 hr at 1000°C was used prior to heat-treatment 
at lower temperatures. The heat-treatment times 
are given in Table I. 

Selected alloys, which after conventional quenching 
had shown a two-phase structure (@ + B, 6 + TiCr, or 
a+ TiCr,) and were close to the respective trans- 
formation temperatures, were chosen for rapid 
quenching experiments. 

In order to achieve a very rapid quenching rate, 
furnaces similar in principle to that of M. K. Mc- 
Quillan*,° were used. Such a furnace consisted of 
a vacuum chamber in which a strip-heater was 
mounted. At the center of the heater, the specimen 
was supported by the thermocouple which controlled 
the current, and hung over the inlet hole (see Fig. 1) 
in the bottom plate. The temperature was controlled 
to +10°C using a Weston single point controller on 
a high-low current circuit. The specimen was 
quenched by admitting water through the hole in the 


Table Ill. Chemical Analysis of Ti-Cr Alloys 
Analyzed Pct 


Nominal Pct 


4 4.43 
6 5.69 
8 8.14 
11 10.59 
14 14.10 
17 17.68 
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Fig. 1—Internal view of the rapid quenching furnace. 


base plate. After heat-treatment, the standard tech- 
niques of grinding, polishing, etching,’® and stain- 
etching’® were used in preparing the specimens for 
metallographic examination. Chemical analyses for 
the Ti-Cr system were performed by Academy Test- 
ing Laboratories, New York, New York and the re- 
sults are given in Table III. 


EXPERIMENTAL RESULTS 


A) Titanium-Chromium System. The results as 
obtained in this investigation of the Ti-Cr system 
are plotted in Fig. 2 and described below. 


ATOMIC PERCENT CHROMIUM 
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Fig. 2—Partial Ti-Cr phase diagram (iodide titanium 
base). 
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Fig. 3—Iodide Ti-9 pct Cr alloy 1000°C-24 hr A.C.; 
500°C-1440 hr W.Q.; 650°C-24 hr R.Q.; 660°C-24 hr 
R.Q. ‘fA’? etch. TiCr,. X600. Enlarged appr oxi- 
mately 24 pct for reproduction. 


The eutectoid temperature determined by both ra- 
pid-quenching and quartz capsule techniques was 
found to be 667° + 10°C. Rapid quenching of speci- 
mens below the conventional eutectoid temperature 
did not produce any noticeable change in the a + uC. 
microstructure although the specimens used were 
close to or within the f field as reported by McQuil- 
lan.* 

Because of this a somewhat different experimental 
approach was adopted. Three alloys were heat-treated 
in quartz capsules for 60 days at 500°C. The alloys 
had a typical salt and pepper structure of a + IK Caies 
The specimens were then reheat-treated in the rapid 
quenching furnace for 24 hr at the following tempera- 
tures: 


8.14 pet Cr — 660°C R.Q. 
9 pet Cr — 650°C R.Q., 660°C R.Q., 670°C R.Q. 


ATOMIC PERCENT CHROMIUM 


TEMPERATURE, °C 


2 4 6 8 10 12 16 20° «22 32. 34. 36 


WEIGHT PERCENT GHROMIUM 


Fig. 5— Phase boundaries of the Ti-Cr system. 
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Fig. 4—Same specimen as Fig. 3 with an additional heat 
treatment of 670°C-24 hr R.Q. ‘‘A’’ etch. +8. X600. 
Enlarged approximately 24 pct for reproduction. 


10. pct:Cr 


The heat treatments carried out at temperatures 
below 660°C produced no change in the microstruc- 
ture. On heating the 8.14 pct Cr alloy to 660°C and 
the 9 pct and 10 pct Cr alloys to 670°C an a+ re- 
tained 6 structure was obtained with only a very 
smalt amount of TiCr, remaining. Compare Figs. 

3 and 4. 

The microstructural change could not be explained 
on the basis of the diagram as presented by McQuil- 
lan* but would indicate that the eutectoid tempera- 
ture was approximately that which had been deter - 
mined by conventional methods and is placed at 
210" 

In an attempt to check the results of McQuillan 
using rapid-quenching technique on the £ transus, 
several alloys which were a + 8B when examined 
after regular quenching were reheated in the rapid 
quenching furnace to the temperature of original 
heat treatment, held at this temperature and then 
rapid-quenched. Although some depression of the B 
transus is noted, no general changes were observed 
and the boundary as finally determined agrees very 
well with the boundary as proposed by VanThyne et 
al.® and Cuff et al.® as is shown in Fig. 5. 

The 6/g + TiCr, boundary was located considerab- 
ly below that of any of the previous workers. For 
example, at 30 pct Cr, the 6/8 + TiCr, transus is 
located at 1000°C in this investigation, at 1075°C by 
Van Thyne ef al.,° at 1100°C by Cuff et al.,® at 1125°C 
by McQuillan® and at 1160°C by Duwez and Taylor.’ 
The reason for this discrepancy can be found in the 
purity of the materials used. It can be shown, for 
instance, that a 33 pct Cr alloy prepared from sponge 
titanium and lower purity chromium having a total 
impurity content of approximately 0.25 pct heat treat- 
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Fig. 6—Sponge Ti-33 pct Cr alloy, 1100°C-24 hr W.Q. 
“A”? etch. TiCr, inB matrix. X360. Enlarged approx- 
imately 24 pct for reproduction. 


ed at 1100°C, had a two-phase 8 + TiCr, structure, 
(see Fig. 6) whereas a 34 pct Cr alloy made of iodide 
titanium with total impurity content of approximately 
0.085 pct at the same temperature, was single-phase 
B (see Fig. 7). 

Rapid quenching experiments were carried out on 
several two-phase alloys which were near the B/f + 
TiCr, boundary but no changes in microstructure 
were observed. 

Both the high- and low-temperature modifications 
of TiCr, reported by Levinger’’ were encountered in 
X-rays of the 1100°C heat-treated samples. However, 
in a sample treated at 1000°C, only the low-tempera- 
ture modification was found therefore the transforma- 
tion occurs somewhere above 1000°C. In order to 
avoid a speculative diagram, the presence of the high- 
temperature phase has been ignored in drawing the 
Ti-Cr diagram. 

The solubility of Cr in a-Ti was determined to be 
less than 1 pct at 700°C as has been reported previ- 
ously 
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Fig. 8—Partial Ti-V phase diagram. 
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Fig. 7—Iodide Ti-34 pct Cr alloy, 1100°C-24 hr W.Q. 
etch. Retained X70. Enlarged approximately 
24 pet for reproduction. 


B) Titanium-Vanadium System. The titanium -vana- 
dium system was reinvestigated from 2 to 40 pct V using 
Bureau of Mines titanium for the alloys up to 14 pct Tiand 
iodide Ti base alloys from 16 to 40 pct Ti. Both 
standard and rapid quenching experiments were 
carried out and the results are plotted in Fig. 8. As 
can be seen the system as determined by this inves- 
tigation is in general in good agreement with the 
data reported by previous investigators?’%!!»18 (see 
Fig. 9). Although changes in microstructure after 
rapid quenching were observed in one case (see Figs. 
10 and 11) this did not involve an appreciable lower - 
ing of the 8 transus from that obtained after conven- 
tional heat treatment and quenching. The @ transus 
was found to be depressed to approximately 510°C 
at 40 pct V and the solubility of vanadium in a was 
determined to be less than 2 pct V at 700°C as was 
reported by Pietrokowsky and Duwez"' and McQuil- 
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Fig. 9—Phase boundaries of the Ti-V system. 
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Fig. 10—Bureau of Mines Ti-3 pct V alloy, 1000°C-24 hr 
A.C. 850°C-168 hr W.Q., ‘‘A”’ etch. aw + transformed B. 
X500. Enlarged approximately 24 pct for repr oduction. 


lan. This is at least 1 pct less than the value of ap- 
proximately 3 pct determined by Adenstedt et al. ° 


DISCUSSION OF RESULTS 


The results obtained in both the titanium-chro- 
mium and the titanium-vanadium systems are in gene- 
ral in good agreement with the data obtained by pre- 
vious investigators using the quartz capsule tech- 
nique and in contradiction to the work of M. K. Mc- 
Quillan* with respect to the eutectoid temperature 
and composition in the Ti-Cr system. 

Although McQuillan* did not work her specimens 
prior to annealing and used considerably shorter 
homogenization annealing times, it is difficult to 
ascribe the variation of results noted to this differ - 
ence in the processing of the specimens. 

The eutectoid temperature as reported by McQuil- 
lan* was based upon the interpretation of the change 
in microstructure produced after rapid quenching. A 
Ti-12 pct Cr alloy after 1000 hr at 590°C was reheat- 
ed for 4 days at the same temperature and examina- 
tion of the microstructure revealed a change in the 
distribution of a and TiCr,. This change was consid- 
ered possible only if the alloy had been reheated into 
the 6 field. However, such a change in microstruc- 
ture can be achieved by recrystallization which ac- 
companies reheating into a two-phase field.!9 

In the present investigation the change from an a 
+ TiCr, to an a+ 6 + trace of TiCr, on going from 
660° to 670°C cannot be explained on the basis of a 
clustering hypothesis and is adequately explained by 
location of the eutectoid temperature at 667+ 10°C. 

The interesting change of slope in the B transus 
reported by McQuillan cannot be considered dis- 
proved by the present work. Although the existence 
of such a change of slope was not confirmed, insuf- 
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Fig. 11—Same specimen as Fig. 10 with an additional heat 
treatment of 850°C-24 hr R.Q., ‘‘A’’ etch, Transformed B. 
X500. Enlarged approximately 24 pct for reproduction. 


ficient data were obtained in the present investiga - 
tion to reach a final conclusion. 
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Ettects of Grain Boundary Structure on Precipitate 
Morphology in an Fe-1.55 Pct Si Alloy 


S. Toney and H. I. Aaronson with an APPENDIX by N. A. Gjostein 


When the component grains of ferritic bicrystals 
of an Fe-1.55 pct Si alloy ave disoriented through an 
angle ‘‘6’’ about a common [110] axis, the tendency 
for preferential growth of austenite crystals along 
the grain boundary during transformation at elevated 
temperatures is smali when @ < 11 deg, but in- 
creases rapidly at larger angles. This type of ori- 
entation-dependence indicates that grain boundary 
diffusion promotes preferential growth along large- 
angle boundaries. Morphological differences be- 
tween austenite crystals formed at small-angle [110] 
and [100] boundaries suggest that precipitate mor- 
phology can be dependent on the dislocation struc- 
ture of the boundary. 


Tue morphology of precipitate crystals nucleated 
at a grain boundary can be significantly affected by 
the structure of the boundary.’ The limited amount 
of experimental evidence available in the literature 
indicates that the morphological effects of boundaries 
made up of arrays of dislocations, such as subbound- 
aries and small-angle grain boundaries, are differ - 
ent from those of boundaries having essentially dis- 
ordered structures, z.e., large-angle grain bound- 
aries. On the basis of indirect evidence, it has been 
concluded that large-angle grain boundaries give rise 
to the formation of grain boundary allotriomorphs 
(crystals which nucleate at grain boundaries, and 
grow preferentially and more or less smoothly along 
them)? in the proeutectoid ferrite and the proeutec- 
toid cementite reactions in plain-carbon steels, and 
apparently also in many non-ferrous alloys.’ At 
small-angle grain boundaries in a plain carbon steel, 
on the other hand, ferrite crystals were found to take 


the form of primary side plates.* Similarly, Guinier,? 


*Primary sideplates grow directly from grain boundaries’, while 
secondary sideplates develop from another grain boundary-nucleated 
morphology, usually allotriomorphs**. 

Wilsdorf and Kuhlmann-Wilsdorf* and Thomas and 
Nutting® have found that primary sideplates of a tran- 
sitional phase appear at subboundaries in Al-Cu al- 
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loys. Primary sideplates formed at a subboundary 
with a constant orientation tend to be parallel to only 
one, or occasionally two matrix habit planes, anda 
marked change in the orientation of the boundary is 
accompanied by a change in the habit plane. 

Previous studies on the morphological effects of 
grain boundary structure were performed on poly - 
crystalline aggregates. Information on the disorien- 
tation of the pairs of grains forming the boundaries 
at which the various morphologies appeared in these 
specimens was largely either qualitative or semi- 
quantitative. Precipitate morphologies accordingly 
could not be accurately and systematically correlated 
with grain boundary structure, and thus theories 
which have been proposed for the various morpholog - 
ical effects could not be satisfactorily tested. This 
investigation was undertaken in an attempt to remedy 
these deficiencies by studying the morphological ef- 
fects of grain boundary structure with a method in 
which the boundaries are formed by matrix grains 
whose disorientations are known and controlled with 
reasonable accuracy. 


EXPERIMENTAL PROCEDURE 


The crystallographic requirements of this study 
were fulfilled by means of oriented bicrystals of sili- 
con-iron. Disorientation of the component ferrite 
crystals was carried out about common, major crys- 
tallographic axes through angles ranging from 1/2 to 
44 deg. The silicon content was low enough so that 
the bicrystals could be partially transformed to aus- 
tenite by heating to elevated temperatures. 

The silicon-iron used had the following initial com- 
position: 1.55 pct Si, 0.04 pet C, 0.0031 pct N, 0.17 
pct Mn, 0.020 pct S, and 0.002 pct P. The alloy was 
obtained in the form of 0.036-in. sheet. The proce- 
dures employed to prepare seed crystals in strips of 
this sheet, to reorient the seeds, and to grow them 
into bicrystals are essentially those described by 
Dunn and Nonken® and Haynes.’ 

The characteristics of the bicrystals are given in 
Table I. The “bicrystal type” indicates the crystal- 
lographic plane parallel to the broad faces of the 
strip in both grains and the crystallographic direc- 
tion which was parallel to the long edges of the strip 
in both grains prior to disorientation. The angular 
disorientation of the grains, 6, which was performed 
about the direction normal to the plane of the broad 
faces of the strip, was measured between the [001] 
directions. Orientation of the grain boundary, ¢, was 
taken as the angle between the plane of the grain 
boundary and a plane containing the axis of disorienta- 
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Table I. Description of the Bicrystals 


Wt. Pct Wt. Pct Reaction Temp., °C/ Grain Boundary Structure at 
Bicrystal No. 0, deg B, deg Carbon* Nitrogen Reaction Time, sec. 0119, indicated ¢ and B =0 
Series A: (110) [001], 6=0° 
A-1 Y, ¥, 0.0220 0.0444 1030/30 Equal densities of two arrays 
A-2 2 1 0.0136 1030/30 of edge dislocations 
A-3 4 3% 0.0124 991/120 
A-4 6 3% 0.0136 1000/60 
A-5 lal 1 0.0171 1000/60 
A-6 29%, 1 0.0166 991/120 
A-7 44 2 0.0172 0.0276 991/90 
Series B: (110) [001],**dé = 45° 
B-1 Y%, 2 0.0156 991/120 Unequal densities of two arrays 
B-2 22%, 1 0.0154 1000/60 of edge dislocations 
Series C: (110) [001], ¢=0° 
C-1 1 2 0.0135 1000/60 Two arrays of dislocations with 
C-2 22%, YY 0.0151 1000/60 edge and screw components 
Series D: (100) [011], = 45° 
D-1 1 1 0.0158 0.0880 1030/30 Four arrays of dislocations 
D-2 23 14 0.0153 0.1310 1000/60 with edge and screw components 


*The carbon content of the bicrystals prior to carburization was 0.040 pet. 


**In this series the [001] made an angle of 45° with the longitudinal axis of the strip before disorientation. 


tion and bisecting the angle @ between [001] directions. 
Although @¢ varied considerably, the average plane of 
the boundary was approximately parallel to the longi- 
tudinal axis of the strip. The angle B in Table Lis 
the angle between the poles of the planes in the compo- 
nent grains which were intended to lie precisely in 
the broad faces of the strips; 8 is thus a measure of 
the deviation from co-axial disorientation. As shown 
in the Table, most of the deviations were only 1 to 2 
deg. 

In order to simplify the grain boundary structures 
as much as practicable within the limitations imposed 
by the grain orientation and growth techniques em- 


Fig. 1—Idiomorph at ¥,-deg boundary, Series A. Reacted 30 
sec at 1030°C. Etched in 2 pct nital. X1000. 
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ployed, most of the bicrystals (Series A) were pre- 
pared so that the small-angle boundaries would be 
composed, at ¢ = 0 deg, of an equal density of each of 
two arrays of edge dislocations. A few bicrystals 
were also grown, however, for the purpose of explor - 
ing the morphological effects of other dislocation 
structures of small-angle grain boundaries and of 
possible variations among disordered-type structures 
of large-angle grain boundaries of different crystal- 
lographic descriptions. The structures of the small- 
angle boundaries are qualitatively described in Table 
I. A quantitative description of their structure and a 
discussion of the effects of variations in @ and of B 
~ O are given in the Appendix by N. A. Gjostein. 
After the bicrystals had been grown, they were an- 
nealed for 14 days at 925°C in dried and purified ar- 
gon in order to remove some of the more pronounced 
irregularities in the grain boundaries. The bicrys- 
tals were then carburized approximately to satura- 
tion at 710° to 740°C by immersion ina carburizing 
salt bath. This operation was designed to expand the 
a +y region of the alloy, thus making the amount of 
austenite formed during isothermal reaction less 
sensitive to temperature, and to prevent the rever- 
sion of austenite to ferrite during quenching at the 
end of reaction. Specimens cut from the carburized 
bicrustals were preheated and homogenized with re- 
spect to carbon for 20 min at 720°C ina neutral salt 
bath, isothermally reacted in another neutral salt 
bath, and then rapidly quenched in iced brine. Inas- 
much as the carbon and nitrogen contents of the bi- 
crystals varied appreciably (see Table I), the isother- 
mal reaction temperatures and times required to 
form moderate amounts of austenite differed in the 
various bicrystals and had to be determined by trial 
and error. The reaction temperatures and times 
used for the successfully heat treated specimens of 
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Fig. 2—Typically thick and rounded primary sideplate at Y,- 
deg boundary, Series A. Reacted 30 sec at 10305 C. Etched 
in 2 pet nital. X1000. 


each bicrystal are given in Table I. These variations 
in heat treatment produced no detectable effects upon 
the morphology of the austenite crystals. 


RESULTS 


Series A Bicrystals: (100)[001], ¢=0deg. The 
austenite crystals formed at the 1/2, 2, and 4 deg 
boundaries in this series are large in size and often 
rather widely separated. These crystals appear in 
a variety of shapes, some of which cannot be readily 
placed in a specific morphological category. Exam- 
ples of the austenite morphologies observed at these 
boundaries are shown in Figs. 1 to 3. Fig. 1 shows 
a good example of an “idiomorph,” a roughly equi- 
axed crystal,? formed at the 1/2 deg grain boundary.* 


*The austenite crystals transform to martensite during quenching. 


Idiomorphs are frequently found at the 1/2, 2, and 4 
deg boundaries. Fig. 2 shows a typically thick and 
bluntly shaped primary sideplate* * at the 1/2 deg 


**Although austenite crystals of this type do not have a pronouncedly 
plate shape, they nonetheless fulfill what is normally considered to be 
an essential requirement of this morphology: perceptibly preferential 
growth parallel to a limited number of directions or planes in the matrix 
phase. Taking into account austenite crystals formed intragranularly as 
well as those nucleated at the grain boundaries, three austenite plate 
directions were found in ferrite grains in which the (110) plane was 
parallel to the plane of polish, while four directions were noted when 
the (100) plane was so positioned. These numbers of directions are pre- 
cisely those which must obtain if the austenite crystals exhibit the 
Kurdjumow and Sachs’ orientation and habit plane relationships with re- 
spect to the ferrite grains in which they form. Proeutectoid ferrite is 
known to bear these relationships to the austenite grains from which it 
precipitates in plain carbon steel’. 


boundary. This morphology appears only occasion- 
ally at the small-angle boundaries. Perhaps because 
of the high reaction temperatures,’° austenite plates 
did not develop, either in these specimens or in any 
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Fig. 3—Grain boundary allotriomorph with blunt tips at 2- 
deg boundary, Series A. Austenite crystal perpendicular to 
and in contact with allotriomorph was probably nucleated 
intragranularly. Reacted 30 sec at 1030°C. Etched in 2 pct 
nital. X500. 


others studied, the very high ratios of length to thick- 
ness which familiarly characterize the plate morph- 
ology in many other alloy systems.?,!!-18 

Fig. 3 shows one of the few grain boundary allotri- 
omorphs found at the 1/2 and 2-deg boundaries. The 
typically blunt tips of this allotriomorph suggest that 
the tendency for preferential growth along the bound- 
ary was not especially strong at these grain bound- 
aries. 


Fig. 4—Primary sideplate and grain boundary allotriomorph 
with a tapering tip at 11-deg boundary, Series A. Reacted 
60 sec at 1000° C. Etched in 2 pct nital. X500. 
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Fig. 5—General view, showing allotriomorphs and some 
idiomorphs at 29 /,-deg boundary, Series A. Reacted 120 
sec, 991°C. Etched in 2 pct nital. X150. Enlarged approxi- 
mately 16 pet for reproduction. 


Increasing the angular disorientation to 11 deg re- 
sults in a change in the shape of some of the allotri- 
omorphs. As illustrated in Fig. 4,* some of these 


*The area of the austenite crystals at the grain boundary in this Fig- 
ure, and to a lesser extent in others, has been somewhat reduced by the 
occurrence of a small amount of reverse transformation during quenching, 
In most cases, the amount of such transformation was negligible. Those 
Specimens in which more extensive reverse transformation took place 
were discarded: As may be seen by close examination of the periphery of 
the crystals in Figs. 1 and 2, the retransformed areas are usually de- 
lineated by a fine dispersion of precipitate, presumably carbides. 
crystals, tapering markedly toward one or both tips, 
now exhibit a comparatively pronounced tendency 
toward preferential growth along the grain boundary. 

The dominant morphology at the 29 1/2-deg bound- 
ary is unquestionably grain boundary allotriomorphs. 
Fig. 5 shows, however, that some idiomorphs and 
other bulky crystal shapes are still present. As indi- 
cated in Fig. 6, when @ is increased to 44 deg, grain 
boundary allotriomorphs which are characterized by 
a pronounced tendency toward rapid growth along 
the grain boundary are the only morphology present. 

In view of the mixture of morphologies found at 
most of the grain boundaries, it was considered de- 
sirable to devise a quantitative method of assessing 
the overall trend of the shape of the austenite crys- 
tals as a function of 6. In each bicrystal, the length, 
1, of individual austenite crystals along the grain 
boundary, and the maximum thickness, ¢, of the crys- 
tals in the direction perpendicular to the boundary 
were measured for a number of crystals. The J/t ra- 
tio for each austenite crystal, and the average ratio, 
i/t, for each grain boundary (with the exception of 
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Fig. 6—General view, showing only allotriomorphs at 44-deg 
boundary, Series A. Reacted 90 sec at 991°C. Etched in 2 
pet nital. X150. Enlarged approximately 16 pct for repro- 
duction. 


the 6-deg boundary, at which too few crystals ap- 
peared as a result of experimental difficulties) were 
then computed. In Fig. 7, 1/t is plotted as a function 
of @. Only the data points for the Series A bicrystals 
were used to draw the curve in this figure. The aver- 
age shape of austenite crystals nucleated at a grain 
boundary is seen to change from approximately idio- 
morphic at small-angle boundaries to definitely allo- 
triomorphic at large values of 6, 

The standard error of the mean for all of the i/f 
values in Fig. 7 and the ranges within which there is 
a 68-pct and a 95-pct probability, respectively, that 
each of the //t values lie are given in Table II. Al- 
though the ranges are quite wide, the difference be- 
tween the J/t values at 29 1/2 deg and 44 deg on one 
hand, and those obtained at smaller values of 6 on 
the other can be considered statistically significant, 
since the 95-pct probability ranges of the two groups 
of data do not overlap. The increase in //f with in- 
creasing @ in the range 1/2 to 11 deg, however, can- 
not be regarded as meaningful. Even the 68 -pct prob- 
ability ranges overlap in this case. The effects of in- 
creasing disorientation in this range are reflected 
primarily in an increasing tendency toward allotri- 
omorphic growth among a comparatively small num- 
ber of austenite crystals at each ferrite grain bound- 
ary. 

Series B Bicrystals—(110)[ 001], 9 = 45 deg. The 
shapes and the //é ratio of the austenite crystals 
formed at the 1/2-deg boundary in this series are 
effectively the same as those of the 1/2-deg bound- 
ary in Series A (Fig. 7, Table II). The morphologies 
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> SERIES A: (110) [001] ,p=0° ‘ 
A SERIES B:(110)[001] ,p=45° 
SERIES C:(100)[001] ,p= 0° 


AVERAGE LENGTH/ THICKNESS RATIO, 1/t 


20 30 40 50 
ANGULAR DISORIENTATION, @, DEG. 


Fig. 7—Average ratio of length/thickness, 1/t, as a function 
of 6. Curve connects only data points from Series A bicrys- 
tals. 


at the 22 1/2-deg boundary closely resemble those 
at the 29 1/2-deg boundary in Series A, though as 
shown in Fig. 7 and Table II, the tendency toward al- 
lotriomorphic growth is somewhat less pronounced 
at the former boundary. 

Series C and D Bicrystals—(100)[001], ¢ = 0 deg; 
and (100)[ 011], @ = 45 deg. Preferential growth along 
the grain boundary developed more frequently at the 
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Fig. 8—Increased tendency for allotriomorphic growth at 
1-deg boundary, Series C. (Grain boundary not visible in 
photomicrograph.) Reacted 60 sec at 1000° C. Etched in 

2 pet nital. X250. Enlarged approximately 16 pet for repro- 
duction. 


1 deg boundaries in the Series C and D bicrystals 
than at the 1/2 to 4-deg boundaries in the Series A 
and B bicrystals. This effect is illustrated in Fig. 8. 
Table II indicates the probability that 7/t for the C 
and D bicrystals lies above that of the 1/2 and 2-deg 
bicrystals in Series A and the 1/2-deg bicrystal in 
Series B is between 68 and 95 pct. On the other hand, 
the probability that the //t ratios for the 22 1/2- and 
23-deg boundaries in Series C and D differ signifi- 
cantly from 1/t for the 22 1/2-deg boundary in Series 
B or the 29 1/2-deg boundary in Series A is less than 
68 pct. It is also of interest to note, in Fig. 7, that 


Table Il. Standard Errors of the Mean and Probability Ranges of |/t Data 


Average Length/ No. of Crystals 


Standard Error 


68% Probability Range 95% Probability Range 


6, deg Width, Measured of the Mean, sz Wt-sx i/t + 2sz - 2sz 
Series A: (110) [001], 
Y, 1.05 7 0. 26 Ilesyil 0.79 1.57 0.53 
2 iGaby 15 0.15 1.32 1.02 1.47 0.87 
4 1.35 39 0.13 1.48 122. 1.61 1.09 
et 1.60 5 0.42 DAD, 1.18 2.44 0.76 
29% 3.76 18 0.51 4.27 3925) 4.78 2.74 
44 6.26 20 0.80 7.06 5.46 7.86 4.66 
Series B: (110) [001], ¢= 45° 
Y, 1.05 11 0.19 1.24 0.86 1.43 0.67 
22% 2.67 26 0.25 2.92 2.42 Das 
Series C: (100) [001], 
1 24 0.24 2.01 1253, 1.29 
22% 3.10 19 0.31 3.41 2.79 Sud 2.48 
Series D: (100) [011], #= 45° 
il 1.61 5 0.18 1,79 1.43 1.97 125 
23 15 0.52 2.69 4.25 
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Fig. 9—Primary sideplates (arrowhead ‘‘A’’), allotrio- 
morphs (arrowhead ‘‘B’’), and sawteeth (arrowhead ee C22) 
at subboundaries in a single crystal of Alnico 2. Aged 600 
hr at 800°C. Etched in CuCl, in HCl. Geisler.”? Enlarged 
approximately 16 pct for reproduction. 


the 22 1/2 to 23-deg boundary 1/t’s of Series B, C, 
and D fall quite close to the 7/¢ vs @ plot for the Se- 
ries A bicrystals. 


DISCUSSION 


Series A Bicrystals. The major result of this in- 
vestigation is that the tendency toward allotriomor- 
phic growth is unimportant when 6 < 11 deg but in- 
creased at larger disorientations, becoming the dom- 
inant mode of growth at high values of §. The first 
direct support has thus been obtained for the deduc- 
tion previously made? on the basis of indirect evi- 
dence that allotriomorphs are associated primarily 
with large-angle, disordered-type grain boundaries. 
An attempt will be made to account for this result 
by further developing explanations which have been 
previously proposed’,? for allotriomorphic growth. 

On the basis of X-ray evidence on the shapes and 
orientation of precipitates during the early stages of 
reaction,'* the nucleus of an austenite crystal may be 
assumed to be a plate (or a lath) whose broad faces 
are parallel to a habit plane which meets a ferrite 
grain boundary at an essentially arbitrary angle. The 
following factors should tend to initiate growth along 
the boundary, changing the shape of the nuclear plate 
to that of an allotriomorph during the initial stage 
of growth: 1) the negative contribution of the grain- 
boundary free energy to the interfacial free energy 
required for the growth of the crystal when the crys- 
tal is of capillary dimensions, 7.e., less than about 
1074 cm.; 2) the point effect of volume diffusion, !® 
acting at the edges formed by the junction of the nu- 
cleus and the “surface” of the matrix ferrite grain; 
and 3) the preferential diffusion of substitutional 
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atoms (both iron and silicon) along the grain bound- 
ary. When the smallest dimension of the allotrio- 
morph exceeds 1074 cm., the first effect will no long - 
er be important. The point effect of volume diffusion, 
now acting at the edges of the allotriomorphs, and 
grain-boundary diffusion, however, should continue to 
be active as growth proceeds along the grain bound- 
ary. 

The //t measurements were made after growth had 
progressed to the stage where only the latter effects 
were operative. Of these effects, grain boundary 
diffusion is the only one whose dependence upon dis- 
orientation is subject to independent experimental 
evaluation. Haynes and Smoluchowski!*® have meas- 
ured the preferential diffusion of Fe®> into grain 
boundaries of Fe-3.17 pct Si bicrystals as a function 
of 6. The appearance of a tendency for some auste- 
nite crystals to grow relatively rapidly along the 
grain boundary at 6 = 11 deg is consistent with Haynes 
and Smoluchowski’s finding that preferential grain- 
boundary diffusion in silicon-iron does not become 
appreciable until 6 is increasedto10 -15/16 deg—the 
disorientation range in which dislocation structures 
are replaced by disordered-type structures.* As @ 


*Although diffusion occurs rapidly along the “pipes” of individual 
edge dislocations”, the results of several investigations '5'% ” indicate 
that the amount of material transported in this manner per unit length of 
grain boundary is relatively small when the grain boundary is composed 
of arrays of well separated dislocations (6 <8 deg in fcc alloys*® and 
6 < 10 deg in bce alloys’ for a simple, symmetrical grain boundary) and 
the unit length is appreciably larger than the diameter of a single “pipe.” 


is increased to about 25 deg, both grain-boundary 
diffusion and allotriomorphic growth become more 
rapid. The average rate of increase of 1/t with 6 in 
this range, however, is somewhat more rapid than 
the corresponding increase in the rate of grain bound- 
ary diffusion. Had the diffusion data been obtained 

in the 991° to 1030°C temperature range used to deter - 
mine the //t data, instead of the 769 -810°C range ac- 
tually used by Haynes and Smoluchowski, this differ - 
ence would presumably have been further accentu- 
ated, since the rate of increase of preferential grain- 
boundary diffusion with increasing 6 has been shown 
to decrease with rising temperature.”° This differ- 
ence, however, is to be expected, since an increasing 
rate of grain-boundary diffusion acts to raise the 
rate of growth along the grain boundary relative to 
that perpendicular to the boundary, and thus to de- 
crease the average radius of curvature of the ad- 
vancing edges of the allotriomorphs. The smaller 
this radius, the more effectively will the point effect 
of volume-diffusion increase still further the rate of 
lengthening along the boundary. Although the contri- 
bution of the point effect of volume diffusion thus ap- 
pears to be an important one, the failure of the point 
effect to produce preferred growth in directions 
other than along the grain boundaries (beginning, for 
example, at small protuberances in the austenite: 
ferrite boundaries developed during growth) strongly 
indicates that grain-boundary diffusion is the pri- 
mary factor directing and sustaining allotriomorphic 
growth. 
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The only marked conflict between the i/t and the 
diffusion data appears at 6 = 44 deg, where L/t 
reaches the highest value recorded even though the 
rate of preferential grain-boundary diffusion has fal- 
len appreciably below its maximum level. Although 
a satisfactory explanation for this anomaly has not 
been found, an indication of the origin of the con- 
tinued increase in J/t can be obtained by comparing 
Figs. 5 and 6. Note that some bulky crystals are 
still present at the 29 1/2-deg boundary, but that 
only allotriomorphs appear at the 44-deg boundary. 

Although the trend toward increasingly allotrio- 
morphic growth as a function of increasing @ was 
anticipated on the basis of a previous study of the 
proeutectoid ferrite reaction in a hypoeutectoid 
steel,’»*" the mixture of morphologies at the small- 
angle boundaries (@ < 11 deg) was quite unexpected. 
Both in the hypoeutectoid steel and in Al-Cu alloys,?~5 
only one morphology—primary sideplates—appears 
at small-angle grain boundaries. A search of the 
literature, made to obtain a preliminary indication as 
to whether mixed morphologies at small angle bound- 
aries are a unique characteristic of the a—y trans- 
formation in silicon-iron, uncovered another exam- 
ple of this phenomenon which provides a valuable 
clue to its origin. Fig 97? illustrates precipitate mor- 
phologies intragranularly and at subboundaries in a 
single crystal-of Alnico 2 (Fe-12.5 pct Co-17 pct Ni- 
10 pct Al-6 pct Cu). Careful examination of the crys- 
tals nucleated at the subboundaries discloses that 
their morphology is the same at a given subboundary, 
but varies considerably among different subbound- 
aries. Since the various subboundaries differ consid- 
erably in boundary orientation, and possibly also in 
lattice disorientation, their dislocation structures 
must also be different. It thus appears that unlike 
Al-Cu Alloys, a change in subboundary structure in 
Alnico 2 is accompanied by, and presumably gives 
rise to a change in precipitate morphology. Although 
the small-angle boundaries in the silicon-iron bi- 
crystals underwent frequent changes in orientation, 
the very small number of austenite crystals formed 
at each orientation prevented determination of 
whether or not a similar effect is responsible for 
the variety of morphologies formed at these bound- 
aries on the basis of observations made on individual 
specimens. Better evidence for this effect upon aus- 
tenite morphology, however, is considered in the 
next section. ih 

Series B, C,and D Bicrystals. Both the 1/t data 
and the microstructural observations indicate that 
such variations in structure as may be produced by 
the different crystallographies of the large-angle 
boundaries in the four series of bicrystals do not 
affect the morphology of the austenite crystals formed 
at these boundaries. In the small-angle range, on the 
other hand, the J/t ratios for the Series C and D 
boundaries are somewhat higher than those for the 
corresponding Series A and B boundaries. In view 
of the extensive irregularities in all of the grain 
boundaries, both the A and the B small-angle bound- 
aries would have been composed, were £ = 0, of vary- 
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ing and usually unequal densities of two sets of edge 
dislocations. Similarly, both the C and the D small- 
angle boundaries would have consisted largely of 
varying proportions of four sets of dislocations, each 
with both edge and screw components, at 8B = 0. As 
discussed in the Appendix, the principal effect of B = 
0 upon these structures is to introduce dislocations 
with screw components into all of the small-angle 
boundaries. The density of screw components in the 
C and D boundaries, however, probably remains ap- 
preciably higher than in the A and B boundaries. The 
similarity of the morphologies and the //t ratios at 
the A and B, and at the C and D boundaries, respec- 
tively, is thus consistent with the similarity of the 
dislocation structures of these sets of boundaries. 
The greater tendency toward allotriomorphic growth 
at the C and D small-angle boundaries is ascribed to 
the higher density of dislocations with screw compo- 
nents in these boundaries. This effect is probably 
not due to more rapid diffusion along the C and D 
boundaries, since screw dislocations appear to be 
considerably less effective than edge dislocations in 
promoting grain-boundary diffusion.*® Another me- 
chanism for producing allotriomorphic growth, in 
considerably less pronounced form than is possible 
with the grain boundary diffusion mechanism, thus 
appears to be operative in silicon-iron and also in 
Alnico 2 (arrowhead “B”, Fig. 9). 


SUMMARY 


On the basis of this investigation of the morphology 
of austenite crystals formed at the grain boundaries 
in oriented ferrite bicrystals of an Fe-1.55 pct Si al- 
loy, it has been concluded that: 

1) When the component crystals are disoriented 
about a common [110] axis through an angle 8, the 
overall tendency toward preferential growth of aus- 
tenite crystals along the grain boundary is small 
when 0 < 11 deg, butincreases rapidly as the value of 
is further increased. 

2) Although there are differences in detail, the 
data of Haynes and Smoluchowski!* on grain boundary 
diffusion in ferritic bicrystals of SiFe exhibit basi- 
cally the same type of dependence upon @ as the ten- 
dency for preferential growth of austenite along fer- 
rite grain boundaries, indicating that grain boundary 
diffusion plays an important role in this type of 
growth, and thus in the formation of the morphology — 
grain boundary allotriomorphs—produced when such 
growth becomes sufficiently rapid relative to that 
normal to the boundary. 

3) When 6 < 11 deg about a common [110] axis, 
most austenite crystals have the shape of idiomorphs. 
Only a few stubby primary sideplates and grain- 
boundary allotriomorphs appear at these boundaries. 
When 6 > 11 deg about either a common [110] or 
[100] axis, allotriomorphs are clearly the dominant 
morphology. 

4) The tendency toward preferential growth along 
small-angle boundaries is somewhat larger when 
they are formed by disorientation about a common 
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[100] axis than about a common [110] axis. This 
result appears to be associated with the higher den- 
sity of dislocations with screw components at the 
[100] boundaries. Taken in conjunction with a few 
observations made on the orientation-dependence of 
morphology at subboundaries in Alnico 2, this evi- 
dence suggests that in some alloy systems small- 
angle boundaries with different dislocation structures 
can give rise to different precipitate morphologies. 
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APPENDIX 


Dislocation Structure of Small-Angle Boundaries 
in a Bec Lattice. Frank” has given a relationship 
for determining the dislocation content of a general 
small-angle boundary. When two grains are rotated 
apart through a small angle 6 about a common axis 
u, the sum S of the Burger’s vectors b; of the dislo- 
cations cut by an arbitrary vector, V, lying in the 
plane of the boundary, is given by 


S=(ax V) 6 


[1] 
If V cuts ; dislocations with Burger’s vector b,, then 
S = [2] 

In the case where V is a unit vector normal to the 
ith set of dislocations, Read and Shockley”* define a 
quantity: N; =(7;/6),i.e., the density per unit 6 of the 
ith set of dislocations. It is this quantity that may be 
used to characterize the dislocation content of the 
boundaries employed in this particular investigation. 


In general, any small-angle grain boundary can be 
made up of three sets of dislocations having noncop- 


lanar Burger’s vectors. If u lies in the plane of bound- 


ary, aS is the case ideally in Series A and B, the 
boundaries will have only a tilt component, and will 
be composed of two sets of edge dislocations, hav- 
ing, for example, Burger’s vectors 


= ($)(1i1] and b, 


when u = ("2)[110] 


Using the model given above, N; Can now be calcu- 
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lated for each set of dislocations as a function of ®, 

the boundary orientation. Two specific cases, = 0 

(Series A) and & = 45 deg (Series B), will be consid- 
sin & 


ered. Taking 
©O8 


= sin & 
| 
where # is measured in the (110) plane with respect 
to the [001] direction, satisfies the condition that V 
lies in the plane of boundary, normal to the direction 
of the dislocation lines, since in a pure tilt boundary 
all the dislocation lines are parallel to u = (¥2/2) 
[110]. The sum S can be found now from Eq. [1], 
which gives 


From Eq [2], S must also equal 


[cos cos 4, sin [ 3] 


S =n, [111] +m, 51111] [4] 


Equating coefficients in Eqs. [3] and [4] gives two 
expressions for N, and N,, namely 


N, cos sin 2) [ 5a] 
n 1 

Ny cos @+ sin a) [ 5d | 


To obtain N, and N, for Series A,, take = 6/2, 
z.€., assume they are ideal symmetrical-tilt bound- 
aries, Likewise, for Series B, 6 =(7/4)+(0/2). Table 
Ill gives the results for 6/2 «1, showing that when 
8 = 0, boundaries in Series A will be composed of 
equal densities of two sets of edge dislocations, while 
Series B boundaries will have unequal densities of 
the two sets with the total density being approximately 
the same as in Series A. 

Until this point, discussion has concerned the ideal 
case, where u lies in the plane of the boundary, bisGay 
B = 0. Actually, B has a finite value, requiring that 
u no longer lie in the plane of the boundary. Without 
knowledge of the twist and tilt components of £, it is 
not possible to describe quantitatively the deviation 
from the ideal dislocation densities that would occur. 
Generally speaking, however, it may be said that a 
third set of dislocations, having an appreciable screw 
component will be introduced, its density increasing 
with an increasing proportion of twist component of 
B. In addition the original two sets of dislocations 
also will develop a screw character. As pointed out 
in the text, varied widely for most of the bound - 
aries. This would result in varying proportions of 
each set of edge dislocations as shown by Eq [5]. 

Consider now pure tilt boundaries in Series C and 
D. In this case, since there are no <111> directions 
normal to u = [100], four sets of dislocations will be 
needed, each set having edge and screw components. 
In order that there be no net twist component to the 
boundary, it will be necessary to require that the 
screw components of the individual dislocations al- 
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ternate in sign along the boundary. This type of 
boundary has been discussed by Read.?” 

Following the procedure used for Series A and B, 
and taking u = [100], b, = a/2[111] alternating with 
b, = a/2[ 111], and b, = a/2[ 111] alternating with b, = 
a/2[ 111], the following results were obtained: 


1 

N, = Nz == -(sin - cos $) [ 6a] 
1 

N,=N, = = (sin + cos 4) [ 6d] 


Allowing @ = 0/2 and (1/4) + (6/2), andassuming 6/2 « 
1, gives the results shown in Table II. 

Again no quantitative statements can be made about 
the effects of 6 on the dislocation content of the 
boundaries, but it seems clear that when £ + 0, the 
boundary will have a twist component, and that con- 
sequently N, will no longer equal N,, and similarly, 
N, will not be equal to N,. Thus, in this particular 
kind of a boundary, no new sets of dislocations need 
be added to account for a small twist component, but 
rather it is only necessary to destroy the balance in 
density between the dislocation sets with the screw 
components of opposite sign. As before, the effects 
of a widely varying # may be seen from Eq. [6]. 

In conclusion, it may be said that there exists, in 
the ideal case, a fundamental difference between Se- 
ries A and B, on one hand, and Series C and D, on 
the other, in that boundaries of the latter group are 
characterized by a screw component present in all 
sets of dislocations. Moreover, it would seem that 
since the principle effect of a nonzero 8 is to intro- 
duce a new set of dislocations in Series A and B, 
while only altering the balance in densities in Series 
C and D, this latter group probably would retain a 
larger density of dislocations with screw components 
even in the case where £ =~ 0. 
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Table III. Dislocation Densities for Small-Angle Boundaries in a 
Bec Lattice 
Series ® My Ny N3 Ng = N; 
y2 
A 0 = 
2a 2a a 
B 45 0.21 1.42 
a a a 
1 1 1 1 2 
2a 2a 2a 2a a 
D 45 y2 v2 
2a 2a a 
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The Effects of Interstitial Solute Atoms on the 
Fatigue Limit Behavior of Titanium 


Harry A. Lipsitt and Douglas Y. Wang 


A fatigue study in completely reversed axial tension- 


compression has been performed on high-purity tita- 
nium and on three high-purity alloys of titanium. The 
alloys each contain approximately 0.75 at. pct of a 
single interstitial element; carbon, nitrogen, and Oxy - 
gen, vespectivley. The results corroborate a previ- 
ously published theory which proposed that strain ag- 
ing under alternating stress was responsible for the 
fatigue limit behavior of certain alloys. The present 
data indicate that in these alloys an increasing strain- 
aging effect under alternating stress is provided by 
oxygen, carbon, and nitrogen, respectively. 


Current research on the nature of the fatigue 
limit in metals suggests that the presence of a fa- 
tigue limit in metallic materials is a manifestation 
of strain aging that occurs under alternating 
stress.® A comprehensive theoretical model based 
on the above hypothesis has been developed to ex- 
plain the existence of a fatigue limit.! This model 
also provides increased insight into several other 
fatigue phenomena as understressing, overstressing, 
and coaxing effects. The theory, as well, provides 
equal understanding for those cases where no real 
fatigue limit is observed. 

Briefly, this theory assumes that the S-N curve 
for a pure metal is a smooth function of the applied 
stress, and the effect of adding an element that is 
soluble (or forms a precipitate) in the pure metal 
is simply to shift the S-N curve to the right. If the 
added element confers the power to strain age, the 
result is a further shift of the S-N curve, this time 
upward and to the right. Since strain aging is not 
expected to be a strong function of stress, and since 
damage per cycle is known to be quite stress depen- 
dent, it is to be expected that there will be some 
limiting lower stress at which the strengthening due 
to strain aging will balance the damage due to crack 
propagation. This stress is the fatigue limit. The 
position of the fatigue-limit knee was thought to be a 
function of the magnitude of the strain-aging effect 
on both the finite and infinite life portions of the S-N 
curve. 


HARRY A. LIPSITT, Junior Member AIME, and DOUGLAS 
Y. WANG are, respectively, Supervisor, Metallurgy Research, 
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ials Research Engineer, Strength and Dynamics Branch, Metals 
and Ceramics Laboratory, Directorate of Materials and Pro- 
cesses, Aeronautical Systems Division; Wright-Patterson Air 
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Although the strain aging hypothesis seems to be 
reasonably valid for bcc materials,?»® it needed to be 
tested for both fcc and cph metals. This report is 
the first of a series concerning the fatigue-limit be- 
havior of titanium with varying amounts of the inter- 
stitial solutes (C, N,, and O,) that are known to cause 
static strain aging in titanium. 

Yield-point effects have been reported for polycrys- 
talline high-purity titanium alloys containing either 
carbon, nitrogen, or oxygen.”® These effects were ob- 
served at testing temperatures in the range 100 to 
300°C. In addition yield-point and strain-aging effects 
have been reported for single crystals of titanium 
containing 0.1 wt pct C plus N.® These yield points 
were observed over a wide temperature range, but 
no room-temperature aging occurred. Aging at 180°C 
was required to cause the return of the yield point. 

The magnitude of the yield phenomena in titanium 
containing interstitials is not expected to be as large 
as is observed in bcc metals because of several fac- 
tors. Titanium has a very high chemical affinity for 
oxygen and nitrogen. The thermodynamic stability 
of solutions of oxygen or nitrogen in titanium is 
recognized. Lattice parameter measurements of 
titanium containing carbon,® oxygen,’ or nitrogen"! 
show that the “c” parameter is expanded more than 
the “a” parameter, but that up to about 2 wt pct this 
results in an insignificant change of the axial ratio 
“c/a.” Ehrlich’ has shown that the sites occupied 
by interstitial atoms in titanium are spherically 
symmetrical and therefore a lattice expansion, ata 
constant c/a ratio, results in a Simple dilation of the 
interstitial site. Such a dilation involving no shear 
has been shown to react only with edge components 
of dislocations.'* This causes only a weak pinning 
action. Shear stresses would be anticipated locally 
when only one of the two interstitial positions was 
occupied. The carbon atom will cause a symmetri- 
cal distortion of the lattice whereas the oxygen and 
nitrogen atoms have, in addition, the previously men- 
tioned chemical affinity of titanium for these elements. 
These factors will result in a considerably smaller 
reduction of free energy upon the association of in- 
terstitial atoms with dislocations, and therefore a 
much weaker pinning than has been observed for the 
bec metals. 

These considerations would lead to the hypothesis 
that of the interstitial elements considered here car- 
bon would cause the strongest pinning effect in titani- 
um where the amount of interstitial in solution is 
constant. This hypothesis will be borne out in the 
analysis of the present results. 
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Table |. 

Wt Pct of A B (@: D 
Element (unalloyed) (Ti-C) (Ti-N) (Ti-O) 
Cc 0.051 0.290 0.044 0.061 
N 0.002 0.003 0.200 0.002 
O 0.058 0.068 0.052 0.250 
H 0.0030 0.0045 0.0052 0.0049 
Fe 0.010 0.003 0.003 0.003 
Cr 0.003 0.001 0.001 0.001 
Mg 0.002 0.001 0.001 0.001 
Na <0.010 <0.010 <0.010 <0.010 
Mn 0.02 0.02 0.02 0.02 
Cu 0.002 0.002 0.002 0.002 
Al 0.007 0.003 0.001 <0.001 
V 0.005 0.005 0.005 0.005 
Ni 0.004 0.002 0.001 0.001 
Sn 0.0003 0.0003 0.0003 0.0003 
W 0.08 0.3 1.0 120 
Mo 0.005 0.002 0.0005 0.0005 
Co 0.0002 nil nil nil 
Si (est.) <0.02 <0.02 <0.02 <0.02 
Cl (est.) <0.02 <0.02 <0.02 <0.02 


Dittmar et al.,'* have presented room-temperature 
data showing the effects of 0.2 pct C, 0.2-pct O,, or 
0.07-pct N, on the fatigue properties of titanium, but 
unfortunately these data are too ill-defined to be ade- 
quate for any analysis. 

Berger, Hyler, and Jaffee,’® have studied the effect 
of hydrogen on the fatigue properties of titanium 
(A-55) and a Ti-8Mn alloy. When the S-N curves (for 
18 and 390 ppm H) are compared, it can be seen that 
with increased hydrogen concentration the character 
of the plot changes from one showing a monotonic in- 
crease in life with decreased stress to one witha 
reasonably abrupt transition (or a knee). The same 
is true for the Ti-Mn alloy. The authors are unable 
to account for the increase in the unnotched fatigue 
limit of A-55 titanium since the hydrogen does not 
affect the tensile strength. They indicate that it is 
possible that the specimen temperature may be as 
high as 150°C internally, causing the dissolution of 
hydrides with an accompanying strength increase. 

It is believed, however, that the increase in the 
fatigue limit of titanium and the change in the shape 
of the S-N curve may, at least in part, be attributed 
to strain aging effects. In the Ti-Mn alloy the in- 
crease in the fatigue limit when hydrogen was added 
was almost twice the increase in tensile strength; 
here again strain-aging effects may be responsible. 


MATERIALS AND EXPERIMENTAL PROCEDURE 


The basic material used in this investigation was 
electrolytic titanium supplied through the courtesy 
of the U. S. Bureau of Mines at Boulder City, Nev. 
Two lots of this material were received; one lot 
showed an average hardness of BHN 64, the other 
BHN 74 (3000 kg). The softer lot of material was 
used to produce the unalloyed titanium used in this 
investigation. Melting and fabricating was accom- 
plished at the Battelle Memorial Institute. 

A nominal analysis of 0.75 at. pct impurity was 
chosen for each of the three alloys to be produced. 
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This value was chosen to be a minimum of five times 
the expected level of these elements in the purer ti- 
tanium and would provide approximately eight times 
the number of impurity atoms required to saturate 
the dislocations produced during fatigue action (10” 
per sq cm). 

Appropriate master alloys were made, crushed, 
analyzed, and blended with the remainder of the pure 
titanium. The alloys were double melted under vac- 
uum. The ingots were cleaned up and then hot forged 
in air into rod. The rod was annealed, machined to 
clean up, and then swaged from 1350°F to 0.446 in. 
(The pure Ti was swaged at room temperature). 

Specimens were rough machined from the swaged 
bar stock and then vacuum annealed at 1300°F (1375°F 
for the unalloyed) to remove all distortion and produce 
an average grain size of ASTM 5.5 (4.5 in the Ti-O 
alloy). After heat treatment the specimens were fin- 
ish machined and the gage length longitudinally pol- 
ished. A complete spectrographic analysis was ob- 
tained using the center 0.250 in. of several samples 
of each composition. Oxygen and hydrogen were de- 
termined using vacuum-fusion techniques, nitrogen 
by the Kjeldahl method, and carbon volumetrically. 
The final analyses of these alloys are shown in Table 
I. The unexpected tungsten content is thought to be 
contamination from the tungsten electrode furnace that 
was used to prepare the master alloys. 

It will be shown below that if this amount of tung- 
sten is really present in these alloys it has not no- 
ticeably affected the hardness and tensile properties 
of these materials. The final analysis shows that 
the original analysis was maintained or bettered for 
all the elements except N,, O,, and C, and this is to 
be anticipated. 

The room-temperature hardness and tensile pro- 
perties of these materials are given in Table II. The 
tensile properties were determined on standard 
0.250-in. diam specimens using a non-averaging ex- 
tensometer and an X-Y recorder. The strain rates 
used were 0.02 per min to 2 pct strain and 0.05 per 
min thereafter. The results presented are the aver- 
age of two tensile specimens, where the specimen 
to specimen variation was no more than +2000 psi at 
ultimate, +1000 psi at yield. The hardness data are 
averaged over twenty readings on five specimens; 
the variation in all cases being no more than +10 
DPH. The materials tested all showed considerable 
creep at room temperature, 7z.e., when loading was 
stopped at approximately 0.2 pct strain the X-Y re- 
corder showed a considerable extension (0.1 to 0.2 
pct) accompanying a greater than normal load de- 
crease. For this reason it was impossible to deter - 
mine valid elastic moduli in these tests. None of the 
materials showed an upper yield point or any meas- 
urable strain-aging effects when aged for 15 min at 
room temperature after a strain of 0.2 pct. The ten- 
sile specimens of the unalloyed material exhibited 
partial cup and cone fractures with generally smooth 
centers, while the alloyed specimens all possessed 
irregular, fibrous fractures, with scattered evidence 
of transgranular failure. 
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Table Il. Property 


Yield Stress Ultimate Tensile Elongation Reduction of Fracture Hardness 

Material @ 0.2 Pct; psi Strength; psi in 1 in.; Pct Area; Pct Stress; psi Dph; 1 Kg 
cee 215,175 42,600 70 84 150,000 90 
pais 44,100 61,150 45 56 101,000 145 
per ee 85,750 100,000 34 52 155,000 242 
‘ats 57,200 78,200 30 47 114,000 195 


It should be noted that the static mechanical prop- 
erties of these materials compare favorably with 
Similar materials that have been studied in the past, 
z.e., the alloys generally show a tensile strength 5 to 
20,000 psi lower than what had previously been con- 
sidered as representative values.”)!© This is indica- 
tive of the success of the melting and fabricating pro- 
cedures and of the purity of the raw material. 

Metallographic examination of several specimens 
of each material indicated very few inclusions and/or 
voids. Titanium hydride was visible in all the materi- 
als mainly as a uniform distribution of platelets in a 
Widmanstatten pattern. Only the Ti-C alloy showed 
evidence of a precipitate, and that was dispersed as a 
reasonable distribution of small particles. No photo- 
micrographs are shown since the alloys: showed noth- 
ing new or interesting. 

All the fatigue tests reported here were run at 
room temperature in a 300 kg or a 2000 kg Schenck 
pulsator in completely reversed axial tension-com- 
pression. The specimens used were the standard 
Schenck type cylindrical specimen with dumbell 
ends and a straight gage section 0.100 in. in diam. 
The grain size of the specimens was such that there 
were approximately 40 to 45 grains across the spe- 
cimen diameter. The error in stress measurement 
is of the order of +2 pct. The tests were programmed 
to define the fatigue limit and the fatigue-limit knee 
as well as possible. Lesser effort was expended 
toward the definition of the finite life-failure curves. 


EXPERIMENTAL RESULTS AND DISCUSSION 


The room-temperature fatigue data gathered in 
this investigation are presented in Table III and Fig. 
1. From these data it may be seen at once that the 
Slopes of the S-N curves are a strong function of the 
interstitial alloying element. It may also be seen 
that the fatigue limit to ultimate stress ratio for 
these very pure alloys is very nearly one half, in 
contrast to the much higher values that have been 
reported for these same alloys when larger quanti- 
ties of impurities are present. The ratio of 0.35 for 
the unalloyed titanium is also what might be expected 
for an annealed “pure” metal. 

It should also be noted that even the “pure” metal 
used here contains sufficient impurities to show a 
fatigue limit, even though the knee of the curve has 
been considerably displaced to the right, indicative of 


920—-VOLUME 221, OCTOBER 1961 


reduced strain-aging strength. Reruns* of two runout 


*In order to avoid the use of a connecting line in Fig. 1 between the 
indication of a runout specimen and the point where that specimen frac- 
tured on retesting at a higher stress, the following notations are used. 
Runout specimens that were retested are indicated by one or more as- 
terisks. The point of failure of the retested specimen is identified by a 
number of asterisks which corresponds to the number of asterisks as- 
signed to the runout specimen, It is notable that the runout identified 
by two asterisks in Fig. 1b was then run to 107 cycles at 35,500 and 
37,600 psi before a failure was obtained at 40,500 psi. 


Specimens are shown on this curve; they are seen to 
have broken very near the virgin curve, again indica- 
tive of a weak strain aging effect. 

Reruns at higher stresses shown on the carbon and 
oxygen alloy curves indicate a reasonable strength- 
ening with time; the carbon alloy, however, shows 
the stronger effect of the two. 

The knee of the nitrogen alloy curve is the least 
well defined one of the four. Specimens tested in the 
range 43 to 48,000 psi are seen to have failed ran- 
domly between 8 x 104 and 3 x 107 cycles. When no 
runouts were obtained, the input voltage to the machine 
was checked and found to vary considerably with time. 
When this was corrected and the machine alignment 
checked, specimens tested in this region did not fail. 
Reruns of the runout specimens at higher stresses 
are seen to fail very near the virgin S-N curve. This 
result, while not unequivocal, was wholly unexpected. 
A tentative explanation of this result will be given 
later in the paper. It should be noted, however, that 
the finite portion of the S-N curve indicates that the 
fatigue limit knee will be at less than 108 cycles. 

A further analysis of these data is possible but 
is dependent on the development of a more complete 


Table III. 
A B D 

Property (unalloyed) (Ti-C) (Ti-N) (Ti-O) 
Fatigue 
Limit; Ksi 14.8 32 47 39 
Fatigue Strength 
@N=2-x 10% 17.3 32 47 41.6 
Fatigue Strength 
@N=1-x 10° Ksi 18.3 35 47 43.6 
Fatigue Strength 
@N=5 x 10% Ksi 19.9 39.3 50 47.4 
Fatigue Strength 
@N=2x 10% Ksi PRY 44.1 56 51.4 
Fatigue Limit 

Ust.s: 0.35 0.52 0.47 0.50 
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Fig. 1—S-N curves for (@) pure titanium, (5) for Ti-C alloy, (¢) for Ti-O alloy, and (d) for Ti-N alloy. 


is the resultant of at least three processes. The 
first of these is damage; proceeding with time,!” 
certainly stress dependent,’’ and describable in 


terms of the loss of (tensile?) strength of the mate- 


rial assuming no strain aging. Such a process is 


schematically illustrated as Curve A of Fig. 2. The 
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Fig. 2—Schematic fatigue process curves. 


fracture photographs of Lipsitt et al.!® clearly show 
that the damage to fracture is a strong function of 
the applied stress; z.e., more crack propagation can 
be tolerated at lower stresses. It has also been 
shown!’ that such a damage curve is of the same 
general shape as a “non-ferrous” S-N curve. The 
use of such a curve implies, as well, the assumption 
of some lower limiting stress below which fatigue 
failure will not occur in a non-strain aging material. 
The second process which plays a role is strain 
hardening; to a strength equivalent to the applied 
stress,'® occurring within a relatively few cycles,'® 
and changing with time only once a crack has begun, 
with this change limited to the region immediately 
ahead of the advancing crack. The time-independent 
portion of this curve exists only along the ordinate 
but is shown here spread along the time axis to indi- 
cate the succession of stresses (and strengths 
achieved) used in determining an S-N curve. Sucha 
curve, then, will have a form similar to that of a sta- 
tic stress-strain curve, but flattened because of the 
small time dependence of this curve in contrast to 
the assumed zero time dependence of the static 
curve. An example of this behavior is shown as 
Curve B in Fig. 2. The slight time-dependent nature 
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of this curve is necessary to the creation of a zone 
immediately ahead of the crack, where, not only is 
the strain hardening increased over the nominal value, 
but the strength of the strain aging is, as well, in- 
creased. This last process will be discussed below. 
It may be seen that several other variables affect the 
nature of this curve; i.e., the yield strength or elastic 
limit as determined by the type and amount of solute 
atom involved, and the ultimate strength as deter- 
mined by the yield strength and the average work- 
hardening rate. Curves A and B when summed should 
describe the fatigue process in a nonstrain aging 
material. 

In materials that strain age, a third process is 
superimposed on the two described above. This oc- 
currence of strain aging is not expected to be a 
strong function of stress above a threshold value of 
stress. The amount of strain aging, however, will 
be dependent on the quantity of dislocations produced 
in the region ahead of an advancing crack, and the 
rate of diffusion of the pinning atoms. The strength 
of this process will be dependent on the strength of 
the individual atom-dislocation complex and the num- 
ber of available pinning atoms. In summation, the 
strain-aging effect important here will be a func- 
tion of several variables; i.é., strain, temperature, 
the depth of the energy well that the pinned atom is 
in (or the atoms involved), and the number of atoms 
available for pinning. The diffusion rate enters here 
also, but this is further complicated by the fact that 
intersecting dislocations in the region ahead of the 
crack produce a higher than normal vacancy concen- 
tration in this region resulting in high-diffusion ve- 
locities.2° Curve C of Fig. 2 describes this process. 
It is believed that the interwoven processes of strain 
hardening and strain aging occurring most intensely 
ahead of the crack are responsible for stopping 
crack propagation. The point of this success is the 
fatigue-limit knee and is expected to be a strongly 
statistical function. It is also to be expected that 
strain aging must essentially maintain pace with the 
damage and therefore will play a role throughout 
fatigue life. 

The resultant curve of Fig. 2 shows two lines at 
lives greater than at the knee. The lower curve re- 
flects the ordinary way in which fatigue tests are 
conducted. The upper curve indicates the time in- 
crease in strain-aging strength. This then, provides 
us with additional understanding of under stressing 
and coaxing effects. 

The analysis of the data gathered in this investiga - 
tion can most easily be performed if the properties 
of the “pure” metal are assumed to be unity. The 
pertinent properties shown in Table II and III have 
thus been normalized in Table IV. It can be seen that 
at any finite fatigue life the ratios for a given mate- 
rial are reasonably constant, though greater than the 
static strength ratios. The fatigue-limit ratio for a 
material is also seen to be greater than the (nearly) 
constant finite-life ratios. 

That the finite-life ratios for a material are greater 
than the static ratios may be taken as an indication 
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Table IV. 
A B Cc D 

Property (unalloyed) (Ti-C) (Ti-N) (Ti-O) 
Tensile Strength 1 1.43 Deon) 1.83 
Fatigue Limit 1 2.16 3517 2.64 

Fatigue Strength 
@N=2x 10° il - - 2.40 
@N=1-x 10° 1 1.91 - 2.38 
@N=5x 1 1.97 2.38 
@N=2x 10‘ 1 1.90 2.41 2.21 


of the time-dependent strengthening, strain aging. 
That these ratios are nearly constant for a given 
material is believed to be indicative of the stress 
independence of the strain aging reaction. The in- 
finite-life ratios are greater than the finite-life 

ratios which perhaps indicates that while strain ag- 
ing is occurring all throughout the fatigue life it is 
only at the fatigue limit that this time-dependent 
strengthening becomes great enough to offset the dam- 
age completely. 

Before completing this analysis it is necessary to 
introduce a few more concepts. Reference to Fig. 1 
will assist in visualizing this analysis. The slope of 
the S-N curve at the knee is the rate of change of life 
at a given stress. The life, however, is determined 
by the relative balance of the three factors previously 
described. It must be remembered that the slope of 
a “non-ferrous” S-N curve becomes flatter as the 
stress is decreased and life increases. Thus, in the 
absence of strain aging the S-N curve approaches a 
natural elastic limit. When strain aging occurs and 
stops crack propagation it is obvious that a strong 
strain-aging alloy will “catch up to” the finite-failure 
curve at a higher stress. Thus, at the knee of the 
S-N curve for a strong strain-aging alloy the slope 
of the curve will be greater and the knee will be at a 
shorter life than will be the case for a weakly -aging 
alloy. A calculation shows that the slopes at the knee 
of the S-N curves of the oxygen and carbon alloys are 
respectively 25 and 76 times the slope of the curve 
for the unalloyed titanium. The slope of the nitrogen- 
alloy curve is approximately 480 times that of the 
base curve. 

These slopes, and likewise the knee positions, indi- 
cate that overall strain-aging propensity is increased 
(in titanium containing similar amounts of either car- 
bon, nitrogen, or oxygen) by oxygen, carbon, and ni- 
trogen, respectively. The relationship between car- 
bon and nitrogen is not clear, however, because all 
of the carbon atoms are not in solution. The solid 
solubility of carbon in titanium is not known at room 
temperature. It is about 0.1 wt pct at 600°C and would 
be expected to be very small at room temperature. It 
may be inferred, then, that the per-atom aging strength 
of carbon is perhaps greater than that of nitrogen. 
Research on very dilute alloys of nitrogen or carbon 
with titanium would help to answer this question. 

Another method may also be used to visualize the 
relative magnitudes of the strain-aging effect. This 
method is based on the assumptions that the main 
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effect of solid-solution strengthening is to shift the 
S-N curve horizontally to the right, that without 
strain aging each S-N curve would continue below 
the fatigue-limit stress, and that the curve would 
eventually approach an asymptote. Thus, extrapola- 
tion of the four S-N curves to a common life of 10” 
cycles gives an approximate value of the stress at 
that life if strain aging did not obtain. The differ- 
ence in stress between the fatigue limit and the ex- 
trapolated curve is an indication of the magnitude 
of the strain-aging effect. It can be seen that the 
contribution of strain aging at 10” cycles is of the 
order of 1000 psi for the pure titanium, 6000 psi for 
the Ti-O alloy, 11,000 psi for the Ti-C alloy, and 
17,000 psi for the Ti-N alloy. 

It is now possible to understand the fact that re- 
runs of runout specimens of the Ti-N alioy apparently 
did not exhibit any strain-aging effect; z.e., they 
failed very near the virgin S-N curve. It is believed 
that this may be the indication of a very strongly ag- 
ing material, so strong that any cracks formed by 


cycling below the fatigue limit are irrevocably pinned. 


Upon retesting such a specimen at a higher stress 
these cracks must remain pinned and new ones form, 
resulting in the observed failures along the virgin 
curve. 


SUMMARY 


Room-temperature data detailing the effects of 
carbon, nitrogen, and oxygen on the fatigue behavior 
of titanium have been presented. It has been shown 


that in the present alloys an increasing overall strain- 


aging effect in fatigue may be expected from the addi- 
tion of oxygen, carbon, and nitrogen, respectively. 
These data have been analyzed in the light of a previ- 
ously published theory and are seen to substantiate 
that theory. In addition, a detailed description of the 
several interrelated mechanisms responsible for the 
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fatigue behavior of metals and alloys has been given. 
It is believed that this description, if adequate, shows 
several reasons why the fatigue behavior of alloys 
has been difficult to comprehend. 
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Thermodynamics and Kinetics of the Deoxidation 


of Thorium by Calcium 
David T. Peterson 


Calcium metal was found to deoxidize thorium at 
1000° to 1200°C. The reaction kinetics were deter- 
mined and related to the diffusion coefficients of oxy- 
gen in thorium. The solubility of oxygen in thorium, 
the minimum oxygen concentration, and the diffusion 
coefficient were determined from 1000° to 1200° C. 
This process results in the lowest oxygen concentra- 
tions which have been reported for thorium metal. 


F OR many years it has been known that calcium 
metal will reduce thorium oxide to thorium metal. 
This reaction has been the basis for several methods 
of preparing thorium metal. From the equations giv- 
by Kubaschewski and Evans,! AF° for the reaction 
Cag) + (5) > + Ths was calculated and 
found to be -3.4 kcal at 1000°C, -2.5 kcal at 1100°GC, 
and —2.0 kcal at 1200°C. Thorium is very slightly 
soluble in liquid calcium, and the solubility of calci- 
um in solid thorium is very low. Consequently these 
metals would be in essentially their reference states. 
If thorium containing oxygen were equilibrated with 
liquid calcium between 1000° and 1200°C, the oxygen 
content of the thorium would have to be below the sol- 
ubility limit in thorium. Oxygen is one of the impuri- 
ties most difficult to remove from thorium and is the 
most abundant impurity in metal prepared by almost 
all known methods. Fortunately, oxygen does not have 
a large influence on the properties of thorium be- 
cause the solubility in solid thorium is very low. Even 
in thorium containing 100 ppm of O, particles of tho- 
rium oxide can be observed in the microstructure. 

In view of the incompatibility of thorium oxide and 
liquid calcium and the low solubility of thorium oxide 
in thorium, the deoxidation of thorium by this method 
was investigated. 

For thorium containing an amount of oxygen well 
in excess of the solubility limit, the reaction should 
proceed in the following sequence. The oxygen con- 
tent of the thorium matrix near the surface would be 
depleted by the diffusion of oxygen to the surface. At 
the surface, the oxygen would react with calcium to 
form calcium oxide. To maintain equilibrium within 
the thorium, thorium oxide would dissolve to keep the 
matrix saturated. Consequently, the thorium-oxide 
particles would disappear first at the surface and 
then the particle-free rim would grow in thickness. 


DAVID T, PETERSON Member AIME, is Associate Profes- 
sor, Department of Chemistry, and Chemist, Institute for 
Atomic Research, lowa State University, Ames, lowa. Work 
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If the rate-controlling step were the diffusion of Oxy - 
gen through this layer of thorium which was growing 
in thickness in direct proportion to the amount of Oxy - 
gen removed, the well known parabolic time law 
should be observed. If the oxygen concentration at 

the surface of the thorium and at the inner surface 

of the deoxidized rim were known, the diffusion coef- 
ficient of oxygen in thorium could be calculated from 
the parabolic rate constant. 


EXPERIMENTAL PROCEDURE 


The thorium metal used in this study was prepared 
by calcium reduction of ThF, by the method described 
by Wilhelm.’ The analysis of this metal is given in 
Table I. The carbon was determined by combustion, 
the oxygen by the HCl-insoluble residue method, ni- 
trogen by the Kjeldahl method, and the other ele- 
ments by emission spectroscopy. A section of this 
ingot was hot rolled at 600°C to 1/4 and 1/8-in. thick 
plates. Specimens approximately 7/8 in. square were 
cut from these plates, and all surfaces of the speci- 
mens were cleaned and smoothed by filing with a 
clean file. Individual specimens were placed in 1-in. 
diam by 2-in.-long tantalum capsules. Approximately 
1g of clean, high-purity calcium was placed in 
the capsules and an end closure arc-welded in place. 
The tantalum capsules were sealed in Inconel cruci- 
bles to protect the reactive metals from oxidation. 
The entire loading procedure was done in a glove box 
filled with pure argon. The loaded crucibles were 
placed in a muffle furnace, controlled within 2°C 
of the desired temperature, for a measured length of 
time. 

After the specimen had cooled to room tempera- 
ture, it was sectioned perpendicular to the large faces 
and through the mid-point of two of the sides. The 
sectioned specimen was mounted and polished through 
Linde A abrasive. The rim which was free of thori- 
um-oxide particles could be clearly observed micro- 
scopically as mechanically polished. Twenty meas- 
urements of the thickness of the rim were made at 
equally spaced points far enough from the end of the 


Table |. Analysis of Thorium Billet Used in This Study 


Element Content, ppm Element Content, ppm 
O 1300 Cr 20 
410 Al 40 
N 70 Ca 50 
Fe 130 Mg 20 
Ni 20 Si 55 
Mn 20 Be 170 
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Fig. 1—Rate of growth of the particle-free rim in the deox- 
idation of thorium. 


section so that diffusion to only one surface was in- 
volved. These measurements were made by using the 
micrometer adjustment on the stage of a Kentron 
hardness tester. 

At each temperature, one thorium sample 1/8 in. 
thick was treated for a time much longer than re- 
quired to remove all of the oxide particles. This spe- 
cimen was thus deoxidized so that the concentration 
of oxygen was the concentration in equilibrium with 
calcium and calcium oxide. A portion of this speci- 
men was taken for oxygen analysis. The remainder 
was packed in pure calcined (900°C) thorium oxide in 
a tantalum capsule, sealed in an Inconel crucible, 
and heated for a time equal to the deoxidation time. 
The oxygen content of these specimens should be the 
solubility limits of thorium oxide in thorium. The 
oxygen content of the thorium samples was deter- 
mined by vacuum-fusion analysis at 1900°C using a 
platinum bath. 


RESULTS AND DISCUSSION 


The deoxidation of thorium was found to proceed by 
the disappearance of the thorium-oxide particles in 
a rim at the surfaces which were exposed to calcium 
vapor. The thickness of this particle-free rim in- 
creased with time according to a parabolic time law 
at all the temperatures investigated. The experimen- 
tal data, shown in Fig. 1, at each temperature fall 
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Table II. Solubility and Equilibrium Deoxidation Concentration 
of Oxygen in Thorium 


Temperature Solubility Limit Equilibrium Concentration 
1000°C 35 ppm 16 ppm 
1100°C 52 ppm 26 ppm 
1200°C 90 ppm 72 ppm 


very close to straight lines. The slope of these lines 
increases with increasing temperature. To verify 
that the rate-controlling step was diffusion of oxygen 
through the thorium and not diffusion of calcium 
through the layer of calcium oxide on the surface, the 
calcium oxide layer was removed from several sam- 
ples after a period of deoxidation treatment, the 
thickness of the deoxidized rim was measured and 
the deoxidation treatment was continued for a like pe- 
riod of time. The removal of the calcium-oxide layer 
had no effect on the kinetics of the reaction and both 
rim-thickness measurements from these interrupted 
runs fell on the line when the time was taken as the 
total time of treatment. The activity of calcium in 
the gas phase was equal to that of liquid calcium at 
each temperature so there would be no difference in 
the equilibrium oxygen concentration between sam- 
ples which were contacted by liquid calcium or the 
saturated vapor. However, the kinetics of the reac- 
tion could be influenced if the gas phase at the thori- 
um surface were not constantly saturated with calci- 
um vapor. This condition could arise if the rate of 
reaction at the surface were appreciable compared to 
the rate of diffusion of calcium through the gas phase 
to the thorium surface. A number of specimens were 
equilibrated with the lower portion in contact with 
liquid calcium and the upper portion in contact with 
the gas phase. In no case was a measurable differ - 
ence between the rim thickness of the upper and 
lower portions found. 

The concentration of oxygen in thorium in equili- 
brium with liquid calcium and solid calcium oxide at 
each temperature is given in Table II. As expected, 
these concentrations decrease with decreasing tem- 
perature due to the decrease in solubility of thorium 
oxide in thorium at lower temperatures and to the 
larger AF° at lower temperatures. The oxygen con- 
tents in the samples equilibrated with thorium oxide 
are also given in Table II and are plotted against re- 
ciprocal absolute temperature in Fig. 2. These val- 
ues confirm the conclusion drawn from metallographic 
observation of crystal bar thorium that the solubility 
limits in this temperature range were below 100 ppm. 

The average diffusion coefficient of oxygen in tho- 
rium metal can be calculated from the parabolic re- 
action-rate constant, the initial oxygen content of the 
thorium, and the oxygen concentration gradient 
across the particle-free rim. The flux of oxygen 
across the thorium surface is -—K dx/dt if the small 
amount of oxygen in solid solution is disregarded. 

K is the initial oxygen concentration in the metal and 
dx/dt is the rate of growth of the rim. The parabolic 
rate law for the growth of the particle-free rim is 
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Fig. 2—Log D and log solubility for oxygen in thorium 
vs reciprocal temperature. 


x = kt’/? where k is a constant at each temperature. 
If the gradient is constant across the rim, (9c/dx) = 
(C; - Cs/x) = AC/x at any given time. C, is the oxy- 
gen concentration at the surface and was assumed to 
be the concentration in equilibrium with liquid calci- 
um and solid calcium oxide. C; is the oxygen concen- 
tration at the inner boundary of the particle-free 
rim and was taken as the solid solubility of oxygen 
in thorium. Then from Fick’s First Law, K dx/dt = 
DAC/x. Substituting for x and its derivative gives 
the result that D = Kk?/2AC. 

The parabolic reaction-rate constant, k, depends 
on the oxygen content of the metal as well as the 
temperature and consequently is not a generally sig- 
nificant quantity. The diffusion coefficients were cal- 
culated at each temperature from the average para- 
bolic-reaction-rate constants and the data in Table 
II. The initial oxygen content of the thorium was de- 
termined by vacuum fusion to be 1291 ppm as com- 
pared to 1300 ppm by the insoluble residue method. 
The vacuum-fusion value was used to calculate the 
diffusion coefficients. The results are shown in Fig. 
2 as a plot of the logarithm of the diffusion coeffi- 
cients against reciprocal absolute temperature. That 
the points are almost precisely on a straight line 
must be partly fortuitous because the oxygen gradi- 
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ent, which is the difference of two vacuum-fusion 
analyses, is undoubtedly subject to an uncertainty of 
10 pct. The activation energy for diffusion of oxygen 
in thorium calculated from the slope of this line is 
49 kcal and the value of D, is 1.3 x 10? sq cm per 
sec. 

The thorium samples were analyzed for calcium, 
nitrogen, and carbon after the deoxidation treatment. 
The calcium content was found to be the same after 
deoxidation as in the initial metal. The carbon and 
nitrogen contents were unchanged in some samples 
and increased in others. The calcium metal contained 
about 100 ppm Ni and 200 ppm C. As these solutes 
were not removed from the thorium, they would be 
transferred to the thorium from the liquid calcium 
but not from calcium vapor because calcium carbide 
and nitride are not volatile at these temperatures. If 
the thorium were contacted only by the saturated cal- 
cium vapor, no change in the carbon or nitrogen con- 
tents of the thorium would occur. Deoxidation had a 
negligible effect on the hardness of the thorium. The 
hardness of the particle-free rim was the same as the 
remainder of the specimen in all cases. The speci- 
mens which had been heated to 1100° or 1200°C and 
air cooled were slightly harder than the initial metal. 
Hardening of thorium metal of this purity by rapid 
cooling from elevated temperatures has been reported 
by Mickelson and Peterson? and tentatively explained 
as being the result of nitrogen which was dissolved 
at the higher temperature and retained in solution. 
Specimens which had absorbed carbon from the liq- 
uid calcium were of course hardened by the increased 
carbon content. 

This method of deoxidation is capable of lowering 
the oxygen content of thorium to 16 ppm or below, 
without changing the purity with regard to other ele- 
ments. Extrapolation of the results to lower temper - 
atrues indicates that oxygen contents as low as 5 ppm 
could be achieved at 800°C. The metal to be treated 
can be in any convenient form such as rod or sheet 
which does not have an excessive section thickness. 
Deoxidation of powder or sponge would be hindered 
by the increased difficulty in removing the calcium 
oxide which was formed. Thorium of almost any oxy- 
gen content could be treated by this method but the 
time necessary for deoxidations increases with in- 
creasing initial oxygen content. 
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Metal Deposition Coefficients in Filament Bundles 


J. H. Oxley, J. E. Oberle, C. E. Dryden, and G. H. Kesler 


Heat-transfer rates were measured in a model of 
a multifilament vapor-deposition bulb for the prepar- 
ation of high-purity metals. Local transfer coeffi- 
cients for heat transfer from the filaments to the 
circulating process stream were determined as a 
function of gas flow rates and bulb, inlet, and fila- 
ment, geometries. These results are then converted 
to a mass-transfer basis to provide a method of cor- 
relating vapor-deposition vates and to predict the 
performance of commercial units. 

The final correlating equation for mass transfer 
was found to be: 


RTmD, D;C,M 


ae 1.38 SB 0.53 


where k, ts the mass-transfer coefficient; D, is the 
gas diffusivity; P is the system pressure; R is the 
gas constant; T is the gas temperature; Df, Dg, and 
D; are the diameters of the filament, bulb, and inlet, 
respectively; k is the gas conductivity; C, ts the 
specific heat of the gas, M ts the molecular weight 
of the gas; Np,, Ns, Nr. ave the Prandtl, Schmidt, 
and Reynolds numbers of the system, vespectively; 
Lp is the height of the bulb; and Sp and S¢ are the 
total surface area of the bulb and filaments, respec- 
tively. 


(N Pr 22 0-14 DB 


One of the more conventional methods of prepar- 
ing very high-purity metals is the vapor deposition 
of the metal upon heated filaments. The reactions 

_ which can be employed in such a process generally 
fall into two classes: 

1) Pyrolysis of a volatile metal compound. Gene- 
rally because of their instabilities, metal iodides 
are used; however, other metal halides and hydrides 
have been employed. These processes are frequently 
carried out under vacuum conditions, and the fila- 
ments are maintained at high temperatures. 

2) Hydrogen reduction of a volatile metal com- 
pound. A metal chloride is normally the preferred 
feed for these processes, but other halides are some- 
times used under special conditions. These hydro- 
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gen-reduction processes are usually operated at at- 
mospheric pressure. 

Many of the current processes for the production 
of semiconductor materials are actually vapor - 
deposition processes. However, the vapor -deposition 
process itself is relatively old, and almost all metals 
can be prepared in a state of very high purity by the 
use of vapor-deposition techniques. Loonam has 
recently given an excellent review of the iodide 
process for metal deposition,’ and Owen has started 
some detailed studies with a carbonyl system.” A 
more general treatment of all vapor-deposition proc- 
esses has been outlined by Powell, Campbell, and 
Gonser.® 

Despite the fact that vapor-deposition techniques 
have been employed since 1890, there is a surprising 
lack of fundamental information regarding the trans- 
port characteristics of even the simplest deposition 
system, the heated filament. The purpose of the in- 
vestigation described in this paper was to extend 
some of the earlier data obtained at Battelle to pre- 
dict deposition rates and the uniformity of deposition 
in large-diameter, multifilament deposition bulbs 
under forced convection conditions.*® A number of 
other investigators have already presented a sim- 
plified treatment of the deposition process under non- 
flow conditions, z.e., pure diffusion.°~° 

To obtain information on the transport character- 
istics of a deposition bulb, a model of a typical plant 
deposition unit was constructed, and local heat-trans- 
fer coefficients from the filaments to a circulating 
air stream were determined under various conditions 
of air-flow rates and bulb, inlet, and filament geom- 
etries. These results were then converted to a mass- 
transfer basis, and consequently provided a method 
to correlate experimental vapor -deposition rates 
and to design commercial deposition units. 


EXPERIMENTAL WORK 


Description of Model. The apparatus which was 
used in this work was a scaled model of one type of 
deposition bulb. It was constructed of Lucite and 
was easily altered to give several combinations of 
diameter of bulb liner, inlet size and location, num- 
ber of filaments, and outlet geometry. The model 
is shown in Figs.1 and 2. The bulb shell was made 
octagonal for convenience in construction and obser - 
vation, and the bulb liners were cylindrical. Air, 
introduced through one of several different jet inlets, 
was used as the test fluid in these model studies. 

Filaments for deposition of metal were simulated 
by metal rods 1/4-in. in diam. Two of the rods could 
be heated by passing electrical current through them 


‘while the remaining rods could not be heated. This 


procedure minimized the amount of heat which was 
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PT - Pressure taps 


— Outlet orifice 
Outlet baffle 
Fig. 1—Details of deposition-bulb model. 


added to the test fluid, thereby essentially eliminat- 
ing the problem of determining a bulk average gas 

temperature. This problem becomes a rather seri- 
ous difficulty when there is an appreciable tempera- 


ture rise in the coolant air. These “dummy” filaments 


were constructed of aluminum and were 15-1/2-in. 
long. They were anchored in the head of the model 
and were connected in pairs by wires secured to 
their free ends. The heated element was constructed 
from two hollow steel rods, 13-1/4-in. long, and were 
connected at the bottom by a brass bar to make elec- 
trical contact between the two rods and to give the 
filament the conventional “U” shape. The heated 


Brass connector to inner electrode 
Brass connector to outer electrode— ! 


Thermocouple lead wires lead wires 


6 


ie 
2 


brass 


0.252" 0.D. iron tubing 


Fig. 3—Details of heat-transfer rods. 
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A-24822 


Radial | inlet 


Fig. 2—Plan view showing filament locations at which trans- 
fer coefficients were obtained. 


element was the same one which was used in model 
studies made in conjunction with previous operation 
of a smaller deposition bulb? and is shown in Fig. 3. 
Three thermocouple junctions were provided in each 
arm of the filament “U” so that a total of six local 
wall temperatures could be measured at the surface 
of the heated element. 

Electrical power was supplied to the heated filament 
from suitable step-down transformers. The voltage 
and current were measured with a voltmeter and an 
ammeter of appropriate scale ranges. Voltage con- 
nections were made at the filament connectors so that 
voltage drops in the supply lines would not be included 
in the measured voltages. 

Three different liners were used to obtain different 
diameter -to-length ratios. These liners were 15.5, 
11.0, and 8.0 in. in diameter. 

Provision was made to change the position of the 
feed inlet. Six inlet positions were used and the ef- 
fect of internal baffling on two of these inlet geom- 
etries was determined. The six inlets which were 
used were: 

1) Top Radial Inlet. This inlet was directed along 
a bulb diameter and was located 2 in. below the top 
of the bulb. It extended about 1 /2 in. into the bulb 
within the liner. 

2) Bottom radial Inlet. This inlet was also directed 
along a diameter of the bulb, but it was located 5 in. 
above the bottom of the bulb. An internal curved 
baffle, shown by dotted lines in Fig. 1, was used dur- 
ing one test of this inlet. 
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3) Extreme Bottom Radial Inlet. This inlet was so 
arranged that the jet of air was directed radially into 
the bulb at a location 1 in. from the bottom of the 
bulb. This inlet extended about 1 in. into the bulb. 

4) Bottom Axial Inlet. The bottom axial inlet ex- 
tended just to the bottom of the bulb at the axis of the 
outlet orifice and the bulb, and it was directed upward 
along this axis. 

5) Top Axial Inlet. The top axial inlet was directed 
downward into the bulb through the top closure. It ex- 
tended along the bulb axis about 1/2 in. into the bulb. 
An internal baffle, 9 in. in diam and located 3 in. above 
the bottom outlet orifice upon six leg supports, was 
used during one set of measurements with the top 
axial inlet. 

6) Upward Circumferential Inlet. This inlet was 
introduced through the space provided for the bottom 
radial inlet and was terminated in a vertical section 
1 in. in length and directed upward at the wall of the 
bulb liner. 

The outlet orifices and baffles which were employed 
with the three different bulb liners had the following 
dimensions and spacings: 

1) Liner Having a Diameter of 15-1/2 In. Three 
different outlets were employed with the large bulb. 
The largest outlet was a circular orifice, 12.8 in. in 
diam, with a circular baffle 12.8 in. in diam placed 
1.5 in. below the orifice. The minimum cross-sec- 
tional area of the constricting outlet section was 60 
sqin. and provideda ratio of outlet area to bulb cross- 
sectional area of 0.32. A second orifice outlet which 
was used with this bulb was a circular orifice 9.0 in. 
in diam with a 9.0-in. circular baffle located 2.3 in. 
below the orifice. The ratio of outlet area to bulb area 
for this arrangement was 0.34. An open ‘egg-crate” 
outlet, consisting of an assemblage of parallel square 
ducts, 1.0-in. long and 0.25-in. wide, and formed 
by arranging properly cut cardboard into the egg- 
crate pattern, was placed in the 9.0-in. orifice dur- 
ing one set of experiments. The fraction of the out- 
let area which was occupied by the material from 
which the egg crate was constructed was negligible, 
and the outlet area ratio for the egg-crate baffle 
experiments also was 0.34. 

2) Liner Having an 11-In. Diameter. Only two 
different outlets were used with this liner. The 
first outlet used was essentially an unbaffled open 
outlet, 10.5 in. in diam, and it provided an outlet 
area ratio of 0.91. The second outlet which was 
used consisted of a circular orifice plate, 5.0 in. in 
diam with no baffle below it. The outlet area ratio 
for this liner and outlet was 0.21. 

3) Liner Having an 8-In. Diameter. These tests 
were performed with an outlet 7.5 in. in diam. This 
combination provided an outlet area/bulb area ratio 
of 0.88. 

Inlets of two different diameters were used. An 
inlet having a diameter of 0.26 in. was used in all 
but one set of experiments, and an inlet having a 
diameter of 0.40 in. was used in the one additional 
set of tests. Previous work had been carried out 
with inlets having diameters of 0.19 and 0.31-in.;° 
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consequently, the effect of varying inlet diameter 
over a considerable range was obtained. 

Test Procedures. Rates of flow of air through the 
model were determined by measuring the pressure 
within the inlet tube, upstream of the orifice. Cali- 
bration was established by use of pitot-tube traverses 
which were made at the outlet of the model. Runs 
were made under steady-state conditions with con- 
stant rates of air flow and constant electrical power 
inputs. The initial temperature of the test element 
was taken before the electrical power supply was 
energized and this temperature was assumed to be 
that of the inlet air. Local heat-transfer coefficients 
were computed from the data by means of the cus- 
tomary relationship for convection, g = hAAt. The 
heat transferred per unit area of the test element 
was assumed to be constant at all points, z.e., elec- 
trical heat generation was assumed to be uniform 
along the element, and axial conduction was assumed 
to be negligible. The average temperature of the air 
stream was corrected for heat picked up by the air 
from the elements; this correction was of the order 
of 5 pct. 

The average heat-transfer coefficient for the 
heated element was computed from the six measured 
local coefficients. The over-all average coefficient 
for all the filament locations in the bulb was com- 
puted by determining the average coefficient for 
each ring of filaments and by then proportionately 
combining the ring averages on the basis of the 
number of filaments in each ring. 

Results. Test conditions which were employed in 
experiments with the model are summarized in 
Table I. A total of 2670 local coefficients were de- 
termined during this program. Data are presented 
in graphical form in the discussion which follows. 

In evaluating these test results, the over-all aver- 
age heat-transfer coefficient was used to compare 
the over-all bulb performance under different con- 
ditions, and the local coefficients and their devia- 
tions from the averages were used to establish the 
degree of uniformity of transfer rates throughout 
the bulb. 

Effect of Inlet Position. The dependence of the 
over-all average heat-transfer coefficient upon po- 
sition of the air inlet is shown in Fig. 4. It appears 
that the upward circumferential inlet provides a 
higher coefficient than any of the other inlets. How- 
ever, the broad distribution of local coefficients, due 
to the high velocity jet inlet, severely restricts the 
accuracy of the average based on the experimental 
local coefficients. It can be shown by the use of 
Tchebysheff’s inequality’® that the calculated over- 
all average coefficient for the upward circumferen- 
tial inlet will lie only within a range of +60 pct of 
the true average when only 48 local coefficients are 
measured and used in computing the average coeffi- 
cient. 

To obtain more accurate over-all average heat- 
transfer coefficients, twenty-four additional local 
coefficients were obtained at four different filament 
locations for both the upward circumferential inlet 
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Table l. Summary of Test Conditions 


Feed Bulb Height Outlet Outlet Weight Other 
Feed Inlet Number Shield of Orifice Baffle Flow Variables 
Inlet Diam, of Diam, Bulb, Diam, Gap, Rates, Employed 
Data Set Position in. Filaments in. in. in. in. lb./sec. 
A Top radial 0.26 48 1535 24.5 9.0 2S 0.026-0.062 - 
B Bot. radial 0.26 48 1555 24.5 9.0 IBS 0.026-0.061 - 
c Bot. radial 0.26 48 1525 24.5 9.0 2:3 0.026-0.061 Int. baffle 
D Ext. bot. rad. 0.26 48 1535 24.5 9.0 2.3 0.026-0.048 - 
E Top axial 0.26 48 15e5 24.5 9.0 23 0.026-0.061 - 
F Top axial 0.26 48 1595 24.5 9.0 233 0.026-0.061 Int. baffle 
G Bot. axial 0.26 48 15.5 24.5 9.0 3 0.030-0.058 - 
H Upward circ. 0.26 48 SES: 24.5 9.0 2X8} 0.026-0.048 - 
I Top radial 0.26 48 1525 24.5 9.0 2a 0.039 Complete probe 
ij Upward circ. 0.26 48 1525 24.5 9.0 PRS) 0.030 Complete probe 
K Bot. radial 0.26 72 1535 24.5 9.0 2.3 0.026-0.061 - 
10, Bot. radial 0.26 72 15.5 24.5 12.8 1.5 0.039 = 
M Bot. radial 0.26 72 EMS 24.5 9.0 4.5 0.039 Egg-crate shield 
N Top radial 0.26 36 11.0 24.5 10.5 4.5 0.039 - 
O Top radial 0.26 12 11.0 24.5 10.5 4.5 0.026-0.061 _ 
Pp Top radial 0.26 12 11.0 24.5 5.0 4.5 0.026-0.061 - 
Q Top radial 0.26 12 8.0 24.5 Iss 4.5 0.026-0.061 - 
R Top radial 0.31 1 6.5 17.5 4.6 - 0.009-0.040 - 
Ss Top radial 0.31 1-6 6.5 17.5 4.6 - 0.025 - 
it Top radial 0.19 1 6.5 LES 4.6 - 0.013-0.036 - 
U Top radial 0.19 6 6.5 17.5 4.6 - 0.013-0.036 - 
V Top radial 0.40 12 11.0 24.5 5.0 4.5 0.026-0.061 - 
W Top tang. 0.19 1 6.5 75: 4.6 - 0.013-0.036 - 
xX Top tang. 0.19 1 6.5 327 0.013-0.036 
Top tang. 0.19 1 6.5 17.5 6.5 0.013-0.036 
Z Top tang. 0.31 1-6 6.5 17.5 4.6 - 0.025 - 


and the top radial inlet. A total of seventy-two local 
coefficients were therefore measured with these two 
inlets. Thus, by the use of more data points, the 
spread between the experimentally determined over- 
all heat-transfer coefficient and the true value could 
be reduced to +45 pct on the basis of Tchebysheff’s 
inequality. 

From these data it was empirically found by as- 
signing a half weight to the average heat-transfer 
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Fig. 4—Effect of inlet location upon over-all average heat- 
transfer coefficients in the 15.5-in. bulb model (uniformly 
weighted averages). 
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coefficient for the filament directly in the path of the 
expanding inlet jet, and hence the filament with the 
highest heat-transfer coefficient, that the forty-eight 
data point averages were essentially the same as the 
seventy-two data point averages. The more accu- 
rately weighted averages are shown in Fig. 5, and 
the improvement in accuracy can be seen in Figs. 

6 and 7. Since the data in Fig. 5 are within the 

+45 pct confidence range, for all practical purposes 
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Fig. 5—Effect of inlet location upon over-all average heat- 
transfer coefficients in the 15.5-in. bulb model (adjusted 
averages). 
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Fig. 6—Angular distribution of heat-transfer coefficients in 
outer ring in the 15.5-in. bulb model for the top radial inlet 
at an air-flow rate of 0.0392 lb per sec. 


the over-all average heat-transfer coefficients 
were independent of the inlet position. 

Standard deviations of the local heat-transfer co- 
efficients from their average value are shown in 
Fig. 8 for six sets of data (Table I) as functions of 
the weight flow rate of air. Lower values of the 
standard deviation are desirable since they indicate 
more uniform transfer coefficients at the various 
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Fig. 8—Variation of standard deviation of local heat-transfer 
coefficients with air-flow rate in the 15.5-in. bulb model for 
various inlet positions. 
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Fig. 7—Angular distribution of heat-transfer coefficients in 
outer ring in the 15.5-in. bulb model for the upward circum- 
ferential inlet at an air-flow rate of 0.0300 lb per sec. 


rod locations within the bulb. The bottom radial in- 
let was superior in this regard to the other inlets 
either with or without the internal baffle. 

The actual distribution of the local coefficients 
for the bottom axial inlet at a flow rate of 0.0300 lb 
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Fig. 9—Distribution of local heat-transfer coefficients for 


the bottom axial inlet in the 15.5-in. bulb model at an air- 
flow rate of 0.0300 lb per sec. 
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Table Il. Effect of Number of Filaments on the Over-All Average 
Heat-Transfer Coefficient in Two Bulb Models 


Inlet Diameter: 0.26-in. I.D. Air Rate: 0.0392 lb/Sec 


Over-All Coverage 


Bulb Number Heat-Transfer Coefficient, 
Data Diameter, of Btu/ (hr)(ft. (°F ) 
Set in. Filaments Expt Calc (a) Calc (6) 
A(c) 1525 48 16.4 = 
K 15.5 UP. 16.5 8.9 15.5 
O(c) 11.0 12 20.6 - = 
N 11.0 36 16.4 15.0 18.6 


(J h, = (1—0.011 Np. 


St 
n= Sp +S} 


(¢) Data used for calculating h,. 


] % 26 


per sec is shown in Fig. 9. The coefficients follow 

a so-called “gamma” distribution. The maj ority of 
the points are near the over-all average value, but 

a few high values are present which make the distri- 
bution somewhat unfavorable from a uniformity 
standpoint. This type of gamma distribution is char- 
acteristic of the local coefficients obtained with any 
of the inlet positions, but the actual breadth of the 
curve is not necessarily the same for the different 
inlets. 

Effect of the Number of Filaments. The previous 
studies with the 6.5-in. model showed that the effect 
of the number of filaments (N,) on the heat-transfer 
coefficient (z,,) could be related to the heat-transfer 
coefficient extrapolated to zero number of filaments 
(t,) by an equation of the type: 


hy = hy (1 0.011N;) [1] 


The effect of the number of filaments in the bulb 
thus is small. These experimental results with the 
earlier model were not in agreement, however, with 
the results found with the larger diameter bulbs 
which are shown in Table II. The effect of the in- 
creased number of filaments upon the coefficient 
was found to be a function of the size of the bulb and/ 
or the number of filaments already present. Thus, 
as the surface areas of the bulb (Sg) and the filaments 
(S;) were increased, the effect of the increased num- 
ber of filaments was less significant. This condition 
can be expressed mathematically by the relationship: 


Ss 


By suitable plots of the data, the exponent m was 
found to be approximately 0.26 for the 6.5-in. bulb. 
The coefficients which were calculated using this 
power-function correction for larger diameter bulbs 
and also the linear relationship previously presented 
are compared in Table II. The power-function cor- 
rection is obviously an improvement over the linear 
correction in representing the effect of the number 
of filaments on the over-all average heat-transfer 
coefficient. 
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Fig. 10—Effect of outlet area ratio upon the over-all aver- 
age heat-transfer coefficients in the 6.5-in. bulb model. 


Effect of Outlet Area Ratio. The results obtained 
with a tangential inlet in the 6.5-in. bulb and with 
three different ratios of outlet-area-to-bulb-cross- 
sectional area are shown in Fig. 10. An outlet area 
ratio of 1.00 (Data Set Y) gave over-all average 
heat-transfer coefficients that were very poor com- 
pared with those obtained with outlet area ratios 
from 0.50 to 0.33 (Data Sets W and X). However, 
there were no significant differences between re- 
sults obtained with outlet area ratios of 0:50 and 
0.33. The data in Fig. 11 for the 11.0-in. bulb with 
the top radial inlet showed little difference in aver- 
age heat-transfer coefficients for outlet area ratios 
of 0.21 and 0.91. The larger outlet gave slightly 
higher apparent coefficients except at very high flow 
rates. 

In the 15.5-in. bulb, with the top axial inlet, an ad- 
ditional 9.0-in. circular baffle above the outlet gave 
results significantly superior to those obtained with- 
out the additional baffle, although the outlet area 
ratio remained constant. This improvement was a 
result of the fact that the jet feed was directed toward 
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Fig. 11—Effect of outlet area ratio upon the over-all aver- 
age heat-transfer coefficient in the 11.0-in. bulb model. 
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Fig. 12—Relationship between over-all average heat-trans- 
fer coefficients and air-flow rates for various bulb sizes. 


the bulb outlet, and the additional baffle prevented 
short-circuiting of the high-velocity feed gases out 
of the bulb before dissipation of their momentum had 
been completed. When a bottom radial inlet was em- 
ployed in the 15.5-in. diam bulb and the outlet area 
ratio was kept constant by simultaneously varying the 
baffle diameter and its clearance, no appreciable 
effect was found on the heat-transfer rate. 

Effect of Weight Flow Rate. The variation of the 
over-all average heat-transfer coefficient with weight 
flow rate is shown in Fig. 12 for all four bulb sizes 
which were studied. All data were obtained with a 
top radial inlet. From these data it can be seen that 
the slope of the logarithmic plots of heat-transfer 
coefficients vs flow rates decreases as the bulb diam- 
eter increases. The slopes of these curves are plot- 
ted in Fig. 13 as a function of bulb diameter. Thus, 
the effect of weight flow rate upon the over-all 
average heat-transfer coefficient can be expressed 
in the form: 


aw” [3] 
where, as a first approximation: 
n = 0.82 0.026D% [4] 


Effect of Inlet Diameters. Heat-transfer coeffi- 
cients determined with 0.19-in. (Data Sets T and U) 
and 0.31-in. (Data Set R) inlets in the 6.5-in. bulb 
and with 0.26-in. (Data Set P) and 0.40-in. (Data 
Set V) inlets in the 11.0-in. bulb are shown in Fig. 
14. It is evident from the figure that higher coeffi- 
cients are obtained when inlets of smaller diameter 
are used in a given bulb, a result of the increased 
momentum of the jet feed. By cross-plotting these 
data, the exponential dependence of heat-transfer 
rates upon inlet diameter was found to be —0.87 for 
the 6.5-in. bulb and —0.63 for the 11.0-in. bulb. Af- 
ter relating this exponent to the previously found ex- 
ponential dependence upon weight flow rate (x), the 
effect of inlet diameter can be expressed in an equa- 
tion of the form: 
h aD, + 0.20) [5] 

Effect of Filament Diameter. Although no data 
were taken with rods having diameters other than 
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Fig. 13—Relationship between the flow-rate exponent and 
bulb diameter. 
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T. 6.5-in. bulb, 0.19- in. inlet 
U, 6.5-in. bulb, 0.19 -in. inlet 
Vv. 1LO-in. bulb, 0.40-in. inlet 
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Fig. 14—Effect of inlet diameter upon the over-all average 
heat-transfer coefficients in various bulb sizes. 
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1/4 in. in these tests, the effect of filament diameter 
upon rates of mass transfer of p-dichlorobenzene 
from rods of this material to air was determined in 
work with the model of the smaller bulb.? The mass- 
transfer coefficients were found to be proportional to 
the -0.4 power of filament diameter. Since the diffu- 
sion of heat and mass are analogous, the effect of the 
filament diameter upon the over-all average heat- 
transfer coefficient would be expected to be of the 
form: 


have. aD; [6] 


Effect of Bulb Dimensions. The effect of bulb size 
upon the over-all average heat-transfer coefficient 
can be determined most accurately by dimensional 
analysis of all the major variables. The more impor - 
tant variables affecting the over-all average heat- 
transfer coefficient, hayg,) are probably: 1) thermal 
conductivity of the gas, k; 2) gas viscosity, p; 

3) weight flow rate, W; 4) inlet diameter, D,; 5) bulb 
diameter, Dg; 6) filament diameter, D,; 7) bulb 
height, Lz; 8) gas specific heat, Cy; and 9) the num- 
ber of filaments which can most conveniently be 
treated on the basis of the ratio of empty bulb sur- 
face area, S,, to total bulb and filament surface 
area, Sg + Ss. Outlet area ratio has been shown to 
be a parameter not suitable to analytical treatment, 
but the transfer rates are independent of this ratio 
once the correct outlet geometry has been selected. 

If the interdependence of these variables is as- 
sumed to be of the form: 


S 
Nave. ut W" DE DR DELE [7] 


then dimensional analysis permits a grouping of 
these variables in the following manner: 


a Cc B 
= Dy Dg D§ LE S3 S; [8] 


where: 


[9] 


But, 2, a, and S,/(Sg, + Ss) are known to be functions 
of D, and/or Lz, and therefore solving for } and 
hence d is a rather tedious and possibly inaccurate 
operation using graphical techniques. It is therefore 
convenient to write: 


b+d=-(a+c+n —1) 


[10] 


Table Ill. Standard Deviation Between Experimental and 
Calculated Values of Log [hoyg. 


n=n,+n'Ds n=n,+n'Dp/Lp 


+ 0.0548 
D; =D; + 0.0546 


+ 0.0659 
+ 0.0658 
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where: 
n =n, or 


and D; is a characteristic system dimension. It is 
known from the previous mass-transfer data that:5 


c = -0.40 [12] 


Using the conventional exponent on the Prandtl num- 
ber, and defining: 


0.33 


[13] 


Then 
Sz 
(5 Sr [14] 


The constants in Eq. [14] can now be more accu- 
rately evaluated by regression techniques and the 
use of all the original data. However, those data 
which were obtained with the unbaffled top axial in- 
let were omitted because this system was found to 
be seriously affected by the bulb geometry. An IBM 
650 digital computer was used for these calcula- 
tions. The following table shows the standard devia- 
tion of the experimental and calculated values for 
various assumptions as to the form of Eq. [14]. 

It can be seen from the data in Table III that there 
is a much better correlation of the results using a 
Reynolds number exponent variation with bulb diame- 
ter than with the ratio of bulb diameter to length. 
There is little difference on the basis of a statisti- 
cal argument in the choice of the characteristic dia- 
meter to be used in the Reynolds number. However, 
the turbulence levels and hence transfer levels which 
are set up in the bulb are primarily dependent upon 
the energy content of the incoming jet of process 
gas. The experimental transfer coefficients are con- 
siderably higher than those normally associated with 
a Reynolds number calculated on the basis of bulb 
diameter, and it is therefore consistent to use an in- 
let Reynolds number to describe the relatively high 
levels of turbulence in the system. 

The best correlation of the experimental data was 
therefore found to be: 


m 0.33/4 0.68~0.14D, Dr 
= 0.0620 ( ) 
TLD, Dz 


(3 Se +12.7% * 


* antilog (log h + 0.0546) - antilog (log h - 0.0546) 
2 antilog (log h) 


h avge D; 
k 


[15] 


x 100. 


This expression shows the complex relationships 
which exist among the process variables. It is ap- 
parent, for example, that for a small bulb diameter 
(D,), the inlet Reynolds number (4 W/muD;) will have 
a strong influence upon the transfer coefficients; how- 
ever, at large bulb diameters, the effect of inlet Rey - 
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nolds number will be small since its exponent will 
approach zero. 


PREDICTION OF MASS-TRANSFER COEFFICIENTS 


The previous discussion shows that it is possible 
to correlate forced convection data for heat-transfer 
rates from filament bundles to air at approximately 
ambient conditions. Mass-transfer rates for vapor- 
deposition processes in similar equipment can be es- 
timated by application of the analogy between heat 
and mass transfer through the use of the j-factors 
of Chilton and Colburn:?? 


ju = ID [16] 
Or: 

Rave. kM 

(Np,)?/3 = (Ng 
Thus: 


hay, 


Or upon substitution for h,,,, from Eq. [15], the fol- 
lowing expression can be derived: 


0:0620k 
& 


(Fey Bs) Sa [18] 
Dz D; Ls Sp + 

A correction to this forced convection mass- 
transfer correlation must sometimes be made for 
use in predicting plant deposition rates. Because 
the effect of inlet Reynolds number rapidly decreases 
as the bulb diameter increases, a natural convection 
term or, in the case of vacuum processing, a pure 
diffusion term must be added to the experimentally 
determined forced convection correlation. The proc- 
ess for which this correlation was developed was 
operated at sufficiently low pressures that natural 
convection effects were negligible. However, it was 
found essential to add the diffusion term derived by 
King?’ for heat transfer from cylindrical rods to the 
forced convection correlation, after substituting the 
mass diffusion coefficient for the thermal conduction 
coefficient, in order to satisfactorily predict plant 
deposition rates, 7.e.: 


= DvP , 0.0620k 
& D;C,pM 


D; Sp t+ S¢ 
The bulb diameter at which maximum transfer 
coefficients are obtained can be determined by dif- 
ferentiating the equation for the mass-transfer co- 
efficient with respect to bulb diameter and setting 
the differential equal to zero. Solution of this ex- 
pression showed that this optimum bulb diameter is 
related only to the inlet Reynolds number by the ex- 
pression: 


Dz = 11.7/InNpe 
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72/3 (Np B 


[19] 


[ 20] 


Maximum transfer coefficients are obtained at bulb 
diameters of 1.27, 1.02, and 0.85 ft for inlet Rey- 
nolds numbers of 107, 10°, and 10°, respectively. 

The effects of the operating variables and the 
properties of the process materials upon deposition 
rates can be ascertained by consideration of the 
expression for kg. Dimensions of the equipment 
enter into the expression in a straightforward man- 
ner with exception of bulb diameter. Properties of 
process materials enter in a less straightforward 
but not unduly complex manner. 


CONCLUSIONS 


On the basis of the data and information given 
above, it is believed that the following conclusions 
are justified: 

1) Over-all average transfer coefficients in large 
diameter deposition bulbs are not dependent upon the 
position of the gas inlet as long as the inlet jet 
stream impinges on a surface of the bulb and does 
not have an unimpeded path toward the bulb outlet. 

2) The uniformity of local transfer coefficients 
throughout the bulb is strongly dependent upon inlet 
position. 

3) The effect of number of filaments in the range 
of conditions normally employed in metal deposition 
bulbs is small. 

4) The outlet area ratio has little effect on the 
over-all average transfer coefficient as long as the 
jet feed does not have an unimpeded path toward the 
bulb outlet. 

5) The effect of weight flow rate on the over-all 
average transfer coefficient varies from a 0.68 
power relationship in small diameter bulbs to the 
zero power relationship in bulbs about 5 ft in diam. 

6) The effect of inlet diameter on the over-all 
average transfer coefficient varies from the minus 
1.48 power in small diameter bulbs to the minus 
0.80 power in bulbs larger than about 5 ft in diameter. 

7) The effect of bulb diameter on the over-all aver- 
age transfer coefficient is twofold: An increase in 
bulb diameter linearly decreases the exponential de- 
pendence on the inlet Reynolds number but at the 
same time raises the level of the transfer coefficient 
according to the 1.58 power of bulb diameter. 

8) The natural logarithm of the inlet Reynolds num- 
ber at which maximum transfer coefficients occur is 
inversely proportional to the bulb diameter. For a 
diameter of 1 ft, this optimum Reynolds number is 105. 

9) The over-all average transfer coefficient de- 
creases with about the 1.38 power of bulb height 
in small diameter bulbs. 

10) The over-all average transfer coefficient 
decreases with the 0.4 power of filament diameter 
in small diameter bulbs. 
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NOMENCLATURE 


a - Exponential dependence of over-all aver- 
age heat-transfer coefficient upon inlet 


diameter. 


b - Exponential dependence of over-all aver- 
age heat-transfer coefficient upon bulb 
diameter. 

C - Exponential dependence of over-all aver- 
age heat-transfer coefficient upon filament 
diameter. 

Cy Specific heat of the gas, Btu per (Jb)(° F). 

d - Exponential dependence of over-all aver- 
age heat-transfer coefficient upon bulb 
height. 

Dz, + - Bulb diameter, ft. 

Ds: - Filament diameter, ft. 

D; - Inlet diameter, ft. 

Dj - Characteristic diameter of the system, ft. 

Dy ~- Diffusivity of gas, ft? per hr. 

e - Exponential dependence of over-all average 
heat-transfer coefficient upon gas heat ca- 
pacity. 

i - Exponential dependence of over-all average 
heat-transfer coefficient upon gas viscosity. 

f(h;) - Relative density of the local heat-transfer 
coefficients of a given magnitude. 

g - Exponential dependence of over-all average 
heat-transfer coefficient upon gas thermal 
conductivity. 

G - Mass flow rate, lb/hr -ft?, 

Over-all average heat-transfer coefficient, 
Btu/(hr) (ft?)(° F). 

hs - Average heat-transfer coefficient for a 
given filament, Btu/(hr)(ft?)(° F). 

h; - Local heat-transfer coefficient, Btu/(hr) 
(ft?)(°F). 

hy - Over-all average heat-transfer coefficient 
extrapolated to zero number of filaments 
in the bulb, Btu/(hr)(ft?)(° F). 

jp - Mass-transfer factor, 

jt Heat-transfer factor, hayg. /CyG(Np,)?/’. 

k - Thermal conductivity of the gas, Btu/(hr) 
(ft?) (° F/ft). 

kg Mass-transfer coefficient, lb-mol/ft?-hr. 

Lz - Bulb height, ft. 

- Filament half-length, ft. 

m - Exponential dependence of over-all aver- 
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age heat-transfer coefficient upon ratio of 
surface area of bulb to total area of bulb 
and filaments. 

Molecular weight of gas, Ib/lb-mol. 
Exponential dependence of over-all average 
heat-transfer coefficient upon weight flow 
rate. 

Number of filaments in the bulb. 

Nusselt number of system, 
Prandtl number of the gas, Cyy/k. 
Reynolds number of the system, 4W/mDj,.. 
Schmidt number of the gas, u/Dyp. 

- Total pressure, atm. 

- Gas constant, (atm)(ft?)/(lb-mol)(°R). 

- Surface area of the bulb, ft?, 7D, (D,/2 + Lz). 
Surface area of filaments, ft?, 27D, N;L;. 

- Gas temperature, °R. 

- Weight flow rate, lb/hr or lb/sec. 

- Indicates proportionality between variables. 
- Proportionality factor between over-all 
average heat-transfer coefficient and sys- 
tem variables. 

Proportionality factor between over-all 
average heat-transfer coefficient and sys- 
tem variables, p’ = (4/7)”B. 

A constant for the system studied, k/D; 
Btu/hr ft?—° PF. 

- Difference in values of a variable. 

- Gas viscosity, lb/ft-hr. 

- Constant, 3.14. 

- Gas density, lb/ft?. 

An arbitrary function. 

- Natural logarithm. 

Logarithm to the base 10. 
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Determination of Interstitial Solid -Solubility Limit 
in Tantalum and Identification of the Precipitate Phases 


Dale A. Vaughan, Oliver M. Stewart, and Charles M. Schwartz 


Solid-solubility limits at 1500°, 1000°, and 500°C 
for carbon, nitrogen, and oxygen in high-purity tanta- 
lum were determined by X-ray lattice-pavameter 
methods. For carbon, the solubility was found to be 
0.17 at. pct at 1500°C, and less than 0.07 at. pct at 
1000°C. A nitrogen solubility of 3.70 at. pct at 1500° 
C decreases linearly with temperature to 2.75 at. 
pct at 1000°C, and 1.8 at. pct at 500°C. In the case of 
oxygen, the solubility was found to be 3.65 at. pct at 
1900°C, 2.95 at. pet.at. 1000°C,, and 2.5 at. pct.at 
500°C. The phases Ta2C, the low-temperature mod- 
ification of Taz0;, and Ta,.N of unknown composition 
but which has a superlattice structure based upon 
the original bcc tantalum lattice have been identified 
as the initial precipitates in the vespective systems. 
Metallographic methods were employed to verify the 
X-vay analyses. The etching behavior of Ta is dis- 
cussed in terms of lattice imperfections and precip- 
itate phases. 


Tue excellent fabricability, high melting point, and 
nuclear properties of tantalum are responsible for 
interest in this refractory metal. Data on the solid 
solubility of the interstitial elements (oxygen, nitro- 
gen, and carbon) in tantalum and on the precipitate 
phases are somewhat limited. The significant contri- 
butions are discussed below. Because the purity of 
electron-beam melted tantalum (only recently avail- 
able) is considerably higher than that used in previ- 
ous studies, the present investigation was initiated. 
Gebhardt et al.’-° have investigated the tantalum- 
oxygen and tantalum-nitrogen systems with particu- 
lar reference to the changes in physical properties 
and to the rates of reaction between these gases and 
the metal. The solubility of oxygen in tantalum was 
reported? to be 3.7 at. pct at 1500°C, 2.3 at. pct at 
1000°C, and 1.4 at. pct at 750°C. Schonberg* reported 
that several oxide phases (Ta,O, Ta,O, TaO,, and 
Ta,O,) exist while X-ray studies by Gebhardt’ showed 
only two oxides, Ta,O, and an unidentified phase which 
was associated with a platelet-type precipitate. La- 
gergren and Magneli,® however, questioned the exis- 
tence of compounds other than the two allotropic mo- 
difications of Ta,O, for the tantalum-oxygen system. 
In the case of nitrogen, the solubility was estab- 
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lished by Gebhardt? to be of the order of 7 at. pct at 
1800°C. The solubility was reported to decrease 
rapidly with temperature, and, although no limits 
were established, a precipitate phase was observed 
by Gebhardt except when the high-nitrogen speci- 
mens were cooled very rapidly from the reaction 
temperature of 1800°C. He reported the initial preci- 
pitate phase to be a tetragonal distortion of the bcc 
tantalum lattice while Schonberg® reported the phase 
lowest in nitrogen to be a cubic super-lattice with a 
cell size of 10.11 A. Two other nitride phases, Ta,N 
and TaN, were reported; these appear to be isomor - 
phous with the carbides of tantalum. 

The tantalum-carbon system was investigated by 
Ellinger’ and by Lesser and Braurer.® Two com- 
pounds, Ta,C and TaC, were reported to exist, each 
with a range of composition. The solubility of car- 
bon in tantalum was found to be practically nil at all 
temperatures. Thus, of the interstitial elements 
which are present in small amounts in high-purity 
tantalum, carbon might be expected to form precipi- 
tates. 

The present investigation was initiated to obtain 
additional data on the solid-solubility limits of these 
interstitials at 1500°, 1000°, and 500°C with particular 
emphasis on the distribution and the identification 
of the precipitate phases. 


EXPERIMENTAL WORK AND RESULTS 


In the present investigations of the solid solubility 
and of the precipitate phases in the systems tantalum- 
nitrogen, -oxygen, and -carbon, high-purity tantalum 
was reacted with high-purity gases, homogenized at 
1800°C, and annealed at and quenched from 1500°, 1000°, 


Table |. Analysis of Tantalum Stock Used for Preparation of Oxygen, 
Nitrogen, and Carbon Alloys 


Element (@) Content, ppm 
Magnesium Trace, <0.5 
Tron 1.0 
Nickel Trace, <0.1 
Copper Trace, <0.5 
Calcium 1.0 
Chromium Trace, <1.0 
Zirconium <10 
Tungsten Not detected, <100 
Oxygen 12 
Nitrogen 10 
Carbon 50 


(a)No other metallic elements were detected. 
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Table Il. Lattice-Parameter and Hardness Changes in Tantalum with Increasing Oxygen Content 


Oxygen Content Haminess Lattice Parameter, AG after Indicated Anneal 
Specimen Wt Pct At. Pct khn 3 hr, 1500° C 24 hr, 1000° C 100 hr, 500° C 

22A 0.010 0.11 122 3.3033 3.3035 - 
2A 0.010 0.11 201 3.3036 
4A 0.044 0.50 206 3.3052 3.3050 3.3051 

3A 0.086 1.02 216 3.3070 - = 
11A 0.106 1,18 366 3.3080 3.3080 — 
15A 0.134 1.49 356 3.3082 3.3086 3.3086 
38A 0.208 3.3139 = = 
34A 0.288 3.16 534 3.3182 3.3165 3.3140 
39A 0.398 4.32 - 3.3200 - = 
35A 0.483 5.27 1029 3.3198 3.3166 3.3145 


and 500°C. Thirty-mil tantalum sheet was formed 
into 5/8-in.-OD cylindrical specimens, 1 1/2 in. long. 
An analysis of the as-rolled stock is given in Table I. 
The specimens were etched in a solution containing 
30 ml of lactic, 10 ml of nitric, and 10 ml of hydro- 
fluoric acids, then suspended, by tantalum wire, ina 
quartz reaction tube of a modified Seiverts apparatus 
for gas additions. Calculated amounts of oxygen, pro- 
duced by the thermal decomposition of potassium per- 
manganate, of nitrogen from Matheson prepurified 
nitrogen (99.96 pct pure), or of methane gas were 
added to the evacuated reaction tube and the tantalum 
heated inductively until the gases were absorbed. In 
the case of oxygen and nitrogen additions, the reac- 
tion was shown by a drop in pressure as indicated by 


a vacuum gage. Less control was obtainable, however, 
for the carbon additions. Subsequent homogenizing 
and annealing treatments were made under high-puri- 
ty argon to facilitate quenching after the annealing 
treatment. The argon aided in preparing the higher - 
gas-content specimens by reducing the amount of 
vaporization or decomposition during the final heat 
treatment. The homogenizing treatment was 3 hr at 
1800°C while the annealing times were 3 hr at 1500°C, 
24 hr at 1000°C, and 100 hr at 500°C. 

The amounts of the interstitial elements absorbed 
and retained by the tantalum were determined by 
chemical assay on all samples after the 1500°C an- 
neal. Oxygen analyses were obtained by vacuum fu- 
sion, the nitrogen contents were obtained by micro- 


Table Ill. Lattice-Parameter and Hardness Changes in Tantalum with Increasing Nitrogen Content 
Nitrogen Content Hardness Lattice Parameter, after Indicated Anneal 
Specimen Wt Pct At. Pct khn 4 hr, 1500° C 24 hr, 1000° C 100 hr, 500° C 

22A 0.001 0.01 122 3.3033 3.3035 = 
30A 0.021 0.27 226 3.3046 3.3052 i 
23A 0.049 0.63 313 3.3053 3.3055 3.3070 

7B 0.085 1.09 345 3.3073 - _ 
21B 0.115 1.46 451 3.3100 3.3083 - 
31A 0.159 2.01 497 3.3122 3.3129 - 
32A 0.224 2.82 697 3.3160 SRSIGS! = 
20B 0.274 3.42 814 3.3183 — 3.3114 
37A 0.290 3.62 - 3.3198 - 3.3104 
33A 0.319 3.97 841 3.3191 3.3153 - 
36A 0.342 4.24 953 3.3199 = m 
40A 0.490 5.98 = 

Table IV. Lattice-Parameter and Hardness Changes in Tantalum with Increasing Carbon Content 
Carbon Content Havthaee Lattice Parameter, After Indicated Anneal 
Specimen Wt Pct At. Pct khn 4 hr, 1500° C 24 hr, 1000° C 

22A 0.005 0.07 122 3.3033 3.3035 
8A 0.009 0.14 160 3.3049 3.3049 
19A 0.014 0.21 218 3.3035 = 
13A 0.049 0:73 196 3.3035 3.3049 
18A = 3.63 148-480 @ - = 
18B 3.63 1180-2900 ©) = 


(Core of tantalum plus TaC. 
©) Case of Ta,C. 
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Fig. 1—Lattice-parameter changes in tantalum with increas- 
ing oxygen content. 


Kjeldahl, and the carbon analyzed by micro-carbon 
methods. The results of these analyses are given in 
Tables II, II, and IV, respectively. Specimens of the 
tantalum stock were heat treated as described above 
without an intentional addition and reanalyzed for oxy- 
gen, nitrogen, and carbon. No significant changes 
were found in the nitrogen or carbon contents, how- 
ever, the oxygen content increased from 12 to 100 
ppm during the heat treatments. 


X-RAY DIFFRACTION STUDIES 


Because of the high-temperature heat treatments 
required in the present investigations, very large 
grains were produced in all the alloys studied. There- 
fore, special X-ray diffraction techniques were em- 
ployed. Sliver specimens were cut from each sample 
adjacent to the areas used for the chemical assay and 
the metallographic examination. These sliver speci- 
mens were ground to a fine needle point and the © 
worked surface removed by electropolishing. Diffrac- 
tion patterns were obtained with a 114.6-mm camera 
with unfiltered copper radiation. Under these condi- 
tions nine diffraction lines were obtained at Bragg 
angles (@) of over 65 deg. The (330) reflection oc- 
curred at approximately 83 deg and provided the max- 
imum sensitivity to lattice-parameter changes. Be- 
cause of the large grain size in these specimens, the 
diffraction patterns were spotty and often had to be 
retaken in order to obtain diffraction spots close or 
on the equatorial level of the Debye diffraction cone. 
The lattice parameter for each specimen was estab- 
lished by a linear extrapolation of the observations 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


o 


30 

g 20 

a 
10 

3.3100 


Legend 


xX 1500 C anneal 
O !000 C anneal 
O 500 C anneal 


50 af 
aot 


30 


Nitrogen Content, a/o 
Fig. 2—Lattice-parameter changes in tantalum with increas- 


ing nitrogen content. 


vs cos? 6 to a @ angle of 90 deg. Results of lattice- 
parameter determinations for the various alloys and 
annealing treatments are given in Tables II, III, and A 
IV. The precision of these determinations is+0.0005A 
or better based upon the spread of the observations. 
Based upon these lattice-parameter determinations 
the solid-solubility limits of oxygen, nitrogen, and 
carbon in tantalum at 1500°, 1000°, and 500°C were es- 
tablished by graphical methods as shown in Figs. 1, 
2, and 3, respectively. The solid solubility of oxygen 
in tantalum, as shown in Fig. 1, was established at 
3.65 at. pct at 1500°C, 2.95 at. pct at 1000°C, and 2.5 
at. pct at 500°C. Solid solubilities in the tantalum- 
nitrogen system, Fig. 2, were found to be 3.70, 2.75, 
and 1.8 at. pct at 1500°, 1900°, and 500°C, respectively. 
The solubility of carbon in tantalum was found to be 
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Fig. 3—Lattice-parameter changes in tantalum with increas- 
ing carbon content. 
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(0) 
Fig. 4—Photomicrographs of high-purity tantalum. (a) Spec- 
imen 2A, rolled and annealed 3 hr at 1500°C. (6) Specimen 
22A, rolled and homogenized 3 hr at 1800°C and annealed 
3 hr at 1500°C. X250. Reduced approximately 26 pct for 
reproduction. 


very low, of the order of 0.1 at. pct at 1500°C with no 
significant change in lattice parameter after annealing 
at 1000°C. No studies of the tantalum-carbon system 
were carried out on specimens annealed at 500°C. 


METALLOGRAPHIC INVESTIGATIONS 


Metallographic studies were made on all specimens 
described in Tables II, III, and IV; the portion ex- 
amined being adjacent to that used for the X-ray dif- 
fraction analysis. Specimens were mounted in Bake- 
lite, abraded on 240-, 400-, and 600-grit abrasive 
papers, then metallographically polished on wax laps 
using Linde A polishing agent dispersed in a chromic 
acid-water solution. A chemical polish in a solution 
containing 30 ml lactic, 10 ml of nitric acid plus 10 
ml of hydrofluoric acid was employed to remove the 
worked surface. After the chemical polish, the spe- 
cimens were electroetched in 90 ml sulfuric acid 
plus 10 ml hydrofluoric acid at 0.02 am per sq cm to 


reveal the grain boundaries and the precipitate phases. 


Included in the metallographic investigation were 
measurements of Knoop hardness on the 1500°C an- 
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(6) 
Fig. 5—Electron micrograph of high-purity tantalum. 
(a) Negative replica of specimen 2A, rolled and annealed at 
1500° C. X10,000. Reduced approximately 44 pct for repro- 
duction. (b) Negative replica of specimen 22A, rolled, heat 
treated at 1800°C, and annealed at 1500°C. X18,000. Re- 
duced approximately 44 pct for reproduction. 


nealed specimens, see Tables II, III, and IV. The 
hardness is seen to increase linearly with intersti- 
tial content for the tantalum-oxygen and the tantalum- 
nitrogen specimens. There is, however, a significant 
difference in rate of increase, 125 khn per at. pet O 
and 200 khn per at. pct N. 

In the case of carbon additions, the solubility was 
found to be very low and hence the hardness of the 
matrix metal was affected to a lesser degree than 
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(a) 


1000°C. Specimen 135, 0.73 at. pct. X250. Enlarged ap- 
proximately 10 pct for reproduction. 


for Ta-O or Ta-N alloys. Although the carbide phase 
is very hard (2900 khn), a small addition of carbon, 
which produces a carbide phase (Ta,C) dispersed 
throughout the matrix, does not change the hardness 
of tantalum appreciably. 


HIGH-PURITY TANTALUM 


The microstructures of high-purity tantalum spe- 
cimens with no intentional addition but heat treated 
1) at 1500°C and 2) at 1800°C followed by a 1500°C an- 
neal are of considerable interest because of the dif- 
ferent etching behavior. This also provides a base 
structure for comparison with that obtained from the 
various interstitial alloys. Photomicrographs of the 
high-purity tantalum are shown in Fig. 4. An intra- 
and intergranular etch attack is visible in Specimen 
2(A) rolled and annealed at 1500°C, Fig. 4(a), which 
does not show in Specimen 224A after an 1800°C heat 
treatment followed by a 1500°C anneal, Fig. 4(d). Al- 
though this etch attack has the appearance of a preci- 
pitate phase, the impurity content of the two speci- 
mens was not significantly different. The carbon and 
nitrogen contents were not changed by these heat 
treatments. Although the oxygen content was in- 
creased in both specimens from 12 to approximately 
100 ppm, this is far below the solid-solubility limit 
and would not be expected to cause the difference in 
etching behavior. 

Electron metallographic studies were made on 
these specimens. Fig. 5(a) is an electron micro- 
graph of Specimen 2A which was annealed at 1500°C 
for 3 hr. Fig. 5(b) shows the structure at X18,000 for 
the specimen heated to 1800°C then annealed at 1500°C. 
It is seen in Fig. 5(a) that etch pits occurred which 
revealed a subgrain structure. This is believed to be 
the result of an accumulation of dislocations and not 
evidence of a precipitate phase. In Fig. 5(b), the elec- 
tron micrograph of tantalum annealed at 1800°C and 
then 1500°C, there is a phase which is not attacked 
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annealed at 1500°C. Negative replica of specimen 13A is 
shown here. X18,000. Reduced approximately 45 pct for re- 
production. 


as rapidly as the matrix. This is believed to be a 
carbide phase which is discussed further in the next 
section. However, the subgrain structure as seen in 
Fig. 5(a) is not evident here. This would suggest that 
the dislocations produced during rolling are not an- 
nealed out in 3 hr at 1500°C but are removed by a 
3-hr 1800°C heat treatment followed by an anneal at 
1500°C. 


TANTALUM-CARBON SYSTEM 


The solubility of carbon in tantalum was found to 
be less than could be determined accurately by lattice- 
parameter methods. There appeared to be a slight 
increase in lattice parameter over that of pure tan- 
talum, but no significant change in lattice parameter 
with annealing temperature was detected. Metallo- 
graphic examinations revealed no precipitate phase 
in Specimen 8A (0.14 at. pct C) when annealed at 
1500°C, a trace of a precipitate phase in Specimen 
19A (0.21 at. pct C) and a large amount of precipitate 
in 13A (0.73 at. pct C). All three of these specimens 
contained a precipitate phase when annealed at 1000°C. 
A photomicrograph of the tantalum-carbon precipi- 
tate phase specimens is shown in Fig. 6. Based upon 
the present metallographic and X-ray studies, it was 
concluded that the solid solubility of carbon in tanta- 
lum is 0.17 at. pct at 1500°C and is of the order of 
0.07 at. pct at 1000°C. Since 0.07 at. pct C (content 
of the as-received tantalum) was the lowest carbon 
content available, no 500°C anneals were carried out 
on specimens of the tantalum-carbon system. 

The identification of the precipitate phase was in- 
complete, in that the pure phase has not been pre- 
pared, but the X-ray data have been compared with 
published structures for specific tantalum-carbon 
compounds. In the present studies of tantalum-carbon 
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Fig. 7—Elect 
: ectron micrograph of Ta-0.73 at. pct C i 
9) specimen 


Table V. X-Ray Diffraction Patterns of the Precipitate Phases in Supersaturated Tantalum-Carbon, Tantalum-Nitrogen, 


and Tantalum-Oxygen Alloys 


Tantalum-Carbon (a) 


Filtered Iron Radiation 


Tantalum-Nitrogen ®) 


Tantalum-Oxy gen 


Interplanar Miller Relative Interplanar Miller Relative Interplanar Miller Relative 
Spacing, Indices, Intensity, Spacing, Indices, Intensity, Spacing, Indices, Intensity, 
A Akl Visual A hkl Visual A hkl Visual 
2.68 100 30 237 330 100 3.87 001 100 
2.46 002 50 2. 26 420 30 3.14 110 90 
2.36 101 100 1.98 510 40 3.09 200 40 
1.82 102 30 1.68 600 50 2.44 111 + 201 90 
155) 110 30 1.42 550 40 2.13 15 
1.40 103 50 137, 721 100 2.02 211 10 
1.31 12 30 1.28 732 30 1.94 002 30 
1.29 201 30 1.24 811 20 1.83 020 25 
G78} 004 10 1.18 660 40 1.80 310 15 
1.18 202 10 ilsilg3 840 10 1.65 021 70 
10 910 10 220 10 
1.04 203 30 1.09 921 20 1.54 400 10 
1.01 210 10 1.06 930 80 1.46 221 10 
0.994 211 50 1.02 941 30 1.43 401 5 
0.983 950 30 1.42 410 5 
0.970 666 50 1835 022 30 
1.32 312 20 
222 10 
1.19 113 30 


Ta,C, hexagonal: a = S10) 4:93: 
®) Ta,N, complex cubic: a = 10.09. 
© Ta,Og, orthorhombic: a = 6.16, b = 3.66, c = 3.87. 


specimens, only one compound (Ta,C) has been ob- 
served. X-ray data for this phase are presented in 
Table V. This pattern was obtained from Specimen 


tron micrograph of Specimen 13A, shows the crys- 
tallographic attack by the etch plus the carbide par - 
ticles. The carbide has round and oblong shapes. 


13B, Fig. 6, and from the carburized surface of Spe - 
cimen 18B to which 3.6 at. pct C was added. The 
white phase in Specimen 13B, Fig. 6, is Ta,C. The 
fine structure seen in the matrix of this specimen 
and which was observed in Specimen 13A is due to 
crystallographic etch pitting. When these specimens 
were examined at higher magnification the carbide 
phase could be readily distinguished. Fig. 7, an elec- 


Fig. 8—Photomicrograph of Ta-N specimen annealed at 
1500°C. Specimen 36A, 4.24 at. pct N. X250. Enlarged ap- 
proximately 9 pct for reproduction. 
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These fine carbide particles are not attacked by the 
etch and have the same appearance as the larger par- 
ticles which gave the Ta,C pattern by X-ray diffrac- 
tion. Similar but fewer particles were seen in the 


Fig. 9—Electron micrograph of Ta-4.24 at. pet N specimen 
annealed at 1500°C. Negative replica of specimen 36A is 
shown here. X18,000. Reduced approximately 44 pct for 
reproduction. 
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2.01 at. pet N. (c) Specimen 32B, 2.82 at. pct N. 
electron micrograph of the high-purity tantalum 
which contained 0.07 at. pct C. 


TANTALUM-NITROGEN SYSTEM 


A photomicrograph of a supersaturated Ta-N spe- 
cimen annealed at 1500°C is shown in Fig. 8. An 
electron micrograph of a supersaturated specimen 
(36A) is shown in Fig. 9. Based upon metallographic 
studies of these and other Ta-N compositions which 
were annealed at 1500°C, the solid-solubility limit 
of 3.70 at. pct as obtained by X-ray diffraction meth- 
ods was confirmed. However, the precipitate was not 
readily distinguished by optical or electron micro- 
scopical methods. In Fig. 9 the small rounded par- 
ticles are believed to be Ta,C as previously des- 
cribed, while the nitride phase is believed to be re- 
sponsible for the roughened matrix grains. At higher 
nitrogen contents (6.0 and 7.6 at. pct), Specimens 40A 
and 41A of Table III, the X-ray diffraction pattern 
of the nitride phase was observed. X-ray data for 
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(d) 
Fig. 10—Photomicrographs of Ta-N specimens annealed at 1000°C. (@) Specimen 30B, 0.27 at. pct N. (0) Specimen 31B, 


(d) Specimen 33B, 3.99 at. pct. N. X250. 


the nitride phase are given in Table V. Its structure 
appears to be closely related to that of the bcc tanta- 
lum, but additional diffraction lines are observed 
which require a unit cell for the nitride phase slight- 
ly more than three times that of tantalum, confirm- 
ing Schonberg’s® results. The diffraction pattern of 
the tantalum matrix phase in the specimen highly 
supersaturated with nitrogen is very broad in the 
back-reflection lines, suggesting epitaxial growth of 
nitride on the tantalum matrix resulting in large 
amounts of strain in the tantalum lattice. 
Metallographically an etch pattern was observed 
in the 1000° and 500°C annealed specimens which would 
have indicated a nitrogen solubility of less than 0.27 
at. pct. Photomicrographs of various Ta-N speci- 
mens, annealedat 1000° and 500°C, are shown in Figs. 
10 and 11, respectively. However, no change in the 
etching characteristic occurred with increasing nitro- 
gen concentration which would coincide with the solu- 
bility limits of 2.75 and 1.8 at. pct as obtained by the 


VOLUME 221, OCTOBER 1961-943 


(a) ( 


(5) 
Fig. 11—Photomicrographs of Ta-N specimens annealed 


at 500°C. (a) Specimen 23C, 0.63 at. pct N. (b) Specimen 
20D, 3.42 at. pet N. X250 


X-ray studies. Etch pits appear to outline subgrains 
with some pits occurring within the subgrain struc- 
ture. At high-nitrogen contents, a phase appears to 
be present within the pits, Specimen 33B. This phase 
could not be observed in the low -nitrogen specimen 
when examined at X500. Thus, because of the severe 
etch pitting of the Ta-N specimens after annealing at 
1000° and 500°C, the X-ray solid-solubility analyses 
of 2.75 at. pct and 1.8 at. pct, respectively, are con- 
sidered to be more reliable than could be deduced by 
the present metallographic methods. 


TANTALUM-OXYGEN SYSTEM 


In the Ta-O system the etch attack is uniform 
throughout the solid solution range. However, a fine 
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Fig. 12—Photomicrographs of Ta-O specimens annealed at 
1500°C. (a) Specimen 39A, 4.32 at. pct O. (b) Specimen 


35A, 5.27 at. pet O. X250. Enlarged approximately 11 pct 
for reproduction. 


etch pitting is observed in the matrix grains of super- 
saturated specimens. This etch pitting which was 
most pronounced in Specimens 39A, 34B, and 34C of 
Figs. 12, 13, and 14. This may indicate a transition 
product, however, no evidence for a precipitate phase 
could be detected by X-ray diffraction. X-ray diffrac- 
tion data for the platelike precipitate, which is shown 
in Figs. 12, 13, and 14 are given in Table V, has been 
identified as the low-temperature allotropic modifi- 
cation of Ta,O,;. Another type of the precipitate in the 
Ta-O system consists of spherical particles. These 
are shown in Figs. 12(b), 13(b), and 14(b) and have 
been identified as the high-temperature allotropic 
modifications of Ta,O,. It is quite likely that the 
spherical oxide particles formed during the oxidation 
treatment but were not dissolved during the 1800°C 
homogenizing treatment. Based upon the presence of 
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Fig. 13—Photomicrographs of Ta-O specimens annealed at 
1000°C. (a) Specimen 34B, 3.16 at. pct O. (b) Specimen 
35B, 5.27 at. pct O. X250. Enlarged approximately 11 pct 
for reproduction. 


the latter oxide phase, it is likely that the solid solu- 
bility of oxygen in tantalum at 1800°C is less than 

5.3 at. pct. At temperatures of 1500°, 1000°, and 500°C 
the metallographic and X-ray analyses are consis- 
tent and indicate solid solubilities of 3.65, 2.95, and 
2.5 at. pct, respectively. 


DISCUSSION OF RESULTS 


Of the interstitial elements carbon, nitrogen, and 
oxygen, the first is least soluble in tantalum. Al- 
though a precipitate, identified as Ta,C, was detected 
by the present metallographic studies of high-purity 
tantalum, the etching behavior of the unalloyed met- 
al has been attributed in part to other structural im- 
perfections. These imperfections are modified by 
thermal treatments in which the known compositional 
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(0) 
Fig. 14—Photomicrographs of Ta-O specimens annealed at 
500°C. (a) Specimen 34C, 3.16 at. pet O. (b) Specimen 35C, 
5.27 at. pct O. X250. Enlarged approximately 11 pct for re- 
production. 


factors would not be altered. Fabrication-type dislo- 
cations which concentrate in and near grain bound- 
aries during heat treatment are believed to be respon- 
sible for this etching behavior. 

Oxygen impurity in tantalum would be the least 
likely, of the interstitials studied, to form a precipi- 
tate phase. The oxygen solubility limit, 3.65 at. pct 
at 1500°C, as established in the present studies is 
in good agreement with that reported by Gebhardt.? 
However, at lower temperatures, the present studies 
show somewhat greater oxygen solubility than he 
reported. These differences cannot be explained, but 
may indicate that solid solubility in the present low- 
temperature investigations is affected by the purity 
of the tantalum; or it is possible that equilibrium 
was not attained. Although a number of oxide phases 
containing less oxygen than Ta,O, have been reported 
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Fig. 15—Solid solubility of interstitials in tantalum based on 
present X-ray and metallographic studies of specimens 
quenched from 1500°, 1000°, and 500°C. 


to exist, the present study has shown only the two 
allotropic forms of Ta,O,. The phase which forms a 
platelike precipitate was identified as the low-tem- 
perature allotropic modification. The high-tempera- 
ture modification was observed in Specimens super - 
saturated with oxygen at the 1800°C homogenizing 
temperature. This oxide phase forms Spherical par - 
ticles within the grains of tantalum as well as in 
grain boundaries. It appears that this phase forms at 
temperatures above 1500°C while the platelike low- 
temperature modifications of Ta,O, precipitates at 
temperatures below 1500°C. The low-temperature 
form is crystallographically oriented with respect to 


the matrix lattice while high-temperature Ta,O, grows 


at specific sites. 
The etching characteristics of the tantalum-nitro- 
gen alloys are interesting in that after the lower 
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temperature (1000°and 500°C) anneals, etch pits 
formed which indicate a subgrain structure. This 
subgrain structure is probably due to lattice strains 
which develop prior to precipitation. Although the 
solubility of nitrogen in tantalum at 1500°C was as 
great as the oxygen solubility, nitrogen has signifi- 
cantly lower solubility than oxygen at 1000° and 500°C. 
In the case of the supersaturated nitrogen alloys, the 
matrix lattice is highly strained by the precipitate. 
This strain is probably due to the epitaxial growth of 
nitride on the tantalum matrix lattice. The pseudo 
cell of the nitride phase is approximately 2 pct larger 
than that of tantalum. The present metallographic 
studies have not distinctly shown the initial nitride 
precipitate, but it is believed to form in subgrain 
boundaries. 

The solid-solubility limits of the interstitials, car- 
bon, nitrogen, and oxygen, in tantalum at 1500°, 1000°, 
and 500°C are shown in Fig. 16. The solubility of 
oxygen at 1800°C is also indicated based upon the 
results of the present study. X-ray diffraction data 
for the initial precipitate phases were obtained and 
are given in Table V. 
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Determination of the Glide Elements 


and Recrystallization in InSb 


M. S. Abrahams and G. W. Neighbor 


The active slip plane in InSb is found to be of the 
{111} type by using the method of two-trace analy- 
sis. Measurements of the rotation of the tensile axis 
with increasing plastic shear strain indicate that the 
macroscopic slip direction is a <110>. Recrystal- 
lization is first observed at a shear strain of about 
70 pct for a crystal deformed at a temperature of 
473°C and at a shear strain rate of 2.90 times 
10~* sec™!; the dislocation density corresponding to 
this value of the strain is 1 x 108 cm~*, At a shear 
stvain of about 170 pet, the recrystallization process 
is complete. This appears to be the first time re- 
crystallization has been observed in a semiconduc- 
tor. 


Tue operation of the {111} glide plane in Ge was 
first noted by Gallagher.’ This finding was confirmed 
by Treuting? who also extended the result to Si. Using 
X-ray techniques, Treuting*? demonstrated that the 
macroscopic slip direction in Ge was of the <110> 
type. The choice of the {111} <110 slip system in 
Ge is expected since in the diamond-type structure 
the {111} plane is the plane of highest density and 
the <110> direction is the direction of closest pack- 
ing.* 

There is little reason to expect that the glide ele- 
ments of InSb are different from those of Ge, since 
the zinc-blende structure characteristic of InSb is 
quite similar to the structure of Ge. With regard to 
InSb, Allen® has indicated that the glide plane is the 
{111} type. There appears to be no quantitative de- 
termination of the glide direction, however. 

The present work was undertaken to establish both 
the glide plane and glide direction in InSb and also 
to see if recrystallization occurs at large shear 
strains. 


EXPERIMENTAL PROCEDURE 


Mechanical Deformation. The single crystals of 
InSb used in this investigation were deformed in uni- 
axial tension. The tensile axis of the specimens was 
[145] and the periphery was bounded by {111} and 
{321} planes as shown in Fig. 1. The metallographi- 
cally polished specimens were deformed in a dyna- 
mic atmosphere of He, using an Instron machine. The 
tensile tests were performed at temperatures in the 
range of 300°C to the melting point (525°C) and at 
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shear strain-rates varying between 1.94 x 1074 
to 1.94 x 107% sec™. Additional details concerning 
the preparation and deformation of the specimens 
have been presented previously .® 

Analysis of the Glide Elements. The traces of the 
active slip plane in both (111) and (321) planes were 
analyzed according to the usual method of two-trace 
analysis.’ 

The macroscopic slip direction was determined by 
measuring the rotation of the tensile axis as a func- 
tion of plastic strain.? These measurements were 
made from Laue back-reflection X-ray photographs. 
The X-ray beam was perpendicular to the (111) plane. 
A given crystal was used for only one measurement 
of the rotation of the tensile axis after it had been 
strained to a predetermined value. Therefore, care 
was taken at all times to insure that the X-ray beam 
was parallel to the [111] direction of all the samples. 


RESULTS AND DISCUSSION 


Glide Plane. After 3.4 pct plastic shear-strain, at 
a temperature of 369°C and a shear strain-rate of 
1.94 x 1074 sec™!, the slip traces on the (111) and 
(321) planes appear as in Figs. 2(a) and 2(b), respec- 
tively. The results of an analysis of these glide 
markings demonstrate that the slip plane is (111). 
The operation of this plane is expected on the basis 
of the orientation of the specimen, since glide on 
this plane and in the [101] direction will result in 


[321] 


Fig. 1—Geometry and orientation of tensile specimens. 


[145] 
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Fig. 2—Glide traces on specimen plastically deformed 3.4 
pet at a temperature of 369°C and at a shear-strain rate of 
1.94x10~4 sec™!. X100. (a) (111) face; (b)(321) face. En- 
larged approximately 32 pct for reproduction. 
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Fig. 3—Secondary slip within deformation band in specimen 
plastically deformed 41.5 pct at a temperature of 421°C and 
at a shear-strain rate of 1.94 x 1074 sec7!. Observation 
plane is (111). X135. Reduced approximately 11 pet for re- 
production. 


the highest value of resolved shear stress for a giv- 
en tensile stress. 

This plane was observed to operate over the tem- 
perature range from 300 to 515°C and for values of 
the shear strain-rate ranging from 1.94 x 1074 sec7} 
to 1.94 x 107% sec™?. Also, this plane remained 
operative for shear strains up to and in excess of 
100 pct. The gross operation of a second slip plane 
was not observed at any time. However, secondary 
Slip planes were observed to operate on a limited 
scale both within deformation bands, as seen on the 
(111) face of the specimen in Fig. 3, and also as 
cross-slip planes, as seen on the (321) face in Fig. 
4. Based on one-trace analysis, the operative slip 
plane within the deformation bands corresponds to 
(111). 

It is noteworthy that the absence of cross-slip on 
the (111) face and the presence of cross-slip on the 
(321) face imply that the dislocations intersecting 
the (111) face are predominantly edge-type while 
those intersecting the (321) face are screw-type. 


Fig. 4—Cross slip in specimen plastically deformed 39.5 
pet at a temperature of 421°C and at a shear-strain rate of 
2.90 x sec"! Observation plane is (321). X62.5. Re- 
duced approximately 11 pct for reproduction. 
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Table |. Rotation of the Tensile Axis with Plastic Strain. 


Resolved Shear 


Rotation of Tensile Axis, deg 


Specimen Strain Measured Calculated 
1 0 0 0 
2 0.001 0 0.04 
3 0.023 1.8 0.68 
4 0.113 2.8 3.24 
5 0.217 5.96 
6 0.298 8.0 
i 0.415 12.8 10.46 
8 0.522 Ise) 12.58 
9 0.611 16.0 14.18 
10 0.710 16.5 15.84 
11 0.896 18.59 
12 1.35 23.0 23.81 
13 recrystallized 30.26 


This is further interpreted as evidence that essen- 
tially only one slip system is operating where the 
edge-type components of the newly generated loops 
intersect the (111) plane and the screw-type compo- 
nents intersect the (321) plane. 

Glide Direction. Both the experimentally meas- 
ured and calculated values of the rotation of the ten- 
sile axis are presented in Table I, as well as the 
resolved shear strain at which the rotations were 
evaluated. The experimental determination of the 
rotation of the tensile axis could not be carried out 
for shear strains greater than about 135 pct due to 
the extreme asterism of the Laue spots and also be- 


(2) 


(0) (d) 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


ool 


Fig. 5—Rotation of tensile axis with increasing shear-strain. 
Numbers adjacent to experimental points refer to specimens 
listed in Table I. 


cause of the onset of recrystallization. It can be seen 
that the measured values of the rotation are in rea- 
sonably good agreement with the calculated values. 


(f) 

Fig. 6—Back reflection X-ray patterns obtained from specimens deformed at a temperature of 473°C, at a shear-strain 
rate of 2.90 x 1074 sec!.and to a plastic strain of: (@) 0 pet; (0) 21.7 pct; (c) 29.8 pet; (d) 52.2 pet; (e) 89.6 pet; (f) 210 
pct. 
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(d) 
Fig. 7—Photomicrographs of specimens deformed at a tem- 
perature of 473°C, at a shear-strain rate of 2.90 x 1074 
sec! and to a plastic strain of: (2) 89.6 pct; (b) 210 pct. 
X2500. Reduced approximately 12 pct for reproduction. 


Fig. 5 shows on a stereographic plot the actual 
position of the tensile axis after various deforma- 
tions. The numbers adjacent to the experimental 
points refer to the specimens listed in Table I. The 
tensile axis is seen to rotate toward the [101] pole 
indicating that this direction corresponds to the mac- 
roscopic Slip direction. In addition, at a shear strain 
of 135 pct, the tensile axis has rotated 23 deg from 
its initial position which is about 4 deg past the 
[112] symmetry position at which the occurrence of 
glide on the (111) [011] system is expected. The ab- 
sence of slip markings corresponding to this secon- 
dary glide system may indicate that the available 
sources in the (111) plane have undergone latent hard- 
ening due to the considerable amount of prior defor- 
mation on the primary glide system. The occurrence 
of recrystallization at greater shear-strains pre- 
vented further mapping of the rotation of the tensile 
axis. 

Recrystallization. The appearance of the Laue 
back reflection X-ray photographs after various 
amounts of deformation is shown in Fig. 6. The spe- 
cimens were deformed at a temperature of 473°C and 
at a shear strain rate of 2.90 x 10-4 sec™!. For com- 
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parison, the Laue pattern obtained from an unde- 
formed sample is shown in Fig. 6(a). It is seen that 
the symmetry is typical of that obtained from having 
the X-ray beam parallel to a <111> direction and 
also, that no asterism is present in the individual 
Laue spots. After a shear strain of 21.7 pct, as seen 
in Fig. 6(b), the pattern remains virtually unchanged 
except that some asterism of the Laue spots is pres- 
ent. After strains of 29.8 pct, Fig. 6(c), and 52.2 pct, 
Fig. 6(d), the asterism of the Laue spots becomes 
progressively more pronounced, but it is apparent 
that the specimen is still a single crystal. However, 
after a shear strain of 89.6 pct the presence of Debye 
rings is noted* although the original symmetry of 


*The Debye rings first appear at a strain of about 70 pct. The X-ray 
pattern shown here was used because of clarity in reproduction. 


the Laue pattern is evident, Fig. 6(e). This is inter- 
preted as partial recrystallization in which isolated 
recrystallized regions have appeared in the heavily - 
strained single crystal matrix. The recrystallization 
process is complete* after a strain of 210 pct, Fig. 


**The Laue spots are completely absent at a shear strain of about 
170 pet. The X-ray pattern shown here was used because of clarity in 
production. 


6(f). In this figure, none of the former Laue spots 
are seen and the Debye rings are well developed. The 
pattern exhibits a strong preferred orientation of 
complex character and shows twofold symmetry 
about the former <211> direction. In addition, chem- 
ical etching® of the (111) face reveals that in local- 
ized areas the dislocation density is as high as 1 x 
10° cm~? at the beginning of the recrystallization 
process. 

The specimens, from which the X-ray patterns in 
Figs. 6(e) and 6(f) were obtained, were also exam- 
ined microscopically to check on the occurrence of 
recrystallization. The (111) face of each of the spe- 
cimens was metallographically polished and then 
chemically etched in a reagent* which prefer en- 


*The etchant contains 1 part of the following: 7 parts HF + 8 parts 
HNO, + 5 parts (CH,) COOH, diluted in 5 parts H,O. 


tially attacks grain boundaries in InSb. The photo- 
micrograph shown in Fig. 7(a) is typical of the struc- 
ture that produced the X-ray pattern in Fig. 6(e). In 
the upper right quadrant of Fig. 7(a), a polycrystal- 
line region of the specimen is seen, while in the re- 
mainder of this figure the Specimen is single crys- 
talline although polygonized. Thus, the results of the 
microscopic examination which indicate that the spe- 
cimen is partially recrystallized, fully agree with 
the previous interpretation of the X-ray pattern. In 
Fig. 7(6), which corresponds to Fig. 6(f/), the recrys- 
tallization process is complete. Also, the individual 
grains are elongated in the direction of the tensile 
axis, indicating the existence of a preferred orienta- 
tion. These results again confirm those obtained 
from an analysis of the X-ray pattern, Fig. 6(f). 


CONCLUSIONS 
1) The active glide plane in InSb is a {111}. 
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2) The macroscopic glide direction in InSb is a 
<110>. 
3) Recrystallization begins at a shear strain of 


about 70 pct, and is complete at a shear strain of 
about 170 pct. 
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Silver Diffusion in the Intermetallic Compound AgMg 


W. C. Hagel and J. H. Westbrook 


Using a sectioning technique with Ag™® as the 


tracer, the diffusion of silver in silver-excess (45.8 
at. pct Mg), near-stoichiometric (49.8 at. pct Mg), 
and magnesium-excess (52.0 at. pct Mg) cylinders 
of CsCl-type AgMg was determined from 500° to 
700°C. Diffusion coefficients conform to the expres- 
sion D = Dy exp (-Q/RT) where the respective Dy 
values ave 1.53, 0.280, and 0.134 sq cm sec™ and 
the Q values ave 41.3, 40.6, and 38.0 kcal g-atom™?. 
Lattice-parameter and density measurements were 
performed ona more numerous assortment and 
wider range of compositions. Substitutional defects 
were found on both sides of stoichiometry. Activa- 
tion energies for other rate processes in these 
alloys show related trends with changing composi- 
tion, although silver may not be the rate-determin- 
ing species. 


Know LEDGE of diffusion coefficients is necessary 
for a quantitative understanding of the many rate 
processes (e.g., grain growth, precipitation, sinter - 
ing, oxidation, or mechanical deformation) occurring 
in solids. Although these data are available for most 
metals and common alloys, they are quite limited 
for intermetallic compounds—a group of materials 
whose unique physical and mechanical properties are 
presently attracting great interest. From a funda- 
mental viewpoint, diffusion in intermetallic com- 
pounds also offers several engaging aspects owing 
to: their ordering, the possibility of introducing 
large, stable concentrations of lattice defects, and 
the variety of bonding types and crystal structures 
which can be found. In the case of CsCl-type com- 
pounds, some previous work has been directed at 
examining the role of vacancy defects by changing 
their concentration compositionally. The diffusion 
of Co® was measured in NiAl’»? and in B CoAl.*»4 
Except for the results of Smoluchowski and Burgess,’ 
isothermal diffusion coefficients were found to pass 
through a minimum at the stoichiometric composi- 
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tion.* When activation energies were determined, 


*Note added in proof. The authors have recently learned of the work 
of Gertsriken et al. (Issledovaniia po zharprochnym splavam T. Z. M. 
Akad. Nauk SSSR, 1958, pp. 68-76) who measured the diffusion of Co°° 
and Fe*’ in B FeAl. In the case of Co°° diffusion, the number of alloys 
they studied was adequate to demonstrate a stoichiometric minimum for 
this compound as well. 


they decreased sharply on what was reported by 
Bradley and co-workers*’® to be the vacancy -rich 
(aluminum excess) side of stoichiometry. 

This investigation of the diffusion of Ag!!° in AgMg 
was undertaken both as an adjunct to a concurrent 
study of its deformation behavior and for the purpose 
of obtaining information on the influence of lattice de- 
fects and temperature on diffusion in another CsCl- 
type intermetallic compound. Bcc AgMg remains 
ordered up to and melts congruently at 820°C. Solu- 
bility limits at 300°C are about 41 at. pct Mg and 53 
at. pct Mg. It is one of the Hume-Rothery electron 
compounds with a 3/2 electron-atom ratio. Previous 
investigations of its properties include hardness,’~® 
electrical resistivity,” and thermodyna- 
mic!3,!4 studies. Indications of a high bonding strength 
may be found in the large heat of mixing’’ and in the 
6-pct vol contraction on compound formation, as cal- 
culated using atomic radii of 1.40 and 1. 55A for Ag 
and Mg. 


EXPERIMENTAL PROCEDURE 


Alloys were prepared by the induction melting of 
selected fine silver (99.95) and low-iron magnesium 
(99.95)* in magnesia crucibles under 1 atm of A. 


*Supplied by the Handy and Harmon and Dow Chemical Cos., respec- 
tively. 


Melts were poured under argon into graphite molds 
providing 1 1/8-in.-diam. by 4-in.-long ingots. These 
were homogenized in evacuated and argon-filled 
fused-silica capsules by heating for 16 hr at 750°C. 
Three 1 in.-diam. by 3/4-in.-long cylinders were 
machined from the mid-portion of each ingot for dif- 
fusion measurements. Three alloys, analyzing 45.8, 
49.8, and 52.0 at. pct Mg were taken as representing 
the extremes of interest, with 49.8 at. pct Mg being 
very close to the stoichiometric composition of 50.0 
at. pct Mg. 
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In addition to those compositions, many more were 
used to give complete information on the change of 
lattice parameter and density with magnesium con- 
tent. Samples for X-ray and density measurements 
were obtained from 0.040-in. wire hot extruded in 
two stages from the remainder of the original and 
other cast and homogenized ingots. As confirmed by 
periodic chemical analyses of machined chips, both 
the diffusion cylinders and the extruded wires re- 
tained their original ingot composition throughout 
the investigation. Use of wrought material for den- 
sity measurements helped to ensure freedom from 
macroscopic voids, although further microscopic 
examination did not reveal their presence in the cast 
material. 

The plane surfaces of each diffusion cylinder were 
ground flat and parallel to a fine finish. After apply - 
ing a light etch (H,SO,, CrO,, and H,O) to clean the 
surface, an average linear grain size of no less than 
5 mm was noted. This is believed to be sufficiently 
coarse to avoid the complications of grain-boundary 
diffusion. There was no observable dependence of 
volume -diffusion coefficients on grain orientation. 
One cylinder was used for several diffusion anneals 
first at low and then at higher temperatures after 
removing all traces of the previous run. 

Radioactive Ag’°, which decays by emitting 6 par- 
ticles (0.53 mev) and y-rays over a half life of 270 
days, was obtained from the Oak Ridge National Lab- 
oratory as a 7.5 mc ml™ solution of AgNO, in HNO,. 
The solution was added to an aqueous electrolyte 
containing KOH, K,CO,, and KCN. At very low cur- 
rent densities, thin layers of the isotope, a few hun- 
dred Angstréms thick, were deposited uniformly 
onto one of the flat faces of each specimen. Paraffin 
was used to eliminate deposition elsewhere. After 
electroplating, each specimen was thoroughly washed 
and lightly buffed to remove any unevenness. The 
amount of isotope remaining was too small to have 
any later effect on alloy composition. The plated 
cylinders were sealed in evacuated and argon-filled 
fused-silica capsules and diffusion annealed in Ni- 
chrome-wound resistance furnaces where tempera- 
tures from 450°to 700°C were maintained constant 
within +2C° for times up to 229 hr. Specimen tem- 
peratures in a 4-in. constant temperature zone were 
measured with Pt/Pt-10Rh thermocouples; annealing 
was commenced and terminated by pushing the cap- 
sules to and from this zone. At 700°C, a small 
amount of magnesium oxidation and evaporation was 
noted, but these effects were minimized by placing 
plated and unplated cylinders of the same composi- 
tion face to face in a capsule. 

A sequence of layers varying from 0.0002 to 0.0020 
in. thick, as determined by a fixed-position dial gage, 
was machined in a lathe from the radioactive face of 
each specimen. This involved mounting the specimen 
face exactly 90 deg to the lathe axis, turning off a 
1/16 in. layer from the cylindrical surface to elimi- 
nate surface-diffusion effects, and capturing chips 
and dust by suction. Measurements of total cylinder 
length before and after all sections were removed 
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showed very close agreement with the sum of the 
dial-gauge readings. A reproducible counting geome- 
try was maintained by placing the counter on the 

tool mount so that it could be brought in line with the 
lathe axis after each section was removed. Plastic 
positioning cups, without and with an aluminum 8 ab- 
sorber, kept the counter window a constant distance 
(1/8 in.) from the specimen face. Counting rate was 
digitally recorded using a Nuclear-Instrument auto- 
scaler with a dual timer. 

Although these alloys are machinable, the turnings 
become progressively finer with increasing magnesi- 
um content, and adequate safety precautions must be 
taken to avoid radioactive contamination. The proce- 
dure of measuring directly the total radioactivity of 
the dust from each layer was found to be unreprodu- 
cible and hazardous. Therefore, the Gruzin!> tech- 
nique, where the remaining activity in the specimen 
is measured after each layer is removed, was em- 
ployed. If J is the activity of the specimen face after 
a section of thickness x has been removed, then the 
appropriate Fick’s-Law solution is: 


= ex (- [1] 
where yu is the linear absorption coefficient, D is the 
diffusion coefficient, K is a constant, and ¢ is the 
time of isothermal diffusion. 

The J used here was the difference in counts per 
min (corrected for dead-time coincidence) measured 
without and with a B absorber, i.e., it is only the B 
activity of the specimen surfaces; this double-count- 
ing procedure necessitates no background correction. 
By counting the activity of two specimens individual- 
ly and jointly, a dead time (7) of 100 psec was found 
at the plateau voltage (1275 v) of the Anton mica- 
window counter tube used. The coincidence-corrected 
count equals the measured count ” divided by 1 - 7m. 
Depending on initial specimen activity and the accu- 
racy required, J varied from 40,000 to 20 counts per 
min. With the source, counter tube, and geometry 
chosen, the counts through a series of 1.73 to 210 mg 
cm™~? aluminum absorbers, corrected for air and 
mica absorption, showed that a 0.015-in. aluminum 
sheet would effectively absorb all 8 radiation. Since 
the half life of Ag" is relatively long, no decay cor- 
rections were applied to a series of counts extend- 
ing Over one or two days. 

While pw can be derived theoretically, it is best 
also to adjust for obliqueness of radiation by solving 
for » in the manner described by Borg and Birche- 
nall.’® Here activity is counted after sections of 
varying thicknesses have been machined away. If 
initial surface activity is J; and the activity after one 
layer of thickness Ax has been removed is If, then 
the contribution to J; from the layer removed is equal 
to i - Teneo, Hence, the mean activity in the re- 
moved layer I,, = (J; - anda loga- 
rithmic plot of J,,/Ax vs x? will fall on a straight 
line when the correct value of u is found by reitera- 
tion. This was done for several penetration curves, 
and the best fit occurred for all three alloys when a 
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Fig. 1—Typical experimental results for Agito diffusion 
in AgMg alloys after 144 hr at 600°C showing £8 activity 
of specimen surface as a function of section thickness 
squared. 


uw of 800 cm™! was used; the same p should apply for 
all temperatures. Although the precision in p as 
thus determined is only fair, D is rather insensitive 
to uw as long as the latter is relatively large. 

To a first approximation, one can assume that the 
Tin Eq. [1] is >(1/p) (a//ax) and write 


I= exp (- x?/4D't) 


[2] 


Then, on plotting InJ vs x? a straight line whose slope 
is -1/4D’t should result. As shown by the examples 
of Fig. 1 and all plotted penetration curves, this as- 
sumption holds true; however, a more exact value of 
D comes from evaluating (1/) (a//ax). This is achieved 
by differentiating Eq. [2] and substituting particular 
values of J and x into the relation 


One can now plot In [J - ] vsx? to getanew 
corrected slope and a better value for D. The proce- 
dure can be repeated if necessary, although for these 
specimens a third correction was found to give a neg- 
ligible change in D. Table I gives the D’ and D val- 
ues determined in this manner for the three alloys. 
Powders for precision lattice-parameter deter - 
minations were prepared by diamond filing of wire 
specimens. Powder samples were strain-relief an- 
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Table |. Diffusion Data, Ag**® in AgMg 


Temp., Time, 
26 Hr cm?/sec D cm?/sec 
700 72:0 6.94x10-% x 
650 161.5 2.29x10- 2.44 x 
96.0 3.21 x 10-22 
Ag-45.8 at. pct Mg 144.0 «5.68 x ~—-5.72 x 
550 144.0 1.67x107% 1.93 x 107" 
550 192.0 3.01 x 
700 96.0 1.93x 10° 2.01 x 107*° 
650 120.0 6.30x10 6.51 x 107" 
600 144.0 1.75x10-"% 1.84 x 107" 
550 229.0 5.11x10-? 5.47 x 
550 120.0 4.96x10-" 5.20 x 107% 
500 168.0 7.74x107 9.20 x 
700 144.0 4.26x10-° 4.35 x 
700 72.0 4.61x10-° 4.70 x 107° 
650 161.5 8.97x10- 9.46 x 10-7 
550 120.0 8.41x10-%? 1.04 x 107 
500 192.0 2.44x10-? 2.78 x 107? 


nealed in fused-silica capillaries under a partial 
pressure of argon for 2 hr at 400°C. Debye-Scherrer - 
Hull powder patterns were obtained at 23°C in a 10- 
cm back-reflection camera using Cu R, radiation 

Oey = 1,54051A). The patterns were of uniformly ex- 
cellent quality with all lines, including the superlat- 
tice lines, sharp and clear. No extra lines of any 
kind were found; “d” values were measured directly 
from the film and a,’s were calculated using a Nel- 
son-Riley extrapolation. 

The geometry of the wire specimens was suffi- 
ciently good that density measurements could be 
made by a direct gravimetric method. Wire sam- 
ples about 2 1/2 in. in length were squared at the 
ends by filing and then weighed in air on an analyti- 
cal balance. Lengths were measured with Vernier 
calipers and diameters were measured under a low- 
power microscope equipped with a filar micrometer. 
Checks were made to ensure true cylindricity of the 
wires. A few determinations were also obtained by 
conventional water displacement on both wire and 
bulk samples, using water to which a small amount 
of wetting agent had been added. 


RESULTS 


Fig. 2 shows a semi-logarithmic plot of the diffu- 
sion coefficients recorded in Table I vs the recipro- 
cal of absolute temperature.* Least-squares lines 


*Data obtained at 450°C are not included because of lack of con- 
fidence in their accuracy (see below). 


through each family of points can be expressed by 
the Arrhenius equation D = D, exp (-Q/RT) or speci- 
fically by the equations 


Dag (45.8 at. pet Mg) = 1.53 exp (-41,300/R7) 


cm? sec™ [4] 
Dag (49.8 at. pct Mg) = 0.280 exp (-40,600/R 7) 
cm? sec™ [5] 
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Fig. 2—Plot of Da, vs 1/T for silver-excess, stoichio- 
metric, and magnesium-excess AgMg. 


Dag (52.0 at. pet Mg) = 0.134 exp (-38,000/R7) 
cm? sec"! [6] 
The sum of possible errors in measuring composition, 
radiation, section thickness, temperature, and time 
for each diffusion coefficient is estimated to be about 
10 pet. This was confirmed by several repeat runs, 
although the range appears to be exceeded by some 
of the non-stoichiometric specimens in a non-syste- 


Table II. Lattice Parameter and Density Data for AgMg 


Density gm 


Composition, Lattice 6 Grav. Displ. Displ. 

at. pct. Mg Parameter, A Wire Wire Bulk 
43.9 3.3006 + 0.0002 6.518 6.530 _ 
45.8* 3.3055 + 0.0002 6.436 - 6.425 
46.2 3.3057 + 0.0001 - - = 
48.0 3.3092 + 0.0001 6.214 - - 
49.0 3.3119 + 0.0001 = - — 
49.0 3.3129 + 0.0001 - - - 
49,.8* 3.3134 + 0.0001 6.063 6.030 6.080 
50.3 3.3142 + 0.00014 5.962 
51-2 3.3166 + 0.0002 - 
51.5 3.3193 + 0.0001 5.933 - - 
52.0* 3.3220 + 0.00017 5.851 ~ 5.870 
53.9 3.3282 + 0.0001 5.649 5.650 - 


*Compositions of diffusion specimens. 
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Fig. 3—Lattice parameter of AgMg as a function of com- 
position as determined in this study and compared with 
the results of Ageev and Kuznetsov. 


matic manner. The largest error may lie in the de- 
termination of absolute temperature. The average 

probable errors in the frequency factor D, and the 

activation energy @ are +0.6 sq cm sec™! and +0.9 

kcal g-atom™, respectively. 

At any one temperature within the range consid- 
ered, the diffusion coefficient for the stoichiometric 
composition is always lower than those for the other 
two compositions. The well-defined linearity of all 
penetration curves down to low-counting levels 
showed no interference from grain-boundary diffu- 
sion. Specimens annealed at 450°C required much 
longer diffusion times and were generally unreliable 
from the smaller number of counts which could be 
made; yet, there was some indication of Ag!° diffus- 
ing faster in 52.0 at. pct Mg than in 45.8 at. pet Mg. 

The lattice-parameter measurements are presented 
in Table II and Fig. 3 where the compositions plotted 
are the analyzed compositions converted to atomic 
percentages. The parameter value for stoichiometric 
AgMg may be determined by interpolation to be 
3.3136 +0.0002A 

Fig. 4 shows the results of both types of density 
measurements as a function of composition. It com- 
pares these data with densities calculated from the 
lattice-parameter measurements using substitutional 
and vacancy -defect models on both sides of stoichio- 
metry; a calculated density curve is also shown on 
the silver-excess side for an interstitial defect model. 
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Fig. 4~Density of AgMg as a function of composition. 
Solid lines are calculated densities from X-ray data using 
a substitutional defect model. Broken lines are for simi- 
lar calculations using vacancy and interstitial models. 


DISCUSSION 


A comparison is made in Fig. 3 of lattice-para- 
meter data from this study with those of Ageev and 
Kuznetsov,® after converting their kx units to Ang - 
stréms; agreement is reasonably good. Other para- 
meter measurements on AgMg by Owen and Preston,’” 
George,’® and Letner and Sidhu!® are of much lower 
precision and are, therefore, not shown. A magnesi- 
um excess appears to expand the AgMg lattice while 
a silver excess constricts it. The relative distortion 
per at. pct of excess atom is greaterfor magnesium 
than for silver, although values from the present work 
(0.114 pct and 0.0628 pct for each at. pct of Mg and 
Ag, respectively) are in both cases somewhat less 
than those indicated by the data of Ageev and Kuznet- 
sov. These results appear consistent with the rela- 
tive sizes of the silver and magnesium atoms and a 
substitutional defect model. It is of interest to note 
that excess magnesium has relatively more pro- 
nounced effects on thermodynamic?*** and mechan- 
ical® properties than does a silver excess. 

Confirmation of the substitutional defect model is 
provided by the density measurements of Fig. 4. It 
is clear that neither a vacancy nor an interstitial 
model can account for the observed density changes 
with composition, but the substitutional model does 
so quite well, essentially within the scatter of the 
data. Note that the calculated curve for the substi- 
tutional model consists of two straight line segments 
joined at the stoichiometric composition. Their near 
coincidence as a single straight line is due to the 
fact that the light atom expands the lattice and the 
heavy one contracts it almost proportionately. On the 
basis of a study where the relative intensities of 
normal X-ray diffraction lines and adjacent superlat- 
tice lines were compared, Ageev and Kuznetsov? ar- 
rived at the same conclusion. This finding is of im- 
portance to the interpretation of the diffusion results 
in that it indicates that the vacancy or interstitial 
defects present are principally those of thermal 
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Fig. 5—Compositional dependence of activation energies 
for Agito diffusion and for other rate processes in AgMg. 


rather than constitutional origin. The diffusion re- 
sults may, therefore, be best compared with analo- 
gous studies of solute effects in substitutional solu- 
tions of other intermetallic compounds or pure met- 
als, even if they are not of the CsCl structure. 

The 2.6 kcal g-atom™ decrease in activation ener- 
gy from 49.8 at. pct Mg to 52 at. pct Mg is small com- 
pared to the 20 kcal g-atom™! change found, in NiAl 
from 49.3 at. pct Al to 51.5 Al, by Berkowitz et al.’ 
when excess vacancies are present, confirming to 
some extent their reasoning that the latter number 
is near the activation energy for vacancy formation. 
The slight positive rise in activation energy with ex- 
cess silver may at first appear to contradict the 
usual correlation of Q with melting temperature, 
since the 45.8 Mg alloy melts about 10°C lower than 
the stoichiometric composition. However, Mortlock 
and Tomlin”° have observed a similar increase with 
increasing solute concentration for the diffusion of 
Cr® in substitutional 6 Ti-Cr alloys, whose melting 
temperatures are decreasing; there is also a corre- 
sponding decrease in lattice parameter with increas- 
ing chromium content according to measurements by 
Duwez and Taylor.”4 The present study cannot differ - 
entiate whether a vacancy, interstitial, or intersti- 
tialcy diffusion mechanism is in effect, but for all it 
seems reasonable that Q in this case is primarily 
dependent on lattice parameter. As lattice parameter 
decreases, the diffusing Ag’?° assumes a relatively 
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larger size factor and the binding energy of nearby 
solute atoms in the AgMg matrix will increase. The 
order of magnitude of the measured D, values sug- 
gests that the activation entropies are positive and 
that there is little need to consider a ring mechanism. 

Fig. 5 compares the diffusion activation energies 
with those derived for other rate processes in Ag Mg 
in a concurrent study of its mechanical behavior.?2 
There are included an activation energy for normal 
grain growth in a single phase magnesium-excess 
alloy and activation energies for the tensile flow of 
extruded polycrystalline wires derived from studies 
of the effects of strain rate and temperature. Two 
regions of activated deformation behavior were dis- 
tinguished in the tensile-flow experiments: one prev- 
alent at temperatures above about 400°C (0.67,,,) hav- 
ing a composition-dependent activation energy of ~40 
kcal and one prevalent at lower temperatures, 150° 
to 300°C (~0.45 Tp), for which the activation energy 
changes abruptly from one side of stoichiometry to 
the other. The lower temperature phenomena are 
identified with interactions between dislocations and 
solute atoms, perhaps dislocation pinning. Both the 
trend of the activation energies with composition and 
the approximate magnitudes are in rough agreement 
for the high-temperature flow stresses and for Ag??0 
diffusion. It cannot be stated with certainty from the 
present results whether silver or magnesium is the 
faster diffusing species in this material. High-tem- 
perature deformation would be expected to be con- 
trolled by the slower moving Species, and so, if mag- 
nesium is the slower, there may yet be closer agree- 
ment as to magnitude. The diffusion of magnesium 
in AgMg would be difficult to measure, since its iso- 
topes all have very short half-lives, but further work 
on marker movements and interdiffusion coefficients 
may provide an indirect determination. The decreas- 
ing trend in both the flow stress and Ag!”° diffusion 
activation energies withincreasing magnesium con- 
tent is probably indicative of a general loosening of 
the lattice as is also indicated by the magnesium ac- 
tivity measurements of Kachi.!3 

Activation energies for grain growth are most 
closely identifiable with grain-boundary rather than 
volume self-diffusion according to Turnbull.” This 
process as well as the deformation process should 
be controlled by the slower moving species. If the 
slower species were silver, the apparent activation 
energy for the one composition for which grain- 
growth data are available seems much too high rela- 
tive to the energy observed for the volume diffusion 
of silver in magnesium-excess AgMg. On the other 
hand, if magnesium is the slower species, then the 
grain-growth activation energy may approximate 
that for grain-boundary diffusion of magnesium and 
thus indicate a higher activation energy for volume 
diffusion of magnesium than for silver on the magne- 
sium-excess side. Such a result would be inconsis- 
tent with the close correspondence of the flow stress 
and silver volume -diffusion energies. 

As mentioned above, deformation behavior in the 
150°to 300°C range is dominated by dislocation and 
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with the density and lattice-parameter measurements: 


solute-atom interactions. Hence, in the simplest 
view, the derived activation energies are to be corre- 
lated with the diffusion of solute atoms to dislocation 
sites. If the interacting solute is one of the excess 
atom types, then correlation with self-diffusion acti- 
vation energies is to be expected. Cottrell?4 follow- 
ing the empirical observations of Mott® suggests 
that a value of about one-third the self-diffusion ac- 
tivation energy would be appropriate, and he proceeds 
to calculate the temperature range in which dynamic 
dislocation interactions with solute atoms should be 
observed. If this approach is applied to AgMg using 
the diffusion activation energies found here, temper - 
atures of 184° to 224°C are obtained in satisfactory 
agreement with observations of 150° to 300°C from 
the mechanical tests.*? On the other hand, the appa- 
rent activation energies derived from the tensile ex- 
periments in this temperature range are far in ex- 
cess of Q/3 and show a distinct discontinuity at stoi- 
chiometry. Several possibilities exist: Cottrell’s 
analysis may not be generally applicable; the tensile 
activation energies may be fictitious if two or more 
processes Operate concurrently; the pertinent diffu- 
sion process may not be volume diffusion but diffu- 
sion along some short-circuiting paths; or the inter- 
acting solute may be some foreign species and not 
silver or magnesium. More work on both diffusion 
and mechanical behavior is clearly necessary to 
rationalize all these results. 


CONCLUSIONS 


1) Diffusion coefficients of Ag!!° in AgMg fit the 
expression D = D, exp (-Q/RT) where the D, values 
are 1.53, 0.280, and 0.134 sq cm sec™! and the Q val- 
ues are 41.3, 40.6, and 30.0 kcal g-atom™? for 45.8, 
49.8, and 52.0 at. pct Mg alloys, respectively. 

2) The substitutional nature of the defect structure 
for both silver-excess and magnesium-excess compo- 
sitions is confirmed. 

3) The lattice parameter of stoichiometric AgMg 
is 3.3136 +0.0002A; excess magnesium in solution 
distorts the lattice of AgMg much more than does ex- 
cess Silver, 0.114 vs 0.0628 pct per at. pct solute 
respectively. 

4) Activation energies for silver diffusion in AgMg 
show trends related to those for high-temperature 
tensile flow and grain growth, all indicative of a gene- 
ral loosening of the lattice with excess magnesium. 
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Observations Concerning Zone Refining and Thermal 


Treatment of Molybdenum from Low Temperature 


Resistance Measurements 
E. Buehler and J. E. Kunzler 


High-purity molybdenum has been heat treated, 
melted, and zone refined and the physical and chem- 
ical changes that ave produced by these processes 
have been studied by making vesistance vatio 
measurements. Pronounced effects 
are observed that are associated with recrystalliza- 
tion at about 1200°C and with melting. Melting alone 
is found to result ina substantial purification by the 
evaporation of impurities such as iron. Zone rvefin- 
ing is found to be reasonably effective with four 
passes producing a three-fold decrease in resist- 
ance vatio and a minimum ratio of 0.0003. With the 
aid of low temperature measurements, it has been 
shown that the build-up of a deposit of the material 
being zone refined on the radio frequency coil used 
for heating can lead to contamination of the sample. 


ConsipERABLE interest in high-purity refractory 
metals for the study of mechanical properties has 
developed during recent years. Also the need for 
highly pure metals in certain fundamental studies, 
such as electronic band structure, has become quite 
widely appreciated. Molybdenum can now be pro- 
duced with sufficiently high purity to make it attrac- 
tive for such investigations. The most suitable meas- 
ure of chemical purity of metals used for many of 
these studies is its resistance ratio, 
During the purification of molybdenum by zone re- 
fining and its subsequent evaluation by this tech- 
nique, a number of informative observations were 
made. These observations concern the effectiveness 
of zone refining, the volatilization of impurities at 
the melting point, and the recrystallization of molyb- 
denum and appear to be pertinent to other refractory 
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metals. Also, the usefulness of low-temperature re- 
sistance measurements as an analytical tool for 
evaluating the presence of chemical impurities and 
physical defects in metals is again illustrated. 

Samples of high-purity molybdenum of known me- 
chanical history were heated to various temperatures 
between 800°C and their melting point. Resistance 
ratios of the samples were measured after they had 
been given a specified treatment. The data were 
used, along with mass spectrographic analysis, as 
an aid in interpreting the nature of the processes 
that occurred in conjunction with each treatment. 
Changes in the concentrations of chemical impurities 
and physical defects are typical of things that effect 
the low-temperature resistivity. 


SAMPLES 


The starting material was obtained from Westing- 
house Corp., Bloomfield, N.J. It was in the form of 
molybdenum rods, usually 1/8 or 3/16 in. in diame- 
ter. These had been previously processed from bars, 
5/8 in. in diameter, originally reduced from 4 in. 
diam arc-cast ingots, by hot swaging at about 1300°C. 
In the final step, the temperature was lowered to 
about 1100°C which resulted in the production of 
elongated grains. Typical grains were about 0.03 mm 
thick and 0.6 mm long. The molybdenum was quite 
pure as is indicated by the results of mass spectro- 
scopic analysis’ given in Column 2 of Table I. Other 
nongaseous elements not listed in the table were not 
detected. 


ZONE REFINING AND THERMAL TREATMENT 
OF SAMPLES 


Several sample rods, 8 to 10 in. long, were zone 
refined or were heat treated at several temperatures. 
Both types of operations were performed using 3 me- 
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Table |. Mass Spectroscopic Analysis of a Typical 
Molybdenum Sample After Various Treatments 


Concentration of Impurity in ppm 
Zone Refined 


Initial Annealed 3 Passes 
Impurity Material Near mp Lead End Tail End 
W 50 50 50 50 
Ni 5 5 <0.2 <0.2 
Co 10 10 <0.1 <0.1 
Fe 100 100 1 <0.1 
Cr 5 5 <0.1 <0.1 
Al 10 10 <0.2 <0.2 
5 <0.2 <0.2 
B 0.1 0.1 <0.1 <0.1 
Be 5 5 5 5 
Si 50 50 50 50 
Va 1 1 1 1 


gacycle induction heating in vacuum at pressures 
less than 2 x 1075 mm Hg. 

The zone refining was performed using floating - 
zone techniques and has been discussed elsewhere.?2 
In this study a typical zone travel rate was 1.2 mils 
per sec. Although the majority of the purification in 
molybdenum was produced by evaporation of impuri- 
ties during melting, there was a significant amount 
of additional purification as a result of the zone re- 
fining. 

The heat treating of samples was accomplished 
in the same apparatus using techniques similar to 
those used for the zone refining. Usually a section 
of the rod about 1 in. long was held at a fixed temper - 
ature for about 20 min. Then an adjacent 1 in. section 
was heated to a higher fixed temperature for a com- 
parable length of time. This sequence was continued 
until the rod had been heat treated in a prescribed 
series of “steps.” The temperature was measured 
with a calibrated optical pyrometer. 


LOW TEMPERATURE RESISTANCE 
MEASUREMENTS 


The use of low-temperature resistance measure- 
ments as a means of evaluating the purity of metals 
in terms of chemical impurities and physical defects 
has been described elsewhere.® The same apparatus 
was used and the techniques were very similar to 
those previously described except for the method of 
attaching the potential and current leads to the molyb- 
denum. A short length, about 1/2 in., of 0.010 in. 
diam Ni wire was spot welded to the molybdenum and 
copper leads were soldered to the nickel. As has been 
pointed out before,* the techniques used do not require 
destroying the sample or disturbing its bulk physical 
condition significantly. 


DISCUSSION 


The resistance ratio, R4 Of a reason- 
ably pure metal is a measure of the total concentra- 
tion of physical defects and chemical impurities and 
is nearly proportional to the resistivity at helium 
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Fig 1—Curve of resistance ratio vs length of sample. 
Large changes in resistance ratio associated with recrys- 
tallization and with melting are apparent. The effectiveness 
of zone refining is indicated by the slope of the curve in 

the zone melted region. 


temperature.® Resistance ratio measurements do 
not serve to identify the species of impurities and 
imperfections present in the metal, but rather yield 
some measure of the total concentration. However, 
because of the sensitivity of such measurements, 
small changes in the concentration of defects and 
impurities can be detected. For strain-free single 
crystals (or polycrystals with large grains) of met- 
als, such as can be obtained by zone refining, the 
resistance ratio is a good measure of the chemical 
purity. For such materials, the contribution from 
physical defects appears to be negligible even for 
the purest materials thus far produced. 

Three rather distinct values for the resistance 
ratio were observed in many of the molybdenum 
samples: 1) the resistance ratio of the starting ma- 
terial was about 0.025, 2) the value for molybdenum 
heated at any temperature between about 1300°C and 
the melting point was always near 0.018, and 3) just 
as soon as the material was melted the ratio dropped 
to approximately 0.001. This behavior is illustrated 
in Fig. 1 where the resistance ratio is plotted as a 
function of the distance along the rod for a typical 
sample. The plateau at the left with Ry .%/Rors°y = 
0.025 represents the part of the rod that was not 
heated above a few hundred degrees. The lower pla- 
teau with Ry 2°~%/Ro732% = 0.018 occurs in the region 
where the temperature varied from about the mp, 
~2650°C, to a few hundred degrees below it. The 
pronounced effect of melting is exhibited by that re- 
gion of the curve having a resistance ratio of about 
0.001. The lesser, but significant, effect of a single 
pass of zone refining is also apparent. It is to be 
noted that the resistance ratio is significantly lower, 
and thus the material probably is purer, at the lead 
end of the pass than at the tail end. 

It has been pointed out earlier? that measurements 
of the resistance ratio along a rod or ingot give only 
an integrated value between each pair of potential 
leads. Although the “most reasonable” curve is 
quite easily defined in regions where the resistance 
ratio is changing slowly compared to the Spacing be- 
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Fig. 2—Curve of resistance ratio vs lengths of sample il- 
ilustrating the effectiveness of 4 passes of zone refining. 
The “bump” is a result of contamination during the last 
pass by impurities that had been removed earlier. The im- 
purities were returned during a malfunction of the rf coil 
caused by excessive deposit of material on it. 


tween potential leads (e.g., plateaus and the zone re- 
fined region), the portions with steep slopes are 
somewhat arbitrary. However, the curve shown is 
one of the simplest that satisfies the condition that 
integrated resistance ratio under the curve must 
equal the observed value between each pair of poten- 
tial leads. The potential leads were between 1/2 and 
3/4 in. apart for the sample represented by Fig. 1. 
Fig. 2 represents the resistance ratio for a rod 
that was zone refinedtothe extent of 4 passes in 
order to determine if further purification is practi- 
cal by this method. Again, the resistance ratio of the 
rod on either side of the melted material is about 
0.018. Aside from the bump in the curve, it is appa- 
rent that the additional zones were effective anda 


minimum value of R, 2°%/Ro73°x = 0.0003 was attained. 


The “bump” in the curve of Fig. 2 is believed to 
be associated with a difficulty that is frequently en- 
countered during the zone refining of a high-melting- 
point metal which has an appreciable vapor pressure. 
During the first three passes, it was observed that 
molybdenum, and presumably impurities, was depo- 
siting on the rf coil. When present in sufficient quan- 
tities, this deposit couples with the rf field and since 
it is in relatively poor thermal contact with the coil 
it becomes hot even though the coil is water cooled. 
Upon cooling between the third and fourth passes the 
layer of deposit became further separated from the 
coil and when power was again supplied it reached 
its melting point considerably sooner than the sam- 
ple rod. When such conditions are encountered a 
burst of rf energy is customarily added to accelerate 
the evaporation of the deposit. In so doing impurities 
also evaporated from the deposit and contaminated 
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Fig. 3—Curve of resistance ratio vs length of sample show- 
ing the effect of heat treatment as a function of tempera- 
ture. The consequences of recrystallization near 1200°C 
and of melting are apparent as large changes in the resis- 
tance ratio. The letters (a), (b), (c), and (d) designate the 
positions along the rod where the photomicrographs of 

Fig. 5 were taken that show the progress of recrystalliza- 
tion. 


the sample. When enough of the deposit was evapo- 
rated to make the rf coupling to it ineffective, nearly 
all of the power was suddenly unloaded into the sam- 
ple causing it to melt quickly. In order to avoid a 
spillout of the molten zone the power was reduced 
drastically. The region of the rod represented by 
the “bump” was rapidly solidified and the impurities 
were then frozen into this region of the sample with- 
out the benefit of zone refining. 

The above situation not only illustrates one of the 
types of difficulties that can be encountered during 
zone refining, but also shows the usefulness of low- 
temperature resistance measurements for detecting 
such effects without destroying the evidence (the sam- 
ple). It is doubtful that this bump could have been 
substantiated by chemical or spectroscopic tech- 
niques. The bars in the region of the bump in Fig. 2 
represent the resistance ratios observed during a 
second series of measurements. In this series, po- 
tential leads near the “bump” were spaced more 
closely in order to get more detailed information re- 
garding the shape of the bump. 

In order to get a better understanding of the proc- 
esses occurring during the heat treating and zone re- 
fining of molybdenum samples, a number of samples 
were analysed by mass spectroscopic techniques.! 

A sample whose thermal history was similar to that 
of Fig. 1, except that the zone refining involved 3 
passes, was selected for analysis. The results are 
summarized in Table I. Samples were taken at 4 
regions: 1) the original material, 2) a section that 
was heated to near the melting point, 3) the lead end 
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Fig. 4—Photograph showing the increase in grain size with 
increased temperature of heat treatment. The tempera- 
tures are between 1600°C and the mp of molybdenum. Be- 
low 1600°C, the grains are not visible. The resistance ra- 
tio data for this rod are given in Fig. 3. X4 Reduced approxi- 
mately 64 pct for reproduction. 


of the zone and, 4) the tail end of the zone. So far as 
chemical impurities are concerned, no difference in 
concentration was observed between the original ma- 
terial and the section heated to near the mp as is 
shown by the fact that Cols. 2 and 3 are identical. 
There is a large change in resistance ratio some- 
where in this temperature range without a detecta- 
ble change in impurity concentration which suggests 
that a removal of physical defects is involved. 

The sharp drop in resistance ratio associated with 
simple melting of molybdenum before zone refining, 
discussed below in connection with Fig. 3, is a result 
of the removal of chemical impurities. A compari- 
son of Cols. 2 and 3 with Cols. 4 and 5 of Table I 
shows that a number of elements, such as Fes yNi; 

Co, Cr, Al, and P were almost completely removed, 
while the concentrations of other impurities such as 
W, Be, and Si were hardly changed. Cols. 4 and 5 
also show that zone refining results in transferring 
iron in the direction of the lead end of the melted re- 
gion. Similar behavior has been observed for iron 

as an impurity in copper.* The fact that the resis- 
tance ratios in Figs. 1 and 2 are higher at the tail 
ends of the zone-refined regions than at the lead ends 
indicates that an impurity, or impurities, which was 
not detected by the mass spectrograph is being trans- 
ferred to the tail end. 

The drop in resistance ratio from 0.018 to about 
0.001 upon melting is believed to be a result of re- 
moval of impurities, chiefly iron, by volatilization. 
The magnitude of this decrease in resistance ratio, 
produced by melting, is a factor of about 5 less than 
the effect of iron on the resistance ratio of copper. 

It has been shown that 10 ppm Fe in copper produced 
a resistance ratio contribution of 0.01.5 It can be 
seen from Table I that tungsten is not removed dur- 
ing zone refining and that the amount of tungsten 
present in molybdenum is equal to about one half the 
amount of iron that was removed. Therefore, the con- 
tribution to the resistance by tungsten as an impurity 
cannot be more than a few pct that of iron. 

In Fig. 3 the resistance ratio is plotted against the 
temperature of heat treatment for a series of temper - 
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Fig. 5—Series of photomicrographs showing the progress 

of recrystallization near 1200°C. The region of the rod 
corresponding to each photomicrograph is indicated by the 
letters (a), (b), (c), and (d) in Fig. 3. X500. Reduced approxi- 
mately 12 pct for reproduction. 


atures between 800°C and the melting point. The pur- 
pose of this series of observations was to locate the 
temperature range and to determine the nature of 
the drop in resistance ratio from 0.025 to 0.018. The 
temperatures given for each 1 in. interval at the 
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bottom of Fig. 3 are average values for the middle 
1/2 in. of the section. From the procedure used, it 
follows that the temperature on the left side of each 
interval was lower than indicated and the tempera- 
ture on the right was probably higher. It is apparent 
from Fig. 3 that the resistance-ratio change asso- 
ciated with physical imperfections occurs over a 
temperature range centered near 1200°C. It is known 
that recrystallization also takes place in this temper- 
ature range.®” There is little happening below 800°C 
that can be detected from resistance measurements 
which suggests that the original material was an- 
nealed free of most strains as might be expected 
from the method of its preparation. Between 1400°C 
and the melting point the resistance ratio does not 
change appreciably. From Fig. 4, which is a photo- 
graph of a rod that was heat treated in steps at sev- 
eral temperatures between 1645°C and the melting 
point, it can be seen that appreciable grain growth 
occurs in this temperature range. However, grains 
of this size contribute relatively little to the resis- 
tance ratio. In fact, the resistance ratio appears to 
be increasing with the increasing grain size which 

is in the wrong direction to be expected from grain 
growth. The origin of this small but definite increase 
in resistance ratio above 1400°C is unknown but it is 
possible due to a gradient in the impurity concentra- 
tion of the original rod. The rate of cooling of the 
various regions was slow enough, 300°C per min, 
that the quenching in of vacancies seems improbable. 
It can be seen, Fig. 3, that the section that was melted 
has a very much smaller resistance ratio due to the 
volatilization of impurities as discussed earlier. 

A series of four photomicrographs was taken in 
the vicinity of the 1200 deg anneal and is shown in 
Fig. 5. Each picture is indicated by a letter and the 
corresponding region along the rod is designated on 
Fig. 3. The grains in region (a) are elongated and 
very similar to those further to the left (which were 
heat treated at a lower temperature). In region (bd) 
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the grains are getting fatter and recrystallization is 
occurring. The number of equi-axial and elongated 
crystals are approximately equal in region (c) and 
the process is essentially complete in region (d). It 
is to be noted that the resistance ratio is changing 
quite rapidly through this region as recrystallization 
takes place. However, when recrystallization is com- 
plete and only grain growth is occurring, the resis- 
tance ratio changes very little. The temperature at 
which recrystallization is observed is in reasonable 
agreement with values®~® cited for comparable mate- 
rial. However, the grains continue to grow in size in 
the region to the right as can be seen in Fig. 4. 

Although the precise origin of the contribution to 
the resistance ratio, and thus to the resistivity, that 
is removed during annealing is uncertain, it is clear 
that its removal is associated with recrystallization. 
The most apparent source of this resistance is from 
physical defects associated with the elongated grains 
and their boundaries. The resistivity change is much 
too large to be explained in terms of gas contamina- 
tion. Vacuum-fusion analysis has shown? that the 
amount of gas evolved is much too small. Consid- 
erable experimental work on this point will be re- 
quired before the detailed nature of the processes 
making this particular contribution to the resistivity 
are understood. 
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Lattice Strains and X-Ray Stress Measurement 


Matthew J. Donachie, Jr. 
and John T. Norton 


Residual lattice strains were produced in 2024 alu- 
minum and ingot iron by uniaxial tensile deformation. 


These strains were measured on the original surface 
and with depth below the surface. The strains con- 
formed approximately to those from a macroscopic 
stress distribution but they were not truly macro- 
scopic in nature. The exact mechanism which appar- 
ently causes the coherently diffracting region of 
each grain to behave as if macroscopically stressed 
was not determined. 


Macroscopic stresses in metals produce strains 
in the lattice which result in X-ray line broadening 
and line displacements. The latter effect can be 
utilized in a technique for determining stresses in 
metals as first shown by Lester and Aborn.’ Sub- 
sequent advances in technique have enabled the X- 
ray method of stress measurement to be satisfac- 
torily applied to many problems involving residual 
stresses of a macroscopic nature, such as those due 
to welding, grinding, shot-peening, and so forth. In 
the case of stresses such as those described above, 
the correlation of X-ray- and mechanically deter- 
mined data has been generally good. However, plas- 
tically extended polycrystalline metals have some- 
times been reported’ to show line displacements 
upon release of the applied tensile load, yet the na- 
ture or origin of the residual lattice strains, rls, 
producing these displacements has never been clear. 
As will be pointed out, this lack of clarity regarding 
the macroscopic or microscopic nature and origin of 
these stresses casts doubt on the validity of results 
achieved by the commonly accepted techniques of 
X-ray stress measurement. This anomalous be- 
havior requires clarification to remove the doubts 
concerning X-ray stress measurement. 

The present paper is the result of an investigation 
of the interesting behavior of such plastically ex- 
tended polycrystalline metal bodies. The studies 
were originated to carry out the following tasks: 

1) Observe whether a residual lattice strain is 
produced as a result of plastic extension and show 
whether any residual lattice strains produced can be 
related to the usual concept of a macrostress, 
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2) Examine the origin of any residual lattice 
strains observed. 

3) Consider the implications or consequences of 
the existence of such residual lattice strains on the 
problem of X-ray stress measurement. 


THEORY 


1) Lattice Strains. The theoretical developments 
necessary for the treatment of lattice strains and 
their relation to stresses follow from the classical 
theory of elasticity and have been adequately covered 
by Barrett.* For an isotropic solid under homoge- 
neous deformation, it can be shown that, for uniaxial 
stresses 


Eyr = + v) sin? y— v] [1] 
vo 
= [2] 


where o,7 is the macrostress acting in the longi- 
tudinal direction; €y; is the lattice strain in the 
plane defined by the surface normal and the longi- 
tudinal direction at an angle, w, from the surface 
normal; €y7 is the similar strain in the transverse 
plane; E is Young’s modulus; and v is Poisson’s 
ratio. Eq. [2] is independent of angle y and Eq. [1] 
is a linear function of sin’ y, see Fig. 1, and can be 
solved analytically for o; if E and v are known and 
€yz iS measured. Thus, a uniaxial macrostress will 
be indicated by a linear €,; vs sin?w plot and a 


\ 
= 


sin ! 
Fig. 1—Schematic representation of lattice strain vs sin? yp 
for the case of uniaxial stress. 
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constant €,7 vs sin’ y plot. Biaxial stress systems 
will show both €,; and €,7 as linear functions of 
sin’ wy. Microstresses (stresses varying over dis- 
tances of the order of, or small compared to, the 
grain size) can introduce departures from linearity 
in plots of lattice strain vs sin? yp. 

2) X-Ray Stress Measurement. X-ray stress 
measurement is generally accomplished, not from 
direct calculations by using the lattice strains, but 
rather by determining the stress according to the 
following equation 


1+vy_ sin?¥v 


~ 


- AO = KAO [3] 


where AO is the X-ray peak position shift between 
the normal (W = 0 deg) and oblique (W = W) direc- 
tions, and @ is any surface direction. 


EXPERIMENTAL PROCEDURES 


1) Material and Preparation of Specimens. ‘“‘Arm- 
co’’ ingot iron and 2024 aluminum sheet were utilized 
in this investigation. Specimens were 1/16-in. thick 
and were heat-treated after machining to prepare 
them in as stress free a condition as possible. By 
air quenching the aluminum alloy specimens from 
solution annealing and aging temperatures, it was 
possible to retain the strength of the aged alloy 
while achieving a stress free material. Stress re- 
lief annealing reduced the residual stresses in the 
ingot iron specimens to about 4000 psi tension, the 
level of the as-received sheet. 

2) Measurements. The X-ray diffraction studies 
were performed using a G. E. XRD-3 spectrometer 
with modifications to permit focusing conditions to 
be retained when the specimen was rotated through 
an angle w for an oblique exposure. A tensile de- 
vice was constructed for use on this spectrometer. 
Force was applied through a screw and scissors arm 
combination and maximum permissible load was 
about 2200 lb. The tensile specimen had a reduced 
section near one end which permitted the large sec- 
tion to remain elastically strained while the reduced 
section deformed elastically or plastically. The ap- 
plied force was deter mined from strain gage readings 
on the front and back faces of the large section and 
converted to stress in the reduced section. In order 
to obtain the necessary oblique inclinations, the 
specimen and tensile device rotated about the spec- 
trometer axis. 

After small amounts of plastic deformation, the 
Q@102 doublet was obscured by the broadened reflec- 
tions of the individual lines. In order to determine 
the a, position for lattice strain measurements, 
the graphical separation proposed by Rachinger* 
was used. Data for doublet resolution was achieved 
by point counting across the peak at 0.5 deg inter- 
vals. 

Evaluation of the rls with depth was determined 
by X-ray observations on ground and etched surfaces 
with the geometry of the y =0 deg position. Me- 
chanical stress measurement was carried out by the 
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Fig. 2—Residual lattice strain vs plastic strain for 2024 alu- 
minum alloy. 


use of suitable etchants for surface removal and the 
use of strain gages for curvature measurements as 
suggested by Leeser and Doane.° 


EXPERIMENTAL RESULTS 


1) Aluminum Alloy. Upon unloading after plastic 
extension, residual lattice strains were observed in 
all the specimens examined, For any given yW value, 
it was observed that these rls increased approxi- 
mately as the square root of the plastic strain re- 
maining after deformation, as indicated in Fig. 2. 
The distribution of the data was similar for both 
sets of lattice planes investigated. The maximum 
rls generated at a given wy value was only about 50 
pet of the value attained for the same w value at the 
yield point under external loading. 

The rls was also investigated as a function of 
sin’ p. Typical results are plotted in Fig. 3 for 
measurements in both transverse and longitudinal 
directions. The data indicated an approximately 
linear relationship between rls and sin’ for both 
sets of lattice planes after all plastic extensions up 
to the maximum investigated. This is characteristic 
of a macroscopic residual stress system. A signifi- 
cant scatter about the mean straight lines was, how- 
ever, observed in all cases. The scatter was ran- 
dom from specimen to specimen, but individual 
measurements on any one specimen were reproduci- 
ble within experimental error. This behavior indi- 
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Fig. 4—Residual lattice strain vs plastic strain for ingot 
iron. 


cated that random microstresses were superimposed 
upon macrostresses which were apparently responsi- 
ble for the linearity of rls with sin? y. 

In order to further identify the source of the re- 
straint responsible for the observed rls vs sin’ y 
behavior, two separate experiments were performed. 
First, layers were etched from the surface of the 
deformed specimens and X-ray observations were 
made of the rls in the y =0 deg direction. The rls 
was apparently constant with depth, to distances 
greater than one-quarter of the thickness of the 
specimen, Since the diffraction angle did not vary 
with depth for both sets of planes investigated. Be- 
cause the rls was constant with depth, it was appar ent 
that no macrostresses were responsible for the ob- 
served linearity of rls vs sin’. Further confirma- 
tion of this conclusion was derived from mechanical 
stress measurement methods applied to several 
samples. The results of this experiment showed that 
no residual macrostress existed in the specimens 
after plastic deformation, thus confirming the pre- 
viously reported mechanical stress determinations 
of Davidenkov and Timofeeva.° 

2) Ingot Iron, Upon unloading after plastic exten- 
sion, rls were observed in the specimens. Both sets 
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of lattice planes examined did not, however, show 
similar behavior, nor did either set show the para- 
bolic behavior of rls with prior plastic strain char- 
acteristic of the aluminum alloy. As shown in Figs. 
4 and 5, only the (310) planes exhibited an increase 
in rls with prior plastic deformation up to the limit 
of 10 pct plastic deformation. The (211) planes ap- 
peared to produce a band of rls which were com- 
pressive for both WY values and did not increase with 
deformation up to the limit of plastic deformation 
produced. 

The rls was investigated as a function of sin’ y 
and typical results are plotted in Fig. 6 for meas- 
urements in both transverse and longitudinal direc- 
tions. The data for (310) planes indicated an ap- 
proximately linear rls vs sin’y relationship charac- 
teristic of a macroscopic residual stress system. 
The data for (211) planes, however, indicated a slight 
over-all compression existed. Scatter of the data 
about the mean straight lines was similar to that for 
the aluminum alloy, and comments on that alloy ap- 
ply here. 

Etching experiments of the type described for the 
aluminum alloy were performed on ingot iron to 
identify the source of the restraint responsible for 
the observed rls vs sin? behavior. It was observed 
that the rls in the y =0 deg direction was constant 
with depth below the original surface. Thus, no re- 
sidual macrostress was present. Mechanical stress 


methods also indicated that no residual macrostresses 


existed in the specimens after plastic deformation, 
thus confirming the results of Neerfeld.” 


DISCUSSION 


1) Lattice Strains. Residual lattice strains were 
generated by plastic extensions of less than 1 to 2 
pet. When rls are observed in metals which have 
been. heat-treated, rolled, or shot peened, cases 
where the residual stress causing the rls is known 
to be macroscopic in nature, the evidence indicates 
that the rls are consistent with the theory of elas- 
ticity, using modified elastic constants. In the case 
of rls arising from plastic extension, the data for 
the strain distribution also followed the theoretical 
pattern but with large fluctuations from the mean 
position being exhibited by the diffracting grains. 
The initial indication, therefore, from lattice strain 
measurements alone, was that a macrostress was 
present with some microstress of an irregular na- 
ture superimposed on it. As noted, however, further 
work showed that the average grain was not re- 
strained in a macromanner even though it conformed 
to the predictions of elasticity theory. What, then, 
is the origin of these rls? 

Two broad suggestions have been made regarding 
the origin of rls. First, it has been suggested that 
they result from some trivial experimental circum- 
stance, probably bending of the specimen. Second, it 
has been suggested that they result from some form 
of internal stress system generated by the tensile 
deformation. The weight of past and present experi- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


T 
@ (310) Planes @ = Long. * = Trans. 
a © (211) Planes © = Long. - = Trans. 
200}— 
a 
« 
2 
€ 
fo) + 4 4 
\ 
a 
4 
> 
° 0.2 0.4 0.6 0.8 1.0 


sinty 
Fig. 6—Residual lattice strain vs sin’ p for ingot iron 
after 5.3 pct extension. 


mental evidence, e.g., rls is the same on both sides 
of a specimen, negates the first suggestion. Conse- 
quently, it remains to explore the methods whereby 
internal stress systems could be generated by tensile 
deformations and to determine whether or not such 
mechanisms can account for the results observed in 
this investigation. 

It is apparent from a consideration of the mechan- 
ics of deformation that the yield strength of a given 
grain will be dependent upon its orientation in the 
aggregate. If it is assumed that different grains 
have different yield strengths, then it is possible 
that some grains will yield sooner under applied 
stress than other grains less favorably oriented for 
deformation. When the external load is removed, 
some grains will be in compression and others in 
tension due to this unequal deformation from grain 
to grain, yet the mean value of the residual stresses 
across any plane section in the specimen should be 
zero. This condition is described as an intergranu- 
lar stress system. Greenough® has quantitatively 
treated the development of an intergranular stress 
system and concludes such a system should develop 
in a systematic fashion for a given alloy. The quali- 
tative argument above implies a random intergranu- 
lar stress system, that is, the strains due to this 
system, measured in any angular direction would be 
randomly arranged about a mean zero value. Re- 
sults of Wood and Dewsnap’ strongly indicate that 
this is the case. In addition, such a mechanism 
would account for the random deviations from line- 
arity of rls vs sin? observed in the present in- 
vestigation. The mean strain distribution greater 
than zero must, however, have been due to some 
other cause. Greenough” ” *° has maintained that the 
principal magnitude of the rls is derived from an 
intergranular system. The present study and that of 
Wood and Dewsnap indicate this is not true. In addi- 
tion, recent work by Macherauch, et al.’” * compar- 
ing experimental rls distributions with those pre- 
dicted by the Greenough mechanism leave no doubt 
that intergranular stresses produce strains which 
are: 1) smaller than those experimentally produced 
by plastic extension and 2) random in nature rather 
than systematically distributed. 

By the elimination of intergranular stresses as a 
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major cause of rls, the problem reduces to a con- 
sideration of the mechanism whereby individual 
grains in the aggregate can on the average be uni- 
formly stressed in a uniaxial or slightly biaxial 
manner without macroscopic restraint. The rls are 
only determined by the coherently diffracting re- 
gions of a polycrystalline aggregate. It is possible 
that the restraint which causes the observed rls 
could be located in a region which does not contrib- 
ute to the observed diffraction peak. It is apparent 
that in a two-phase alloy, the second phase must 
carry a share of any external or internal loads. 
There may be a significant amount of the rls ob- 
served in one phase which is balanced by a restraint 
in the unexamined second phase. Since rls were 
found in ingot iron during this study and have been 
reported in pure copper,” this mechanism cannot 
account for all the observed rls. 

Various mechanisms based on the coherent-in- 
coherent diffraction volume interactions have been 
presented and reviewed in the literature.” ” 1% 14 
These mechanisms ranged from high-strength amor- 
phous grain boundaries to uncertain dislocation con- 
figurations. None of these mechanisms leads to a 
clear-cut satisfactory explanation of the origin of 
the rls observed after plastic extension, and the 
present authors find it similarly difficult to construct 
a model for the observed results. It is interesting 
to note that investigations**-*’ of the plastic behavior 
of polycrystalline metals in the vicinity of the grain 
boundary have indicated that deformation is more 
severe in regions near the boundary than in interior 
regions of the grains. It is conceivable that the de- 
formed grain-boundary region may act as the re- 
straint upon a less heavily deformed interior to pro- 
vide the rls observed experimentally. In this fashion, 
the interior of all grains might, on the average, be 
restrained the same amount. Random local fluctua- 
tions due to orientation and grain-size effects would 
be superimposed. Thus, if the heavily deformed re- 
gion nearest the grain boundary did not contribute 
to coherent diffraction, rls distributions which con- 
formed to the predictions of elasticity theory would 
be detected. It is not clear, however, that the 
heavily worked area should affect the diffraction 
peak in this manner, so the above hypothesis cannot 
be substantiated at present. It is hoped that future 
work will be performed to clarify the uncertainty 
regarding the mechanism which produces the ob- 
served rls in plastically extended metals. 

Before concluding the discussion of lattice strains, 
the anomalous results of the (310) and (211) planes 
of iron in the early stages of plastic extension should 
be mentioned. The (211) planes showed slight com- 
pressive rls at all wy angles and elongations up to 
10 pet. Wood** reported the (211) planes show no rls 
until after 6 pct elongation. If, after plastic exten- 
sion, the unstrained lattice spacing which should be 
used for calculating lattice strains were different 
from that observed and used before plastic exten- 
sion, then the strain observations would all be in er- 
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ror by some fixed amount. The fact that metastable 
lattice parameters have been observed’? in various 
conditions of annealing suggests that such an effect 
could occur. If it did occur, the net effect on both 
(211) and (310) planes would have been similar. As- 
sume a change in lattice parameter from annealed 
to deformed state corresponding to about 60 y in. 
per in. compression on the planes examined did oc- 
cur. Then by shifting the strain axes in Figs. 4 and 
5 the (211) planes would have exhibited no strain up 
to about 8 pct elongation, but would have begun to 
show slight strain generation by about 10 pct elonga- 
tion. Similarly, the (310) planes would have shown 
no strain up to 2 pet, where significant strains would 
have begun to appear. Then, the lack of strain gen- 
eration immediately on plastic extension would be 
explained by the suggestion of Wood” that rls does 
not develop in the extreme surface layers as rapidly 
as it does at some distance below the surface. Con- 
sequently, cobalt {(310) planes} and chromium {(211) 
planes} radiations which have very low penetration 
on iron might require a greater amount of prior ex- 
tension to produce a detectable rls. 

2) Effect of the Results on X-Ray Residual Stress 
Measurement. Obviously, the results indicate that 
unless a macroscopic residual stress distribution is 
known a priori to exist, then rls experimentally de- 
termined cannot be directly related to macrostresses 
without destruction of the specimen. This of course 
defeats the primary purpose of the X-ray method. 
The source of residual stress systems which pro- 
duce rls is usually known, however, or can be in- 
ferred from past history of a specimen. Thus, a 
knowledge that macroscopic residual stress systems 
are present is generally available, and the X-ray 
method can be used with confidence. 

It should be noted that ordinary X-ray stress 
measurement techniques involve the determina- 
tion of strain in only two positions on the strain vs 
sin’ straight line. Between any two points, a 
straight line can always be drawn; thus, in a two- 
point stress determination, as used in engineering 
practice, each grain is implicitly believed to have 
the same stress as every other grain. In distribu- 
tions where the restraint causing lattice strain is 
known to be macroscopic, the average grain will not 
differ greatly from the strain distribution of the 
strain ellipsoid. In such a case, the two-point stress 
method is quite adequate. If, however, there is a 
Significant fluctuation of the lattice strain at various 
y angles about the mean position defined by the 
strain ellipsoid, then a two-point method such as 
normally used could give wide deviations of calcu- 
lated stresses from the mean average stress if the 
sets of g”Zins at each of the two points measured 
had large deviations from the mean strain. In such 
a case, or where the uniformity of strain distribu- 
tion is in doubt, the measurement of strain in at 
least four W directions should be performed to find 
the mean strain distribution and hence the stress in 
the average grain. 
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CONCLUSIONS 


It can be concluded from the investigation that: 

1) Residual lattice strains are generated by less 
than 2 pct tensile deformation in 2024 aluminum and 
ingot iron, but these residual lattice strains do not 
arise in any detectable manner from a macroscopic 
stress system. 

2) The residual lattice strains generated by plas- 
tic extension are not solely, or in any major part, 
the result of an intergranular stress system. 

3) The coherently diffracting regions of the grains 
are restrained in a manner which causes the average 
grain to conform to the theory of elasticity, and are 
therefore subjected to an internal stress which is, on 
the average, constant throughout the specimen. The 
mechanism producing this internal stress system is 
not, however, clearly understood. 
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Solid Solution Strengthening 
A. A. Hendrickson and M. E. Fine 


The critical resolved shear stress and the strain 
vate dependence of the flow stress are reported for 
Ag base Al single crystals up to 6 at. pct Al over a 
temperature vange of 4.1° to 470°K. At room tem- 
perature the solid solution strengthening is attrib- 
uted principally to an increase in the dislocation 
density on alloying. At 4.2°K the alloys are rela- 
tively stronger because the dislocations widen on 
alloying and are more difficult to cut. 


In a previous paper, the authors reported the char- 
acteristics of strain aging in Ag base Al alloys.' The 
variation of the magnitude of the strain-aging yield 
drops on aging time, aluminum content, and testing 
temperature strongly indicated that the phenomenon 
is due to the Suzuki mechanism. 
In the present paper, the critical resolved shear 

stress (CRSS) and the strain rate dependence of the 
flow stress are reported for Ag base Al single crys- 


tals as functions of testing temperature (4.2° to 470°K) 


and Al content (0 to 6 at. pct). Observations on the 
substructure and measurements of the effect of crys- 
tal growth rate are also given. The experimental re- 
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of Ag by Al 


sults appear explainable considering that aluminum 
additions increase the dislocation density and dislo- 
cation width. 


EXPERIMENTAL METHOD 


The methods of specimen preparation and tensile 
testing were described previously.’ Briefly, single 
crystals were grown from the melt in a vacuum 
(1 x 1075 mm Hg), shaped into tensile samples by a 
combination of abrading and acid etching, annealed 
at 850°C in a vacuum (1 x 1075 mm Hg) for several 
days, and furnace cooled to 200°C. The testing was 
done on a model TM Instron using friction grips and 
a strain rate of about 5 x 1075 per sec unless other - 
wise noted. The various testing temperatures were 
obtained by immersing the specimens in the following 
media: 1) 4.2°K: liquid helium using the apparatus 
of G. Byrne;? 2) 77°K: liquid nitrogen; 3) 200°K: dry 
ice and acetone; 4) 415°K: ethylene glycol; 5) 460° 
to 480°K: molten Stanalax. 

In the determination of the CRSS above 296°K, a 
ratio method was used; the crystals were strained 
initially at the higher temperature, 0.1 pct shear 
strain, and then tested at 296°K. The ratio of the 
flow stress between the two temperatures was then 
multiplied by the average CRSS at 296°K to obtain 
the value of the CRSS at the high temperature. (The 
test at 296° K showed a yield point resulting from 
strain aging; the flow stress at 296° K was taken as 
the lower yield stress.) The ratio method, we believe, 
is more accurate than using different crystals since 
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Fig. 1—CRSS of Ag base Al crystals as functions of test- 
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Fig. 2—Flow stress (in easy glide range) as function of the 
logarithm of the strain rate (strain rate ratios are plotted) 
for 99.99 pet Ag, 1 at. pet Al, and 2 at. pet Al. 
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Table I. CRSS for 2, 3, 4, and 6 at. pct Al-Ag Crystals at 296°K 


Number of Range in CRSS Values 
At. pct Al Determinations Kg/mm?” 
2 5 0.41 — 0.51 
3 uf 0.46 — 0.56 
4 4 0.54 — 0.63 
6 15 0.62 — 0.76 


the temperature dependence of the CRSS is quite 
small in the 300° to 500° K temperature range. 

Strain rate changes by factors of 5, 10, and 25 were 
accomplished by stopping the test and changing the 
cross-head gears on the Instron. During the time re- 
quired to change the gears, a load of about 95 pct of 
the flow stress was maintained on the specimen. At 
296°K, the time delay in changing gears was suffi- 
cient to result in yield points from strain aging. Here 
the change in flow stress due to a change in strain 
rate was measured by extrapolating the flow curve for 
the second strain rate through the region of the yield 
drop. Values obtained in this way were checked with 
tests using a Floor Model Instron equipped with a 
shifting lever for accomplishing strain-rate changes 
by a factor of ten; with this arrangement, the strain- 
rate changes could be effected in a few seconds. No 
detectable difference was found for the data obtained 
from the two methods. 

One set of 6 at. pct Al-Ag crystals was grown at a 
rate slightly more than twice the usual growth rate, 
0.9 in. per hr rather than 3/8 in. per hr; otherwise, 
the preparation of the fast-grown crystals was iden- 
tical. 


EXPERIMENTAL RESULTS 


A) CRSS of Ag-Base Al Crystals. The CRSS values 
for Ag base Al crystals are given as functions of com- 
position and testing temperature in Fig. 1. At 296°K, 
where a large number of determinations were made, 
smooth curves are drawn through the average values 
for the 2, 3, 4, and 6 at. pct Al-Ag crystals; the range 
in the measured values of the CRSS for crystals of 
these compositions is given below in Table I: 

The strengthening effects of aluminum additions to 
silver depend strongly on the testing temperature. 
For example, at 415°K, the difference between the 
CRSS for 1 and 6 at. pct Al crystals is about 350 gm 
per sq mm; at 4.2°K, this difference is 1400 gm per 
sq mm. 

The dotted curve in Fig. 1 gives the CRSS for 6 at. 
pet Al crystals grown at the faster rate of 0.9 in. per 
hr, the solid curves are for the 3/8 in. per hr growth 
rate; the CRSS for these crystals is about 20 pet high- 
er than those grown at the slower rate. 

B) Strain Rate Dependence of the Flow Stress. The 
flow stress increase (7, — 7,) from increasing the 
strain rate from é, to €, vs the logarithm of the strain 
rate ratio (€,/é,) is plotted in Figs. 2 and 3. All tests 
were in the easy glide portion of the stress-strain 
curve. The range in values for the crystals of the 
various compositions is indicated by the lines termi- 
nating in arrows. The dotted lines in Fig. 3 give the 
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Fig. 3—Flow stress (in easy glide range) as function of the logarithm of the strain rate (strain rate ratios are plotted) for 


(a) 3 at. pet Al, and (4) 6 at. pct Al. 


values of (7, -— 7,) vs In (€,/é€,) for 6 at. pet Al-Ag 
crystals which were grown at the faster growth rate 
of 0.9 in. per hr. 

In tests on individual crystals, a linear relation- 
ship was found between (7, - 7,) and log €,/é, toa 
good approximation. The spread in values for the 
strain rate dependence of the flow stress indicated 
in Figs. 2 and 3 is due to variations from crystal to 
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Fig. 4—-Strain rate dependence of the flow stress as a 

function of strain for a 6 at. pet Al crystal tested at 

200°K, (0) = €3/€o (@) = 5]. 
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crystal and to variations with strain in the easy glide 
range; there is a small increase in (7, - 7,) with 
strain. Table II illustrates these two effects for 6 at. 
pet Al crystals. 

In the linear hardening portion of the stress-strain 
curve, (7, - 7,) for a given increase in strain rate 
is more strongly affected by strain. This effect is 
illustrated in Fig. 4 for a 6 at. pct Al crystal tested 
at 200°K. The transition between easy glide and lin- 
ear hardening for this crystal occurs between 75 and 
85 pct shear strain. 

An interesting feature of the strain rate dependence 
tests is the presence of a small yield point which oc- 
curs on increasing the strain rate at low tempera- 
tures (at 296°K, yield points from strain-aging are 


Table Il. Variations in the Strain Rate Dependence of the Flow Stress 
in 6 at. pct Al Crystals (¢,/¢, = 25) in the Easy Glide Range 


(72-7) Pct Shear CRSS 
Crystal gm/mm Temperature (°K) Strain gm/mm 7? 
Hde 93 UU 2, 696 (296°K) 
Hde 98 77 20 696 (296°K) 
He2 87 77 2 638 (296°K) 
He2 94 77 22 638 (296°K) 
Gh4 82 Td. il 1350 (77°K) 
Gh4 85 77 18 1350 (77°K) 
Gh4 93 77 32-1350 (77°K) 
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the end of easy glide. 
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present). This becomes noticeable near the end of 
the easy glide region. Fig. 5, which is a tracing from 
the Instron chart near the end of easy glide, shows 
this effect in a 1 at. pct Al crystal tested at 200°K. 
Note that a strain rate decrease gives the opposite of 
a yield point effect, i.e., a transient region occurs in 
which the work hardening rate decreases with strain. 
The effect illustrated in Fig. 5 was also found in 
99.99 pct Ag and 2, 3, and 6 at. pet Al-Ag crystals 
at 4.2°, 77°, and 200°K. These yield points have the 
same behavior characteristics as those reported for 
silver, gold, copper, and aluminum crystals by Basin- 
ski.* The data given in Figs. 2 and 3 are for strains 
smaller than those giving the yield effect. 

C) Effect of Strain on the Temperature Dependence 
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Fig. 7—Stress-strain diagrams for 99.99 pct Ag, 1 at. 
pet Al, and 6 at. pet Al crystals at 296° and 4.2°K. 
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Fig. 6—Effect of strain on the temperature dependence 

of the flow stress in 99.99 pct Ag, 1 at. pet Al, and 6 at. 
pet Al crystals between 77° and 296°K. The upper por- 
tion of the figure gives the stress-strain curves at 296°K. 


of the Flow Stress. Both pure silver and Ag base Al 
crystals deviate from the Cottrell-Stokes law.* The 
flow stress ratios and the flow stress differences be- 
tween 77° and 296° K* are given in Fig. 6 for 99.99 
*The test procedure here was to extend the crystals by various 
amounts at 296°K and then extend by a few percent shear strain at 


77°K, Yield points resulted from strain aging in the alloy crystals; 
the flow stress was taken as the lower yield stress. 


pet Ag, 1 at. pct Al-Ag and 6 at. pct Al-Ag crystals; 
also included in Fig. 6 are the stress-strain dia- 
grams for these crystals at 296°K. In the easy glide 
range, — remains substantially constant; 
it increases considerably during linear hardening. 

D) Effect of Aluminum Content on the Deformation 
Characteristics of Silver. The stress-strain dia- 
grams of 99.99 pct Ag, 1 at. pct Al, and 6 at. pct Al- 
Ag crystals of similar orientations at 296° and 4.2°K 
are given in Fig. 7, The easy glide range increases 
with increasing aluminum content and is consider- 
ably enlarged by reducing the testing temperature 
from 296° to 4.2°K, 

Sachs and Weerts® measured the overshooting in 
silver crystals tested at room temperature. In their 
experiments, they found that overshooting continued 
until the shear stress on the conjugate system (7,) 
became equal to about 1.07 times that on the primary 
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Fig. 8—Substructures after annealing 2 
days at 850°C and slowly cooling to 
200°C: (2) 99.99 pet Ag, (5) 1 at. pet Al, 
(c) 3 at. pet Al, (d) 6 at. pet Al. Etched 
in concentrated HNO; for fraction of sec- 


ond. Magnification for (a), (6), and (c) is 
X1000, and for (d) is X3000. Reduced 


approximately 26 pct for reproduction. 


system (7»). For a 6 at. pct Al crystal at 296°K, ro- 
tation of the tensile axis began its reversal when 
Tp 

Al additions also affect the nature of the slip traces 
on Ag crystals. The 99.99 pct Ag crystals have fine 
slip traces while 6 at. pct Al-Ag crystals show much 
coarser slip traces, similar to those found in a- 
brass. 

E) Substructure of Silver and Ag-Al Alloys. The 
presence of a substructure, as shown in Fig. 8, is 
easily revealed in 99.99 pct Ag and Ag base Al alloys 
by etching electropolished specimens in concentrated 
HNO, for a fraction of a second. The characteristics 
of the substructure are as follows: 

1) The average subgrain size decreases as the 
aluminum content increases from 0 to 3 at. pct Al; it 
is difficult to tell whether the subgrain size differs 
between the 3 and 6 at. pct Al-Ag crystals. 

2) The subgrains are found in as-grown crystals, 
annealed crystals furnace or air cooled, and in the 
grains of rolled and recrystallized samples. 


DISCUSSION 


Aluminum additions to silver increase both the 
CRSS and its variations with temperature; a complete 
explanation for the solid solution strengthening must 
account for both of these changes. 

The authors’ have previously pointed out that the 
major portion of the solid solution strengthening in 
Ag base Al alloys is not reasonably accounted for by 
dislocation pinning mechanisms. The data in the pres- 
ent paper further support this conclusion: 

In Fig. 9, the CRSS for 6 at. pct Al-Ag crystals and 
5 at. pct Zn-Cu crystals®” are given as functions of 
testing temperature. In the region of room tempera- 
ture, the 6 at. pct Al-Ag crystals are considerably 
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weaker than the 5 at. pct Zn, a-brass crystals. If 
Suzuki locking were the main contribution to the CRSS 
in the temperature range from 300° to 500° K (where 
the temperature dependence of the CRSS is relatively 
small, as expected for the Suzuki strengthening me- 
chanism),® one would expect Ag base Al crystals to 
be stronger since aluminum additions must lower 
the stacking fault energy of silver more rapidly than 
zinc additions to copper (a hcp phase becomes stable 
at 25 at. pct Al in the Ag-Al system compared with 
50 at. pct Zn in the Cu-Zn system). 

Thermal fluctuations are expected to be of consid- 
erable aid in freeing dislocations locked by Cottrell 
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Fig. 9—The CRSS of a-brass (5 at. pet Zn) and Ag-6 at. 
pet Al as functions of the testing temperature. 
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Fig. 10—Calculated short range order strengthening and 
the observed CRSS at 4.2°K as functions of Al content. 


atmospheres, suggesting that the strong increase in 
the CRSS at low temperatures is due to this mechan- 
ism. However, in a-brass, Cottrell locking is ex- 
pected to be considerably stronger than in Ag base 
Al alloys since the size difference factor is much 
larger in the former. The atomic sizes of silver and 
aluminum differ by 0.6 pct; Cu and Zn differ by 13 
pet. As shown in Fig. 9, the increase in CRSS on 
cooling from room temperature to 4.2°K is 1.6 times 
larger in 6 at. pct Al crystals than in a-brass crys- 
tals containing 5 at. pct Zn. On the basis of this com- 
parison, Cottrell locking does not appear reasonable 
as an explanation for the strong temperature depen - 
dence of the CRSS found in Ag base Al crystals. As 

a matter of fact, since aluminum and silver are 
closely the same in atomic size, all hardening effects 
due to atomic mismatch seem to be ruled out. Thus, 
one does not expect the interaction of moving dislo- 
cations with the stress fields about solute atoms to 
be important in the Ag-Al case. 

Electrical interaction of aluminum atoms with dis- 
locations cannot explain the larger temperature de- 
pendence of the CRSS in the Ag base Al crystals. In 
order to do so, the electrical interaction would have 
to be much stronger (relative to the elastic interac- 
tion) than is anticipated by the theory.® In this re- 
gard, Weinig and Machlin!° have measured the rela- 
tive importance of elastic and electrical interactions 
in a series of copper base alloys; their results indi- 
cate that the relative strengths of the two interac- 
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Fig. 11—Activation volumes as functions of Al content 
and testing temperature. 


tions are about those expected from the theory. 
Since the thermodynamic™ and X-ray!” data show 
that short-range order exists in the Ag-rich, fec 
solid solution, the contribution of SRO strengthening 
to the CRSS of Ag base Al crystals must be consid- 
ered. The thermodynamic measurements yield a p = 
-—0.007 eV per atom while the X-ray measurements give 
av = —0.025 eV per atom. Using the latter value for v 
and Eqs.[3] and [5] of Flinn,!° one can estimate the 
strengthening effect expected from SRO, Fig. 10. 
Here the degree of SRO is calculated using T, = 
296°K. Since Flinn neglects the entropy increase on 
disordering during deformation, the predicted SRO 
strengthening in Fig. 10 is compared with the meas- 
ured CRSS at 4.2°K. In addition to the fact that the 
predicted SRO strengthening is an order of magni- 
tude less than the observed CRSS, the expected com- 
position dependence for SRO strengthening is much 
stronger than measured in Ag-Al; SRO effects pre- 
dict about a 36-fold increase in strength on increas- 
ing the aluminum content from 1 to 6 at. pet Al, while 
the observed CRSS increases by a factor of about 4. 
One must therefore conclude that strength contribu- 
tions from SRO effects are of minor importance. 
Several investigators'415 have suggested that the 
source of solid-solution strengthening may be 
due to an increase in the dislocation density of 
metal crystals with solute additions. Seeger‘ has 
proposed that the strengthening due to barrier dislo- 
cations is determined by two additive contributions: 
1) the stress required to overcome the long-range 
stress fields of almost parallel dislocations, Tg} 
2) the stress required to intersect dislocations 
threading the glide plane, Ts. Tg is only weakly tem- 
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perature dependent through variations in the shear 
modulus; T, increases rapidly on cooling since ther- 
mal fluctuations aid the intersection of forest dislo- 
cations by gliding dislocations. 

The activation volume, v, in Seeger’s theory is 
given by the following equation: 


_kTIné,/é, 
v= 
Tz - 


[1] 


v also equals bdl, where b is the Burgers vector of 
the gliding dislocation, J, is the distance between ob- 
stacles, and d is the width over which thermal mo- 
tions aid the applied stress in surmounting the bar - 
rier. The activation volumes can thus be determined 
from the measurements of change in flow stress vs 
strain rate. The values for v in 99.99 pct Ag and Ag 
base Al alloy crystals are given in Fig. 11 as func- 
tions of the testing temperature and composition; 
these values were computed using the data from 
strain-rate changes only in the early part of the easy 
glide range. The activation volume, v, changes with 
both testing temperature and aluminum content; v de- 
creases by about an order of magnitude over the tem- 
perature range of 296° to 4.2° K and by a factor of 
approximately 6 asthe aluminum contentis increased 
from 0 to 6 at. pct Al. 

Assuming the obstacles being overcome with ther- 
mal assistance are dislocations threading the glide 
plane, the observed decrease in v with the increase 
in aluminum content then seems due to an increase 
in the dislocation density. The temperature variation 
in v may be explained as follows: when an extended 
dislocation approaches another dislocation which it 
must intersect, a constriction is presumed to form 
prior to the cutting process.’” As the temperature 
is lowered, thermal fluctuations are less able to aid 
the applied stress in making the constriction; hence, 
the width over which thermal fluctuations are effec- 
tive during intersection becomes smaller and v shows 
a decrease as the temperature is lowered. 

At temperatures above room temperature, the tem- 
perature dependence of the CRSS is small; this sug- 
gests that most of the strengthening is due to the T, 
term in Seeger’s theory. According to Seeger, 


Tg & bG VN’ [2] 


where G is shear modulus and N’ is the dislocation 
density. Also, if 7, is the dislocation spacing, 


bG 
3 
[3] 


From the measured v’s and assuming d at a given 
temperature to be independent of aluminum content, 
the ratios of 7, predicted from Eq. [3] for crystals 
containing 1, 3, and 6 at. pct Al compared with 99.99 
pet Ag are 1.3, 3.4, and 6, respectively. These ratios 
are in fair agreement with the ratios in the CRSS; at 
470° K (we assume Tg = the CRSS ratios for 
crystals having 1, 3, and 6 at. pct Al with 99.99 pct 
Ag crystals are 2.3, 4, and 5.1, respectively. 

At 4.2°K Seeger’s theory of the flow stress re- 
duces to the following: 
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[4] 


Values of (7 - Tg)4,2°% may be obtained from Fig. 1. 
As previously noted, aluminum additions to silver 
increase (T - Tg)4.2°%%- For calculting wu), an uncer- 
tainty arises in assigning a value to 7g. Even though 
the temperature dependence of the CRSS is relatively 
small at the highest testing temperature (470°K), it 
is still more strongly temperature dependent than the 
shear modulus. However, the approximation Tg |, 
~ (G4,2°~ /Gazo°x), Should be reasonable since 
by far the largest portion of the CRSS’s change with 
temperature occurs between 4.2°K and room temper - 
ature. The shear modulus of silver was used. Table 
III gives the calculated u,’s: 

Using the data of Basinski*® for silver, one obtains a 
Uo Of about 0.12 eV. 

According to Stroh’® the energy required to form 
a constriction in an extended dislocation is propor- 
tional to the dislocation width which increases lin- 
early with decreasing stacking fault energy. The in- 
creased frequency of annealing twins with aluminum 
additions to silver,?® and the stabilization of the hex- 
agonal phase in the Ag-Al system at 25 at. pct Al 
both give qualitative indication that the stacking fault 
energy of silver is reduced by aluminum additions. 
More recently, Howie and Swann”? have measured the 
variation in stacking fault energy of silver as a func- 
tion of aluminum content and obtained a decrease of 
about a factor of 3 on adding 6 at. pct Al to silver. 
Our data in Table III indicate an increase in u, by 
a factor of 2 or 3. It is thus attractive to propose 
that the increase in the thermal variation of the CRSS 
and the increase in wu, with aluminum are due to an 
increase in dislocation width. 

An experimental result which is predicted by a 
dislocation density theory of solid solution hardening 
is that the CRSS for crystals of a given composition 
will be influenced by the growth rate since the dislo- 
cation density is a function of growth rate. It was ob- 
served, Fig. 1, that approximately doubling the growth 
rate for 6 at. pct Al-Ag crystals increased the CRSS 
by about 20 pct. The increased growth rate did not 
change the temperature dependence of the CRSS, z.e., 
Te TH and remained roughly un- 
changed. Also, the flow stress increases from iden- 
tical increases in strain rate, Fig. 3, were larger in 
the faster grown crystals by a factor of about 20 pct; 

V4.2 is then 20 pct smaller due toa decrease of 20 pct 
in 1,. Itthen follows from Eq. [4] that u, is un- 
changed by growth rate variations but is controlled 
by the aluminum content of the crystal. 

The substructure observed in Ag and Ag base Al 
crystals lends support to the view that solid solution 
strengthening is determined by solute effects on dis- 


(7 - & 


Table III. u,asa Function of the Al Content 
At. pct Al v in em* 7 in Kg/mm? Ug in ev 
Hf! 10 to 14 x 107" 0.24 0.15 to 0.21 
3 4.5 to 6 x 1077 0.62 0.18 to 0.24 
6 0.25 to 0.33 
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location density and width. Ball”! has reported that 
the flow stress in polycrystalline aluminum increases 
with decreasing subgrain size. We have observed 
that aluminum additions result in a decreased sub- 
grain size as well as an increased strength. Another 
observation concerns the small pits along subboun- 
daries which are fairly well defined for the 1 at. pet 
Al crystal. If one assumes that these pits are disloca- 
tion sites, the dislocation spacing is about 5 x 1075 
cm. The activation volume measured from the change 
in strain-rate tests at 4.2° to 77°K is between 10 and 
15 x 10-2 cm’, At these low temperatures, we can 
expect an activation distance of about 1 interatomic 
spacing, and thus one estimates that lo is of the 

order of 10-° cm. While it has not been proved that 
the pits along the subboundaries are dislocation sites, 
the distance between the pits is consistent with the 
value for the dislocation spacing as estimated from 
measured values of v. 

Our picture of solid-solution strengthening explains 
the relative CRSS for a-brass and Ag base Al crys- 
tals with the same atomic concentration of solute, 
Fig. 9. At room temperature, a-brass is stronger 
because the larger size factor in the a-brass case 
yields a greater dislocation density.22 At low tem- 
peratures, where dislocation intersection is impor - 
tant, the Ag base Al crystals are stronger because, 
as previously noted, aluminum additions should de- 
crease the stacking fault energy of silver faster than 
zinc additions lower the stacking fault energy of cop- 
per. 

Thus, our results support the following mechanism 
of solid solution hardening for Ag base Al crystals: 

1) At high temperatures, the increased CRSS of sil- 
ver through aluminum additions is effected mainly 
through an increased number of dislocations. Solid- 
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solution strengthening results from increased long- 
range interactions of gliding dislocations with the 
stress fields from a larger number of dislocations. 

2) At low temperatures, dislocation intersections 
make important contributions to the CRSS; the low- 
temperature CRSS increases with aluminum content 
because aluminum additions result in wider disloca- 
tions which are more difficult to cut. 
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Determination of Number of 


Particles Per Unit Volume 


From Measurements Made on Random Plane Sections: 


The General Cylinder and the Ellipsoid 


R. T. DeHoff and F. N. Rhines 


The problem of determining the number of parti- 
cles of a phase distributed vandomly in unit volume of 
an opaque matrix from measurements made on van- 
dom plane sections is closely investigated. A for- 
malized derivation for the general case is presented. 
Applications of this formal result are made to spe- 
cific types of aggregates dispersed in a matrix; 
circles, particles with flat circular ends, cylinders, 
and constant shape aggregates of ellipsoids of revo- 
lution. Quantitative measurements of the average 
geometric properties of these aggregates are de- 
veloped. 


In 1953 R. L. Fullman’ developed a technique for 
determining, from measurements made on random 
plane sections, the number per unit volume, Ny, of 
particles imbedded in an opaque matrix. Using meas- 
urements previously developed for volume fraction, 
Vy,’ and surface area per unit volume, Sy,° he was 
able to determine average volume, average surface 
area, and average dimensions of particles, indepen- 
dent of size distribution, for spheres and circular 
disks,’ as well as for uniformly sized cylinders of 
any axial ratio.* The technique is mathematically 
rigorous for the cases studied. 

Recent studies of this problem have yielded rig- 
orous solutions for the general case of cylinders, 
permitting evaluation of Ny independent of size dis- 
tribution and with all axial ratios intermixed. Gen- 
eralization to shapes having flat, circular ends has 
been deduced. A solution has also been obtained for 
the ellipsoid of revolution, independent of size dis- 
tribution, but requiring a constant axial ratio in the 
generating ellipses. 

In the following derivations, as in Fullman’s work, 
it is assumed that the problem is purely a combina- 
tion of geometry and probability theory, that is, either 
the particles to be measured are imbedded randomly 
in the matrix, or a sufficient number of random 
plane sections are taken to make the sample repre- 
sentative. 

A relationship exists between the number of par- 
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ticles of a given size and shape that may be situ- 
ated in unit volume (Ny) and the number of inter- 
sections a random plane can be expected to make 
with these particles (N,). It is the purpose of the 
following section to derive this relationship. 

The Probability of Intersecting Convex Bodies. 
Consider a convex, closed surface, that is, one for 
which no two surface normals point in the same di- 
rection, situated at some arbitrary position and 
orientation in a cube of material that is one unit 
long at each edge. 

It is not necessary to assume that this surface is 
symmetrical. Let planes be constructed in the cube 
parallel to the top face and at random distances 
from it. Those planes which lie between the two 
planes which are just tangent to the top and bottom 
of the surface will intersect it. The probability that 
a plane will intersect the body may be defined as 
the limit of the fraction of planes that lie between 
the two tangent planes as the total number of planes 
constructed becomes infinite. This fraction, in the 
limit, is equal to the distance between the two tan- 
gent planes, Dy, divided by the total length over 
which planes are constructed, which has been taken 
as unity. If the body is now rotated to a new orien- 
tation, applying the same argument, the probability 
of intersection is again numerically equal to the 
distance between tangent planes. 

Let Dy (¢, 6) be defined as the distance between 
tangent planes of a convex body as a function of 
orientation, Fig. 1. The probability, Pv, of inter- 
secting the body with a randomly oriented and ran- 
domly positioned plane, is then equal to the average 
value of Dy (8, ¢) over all possible orientations. It 
may be easily shown that for a system of spherical 
coordinates the probability of finding an orientation 
between @ and 6 + dé, and ¢+d¢is (1/47) sin ¢ 
dé dd, so that 


27 


Pr = Dy = J Dy (6, ¢) sin ¢déd¢ 


[1] 
This relationship may be applied to each body in 
an aggregate of convex bodies. In particular, if the 
bodies in an aggregate are classified according to 
size and shape, and the zthsuch class is considered, 
Eq. {1] may be applied to this entire class, the prob- 
ability of intersecting any body in this class being 


—— fan sin ¢déd 
Pr, = Dy; = Dy; (6, 6) [2] 
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Fig. 1—The probability of intersecting a convex body ina 
specific orientation is equal to the distance between tangent 
planes for that orientation, Dy (0, >) . 


If there are Ny; bodies belonging to the ith classifica- 
tion in unit volume of sample, then the number of in- 
tersections a random plane can be expected to make 

with particles in this class is 


Nai= Ny; P,; = Ny; Dy; 


[3] 
The number of intersections with all the particles in 
all classes is 


Na = 2Nai = Dy; = Ny Dy 


[4] 
In this equation Dy is the average probability of in- 
tersecting a particle in an aggregate of convex par- 
ticles, and is found to be equal to the mean value of 
the distance between tangent planes averaged over 
all orientations of all particles. Ea 

It should be mentioned that, while Dy has been 
derived here for convex bodies, an exactly analogous 
course of reasoning leads to an interpretation of Dy 
for closed surfaces which are not everywhere convex. 
In this class of shapes there exist orientations for 
which more than two planes are tangent to the body. 
If the distances between these planes are measured 
in chainwise fashion around the particle outline, and 
Dy; (9, ¢) is the sum of these measurements, then 
the average value of Dy;(9, ¢) over all possible ori- 
entations gives the probability of intersecting the 
closed surface with a single closed loop. This treat- 
ment thus accounts for those planes which form more 
than one intersection with the particle, and Eq. [4] 
with this interpretation of Dy may be considered to 
be perfectly general, and valid independent of the 
geometry of aggregates. 

The Probability of Intersecting Surfaces of Revo- 
lution. There exists a general class of surfaces 
which are generated by revolving some fixed curve 
about an axis. If such a surface is so oriented ina 
spherical coordinate system that the z axis is paral- 
lel to the axis of rotation, then the distance between 
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parallel tangent planes, Dy, is independent of @. 
Dy (9, ¢), Eq. [1], may be replaced by the function 
Dy($), which is the distance between parallel tan- 
gent lines on the generating curve. Eq. [1] then 
simplifies to 

2m 


since 6 can be ‘‘integrated out.’’ The complexity of 
the calculation of Dy for surfaces of revolution is 
considerably less than that for surfaces not possess- 
ing this symmetry. 

Evaluation of Ny from Planar Measurements. 
Inspection of Eq. [4] shows that Ny for an aggregate 
can be determined from measurements on random 
plane sections if and only if Dy can be determined. 
The following method of attack suggests itself. Sup- 
pose Z is a planar measurement which will yield the 
required result. The average or expected value of 
Zis 


where Z; is the average value of Z for all possible 

sections through particles in the it class. Substitu- 

tion for Ny; from Eq. [3] gives 

Ny; Dy 

[6] 
Nai 

The quantity being tested will yield the correct value 

of Ny if and only if it is so chosen that 


Dy, Z; = C 


Z= 


[7] 
where C is the same constant for all classes of par- 
ticles in the aggregate. Then 


a; 
From which Ny = Aa [8] 


The above result imposes several requirements 
upon the type of measurement that Z must be. Its 
units must be (length) *; it must be sensitive to par- 
ticle size; it must be sensitive to particle shape. In 
its simplest form, therefore, it will be the recipro- 
cal of some characteristic dimension of the outline 
formed by the intersection of a particle with a ran- 
dom plane. In the general case it may involve the 
reciprocal of some dimension of particle outline 
combined with other parameters that are unitless. 

Ny for Specific Shapes. Measurements of Ny have 
been developed for the specific shapes mentioned in 
the introduction. It is the purpose of the present 
section to extend and to broaden the list of shapes 
which may be analyzed and, at the same time, to 
present an example of the application of the general 
Eqs. [4] and [8] to a specific problem. 

Circles, Let the subscript c denote geometric 
properties pertaining to an aggregate of planar cir- 
cles of arbitrary size distribution dispersed in ran- 
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Fig. 2—Some examples of surfaces having 7 flat circular 
ends, showing ” = 1, 2, and 6, respectively. 


dom orientations and positions in an opaque matrix. 
Smith and Guttman have shown that the probability of 
intersecting any curve randomly oriented in space 


with a test plane is equal to one-half of its perimeter. 


Since each intersection with a circle in a given size 
class produces two intersections with its perimeter, 
the probability of intersecting a circle expressed in 
terms of the number of chords which may be ex- 
pected to be formed is equal to one-fourth the peri- 
meter of that circle: 

Dyic Vic [9] 
where 7;, is the radius of circles in the i‘* size 
class. 

The only dimension available for the measurement 
of Z, Eq. [6], is the length of intersection of the test 
plane with the circle. This line segment will be a 
chord of the circle, a random plane section through 
the aggregate being a collection of straight line 
segments. In any given size class the distribution of 
chords of the circle will be the same as that of the 
diameters of circular sections through a sphere 
which has the same radius as the circle. The aver- 
age of the reciprocals of these chord lengths, which 
must be Z in this case, is therefore the same as 
that derived by Fullman’ for diameters of circular 
sections through a sphere, 

Z,.=7= 
tc 475. 


[10] 


Substitution of expressions [9] and [10] into the 
general Eq. [6] gives Z for all size classes taken 
together ; 


Nai 8 Nac 
Thus Ny, = —4¢-£ [12] 


N,4c- is the number of straight line segments per unit 
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Fig. 3—The three types of intersections that may result 
when a random plane intersects a cylinder. 


area of test plane, and Ze is the average of the re- 
ciprocals of their lengths. 

The average radius of circles may be obtained 
from Eq. [11]. 


Zo =N = 472 
4 Vi Tic G 
from which 7, = —= [13] 


Shapes with n Flat Circular Ends. The analysis of 
Ny for an aggregate of circles finds useful applica- 
tion to surfaces of bodies which have flat, circular’ 
ends, such as those shown in Fig. 2. Plane sections 
through an aggregate of bodies of this type will have 
arbitrary shape except for certain segments of par- 
ticle outline which will be straight lines. Using these 
line segments to measure Z,, the number of circular 
ends of particles per unit volume, Ny,, is obtained by 
Eq. [12]. If the analysis is restricted to aggregates 
of particles which are random in size and shape ex- 
cept that each particle has a constant number, 7, of 
flat circular ends, then 


Nyc _ 8NAc Ze 
[14] 


Cylinders. The preceding derivation for the spe- 
cific class of shapes described is independent of the 
shape of the surface lying between the two flat ends. 
This fact is emphasized in Fig.2. The right circular 
cylinder is a special case of this type of shape that 
deserves specific investigation. 

When a random plane intersects a cylinder it may 
cut one end, both ends, or neither end, Fig. 3. Those 
cuts that intersect at least one end of the cylinder 
will have straight line segments in the particle out- 
line which are chords of the circles that form the 
ends of the cylinder. If the lengths of each of these 
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Fig. 4—The prolate ellipsoid is formed by 
rotating an ellipse (i) about its major axis 
(ii). A typical planar intersection is also 
shown (iii). 


(i) (ii) 


segments were measured (some outlines will have 
two), and the average of their reciprocals taken, then 
the quantity Z, defined in the previous section is 
obtained. Eq. [14] may then be applied to the case of 
an aggregate of cylinders, with n = 2. Thus, for right 
circular cylinders 


_ 4Nac 


[15] 


where N4, is not the total number of intersections 
per unit area, but is equal to the total number of 
straight line segments of particle outline in unit 
area. 

The radius of each cylinder is equal to the radius 
of each of its circular ends. The average radius of 
cylinders in the aggregate may be determined by 
Kq. [13]; 

[16] 

4Z, 

The probability of intersecting a cylinder with a 
random plane (Dy, Eq. [1 ]) is a function of its shape 


(i) 


(ii) 
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and size, and has been previously derived;* 


il 
Lj [17] 


The number of intersections a random plane may be 
expected to make with cylinders in the it® class is 


1 1 
Nai = Nvi E 


The total number of intersections it makes with all 
classes is 


Dy = + 


Na = +5] 


[18] 


Substituting from Eqs. [15] and [16], and solving for 


2 


The preceding results [15], [16], and [19], in com- 


Fig. 5—The oblate ellipsoid is obtained by 
rotating the ellipse (i) about its minor 
axis (ii). A typical planar section is also 
shown (iii). 
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bination with the well-known expressions for volume 
fraction and surface area per unit volume permit 
rigorous determination of all the average three- 
dimensional geometric properties of a completely 
arbitrary aggregate of cylindrical particles from 
measurements made on random plane sections 
through the aggregate. These properties include the 
average volume, average surface area, average di- 
mensions, and average shape of the particles. 

It must be realized that the results derived above 
are sensitive to the shape. Specifically they require 
measurements to be made on the flat end of the 
cylinder. It is thus impossible to use this method as 
an approximation to elongated or flattened bodies 
which do not have flat ends. 

Ellipsoids of Revolution. Many of the particle 
shapes encountered in metallurgical structures may 
be well approximated by the ellipsoid of revolution. 
By varying the axial ratio of the generating ellipse 
and interchanging the axis of rotation, shapes rang- 
ing from rods through spheres to plates may be 
formed. 

Since the ellipsoid of revolution is a figure of ro- 
tation, the probability of intersecting such a body 
with a random plane when the axis of rotation is in- 
clined at an angle ¢ to the intersecting plane is equal 
to the distance between tangent lines on the gener- 
ating ellipse for that orientation. If the major axis, 
a, is the axis of rotation, the ellipsoid formed is a 
prolate ellipsoid, see Fig. 4; if the minor axis, b, 
is the axis of rotation, an oblate ellipsoid, Fig. 5, 
is obtained. Since the mathematics of these two 
cases are different, they will be presented sepa- 
rately. 

Prolate Ellipsoids. Let the subscript p denote 
prolate ellipsoids. The distance between tangent 
lines on the generating figure may be shown to be® 


The probability of intersecting this ellipsoid may 
be obtained by substituting this expression into 
Kq. [1] and intergrating: 


2 
-(3) 
a 


a 


a 
It may be seen that Dy, is the product of a size fac- 
tor and a complex function of the axial ratio, or 
shape of the ellipsoid. If the application is restricted 
to aggregates of particles all having the same shape, 
but arbitrary size distribution, then the complex 
function of the shape is simply a constant for the 
aggregate, and Eq. [20] may be rewritten for par- 
ticles in the i* size: 


Here q is defined as the axial ratio of the generating 
ellipse, and kp(q) may be found by substituting g for 
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Dyp = [20] 


70 
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Fig. 6—The shape factor is plotted as a function of the 
axial ratio of the generating ellipse for a) prolate ellipsoids 
(ky (q)) and b) oblate ellipsoids (hy (g)). 


b/a in Eq. [20]. This constant is plotted as a function 
of the axial ratio in Fig. 6(a). 

The shape g of the generating ellipse may be es- 
timated with a fair degree of accuracy by searching 
out those particle outlines on a two-dimensional sec- 
tion that have the greatest deviation from an equi- 
axed shape, and measuring their axial ratios. These 
particle outlines were formed by sectioning a par- 
ticle parallel to its axis of rotation, and are there- 
fore geometrically similar to the generating ellipse, 
i.é€., they have the same axial ratio, g. If a more 
quantitative estimate of qg is desired, it may be ob- 
tained from the following development. 

Planar cuts through ellipsoids are ellipses. A 
typical cut through a prolate ellipsoid is shown in 
Fig. 4(c). The dimensions of any particular inter- 
section of an ellipsoid of revolution may in general 
be calculated as a function of the size (b), the shape 
(q), the angle between the normal to the plane and the 
axis of rotation (¢), and the distance of the intersect- 
ing plane from the center of the ellipsoid (p). It can 
be shown® that the minor axis, a’y, of cuts is 


/ 


ab == [22] 
2p, (¢) 


where p,(¢) is the distance from the center to the 
tangent plane for any value of ¢: 


p,(o) = cos’ ¢ + sin’ ¢’ 
The minor axis 


(>) -p [23] 
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Fig. 7—The mean value of the ratio of minor to major axis 
of cuts through prolate (Fp) and oblate (Fy) ellipsoids is 
plotted as a function of the axial ratio of the generating 
ellipse. 


Let Fy be defined as the ratio of the minor axis of 
cuts to the major 


_ 56 _ 20,(¢) 
[24] 


Note that Fy is a shape factor; it has no units. The 
average value of Fy for all possible intersections of 
a plane with the ellipsoid is 


2 
[25] 
p= —ab = 


Thus, the average value of Fy is independent of the 
size of the ellipsoid, and is a function only of its 
shape, g. The shape of an ellipsoid of revolution 
may therefore be determined from measurements 
of Fy on random plane sections. Fy is plotted as 

a function of qg in Fig. 7, and k»(q) may then be ob- 
tained from Fig. 6(a). 

Define another measurable quantity: let Z, be the 
reciprocal of the minor axis of elliptical intersec- 
tions; 

i! 
Zp 


= [26] 


2» is therefore a size factor, having units of length”. 


Its average value for all possible intersections is 
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sin 
[27] 


and is thus a measure of the size of the ellipsoid. 
These measurements apply to a particular ellip- 

soid of revolution. That is, in an 1 aggregate of el- 
lipsoids having constant shape, Fy and Zp are 
measures of the shape and size of ellipsoids ina 
particular size class. The total number of par- 
ticles per unit volume may be determined by sub- 
stituting the specific expressions for Dy; and Z; 
for prolate ellipsoids of revolution into Eq. [6]: 


[29] 


The average size of ellipsoids in the aggregate may 
be obtained by expanding the denominator of Eq. [27]: 


p Ny; b; kp (4) 20 


[30] 


[31] 
q Zp 

The axial ratio, g, has been determined from Fy, in 

Eq. [24]. 

Oblate Ellipsoids. Rotation of an ellipse about its 
minor axis produces an oblate ellipsoid of revolution, 
Fig. 5. The derivation in this case is exactly analo- 
gous to that for prolate ellipsoids, with different con- 
stants resulting. The following results are obtained: 


2 


Dy,=4 (3) [32] 
a 


The shape factor, g, is again taken as the ratio of 

the minor to the major axis of the generating ellipse; 
Rg (q) is plotted as a function of q in Fig. 6. If Fy 
is defined as in the prolate case; 


— 
Similarly, 
Ze = q) [35] 
b6 a 
from which 
2N 4 Zo 
(q) [36] 
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Fig. 8—The error in Ny, incurred by the assumption that 
ellipsoidal particles may be approximated by spherical 
particles, is plotted as a function of the axial ratio of the 
generating ellipse, using the minor axis of elliptical cuts 
to measure Z, The upper curve gives this error for ob- 
late particles (Ey), the lower one for prolate (Ep) . 


[37] 


The shape, g, is again determined from F, and Eq. 
[33]. 


DISC USSION 


The formal development presented for the deter- 
mination of the number of particles per unit volume 
from planar measurements can theoretically be ap- 
plied to any aggregate of surfaces whose geometry 
can be explicitly described mathematically. The 
theory requires, at the very least, the measurement 
of the mean value of the reciprocal of some char- 
acteristic dimension of the particle outline in two 
dimensions. This is unfortunate from a Statistical 
point of view because the largest errors are intro- 
duced in the measurement of small particle out- 
lines, and these are the most difficult to measure. 

The particular solutions for the specific cases of 
circles, particles with flat circular ends, and cylin- 


ders, are independent of size and shape distributions. 


However, it must be emphasized that the determina- 
tion of Ny in these cases is based upon measure- 
ments made upon the particle ends which must be 
flat and circular. Whether metal grains or biologi- 
cal cells deviate appreciably from these require- 
ments remains to be investigated. 

No such restriction need be applied to the solu- 
tion for constant shape aggregates of ellipsoids of 
revolution. This result may be applied to any ag- 
gregate of non-equiaxed particles with a greater 
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Fig. 9—The error in Ny, incurred by the assumption that 
ellipsoidal particles may be approximated by spherical 
particles, is plotted as a function of the axial ratio of the 
generating ellipse, using the major axis of elliptical cuts 
to measure Z. The upper curve gives this error for ob- 
late particles (Z)), the lower one for prolate (Ep). 


degree of certainty than was previously possible. 
Since the resulting equations are different for ob- 
late and prolate ellipsoids, and both types of parti- 
cles produce ellipses on random plane sections, it 
is necessary to develop some means of distinguishing 
between them. The following comparison will re- 
solve this situation. For a prolate ellipsoid, the 
largest equiaxed section would be the same size as 
the minor axis of the largest of the most unsym- 
metrical sections. For an oblate ellipsoid, the 
largest equiaxed section is expected to be the same 
size as the major axis of the largest of the most un- 
symmetrical sections. Once the type of ellipsoid has 
been determined, g can be estimated or measured as 
outlined previously, and the appropriate equations 


used to determine Ny. 
Very large errors may result if particles that are 


elongated or flattened are treated as spheres, 7.e. 
q is assumed to be one. Let the error be defined by 


[39] 


Ny, 


where Ny, is the correct number of particles, and 
Ny, the number calculated on the assumption of 
spherical symmetry. This error has been calculated 
for both types of particles for the two conditions 
where the minimum and maximum dimensions of 
particle outline are used to measure Z. The results 
are plotted in Figs. 8 and 9; note that a very large 
overestimate of the true Ny may be incurred for 
elongated particles for which q < 0.8. 


CONC LUSION 


A general method of approach to the problem of the 
determination of the number of particles per unit 
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volume of an aggregate of particles Suspended in an 
Opaque matrix from measurements made on random 
plane sections has been outlined. Solutions have been 
obtained for the following types of aggregates: 

a) Circles, Eqs. [12], [13] 

b) Bodies with n flat, circular ends, Eq. [14] 

c) Randomly shaped and sized cylinders, Eqs. [15], 
[16], [19] 

d) Constant shape prolate ellipsoids, Eqs. 
[28], [29], [30] 

e) Constant shape oblate ellipsoids, Eqs. [33], [35], 
[36], [37] 


Since perfectly general measurements of the total 
volume of particles per unit volume, and the total 
surface area of particles per unit volume are already 
available, the average particle volume and average 
surface area may be obtained by dividing these meas- 
urements by the measured number of particles in 


[24], 


unit volume. Furthermore, the average particle di- 
mensions and average particle shapes have been de- 
termined for the types of aggregates outlined above. 
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The Recrystallization of Dilute Alpha 
lron-Molybdenum Solid Solutions 


W. C. Leslie, F. J. Plecity, and F. W. Aul 


During isothermal recrystallization, the vate of 
grain growth in dilute Fe-Mo alloys decreased rapid - 
ly with increasing Mo content, up to ~0.04 at bet, and 
less rapidly thereafter. Rate of growth also de- 
creased sharply with time at constant temperature. 
The observed rates of boundary migration did not 
correspond to predictions of the Liicke-Detert theory. 
It ts proposed that the growth of recrystallized grains 
ts inhibited by clustering of solute atoms at imper- 
fections in the unrecrystallized matrix. 


Ir is now firmly established*® that the rate of re- 
crystallization of cold-worked metals, i.e., the rate 
of growth of recrystallized grains into the deformed 
matrix, is greatly inhibited by the presence of alloy - 
ing elements in solid solution. The effect is greatest 
with the first very small quantity of alloying elements, 
and additional increments cause much less pro- 
nounced retardation of growth. The early papers on 
this subject were reviewed in Ref. 6. The mechanism 
of retardation of growth is not clear; only one theory, 
due to Lticke and Detert,® has been advanced. This 
assumes an elastic interaction between grain boun- 
daries and solute atoms which tends to increase the 
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concentration of the latter in the grain boundaries. 
Except at very low solute concentrations or at high 
temperatures, the mobility of the boundary is assumed 
to be controlled by the rate of diffusion of the accom- 
panying solute atoms. Abrahamson and Blakeney? 
have noted a correlation between “recry stallization 
temperature” of binary alloys of iron and the number 
of d-shell electrons in the solute atoms. 

There is need for considerably more experimental 
data on the effect of solute elements on the rate of 
migration of grain boundaries into the deformed ma- 
trix, to provide the basis for an understanding of the 
annealing process in metallic solid solutions. Only 
a start has been made in this direction.45 To avoid 
unnecessary complications, alloys in which precipi- 
tation does not occur should be used, but to produce 
the maximum effects it is desirable to select alloys 
with a large difference between the sizes of the atoms 
of the solvent and solute. For these reasons, alloys 
of iron and molybdenum (Ry,/R,, = 1.099)? were cho- 
sen for this study. 


MATERIALS AND PROCEDURES 


A 30-Ib. ingot of iron and four similar ingots of 
Fe-Mo alloys were vacuum melted in magnesia cru- 
cibles and poured into cast-iron molds. The molyb- 
denum contents were planned according to the results 
of Abrahamson and Blakeney? so that two alloys would 
fall in the region of rapid change of recrystallization 
kinetics with change in composition (0.006 to 0.015 
and 0.030 to 0.045 at. pct Mo) and two alloys would 
fall in the region of gradual change (0.18 to 0.24 and 
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Table 1. Composition of Fe and Fe-Mo Alloys, Wt. Pct 


Fe-0.015 Fe-.039 Fe-.198 Fe-.315 
Element Fe At. Pct Mo At. Pct Mo At. Pct Mo At. Pct Mo 

Mo <0.001 0.025 0.067 0.34 0.54 

Cc 0.0013 0.0010 0.0014 0.0013 0.0011 
N 0.0007 0.0007 0.0008 0.0012 0.0012 
O 0.015 0.021 0.019 0.014 0.014 
Mn N.D. <0.005 <0.005 <0.005 <0.005 <0.005 
Si 0.008 0.008 0.008 0.004 0.004 
Cu N.D. <0.004 <0.004 <0.004 <0.004 <0.004 
Ni N.D. <0.003 <0.003 <0.003 <0.003 <0.003 
Gr N.D. <0.004 <0.004 <0.004 <0.004 <0.004 
V N.D. <0.002 <0.002 <0.002 <0.002 <0.002 
Al N.D. <0.002 <0.002 <0.002 <0.002 <0.002 
B N.D. <0.0005 <0.0005 <0.0005 <0.0005 <0.0005 
Sn N.D. <0.001 <0.001 <0.001 0.001 0.001 
Cb N.D. <0.005 <0.005 <0.005 <0.005 <0.005 
Pb N.D. <0.0006 <0.0006 <0.0006 <0.0006 <0.0006 
Mg N.D. <0.01 <0.01 <0.01 <0.01 <0.01 
Zr N.D. <0.005 <0.005 <0.005 <0.005 <0.005 
Co N.D. <0.005 <0.005 <0.005 <0.005 <0.005 


0.3 to 0.35 at. pct Mo). The chemical analyses of the 
alloys are shown in Table I. The residual elements 
present in highest concentration were silicon and 
oxygen, and these were probably combined, at least 

in part. The ingots were machined to remove the sur- 
face, then heated to 1150°C and hot-rolled to 1 in. 
plate. Sections 5 by 2 1/2 in. were cut from the 
plates, reheated to 1150°C, then hot-rolled to 0.5 in. 
These pieces were sand blasted, then cold-rolled to 


Fig. 1—Structure of vacuum-melted Fe- 
Mo alloys prior to 60 pct cold reduction. 
X100. Nital Etch. Reduced approximate- 
ly 13 pet for reproduction. 


0.025 wt. % 


0.34 wt. % 
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(0.015 at. %) 0.067 wt. % 


(0.198 at.%) 0.54 wt. % 


0.180 in. and annealed at 955°C for 90 min in dry 
hydrogen, followed by furnace cooling in the same 
atmosphere. As shown in Fig. 1, the grain size after 
this treatment was ASTM 1-2. 

As in a previous investigation of the recrystalliza- 
tion of iron and Fe-Mn alloys,° the cold reduction 
prior to annealing was held constant at 60 pct, (0.180 
to 0.072 in.) performed in 9 equal reductions between 
5-in.-diameter rolls. Specimens 1/2 by 1/2 in. were 


“(0.039 at.%) 


(0.315 at. %) 
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ANNEALING TIME, MINUTES 


Fig. 2—Isothermal recrystallization of Fe-0.015 pct Mo 
alloy. 


carefully cut from the cold-rolled strips and annealed 
isothermally in lead baths for various periods in the 
temperature range 480° to 705°C. The extent of re- 
crystallization and rate of grain growth were deter - 
mined by quantitative metallography in the manner 
previously described.® Five diamond-pyramid hard- 
ness measurements were made on each polished and 
etched section. 


RESULTS 


I. Isothermal Kinetics. As occasionally happens,® 
the rate of isothermal recrystallization of the “high- 
purity” iron at 480°, 595°, and 650°C was anomalously 
slow, slower than for the 0.015 and 0.039 at. pct Mo 
alloy. For this reason, the kinetics of recrystalliza- 
tion of the zone-melted iron previously used® were 
adopted as a basis for comparison. The element of 
elements responsible for sluggish recrystallization 
of relatively pure iron remains unidentified; it is 
known that oxygen is not such an element.” The prob- 
lem is akin to that of temper embrittlement in that 
the effects seem to be due to traces of elements that 
are strongly adsorbed at dislocations, subboundaries, 
and grain boundaries. Some of the elements respon - 
sible for temper embrittlement, P, As, Sb, and Sn,° 
may also strongly inhibit recrystallization. 

It has been observed before?® that a small amount 
of a solute deliberately added to an impure solvent 
metal may increase the rate of recrySstallization, 


80;- 


60}— 
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ANNEALING TIME, MINUTES 


Fig. 4—Isothermal recrystallization of Fe-0.198 pet Mo 
alloy. 
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Fig. 3—Isothermal recrystallization of Fe-0.039 pet Mo 
alloy. 


10,000 


presumably by making the impurities ineffective by 
interaction. The addition of less than 0.05 at. pct Mo 
to the “high-purity” iron used in this investigation 
appears to be such a case. However, the internal con- 
sistency of the data on all of the alloys to which 
molybdenum was added and their agreement with re- 
sults obtained elsewhere assure that a real effect of 
the molybdenum additions was measured. 

Isothermal recrystallization curves for the Fe-Mo 
alloys are shown in Figs. 2 to 5 as conventional 

action-recrystallized vs log-time plots. It was 
noted previously® that plotting isothermal recrystal- 
lization data on a linear time scale revealed differ - 
ences that were not obvious in the log-time plots. 
For example, the rate of recrystallization of iron, 
in the early stages, was found to decrease with time, 
whereas the rate for Fe-0.31 pct Mn and 0.61 pct Mn 
alloys increased with time. Similar plots were made 
for the Fe-Mo alloys, but all of these indicated that 
the rate of recrystallization decreased with time, at 
least in the early stages. 

II. Relation Between Hardness and Recrystalliza- 
tion. It was previously noted that the relationship 
between hardness and extent of recrystallization in 
iron and Fe-Mn alloys was not linear.® This is also 
true for Fe-Mo alloys, Fig. 6. In these alloys, much 
of the softening is due to recovery. Recovery and 
recrystallization are not separated. Recovery is also 
inhibited by the addition of molybdenum to the same 


T 


4 
4 
60 
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Fig. 5—Isothermal recrystallization of Fe-0.315 pet Mo 
alloy. 
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Fig. 6—The effect of molybdenum on the softening of iron. 


or a greater degree than is recrystallization. 

Ill. Temperature Dependence of Recrystallization. 
The times required for 10, 20, and 40 pct recrystal- 
lization weré obtained from the isothermal plots and 
log 1/t vs 103/T plots were made. Since the forms 
of the resulting curves were quite similar, only those 
for 20 pct recrystallization are shown, Fig. 7. As for 
high-purity iron and Fe-Mn alloys,® the rate of re- 
crystallization cannot be described by a relation of 
the type 


Q 
Rate Ae RT 
BS 
‘e0.015 ATOM % Mo 
Ay, 
E 
4 
= 
= 
S = 
a = = 
a 
= ie =! 
<= 0.198 ATOM % Mo 
A 
(@) 4 
q 0.315 ATOM % Mo x 
0.1 | 10 100 1000 


ANNEALING TIME, min. 
Fig. 8—Rates of grain growth in Fe-Mo alloys at 595°C- 
width dimension. 
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Fig. 7—Temperature dependence of recrystallization, 20 
pet. 


The curves for the Fe-Mo alloys differ from those of 
the Fe-Mn alloys in that they do not show a consis- 
tent change in form with increasing alloy content. 
There was less tendency in the Fe-Mo alloys for the 
rates of recrystallization to become similar at low 
temperatures. 

IV. Rates of Grain Growth. As shown in Fig. 8, 
rates of grain growth at a given temperature de- 
creased with time. The rate of grain growth de- 
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Fig. 9—Temperature dependence of grain growth at 5 pct 
recrystallization. 
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Fig. 10—Effect of molybdenum on rate of growth of recrys- 
tallized grains. 


creases less rapidly with time, however, than in 
high-purity iron or Fe-Mn alloys. The set of curves 
shown in Fig. 8 can be approximated by one line, re- 
presented by the equation 


InG = - 3,34 - Int 


where G = linear rate (mm per min) of growth, and 

t = time (min) at the annealing temperature. The low- 
est molybdenum alloy (0.015 pct) falls farther off this 
line than do the other compositions. This will be dis- 
cussed in greater detail later. The same type of re- 
lationship between rate of growth and annealing time 
was also observed at 540° and 650°C. 

The temperature dependence of the rate of grain 
growth in the various alloys was determined at 5 and 
10 pct recrystallization. The sets of curves were 
very similar; therefore only those at 5 pct are shown 
in Fig. 9. As noted for Fe-Mn alloys,® the forms of 
the curves are very similar to those of the tempera- 
ture dependence of recrystallization, Fig. 7, again 
indicating that the same process or processes are in- 
volved in both growth and recrystallization. 

The plot of rate of grain growth vs molybdenum 
content, Fig. 10, shows the expected break at about 
0.04 at. pct Mo which is in quite good agreement with 
the break found at 0.07 at. pct by Abrahamson and 
Blakeney.’ It can also be noted from Fig. 10 that the 
change in rate of growth increased with decreasing 
temperature. Although not shown previously, the 
same effect was noted in the recrystallization of Fe- 
Mn alloys, Fig. 11. As might be expected from the 
larger size of the molybdenum atom and the resulting 
greater degree of interaction between these atoms and 
grain boundaries or imperfections, the effects of 
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Fig. 11—Effect of manganese on rate of growth of recrys- 
tallized grains. 
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molybdenum additions per sist to a higher temperature 
than do the effects of manganese. 


DISCUSSION 


In agreement with results previously obtained on 
iron, Fe-Mn,° and Al-Cu alloys,‘ the rate of recrys- 
tallization and the linear rate of growth of recrystal- 
lized grains in dilute Fe-Mo alloys decrease with in- 
creasing annealing time and, as before,*® this must 
be attributed to a decrease in the driving force for 
recrystallization due to concurrent recovery in the 
unrecrystallized portions of the specimens. 

Attempts have been made*!! to compare the ob- 
served linear rates of growthof recrystallizedgrains 
into cold-worked regions of binary alloys with the 
predictions of the Lticke-Detert theory.® According 
to this theory, when the migration of the boundary is 
controlled by diffusion of solute atoms, the rate of 
growth in bcc alloys can be expressed by the equation 


a* Do P 
(- 
where G = rate of boundary migration 

lattice parameter of the solvent 

D, = bulk diffusion coefficient of the solute 
atoms 


i] 


k = Boltzmann’s constant 

T = temperature, degrees absolute 

P = stored energy of deformation 

C = atom fraction of solute 

Qp = activation energy for bulk diffusion of 


solute 
V = energy gained by putting a solute atom 
into a grain boundary. 
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In comparing the observed and calculated rates of 
growth,’* G, in the equation 


[2] 


was compared with the value found experimentally. 
If Eqs. 1 and 2 are considered to be identical, then 


and 


If the motion of the boundaries is considered to be 
impurity -controlled only at solute concentrations 
above about 0.04 at. pct Mo, Fig. 10, then the com- 
parisons can be made only for the 0.315 and 0.198 
pct Mo alloys. Following Gordon," the following 
assumptions were made: 


P = stored energy of deformation per cm? =~ 5x10’ 
ergs per 
a = lattice parameter of Fe = 2.87 x 107° cm 
D, = the pre-exponential factor in the diffusion 
equation, ~ 6 cm?/sec for volume diffusion 
in iron. 
C = atomic fraction of Mo, taken as 2 x 107° and 
3 x 1078 
LK 


The resulting comparisons were: 


Alloy G, Experimental G, Theoretical 
0.3 pct Mo 22 261.08 
0.2 pct Mo 


Because of the lack of a unique activation energy 
for growth of recrystallized grains, Fig. 9, the expe- 
rimental values for G, can vary over a wide range, 
depending upon the temperature selected. 

It is fairly obvious that the quantitative predictions 
of the Lticke-Detert theory do not correspond to the 
experimental results obtained on the Fe-Mo alloys, 
and the agreement within two orders of magnitude 
between the theoretical predictions and the experi- 
mental results on Fe-Mn alloys’! probably occurred 
only by chance. 

It is not surprising that applications of the Lticke- 
Detert theory do not agree with experimental results 
in the recrystallization of cold-rolled dilute binary 
alloys, for this theory considers only the elastic in- 
teraction of solute atoms with the migrating high- 
angle boundary, and disregards processes occurring 
within the cold-worked alloy, in advance of the mov- 
ing boundary. It is known that concurrent recovery 
in high-purity metals and dilute alloys can cause a 
rapid decrease in rate of grain growth during recrys- 
tallization. The factor P in Eq. 1, the stored energy 
of deformation, is not a constant but decreases as a 
function of annealing time. Also, in recrystallization 
of dilute binary alloys, the recovery process will 
consist not only of the annihilation and rearrange- 
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Fig. 12—Constancy of calculated energy released by solute- 
imperfection interaction at critical solute concentration. 


ment of lattice defects, but also of the interaction of 
solute atoms with such imperfections. A portion of 
the stored energy of cold work will be released by 
such interactions. A quantitative measure of the 
energy released by the interaction of solute atoms 
with imperfections will be difficult to obtain, but a 
rough estimate can be made by use of Cottrell’s ex- 
pression}? 


4 
where V = interaction energy 
vy = atomic radius of iron = 1.24 x 107? cm 
G = shear modulus = 6.2 x 10" dynes per sq 
cm 
v = Poisson’s ratio = 0.3 
N = (Ly — Tre) = 0.097 
Ymo= Tadius of Mo in a-iron = 1.36 x 107° cm 


solving, 
V = 3.08 x 107" ergs per Mo atom. 


For a Mo content of 0.04 pct, this amounts to about 
1.0 x 107 ergs per cc, or about 1/5 of the total stored 
energy of deformation. It is obvious that this process 
cannot be continued indefinitely with increasing solute 
content, for one would very quickly exceed the total 
stored energy. It seems probable thatthe high-energy 
imperfection sites are occupied early by solute atoms, 
and additional solute releases very little more ener- 
gy, thus tending to produce the “critical concentra- 
tion” effects noted herein and previously.”»> This im- 
plies that for any given deformation, the energy re- 
leased per unit volume by imperfection-solute in- 
teraction will be constant for all solute elements at 
the “critical concentration”. At the critical concen- 
trations taken from Abrahamson and Blakeney,? this 
seems to be at least approximately correct, Fig. 12. 
This solute-imperfection interaction cannot in it- 
self be the process which produces such great inhibi- 
tion of recrystallization; the energy release (reduc- 
tion in driving force for recrystallization) is too 
small for that. These interactions produce local seg- 
regation or clustering of solute atoms in advance of 
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the migrating grain boundary. These clusters must 
be assimilated into the nearly perfect lattice of the 
growing grain. The step which actually determines 
the rate of growth of the recrystallizing grain may 
be one of three: 

1) Removal of atoms from the clusters encountered 
by the moving boundary. 

2) Diffusion in the grain boundary of solute atoms 
from the clusters. 

3) Assimilation of individual solute atoms into the 
lattice of the growing recrystallized grain. 

Oriani** has suggested that the third possibility is 
the rate-controlling process, but his proposal is in- 
adequate for the same reason as the Lticke-Detert 
theory, in that it assumes homogeneous distribution 
of solute atoms on both sides of the advancing boun- 
dary and ignores solute-imperfection interactions 
and clustering occurring during recovery. It seems 
likely that the Lticke-Detert theory can be properly 
applied only to studies of the motion of grain boun- 
daries between two nearly perfect lattices. 

From the information on hand it does not seem pos- 
sible to decide which of these three steps is the slow- 
est. 

The proposals offered here have the merit of cor- 
relating the observed solid-solution effects upon re- 
crystallization with the large effects noted in systems 
in which precipitation occurs concurrently with re- 
Previous results!’ indicated that 
the greatest retardation of recrystallization of an Fe- 
Cu alloy occurred after specimens were held at a 
lower temperature before being heated to the recrys- 
tallization temperature, or after being heated to the 
recrystallization temperature at a controlled low 
rate. Recent electron transmission observations have 
shown that the pretreatment did not precipitate copper, 
but it can be presumed to have caused preprecipita- 
tion clustering of copper atoms. It appears that 
clusters of solute atoms, whether in a solid solution 
alloy or in one in which precipitation can occur, are 
effective barriers to boundary migration—more ef- 
fective than precipitate particles—unless the latter 
are very closely spaced. 

It has been noted® that the retarding effect of solute 
elements is smaller for lesser degrees of deforma- 
tion. This would be expected, since for a given 
amount of solute there would be fewer solute-imper - 
fection interactions and therefore, fewer clusters 
formed. 

The correlations observed between “recrystalliza- 
tion temperature” and the difference in valency be- 
tween solute and solvent’? and between number of d- 
shell electrons in the solute and the “recrystalliza- 
tion temperature” cannot be ignored. The simple 
concept of a purely elastic interaction between a sol- 
ute atom and an imperfection cannot be wholly cor - 
rect. Electronic effects may be important in the for- 
mation of concentrations of solutes at imperfections, 
in the rate of dissolution of such clusters at the boun- 
dary, and in the assimilation of atoms into the re- 
crystallized lattice. 
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SUMMARY AND CONCLUSIONS 


1) The addition of small amounts of molybdenum to 
iron causes pronounced retardation of growth of re- 
crystallized grains during annealing after cold work. 

2) The rate of grain growth in recrystallization de- 
creases rapidly with increasing molybdenum con- 
tent, up to about 0.04 at. pct, and much less rapidly 
thereafter. 

3) The effect of molybdenum in retarding growth 
of recrystallized grains increases with decreasing 
annealing temperature. 

4) The rate of growth of recrystallized grains in 
heavily cold-worked dilute Fe-Mo alloys decreases 
sharply with time at constant annealing temperature 
because of concurrent recovery, corresponding in 
this respect to the behavior of iron, Fe-Mn alloys, 
aluminum, and Al-Cu alloys. 

5) The rates of growth of recrystallized grains in 
dilute Fe-Mo alloys do not correspond to the quanti- 
tative predictions of the Litfcke-Detert theory. 

6) It is concluded that the Ltfcke-Detert theory for 
the effect of solute elements on recrystallization is 
inadequate because it fails to consider reactions oc- 
curring in the cold-worked alloy in advance of the 
migrating grain boundary. 

7) It is suggested that the effects of solute elements 
on recrystallization of cold-worked alloys are pro- 
duced as follows: 

For a given amount of cold work, there is a max- 
imum amount of stored energy that can be released 
by solute-imperfection interactions. The solute 
concentration necessary to release this maximum 
energy will vary with the intensity of the solute 
atom-imperfection interaction; as a first approxi- 
mation, the necessary concentration will be lower 
the greater the difference in atomic size between 
solute and solvent. These interactions result in 
clustering of solute atoms, which is substantially 
complete at the solute concentration necessary for 
the maximum release of stored energy. The rate 
of growth of recrystallized grains is controlled by 
the rate at which these clusters can be dispersed 
at the grain boundary and assimilated into the lat- 
tice of the growing grain, and by the extent of re- 
covery in the deformed matrix. 
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The Effect of Surface-Active Agents on the 


Mechanical Behavior of Aluminum Single Crystals 


|. R. Kramer 


Single crystals of aluminum were pulled in tension 
in a solution of paraffin oil and stearic acid. The 
critical resolved shear stress did not change with 
the concentration of the stearic acid solution; how- 
ever, the extents and slopes of Stages I and II were 
affected greatly. The observations lend evidence that 
the weakening effect of surface-active agents is con- 
trolled by the vate of desorption of the metal soap 
formed by the reaction of the surface-active agent 
and the metal surface. 


Ir has been shown by various investigators'™ that 
surface-active agents markedly affect the mechani- 
cal properties of single crystals, (A surface-active 
agent, for the purpose of this report, is defined as a 
long-chain organic molecule which contains one or 
more polar groups. Usually, however, investigations 
have considered only molecules having one polar 
group.) Ingeneral, when single crystals are deformed 
in some solutions containing surface-active agents, 
the creep rate, Fig. 1, is increased and the yield 
strength is decreased. The fatigue strength has been 
reported to be affected also." 

Rehbinder and his associates'~* explained the 
“weakening” effect of surface-active agents in terms 
of physical adsorption, They assumed that a large 
pressure was created in microcracks which existed 
on the surface of the crystal.44 Harper and Cottrell,® 
from their study of the effects of surface conditions, 
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found that the deformation characteristics of zinc 
Single crystals were not altered by a solution con- 
taining a surface-active agent unless the surface of 
the specimen had an oxidized surface. They concluded 
that the role of the polar molecule was to remove the 
strengthening effect of the oxide coating. Later, And- 
rade®*? presented additional evidence which appeared 
to agree with this conclusion. In contrast, Klinken- 
berg et al.’ reported data which confirmed the results 
of Rehbinder, Using zinc and cadmium crystals which 
had been cleaned by electrolytic polishing, a large 
increase in the creep rate was observed when the 
specimens were tested in al pct oleic acid-paraffin 
oil solution, They also reported that the creep rate 


200 = 4 
1. Stearic acid 
2. Caprylic acid 
3. Propionic acid 
4, Oleic acid 


x 100 


de 
£0 


0 0.01 0,02 0.1 2.1 
Concentration (mols /liter) 
Fig. 1—Absorption effect (creep acceleration) in tin single 
crystals against concentration of surface-active substance 
(octane used as solvent), Ref. 11; 1) stearic acid, 2) ca- 
prylic acid, 3) propionic acid, 4) oleic acid. 
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Fig. 2—Orientation 
of aluminum speci- 
mens 24. 


of gold specimens (composed of a bamboo array of 
Single crystals) was increased when tested in a 0.2 
pet oleic acid-paraffin oil solution. Masing’2 at- 
tributed the weakening effect to a decrease in the sur- 
face energy due to physical adsorption. 


It is the intent of this paper to show that the changes 


in mechanical behavior of single crystals when tested 
in solutions containing surface-active agents are as- 
sociated with chemical adsorption and desorption and 
not with physical adsorption. Since previous investi- 
gations were confined primarily to creep or to ten- 
sile tests in which the various deformation stages 
were not discernible, a study was made of the changes 
in the extent and slopes of Stages I and II. 


EXPERIMENTAL PROCEDURE 


Aluminum single crystals were grown in a multiple- 
cavity mold using the Bridgman technique. Twenty- 
six specimens (1/8 by 1/8 by 4 in.) having the same 
crystallographic orientation were obtained, Fig. 2. 
The aluminum used in the preparation had a purity 
content of 99,997 pct and the orientations were deter- 
mined by the back-reflection Laué technique. The 
Specimens were mechanically polished in a fixture to 
prevent bending, electropolished, and then vacuum 
annealed (~107-° mm Hg) for 2 hr at 600°C, After the 
vacuum-annealing treatment, the specimens were 
again electropolished just prior to testing, 

The specimens were pulled in an Instron tensile 
machine equipped with gimbals on the attachment 
rods, The ends of the specimens were copper plated, 
then coated with a thin layer of solder, and placed in 
an aligning fixture which held Teflon-coated steel 
specimen holders, They were fixed in place by filling 
the cavity between the specimen and specimen holder 
with a low-melting lead-bismuth alloy, The exposed 
surfaces of the seal were then coated with a paraffin 
wax. The container which held the solution was con- 
structed from Teflon. Before the preparation of the 
solutions used in this investigation, the paraffin oil 
was passed through a column containing activated 
alumina and activated silica. The paraffin oil was 
tested for the presence of polar molecules by placing 
a drop of the oil on a clean surface of water adjusted 
to a pH of 2 and11. The oil was considered free from 
polar molecules when the drop did not spread within 
15 min, High-purity stearic acid was used and spe- 
cial precautions were taken not to contaminate the 
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specimens or the test apparatus with foreign organic 
matter which might contain polar substances, 

During the course of the tensile test, the load was 
measured by a proving ring equipped with SR-4 strair 
gages and the motion of the head was measured by a 
high-frequency magnetic transducer. With this appa- 
ratus it was possible to measure elongations within 
3 x 107° in. and loads of 0.1 lb. In allcases the tests 
were conducted at room temperature and at a strain 
rate of 107° sec", The load and deformation curves 
were recorded automatically on an x-y plotter. 

In addition to the tensile deformation tests, speci- 
mens were compressed approximately 1 pct and 
placed in various solutions containing surface-active 
agents. The solutions were allowed to stand at room 
temperature for 16 hr and were then analyzed for the 
presence of metal soaps, 


EXPERIMENTAL RESULTS 


The data on the presence of metal soaps found in 
the solutions containing various surface-active agents 
into which deformed specimens had been immersed, 
indicate that the solubility of the metal soaps is im- 
portant in determining the weakening effect of such 
polar molecules. In every case where a surface- 
active agent has been reported to affect the mechani- 
cal behavior of a metal, a metal soap was found in 
the solution. Contrary to a previous statement® that 
in a cetyl alcohol-paraffin oil solution only a physical 
adsorbed layer was formed on lead, an analysis of 
such a solution showed the presence of lead cetylate. 
It was also found that the presence of metallic soaps 
in a solution depends not only on the reacting mole- 
cule but also on the solvent. Soaps were not found in 
solutions when specimens were immersed in satu- 
rated solutions of the surface-active agent. 

It is also of interest to note that, when metallo- 
graphic specimens of zinc and copper were examined 
after immersion in solutions containing surface-ac- 
tive agents, there was definite evidence of chemical 
attack, In some cases well formed arrays of etch 
pits were found along the slip bands, indicating that 
the chemical reaction occurred at dislocation sites, 
In view of the selected attack, it appears that under 
proper conditions surface-active agents might be 
used as an etchant to reveal dislocations. 

The data obtained from the stress-strain curves 
of aluminum crystals deformed in paraffin oil con- 
taining varying concentrations of stearic acid are 
summarized in Figs. 3and 4. Figure 5 shows the crit- 
ical resolved shear stress obtained when the speci- 
mens were deformed in the stearic acid solutions, 
The critical resolved shear stress was defined to be 
the stress at which the stress-strain curve first be- 
came nonlinear, Also plotted in Figs, 3 and 4 are 
the results obtained from a specimen pulled in a 
paraffin oil bath containing 0.002 mol per liter of 
stearic acid and 0.00001 mol per liter of aluminum 
stearate, 

As may be seen from Fig. 5, the critical resolved 
shear stress does not change with the concentration 
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Fig. 3—Effect of concentration of stearic acid in paraffin 
oil on extent of Stages I and II of aluminum single crystals 
24. 


of stearic acid in paraffin oil; however, the extents 
and slopes of Stages I and II do change, Figs. 3 and 
4, The strain, .€,, at the end of Stage I at first in- 
creases with increasing concentration and then, at a 
concentration of 0.002 mol per liter of stearic acid, 
decreases, The strain, €,, at the end of Stage II or 
the beginning of Stage III follows the same behavior 
as €,; however, the slope, 6,, of Stage I and the 
slope, 6,, of Stage II decrease until a concentration 
of 0.002 mol per liter (a minimum in the curve) is 
reached and, with increasing concentration, these 
slopes increase. An analysis was made of each solu- 
tion after the tensile test in an attempt to determine 
the amount of aluminum stearate formed. Unfortu- 
nately, the method of analysis was not sensitive 
enough to obtain accurate quantitative results, how- 
ever; the solution containing 0.002 mol per liter ap- 
peared to have had the greatest amount of aluminum 
stearate in solution, 

The deformation behavior of specimens which were 
pulled in 0.002 mol per liter stearic acid solution 
containing 0.00001 mol per liter aluminum stearate 


ix) 


0-0.00001 mol/liter of 
aluminate stearate added 


0.004 0.005 


0 0.001 0.002 0.003 
Stearic Acid (mols/ liter) 


Critical Resolved Shear Stress (psi) 


Fig. 5—Critical resolved shear stress of aluminum single 
crystals 24 in a stearic acid-paraffin oil solution. 
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Fig. 4—Effect of concentration of stearic acid on slopes of 
Stages I and II of aluminum single crystals 24. 


showed that the presence of the aluminum stearate 
decreased the effect of the surface-active stearic 
acid, The values for €, and€, were decreased and 

6, was increased as compared to the values for speci- 
mens tested in a solution containing 0.002 mol per 
liter of stearic acid. The Stage II deformation for 
these specimens appeared only as a transition region 
for this test condition and the €, value was taken as 
the beginning of Stage III. 

Specimens were also tested in a solution containing 
0.002 mol per liter of stearic; however, prior to the 
test, the aluminum stearate content was increased by 
allowing the specimens to react in the solution for a 
period of 17 hr. The values of €,, €,, and 0, were 
about the same as those for specimens tested in the 
above solutions which contained aluminum stearate. 
In this case, also, a Stage II region did not appear. 

In several cases specimens were allowed to re- 
main in a bath of paraffin oil containing 0.002 mol 
per liter of stearic acid for 17 hr in order to allow a 
monomolecular film to be formed, When these speci- 
mens were tested in air, the €,, €,, 0,, and 8, values 
were essentially the same as those obtained from 
specimens tested in air without the monomolecular 
film, 


DISCUSSION 


The experimental data derived from tensile tests 
of aluminum single crystals in stearic acid solutions 
show that the critical resolved shear stress does not 
change with the stearic acid concentration, This im- 
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plies that surface dislocation sources are not affected 
by the surface-active agent, since a change in the 
stress necessary to activate such a dislocation 
source would be expected to change the critical re- 
solved shear stress but not the plastic flow charac- 
teristics thereafter, 

were, however, strongly affected by the concentration 
of the stearic acid solution, For each of these param- 
eters, the maximum effect was found to occur at 
the same concentration (0.002 mol per liter), The 
results are somewhat similar to those obtained by 
Rehbinder and his coworkers” for creep and tensile 
tests; however, from the present data, the effect of 
the surface-active agents on the changes in Stages I 
and II may be seen, Rehbinder reported his data 
from tensile tests in terms of yield strength since 
the various stages were not discernible from the 
stress-strain curves, 

When compared to the values obtained in the solu- 
tion containing 0.002 mol per liter, the decrease in 
€, and €, and the increase in 6, which occurred when 
aluminum stearate was added to the stearic acid 
solution are strong evidence that the effect of surface- 
active agents is controlled by the rate of desorption 
of aluminum stearate molecules from the surface of 
the specimen. The rate of desorption of metal soaps 
may be expected to be affected by the concentration 
of metal soap already in the solution, Smith and 
Fort'’ showed that for the case of copper and nono- 
decanoic acid, the rate of desorption of copper soap 
in a cyclohexane solution saturated with copper nono- 
decanate was much less than the rate of desorption 
in pure cyclohexane. The behavior of the specimen 
pulled in a solution containing the reaction products 
formed as a result of immersing an aluminum speci- 
men in the stearic acid solution lends additional sup- 
port to the concept that the rate of desorption may 
control the effectiveness of a surface-active agent, 

In another study?! in whichthe surface of aluminum 
Specimens was removed in an electrochemical polish- 
ing bath while the specimens were being deformed, it 
was found that the extent of Stages I and II was in- 
creased and the corresponding slopes decreased as 
the rate of removal of the metal was increased. The 
critical resolved shear stress was not affected. It 
was also possible to effect a complete recovery in 
the work-hardening state by plating off about 0,041 
in. from the transverse dimension of the specimen 
after it had been strained within the Stage I region, 
The results from the above experiments indicated 
quite strongly that the extent and slope of Stage I 
were determined primarily by surface barriers, and 
internal obstacles exert a more minor role, In Stage 
II, both surface and internal obstacles are important. 
The results obtained on the changes in Stages I and 
II as a function of the concentration of the surface- 
active agents appear to be related to those obtained 
by electrochemical removal of the surface. However, 
microscopic examination of specimens exposed to 
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surface-active agents revealed that the chemical at- 
tack was localized and dislocation pits were formed, 
whereas the electrochemical attack was very general 
Therefore, it is unlikely that the results of the two 
cases can be related directly to the total amount of 
metal removed since the important factor may be the 
rate of removal at dislocation sites, 

The bell-shaped curve of Figs, 1, 3, and 4 may be 
explained in terms of the rate of desorption of the 
metal soap which forms as a result of the reaction 
between the surface-active agent and the metal. At 
low concentrations, the rate at which the surface- 
active molecules reach the surface is low but the 
solution potential of the metal soap is high, The rate 
of removal of the metal, therefore, is correspondingly 
low. As the concentration is increased, the rate of 
adsorption of the surface-active molecules is in- 
creased and the number of metal soap molecules that 
pass into solution is increased, However, at a certain 
value of concentration, the rate of solution of the soap 
molecules will decrease because the solution becomes 
more saturated, This point will correspond to the 
maximum of the curve. In brief, on the rising portion 
of the curve, the effectiveness of the surface-active 
agent is limited by the rate of adsorption which will 
increase with increasing concentration, On the fall- 
ing portion of the curve, the effect is limited by the 
rate of desorption of the metal soap molecules, The 
rate of desorption will decrease with increasing con- 
centration of the polar molecule. 

For a given solvent and a given metal, in general, 
the solubility of the metal salt will decrease with the 
chain length of the organic molecule, (The solubility 
is, of course, modified by the presence of double and 
triple bonds, side-branched groups, and so forth.) 
Thus it is expected, as shown in Fig. 1, that the max- 
imum in the curve moves to lower concentrations as 
the chain length of the molecule increases. 

As pointed out earlier, some experimental results 
seem to indicate that a surface-active agent does not 
affect the mechanical behavior of “clean” crystals. 
Gold seems to be the exception, Since the rate of 
desorption of the metal soap molecules appears to 
influence the effectiveness of the surface-active 
agent, two factors become important: 1) the energy 
of the system must be high enough to allow the soap 
reaction to occur, and 2) the energy of adsorption 
must not be so high that the soap molecules do not 
dissolve in the solvent. From the work of Dubris- 
Prutton,!* and Tingle*® it is shown that metal 
soap will not form unless an oxide and/or water is 
present, This may account for the observation that 
the mechanical behavior of clean crystals of zinc is 
not affected by an oleic acid-paraffin oil solution, 
Howver, since Smith” * has shown that working the 
surface of clean metals may promote the formation 
of metal soaps, it appears possible that under cer- 
tain conditions, using the proper solvent and sur- 
face-active agent, an effect on the mechanical be- 
havior of clean crystals may be observed, eg., gold. 
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CONCLUSIONS 


The critical resolved shear stress for aluminum 
single crystals does not change as a function of con- 
centration of the surface-active agent in the solution. 
Changes in the extent of strain and slopes of Stages 
I and II are, however, found to occur and there is an 
optimum concentration at which the surface-active 
agent has the largest effect. The fact that the addi- 
tion of aluminum stearate decreases the weakening 
effect of stearic acid lends strong evidence that the 
rate of desorption of the metal soap is the control- 
ling factor governing the effectiveness of the surface- 
active agent. At low concentrations of the surface- 
active agent, the rate of desorption is limited by the 
relatively small number of stearic molecules that 
are adsorbed on the surface of the specimens, At 
high concentrations, the rate of desorption is limited 
by the solubility of the metal soap in the solution, 
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Grain Refinement of Steel Ingots by 
Solidification in a Moving Electromagnetic Field 


Frederick C. Langenberg, Guenter Pestel, and C. Richard Honeycutt 


Solidification in a moving electromagnetic field was 
successful in altering the as-cast grain structure of 
steel ingots. The equipment is described and experi- 
mental results ave presented for several different al- 
loys. Conditions for optimum grain refinement are 
described and an empirical design constant presented. 
The effect of the grain refinement on hot workability 
is briefly discussed. 


Tue grain structure of a steel ingot teemed into a 

metal mold can be defined by macroscopic examina- 
tion in semiquantitative terms. For example, the rel- 
ative volume of obviously differing structures can be 
estimated with the classic definitions of chill, colum- 
nar, and equiaxed zones. Experimental evidence has 
proven that the grain structure of an ingot is affected 
by changes in such factors as teeming temperature, 

rate of teeming, degree of turbulence, size of ingot, 

mold characteristics (including preheat temperature, 
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design and coating), and composition of the metal (es- 
pecially as it affects the range of solidification). 

Significant advances have been made in fundamen- 
tal solidification studies; but the principles which 
have been developed are difficult to apply tothe com- 
plex and changing phenomena that occur simultane- 
ously during ingot solidification. In particular, many 
attempts have been made to refine the as-cast struc- 
ture of ingots, with special emphasis on the columnar 
grains. The formation of large columnar grains is 
generally considered harmful to the further fabrica- 
tion of an ingot. It may also result in undesired ani- 
sotropic properties. However, columnar grains are 
not undesirable in all grades, or product applications, 
and caution must be exercised to determine in which 
grades and applications columnar grains are not de- 
sired in the ingot. 

Although the literature on the refinement of as-cast 
ingot grain structures istoo vast in general to review 
here, it is noteworthy that such methods are additions 
of artificial nuclei, mold vibration, mechanical stir - 
ring or ultrasonic agitation of the molten metal, and 
controlied cooling and reheating during solidification 
have been tried with varying degrees of success. 
However, it is doubtful that any method of refining 
the as-cast ingot grain structure has been completely 
successful on a commercial basis. The purpose of 
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Fig. 1—Electromagnetic stirring device with 4-5/8-in. 
inside diameter Ni-Resist mold in place. 


the investigation reported here was to determine the 
effect of electromagnetic stirring upon the as-cast 
grain size and structure of laboratory -size steel in- 
gots. During solidification, the liquid metal in the 
mold was caused to rotate about a vertical (longitu- 
dinal) axis by a similarly rotating magnetic field. 


ELECTROMAGNETIC STIRRING TO REFINE 
GRAIN SIZE 


In general, electromagnetic stirring of metal is 
analogous to the operation of an induction motor. 
When a magnetic field is moved with respect to an 
electrically conducting material, currents are in- 
duced in that material. These currents, in effect, 
create a secondary magnetic field of such polarity 
that the interaction between the primary and secon- 
dary fields results in a force which tends to drag the 
conducting material along with the primary field 
(Lenz’s Law). The force exerted on the conducting 
material is directly proportional to the square of the 
intensity of the primary field, and inversely propor - 
tional to the resistivity of the material. In electro- 
magnetic stirring, the pole pieces surrounding the 
mold can be compared with the stator of an induction 
motor, while the molten metal acts like a rotor. Thus, 
viewed purely as a field phenomenon, rotation of the 
molten metal is caused by the torque resulting from 
the interaction between the magnetic fields of the 
“stator” and the “rotor”. An equivalent view would 
be to regard the torque on the molten metal as simi- 
lar to the force exerted on a current-carrying con- 
ductor in a magnetic field. 

The theoretical rotational speed of the magnetic 
field produced by an induction stator-type device can 
be calculated from 
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where R equals the rotating speed of the field in rpm, 
f is the power frequency in cps, and P is the number 
of poles formed by the magnetic field in the stator. 
In practice, the molten metal will not revolve at the 
theoretical speed, just as a practical induction motor 
rotor will not revolve at the synchronous speed of 
the stator field. In this investigation, the rotational 
speed of the molten metal was controlled by varying 
the stirring field intensity, through control of the vol- 
tage impressed on the windings. However, as shown 
by Eq. [1], this speed is also dependent on the power 
frequency and the number of poles. For large ingots, 
frequency control could possibly be more practical 
than voltage control. 

This principle has previously beenapplied in some- 
what different form, to refinetheas-cast grain struc- 
ture of metal ingots. In 1933, experiments with a ro- 
tary magnetic field were performed at the Urals 
Physico-Technical Institute.1 Zinc, aluminum, and 
aluminum bronze were stirred by a rotating electro- 
magnetic field during solidification in small ceramic 
or asbestos molds, 0.8 by 1.8 by 1.2 in. deep. The 
rotation of the stirring field, however, was around a 
horizontal axis, and the forces acting on the metal 
produced a tumbling motion. Further work was done 
at the same institute with a 0.6 pct C-3 pct Ni steel 
and with a 0.2 pct C-25 pct Ni steel.? 

A similar type of magnetic stirring has also been 
used in consumable electrode vacuum are melting. 
Rotation in this case is produced in the metal pool 
by the interaction between an externally applied mag- 
netic field and the arc current flowing through the 
pool. The rotation of the molten metal is about a ver- 
tical axis, but quickly ceases when the arc current 
is interrupted. 


EQUIPMENT 


Fifty-lb. heats melted in an induction furnace were 
poured into molds located in the stirring field. The 
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Table |. Experiments on Solidification in a Moving Electromagnetic Field 


Pouring Power 
Heat Type of Temp. Test Input to 
No. Steel Mold oF Conditions Stator, kw 

1 410 Ceramic, 4 1/2 in. ID 2900 No field applied - 
2 410 Ni-Resist, 4 3/8 in. ID 2900 No field applied = 
3 410 Ni-Resist, 4 1/8 in. square 2900 No field applied - 
4 410 Ceramic, 4 1/2in. ID 2900 Field applied for 6 min 10.5 
5 410 Ni-Resist, 4 3/8 in. ID 2900 Field applied for 3 min 10.5 
6 410 Ni-Resist, 4 1/8 in. square 2900 Field applied for 3 min 10.6 
A 410 Copper, 4 3/8 in. ID 2900 Field applied for 3 min 10.5 
8 410 Copper, 4 3/8 in. ID 2900 No field applied - 
9 410 Ni-Resist, 4 3/8 in. ID 2770 No field applied - 
11 302 Ni-Resist, 4 3/8 in. ID 2770 Field applied for 2 min 50 sec 22st 
19 310 Ni-Resist, 4 3/8 in. ID 2810 Field applied for 2 min 6.2 
20 S-816 Ni-Resist, 4 3/8 in. ID 2860 Field applied for 1 min 30 sec 14.9 
21 310 Ni-Resist, 4 3/8 in. ID 2810 No field applied - 
22 S-816 Ni-Resist, 4 3/8 in. ID 2860 No field applied - 
30 310 Ni-Resist, 4 3/8 in. ID 2810 Field applied for 38 sec 10.8 


mold was keyed into the field device to prevent it 
from also spinning in the electromagnetic field. 

The molds used were all externally cylindrical in 
shape, 6-1/4 in. OD, and for most runs had cylindri- 
cal inside cross-sections. The mean diameter of 
each ingot is listed when macrostructures are shown. 
They were the big-end-up type and were made of Ni- 
Resist cast iron (2.40 pct C, 2.30 pct Mn, 3 pct Si, 

23 pct Ni, 0.40 pct Cu, bal. Fe) and copper. Nonfer- 

romagnetic molds are necessary to permit the rotat- 
ing electromagnetic field to penetrate into the molten 
metal. Also used were ceramic molds which consist- 
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Ni-Resist molds. @) No field applied (Heat 
2) 6) Field applied (Heat 5) 


ed of an inner cylinder of 20-gage low-carbon sheet, 
an outer cylinder of austenitic stainless sheet, and in 
between, dry MgO packing. All metal and ceramic 
molds were fitted with special hot tops shaped like 
truncated cones to prevent loss of metal during stir - 
ring. The top surface of the rotating metal assumes 
a parabolic shape during stirring and must be con- 
tained by proper hot-top design or some liquid metal 
would leave the mold. 

The stirring field device was made by rewinding 
the stator of a 15-hp, 25-cycle induction motor for 
6-pole operation (theoretical rotational field speed 
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Fig. 4—Macrostructures of Type 410 stainless ingots (4- 
1/2-in. diam.) Poured into ceramic molds with 0.0375-in. 
steel liners. a) No field applied (Heat 1) 6) Field applied 
(Heat 4) 


of 1200 rpm). The inside diameter of this device was 
6-1/2 in. A copper-tubing winding (for water cooling) 
specially insulated for high-temperature operation, 
was installed in the stator. Fig. 1 shows the field 
device inside a protective transite case. 

A diagram of the electrical power control and me- 
tering equipment used in this work is shown in Fig. 2. 


PROCEDURE 


The melts were made under an argon atmosphere. 
To permit effective melt control, periodic measure- 
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Fig. 5—Macrostructures of Type 410 stainless ingots (4- 
3/8-in. diam.) Poured into copper molds. a) No field ap- 
plied (Heat 8) 6) Field applied (Heat 7) 


ments were made with immersion thermocouples and 
an indicating recorder. When the melt was at the 
proper tapping temperature, the metal was poured 
into a funnel placed on top of the hot top. The funnel 
nozzle was replaced after each heat to ensure a con- 
stant pouring rate. 

For those heats in which the ingot was cast in the ro- 
tating electromagnetic field, the desired field intensity 
was applied before tapping. It is important to empha- 
size that the magnetic field was present when the 
molten metal first entered the mold. The times listed 
in Table I are from start of pour to power off. Even 
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Fig. 6—Macrostructures of Type 410 stainless ingots (4- 
1/8-in. square) Poured into Ni-Resist molds. a) No field 
applied (Heat 3) b) Field applied (Heat 6) 


for the heats in which a magnetic field was not ap- 
plied, the molds were placed in the stirring device to 
minimize such variables as pouring rates, distance 
from crucible to hot top, and cooling rates. 


GRAIN REFINEMENT OF VARIOUS ALLOYS 


The effect of electromagnetic stirring on ingot 
structure is best illustrated by photographs of pol- 
ished and etched ingot sections. Although all of the 
grades evaulated inthis program cannot be discussed 
inthis paper, the results for afew typical grades are 
presented. The heat number for each macrostructure 
is indicated on the figure and reference can be made 
to Table I for the process variables. 
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Type 410 Stainless. Fig. 3 shows the longitudinal 
cross sections of two 50-lb. ingots of Type 410 stain- 
less cast into Ni-Resist molds a) with no field ap- 
plied during solidification; and b) with field applied. 
The refinement of the as-cast grain structure is ob- 
vious. The columnar grains in Fig. 3(a) are almost 
completely absent in the refined ingot, Fig. 3(b), ex- 
cept for a zone at the bottom of the ingot where rapid 
solidification occurred. In addition, the equiaxed 
grains in the refined ingot are much smaller, and are 
uniform from top to bottom of the ingot. In subsequent 
comparisons, macrostructures of transverse sections 
from the middle of ingots are presented. 

In Fig. 4 cross sections are shown of ingots of 410 
stainless cast into ceramic molds with and without 
the electromagnetic field. The as-cast ingot struc- 
ture without the field, Fig. 4(a), shows a smaller 
columnar zone than is present in ingots cast into all 
metal molds. However, the application of the electro- 
magnetic field during solidification still resulted in 
marked refinement of the grains, Fig. 4(b). 

Fig. 5 shows macrostructures of Type 410 stain- 
less ingots cast into copper molds. These molds have 
a greater chilling effect than the Ni-Resist or cera- 
mic molds, and as expected, the columnar zone in the 
ingot cast without the electromagnetic field is quite 
large, Fig. 5(a). Although the ingot solidified in the 
electromagnetic field still shows columnar crystals, 
Fig. 5(b), these columnar crystals are shorter and 
bent in the direction of stirring. 

Fig. 6 illustrates the macrostructures of refined 
and nonrefined ingots of Type 410 stainless cast into 
square Ni-Resist molds. Fig. 6(a@) is a classical ex- 
ample of ingot structure showing the chill, columnar, 
and equiaxed zones. As shown in Fig. 6(0), electro- 
magnetic stirring results in considerable refinement 
of the grain structure. The refinement, however, is 
not as pronounced as with round ingots. This differ - 
ence is probably due toturbulencein the corners of 
the square molds. However, it should be possible to 
design a stator that could overcome this difficulty. 

Type 302 Stainless. Fig. 7 showstransverse cross 
sections of two 50-lb. ingots of Type 302 stainless 
cast into Ni-Resist molds. The ingot cast without 
the electromagnetic field, Fig. 7(a) is almost entire- 
ly columnar, a characteristic typical of austenitic 
stainless steels. On the other hand, the comparison 
ingot cast into the electromagnetic field, Fig. 7(d), 
shows outstanding grain refinement. The hexagonal 
pattern in the refined ingot is probably related to the 
design of the 6-pole stirring device, although the me- 
chanism for such an unusual structure has not been 
determined. 

Type 310 Stainless. Fig. 8 compares the as-cast 
and electromagnetically stirred structures of Type 
310 stainless ingots. As with Type 302 stainless, the 
grain size of this somewhat difficult -to-hot-work 
grade is refined by electromagnetic stirring. 

S-816. Fig. 9 shows the macrostructures of two 
50-lb ingots of S-816 (43 Co, 20 Ni, 20 Cr, 4 Mo, 

4 W, 4 Nb, 1.5 Mn, 0.7 Si, 0.38 C, balance Fe) cast 
into Ni-Resist molds. The ingot cast without the field 
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Fig. 7—Macrostructures of Type 302 stainless ingots (4- 
3/8-in. diam.) Poured into Ni-Resist molds.a) No field ap- 
plied (Heat 9) b) Field applied (Heat 11) 


shows the characteristic structure with large colum- 
nar grains, Fig. 9(a). The electromagnetically stirred 
ingot shows exceptional grain refinement, Fig. 9(b). 


CONDITIONS FOR OPTIMUM GRAIN REFINEMENT 


During the experimental program, the field inten- 
sity in the mold was found to be quite important. Ex- 
cessively high field intensities result in too rapid ro- 
tation of the liquid metal, which can cause the metal 
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Fig. 8—Macrostructures of Type 310 stainless ingots (4- 
3/8-in. diam.) Poured into Ni-Resist molds. a) No field 
applied (Heat 21) 6) Field applied (Heat 19) 


to overflow the mold or cause center porosity in the 
ingot. If the field intensity is too low, grain refine- 
ment will not occur. 

In order todetermine the variation of field strength 
in the molds as a function of phase current or line- 
line voltage, a series of experiments was performed. 
The magnitudes and directions of the magnetic field 
within each mold at various radii were determined 
with a magnetic probe and oscilloscope. 

Utilizing the field intensity measurements and the 
results of a series of casting experiments at various 
flux densities, an empirical design constant was de- 
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Fig. 9—Macrostructures of S-816 ingots (4-3/8-in. diam.) 
Poured into Ni-Resist molds. @) No field applied (Heat 22) 
b) Field applied (Heat 20) 


veloped and its range for optimum grain refinement 
was established. This design constant is proportional 
to wH?a?/r where w = the rate of rotation of the mag- 
netization vector within an element of metal near the 
liquid-solid surface in radians per sec; @ = radius 
from the mold center to the point at which columnar 
grain growth begins during solidification in the ab- 
sence of a field (em); H = the magnetic field intensity 
in oersteds at the location defined by a; and 7 = the 
electrical resistivity of the molten metal. If 7 is as- 
sumed relatively constant for molten iron-base al- 
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Fig. 10—Macrostructure of a Type 310 stainless ingot (4- 
3/8-in. diam.) Poured into Ni-Resist mold with field re- 
moved after 38 sec (Heat 30). 


loys, the design constant for these alloys is 
wH*a? = K‘ = design constant for iron-base alloys. 


Experiments showed that optimum grain refinement 
for iron-base alloys occurred when K* was in the 
range 10° to 10° [ (oersteds)?(cm)?/sec|. Further in- 
formation on the design constant is presented in U. S. 
Patent No. 2,963,758, Production of Fine Grained 
Metal Castings, issued to the authors of this paper. 

In defining the conditions for optimum grain re- 
finement it is necessary for some grades of steel to 
separate the ingot solidification into an early stage 
where columnar grains normally appear and a later 
stage as solidification approaches the center of the 
ingot. In the latter stage center porosity may occur 
above a critical value of field intensity. Asa rule of 
thumb for those grades where center porosity is a 
problem, we found that the power input for optimum 
refinement of columnar grains should be reduced by 
one-half after the ingot is half solidified. 

The basic solidification pattern of the steel is also 


Fig. 11—Forged disks of Type 310 stainless after a 3 to 1 
reduction in thickness. (The top disk was from an ingot 
cast without electromagnetic stirring, while the bottom 
three disks were from grain refined ingots cast with elec- 
tromagnetic stirring.) 


VOLUME 221, OCTOBER 1961-999 


Fig. 12—Macrostructures of Type 310 stainless disks after 
upset forging from 3 to 1 1/8 in. a) Ingot cast without elec- 
tromagnetic stirring (Heat 21) b) Ingot cast with electro- 
magnetic stirring (Heat 19) 


quite important in determining the correct power in- 
put during final solidification. For example, Type 
410 stainless normally solidifies with equiaxed grains 
in the center, Figs. 3(a), 4(a), 5(a), and 6(a); thus, 
even when the field was entirely removed after the 
ingot was half solidified, the center portion of the in- 
got was still equiaxed. On the other hand, Types 302 
and 310 stainless normally solidify with grains al- 
most entirely columnar from surface to center, Figs. 
7(a) and 8(a). For such steels, if the field were re- 
moved after solidification was half complete, the 
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columnar grains would reappear. This was confirmed 
by experiment as shown in Fig. 10. It is obvious that 
the columnar grains became reestablished after the 
field was cut off. Center porosity can be offset in 
this type of steel by maintaining the field at reduced 
(one-half) intensity in the final stages of solidifica- 
tion to prevent center porosity and yet continue to 
break up the coarse columnar grains. 

It appears from the above experiment that when 
the stirring stops the system rapidly adjusts to the 
normal mass transfer and heat transfer conditions 
which are almost entirely dictated by the thermal 
characteristics of the solidified metal and the mold. 
Thus the solidifying steel returns to the typical mode 
of freezing which would occur without stirring. 

No experiments were conducted for the specific 
purpose of determining the mechanism of grain re- 
finement during electromagnetic stirring. It was pos- 
tulated that grain refinement was due to shear forces 
in the liquid metal. The actual mechanism of grain 
refinement may be due to a change in solute distribu- 
tion and an increase in constitutional supercooling, 
or an agglomeration of subcritical nuclei, or other 
mechanisms. However, the degree of refinement from 
any of these mechanisms is related to the magnitude 
of stirring, or shear forces, in the liquid metal. 

When liquid metal enters a mold which is inside the 
electromagnetic field, the metal at the mold interface 
solidifies almost immediately. The rest of the liquid 
metal begins to revolve about the mold axis, and at 
increasing distances from the liquid-solid interface 
the liquid metal rotates with greater angular veloci- 
ties. The velocity gradient causes shear throughout 
the liquid and at the liquid-solid interface. The form 
of the previously mentioned design constant was de- 
veloped from this shear model. However, the fact 
that the constant seems to define critical limits for 
grain refinement does not necessarily confirm this 
speculation. It is hoped that more work can be done 
in this area. 


EFFECT OF GRAIN REFINEMENT ON HOT 
WORKABILITY 


All the ingots made in this investigation were eval- 
uated for hot workability by forging on a 2,000 Ib. 
hammer 3-in.-thick disks cut from the ingots. In no 
instance was the hot workability of grain-refined in- 
gots inferior to that of normally cast ingots. For sey- 
eral grades, the hot workability of the grain-refined 
ingots was superior. However, one should not assume 
that grain refinement is a cure-all for hot workabil- 
ity problems. It does not necessarily follow that an 
ingot with a fine as-cast grain size will always have 
better hot workability than an ingot with a coarse as- 
cast grain size. 

Fig. 11 shows four disks of Type 310 stainless 
which were reduced in thickness from 3 to 1 in. by 
upset forging. The top disk was from an ingot that 
solidified without a field applied; the bottom three 
disks were from ingots that solidified in the moving 
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electromagnetic field. There were surface cracks 
in the disk from the normally cast ingot, but no 
cracks were present in the three disks from the re- 
fined ingots. 

Fig. 12 shows macroetched sections of two of the 
Type 310 stainless forged disks after the 3 to 1 re- 
duction in thickness. Fig. 12(a) shows the disk from 
the conventionally -cast ingot, top disk in Fig. 11; the 
structure in this figure should also be compared with 
the as-cast structure of the nonrefined 310 ingot 
shown in Fig. 8(a). The as-cast columnar grains still 
exist after forging. Fig. 12(b) illustrates a disk from 
a grain-refined ingot; the macrostructures show no 
large grains and should be compared with the refined 
as-cast structure shown in Fig. 8(b). Note particu- 
larly that the thin and bent columnar grains in the 
as-cast stirred ingot are almost completely broken 
up by the forging. 


SCALE UP 


The electromagnetic stirring process has been 
scaled up to 13-1/2 in. diameter ingots weighing 
1300 lb. Many grades were evaluated and in most 
cases grain refinement was accomplished. However, 
problems typical to the scale-up of solidification 
processes have arisen and further work is necessary 
to define the conditions for optimum grain refinement 
and product quality. 
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An Analysis of Powder Compaction Phenomena 


R. W. Heckel 


The compaction of metal powders ts analyzed 
through density-pressure curves as a three-stage 
process — die filling, individual particle motion, and 
gross compact deformation. The densification oc- 
curving during each of these stages is evaluated 
quantitatively. The amount of densification in the 
first and second stages is primarily a function of 
particle geometry. The densification taking place 
in the third stage is dependent mainly upon the ma- 
terial. 


Ar the present time the densification of powders 
during compaction is usually described by terms 
such as “compactibility,” “compressibility,” and 
“compression ratio.” Schwarzkopf’ has proposed that 
compactibility be defined as the minimum pressure 
needed to produce a given green strength, while com- 
pressibility be used to indicate the extent to whichthe 
density of a powder is increased by a given pressure. 
Compression ratio is generally defined as the ratio 
of the compact density obtained at a given pressure 
to the apparent density of the loose powder. 

Balshin? found that the pressure imposed on a com- 
pact affects the relative volume of the compact ac- 
cording to the following relation: 


mMP=-LV+C [1] 


R. W. HECKEL, Junior Member AIME, is Research Metal- 
lurgist, Engineering Research Laboratory, E. |. Du Pont de 


Nemours & Co., Inc., Wilmington, Del. 
Manuscript submitted May 3, 1961. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


where: 


P is the applied pressure, 
V is the relative volume* of the compact, 


*Ratio of the specific volume of the compact to that of the material 
without porosity. 
L is a constant described as the modulus of press- 
ing and is determined by the slope of a plot of In 
P vs V, and 
C is a constant which is determined by the inter- 
cept of a plot of nP vs V. 


Several drawbacks of the Balshin analysis may be 
noted from Fig. 1, which is a plot of pressure (loga- 
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Fig. 1—Volume-pressure relationship of Balshin for —200 
+250 mesh iron (A) powder. 
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Fig. 2—Density-pressure relationship of Smith for —250 
+250 mesh iron (A) (electrolytic) . 


rithmic scale) vs relative volume for data obtained 
in the present investigation on an electrolytic iron 
powder. First, the curve is not linear and “straight 
line” approximations and extrapolations will lead to 
serious errors. The description of L as a modulus 
has been questioned previously and the present data 
cast doubt on its usefulness. Secondly, the analysis 
is relatively insensitive to variations in pressure 
values at high ranges of pressure. 

Smith* has proposed the use of the following em- 
pirical density -pressure relationship 


[2] 
where: 


Cy is a constant calledthe “compressibility factor,” 
p is the density of the compact, g per cc, 
Pp. is the apparent density of the powder, g per CG, 
and 
P is the applied pressure. 


Fig. 2 shows a plot of relative density* vs the cube 


*Ratio of the specific density of the compact to that of the material 
without porosity. 


root of the applied pressure for the same data on elec- 
trolytic iron powder that were shown in Fig. 1. A lin- 
ear region appears at intermediate pressures, indi- 
cating the validity of Eq. [2] in this range. However, 
marked departures from linearity may be observed 
at both high and low pressures. Smith admitted that 
his density data at high pressures were lower than 
values calculated on the basis of low-pressure data 
and speculated that quite possibly the density of com- 
pacts approaches the maximum density asymptoti- 
cally. 

Murray, Livey, and Williams® have applied the 
Mackenzie -Shuttleworth analysis of sintering® to the 
hot-pressing of powders. They have altered the Mac- 
kenzie-Shuttleworth treatment by mathematically 
imposing an applied pressure on the process. Their 
relationship for the end-point relative density, Dr, 
of a hot-pressed compact as a function of applied 
pressure is given by Eq. [3]. 
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in ( 1 Dr 
il Dr ih Dr 3 
P 
TE [3] 
where: 


y is the surface tension of the material, 
nm is the number of pores per unit volume, 
gq, is the yield stress of the material at the press- 
ing temperature, and 
P is the applied pressure. 


Eq. [3] may be written in the form: 


where k is a constant. Although Eq. [3] has been 
found to describe hot-pressing phenomena, the pro- 
portionality given by Eq. [4] was not found to be valid 
for the room-temperature compaction data of the 
present investigation. 

Konopicky” has proposed that the proportionality 
given in Eq. [5] exists between the relative density 
of a metal powder compact, D, and the applied pres- 
sure, P. 


In (45) ox P [5] 


Ballhausen® has offered the relationship given in Eq. 


[6]. 


D 
in (25) 


[4] 


[6] 


Duffield and Grootenhuis® have applied both of these 
analyses, as well as those of Balshin? and Smith,‘ to 
their density-pressure data on the compaction of air- 
atomized copper powders. They concluded that Kon- 
opicky’s analysis described their data more accurate- 
ly than that of Ballhausen. In addition, they found 

that the Balshin? and Smith* analyses provided poorer 
description than either Eqs. [5] or [6]. 

The data of the present investigation, which were 
used in Figs. 1 and 2, were also applied to Eqs. [5] 
and [6] to test their validity. Both equations were 
found to be valid at elevated pressures, since they 
both approach the same mathematical form as D ap- 
proaches unity. However, Eq. [5] was found to be 
valid as low as about 20,000 psi, whereas Eq. [6] was 
valid only above about 50,000 psi. 

There is considerable amount of additional informa- 
tion*°~'* showing that Eq. [5] is applicable to density - 
pressure data of both metallic and non-metallic pow- 
ders. Athy’s data’® show that the density of the earth’s 
sedimentary rock crust is a function of depth. Assum- 
ing that pressure is proportional to depth, Athy’s re- 
sults may be described by Eq. [5]. 

Spencer, Gilmore, and Wiley?! have shown that the 
densification of polystyrene under pressure behaves 
in the manner indicated by Eq.[5]. They found that 
their value of the proportionality constant was 1.1 x 
10~* psi“, which was quite close to 1.25 x 1074 psi7? 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


which was calculated from Athy’s data.’° They con- 
cluded from this that the proportionality constant did 
not vary with the material being compacted. This con- 
clusion, however, has recently been invalidated.!? 
The density-pressure curves for an electrolytic 
iron powder, a chemically precipitated copper pow- 
der, a nickel powder, and a tungsten powder have been 
reported by the author previously.’? These data were 
analyzed by plotting In (1/1 - D) vs Pas shown in 
Fig. 3. The proportionality indicated by Eq. [5] was 
found for pressures above 15,000 to 25,000 psi. Eq. 
[5] was justified by considering the rate of change 
of density with pressure to be proportional to the 
void fraction. 


dD 
qp - D) [7] 
or 
ap 
it =D) =KdP [8] 
Upon integrating Eq. [8] 
D P 
=K JdP [9] 
Dy 0 
it is found that 
m (7 = KP + In [10] 


where D, is the relative apparent density of the pow- 
der. Since the curves in Fig. 3 exhibit some curva- 
ture at low pressures, Eq. [10] does not describe 

the process quantitatively. The replacement of the 
term In (1/1 - D,) with a constant, A, gives an expres- 
sion, Eq. [11], which is quantitatively valid except at 
the lowest pressures. 


[11] 
The constants A and K are determined analytically 
from the intercept and slope, respectively, of the ex- 
trapolated linear region of a plot of In (1/1 - D) vs P. 

The present paper will discuss the use of Eq. [11] 
as a tool in representing density-pressure relation- 
ships. In addition, it will be shown that an analysis 
based upon Eq. [11] permits the extent of the various 
mechanistic processes which comprise compaction 
to be evaluated quantitatively. 
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Fig. 3—In 1/1—D vs pressure for —200 +250 mesh iron (A) 
(electrolytic ), —140 +200 mesh copper (A) (chemically 
precipitated), —250 mesh nickel (A), and ~15y tungsten 
powders. 


EXPERIMENTAL RESULTS 


In order to obtain a better understanding of the 
constants A and K in Eq. [11], a detailed investiga- 
tion of the compaction behavior of many different 
powders was undertaken. Density-pressure curves 
were obtained in a manner which has been described 
previously .*? 

Standard pressing conditions were arbitrarily 
adopted at the outset of the investigation. A tensile 
bar die of 1.00 sq in. cross-sectional area with cavity 
dimensions meeting standards accepted by the Metal 
Powder Association?® and having the die body sup- 
ported by springs so that the die behaved in a double- 
action manner was used. Die lubrication was carried 
out by painting the body and punches with a 3 pct so- 
lution of stearic acid in carbon tetrachloride. The 
die was cleaned after each compaction operation. 
One-half cubic in. (0.50 in. depth) apparent volume 
of the powder was used for the compacts. The load- 
ing was carried out at a rate of 6000 psi per min. 
Data for each density-pressure curve were taken con- 
tinuously over the range of pressures from 0 to 
100,000 psi. 

Table I lists the powders used in the present inves- 
tigation. In addition, Fig. 4 shows the differences in 
shape and surface texture among some of these pow- 
ders. All powders photographed were sieved to a par- 


Table Il. Description of Powders Used in the Investigation 


Powder Designation Type 


Source 


Iron (A) Electrolytic (Star Grade) Charles Hardy Co. 

Iron (C) Electrolytic (Sintrex) George Cohen, England 
Iron (E) Hydrogen Reduced Oxide Charles Hardy Co. 
Nickel (A) Hydrogen Annealed Charles Hardy Co. 
Nickel (B) Spheroidized Linde Co. 

Copper (A) Chemically Precipitated Charles Hardy Co. 
Copper (B) Spheroidized Linde Co. 

Tungsten Charles Hardy Co. 

Steel (SAE 4630) Atomized Vanadium Alloy Steel Co. 
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Table Il. Compaction Parameters for Powders Studied in Present Investigation 


Lower Limit 


Powder K psi." A of Linearity, psi 
Iron (A) -40 + 80 mesh 1.86 x 10~° 0.67 25,000 
Iron (A) -80 +140 mesh NO1x 105° 0.73 25,000 
Iron (A) -140 +200 mesh 1.99 x 10-° 0.68 25,000 
Iron (A) ~—200 +250 mesh 1.91 x 10~° 0.73 25,000 
Iron (A) -250 mesh 1.81 x 107° 0.77 25,000 
Iron (C) -140 +200 mesh 1.90 < 10> 0.70 10,000 
Iron (E) -140 +200 mesh 1253-10” 0.61 25,000 
Steel (SAE 4630) —- 80 mesh 1.08 x 10~* 0.68 30,000 
Nickel (A) -250 mesh 1.48 x 107° 0.87 25,000 
Nickel (B) -140 +200 mesh 1.38 x 107° 0.92 10,000 
Nickel (B) mesh 0.98 5,000 
Copper (A) -140 +200 mesh 1.88 x 1075 0.63 30,000 
Copper (A) -250 mesh Ceres 0.60 30,000 
Copper (B) ~140 +200 mesh SHES Ose 0.72 5,000 
Copper (B) -250 mesh 3.00 x 107° 0.90 0 
Tungsten 0.76 x 107° 0.62 15,000 
ticle size of -140 +200 mesh except the nickel (A) DISCUSSION 
and the tungsten, which were both finer than 250 mesh 
in the as-received condition. Zero-pressure* relative Seelig and Wulff'* have suggested that the process 
*Zeto-pressure relative density is differentiated from at-pressure of eee metal powders in o die (disregarding the 
density. The former refers to the density of the compact when removed powder -filling and compact-ejection operations) may 
from the die; the latter to the density of the compact in the die while be divided into a) packing, b) elastic and plastic de- 
formation, and c) cold-working with or without frag- 
density vs pressure data for the powders were plot- mentation. It has been shown?” that the curved region 


ted as In (1/1 -D) vs Pas done previously.” These of a plot of In (1/1 - D) vs P results from particle 
plots were analyzed in terms of Eq. [11]. The values movement and rearrangement processes before in- 


of K and A along with the lower limit of linearity of terparticle bonding becomes appreciable. This cor- 
plots are given in Table II. responds to the packing process discussed by Seelig 
« ‘Ve & 
> powders used in the present investiga- 
tion (2) iron (A), (6) iron (C), (c) iron 
4 a & (E), @) nickel (A), (e) nickel (B), (f) cop- 
2 steel (SAE 4630). X30. Reduced ap- 
_¢ é 2 2 (Powder designations given in Table I). 
¢ 
(h) 2 4@) & eg 
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Fig. 5—Schematic representation of equations describing 
compaction behavior. 


and Wulff.’* The linear region of a plot of In (1/1 - D) 
vs P represents the region where the densification 

is proportional to the void fraction as given by Eq. 
[8]. This corresponds to both plastic deformation 
and cold-working and, therefore, combines the second 
and third steps discussed by Seeling and Wulff.14 
Since consideration is being given to zero-pressure 
densities of deformable metal powders, elastic de- 
formation and fragmentation effects may be consid- 
ered negligible in the present analysis. 

It should be noted that A in Eq. [11] combines the 
effects of densification by individual particle motion 
and the densification brought about by filling the die. 
Thus, Eq. [11] represents a three-stage process: 

I) Densification by filling the die, 

II) Densification by individual particle movement 
and rearrangement processes, 

III) Densification by particle deformation after in- 
terparticle bonding has become appreciable. 

The three stages in the compaction process are de- 
fined in Fig. 5. A typical set of data are shown sche- 
matically as the solid curve; Eqs. [10] and [11] are 
shown as dashed lines. The constant A may be con- 
sidered as the sum of two terms related to the ap- 
parent density of the powder, In (1/1 - D,), and the 
densification which takes place by individual particle 
motion at low pressures before appreciable interpar- 
ticle bonding takes place, B. 


A= in( )+B [12] 


1-D, 

The actual densification which may be attributed to 

the factors represented in Eq. [12] may be calcu- 

lated. The relative-density expression resulting from 

Eq. [12] is given as Eq. [13]. 
Da = D, + DB 


[13] 


As shown in Fig. 5, D4 may be calculated from Eq. 
[14]. 


1 ) = 
ll 
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Table Ill. Values of D,, Dp, and Do for Powders Studied 


in Present Investigation 


Powder Particle Size Dy D4 Dz 
Iron (A) -40 +80 mesh 0.29 0.49 0.20 
Iron (A) -80 +140 mesh 0.29 0.52 0.23 
Iron (A) -140 +200 mesh 0.32 0.49 0.17 
Iron (A) ~200 +250 mesh 0.36 0.52 0.16 
Iron (A) -250 mesh 0.41 0.54 0.13 
Iron (C) -140 +200 mesh 0.42 0.50 0.08 
Iron (E) -140 +200 mesh 0.33 0.46 0.43 
Steel (SAE 4630) -80 mesh 0.39 0.49 0.10 
Nickel (A) -250 mesh 0.41 0.58 0.17 
Nickel (B) -140 +200 mesh 0.57 0.60 0.03 
Nickel (B) -250 mesh 0.60 0.62 0.02 
Copper (A) -140 +200 mesh 0.31 0.47 0.16 
Copper (A) -250 mesh 0.32 0.45 0.13 
Copper (B) -140 +200 mesh 0.55 0.59 0.04 
Copper (B) -250 mesh 0.59 0.59 0 
Tungsten MIST 0.22 0.46 0.24 

or 
Da =1-e7A [14] 


Thus, Dg, the density contribution from individual 
particle movement and rearrangement, may be cal- 
culated from Eq. [13] since D, may be determined 
experimentally. 

Table III gives the values of D4, and Dg which were 
calculated from the A values in Table II and experi- 
mentally obtained values of D,. The table shows the 
effect of particle size, particle shape, and material 
on D,, Da, and Dg. In general, there is no recogni- 
zable effect of material on these parameters. The 
variations may be seen to be primarily a function of 
geometry; 7z.e., particle size and shape. 

In all instances Table III demonstrates the fact 
that the apparent density of a powder, D,, increases 
as the particle size decreases. On the other hand, 
Dp may be seen to decrease as the particle size de- 
creases. This is due to the increased number of in- 
terparticle contacts with decreasing size bringing 
about a more rigid structure and, therefore, a de- 
creased amount of interparticle motion. The effect 
of particle shape may be seen by comparing the Dp 
values in Table III with the photomicrographs of the 
powders in Fig. 4. The powders can generally be di- 
vided into spherical, copper (B) and nickel (B), and 
non-spherical classifications. The Dg values for the 
spherical powders all are quite close to zero. This 
adds further support to the hypothesis that Dg is the 
densification which occurs by individual particle 
movement, since spherical powders form a dense, 
rigid packing upon being poured into the die and, 
therefore, undergo very little shifting as the pressure 
is applied. 

The uniform packing of spherical copper particles 
may be seen in Fig. 6. This is quite different from 
the “as-compacted” structure of an irregularly 
shaped powder, iron (A), shown in Fig. 7. 

Dg is also sensitive to differences in shape among 
the non-spherical powders. Iron (C) has a more 
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Fig. 6—‘‘As compacted”’ structure of a spherical powder, 
copper (B) —140 +200 mesh, formed by pressing at 100,000 
psi etchant — 1:1:1, NH,OH (sp. gr. 0.88): 3 pet H,O,: H,0. 
X250. Reduced approximately 10 pet for reproduction. 
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rounded shape than either of the other iron powders 
and, therefore, has the lowest Dg value. The ex- 
tremely irregular shape of the tungsten powder par- 
ticles leads to a quite high Dg value, in spite of the 
small particle size. Thus, Dg decreases as the par - 
ticle shape becomes more nearly spherical. 

Table II shows that K varies widely depending upon 
the metal being compacted. The values shown range 
from 0.76 x 107® psi! for tungsten to 3.81 x 1075 
psi~’ for -140 +200 mesh copper (B). In general, K 
appears to be a material constant. Soft, ductile pow- 
ders, such as copper, nickel, and iron, have higher K 
values than hard powders, such as steel and tungsten. 
The only exceptions to this seem to be iron (E) and 
copper (A), which contained a considerable amount of 
unreduced oxide. The presence of the oxide was de- 
tected by the hydrogen weight-loss technique.!® The 
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Fig. 8—Correlation between K values and the yield 
strength, 0». 
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Fig. 7—“‘As compacted” structure of a nonspherical pow- 
der, iron (A) -200 +250 mesh, formed by pressing at 
100,000 psi. Etchant —1 pct Nital. X150. Reduced approxi- 
mately 10 pet for reproduction. 


weight losses for the iron (E) and copper (A) powders 
were 1.59 and 0.63 pct, respectively. The oxide par- 
ticles present in these powders increased the resis- 

tance to deformation of the powders and, thereby, re- 
duced the K values. 

Since K is a material constant and is postulated to 
be a measure of the ability of the compact to deform, 
a correlation was made between K and yield strength 
of the metals investigated. Fig. 8 shows a plot of ex- 
perimentally determined K values as a function of the 
reciprocal of the nominal yield strength. The K val- 
ues include all of those listed in Table II except those 
for copper (A) and iron (E), which were influenced by 
oxide contamination. The yield strength values were 
obtained from published data.’®"!® The least squares 
fitting of a line to the data in Fig. 8 gave the relation- 
ship: 


0.3202 
fo} 
or 
[15] 
2.36, 


where g, is the yield strength in psi. 

The correlation between K and yield strength is not 
surprising. Although Eq. [ 4] did not provide an accu- 
rate description of the data in the present investiga - 
tion, it is nevertheless similar in form to Eqs. [5] 
and [11]. Since the proportionality constant for Eq. 
[4] is 1/(v2q,), it would seem likely that K would be 
proportional to 1/9,. 

It should be emphasized that the compaction para- 
meters in Tables II and III are a function of the con- 
ditions under which the compaction is carried out. 

In the present investigation a standard compaction 
test was adopted arbitrarily and all data were taken 
under the same conditions. However, increases in K 
may be obtained by altering the compaction conditions 
to bring about a more efficient loading of the powder 
or to reduce die wall frictional losses. In addition, al- 
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though Dg has been shown to be primarily a function 
of the powder-particle geometry, it has also been 
found to vary slightly with the surface treatment giv- 
en to the powder prior to compaction. Therefore, in 
comparing the values of K, A, and Dg which are ob- 
tained in compaction studies, care must be taken to 
maintain the same compaction conditions for all ex- 
periments. 

The relationship between D, P, A, and K, as des- 
cribed by Eq. [11], is given in the form of a nomo- 
graph in Fig. 9. In addition, the corresponding val- 
ues of A and Dg, along with the relationship among 
Da, Dg, and D,, described by Eq. [13], are presented. 

The nomograph given in Fig. 9 was developed for 
two basic purposes: 

a) It may be used to find the curve of relative den- 


\ 


Fig. 9—Nomograph of In 1/1-D=KP 
+A and the relationship between 
D, and D>. 


RELATIVE DENSITY, D 
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sity vs pressure for any compact where A and K are 
known. 

b) It may be used to find A and K from the densities 
resulting from compacting at any two pressures. 
Furthermore, from a knowledge of the relative ap- 
parent density of the powder, D,, the amount of densi- 
fication taking place by individual particle motion, 
Dp, may be found. Thus, all of the mathematical pa- 
rameters describing the analysis given in this paper 
may be derived, or the density-pressure curves found, 
from) Fig. 9: 

For example, parameters A and K may be deter- 
mined from Fig. 9 from a minimum of two density - 
pressure points (D,, P,) and (D,, P,). The corre- 
sponding values are connected as shown and the in- 
tersection, 0, is located. Point 0 may then be des- 
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cribed by K (by projecting 0 upward to the K -scale) 
and A (by projecting 0 down and to the left to the A- 
scale). In the example shown: 


Py 
P, 


60,000 psi 
100,000 psi 


dD, 
Dz 
A = 0.90 

K = 2.2 x 1075 


In addition, by using the A-Dy, Dp, and D, scales 
shown in the lower right corner of Fig. 9, Dg may be 
found from A and D,. The intersection of the line 
a-b-c-d connecting the values of A(a) and D, (da) with 
the Dg scale (c) gives the appropriate value. Actually, 
this operation is merely a graphical addition; the sum 
of Dz (c) and D, (d) is equal to Da (b). Using the pre- 
vious value for A and 0.50 for D,, the line a-b-c-d 
gives values of 0.60 and 0.10 for Da, and Dp, respec- 
tively. 

The procedure described above may be uSed in re- 
verse to obtain the corresponding values of density 
and pressure where A and K are known. Thus, Fig. 9 
will facilitate the use of A and K to describe the com- 
paction behavior of a powder, since it provides a 
readily accessible translation of A and K into rela- 
tive density at any pressure. 

It should be remembered that information taken 
from Fig. 9 is only valid above the lower limit of lin- 
earity of plots of In(1/1 -D) vs P. The lower limit 
for the nonspherical powders in the present investi- 
gation ranged from about 15,000 to 30,000 psi; the 
spherical powders ranged from 0 to 10,000 psi. 
Therefore, the lower pressure regions of Fig. 9 
should be used with a degree of caution if the exact 
value of the lower limit is unknown. In most instances, 
though, the pressure region of interest is considera- 
bly above this lower limit. 


SUMMARY AND CONCLUSIONS 


The compaction of powders has been analyzed asa 
three-stage process in terms of the expression: 
1 


in = xP + ( 


1 
The first stage is the filling of the die; the amount of 
densification is indicated as D,, the relative apparent 
density of the powder. D, is primarily a function of 
the geometry of the powder particles. The second 
stage is characterized by individual particle move- 
ment and rearrangement at low pressures before in- 
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terparticle bonding becomes appreciable. In the above 
expression, the effect of the second stage is indicated 
by B. The actual densification taking place during the 
second stage, Dg, may be calculated from experimen- 
tal density-pressure curves. Dz is primarily a func- 
tion of powder-particle geometry, decreasing as the 
particle size decreases or as the particle shape be- 
comes more nearly spherical. The third stage is 
characterized by the proportionality of the rate of 
change of density with pressure and the void fraction 
of the compact. The proportionality constant, K, is 
a material constant, increasing as the powder be- 
comes softer and more ductile. The value of K may 
be approximated by 1/39, , where og, is the yield 
strength of the material. Oxides within the powder 
particles and in the form of surface films decrease 
Ki 

The mathematical parameters used in the analysis 
to describe the compaction process have been related 
in the form of a nomograph. The nomograph may be 
used to obtain density-pressure curves from known 
values of A and K or to obtain the parameters from 
actual density -pressure data. 
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The Constitution Diagram Niobium(Columbium)-Rhenium 
Bill C. Giessen, Rolf Nordheim, and Nicholas J. Grant 


The system Cb-Re was examined in detail utilizing 
pure metals, careful melting techniques, and heat 
treatments. Metallographic and X-ray methods were 
utilized for phase identification. In addition to soli- 
dus determinations, the composition limits and mode 
of formation of the intermetallic compounds © and x 
were determined. 


Tue binary constitution diagram Cb-Re has been 
the subject of a number of investigations.“? Two in- 
termetallic phases have been described and tentative 
diagrams have been proposed. It was the aim of this 
investigation to obtain a compiete and more accurate 
diagram through the use of purer alloys and improved 
techniques. The diagram worked out by Knapton’ was 
published after our experiments were concluded. 


EXPERIMENTAL METHODS 


The starting materials were Re powder of 99.95 pct 
purity, supplied by the Chase Brass and Copper Co., 
and Cb rondelles of 99.6 pct purity, supplied by the 
Electro Metallurgical Co. Typical analyses are given 
in Table I. The alloys were prepared from compacted 
Re powder and Cb rondelles; for critical compositions 
master alloys were used. 

The melts varied from 5 to 50 g and were melted 
nonconsumably in an Heraeus arc furnace, under ti- 
tanium-gettered laboratory grade argon. It was nec- 
essary to invert the buttons and remelt, followed by 


Table |. Typical Analyses of Metals Used 


Cb Re 

Nominal Purity, Wt pct 99.6 99.95 
Impurities, Wt pct 

aa 0.15 

(@) 0.1 

0.05 

H 0.04 

Ss 0.01 

Fe 0.01 <0.002 

Al, Si 0.0006 

B 0.0001 <0.0001 

Mg, Mn, Sn, Zr 0.0001 

Ti 0.01 0.0001 

Na, K <0.001 

Cu 0.001 

Mo, Ca <0.0001 


BILL C. GIESSEN, Junior Member AIME, and NICHOLAS 
J. GRANT, Member AIME, are DSR Research Staff Member 
and Professor, Department of Metallurgy, respectively, at 
Massachusetts Institute of Technology, Cambridge, Mass. 
ROLF NORDHEIM, Junior Member AIME, formerly at Massa- 
chusetts Institute of Technology is at Bremanger Smelteverk, 


Svelgen, Norway. 
Manuscript submitted April 3, 1961. IMD 


crushing and further remeltings, the number of which 
depended on the nature of the fracture of the alloy. 

The weight of each alloy was carefully checked 
after each melting operation. It was found that signi- 
ficant weight losses occurred only when loose Re pow- 
der was used. These losses amounted to a maximum 
of 3 wt pct in such instances, but did not occur after 
the charge was once molten, regardless of the com- 
position. Typical loss of weight after 4 remelts, in- 
cluding crushing, amounted to 0.2 wt pct. 

Oxygen pickup during successive melting cycles 
did not appear to be significant, since the weight gain 
values never exceeded 0.01 wt pct. Control of the 
composition of the alloys was not too difficult; how- 
ever, the problem of homogenization was a far great- 
er one. Optimum alloying conditions were finally 
achieved by a combination of master alloy production 
and repeated crushing and remelting cycles. 

The compositions of the alloys utilized to deter - 
mine the constitution diagram are listed in Table II. 
The weight balance method was used ultimately as 
the sole analytical method, since repeated checks in- 
dicated that it was accurate to 0.2 pct, if the weight 
losses were small. The results were double-checked 
by a metallographic study of the homogeneity of the 
samples, since this was presumed to be the more 
serious factor. 

Heat treatments at 1200°C or lower were accom- 
plished by sealing the specimens in Vycor tubes, 
heating in a Globar furnace, followed by air cooling. 
This was considered to be an adequate quench because 
of the very low temperatures involved. 

For temperatures of 1200° to 1900°C, alloys were 
homogenized and heat treated in a tungsten-filament 
resistance vacuum furnace. From 1900° to 2750°C a 
tantalum -tube resistance furnace was utilized, oper- 
ating under a vacuum of 107° mm Hg. The tempera- 
ture measurements up to 1200°C were made by means 
of platinum-platinum 10 pct Rh thermocouples, with 
an accuracy of +5°C. For temperature measurements 
greater than 1200°C, optical pyrometers were used. 
They were calibrated against a standardized instru- 


Table Il. Compositions of Cb-Re Alloys 


At. pct Re At. pct Re At. pet Re 
19.1 +0.4 84.5 +0.2 
32.6 +0.6 87.5 +0.5 
40.0 +0.2 57.5 +0.4 88.5 +0.2 
43.9 +0.2 60 +0.4 2 
44.5 +0.2 94.8 +0.4 
46 +0.2 65.2 +0.2 
47.8 +0.3 97.8 +0.2 
49.4 +0.2 98.5 +0.2 
49.7 +0.2 80 +0.5 
99.6 +0.1 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


VOLUME 221, OCTOBER 1961-1009 


WEIGHT PER CENT RHENIUM 


20 30 40 60 70 90 


T 
| | | | T | — 6000 
© SINGLE PHASE 
4 MELTING OBSERVED | 
3000 4 MELTING NOT 
x BOUNDARY BY X-RAY X+L 1-4 5200 
+05 /88405 @ 4800 
+ 
2 a-Nbto | — 
= 208 \ Fig. 1—Constitution diagram Cb-Re. 
< 2000 =F 3600 
« X+%-Re 
1600 — 
° ° x e Cray 
1400), 
—H 2400 
—}} 2000 
1ooo 
1600 
6005s 1200 


40 50 60 
ATOMIC PER CENT RHENIUM 


70 80 


ment under black-body conditions. Sight glass cor- 
rections were applied and the accuracy is estimated 
to be +15°C up to 2400°C and 20°C up to 2750°C. 

All one-phase specimens were homogeneous after 
24 hr at 2120°C, while samples annealed at 1500°C 
for 17 hr still showed coring. Because macroscopic 
inhomogeneities, as between button top and bottom, 
did not disappear under these conditions, only previ- 
ously examined homogeneous buttons were used in 
the diagram determination. 

Annealing times and temperatures varied from as 
much as 35 days at 1045°C, 20 hr at 2000°C, to 1 hr 
at 2600°C. 

To measure the solidus, incipient melting points 
were observed. In part the method described by Bro- 
phy and Schwarzkopf* was employed; other points 
were obtained by sighting on a specimen inthe tanta- 
lum-tube furnace against a darker background and 
observing the rounding of edges. 

The results by the two methods matched within the 
limits of the experimental error and are felt to be 
accurate within +25°C. The melting point of Cb (99.6 
pct) was used as a check point and was found to be 
2453° +10°C; a recent literature value is given as 
2468°C.5 

The solid solution specimens were held at a tem- 
perature below the melting point (~2300°) for 1/2 hr, 
in addition to the normal homogenization treatment. 
Specimens in the concentration range of the eutectoid 
decomposition of o were annealed longer, 1 to 2 hr, 
at 2400°C after which treatment the structure was of 


Table Ill. Lattice Parameters of a-Cb and y-Phase 
Phase Atom pct Re (A) 
a-Cb 20 3.248 
40 3.203 

x 65 9.756 
75 9.689 

85 9.624 
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two phases and in equilibrium, see Fig. 1. No efforts 
to determine liquidus points were made. The temper- 
atures of the invariant reactions were determined by 
solidus measurements for the two eutectic reactions 
and the peritectic reaction, and by annealing tech- 
niques for the eutectoid reaction. They were found 

to be 2435° +10°C for the eutectic L = a - Cb +a, 
and 2715° +15°C for the eutectic L = y + a — Re and 
2565° +15°C for the peritectic L + y = o. The compo- 
sitions of the phases participating in the eutectic reac- 
tions were determined metallographically; the pres- 
ence of a one-phase structure and extrapolation of the 
amount of second phase in two-phase alloys deter - 
mined the limits of the terminal solid solutions, 
whereas the eutectic composition was determined 
from the appearance of a eutectic structure, which in 
both instances tended to degenerate. The composition 
of the liquid phase of the reaction L + x = 0 was found 
by examining as-cast structures for coring due to 

an incomplete peritectic reaction. 

The temperature of the eutectoid reaction o = a — 
Cb + x was determined by annealing specimens of 
90 pct Re at temperatures bracketing the transforma- 
tion temperature and checking the phases present by 
X-rays after cooling. The transformation tempera- 
ture could be determined very accurately since the 
appearance of the X-ray pattern and the microstruc- 
ture changed very markedly over the critical inter- 
val. The equilibrium temperature was found to be 
2162° +10°C. The composition of the o phase was de- 
termined by plotting the area of o in annealed speci- 
mens against concentration and extrapolating to 100 
pct; this showed the range of homogeneity to be very 
narrow, about 0.5 pct. 

The phase boundaries were found by metallographic 
observation and by means of the X-ray parametric 
method. The first method included estimating the 
amounts of the phases present. The accuracy of the 
@) values for |a@ and x was considered to be within 
about +0.003A. Typical a values are given in Table 
III. The Re solid solubility was determined only me- 
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Fig. 2—47.8 at. pct Re,ascast. a Cb + X(+¢). X200. Re- 
duced approximately 15 pct for reproduction. 


tallographically, as were the phase boundaries in the 
o region. 

For metallographic investigation, the alloys were 
dip etched with 1 to 2 pct HF (49 pct), balance HNO, 
(70 pct) for 2 to 3 sec. This etchant first stains x, 
later o, and after longer times a-Cb for phase iden- 
tification; short etchant periods made sharp grain- 
boundary determination possible without discoloring 
the second phase. 


RESULTS 


The phase diagram given in Fig. 1 is marked by a 
large area of solid solution of Re in the Cb lattice, 
and the appearance of two intermetallic compounds 
o and x, of which the former has only a limited and 
narrow range of stability at elevated temperatures, 
while the latter is stable from room temperature 
to the melting point and extends over a homogeneity 
range of about 25 pct. The o phase is isomorphous 
with o (Fe, Cr) and x is isomorphous with a-Mn. o 
forms peritectically out of y plus melt at 2565°C, and 
decomposes at 2162°C into a-Cb and x. a-Cb forms 
a eutectic with o at 2435°C, while y melts with a max- 
imum and forms a eutectic with Re solid solution at 


Fig. 4—55 at. pet Re, ascast, X+0+@—Cb. X500. Re- 
duced approximately 15 pct for reproduction. 
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Fig. 350 at. pet Re, as cast, slow cooled. a—Cbh+X 
X1000. Reduced approximately 15 pct for reproduction. 


In an effort to determine the formation of a super - 
structure at 25 at. pct Re specimens were annealed 
at 600°C for 14 days. No additional X-ray diffraction 
lines were found after cooling. 

Fig. 2 shows the eutectic; the dark phase is the un- 
resolved, partly decomposed, original o, now consist- 
ing of a and x, as revealed in Fig. 3. Here the de- 
composition of o into a plus y is clearly visible. The 
eutectic composition must be very close to 47.8 pct, 
Fig. 2, but is difficult to pin-point accurately because 
of the tendency of the eutectic to degenerate if ais 
primary, and to form o dendrites in a-Cb instead of 
the eutectic structure. Fig. 4 illustrates an as-cast 
structure of a 55 pct Re alloy, quickly cooled, where 
o phase, etched grey, surrounds the darker etched x, 
with a-Cb in between. After annealing at 1500° for 
17 hr, o decomposes into @ plus xy, as shown in Fig. 
0, while the original x remains unchanged. Annealing 
above the o-eutectoid decomposition temperature of 
2162°C brings the peritectic reaction to completion; 
Fig. 6 demonstrates a two-phase structure of yx (dark) 
and o (white) in the same alloy as is shown in Figs. 

4 and 5. The findings are corroborated by X-ray re- 
sults to identify the phases present. 


Fig. 5—55 at. pet Re, 17 hr at 1500°C and quenched. 
X +a—Cb. X1000. Reduced approximately 15 pct for re- 


production. 
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Fig. 6—55 at. pet Re, 1 hr at 2415°C and quenched. Xx +o. 
X500. Reduced approximately 15 pct for reproduction. 


Figs. 6 to 9 illustrate alloys of concentrations from 
43.9 to 62 pct Re after annealing at 2415°C for 1 hr. 
Fig. 7 shows a-Cb solid solution; Fig. 8 shows an in- 
creasing amount of the dark phase o; Fig. 6, etched 
for a shorter time, shows o as the white phase, with 
X appearing dark; and Fig. 9 shows the y phase. The 
areas of o in these and other microsections indicated 
the composition of o to be 54 +0.5 pct Re. Figs. 10 
and 11 illustrate the eutectic y + a - Re. This eutec- 
tic also has a high tendency to decompose. When 
primary Re solid solution forms, Re solid solution 
crystallizes in the shape of dendrites and is later 
surrounded by x. When the concentration is exactly 
that of the eutectic, a fine eutectic forms, as shown 
in Fig. 11, whereas Fig. 10 shows the transition from 
the degenerated eutectic to the regular one at an ac- 
cidental minor inhomogeneity of an as-cast structure 
(small bead-like Re solid solution particles appear 
dark in Figs. 10 and 11). Fig. 12 illustrates single- 
phase Re solid solution of a 97 pct Re melt, annealed 
at 2660°C for 1 hr; in Fig. 13 the same alloy has been 
heat treated at 2415°C for 1 hr and quenched. There 
is segregation of yx on the grain boundaries and in 
the grains. 


AS 

SPAR 
Fig. 8—52.5 at. pct Re, 1 hr at 2415°C and quenched. 


a—Cb +0. X200. Reduced approximately 15 pet for repro- 
duction. 
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Fig. 7—43.9 at. pct Re, 1 hr at 2415°C and quenched. 
a@—Ch. X200. Reduced approximately 15 pct for reproduc- 
tion. 


DISCUSSION 


It will be noted that the binary system Ta-Re® shows 
a strong similarity to the system Cb-Re in that x 
phase has a large homogeneity range, while ga is sta- 
ble only over a limited composition range at high 
temperatures. This contrasts with the behavior of 
Mo-Re and W-Re,*°"" where o has a large solubility 
range and is stable up to high temperatures, while x 
decomposes peritectically and has only a narrow 
homogeneity range. 

The solidus line between 0 and 30 pct Re shows no 
decline, and may even go through a small maximum; 
however, efforts to find a super-structure at 25 pet 
Re failed. The structures of the x and o phases were 
confirmed. 

The system Cb-Re has been the subject of several 
investigations, several of which only ascertained the 
phases others®®7 gave a complete dia- 
gram. The diagram given here differs from that of 
Ref. 4 and 6, mainly in the stability range for the o 
phase, the eutectic melting of y, and some of the sol- 
ubility limits. It agrees with Knapton’ in most of the 
details. The work of Greenfield and Beck,! essen- 


Fig. 9—62 at. pct Re, 1 hr at 2415°C and quenched. x. 
X200. Reduced approximately 15 pct for reproduction. 
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Fig. 12—97 at. pct Re, 1 hr at 2660°C and quenched. a—Re. 
X500. Reduced approximately 15 pct for reproduction. 


tially confirmed by Levesque al.,* claims that ois 
stable only inatemperature range below 1075°C. This 
is based on observations that the o phase present in 
arc-melted samples disappears on annealing at tem - 
peratures higher than 1075°C. This observation wasal- 
so foundtobetrue inthis work. It was noted, however, 
that the decomposition rate of odecreased rapidly, with 
temperature between 1100° and 1200°C, sothat itis 
practically zero at about 1100°C, while it is notable 
at 1150°C. This could explain why o was still found 
after low temperature anneals.’»+ Furthermore, no 
formation of o at any of these temperatures could be 
observed, even after heat treating for 35 days at 
1045°C or 28 days at 933°C; although both o-free al- 
loys and others, in which o had been partly decom- 
posed at higher temperatures to provide nuclei, were 
used. In these cases, the formation of o was checked 
by X-ray intensity measurements. From these facts, 
it was concluded that o is not stable at low tempera- 
tures, the more so since a stability range at high 
temperatures has definitely been established. 

A second discrepancy exists in the melting mode of 
x. Previous reports indicated a peritectic reaction.*® 
This was based on melting point observations. The 
measured points of Levesque ef al.,* however, do not 
exclude the maximum, suggested in this work, which 
is shown to exist by the eutectic structure of some 
high-rhenium alloys. 
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Fig. 11— 87.5 at. pct Re,as cast. X +a—Re. X500. Reduced 
approximately 15 pct for reproduction 


Fig. 13—97 at. pct Re, 1 hr at 2415°C and quenched. 
X+a—Re. X500. Reduced approximately 15 pct for repro- 
duction. 


The agreement with the data published so far by 
Knapton’ seems to be good; there are only slight dif- 
ferences in the position of o (57 pct Re compared to 
54 pct by these authors) and the decomposition tem- 
perature of o, which he gives as being above 2300°C. 
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Fig. 10—87.5 at. pct Re,ascast. x +a—Re. X200. Re- 


The Zirconium-Rich Corners of the Ternary 


Systems Zr-Co-O and Zr-Ni-O 


M. V. Nevitt and J. W. Downey 


The phase boundaries for the 950°C isothermal 
sections in the ternary systems Zr-Co-O and 
Zv-Ni-O have been determined for the composi- 
tion range from 50 to 100 at. pct Zr. The two SYS- 
tems show very similar phase relations, having 
no extensive solid solution phase fields, Each con- 
tains a ternary phase. These phases are apparently 
isostructural, but their structure has not been de- 
termined. Some aspects of the phase relations are 
discussed in terms of the alloying behavior of 
transition metals. 


Tue work described in this paper is the outgrowth 
of a recent study of the occurrence of phases having 
the Ti,Ni-type structure (structure-type E9,) in cer- 
tain ternary systems involving Ti, Zr, or Hf with 
another transition metal and 0.3 In the Zr-Co-O 
and Zr-Ni-O systems no Ti,Ni-type phases were 
found to occur. However, there are several interest- 
ing aspects of the phase relations in the two systems 
which have significance from the point of view of the 
alloying behavior of transition metals. The results 
of this investigation may also have some importance 
in studies of the oxidation of Zr-Co and Zr-Ni alloys. 

In both the Zr-Co-O and Zr-Ni-O systems only the 
950°C isothermal sections were investigated and, as 
a further restriction, the study was limited to the 
composition range from 50 to 100 at. pct Zr. 

A tentative Zr-Co binary diagram has been pub- 
lished by Larsen, Williams, and Pechin.* In the com- 
position range pertinent to the present work they re- 
port a eutectic at 980°C and 75.9 at. pct Zr, the prod- 
ucts of which are the terminal solid solution based 
on B Zr and the compound Zr,Co, and a eutectic at 
1080°C and 64.8 at. pet Zr whose products are Zr,Co 
and ZrCo. The solid solution based on 6 Zr is shown 
to decompose eutectoidally at 826°C into a Zr and 
Zr,Co. The limits of solubility of Co in @ and B Zr 
have not been established. The structure of Zr,Co is 
not identified in the publication just cited. Dwight 
has reported that ZrCo has the CsCl-type structure.® 

The Zr-rich portion of the Zr-Ni diagram has been 
determined by Hayes, Roberson, and Paasche.® The 
phase relations are very similar to those of the Zr- 
Co system. A eutectic reaction whose products are 
8 Zr containing 2.9 at. pct Ni and Zr,Ni occurs at 
961°C, and a eutectic between Zr,Ni and ZrNi is 
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found at 985°C. The solid solution based on # Zr de- 
composes eutectoidally at 808°C. The solubility of 
Ni in a Zr is not known accurately but is believed to 
be very small. 

Smith, Kirkpatrick, Bailey, and Williams’ have 
found that Zr, Ni has a tetragonal structure of the 
Al,Cu-type and that ZrNi is orthorhombic. 

Domagala and McPherson? have published a con- 
stitution diagram for the system Zr-ZrO,. At 950°C 
their diagram indicates that the solid solution of O 
in 8 Zr is stable from 0 to 0.5 at. pet while the phase 
field of O in @ Zr extends from 6 to 29 at. pct. These 
solubility limits were adopted in the present study 
and no binary Zr-O alloys were made. 

No previous data on the phase diagrams of the ter- 
nary systems are known to exist. 


EXPERIMENTAL PROCEDURE 


The experimental details involved in the prepara- 
tion of alloys in this laboratory by arc melting have 
been described in several previous papers’ and 
they will not be repeated here. Information concern- 
ing the purity of the metals used is given in Table I. 
Oxygen was added in the form of reagent grade ZrOQ,. 
All of the cast specimens in both alloy systems were 
annealed in air-atmosphere tube furnaces at 950 +3°C 
for 72 hr and water quenched. The Specimens were 
protected from oxidation by wrapping them in Mo foil 
and sealing them in quartz tubes that had been evacu- 
ated at room temperature to a pressure of 1 x 1076 
mm of Hg. The phase boundaries were determined by 
metallography, and identification of the phases was 
accomplished primarily by X-ray diffraction methods 
which employed a powder camera having a diameter 
of 114.6 mm. The diffraction techniques which are in 
use in this laboratory have been previously des- 
cribed.*»* An etchant that proved satisfactory for 
most of the alloys consisted of 5 pct by vol of AgNO, , 


Table I, Raw Materials 


Metal Typical Lot Analysis 

Crystal Bar Impurities in ppm: Al 27-37; C 100; Ca 50; 

Zirconium Cr 10-18; Cu 5; Fe 100; H 20; HE 100-150; 
Mg 10; Mn 5; Mo 10; N 10-25; Ni 25-40; 
Pb 25; O 200; Si 20-70; Sn 10; Ti 20-30; 
W 100. 

Flectrolytic Wt pct impurities: Fe 0.14; C 0.028; 

Cobalt Si 0.002; Cu 0.004; Mn nil; Ni tr; Al 0.008; 
S 0.004. 

Electrolytic Wt pet impurities: Co 0.1; Cu 0.01-0.03; 

Nickel Fe 9.01-0.04; C tr; S tr. 
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ZrCo+ Zr,Cot+ Y 


Fig. 1—The Zr-rich corner of the Zr-Co-O system at 
950°C. 


2 pct by vol of HF, and the balance distilled water. 
This solution, which was sometimes further diluted 
with distilled H,O, was applied by swabbing. A 10 pct 
solution of NaCN in distilled water, used electrolyti- 
cally, was also employed for producing contrast be- 
tween the ternary y phase and the binary compounds. 
Powder specimens were prepared by grinding, and, 
since none of.the phases in either system was char- 
acterized by great brittleness, it was often necessary 
to reanneal the powders for two hours at 950°C in 
evacuated tubes in order to obtain patterns with sharp 
lines. The powder capsules were water quenched 
from the annealing treatment. Oxidative surface con- 
tamination of Zr-rich powder specimens can occa- 
sionally occur when they are annealed in static vacu- 
um capsules and can result in a localized alteration 
of the phases. However, infrequently occurring ar- 
tifacts of this kind could be recognized in the present 
work and it is believed that misinterpretations of the 
powder patterns were entirely avoided. 

The precision lattice parameters of the compounds 
Zr,Co and Zr, Ni were determined from the back re- 
flection lines of patterns made with Cr radiation 
(CrKa,A = 2.28962A; CrKa,A = 2.29351A) by a least- 
squares program established for the IBM 704 compu- 

The compositions shown on the isothermal sections 
are those of the charges prepared for arc melting. 
Chemical analyses made on 16 alloys distributed 
about evenly between the two systems, indicated that 
the concentration of any component in the cast alloys 
deviated by less than 0.5 at. pct from the intended con- 
centration. Single-phase alloys are shown as open 
circles, two-phase alloys as half-filled circles, and 
three-phase alloys as filled circles. 


RESULTS 


Zr-Co-O System. The 950°C isothermal section in 
this system, shown in Fig. 1, has as its significant 
features the absence of extensive solid solution phase 
fields and the occurrence of one ternary phase. O 
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position 64 at. pct Zr, 31 at. pct Co, 5 at. pct O. Elec- 
trolytic etchant NaCN in H,O. X500. Enlarged approxima- 
tely 4 pct for reproduction. 


does not appear to have appreciable solubility in 
ZrCo or Zr,Co and there is no conspicuous mutual 
enhancement of the solubilities of Co and O in either 
aor 8 Zr. The actual ternary solubility limits in the 
a and B phases were not determined in this study. 
The ternary phase, y, occurs in an elongated phase 
field whose long axis coincides quite closely with 
Zr,Co stoichiometry, while O concentration varies 
between about 4 and 18 at. pct. Fig. 2 shows the mi- 
crostructure of the three-phase alloy having the com- 
position 64 at. pct Zr, 31 at. pct Co, 5 at. pct O. The 
phases present are: y (light gray, speckled), ZrCo 
(white), and Zr,Co (dark). The crystal structure of 
the y phase has not been identified. X-ray data for 
the single-phase alloy designated by the triangular 
data point are given in Table II. The constant stoichi- 
ometry of the metal components suggests that O atoms 
may occupy interstitial positions. The binary com- 
pound Zr.,Co was identified from powder patterns as 
an Al,Cu-type (C16) structure. It is therefore iso- 
structural with Zr,Ni’ and Hf, Ni."""’* The lattice 
parameters of Zr,Co are a, = 6.3666A +0.0001A and 
C,= 5.5131A +0.0004A when the probable error is 
expressed in terms of 95 pct confidence limits. 
Zr-Ni-O System. The phase relations at 950°C in 
this system, Fig. 3, are very similar to those in the 
Zr-Co-O system and the same comments apply. The 
ternary phase, y, coincides with Zr, Ni metal compo- 
nent stoichiometry and has an O content ranging from 
about 6 to 19 at. pct. Its Debye-Scherrer pattern is 
essentially identical with that of the ternary phase in 
the Zr-Co-O system. X-ray data for the y phase in 
the alloy designated by the triangular data point are 
given in Table II. Fig. 4 shows the microstructure 
of the alloy having the composition 70 at. pct Zr, 20 
at. pct Ni, 10 at. pct O. The major phase is the ter- 
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S (CotZr A 
Fig. 2—Microstructure of Zr-Co-O alloy having the com- 


Fig. 3—The Zr-rich corner of the Zr-Ni-O system at 
95 


nary y phase and the minor phase is the solid solu- 
tion of Oin a Zr. 

The lattice parameters of Zr, Ni, with probable 
errors expressed in terms of 95 pct confidence lim- 
its, are g,= 6.4897A +0.0005A4 and c, = 5.2700A 
+0.0007A. 


DISCUSSION 


A,B compounds having the Ti, Ni-type structure 
are often found in binary systems having Zr as the 
A-element and having a B-element from the Ee; Co; 


or Ni group. Moreover, additional Ti, Ni-type phases 
occur in ternary systems in which O is the third com- 
ponent. The electronic and atomic size relations gOv- 


erning the occurrence of Ti, Ni-type phases with and 
without O have been discussed in several previous 
papers.’ It is now of interest to inquire why the 


phases Zr,Co and Zr,Ni are of the Al,Cu-type rather 


QD Q 


Fig. 4—Microstructure of Zr-Ni-O alloy having the com- 
position 70 at. pet Zr, 20 at. pct Ni, 10 at. pet O. Etchant 
AgNO; and HF in H,O. X250. Enlarged approximately 4 
pet for reproduction. 
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Table Il. Powder Pattern Data for Ternary Gamma Phases 
in Zr-Co-O and Zr-Ni-O Systems. 


CrKa(unresolved) Radiation: \ = 2.2909A 


Composition of Phase, at. pct 


71 Zr, 23 Co, 60 67 Zr, 22 Ni, 110 


° ° 
dopsA Tobs* dobsA lobs* 
VW VW 
2.612 Vw 2.608 VW 
2.590 M 2.589 MS 
2.561 MS 2.566 MS 
2.439 W 2.442 M 
2.350 S 2.355 S 
2.328 W 2.324 MS 
2.214 W 2.207 W 
Dalton M MS 
Dali W 2.139 M 

= = 2.006 VW 
1.880 VW 1.884 VW 
1.813 VW 1.811 VW 
1.789 VW 1.790 Vw 
1.688 MS 1.687 MS 
1.652 MS 1.654 M 
1.553 MS 1.554 W 
1.545 W 1552 MS 
1.480 W 1.487 VW 
1.470 W 1.475 VW 
1.437** MS 1.436** MS 
1.414 W 1.415** MS 
1.392 MS 1.396** MS 
1.346 M 1.348** M 
W M 
1.311 Vw 1.309** W 

1.274** MS 1,273** MS 
1.266 VW 1.266** VW 
237 VW 1.234** W 
1,212 Vw 1.214** W 
1.1938** M 1.1935** MS 
1.1798** S 1.1815** 

1.1765** VW 


* Letter designations have the following meaning: 


VS=Very Strong S=Strong MS = Medium Strong 
M = Medium W = Weak VW = Very Weak 


** Converted to Ka (unresolved) from Ka, 


than of the Ti, Ni-type and why phases of the latter 
type are likewise absent in the ternary systems with 


O. The answer appears to lie in an atomic size corre- 


lation which is illustrated in Fig. 5, and which shows 


24, 


20-- Ti,Ni -TYPE 
@ Al,cu-tyPe 


HfyNi 


FREQUENCY OF OCCURRENCE 


122 -1.27 


1.10 

1.16-1.21 
1.34-1.39 
1.46-1.5] 


Fig. 5—Frequency of occurrence of Al,Cu-type and Ti,Ni- 
type phases as a function of Ra/Rp. 
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the frequency of occurrence of Al,Cu-type and Ti, Ni- 
type compounds as a function of the ratio of the C. N. 
12 atomic radius of the A-element to that of the B- 
element, (Ra /Rz). Values of the ratio fall between 
1.07 and 1.50 for Al,Cu-type phases, but are re- 
stricted to the narrower range 1.05 to 1.27 for Ti, Ni- 
type phases. The ratios for Zr,Co and Zr,Ni (1.280 
and 1.286 respectively)* lie just outside the favorable 


*Radius ratio values are those given by Teatum, Gschneidner, and 
Weber in their recent compilation. * 


range for the Ti, Ni-type but well within the range 
favorable for the Al,Cu-type. Therefore the latter 
structure is found in both compounds. Since the ten- 
dency of O to enhance the stability of Ti, Ni-type 
phases is well known from previous work, the occur - 
rence of Ti, Ni-type phases in the ternary systems 
with O would not have been entirely unexpected. Their 
absence can be taken to mean that the radius ratio 
1.27 is a critical value which cannot be exceeded if 
a Ti, Ni-type is to occur. Significantly, the compound 
Hf, Ni has a radius ratio equal to 1.268 and it shows 
the behavior that might be predicted for a compound 
with R, /Rp just at the critical value. Hf, Ni is a Al,Cu- 
type phase, but in the ternary system with O this 
structure is not stable and instead a Ti, Ni-type phase 
occurs at the composition Hf, Ni,O.* 

Some importance now attaches to determining the 
structure of the new isostructural ternary phases 
and to establishing whether, in analogy to the occur- 
rence of Ti, Ni-type compounds, they are O-stabilized 


members of another family of compounds involving 
transition elements. 
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The Density of Liquid Plutonium Metal 


C. Z. Serpan, Jr. and L. J. Wittenberg 


The density of liquid plutonium was determined, by 
a pycnometric technique, from 664 to 788°C and ex- 
hibited a temperature dependence, which could be ex- 
pressed as: P= [17.63 - 1.52 X 10°%t]+0.04 g per cc 
where t = °C. These density values compare favor- 
ably with the values previously obtained by a tech- 
nique utilizing Archimedes’ principle. The apparatus 
and method were evaluated when the densities of 
molten tin and bismuth were measured and found to 
be in agreement with accepted literature values. 


Piutrontum or an alloy of plutonium in the liquid 
state has been proposed as a fuel for a fast-breeder 
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type nuclear power plant.’ Since knowledge of the 
liquid density of plutonium is required for the proper 
design of such a system, this study was undertaken. 

In addition, the density and volume expansion coef- 
ficient of liquid plutonium are of interest for compar- 
ison with these same properties of the six allotropic 
modifications of the solid metal. 

Comstock and Gibney? were first to report a value 
for the density of liquid plutonium. The value for 
only one temperature, 665°C, was calculated from 
data obtained by the radiography of the meniscus, 
Fig. 3. Recently, the density at a series of tempera- 
tures has been reported by Knight,* who obtained his 
values by using a differential volumeter, and by Ol- 
sen, Sandenaw, and Herrick,* who obtained their 
values from measurements of the loss in weight of a 
tungsten bob immersed in the liquid. 

The density of liquid plutonium reported here was 
determined by a vacuum pycnometer method. In an 
evacuated system, the tips of calibrated tantalum 
pycnometers were lowered beneath the liquid sur - 
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Fig. 1 — Density pycnometer. 


face, and the introduction of helium into the system 
then caused the pycnometers to become filled with 
liquid plutonium. The density of the liquid varied 
from 16.61 g per cc at 664°C to 16.40 g per cc at 
788°C. 

The reliability of the apparatus and the method 
was demonstrated when the densities of liquid tin and 
bismuth were determined and found to agree with 
literature values over a wider temperature range 
than that used in the plutonium determination. 
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Fig. 2 — High temperature density apparatus. 


APPARATUS 


The pycnometer, Fig. 1, is fabricated from 0.250 
in. tantalum rod in two parts, the cap and the body, 
which are joined by inert gas arc welding. 

For ease of manipulation in the apparatus the pyc- 
nometer is attached to the end of a stainless steel 
rod as shown in Fig. 2. To secure the pycnometer 
(1) to the rod (2) the following provision is made: 
the shaft of the pycnometer cap fits into a hole 
drilled vertically into the lower end of the rod. 
Another hole in the rod at right angles to the first 
one is made so as to align with the diametral hole in 
the pycnometer cap rod. Finally, a fastener (3) is 
provided that can be inserted so as to attach the pyc- 
nometer firmly to the rod. A nickel cup (4), in which 
is imbedded a chromel-alumel thermocouple (5), is 
suspended in a tube-type, resistance- wound electric 
furnace (6). This cup supports the magnesia crucible 
(7) which holds the liquid metal (8). A guide tube (9) 
directs the pycnometer to the crucible. The liquid 
metal is enclosed in a vacuum tight system formed 
by a three inch glass pipe (10) and a 1 3/4 in. steel 
tube (11) in the furnace area. The upper part of the 
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stainless steel rod attached to the pycnometer passes 


through an “O”-ring seal in a metal bellows (12). The 


bellows seals a hole in the center of a brass cover 
plate at the top of the apparatus and permits the rod 
to swing freely within the apparatus. The thermocou- 
ple wires enter the apparatus through glass to metal 
seals (13) brazed into the cover. The high-vacuum 
system and the high-purity helium supply are con- 
nected to the apparatus at the lower end of the steel 
furnace tube. The helium is passed through a drying 
system consisting of a tower of “Molecular Sieves” 
desiccant and a liquid nitrogen cold trap. All de- 
mountable parts of the apparatus are assembled with 
Neoprene ‘O”-rings, which are protected by water - 
cooled plates in the furnace area. With these seals, 
a pressure of less than 5 x 1075 mm of Hg is main- 
tained within the apparatus so that the oxidation of 
the molten metal is greatly reduced and the pycno- 
meters are properly evacuated. 

Since the thermocouple does not directly measure 
the temperature in the liquid metal, this thermocouple 
was compared at a series of temperatures against a 
second thermocouple which was placed in liquid tin 
in the magnesia crucible. From this comparison, a 
graph was constructed from which the true liquid 
plutonium temperature could be read. Variations be- 
tween the two readings were in the order of one de- 
gree centigrade. 

The temperature control of the furnace is achieved 
through a potentiometer controller whose sensing 
thermocouple is placed in the furnace windings. A 
variable transformer with differential control regu- 


lates the voltage to the 1000 w electric furnace. When 


the contact arm of the variable transformer is posi- 
tioned so that the heating and cooling cycles are of 
equal length, the temperature variations in the ap- 
paratus are less than one degree centigrade. 

The entire apparatus is placed in a stainless-steel 
glovebox intended for use in handling a-active mate- 
rials. It is 6 ft long, 6 ft high, and 2 ft deep and con- 
tains two full-height clear plastic windows. Dry air 
(10 ppm water vapor) circulates through the box. The 
box operates at a pressure of 1 in. of water below 
atmospheric. 


EXPERIMENTAL 


The volume of each pycnometer was determined 
by vacuum fill calibration at constant temperature 
with triply distilled mercury. 

Corrections were made for thermal expansion of 
the pycnometer at test temperatures. 


Table |. Density of Plutonium 


Temperature Experimental Density Density from Curve Pct 
oc g per cm* g per cm* Deviation 
664 16.617 16.624 0.04 
691 16.602 16.584 0.11 
728 16.522 16.527 0.03 
746 16.439 16.498 0.36 
752 16.499 16.488 0.07 
771 16.533 16.460 0.44 
788 16.402 16.433 0.19 


© PYCNOMETER (SERPAN & WITTENBERG) 
& RADIOGRAPHY OF MENISCUS (COMSTOCK & GIBNEY) 
4 NaK VOLUMETER (KNIGHT )3 

- -- TUNGSTEN BOB (OLSEN, SANDENAW & HERRICK)* 
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Fig. 3 — Density of plutonium vs temperature for several 


techniques of measurement. 


The test procedure is as follows: 

1) Load about 5 cc of plutonium metal into a 
magnesia crucible (which has been recently out- 
gassed in a vacuum induction furnace to remove en- 
trapped gases and moisture.) 

2) Properly position a calibrated pycnometer. 

3) Seal and evacuate the density apparatus. 

4) Equilibrate plutonium and pycnometer at the se- 
lected temperature for 1 1/2 hr. 

5) Lower the pycnometer tip 3/8 in. below the liq- 
uid surface. 

6) Introduce dry helium gas until the system re- 
turns to glove-box pressure so that the pycnometer 
fills. 

7) Withdraw the pycnometer from the furnace and 
cool system. 

8) Leach excess plutonium from outside the pyc- 
nometer tip with 1 N HCl. 

9) Weigh the filled pycnometer and calculate the 
density. 


RESULTS AND DISCUSSION 


The density values of plutonium over the tempera- 
ture range of 664° to 788°C are presented in Table I 
and Fig. 3. Spectrochemical analysis of the plutoni- 
um metal is given in Table II. Figs. 4 and 5 show 
the close agreement of results obtained by use of the 
pycnometer method, as applied to tin and bismuth, 
with the results obtained by others.®”? The points re- 
present Mound Laboratory pycnometer measurements 
(Sn 99.97 pct-Bi 99.996 pct) while the lines are plots 
of the reference data. 

The design of the pycnometer affected greatly the 
accuracy of the determination. The original pycno- 


Table Il. Spectrographic Analysis of Plutonium 


Element PPM Element PPM 
Al” 90 La <10 
B <0.5 Li 
Be Mg 25 
95 Na <10 
Ca 5 Ni 100 
Cr 50 0, <500 
Cu 10 Pb 2) 
F <a) Si 80 
Fe 340 


*Chemical Analysis 
**Spectrophotometric Analysis 
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Fig. 4 — Density of liquid tin. The points o are Mound 

Laboratory pycnometer data. The line is a plot of data by 


Smithells.® 
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meter design had a 0,044 in. wall thickness and an in- 
side tip angle of 20 deg from the vertical. While this 
style of pycnometer could be filled successfully, the 
plutonium in this pycnometer extruded through the 

tip during cooling to form a 0.07 g, 1/2 in. long wire. 

Since plutonium normally expands on cooling from 
the € phase to the 6' phase, the forces causing the 
extrusion are thought to be those arising from the 
reaction of expansive forces against the walls of the 
pycnometer. When suitable components of these 
forces exceed the resistive forces, extrusion through 
the orifice will occur. This difficulty was eliminated 
when the tip diameter was reduced and the inside 
tip angle was increased from 20 to 60 deg from the 
vertical. These two modifications forced the expan - 
sion toward the sidewall which was reduced to 0.016 
in. Side-wall distortion was extensive, but posed no 
problem. Since plutonium metal on the outside of 
the pycnometers must be removed by the hydrochlo- 
ric acid leach solution, the necessity for elimination 
of extrusions which would also be dissolved can be 
appreciated. 

The helium used to pressurize the system con- 
tained sufficient impurities to produce a thin oxide 
film on top of the melt. Due to its lower density, 
this oxide, entering the pycnometer during a fill, 
caused low results in some preliminary determina- 
tions. The difficulty was eliminated when the pluto- 
nium metal was removed from the magnesia cruci- 
ble and cleaned of surface oxides after each deter- 
mination. This operation provided an oxide-free 
surface through which the pycnometer tip was low- 
ered in the subsequent experiment. 
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Fig. 5—Density of liquid bismuth. The points o are Mound 
Laboratory pycnometer data. The line is a plot of data by 


Matsuyama. 
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The curve shown in Fig. 3 is a least-squares-fit 
to the data listed in Table I. The equation of the 
curve is: 


p =[17.63, - 1.52, x 107% #] + 0.03, g/cc where 


The volume expansion coefficient is: 
93 x 10-6 cc per cc per °C 


Included in Fig. 3 for comparison are the density 
values obtained by the radiographic method,? the dif- 
ferential volumeter method,° and the tungsten bob 
method.* 

The density of the liquidat the melting point, 640°C, 
is calculated to be 16.66 g per cc while an extrapola- 
tion of two different measurements* 5 of the solid 
phase give 16.24 (calculated from X-ray data) and 
16.26 g per cc as the density of the € phase at 640°C, 
Since the liquid is, therefore, of 2.4 pct greater den- 
sity than the solid at the melting point, plutonium 
metal joins that group of anomalous materials in 
which the solid floats on the liquid. 
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Thermodynamics of Silicon Monoxide 
H. F. Ramstad and F. D. Richardson, with an Appendix by P. J. Bowles 


The equilibria (a) SiOg +H, =SiO +H,0 and (b) 
Si + SiO = 2810 have been studied at temperatures 
of 1425 ° to 1600°C and 1310° to 1485°C respectively. 
The standard free energy changes for the two reac- 
tions are given by the equations 


° = = 
(4) 127:100-45.07T 1000 cal 
AG? = 162,930-77.25T 1500 cal 


Combination of the results for both equilibria 
leads to 


AG* = ~222,800 + 47.62T + 2000 cal 


for the reaction Sill) + SiO,. Use of this equa- 
tion removes certain anomalies in existing high- 
temperature data for equilibria involving silica and 
silicon in i1von. 


In many metallurgical processes and in many lab- 
oratory investigations silicon monoxide undoubtedly 
plays an important role. It is unfortunate therefore 
that wide differences exist between the results ob- 
tained by different investigators’~” in their studies 
of such equilibria as 


SiO. + Hz = + SiO [1] 
SiOz + Si = 2SiO [2] 
2SiO2 = 2SiO + Oz [3] 


In an attempt to put our knowledge of SiO on a 
surer basis, an exhaustive study has been made of 
equilibria [1] and [2] at temperatures ranging from 
1300° to 1600°C. 

Reaction [1] was studied by measuring the amounts 
of silica which could be condensed from streams of 
Hz or He + H20 which had previously been brought 
into equilibrium with silica at temperatures ranging 
from 1425° to 1600°C. Reaction [2] was studied by 
measuring the material that could be condensed from 
streams of He or argon which had been brought into 
equilibrium with mixtures of silicon and silica at 
temperatures ranging from 1310° to 1485°C. 


EXPERIMENTAL 


Materials. The silicon was ‘‘superpure’’ grade 
and contained less than 0.1 pct impurities. The 
silica was prepared from pure mineral quartz; this 
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was crushed and treated with concentrated hydro- 
chloric acid to remove particles of iron, washed with 
water, and finally dried at 120°C. For the hydrogen 
+ silica reaction, the silica was sized to —20+100 
mesh. For the silicon + silica reaction, the two ma- 
terials were ground to a fine powder in an agate 
mortar. The hydrogen and argon were commercial 
oxygen-free gases. 

The gas streams were controlled with capillary 
flowmeters and the volumes were measured by wet 
gas meters. After passing through the meters, the 
gases were partially dried by silica gel. The hydro- 
gen for the Hz + SiOz reaction was then passed 
through palladised asbestos at 300°C and dried with 
magnesium perchlorate. The efficiency of oxygen re- 
moval was checked throughout the experiments by 
passing the gas over an electrically heated strip of 
nichrome, used as an indicator as described by 
Rathman and de Witt.® When mixtures of Hz + H2O 
were required, the partial pressures of water vapor 
(1.8 to 22 mm) were obtained by passing the hydro- 
gen through oxalic acid dihydrate” *° held at various 
controlled temperatures, +0.1°C, by means of a 
water bath. 

The hydrogen for the Si + SiOz reaction was puri- 
fied by passing it over a mixture of 3 parts of magne- 
sium to 5 of lime heated to 600°C.” ** The argon for 
this reaction was passed through titanium powder 
(—3/16 in. + 100 mesh) heated to 900°C. The nitro- 
gen used to prevent the reaction products escaping 
from the condenser (see later), was deoxidized by 
copper or iron at 600°C. All these gases were fi- 
nally dried with magnesium perchlorate. 

Furnace, Temperature Control, and Measurement 
A molybdenum resistance furnace was used for both 
sets of experiments. The reactions were conducted 
inside a high-grade alumina tube, 36 in. long and 1 
in. in diam as indicated in Fig. 1. With this arrange- 
ment an even temperature zone (42°C) 4 cm long was 
satisfactorily obtained. The temperatures were kept 
constant by means of a proportional controller ac- 
tuated by a Pt-Pt 13 pct Rh thermocouple. This was 
placed between the two alumina tubes, so that the 
temperature at the junction was 1400° to 1450°C. 

Up to 1485°C, the temperatures were measured 
with Pt-Pt 13 pct Rh thermocouples. For higher 
temperatures an optical pyrometer was used, this 
being sighted (through the glass window 1 in Fig. 1) 
on the end of the alumina tube, that held the SiOz or 
Si + SiOz mixture, 10 in Fig. 1. The optical pyro- 
meter was recalibrated whenever a change was made 
in any part of the apparatus situated in the hot zone. 
Successive readings with the optical pyrometer were 
reproducible to within +1°C. 

Equilibrium Apparatus and Procedure. Hydrogen 
and Silica Reaction. The apparatus is shown in Fig. 
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Fig. 1—Apparatus for the hydrogen-silica 
reaction. 1—Flat glass window; 2—rubber 
stopper greased with silicone for move- 
ment of tube 3; 3—pyrex glass tube ending 
in B10 cone; 4—B45 socket; 5—cool half 
of condenser; 6—alumina gutter; 7—hot 
half of condenser; 8—alumina furnace 


tube; 9—alumina reaction tube; 10— 


alumina tube containing silica charge; 


1. All the tubes were made of high-grade alumina. 
The Hz or Hz + H2O streams entered at A and passed 
through the silica in tube 10. The gas left this tube 
through a narrow 1-in. length of double bore thermo- 
couple-insulator which was fixed with alumina cement 
into the end of 10. This narrow exit led into the con- 
denser tube which was divided into two parts, 7 and 
5, which fitted together as shown. By having the con- 
denser in two parts, it was easier to weigh and the 
completeness of condensation could be judged by 
comparing the gains in weight of each part. The tube 
10 cracked very readily, if it was packed tightly 
with silica; the entire cross-section was therefore 
filled only for the last two cm: the remainder of the 
tube was partly filled, both to assist the attainment 
of equilibrium between solid and gas and to keep the 
dead space inside the apparatus to a minimum. 

Purified nitrogen entered at B, passed into the hot 
end of the condenser, and finally left the apparatus 
via 5. This arrangement prevented any back diffu- 
sion of SiO out of the condenser after leaving tube 
10. 

Because the alumina refractories became porous 
after 3 to 8 weeks of continuous use, nitrogen was 
passed through the annular space between the fur- 
nace tube and the reaction tube. If this was not done, 
oxygen from the air diffused into the reaction tube 
and reoxidized the SiO at the end of the capillary 
through which it escaped into the condenser. The 
deposited silica then ultimately blocked the capillary. 

The procedure during an experiment was as fol- 
lows: With the furnace at the correct temperature 
and the tubes 10, 7, and 5 in position, the tubes 9 and 
10 were flushed out with purified nitrogen which en- 
tered through A and B at 400 ml min™?, During this 
period the B10 cone was not joined to the cold end of 
the condenser, so that any air remaining in tube 4 
was swept readily away. After 15 to 20 min, the ex- 
periment was commenced by pushing tube 3 into the 
open end of the condenser and admitting hydrogen in- 
stead of nitrogen at A. At the end of an experiment 
the hydrogen flow was stopped, nitrogen was again 
admitted through A and the condenser tube slowly 
removed via 4. A more complicated starting pro- 
cedure was used in a few experiments, to confirm 
that no errors were being caused by a slow removal 
of nitrogen from the silica in tube 10. After flushing 
out with nitrogen through A and B, hydrogen was ad- 
mitted through B and allowed to flow back through 
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11—sealing compound with tube for No; 
12—araldite joint; 13—water cooling; 
14—rubber stopper; 15—araldite joint; 
16—control thermocouple. 


the charge and out via A for 10 min. The experiment 
was then started by passing hydrogen in via A at the 
same time as nitrogen was admitted via B. The re- 


‘sults were identical with those obtained by the 


simpler starting procedure. 

The increase in weight of the condenser was 
measured after cooling in air for 30 min. For the 
first part of the condenser the increase ranged from 
20 to 280 mg depending on conditions, the weight of 
the tube itself being about 110 g. The change (loss 
or gain) in weight of the second part of the condenser 
was 0.1 to 0.5 mg,* and this occurred even in dummy 


*Similar changes in weight were obtained when the cold end of the 
condenser was plugged with glass wool during an experiment. 


runs as a result of normal handling. In experiments 
conducted in the absence of silica, it was found that 
the alumina condenser tubes did not lose or gain 
weight (within +0.5 mg) by reaction with the hydro- 
gen or by transfer of alumina or impurity oxides 
from the hotter to the cooler parts of the furnace. 
Stlicon + Silica Reaction. The apparatus is shown 
in Fig. 2(a). The arrangements for the condenser 
and the exit of the flowing gases were the same as 
in Fig. 1. This reaction cannot be stopped as easily 
as that between silica and hydrogen, so arrangements 
had to be made to withdraw the mixture of silicon 
and silica to the cold end of tube 4 at the conclusion 
of each run. The mixture was therefore held in an 
alumina boat, shown in more detail in Fig. 2(d); this 
was made from a tube 15 cm long, 15 mm OD with 
a closed end, out of which a slice was cut as shown 
at 6 in Fig. 2(6). A thermocouple sheath 4, Fig. 2(d), 
was cemented to the alumina boat: this sheath con- 
tained a thermocouple and enabled the boat to be 
withdrawn when it was pulled through the stopper 7, 
Fig. 2(a). 

When the furnace was at the correct temperature, 
the silicon + silica mixture was pushed halfway 
down the reaction tube. The condenser tubes were 
inserted and the air flushed out with argon, which 
entered through B, Fig. 2(a) and left via A and the 
exit tube at the other end of tube 4. The mixture 
was now pushed slowly into the center of the fur- 
nace while the argon was still flowing out through 
A. After thermal equilibrium had been attained, the 
run was started by admitting the carrier gas (argon 
or hydrogen) through A, while maintaining the flow 
of argon through B at 400 ml min™*. At the end of an 
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Fig. 2—Apparatus for the silicon-silica 
reaction. (a) general arrangement, see 
also Fig. 1. 1—condenser tube; 2—reac- 
tion boat; 3—thermocouple sheath; 4— 
alumina reaction tube; 5—araldite joint 
between alumina and pyrex; 6,7—rubber 
stoppers, hole lubricated with silicone 
grease for movement of tube 3; (b) detail 
1—thermocouple insulator serving as gas 
outlet tube; 2—alumina tube; 3—boat con- 
taining Si + SiO, mixture; 4—thermocouple 
sheath; 5—alumina cement; 6—section 

at X-X. 


experiment the flow of carrier gas was stopped, and 
the mixture of silicon and silica withdrawn. The 
condenser tubes were then withdrawn slowly under 
a protective stream of argon until quite cold, and 
afterwards weighed. As in the hydrogen + silicon 
reactions, the deposits were again confined to the 
first part of the condenser. They ranged from 10 to 
130 mg depending on the conditions and duration of 
the experiments. 


RESULTS 


The Hydrogen + Silica Reaction. The condensate 
was, a white substance which did not increase in 
weight on heating in air at 1000°C. It was assumed 
therefore that the silicon monoxide and water vapor 
recombined quantitatively in the condenser to give 
silica and hydrogen. This assumption was supported 
by the fact that no measurable amounts of water 
could be collected from the gases leaving the con- 
denser when they were passed through magnesium 
perchlorate. 

In preliminary experiments at 1525°C, it was es- 
tablished that the nitrogen entering at A had to total 
not less than 200 ml min™* in order to give repro- 
ducible results and ensure the complete transfer of 
SiO to the condenser. Some unsatisfactory results 
were obtained with nitrogen flowing at rates of less 
than 100 ml min’ at 1525°C and these are repre- 
sented by the open circles in Fig. 3.* A flow of 500 


*The lower values with low rates of nitrogen flow are presumably 
caused by the SiO diffusing backwards out of the condenser. The high 
values obtained in all cases where the hydrogen flow rate was very 
small, are presumably caused by SiO diffusing thermally into the cooler 
cotidenser as well as being carried by the flowing hydrogen. Similar 
effects were observed by Alcock and Hooper” in their volatilization 
studies of the volatile oxides of the Pt metals. 


ml min™* was therefore maintained in all later ex- 
periments. The reaction pressures were measured 
over a wide range of hydrogen flowrates at all three 
temperatures; they are seen to be independent of the 
rates in the range 100 to 200 ml min™*. Errors 
caused by gas diffusion or by lack of equilibrium be- 
tween the silica and the gases were therefore negli- 
gible. 

The reaction pressures of silicon monoxide ob- 
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tained in the experiments at 1405° and 1550°C, in 
which water vapor was added to the hydrogen, are 
given in Figs. 4(a) and (b). In both cases the hydro- 
gen flow was maintained at 100 ml min™’. 

The Silicon + Silica Reaction. The deposits pre- 
sumably consist of an intimate mixture of silicon 
and silica in equimolar proportions.” In the pre- 
liminary experiments the condenser tubes were 
heated in air after each run in an attempt to oxidize 
the deposits completely to silica. Surprisingly it 
was found that the condensate oxidized very slowly 
indeed: constant weight could not be attained after 
heating in air for 72 hr at 1000°C.* The trouble 


*Heating the condensate for 3 weeks at 1000°C gave 29 pct increase 
in weight compared wi:'h the 36.5 pct required for the mixture of SiO, 
+ Si, but the weight was still increasing slowly. 


must presumably have been caused by a protective 
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Fig. 3—Results obtained for the reaction SiO, + Hy = SiO + 
H,O at 1425°, 1525°, and 1600°C. Filled circles with nitro- 
gen flow greater than 400 ml min“!; open circles nitrogen 
less than 100 ml min“. 
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Fig. 4—The influence of added water on the pressures of 
Silicon monoxide developed over silica and hydrogen at 1 
atm at (a) 1555°C and (6) 1405°C. Points experimental: 
lines calculated theoretically from p,,. developed in the 
absence of added water. 


layer of silica retarding oxidation of the codeposited 
Silicon. As it was impracticable to heat the conden- 
ser tubes for very long periods after each experi- 
ment, they were removed slowly from the furnace in 
a stream of argon and cooled in argon: the weight in- 
crease was at first attributed to a condensate of the 
net composition SiO, z.e., Si + SiOz. It was later 
found that when the condensates from a number of 
runs were scraped from the condenser and analyzed 
they were found to contain 57.4 pct Si, 0.29 pct Fe, 
and 0.3 pet Al. By difference the oxygen was 42 pct. 
If the aluminum is assumed to have been present as 
alumina, scraped from the walls of the condenser, 
the oxygen present corresponds to the formula 
SiOi,27. It thus looks as though the deposits took up 
some oxygen immediately on exposure to the air and 
that this caused the amounts of SiO estimated from 
the weighings to be about 10 pct too great. A correc- 
tion for this oxidation has not been applied to the re- 
sults which are shown in Fig. 5, as it is comparable 
with the scatter of the points, but an allowance has 
been made for it in the free-energy equations sub- 
sequently derived from them. The calculated SiO 
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Fig. 5—Results obtained for the reaction Si + SiO, = 2SiO. 
Filled circles, argon as carrier gas; open circles, hydrogen 


pressures were found to be independent of gas flow- 
rate in the range of flowrates used and they were 

the same whether argon or hydrogen was used as 
carrier gas. It can thus be concluded that errors 
arising from lack of equilibrium between gases and 
condensed phases, or from diffusion in the gas phase, 
are negligible. 


DISCUSSION 


Hydrogen-Silica Reaction. Errors. 


Temperature + 3°C, equivalent to 3 pct on is 
Gas volumes + 3 pct 

Wt of deposit + 0.4 mg, z.e., + 2 pct on 20 mg; 
+ 0.2 pct on 200. 


The net effect of these errors is to cause an error 
of about +5 pct on the derived values of p,,,. The 
observed reproducibility is about equal to this, ex- 
cept in the experiments where water vapor was 
added to the ingoing hydrogen. 

Free Energy Data. The standard free energy val- 
ues calculated for the reaction, 


He + SiOe = SiO + H20O, 


on the assumption that SiO is the only volatile gas- 
eous species containing silicon, are shown in Fig. 6. 
The result at 1500°C was obtained by measuring the 
losses in weight of the silica charge by a method 
similar to that described in the Appendix. 

The experiments in which water vapor was intro- 
duced into the ingoing hydrogen were made at 1405° 
and 1555°C. The equilibrium constants at these tem- 
peratures were therefore calculated by interpolation 
or short extrapolation of the results in Fig. 6. From 
these values the expected pressures of SiO were cal- 
culated on the assumption that SiO is the only im- 
portant volatile species containing silicon, and that 
each mole of SiO produced, introduces a further mole 
of water vapor into the gas phase. The close agree- 
ment, shown in Figs. 4(a) and (b), between the ob- 
served and calculated values indicates that the re- 
action proceeds substantially as written. 
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Fig. 6—Standard free-energy changes derived for the reac- 
tion SiO, + H, = SiO + H,O. Open circles, condensation 
method; filled circle, weight-loss method. Broken line, 
AG° curve with thermal value of AS°. 


The best straight line through the four points in 
Fig. 6 gives the equation 


AG° 1400° -1600°C = 132,500 — 48.1T. 


The experiments in which water vapor was added 
to the hydrogen substantiate the line at 1405° and 
1555°C. In order to get the best values for the two 
separate terms, it is probably wisest to calculate 
AS° for the middle of the temperature range, 
1500°C, from the available thermal data.** *® The 
recommended equation—represented by the broken 
line in Fig. 6—then becomes 


AG*° 1400° - 1600°C = 127,130 45.07T. 


The difference between the two temperature de- 
pendent terms suggests that there may be some un- 
suspected consistent errors in the measurements 
and that the accuracy of the equations is about 
+1000 cal. 

Silicon + Silica Reaction. Evvors. 


Temperature +3°C 
Gas volumes +3 pct 
Wi of deposit +2 pct 


The net effect of these errors is to cause an error 
of +5 pet on the derived values of p,.,. The observed 
reproducibility is again of this order. 

Free Energy Data. Calculations based on the 
available data*® on Al,O and AlO show that, at the 
SiO pressures developed in these experiments, 
alumina could not have been volatilized in signifi- 
cant amounts by such reactions as 


2Si + AlzOs3 = 2SiO Al,O. 


On the assumption that SiO is the only important 
volatile species containing silicon, free-energy 
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Fig. 7—Standard free-energy changes derived for the reac- 
tion Si + SiO, = 2SiO. Filled circles, argon as carrier gas; 
open circle, hydrogen. Lines, AG° curves with thermal 
values for AS° above and below mp of silicon. 


changes have been calculated from the results for 
the reaction, 


Si + SiOz = 28i0. 


These are shown in Fig. 7. There should be a break 
at 1412°C, the melting point of silicon,*’ correspond- 
ing to a change in slope of 7.18 cal deg™’.*® In order 
to get the best values for the separate terms in the 
free-energy equations, it is again advisable to calcu- 
late AS° from thermal data.” *° The values above 
and below 1412°C are 70.07 and 77.25 cal deg * re- 
spectively and the lines in Fig. 7 represent the best 
lines with these slopes. 

The errors listed immediately above amount to 
+300 cal on the free-energy values. As indicated 
earlier, however, there is probably a systematic 
error in the results caused by partial oxidation of 
the condensate after removal from the apparatus: 
this could amount to —500 cal in the free-energy 
values. If allowance is made for this, the free-en- 
ergy equations based on the thermal values of AS 
become, 


AG° = 191,300— 10,077 


The existence of some unsuspected systematic er- 
rors is suggested by the lack of concordance be- 
tween the temperature dependent terms derived 
from the experiments and from thermal data. It thus 
seems reasonable to assign an accuracy of +1500 
cal to the recommended free energy equations. 
General. The results for the two reactions studied 
may be combined to give the free energy of forma- 
tion of silica (tridymite) from liquid silicon and oxy- 
gen over the temperature range 1412° to 1485°C. 


VOLUME 221, OCTOBER 1961-1025 


— 


28iOz + 2H2 = + 2H2O AG®° = 254,260— 90.147 
2H20 = 2H2 + Oz AG* = 119,810 — 27.557 
2Si0 = Si(7) + SiO, = —151,300 + 70.077 
SiOz = Si(z) + Oz AG® = 222,800 47.62T 
+ 2000 cal 


From the available heat-capacity data’ 1° and the 
heat of formation of tridymite,*® the free-energy 
change for this last reaction may be calculated to 
give the equation 


AG® 1412°~1485°C = — 219,030 + 47.62 + 2000 cal 


The agreement is just adequate when the likely er- 
ror limits are taken into account. 

A free-energy equation for the formation of silica 
at these temperatures may also be derived from the 
measurements made by Kay and Taylor” between 
1430° and 1560°C of the equilibrium 


SiOz + 3C =SiC + 2CO. 


When the thermal data for SiC?” *” *° are taken into 
account, one obtains the equation 


AG° 1412°~1600°C — 227,590 49.75T 


for the formation of silica. Inserting the thermal 
value for AS° one obtains 


AG° 1412°_1600°C — — 223,900 + 47.627 + 2000 cal 


This is within a kcal of the value derived from the 
measurements reported here: it is a little beyond 
the apparent error limits of the equation derived 
entirely from thermal data, so it may be that the 
heat of formation of silica is some 3 to 5 kcal more 
negative than the heat of formation at 298°K sug- 
gests. 

Confirmation that this is so, can be obtained from 
another source. In experiments to be described in 
a later paper, beads of iron were brought into 
equilibrium with the gas mixture, Hz + SiO + H2O, 
which emerges when pure hydrogen is passed through 
silica at 1560°C. The beads picked up 10.0 wt pct 
Si, equivalent to a mole fraction of 0.18. The reac- 
tion is 

SiO + He = [Si] + 


For the corresponding pure phase reaction, one can 
calculate from the free-energy equations for the 
Hz + SiOz and Si + SiOz reactions that, 


AG° 1412°-1600°C = — 24,170 + 25.007 


The equilibrium constant at 1560°C is then equal to 
2.63 x 10°. When p,, is 1 atm and pg. and pyo 
are equal, the silicon activity is 2.63 x 107°, so the 
activity coefficient of silicon in the equilibrium beads 
is 1.46x10°?. This agrees closely with the value of 
1.4 (40.08) x 10-2, which can be derived for these 
same conditions, from the work of Chipman et al.” 
on the distribution of silicon between iron and silver. 
To obtain values of y,, at ldw concentrations of 
silicon in iron, Chipman et al. made use of the 
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equilibrium data available for the reaction, 
SiOz = [Si] + 2[o], 


and the free energy of formation of silica, derived 
from the heat of formation and heat-capacity data 
referred to above. The values of log Ys; SO derived, 
do not fit in well with those for higher concentra- 
tions (obtained for the silver distribution experiments 
when they are plotted as a function of composition. 
At 1420°C, for example, logy,, at low concentra- 
tions appears to be too positive by 0.4 to 0.5, vide 
Fig. 5 of Chipman et al. This disagreement is re- 
moved, if the value for the free energy of silica, is 
taken from the equation derived from the work re- 


‘ported in this paper. Logy,, at low concentrations 


then becomes 0.43 more negative than the value cal- 
culated by Chipman, and y,, is correspondingly less 
by a factor of 2.7. 

It is interesting to compare these new data on SiO 
with those obtained by Yang and McCabe’ for the dis- 
sociation of silica at 1547° to 1687°C according to 
the reaction 


28iO2 = + Oz 


Their results may be represented by the free-energy 
equation 


AG° = 385,700 — 120.87 


If the temperature dependent term is adjusted so 
as to be equal to AS°® for 1900°K, the middle of their 
temperature range, the equation becomes, 


AG° = 377,800 — 116.67. 


Combination of the equation derived here for the hy- 
drogen + silica reaction with the free energy of for- 
mation of water vapor, gives for Yang and McCabe’s 
reaction, 


AG° = 372,050 — 116.67. 


The agreement is fair in the light of the probable 
errors. 

The results obtained by previous workers on the 
hydrogen + silica and silicon + silica equilibria are 
compared in Fig. 8. Although there is much dis- 
agreement between the different sets of results, there 
appears to be significant concurrence between the 
results of Grube and Speidel® and the present authors 
on the SiOz + Hz reaction and between Tombs and 
Welch,* Sch#fer and Hornle,* and the present authors 
on the Si + SiOz reaction. The results of Tombs and 
Welch,* on the SiOz + He reaction show a temperature 
dependence that is greatly in error. Their results, 
which depended on arresting the back reaction 


SiO H2O = SiOz He, 


condensing the SiO, and measuring the water left in 
the gas stream cannot be considered reliable. The 
back reaction is difficult to stop and it looks very 
much as though the water they recorded came from 
the infiltration of air through their refractories. 
There is little accord between the results obtained 
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Fig. 8—Comparisons with earlier work. Full lines results 


for SiO, + H, = SiO + H,O; broken lines for Si + SiO, = 2SiO. 


A and B results from this paper. 


on the Si + SiOz reaction with the effusion technique, 
by Geld and Kochnev,” Schifer and Hornle,* Porter 
et al.,° and Gunther.° There seem to be substantial 
sources of error which cannot at present be ex- 
plained. 
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APPENDIX 


Previous to the work described in the preceding 
paper, a series of measurements were made on the 
reaction between hydrogen and silica by a weight- 
loss method. At temperatures between 1430° and 
1625°C, hydrogen was metered through a small tube 
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containing silica in much the same way as described 
in the preceding paper. Instead of collecting the SiO 
produced, the loss in weight of the silica was meas- 
ured. 

The apparatus is shown in Fig. Al. To conduct 
an experiment the alumina assembly CDE was intro- 
duced slowly into the reaction tube at a rate of about 
1 cm per min. After it had reached the center of the 
furnace, dry purified nitrogen was passed both 
through C, and into the main tube at N, to remove 
all air within the apparatus. After 10 min the run 
was commenced and hydrogen was introduced through 
both C and N. The flow through N was necessary to 
prevent any SiO diffusing back after leaving D and 
subsequently condensing on the cooler end of D. At 
the conclusion of an experiment the hydrogen flow 
was stopped and the apparatus flushed out with ni- 
trogen. The alumina assembly was slowly with- 
drawn: the part D was disconnected and put inside 
a small closed silica tube for weighing. Without this 
precaution, water was absorbed from the atmosphere 
by the silica charge. The losses in weight typically 
obtained were about 20 mg. By means of separate 
tests it was shown that the alumina assembly did not 
lose weight when held for the duration of a typical 
experiment in flowing hydrogen: it was also shown 
that when charged, the tube D did not lose weight in 
flowing nitrogen. Thus there were no losses caused 
by entrainment of fine particles of silica in the gas 
stream. 

The results obtained at 1500°C with hydrogen at 
1 atm are shown in Fig. A2. They are not as re- 
producible as those obtained by the condensation 
method. In Figure A3 the results obtained over 
the whole temperature range from 1430° to 1625°C 
are compared with those reported for the conden- 
sation method. The spread of the results at each 
temperature is indicated by a vertical line. When 
this is taken into account, the agreement is satis- 
factory. 

Some experiments were made at 1555°C with mix- 
tures of hydrogen and water, and hydrogen, nitrogen, 
and water. The results are shown in Fig. A4. For the 
H, + H,O mixtures the agreement between the values 
of Ps; calculated from the equilibrium constant ob- 
tained with hydrogen alone, is satisfactory. There 
is thus no doubt that the only important volatile 
species containing silicon under these conditions is 


Fig. Al—Apparatus for weight loss ex- 
periments. All refractories are high- 
grade alumina; A—molybdenum resis- 
tance furnace; B—alumina reaction tube; 
C—alumina gas inlet tube, end filled with 
thermocouple insulators; D—alumina 
charge tube with cone fit into D; E— 
alumina thermocouple insulator to pre- 
vent back diffusion of SiO; F—granular 
silica charge; G—rubber stopper; H,I— 
cones and sockets; J—cooling coils; 
K—asbestos wool packing; L—alumina 
thermocouple sheath; M—Pt-Rh 13 pct 
Pt thermocouple; N—inlet for flushing 
gas; P—araldite joints. 
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Fig. A2—Results of weight-loss measurements in pure hy- 
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Fig. A3—Means of results of weight-loss experiments 
(open circles) compared with those obtained by the con- 
densation method (Ramstad). Vertical lines indicate spread 
of individual weight-loss measurements. AG° is for 
reaction (1). 


SiO. Accuracy of the results does not, however, pre- 
clude the possibility of small amounts of other 
specimens such as volatile hydroxides also occur- 
ring. Indeed, the measure of disagreement between 
apparent SiO pressures and the calculated curve 
when the hydrogen pressure drops to 0.48 atm is 
suggestive of the existence of species whose partial 
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Fig. A4—Results obtained at 1555°C. Filled circles, ingoing 
gas H, plus H,O as indicated; opén circles, ingoing gas Hp + 
Ng in the ratio 0.92:1, plus H,O as indicated. Broken lines 
values of psgiq calculated from the result obtained with pure 
hydrogen at 1 atm. Vertical lines at this point represent 
scatter of values. 


pressures are proportional to a power of pH2 greater 
than the 0.5 required for SiO alone, e.g. SiOH, 
Si(OH)2. On the other hand, it is conceivable that 

the presence of nitrogen slows up diffusion processes 
occurring in the charge tube, so that the gas fails to 
become saturated with SiO in transit through the 
charge. 
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Horizontal Induction Zone Melting of Refractory 
Metals and Semiconductor Materials 


A. Berghezan and E. Bull Simonsen 


A simple and general method is described for 
melting and zone refining refractory metals by in- 
duction heating on a specially shaped water-cooled 
copper crucible. The crucible is the essential part of 
the apparatus and is placed horizontally. It consists 
of either a copper plate, or a flattened tube, or of 
several parallel small diameter tubes all water 
cooled. The charge lies on the crucible, or when- 
ever possible, is suspended above it. This assem- 
bly goes into a transparent quartz tube and the 
whole is passed through the coil of a radio frequency 
generator. Various atmospheres can be used. No 
contamination is detected from the copper crucible. 
Purification is obtained both by selective evapora- 
tion of impurities and by zone refining. 


Meruops of melting and refining relatively large 
ingots of all reactive and refractory metals as well 
as some semiconductor materials have been devel- 
oped in this laboratory during the past several years 
using induction heating and cold crucibles. These 
methods are simple and permit the use of a variety 
of starting materials in preparing ingots of suitable 
shapes. 

Among these methods, two are of particular in- 
terest. One deals only with the problem of melting 
without contamination. In this method the induction 
coil has a specially designed shape and acts simul- 
taneously as heating element and crucible. The sec- 
ond goes one step further, being designed for both 
melting and further purification of the refractory 
metals. The aim of this paper is to describe the 
second method which is of more general interest and 
of greater applicability to metallurgical problems. 


A) THE PRINCIPLE OF THE MELTING AND PURI- 
FICATION METHOD 


As originally proposed by one of us‘ the method 
consists of heating a charge of any refractory metal 
or semiconductor material to the melting point ona 
water-cooled copper crucible by passing both the 
charge and the crucible through the induction coil of 
a radiofrequency generator. Although both are sub- 
jected to the same induction field, one achieves the 
melting of a refractory metal on a copper crucible 
even when the refractory metal has a melting point 
of more than 2000°C above that of the crucible. This 
seemingly “odd” method works effectively for the 
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following reasons. Because of its high electrical and 
thermal conductivity as compared with the material 
being melted, copper can be used as the crucible and 
kept at a low temperature while the material is 
heated by induction to its melting point.* With water 


*Silver and other highly conducting materials can also be used. If a 
nonconducting material is contemplated, e.g. SiO,, or a high polymer, a 
very thin wall should provide efficient cooling. 


cooling through ducts in the crucible its temperature 
can be kept between 40° to 70°C; thus its electrical 
resistivity is kept low, while the resistivity of the 
charge increases rapidly as its temperature is in- 
creased. 


B) APPARATUS 


The crucible is the essential part of the apparatus. 
It has been designed in various shapes depending on 
the atmosphere used, whether vacuum or an inert 
gas or hydrogen. In all crucible designs an effort 
was made to reduce its volume to “nothing but the 
cooling water” in order to avoid shielding the ingot 
from the induction field. In practice it is either a 


section AB 
| | 
B 
a 
section AB 
(Cu | iE 
b 
section AB 
section AB A 
(CE = 
B 


d 
Fig. 1—Different crucible shapes. (@) Crucible for melting 
“odd” shape materials in an inert gas atmosphere. (6) Cru- 
cible for melting under vacuum. (c) More efficiently cooled 
crucible made of a flattened copper tube. (d) Crucible made 
of an assembly of parallel copper tubes which provides mi- 
nimum shielding of the charge. 
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Fig. 2—Detail of carriage with copper 
plate and quartz tube mounted for melting 
under vacuum. 


copper plate in which water flows or only a copper 
tube bent in a hair pin shape. Combination of two or 
more such “hair pins” gives crucibles consisting of 
four, six, or more parallel tubes. Fig. 1 shows sev- 
eral crucible shapes which have been used. The cru- 
cible bearing the charge is introduced into a trans- 
parent silica tube and the latter is then placed in the 
induction coil of a high frequency generator. The 
Silica tube or vessel may be connected to a high vac- 
uum pump or to a purification system of any gas 
atmosphere. Fig. 2 shows suchan apparatus designed 
for melting under vacuum. Here one branch of the 
hair-pin-shaped copper tube is bent 180 deg and 
passed back above instead of below the ingot as is 
usual when working in a gas atmosphere. In this way 
the deposit evaporated onto the silica tube is splitted 
by the shadow of the copper tube above the ingot; this 
reduces coupling of the induction field with the evap- 
orated layer which otherwise is heated more than the 
ingot, melts on the silica tube, and destroys it. Fig. 
2 represents a section through the silica tube, the 
ingot, and the copper crucible. 

As this apparatus was designed for both melting 
and purification by zone melting, the whole system 
rests on a mobile chariot, so that the ingot can be 
displaced from one end to the other inside the induc- 
tion coil. Fig. 3 also shows another installation de- 
signed mainly for purification by zone melting ina 
purified gas atmosphere. A clamp is provided at one 
end of the crucible so that the ingot may be suspended 
above the crucible during the zone passage. In this 
case, the ingot sags on the crucible only as melting 
proceeds. A small separate charge is shown in Fig. 
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Fig. 3—Section of a set-up for zone refining. 
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3; this is melted before the ingot and acts as a “get- 
ter” to purify further the atmosphere in the silica 
tube. 


C) DISCUSSION OF RESULTS 


a) Although the molten zone comes in contact with 
the cooled copper crucible, it has been found that 
there is no contamination of the molten zone as 
shown by subsequent analysis. Using the apparatus 
and method here described any material diffusion of 
impurities from the crucible into the melt is pre- 
vented,* as the molten metal does not wet the cru- 


*A further indication that there is no contamination of the ingot from 
the copper crucible was obtained by small copper additions to an initial 
iron ingot. After zone refining, a large part of the added copper had been 
lost by evaporation, whereas the rest moved toward the impure end. Simi- 
larly and on different occasions, copper is undetectable after refining, 
even when present initially. 


cible. (A black fine powder deposit is nearly always 
found on the crucible after melting; on analysis it 
appears to be an evaporated deposit from the ingot 
melted. It is thought that this deposit also prevents 
the adherence of the molten metal to the crucible.) 

b) Any kind of charge can be melted: ingots, 
flakes, bulk metals, sponge, compressed powder 
pellets, sheet, or may consist of odd-shaped scrap. 

c) The method is both simple and extremely gen- 
eral. All elements tried so far have been success- 
fully melted without contamination from the crucible. 
These are the following: Si, Fe, Ni, Co, Cr, Ti, Zr, 
Nb, Mo, Ta, W. Some low-melting metals such as 
tin and aluminum were melted without any difficulty. 

d) Alloys of different refractory metals are also 
easily prepared and the method can be applied to the 
well-known levelling of added elements. This appli- 
cation should be extremely valuable for making cer- 
tain types of semiconductor materials, 

e) When working under vacuum, the method is 
especially suitable for making evaporated deposits 
(protective deposits) because of the high evaporation 
rate which can be reached by overheating the charge. 
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f) Fine powders of some metals may be prepared 
by suitable adjustment of the pressure in the vessel. 
This works particularly well with chromium because 
of its high vapor pressure. 

g) A remarkable zone purification effect is ob- 
tained. The exact degree of purification and the lim- 
itation of the method will be discussed in the follow- 
ing section. 


D) ZONE REFINING 


Apart from melting, the method described above 
is also suitable for zone refining and it is for this 
ultimate purpose that the crucibles have been de- 
signed. Although the primary emphasis was initially 
on melting of refractory metal without contamina- 
tion, it was felt desirable to show that further puri- 
fication could be done with the method if this is 
needed. 

A first qualitative indication of the purification 
effect is given by the appearance of the ingots. Nearly 
the full length becomes very shiny, while the impure 
end stays dull and wrinkled, with a clear concentra- 
tion of impurities in the last zone to solidify. The 
impure end oxidizes more easily and remains hard 
and brittle. A second indication is obtained by metal- 
lography on ingots of electrolytic iron zone melted 
at 10 and 20 cm per hr. Polished longitudinal sec- 
tions show clearly the transport of oxygen (oxide 
inclusions) towards the impure end. At these high 
zone speeds one can only expect a transport of 
impurity elements with favorable distribution coef- 
ficients (k-values) such as O, C, S, and P in iron. 

Quantitative measurements of the purification ef- 
fect have also been made by emission spectrography, 
radioactive analysis, and comparative low-tempera- 
ture resistivity measurements along the refined in- 
gots. All methods show an appreciable transport of 
impurities in good agreement with their respective 
distribution coefficients. 

For monitoring the conditions of refining and in 
order to measure quantitatively the amount of trans- 
port after each zone passage, specific radioactive 
elements were added to the ingots. For example, 
radioactive phosphorus was added to an iron ingot 
which, after a homogenization passage at high speed, 
was refined by several zone passages at 3.8 cm per 
hr in a hydrogen atmosphere. After each zone pas- 
sage the transport of the phosphorus towards the 
end was followed by monitoring the ingot’s surface 
with a Geiger-Miiller counter. 

In addition, radiochemical analyses were done 
after the sixth and twelfth passage on samples drilled 
from the ingot. Fig. 4 shows the result of one such 
radiochemical analysis. The impure end (the last 
5 cm of the total 30 cm length of the ingot) was cut 
after the sixth zone pass and replaced by a similar 
piece of ingot without radioactive phosphorus and 
six additional zone passes were made. The results 
show that an appreciable purification effect is ob- 
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Fig. 4—Quantitative transport of radioactive phosphorus 
toward the end of the ingot during zone refining. 


tained. The initial mean concentration of the phos- 
phorus along the ingot (10 ppm) dropped after the 
twelfth passage to 0.1 ppm in the first 5 cm of the 
ingot and to 0.016 ppm in the purest part. In the next 
portion (15 cm) of the ingot the concentration is 
under 2 ppm. The curves show that after 6 passes 
50 pet of the phosphorus was displaced into the last 
5.5 cm of the ingot, and after six additional passes 
70 pct of the remaining phosphorus was displaced 

to the impure end; this represents 89 pct of the total 
phosphorus content. The peaks in the curves are 
due to an uneven advance of the solidification front 
which comes from an intermittent sagging down of 
the molten metal onto the crucible, causing local 
freezing-in of impurities. It is also evident that this 
irregular advance slows down the purification effect. 
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Quantity and Form of Carbides in Austenitic 
and Precipitation Hardening Stainless Steels 


R. J. Bendure, L. C. Ikenberry, and J. H. Waxweiler 


Carbon which is present as insoluble carbides in 
austenitic stainless steels can be measured quanti- 
tatively by dissolving the steel in iodine-methanol 
and analyzing the residue for carbon. Severe sen- 
sitization was observed in Type 302 due to precipi- 
tation of only 0.003 pct carbon. Both cold work and 
the presence of delta ferrite caused a marked ac- 
celeration in rate of carbide precipitation. Carbide 
precipitation rates in 17-7 PH were studied for the 
austenite conditioning and also the aging heat treat- 
ment. 


Carson and its compounds exercise a major in- 
fluence on the properties of stainless steels and 
their response to thermal treatment. Sensitization 
in 18-8 type stainless steels has been the subject 
of numerous investigations throughout the years. 
Bain, Aborn, and Rutherford, *? and Binder, Brown, 
Franks® all studied the erroers of heating austenitic 
stainless steels in the temperature range of 1000° to 
1500°F. The primary purpose of most of these 
studies was the investigation of susceptibility to in- 
tergranular attack in acids due to these sensitizing 
heat treatments. Intergranular precipitation of car- 
bides was always associated with intergranular at- 
tack but it was recognized’ that severe attack could 
occur with but minute quantities of precipitated 
carbide. Mahla and Nielsen‘ utilized the electron 
microscope to make a significant contribution in il- 
lustrating the appearance and method of growth of 
chromium carbides during sensitizing heat treat- 
ments. However, as they stated, their studies of 
residues could not be used to obtain a quantitative 
measurement of the amount of carbon which was 
actually precipitated. 

The aim of the present investigation was to devise 
a relatively fast, simple method for the quantitative 
measurement of carbides in stainless steel. 


EXPERIMENTAL WORK 


The initial investigations were made to determine 
the best means of separating carbides from the ma- 
trix. A number of dissolving media were tried using 
both chemical and electrolytic attack. Qualitative 
examination of the extracted residues by X-ray dif- 
fraction indicated that solution in iodine- methanol 
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would furnish a good means of separation. Conse- 
quently, further work was pursued along this line. 

The method is quite simple. The sample in the 
form of millings or nibblings is dissolved in iodine- 
methanol solution at room temperature (6-g iodine, 
25-ml methanol per g of sample). The insoluble 
residue containing the carbides is separated by suc- 
tion filtration through an ultra-fine glass filter disc. 
This is a very fine filter medium that will retain 
particles as small as 0.1 to 0.2 u in diameter. After 
washing with methanol and drying, the filter disc 
and residue are placed in a conventional combustion 
carbon-tube furnace and the carbon determined 
gravimetrically. 

Using this technique it was found that reproducible 
insoluble carbon values were obtained. However, 
since such small amounts of insoluble carbon were 
obtained on Type 302 after sensitization at 1250°F 
and 1500°F, the values were confirmed by a second 
method. 

In the second method the sample was dissolved 
with copper potassium chloride and filtered through 
a millipore paper. This treatment dissolves the 
matrix but leaves undissolved practically all of the 
carbon irrespective of how it is present in the steel. 
The amount of insoluble carbon present as chro- 
mium carbide is determined by calculation from the 
analysis of the residue for chromium and iron. The 
derivation of the formula used for this calculation 
is discussed later. The values obtained by the in- 
direct copper-potassium-chloride method were in 
agreement with those obtained by the iodine-metha- 
nol method. See Table I. 

It should be pointed out that the sensitivity of the 
direct combustion method is not too high when the 
amount of carbide present is small. This is due 
primarily to inherent blanks and to analytical errors 
such as weighing. For this reason it cannot be 
stated with any degree of certainty that there is a 
significant difference between values of 0.002 
and 0.005 pct. 

Having confirmed that the iodine- methanol extrac- 
tion gave a quantitative measurement of the pre- 
cipitated carbides in Type 302, exploratory tests 
were conducted on Armco 17-7 PH stainless steel. 
Samples from commercial Heat 54807 were solution 
annealed at 2000°F, water quenched and heated at 
1250° and 1500°F, and water quenched. 

The analysis of Heat 54808 is as follows: 


0.069 0.55 0.021 0.011 0.44 17.52 7.04 1.09 


Insoluble carbons were obtained both by direct 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table I. Calculated and Determined Insoluble Carbon in Type 302 Stainless Steel. 


All Values Based on Wt Pct of Original Material 


Type Iodine-Methanol Residue CuCl,(KC1), Residue 
Heat Treatment Carbides Pct Cr Pct Fe Rewer PetiG** Pet/€r Pct Fe Pct:Cs Pct C** 
2050°F, water quench = 0.021 0.013 0.004 0.002 0.033 0.008 0.081 0.002 
Anneal + 3 hr 1250°F Cree; 0,053 0.023 0.009 0.005 0.072 0.021 0.089 0.006 
Anneal + 3 hr 1500°F Cre 0.28 0.10 0.018 0.023 0.32 0.10 0.084 0.025 


*Carbon determined on residue by combustion. 


**Carbon calculated from chromium and iron in residue assuming that all the carbide in the residue is present as (CrFe),,C, using following formula: 


% Cr+ % Fe 


16.9 


Chemical Analysis—Heat 83121 


Mn 


S) Si Cr Ni 


0.099 0.61 0.021 


0.015 0.48 


18.00 9.00 


determination and by calculation as had been done 
with Type 302. 

The results of these tests confirmed that the cal- 
culated insoluble carbon values were in agreement 
with the directly determined carbon values of the 
iodine- methanol insoluble residue. These values 
are shown in Table II. 

In order to evaluate any possible effects of metal- 
lurgical structure of the base metal, sheet samples 
of 17-7 PH(Heat 56033 with 0.070 pct C) were heated 
to 1750°F. One specimen was cooled to room tem- 
perature, retaining its austenitic structure. The 
second specimen was transformed to martensite by 
refrigerating at —100°F prior to analysis. Both 
specimens showed 0.036 pct insoluble C indicating 
that the iodine-methanol method was equally effec- 
tive on either type of structure. 


DERIVATION OF FORMULA FOR CALCULATION 
OF INSOLUBLE CARBON 


The principal carbide found by X-ray diffraction 
in both the PH and Type 302 steels was the Cra3Ce 
type carbide. The presence of CreasCe type carbides 
in 17-7 PH and Type 302 is in agreement with what 
others have found. 

In iron-chromium alloys these carbides may not 
occur as pure chromium carbides (Cr7Cs3 or CresCe) 
but usually contain an appreciable amount of iron 


tion, may contain manganese and molybdenum. This 
does not change the parent type of crystal but may 
change the lattice parameters slightly. Therefore, 
when referring to a Cr7Cs type or a Cro3Cg type we 
are identifying the parent type crystal and not the 
actual composition. 

Chemical analysis indicated that approximately 
20 to 30 pct of metal in the carbide structure of the 
Cre3Ce type was iron and 70 to 80 pct was chromium. 
This ratio appeared to be about the same in the car- 
bide obtained from both the 17-7 PH material and 
the Type 302. The ratio between the chromium and 
iron was also about the same so long as appreciable 
amounts of carbides were present. 

Based on the assumption that the carbide is all 
(CrFe)ssCe in the proportion of 80 pct Cr and 20 pct 
Fe, the formula for calculation of insoluble carbon in 
in the copper-potassium-chloride method from the 
chromium and iron content of the insoluble residue 
then becomes: 


% Cr+% Fe 


% Insoluble Carbon = 16.9 


Table II]. Amount of Carbide Precipitation in Annealed Type 
302-0.09 pct Carbon Reheated at 1250° and 1500° F 


Pct Insoluble Carbon* 


substituted for part of the chromium, and in addi- Stags Time, Boe bays 
AY Hr Methanol Chloride IPM 
Table Il. Calculated and Determined Insoluble Carbon Solution 
in 17-7 PH Stainless Steel Annealed 0.003 0.002 0.0006 (5 periods) 
2050°F 1 min 
Sheet Carbon 0.069 pct Reheated s 0.009 0.006 0.034 (2 periods) 
1250 24 0.013 0.011 0.038 (1 period ) 
64 0.018 0.019 0.094 (1 period ) 
Pct Insoluble Carbon* 
Heat Treatment Determined Calculated 152 0.027 0.030 0.039 (1 period ) 
Anneal 2000°F 0.004 0.005 1500 
Anneal 2000°F + 5 min 1250°F 0.006 0.005 24 0.043 0.051 
Anneal 2000°F + 30 min 1250°F 0.044 0.044 72 0.062 0.067 
Anneal 2000°F + 5 min 1500°F 0.034 0.043 160 0.066 0.080 
Anneal 2000°F + 30 min 1500°F 0.038 0.038 


*All values based on wt pct of original material. 


*Jodine-methanol values are by direct determination; copper potassium 
chloride values are by calculation. 
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Table IV. Effect of Sensitizing Heat Treatments on Preicipitation of 
Carbides and Susceptibility to Intergranular Attack Type 302 and 304L. 


Sheet Pct Insoluble Boiling Nitric Acid 
Type Carbon Heat Treatment Carbon Penetration Rate IPM* 
302 0,099 2050°F WQ 0.002 0.0007 
+1250°F 2hr 0.006 0.098 (2 per) 
+ 1250°F 20 hr 0.011 0.104 (2 per) 
+ 1500°F 2 hr 0.016 0.0091 
304L 0.026 2050°F WQ 0.001 0.0005 
+1250°F 2hr 0.003 0.0009 
+ 1250°F 20 hr 0.004 0.0033 
+ 1500°F 2 hr 0.004 0.0007 


*Inches per month penetration rate for average of 5 periods of 48 hrs 
each in boiling nitric acid. Where sample disintegrated too rapidly, test 
was stopped and numberof periods shown in parantheses., 


STUDIES ON TYPE 302 STAINLESS STEEL 


This new method provides a tool for measuring 
quantitatively the rate of precipitation of carbon in 
Type 302 at sensitizing temperatures. This study 
was made on sheet samples 0.040 in. thick from 
Heat 83121 which had 0.099 pct C. (Remainder 
of analysis shown previously.) A solution anneal of 
2050°F was first given, producing a grain size of 
ASTM#6. In this condition insoluble carbon was 
measured at 0.005 pct by the iodine- methanol method 
and calculated at 0.002 pct by the copper-potassium- 
chloride method. 

The rate of carbide precipitation was then studied 
at temperatures of 1250° and 1500°F. These data 
are shown in Table III and pictured graphically in 
Fig. 1. Intergranular penetration rates in boiling 
nitric acid were also determined for the specimens 
heated at 1250°F. 

The rate of carbide precipitation at 1250°F was 
much slower than at 1500°F. After 152 hr at 1250°F 
less than a third of the total carbon had been pre- 
cipitated, and the rate of precipitation was appar- 
ently still increasing in a logarithmic manner shown 
in Fig. 1. Conversely, the penetration rate in boil- 
ing nitric acid decreased for 152-hr heat treatment. 
This is in good agreement with Bain, Aborn, and 
Rutherford.*? They found that at 650°C (1200°F) the 
maximum-corrosion rate was reached after about 
90 hr and the sensitizing effect was removed com- 
pletely after 45 to 50 days. 

The rate of carbide precipitation at 1500°F was 
approximately logarithmic, appearing as a straight 
line in Fig. 1. The amount of insoluble carbon was 
apparently still increasing after 160 hr of heating. 
This suggested that the 0.033 pct (0.099 pct total 
minus 0.066 pct insoluble) carbon remaining in so- 
lution was still greater than the solubility at 1500°F. 

The specimen heated for 3 hr at 1250°F showed 
severe sensitization in the boiling nitric acid. This 
was associated with the small increase in insoluble 
carbon of only 0.005 pct. This observation is in 
agreement with Bain, Aborn, and Rutherford? who 
stated: ‘‘Severe susceptibility (to intergranular at- 
tack) often results from the precipitation of an al- 
most negligible proportion of the carbon as carbide. 
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More recently, Bruk and Nyrokovskaya® studied 
carbon redistribution by using isotopes and con- 
cluded that carbon concentration at grain boundaries 
after heating 6 hr at 600°C was extremely small. 


STUDIES ON TYPE 304L, 18-8 EXTRA LOW 
CARBON 


The fact that extra-low carbon 18-8, or Type 304L 
with a maximum carbon content of 0.03 pct, is less 
susceptible to sensitization, has been attributed to 
its low carbon content. Our next study was made to 
compare the quantities of carbon precipitated during 
sensitizing heat treatments of Type 302 and Type 
304L. Two heats were selected for this work which 
had large differences in total carbon but were sim- 
ilar in the remainder of their chemical analysis: 


Type Heat C Mn P 
302 83121 0.099 0.61 0.021 
304L 83130 0.026 0.64 0.023 
Type Heat Ss Si Cr Ni 
302 83121 0.015 0.48 18.00 8.79 
304L 83130 0.013 0.61 18.42 9.46 


This study showed that very small amounts of in- 
soluble carbide were formed at 1250°F in both 
grades of steel as shown in Table IV. Slightly more 
insoluble carbon was found in Type 302 than in Type 
304L after the 1250°F heat treatments, but the sig- 
nificance of these small differences is difficult to 
establish at the present level of precision of the io- 
dine- methanol method of digestion. It was apparent 
that the percentage of insoluble carbon could not be 
used to predict penetration rate. Photomicrographs 
and electron micrographs of some of these speci- 
mens were prepared to provide a comparison of the 
structures. 


EFFECT OF COLD WORK 


It has been recognized for a long time that cold 
work accelerates the precipitation of carbide in 
austenitic stainless steels. Metallographic evidence 
has been available showing the large number of 
carbides which have precipitated in cold-worked 
18-8 heated at 1250°F compared with the few car- 
bides obtained during similar heating of annealed 
sheet or strip. In order to measure this effect quan- 
titatively, full hard strip from a 17 Cr-7 Ni heat 
with 0.11 pct total C was used. The complete anal- 
ysis is: 

P Si Cx Ni 
0.66 0.00897 1765 6.98 


0.11 0.023 

In the full hard condition the insoluble carbon was 
0.004 pct. When this strip was annealed at 1950°F 
and air cooled, the insoluble carbon content was 
again 0.004 pct. Specimens of both the full hard and 
the annealed strip were then heated at 1250°F for 
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Table V. Effect of Cold Work on Precipitation of Carbide 
in 17 Cr-7 Ni at 1250°F 


Total Carbon Present 0.11 pct 


Pct Insoluble Carbon, 


Condition of Specimen Iodine-Methanol 


Full hard 0.004 
Full hard + 1250°F 30 min 0.070 
+ 1250°F 2hr 0.078 
+ 1250°F 4 hr 0.085 
Annealed 1950°F, water quenched 0.004 
Annealed + 1250°F 2 hr 0.006 


various times. The data, presented in Table V, 
show the tremendous accelerating effect of cold 
work on carbon precipitation. The annealed speci- 
men increased in insoluble carbon from 0.004 to 
0.006 pct after 2 hr at 1250°F, while the full hard 
specimen increased from 0.004 to 0.078 pct. 


STUDIES ON HEAT TREATABLE PRECIPITATION 
HARDENING STAINLESS STEELS 


Effect of Delta Ferrite on Acceleration of Carbide 
Precipitation. Preliminary measurements of insolu- 
ble carbon in 17-7 PH heat treated at 1400° or 
1250°F showed considerably more carbide than was 


found in 18-8 heat treated under the same conditions. 


Metallographic examination indicated that these 
carbides precipitated at the ferrite-austenite inter- 
face while few if any intergranular carbides were 
found in the austenite. This suggested that the cause 
for the increased rate of carbon precipitation of 
17-7 PH might be the presence of 15 pct delta fer- 
rite in the austenitic structure after solution an- 
nealing. It was not known whether the presence of 
1 pet Al in 17-7 PH was also a factor in the rate of 
precipitation. In order to separate these two vari- 
ables, two experimental heats were melted with the 
following aims: 

1) a heat containing 1 pct Al but adjusted with re- 
spect to chromium and nickel so that no delta fer- 
rite was present; 

2) a heat containing no aluminum but adjusted to 
produce approximately 15 pct delta ferrite in the 
microstructure. 

Along with these two heats, one heat of 18-8 Type 
304 and one heat of commercial 17-7 PH were used 
to measure the rate of carbide precipitation at 
1250°F. All heats were processed to strip 0.035 in. 
thick and were given a solution-annealing treatment 
of 2150°F followed by water quenching. The anal- 
yses of these heats are listed in Table VI. The ex- 
perimental heats were intentionally melted to a total 
carbon content of approximately 0.10 pct. 

Sheet specimens of these four heats were used to 
study the rate of carbide precipitation at 1250°F. 


These results are plotted in Fig. 12 and clearly show 


the accelerating effect of delta ferrite on carbide 
precipitation. 

A difference was found between the two heats hav- 
ing delta ferrite. The heat with no aluminum had a 
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Fig. 1—Rate of carbide precipitation in Type 302 with 
0.099 pet C. 


at Temperature 


considerably faster rate than did the 17-7 PH heat 
which had approximately 1-pct Al. It is believed 
that this difference in rate of precipitation was not 
associated with the difference in aluminum content, 
but rather is explainable on the basis of the differ- 
ence in total carbon between the two heats. In fact, 
at the end of 9 hr of heating at 1250°F, carbon 
had precipitated in both heats to the extent that only 
0.011-pct carbon remained in solution, despite the 
difference in total carbon. Both curves show evi- 
dence of levelling off at this time. 

The fully austenitic stainless steels were much 
more sluggish. The normal 18-8 Type 304 showed 
an increase of only 0.002-pct insoluble C between 
the solution-annealed sample and the specimen sen- 
sitized for 9 hr at 1250°F. The experimental heat 
containing 1-pct Al, 0.10 pct C and also fully aus- 
tenitic showed slightly more insoluble carbon (0.01 
pet) after 3 and 9 hr sensitization. However, this 
was still much less than that obtained from the two- 
phase steels. 

Metallographic examination of these specimens 
revealed that interface carbides were evident in all 
two-phase structures that had been heated for any 
length of time at 1250°F. The first evidence of in- 
tergranular carbides in the fully austenitic steels 
was found after a heating time of 5 min. By using a 
sodium- cyanide electrolytic etch a faint-grain bound- 
ary outline was found on these specimens sensitized 
for 5 min, although the chemical analysis showed no 
increase in insoluble carbon when compared with the 
solution-annealed specimens. The microstructures 
of all four steels, heated for 5 min at 1250°F are 
shown in Figs. 13, 14, 15, and 16. These photo- 
micrographs give an impression that more ‘‘black’’ 
or ‘‘carbide-filled’’ boundaries are present in the 
ferrite-containing steels than in the fully austenitic 
steels. But, they fall far short of providing a quan- 
titative measure of carbon tied up in these carbides. 

It was interesting that both two-phase steels had 
reached the point in 9 hr heating at 1250°F, where 
only 0.011-pct C remained in solid solution. The 
effect of additional time at this temperature was not 
investigated. The fact that the soluble carbon value 
was as low as 0.011-pct was of interest in the light 
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Fig. 2—PM* — Type 302. Solution an- 
nealed, 0.002 pct insoluble C. X1000. 


Fig. 3—PM* — Type 304L. Solution an- 
nealed, 0.001 pct insoluble C. X1000. 


Fig. 4—PM* — Type 302. Heated 
1250°F, 2 hr, 0.006 pct insoluble C. 
X1000. 


Etchant — Vilella’s reagent. Electron Micrographs by Metal Carbon Replicas, 45 deg platinum shadow. Reduced ap- 


proximately 30 pet for reproduction. 


Fig. 5—PM* — Type 304L. Heated 
1250°F, 2 hr, 0.003 pct insoluble C. 


X1000. X12000. 
\ \7 
/ 


Fig. 8—PM* — Type 302. Heated 
1250°F, 20 hr, 0.011 pct insoluble C. 


X1000. X1000. 


ESTES graphs; EM— Elec- 
= tromicrographs. 


: 


Fig. 11—EM* — Type 304L. Heated 
1250°F, 20 hr, 0.004 pet insoluble C. 
X12000. 


of previous work?»* which reported that fully 
austenitic steels, containing 0.02-pct and 0.015 to 
0.020-pct C respectively, showed no evidence of in- 
tergranular carbide precipitation even after very 
long heating at temperatures of about 1200°F. The 
austenite of our steels, in conjunction with the pre- 
sence of delta ferrite, apparently was unable to re- 
tain even this much carbon in solution. 
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Fig. 6—EM* — Type 302. Heated 
1250°F, 2 hr, 0.006 pct insoluble C. 


Fig. J-PM* — Type 304L. Heated 
1250°F, 20 hr, 0.004 pct insoluble C. 


Fig. 7—EM* — Type 304L. Heated 
1250°F, 2 hr, 0.003 pet insoluble C. 
X12000. 


Fig. 10—EM* — Type 302. Heated 
1250°F, 20 hr, 0.011 pct insoluble C. 
X12000. 


Effect of Austenite Conditioning Temperatures on 
Insoluble Carbon. The fact that appreciable quanti- 


ties of chromium carbide precipitate from a solid 
solution of austenite can be used as a method of con- 
trolling the stability of the austenite. Dulis and 
Smith® studied 18-8 type analyses and noted that a 
measurable amount of transformation occurred dur- 
ing cooling from heat-treating temperatures of 
1700°F and lower. When the same steels were 
heated above 1700°F and cooled rapidly, no trans- 
formation was detected, and no carbides were found 
in the microstructure. 

Eichelman and Hull® carried these experiments 
further and developed a stability formula which 
predicted the temperature during cooling at which 
transformation from austenite to martensite would 
start (Ms point), based upon total alloy content. An- 
other formula was reported by Waxweiler.® Both 
formulas listed a decrease of about 75°F in the Ms 
point for an increase of 1-pct Cr in the analysis, 
and a decrease of 30° and 25°F respectively for 
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Fig. 12—Effect of structure on carbide precipitation. 


an increase of 0.01-pct C. By either of these for- 
mulas a precipitation of 0.05 pct C as Cro3Ce would 
be expected to cause an increase in Ms temperature 
of approximately 200°F. 

This mechanism is utilized in the heat treatment 
of 17-7 PH and similar heat-treatable chromium- 
nickel stainless steels. These steels are essentially 
austenitic when rapidly cooled from a solution-an- 
nealing temperature of 1950°F. When they are re- 
heated to temperatures in the range 1180° to 1750°F, 
they transform during cooling. This heat treatment 
is called austenite conditioning. The temperature at 
which this transformation occurs is dependent upon 
the amount of chromium carbide that has precipi- 
tated from the austenite during austenite condition- 
ing. 

The relationship between austenite conditioning 
temperature and carbide precipitation was studied 
for both 17-7 PH and PH 15-7 Mo by heating sheet 
specimens (first solution annealed at 1950°F) for 2 
hr at various temperatures from 1000° to 1800°F. 
The results are shown in Fig. 17. The heats used in 
this study had the following chemical analysis: 


Grade Heat Cc Mn P 
17-7 PH 54807 0.069 0.55 0.021 0.011 
PH 15-7 Mo 56251 0.066 0.69 0.019 0.017 

Grade Heat Si Cr Ni Mo Al 
17-7 PH 54807 0.44 17.52 7.04 — 1.09 


PH 15-7 Mo 56251 0.20 15.05 7.16 2.30 1.29 


Table VI. Chemical Analysis of Heats Used to Measure Effect of 
Delta Ferrite on Carbide Precipitation at 1250°F 


Type Pct Delta Ferrite 

Analysis Heat No. G Cr Ni Al in Strip 

18-8 Austenite, 81783 0.052 18.40 9.22 nil 0 
no aluminum 

18-8 Austenite, 2585 0.100 16.30 10.72 1.14 0 
with aluminum 

Two Phase, 2602 0.107 21.67 6.26 nil 25 
no aluminum 

Two Phase, 53836 0:065 17.45 7.18 1.10 20 
with aluminum 
(17-7 PH) 
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Fig. 13—PM*—Nor- 
mal 18-8, fully aus- 
tenitic, 0.002 pct 
insoluble C after 
heating 5 min at 
1250°F. NaCN etch. 
X1000. Reduced ap- 
proximately 38 pct 
for reproduction. 


Fig. 14—PM*—Mo- 
dified 18-8, fully 
austenitic with 1 
pet Al, 0.004 pct 
insoluble C after 
heating 5 min at 
1250°F. NaCN etch. 
X1000. Reduced 
approximately 38 
pet for reproduc- 
tion. 


Fig. 15—PM*—Two 
phase, austenite 
plus 25 pet delta 
ferrite, no Al, 0.066 
pet insoluble C after 
heating 5 min at 
1250°F. NaCN etch. 
X1000. Reduced 
approximately 38 
pet for reproduc- 
tion. 


Fig. 16é—PM*—Two 
phase, austenite 
plus 20 pet delta 
ferrite, 1 pct Al 
(17-7 PH) 0.024 

pet insoluble C 
after 5 min at 
1250°F. NaCN etch. 
X1000. Reduced 
approximately 38 
pet for reproduc- 
tion. 


*PM — Photomicrographs; EM— Electromicrographs 
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Fig. 17—Effect of heating temperature on carbide precipi- 
tation in 17-7 PH and PH 15-7Mo. 
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Table VII. Insoluble Carbon in 17-7 PH and PH 15-7 Mo 
after Standard Heat Treatments. Carbide Determined by 
lodine-Methanol Method 


Pct Insoluble Carbon 


Condition 17-7 PH PH 15-7 Mo 


Heat Treatment Designation 0.070pctC 0.066 pet C 
Solution Annealed 1950°F A 0.006 0.002 
1400°F 90 min—Cool to 60°F ae 0.054 0.053 
Above plus aged 1050°F 90 min TH1050 0.062 0.064 
1750°F 10 min—Cool to —100°F R-100 0.036 0.033 
Above plus aged 950°F 60 min RH950 0.044 0.039 
1180°F 2 hr—Cool to —100°F It, 0.055 0.006 
Above plus multiple aging of LMH 0.056 

950°F-2 hr, plus 900°F-3 hr, 
+ 850°F-3 hr 


These measurements indicated that practically no 
carbides are precipitated in 2 hr at temperatures of 
1100°F and below for either alloy. Between 1100° 
and 1250°F the two steels differed appreciably; 
17-7 PH showed maximum insoluble carbon value 
of 0.056 pct (when total sheet carbon was 0.069 pet) 
after heating at 1180° or 1200°F. No increase in 
insoluble carbon was found in PH 15-7 Mo after 
these heat treatments, but the insoluble carbon 
jumped to 0.05 pct after heating at 1250°F. At con- 
ditioning temperatures above 1300°F the two steels 
once again reacted similarly. The sloping nature 
of the curve in Fig. 17 at temperatures of 1500°F 
and above suggested that equilibrium probably had 
been reached by the 2 hr heating. 

The maximum value of insoluble carbon found 
for 17-7 PH was 0.056 pct in the range 1200° to 
1400°F. At 1400°F the PH 15-7 Mo also reached 
its maximum carbide value of 0.053 pct. By sub- 
stracting these values from the total carbon con- 
tent of the sheet, it can be seen that both steels had 
0.013-pct C remaining in solid solution after these 
2 hr treatments at 1400°F. 

Fig. 17 is helpful in explaining metallurgical re- 


sponse of these steels to austenite conditioning treat- 


ment. When these steels are heated at 1400°F, suf- 
ficient carbon precipitates so that the Ms point is 
approximately 200°F, and transformation is essen- 
tially completed by cooling to 60°F. The resulting 
martensite has a Rockwell hardness of C30. By 
heating these steels to 1750°F, it may be seen in 
Fig. 17 that only 0.03 pct C has been precipitated. 
Marshall, Perry, and Harpster’® have shown that, 
after this heat treatment, the Ms point is about 60°F 
and sub-zero cooling is required to complete trans- 
formation. It is not surprising that the martensite 
formed from austenite in this manner and contain- 
ing additional carbon in the matrix shows a higher 
Rockwell hardness of about C37. 

Effect of Aging Treatments on Insoluble Carbon 
Content. This investigation was carried one step 
further. These same precipitation-hardening stain- 
less steels were analyzed for insoluble carbon be- 
fore and after the aging or precipitation-hardening 
heat treatment that is normally applied subsequent 
to the transformation treatment. The same heat of 
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PH 15-7 Mo (Heat 56251) was used for this work as 
was used on the previous investigation. A different 
heat of 17-7 PH was used which had the following 
chemical analysis: 


Heat Cc Mn P Si Nigar al 


56033 0.070 0.63 0.023 0.006 0.28 17.43 7.27 1.08 


Three different transformation treatments were 
used to obtain the martensitic condition and each of 
these was followed by a different aging treatment. 
These heat treatments are specified in Table Vil, 
and the corresponding insoluble carbon values are 
listed. 

These data show that in the transformed condition 
—T, R-100, and L— the quantity of insoluble carbon 
found agreed with the previous study on effect of 
austenite conditioning. The data also showed that ad- 
ditional carbon was precipitated during the aging or 
precipitation-hardening treatment, even when this 
aging temperature was as low as 950°F. 

Approximately 0.006 to 0.008 pct additional C 
precipitated during the 1 hr heating at 950°F used 
for Condition RH 950, and 0.008 to 0.011 pct precipitated 
during the 90 min aging at 1050°F used for Condi- 
tion TH 1050. This was in marked contrast with the 
results obtained by heating the same steels when in 
the austenitic condition. When the matrix was aus- 
tenite, no precipitation of carbide was found after 
heating at temperatures below 1150°F, as was shown 
in Fig. 17. It may be theorized that the strain pro- 
duced by the transformation treatment has acceler- 
ated the precipitation of carbide during the subse- 
quent aging treatment. 

Apparently very little carbon is soluble at 1050°F 
in these steels in the martensitic condition. It will 
be noted in Table VII that the specimen of PH 15-7 
Mo, heat treated to Condition TH 1050 had an insol- 
uble carbon content of 0.064 pct out of a total carbon 
content of 0.066 pct. This measurement is not only 
significant from a metallurgical standpoint, but also 
provides confirmation of the ability of the analytical 
method to measure insoluble carbon. 

Additional Work. When insoluble carbon is pre- 
sent in appreciable amounts, the measurement by 
the classical combustion-gravimetric method is sa- 
tisfactory. However, when the amount of insoluble 
carbon is low, such as in solution annealed material 
or Type 304L after sensitization, the lack of sensi- 
tivity in this range becomes apparent. Preliminary 
tests have been made using a conductometric-carbon 
method to measure the carbon present in the iodine- 
methanol insoluble residues. It is believed that this 
method will provide a more accurate measurement 
of very small amounts of insoluble carbon. 


SUMMARY 


The method for direct determination of insoluble 
carbon as presented herein has furnished very in- 
teresting information. 

1) It has been demonstrated that sensitized spe- 
cimens of 18-8 which show a high rate of intergran- 
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ular attack in boiling 65 pct HNO; may actually have 
a very small amount of precipitated carbide. 

2) The difference in resistance to intergranular 
corrosion between Type 302 and Type 304L cannot 
be explained on the basis of amount of carbide pre- 
cipitated. 

3) The tremendous accelerating effect of cold 
work on rate of carbide precipitation in austenitic 
steels has been demonstrated quantitatively. 

4) The presence of delta ferrite in an austenitic 
matrix causes an acceleration of carbide precipita- 
tion. 

5) Quantitative measurements of the insoluble 
carbon helps to explain the metallurgical response 
of 17-7 PH and PH 15-7 Mo to various transforma- 
tion treatments. 

6) Additional carbide precipitation occurs during 
aging of precipitation hardening steels at tempera- 
tures as low as 950°F. 
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Measurement of the Surface Self-Diffusion Coefficient of 


Copper by the Thermal Grooving Technique 


N. A. Gjostein 


The self-diffusion coefficient D, for a surface 
near the (100) plane in copper was determined by 
means of the Mullins theory of thermal grooving, 
and was found to obey the Arrhenius relationship, 
D, = D, e %’"*, where Q, = 40.8 + 2 kcal per mole 
and D, = 6.5 x 10? sq cm per sec. Suppression of 
surface diffusion by chemisorbed impurities en- 
counters difficulties as a satisfactory explanation 
for the large Q, and Dg. Instead, a model is pre- 
sented which indicates that Q,, as determined by 
a mass-transport technique, may involve both the 
energy needed to form an adsorbed atom from a 
ledge in the surface as weli as that for the move- 
ment of the adsorbed atom.; 


LireraturE reviews!’ indicate that the mecha- 
nism of self-diffusion on metal surfaces is not 
clearly understood. The lack of experimental data 
on the temperature variation of the surface self- 
diffusion coefficient D, has contributed greatly to this 
situation. Radioactive tracer techniques*~® have been 
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used to measure D,, but for many years only Nicker- 
son and Parker® had determined (for polycrystalline 
silver) an activation energy Q, and a frequency fac- 
tor D, for the surface self-diffusion process. Even 
in this case, a mechanism could not be clearly in- 
ferred because it was suspected??? that a contribu- 
tion from volume diffusion was not taken into account 
by the investigators. Some later work by Li and 
Parker® on polycrystalline gold, in which they ob- 
tained essentially the same results as for silver and 
in which volume diffusion could be accounted for, 
seems to invalidate this criticism. 

In 1957, Mullins?" developed the theory for the 
thermal grooving process. This advance has opened 
a new and promising technique for measuring the 
surface self-diffusion coefficient D,. Recognizing 
that a thermal groove may form by several different 
mass transport processes, Mullins first considered” 
the cases where a) the groove forms by evaporation 
and condensation or b) by diffusion along the groove 
surface, in either case, in a system where a metal 
surface is in contact with only its dilute vapor phase. 
In a later paper,'! he extended the treatment to cases 
where the groove forms by volume diffusion into 
c) the solid phase or d) by mass transport through a 
passive gaseous phase at 1 atm pressure. The time 
dependence of the groove dimensions and the shape 
of the groove profiles predicted by Mullins’ treat- 
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Table |. Time Dependence of Thermal Groove Dimensions and Shape 
of Groove Profile for Various Mechanisms of Matter Transport, 10,11 
TRANSPORT TIME 
MECHANISM DEPENDENCE SHAPE (OF PROFILE 
\ 
(a), t 2 no Maxima 
condensation 
Maxima 
surface 
(c) Volume diffusion 1% Maximal: 
in solid 4:95 
tan B 
volume diffusion 
in passive gas Vz Maxima : 
(4) ot one atmosphere t 4:95 
pressure W/D = tanB 


ment for these four systems are summarized in 
Table I. A preliminary study of the kinetics of ther- 
mal grooving of copper bicrystals was carried out 
by Mullins and Shewmon.! They found that the width 
W of the groove was related to the time tof anneal- 
ing by W = k (0,t)/4, as predicted by the theory, and 
also that the shape of the profile was in agreement 
with the surface diffusion mode of matter transport. 
Later Gjostein and Rhines!? demonstrated that the 
width-to~depth ratio, for grooves formed at [001] 
tilt boundaries of varying misorientation, is con- 
sistent with the surface mode of transport. Further 
support for the idea that surface diffusion is the 
dominating means of matter transport may be had by 
computing the magnitude of W from Mullins’ the- 
ory,’ as a function of time and temperature. These 
calculations show that only volume diffusion in the 
solid phase c) is likely to compete with surface dif- 
fusion, in the case of copper annealed under 1 atm 
of H at temperatures near the melting point. 

The present investigation was initiated to estab- 
lish firmly the thermal-grooving technique as a means 
for measuring D,, and ultimately to obtain informa- 
tion about the mechanism of surface diffusion from 
determinations of the activation energy and fre- 
quency factor for this process. 


EX PERIMENTAL TECHNIQUE 


Cathode sheet copper of 99.98 pct purity was used 
to grow [001] symmetrical tilt boundaries having 
misorientations 16, 19, and 22 deg. A surface nor- 
mal to the grain boundary and parallel to the com- 
mon [001] direction was mechanically polished on 
each bicrystal, using papers No. 1 through 4-0, and 
also a 6u, diamond polish. Then approximately 100u 
of metal was removed by electropolishing to a mir- 
ror finish in a orthophosphoric acid (55 pct H, PO,) 
and water bath, saturated with copper. The rinsing 
procedure to minimize the adsorption of phosphorus 
from the polishing bath has been described previ- 
ously.? Following this treatment no groove was 
visible at the grain boundary, even when examined 
with a Zeiss Interference Microscope. The polished 
surfaces deviated from a [001] plane by 8, 9.5, or 11 
deg depending on the bicrystal. 
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During annealing, the specimens were placed, with 
the grain boundary horizontal to minimize shearing 
along the boundary, in cylindrical recrystallized- 
alumina crucibles, and these were in turn placed in 
large crucibles of the same material, the entire as- 
sembly being enclosed in a copper-foil crucible. For 
most anneals the atmosphere was dry, prepurified 
hydrogen (passed through four DeOXO units, activated 
alumina, and magnesium perchlorate) with a dew 
point of about —45°C, but in some cases wet, pre- 
purified hydrogen was used with a dew point of —12°C. 
To facilitate rapid heating and cooling, the majority 
of the anneals was carried out using a silica furnace 
tube. At high temperatures (above 1000°C), however, 
measurements of the dew point indicated that the 
dry hydrogen was reducing the silica tube. By in- 
creasing the flow rate to 5 liters per min, a dew 
point of —45°C could still be maintained. To avoid 
this effect, some runs were made in a system com- 
posed entirely of alumina. 

Due to the rapid heating and cooling rates, cor- 
rections in the time of annealing to account for dif- 
fusion occurring during the heating and cooling pe- 
riods had only to be applied for anneals under 5 hr 
in length. Menzel?® has discussed the method for 
making this correction. Normally, the correction 
was 10 to 20 min, but in the case of an alumina sys- 
tem, where heating and cooling rates were neces- 
sarily slower, it could be as large as 1 hr. 

Specimens were annealed at constant temperature 
(t5°C) in the range 720° to 1070°C, for various times 
ranging from 1 to 200 hr. Groove widths were de- 
fined as the distance between maxima of the profile 
and were measured on enlarged (836X) interfero- 
grams, which were taken using a Zeiss Interference 
Microscope. A series of such interferograms, illus- 
trating the development of a thermal groove, has 
been previously published.!? 


ANALYSIS OF RESULTS 


When the thermal groove forms by surface diffusion 
alone, the theory of matter transport, as worked out 
by Mullins,’® predicts that the width W of the groove 
is related to the time ¢ by the following relationship: 


W = 4.6 (t)*/4 [1] 
with 
2 
where: 


D, = surface diffusion coefficient (sq cm per sec) 
N = surface density of atoms (atoms per sq cm) 
= atomic volume (cm3/atom) 

y = free surface energy (ergs/cm?) 


Eq. [1] indicates that a convenient way to report the 
data is in the form of a plot of log Wvs log t, Fig. 1. 
In Fig. 1 it can be seen that the Slopes of the lines 
are very nearly 0.25, in agreement with Eq. [1]. 
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Fig. 1—Log-log plot of groove width W in microns as a 
function of time ¢ in hours for copper annealed under hy- 
drogen at various temperatures. The slopes are listed 
adjacent to the temperature for each line, and the sym- 
bold have the following significance: MO — silica furnace 
tube, —45°C dew point; O — silica furnace tube, —12°C dew 
point; A— alumina system, —45°C dew point. 


However, there is a trend towards slopes of 0.30 at 
temperatures above 825°C, indicating that volume 
diffusion is contributing to the groove formation at 
these temperatures. Before a correction for this 
factor can be performed, an approximate value for 
D, is needed. If the ordinate intercept (at log ¢ = 0) 
of the log W vs log ¢ plot is denoted by log J, log D, 
may be found from Eq. [1] and is given by the rela- 
tionship: 


log D, = —7.716 + 4 log I+ log T/1000 [3] 
s 


where the following values of the constants were 
used: 


Q= 1.18 x 10-23 cm? per atom 


N= Q7?/3 = 1.93 x 10-75 atoms per sq cm 
y = 1670 ergs per sq cm 


k = 1.38 x 1072 erg per deg 


To evaluate the contribution of volume diffusion 
to groove development, resort is made to an analy- 
sis of the concomitant action of both processes upon 
groove development, which is given in an appendix 
to the work of Mullins and Shewmon.” Under the as- 
sumption (later verified’") that volume and surface 
diffusion, when acting alone, develop the same pro- 
file, it was demonstrated that the following equation 
is valid: 


1 1 1 
| ~ Faw) * 3(aW) 
In (1+ aW) } [4] 
where: 
D, 
a= [5] 


and D, is the volume diffusion coefficient, W the 
width developed by both processes, while W, is the 
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Fig. 2—Functional dependence of the ratio W;/W on aW. 


width due to surface diffusion alone (a = 0). The 
functional dependence of W./W on aW was com- 
puted, and is plotted in Fig. 2. It is clear then that 
once a is known for a given temperature, a value 
of W, /W (hence, W,) may be found for any W through 
the use of Fig. 2. Eq. [5] was used to compute a at 
several different temperatures from known values 
for D,,** and the approximate D, obtained from Fig. 1 
and Eq. [3]. A plot of log a vs 1/T, Fig. 3, was 
made, from which the smoothed values of log a were 
taken at the appropriate temperature to evaluate a W. 
Corrected width-time curves are given in Fig. 4; 
at 1070°C an uncorrected curve is also included to 
give an indication of the largest correction that was 
applied. Below 825°C the correction was found to be 
negligible, and moreover when the corrected D, val- 
ues were used to calculate a, it was found that the 
correction was not significantly different than be- 
fore. In addition to lowering D, at high tempera- 
tures, it will be noted in Fig. 4 that these lines have 
reduced slopes which are closer to 0.25, in agree- 


- ment with the surface diffusion mechanism. Final 


D, values were calculated from the intercepts in 
Fig. 4 and are reported in Table 2, along with the 
data of Mullins and Shewmon,!” which have been 
corrected for volume diffusion. 

A plot of log D; vs 1/T, Fig. 5, shows that D, may 


q q qv 


Or 


Fig. 3—Temperature dependence of log a. 
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Fig. 4—Same as Fig. 1 after correction for volume diffu- 
sion contribution to the groove formation; the dashed line 
represents the uncorrected line at 1070°C. 


be expressed as D,e~9S/RT, where Qs = 40.8 + 2 
kcal per mole and Dy = 6.5 X10? sq cm per sec. A 
least-squares analysis was used to draw the line in 
Fig. 5, omitting the point at 720°C because of the 
large uncertainty in D,;, aS is shown by the dashed 
line in Fig. 1. 

The large scatter in the data at this temperature 
resulted from a fine scale pitting and roughening of 
the surface, which frequently destroyed the maxima 
in the profile. A breakdown of the surface at these 
temperatures indicates that possibly a surface re- 
action,?® and/or a thermal-faceting process?® is tak- 
ing place. Since in this study attempts were made 
to avoid data which were obtained under conditions 
where impurity adsorption plays a major role, no 
results were obtained at temperatures below 720°C, 
and measurements of W were taken only from 
smooth profiles. It should also be mentioned at this 
point that varying the dew point of the hydrogen 
atmosphere, as indicated earlier, or replacing the 
silica furnace tube with an alumina one, had virtu- 
ally no effect upon the measured groove widths, 


DISCUSSION 


In order to evaluate properly the magnitudes of 
@, and D, for copper, it will be necessary to make 
a Comparison between previous experimental re- 
sults and the present ones, and in addition to view 


Table Il. Surface Self-Diffusion Coefficient for Copper 


Temperature, °C D,, cm*/sec 


1070 137 
1035 
1020 4.5 x 
950 
930 2.5 x 10° 5* 
875 6.0 x 10°° 
825 
780 1.8 x 10° 
720 8.8 x 107” 


* Mullins and Shewmon?? 
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Fig. 5—Temperature dependence of the surface self-dif- 
fusion coefficient for copper. O— Present investigation, 
included in least-squares analysis; J— Data of Mullins 
and Shewmon,?? included in least-squares analysis; 

A— Present investigation, not included in least-squares 
analysis. 


these results in the light of theoretical predictions 
which originate from models of the surface diffu- 
sion process. The first approach will be considered 
now. 

A summary of experimental results taken from 
the literature on self-surface diffusion is given in 
Table 3. Kuczynski’s measurements” of D, for 
copper are especially interesting because they 
were carried out under conditions similar to those 
used in this investigation, i.e., purified, dry hy- 
drogen was used as the annealing atmosphere, and 
the sintering technique employed requires mass 
transport. Fig. 6 shows both sets of data, covering 
a temperature range from 400° to 1070°C, are gen- 
erally consistent with each other. Similarly, the 
two D, values obtained by Mullins and Shewmon?? for 
copper annealed under a 10 pct H,-N, mixture are 
in good agreement with present results, Fig. 6. 
When these observations are taken into considera- 
tion, along with the fact that variations in dew point 
of the hydrogen atmosphere and the type of furnace 
tube were found to have no effect on D, in this inves- 
tigation, it appears that, although the experimental 
methods and conditions are not identical in each 
case, these variations have little effect on Q@, and 
D, as long as hydrogen is present in the annealing 
atmosphere. 

Contrasting with these results are those for sil- 
ver® and gold,® where surface diffusion has been fol- 
lowed by radioactive tracers, and where vacuum has 
been used as an atmosphere. For these materials 
Q; =$%,, where ¢, is the nearest-neighbor bond en- 
ergy assuming only interactions with twelve nearest 
neighbors, whereas for copper under hydrogen @, 
= 3¢,. The tracer method also gives a much smaller 
D,, by two or three orders of magnitude, than the 
mass-transport technique. However, the tracer =D. 
is not as small as would be predicted from the re- 
lationship: 


Dy = aa*v = 10-* to 10-4 sq cm per sec. 
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where 


a@ = geometric constant (equal 1/4 for (100) plane 
or 1/3 for (111) plane) 


a = jump distance 


v = vibrational frequency of an atom at the sur- 
face 


which is derived from a model based on an atom 
hopping across a smooth low-index plane.”* This 
discrepancy may result from the fact that the above 
expression is based on the assumption that the ac- 
tivation entropy for this process is negligible; this 
may not be the case for the surfaces used in the 
tracer work. 

To explain the differences noted above between the 
tracer and mass-transport methods, it is possible 
to adopt the point of view that impurity atoms chemi- 
sorbed on the surface are responsible for inhibiting 
diffusion in the case of copper annealed under hy- 
drogen, but that they are relatively less effective in 
the case of silver or gold in vacuum. Oxygen, which 
is known to be surface active on silver” and on cop- 
per,”° is the most probable adsorbent on silver an- 
nealed in vacuum (107° mm Hg), and also on copper 
annealed in hydrogen; hydrogen and water are not 
likely to adsorb on copper surfaces to any extent at 
high temperatures.”® For Cu-O and Ag-O interac- 
tions, the heat of adsorption AH, is approximately 
the same, —110 kcal per mole of O,,75?8 and thus 
the extent to which the surface is covered in each 
case will depend upon the partial pressure of oxygen 
that can be maintained near the metal surface. The 
partial pressure of oxygen can be made many orders 
of magnitude smaller in a hydrogen atmosphere than 
in a vacuum of 10-®mm Hg such as was used by 
Nickerson and Parker. This argument can be de- 
veloped more quantitatively. Consider, as do Gon- 
zalez and Parravano,”® the equilibrium 


O, + [4 Me ] =[4 Me] -20 [6] 


where the symbol —2O denotes that each 
oxygen atoms interacts chemically with two metal 
atoms which are, in this case, copper or silver. If 
6 is defined as the ratio of filled to the total number 
of sites of the type [4 Me] available on the surface, 
it is possible to write from chemical thermodynam- 
ics: 


AFG =—-RTInK= -RT In| | [7] 


where 
—TAS; 


Neglecting the variation of AH? with temperature, 
let AH? = — 110,000 cal per mole of O, for both sil- 
ver and copper.*?° Moreover, assuming A S?to be 
approximately the same as AS° of formation for the 
bulk oxides, z.e., approximately -30 cal per mole- 
deg,?® the coverages for various experimental par- 
tial pressures of oxygen may be calculated from 
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Fig. 6—Composite plot of the temperature dependence of 
D,, including the work of Mullins and Shewmon,” and 


Kuezynski.!? 


Eq. [7]. Table 4 gives the results. In the copper- 
hydrogen system very low averages can be obtained.* 


*This result is supported by another observation. Kington and 
Holmes”’ studied the oxygen adsorption isotherm for copper at 78°K. 
The copper substrate was a thin film deposited by evaporation over such 
large surface area that, at the pressure of 10-* mm Hg used for evapora- 
tion, only a negligible fraction of the surface would be covered by re- 
sidual gas molecules. They found that the initial adsorption of 1.9 
monolayers of O~ ions, which was a very rapid chemisorption process, 
was followed by a much slower adsorption process. Similarly, Dell 
et al.,”* found a marked change AH at a coverage of 1.9 monolayers of 
O= ions. This latter measurement, however, was carried out on copper 
powder, which had been reduced in hydrogen. It appears, therefore, that 
hydrogen is capable of removing a chemisorbed layer of oxygen on cop- 
per. 


In comparison to their magnitude, the coverages do 
not vary greatly with either annealing temperature 
or dew point. These conclusions are in agreement 
with the present results. On the other hand, in the 
silver-vacuum system, a partial pressure of oxygen 
of 10-%8-4 atm, which hardly would be attainable with 
a vacuum of 10-° mm Hg, would be required to main- 
tain a relatively poorer coverage of 10-°. Thus, the 
original hypothesis, z.e., that impurities are ad- 
sorbed to greater extent on copper than on silver, 
under the experimental conditions employed in each 
case, does not seem to be valid. 

The preceding discussion has been concerned with 


the extent to which chemisorption takes place under 
different experimental conditions. There is also the 
important question: does impurity adsorption enhance 
or suppress surface diffusion? Previous experiments 
are inconclusive on this point. Menzel’® (Table I) 
obtained Q, = ¢, for copper annealed under partial 
pressures of oxygen large enough to produce parti- 
cles of bulk oxide on the surface. In addition, he 
cites other evidence to support his conclusion that 
oxygen enhances surface diffusion of copper. On the 
other hand, Blakely and Mykura’® (Table I) attribute 
the large dependence of Q, and D, on the orientation 
of the surface to selective adsorption of some sub- 
stance (possibly carbon), the extent of adsorption 
being greatest near the (100) plane, where the 
largest Q, and D, are determined. Some attempts 
were made in this investigation to test Menzel’s 
claim. To this end, bicrystal specimens were an- 
nealed at 720°C under oxygen partial pressures large 
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enough (10-° mmHg) to form particles of the bulk 
oxide. There appeared to be no great increase in 
groove widths over those measured previously at 
this temperature, although it must be reported that 
groove profiles were greatly distorted due to pitting 
and surface oxide, making it difficult to obtain re- 
producible measurements. 

From the discussion given above, it would appear 
that an explanation of the difference in results which 
occurs between tracer and mass-transport techni- 
ques for measuring D, that is based on impurity ad- 
sorption should be considered as doubtful. In the 
following section an alternative point of view is de- 
veloped. To develop this view, it is necessary to 
recall the basic transport equation used by Mullins.?° 


In his treatment, atoms are considered to move along 


a curved surface with an average drift velocity V 
given by* 
D2 


kT Os 


*Earlier D was given a subscript, however, in anticipation of a re- 
interpretation of D, it is left unspecified for the moment. 


where 0/0 is the gradient in chemical potential pu 
along the arc length s of the profile. The current J 
of atoms passing a line in the surface is then the 
product N V, where N is the number of atoms per 
unit area of surface. In the final expression, Eq. [1], 
the product DN appears, and earlier in the paper, N 
was taken to be 2-7/3, independent of temperature, 
as Mullins” had done. In the present analysis,* it is 


*G. M. Pound has independently worked out an analysis similar to 
the one presented here. 


assumed that the atoms which participate in the sur- 
face current are formed by thermal activation from 
positions in the surface, such as ledges, and that an 
equilibrium is set up between atoms in ledge sites 
and those in adsorbed sites. The density of adsorbed 
atoms N, will vary with curvature (K = 1/r) of the 
surface according to the following relationship: 


Since in the thermal groove studied r > 10-4 cm, 
exp [%,Q/r kT] £1. In this case, the equilibrium be- 
tween atoms in the adsorbed state and those in the 
surface may be described by chemical thermody- 
namics as: 


Ng (7) = Ny (”) = No exp [—AF?/RT ] [10] 


where AF~ is the standard Gibbs free-energy change 
for transport of an atom embedded in the surface to 
a position of adsorption (or for the formation of an 
adsorbed atom), and N, is the density (per unit area) 
of sites from which atoms are removed from the 
surface. Now the product DN can be reinterpreted 
as D,N, (rv), where N,(r) is given by Eq. [10], and 

D, is the surface diffusion coefficient of adsorbed 
atom, which may be written: 


D,= aa? v exp [—AF°/RT] 


[11] 
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where a, a, and v have been defined previously and 
AF’, is the standard Gibbs free energy change for 
the transfer of an atom from an adsorbed position to 
a saddle point position between two sites of adsorp- 
tion, z.e., it represents the standard free-energy 
barrier for movement of an adsorbed atom. 

From Eq. [2], it is possible to define a quantity 
D; which now becomes an apparent surface-diffusion 
coefficient for mass-transport techniques, as: 

N,(r) 
12 
N, [12] 
Then substituting Eq. [11], and using the relation 
AF® = AH® —TAS?, the final equation becomes: 
D, = aa? v exp [(AS°, + AS#)/R | 
exp [-(AH®, + AH?)/RT | [13] 


The measured activation energy for this process, 


defined as Q,/R = a will be given by: 


=D, exp [—AF?/RT | 


Qs = AH), + AH? [14] 
and the apparent D, by: 
D, = aa? v exp [(ase, + AS?)/R | [15] 


To determine , from Eq. [14], it is noted that sur- 
faces near a (100) plane may be considered ideally 
as composed of portions of the (100) planes and a 
certain density of monatomic ledges or steps. In 
this case AH f represents the energy required to 
transport an atom from a ledge to an adsorbed site. 
Hirth and Pound,”* using nearest-neighbor interac- 
tions, have shown that AH } = 26, for this process. 
Since it was found experimentally that Q, = 39,, 

Eq. [14] gives AH? = ¢, for an atom hopping across 
a (100) plane. Theoretically, AH, should represent 
the difference in potential energy $ that is required 
to take an atom from an equilibrium site to a saddle 
point between two equilibrium sites, AH), = 
—%,. Estimates of 6 for a surface atom have been 
made*’*4 by assuming that the bond energy between 
two atoms is a function only of their distance of se- 
paration 7, and that the bond energies oy, are addi- 
tive, 7.e., b= ¢,. The problem in this study is to 
compute ,—®, for an atom migrating on a (100) 
plane of copper. To express the energy relationship 
between metal atoms, a Morse potential is com- 
monly used.°”%! This may be written in the form: 
on = $, [2 expa (1-r,/r,) —exp 2a (1-7,/r,)]. The 
geometry of hard spheres was utilized to find 1% 
These calculations show that in agree- 
ment with the value deduced from experiment. 

To confirm this point, a direct measurement of 
AH, would be highly desirable. With regard to this 
idea it is interesting to recall that Qs = ¢, (Table 3) 
for silver and gold, as determined by the tracer 
technique. This could be explained if it could be de- 
monstrated that the tracer technique determines De 
rather than the product D, (N, (7)/N»), as does the 
mass transport method because then the tracer Qs 
should be equal to AH? and not AH*, + AH}. A value 
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Table III. 


Summary of Previous Determinations of Q, and D, for Surface Self-Diffusion 


Material, Experimental Annealing De One Plane of 
Reference Method Atmosphere kcal/Mole cem’/sec kcal/Mole Surface 
Ci Sintering Dry hydrogen 56.0 10’ 13.6 Polycrystalline 
Cus Healing of Vacuum ~138 ‘ = Near (110) 
Facets *mmHg 
Ag® Tracer Vacuum 10.3 0.2 10.9 Polycrystalline 
~=10~°mmHg 
Tracer Vacuum 1572 15.1 Polycrystalline 
~10 ~*mmHg 
Healing Vacuum 17.4 Near (111) 
of Scratches ~107 mmHg 39.2 0.7 = Near (100) 
w? Blunting Vacuum 72.0 4.0 36.5 Axis of Tip 
Field ~107 "mmHg [110] 
Emission 
Microscope 
Tip 
Ice Sintering Air Unknown 
(Atmospheric 
Pressure) 


*Menzel** did not determine D,, but obtained only an activation energy for what appears to be a surface diffusion process. 


Recalculated from data given in reference 9, 


© The latent heat of vaporization for H,O at 0°C is approximately 10.7 kcal per mole. 


“In the case of fcc metals ¢,, the nearest neighbor bond energy, was taken to be 1/6 of the heat of sublimation, and ¢, was assumed to be 
small compared with ¢,.”? For tungsten, the heat of sublimation was equated to 4¢, + 3¢,, with ¢, ~0.5d,.”°”* Data for the heats of sublima- 
tion were taken from Smithels Metal Reference Book.?* The heat of sublimation for nickel is not given, but the heat of vaporization is reported. 
It was assumed that the difference between these heats is =~ 15 kcal per mole, as is the case for iron. 


for the tracer diffusion coefficient of copper has 
been determined at 750°C.” This value is about 10? 
times larger than D, at this temperature, a fact that 
can be accounted for if it is assumed that N,(7)/N, 

= 10°. From the deduced value of AF?, N,(r)/No 
should be in the range 10 * to 10 *. However, since 
surface diffusion measurements, utilizing both tech- 
niques, have not been carried out on the same mate- 
rial under identical conditions, this hypothesis must 
be regarded as highly speculative. 

From the arguments presented above, it would be 
expected that other mass transport techniques should 
give Q, = AH), + AH?. In Kuczynski’s” sintering ex- 
periments on copper this is the case, Table 3. This 
point appears to be verified also for tungsten sur- 
face diffusion as measured by the blunting of a field 
emission tip,” where experimentally Q, = 24), 
Table 3. In this case, however, it is difficult to eval- 
uate AH, and AH? because the orientation of the 
surfaces over which diffusion takes place may vary 
considerably and is not accurately known. Kingery”? 
has suggested AH f may be a factor in Q, for ice, 
Table 3. In addition, since Q, is much larger than 
the heat of vaporization of ice and since D, is unu- 
sually large, he postulates that the jump distance 
may also vary with temperature. 

Menzel’s results #® on the healing of (110) facets 
on copper, and the result of Blakely and Mykura” on 
the healing of scratches on nickel surfaces near the 
(111) plane, Table 3, are not consistent with this 
model. In both cases, however, the experiments 
were performed under conditions where the surfaces 
were likely to be contaminated with adsorbed impu- 
rities. As explained earlier, very little information 
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is known about the effect of adsorbed impurities on 
surface diffusion, and therefore, it is difficult to 
predict how this model should be modified to account 
for such an effect. 

According to this model, the large D, is attributed 
to the entropy terms in Eq.[15]; thus, AS), + AS? 
= 24 e.u. If AS), is considered to be approximately 
zero, as is usually done by Stranski et al.** and 
Frank et al.,°? AS? turns out to be unusually large. 
However, if the tracer method measures D,, the 
tracer D, for silver and gold indicates that AS? 
may be as large as 8.2 e.u. and 15.3 e.u., respec- 
tively. Then AS? is in the range of 9 to 16 e.u. Such 
a large, positive increase in entropy for the forma- 


Table IV. Surface Coverages of Oxygen on Silver and Copper 
Under Different Experimental Conditions 


Metal Atmosphere Temperature, °C Py Po jatm** 

Ag Vacuum 300 = 10% 
atm 

Dew point: —45°C 

Dew point: —12°C 

Cu Hydrogen 1070 6:6, 
Dew point: —45°C 


Dew point: —12°C 


*Calculated from the known dew points of —45° and —12°C. 

**In the case of a hydrogen atmosphere, Oe was computed from the 
ratio Py7,0/Pu, and the equilibrium constant for the reaction: 2H,+0, 
= H,0,”° and 6 was derived from Po,; in the case of the Ag/vacuum 
system, 0 was assumed to be 10-* and Po, was derived. 
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tion of an absorbed atom may be due in part to the 
lowering of v in the adsorbed state. 

In the treatment given above the surface is viewed 
as a (100) plane with a certain density of widely 
spaced ledges. The actual surfaces will deviate from 
this idealized model, due to the disordering effect of 
thermal fluctuations and the variability surface 
orientation, which will result in a varying density of 
ledges. There are three means by which the surface 
orientation may be altered in these experiments: 

a) The initial surface deviated from a (100) plane 
by 8.5 to 11 deg, depending on the bicrystal. 

b) Repeated mechanical and electropolishing oper- 
ations probably caused the initial surface to fluctuate 
in orientation. 

c) During the thermal grooving treatment, the con- 
tour of the groove changes in orientation by approxi- 
mately 5 deg. 

It is interesting to examine the effect that a vari- 
able spacing of ledges will have on the quantity which 
is measured experimentally, namely, N,Dy exp 
(-AF? /RT). For widely spaced ledges, a small 
change in spacing should not alter D, or AF?, but 
only Nj. No should be proportional to the density of 
ledges which in turn is proportional to sin! 6, where 
6 is the angle the actual surface makes with the 
(100) plane. In calculating D;, No was taken to have 
a constant value of Q°?/%, thus, factors a) and b) 
should cause the measured diffusion coefficient D, 
to fluctuate by about + 20 pct, which is approxima- 
tely the scatter observed in Fig. 5. Factor c) indi- 
cates that D, would vary with position in the groove 
and with the time of annealing. Since the Mullins 
treatment is based on the assumption that D, is in- 
dependent of orientation, this particular factor is 
difficult to evaluate, but it should result in the de- 
termination of some average D, for the groove sur- 
face. 

It should be mentioned briefly here that another 
surface imperfection, the vacancy, could contribute 
to the flux of material along the surface. The for- 
mal treatment of the vacancy should be the same as 
given for the adsorbed atom, 7.e., = AH? + AH. 
For a (100) plane in copper it appears that AH? for 
a vacancy should be approximately equivalent to that 
for an adsorbed atom. AH, for a surface vacancy 
is more difficult to evaluate, and thus the contribu- 
tion of vacancies to the surface flux is not known. 


CONCLUSIONS 


1) It has been shown that, once a small contribu- 
tion from volume diffusion is accounted for, the 
thermal grooving process in copper bicrystals an- 
nealed under hydrogen obeys the relationship 
W = k (D,t)*/4, which was predicted by Mullins for 
matter transport by a surface diffusion mechanism. 

2) Surface self-diffusion coefficients were deter- 
mined from this relationship; they obeyed the Ar- 
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rhenius equation, with Q, = 40.8 + 2 kcal per mole 
and D, = 6.510? sq cm per sec. 

3) It was noted that these results for Q, and D, 
are unusually large when compared to the tracer 
values for these quantities in silver and gold. An 
explanation of this difference in terms of chemisor- 
bed impurities suppressing surface diffusion was 
found not to be a satisfactory interpretation. 

4) Instead, a model was suggested for surface 
diffusion by mass transport methods, whereby two 
processes are involved: a) the formation (or con- 
densation) of an adsorbed atom from a ledge on 
the surface, and b) the subsequent migration of 
atoms in the adsorbed state. This model predicts 
an activation energy equal to AH? + AH). Values of 
AH? and AH, are estimated, and their sum is shown 
to be consistent with the experimental activation en- 


ergy. 
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Sigma Phases with Aluminum 


K. P. Gupta 


The Cb-rich boundary of the (Cb, Al) o phase field 
at 1250°C is near 41 pct Al. The Al atoms tend to 
occupy the C.N. 12 sites in this structure. A ho- 
mologous (Ta, Al) o phase was identified. No o phase 
was found in the Mo-Al system at 1200°C. 


Tue first binary o-phase with a non-transition 
element as a major component was found?’? in the 
Cb-Al system. The composition of this phase was 
reported’ as approximately 34 at. pct Al, based on 
X-ray diffraction patterns taken of alloys in the as- 
cast condition. Further study of the composition of 
this o-phase, therefore, appeared desirable. Since 
Si was previously found** to occupy preferentially 
the lowest C.N. sites (I and IV) in the o phase, and 
preliminary results? indicated that Al may show 
Similar ordering, one of the aims of the present 
work was to obtain more complete information on 
ordering in (Cb, Al) o. 

Among the binary systems of Al with Ti-, V-, and 
Cr-group elements, the Ti-Al, Zr-Al, V-Al, and 
Cr-Al systems are known to comprise no o-phase. 
In the present work a Ta-Al and a Mo-Al alloy were 
studied in an effort to find additional o phases with 
Al as a major component. 


EXPERIMENTAL PROCEDURES AND RESULTS 


An alloy with the intended composition of Ta + 40 
at. pct Al was prepared by arc melting in He atmo- 
sphere. In both the as-cast condition and after an- 
nealing for 10 days at 1250°C and quenching in cold 
water this alloy consisted of two phases, as seen in 
the X-ray pattern and the microstructure. One of 
these phases was identified as the o-phase; the ob- 
served and calculated d-spacings are shown in 
Table I. The lattice parameters of this o-phase are 
a = 9.972.A, c= 5.214 Aand c/a = 0.5228, as deter- 
mined from a Debye-Scherrer pattern using Fe Ka 
radiation. The d-spacings for the unknown second 
phase are given in Table II. The alloy contained ap- 
proximately 25 pct of the unknown phase after an- 
nealing, as estimated on the basis of microscopic 
examination. 

A Mo-Al alloy was prepared by arc melting, with 
an intended Al-content of 35 at. pct. The alloy but- 
ton was annealed for 7 days at 1200°C and water 
quenched. The X-ray pattern of the alloy in both the 
as-cast and the annealed state showed the reflec- 
tions of Mo,Al (Cr,O type structure) and an unknown 
phase different from o. 


K. P. GUPTA is Research Assistant, Department of Metal- 
lurgy, University of Illinois, Urbana, III. 
Manuscript submitted February 27, 1961. IMD 


Six Cb-Al alloys were prepared in the composi- 
tion range 30 to 50 pct Al. All alloys were arc 
melted in He atmosphere. After annealing for three 
days at 1175°C in evacuated silica capsules and 
quenching in water, the alloys with 30 to 40 pct Al 
contained three phases, namely the o-phase, Cb,Al 
(Cr,O-type structure) and an unknown phase. The 
alloys with more than 40 pct Al contained two phases, 
namely, what appeared metallographically, the o- 
phase and the same unknown phase. In the alloys 
containing less that 38 pct Al, the unknown phase 
was not present after annealing for 4 days at 1250 1G; 


Table |. X-ray Powder Pattern for (Ta, Al)o 


d in A 
Observed 

hkl Observed Calculated Rel. Int. 
101 4.554 4.620 vw 
210 4.428 4.459 vw 
111 4.137 4.192 vvw 
220 3.564 3.526 vvw 
211 3.357 3.389 vvw 
310 3.130 3.153 vw 
301 2.815 2.803 vw 
311 2.687 2.698 w 
002 2.590 2.607 w 
400 2.480 2.493 vvw 
112 2.468 2.445 vvw 
410 2.413 2.419 vs 
330 2.350 2.350 s 
202 2.297 2.310 s 
212 2.242 2.250 s 
411 2.188 2.194 vs 
331 2.141 2.143 s 
222 2.091 2.096 vw 
312 2.001 2.001 w 
412 
440 1,766 1.763 a 
422 1.692 1.694 vw 
600 1.662 1.662 vvw 
620 1.582 ms 
522 1512 1.510 s 
532 1.431 1.430 s 
413 1.411 
550} 1.409 1.410 s 
710 
333 1.388 1.397 m 
612 1.388 
640 1.383 
720 1.362 1.370 vw 
622 1.350 1.349 vw 
542 1.328 1.337 vw 
004 1.302 1.303 ms 
pe: 1.214 1.213 ms 

1 1.178 
324 1.179 
414 1.148 1.147 s 
334 1.140 1.140 ms 
802 1127. 1125 ms 
812 
742 1.120 1.118 s 
713 
553 1.096 1.095 w 
723 1.078 1.076 w 
930 1.063 1.051 vvw 
842 1.027 1.025 vw 
215 1.017 1.015 vw 
544 1.002 0.999 s 
305 0.995 0.995 s 
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Table Il. X-ray Powder Pattern of Unknown Phase 
in the Ta-Al System (Fe K a@ Radiation). 


Observed 
Rel, Int. 


Observed 


DinA 


VVW 


3.843 
2.813 
2.318 
1.807 
1.644 
1.344 
1.164 
1.042 


but in alloys with more than 38 pct Al this unknown 
phase could not be removed even by annealing for 


10 days. A second set of specimens of all alloys with 


less than 38 pct Al was annealed for 10 days at 
1250°C in order to assure phase equilibrium. No 


change in the microstructure was observed after this 
prolonged heat treatment, as compared with the spec- 
imens annealed at the same temperature for 4 days. 


The composition of the Cb-rich boundary of the o- 


phase at 1250°C was estimated from the volume frac- 


tion of the o-phase in the series of two-phase alloys 
containing o and CbsAl. By extrapolation from such 
data the position of this boundary could be estimated 
to be approximately at 41 pct Al. No attempt was 
made to determine the Al-rich boundary of the o- 
phase, since the presence of three phases in that 
composition range indicated that equilibrium could 
not be reached. 

The investigation of ordering in the (Cb, Al)o 
phase was carried out using an alloy containing ap- 
proximately 5 pct of the Cb,Al phase. A Debye- 
Scherrer pattern was taken, using filtered Fe K 
radiation. In order to reduce the fluorescent radia- 
tion, which was quite considerable, a 0.0005 in. thick 
Al-foil filter was used in contact with the film. Many 
more lines were observed than previously reported.’”” 
The lattice parameters were determined uSing a pat- 
tern obtained with a symmetrical focussing camera. 
The measured values were a = 9.923A, c = 5.171A 
and c/a = 0.5211. The intensities calculated on the 
basis of the ordering scheme given in Table IV and 
the observed intensities of the diffraction lines are 
compared in Table III. 


Table Ill. X-Ray Diffraction Powder Pattern of (Cb, Al)o (Filtered Fe Radiation) 


d in A Rel. Int. din A Rel. Int. 
hkl Observed Calculated Obs. Calc. hkl Observed Calculated Obs. Calc. 
110 . 7.017 & 2.3 550 1.403 
101 4.543 4.585 oe 8.11 413 1.401 
210 4.403 4.438 ah 11.48 333 1.399 1.388 - = 
111 4.137 4.163 4.58 612 1.380 : 
220 3. 480 3,508 a 4.97 640 : 1.376 
211 3.346 3,368 3.07 720 1.362 1.363 
310 3.120 3,138 a 4.07 622 1.342 1.341 Ww = 
221 2.903 3.04 542 1.329 1.329 = 
301 2.769 2.786 ea 1.31 721 1.318 1.318 we 2 
320 2.737 2.752 oe 8.16 503 
311 2.669 2.683 = 21.09 433 1.306 1.302 vw = 
002 2.571 2.585 a 14.59 004 1.291 1.293 ns bo 
400 2.467 2.481 a 2.46 712 
321 2.429 0.43 552 1.234 1.233 vvw 
2 2.445 2.426 vvw 1.93 722 1.205 1.206 ms — 
410 2.397 2.407 87.37 821 1.172 
330 2.331 2.339 “ 44.14 324 1.170 
202 2.281 2.299 49.96 623 1.160 1.160 
212 2.222 2.234 77.77 652 1.140 
420 9.219 0.39 661 1.141 
411 2.172 2.182 vs 100.00 414 1.138 1.139 s 4 
331 2.124 2.131 $ 41,59 334 1.131 1.131 2 Ei 
222 2.074 2.081 re 6.87 802 1.119 1.118 ma = 
421 2.039 0.12 812 
312 1.986 1.995 9.96 742} 1.113 1111 s 
430 1.985 0.08 703 1.096 1.095 
510 1.946 0.38 713 
322 s 1.884 a 1.11 553 1.089 1.088 w 
431 1.38 723 1.070 1.069 
501 1.17 930 1.047 1.046 
412 1.762 af 851 1.034 1.031 vas = 
440 1.756 1.754 vyw fr 604 1.018 1.018 vw = 
332 1.730 1.734 842 1.010 1.019 
422 1.678 1.684 215 1.007 1.007 
600 1.653 1.654 813 
620 1.568 1.569 ms a 743 1.003 1.002 vw 
540 1.549 1.549 624 0.998 0.998 
303 1.525 1.528 544 0.995 0.997 : 
522 1.498 1.500 305 0.988 0.987 
630 1.482 1.479 315 0.982 
532 1.420 1.422 634 0.973 ms* 


*These reflections were used for calculation of lattice parameters. 


Order of Relative Intensity: vs —s— ms —w — vw—vvw. 
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Table IV. Ordering Scheme for (Cb, Al)o. 


Pct Occupation 
of Each Position 


Positions in 
o-Structure 


Al 

I 50.0 50.0 
II 100.0 

65.6 34.4 

IV 17.0 83.0 

Vv 75.0 25.0 


DISCUSSION 


The results show that the o phase in the Cb-Al 
system at 1250°C is located at a higher Al content 
than that previously reported. This difference is 
presumably due to the fact that in the earlier work’ 
unannealed specimens were uSed and no metallo- 
graphic study was made. It was found in the present 
work that small amounts of the Cb3Al phase are dif- 
ficult to detect in the X-ray pattern and thus the 
boundary may appear at a lower Al concentration. 

A few discrepancies were observed in the inten- 
sities of some of the weak reflections, namely 400, 
112, and 301, where the calculated values are too 
low. Also, the 221 reflection could not be seen even 
though the calculated intensity was quite appreciable. 
Nevertheless, for the great majority of the diffrac- 
tion lines the agreement of the obServed and calcu- 
lated intensity was good. Consequently, it appears 
that Al prefers to occupy C.N. 12 positions in the o- 


structure, as does Si. This conclusion is in agree- 
ment with the conclusion recently published by Brown 
and Forsyth,” although they give no data.t 


+Note added to proof: 

Since this paper was accepted for publication, two papers concern - 
ing (Ta, Al)o and (Cb, Al)o came to the author’s attention. 

H. Nowotny, C. Bruckl, and F. Benesovsky: Monatshefte Chemie, 
1961, vol. 92, p. 116. 

P. J. Brown and J. B. Forsyth: Acta Cryst, 


1961, vol. 14, p. 362. 


Comparison of the X-ray pattern of (Ta, Al)o 
with that of (Cb, Al)o shows that the relative inten- 
sities of the corresponding diffraction lines are the 
same. It may be, therefore, concluded that a similar 
ordering scheme is probably also applicable to the 
(Ta, Al)o phase. 


ACKNOWLEDGMENTS 


The author wishes to thank Professor Paul A. Beck 
for his suggestions and encouragement and wishes to 
thank Mr. D. I. Bardos for preparing the Mo-Al alloy. 

This work was supported by the Office of Ordnance 
Research, U.S. Army, Contract No. Da-11-022-ORD- 
11755 


REFERENCES 


1E. Corenzwit: J. Phys. Chem. Solids, 1959, ve 9, p. 93. 

2C. R. McKinsey and G. M. Faulring: Acta Cr , 1989, vol. 12, p. 70 

3K, P. Gupta, N. S. Rajan, and P. A. Beck: rans. Met. Soc, 1960, be 218, 
p. 617. 

4A. Aronsson and T. Lundstrom: Acta Chemica Scand., 1957, vol. 11, p. 365. 

SP, J. Brown and J. B. Forsyth: Acta Cryst., 1960, vol. 13, p. 1013. 


The Effects of Deformation at 78K on the Alloy Cu;Au 


Barton Roessler and Michael B. Bever 


The effects of deformation by wire drawing at 
78°K on initially ordered and initially disordered 
specimens of the alloy Cu,Au were investigated. 
The resistivity, stored energy, drawing force, and 
microhardness were measured as functions of 
strain; microstructural changes were observed. 
The results are interpreted in terms of the struc- 
tural imperfections and the changes in atomic con- 
figuration resulting from deformation. A few ex- 
periments on the effects of room-temperature an- 
nealing after deformation at 78°K were made; they 
suggest vacancy-promoted ordering in disordered 
alloys. 
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An investigation of the effects of deformation at 
room temperature on the alloy Cu, Au was reported 
in a recent paper,’ which included a review of the lit- 
erature on the deformation of order-disorder alloys. 
In general, plastic deformation of ordered alloys re- 
duces the degree of long-range order and causes cor- 
responding changes in their properties. Deformation 
of disordered alloys changes their properties in a 
manner characteristic of solid solution alloys; these 
changes can in part be attributed to the destruction of 
short-range order. 

The effects of deformation on solid solution alloys 
are of two kinds: 1) generation of structural imper- 
fections, which occurs as a result of deformation in 
any metallic system including pure metals, and 
2) changes of atomic configuration, which are charac- 
teristic of solid solutions and particularly of order - 
disorder systems. These two types of effect are not 
independent of each other and the state of a deformed 
solid solution alloy is determined in a complex man- 
ner by the way in which the structural imperfections 
cause changes in atomic configuration both during and 
after deformation. 


VOLUME 221, OCTOBER 1961-1049 


The investigation reported here was concerned with 
the effects of deformation by wire drawing at the tem- 
perature of liquid nitrogen on initially ordered and ini- 
tially disordered specimens of the alloy Cu,Au. The 
resistivity, stored energy, drawing force and micro- 
hardness were measured and metallographic changes 
were observed. A few experiments on the effects of 
room-temperature annealing of specimens deformed 
at 78°K were also carried out. 


EXPERIMENTAL PROCEDURES 


1) Preparation of Specimens. An ingot of composi- 
tion Cu, Au was prepared from high-purity copper and 
gold. It was homogenized by annealing for 60 hr at 
850°C. All heat treatments described in this section 
were carried out in an atmosphere of 15 pct H, , 85 pct 
N,. The homogenized ingot was swaged and drawn 
to various starting sizes suitable for subsequent wire 
drawing. According to chemical analysis the alloy 
was within 0.1 at. pct of the ideal stoichiometric ra- 
tio. A spectrographic analysis showed that no signifi- 
cant contamination had occurred during preparation 
of the alloy. 

In order to make all specimens as nearly alike as 
possible, they were given a final recrystallization 
treatment of 1 hr at 570°C after being strained to a 
logarithmic strain of 1.73. They were quenched into 
distilled water to give the disordered condition. (In 
this paper the term “disordered”, used for quenched 
specimens, is intended to indicate the absence of 
long-range order, but it should be recognized that 
these specimens contain short-range order.) The 
intercept grain size was 0.036 mm. The starting 
sizes of the specimens were chosen so that subse- 
quent drawing to a final diameter of 0.0361 in. re- 
sulted in a range of strains up to 2.4. A thin oxide 
layer on the surface, presumably formed during the 
quench, was removed by sanding. 

Half of the quenched specimens were given a heat 
treatment designed to produce long-range order. They 
were held for 16 hr at 455°C, that is about 60°C above 
the critical temperature. The temperature was first 
lowered to 380°C in a few hours; the specimens were 
then cooled slowly to 150°C over a total period of 
346 hr and furnace cooled to room temperature. De- 
tails of the ordering treatment have been reported.? 

2) Wire Drawing at 78°K. Wires were drawn under 
liquid nitrogen through tungsten carbide dies with 
powdered graphite as lubricant. In each pass, the 
strain increment was approximately 0.17. All wires 
were drawn at a speed of 16 in. per min to a final 
diameter of 0.0361 in., measured at room tempera- 
ture. The wire drawing equipment and operation have 
been described in detail.? 

3) Measurements. Resistance. After the final pass, 
a jig with knife edges for making potential contacts 
about 8 in. apart was clamped on the specimen, which 
remained submerged under liquid nitrogen in the 
drawing tank. The resistance was measured by a po- 
tentiometric method. Each measurement was re- 
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peated several times; the results were reproducible 
to about 0.17 pct. 

Stored Energy. The energy stored by drawn wires 
relative to annealed wires was measured by tin solu- 
tion calorimetry.* The calculations were performed 
on a digital computer. 

The drawn wires were cut under liquid nitrogen intc 
pieces suitable for calorimetry. They were added to 
the calorimeter from the temperature of liquid nitro- 
gen by a procedure previously described.*> Most 
Specimens were added to the calorimeter within 24 
hr after drawing, but a few were stored for as long as 
6 days; the specimens remained under liquid nitrogen 
at all times. 

The calorimeter was calibrated at the beginning 
of each run with a known weight of tin added from 0°C. 
Annealed and drawn specimens were then added alter - 
nately. Specimens quenched from 570°C and not 
strained subsequently were used as the reference of 
zero energy for disordered wires, and ordered spe- 
cimens in the unstrained condition as the reference 
for ordered wires. The heat effect of each addition 
was plotted at a composition halfway between that ex- 
isting before and that existing after an addition. 
Straight lines drawn through the experimental points 
represented the heat effects on adding strained or un- 
strained samples. The difference in these heat effects 
at any given concentration gave the stored energy of 
the deformed specimens. The energy of ordering was 
determined in a similar manner by adding alternately 
unstrained disordered and ordered specimens. 

Drawing Force, The drawing force was measured 
with a strain-gauge load-cell. The measured values 
represent steady-state conditions; sudden temporary 
variations caused by changes in friction due to 
changes in lubrication were ignored. 

Microhardness and Metallographic Observations. 
After being drawn, pieces were cut from the end of 
each wire for microhardness testing. They were re- 
moved from the liquid nitrogen bath and mounted on 
a steel plate with an epoxy resin having a negligible 
heat of setting. Samples were polished, etched with 
iodine in methyl alcohol, and lightly repolished. Ten 
to fifteen impressions were made on each sample 
with a load of 200 g and the long axis of the Knoop 
indenter normal to the wire axis. Two to four samples 
were tested at each strain. After microhardness test- 
ing, samples were etched again and examined metal- 
lographically. 

4) Room-Temperature Annealing. A few experi- 
ments were made to explore the effects of annealing 
for 1 hr at room temperature on specimens deformed 
under liquid nitrogen. The resistance was measured 
at 78°K before and after this annealing treatment. 
Specimens were prepared for calorimetry from these 
wires by the same procedure as that used for speci- 
mens deformed at 78° K and not annealed. 


RESULTS AND DISCUSSION 


1) Initial State of Order. Measurements of the re- 
sistance were made at room temperature as a check 
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Fig. 1—Resistivity measured at 78°K of initially ordered 
and initially disordered Cu; Au as a function of strain 
(a) at 78°K and (6) at room temperature, from Ref. 1. 


on the state of order of the specimens. Twenty wires 
of various starting sizes in the ordered condition had 
an average resistivity at 20°C of 4.21 microhm-cm. 
A comparison with published values?® indicates a 
high degree of long-range order. A wire quenched 
from 570°C was also checked; it had a resistivity at 
20°C of 11.21 microhm-cm. Measurements of the re- 
sistance of ordered and disordered specimens made 
at 78°K gave slightly smaller values than those re- 
ported in an earlier paper. 

A diffraction pattern of a quenched wire was made 
on a Norelco recording diffractometer with copper 
radiation and a nickel filter; the goniometer speed 
was 1/4 deg per min. No intensity above background 
was observed at the positions of the first four super- 
structure lines, demonstrating the absence of long- 
range order. 

The difference in energy content between ordered 
and disordered specimens was determined in two 
runs. In one run samples were added to the calori- 
meter from 0°C, in the other from 78°K. The two 
runs gave values of 399 and 382 cal per g-atom, re- 
spectively. These values may be compared with ear - 
lier values determined in this laboratory on speci- 
mens prepared in different ways and presumably hav- 
ing different degrees of long-range and short-range 
order; these values are 562,” 570,® and 4828 cal per 
g-atom. Several changes in the calorimetric tech- 
nique and calculation have been made and may account 
for a small part of the differences, but the major part 
was due to differences in the state of order of the spe- 
cimens. 

In order to explore the nature of these differences, 
the effects of the disordering temperature and the 
quenching operation on disordered specimens were 
briefly investigated. Specimens of the alloy were 
sealed in evacuated pyrex tubes and quenched from 
490°C. They were used in a calorimetric run in which 
the reference material consisted of the disordered 
specimens which had been quenched from 570°C. The 
energy content of the specimens quenched from 490°C 
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Fig. 2—Stored energy of (a) initially ordered and (6) initial- 
ly disordered Cu; Au as a function of strain at 78°K. Values 
for straining at room temperature from Ref. 1 also shown. 


was 177 cal per g-atom higher than that of the speci- 
mens quenched from 570°C. When this amount is ad- 
ded to the energy of ordering measured in this inves- 
tigation, a value of 568 cal per g-atom is obtained. 

The difference in disordered specimens thus is re- 
lated to the holding temperature before quenching; in 
the temperature range of interest, higher tempera- 
tures appear to lead to greater degrees of order than 
lower temperatures, presumably owing to kinetic ef- 
fects. Related observations have been reported onthe 
basis of X-ray diffraction measurements? and of ener - 
gy contents.’° Preliminary experiments indicate that 
the condition of quenched (disordered) Cu, Au may 
also change with time at room temperature." 

These considerations show that the state of order 
of the quenched alloy used in the investigation re- 
ported here differed from that of the specimens used 
in the investigation of deformation of Cu, Au at room 
temperature.! 

2) Effects of Deformation. Resistivity. Fig. 1 
shows the resistivity of initially ordered and initially 
disordered Cu, Au at 78°K as a function of strain; all 
but two points represent the average of measurements 
on at least two specimens. The resistivities at 78°K 
were obtained from resistance measurements made 
under liquid nitrogen using the dimensions measured 
at room temperature and corrected to "8° K.? Figs 2 
also shows resistivities measured at 78°K after wire 
drawing at room temperature.’ Although the absolute 
values of the resistivity may be in error by 1.5 pct 
mainly through inaccuracies in measuring specimen 
dimensions, the measurements of changes in the re- 
sistivity of specimens of identical diameter were lim- 
ited only by the scatter of the resistance measure- 
ments, which was +0.17 pct. 

Stored Energy. Fig. 2 shows the stored energy of 
initially ordered and initially disordered Cu,Au asa 
function of strain at 78°K. Corresponding data for 
wire drawing at room temperature are also shown. 

The stored energy of ordered and disordered spe- 


.cimens increases with strain at 78°K. The increase 
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Fig. 3—Microhardness measured at room temperature as a 
function of strain at 78°K. 


is linear in ordered specimens for strains up to about 
1.0 and in disordered specimens for strains up to 
about 0.8. The linear sections of the two curves have 
the same slope of about 470 cal per g-atom per unit 
strain. Ordered wires store approximately 340 cal 
per g-atom more energy than disordered wires at 

the largest strain investigated. 

Expended Energy. The energy expended was calcu- 
lated from the measured values of the drawing force 
in a manner previously described.® The force included 
a contribution from friction external to the die. The 
energy expended in drawing initially ordered wires 
was greater than in drawing initially disordered wires 
at all strains and demonstrated the greater work hard- 
ening tendency of the ordered alloy. 

The values of the stored energy were taken from 
the smooth curves of Fig. 2. A plot of the ratio of 
stored to expended energy as a function of strain was 
made. Although the data showed large scatter result- 
ing from difficulties in measuring the drawing force, 
initially disordered wires had a larger ratio of stored 
to expended energy than initially ordered wires at 
strains less than about 1.0, and a smaller ratio at 
larger strains. The ratio decreased with increasing 
strain from 0.13 (initially ordered) and 0.20 (initially 


Fig. 4—Photomicrograph of a specimen of initially dis- 
ordered Cu; Au drawn to a strain of 0.50 at 78°K. Magnifi- 
cation X500. Reduced approximately 5 pct for reproduction. 


disordered) at a strain of 0.15 to 0.09 (initially or- 
dered) and 0.05 (initially disordered) at a strain of 
2.43. 

Microhardness. Fig. 3 shows the microhardness 
measured at room temperature of initially ordered 
and initially disordered specimens as a function of 
strain at 78°K. The points represent averages of 
measurements on two to four different specimens. 

Ordered and disordered specimens in the un- 
strained condition had the same microhardness within 
experimental scatter. The ordered specimens strain 
hardened more rapidly than the disordered specimens 
as in deformation at room temperature.! The micro- 
hardness of ordered and disordered specimens ap- 
proached constant values at a strain of about 1.5. 

Metallographic Observations. Disordered speci- 
mens drawn at 78°K showed lamellar strain mark- 
ings resembling deformation twins similar to those 
observed previously in Cu, Au® and in silver-gold al- 
loys.’? In disordered wires drawn to a strain of 0.15 
a few markings were visible near the wire surface. 
After straining to 0.83, markings were visible through- 


Table I. Resistivity of Cu,Au Strained at 78°K and Annealed 1 hr at 30°C 


Resistivity at 78°K, 


Resistivity at 78°K, 


Strain after Straining, after Annealing 1 hr at 30°C, Difference 

In A/A, microhm-cm microhm-cm microhm-cm 
Initially Ordered 

0.150 2.676 2.609 0.067 

0.345 5.179 5.021 0.158 

0.500 6.275 6.078 0.197 

Initially Disordered 

0.150 9.540 9.494 0.046 

0.345 9.736 9.640 0.096 

0.500 9.874 9.753 0.121 
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Table Il. The Stored Energy of Cu;Au Strained at 78°K to 0.50 
and Annealed 1 hr at 30°C 


Stored Energy, Stored Energy, 


after Straining at 78°K, after Annealing 1 hr Difference 

cal/g-atom at 30°C, cal/g-atom cal/g-atom 
Initially Ordered 245 205 40 
Initially Disordered 235 121 114 


*Values from smooth curve in Fig. 2 


out the entire cross section. Fig. 4 shows the mark- 
ings in a disordered specimen strained to 0.50. La- 
mellar markings were not observed in ordered spe- 
cimens, but this should be regarded as a tentative re- 
sult since the microstructure was not always clearly 
revealed because of etching difficulties. 

3) Effects of Room-Temperature Annealing. Table 
I presents the effects of annealing for 1 hr at 30°C on 
the resistivity of initially ordered and initially disor - 
dered wires drawn at 78°K. The resistivity of all 
specimens decreased. This decrease was approxi- 
mately 1 1/2 times as large in ordered as in disor- 
dered wires and increased with increasing strain. A 
plot of the observed resistivity decrease due to room 
temperature annealing as a function of strain shows 
a decreasing slope with increasing strain. 

Table II presents the effects of annealing at 30°C 
on the stored energy of specimens drawn to a strain 
of 0.50 at 78°K. Annealing caused a decrease of the 
stored energy in ordered and disordered specimens. 
The decrease was larger in disordered specimens. 

4) General Discussion. A comparison of the effects 
of deformation at 78°K on initially ordered and ini- 
tially disordered Cu, Au with the corresponding ef- 
fects of deformation at room temperature! is of in- 
terest in understanding the nature of the deformed 
state. The changes in resistivity and stored energy 
resulting from room-temperature annealing of speci- 
mens deformed at 78° K can be interpreted in terms 
of structural imperfections and changes in atomic 
configuration. 

Resistivity. The existence of a shallow maximum 
at low strain followed by a gradual increase in re- 
sistivity with further straining of disordered Cu,; Au 
at room temperature, Fig. 1(b), has been established 
in other investigations.’*!* A similar maximum has 
been observed with neutron bombardment at 40°C.14 
The absence of a maximum after deformation at 78°K, 
Fig. 1(a), supports the suggestion that the maximum 
at room temperature involves the movement of va- 
cancies generated during deformation. The effect of 
the concentration of dislocations on this movement 
and the resulting changes in short-range order and 
resistivity are discussed in detail elsewhere.” 

Stored Energy. The stored energy of ordered 
wires drawn at 78° K increases with strain at a faster 
rate than the energy of ordered wires drawn at room 
temperature, Fig. 2(a). The ordered specimens 
strained to 2.20 stored about 300 cal per g-atom more 
at 78°K than at room temperature. In a comparison 
of the energy stored by initially disordered speci- 
mens at the two temperatures, Fig. 2(b), allowance 
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Fig. 5—Stored energy vs resistivity at 78°K of initially 
ordered Cu, Au after straining. Points indicate values for 
straining at 78°K; curve shows relation for room tempera- 
ture, from Ref. 1. 


should be made for the difference of about 180 cal 
per g-atom in the energy content of the disordered 
specimens used in this investigation and those used 
in the investigation of deformation at room tempera- 
ture; on this basis the disordered specimens strained 
to 2.20 stored 230 cal per g-atom more energy at 
78° K than at room temperature. 

The presence of imperfections “frozen in” during 
deformation at 78° K but not retained during deforma- 
tion at room temperature can account for the larger 
stored energies observed at the low temperature in 
both ordered and disordered specimens. In particular, 
it is likely that vacancies generated during deforma- 
tion at 78°K are retained. It is also possible that the 
number and arrangement of dislocations resulting 
from deformation at the low temperature differ from 
those resulting from deformation at room tempera- 
ture.'5 The metallographic observation of twin-like 
lamellae in disordered wires suggests the possibility 
of twin and deformation faulting on a submicroscopic 
scale and hence capable of contributing to the stored 
energy. 

In considering the effect of the temperature of de- 
formation on initially ordered specimens, a plot of the 
stored energy vs resistivity, shown in Fig. 5, is use- 
ful. The curve represents smoothed data for deforma- 
tion at room temperature; the points show, for the 
measured values of the resistivity, the values of the 
stored energy taken from the smooth curve in Fig. 
2(a) at identical strains after deformation at 78°K. 
The coincidence at the two temperatures is striking. 
In contrast, the curves of stored energy vs resistivi- 
ty of disordered specimens, not shown here, do not 
coincide at the two temperatures. 

The coincidence of the stored energy as a function 
of the resistivity of ordered specimens at 78° K and 
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room temperature suggests that the main mechanism 
of energy storage in these specimens depends only 
slightly on the temperature of deformation and is 
mainly due to the destruction of order. In this regard, 
the reduction of domain size by slip seems to be a 
likely mechanism. Since the disorder introduced in 
this way is confined to regions near the active slip 
planes, it is probable that regions of relatively per- 
fect long-range order still persist in an initially or- 
dered specimen after deformation. Although plastic 
deformation of initially ordered specimens causes 
various properties to approach values approximately 
equal to those of the disordered state, the measure- 
ments of the microhardness and drawing force indi- 
cate that at the largest strain investigated, the de- 
formed states of initially ordered and initially dis- 
ordered specimens are, in fact, still significantly 
different. 

Ratio of Stored to Expended Energy. Before the ra- 
tio of stored to expended energy at 78°K is compared 
with the ratio at room temperature, an error in the 
calculations of the latter must be corrected.® This 
correction requires that the values plotted in Fig. 4 
of Ref. 1 be multiplied by twelve. A comparison of 
the values of the ratio for deformation at the two tem- 
peratures is complicated by the fact that the expended 
energy was determined by different procedures. At 
room temperature the approximate expended energy 
was determined as the area under the curve of the 
yield strength vs strain of wires drawn to various 
strains; at 78°K the expended energy was calculated 
from measured values of the drawing force. The ex- 
pended energy calculated for room temperature de- 
formation is more nearly the ideal work than is the 
expended energy calculated from the drawing force 
since the latter calculation includes also friction 
losses and redundant work. (The ideal work, as under- 
stood here, is the work required for the pure shape 
change, while the redundant work is the plastic work 
spent in excess of the ideal work.) 

A calculation of the expended energy should include 
the ideal work and the redundant work since both are 
expended in deforming the specimen. If such a calcu- 
lation could be made for deformation at room tem- 
perature, the resulting ratio of stored to expended 
energy for room temperature would be lower than 
the corrected values of Ref. 1, which do not take re- 
dundant work into account. On the same basis, the 
values of the ratio for 78°K should be somewhat high- 
er than reported in this paper since frictional losses 
have been included in the expended energy. 

Although the comparison of the numerical values 
is complicated by the difference in the calculation of 
the expended energy, the ratio of stored to expended 
energy as a function of strain shows the same gene- 
ral behavior at 78°K as at room temperature, if the 
smoothed data for room temperature are used, see 
“Note added in Proof”, Ref. 1. Specifically, at both 
temperatures the ratio is larger for disordered than 
for ordered specimens at low strains; this relation 
reverses at an intermediate strain. 

Annealing at Room Temperature. The decreases 
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in the stored energy and resistivity resulting from 
annealing at room temperature can be attributed in 
part to the instability of the initially disordered alloy 
with respect to the degree of order. Vacancies which 
are created and retained during deformation at 78°K 
may be expected to anneal out at room temperature. 
When they do so, the energy content decreases by an 
amount equal to the energy of the vacancies. In addi- 
tion, the movement of the vacancies provides a me- 
chanism for increasing the short-range order, which 
in turn reduces the energy content. In initially or- 
dered specimens, on the other hand, even after defor - 
mation, the degree of local order is still likely to be 
high compared to that in initially disordered speci- 
mens, and the movement of vacancies is likely to in- 
crease the local order only slightly. Most of the de- 
crease of the stored energy of deformed, initially or- 
dered specimens, therefore, is that due to the loss of 
the vacancies alone. Consequently, the decrease in 
stored energy which results from annealing at room 
temperature should be smaller in ordered than in 
disordered specimens, as was observed. 

If the decrease of 40 cal per g-atom in the initially 
ordered specimens strained to 0.50 is attributed to 
vacancies and a value of 23,000 cal per g-atom is 
taken as their energy, a vacancy concentration of 
0.002 results. If the effect on the resistivity of this 
concentration is calculated from a recent estimate 
for pure copper,*’ a value of 0.3 microhm-cm results 
and compares with the observed decrease in resisti- 
vity of 0.2 microhm-cm resulting from annealing. 
The approximate nature of the assumptions should be 
emphasized; also any contributions to the energy de- 
crease due to the rearrangement of other imperfec- 
tions during annealing have been ignored. A corre- 
sponding calculation for disordered specimens gives 
a value about six times larger than the observed re- 
sistivity decrease; such disagreement is to be ex- 
pected since vacancies play a more complex role in 
the annealing of disordered specimens than is as- 
sumed in the calculation. 

Long-range order lowers the resistivity of Cu, Au 
primarily because a more perfectly periodic poten - 
tial is established. Vacancies and other imperfec- 
tions introduced by deformation disturb this periodi- 
city and thus increase the resistivity. Although it is 
not known whether vacancies are more effective scat- 
terers in ordered than in disordered Cu, Au, if it is 
assumed that adding vacancies to ordered and dis- 
ordered Cu, Au has the same effect as changing the 
solute concentration,!® then vacancies introduced dur- 
ing deformation should cause a larger change in the 
resistivity of ordered than of disordered specimens. 
In addition, the increase in short-range order promo- 
ted by the annealing out of vacancies may increase 
the resistivity of disordered specimens in accord- 
ance with the reported effect of short-range order on 
resistivity.‘° These considerations explain why the 
resistivity decrease resulting from annealing at room 
temperature is smaller in disordered than in ordered 
Specimens. The argument involves the assumption 
that the deformation process is similar in ordered 
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and disordered specimens as regards the introduc- 
tion and behavior of vacancies. 


SUMMARY AND CONCLUSIONS 


The effects of wire drawing under liquid nitrogen 
on initially ordered and initially disordered speci- 
mens of the alloy Cu, Au have been investigated. 

The resistivity measured at 78°K of initially or- 
dered specimens increased from 1.658 microhm-cm 
in the unstrained condition to 10.517 microhm-cm at 
a strain of 2.43. The resistivity of initially disor- 
dered specimens increased from 9.354 to 10.452 mi- 
crohm-cm at a strain of 2.43. 

The stored energy of ordered and disordered spe- 
cimens increased with strain. At a strain of 2.43, 
initially ordered specimens stored approximately 
340 cal per g-atom more than initially disordered 
specimens. 

The energy expended in drawing was larger for 
initially ordered than for initially disordered speci- 
mens and demonstrates the greater work hardening 
tendency of ordered specimens. 

The microhardness of unstrained ordered and dis- 
ordered specimens was the same within experimental 
scatter. The microhardness of initially ordered spe- 
cimens was higher than that of initially disordered 
specimens at all strains; this also demonstrates the 
greater work hardening tendency of ordered speci- 
mens, 

Metallographic observations showed lamellar strain 
markings resembling deformation twins in disordered 
specimens after deformation under liquid nitrogen. 

The stored energy and the resistivity of specimens 
drawn under liquid nitrogen and annealed 1 hr at 
room temperature decreased as a result of such an- 
nealing. 

The experimental observations on the effects of de- 


formation at 78°K are compared with results ob- 
tained at room temperature in an earlier investiga- 
tion and can be related to structural imperfections 
and changes in atomic configuration. The interpre- 
tation of the annealing experiments demonstrates 
the importance of the movement of vacancies as a 
mechanism in establishing short-range order. 
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Strain Aging Effects in Arc-Cast Molybdenum 


G. W. Brock 


Experiments in the form of aging of overstrained 
tension specimens and elevated temperature tension 
testing, have been carried out on recrystallized arc- 
cast molybdenum. The aging behavior of molybdenum 
was found to be strongly dependent on the degree of 
plastic strain present in the lattice: the reason for 
this being the low solid solubility for the common 
interstitial elements in molybdenum. 
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Tue term strain aging is familiar in connection with 
the recovery of the yield point in mild steel after 
tensile overstraining, and there are other instances 
where it is known to exert an appreciable effect on 
mechanical properties. For example, steel exhibits 
a greater tensile strength at mildly elevated tem- 
peratures than at room temperature and serrated 
stress-strain flow curves occur under certain con- 
ditions. It has been known for a number of years 
that the phenomenon of strain aging is directly con- 
nected with the presence of carbon and nitrogen in 
the lattice; and extremely small amounts of either 
element are sufficient to produce the effect. 

In this study, the aging behavior of overstrained 
tensile specimens of recrystallized molybdenum has 
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Fig. 1—Details of test specimens. (a) Tensile specimen, 
(0) Aging specimen. 


been used to explain the rather weak strain-aging 
effects which occur during elevated-temperature 
tension testing. 


SCOPE OF THE INVESTIGATION 


a) Tension tests were carried out between -184°C 
and 985°C on molybdenum to determine what effects, 
if any, strain aging may have on tensile properties. 

b) Elevated-temperature tension tests were car- 
ried out on tension specimens, which had been sub- 
jected to a nitriding treatment, in an attempt to de- 
termine the effect of interstitial solute enrichment 
on the strain-aging behavior of molybdenum during 
tension testing. 

c) Strain-aging experiments were carried out on 
overstrained tension specimens in order to analyze 
the results obtained under headings a) and b) and al- 
so to investigate the reason for the apparently weak 
strain-aging effects in molybdenum relative to those 
occurring in iron and columbium. 


MATERIAL AND SPECIMEN PREPARATION 


The material used for these series of tests was 
arc-cast molybdenum rod swaged to 1/4-in. diam- 
eter. For the first series of tension tests, speci- 
mens of the form of Fig. 1 (a) were finish machined 
and recrystallized at 1530°C in a vacuum of 5 by 107° 
mm of Hg for 20 min. This treatment gave a grain 
size of ASTM 6-7 on a transverse cross section, and 
ASTM 3-6 on a longitudinal cross section. The 
chemical analysis of these specimens, which was 
carried out by the Westinghouse Laboratories, was 


Carbon 
0.0054 pct 


Designation Nitrogen 


0.0012 pct 


Oxygen 
0.0079pct 


Group 1 


all values being in wt pct. 
For the second series of tension tests an attempt 
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was made to nitride the above material in the follow- 
ing manner: tension specimens having a diameter of 
0.165-in.were placed in a dilute atmosphere of nitro- 
gen in argon for 72 hr at 1070°C. After cooling, the 
specimens were fully recrystallized at 1230°C for 
3 hr in a vacuum of 5 by 10 °mm of Hg. The speci- 
mens were then machined down to 0.125-in. diam 
and given a further heat treatment of 1 hr at 1230°C 
to remove any surface machining effects. A similar 
grain Size to the previous specimens was obtained. 
The following chemical analysis was obtained on 
these specimens: 


Oxygen 
0.0069 pct 


Nitrogen 
0.0018 pct 


Carbon 
0.0054 pct 


Designation 


Group 2 


Tensile tests on specimens given the same heat 
treatment as group 2, but without the heat treatment 
in the argon-nitrogen atmosphere, gave similar re- 
sults to group 1 specimens. 

It can be seen that the above analysis is very simi- 
lar to the previous one. However, the results ob- 
tained on these specimens were so vastly different 
from the nonatmosphere treated specimens that the 
following two possibilities exist. a) The additional 
heat treatment of 1070°C for 72 hr has served to in- 
crease the amount of interstitials in solution at the 
expense of any carbides, nitrides, and oxides pres- 
ent; or b) the mixture of argon and nitrogen used for 
nitriding was impure enough in carbon and oxygen 
that all three interstitial elements succeeded in 
penetrating into the grain boundaries of the molyb- 
denum, the increase of the amount in solution being 
small enough to be lost in the experimental error 
of the chemical analysis. The above two points im- 
ply that distribution of interstitials is equally im- 
portant as or more important than nominal analyses. 

For the aging tests on overstrained tension speci- 
mens it was necessary to use a new heat of molyb- 
denum which had the following chemical composition. 


Carbon 
0.0201 pct 


Designation Nitrogen 


0.0201 pct 


Oxygen 
0.0011 pct 


Group 3 


The specimens were machined to the form of Fig. 

1 @ and polished 0.001-in.below the nominal diameter 
at the center to facilitate yielding there rather than 
at the radii. The specimens were fully recrystallized 
by annealing 4 hr at 1230°C in a vacuum of 5 by 107° 
mm of Hg to give a similar grain size to the previous 
sets of specimens. 

Experimental Methods— Tension tests were car- 
ried out in an Instron testing machine at a strain 
rate of 0.02-in. per in per min. The cross-head 
movement of the machine was taken as the measure 
of specimen elongation. For temperatures above 
480°C a protective argon atmosphere was used to 
prevent oxidation of the test specimen. 

Strain aging was measured as a function of time, 
temperature, and plastic strain. To do this, tension 
specimens were strained to values of approximately 
2, 21/2, 5, 10, and 15 pct true strain, as measured 
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by the natural logarithm of the ratio of original area 
to final area, and all five specimens heated in a tube 
furnace at a constant temperature in a vacuum of 

5 by 10 ° mm of Hg for a given time. This process 
was repeated on other sets of similarly strained 
specimens until.a sufficiently large range of time 
had been covered at any given temperature. 

The following procedure was used to measure 
the specimen temperature and aging time. 

A chromel-alumel thermocouple was tied to one of 
the five specimens. The furnace temperature was 
then increased to 500°C, and after about 15 min 
soaking time at this temperature, the furnace was 
heated very rapidly to bring the specimen to the re- 
quired aging temperature as quickly as possible. For 
the initial periods of aging, the temperature was con- 
trolled manually to prevent serious temperature 
fluctuation about the set value of aging temperature. 
At the completion of the aging period, the hinged- 
tube furnace was opened to cool the specimen down 
to room temperature. 

Using the above method, it was possible to meas- 
ure aging times to within +15 sec., and the aging 
temperature was kept within +5°C. No allowance 
was made in the aging for warm-up and cooling- 
down times. 

Results and Discussion of Tensile Tests— Group I 
specimens: Fig. 2(a) shows that the material pos- 
sessed a pronounced upper and lower yield point in 
the temperature range —100°to 350°C; however, there 
were indications of discontinuous yielding up to 
930°C although no yield-point drop was detected. 

The values of ultimate strength and yield point fall 
rapidly between the temperature range -100° to 
300°C, and then level off to a much more gradual 
decrease. The yield points, however, show a slight 
strengthening effect between 100° and 300°C. 

The pct elongation has a minimum value at 920°C; 
other authors report a minimum in this quantity at 
920°C,* 800°C, and 1200°C.’ 

In the temperature range of 760°C and 870°C it was 
noticed that the flow curve was serrated, similar to 
the blue-brittle range in steel; serrations in the flow 
curve of molybdenum have been reported between 
540°C and 1090°C.” 

Group 2 specimens (heat treated in argon-nitrogen 
atmosphere): Fig. 3 shows the tensile results ob- 
tained on these specimens. It is of interest to com- 
pare these results with those obtained on the material 
of group 1, Fig. 2. 

It can be seen that there has been a considerable 
increase in the value of the upper and lower yield 
points, and the appearance of the yield-point phe- 
nomena extended from the region of 350° to 900°C. 
This would indicate that the amount of interstitial 
atoms in the grain-boundary regions or in solid sol- 
ution has increased, thereby resulting in more 
powerful pinning of dislocations and strengthening of 
subgrain boundaries. 

The reduction of area curves of Figs. 2(b) and 
3(b), indicate a decrease of about 10 pct occurring 
in both materials at about 500° and 560°C, respec- 
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Fig. 2—Tensile data at elevated temperature for recrys- 

tallized molybdenum. 


tively. Fig. 3(6) shows additional minimums in the 
reduction of area at 90° and 960°C in the material 
of group 2. 

The pct elongation curve of Fig. 3(b) shows that 
the Argon- Nitrogen treatment has shifted the mini- 
mum from 920° to 840°C and introduced another 
minimum between 100° and 200°C. 

Fig. 4 indicates the differences obtained in the 
ultimate strength of the material of groups 1 and 2. 
Apparently there has been some strengthening in the 
region of 310° to 980°C with a maximum occurring 
at 740°C. There is also evidence of a slight hump in 
the ultimate strength at approximately 540°C; this 
also shows up in the iso-strain curves of Fig. 5. 

Other authors’’* have investigated the true stress- 
strain curves for molybdenum by means of the em- 
pirical equation.* 


o= Ae” 
where: 


o = true stress 

A= constant 

€ = natural strain 

nm = exponent related to the strain-hardening ca- 
pacity of the material. 


In the temperature regions of powerful interaction 
between dislocations and solute atoms, the work 
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Fig. 3—Elevated temperature-tensile properties of molyb- 
denum heat treated in A-Ny atmosphere. 


hardening capacity of the material would be expec- 
ted to be high, resulting in increased values of n. 
Pugh,’ using a strain rate of approximately 0.02- 
in. per in. per min, reports 2 to have a maximum 
only at 539°C for recrystallized arc-cast molyb- 
denum, whereas Bechtold® using a strain rate of 
0.2-in. per in. per min reports a maximum only at 
150°C for recrystallized sintered molybdenum. The 
impurity content of the two materials were about 
the same. However, the hydrogen content was not 
specified by Bechtold, and this may be considerably 
higher in sintered than in the arc-cast material since 
sintering is carried out in a reducing hydrogen 
atmosphere. It is difficult to reconcile the behavior 
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Fig. 5—Stress values at various amounts of plastic strain. 
Molybdenum heat treated in A-Ny atmosphere. 
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Fig. 4—Effect of interstitial solute enrichment on the ten- 
sile strength of molybdenum. 


of the exponent 7 in these cases, even allowing for 
the difference in strain rate. Presumably it is 
greatly affected by small changes in composition 
and the distribution of interstitials in the two ma- 
terials. 

Collecting the significant points together from the 
tensile data, we have 

a) Evidence of a slight peak in strength at about 
540°C. 

b) Small increase in ultimate strength, caused by 
heat treating in an argon-nitrogen atmosphere, in the 
temperature range 310° to 980°C with a maximum 
increase at about 740°C. 

c) Minima in the pct reduction of area at approxi- 
mately 90°, 500°, 560°, and 960°C. 

d) Minima in the pct elongation at approximately 
150°, 840°, to 920°, and 1200°C if the data from Ref. 2 
are included. 

e) Serrated stress-strain curves between 760° to 
870°C. 

It would appear from a study of the above observa- 
tions that some form of hardening or instability is 
taking place in the temperature regions of 90° to 
150°, 500° to 560°, 740° to 955°, and 1200°C, which 
has the characteristics usually associated with 
strain aging. 

The phenomena of serrated stress-strain curves 
(called blue brittleness in steel) is known as the 
Portevin- LeChatelier effect. Cottrell® has shown in 
the case of mild steel, that the strain rate and tem- 
perature at which this effect occurs can be related 
by the equation 


é = RT 


where: 
=strain rate, sec 
D, = diffusion coefficient of nitrogen at infinite 
temperature 
@ = activation energy for diffusion of nitrogen in 
q@ iron 
T = absolute temperature, °K 
R = gas constant, 1.986 cal per deg C per mol 
The Portevin- LeChatelier effect might be expec- 
ted to occur in the temperature region of maximum 


1 
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Table I. Activation Energies for Interstitial Diffusion Calculated from Elevated 
Temperature Tensile Properties & Compared With Published Values 


Metal Temperature Deg. Kelvin Ref. Activation Energy Cals/mol 
Peak in Serrations in 
Strain Hardening Ductility Stress Strain Calculated Published 
Exponent Minimum Curves From ¢ = 10°D Values 
Tungsten 820 14 39000 39600 (Carbon) 
500 500 15 24000 25700 (Oxygen) 
Tantalum 820 820 15 39000 39500 (Carbon) 
37500 (Nitrogen) 
830 16 40000 38600 (Nitrogen) 
Columbium 570 16 27200 26600 (Oxygen) 
517 18 24500 26600 (Oxygen) 
393 ® 19000 15600 
423 3 20000 ae 
803 ® 38000 33400 (Carbon) 
Of 812 1 38000 33400 (Carbon) 
1120 ® 53500 48300 (Oxygen) 
1473 2 66000 64000 (Nitrogen) 


Ref. 


20 
21 & 22# 


# The Internal Friction Peak at 1300 F & 1 cycle/sec obtained on nitrogen impregnated Mo wire, ** has been converted to an activation energy by 


the graph on p 239 of Ref. 22. 


@® Present paper. 


strain aging. It is of interest to assume the above 
equation might also be obeyed approximately by 
molybdenum, and although the Portevin- LeChatelier 
effect was only observed between 760° to 870°C, let 
us apply the equation to the temperature regions at 
which the strain-aging effect seems particularly 
pronounced, namely around 120°, 530°, 845°, and 
1200°C. 

Using the above temperatures and D, = .01, values 
of activation energies of approximately 19,000, 
38,000, 53,500, and 66,000 cal per mol, respectively, 
are obtained. 

Some justification for the above mentioned method 
of calculating activation energies is given in the 
Appendix. 

Such data as are available from Table I in the 
Appendix, indicate that the activation energies ob- 
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Fig. 6—Measure of strain aging used for experiments on 
molybdenum. 
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tained above may correspond to those of hydrogen, 
carbon, oxygen, and nitrogen, respectively, in 


molybdenum. 


It would appear that all of the four interstitial 
atoms quoted above affect the tensile properties of 
molybdenum at elevated temperatures by strain 


aging. 


Results and Discussion of Aging Tests. The heat 


of molybdenum used during the preceding experi- 
ments was exhausted and a new heat (group 3) was 
used for these tests. It may be noted that the carbon 
content of this heat is much larger than groups 1 


and 2. 


The measure of strain aging in these experiments 
is explained in Fig. 6. Tangents are drawn to the 
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Fig. 7—The variation of strain aging with deformation and 
time for molybdenum at 575°C. 
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Fig. 8—The variation of strain aging with deformation and 

time for molybdenum at 650°C. 


curves AB and CD and their intersection P is called 
the yield point. The difference between P and the 
point E is divided by the cross-sectional area of the 
strained specimen at the point A. During later 
stages of aging, the phenomenon of the upper and 
lower yield point occurred, and in this case the 
upper yield point was used instead of the artificial 
one, P. 

Figs. 7-9 represent the values of strain aging ob- 
tained at the various times for given temperatures. 
For these curves it is possible to plot strain aging 
at a given deformation and temperature vs time; this 
has been done in Fig. 10. 


2 
yield point | Prestrain, % yield point |! Prestrain 
phenomenon @ 18 4 a 
visible 6-20 visible WAR 
e-50 4 4}- beyond 
0-10 56min OA 
2 


fe) 
Strain Aging ,lOOOpsi 
| 


Strain Aging psi 


n 
| 


(b) 650°C 


0 400 «800 «200 KOO 
Aging Time, mins Aging Time ,min 


Rg 7 

pes ‘pom Prestrain 
a 4 e-5 
S o-lO 
QO ap 4 
| 
e 

40 80 120 160 


Aging Time, mins 


Fig. 10—Strain aging of molybdenum as a function of time 
at fixed values of prestrain and temperature. 
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Fig. 9—The variation of strain aging with deformation and 
time for molybdenum at 700°C. 


Figs. 7-10 show the importance of prior plastic 
strain on the aging of molybdenum. At low strains 
considerable aging takes place quite readily, but at 
the higher strains some recovery appears to take 
place. 

The strain-aging characteristics may be explained 
as follows: at the low deformations sufficient inter- 
stitials are available to cause positive strain aging, 
but at larger deformations annealing out of excess 
dislocations must occur simultaneously with aging 
(causing recovery) until the remainder left is small 
enough to be locked by the available interstitial 
elements. Thus, Fig. 10 shows that strain aging can 
occur quite readily at high strains, although not 
enough to combat the recovery that has already 
taken place. 

Fig. 10 suggests there is more than one strain- 
aging peak. Thus, there is the possibility of more 
than one interstitial atom being active in causing 
strain aging, with each interstitial element having a 
maximum effect and then over aging. In fact, there 


Q = 36,300 Cals/mol 
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Fig. 11—Rate of return of yield point as a function of tem- 
perature 7, for molybdenum deformed 2 pct in tension. 
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appears to be a slight strengthening effect before 
the peak at which the yield-point phenomena is ob- 
served; however, the effect is too small and inac- 
currate to analyze. 

Strain-aging tests on mild steel have shown ® that 
in addition to yield-point aging there was also an 
effect on the ultimate strength which occurs at a 
slower aging rate. No such effect was detected on 
the ultimate strength of molybdenum for the times 
of aging involved. 

An analysis of the strain-aging peaks, at which the 
yield-point phenomena was initially observed, has 
been made using the equation 


where: 
Q = 


activation energy of interstitial atom re- 
sponsible for aging, cal per mol 


T = absolute temperature at which aging takes 
place, °K 

t = time at which a yield point was first observed 

C = constant 

Fig. 11 represents a plot of the values of in¢~' and 


1/T for the strain aging peaks corresponding to the 
times ¢ and absolute temperature T from Fig. 10 
for the beginning of the yield point phenomena. 

The value of-Q obtained from the slope of the line 
in Fig. 11 is about 36,300 cal per mol and the cons- 
tant C about 2 x 10° sec’. 

It is satisfying to note that the value of 36,300 cal 
per mol is quite close to the value of 38,000 cal per 
mole previously estimated on the basis of Cottrell’s 
formula for the Portevin- LeChatelier effect, and 
well within the range of 33,400 + 10,000 cal per mol 
published for the activation energy for diffusion of 
carbon in molybdenum,’ and corresponds almost 
exactly to the value of 36,000 cal per mol associated 
with the brittle fracture of molybdenum? 

Further examination of other strain-aging peaks 
which are seen to occur in Fig. 10 was not attempted 
because of the time and expense involved in this type 
of experiment. 

Experimental evidence suggests that strain aging 
does take place during the tension testing of molyb- 
denum at elevated temperatures, but the effect 
seems to be on a much smaller scale than is ob- 
served in mild steel and columbium, for instance. 
The reason for this seems to be the very low solu- 
bility of the common interstitial elements in molyb- 
denum. 

Evidence that the small strain-aging effect on the 
ultimate tensile strength during elevated-tempera- 
ture tensile testing is caused by low solubility of 
interstitial atoms is provided by Fig. 12 which is 
from the work of Enrietto® on columbium. Colum- 
bium is very different from molybdenum in that it 
will absorb a large amount of oxygen into solid 
solution, the limit of solid solubility being 0.25 pct 
by wt at 500°C.’° Fig. 12 shows the effect of in- 
creasing oxygen content on the aging effect of colum- 
bium at 500°C. Below 0.001 pct O concentration the 
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aging effect is small (similar to molybdenum) but 
increases with additional oxygen content to reach a 
maximum just about 0.02 pct O concentration. 

The dislocation density at the ultimate strength 
may be expected to be in the region of 5 x 10” lines 
per sq cm.” To completely pin these dislocations 
with one solute atom per atomic plane requires 
approximately 0.015 pct by wt of O, thus agreeing 
quite well with the experimental observations. 

Accurate data on the solubility of carbon, nitrogen, 
and oxygen, in molybdenum is not available. Bat- 
telle’? gives approximate values of 0.005 pct by wt of 
C at 3000°F, 0.003 pct by wt of O at 3000°F, and 
0.0012 pct by wt of N at 3000°F. 

From the above solubility data it becomes clear 
that no fully developed aging effect on the ultimate 
tensile strength at elevated temperatures will occur 
in molybdenum since all the values, even at 3000°F, 
fall well below the required amount of 0.02 pct fora 
strong effect. 


CONCLUSIONS 


1) Strain-aging behavior of molybdenum is highly 
dependent on the degree of plastic strain in the lat- 
tice. 

2) Low solid solubility for the common interstitial 
elements is responsible for the weak strain-aging 
effects in molybdenum during elevated- temperature 
tensile testing, and aging of overstrained tensile 
specimens. 

3) The activation energy associated with diffusion 
of one of the interstitial elements in molybdenum 
lies close to 36,000 cal per mol. 
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APPENDIX 


Analysis of the Discontinuities Occurring in the 
Elevated Temperature Tensile Properties of Che: Ta; 
W, and Mo—Cottrell,® using Manjoines’s data! for 
the tensile strength-temperature-strain rate rela- 
tionships in mild steel has shown that the tempera- 
ture and strain rate at which repeated yielding (blue 
brittleness or the Portevin- LeChatelier Effect) oc- 
curs may be connected by the expression 


é = 10°D,e7 
where: 


D, = Diffusion coefficient of nitrogen in iron at 
infinite temperature 

€ = Strain rate used in the tensile test 

@ = Activation energy for diffusion of nitrogen 
in Fe 

Rk = Gas constant 

T = Absolute temperature, °K 

Phenomena associated with strain aging are as 
follows: 

a) Upper and lower yield point 

b) Increase in strength with temperature in some 
temperature region 

c) Repeated yielding 

d) Increase in the work-hardening exponent with 
increasing temperature in some temperature region 

e) Lowering in ductility (as measured by pct 
elongation and pct reduction in area) with increasing 
temperature in some temperature region 

Phenomena b) through e) are usually observed to 
take place in a similar temperature range, although 
it appears that the presence of one effect does not 
necessarily mean that the others will be present 
also. 

Commenting further on effects b) through e), it 
would be expected that these effects are directly re- 
lated to conditions pertaining during repeated 
yielding or near this temperature region, in which 


case the Cottrell equation é = 10°D,e7 TESS might 
well apply to regions in the elevated- temperature 
tensile behavior at which ductility minima or strain- 
hardening exponent maxima are observed, although 
for some reason, repeated yielding does not take 
place. 

Thus, Cottrell’s equation becomes a tool by which 
we may be able to obtain an approximate value of 
activation energy for the active interstitial atom, 
or if the diffusion constant for the interstitial is 
known, then we may possibly be able to identify 
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its effect on the elevated-temperature tensile be- 
havior. 

In Table 1 is an analysis based on Cottrell’s for- 
mula, of the temperature regions at which phenom- 
ena associated with strain-aging maxima are ob- 
served in molybdenum, tungsten, columbium, and 
tantalum, and the value of activation energy obtained 
is compared with that found by conventional means. 
The value of € , used in the formula, was 0.02-in. 
per min and D, values were all considered to be 
0.01 sq cm per sec. 

The temperature spacing for tensile tests at ele- 
vated temperature is quite often of the order of 50°C 
or more. Because of this, the errors in finding 
the temperature at which ductility minima or strain- 
hardening coefficient maxima occur are liable to be 
considerable. Therefore, any errors in using the 
above values of D, and é, other than the correct 
ones, are justifiable since small variations in these 
quantities do not affect the value of Q to a large 
extent. 
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Structural Transformations in a Ag-50 At. Pct Zn Alloy 


H. W. King and T. B. Massalski 


An hcp § phase may be induced by cold working the 
B’ phase of the Ag-Zn system. This € phase reverts 
to B’ on subsequent aging. No phase change occurs on 
cold working the €° phase, but B’ is formed when the 


deformed alloy is subsequently aged at room tempera- 


ture. It ts concluded that for alloys near 50 at pct Zn 
the ordered bcc B’ phase is the equilibrium structure 
at room temperature. 


WueEN the disordered bcc 8 phase of the Ag-Zn 
system is cooled to temperatures below 258° to 
274°C, it transforms to a complex hexagonal phase 
c°,2 The nature of the 8 =¢° transformation has 
been the subject of some discussion,?»* and the 
structure of ¢° has been described in detail.2 The 
latter phase appears to be stable on aging at room 
temperature but decomposes following cold work. 
When alloys containing approximately 50 at. pct Zn 
are rapidly quenched from the 6 phase field, the 

8 —¢° transformation may be suppressed; but the 

8 phase undergoes an ordering reaction (8 — 8’). 
The #’ structure may also be obtained as a result 
of cold working and aging at room temperature.* 
Kitchingman, Hall, and Buckley* have suggested 
that the decomposition of €° following cold work 
proceeds in two stages, ¢° +8 followed by 8 — 8’, 
but did not confirm this by experiment. When the 
ordered #’ phases in the systems Cu-Zn° and Ag-Cd® 
are cold worked, they become unstable and transform 
to a close-packed hexagonal phase (¢ ) indicating 
that when order is destroyed in a f’ structure the 
close-packed hexagonal phase may in many cases be 
more stable. It thus became of interest to study 
more closely the effect of cold work and annealing 
on the stability of both the p’ and ¢° phases ina 
Ag-50 at. pct Zn alloy. 

Predetermined weights of spectroscopically-pure 
Ag and Zn, supplied by Johnson and Matthey, were 
melted and cast under 1/2 atm of He in transparent 
vycor tubing. The ingot was homogenized for 1 week 
at 630°C and quenched into iced brine. Since mechan- 
ical polishing was found to induce a phase change, 
sections were first polished at room temperature, 
sealed in tubes under 1/2 atm of He, reannealed for 
several days at 630° or 200°C and then quenched 
into iced brine. Sections of the alloy thus prepared 
were found to be homogeneous when examined under 
the microscope. The sample quenched from 630°C 
(6 -phase region) was pink in color, whereas the 
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sample quenched from 200°C (¢°-phase region) was 
silver. The latter sample showed the characteristic 
hexagonal anisotropy when examined under polarized 
light. 

Filings of the alloy were examined at room tem- 
perature, after various heat treatments, using an 
RCA-Siemens Crystalloflex IV diffractometer with 
filtered CuKa radiation. The X-ray reflections from 
flat powder specimens quenched from 630° and 200°C 
and sieved through 230 mesh were recorded graph- 
ically at a scanning speed of 1/2 deg per min. The 
resultant patterns are shown in Figs. 1(a) and1(b) 
and may be identified as those of the 8’ and ¢°? 
structures respectively. The lattice parameter of 
the 6’ phase was determined as 3.1566A.* This value 


*Using the double scanning method described by King and Vassa- 
millet.?° 


compares very well withthat to be expected for a 
50 at. pct Zn alloy from the data of Owen and Ed- 
munds,’ and indicates that no loss of Zn occurred 
during casting. In order to study the effect of cold 
work upon the #’ and ¢° phases, filings made at 
room temperature and sieved through 230 mesh were 
mounted immediately in the diffractometer-7.e., 
without a strain-relief anneal. Changes in structure 
on subsequent aging were followed by scanning re- 
peatedly over the regions of the low index reflections 
of the 6’ and ¢° structures—i.e., 29 from 35 to 44 deg. 
Immediately after filing the B’ specimen, addition- 
al diffraction peaks were observed in the low-index 
region of the pattern, as shown in Fig. 1(c). These 
additional peaks do not coincide with those of the ¢° 
structure, Fig. 1(b), but may be indexed as the 
(10-0), (00-2), and (10-1) reflections of an hcp phase 
(¢€) with nearly ideal axial ratio. However, this hex- 
agonal phase appears to be very unstable since within 
avery short time at room temperature it reverts 
back to the ordered f’ phase, the reversion being 
complete within seven hours. The ¢€ — #’ reversion 
reaction is, therefore, very similar to those already 
reported in Cu-Zn® and Ag-Cd®>»®alloys. The ac- 
tion of filing caused the deformed surface of the 
originally pink ingot to become silver in color, indi- 
cating that the € phase possesses similar reflecting 
properties to the ¢° phase. Hence, the subsequent 
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28, deg. 


reversion is also evidenced by a change in color 
from silver to pink. The strain-induced transforma- 
tion of p’ to € probably occurs martensitically, 
whereas the reversion to f’ is clearly a diffusion- 
controlled process. The extremely rapid rate of the 
latter process is of particular interest. It is known, 
for example, that a high rate of diffusion is possible 
in Ag-Zn alloys.1° However, it has also been shown 
that there exist very close structural similarities 
between the ¢ and #’ phases® (and also between ¢° 
and 6’ ?»%); and hence, even though the transformation 
may be controlled by diffusion, only very short 
atomic movements are necessary to convert one 
structure into another. This is probably the main 
reason why the reaction rates are exceptionally high 
even at room temperature. 

The action of filing on €° caused no immediate 
change in either structure or color. On subsequent 
aging at room temperature, however, the deformed 
¢° phase transformed to the ordered B’ phase, as 
shown by the change in the diffraction patterns in 
Fig. 1(d). At no stage in the process was the order 
line (100) absent from the p’ pattern, indicating that 
the €° — 8’ transformation occurred in a single stage, 
in contradiction to the suggestion of Kitchingman, 
Hall, and Buckley.* The effect of the cold work is 
not to induce any kind of shear transformation but 
merely to lower the activation-energy barrier op- 
posing the transformation ¢° — ’ at room tempera- 
ture, thereby enabling the process to proceed by 
diffusion. It may thus be inferred that, for Ag-Zn 
alloys in a narrow region of composition near 50 at, 
pet Zn, the ordered f’ phase is the equilibrium 
structure at room temperature. The rate of the 
¢° +8’ transformation is relatively much slower 
than the reversion of the ¢ phase to #’ shown in Fig. 
1(c), the former process still being incomplete 
after 9 days. The reason for the difference in reac- 
tion rates of these two very similar processes must 
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mean that either longer diffusion paths are involved 
in ¢* 6’ than in € —£ or, more likely, the driving 
energy is different. It could well be that the nuclea- 
tion of 6’ within the ¢° phase is difficult, whereas 
the martensitic transformation B’ —¢ is never com- 
plete, Fig. 1(c), so that the untransformed (but 
somewhat disordered) 6’ acts as a nucleus for the 
reversion reaction. 

No change in structure was observed in filings of 
the 8’ phase (quenched from 630°C) after annealing 
for several days in the temperature range 90° to 
100°C, However, when the temperature was raised 
above 120°C, diffraction patterns of ¢° were observed 
and the filings changed color from pink to silver. 
This temperature of transformation is in agreement 
with that of 130°C reported by Kitchingman and 
Buckley * from changes in resistance during continu- 
ous heating. Filings of the ¢° phase annealed for 
several days at 200°C (i.e., strain free) showed no 
phase change on subsequent annealing at various 
temperatures below 120°C, indicating that even at 
temperatures above room temperature some defor- 
mation is necessary to initiate the ¢° — #’ trans- 
for mation. 
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The Creep Behavior of Heat Treatable Magnesium 


Base Alloys for Fuel Element Components 


P. Greenfield, C. C. Smith, and A. M. Taylor 


The Mg-Zy alloy ZA and Mg-Mn alloy AM503(S) 
are shown to have a markedly improved resistance 
to creep deformation after suitable heat treatments. 
This improvement makes them suitable for certain 
stress-bearing fuel element components in nuclear 
veactors. The extent of strengthening is described 
and an explanation of the behavior of both materials 
is given, based on a combination of stvain-aging and 
grain growth, 


Tue increase in operating temperatures of fuel 
element components in Calder Hall type nuclear re- 
actors has necessitated the development of magnesi- 
um base alloys with a very high resistance to creep 
at temperatures up to 500°C. Such alloys are not re- 
quired for fuel element cans, which require high- 
creep ductility rather than strength, but for can sup- 
porting and stabilizing components, which are needed 
to support the imposed loads without deforming more 
than about 1 pct in times of up to 40,000 hr. The 
amount and type of alloying addition made to magne- 
sium for these parts is limited by the necessity of 
keeping the cross-section to thermal neutrons as low 
as possible. The alloys must also possess a high re- 
sistance to oxidation in CO,. 

Alloys which have been developed for this applica- 
tion include ZA, an alloy of magnesium with 0.5 to 
0.7 pet Zr and AM503(S), an alloy of magnesium with 
0.5 to 0.75 pct Mn. In the as-extruded condition these 
alloys are very weak and ductile in creep but it has 
been found that they can be strengthened to a signifi- 
cant extent by heat treatment. 

This paper describes the method of developing a 
high-creep resistance in ZA and AM503(S), the ex- 
tent of the strengthening produced and discusses the 
probable mechanisms of strengthening. 


TEST MATERIALS 


Specimens were taken from typical casts of ZA and 
AM503(S) alloys extruded into 2 1/4-in.-diam bars, 
supplied by Magnesium Elektron Ltd. Typical analy - 
ses of the bars were as follows: 


Material Zr Zn Al Fe Mn Mg 

ZA 0.54 0.010 0.018 0.003 0.009 Bal 
AM503(S) 0.05 0.005 0.73 Bal 


P. GREENFIELD, C. C. SMITH, and A. M. TAYLOR are 
Metallurgists in the Atomic Power Department, English Elec- 
tric Co., Ltd., Whetstone, England. 

Manuscript submitted April 14, 1961. IMD 
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The as-extruded mean grain diameter was 0.001 to 
0.002 in. for the ZA alloy and 0.003 in. for the 
AM503(S) alloy. 


EXPERIMENTAL METHODS 


Extruded bars of ZA alloy, 2 1/4 in. in diameter 
and 9 in. long, were heat treated in electrical resis- 
tance furnaces in an atmosphere of flowing CO, con- 
taining 50 to 300 ppm water, thereby reducing the ex- 
tent of oxidation compared with that which would have 
occurred in air. Heat treatments were carried out at 
600°C for times of 8, 24, 48, 72, and 96 hr and mate- 
rial was subsequently both furnace cooled and water 
quenched. In order to measure the effect of time of 
heat treatment, specimens were creep tested at 
400°C and 336 psi for about 1000 hr. Subsequently, 
the behavior of material heat treated for 96 hr at 
600°C and furnace cooled was tested at a variety of 
stresses from 200° to 500°C. Tests were also con- 
ducted at 200° and 400°C on material in the as-ex- 
truded condition for comparative purposes. 

With the AM503(S) alloy, only the effect of heat 
treatment at 565°C for 4 hr was examined. It has 
been shown! that such a heat treatment produces 
marked strengthening in this alloy. Tests on this ma- 
terial were conducted at a variety of stresses at 200°, 
300°, and 400°C with comparative tests on as -extruded 
material at 200° and 400°C. 

The creep tests were carried out on machines us- 
ing dead-weight loading and direct micrometer strain 
measurements on specimens 5 in. long and 0.357 in. 
diameter. At temperatures of 400° C and below, the 
creep tests were conducted in air, but at higher tem- 
peratures an atmosphere of CO, was used. Grain 
size measurements were made on ZA in the extruded 
and heat treated states and on each specimen after 
creep testing. This was done by a line count of a mi- 
nimum of 20 grains in two or three random fields in 
the longitudinal and transverse directions. The same 
method was used for measuring the grain size of as- 
extruded AM503(S), but the grain size of the heat 
treated material was so large that this method could 
not be employed. For heat-treated AM503(S) the 
large grained characteristics (between 0.1 and 1 in.) 
were confirmed by the measurement of individual 
grains. 

In the case of the ZA alloy, specimens taken from 
various stages in the program were analysed for 
hydrogen by a combustion method. Material in vari- 
ous states was also analysed for the soluble and in- 
soluble zirconium content by dissolving in dilute hy- 
drochloric acid. This technique has been used? for 
the determination of amounts of zirconium present 
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Fig. 1—The secondary creep rate of ZA at 400°C and 336 
psi as a function of time of solution treatment at 600°C. 


in solution in magnesium and the amounts present as 
a separate phase. 


EXPERIMENTAL RESULTS 


ZA Alloy. The effects of time of annealing at 600°C 
on the creep strength at 336 psi and 400°C are shown 
in Table I and Fig. 1. As can be seen the creep 
strength increases markedly as the annealing time 
at 600°C is increased, although the effect is beginning 
to reach saturation after about 72 hr. The secondary 
creep rate changes from 2.5 x 107° in. per in. per hr 
for extruded material to 1.2 x 107° in. per in. per hr 
for material annealed for 96 hr at 600°C and furnace 
cooled. This represents an improvement of 2000 
times in resistance to secondary creep. The rate of 
cooling from 600°C does not appear to have an effect. 

The effect of a variety of stresses at 200°, 300°, 
400°, and 500°C has been examined on material heat 
treated for 96 hr at 600°C in CO, containing 50 to 
300 ppm water followed by furnace cooling. The re- 
sults are listed in Table II, and the relationship be- 
tween stress and secondary creep rate at each tem- 
perature is shown in Fig. 2. The results at 200° and 
400°C for as-extruded ZA are given in Table III and 
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Table |. The Effect of Heat Treatment at 600°C on the 
Creep Strength of ZA at 400°C and 336 psi 


Duration Secondary 
of Creep Final Grain 

Test, Strain, Rate, Size, Final 

Condition Hr pet in. in. hr x 10° inx 10° State 
As extruded 120 74 2500 R 
460 70 1000 R 
1879 29.2 65 D 
976 0.16 1.2 D 
657 60 510 R 
1100 0.52 4.6 D 
20 1042 0,83 6.5 D 

F.C, = Furnace Cooled L = Longitudinal R = Ruptured 


W.Q. = Water Quenched T = Transverse D = Discontinued 


shown by the broken lines in Fig. 2. Where the tests 
were taken to rupture, the elongations observed are 
given in brackets in Fig. 2. 

From the relationship between stress and secon- 
dary creep rate shown in Fig. 2 it can be seen that a 
change in slope occurs from 200° to 400°C at the 
slower strain rates. A similar effect was observed 
in heat treated AM503(S). This may be due in part to 
the fact that the slower strain rates are at the ex- 
treme of the sensitivity of the creep machines used. 
Tests in which the strain rates were too low to be 
measured are plotted as having secondary rates of 
1 x 1077 in. per in. per hr in Figs. 2 and 3. 

The results of hydrogen analyses, and soluble and 
insoluble zirconium contents are given in Table IV. 
In general, it can be seen that an increase in the in- 
soluble zirconium content of ZA is accompanied by 
an increase in the hydrogen content. 

As can be seen in Table I, heat treatment produces 
grain growth from about 0.001 to 0.002 in. in the ex- 
truded material to about 0.015 to 0.030 in. after 96 
hr at 600°C. The grain size of the heat-treated ZA 
appears to remain stable during subsequent creep 
testing even after fairly long exposures at tempera- 
tures up to 500°C, see Table II. The grain size of as- 
extruded ZA remains stable at 0.001 to 0.002 in. 
when creep tested at 200°C, but a small amount of 
grain growth occurs during long-term tests at 400°C, 
see Table III. 

AM503(S) Alloy. The creep resistance of heat- 
treated AM503(S) has been measured using a range 
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Table Il. Results of Creep Tests on ZA Heat Treated for 96 hr at 600°C 


Duration 
Test of Secondary Final Grain Size, 
Temperature, Stress, Test, Strain, Creep Rate, Final in. x 10? 
2c psi Hr pet in./in./hr x 10° State Long. Trans. 
200 7840 2 21 - R 40 23 
200 5600 19 34 - R 46 18 
200 3500 2100 27 50 R 33 18 
200 3000 3239 10 D 
200 3000 1993 40 100 R - - 
200 2500 2510 15 0.6 R 18 17 
200 2000 2570 0.54 0.5 D 28 26 
200 2000 10035 4.53 0.2 (ce - - 
200 1700 6336 0.32 <0.1 D 37 25 
200 1500 4297 0.21 <0.1 D 26 30 
300 1400 400 24 300 R 48 29 
300 1200 590 PE} 200 R 32 18 
300 1200 2016 7.60 <0.1 D 25 26 
300 1100 2153 10 6 R 26 20 
300 1100 2284 B35 0.2 D 27 26 
300 1000 2055 9 1 R 28 20 
300 1000 U22, 3.82 0.6 D 26 16 
300 1000 11072 1.59 <0.1 
300 850 7540 1.80 0.2 D 22 18 
300 750 1560 0.43 <0.1 D Di, 2} 
300 500 4116 0223 <0.1 D 17 17 
400 400 236 60 2000 R 17 15 
400 350 2235 1.0 1 Cc 21 21 
400 336 976 0.166 1 D 16 12 
400 336 700 14.8 200 D - - 
400 336 1550 27 20 D 21 15 
400 300 7585 1.5 0.3 D 25 17 
400 300 1237 23-0 3 D 28 20 
400 300 1437 4.16 3 D 20 26 
400 200 13833 2.94 0.2 Cc - - 
400 150 3092 0.20 <0.1 D 24 29 
400 100 5609 0.26 <0.1 D 23 30 
500 200 93 28 - R 14 1, 
500 150 3359 19.2 20 G 
500 67 936 0.16 1 D - - 
500 50 2805 0.27 0.3 D 20 17 
500 50 1733 0.03 <0.1 D 16 15 
R = Ruptured D = Discontinued C = Continuing 
Table Ill. The Results of Creep Tests on As-Extruded ZA 
Duration 
Test of Secondary Final Grain Size, 
Temperature, Stress, Mest, Strain, Creep Rate, Final in. x 10° 
Ae; psi Hr pet in./in./hr x 10° State Long. Trans. 
200 4030 220 32 900 R 2 Dh 
200 3580 360 80 500 R 2 2 
200 3140 490 40 200 R 2 1 
200 2680 1094 30 70 R 2 2 
200 2460 2175 24 40 R 2 1 
200 1800 3847 3.0 5 D — = 
200 1200 3835 0.82 1 D 2 2 
400 336 120 74 2000 R 2 2 
400 200 1443 125 150 R 5 3 
400 150 1476 42 200 D 4 4 
400 100 1440 15 65 D 4 4 
400 40 1990 2.4 5 D 4 4 
R = Ruptured 


D = Discontinued 
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Table !V. Hydrogen and Insoluble Zirconium Contents 
of ZA at Various Stages of Test. 


Zirconium Content 


Sol. pet Insol. pct Hydrogen ppm Condition 

0.45 0.02 Slsets As Extruded 

0.45 Nil Sredl Heat-treated 4 days at 600°C in 
CO; 
Heat-treated and creep tested for: 

0.43 0.06 8 19 hr at 200°C (34 pct strain) in 
air 

0.50 0.02 4 6336 hrs at 200°C (0.32 pct 
strain) in air 

0.36 0.08 27, 51 590 hr at 300°C (23 pct strain) 
in air 

0.42 0.07 28, 46 4116 hr at 300°C (0.23 pct 
strain) in air 

0.52 0.03 10, 13 236 hr at 400°C (60 pct strain) 
in air 

0.02 0.37 39,54, 31,50 7585 hr at 400°C (1.5 pct 
Strain) in air 

0.01 0.37 2 2805 hr at 500°C (0.27 pct 


strain) in CO, 


of stresses at 200°, 300°, and 400°C. The results are 
shown in Table V, and the relationship between stress 
and secondary creep rate at each temperature is 
shown in Fig. 3. Included in Fig. 3 are data obtained 
at 450° and 475°C for the same alloy and heat treat- 
ment taken from earlier work.! The results at 200° 
and 400°C for as-extruded AM503(S) are given in 
Table VI and the secondary creep rates are shown 
by the broken lines in Fig. 3. Where the tests were 
taken to rupture, the elongations observed are given 
in brackets in Fig. 3. 

The heat treatment of 4 hr at 565°C produces 


Table V. The Results of Creep Tests on AM503(S) 
Heat-Treated for 4 Hr at 565°C 


Test Duration Minimum 
Temperature, Stress, of Strain, Creep Rate, Final 
Ke: psi Test, Hr pet in./in./hr x 10° State 
200 3500 157 36 600 R 
200 3000 1346 14.1 1 D 
200 2500 2429 14.1 0.6 D 
200 2000 1929 1.45 0.8 D 
200 1800 1194 0.5 0.5 D 
300 1800 25 21 9000 R 
300 1600 20 48 20000 R 
300 1500 4 32 40000 R 
300 1500 62 JAI 2000 R 
300 1500 244 Uf 20 R 
300 1400 2117 8 <0.1 R 
300 1000 1327 0.2 <0.1 D 
400 800 4 Syl 50000 R 
400 700 3 30 40000 R 
400 600 95 25 9000 R 
400 600 570 11 6 R 
400 500 2222 8 1 R 
400 300 2741 0.08 <0.1 D 
400 200 2232 0.08 <0.1 D 
R = Ruptured 


D = Discontinued 
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Fig. 2—Secondary creep rate vs stress for ZA heat-treated 
for 96 hr at 600°C (solid lines) and for as-extruded ZA 
(broken lines). Rupture ductilities are given in brackets. 


marked grain growth and grains of up to 1 in. in 
length in the longitudinal direction were observed. 
The grain structure of the bar after heat treatment 
is illustrated in Fig. 4. The grain size of heat-treated 
AM503(S) remains stable during creep, while in the 
as-extruded condition slight growth occurs during 
long term tests at 400°C. 


METALLOGRAPHY 


ZA Alloy. The binary Mg-Zr system has been in- 
vestigated by several workers at the magnesium- 
rich end?“ and their published phase diagrams, while 
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Fig. 3—Secondary creep rate vs stress for AM503(S) heat- 
treated for 4 hr at 565°C (solid lines) and for as-extruded 
AM503(S) (broken lines). Rupture ductilities are given in 
brackets. 
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Table VI. The Results of Creep Tests on As-Extruded AM503(S) 


Test Duration Minimum Final Grain 
Temperature, Stress, of Strain, Creep Rate, Final Size, 
Ae psi Test, Hr pet in./in./hr x 10° State in. x 10° 
200 4000 340 50 900 R 3 
200 2500 5069 13 20 D 3 
400 360 380 56 300 R = 
400 360 500 15 200 D - 
400 250 LS 29 170 D 5 
400 200 2611 79 180 R 6 
400 WS 504 5.6 100 D 3 
R = Ruptured 


D = Discontinued 


differing in detail, have one feature in common. This 
is that the solid solubility limit of zirconium in mag- 
nesium increases from less than 0.1 pct at temper- 
atures below about 300°C to 0.8 pct at 600°C. The 
most recent phase diagram is shown in Fig. 5, and 
from this it can be seen that an alloy containing 0.5 
pet Zr should be single phase at temperatures above 
525°C and two phase at lower temperatures. The 
form of the diagram suggests that an aging mecha- 
nism may occur in material annealed at 600°C and 
subsequently annealed or tested from 200° to 500°C. 
Metallographic examination of ZA shows that in 
the extruded form the alloy consists of a fine-grained 
matrix containing diffuse striations aligned in the di- 
rection of extrusion, Fig. 6. The striations often con- 
tain particles of a second phase. It is well known that 
cast Mg-Zr alloys contain particles of primary zir- 
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conium surrounded by regions of intensive coring and 
it is apparent that the striations are zirconium-rich 
material redistributed by the extrusion process. On 
annealing for 96 hr at 600°C, the striations as such 
disappear, many of them being replaced by strings 

of particles, Fig. 7. This process is accompanied 

by an increase in grain size from 0.001 to 0.002 in., 
characteristic of extruded material, to 0.015 to 

0.030 in. 

Creep testing heat-treated ZA at 200° and 300°C 
leads to a marked precipitation of second phase par- 
ticles in the grain boundaries, but no precipitation 
within the grains is observed. Creep testing at 400° 
and 500°C also produces grain-boundary precipita- 
tion, but in addition precipitation of very fine parti- 
cles occurs within the grains, usually in the form of 
streaks in the extrusion direction. These particles 


(0) 
Fig. 4—Macrostructure of AM503(S) after heat treatment at 565°C in (a) transverse and (b) longitudinal directions. Xl. 
Enlarged approximately 145 pct for reproduction. 
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Fig. 5—The magnesium-rich end of the magnesium-zir- 
conium equilibrium diagram (Schaum and Burnett) .2 


are usually associated with the strings of coarser 
particles observed after heat treatment. A typical 
example is shown in Fig. 8. 

The fracture characteristics of heat-treated ZA 
change at all test temperatures from transgranular 
at the fast strain rates to intergranular at the slow 
strain rates. Intergranular cavitation is a common 
feature of the specimens tested at slow rates of 
strain. A typical example is shown in Fig. 9: 

No precipitation was observed in as-extruded spe- 
cimens creep tested at 200° and 400°C, and those 
specimens taken to failure did so ina transgranular 
manner. 

AM503(S) Alloy. The most reliable equilibrium 

diagram for the magnesium end of the Mg-Mn system 
is that of Grogan and Haughton.® They report the sol- 
id solubility of manganese in magnesium as 2.45 wt 
pet at 651°C falling to 1 pct at 540°C, see Fig. 10. The 
general form of the diagram at the magnesium-rich 
end is very similar to that of the Mg-Zr diagram. 
An alloy containing 0.75 wt pct Mn should be single- 
phase at temperatures in excess of about 510°C and 
two-phase at temperatures below 510°C, the second 
phase being a manganese. 


Fig. 7—ZA annealed for 96 hr at 600°C in CO,. X100. Re- 
duced approximately 10 pct for reproduction. 


1070-VOLUME 221, OCTOBER 1961 


Fig. 6—As-extruded ZA. X160. Reduced approximately 10 
pet for reproduction. 


In the as-extruded condition, AM503(S) consists 
of a relatively fine-grained matrix containing a uni- 
form distribution of particles of manganese. The 
average grain size in the extruded condition is 0.003 
in. After heat treatment for 4 hr at 565°C followed 
by furnace cooling, the grain size becomes very 
coarse, grains ranging from 0.1 to 1 in. across being 
observed. The amount and distribution of manganese 
particles in the matrix appears to be unchanged. In 
the heat-treated condition the particles are easier to 
see and are observed to have a tendency to line up in 
the extrusion direction. 

Creep testing from 200° to 400°C leads to very 
little change in the microstructure. Some grain- 
boundary precipitation occurs in tests at 400°C, but 
general precipitation is not observed. Specimens 
tested at slow strain rates fail intergranularly and 
intergranular cavitation and fissuring is a common 
feature of such tests. Specimens tested at fast 
strain rates fail in a transgranular manner. 


DISCUSSION 


The results indicate that the creep resistance of 
ZA and AM503(S) can be materially improved by heat 


Fig. 8—ZA annealed for 96 hr at 600°C, creep tested at 
400°C and 300 psi. Discontinued after 7585 hr at 1.5 pet 


Strain. X61. Reduced approximately 10 pct for reproduc- 
tion. 
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Fig. 9—ZA annealed for 96 hr at 600°C, creep tested at 
300°C and 850 psi. Discontinued after 7540 hr at 1.8 pct 
strain. X61. Reduced approximately 10 pct for reproduc- 
tion. 


treatment. This improvement is effective over a 
wide range of stresses and temperatures, but as can 
be seen in Figs. 2 and 3 the improvement is particu- 
larly apparent at low stresses and strain rates and at 
the higher test temperatures. At rates faster than 
107° in. per in. per hr there is little difference between 
the strength of as-extruded and heat-treated ZA and 
in the case of AM503(S) the heat-treated material is 
weaker than the extruded bar. 

The most striking feature of the results is the re- 
lationship between stress and secondary creep rate, 
shown in Figs. 2 and 3. In reviewing the experimen- 
tal work on high temperature creep, Dorn® has sug- 
gested that the stress dependence of steady state 
creep is given by the equation: 


Creep Rate = co” 


where c and are constants 

@ is the activation energy of creep 

o is the stress 
The straight line relationships of the isotherms shown 
in Fig. 2 show that this equation describes the secon- 
dary creep behaviour of ZA over a wide range of 
creep rates. Weertman’ has shown that 7, the stress 
index, has a value of between 2 and 5 for pure metals 
and dilute alloys. While there is insufficient data 
available to define m accurately for heat-treated ZA, 
it can be seen from the slopes of the lines in Fig. 2 


that except at the very slowest strain rates 7 is great- 


er than 10 at all test temperatures, while at 400°C it 
is greater than 20. The value of m for as-extruded 
ZA, on the other hand, is between 3 and 5, similar to 
those values found by Weertman. 

For heat-treated AM503(S), it can be seen from Fig. 
3 that Dorn’s equation is invalid as 7, the stress in- 
dex, is not a constant but varies with the strain rate. 
At intermediate strain rates, however, vm is again 
very high, being greater than 20 over a wide range of 
strain rates at 200°, 300°, and 400°C. The same char- 
acteristics were obtained in earlier work at 450° and 
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Fig. 10—The magnesium-rich end of the magnesium-man- 
ganese equilibriumdiagram (Grogan and Haughton).5 


475°C! although at the higher test temperatures the 
variation in ” is not quite so marked. The values of 
n for as-extruded AM503(S) are much lower and sim- 
ilar to those reported by Weertman.” 

The stress indices of both heat-treated ZA and 
AM503(S) are so high that the materials can be said 
to undergo an abrupt transition from a condition 
where they are very weak in creep to a condition 
where they are very strong in creep. This transition 
occurs at each test temperature over a very narrow 
range of stress. Examination of fractures indicates 
that the former behavior is associated primarily 
with slip and transgranular failure while the latter 
is associated with grain-boundary slide and inter- 
granular failure. The transition can therefore be 
accounted for by a strengthening mechanism which 
eliminates or largely reduces slip at a critical strain 
rate thereby allowing only grain-boundary slide as 
the mechanism of deformation. While a change of 
deformation mechanism from slip to grain-boundary 
slide as the stress is reduced is a general feature in 
creep, in heat-treated ZA and AM503(S) it occurs 
over such a narrow range of stress (¢.e., the stress 
index is so high) that it would appear that a strength- 
ening mechanism operates at a critical rate of strain. 

In studying the effects of strain-aging on creep, 
Cottrell® suggests that atomic migrations of solute 
atoms to the strain fields of a moving dislocation will 
reduce the kinetic energy of the dislocation. If a dis- 
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location begins to slow down due to energy lost in 
atomic migrations, more time is allowed for further 
migration to occur and this in turn will slow the dis- 
location down still more. Thus, once it begins to 
Slow down it will continue todo so until a fully formed 
atmosphere is produced. Conversely, if the disloca- 
tion begins to speed up it will continue to do so, los- 
ing less and less energy through atomic migration. 
Cottrell thus proposed two ranges of stable speeds, 
‘slow’ and ‘fast’, for dislocations in materials sus- 
ceptible to strain-aging, separated by an unstable 
range where a steady speed is impossible. 

Such behavior as that postulated by Cottrell would 
explain the stress dependence on steady state creep 
shown in Figs. 2 and 3. At a critical strain rate, 
strain-aging occurs and the rate of dislocation move- 
ment is considerably reduced and Slip largely pre- 
vented. A transition in the strain rate-stress rela- 
tionship is thus produced. Below the critical strain 
rate, therefore, most of the deformation occurs by 
grain-boundary slide, cavitation occurs, and failure 
becomes intergranular, while above the critical 
strain rate, deformation proceeds by slip, unham- 
pered by solute atmospheres. 

The phenomenon of strain-aging is conventionally 
associated with systems in which the difference in 
atomic diameter is large, e.g., transition metals con- 
taining small quantities of carbon, nitrogen, or hy- 
drogen, but it has been observed in some substitu- 
tional alloy systems. The atomic diameters of mag- 
nesium and zirconium are almost identical but there 
is approximately 20 pct difference in ionic radii and 
this, coupled with the relatively large percentage 
(for strain-aging) of zirconium present, may well be 
sufficient to give the strain fields required for strain- 
aging. In the case of manganese, the difference in 
atomic diameters is of the order of 25 pct while the 
difference in ionic radii is 33 pct. 

The results on as-extruded ZA and AM503(S) indi- 
cate that a strengthening mechanism does not occur 
at 200° or 400°C unless the materials are subjected 
to a prior heat treatment. The heat treatment at 
565°C for AM503(S) and 600°C for ZA can be consid- 
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Fig. 11—Creep curve for AM503(S), annealed for 4 hr at 
565°C, tested at 300°C and 1400 psi. 
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ered as an homogenizing treatment. Metallography 
shows that ZA is very inhomogeneous, some areas 
being much richer in zirconium than others. While 
there is no metallographic evidence to support it, 

it is probable that AM503(S) is also inhomogeneous 
in the cast and extruded condition. The high-temper - 
ature heat treatment allows diffusion to occur, and 
removes concentration gradients allowing strain 
aging to occur in the entire volume of the material. 
Evidently in the as-extruded condition, the solute 
concentration is too low in local areas for strain ag- 
ing to occur and the stress index is that normally 
associated with creep. 

In addition to homogenizing the materials, the high- 
temperature heat treatments of ZA and AM503(Ss) 
produce grain growth. The effect of grain growth 
alone would be expected to increase the value of n 
since large-grained material is generally stronger 
than fine-grained material at slow rates of strain in 
high-temperature creep while the effect is reversed 
at fast strain rates. Nevertheless, even in coarse- 
grained material, n does not usually exceed 5 and 
Servi and Grant® found only a slight change in the 
value of m with aluminum of varying grain size. While 
the grain growth which occurs during the heat treat- 
ment may be expected to effect a significant increase 
in creep strength by reducing the contribution of 
grain-boundary slide to total strain, it cannot alone 
account for the marked transition in behavior shown 
in Figs. 2 and 3. 

It is apparent from metallographic examination and 
from hydrogen and zirconium analyses, that an addi- 
tional factor is operative in the case of ZA. In long - 
term creep tests on heat-treated ZA at 400° and 500°C 
general precipitation is observed, accompanied by 
significant increases in the insoluble zirconium and 
hydrogen contents, see Table IV. As the solubility 
of hydrogen in magnesium is very small}° the in- 
crease in hydrogen is probably associated with the 
zirconium and the formation of a precipitate of zir- 
conium hydride. It should be noted that the hydrogen 
content does not increase during heat treatment and 
the formation of zirconium hydride is apparently re- 
stricted to the longer term creep tests. Hydride is 
also formed at temperatures as low as 200°C where 
precipitation is restricted to the grain boundaries. 
The source of hydrogen for the formation of zirco- 
nium hydride can only be from the moisture present 
in the creep-test atmosphere and it would appear 
that a certain amount of oxidation at the specimen 
surface is required in order to generate the hydro- 
gen and thus the zirconium hydride. Itis thought that 
precipitation of the hydride is not the controlling fac- 
tor in determining the creep properties of the mate- 
rial, since a reduction in slip and an improvement in 
creep resistance is obtained at temperatures below 
400°C where no general precipitation is observed. 
Furthermore, high creep resistance is shown from 
the early stages of the test, while zirconium hydride 
does not form during heat treatment but forms slow - 
ly during the course of the creep test. Precipitation 
of the hydride may therefore be an extraneous effect 
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reflecting a reaction between zirconium atmospheres 
in solution and hydrogen, with the formation of a sep- 
arate phase. It would appear that while this phase 
produced in this manner is effective in reducing slip, 
its presence is not a requirement of high creep 
strength. 

While heat-treated ZA and AM503(S) components 
are generally designed in such a manner as to limit 
stresses to those producing strains of less than about 
1 pct in 40,000 hr, high-rupture ductilities are desir - 
able in these components in order to minimize risks 
of fracture in reactor transients. It can be seen in 
Figs. 2 and 3 that at fast strain rates, both materials 
exhibit high-rupture ductilities, but at the slow strain 
rates rupture figures as low as 7 to 15 pct are ob- 
tained. In the case of heat-treated AM503(S), most of 
the strain occurs in the tertiary creep period, only 
about 1/2 pct strain occurring during steady state 
creep at low strain rates before the rate of strain 
rapidly increases to fracture, see Fig. 11. With 
heat-treated ZA, much larger strains can be accom- 
modated in the steady state period, and the risk of 
premature failure is therefore smaller with this ma- 
terial. 


CONCLUSIONS 


1) Heat treatment of ZA for 96 hr at 600°C in CO, 
and AM503(S) for 4 hr at 565°C in CO, produces a 
marked increase in creep resistance in both alloys 
in the temperature range 200° to 500°C. This effect 
is most pronounced at the higher end of the tempera- 
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ture range and at lower (< 1075 in. per in. per hr) 
strain rates. 

2) The improvement in creep resistance is accom- 
panied by a reduction in ductility compared with as- 
extruded material. This effect is also most pro- 
nounced at the slower strain rates. 

3) The improved creep resistance, which is asso- 
ciated with an abnormally high value of the stress 
index 7, can be explained in terms of a) increase in 
grain size, b) homogenization during heat treatment, 
c) strain-aging due to clusters of zirconium, in ZA, 
or manganese, in AM503(S), atoms pinning disloca- 
tions, thus inhibiting slip and localizing deformation 
to grain boundaries. 

4) Intergranular cavitation is observed to some ex- 
tent at all test temperatures and is most noticeable 
in the slower strain-rate tests. 

5) In heat-treated ZA, particularly at 400°C and 
higher temperatures, strain-aging is followed in long- 
term creep tests by precipitation of zirconium hy- 
dride, hydrogen being generated by oxidation in an 
atmosphere containing traces of moisture. 
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Aging of Supersaturated Alpha Phase in a Cu-Si Alloy 


Gary A. Dreyer and D. H. Polonis 


This investigation involved a study of the reactions 
occurring during aging of supersaturated a phase in 
a Cu-Si alloy. The aging processes at temperatures 
below 552°C were studied by means of metallography, 
microhardness, and electrical resistivity measure- 
ments, During the initial stage of aging in the tem- 
perature range 275° to 525°C an anisotropic phase, 


which is visible in the form of striations in the micro- 


structure formed prior to the appearance of the y 
phase. This transition phase has been designated x’ 
due to its structural similarity to the Kk phase. The 
vate of kK’ formation during aging increased with 
aging temperature, At 450° and 525°C the reaction 
appeared to reach completion before significant 
amounts of y precipitation were observed. The over- 
all precipitation reaction in this system involved 
four stages: formation of k', formation of Viaise 
gvain boundaries, growth of y particles in x’ regions, 
and coagulation of y into large particles, The rela- 
tive role of each of these processes is dependent on 
the temperature of aging. The formation of k’ phase 
from supersaturated & during aging increases the 
electrical resistivity and slightly increases the hard- 
ness of a 4.9 pct silicon alloy. The formation Ofer 
during aging decreases the electrical resistivity and 
increases the hardness until coalescence of Y par- 
ticles begins during the final stages of aging. The 
coalescence of y results in a decrease of both elec- 
trical resistivity and hardness. 


HE available literature does not record a detailed 
analysis of the aging processes in Cu-Si alloys. Such 
an analysis has been difficult due to both the limited 
data available and misleading microstructural ob- 
servations which have been reported. Previous work 
suggests that a rather complicated series of proc- 
esses may be involved in the aging of supersatur- 
ateda. The present investigation is concerned with 
an analysis of the sequence of these aging processes 
in a 4.9 pct Si alloy. 

The currently accepted version of the Cu-Si equil- 
ibrium diagram, Fig. 1, was published by C. S. 
Smith in 1940.’ This diagram shows a eutectoid at 
5.2 pct Si with the high temperature phase, K, having 
its composition range entirely to the right of this 
value. 
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By quenching alloys in the composition range 4.6 
to 5.2 pct Si from the a region, Smith was able to 
retain the a phase. However, this phase exhibited a 
striated microstructure which was anisotropic to 
polarized light. These striations were suggested by 
Smith to be duplex twins. 

Using an oscillating crystal X-ray method Barrett® 
Studied alloys containing 4.0 to 5.4 pct Si quenched 
from the a anda + k regions. The striations ob- 
served in quenched specimens were attributed by 
Barrett to quenching stresses. He found that stria- 
tions could also be formed by deformation after 
quenching and identified them as stacking faults in 
alloys containing 4.0 to 5.0 pct Si. Barrett related 
the striations in alloys containing 5.0 to 5.4 pct Si 
both to stacking faults and to a metastable phase 
which he called y’. 

The striated structure reported by Smith’ was also 
obtained by Hoffmann, et al.* By deeply etching 
their specimens the anisotropic phase on the surface 
was removed, leaving a structure which was micro- 
scopically similar to pure copper. By means of 
X-ray analysis before and after deformation at 
room temperature it was concluded that the aniso- 
tropic phase was metastable x. This conclusion has 
been questioned by Barrett® who attributes the dis- 
crepancy to superposition of k and y’ lines on the 
powder patterns of Hoffmann, et al.° 

The decomposition of supersaturated a toa + Y; 
according to Smith’ and Anderson, * is very sluggish. 
However, Nony and Dreyer,* and Hoffmann, et al.® 
found that deformation increases the rate of de- 
composition. X-ray studies by Hoffmann, ef al.® on 
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Fig. 2—Metastable phase diagram proposed by Hoffmann, 
et 


aged and deformed specimens led to the proposal of 
a metastable phase diagram, Fig. 2. This diagram 
suggests that below the k eutectoid temperature of 
552°C x phase forms during the decomposition of 
Supersaturated a. Upon prolonged aging the meta- 
stable k was reported to decompose toa@ty. 


EXPERIMENTAL PROCEDURE 


The nominal 4.9 pct (wt pct) alloy used in the 
present study was specially prepared and provided 
in the form of hot-rolled plate by the American 
Brass Co. Chemical analysis revealed the exact 
composition to be 4.85 pct Si, 0.04 pct Fe, and 
95.11 pct Cu. 

Electrical resistivity specimens and metallo- 
graphic specimens were cut from the hot-rolled 
plate. Powder specimens prepared from the 4.9 pct 
Si and a 6.0 pct Si alloy were used to obtain refer- 
ence X-ray patterns of the a and k phases respec- 
tively. Metallographic and resistivity specimens of 
the 4.9 pct alloy were solution treated in the a re- 
gion at 760°C for 40 hr and then water quenched to 
room temperature. Aging studies were subsequently 
conducted in salt baths at 525°, 450°, 375°, 325°, and 

Conventional metallographic preparation methods 
were unsatisfactory because mechanical abrasion 
resulted in formation of the striations on the surface 
which have been reported by previous investiga- 
tors.'~” After considerable experimentation a 
chemical polishing procedure was developed which 
produced satisfactory polished surfaces. Initial 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


d from 
a field and prepared by mechanical polishing. X200. 


specimen preparation by conventional mechanical 
polishing was carried through the fine polishing 
wheel. Final surface preparation was accomplished 
by swabbing for approximately 1 min in a 70° to 80°C 
solution of 5 parts glacial acetic acid, 1 part ortho- 
phosphoric acid, 1 part hydrochloric acid, 3 parts 
nitric acid. The surface was then swabbed with a 
20 pct nitric acid solution and etched using a modi- 
fied Smith’s etchant of 4 parts hydrogen peroxide, 
10 parts ammonium hydroxide, 1 part sodium hy- 
droxide, 5 parts water. 

The decomposition of supersaturated a@ at the 
aging temperatures was studied by means of elec- 
trical resistance measurements, microhardness, 
metallography, and X-ray diffraction. Electrical 
resistance values were measured at room tempera- 
ture, 20°C, after successive aging intervals by 
means of a Kelvin double bridge. In this method the 
aging process was interrupted for resistance 
measurements following which the bars were re- 
turned for further treatment. Resistance values 
could be measured to 10°° ohms and specific 
resistivity values were calculated. 


EXPERIMENTAL RESULTS 


Microstructures of Quenched Alloys. Fig. 3 shows 
the striated microstructure typical of specimens 
which were prepared by mechanical polishing after 
solution treatment at 760°C and water quenching. 
This striated structure was similar to that reported 
by Smith,’ Anderson,* and Hopkins.’ Pronounced 
optical anisotropy under polarized light is not 
normally expected in a fcc structure, and the 
appearance of Fig. 3 suggested that a was par- 
tially transformed during specimen preparation. 
The chemical polishing technique previously de- 
scribed produced the isotropic nonstriated surface 
shown in Fig. 4. 

X-ray diffraction patterns of mechanically- 
polished specimen surfaces revealed two prominent 
lines corresponding to the position of the most in- 
tense K lines. These lines were observed at 40.6 
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Fig. 4—Photomicrograph of 4.85 pct Si alloy quenched from 
a field and prepared by chemical polishing. X100. 


deg (26) and over the range 45 to 47 deg (20). Fur- 
thermore, the k phase (hexagonal structure) in a 
quenched 6 pct Si alloy exhibited optical anisotropy 
in polarized light examinations. These factors 
Strongly indicated that x phase, or a phase closely 
related to it in structure, formed as a result of 
deformation of the supersaturated a during mechan- 
ical polishing. This metastable product phase is 
probably the same as the faulted structure reported 
by Barrett.” 

In order to verify the effect of deformation on the 
microstructure, a series of specimens which had 
been chemically polished were Subsequently sub- 
jected to mechanical polishing or deformation by 
microhardness indentation. The microstructures 
revealed Striations following both deformation 
methods. In the case of microhardness, the stria- 
tions appeared only in the strained material adja- 
cent to the indentations. 

Microstructures of Aged Alloys. Microstructural 
observations of aged alloys, Figs. 5 to 12, revealed 
the progressive formation of a striated structure 
during the initial stages of aging at the three highest 
aging temperatures, (525°, 450°, and 375°C). Polar- 


Fig. 6—4.85 pct Si alloy quenched from 760°C and aged 6 
min at 325°C. X100. 
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alloy quenche 
min at 450°C. X100 


ized light examination revealed these striations to be 
anisotropic. The morphology of this reaction prod- 
uct was Similar to that of the striations produced by 
surface deformation. Due to the large grain Size in 
the homogenized and aged Specimens, accurate 
phase analysis by X-ray was not possible. However, 
several reflections in the aged specimens, in addi- 
tion to those reflections of the a phase, were ob- 
served including a sharp line at 40.6 deg (20) and 

a broad reflection between 26 values of 45 and 47 
deg (copper Ka radiation). These reflections were 
identical to those observed on mechanically polished 
specimens, which, coupled with the Similarity in 
microstructure, suggested that the initial product of 
aging at these temperatures was similar to that 
produced by surface deformation. 

In view of the apparent relationship between the 
structure of x phase and the striations produced in 
the initial stage of aging the striations have been 
designated x’, 

The rate of formation of the striated structure 
during aging was temperature dependent. An excel- 
lent illustration of this is seen by comparing the 
microstructure of as-quenched samples after aging 
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Fig. 7—4.85 pct Si alloy quenched from 760°C and aged 76 


Fig. 8—4.85 pct Si alloy quenched from 760°C and aged 
1153 hr at 525°C. X400. 


periods of 6 min at both 450 and 325 deg, Figs. 5 and 
6. Within the grains of the 325°C sample only a small 
amount of x’ appeared as evidenced by the small 
number of thickening or emerging striations which 
were revealed by polarized light. However, aging at 
450°C produced a much more densely striated aniso- 
tropic microstructure. 

Following the appearance of the k’ phase in the 
form of striations across the @ grains, y precipita- 
tion could be observed along the @ grain boundaries 
at all aging temperatures. Further aging caused the 
y phase to grow within the a grains themselves in 
areas where heavy concentrations of x’ striations, 
Fig. 7, had previously formed. 

At 525°C the appearance of x’ and y occurred 
within a relatively short time. After only 2 min at 
525°C the microstructure at X400 was heavily stri- 
ated and similar to that of Fig. 5. An additional 100 
min at temperature caused the random formation and 
growth of the precipitate y particles. This process 
continued and after a period of 1153 hr the y parti- 
cles had grown to the size shown in Fig. 8. 

The same initial behavior occurred at 450, 375, 


Fig. 9—4.85 pct Si alloy quenched from 760°C and aged 
510 hr at 375°C. X400. 


and to some extent at 325 deg with the formation of 
k’ and y taking longer times at the lower tempera- 
tures. However, during aging at 450° and 375°C, x’ 
decomposition resulted in the formation of a fine 
pearlitic type two-phase dispersion of a and y in 
contrast to the larger individual y particles that 
were obtained at 525°C. The microstructural changes 
at these intermediate aging temperatures are illus- 
trated in Figs. 7 and 9 which show the Structure 
after aging for 76 and 510 hr at 375°C, respectively. 

After 50 min at 275°C the first faint indications of 
the k’ phase were noted. However, the formation of 
kK’ was very Sluggish with only a slight amount 
having formed after 600 hr of aging. The formation 
of small amounts of the y phase could be observed 
at the a grain boundaries after 600 hr. Continuing 
the aging of specimens at 275°C for 1700 hr caused 
the formation of a much larger amount of x’ with 
only a very slight increase in the y content, Fig. 10. 
This increase in the y content was observed only at 
the grain boundaries. 

Microhardness. The as-quenched hardness of the 
homogenized alloy was 106 Dph. This hardness 


Fig. 10—4.85 pct Si alloy quenched from 760°C and aged 
1700 hr at 275°C. X400. 
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Fig. 12—4.85 pet Si alloy quenched from 760°C and aged 
100 hr at 325°C. X400. 


rapidly increased after relatively short aging times 
at the higher temperatures, 525°, 450°, and 375°C, to 
values near 140 Dph., Fig. 13. Following the initial 
increase, the hardness remained fairly constant for 
relatively long periods (17 to 50 hr) before another 
Significant increase occurred. At the time of the 
second hardness increase the hardness trend at 
375°C deviated from that expected for a precipitation 
hardening reaction. At 525°C the hardness maximum 
occurred after approximately 117 hr and had a lower 
value than that obtained at 450°C after approximately 
300 hr. However, at 375°C, though the maximum 
hardness did occur later than at 450°C, the maximum 
value was lower. 

At 325° and 275°C the effect of temperature was 
very much less noticeable, and there was only a 
gradual increase in the hardness in the first few 
minutes of aging. After 17 hr at 325°C the hardness 
remained fairly constant at 140 Dph until the speci- 
men had been aged approximately 170 hr. 

Aging at 275°C caused a gradual hardness increase 
with no evidence of a hardness plateau. This gradual 
increase continued until a sharp increase occurred 
after approximately 340 hr. The hardness maximum 
at the lower temperature, though occurring at a later 
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Fig. 14—Variation of electrical resistivity during aging 
at several aging temperatures. 
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Fig. 13—Variation of vickers microhardness with aging 
time at several aging temperatures in the range 275° to 
525°C. 


time, was less than that obtained at the higher tem- 
peratures. 

Electrical Resistivity. Coarse grinding the resis- 
tivity bars after aging undoubtedly caused the forma- 
tion of some x’ due to the deformation of the sSuper- 
saturated @ on the surface of these bars. Because 
the deformed layer was very thin compared to the 
dimensions of the bars themselves it was assumed 
that the x’ thus formed had no effect on the resis- 
tivity measurements. 

As shown in Fig. 14, the resistivity, which was 
20.2 microhm-cm in the as-quenched alloy, in- 
creased by varying amounts after periods of less 
than 10 min at 525°, 450°, and 375° C. At 325° and 
275°C the resistivity increase was much slower and 
took place only after a much longer aging time. 

At 525°, 450°, 375°, and 325°C, the change in resis- 
tivity was like that expected ina precipitation type 
reaction. That is, the resistivity peak was greater 
and occurred at a later time for lower aging tem- 
peratures. From the shape of the curve at 275°C it 
would be expected that the eventual resis tivity maxi- 
mum would be greater than that obtained at any of 
the other aging temperatures. 

At the three higher temperatures, 525°, 450°, and 
375°C, the curves were almost symmetrical about 
their maximums and showed no resistivity plateaus 
Such as those exhibited by the hardness curves in 
Fig. 13. At 275° and 325°C there was a short period 
of constant resistivity followed by a gradual increase 
Similar to the initial hardness behavior at these 
temperatures. 


DISCUSSION OF RESULTS 


The experimental results indicate that four dis- 
tinct stages are involved in the decomposition of 
Supersaturated a phase. These include formation of 
a transition phase x’, precipitation of y at the a 
boundaries, formation of an intimate dispersion of 
a andy from k’, and coalescence of the y into larger 
particles. The role of each of these processes in 
the overall reaction toward equilibrium depends on 
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the particular aging temperature, and considerable 
overlapping of the stages has been observed at the 
intermediate aging temperatures of 375° and 450°C. 

The first stage process involving xk’ formation 
appeared to control the subsequent mode of y pre- 
cipitation within the grains. Microstructural obser- 
vations have shown conclusively that y precipitation 
away from the a boundaries occurs only in regions 
where k’ has already formed at each aging tempera- 
ture. In the present work it has not been possible to 
determine whether significant composition changes 
were involved in the formation of xk’. The broad X- 
ray reflections of this transition phase made it 
impossible to detect any line shifts which would 
indicate composition differences between x’ and the 
K phase detected in the 6 pct Si alloy. 

The initial formation of y phase occurred at the a 
boundaries at all the aging temperatures studied. At 
525°C the x’ reaction was almost completed before 
the y phase was detected either metallographically 
or by X-ray. The fast formation of x’ together with 
the higher diffusion rates at 525°C as compared to 
those at lower aging temperatures favors a random 
distribution of y precipitate particles. Furthermore, 
the reaction appears to be growth controlled with 
fewer particles growing per unit area than at the 
lower aging temperatures.’ Since the x’ has formed 
uniformly in alla grains at 525°C prior to y forma- 
tion there is a uniform distribution of y particles 
throughout the microstructure at all times during y 
precipitation. 

During aging at 450° and 375°C, y precipitation was 
also detected before the x’ reaction had gone to com- 
pletion. y precipitation occurred on a much finer 
scale than at 525°C and appeared only in regions 
where the xk’ reaction had already occurred. This\ 
decomposition process resulted in an intimate dis-" 9 
persion of a and y phases which resembles a 
pearlite-type distribution, Fig. 9. The distribution 
of a +¥ patches at 375° and 450°C supports the con- 
tention that y precipitation in a particular region of 
the microstructure depends on the prior formation of 
k’, The coalesence of y from the pearlitic disper- 
sion requires an extremely long heat treatment. This 
is indicated by Fig. 11 which shows evidence of the 
pearlitic structure even after aging the alloy 1100 
hr at 450°C. 

The formation and growth of k’ at 325° and 275°C 
was much more Sluggish than at the higher tempera- 
tures. The initial y precipitation at both 275° and 
325°C occurred at the a boundaries where x’ had 
already formed. Consequently, as at higher aging 
temperatures, the y precipitation was dependent on 
the prior formation of x’. Prolonged aging at 275°C 
for 1700 hr, Fig. 10, was sufficient to cause exten- 
sive k’ formation within the grains but this time 
was insufficient to cause significant y precipitation 
away from the boundaries. Fig. 12 shows the same 
behavior occurring after aging only 100 hr at 325°C. 

The hardness and electrical resistivity curves, 
Fig. 13 and 14, for 525°C show a large increase from 
the as-quenched property values, 106 Dph., within 
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only 6 min. This time interval corresponds to the 
formation of the x’ phase from supersaturated a. 
Approximately an hour at 525°C caused the formation 
of y at the grain boundaries. However, the formation 
of this initial y did not involve as pronounced a 
hardness increase as the @ tox’ transformation. 
Also, there was a gradual decrease in the slope of 
the resistivity curve indicating that the formation 

of y caused a resistivity decrease. This decrease of 
resistivity accompanying y precipitation is to be 
expected in view of the solute redistribution accom- 
panying the precipitation of y. The initial hardness 
increase reached a value which remained nearly the 
same, 140 Dph, until the a tox’ transformation was 
nearly complete. At this time, after aging approxi- 
mately 17 hr at 525°C, the resistivity decrease of 
Fig. 14 indicated that the predominant process was 
the decomposition of x’ to forma +y. This reaction 
caused a hardness increase which reached its peak 
after approximately 117 hr following which the coal- 
escence of the y particles caused a hardness de- 
crease. 

At 450° and 375°C the same behavior occurred as 
mentioned above except that the transformation was 
more Sluggish than at 525°C. This was revealed by 
the relative position of the hardness and resistivity 
maxima which occur later at the lower temperatures. 

At 275°C there was only a gradual! increase in the 
hardness until a maximum was obtained. The resis- 
tivity was only slightly affected during the first 68 
hr after which there was a steady increase. This 
indicated very little x’ formation over a relatively 
long aging time. Near the end of this period the y 
began precipitating from the x’ at the grain boun- 
daries. The maximum hardness represents the 


\ maximum hardening effect of the grain boundary vy. 


wer 


» However, k’ was Still forming according to the re- 


sistivity increase shown in Fig. 14, so it would be 
expected that aging for an additional period of 

months would be needed to obtain striations similar 
to Fig. 5. The formation of y from x’ within the 
grains would be expected to occur only after extended 
heat treatment at 275°C. 

The aging of a at 325°C involved a combination and 
overlapping of the processes observed at higher tem- 
peratures coupled with the boundary reaction ob- 
served during aging at 275°C. The observations can 
be interpreted in detail in the following manner: 

1) During the first 68 hr of aging the reaction 
a — proceeds. 

2) In the interval 68 to 204 hr two reactions 
occur simultaneously. These reactions are: a) 

a — x’ which is a continuation of 1) and causes a 
net increase of resistance, and 6) the reaction 
xk’ — y which results in a decrease in resistivity. 

If these two reactions balance, then no net resis- 
tance change will be expected. However, the y for- 
mation depends on the availability of x’. As this x’ 
is consumed the rate of y formation slows down and 
formation of more k’ will be necessary before the 
rate of y formation increases to affect the electrical 
resistivity. 
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This analysis can account for the irregular trend 
in the change of electrical resistivity at 325°C. In 
the 68 to 204 hr interval y precipitated rapidly 
from the x’ formed during the initial 68 hr of aging 
and caused a resistivity decrease. However, at the 
end of 204 hr, when most of the initially formed k’ 
was consumed, only a small amount of y was being 
produced. 

After 204 hr of aging, the principal reaction af- 
fecting the resistivity was thea — x’ transforma- 
tion. 

3) In the 204 to 1360 hr interval the reaction 
@ — k’ resulted in a net increase in resistivity. 

The data suggest that the arrest in Y precipitation is 
due to the need for additional nucleation in the x’ 
formed during the later stages of aging. It appears 
that a significant incubation period is necessary for 
y nucleation, after which the growth of y proceeds 
readily at 325°C. The incubation period necessary 
for y growth is also evident at the higher aging 
temperatures (450° and 525°C) where the k’ reaction 
appears to go to completion and there is a delay be- 
fore y phase can be detected metallographically. 

4) After 1360 hr of aging, the a — x’ reaction has 
gone to completion, and the precipitation of Y pro- 
duces a net decrease in resistivity. 


CONCLUSION 


Supersaturated a phase containing 4.9 pct Si is 
extremely unstable and undergoes transformation as 
a result of either deformation or aging below 552°C. 
The transformation results in the formation of 
anisotropic striations in the microstructure which 
have been designated in the present work as x’. 

The first stage of the aging process can be quali- 
tatively interpreted by means of the metastable 
diagram proposed by Hoffmann, et Ake However, as 
shown in the present work, the alloy undergoes a 
complex sequence of reactions during decomposition, 
depending on the aging temperature. 

At higher aging temperatures, i.e., above 500°C, 
the k’ phase undergoes some decomposition within 
the first 100 min and can hardly be considered 
‘““metastable’’ at these temperatures. The meta- 
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stable phase diagram, Fig. 2, indicates that x phase 
is formed in the first stage reaction. In the present 
Study, the X-ray reflections associated with the 
first stage reaction product appeared at angular 
positions corresponding to strong k peaks. However, 
the limited X-ray work of the present study does not 
preclude the possibility that the structure of the 
phase during its initial stages of formation may be a 
transition between the fcc and cph phases. 

From the present work it is concluded that the 
precipitation of y phase and the ultimate achieve- 
ment of equilibrium depends on the initial formation 
of the transitional striated structure. The forma- 
tion of y depends on the presence of x’ as shown 
clearly during aging at 325°C where the Y precipita- 
tion rate slows down due to the consumption of the 
initially formed k’. The y precipitate morphology 
varies with aging temperature with a fine pearlitic 
type dispersion predominating at temperatures be- 
tween 325° and 450°C and a much coarser y formation 
resulting from aging at 525°C. 
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Recovery and Recrystallization in 99.98 Pct Chromium by M. E. de Morton 


Micrographs in Fig. 1 in present position should read 1(d), (a), (d), and (c). 
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Technical Notes 


Axial Thermal Expansion of Rhenium 


R. J. Wasilewski 


Terman expansion of rhenium data have been re- 
ported by Agte et al.,* and Medoff and Cadoff,” re- 


spectively, while the linear expansion coefficient was 


determined by Sims et al.°® Denoting expansion coef- 


ficients parallel and at right angle to c axis by aj and 
respectively, their weighted mean @=(a) + 2 a,)/3 
should be equal to dilatometric linear coefficient of a 


random polycrystalline specimen. The values re- 
ported for these coefficients are tabulated below: 
Since these values are in poor agreement, and be- 
cause of anomalous expansion behavior observed in 
titanium *and chromium,* a redetermination of the 
axial expansion was carried out. 

A Unicam 19-cm-diam high-temperature camera 
was used, with unfiltered CuK radiation. Camera 
calibration was carried out using at Pt wire standard® 
at temperatures up to 1100°C, the variation between 
indicated and true temperature being within the ex- 
perimental error @stimated at <3°C) above 750°C. 

Rhenium @ohnson Matthey spectrographic stand- 
ard) was vacuum annealed at 1000°C prior to X-ray 
diffraction experiments. Lattice parameters were 
obtained by least-squares solution using the reflec- 
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TEMPERATURE, °C. 


Fig. 1—Relative axial expansion of rhenium between 25° 
and 1290°C. Aa—expansion in basal plane; Ac—expansion 
parallel to c axis. 
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Table 1. Published Thermal Expansion Data 


Temperature 
1 12.45 4.67 7.26 25 to 1917 
2 5.0 6.0 5.67 25 to 1000 
3 6.6 20 to 100 
6.8 20 to 1000 


tions (1232), (1015), (2024), and (3030) for all the 
patterns, and the additional reflection (2133) for 
higher temperature 400°C and above) patterns. 

The relative expansion data obtained are shown in 
Fig. 1, lengths of the vertical bars indicating the 
spread in the parameter values obtained by using 
various combinations of three spacings from the 
four or five measured. The data calculated from 
the equation of Ref. 2 are included for comparison 
purposes. Several specimens were uSed to obtain 
the above data, neither of them showing a significant 
parameter change after completion of the high tem- 
perature runs. Some parameter data and the cor- 
responding expansion coefficients between 25°C and 
the measurement temperature are tabulated below. 

The comparison of the present data with those pre- 
viously reported shows reasonable agreement with 
the results of Medoff and Cadoff* within the tempera- 
ture range covered by them (up to 1000°C). The a 
values are appreciably higher throughout most of the 
investigated temperature range. The basal expansion 
is—in agreement with their findings—appreciably 
higher than that in the direction of hexagonal axis. 
The expansion coefficient, a,, however, decreases 
rather more slowly with temperature than previously 
reported. 

The expansion along the c axis up to nearly 1000°C 
appears in excellent agreement. However, at higher 
temperatures there is a marked deviation towards 
higher expansion, reproducible between different 
specimens. Furthermore, there seems to be some 
irregularity in the variation of a, with temperature, 
the apparent local minimum and maximum values at 
510° and 1024°C, Table Il, being well outside the ex- 
perimental error limits. 

It must be stressed that the apparent discontinuity 
in the c parameter expansion is still insufficient to 
account for the expansion value reported by Agte 
et al.,* since a total expansion of close to 2 pct would 


Table Il. Lattice Parameters and Thermal Expansion 


of High-Purity Rhenium 


Expansion 
Tempera- Coefficient 
ture, °C a, A c, A Oy on a 
DU 2.7608 4.4583 Not determined 
2.760 4.458 6.6 
25° present work 2.7609 + 4 4.4576 + 4 - - = 
202° 2.7649 4.4622 4.95 7.18 6.44 
320° 2.7670 4.4647 
510° 2.7705 4.4680 4,80) 
1024° 2.7794 4.4835 53579) 65/0 
1200° 2.7828 4.4865 4.65 6.75 6.05 
1288° 2.7844 4.4880 4.62 6.73 6.03 


*converted from KX units. 
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be required over the temperature interval 1290° to 
1917°C. The change of slope, however, is undoubt- 
edly marked just below 1000°C, indicating a second 
order transition—possibly one involving a rearrange- 
ment of electron spins.* Two additional possible 
Slope changes may be present—at 200°C in a,, and 
at about 550°C in a —pboth of these, however, lie 
within the experimental error limits. 

In conclusion, it needs to be stressed that fitting 
of experimental points to an expression of the usual 
quadratic type may not be justified in some, at least, 
transition metals. High precision determination of 
lattice expansion reported in the present work indi- 
cates that slope discontinuities in thermal expansion 
do exist in rhenium. The bonding changes causing 
these are not clear at present. 

The high-temperature X-ray diffraction work was 
carried out by A. T. Weinmann. 
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Hydrogen from a Hydrocarbon 
Lubricant Absorbed by Ball Bearings 
D. E. Swets and R. C. Frank 


Ir is well known that hydrogen is introduced into 
iron or steel as a result of many chemical processes 
(acid pickling, electrolytic cleaning, plating, etc.). 
One of the reactions that has been of recent interest? 
is the reaction between an iron surface and water 
vapor. It was shown a few years ago?™ that hydrogen 
can be introduced into steel at an accelerated rate 
during abrasion as a result of this reaction. Grun- 
berg and Scott have also observed that water in mi- 
neral oil lubricants increases pitting failure in ball 
bearings® and they have suggested that hydrogen 
from the water is the primary cause of this effect.® 
In this laboratory, the question was raised as to 
whether or not hydrogen is also introduced into the 
metal surface of a bearing as a result of the decom- 
position of the hydrocarbon lubricant itself, and an 
experiment was performed to try to find a satisfac- 
tory answer. 
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All steel parts contain some residual hydrogen. 
Therefore, it appeared that the best way to carry out 
this experiment without the need for highly accurate 
quantitative analyses was to use deuterium as a 
tracer. The natural abundance of deuterium in H, is 
only 0.015 pct. The tracer was obtained in the form 
of deuteroparaffin (CD,(CD,), CD) and 0.25 g were 
dissolved in 20 cc of mineral oil to form the lubri- 
cant to be used in the tests. The bearings used were 
New Departure Type QOLOO ball bearings with a ball 
diam of 0.187 in. Prior to adding the mineral oil- 
deuteroparaffin lubricant, the bearings were cleaned 
in warm trichloroethylene to remove the packing 
grease. After packing with the new deuterated lubri- 
cant, the bearings were operated in a bearing fatigue 
test machine under a radial load of 190 lb anda 
thrust load of 190 lb at a speed of 3800 rpm. The ex- 
pected life under these conditions is about 500 hr. 
Two tests were made; one for a period of 27 hr and 
the other for a period of 102 hr. The bearings 
achieved a temperature of 120° F during the tests. 
When the tests were stopped the balls were mechani- 
cally removed from the bearings and were immedi- 
ately placed in liquid nitrogen to reduce degassing 
until the analysis for deuterium could be made. 

Before analyzing, the balls were warmed to room 
temperature and scrubbed with several degreasing 
agents to remove all traces of the deuteroparaffin 
mixture. This cleaning procedure was shown to be 
satisfactory by running a control test in which one 
ball bearing was subjected to all parts of the test ex- 
cept running in the fatigue machine. 

The hydrogen and deuterium were removed from 
the balls using a hot extraction apparatus attached 
to a mass spectrometer. Four balls from each bear- 
ing were analyzed. Each one was analyzed separate- 
ly by removing it from a cold storage volume of the 
hot extraction apparatus and transferring it to the 
oven tube with a magnet. As the gases were evolved 
they were analyzed with the mass spectrometer. 
Since the hydrogen and deuterium pass through steel 
in the atomic form and since there are many more 
hydrogen atoms than deuterium atoms in the sample, 
the probability of forming an HD molecule is greater 
than forming a D, molecule. For this reason the 
evolution of HD and H, was followed as each ball was 
placed in the oven. 

The results showed that as each ball from the test 
bearing was dropped into the oven, the mass spec- 
trometer recording of the HD evolution increased by 
about ten divisions. When balls from the control 
test bearing were dropped into the oven, the increase 
was about one division or less. The hydrocarbon 
background in the mass spectrometer was also mon- 
itored to see if hydrocarbons or deuterocarbons were 
given off when the balls were dropped into the oven, 
but no change in the hydrocarbon peaks was observed. 
Since the balls contained a fair amount of residual 
hydrogen, isotope ratio measurements were made on 
the gas obtained from each ball. The D/H value 
found for those balls which had been operated in the 
fatigue testing machine was consistently about 0.3 
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pct which is about 20 times greater than the natural 
abundance. The tests therefore clearly show that 
hydrogen (or deuterium) which was originally part 
of a hydrocarbon lubricant can be absorbed by steel 
parts when those parts are operated in the lubricant. 
The actual mechanism by which the hydrogen (or 
deuterium) is transferred from the hydrocarbon into 
the metal is not known and must be determined by 
other experiments. 


, Corrosion Prevent. & Control, November, 1960, p. 43. 
3h C. Frank and D. E. Swets: J. Appl. Phys., 1957, vol. 28, p. 380. 
re ee R. C. Frank, and D. L. Fry: Trans. Met. Soc., AIME, 1958, vol. 
219. 
“F- Cooke and C. E. A. Shanahan: J. Appl. Chem., 1957, vol. 7, p. 388. 
gl Grunberg and D. Scott: J. Jnst. Petrol., 1958, vol. 44, p. 406. 
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Orientations of Large Grains in 


Tungsten Wire 


A. J. Opinsky, J. L. Orehotsky, and L. L. Seigle 


Tuncsten incandescent lamp filaments possess 
a typical structure of elongated crystals generated 
upon heating the silica-alumina doped wire rapidly 
to 2200°C or above.! It is known that these very long 
grains exhibit a preferred orientation, but there is 
disagreement in the literature about the direction. 
Rosi,” and later Rieck; reported that the <135> di- 
rection of the large grains in doped wire tends to be 
parallel to the wire axis, but other investigators have 
reported that <110> is the preferred direction.*~” 
Some further investigation of the orientations of large 
grains in tungsten wire is reported in the following. 
In the first series of experiments, 6-in. lengths of 
wire were heated rapidly in a bell jar. Current was 
passed through the wires and within 15 sec the wires 
had reached the grain coarsening temperature. 2 min 
was the annealing time. Wires were heated in hydro- 
gen, nitrogen, and vacuum. Later, wires were heated 
in an evacuated tube furnace in which the tube was 
brought from 1000°C to the operating temperature 
within 25 sec and held 5 min at temperature. Tem- 
peratures were measured with an optical pyrometer. 
After heating, the wires were electropolished and 
etched, and the orientations of the large grains de- 
termined by the Laue back-reflection technique. 
Most of the experiments were carried out ona 
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(a) HYDROGEN-2225°C (b) VACUUM-2250°C 


(c) NITROGEN-2125°C (d)NITROGEN-3150°C 


(e) NITROGEN- 32007 3300°C 


Fig. 1—Grain orientations in 5-mil silica-alumina doped 
wires, directly heated. (a) Hydrogen—2225°C (6) Vacuum— 
2250°C (c) Nitrogen—2125°C (d) Nitrogen—3135°C 

(e) Nitrogen—3200° to 3300°C. 


single spool of 5-mil silica-alumina doped wire, but 
a few tests were made with 5-mil thoriated tungsten 
wire and 10-mil undoped wire. 5-mil silica-alumina 
doped wires were reduced to smaller diameters by 
electropolishing for one series of experiments. 

Orientations of the large grains in silica-alumina 
doped wire heated in various atmospheres are pre- 
sented in Figs. 1 and 2 as plots of the direction of 
the wire axis relative to the cube axes of the crys- 
tals. For most of the conditions studied, the pre- 
ferred orientation cannot be described as a single , 
direction, but the points might be said to group them- 
selves about the arc passing through <110> and <113>. 
This arc is the trace of the {211} planes and con- 
tains the <135> and <124> as well as <011> direc- 
tions previously observed by other investigators. 
The preferred orientation of large crystals in silica- 
alumina doped tungsten wire might be most generally 
described, therefore, by stating that a {211} tends to 
be parallel to the wire axis. This is true also for 
wires reduced in diameter by etching and furnace 
heated, Fig. 2, z.e., the recrystallization texture is 
apparently unchanged upon removal of the outer lay - 
ers and substantially independent of the temperature 
gradient within the wire. 
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(a) UNETCHED—2400°C (b) ETCHED TO 0.002" 
2440°C 


(c)ETCHED TO 0.0008" 
2580°C 


Fig. 2—Grain orientations in 5-mil silica-alumina doped 
wires electropolished to smaller diameters and heated in 
furnace. (a) Unetched—2400°C (6) Etched to 0.002 in. 
2440°C (c) Etched to 0.0008 in. 2580°C. 


It must be noted that in a few instances in various 
types of wire the more specific preferred directions 
observed by previous investigators were obtained. 
Thus the elongated grains in silica-alumina doped 
wire heated rapidly to 3200 to 3300°C have an <011> 
direction quite closely parallel to the wire axis, Fig. 
1. All of seven large grains in 0.1 pct thoria-doped 
wire have <135> closely parallel to the wire axis, 
Fig. 3. Elongated large grains produced in undoped 
tungsten wire by straining 2 pct at approximately 
225°C and annealing in steps from 1400° to 1600°C 
have <011> roughly parallel to the wire axis, Fig. 3. 
Large grains in undoped wires annealed for 20 min 
at 3000°C show some tendency towards an <011> 
alignment, although there is also considerable scatter 
away from this orientation, Fig. 3. 

If the preferred orientation of elongated grains in 
silica-alumina doped tungstein wire is governed by 
the condition that {211} tends to be parallel to the 
wire axis, orientations possessing two {211} planes 
parallel to the axis might occur more frequently. 
There are three such orientations on the {211} pas- 
sing through <110>, the orientation present in the 
cold-worked fiber texture: <110>, <135>, and <113>. 
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(a) 0.1% ThO,-2400°C 


(b) UNDOPED — 3000°C (c) UNDOPED — STRAIN 


ANNEALED I600°C 


Fig. 3—Grain orientations in 5-mil thoriated and 10-mil 
undoped wires, directly heated. (a) 0.1 pet ThO,—2400°C: 
(6) Undoped—3000°C (c) Undoped—strain annealed 1600°C. 


This may help to explain the concentrations of orien- 
tations sometimes observed near <110> and <135>, 
since these orientations are close enough to that of 
the fiber texture to have a reasonable probability of 
occurrence. On the other hand, <113> and two other 
possibilities not on the {211} passing through <110> 
—<210> and <111>—are too remote. 

The preferred orientation might also be described 
by stating that the <211> direction of the elongated 
grains tends to lie in the wire cross-section, which 
suggests some thoughts about the mechanism of nu- 
cleation of these grains in the original fibrous struc- 
ture. A possible mechanism is an oriented growth 
process in which certain fibers in the cold-worked 
structure grow radially to a critical thickness and 
become the nuclei for the large grains. The observed 
final orientations suggest that <211> is the preferred 
crystallographic growth direction in the structure. 
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Tensile Properties of Hot-Worked 
Pyrolytic Graphite 


W. V. Kotlensky and H. E. Martens 


In an earlier communication, Ref. 1, the authors 
presented the tensile properties and the changes in 
crystal structure and microstructure for pyrolytic 
graphite tested at 2750°C. It was suggested that 
changes in the structure may have an effect on the 
tensile properties of this material. Accordingly, 
tensile tests were run on a series of specimens, 
from one block of pyrolytic graphite, some of which 
were hot-worked by being strained at 2750°C, others 
of which were tested in the as-deposited condition. 
According to the manufacturer, General Electric 
Co., the polycrystalline material was deposited at 


2100°C on a substrate of synthetic graphite by decom- 


position of a dilute natural gas mixture. The as- 
deposited material had a density of approximately 


2.19 g per cc, and as shown in Fig. 1 had a structure 


of medium size growth cones which were regenera- 
tively nucleated. 
All specimens had a gage section 0.75 in. long by 


7.6 pct deformation 


36.9 pct deformation 


18.2 pet deformation 


Fig. 1—Microstructure of pyrolytic graphite. (Polarized 
light, unetched). 
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Table |. Tensile Properties of Hot-Worked Pyrolytic Graphite 


Hot-Working 


at 2750°C Tension Test 
Ultimate 
Stress Strain Temp Strength 
PSI pet AS PSI 
None Room 10,000 
18,080 7.6 Room 22,700 
None 1650 15,500 
15,200 7.6 1650 20,400 
35,500 18.2 1650 34,500 
None 2200 12,600 
None 2200 14,900 
13,700 eth 2200 24,100 
36,900 18.2 2200 49,200 
59,300 36.9 2200 56,300 
50 
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Fig. 2—Engineering stress-strain curve for pyrolytic 
graphite prestrained at 2750°C, tested at 2200°C. Stress 
parallel to basal planes, strain rate 2 x 1074 sec™!. 


0.06 in. wide by 0.1 in. thick with the thickness direc- 
tion perpendicular to the basal planes. The testing 
method and equipment used have been previously des- 
cribed, Ref. 2 and 3. For both the hot-working and 
the testing the load was applied parallel to the basal 
planes; a cross-head speed of 1.5 x 107* in. per sec 
was used. All heating was done in an atmosphere of 
bottled helium. 
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Fig. 3—Development of modulations in the (10) X-ray 
reflections of pyrolytic graphite after various deforma- 
tions at 2750°C. CuKa radiation. 


Results obtained are given in Table I. These show 
that an increase in ultimate tensile strength of nearly 
300 pct can be realized at 2200°C in a material de- 
formed 37 pct at 2750°C. A typical engineering 
stress-strain curve recorded during the straining at 
2750°C as well as during the testing at 2200°C is 
shown in Fig. 2. For all specimens, prestrained or 
not, the elongation recorded during the tensile test- 
ing was less than 2 pct. 

Evidence that changes in structure did occur dur- 
ing the straining at 2750°C is presented in Figs. 1 
and 3 which show the microstructure and the X-ray 
diffractometer tracings after various amounts of de- 
formation. It should be noted that after 36.9 pct de- 
formation the growth cone structure has disappeared, 
and the two dimensional (10) reflection has split into the 
crystalline (100) and (101) reflections. Although the 
changes at the smaller deformations are not as 
marked, they still have an effect on the tensile 
strength, Table I. 

This communication presents the results of one 
phase of research carried out at the Jet Propulsion 
Laboratory, California Institute of Technology, under 
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The Effect of Cyclic Loading on 
MgO Single Crystals 


A. J. McEvily, Jr. and E. S. Machlin 


Tue results of an experimental investigation by 
McEvily and Machlin’ have indicated that a strong 
relationship exists between the processes of cross 
slip and fatigue. Whenever dislocations can cross 
onto an intersecting plane and expand thereon, as 

in AgCl crystals, the usual type of S-N behavior is 
obtained, but when such a process is difficult, as in 
NaCl crystals, fatigue does not occur in its usual 
manner, if at all. MgO, because of its crystal struc- 
ture (NaCl type) and slip systems ({110}<110>) 
would not be expected to fail in fatigue. However, 
Cornet and Gorum? have found something akin to the 
usual type of fatigue behavior for MgO crystals. The 
purpose of this note is to attempt to resolve this ap- 
parent discrepancy. 

In Cornet and Gorum’s work as-cleaved crystals 
were tested under cyclic axial loading, whereas in 
McEvily and Machlin’s work chemically -polished 
crystals were tested in reversed bending. Because 
of the difference in specimen preparation, the major 
effort of the present work was directed toward com- 
paring the behavior of as-cleaved as opposed to 
chemically -polished specimens. The effect of type of 
loading seemed less important, but a check was made 
on this also. 

Eighteen bend tests and one axial load test were 
made. The specimens were cleaved from Norton 
magnorite blocks, and measured 1 by 3/16 by 1/8 in. 
To avoid failures in the grips, the thickness of the 
bend specimens was reduced from 1 /8 in. near the 
ends to 0.04 in. in the central portion. This reduc- 
tion was from one side of the crystal only. Twelve 
specimens were polished in orthophosphoric acid to 
remove the damage due to cleavage. The other six 
specimens were not chemically polished so as to 
maintain the as-cleaved condition of the crystal faces 
which had not been reduced. The axial-load speci- 
men was reduced from both faces to a thickness of 
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0.04 in. in the central portion and chemically pol- 
ished. All specimens were heat treated for 3 hr in 
air at 1000°C, and then air cooled. 

Unidirectional bend tests revealed that the yield 
strength of these crystals was independent of sur- 
face condition and was approximately 20,000 psi. 
Specimens with as-cleaved surfaces work hardened 
more rapidly than did specimens with polished sur- 
faces. “As-cleaved” specimens failed at an Mc/I 
stress of 36,000 psi at 1 to 2 pct strain, whereas 
polished specimens failed at 30,000 psi at strains 
of 10 pct. 

As is known, time after cleaving MgO crystals 
can affect mechanical behavior.* To check on wheth- 
er this time effect was sensitive to surface condition, 
one specimen of each type was stored, after prepara- 
tion, for 6 months before testing. The polished speci- 
men showed no reduction in ductility, whereas the 
as-cleaved specimen was quite brittle. These re- 
sults suggest that embrittlement is due to the absorp- 
tion of air in cleavage microcracks. The fact that a 
vacuum anneal, which would allow desorption to oc- 
cur, restored ductility to as-cleaved MgO crystals* 
is in support of this viewpoint. 

In the cyclic load tests the specimens were tested 
at an initial stress level below the yield stress. If 
the specimen endured 10° cycles at this level, the 
stress was incfeased by 1000 psi and run for another 
10° cycles before again increasing the stress level. 
In this manner polished specimens were tested at 
stress levels as high as 70,000 psi. On the other 
hand, as-cleaved specimens failed at stresses of 
22,000 psi, or just above the yield stress. All fail- 
ures occurred almost immediately upon increase of 
the stress level, and so were of the static rather 
than the fatigue type failure. The relationship be- 
tween load and deflection was found to be linear after 
10° cycles at a given stress level, so that the MgO 
crystals work hardened considerably. The axially 
loaded specimen failed prematurely in the grips at 
a stress level of 35,000 psi, indicating that the dif- 
ference in mode of testing is not an important factor. 

In the tests reported here chemically polished spe- 
cimens were able to sustain much greater stresses 
than those in the as-cleaved condition, and in each 
case failures occurred within a few hundred cycles 
at most. In Cornet and Gorum’s work on as-cleaved 
crystals finite lifetimes up to 10° cycles were ob- 
tained at stresses just below yield, which in their 
case was only 8000 psi, a much lower value than the 
20,000 psi of the present tests. The presence of 
microcracks in as-cleaved crystals is now well es- 
tablished®’® and would appear to account for the dif- 
ferent results obtained. Clarke and Sambell® have 
shown that the critical Griffith crack size at 8000 
psi is ten times as long as at 20,000 psi. This sug- 
gests that the finite lifetimes observed by Cornet 
and Gorum were due not only to the lower propagat- 
ing stresses but also to the larger critical crack 
stress involved in their tests. The absence of fa- 
tigue failures in chemically polished MgO crystals 
even at stress levels up to 70,000 psi is further evi- 
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dence of the need for easy cross-slip in order to ob- 
tain the usual type of fatigue behavior. 
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Ternary Laves Phases with Transition 
Elements and Silicon 


D. |. Bardos, K. P. Gupta, and Paul A. Beck 


Tue occurrence of Laves phases (AB,) in various 
binary alloy systems has been reviewed in recent 
papers.’* Iron forms Laves phases with Sc-, Ti-, 
V- and Cr-group elements. However, two of the cor- 
responding Laves phases with cobalt, namely MoCo, 
and WCo,, are missing. Nickel forms binary Laves 
phases with Sc and Y, but not with any Ti-, V-, or 
Cr-group element. These conditions are schemati- 
cally illustrated in Table I. 

That electron concentration is a significant factor 
in determining which type of Laves phase is formed 
in a given case was recognized long ago by Laves 
and Witte.* This concept has been more recently 
applied to Laves phases formed by transition ele- 
ments.5»® It now appears that the average electron 
concentration (average number of electrons per atom 
outside of the closed shells of the component atoms) 
may be an important factor also in determining 
whether or not a Laves phase can occur at all ina 
given system. As shown in Table I, in the transition 
element systems considered Laves phases are ab- 
sent at electron concentrations of 8, or larger (to 
the right and below the double line in Table I). 

These absences clearly cannot be accounted for 

on atomic size considerations, as evidenced by the 
many inconsistencies apparent in Table II. 

While the ideal radius ratio for Laves phases is 
1.222, in the systems which do have Laves phases 
the ratios of CN 12 radii range from 1.10 to 1.46. 
The consistent absence of Laves phases at R4/RR< 
1.10 might be attributed to the low values of these 
radius ratios. However, Table II shows that absences 
also occur irregularly throughout the radius ratio 
range covered. 

In a previous paper’ it was concluded that, in tran- 
sition element systems forming o-phases, silicon 
may act as an acceptor of electrons, thus stabilizing 
the o-phase at electron concentrations higher than 
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Table |. Correlation Between the Occurrence of Laves Phases 
and the Electron Concentration 


Number of electrons per atom outside closed shells is given for the com- 
ponent elements, and the average electron concentration for various AB, 
combinations. X marks the occurrence of a Laves phase. 


B-Components A-Components 


Ti, Zr,Hf Cb,Ta Mo,W 
3 4 5 6 
Fe 8 6-1/3 X 6-2/3 X Uf x 7-1/3 X 
Co 9 7 xX 7-1/3 X 7-2/3, X 8 no 
Ni 10 7-2/3 X 8 no 8-1/3 no 8-2/3 no 
Table Il. Occurrence of Binary Laves Phases, AB,, and Atomic Size 


Various A-B pairs are arranged in order of increasing CN 12 radius ratio 
R 4/Rp- X marks the occurrence of a Laves phase. 


Laves Laves Laves 
A B R,/Rz,_ Phase] A B R,/R, Phase | A B R,/Rz Phase 
Crbe 101 no W Ni 1.14 no Hii Cra x 
Gr Com102 no 4 x Zr Fe 1.26 x 
CrNi_ 1.03 no Coy LS Sc Fe 1.26 xX 
Vi Fe no TaFe 1.15 x dk 
Vi iGo, 1.08 no CbFe 1.16 x x 
V Ni 110 no TaCo 1.16 x no 
MoFe_ 1.10 xX no Sc Ni 1.29 X 
MoCo 1.11 no ChiCom 1617 x ZrNi 1.29 no 
W Fe 1.11 E18 no Yokes 1542 
no TaNi_ 1.18 no Y, 144 xX 
MoNi_ 1.13 no Hf Fe 1.24 xX Y Ni 1.46 x 


those at which it would normally occur. A phase re- 
cognized as related to the MgZn, Laves phase was 
recently found by Westbrook® at the composition 
Ti,Ni, Si. It was, therefore, of interest to investigate 
whether or not the Laves phases, which do not occur 
in binary nickel and cobalt systems, Table I, could 
be stabilized by the addition of silicon. 

It was decided to search for Laves phases in alloys 
of the type A,(B,Si), where silicon is substituting for 
25 pct of the B-component, in systems in which the 
binary AB, Laves phase does not form. The alloys 
listed in Table III were arc melted in the nominal 
compositions indicated, and they were water 
quenched after a homogenizing anneal of 3 days at 


Table III. Alloys Consisting Largely of the MgZn, Type Laves Phase 


Annealing Temp. a c 

Alloy xe! in A in A c/a 
Ti,Ni,Si 1100 4.79 7305 
V,Ni,; Si, 1100 4.71 1.56 
Cb,Ni,Si 1100 4.80 7.80 1.62 
Ta,Ni,Si 1200 4.75 7.99 1.68 
Mo,Ni,Si* 1200 4.70 7.66 1.63 
W,Ni,Si 1200 4.70 7.63 1.62 
Vi, 1100 4.70 7.47 1,59 
Mo,Co,Si 1100 4.70 7.67 1.63 
W,Co,Si 1200 4.70 7.63 1.62 
Wao Fe 50 Sito 1200 4.72 1.63 
Ti3zoMn 1000 4.81 7.84 1.63 
Mo,;Mn,,, 5 1000 4.77 7.75 1.63 
W,Mn, Si 1200 4.76 7.75 1.63 


*This phase is identical with the (Mo, Ni, Si)y, phase reported by 
Guard and Smith. ° 
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the temperatures given. X-ray diffraction and met- 
allographic examination showed that all these alloys 
consisted of the MgZn,-type Laves phase, in most 
cases containing also minor amounts of other phases. 
The lattice parameters and the c/a ratio are given 
for each Laves phase in Table III. Also included in 
Table III are data for corresponding alloys in the 
systems Ti-Mn-Si, Mo-Mn-Si, W-Mn-Si, and W-Fe- 
Si, which are known to have, or may be expected to 
have, binary Laves phases. It is particularly inter- 
esting to note that Laves phases were found even in 
the ternary systems V-Ni-Si and V-Co-Si for which 
the R4/Rpg ratios for the transition elements are 
1.08 and 1.10. However, in these cases the amount 
of silicon needed is larger, so that silicon substi- 
tutes for approximately 3/8 of the B-atoms. If the 
silicon atoms, with a CN12 radius of 1.34A, in effect 
occupy B-positions in the structure, the average Rp 
becomes larger on alloying with silicon, so that the 
R,4/Rp ratio is even further removed from the ideal 
value of 1.222. This suggests that, in these systems 
the absence of the corresponding binary Laves 
phases is not a result of atomic size conditions, but 
of electron concentration. This conclusion certainly 
appears well justified for the other systems with 
nickel and cobalt in which binary Laves phases are 
absent, and which are stabilized by silicon. The bi- 
nary Laves phase WFe, decomposes peritectiodally 
at 1040°C; the silicon-containing ternary Laves phase 
alloy is stabilized at least to 1200°C. The effect of 
the silicon appears to be to decrease the effective 
electron concentration. 

It should be noted in Table III that the c/a ratio 
for the ternary Laves phases with vanadium and ti- 
tanium is unusually low. Preliminary evaluation of 
the X-ray diffraction line intensities suggests that 
the silicon atoms are substituting for B-atoms in 
the ternary Laves phases, as expected on the basis 
of the composition.* 


*After the present note was submitted for publication the authors 
became aware of a paper by Gladyshevskii and Kuzma?® reporting the 
occurrence of Mg Zn,-type Laves phases in the following alloys: 
MoFeSi, MoCoSi, MoNiSi, WFeSi, WCoSi, and WNiSi. Thus, it appears 
that, at least in these six systems, the Laves phase field extends over 
a considerable range of compositions. 


The authors wish to thank J. H. Westbrook for 
making available to them his results for the Ti-Ni-Si 
system prior to publication. The present work was 
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Activities of Oxides in CaO-FeO-Fe.O3 Melts 


E. T. Turkdogan 


The activities of CaO, FeO, and Fez,Os3 are calcu- 
lated from the available experimental data on the 
activity of oxygen in Fe-Ca-O melts. The free en- 
ergies of formation of magnetite and dicalcium fer- 
rite computed from the oxide-activity data agree 
within about 3 kcal with those derived from thermo- 
dynamic data. The molal and excess free energies 
of formation obtained from the activity data show a 
progressive increase in the negative deviation from 
the ideal solution law as the composition of the melt 
approaches the CaO-Fe,O, binary side. Indications 
are that for a given ferrous oxide or calcium oxide 
content, the free energy of formation for different 
systems decreases in the following order: 
CaO-Al,03, CaO-Fe,03, and CaO-SiO,. 


Tue state of oxidation of iron in Fe-Ca-O melts 
was first studied by White’ and later by Gurry and Dar - 
ken,’and by Larson and Chipman; they equilibrated 
calcium ferrite melts withair, CO,, and CO,-CO mix- 
tures at 1500° to 1600°C over a wide composition 
range. The results of these three independent stu- 
dies are generally in good agreement. Using these 
data on oxygen activities, Larson and Chipman‘ com- 
puted the activities of CaO, FeO, and Fe,O, in CaO- 
FeO-Fe,O, melts. 

In a recent paper by Turkdogan and Darken® con-. 
cerning the equilibrium measurements on sulphur - 
reaction in calcium ferrite melts, it was shown that 
the ratio ¥c,s0, /Yca0 increased with decreasing cal- 
cium oxide content of Fe-Ca-O melts at Po, = 1.0. 

If the CaO activities computed by Larson and Chip- 
man were used, unusually high Ycaso, Values were 
obtained, and closer examination of their computed 
activity data indicated some inconsistency in their 
calculations; this inconsistency may be checked by 
applying the tangent-intercept rule derived by Schuh- 
mann® from the Gibbs-Duhem equation, as described 
later in this paper. In view of the above observations, 
it was considered desirable to recalculate the acti- 
vities in the CaO- FeO-Fe,O, ternary system and to 
evaluate the equilibrium constants for the reactions 
between calcium oxide, ferric oxide and calcium fer- 
rites. 


APPLICATION OF GIBBS-DUHEM EQUATION 


When the activity of one of the components of a 
ternary system is known, the activities or chemical 
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potentials of the other two components may be cal- 
culated by the application of the Gibbs-Duhem equa- 
tion. This method of computation was first derived 
by Darken’ and later by Wagner.® More recently, 
Schuhmann® formulated another method applicable 

to the ternary systems. Although these three meth- 
ods are similar in principle, equations derived by 
Schuhmann are somewhat easier to use, and there- 
fore, his method was employed in the present compu- 
tations. The principal features of Schuhmann’s meth- 
od are as follows: 

1) If the chemical potential of component (1) of a 
ternary system 1-2-3 is known, the chemical poten- 
tial of the component (2) is given by the following ex- 
pression, for a constant ratio N,/N, where N repre- 
sents composition in mole fraction. 


1 


2, 


[1] 


A similar equation may also be written for u,. The 
partial derivative (aN,/aN,),, is the slope of the tan- 
1 


gent drawn to the iso-y curve at composition Wes 


1 
2) The iso-y (or activity) curves of a ternary sys- 
tem are interrelated through an algebraic relation- 
ship between the values of tangent-intercepts for the 
three iso-y curves, thus 


That is, the intercepts of tangents (aN,/aN,) ne 
3 
(aN,/aN;),,, and (a\,/aN,),, with the extended sides 
2 


[2] 


of the triangle opposite to components 3, 2 and 1, re- 

spectively, lie ona straight line. This geometric rela- 

tionship is very useful for quick assessment of the 

shape and position of the iso-y curves when the iso- 

and curves are known. 
2 


ACTIVITIES IN CaO-FeO-Fe,0, MELTS 


Representing the composition of Fe-Ca-O melts 
in terms of mole fraction of CaO, Fe, and O, the iso- 
oxygen activities were drawn for the ternary system 
CaO-Fe-O using the experimental data of Larson and 
Chipman® and Gurry and Darken? for 1550°C, covering 
a range of oxygen partial pressures from 1 atm to 
about 10~° atm where the melt is in equilibrium with 
liquid iron. For several ratios of Ny./Nc,o, tangents 
dNo/dNpe were drawn to the iso-oxygen activity 
curves and the activity of iron was evaluated by gra- 
phical integration, thus using Eq. [1], 
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fe) 


e/ e a 


a' 
oO 


where a, = vPo, [3] 


Choosing liquid iron as the standard state for iron 
in the oxide melt, at oxygen activity a’, in equilibrium 
with liquid iron, log a}, = 0. That is, the integration 
can be carried out within the composition range 
where the sections along constant Np./Nc,o ratios ter- 
minate at the phase boundary along which the melt is 
saturated with liquid iron. As shown schematically 
in Fig. 1, this region lies within the O corner, the 
triple-point T, and the quadruple-point Q. Similar 
integration can be made to determine the activity of 
calcium oxide within the composition range on the 
left hand side of section OQ, from O corner to point 
Q, in Fig. 1. 

Along an iso-oxygen activity curve d log a, = O, 
and therefore, the activity of calcium oxide can be 
calculated from the activity of iron and vice versa, 
thus within the composition range OTQ in Fig. 1: 


Nye 
Neao 


E = - 
a' 


Fe 
and within the composition range OCQ in Fig. 1: 


[ “Cay 
| 10g at. = 22 d log 2046 [5] 


Fe 


d log ard [4] 


a' 


CaO 

The values of log a4, and log a}, were initially 
obtained by the first integration, Eq. [3], along the 
path OQ. 

Since it is convenient to represent the components 
of oxide melts in terms of simple oxides, e.g., CaO, 
FeO, Fe,O,, the iron activities are converted to fer- 
rous oxide activities, thus 


[6] 


Greco Are Ao 


Fig, 2—Iso-activity curves in 
CaO-FeO-Fe,O3 melts at 1550°C. 
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Fig. 1—Schematic composition—diagram of CaO-Fe-O 
melts at 1550°C and iso-oxygen activity curves. Standard 
State 1 atm Oy. 


where a, = VPs, in atm and using the data of Dar- 
ken and Gurry,° the proportionality factor for 

1550°C is found to be 5.35 x 1075, taking ap.9 = 1.0 
for the liquid oxide in equilibrium with liquid iron. 

If solid ferric oxide is chosen as the reference 
state, the activity of ferric oxide in the melt cannot 
be evaluated in a manner similar to that of ferrous 
oxide for reasons obvious from the composition dia- 
gram in Fig. 1. However, this difficulty may be over- 
come by considering the following reaction 


2FeO (1) + 1/2 O, (g) = Fe,0, (s) [7] 


Using the available thermodynamic data,*1 at 
1550°C log K, = 1.77 +0.2. The subsequent analysis 
of the interrelation between the activities in CaO- 
FeO-Fe,O, system revealed that computed data on 
activities are more consistent among themselves if 


—— - PHASE BOUNDARIES 

—— —— — Activity oF cao 

ACTIVITY OF FeO 
ACTIVITY OF Feo 03 


STANDARD STATES: SOLID CaO, SOLID Fep03 AND LIQUID 
FeO IN EQUILIBRIUM WITH LIQUID IRON 


06 
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Fig. 3—Activities in pseudobinary section Fe304-CaO at 
1550°C. 


the value of log K, is taken as 1.95 which is still 
within the limit of certainty of the above-mentioned 
value. 

The activities of CaO, FeO, and Fe,0,, thus com- 
puted, are given as iso-activity curves in Fig. 2; ex- 
tensions of the curves above one atm pressure of oxy- 
gen are shown by dotted lines. 


ACTIVITIES ALONG PSEUDO-BINARY SECTIONS 


Although derivations based on the Gibbs-Duhem 
equation are theoretically rigorous, a certain amount 
of error inevitably occurs in the drawing of tangents to 
the iso-activity curves and during the subsequent 
graphical integrations. Although these errors may 
be reduced by repeated back and forth computations, 
some other check should be made to determine the 
consistency and the limit of accuracy of the calcu- 
lated activities. This may be achieved by consider - 
ing the activities along pseudobinary sections. 

Fe,0,-CaO Section. Using iso-activity curves of 
calcium oxide in Fig. 2, the activity of magnetite 
(standard state being solid Fe,O,) is calculated for 
this pseudobinary section and the results obtained 
are given in Fig. 3. Since the activities of ferrous 
and ferric oxides are known, it is then possible to 
evaluate the equilibrium constant of reaction 


FeO (1) + Fe,0, (s) = Fe,O, (s) [9] 
10 
503 


From the activity data along Fe,O, -CaO section it is 
found that log K, = 0.75 +0.1 for 1550°C; the limit of 
uncertainty of +0.1 is that due to accumulative er- 
rors involved in the calculation of the activities. In 
the estimation of the total limit of accuracy, however, 
account should also be taken of the errors in the ori- 
ginal experimental data on the oxygen activities. 
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Fig. 4—Activities in pseudobinary sections at 1550°C. 
(a) (b) FeO-Ca,Fe,0;5 


1.0 


Taking log K, = 1.95 and the thermodynamic data?!®,14 
on magnetite log K, is found to be 0.85 +0.26 which 
is in agreement with the value derived from the acti- 
vities of iron oxides. 

Fe,O,-Ca, Fe,0, and FeO-Ca,Fe,0, Sections. 
Since the value of K, is known, the activity of magne- 
tite can be derived from Fig. 2, and by the Gibbs-Duhem 
equation the activity of dicalcium ferrite along the 
pseudobinary section Fe,0,-Ca,Fe,0, may be calcu- 
lated. Similarly the activity of dicalcium ferrite 
along the FeO-Ca,Fe,O, section may be obtained. 
The results of these calculations are given in Figs. 
4(a) and 4(b). Using these activity data, the equili- 
brium constant for the following reaction can be cal- 
culated. 


2CaO(s) + Fe,O, (s) = Ca,Fe,0, (J) 


[11] 
[12] 


Kz = 
205 
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Fig. 5—Activities in pseudobinary sections at 1550°C. 
(a) section (b) FeO-CaFe,O, section 


where subscript C,F is an abbreviation for dicalcium 
ferrite for which the standard state is pure liquid 
Ca,Fe,0,. Along both pseudobinary sections the val- 
ue of log K, for 1550°C is 2.2 +0.1; in terms of the 
standard free energy change AF, = -18.3 +1.0 kcal 
per mole. 

Recently, the heat of formation of dicalcium fer - 
rite from its oxides was measured by Koehler, Ba- 
rany, and Kelley’? (AH$, = -10.55 kcal per mole), 
the entropy by King?® (S$, = 45.1 cal per deg per 
mole) and high-temperature heat capacity by Bon- 
nickson.'* Using these values together with those for 
calcium and ferric oxides,’°»"' the standard free- 
energy change associated with reaction (11) at 1550°C 
is found to be AF, = -19.0 +1.0 kcal per mole. In 
order to minimize the errors involved in the calcu- 
lation of calcium oxide activities by graphical integ- 
rations, the calcium oxide activities were also cal- 
culated for a number of critical points in the compo- 
sition diagram by using this value of AF>. 

It should be pointed out that the above value of 
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Fig. 6—Free energy of formation of CaO-FeO-Fe,O3 melts 
at 1550°C from solid CaO, solid Fe,O3, and liquid ‘FeO’ in 
keal. 


AH§,, for dicalcium ferrite is about 3 kcal lower 
than that given by Newman and Offman;??? the value 
of AF, used in this paper is based on 4H3,, obtained 
by Koehler ef al. 

Fe3;0,- CaFe20O, and FeO-CaFe2O, Sections. 

Similar calculations are carried out for the melts 
along these two pseudobinary sections, again using 
log K, = 0.8; the activities obtained are given in Figs. 
5(a) and 5(b). Considering the following reaction 


CaO(s) + Fe,O, (s) = CaFe,0, (1) 


the free energy of formation of liquid monocalcium 
ferrite from solid calcium and ferric oxides at 
1550°C may be obtained from the activities given in 
Figs. 2, 5(a) and 5(d), i.e., AF’ = -13.1 kcal per 
mole. Although the values of AF? obtained for melts 
along both pseudobinary sections agree within +1.0 
kcal, the over-all accuracy of AFP may not be better 
than +3 kcal per mole. 

The heat of formation of monocalcium ferrite from 
its oxides has been measured by Koehler ef al.,!? 
AH$.,= —14.6 kcal per mole. Using the available 
thermal data for the entropies and high-temperature 
heat contents, AF = -22.8 +1.0 kcal per mole at 
1550°C. There is a large discrepancy between this 
value of AF and that derived from the activity data. 
When the activities of calcium oxide were computed 
using AF = —22.8 kcal per mole, the values ob- 
tained completely disagreed with those calculated by 
integration, Eq. [4], or by using the value of AF = 
-19.0 kcal per mole as described above. That is, 
although there is a close agreement between the val- 
ue of AF, derived from the activities in Fig. 2 with 
that given by Koehler et al., their value of AFPis 
much lower than that derived from Fig. 2. This ano- 
maly on the value of AF? must await the future for 
resolution. 
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MOLAL AND EXCESS FREE ENERGIES OF 
SOLUTION 


The molal and excess free energies of solution of 
solid calcium oxide, solid ferric oxide, and liquid 
wustite to form a mole of CaO-FeO-Fe,0, melt can 
readily be calculated for 1550°C from the activity 
data in Fig. 2. As seen from Fig. 6, iso-molal free- 
energy curves follow a simple pattern and the mini- 
mum on the free-energy surface lies along a section 
close to the FeO-CaFe,O, pseudobinary section. The 
deviation from the ideal solution becomes more ne- 
gative as the composition of the melt approaches 
CaO-Fe,O, binary side. 


COMPARISON WITH OTHER ACTIVITY DATA 


Although several activity data (measured or cal- 
culated) on binary and ternary oxide-melts are 
available in the technical literature, large discre- 
pancies between them make it almost impossible to 
compare activities in silicate and aluminate melts 
with those given in this paper. 

For example, the activity of silica in CaO-SiO, melts 
was determined by Chang and Derge!> (by electromo- 
tive force measurements), Fulton and Chipman?® (over 
anarrow composition range, by reduction -equilibria 
measurements), Yang, McCabe, and Miller?” (by the 
effusion method), and Sanbongi and Omori?® (by elec- 
tromotive force measurements). The results of these 
authors differ* to such an extent that it is unjustified to 


*Recent findings by a number of investigators indicate that these 
apparent discrepancies may be attributed to the inaccuracy of the 
known standard free energy of formation of silica. 


draw even an approximate activity curve throughthe 
experimentalresults. However, using the highest and 
the lowest activity values on CaO-SiO, melts, the molal 
free energies of solution obtained are found to be 
lower by about 5 to 7 kcal per mole than those for 
CaO-Fe,O, melts (extrapolated to zero Np.g as in 
Fig. 6). 

The present knowledge on the activities in CaO- 
Al,O, melts is even less satisfactory. Carter and 
Macfarlane’? equilibrated CO,-CO-SO, gas mix- 
tures with calcium aluminate melts and on the 
assumption that the activity coefficient of calcium 
sulphide did not vary with composition, they de- 
rived the activity of calcium oxide. However, their 
assumption may be questionable, particularly in 
view of the observation made by Turkdogan and Dar- 
ken® on the variation of ¥¢.50,/Ycao With composi- 
tion of ferrite, silicate, and aluminate melts. How- 
ever, recently Chipman” computed the activities in 
CaO-Al,O, melts, using the phase equilibrium dia- 
gram and some thermodynamic data. The molal free 
energies of solution derived from Chipman’s calcu- 
lated activities are higher than those of the CaO- 
Fe,0, melts by about 2 kcal; this appears to be of 
the right order. However, in contrast, the approxi- 
mate molal free-energy curve drawn by Fincham 
and Richardson” is lower by about 3 kcal. 

According to Fig. 2, the activity of ferrous oxide 
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in ‘FeO’-CaO melts, in equilibrium with iron, devi- 
ates positively from Raoult’s law, whilst the results 
obtained by Taylor and Chipman”? show a small but 

a definite negative deviation. 

On the whole, the shape of the iso-activity curves 
for ferrous oxide follows a pattern similar to those 
in (CaO + MgO) - ‘FeO’-SiO, melts in equilibrium 
with liquid iron,?? indicating some similarity in the 
behaviors of ferrite and silicate anions in oxide- 
melts. 


CONCLUSIONS 


The iso-activity curves for calcium and ferric ox- 
ides in CaO-FeO-Fe,O, melts follow a simple pat- 
tern in the composition diagram, but those for fer- 
rous oxide form loops with the apex lying on a curve 
joining FeO corner to CaO-Fe,O, side at about the 
composition of monocalcium ferrite. 

The equilibrium constant for the reaction FeO (J) 
+ FeO, (s) = Fe,0,(s) derived from the activity dia- 
gram along the Fe,O, -CaO section agrees well with 
that calculated from the thermal data. The free ener- 
gy of formation of dicalcium ferrite (from its oxides) 
calculated from the activity data along the pseudo- 
binary sections Fe,O,-Ca,Fe,0; and FeO-Ca,Fe,O, 
is -18.3 +1.0 kcal per mole at 1550°C, as compared 
with -19.0 +1.0 kcal per mole derived from the 
thermal data. From the oxide activities along the 
sections Fe,0,-CaFe,0, and FeO-CaFe,0O, the free 
energy of formation of monocalcium ferrite (from 
its oxides) is found to be -13.1 +1.0 kcal per mole 
at 1550°C. This value is much higher than that ob- 
tained by Koehler ef al. using their result of AH$,, 
for CaFe,O, together with the thermal data. 

The activities of oxides in calcium silicate and 
aluminates are less accurately known, and therefore, 
detailed comparison of the activities in different 
oxide-melts is not possible at present. However, in- 
dications are that the molal free energies of solu- 
tion, AF™, for calcium silicate melts are about 5 
to 7 kcal per mole lower than those for the calcium 
ferrite melts; AF™ for calcium aluminate, on the 
other hand, may be higher than those for the ferrite 
melts by about 2 kcal. 
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Softening of Strain-Hardened Polycrystalline Copper 


during Reversed Stress Fatigue and Tensile Fatigue 


E. Hein and R. A. Dodd 


The fatigue softening of prior strain-hardened 
polycrystalline copper has been determined by 
measuyving changes in flow stress resulting from 
fatigue treatments. Tensile fatigue does not soften 
the metal, while the softening due to reversed stress 
fatigue depends on the extent to which fully reversed 
stressing is approached. True tensile fatigue is 
shown to be possible only in the case of long wire 
specimens. Annealing following fatiguing of strain- 
hardened metal shows that tensile fatigue is very 
effective in modifying normal recovery and recrys- 
tallization,. 


OpsERVATIONS by Ludwik and Scheu,’ Kenyon,? 
Polakowski and Palchoudhuri,? Kemsley,* and Broom 
and Ham,°*’® have shown beyond doubt that strain- 
hardened metals are softened by reversed-stress 
fatigue. To some extent the softening might be asso- 
ciated with a rearrangement of dislocations, but the 
results of Broom and Ham? on the temperature de- 
pendency of the fatigue hardening of annealed copper, 
and those of McCammon and Rosenberg’ on the par- 
tial recovery at 100°C of fatigue-hardened copper 
suggest that point defects may be involved. 

Since lattice vacancies are the only species of point 
defect present in appreciable quantities in thermody - 
namic equilibrium, most attention has been accorded 
them in the various theories advanced to explain 
hardening and softening effects resulting from fa- 
tigue. Precise mechanisms remain uncertain, and 
while some effects may be due to single vacancies, 
defects arising from vacancy clusters may also con- 
tribute to the changes in properties. 

All types of plastic deformation result in point- 
defect formation, one frequently invoked formation 
mechanism involving the nonconservative motion of 
jogs formed by the intersection of, for example, 
mixed dislocations. But since fatigue deformation is 
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thought to be a particularly effective way of forming 
point defects,® additional mechanisms peculiar to fa- 
tigue must be sought. One possibility is that jogged 
loops contract during the unloading cycle to give 
rows of vacancies. 

A local high-vacancy concentration could conceiv- 
ably promote polygonization and recovery by climb, 
and, therefore, could explain the fatigue softening of 
strain-hardened metals under appropriate conditions 
of temperature. Conversely, the experiments by 
Broom and Ham‘* on the fatigue hardening of copper 
single crystals involving subsequent tensile testing 
of previously fatigued specimens, resulted in the ob- 
servation of distinctly lowered yield points. This 
could be due to vacancy atmospheres associated with 
dislocations, possibly augmented by jogs on disloca- 
tions. In addition to the yield-point phenomenon, a 
post-yield hardening was observed, with a tempera- 
ture-dependence resembling the “friction-hardening” 
of irradiated metals,° this again suggesting a point- 
defect mechanism. 

An important development in this field has been 
the observation,’° by transmission electron micro- 
scopy, of high concentrations of prismatic loops in 
fatigued aluminum. By analogy with quenched alumi- 
num films?! it seems certain that these loops origi- 
nate in the collapse of vacancy clusters formed dur - 
ing deformation. Metals, such as copper, having a 
relatively low-stacking fault energy would tend to 
produce Frank sessile loops (in practice tetrahedral 
defects with stacking faults on all (111) planes) rather 
than the glissile prismatic loops observed in alumi- 
num. The manner in which these various defects af- 
fect the different aspects of fatigue behavior has not 
yet been fully investigated. 

The present work was designed principally to in- 
dicate whether tensile fatigue gives rise to hardening 
and softening effects similar to those associated with 
reversed stress fatigue, and with the hope of provid- 
ing additional information on the contribution of point 
defects to fatigue deformation. Despite the uncertain- 
ty often associated with the interpretation of resisti- 
vity data, i.e., the relative contribution of stacking 
faults and other defects, such measurements are 
conveniently employed to study point defect pheno- 
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Table |. Resistivity Changes Accompanying the Tensile Fatigue Deformation of Annealed Copper and Nickel Wires 


Number of Cycles 0 10 10? 5 x 10? 10° 10* 
Resistivity, p, Cu Ni Cu Ni Cu Ni Cu Ni Cu Ni Cu Ni 
in microhm cm. 1.731 9,530 1.754 9.730 1.759 97733 1.756 9.736 1.763 95732 1.760 9.738 

Ap s = 0.023 0.200 0.028 0.203 0.025 0.206 0.032 0.202 0.029 0.208 


p (copper) for 5 pct tensile strain—0.030 pO cm. 
p (nickel) for 5 pct tensile strain —0.211 pQ cm. 


mena. For example, McCammon and McCrone?? have 
reported that the resistivity increase associated 
with the fatigue deformations of copper at liquid hy - 
drogen temperature is approximately ten times that 
associated with tensile deformation at a comparable 
stress level. In the light of these observations, it 
was decided to include some resistivity measure- 
ments in the present investigation, and to attempt to 
correlate them with the data pertaining to fatigue 
hardening and fatigue softening. 


RESISTIVITY MEASUREMENTS 


Since wire specimens are desirable for resistivity 
measurements, fatigue in pulsating tension only was 
employed, and a machine for this purpose has been 


(a) 


Fig. 1—Specimens used for (a) tensile fatigue and (bd) ten- 
sion-compression fatigue. 
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described.'’ In this portion of the work both annealed 
copper and nickel wires were investigated, the wire 
diameter being 0.02 in., and the fatigue tests con- 
ducted at room temperature. The resistivity meas- 
urements were also made at room temperature. A 
fatigue stress was chosen which gave a specimen ex- 
tension of about 5 pct; such a stress is a typical fa- 
tigue stress in the sense that specimen failure might 
be anticipated after 10° to 107 cycles under normal 
reversed stress fatigue. 

The results are summarized in Table I, together 
with the resistivity changes accompanying 5 pct 
strain resulting from ordinary tensile deformation. 

The measurements do not agree with those of Mc- 
Cammon and McCrone since the resistivity increase 
is sensibly independent of the number of cycles, and 
approximately equal to that produced by uniaxial 
tensile strain with the tensile stress equal to the 
peak fatigue stress. A detailed comparison of the 
two sets of observations would necessitate consid- 
eration of the differences in testing temperature, 
but the discrepancies in results are thought to be 
mainly due to the fact that McCammon and McCrone 
fatigued in axial tension-compression—made possible 
by the use of 0.10-in.-diam specimens. The minor 
erratic variations in p apparent in Table I are un- 
doubtedly due to the repeated attaching and detaching 
of current and potential leads to the specimen. 


FATIGUE SOFTENING OBSERVATIONS 


a) Effect of Specimen Configuration. The ability 
of tensile fatigue to cause fatigue softening can only 
be accurately assessed under conditions of pure ten- 
sion. However, in all tensile tests, both static and 
cyclic, some misalignment of grips has to be toler- 
ated, and this causes bending of the specimen. In 
the case of a relatively long wire specimen the bend- 
ing is negligible and fatigue in pure tension is ap- 
proached. As the parallel gage length is reduced, 
bending due to grip misalignment is concentrated 
over a shorter distance, and will reach a maximum 
concentration with that type of specimen incorporat- 
ing a continuous radius gage section with no parallel 
portion, Fig. 1(b). Specimen bending will undoubtedly 
affect fatigue life, but grip misalignment is difficult 
to determine quantitatively. Therefore, in the pres- 
ent case it was decided to attempt to secure appar - 
ently perfect alignment in all cases, and to accentu- 
ate any misalignment by comparing specimens of 
different design. 
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Fig. 2—Annealing characteristics of OFHC copper following 
prior strain hardening and/or fatigue. (1) Strain hardened 
to 24,000 psi, then annealed at various temps., (2) Annealed, 
then fatigued at + 15,000 psi for 10° cycles, (3) Strain har- 
dened to 24,000 psi, then fatigued at +15,000 psi for 105 cy- 
cles, (4) Strain hardened to 24,000 psi, then fatigued at zero 
to + 15,000 psi for 105 cycles. 


The designs investigated are shown in Fig. 1, 1(a) 
representing a specimen design in which the effect 
of specimen bending is minimized, and 1(b) repre- 
senting a commonly used design believed to be sen- 
sitive to bending on the basis of the above arguments. 
Specimens were machined from hot-rolled OFHC 
copper rods, and, after annealing at 500°C, they were 
individually pre-strained in tension on an INSTRON 
machine to 24,000 psi. They were then electropol- 
ished and fatigued in pulsating tension from zero to 
+15,000 psi for 10° cycles in a Baldwin- Lima-Hamil- 
ton SFOIU machine. In this machine tensile fatigue 
is achieved by preloading the specimen in tension to 
one-half the desired maximum fatigue stress, and 
then superimposing an alternating stress on the 
static pre-stress. Therefore, in the sense that the 
fatigue stress cannot be approached incrementally, 
it is not possible to fatigue annealed specimens in 
tension, and this accounted for the original pre- 
straining to 24,000 psi. Typical fatigue slip bands 
developed in both designs, but were noticeably more 
concentrated in design (0). It is presumed that this 
effect is caused by increased bending in this type of 
specimen for the reasons already discussed. Several 
duplicate specimens confirmed the observations. It 
was also metallographically observed that the density 
and rate of development of fatigue slip bands were 
considerably less in tensile fatigue (design (b), zero 
to +15,000 psi) than in tension-compression (design 
(b), +15,000 to -15,000 psi. © 

There is no doubt that in specimens subjected to 
tensile fatigue only a relatively small number of sur- 
face grains are suitably oriented for deformation 
under reversed shear, and it is suggested that this 
accounts for the relatively long life in tensile fatigue, 
and for the lack of macroscopically detectable mani- 
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Table II. Fatigue-Softening of OFHC Copper Specimens 
Prestrained in Tension to 24,000 psi 


Specimen Fatigue Stress Number Flow Stress 
No. Range in psi of Cycles in psi 
3 +15,000 20,500 
4 £15,000 21,700 
5 £15,000 Sine 10% 19,300 
8 +15,000 10° 19.300 
9 -12,000 to +15,000 10° 21,200 
10 — 9,000 to +15,000 10° 23,200 
12 — 6,000 to +15,000 10° 24,000 
13 — 3,000 to +15.000 10° 24,000 
22 Zero to +15,000 5 x 10° 24,300 
23 Zero to +15,000 2 x 10° 24,000 
24 Zero to +15,000 Sie 0% 24,000 
25 Zero to +15,000 10’ 24,300 


festations of fatigue damage, such as resistivity 
changes. The present metallographic work indicates 
that true tensile fatigue conditions are found only in 
the case of long wire specimens such as are used for 
resistivity studies, and in which bending effects can 
be ignored. 

b) Flow Stress Experiments. A comparison was 
made of the fatigue-softening behavior of strain- 
hardened OFHC copper specimens fatigued in pulsat- 
ing tension, type “a” specimens, and in tension-com- 
pression, type “b” specimens. The pre-straining 
treatments and flow stress measurements were 
carried out on an INSTRON testing machine, the term 
“flow stress” being used in the present context to 
mean the stress corresponding to the first observable 
departure from linearity of the autographically re- 
corded stress-strain curve. The fatigue-softening 
observations, as manifested by lowering of the flow 
stress, are summarized in Table II. 

The softening observed under conditions of re- 
versed stressing (specimens 3-8) confirms the nu- 
merous earlier observations by Broom and Ham, 
Kemsley, and so forth and possible mechanisms have 
already been mentioned. The results pertaining to 
specimens 9-13 can be partly interpreted in terms 
of a Bauschinger mechanism, and show that substan- 
tial softening occurs only when the maximum stress 
in the compressive half of the cycle exceeds about 
half the value of the maximum stress in the tensile 
half-cycle. Specimens 22-25 indicate that no macro- 
scopic softening occurs as a result of tensile fatigue, 
even after 10’ cycles. The slight hardening occur- 
ring in two of the specimens was probably due to a 
combination of a small error in the preload setting 
and overloading during the initial buildup to peak 
operating stress. The measuring technique is thought 
to be accurate to about 100 psi, in which case none 
of the observations can be ascribed to scatter. 

c) Effect of Annealing After Fatiguing. A further 
series of specimens was fatigued under various 
conditions following different initial treatments. They 
were then annealed at appropriate temperatures, and 
the amount of softening was determined. The effect 
of the various treatments is shown in Fig. 2, sepa- 
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rate specimens being used for each experimental 
point. 

Curve 1 refers to type “a” specimens initially 
strain-hardened to 24,000 psi, then annealed at vari- 
ous temperatures. The results are substantially what 
might be expected from cold-worked OFHC copper, 
some recovery taking place at 200°C and recrystal- 
lization occurring between 200° and 300°C. There is 
very little further softening at higher temperatures. 

Curve 2 refers to type “b” specimens annealed 
and subsequently fatigued for 105 cycles at +15,000 
psi. The results again follow the anticipated pattern, 
and agree with several earlier observations to the 
effect that complete resoftening is usually not ob- 
tained, and that softening occurs gradually as the 
annealing temperature is increased rather than by 
abrupt recrystallization. The initial hardness of 
these specimens is worth noting, the initial flow 
stress being considerably greater than the maximum 
fatigue stress, a point-defect mechanism again being 
the likely cause. Vacancy atmospheres around dis- 
locations, together with the production of immobile 
helices and Frank sessiles are likely causes of this 
hardening. 

The interpretation of curves 3 and 4 offers some 
difficulty. The former refers to initially strain- 
hardening “b” specimens to 24,000 psi and then fa- 
tiguing for 10° cycles at +15,000 psi, while curve 4 
refers to initially strain-hardening “a” specimens 
to 24,000 psi and then fatiguing for 105 eycles at zero 
to +15,000 psi. Recrystallization occurred in speci- 
mens Subjected to either treatment, but at a consid- 
erably higher temperature (~350°C) than in the case 
of specimens simply hardened by tensile strain. How- 
ever, full softening was not attained, even at 700°C. 
In view of the evidence presented in this paper re- 
garding some characteristics of tensile fatigue, it is 
surprising that it is so effective in modifying the an- 
nealing behavior of strain-hardened copper. Recov- 
ery is negligible at 300°C, and the annealing curve 
4 is consistently above that corresponding to re- 
versed stress specimens, curve 3. 


DISCUSSION 


Tensile fatigue of polycrystalline nickel and cop- 
per at room temperature results in a resistivity 
change which approximates that associated with ten- 
sile deformation at a comparable stress level. This 
is believed to be due to the fact that only relatively 
few surface grains are oriented such that they will 
deform in reversed shear. Specimen design is im- 
portant in this same connection, short-gage-length 
specimens accentuating grip misalignment and re- 
sulting in more grains being exposed to reversed 
shear conditions. 

Fatigue softening of strain-hardened OFHC copper 
is only possible under reversed straining. Point de- 
fects are undoubtedly involved in the softening me- 
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chanism, but it appears that the results are also 
related to the Bauschinger effect, z.e., a dislocation 
rearrangement effect. Certainly one would expect 
fewer vacancies to be formed in tensile fatigue than 
reversed stress fatigue. For example, jogged loops 
should more readily collapse to lines of vacancies 
during the reverse part of a stress cycle than during 
simple unloading. If the temperature is such that 
these vacancies can promote local diffusion, soften- 
ing will result. Although the overall softening me- 
chanism will certainly be more complicated than this, 
suggestions along these lines are needed to account 
for the different resistivity results obtained by the 
present authors and McCammon and McCrone. 

Although tensile fatigue is ineffective in terms of 
resistivity changes or fatigue softening, this type of 
deformation substantially modifies the annealing be- 
havior of strain-hardened copper. Softening occurs 
over a more extended temperature range, and the 
temperature of recrystallization is increased from 
(approximately) 250° to 375°C. This effect of tensile 
fatigue was not discernible in back-reflection X-ray 
patterns taken before annealing, but the original re- 
crystallization nuclei are evidently modified during 
the fatiguing. Under reversed stress conditions it is 
likely that some dislocations introduced by previous 
deformation can move in a reverse direction when 
the stress is reversed, so that dislocations of oppo- 
site sign combine and mutually cancel one another. 
Such a process would continue at a decreasing rate, 
a Stationary level of softening finally being attained. 
Applying this argument to tensile fatigue, only grains 
deformed in reversed shear should contribute—and 
only then when the magnitude of the reversed shear 
stress causes a Bauschinger strain. Since it is shown 
that tensile fatigue does not soften strain-hardened 
metal, the manner of elimination or modification of 
the original recrystallization nuclei is obscure. 


ACKNOWLEDGMENTS 


The authors wish to thank Dr. D. Wilsdorf of the 
University of Pennsylvania for helpful discussions, 
and the National Science Foundation for support 
through grant number NSF-G3672. 


REFERENCES 


*p, Ludwik and R. Scheu: Z. Ver. deut. Ing., 1923, vol. 67, p. 122. 

?J. M. Kenyon: Proc. ASTM, 1950, vol. 50, p. 1073. 

°N. H. Polokowski and A. Palchoudhuri: Proc. ASTM, 1954, vol. 54, p. 701. 

“D. S. Kemsley: J. Inst. Metals, 1958, vol. 87, pp. 10-15. 

5). Broom and R. K. Ham: Proc. Roy. Soc., 1957, Ser. A, vol. 242, pp. 166-179. 

°T. Broom and R. K, Ham: Proc. Roy. Soc., 1959, Ser. A, vol. 251, pp. 186-199. 

™R. D. McCammon and H. M. Rosenberg: Phil. Mag., 1956, vol. 1, p. 964. 

°A. H. Cottrell: Vacancies and Other Point Defects in Metals, Institute of 
Metals, London, 1958. 

°R. Maddin and A. H. Cottrell: Phil. Mag., 1955, vol. 46, p. 735. 

*°R. L. Segal and P. G. Partridge: Phil. Mag., 1959, vol. 4, p. 912. 

“Pp, B. Hirsch, J. Silcox, R. E. Smallman, and K. H. Westmacott: Phil. Mag., 
1958, vol. 3, p. 897. 

*R. D. McCammon and R. McCrone: Vacancies and Other Point Defects in 
Metals, Institute of Metals, London, 1958, 

*°R. A. Dodd: Rev. Sci. Instr., Jan. 1960, vol. 31, no. 1, pp. 69-70. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Strength and High-Temperature Stability 
of Dispersion Strengthened Nickel-MgO Alloys 


Robert J. Schafer, Max Quatinetz, 
and John W. Weeton 


Nickel powders of 1-, 0.4-, and 0.2- . average par- 


ticle size were combined with 0.05- 1 MgO powder. 


Oxide was added in quantities of 4, 12, and 20 vol pct. 


The mixtures were vacuum hot pressed and extruded 
at 2100°F. In spite of a general tendency to growth 
of oxide particles during processing, dispersions of 
fineness comparable to those of Sintered Aluminum 
Powder, SAP, were achieved. A small amount of ox- 
ide considerably improved 1800°F stress-rupture 
strength, but further oxide addition resulted in a de- 
crease of strength. 


RecentLy there has been much speculation con- 
cerning the requisites for strong and stable disper- 
sion-strengthened alloys. The nature of the dis- 
persed phase, the stability of the alloys, and varia- 
bles influencing the mechanical properties of alloys 
have been given consideration. Such topics have 
been reviewed by Bunshah and Goetzel.* 

Of the many parameters related to the mechanical 
properties of dispersion alloys, mean free path be- 


tween dispersed particles (a measure of the fineness 


of’ the dispersion), particle size, and vol pct of the 
dispersed phase have been shown to be very im- 
portant. Generally, strength increases with de- 
creasing mean free path, and there is an optimum 
vol pct of dispersed phase. 

Just how fine a dispersion ought to be is some- 
what open to debate, but Irmann,” Lenel, Backensto, 
and Rose,*® Gregory and Grant,* and others have 
shown in the original SAP-type alloys, aluminum 
plus aluminum oxide alloys, that better strength is 
generally obtained with finer dispersions and the 
best strengths were obtained when the mean free 
path was less than lu. Further, Cremens, and 
Grant’ showed that in nickel plus aluminum oxide 
alloys, stress-rupture strength at 1500°F was 
definitely increasing with decreasing’ mean free 
path. In their investigation, however, the finest 
dispersions that were produced were about 2.0u 
mean free path. To determine the potential of the 
nickel plus oxide type of product, it would be neces- 
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sary to obtain dispersions analogous to those of SAP 
alloys; namely, ones where the mean free path be- 
tween oxides is less than ly. 

Unfortunately, however, it is very difficult to 
produce extremely fine dispersions of oxides in 
metals other than those which naturally form re- 
fractory oxide skins. There are several approaches 
to this problem including such procedures as mech- 
anical mixing, internal oxidation, reduction of 
mixed oxides, and metal deposition from solution. 

Work at the Lewis Research Center has shown 
that metal powders 0.1y or finer could be produced 
by ball milling, when selected grinding aids were 
utilized.° Because these unusually fine powders 
were available, it was an initial objective of this 
study to determine if by mixing of these fine Ni 
powders with various amounts of MgO (0.05) a fine 
dispersion of MgO in Ni comparable to those in 
Al-Al,O, might be achieved. A second objective was 
then to attempt to relate the parameters of struc- 
ture to 1800°F stress-rupture strength of the alloys. 

Nickel powders of 1-, 0.4-, and 0.2-y average 
particle size were combined with 0.05-y average 
particle size MgO powder. This oxide was added in 
quantities of 4, 12, and 20 vol pct. The mixtures 
were hot pressed and extruded at 2100°F. 


Table |. Distribution of MgO in Ni after Processing 


[Initial MgO size, 0.05p.] 


Lineal Analysis Results from 
Electron Micrographs 


Stress for 
Size Ni Mean Free Average Oxide 100 Hr 
Powders, Vol Vol Path, Particle Size, Rupture Life, 
Pct MgO* Pct Oxide psi? 
1.0 0 - 620 
4 6.8 250 0.20 3170 
12 1357, 1.40 0.21 2060 
20 19.5 1.28 0.39 - 
0.4 0 - - - 620 
4 10.7 22 0.18 3260 
12 11.8 0.70 0.06 2150 
20 23.0 15LS 0.38 1320 
0.2 0 - - - 620 
4 8.0 1.89 0.21 2750 
12 20.5 2 0.31 1120 
20 28.1 1,18 0.64 710 


“Volume percent MgO added to alloys. 
> Data from curves in Fig, 3. 
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Table Il. Chemical Analyses of Materials 


International Nickel Company Carbonyl ‘‘B’’ Nickel Powder? 


Element Wt Pet 
Ni 99.79 
Fe 0.008 
c 0.09 
O, 0.11 
S Nil 

Baker Analyzed Reagent Magnesium Oxide? 
MgO 98.6 
-Cl 0.005 
-NO, 0.005 
-SO, 0.002 
Ba 0.005 
Mn 0.004 
Ca 0.02 
Heavy metals (as Pb) 0.002 
Fe 0.003 


“Analysis supplied by supplier. 
> Typical analysis. 


EXPERIMENTAL 


The specimens for this investigation were pre- 
pared from nickel and magnesium oxide powders 
by milling, mixing, washing, drying, hydrogen 
cleaning, cold pressing, and vacuum hot pressing of 
the powders with subsequent canning and extrusion 
of the hot-pressed billets. Table I lists the alloys 
SO prepared. 

International Nickel Company **Carbonyl B’’ 
nickel powder, 2.5- particle size, and Baker 
Analyzed Reagent Magnesium Oxide, 2.0-1 particle 
size, were used as Starting materials. Chemical 
analyses are shown in Table II. Special precautions 
were uSed throughout the specimen preparation to 
avoid oxygen contamination since it was known that 
the nickel powders oxidized readily when exposed to 
oxygen and in some cases were pyrophoric in air. 

To reduce the size of the nickel and MgO powders, 
they were premilled in a Szegvari Attritor Mill in 
n-heptane with 2 pct oleic acid* under argon atmos- 


*Wt pct acid determined on the basis of weight of powder charge. 


phere and then were mixed in this same mill. The 
nickel powders were milled for 10, 24, or 72 hr de- 
pending upon whether 1.0-, 0.4-, or 0.2-u powders 
were desired. If oxide was added, it was done 5 hr 
prior to the end of these milling periods. The MgO 
had been pre- milled for 72 hr in the attritor mill 
in n-heptane with 2 pct oleic acid to produce 0.05- 
average particle size powder. After milling and 
mixing, the powders were washed on Buchner 
funnels and dried in vacuum at room temperature. 
The powders were then hydrogen cleaned for 4 hr at 
650°F in purified hydrogen in an attempt to reduce 
nickel oxide that had been formed as an impurity 
and to drive off from the powders any volatile 
adsorbed material. 
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The cleaned powders were subsequently handled 
under argon or vacuum where possible. This was 
accomplished by working in dry boxes filled with 
argon and by sealing the powders in polyvinyl 
chloride bags during transfer operations. 

After hydrogen cleaning, the powders were cold 
pressed in graphite dies at pressures of 1920 lb per 
Sq in. and then subsequently vacuum hot pressed at 
4000 lb per sq in. and 2100°F for 1 hr. The chamber 
was evacuated to about 0.5-y pressure prior to the 
Start of the heating cycle. 

After hot pressing, the billets, which measured 
2 in. in diameter by nominally 2 in. long, were 
skinned of about 1/16 in. on all surfaces and were 
vacuum canned in mild steel for extrusion. Ex- 
trusion was carried out at 2100°F at a reduction 
ratio of 16 to 1 and at a speed of 200 in. per min. 


RESULTS 


The results of microstructural studies of extruded 
Specimens are shown in Table I. Lineal analysis of 
electron micrographs permitted determination of the 
vol pct of oxide, the mean free path, and the average 
oxide particle sizes of all specimens. Each value 
was determined independently. To determine mean 
free path, the number of particles per unit length 
intersected by a random line, Nz, was determined. 
Mean free path is then equal to (1-f)/N, where f 
equals volume fraction of oxide.’ Vol pct oxide was 
determined by measuring the total length of random 
line intercepted by particles, A, and the total length 
of random line, B. Vol pct oxide then equals A 
divided by B.’ Average oxide particle size was de- 
termined by measuring the Martin’s Diameter® of 
individual particles and then taking an arithmetic 
mean of the measured diameters multiplied by 4/7." 
Martin’s Diameter is the distance between opposite 
Sides of a particle, measured on a line bisecting the 
area of the particle. All bisecting lines must be 
parallel to one another. 

Of particular significance here is that the vol pet 
oxide measured, in some instances, is considerably 
greater than the amount of MgO added. This con- 
ceivably could be due to the method of measurement 
Since etching and other factors could magnify the 
size of the oxide particles and then increase the ob- 
served pct oxide. It is not believed that this accounts 
for all of the increased oxide content, however; 
rather it is believed that the general tendency to- 
ward an increase of oxide content with decreasing 
nickel particle size indicates, in some instances, a 
considerable oxidation of some nickel powders. 

This hypothesis is supported by the fact that chemi- 
cal analysis of the cleaned nickel powders indicated 
nickel oxide contents as high as 2 vol pet immedi- 
ately after cleaning. Further, after the cleaning 
operation additional oxidation could have, and 
probably did, occur during the loading of and subse- 
quent handling of hot-pressing dies. This is believed 
to be So because the powders are very reactive to 
oxygen, being pyrophoric in some instances. Fur- 
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ther, it is known that the dry box in which the work 
was done was not completely airtight, in spite of 
reasonable precautions, and in fact, contained up to 
2 pct O at the end of the working day, as determined 
indirectly by chromatographic analysis for N,. In 
addition, observation of microstructures of the 
nickel specimens, which were made from 1.0-, 0.4-, 
and 0.2-. powders with no oxide additions, indicates 
a considerable content of a phase that is probably 
NiO. An example is shown in Fig. 1, which is a 
nickel specimen prepared from 0.2-y nickel powder 
without MgO addition. In the case of the specimens 
which contained MgO, this NiO would combine with 
the MgO because it is mutually soluble in all propor- 
tions with the MgO and the result would be an in- 
crease in the observed oxide content. 

As mentioned, one of the objectives of this study 
was to achieve particle spacings of MgO in Ni as 
fine as those in Al-Al2O, bodies, that is, less than 
ly. Again referring to Table I, it can be noted that 
such dimensions have been realized with the 
smallest being about 0.7u. In one case the particle 
size, 0.06u, was very close to the original particle 


ay 
- 
A). 
Z 


Fig. 1—Nickel oxide in extruded specimen pre- 
pared from 0.2u nickel powder with no oxide 
addition. Etch: 3 lactic acid, 2 HNO3, 1 HF; 
X750. Reduced approximately 46 pct for re- 
production. 


size of the MgO, 0.05y, that was added to the alloys. 
In this case it can be noted that there was no indica- 


Percent MgO added 


0.2u-Ni 


0.4u-Ni 


1.0u-Ni 


Fig. 2—Effect of initial metallic powder sizes and vol pct of oxides upon as-extrud 


particle size of MgO = 0.05; extrusion conditions: temperature, = 2100°F, ratio, = 16 to 1; X15,000. Enlarged approxi- 


mately 2 pet for reproduction. 
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Fig. 3—Stress rupture strength of Ni + MgO 
dispersion alloys at 1800°F. 


tion of oxygen pickup in the body. It was somewhat 
disappointing that in all the others the oxide phase 
grew appreciably. 

It should also be noted that, in general, particle 
size increased with increasing vol pct oxide. For 
example, the specimen with the largest vol pct 
oxide, 28.1 pct, also had the largest particle size, 
0.64u, and the specimen with the lowest pct oxide, 
6.8 pct, had one of the lower particle sizes, 0.20u. 

The growth of the oxide phase can be seen visually 
in Fig. 2, which presents electron photomicrographs 
of the bodies at a magnification of 15,000. Note that 
in general the oxide particle size increases with in- 
creasing oxide content and also with decreasing 
nickel particle size. This subject of oxide agglomer- 
ation is treated more extensively in another report? 

Fig. 3 shows the stress-rupture properties of 
these alloys at 1800°F in a helium atmosphere. The 
helium atmosphere was selected for testing to 
eliminate the strong influence that oxygen can have 
on the stress-rupture properties of nickel at this 
temperature. The strength of the alloys containing 
oxide dispersions is considerably above that of the 
powder products containing no oxide. In general, 
however, it can be noted that when oxides were 
present, the bodies having lower oxide contents 
tended to have the greater strength; that strength 
decreased with increasing oxide content. 


DISCUSSION OF RESULTS 


The 100-hr stress-rupture strengths of the alloys 
of this investigation are compared with the particle 
size, the vol pct, and the mean free path of the dis- 
persed phase in Figs. 4, 5, and 6, respectively. It 
Should be noted in considering the effect of these 
parameters on strength that mean free path, parti- 
cle size, and vol pct oxide are interrelated. Increas- 
ing vol pct oxide decreases mean free path for a 
constant particle size. Decreasing particle size de- 
creases mean free path for a constant vol pct oxide. 
Also, decreasing particle size allows a decrease in 
vol pct oxide for a given mean free path. Therefore, 
one must be careful to consider the variables Simul- 
taneously before drawing any conclusion as to the 
Significance of one variable on the properties of the 
alloys. 
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Fig 4—Relation of particle size, of dispersed 
MgO, to strength in Ni-MgO dispersed alloys 
at 1800°F. 

In Fig. 4 a comparison of stress for 100-hr 
stress-rupture life with average particle size of 
the oxide shows that as particle size decreased the 
strength increased. Similar results were obtained 
by Adkins, Sims, and Jaffee,° who found that stress- 
rupture strengths at 500°C of cobalt alloys increased 
as finer oxide dispersoids were added to the alloys. 
It is generally agreed that finer particle sizes 
should give better stress-rupture strengths, but the 
reasoning is generally associated with the effect of 
particle size on the mean free path, that is, the 
mean free path decreases with decreasing particle 
Size for a given vol pct oxide and that the Significant 
parameter is mean free path. It will be shown sub- 
sequently that even though strength was related to 
particle size, mean free path was not a Significant 
parameter for the alloys studied in this investiga- 
tion. 

Fig. 5 compares measured vol pct oxide with 
stress for 100-hr rupture life. Strength decreased 
with increasing vol pct oxide in the range of oxide 
contents studied, from 7 to 28 pct. Further, in this 
case there obviously is an optimum vol pct of oxide 
somewhere between 0 and 7 pct. Optimum vol per- 
centages of oxide have been observed to occur in 
other dispersion-strengthened products. For ex- 
ample, in a Cu-Al,O, alloy, Zwilsky and Grant! 
found that an optimum tensile strength occurred at 
approximately 7 pct and that increasing the oxide 
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Fig. 5—Relation of vol pet oxide to strength, in 
Ni-MgO dispersed alloys, at 1800°F 
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content caused a reduction in strength. The original 
dispersion-strengthened aluminum-aluminum oxide 
materials created by Irmann, however, exhibited 
steadily increasing strengths with increasing vol 
pct oxides although the rate of increase began to 
diminish as more oxide was added. 

In Fig. 6 stress for 100-hr stress-rupture life is 
plotted vs reciprocal mean free path. It can be noted 
that the effect of increasing stress-rupture strength 
with decreasing mean free path was not observed in 
the range of mean free paths investigated herein, all 
of which were less than 2u (reciprocal of greater 
than 0.5). In fact, it may be seen that a well defined 
relation between mean free path and strength is not 
evident. In view of the Cremens and Grant data 
mentioned previously,” it might be expected that 
stress-rupture strength would increase with a 
decrease in the mean free path. On the other hand, 
there are occasions when stress-rupture strength 
does not increase with a decrease in mean free path. 
For example, Grant and Preston” have noted that, in 
Al-Al,03 SAP alloys, if stress for 100-hr rupture 
life is plotted vs mean free path, the slopes of the 
lines relating strength to mean free path level off 
with increasing test temperatures. Since the stress- 
rupture tests of this study were run at 1800°F while 
the tests of Cremens and Grant were run at 1500°F a 
leveling off of a strength-mean free path curve 
might have been expected. It would not, however, be 
expected that the data would have the scatter that is 
noted in Fig. 6. Thus one is led to look for another 
explanation for this lack of correlation. 

Further considering the data, it is significant that 
some oxide addition was very beneficial to strength. 
On the other hand, too much oxide addition contrib- 
uted little if anything to the 100-hr stress-rupture 
strength of nickel. Further, in the range of oxide 
additions studied, mean free path was evidently not 
related to strength. Finally, strength was consider- 
ably greater for fine particle sizes than for coarse 
particle sizes. 

Whether fine particle size is or is not the im- 
portant parameter for strengthening is questionable. 
The reason for this is that the variables of particle 
size and vol pct oxide were, as was noted previ- 
ously, in general, proportional to one another in the 
alloys studied in this investigation, see Table I. 

There is reason to believe, however, that the vol 
pct of oxide is the most significant factor relating 
to the strength of these alloys. The following postu- 
late is offered as a likely explanation for the re- 
sults: The decrease in strength with increasing vol 
pct oxide may be related to the interaction of im- 
purities in the matrix and/or the impurities in the 
MgO with the NiO that was picked up during various 
stages of handling. As more oxide was added or 
finer nickel was used, more impurities became 
available. Thus, for example, C and H, which 
might have been adsorbed during the grinding of the 
MgO, and C and H and NiO associated with the 
nickel could react to form such gases as COz, CO, 
CHa, and H2O vapor during any high-temperature 
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Fig. 6—Relation of mean free path to strength 
in Ni-Mgo dispersion alloys at 1800°F. 


operation or test. This could give rise to gas 
pockets at the metal-oxide interfaces, which could 
be the cause of weakness and failure in stress- 
rupture testing. 

Annealing of extruded specimens, at a temperature 
of 2100°F for 16 hr showed metallographically that 
pores did develop in some of the alloys around the 
oxide particles and that the pores were larger and 
more numerous as the amount of oxide in the alloys 
was increased. This may be a Somewhat similar 
phenomenon to that observed by Cremens, Bryan, 
and Grant’ on aluminum-aluminum oxide SAP 
alloys which were heated at very high temperatures 
relative to the melting point of aluminum. These 
heat treatments produced what was thought to be 
gas pockets. It should be noted, however, that when 
gas pockets formed in the aluminum-aluminum 
oxide system they did so very near the melting point 
of aluminum; while in this study the gas pockets 
formed at 2100°F, a temperature well below the 
melting point of nickel. This would suggest that the 
gas pressures in the alloys studied in this investi- 
gation were much higher than they were in the 
aluminum-aluminum oxide alloys and that gas pres- 
sure around oxide particles could contribute to the 
weakness of the specimens. In a stress-rupture test 
this tendency to form voids around oxide particles 
could lead to the early failure of the specimen 
through the movement of vacancies to the voids at 
the oxide- metal interfaces and to related dislocation 
movement. Ultimately the voids could grow by dif- 
fusion of vacancies and could grow large enough to 
become interconnected, thereby forming incipient 
cracks. Thus, these considerations could explain 
why the alloys of this study behaved differently from 
Ni-Al,O3 SAP alloys, which increased in strength 
with decreasing mean free path, and why they de- 
creased in strength with decreasing vol pct oxide. 

It would also indicate that, very possibly, the re- 
lation of stress-rupture strength to particle size is 
subordinate to the impurity situation in the alloys. 

It is interesting to speculate at this point on the 
effect of impurities in other metal-oxide alloys that 
will be prepared in the future. It is possible that 
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Fig. 7—A comparison of stress rupture strength 
of several Ni alloys. 


the properties of these alloys might be considerably 
enhanced by the removal of impurities from both 
oxides and metal matrices. In any case, it is certain 
that a better understanding of dispersion-strength- 
ened alloys could be reached if efforts to decrease 
impurity contents would be pursued. 

Fig. 7 compares the strength of the best of the 
alloys of this study with other Ni-SAP type alloys 
and with two commercial nickel alloys. The 
strength of the best of the alloys of this investigation 
is much better than that of pure nickel, but is only 
fair when compared with the nickel alloys, Inconel »& 
and Inconel 700. 

Since it was felt that cold working of this alloy 
might be beneficial, the best alloy was cold rolled 
to 30 pet reduction in area and thereby a large in- 
crease in the stress-rupture strength was noted. It 
is interesting that this alloy in the cold-worked con- 
dition has almost identical properties to a nickel 
plus 9 vol pct Al2O; alloy prepared by Bonis and 
Grant.* 


CONCLUDING REMARKS 


AS a reSult of this study it was found possible to 
achieve dispersions of MgO in nickel of a fineness 
or mean free path comparable to that of SAP. This 
is the first time to our knowledge that such fine 
dispersions have been achieved by the mechanical 
mixing technique. A significant factor that permitted 
the achievement of such fine dispersions was the use 
of nickel powders of less than 1y particle size— 
achieved by ball milling. 
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In one case the initial particle size of the MgO 
powder, 0.05u, was retained during processing from 
powder to extruded bodies. It was somewhat disap- 
pointing, however, to note that in general the MgO 
particles grew very rapidly during processing. It is 
believed that a significant factor in causing MgO 
particle growth was the fact that the oxide content of 
the bodies increased during processing even though 
reasonable precautions were taken to avoid oxygen 
contamination of the powders. Thus, the particles 
measured are undoubtedly in part NiO as well as 
MgO. These data would indicate that extremely 
careful techniques may, in some cases, be required 
to avoid oxidation of the powders during processing 
and concomitant growth of the dispersed oxide phase. 

It was also shown that in these alloys the 1800°F 
stress-rupture strength improvement over unalloyed 
nickel was greatest for low oxide additions and de- 
creased as the oxide content increased. This relation 
indicates that the oxide (with concurrent impurity 
oxides that were obtained during processing) at 
some level become a source of weakness rather than 
of strength. 

Finally, cold working significantly increased the 
strength of the best of these alloys and made it 
equivalent in strength at 1800°F to the best reported 
nickel plus oxide alloys made with mechanical mix- 
ing techniques. 
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The Production of Submicron Metal Powders 
by Ball-Milling with Grinding Aids 


Max Quatinetz, Robert J. Schafer, 


and Charles Smeal 


Normally metal powders cannot be ground to sub- 
micron sizes because of welding and agglomeration 
phenomena. Through the use of selected grinding 
aids and grinding fluids, nickel and other metal pow- 
ders have been ball-milled as fine as 0.1|1. It was 
found that certain inorganic salts are more effective 
grinding aids for metal powders than conventionally 
used surfactants. 


Mera and alloy powders are used to produce 
reagents, pigments, coatings, solders, brazes, and 
parts for industry by powder metallurgy techniques. 
They are also combined with refractory compounds 
to produce cermets and dispersion-hardened prod- 
ucts. ; 

One of the interests at the Lewis Research Center 
has been to explore the potentialities of the disper - 
sion strengthening process. Since the work of Ir- 
mann,’ many investigators have shown that the 
strength of dispersion-hardened products may in- 
crease with decreasing interparticle spacing.?~* 
One approach to achieving small interparticle spac- 
ing is to combine fine refractory compounds and 
metal powders, preferably below 1; win size. In at- 
tempting to obtain fine metal powders, it was found 
that until very recently the best that could be ob- 
tained from commercial suppliers, particularly of 
ductile metals, was about 1.0 u. Interest was there- 
fore developed in providing finer metal powders for 
dispersion-hardening studies. Information obtained 
from the literature, from others working in the field, 
and from prior experimental work performed at 
NASA, led to a consideration of ball-milling as a 
technique to produce the desired materials. 

Some of the variables associated with ball-milling 
are the size, material, and nature of construction of 
the grinding container; the nature and amount of the 
grinding material and material to be ground; and 
the nature and amount of the grinding liquid and 
grinding aid, if employed, and the grinding time. In 
all ball-milling, welding and agglomeration can oc- 
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cur as well as grinding. Because of the tendency of 
ductile metals to weld together, they are difficult to 
grind.® The ultimate particle size obtained on grind- 
ing is generally the one at which the rate of grinding 
becomes equal to the rate of welding. To help delay 
welding and thus obtain smaller particle sizes, 
grinding aids are often employed.® ® 

The principal objective of this investigation was to 
produce submicron metal powders by ball-milling 
the powders with selected grinding aids and grinding 
fluids. A secondary objective has been to attempt to 
explain the variations observed in grinding behavior 
by considering possible grinding mechanisms and 
correlating various parameters with grinding effec- 
tiveness. 

Three groups of ball-milling experiments were 
run; one in which the grinding aid was varied, a sec- 
ond in which the grinding fluid was varied, anda 
third in which the material being ground was 
varied. 


MATERIALS, APPARATUS, AND PROCEDURE 


In the first group of experiments in which the 
grinding aid was varied Inco Carbonyl Grade B 
nickel powder initially 2.5 py (all sizes refer to aver - 
age particle size as measured by Fisher Sub-Sieve 
Sizer) was used as the material being ground and 
200-proof ethyl-alcohol as the grinding fluid. Sur- 
factants, representative of typical organic structures, 
were selected as grinding aids. Inorganic salts used 
as grinding aids were chosen on the basis of the 
size and valence of their ions. Water soluble salts 
were used in order to facilitate their removal from 
the slurry after grinding. 

In the second set of experiments, grinding of the 
2.5-p. Ni powder was tried in four different grinding 
liquids; water, cyclohexane, n-heptane, and methy- 
lene chloride. In this study seven grinding aids 
selected from those tried in the first group of exper - 
iments were employed. 

In the third group of experiments 200-proof ethyl 
alcohol was again used as the grinding fluid to mill 
Cu, Cr, Fe, Ag, and Ni powders of various initial 
particle sizes. 

All mill charges contained 300 ml of grinding 
liquid and 3000 g of 1/2 in. stainless steel balls. 
When inorganic salts were used as the grinding aid, 
70 g of salt and 210 g of metal powder were employed, 
and with surfactants 6 g of grinding aid and 300 g of 
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Table |. Effectiveness of Inorganic Salts as Grinding Aids 


2.5-1 Ni Powder Milled 15 Days in 200-Proof Ethyl Alcohol. 


Salts and Final Average Particle Size in Microns 


I — Standard II — Agglomerated Ill — Slight IV — Slight V — Submicron 
Agglomeration Grinding 
No salt — 7.4 KI 4.9 2:3 SnCl, CuSO ,°5H,O 0.9 
NaBr 4.8 BaCl, 2.6 NaF 0.8 
Nal 4.7 LiCl 1.8 ThCl, 0.8 
NaCl 4.0 NiCl,6H,O 1.6 Al {SO,),18H,O 0.5 
KH,PO, 0.5 
(NH,),Mo,0,,-4H,O 0.4 
Na,P,0, 0.3 
K,Fe(CN),:3H,O 0.3 
K,Fe(CN), 0.2 
Na,Cr,0,-2H,O 0.2 
Al(NO,),:9H,O 0.1 
Ce(NO,),-6H,O 0.1 


metal powder were used. The amounts used were based 
on general commercial practice and previous exper - 
iments. In most experiments with salts the amount 
used exceeded the solubility in the grinding fluid, 
and an excess of salt was present during the grind- 
ing Operation. NaI, CsCl, and Ce(NO, ), -6H,O were 
exceptions because of their very high sOlubility in 
ethyl alcohol. 

All experiments were performed in 3-pt stainless 
steel containers rotated at 48 rpm. After nominally 
2, 4, 8, and 15 days of grinding, a sample was re- 
moved for particle size determination. Samples 
were washed ten times by decantation. Water was 
used for washing where salts were employed, and 
190-proof ethyl alcohol was used for experiments 
with surfactants. The final slurry was then filtered 
on a Buchner funnel, and the filter cakes were dried 
in air at room temperature. Where possible, qual- 
itative tests were used to determine when a salt was 
no longer present in the wash water. Dried filter 
cakes were crushed and stirred for 30 to 60 sec in 
an Osterizer in order to break up agglomerates; 
then weighed amounts of powder were taken for par - 
ticle size analysis. The as-received powder showed 
no change in particle size when stirred for 60 sec 
in the Osterizer. 

A Fisher Sub-Sieve Sizer was used to determine 
all reported average particle sizes. In a few cases, 
where the results were below 0.2 Lt or the porosity 
of the powder when compacted in the sample tube 
was greater than 0.8 (limit of the chart supplied by 
manufacturer), the results were calculated using the 
formula given in the instruction manual. The results 
in this range, however, were reproducible, and it is 
believed the values given are correct in order of 
relative size. 


RESULTS 


Effect of Varying the Grinding Aid (Salts). Table 
I shows the final general results of 15-day grinds in 
which inorganic salts were used as grinding aids in 
200-proof ethyl alcohol to grind 2.5-y Inco Carbonyl 
Grade B nickel powder. A standard for comparison, 
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ground without any salt additive, is shown in column 
I. This lot agglomerated from an initial size of 2.5 
to a final size of 7.4 uw. All the experiments with 
salts, columns II, II, IV, and V, improved upon this 
result. In comparing the final particle sizes with the 
initial size it can be observed that a marked agglom- 
eration occurred with the four salts in column 106 
slight agglomeration occurred with the two salts in 
column III, slight grinding was obtained with the four 
salts in column IV, and a very large particle size de- 
crease was obtained with the twelve salts in column 
V. Thus, of twenty-two salts tried, sixteen gave 
positive grinding results (below the initial size) and 
twelve of these produced results in the submicron 
range. The smallest final particle sizes noted (0.1 p) 
were obtained with aluminum nitrate Al(NO,),-9H,O 
and cerium nitrate Ce(NO,),:6H,O. In the most ef- 
fective experiments the powders were ground to be- 
low 1 y within 5 days. 

Ten salts that produced varying degrees of grind- 
ing effectiveness were rerun to determine the re- 
producibility of the grinding methods employed. In 
all cases good reproducibility in final particle size 
was obtained. The results are shown in Jamies, Il 


Effect of Varying the Grinding Aid (Surfactants). 
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FINAL 
PARTICLE SIZE, 
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Fig. 1—Reproducibility of grinding data using inorganic 
salts as grinding aids. 2.5 Ni powder milled 15 days in 
200-proof ethyl alcohol. 
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Table Ii. Effectiveness of Surfactants as Grinding Aids 


2.5-. Ni Powder Milled 15 Days in 200-Proof Ethyl Alcohol. 


Final 

Particle 
Size, 

Surfactant 

Cetyl alcohol 8.2 
Standard 7.4 
Aerosol OT 6.1 
Surfynol 102 6.1 
Atlas G672 4.6 
Armeen 18 3.9 
Tenlo 70 3.8 
Atlas G2854 
Nuosperse 657 
Alkaterge A 2.8 
Oleic acid 0.8 
Stearic acid 0.3 


The results obtained on ball-milling 2.5 yp Ni pow- 
der in 200-proof ethyl alcohol with surfactants as 
grinding aids are shown in Table II. All the sur- 
factants except cetyl alcohol improved on the 
results of the lot milled without additive; how- 
ever, in most cases the final particle size obtained 
was greater than the initial size. It can be seen 
that of eleven products investigated nine produced 
particle sizes greater than the original size and 
two produced smaller sizes. Both of these positive 
grinding results were in the submicron range. 

Of the compounds tried as grinding aids a greater 
percentage of salts than surfactants produced sub- 
micron powders. Also, four salts produced finer 
particle sizes than the smallest size obtained with a 
surfactant. 

Effect of Varying the Grinding Liquid. The 
marked effect produced by the grinding fluid is evi- 
dent from the final particle sizes listed in Table III. 
With NaCl, Aerosol OT, and Armeen 18 grinding or 
agglomeration was obtained depending on which 
grinding fluid was used. Even when grinding was 
achieved with all five liquids, significant differences 
in final particle size were obtained by varying the 
grinding fluid. No consistent pattern of effective 
grinding combinations such as salts or surfactants 
with polar or nonpolar liquids can be noted in these 
results. 


Table Ill. Effect of Various Grinding Liquids on Grinding Efficiency 


2.5-u Ni Powder; Milling Time, 15 Days. 


Grinding Grinding Fluid 
Aid 
Water Ethyl Alcohol, Cyclohexane n-Heptane Methylene 
200 proof Chloride 
Final Average Particle Size, pu 
NaCl 23 4.0 0.7 1.5 0.7 
Na,P,0O,. 1.4 0.3 0.7 22 0.2 
A1(NO;),;°;9H,O — 0.1 1.4 - 0.3 
Aerosol OT 1.6 6.1 1.6 1.5 M92 
Armeen 18 0.9 3.9 0.6 0.5 2 
Oleic acid 0.8 0.9 1.0 
Stearic acid 1:5 0.3 0.8 0.3 2.0 


Effect of Varying the Metal Powder Being Ground. 
In the third group of experiments ball-milling with 
grinding aids was applied to a number of different 
metal powders varying widely in properties. Also 
a number of different nickel powders varying in 
source, grade, method of manufacture, and particle 
size were milled. The powders used are listed in 
Table IV, and the results obtained are shown in Fig. 
2. Potassium ferricyanide K, Fe(CN), was used as 
the grinding aid. Powders varying in initial particle 
size from 2.0 to 30 w were ground in 15 days to par- 
ticle sizes ranging from 0.1to 0.6 u. The smallest 
particle size obtained here, 0.1u, was produced by 
grinding a 7.3-u Fe powder. The largest powder 
tried, 30-y Cu, was reduced to a final particle size 
of 0.4 

General Results — Grinding Curves. One observa- 
tion of interest that points up the wide variation ob- 
served in grinding behavior can be seen from Fig. 3 
in which are noted the types of curves obtained when 
plotting particle size against milling time for the 
various experiments. When this is done, the curves 
obtained fall into one of four categories which show 
either a continuous increase in particle size (Type 
A), an increase followed by a decrease (Type C), a 
decrease followed by an increase (Type B), ora 
continuous decrease (Type D). All of the most ef- 
fective grinding aids (Table I, column V) produced 
Type D curves. The standard and the salts which 


Table IV. Metal Powders Used in Investigation 


Fisher 
Particle 
Size, 
Metal Source Type or Grade m 
Nickel (Ni) International Nickel Co. Carbonyl *B” 25 
National Radiator Co. F89A-A2 23 
C. A. Hardy Co. -300 mesh 9.3 
Sherritt Gordon Co. Grade F325 17 
Grade FF325 4.8 
Grade FF 100 
Silver (Ag) Metals Disintegrating Co. Lot 61A 24 
Iron (Fe) City Chemical Co. Carbonyl, reduced WSs) 
Iron (Fe) A. D. MacKay Co. Carbonyl Se 
Copper (Cu) Metals Disintegrating Co. Lot 61A 30 
Chromium (Cr) C. A. Hardy Co. -325 mesh electrolytic 8.5 
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Fig. 2—Use of K3Fe(CN)¢ to grind various metal powders, 
milled 15 days in 200-proof ethyl alcohol. 


produced marked agglomeration of the particles 
(Table I, column II) fall into the Type A category. 
The anomalous reversal in slope from agglomera- 
tion to grinding, and vice versa, noted in the Type 
B and Type C curves is of particular interest and 
is considered further in the DISCUSSION OF RE- 
SULTS. Graphs of the experiments with salts that 
produced slight agglomeration or grinding (Table I, 
columns ITI and IV) gave either Type B or Type C 
grinding curves. 


DISCUSSION OF RESULTS 


The wide applicability of ball-milling with grind- 
ing aids was demonstrated by the fact that a number 
of metal powders differing greatly in properties and 
initial size could be ground to particle sizes as fine 
as 0.1u. It was also shown that variations in both 
grinding aids and grinding fluids produced very sig- 
nificant differences in the effectiveness of ball- 
milling metal powders. 

It has been proposed as part of the objective to 
attempt to explain the large variation in grinding be- 
havior noted in the results. It was hoped that theo- 
retical considerations of grinding mechanisms and 
parameters related to grinding effectiveness might 
assist in the selection of more effective grinding aid 
and grinding liquid combinations. 

The mechanisms that were considered by which 
a grinding aid may actively promote comminution 
may be broadly classified as mechanical, chemical, 
and physical. The mechanical factors operate di- 
rectly on the particle by such means as abrasion 
and deformation and facilitate fracture, particularly 
of soft, brittle, flat, lacey, or dendritic particles. 
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Fig. 3—Classification of grinding aids by shape of grind- 
ing curves. 


The chemical and physical factors may operate by 
forming a surface film on the particle which tends 
to retard the welding and agglomeration or enhance 
the fracture and dispersion. A number of observa- 
tions related to these mechanisms will be noted 
briefly. 

Mechanical Abrasion. Ball-milling operates by 
the impacting of the balls on the powder. Some of 
the variables influencing the effect of the impact in- 
clude the size and material of the balls, the size and 
rate of rotation of the mill, and the shape and hard- 
ness of the material to be ground. Since an excess 
of salt was present in most of the milling experi- 
ments, it is conceivable that the salt could assist the 
balls in abrading the metal powder. The evidence, 
however, tends to discount the importance of this 
effect. For one thing, the salts are considerably 
softer than the metal powders, and inaddition marked 
agglomeration was noted in some cases in the pres- 
ence of salts while effective grinding occurred in ex- 
periments where the salt was completely soluble in 
the grinding fluid as, for example, cerium nitrate in 
ethyl alcohol. 

Effect of Surface Films on Welding and Fracture. 
Clean metal particles tend to weld together under 
impact, particularly if they are ductile. Surface 
films that would tend to retard welding of the metal 
powders may be acquired with lubricants, like an 
oil or grease, chemically by compound formation, 
or physically by adsorption of gases, liquids, salts, 
ions, or surfactants. 

Chemically and physically absorbed films may 
also increase the tendency of the particles to frac- 
ture. Thus chemically produced films like an oxide 
or other compound tend to be more brittle than the 
metal and are more likely to crack and abrade. 
Physically adsorbed films can promote fracture of 
the metal particles by affecting the mechanical prop- 
erties. This effect has been noted by Rebinder® and 
others. The adsorbed film may promote the forma- 
tion of microcracks by embrittling the surface. Also, 
by lowering the surface energy of the particles the 
adsorbed films may increase the rate and extent of 
embrittlement by permitting more rapid diffusion of 
ions to the surface and interior of the powder. Fi- 
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nally, the films may promote the propagation of mi- 
crocracks by similarly embrittling any fresh sur- 
faces formed. 

Effect of Adsorbed Ion Films on Surface Charge 
and Dispersion. Besides influencing the mechanical 
properties of surface layers, adsorbed ions can also 
promote dispersion of the particles through the for- 
mation of similarly charged electrostatic layers on 
the surface of the ground particles, which then tend 
to repel one another. This phenomenon is analogous 
to the surface charges which lend stability to col- 
loidal suspensions. 

In colloids, the stability of a suspension is in- 
creased by increasing the concentration of similarly 
charged ions and decreased by adding ions of oppo- 
site charge. If a sufficient concentration of oppo- 
sitely charged ions is added, the surface charge is 
neutralized, and at the point where the positive and 
negative charges approach equality (the isoelectric 
point) the suspension becomes unstable and the par- 
ticles agglomerate. An important consideration in 
colloid stability is the charge per unit area or the 
charge density. For example, it has been shown that 
polyvalent ions are much more effective than mono- 
valent ions in affecting the charge density and sta- 
bilizing colloids of like charge or agglomerating col- 
loids of opposite charge./°"!2 It is interesting to note 
that there are similarities between the behavior of 
colloidal suspensions and the grinding behavior of 
the various metal powders. This is not too surpris- 
ing since the powders ground in this investigation 
are approaching close to the colloidal size range. 

If it is assumed in the grinding experiments that 
a minimum charge density is required on the surface 
of a metal particle for grinding to occur, the ion 
sorption mechanism can explain the anomalous 
grinding behavior shown by the Type B and Type C 
grinding curves in Fig. 3. For experiments that 
give curves of Type D, which decrease continuously, 
the minimum surface charge required for grinding 


would be exceeded; and grinding would occur through- 


out the run. In experiments with Type A grinding 
curves, which increase continuously, the minimum 
charge density required for grinding would not be 
exceeded at any point; and agglomeration would oc- 
cur throughout the run. In cases with Type B grind- 
ing curves, which decrease and then increase, the 
minimum charge density required for grinding would 
be present initially; but, as the surface area of the 
powder increases on grinding, the charge per unit 
area decreases below the minimum, and the par - 
ticles would start to agglomerate. In cases with 
Type C grinding curves, which increase and then de- 
crease, the surface charge density would be below 
the required minimum initially; but, as the surface 
area decreases because of agglomeration, the charge 
per unit area increases until it would be above the 
required minimum, and grinding of the particles to 
smaller sizes would then follow. 

In the Type C cases one may expect the curve to 
continue to go up and down, and the powder alter - 
nately toagglomerate and grind because of the change 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


in charge density as the surface area decreases and 
then increases, The probable reason that this has 
not occurred is believed to be due to the fact that the 
fresh surfaces formed on grinding have a greater 
adsorptive capacity than the surfaces initially pres- 
ent and can better utilize the available ions to main- 
tain the required charge density. Therefore, once 
grinding starts, the particles will continue to grind 
below the original size. 

Evidence supporting the ion adsorption mechanism 
is obtained from the observation that, in the data 
presented in Table I, the nine most effective salts, 
all of which give Type D curves, have at least one 
multivalent ion and a complex anion consisting of a 
radical with two or more atoms rather than a single 
atom. While the significance of the complex anion 
is not immediately apparent, it can be noted that no 
salt which fulfilled these two conditions gave poor 
results. 

Thus it appears that the formation of a film of 
salt ions on the surface of the powder is the most 
important factor in influencing the effectiveness of 
inorganic salts as grinding aids. The support for an 
ion adsorption mechanism comes from the fact that 
the nature of the observed grinding curves can be 
explained by drawing an analogy to the behavior of 
colloids and that multivalent ions, which are very 
effective in stabilizing colloids, are also effective in 
promoting good grinding when they occur in salts 
with a complex anion. 

Additional details and discussion of a number of 
other factors related to the grinding investigation 
will subsequently be published as a NASA Technical 
Note. 


SUMMARY OF RESULTS 


This investigation, undertaken to produce submi- 
cron metal powders and to explain variations in 
grinding behavior, yielded the following results: 

1) Submicron powders, as small as 0.1, were 
produced by ball-milling by the use of suitable 
grinding aids and grinding liquids. 

2) Varying the grinding aid or the grinding liquid 
had a very significant influence on grinding effec- 
tiveness. 

3) Some inorganic salts were found to be more 
effective than various conventional surfactants for 
grinding metal powders in ethyl alcohol. 

4) The grinding method employed was shown to be 
widely applicable. Powders of five different metals 


(Cu, Cr, Fe, Ag, and Ni) of varying properties and 
particle sizes were ground to less than 1.0. 

5) On plotting particle size against grinding time 
the curves for the experiments fell into four cate- 
gories, which showed either a continuous increase 
in particle size, an increase followed by a decrease, 
a decrease followed by an increase, or a continuous 
decrease. 

6) The nine salts most effective as grinding aids 
in ball-milling metal powders were found to have a 
multivalent ion and a complex anion. 
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7) A proposed ion sorption mechanism offers a 
possible explanation for some of the observed grind- 
ing behavior. 
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Effects of Alpha-Soluble Additions (Aluminum, Carbon, 
Oxygen) on the Structure and Properties of 


Titanium-Molybdenum Alloys 


F. C. Holden, H. R. Ogden, and R. |. Jaffee 


The effects of ternary and quaternary additions of 
aluminum, oxygen, and carbon on the mechanical prop- 
erties of high-purity titanium-molybdenum alloys were 
studied for several microstructural conditions. Heat 
treatments were designed to produce 1) 6B-quenched, 
2) equiaxed 3) transformed (acicular) a@-B, and 
4) stabilized Q-B microstructures. Tension, impact, 
and hardness tests were performed. Transformations 
from the B phase were followed by hardness meas- 
urements and metallography. The B-to-w transforma - 
tion was slowed by aluminum additions; carbon and 
oxygen additions increased the transformation rate. 

In addition to solid-solution strengthening, these sol- 
utes may increase or decrease strength by altering 
the B transformation kinetics. Aluminum additions 
promote the formation of strain-induced martensite, 
and lower yield strengths at compositions near 12 pect 
molybdenum,..a-8 alloys are more ductile with equi- 
axed than with transformed microstructures. High 
strength levels can be reached by aging in many cases. 
Strength levels of the aged specimens usually are 
lowered slightly by straining prior to aging. 


ALLoys of molybdenum with titanium form an iso- 
morphous alloy system which has been the subject 
of several investigations.!»? Additions of substitu- 
tional and interstitial a-stabilizing elements provide 
means of improving mechanical strength and con- 
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trolling the heat-treatment response of the binary 
alloys. The work reported here forms a part of a 
continued study of the effects of microstructure on 
the mechanical properties of high-purity titanium 
alloys. Previous papers have considered the various 
binary alloys (Ti-Mo, Ti-Al, Ti-C, and Ti-O) that 
form the bases for the ternary and quaternary alloys 
included here. The compositions were selected to 
correspond with the previous binary alloys. Further, 
the high purity of the alloying components was main- 
tained, so that direct comparisons with earlier work 
can be made. 

The total research program included a large num- 
ber of compositional, microstructural, and testing 
variables. The data reported here have been selected 
to provide a reasonably complete and representative 
summary of the results. The reader is referred to 
the original Air Force Report? for a complete tabu- 
lation of the results. 


EXPERIMENTAL PROCEDURES 


All the alloys used in this work were prepared 
from high-purity electrolytic titanium produced by 
the U.S. Bureau of Mines. A typical furnished analy - 
sis showed the following impurities in wt pct, balance 
titanium: Fe, <0.02; Cr, <0.005; Mg, 0.002; Na, 0.008; 
Si, 0.011; Mn, 0.03; Cu, 0.006; Al, <0.04; N, 0.005; 
C, 0.011; Cl, 0.025; V, <0.005; oO, 0.031; H, 0.01. 
This analysis is equivalent to that of iodide-refined 
titanium. In addition, hardness, tensile, and impact 
tests made using unalloyed electrolytic titanium 
showed it to have properties equivalent to those ob- 
tained with iodide titanium and suitable for these 
studies of high-purity base alloys. 
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The metallic alloying additions (molybdenum and 
aluminum) were made in the form of clippings from 
high-purity sheet stock. Oxygen was added to the ti- 
tanium melting stock in a Sieverts’ apparatus. Car- 
bon was added as spectrographic carbon. 

The alloys were prepared as 250-g ingots by inert- 
electrode arc melting. Each ingot was melted at 
least twice to insure complete solution of the alloy- 
ing ingredients and to improve homogeneity. The 
alloys then were forged to 3/4-in.-diam rods, me- 
chanically descaled, and vacuum annealed for 6 hr 
at 1600° F to remove hydrogen. The rods finally 
were hot swaged to 1/4-in.-diam rod stock, mecha- 
nically descaled, and cut into suitable lengths for 
test specimens. 

Heat Treatment. The specimens were encapsu- 
lated in Vycor under a partial pressure of argon to 
prevent contamination during heat treatment. For 
quenching, the capsules were broken and the speci- 
mens quickly immersed in the quenching medium. 
For air cooling or furnace cooling, the specimens 
were cooled to room temperature before opening 
the capsule. 

Specimens for tensile and impact tests were ma- 
chined from the heat-treated blanks. Dimensions for 
the 1/8-in.-diam tensile specimen and the microim- 
pact specimen, and testing procedures have been 
described previously.*® Vickers hardness measure- 
ments (10 kg load) were made on sections of 1/4-in. 
rod or on broken specimens. 

Specimens for metallographic study were mounted 
in Bakelite or a cold-setting epoxy resin, the latter 
being used when considered necessary to avoid sec- 
ondary heating effects. The surface was mechani- 
cally polished, and etched with an aqueous solution 
containing 1 1/2 pct HF and 3 1/2 pct HNO,. 

Because a primary objective of this research was 
to evaluate the effects of alloying additions, rather 
complete chemical and vacuum-fusion analyses were 
made on these alloys. 


BACKGROUND INFORMATION 


The research described here is an evaluation of 
the separate and combined effects of three a-stabi- 
lizers on a series of Ti-Mo alloys. The a additions 
include one substitutional element, aluminum, and 
two interstitial elements, carbon and oxygen. Be- 
cause of the limited solubility of carbon, the study 
also included the effects of compound formation. 
Since studies had been conducted previously on all 
the binary systems involved (Ti-Mo,? Ti-Al,® Ti-C,’ 
and Ti-O,°) the ternary and quaternary alloy compo- 
sitions were selected to form logical extensions of 
the earlier binary compositions. The alloys dis- 
cussed here may be grouped conveniently as follows: 
1) Titanium-aluminum-molybdenum; 2) titanium-oxy - 
gen-molybdenum; 3) titanium-carbon-molybdenum; 
4) titanium -aluminum-oxygen-molybdenum. 

The nominal and analyzed compositions for these 
alloys are listed in Table I, together with the fabri- 
cation temperatures. 

The following heat treatments were used to study 
the effects of microstructural condition: 

1) Anneal and quench from the £ field, to produce 
a retained or §-plus-martensite structure. 

2) Anneal and quench from the a-f field to produce 
an equiaxed a@-f structure. The annealing tempera- 
ture is selected so that the equilibrium 8 phase in 
the structure will contain 12 to 16 pct Mo. 

3) Heat into the 6 field, slow cool to the a-f field, 
hold, and quench to produce a transformed a-f struc- 
ture. The temperature in the a-f field is, in gene- 
ral, the same as that used in 2), above. 

4) Anneal in the a-f field, furnace cool to 550°C, 
hold 24 hr and quench. This results in a stabilized 
structure. 

The structures listed above can be obtained in 
those alloys that were fabricated at a temperature 
within the a-8 field. Because the alloys containing 
higher molybdenum contents were finish-fabricated 


Table |. Compositions and Fabrication Temperatures for High-Purity Ti-Mo Base Alloys 


Alloy Compositions (Balance Titanium), wt pct Forging Swaging 
Aluminum Molybdenum Carbon Oxygen Temperature, Temperature, 

Alloy Nominal Analyzed Nominal Analyzed Nominal Analyzed Nominal Analyzed Nitrogen Hydrogen LC ie 
1 Ded. 4.0 3.87 0.007 0.017 0.003 0.0024 875 760 
2 Begs 2.34 8.0 7.97 ~ 0.005 - 0.025 0.001 0.0019 875 760 
3 12.0 11.8 0.006 0.031 0.001 0.0023 875 760 
4 Ass) 2.81 16.0 1539 - 0.008 - 0.037 0.001 0.0043 875 760 
5 5.0 5.19 4.0 4,28 = 0.011 - 0.027 0.001 0.0026 980 815 
6 5.0 5.21 8.0 8,27 - 0.021 - 0.036 0.001 0.0018 980 815 
7 5.0 12.0 12.3 0.018 0.028 0.001 0.0057 980 815 
8 25.0 Tl 16.0 15.3 0.006 0.025 0.001 0.0038 980 840 
9 7.0 7.09 4.0 3.99 - 0.013 os 0.024 0.010 0.0026 980 840 
10 4.0 0.002 0.2 0.246 0.002 0.0031 875 760 
11 - - 12.0 11.4 — <0.002 0.2 0.244 0.002 0.0026 875 760 
12 25 2.07 4.0 3.84 — <0.002 0.2 0.277 0.002 0.0028 875 760 
13 Des) 2.53 12.0 IGS} — 0.002 0.2 0.2168 0.001 0.00423 875 760 
14 5.0 4,83 4.0 3.79 - 0.010 0.2 0.258 0.001 0.0051 1065 815 
15 7.0 6.76 4.0 3.80 - <0.002 0.2 0.240 0.001 0.0025 1065 815 
16 - - 4.0 4.06 0.2 0.06 _ 0.0332 0.002 0.00222 875 760 
17 12.0 0.2 0.13 0.056 0.001 0.0031 875 760 


2 Average of two determinations. 
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(a) Ti-0.20-4Mo, annealed 1 hr at 900°C and quenched. 
X250. 


(c) Ti-0.20-4Mo, annealed 16 hr at 775°C and quenched. 
X500. 


(6) Ti-0.20-12Mo, annealed 4 hr at 875°C and quenched. 
X250. 


(d) Ti-0.20-4Mo, annealed 1 hr at 950°C, furnace cooled 
to 775°C, held 16 hr, and quenched. X250. 


Fig. 1—Photomicrographs of Ti-0.20-Mo alloys illustrating typical microstructural conditions. Reduced approximately 


27 pet for reproduction. 


at or above the 8 transus temperature, it was not 
possible there to obtain an equiaxed a-8 structure. 

Fig. 1 shows photomicrographs of typical struc- 
tures that were included in this work. These are 
representative of the Ti-Mo, Ti-Al-Mo, Ti-O-Mo, 
and Ti-Al-O-Mo alloys; the Ti-C-Mo alloys are si- 
milar except for the presence of Ti-C particles. 

The evaluation of mechanical properties for each 
of these conditions included tension properties at 
room temperature, hardness values, and impact be- 
havior over a range of temperatures from —196° to 
200°C. In addition, the reaction kinetics were deter - 
mined for each composition: a) by measurements of 
hardness on specimens cooled at different rates 
from the £ field, and b) by hardness measurements 
on specimens quenched from the £ field and aged for 
various times at 400° and 550°C. 

Because of the large number of heat treatment 
and compositional variables, the effects of the differ - 
ent a additions will be discussed in terms of their 
influence on the binary Ti-Mo alloys as a base. With 
this in mind, it is helpful to consider first some of 
the characteristics of the Ti-Mo alloy system. 
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TITANIUM-MOLYBDENUM BINARY ALLOYS 


The addition of molybdenum to titanium forms a 
8-isomorphous alloy system of considerable techni- 
cal interest. Binary Ti-Mo alloys containing up to 
29 pct Mo were studied in a previous investigation.? 
Molybdenum is only slightly soluble in a Ti, but 
forms a continuous solid solution with the 6B phase of 
titanium. The £ transus temperature is lowered with 
increasing amounts of molybdenum, in common with 
many of the other 8-stabilizing elements. Upon 
quenching from a temperature above the 8 transus, 
specimens containing up to about 11 pct Mo exhibit 
a martensitic transformation, see Fig. 1(a). The 
amount of martensite present in a quenched struc- 
ture decreases with increasing molybdenum content, 
and above about 11 pct Mo, 8 phase is retained whol- 
ly, Fig. 1(d). 

Compared with other £-stabilized alloy systems, 
the Ti-Mo alloys exhibit moderate strengthening as 
the molybdenum content is increased, although there 
is ample capacity for strengthening by aging. 

Mechanical instability is pronounced in 6-quenched 
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Fig. 2—Effect of a-stabilizing additions on the transition 
temperature of high-purity Ti-Mo alloys. 


Ti-Mo alloys containing around 11 pct Mo. Mecha- 
nical tests reveal that alloys in this range of compo- 
sitions exhibit exceptionally high uniform elonga- 
tions, low ratios of yield-to-ultimate tensile 
strengths, and high resistance to notch impact. 
Alloys annealed at temperatures below the £ tran- 
sus generally exhibit mechanical properties in pro- 
portion to the quantities and strengths of @ and B 
phases present. Specimens with acicular (trans- 
formed) structures generally have about the same 
or slightly lower strengths, but lower tensile duc- 


tilities than those with equiaxed structures. See Figs. 


1(c) and 1(d) for the comparison of microstructural 
types. 


TITANIUM-ALUMINUM-MOLYBDENUM ALLOYS 


A series of nine ternary alloys was investigated, 
containing up to 7 pct Al and up to 16 pct Mo. The 
nominal and analyzed compositions for these alloys 
are shown in Table I. The primary variables stud- 
ied were alloy composition and microstructural con- 
dition, as described previously. 

Phase Relationships and Microstructures. As 
shown in Fig. 2, the 6 transus temperature is in- 
creased progressively by increasing aluminum addi- 
tions. From the microstructural evidence available, 
it appears that the a-solubility limit is virtually un- 
changed by aluminum additions; also, no significant 
change was observed in the limiting composition for 
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Fig. 3—Effect of molybdenum content on the tensile proper- 
ties of Ti-Mo, Ti-2.5 Al-Mo, and Ti-5.0 Al-Mo alloys 
quenched from the £ field. 


retaining 8 phase on quenching. 6 phase was re- 
tained in the Ti-Al-Mo alloys at 12 pct Mo, whereas 
specimens containing 8 pct Mo contained martensite. 

The four heat treatments described earlier were 
used to produce the microstructural conditions of in- 
terest: 1) Retained 8 (or 8 plus martensite), 2) equi- 
axed a-8, 3) acicular (transformed a-f), and 4) sta- 
bilized, equiaxed a-f. The annealing temperatures 
used to obtain these structures were based on the 
phase relationships shown in Fig. 2. The microstruc- 
tures in Fig. 1 are typical of those obtained for these 
alloys. 

Mechanical Properties. The specimens quenched 
from a temperature within the 8 field provide infor- 
mation that shows alloying effects most clearly. In 
Fig. 3, the combined alloying effects of molybdenum 
and aluminum on tensile properties are shown for 
ternary Ti-Al-Mo alloys. Included for comparison 
are the data for the binary Ti-Mo and Ti-Al systems. 

Ultimate strengths are increased significantly by 
molybdenum additions up to about 4 pct, and by alu- 
minum additions. At higher molybdenum levels, up 
to about 16 pct, the ultimate strengths remain nearly 
unchanged. The increase in aluminum from 2.5 to 
5.0 pct results in a more pronounced strengthening 
than does the initial 2.5 pct addition. At the level of 
12 pct Mo, which corresponds to a completely re- 
tained 6 microstructure, the effects of aluminum ad- 
ditions on yield strength are of particular interest. 
This is within the range of molybdenum contents 
where mechanical instability is encountered in both 
the binary and the aluminum-containing Ti-Mo alloys. 
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Fig. 4—Effect of molybdenum content on the tensile proper- 
ties of Ti-5.0 Al-Mo alloys in three conditions of heat 
treatment. 


As shown in Fig. 3, the low yield strength of Ti-12 
Mo binary alloys (67,000 psi) is lowered still further 
by aluminum additions. At an aluminum level of 5.0 
pet, the yield strength is reduced to 23,000 psi, al- 
though the ultimate strength is 119,000 psi. The ex- 
ceptionally high uniform elongations that were ob- 
served in the binary Ti-12Mo alloys (31 pct) were 
not attained when aluminum was added, although 
over-all ductilities remained reasonably good. Uni- 
form elongations of 3 and 6 pct, respectively, were 
observed at the 2.5 and 5.0 pct Al levels. It also may 
be noted that at 16 pct Mo, the yield strengths of the 
aluminum -containing alloys are high, close to the ul- 
timate strengths. 

These effects may be rationalized by considering 
the ways in which aluminum affects titanium alloys. 
First, it increases strength through ordinary solid- 
solution strengthening; this is accompanied by the 
normal decrease in ductility. Second, aluminum pro- 
motes the stability of the retained 6 phase by inhibit- 
ing the rate of w formation. This feature is particu- 
larly important to the aging behavior of these alloys, 
as will be discussed later. When w precipitation is 
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suppressed in the alloys containing 12 pct Mo, and 
to a lesser extent, at the 8 pct Mo level, very low 
yield strengths are observed. Initial yielding, which 
occurs by martensite formation (mechanical insta- 
bility), is followed by very rapid strain hardening. 

The effects of heat-treatment condition on the ten- 
sile properties of alloys containing 5 pct Al are 
shown in Fig. 4. Included here are three of the four 
heat-treatment conditions described earlier. Com- 
pared with the 8-quenched alloys, specimens 
quenched from the a-f field generally exhibit lower 
tensile strengths and higher ductilities. This ten- 
dency is most pronounced at the lower molybdenum 
contents, where the a-f8 anneals are conducted at 
higher temperatures and thus reach equilibrium more 
easily. The low yield strength of the 6 phase at 12 to 
16 pct Mo is reflected in the alloys annealed at a 
temperature in the a-f field at which the equilibrium 
Bphase contains this concentration of molybdenum. 
In a specimen containing 12 pct Mo, annealed to pro- 
duce an a- structure, the equilibrium 8 phase con- 
tains a greater amount of molybdenum, and the mini- 
mum yield strength is not observed. 

For specimens containing less than 8 pct Mo, the 
stabilizing anneal at 550°C affects tensile strength 
and ductility only slightly. Yield strengths, on the 
other hand, are increased as the composition of the 
equilibrium. f phase is increased. It is probable that 
some aging of the 6 phase also takes place, tending 
to increase yield strength. At molybdenum levels 
above 8 pct, both tensile and yield strengths are in- 
creased significantly, while ductilities are corre- 
spondingly lowered. This results from the age hard- 
ening of the 6 phase, and demonstrates the degree of 
age hardening that can be attained in these alloys. 

The mechanical properties of these alloys annealed 
to produce acicular a-8 microstructures are simi- 
lar to those with equiaxed structures. The most sig - 
nificant difference is a lower ductility for the speci- 
mens with acicular structures, and a slightly higher 
yield strength. 

The room-temperature impact behavior of the Ti- 
Al-Mo alloys in all four conditions of heat treatment 
is illustrated in Fig. 5. It is evident from the curves 
shown here that very significant changes in toughness, 
as measured by the notched-bar impact test, can be 
effected by variations in heat treatment. Further, the 
optimum heat-treatment conditions for one level of 
aluminum or molybdenum content may not be the best 
for another. For example, at the 4 pct Mo level, the 
B-quenched specimens all were less resistant to im- 
pact than were those annealed at lower temperatures. 
At the 12 pct Mo level, however, the Ti-2.5 Al-12 
Mo alloy is in its most impact-resistant condition 
after 8 quenching. In general, those alloys that con- 
tain mechanically unstable 6 phase exhibit good 
toughness. 

Transformation Kinetics. Considerable insight 
into the heat-treatment response of these alloys can 
be gained by a study of aging response. Specimens 
quenched from the £ field were reheated at 400° and 
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Fig. 5—Effect of molybdenum content on the room temper- 
ature impact behavior of Ti-Al-Mo alloys in four conditions 
of heat treatment. 


550°C for periods of time up to 64 hr. Hardness mea- 
surements provide a simple means for evaluating 

the degree of aging response. Those alloys contain- 
ing relatively high contents of 6 stabilizer (molyb- 
denum) are used here to demonstrate the effects of 
aluminum additions, since these provide the greatest 
response. Fig. 6 shows the effects of variations in 
aluminum content on the aging response of Ti-Al-12 
Mo and Ti-Al-16 Mo alloys. 

The results show that the transformation to w 
phase, responsible for the increased hardness in 
these alloys, is delayed by increased additions of alu- 
minum. Similarly, the time required for overaging 
is also increased with increased amounts of alumi- 
num. This observation means that aluminum is im- 
portant not only as a solid-solution strengthener of 
titanium, but also as a means of controlling the heat- 
treatment response. The effect is similar in some 
respects to the increased hardenability imparted by 
certain alloy additions to steels. This same influ- 
ence of aluminum has been observed previously for 
Ti-Al-Mn alloys® and appears to be general for B- 
stabilized alloys. 

In addition to the alloying effects of aluminum, it 
should be pointed out that molybdenum also affects 
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Fig. 6—Effect of aluminum content on the aging response 
of Ti-Al-Mo alloys quenched from the f field. 


the transformation kinetics. In particular, the rates 
of transformation become lower as the molybdenum 
content is increased. This results in part from the 
B-stabilizing effect of molybdenum; lower tempera- 
tures are required to reach the transformation range 
at higher molybdenum levels. At the same tempera- 
ture, the degree of undercooling and thus the rate of 
transformation is lower in the alloys of higher molyb- 
denum content. Also, the rates of reaction in the Ti- 
Mo alloys generally appear more sluggish than those 
of similar systems. This presumably results from 
the low diffusivity of molybdenum in titanium. 


TITANIUM-OXYGEN-MOLYBDENUM AND 
TITANIUM-CARBON-MOLYBDENUM ALLOYS 


The alloys included in this phase of the work in- 
cluded two Ti-O-Mo alloys, and two Ti-C-Mo alloys. 
The nominal and analyzed compositions are presented 
in Table I, and Fig. 2 shows the effects of these a- 
stabilizing additions on phase relationships. It may 
be noted that the intended additions of 0.2 pct O (anal- 
yses showed actual oxygen contents ranging from 
0.216 to 0.277 pct) were made with reasonably good 
accuracy. The average oxygen level of the alloys 
without added oxygen was 0.031 pct; the average ad- 
dition was 0.214 pct. Carbon additions, made by in- 
serting carbon into holes drilled in the ingots before 
remelting, were not so close; analyses showed 0.06 
and 0.13 pct, whereas the intended level of carbon 
was 0.2 pct. 

Phase Relationships and Microstructures. The re- 
sulting effects of carbon and oxygen on the transfor - 
mation temperature show that oxygen increases the 
temperature by some 50°C, whereas carbon increased 
the transus temperature only by about 20°C. How- 
ever, the lower actual carbon content of these alloys 
accounts for at least a part of this difference. The 
microstructures resulting from the four basic heat- 
treatment schedules described earlier are similar 
to those for the Ti-Al-Mo and the Ti-Mo alloys. The 
carbon additions, however, restrict the 8 grain 
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growth to some extent, and also result in the pres- 
ence of visible TiC particles in the microstructures. 
Mechanical Properties. The influences of oxygen 
and carbon additions on the tensile properties of Ti- 
Mo alloys are shown in Fig. 7. Both carbon and Oxy - 
gen increase tensile strength at the 4 and 12 pct Mo 
levels, although the influence of carbon is relatively 
slight. These interstitial solutes increase yield 
strengths somewhat more Significantly, particularly 
at the 12 pct Mo level. Ductilities are decreased, 
again with the oxygen-containing alloys generally 
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Fig. 8—Effect of testing temperature on the impact behay- 
ior of Ti-C-Mo and Ti-O-Mo alloys in four conditions of 
heat treatment. 


showing the greatest loss of ductility. It should be 
noted that in the alloys containing 12 pct Mo, ductili- 
ties remain relatively high even with the oxygen ad- 
dition. 

It is interesting here to compare the influences of 
aluminum and oxygen on the mechanical properties 
of the Ti-Mo system. Both a additions increase the 
transformation temperature and increase strength 
by solid-solution strengthening. The loss of ductility 
is roughly the same for equal amounts of strengthen - 
ing. Yield strengths at the 12 pct Mo level, however, 
are affected oppositely. Aluminum additions decrease 
yield strength, whereas the added oxygen increases 
the yield strength. This difference in behavior is 
also found in comparing aluminum with carbon, al- 
though here the effect appears less pronounced. 
These differences in behavior can be related to the 
different effects of these elements on the kinetics 
of the transformation from B to w. This will be dis- 
cussed more fully later. 

The effects of heat treatments to produce the other 
microstructural conditions of interest are similar to 
those described previously for the Ti-Al-Mo alloys. 
At the 4 pct Mo level, strengths are highest for spe- 
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cimens with the B-quenched (martensitic) structures; 
somewhat lower for those with a-8 quenched, equi- 
axed, or acicular structures; and lowest for the sta- 
bilized specimens. Ductilities of the a-8 quenched 
specimens are higher for those with equiaxed, rather 
than transformed, microstructures. 

At the 12 pct Mo level, relatively small differences 
in tensile strength are observed. Ductilities are 
more scattered, but generally are higher for the spe- 
cimens with 6-quenched structures. 

The effects of temperature on the impact behavior 
of these alloys are shown in Fig. 8. The alloys with 
4 pct Mo show improved toughness for the specimens 
quenched from the a-f field, as compared with the 
B-quenched specimens. At 12 pct Mo, the pronounced 
transition-type behavior of the B-quenched Ti-0.20- 
12 Mo alloy indicates much greater toughness than 
other conditions. This behavior is similar to that repor- 
ted previously? for the Ti-12 Mobinary alloy, although 
here the transition temperature is slightly higher. 
This effect is associated with the presence of me- 
chanically unstable 6 phase, which transforms to 
martensite during deformation with the absorption of 
energy. This effect, somewhat surprisingly, was not 
found for the Ti-0.2C-12 Mo alloys. It may be that 
the smaller 6 grain size in the carbon-containing al- 
loy or the presence of TiC particles limits the for- 
mation of strain-induced martensite. Thus, the low- 
er impact energies observed do not include the addi- 
tional energy for the martensitic formation. 

Transformation Kinetics. The aging response of 
the Ti-O-Mo and Ti-C-Mo alloys, presented in terms 
of hardness vs aging-time curves, is shown in Fig. 
9. Also included are the curves for the Ti-Al-O-Mo 
alloys that will be discussed in the following section. 
In contrast with the Ti-Al-Mo alloys, the aging re- 
sponse at the 12 pct Mo level is accelerated, and 
overaging takes place more rapidly. This is in 
agreement with the observation that interstitial addi- 
tions (oxygen, carbon) increase the rate of 8 decom- 
position. The same conclusion can be reached by con- 
sideration of the effects of these additions on the me- 
chanical properties of quenched alloys, as described 
earlier. 

From the results obtained thus far, it appears that 
the heat-treatment response of a 6-stabilized (Ti- 
Mo) alloy can be controlled by judicious additions of 
aluminum, and oxygen or carbon. All three additions 
provide solid-solution strengthening; aluminum re- 
tards 8 transformation, whereas oxygen and carbon 
accelerate the decomposition of . 


TITANIUM-ALUMINUM-OXYGEN-MOLYBDENUM 
ALLOYS 


The combined effects of aluminum and oxygen on 
the behavior of Ti-Mo alloys were studied for a se- 
ries of four alloys. These were selected at the 4 and 
12 pct Mo levels, and contained nominal additions of 
0.2 pct O and 2.5, 5.0, and 7.0 pct Al. As shown in 
Table I, reasonable agreement between analyzed and 
intended compositions was reached. 
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Phase Relations and Microstructures. The trans- 
formation temperatures for the Ti-0.20-2.5 Al-Mo 
alloys are shown in Fig. 2. From observation, it 
seems that the effects of oxygen and aluminum in 
raising the transformation temperature are cumula- 
tive. The photographs shown in Fig. 1 illustrating the 
various heat-treatment conditions are typical also for 
this series of alloys. 

Mechanical Properties. The results of tensile tests 
on these alloys for three microstructural conditions 
are shown graphically in Fig. 10. At the 4 pct Mo 
content, the tensile strength of the B-quenched speci- 
men represents the cumulative solid-solution 
strengthening of aluminum and oxygen. This high 
strength is accompanied by low ductility. By anneal- 
ing at a temperature in the a-f field, strengths are 
lowered while ductility is improved considerably. At 
the 12 pct Mo level, the effects of aluminum and oxy - 
gen on reaction kinetics are opposed. The low ratio 
of yield to ultimate tensile strength of 0.52 indicates 
that the influence of aluminum is greater at the levels 
used here. The yield-ultimate-strength ratio is low- 
er than the 0.67 value for the binary Ti-12 Mo alloy, 
but well above the 0.35 for the Ti-2.5 Al-12 Mo spe- 
cimen. 
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Fig. 10—Effect of molybdenum content on the tensile pro- 
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heat treatment. 
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ties of Ti-0.20-Al-4Mo alloys in three conditions of heat 
treatment 


The Ti-0.20-2.5 Al-12Mo alloy specimens annealed 
in the a-f field are somewhat stronger than the B- 
quenched specimen. Some strengthening occurs by 
aging, and these specimens with fine equiaxed a-p 
structures exhibited good ductilities. The optimum 
strength-ductility combination was found for the spe- 
cimen stabilized at 550°C following an a-8 anneal. 

The influence of aluminum content on the tensile 
properties of Ti-0.2 O-Al-4 Mo alloys is shown in 
Fig. 11. For the 8-quenched condition, tensile 
strengths are increased uniformly with increased 
aluminum content. Yield strengths are increased 
more rapidly at higher aluminum levels, while duc- 
tility is lowered most with the initial aluminum addi- 
tion. Specimens annealed at lower temperatures show 
similar behavior at lower strength and higher ductil- 
ity levels. The alloy containing 7 pct Al is of partic- 
ular interest because its composition is close to that 
of the commercial Ti-7 Al-4 Mo alloy. This alloy 
can be heat-treated to useful levels of strength com- 
bined with good ductility. 

The effect of a-8 grain shape (equiaxed or acicu- 
lar) is demonstrated in Fig. 12 for the Ti-0.2 O-Al- 
4 Mo alloys. Tensile strengths are nearly identical, 
whereas ductilities are higher for the specimens with 
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Fig. 12—Effect of aluminum content on the tensile proper- 
ties of Ti-0.20-Al-4Mo alloys in the equiaxed and acicular 
a- conditions. 


equiaxed structures. This improved ductility appears 
to be characteristic for titanium alloys in the equi- 
axed condition, and was observed throughout the alloy 
systems studied here. 

Transformation Reactions. The aging curves for 
the Ti-2.5 Al-0.2 O-12 Mo alloy are presented in Fig. 
9. If a comparison is made with the data for the Ti- 
Al-Mo alloys in Fig. 6, it is seen that the increase 
in reaction kinetics that might be expected from the 
oxygen addition is not observed. However, the over - 
all hardness level is increased in the oxygen -contain - 
ing alloys. It appears that aluminum is the dominant 
factor in controlling the rate of 8B decomposition, and 
that oxygen acts mainly as a solid-solution strength- 
ener. The same conclusion was reached on the basis 
of the yield-strength behavior noted in Fig. 10. 


EFFECTS OF AGING AND PRESTRAINING ON 
TENSILE PROPERTIES 


The aging response to the ternary and quaternary 
alloys discussed here has been shown in plots of 
hardness vs aging time. These indicate that in alloys 
containing above about 4 pct Mo, considerable in- 
creases in strength can be realized by aging. To de- 
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termine if this hardness increase can be reflected 
hy corresponding increases in tensile strength, spe- 
cimens were quenched from the £ field, aged 1 hr at 
550°C, and tested in tension. The aging conditions 
were selected to provide a slightly overaged struc - 
ture. 

Because heat-treatable alloys may require forming 
before final hardening, it is of interest to find how 
deformation after solution annealing affects the final 
properties of an aged material. Accordingly, speci- 
mens were machined with an oversize reduced sec- 
tion and strained in tension at room temperature 
after solution annealing. The amount of strain was 
selected to be equal to or less than the maximum 
uniform elongation for the particular alloy and con- 
dition. The specimens then were aged 1 hr at 550°C 
and the reduced sections were ground to standard 
dimensions. 

The results for a series of Ti-2.5 Al-Mo alloys 
are shown in Fig. 13. Included also are the proper- 
ties of the 6-quenched alloys, which were in the solu- 
tion-annealed condition. Two conclusions may be 
drawn from the results: first, these alloys are capa- 
ble of a considerable degree of strengthening by ag- 
ing, and second, only a slight effect of prestraining 
was observed. Although tensile ductilities are re- 
duced to very low levels in these specimens, it should 
be noted that the 6-quenched condition tested here 
provides the maximum aging response. Thus, if the 
specimens were solution annealed in the a-f field, 
corresponding more with commercial practice, the 
aging response would be diminished. This would re- 
sult in improvement in the resulting ductility and 
somewhat lowered strength. 

The observation that prestraining does not affect 
the final properties significantly is important from 
the viewpoint of forming and fabrication. This indi- 
cates that a part can be formed in the solution-an- 
nealed condition without an appreciable loss of 
strength in the final aged condition, at least for the 
amounts of deformation considered here. This con- 
clusion should be checked further, however, because 
tests on other alloys in this program indicated slight 
losses in strength under similar conditions of strain- 
ing and aging. 


DISCUSSION 


In the evaluation of alloying effects on mechanical 
behavior, it is of interest to compare the influence 
of the different @ stabilizers. This can be done by 
comparing the strength-ductility relationships of dif- 
ferent alloys at the same strength level, as was done 
in work reported previously on binary a alloys.® 

The results on a alloys® showed that at the same 
strength level, tensile ductilities (reduction of area 
and elongation) were about the same for Ti-Al (sub- 
stitutional) and Ti-N (interstitial) alloy specimens. 
On the other hand, notch toughness (impact energy) 
was higher for the alloys containing aluminum, thus 
indicating that some advantage was gained by the use 
of the substitutional alloy additions. This conclusion 
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Fig. 13—Effect of molybdenum content on the tensile pro- 
perties of Ti-2.5Al-Mo alloys quenched from the 8 field, 
prestrained, and aged. 


was of some importance, because the producers of 
commercial alloys frequently raise strength levels 
by increases in interstitial content. 

The effect noted was for binary single-phase alloys 
in which the increased strength is obtained by solid- 
solution strengthening. For the a-8 ternary and qua- 
ternary alloys studied here, the strengthening im- 
parted by solid-solution strengthening may be less 
important than the influence of the a@ additions on 
transformation kinetics. The effects of the substitu- 
tional and interstitial additions on ductility and notch 
toughness at constant strength levels were examined 
for the alloys in this program. Aside from the ex- 
pected decrease in toughness and ductility as tensile 
strengths are increased, no compositional trends 
were observed. At a given strength level, there ap- 
peared to be no significant difference between the 
ductility or notch toughness of alloys containing alu- 
minum, oxygen, or carbon. This is illustrated in Fig. 
14, which shows all the available data plotted as ten- 
sile strength vs reduction in area, elongation, and 
impact energy. This observation is of interest, be- 
cause it means that the added strength imparted by 
the interstitial elements is not accompanied by a dis- 
proportionate loss of ductility or notch toughness. 
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to the a phase leaves the stronger, heat-treatable 8 
phase relatively free of interstitial embrittling ef- 
fects. 
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Chlorination of Rutile 
Arne Bergholm 


Australian rutile was chlorinated in the presence 
of CO or carbon, The chlorination velocity in CO 
was found to be strongly influenced by temperature 
and proportional to the CO concentration, but inde- 
pendent of the Cl, concentration. In the presence of 
carbon, the reaction velocity is much higher. The 
veactivity of the carbon and the distance between the 
carbon and the rutile surfaces ave important varia- 
bles. The reaction velocity is approximately pro- 
portional to the Cl, concentration and independent of 
the CO concentration of the surrounding atmosphere. 
Experiments with fluidized-bed chlorination of 
carbon-rutile mixtures indicate that the motion of 
the bed has little influence on the reaction velocity. 
At low temperatures, the chlorination velocity of 
dense tablets is much greater than that of TiO, coke 
mixtures suitable for fluidization. The reaction 
mechanism is discussed. 


In the industrial production of TiCl, rutile is chlo- 
rinated in the presence of carbon. Disregarding 
intermediate steps, the reaction may be expressed 
by the following equations: 

TiO, +2 CL + C = TiCl, + CO, 


CL + 2CO 


[1] 
[2] 
The ultimate object of this study was to find out 
whether the reaction velocity was higher in fluidized 

bed operation compared with chlorination of pelle- 
tized carbon-rutile mixtures. From a literature sur- 
vey and preliminary experiments it was learned that 
some basic knowledge about the reaction mechanism 
was needed for a good experimental design. There- 
fore the following sets of experiments were carried 
out: 

1) Studies on the reaction velocity in the chlo- 
rination of rutile with CO as the only reducing agent. 
2) Chlorination of separate rutile-carbon tablets. 
3) Chlorination of rutile-carbon tablets at differ- 
ent temperatures with various kinds of carbon, vari- 
ous grain sizes, and various tablet- making techniques. 
This series of experiments was carried out not only 
with pure chlorine but also with mixtures of chlorine 

with argon, CO and CO,. 

4) Chlorination of rutile-carbon tablets made in 
a strictly standardized manner. 

5) Chlorination of static-bed rutile-carbon mix- 
tures. 


ARNE BERGHOLM, formerly with the Stora Koppar- 
bergs Bergslags AB, Sweden, is now Chief of the Chemical 
Engineering Department, Svenska Cellulosa AB, Sundsvall, 
Sweden. 
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6) Fluidized-bed chlorination of the same mixture. 

The experiments 4 to 6 formed the final and direct 
test of the main question: “Static bed vs fluidized 
bed”. 

Although there are many patents and papers deal- 
ing with the general aspects of chlorination, only 
few experiments from which detailed information 
can be obtained have been reported in the literature. 

Pamfilov and coworkers'~*have studied chlorina- 
tion of TiO, with CO or carbon as the reducing 
agent. They found that the weight decrease per hour 
at 600° to 800°C amounted to 11 to 14 pct with CO 
and 45 to 51 pct with carbon. They suggest that phos- 
gene might be an intermediate in the chlorination of 

Takimoto and Hattori*,° have chlorinated reduced 
titanium oxide (TiO, ,,) and found a very high rate 
of TiCl, -production. They proved that the composi- 
tion of the gas from the chlorination of rutile-carbon 
mixtures contained mainly CO,. They reported for 
instance 74.7 pct CO, and 5.6 pct CO at 800°C at 
which temperature the Boudouard equilibrium com- 
position is 12 pct CO, and 88 pct CO. 

Seligman and Segerchano® have studied the chlo- 
rination of TiO. They proved that TiO and chlorine 
react rather rapidly at temperatures as low as 
300°C. Above 400°C, the reaction 


2 TiO + 2Cl, = TiCl, + TiO, 


was complete. At 500°C the velocity of this reaction 
was much higher than was chlorination of TiO, + C. 

McTaggart,’ Nishimura, ef al.,®»® and Wilska” 
have chlorinated mixtures of carbon and various 
kinds of rutile or beneficated ilmenite. Nishimura, 
et al, also report the results from reduction of TiO, 
with H,, CO, or carbon. At 900°C only 1 pct Ti, O, 
is formed in 2 hrs. At 1100°C 23.1 pct Ti,O, was 
formed if elementary carbon was present. No car- 
bide formation occurred below 1400°C. 

McIntosh and Coffer“ have observed that the CO, 
content of the exit gases from chlorination of rutile 
and calcined petroleum coke is appreciably higher 
than found in the Boudouard equilibrium. At 900°C 
the ratio (CO, /CO + CO,) is about 80 pct, whereas 
the equilibrium value is about 2 pct. 

W. E. Dunn’? has studied the chlorination rates of 
several TiO, -bearing minerals with CO + Cl, or 
COCL,. Chlorinations were carried out either in a 
fluidized reactor or a fixed-bed reactor, both having 
a 30-mm diameter. The results obtained in both re- 
actors were comparable. It was proved that benefi- 
ciated ilmenite (z.e., ilmenite from which the iron 
oxide had been removed by chlorination) was chlo- 
rinated 10 times faster thanrutile. Sorel slag showed 
an intermediate rate. When phosgene is used, the 
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chlorination rate is about 30 times greater than with 
equimolar mixtures below 700°C. Above 800°C, phos- 
gene, and CO + Cl, mixtures had the same reactivity. 
It was found that the rate of chlorination was pro- 
portional to both the CO concentration and the Cl, 
concentration. The activation energy was found to be 
20.9 kcal per mole. The reaction rate in chlorinating 
rutile with 65 pct CO and 35 pct Cl, corresponded to 
a 3 pct weight decrease per hour at 800°C and 8 pct 
per hour at 900°C. 

Patents issued to the Du Pont!%»!4 Co, deal with 
fluidized-bed chlorination of ilmenite or Sorel slag. 

Rowe and Opie?® have reviewed various chlorina- 
tion methods. 


THERMODYNAMICS 


From thermodynamic data compiled by Kuba- 
schewski’® the standard free-energy change in Re- 
actions [1], [2], or [3] is shown in Table I. 


TiO, (s) + 2Cl, (g) + C(s) = TiCl, (g) 


+ CO, (g) aad 
+ 2 CL 2 

= TiCl, (g) + 2CO(g) [2] 
TiO, (s) +2 CL, (g) +2CO(g) 

= TiCl, (g) +20, (g) [3] 


At equilibrium, the CO, /CO ratio is about 10¢ if 
. pet Cl, is present. Therefore, if equilibrium is 
attained, Reactions [1] or [3] will ultimately con- 
vert all carbon (or CO) to CO, if TiO, and Cl, are 
in excess, 

In Table I are also listed the free-energy changes 
of the following reactions: 


TiO, (s) + 2 Cl, (g) = TiCl, (g) + O, (g) [4] 
3 TiO, (s) + CO(g) = Ti,O, (s) + CO, (g) [5] 
3 TiO, (s) + C(s) = Ti,O, (s) + CO(g) [6] 
TiO, (s) + 4CO(g) = TiC (s) +3 CO, (g) [7] 
TiO, (s) +3 C(s) = TiC(s) + 2 CO(g) [8] 


Fig. 1—Chlorination apparatus: 1) flow me- 
ters for CO, COg, chlorine, and argon; 
2) burette for the addition of TiCl,; 


3) quartz tube; 4) quartz boat loaded with 


Table |. Free-Energy Change of Rutile Chlorination 


Free-Energy Change, kcal per mole 


Reaction 600° C 800° C 1000°C 
-67 -70 
[2] -63 -74 -85 
[3] -72 -66 -60 
(4] +27 +24 
{6] 
{7] +37 +48 +55 
(8] +52 +37 +17 


From these data the following observations can be 
made: 
Reaction [4]: The order of magnitude of the oxy- 
gen pressure is 107* atm. There- 
fore it is possible that Reaction [ 4] 
may be a link in the chlorination of 


TiO, in the presence of C or CO. 


Reactions [5] 
and [ 6]: 


From a thermodynamic point of 
view, it is possible that the chlorin- 
ation of TiO, with Cl, and CO begins 
with a reduction. It should be men- 
tioned, however, that the reduction 
is known to be slow. This fact may 
be due to adsorption of CO or CO, 
on the TiO, surface, which makes 
this surface inactive. Such adsorp- 
tion is known to occur on quartz 
(Hinshelwood?}’). Of course solid 
phase diffusion processes may also 
slow down the reaction. 


Titanium carbide formation is 
highly improbable. 


Reactions [ 7] 
and [8]: 


CHLORINATION OF RUTILE IN THE PRESENCE 
OF CO 


In a series of experiments, Australian rutile hav- 
ing the following analysis 


TiO, 95.7 pct 
Fe 0.4 pct 
SiO, 0.9 pct 


rutile; 5) recipient for TiCl4; 6) conden- 
sor; 7) caustic scrubber; 8) gas exit; 
9) globar furnace; 10) thermocouple. 


CO CO, 
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Fig. 2—Chlorination of a rutile tablet resting on a char tab- 
let. Full line: the original surface; dashed line: the surface 
after chlorination; figures indicate the corrosion depth in 
millimeters. 


Al, O, 0.4 pct 
V,0, 0.7 pet 
ZrO, 0.9 pct 


was chlorinated with mixtures of Cl,, CO, and CO,. 
The rutile had a grain size of 0.15 to 0.30 mm (100 
to 50 mesh), and was subjected to the action of the 
above-mentioned gases in a quartz-tube electric 
furnace, Fig. 1. The rutile was placed in a quartz 
boat and the temperature was kept at a predeter- 
mined level by a thermocouple in the gas stream in- 
side the tube connected to a temperature controller. 
The weight of the rutile was determined before and 
after the chlorination. During the heating and cool- 
ing of the furnace, the tube was swept by pure argon. 
The relative weight decrease per hr was used as a 
measure of TiCl, formation. It was found that the 
relative weight decrease per hr was not influenced 
by the amount of rutile nor by time. 

The result of this study is summarized in Table 

From these figures the following conclusions can 
be reached: 
Experiments 4to 7: The relative weight decrease 
is independent of the amount 


1 and2: There is a marked tempera- 
ture dependence. Other experi- 
ments showed that the activa- 
tion energy in order of magni- 


tude was 25 kcal per mole. 


8 and 9: The reaction is but slightly 
retarded by CO,. 

The relative weight decrease is roughly propor- 
tional to the CO concentration. The chlorine concen- 
tration seems to be of minor importance. 

It should be observed that the reaction rate in chlo- 
rination of TiO, with CL, + CO is of the same order 
of magnitude as that of reduction to Ti,O, (Nishi- 
mura ®). This fact will support the following hypo- 
thesis: 

TiO, is first reduced to a lower oxide, Reaction 
[5], and this oxide is then chlorinated. The first- 
mentioned reaction is supposed to be rate control- 
ling. If such a reaction mechanism is assumed, the 
fact that the reaction rate is independent of the Cl, 
concentration is natural. 


CHLORINATION OF SEPARATE RUTILE-CARBON 
TABLETS 


In this series of experiments the same rutile was 
used as in the experiments just described. This 
rutile was ground to minus 200 mesh, moistened 
with water, and pressed to tablets 1.5 cm in diam. 
These tablets were sintered in air at 1200° to 
1280°C, which made them very dense and strong. 
Tablets composed of equal parts of char and a heavy 
tar were pressed and coked at 700°C in a nitrogen 
atmosphere. These char tablets were cut to cubes 
having a side length of 1 cm. A char cube was placed 
in a quartz boat and a rutile tablet was put on the top 
of it. The boat with the two pieces was heated in an 
argon atmosphere in a tube furnace and subjected to 
the action of chlorine at 600° or 800°C. At 600°C, 
only traces of TiCl, were formed and the weight de- 
crease of the rutile was only a few milligrams. The 


of rutile. char cubes invariably showed a weight increase 
Table Il. Chlorination of Rutile 
Relative 
Exit-Gas Composition Inlet-Gas Composition Weight Decrease, 
Experiment Weight, g Temp, C Co co (0), (il, TiCl, Pct per Hr 
1 POND) 1000 44 8 44 4 50 50 7.9 
2 21.0 900 48 2 48 1 50 50 Ded 
4 20.7 1000 42 11 42 5 50 50 6.6 
5 1335) 995 41 12 41 6 50 50 6.8 
6 13.6 1000 45 Ui 45 3 50 50 6.4 
7 6.0 1000 46 5 46 2 50 50 6.7 
8 20.9 990 30 37 30 3 35 30 35 Shs) 
9 13.5 1000 32 33 32 2 35 30 35 Se/ 
10 EES) 1000 31 5 31 33 35 35 30 4.9 
11 ley) 1000 20 3} 67 1 22 10 68 2.9 
12 13.3 1000 62 18 20 3 65 10 25 5e2 
13 13.3 1000 40 16 40 4 45 10 45 5.8 
14 1355 1000 61 13 20 6 70 30 8.6 
15 13.3 1000 28 8 61 4 34 66 4.9 
3 3.6 900 carbon 100 ca 300 
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which was caused by chlorine adsorption. After each 
run the carbon cubes contained 12 pct Cl, in spite of 
the fact that the tube was purged with argon during 
the cooling period which lasted several hours. At 
800°C, the rutile tablet lost 147 mg in 3 hrs. Inspec- 
tion of the surfaces of the two pieces revealed that 
corrosion had occurred only where the two pieces 
had been in contact with one another. Fig. 2 shows 
an enlarged cross section of the tablet and the cube. 
The indentations represent the two small holes 

(450 u deep) that are ground into the rutile tablet be- 
fore the chlorination. It is evident that very little 
corrosion had occurred in the bottom of these holes 
in spite of the fact that they must have been filled 
with CO and Cl,. Microscopic examination of the 
contact surfaces revealed that the tops of each indi- 
vidual grain of rutile had not been eroded more than 
were the valleys between the grains. It must be con- 
cluded that the reaction is strongly promoted by 
carbon if the distance between the carbon and the 
rutile is less than 200 or so. The points of contact 
do not corrode faster than surfaces 50 py apart. 
There was no indication of any new phase in the 
points of contact. 


PRELIMINARY EXPERIMENTS WITH CHLORINA- 
TION OF RUTILE-CARBON TABLETS 


The rutile used in these experiments originated 
from Australia and had the same analysis as men- 
tioned above. 

The carbon was mostly wood char having an ash 
content of 1 pct and a mean grain size of 150 nu. 

The binder was a coal tar having the following 
characteristics: 


The chlorine gas was of standard technical grade 
and was not purified. 

Most experiments were carried out with tablets 
pressed in a rotating-table tablet machine. These 
tablets had the diameter 1.3 cm. The compacting 
force was not known, but was probably less than 
1000 lb. The tablets were coked in a retort which 
was slowly heated to 685°C and kept at that tempera- 
ture until no more gas escaped. The composition was 
23 parts of char, 28 parts of tar, and 100 parts of 
rutile, which gave about 30 parts of carbon to 100 
parts of rutile after coking. 

Some experiments were carried out with tablets 
pressed manually in a die. The compacing force was 
about 1000 lb and the diameter 1.5 cm. These tab- 
lets were coked at a maximum temperature of 700°C. 

All chlorinations were carried out in the tube fur- 
nace shown in Fig. 1. The diameter of the quartz 
tube was 1 in. 

The procedure usually followed was to put three 
tablets in the quartz boat which was weighed and 
placed in the tube at room temperature. The appara- 
tus was purged with argon and heated to the desired 
temperature with a slow stream of argon. Then chlo- 
rine was admitted for a specified length of time, and 
after that the tube was again purged with argon and 
allowed to cool down to 300°C or below. The boat 
was taken out and weighed. It was found that there 
was no appreciable weight change during the heating 
and cooling periods. The weight decrease per hour 
was taken as a measure of the chlorination rate. In 
some experiments, the residue was burned in air 
at 800° to 900°C in order to check the carbon con- 
tent. 

In one series of experiments the gas feed was 


density 1.112 pure chlorine and in another series mixtures of 
viscosity at 69.3°C 100 centistokes chlorine with various amounts of Argon, CO, and 
distillation residue at 360°C 63.7 pct CO, were used. The results of the first series are 
phenol content 4.4 pet shown in Table I. 
insoluble in toluene 3.7 pet The experiments reported in Table II indicate 
Table Ill. Chlorination of Tablets Pressed from Rutile-Carbon Mixtures 
Rutile Tablet Weight, Weight 
Max. Grain Gis 8 Decrease 
Experiment Temp, C Time, Hr Tablet Size, p L per Hr Before After Pct Pet/Hr 
3 600 0.5 A 300 3.9 3.66 2.79 24 48 
4 600 4.0 A 300 4.0 3.63 112 70 (17) 
6 500 0.25 A 300 40 4.44 4.32 3 12 
"| 600 0.25 A 300 40 4.32 222 49 196 
8 700 0.25 A 300 40 4.43 1.41 69 276 
9 800 0.25 A 300 40 4.36 0.81 81 324 
10 700 0.25 A 300 40 4.31 1.34 56 224 
11 600 0.25 A 300 40 4.69 2.64 44 176 
12 700 0.5 B 74 40 3.21 0.16 95 (190) 
13 700 2.0 B 74 39 3.34 0.12 96 - 
14 700 2.0 B 300 40 4.54 1.44 68 - 
15 700 0.5 B 300 39 3.82 1.62 58 (116) 
16 700 0.5 B 149 40 3.91 1.01 74 (148) 
17 700 2.0 B 149 40 5.26 0.94 82 - 


A: pressed in a tablet machine 
B: manually pressed 
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Table IV. Chlorination of Rutile-Carbon Tablets with Dilute Chlorine 


Initial Final 
Initial Final Rutile Rutile Weight 
Cl, A co co, Weight, Weight, Weight, Weight, Decrease 
Experiment Temp, C Time, Hr Pct L/Hr Pct L/Hr Pct L/Hr Pct L/Hr g gZ g g Pct Pct/Hr Remarks 

41 600 0.25 20; - - 3.59 S31 2.74 2.46 10 40 
42 600 1.0 - 3.64 2.74 2.77 1.96 19 19 
43 595 0.25 5420) - - 3.91 3.39 2.97 2.48 16.5 66 
44 595 0.25 - - 3.86 3.28 2.94 71 
45 600 0.25 SO 50) - 2,92 2.44 2. 20 9.9 40 Divided Tabl. 
46 600 0.25 50 20 - - 3.73 2.89 2.84 103 50 Pet 
47 600 0.25 100 20 ~ = = = - - 4.24 2.83 3:23 2.067 93622 145 in the gas 
48 605 0.25 20 2 80 - 4.01 3.62 3.04 41 
49 595 0.25 20 2 — 60 60 20 20 4.17 3555 LATS 58 
50 595 0.25 20 20 - - 60 60 20 20 4.12 3.69 3.13 219 AO nT 40 
51 595 0.25 20 180) - - 3.68 3.54 2.80 2.68 4.3 17 
52 595 1.0 20 - - 3.94 3.10 3.00 24 
53 595 0.25 5 - - 3.99 3.99 3.05 3.05 0 0 
54 595 1.0 5 95 0 — - 3.68 3.50 2.80 2.62 6.4 6 
55 695 0.25 - - 1.54 2.83 1.04 63.5 250 
56 695 0.25 3.50 2.76 2.66 2.10 21.0 84 


that the rutile grain size and the temperature are 
important variables. Additional experiments have 
shown that loose mixtures react somewhat slower 
than tablets. Other kinds of carbon have also been 
tried, and it has been shown that above 700°C metal- 
lurgical coke and graphite react almost as fast as 
char, provided the grain size of the carbon is less 
than 150. The residue from experiment 4 was chlo- 
rinated once more after it hadbeen thoroughly mixed. 
It was found that 60 pct of the residue could be con- 
verted into TiCl, within 1.5 hr. Without mixing, 
hardly any reaction occurred. In another experiment, 
the residue was mixed with more carbon, but this 
addition did not cause more increase in the reaction 
rate than did mixing of the residue without new car- 
bon. If new rutile was added, however, all the carbon 
was consumed. 

The experiments with diluted chlorine are re- 
ported in Table IV. 

These experiments indicate that the reaction rate 
is approximately proportional to the chlorine con- 
centration. The lower chlorination rate in experi- 
ments 51 and 52 may be attributed to the low gas 
flow. In these runs the excess of chlorine was not as 
large as it was in the other runs, Experiments 48, 
49, and 50 indicate that pure CO does not influence 
the reaction velocity, nor does the admixture of CO,. 

Experiment 45 was carried out with tablets divided 
into four parts in order to find a possible gas-diffu- 
sion effect. Instead of increasing, the reaction ve- 
locity decreased. 


STATIC BED VS FLUIDIZED BED 


The object of this study was to compare the chlo- 
rination rate in the following cases: 

1) Tablets of fine-grained rutile-coke mixtures. 

2) Loose mixtures of rutile and coke with grain 
sizes suitable for fluidization. 

3) Fluidized bed of the same mixture as in 2). 

As the preliminary experiments had indicated the 
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importance of well controlled conditions as to grain 
size and the distance between the individual grains, 
great care was expended on the preparation of the 
samples in these series of experiments. Therefore 
the preparation is described in some detail. 

Material. The same rutile was employed as in 
the work described above. In the experiments of 
Case 1), the rutile was ground to 


>140 mesh 27.1 pet 
140-200 mesh _ 17.8 pct 
<200 mesh 55.1 pet 


In Cases 2) and 3), fractions between 60 and 100 
mesh were used, By the screening only 17 pct was 
rejected, and therefore no appreciable change in 
composition or quality could have occurred. 

Common metallurgical coke was used. In Case 1) 
the coke was ground to minus 200 mesh. The ash 
content was 10.2 pct. In Cases 2) and 3) a fraction 
between 30 and 60 mesh was employed. The ash 
content was 9.1 pct. 

The tablets in Case 1) were pressed in a die hav- 
ing a diameter of 2.03 cm. Each tablet contained 
8.5 g of the following mixture: 

100 parts of rutile 

14 parts of coke 
2 parts of boric acid (<100 mesh). 

To each tablet was added 0.6 g of water. The 
compacting pressure was 2 metric tons. The height 
of each tablet was 1.12 cm. The tablets were dried 
at 150°C for at least 12 hr. All tablets used in this 
series were sintered in one single sintering opera- 
tion carried out in a tube furnace in pure argon. 
The weight decrease was the same for all tablets, 
1.4 pct. As the water content of the boric acid was 
only 0.75 pct, 0.65 pct was attributed to volatile 
matter from the coke. No reaction occurred between 
the rutile and the coke. 

Apparatus and Procedure, The experiments in 
Case 1) were carried out in a tube furnace with a 
quartz tube (inside diam. 2.7 cm, length 70 cm). One 
tablet was put in a quartz boat that was 9 cm long, 


VOLUME 221, DECEMBER 1961-1125 


Ws 


2) 


Fig. 3—Fluidized bed chlorination apparatus: 1) chlorine 
inlet; 2) thermocouple: 3) electric furnace; 4) gas distribu- 
tor plate: 5) fluidized bed of rutile and coke; 6) quartz tube; 
7) thermocouple; 8) heated zone 320°C; 9) TiCl,-FeCls- 


recipient; 10) reflux condensors; 11) ice-cooled condensors; 


12) gas exit. 


0.8 to 1.2 cm wide, and 1.0 cm high. The walls of 
the boat had been pressed aside in one section in 
order to allow the tablet to rest with its axis coin- 
ciding with the axis of the tube. The temperature 
was determined both inside the tube near the sample 
and outside the tube. The exit gases were led through 
a 1-liter suction flask attached to the tube end. Part 
of the TiCl, condensed in the tube and dripped di- 
rectly into the flask. The gases and uncondensed 
TiCl, were led to the exhaust. Chlorine, argon, and 
CO were supplied through capillary orifice meters 
which had been calibrated beforehand. 

In Case 1), one tablet was placed in the boat and 
weighed. The boat was then pushed into the tube that 
was purged with pure argon and heated to the desired 
temperature. Then the predetermined gas mixture 
containing chlorine was fed through the tube. The 
experiment was stopped after a certain time by purg- 
ing with a fairly large amount of argon. When the 
tube had cooled down to 250°C, the tablet was taken 
out, stored in a desiccator for 15 min, and weighed. 
This procedure was repeated until all carbon had 
been consumed. 

The experiments of Case 2) were carried out in 
the same apparatus as Case 1). Instead of the boat, 

a short quartz tube (inside diam 2.2 cm, length 10 
cm) was used. Both ends of this tube were narrowed 
to a diameter of 1.4 cm. This tube was supplied with 
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Fig. 4—Gas inlet into the fluidized bed: 1) quartz disk; 

2) graphite distribution plate with 8 radial V-shaped slots at 
the bottom; 3) thermocouple well of quartz; 4) thermocouple; 
5) asbestos packing; 6) quartz tube. 


8 g of rutile and 2.4 g of coke. It was weighed be- 
fore and after each run. Before the same mixture 
was chlorinated again, both ends of the tube were 
plugged with rubber stoppers. It was then shaken 25 
times so that all ashes could be torn away from the 
surface of the coke. It was found that the amount of 
dust which adhered to the stoppers was less than 

1 mg. 

Fig. 3 shows the apparatus used in fluidized-bed 
chlorination. The gas distributor is shown in Fig. 

4, It was observed that an incipient fluidization oc- 
curred at 3.5 cm per sec at 850°C if CO or argon 
was used as the fluidized medium. The chlorination 
was carried out with a gas mixture containing 1 part 
of Cl, and 5 parts of CO. The gas rate was 11cm 
per sec during the first part of the experiment and 
16.5 cm per sec in the latter part. 

Results, The results of Cases 1) and 2) are shown 
in Tables V and VI and in Figs. 5 and 6. 

Only two experiments with fluidized-bed chlorina- 
tion were carried out. The bed was charged with 
384 g of a rutile-coke mixture containing 30 parts 
of coke and 100 parts of rutile. The initial weight of 
the mixture in Run C2 was not determined, but is 
calculated to be 332 g. After the two experiments, 
the weight of the bed was 281 g. The carbon content 
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Table V. Case 1: Chlorination of Tablets 


Diameter 2.0 cm., Height 1.1 cm; 14 Parts of Coke per 100 Parts of Rutile 
Gas Mixture: Chlorine + Argon 


Chlorine 


Weight Weight 
Temp, Time, Concentration, Supply, Before, After, Decrease,® 

Run C Hr Pct L/Hr g g Pct/Hr 
Al 680 0.25 100 40 8.555 5,190 270 
705 0.25 100 40 5.190 3.554 
A3 720 0.5 100 40 3.554 3.497 

A4 710 0.25 50 20 8.435 6.951 112 
A5 705 0.25 50 20 6.951 5,457 

A6 71 0.5 50 20 5.457 3.437 

AT 1.0 50 20 3.437 3.138 

A& 710 0.5 20 20 8.614 6.908 62 
A9 710 0.5 20 20 6,908.9 5,123 

A10 710 1.0 20 20 

All 710 2.0 20 20 3,216 3,060 

A12 850 0.25 50 30 8,570 5,422 220 
A13 855 0.25 50 30 5.422 3.825 

Al4 855 0.5 50 30 3.823 2.843 

A1l5 855 1.0 50 30 2.843 2.818 

Al6 850 Oks! 20 30 8.514 5.920 160 
A17 855 0.3 20 30 5.920 4,434 

Al8 855 0.5 20 30 4.434 3,138 

Al19 860 1.0 20 30 3.138 3,120 


“The weight decrease is expressed in pct of the total weight decrease, 
i.e., the difference of the original weight and the weight when all car- 
bon has been consumed. 


of the residue was the same as that of the initial 
mixture. The carbon consumption was therefore 1.8 
mole carbon per mole of rutile. The main part of 
the oxygen content of the rutile has thus been con- 
verted into CO, The velocity of the chlorination may 
be judged from the chlorine concentration in the 

exit gases. In order to simplify the calculation it is 
assumed that the chlorination velocity is proportional 
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Fig. 5—The relative weight decrease of rutile-coke tablets 
containing 14 parts of coke per 100 parts of rutile. Temper- 
ature 700°C. Tablet diam 2 cm, height 1.1 cm. 
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Table VI. 


Case 2: Chlorination of Loose Mixtures of 


Rutile (60 to 100 Mesh) and Coke 


30 Parts of Coke Per 100 Parts of Rutile 


Chlorine Weight Weight 
Temp, Time, Conc., Supply, Diluting Before, After, Decrease, 

Run C Hr Pct L/Hr Gas g g Pct/Hr 
Bl ZLOSE 0525 50 20 A 10.400 10.178 8,5 
B2 710 0.25 50 20 A 10,178 10.065 4,5 
B4 40 10.400 7.461 110 
BS 850 0.25 100 40 - 7,461 5,150 123 
B6 860 0.5 100 40 5150935520 63 
B7 865 0.25 20 CO 10.400 8.616 68 
B8& 860 0.25 20 20 co 8.616 7.306 61 
B9 860 0.5 20 Co 7,306 4.800 68 
20 20 A 10.400 8.700 65 
Bi 355 20 20 A 8.700 7.118 73 
7855. 4085) 20 20 A 7.118 4,924 62 
B13 1000 0.25 20 20 CO 10.400 7.060 130 
B14 1010 0.25 20 20 Co 7.060 4.422 150 
B15 1010 0.50 20 20 co 4.422 1.838 (117) 
B16 1020 0.25 20 20 A 10.400 8.190 85 
B17 1010 0.25 20 20 A 8,190 5.923 110 
B18 1020 0.5 20 20 A (73) 


to the chlorine concentration, an assumption which is 
supported by the preliminary experiments. Table 
VI contains data from both runs, and in the last two 
columns the ratio between the chlorination velocity 
(expressed as weight decrease per hr) and the chlo- 
rine concentration. 

The values in Table VII indicate that, in this case, 
piston flow is more probable than complete mixing. 
The different order of magnitude of the exit chlorine 
concentration in the two experiments is not inciden- 
tal, as the figures reported in Table VII are both 
means of several analyses with low standard devia- 
tions. The chlorination velocity is therefore likely 
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Fig. 6—The relative weight decrease of rutile-coke tablets 
containing 14 parts of coke per 100 parts of rutile. Temper- 
ature 850°C. Tablet diam 2 cm, height 1.1 cm. 
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Table VII. Fluidized-Bed Chlorination of Coke Rutile Mixtures 
Cl, W. decrease 
Temp, Time, Gas Feed Exit Gas, Consumption, Cl,-consumption 
Run G Min Pct Cle Pct CO L/Hr Moles a’ 
Cl 855 43 16.7 83.3 240 0.22 15? 5.9 (100) 
855 38 16.7 83.3 360 2.9 4.2 


‘No mixing (piston flow) assumed. 
*Complete gas-phase mixing assumed. 


to be about 5 pct per hr at 1 pct Cl,-conc., which is 
not far from the value 65/20 = 3.25 that can be cal- 
culated from Run B10. It is probable that fluidiza- 
tion has influenced the reaction velocity but slightly. 

The values in Tables V and VI need little discus- 
sion. It is evident that the chlorination rate of dense 
tablets of finegrained rutile and coke at 700°C is 10 
times higher than that of loose stationary mixtures 
of rutile and coke with a grain size suitable for a 
fluidized-bed feed. In reaction rate of the tablets is 
sufficient to warrant the use of static-bed chlorina- 
tion at 700°C, 

At 850°C the difference between the chlorination 
rate of tablets and that of loose mixtures is less 
pronounced (compare for instance Run A16 with 
B10). In tablet chlorination, the reaction rate seems 
to be approximately proportional to the chlorine con- 
centration. At all temperatures except those above 
1000°C, the addition of CO instead of argon does not 
change the reaction velocity. 

The results from Case 2) indicate that the reac- 
tion velocity is the same whether the reaction lasts 
30 min or 15 min after shaking the mixture. One 
exception is Runs B4 and B6, where large portions 
of the mixture were consumed between the mechani- 
cal treatment of the mixture. It is, therefore, prob- 
ably that the ash layer or other inert material on the 
grains retards the reaction only if these layers are 
rather thick. 


CONCLUSIONS 
The reaction mechanisms of the two reactions 
TiO, +2 Cl, +2CO=TiCl,+2CO, and 
TiO, +2Cl, + C = TiCl, + CO, 


[3] 
[1] 
seem to be different. At temperatures below 1000°C, 
Reaction [3] is much slower than[1]. The velocity 
of [3] is proportional to the CO content, but inde- 
pendent of the Cl, concentration, whereas the veloc- 
ity of [1] is proportional to the Cl, content and in- 
dependent of the CO content of the gas phase. 
Reaction [1] is rapid, only if the distance between 
the rutile and the carbon surfaces is below 200 Le 
but direct contact between the grains is not required. 
The chlorination rate is increased with increasing 
temperature, and the temperature dependence is 
more pronounced at low temperatures (500° to 650°C 
if char is used and 700° to 850°C with coarse- 
grained coke). The carbon is mainly converted into 
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CO,, particularly if there is a deficit of carbon, or 
if low-reactivity carbon is used. 

These characteristics of Reaction [1] may be in- 
terpreted by assuming the formation of an interme- 
diate, unstable compound. As a matter of fact, it 
has been suggested by Pamfilov that phosgene should 
be such an intermediate. This is, however, less 
probable, as phosgene dissociates into CO and Cr, 
and the degree of dissociation changes from 91 pct 
at 600°C to 99.8 pct at 800°C and 99.9 pct at 900°C, 
Such a dissociation ought to be reflected in the re- 
action velocity of Reaction [1]. This is the case if 
phosgene is used as the chlorinating agent. Further- 
more, the dissociation of phosgene should be depend- 
ent on the CO concentration, but Reaction [1] is in- 
dependent of the CO concentration. It is more prob- 
able that Reaction [1] is analogous to the reaction 
between H, and Cl, or O, and Cl, where atomic 
chlorine and radicals such as ClO play a part. 

The fact that phosgene promotes the reaction 
might be attributed to the well known formation of 
Cl atoms or COCI radicals during the decomposi- 
tion of phosgene. 

As the chlorination velocity of dense tablets of 
fine-grained rutile and coke is much higher than 
that of low-depth loose mixtures it is improbable 
that gaseous diffusion is a rate controlling factor. 
Therefore the low gaseous diffusion resistance in 
fluidized state operation seems to be of minor im- 
portance in this case, at least below 900°C. 

As the chlorination velocity is found to be propor- 
tional to the Cl,-concentration, the back-mixing of 
gas occurring in a fluidized bed lowers the chlorina- 
tion velocity unless fairly high chlorine losses are 
tolerated. 

Above 1000°C reaction [3] is rather fast and the 
reaction velocity is independent of the chlorine con- 
centration. At such high temperatures fluidized bed 
Operation seems to be a more natural choice. 
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Etfect of Heat Treatment on the Structure, 


Mechanical Properties, and Corrosion Resistance of 


Heavy Forged Sections of Zircaloy-2 


John H. Schemel 


Large Zircaloy-2 hammer or press forged bars 
did not exhibit the uniform excellent corrosion re- 
sistance to steam normally expected of the alloy in 
wrought form. Weight gains of coupons cut from 
Jorged bars were 40 to 60 mg per sq dm compared 
to the 28 mg per sq dm obtained on hot rolled sheet 
and strip. The mechanism of this corrosion and its 
relation to microstructure is discussed. After these 
observations, a solution heat treatment followed by 
vapid cooling was tried on coupons from eight heats 
of forged bars. The basket-weave structure result- 
‘ing from the quench did not show agglomeration of 
intermetallic compounds. These coupons showed uni- 
formly good corrosion resistance with weight gains 
very close to the 28 mg per sq dm expected of Zirc- 
aloy-2 after the 14-day steam test. A large forging 
was solution heat-treated and tested for structure, 
mechanical properties, and corrosion resistance. 
Corrosion resistance was excellent and uniform 
throughout the section. The normally anisotropic me- 
chanical properties were changed to completely iso- 
tropic. Strength levels weve raised while there was 
a small loss in ductility at the service temperature. 
Tempering of the quenched structure below the B 
transus did not improve the ductility at the test tem- 
perature of 600°F., 


ZIRCALOY-2* end caps for nuclear fuel elements 


*Zircaloy-2 is an alloy of 1.5 pct Sn, 0.1 pct Fe, 0.1 pct Cr, and 
0.05 pct Ni, balance hafnium-free zirconium patented by Westing- 
house Electric Co. 
used in pressurized water reactors are machined 
from large. hammer -finished forged bars. The bars 
forged for this application range from 3 1/2 in. to 
7 1/2 in. squares. 


SCHEMEL Junior Member AIME, (Senior Re- 
search Engineer, Carborundum Metals Co., Akron, N. Y. 
Manuscript submitted March 17, 1961. IMD 
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One of the tests used to evaluate Zircaloy -2 for 
this service is a 14-day exposure to very high-purity 
steam at 750°F and 1500 psi pressure. 

Normally wrought products will exhibit a black 
lustrous film of zirconium oxide after the test and 
show a weight gain of approximately 28 mg per sq 
dm. 

Coupons representing the forged bars exhibited a 
wide variety of corrosion results ranging from ac- 
ceptable black coupons to some covered with white 
crystals of zirconium oxide that had weight gains of 
nearly 100 mg per sq dm. One of the most common 
effects was a white corrosion product that looked 
like a stain to some observers and the outline of 
massive metal grains to others. Very careful speci- 
men preparation prior to the corrosion test did not 
affect the result and metallographic examination 
did not reveal a structural feature of a size and 
shape that would correlate with the corrosion prod- 
uct. In addition to the relatively poor corrosion 
resistance, the forged product was not as ductile 
as desired. 

The problem of obtaining uniform and more ac- 
ceptable properties in these heavy-forged sections 
seemed to be a function of the microstructure of 
the metal and, in particular, the distribution of the 
intermetallic compounds. None of the four alloying 
elements however are appreciably soluble in a 
zirconium and are present as compounds which 
usually appear scattered randomly throughout the 
structure. Moudry’ showed that the distribution of 
these intermetallic compounds in Zircaloy could be 
related to a “stringer” corrosion failure. Grozier 
et al. discussed another structural defect that 
causes a similar corrosion effect. In this case, 
an elongated gas-void was determined to be the 
cause. M. L. Picklesimer held in his discussion of 
the Grozier paper that at least a part of the ob- 
served “stringers” were caused by the distribution 
of the intermetallic compounds. He proposed a 
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Table I. Coupon Corrosion Test Data 


Weight Gain, mg/dm? 


3-Day Exposure 


14-Day Exposure 


Sample No. Control L 1800°F Quench Q 2100°F Quench 4 Control L 1800°F Quench Q 2100°F Quench 4 
K-442 41 38 V7, 52 51 30 
K-444 41 41 16 51 58 28 
K-453 21 18 17 32 27 27 
K-454 25 20 14 35 29 25 
K-455 24 18 17 33 27 25 
K-456 19 16 17 42 24 26 
K-474 17 19 15 27 28 27 
K-475 18 18 16 27 27 25 
Specification Maximum 22 22 22 38 38 38 


Exposure: high-purity steam at 750°F and 1500 PSi in a static autoclave. 


corrective production procedure of solution heat- 
treatment, followed by hot working and recrystalli- 
zation in the @ field (below 1450°F).3 The hot work- 
ing and recrystallization to the equiaxed grains is 
necessary to promote ductility according to Dr. 
Picklesimer’s Patent Number 2,894,866. All of 
these investigators reached the conclusion that a 
microstructure of large q@ zirconium grains of 
relatively low alloy content surrounded by a network 
of intermetallic compounds induced by slow cooling 
from the £ or @ plus 8 regions would yield poor re- 
sistance to corrosion. The same precipitation of 
iron and chromium intermetallic compounds was 
found to be the cause of intergranular corrosion of 
the heat-affected zone of welds made in commercial 
zirconium of high-impurity content. Priest and 
Payne,* in conjunction with the author of this paper, 
showed that solution heat-treatment would correct 
this condition without seriously impairing the 
formability of the metal. 


POSSIBLE SOLUTIONS 


Zircaloy is usually forged starting at 1700°to 
1800° F for the 12 and 16 in. diameter ingots. Work- 
ing is completed well above 1450° F so that the con- 
dition of slow cooling from the a plus £ region re- 
ferred to above is present during the production of 
forged bars. 

If slow cooling through the 6 to a transition is the 
cause of the corrosion-prone structure or at least 
a major contributing factor, then a practice must be 
devised that will avoid the slow cooling. Forging in 
the all-q@ phase below 1450° F is difficult because of 
the great forces required to move the material and 
the risk of cracking during severe reductions. 

An alternative is a post-forging heat treatment 
that would alter the structure to one that will give 
the required corrosion properties and is particularly 
desirable because it will permit the forging opera- 


Table Il. Grouping of Heats by Structure and Performance 
in Corrosion Test 


Group 1 K-442, K-444 
Group 2 K-453, K-454,K-455, K-456 
Group 3 K-474, K-475 


1130-VOLUME 221, DECEMBER 1961 


tions to take place at temperatures where the work- 
ing. characteristics are favorable. 

Solution heat treatment to disperse the offending 
compound gave the greatest promise of producing 
usable material in spite of Goodwin et al.5 who 
showed that this treatment will markedly reduce the 
ductility of the metal. Eight heats of forged bars 
were available for study from current production 
work. These heats had shown wide variance in cor- 
rosion properties in the required quality control 
tests despite the fact that processing was nearly 
identical for all the heats. In all cases, 12 in.-diam 
ingots were hammer-forged to required size in one 
or more operations commencing at 1750° F and end- 
ing with the metal still above 1550°F. All but two of 
the heats were annealed for 30 min at 1550° F after 
forging. 


EXPERIMENTAL HEAT TREATMENT 


A preliminary experiment was undertaken in which 
one of the retainer samples from each of the eight 
heats was used. Three adjacent coupons were cut 
from each sample for experimental heat treatment. 
One coupon from each heat was held as a control 
and received no further heat treatment, one was 
water -quenched from 1800° F, and one was water- 
quenched from 2100°F. For identification the con- 
trols were designated, L; those quenched from 
1800° F, Q; and those quenched from 2100° F, A. 

To represent a structure of a plus £, 1800° F was 
chosen and 2100° F represented an all-6 phase 
structure. After heat-treatment, the coupons were 
made into standard corrosion specimens. About 
0.030 of an inch of metal was machined from all 
surfaces to remove oxygen contamination. The cou- 
pons were tested for a total of fourteen days in 

750° F, 1500 psi steam. The test was interrupted 
after 3 days for preliminary data and then continued 
for the balance of the 14 days. 

Table I gives the weight gains of the coupons- dur - 
ing the test periods. After autoclaving, the L 
(control) coupons, and the @ coupons from two heats 
exhibited white corrosion product. The other L and 
@ coupons exhibited various shades of grey and 
black lustrous oxidation coatings with some “string- 
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Fig. 1—Microstructure of group 1 forgings, as forged and 
annealed. Polarized light, X125, electrolytic etch. Re- 
duced approximately 26 pct for reproduction. 


ers.” The A coupons from all eight heats exhibited 
a very lustrous black coating with the microstruc- 
ture very prominent from the pretest etching treat - 
ment. Metallographic examination of the control 
coupons revealed considerable difference in grain 
size among the eight heats. By a correlation of 
microstructure and corrosion behavior, the eight 
heats may be diyided into three groups. The heats 
falling in each group are given in Table II. 

Group 1 heats had the largest grain size and the 
coarsest agglomeration of intermetallic compounds, 
Fig. 1. In agreement with Moudry’s correlation, 
these heats showed poor resistance to corrosion 
prior to experimental heat treatment. The quench 
from 1800° F did not refine the structure, Fig. 2, and 
seemed to aggravate the corrosion. A quench from 
2100° F altered the microstructure to a basket- 
weave or “Widmanstatten”-type of structure consist- 
ing of fine platelets of a zirconium with the inter- 
metallic compounds finely dispersed throughout, 
Fig. 3. The large network seen in this structure is 


Fig. 3—Microstructure of group 1 forgings, water quenched 


from 2100°F. Polarized light, X60, electrolytic etch. Re- 
duced approximately 26 pct for reproduction. 
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Fig. 2—Microstructure of group 1 forgings, water quenched 
from 1800°F. Polarized light, X125, electrolytic etch. 
Reduced approximately 26 pct for reproduction. 


the outline of the prior 6 grains. This structural 
feature is quite large and was evident on the pickled 
corrosion coupons, both before and after test. 

Group 2 heats, prior to experimental heat treat- 
ment, had a finer structure, Fig. 4, but the interme- 
tallic compounds were still primarily precipitated at 
the grain boundaries, and the grains were elongated 
in the direction of working. This group did not ex- 
hibit completely satisfactory corrosion results but 
were borderline in most cases. Quenching this group 
of coupons from 1800°F enlarged the grain size, 

Fig. 5, but improved the performance in the corro- 
sion test to the point at which all coupons would have 
been acceptable under the standards in effect at that 
time.* The quench from 2100°F converted the micro- 


*Certain present comparative standards for the degree of blackness 
and the incidence of pitting to evaluate corrosion films on Zircaloy 
coupons were not used when this test program was undertaken. 


structure to a similar, but finer, structure than ob- 
tained with the group 1 heats. 
Group 3 heats had the finest grains in the as-forged 


Fig. 4—Microstructure of group 2 forgings, as forged and 
annealed. Polarized light, X125, electrolytic etch. Re- 
duced approximately 26 pct for reproduction. 
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Fig. 5—Microstructure of group 2 forgings, water quenched 
from 1800°F. Polarized light, X125, electrolytic etch. 
Reduced approximately 26 pct for reproduction. 


condition with the intermetallic compounds distri- 
buted more evenly throughout as shown in Fig. 7. 
These coupons yielded satisfactory corrosion re- 
sults, both in weight gain and surface appearance. 
These coupons, when quenched from 1800° F, hada 
structure, Fig. 8, similar to the group 2, Q speci- 
mens. 

These coupons reacted satisfactorily in the steam- 
corrosion test. Quenching from 2100° F yielded a 
very fine “Widmanstatten” structure within the out- 
line of the prior 6 grains, Fig. 9. Once again, the 
corrosion results were excellent. 

Although it was obvious that a quench from the 
B region was indeed effective in improving the cor- 
rosion resistance of the forgings, an effort was made 
to find the cause of the variation in corrosion be- 
havior shown by the supposedly identically produced 
forgings. There are many possible sources of vari- 
ation to consider in accounting for this behavior. 

A very complete search of the history of this 
material was made from the original sponge used 


ale 


Fig. 7—Microstructure of group 3 forgings, as forged. 
Polarized light, X125, electrolytic etch. Reduced approx- 
imately 26 pct for reproduction. 
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Fig. 6— Microstructure of group 2 forgings, water quenched 
from 2100°F. Polarized light, X60, electrolytic etch. Re- 
duced approximately 26 pct for reproduction. 


through the melting and forging practices. As far 
as could be determined, all of the heats came from 
identical stock and were manufactured in precisely 
the same manner. 

All the heats were forged by one steel mill using 
the same practice each time. Only the fact that 
group 3 heats were not annealed after forging stood 
out. This fact cannot be assigned great significance 
because all forgings were finished above the 1550° F 
used for the anneal and were air cooled. 

Because no assignable cause for the variation in 
corrosion behavior was found, the remedial heat 
treatment was investigated further. It remained to 
be shown that the heat treatment would be effective 
throughout the large sections and that the mechani- 
cal properties were not adversely affected. The 
short-time elevated-temperature tensile test con- 
ducted at 600° F is used to evaluate Zircaloy -2. 
Forged bars of Zircaloy usually have exhibited 
marginal elongation. The average elongation in the 
longitudinal direction for the twenty-seven tests 


Fig. 8—Microstructure of group 3 forgings, water quenched 
from 1800°F. Polarized light, X125, electrolytic etch. 
Reduced approximately 26 pct for reproduction. 
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duced approximately 26 pct for reproduction. 


made on the eight selected heats was 28 pct. A 
minimum elongation of 30 pct transverse and 24 pct 
longitudinal is usually specified. Many factors, in- 
cluding specimen configuration, influence the elonga- 
tion measurement. Some of these are discussed by 
Dr. H. L. Kall and the author in a recently published 
report.® 


FULL-SCALE EXPERIMENTAL HEAT TREAT- 
MENT 


An experiment was developed to obtain the most 
information from the quenching of a single forging. 
It was necessary to choose the largest section size 
available from a heat that showed poor corrosion 
resistance in the as-manufactured condition. A 
block, 3 1/2-in. thick by 7 1A4-in. wide by 7 1/2-in. 
long, from the bottom of heat K-444 was chosen. 
This block was sawed from a long 3 1/2-in. by 
71/4-in. bar. 

To establish the properties of the forging prior 
to the experimental heat treatment, slabs approxi- 
mately 3/4 of an inch thick were cut from the block. 
Slab “A” was cut parallel to the long axis of the 
forged bar and slab “B” was cut perpendicular to 
the long axis. Specimens were cut from these slabs 
to represent the mechanical properties in all three 
directions. Specimens 51 and 52 represented trans- 
verse properties and 56, longitudinal. 

Because some investigators have reported that 
properties of large sections vary with the distance 
from the surface, a provision to test for this effect 
was made. Tensile specimens 52 to 55, cut at i/2=in. 
intervals from the surface to the center of slab “B”, 
represented a continuous cross section of the large 
forged bar. Six corrosion specimens were also pre- 
pared from various parts of the section to explore 
this effect. Tensile specimens were the 0.250-in- 
diam round bar specified in ASTM Methods E-8. 

The remaining block, 3 1/2 by 6 3/4 by6 1/2 in., 
was heated to 2100° F in a muffle furnace with an 
argon purge to minimize oxidation. The block was 
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Table III. Steam Corrosion Test Results on Forging 
K-444B Before and After Quench from 2100°F 


(14 days in 750°F — 1500 psi steam) 


Speci- Weight 
men Gain Remarks 
1 44.8 he Black Lustrous Light Pitting 
24 49.7 les Black Lustrous Light Pitting 
3 48.3 aul Black Lustrous Light Pitting 
4 46.5 £1° Black Lustrous Light Pitting 
5 48.5 Sie Black Lustrous Light Pitting 
6 49.0 oO 5 Black Dull Luster 
50.6 Black Lustrous Moderate Pitting 
8 51.6 j Black Lustrous Moderate Pitting 
9 28.8 T Black Lustrous with Prominent 
\ Grain Structure Visible on Samples 
10 30.0 | Black Lustrous with Prominent 
| Grain Structure Visible on Samples 
11 28.5 | Black Lustrous with Prominent 
Grain Structure Visible on Samples 
12 29.8 | Black Lustrous with Prominent 
| Grain Structure Visible on Samples 
13 30.4 | Black Lustrous with Prominent 
G | Grain Structure Visible on Samples 
14 30.1 5 Black Lustrous with Prominent 
Es Grain Structure Visible on Samples 
15 31.6 mal Black Lustrous with Prominent 
2 | Grain Structure Visible on Samples 
16 27.0 < | Black Lustrous with Prominent 
| Grain Structure Visible on Samples 
17 28.8 Black Lustrous with Prominent 
| Grain Structure Visible on Samples 
18 26.8 | Black Lustrous with Prominent 


Grain Structure Visible on Samples 


charged with the furnace at 1100° F and required 

2 1/2 hr to reach 2100°F. A soaking period of 1 hr 
was allowed to insure that the whole block was uni- 
formly heated after which time it was quenched in 

a 55-gal drum of flowing water. An optical pyro- 
metric check of the temperature prior to quenching 
showed 2010° F. After being shot-blasted to remove 
the oxide, the centermost portion of the block was 
cut out for testing. The tests were made on material 
from as near the center as possible to minimize the 
effects of complex cooling at the corners of the 
block. All the tests made on the control slabs were 
repeated on the quenched block. Tables II and IV 
give the results of these tests. 

A microstructure survey of the quenched bar re- 
vealed the basket-weave, transformed £ structure 
throughout the section. The center of the section 
had a slightly coarser structure than the surface, 
Fig. 10. This relatively small difference indicates 
that considerably larger sections could be quenched 
out in the same manner. 

Results of the 14-day steam-corrosion tests on 
coupons from the forging confirmed the improve- 
ment in corrosion resistance imparted by a rapid 
cool from the £ field. The eight control coupons cut 
from the forging prior to heat treatment showed an 
average weight gain of 49 mg per sq dm. Variation 
in the weight gain could not be correlated to distance 
from the surface. The previously cited surface ef- 
fect was not found in this case. 

The specimens cut from the forging after heat 
treatment yielded very uniform weight gains in the 
corrosion test. The average weight gain was 29.3 
mg per sq dm and the standard deviation for the ten 
results was 1.5. This small standard deviation in- 
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Table IV. Tensile Properties of Forged Bar Tested at 600°F Per Mil-Z-19859A 


Position Ultimate 0.2 Pct Offset 
and Specimen ; Heat Tensile Yield Elongation Reduction 
Direction Number Treatment Strength Psi Strength Psi in 1 In. Pct in Area Pct 
Longitudinal 56 Annealed at 1550°F 29,600 17,200 35 55 
61 Quenched from 2100°F 41,000 27,500 29 69 
Transverse 51 Annealed at 1550°F 30,300 21,500 34 64 
62 Quenched from 2100°F 34,900 23,900 29 63 
Transverse 52 Annealed at 1550°F 25,800 18,100 31 61 *Defective 
Surface 57 Quenched from 2100°F 40,400 29,300 32 70 Specimen 
Transverse 53 Annealed at 1550°F 30,600 21,800 34 66 
1/2 in. from 58 Quenched from 2100°F 36,400 24,000 29 62 
Surface 
Transverse 54 Annealed at 1550°F 30,800 21,800 34 67 
lin. from Surface 59 Quenched from 2100°F 35,800 24,900 31 62 
Transverse 55 Annealed at 1550°F 31,200 21,700 34 66 
11/2 in. from 60 Quenched from 2100°F 35,800 26,100 28 60 
Surface 
Average for all Annealed at 1550°F 30,200 21,700 34 65.8 
Transverse Quenched from 2100°F 36,700 25,600 29.8 63.4 


dicated no significant variation in corrosion resist- 
ance anywhere in the section. This added to the 
metallographic evidence that even larger sections 
could be satisfactorily quenched out. 

Further evidence of the dependence of pitting 
corrosion on the microsegregation of the intermetal- 
lic compounds was discovered by a very careful ex- 
amination of the control coupons after testing. The 
incidence of pitting could be related to the direction 
of hot working. Coupon faces that were parallel to 
the direction of working showed many pits in the 
corrosion film, whereas those faces cut transverse 
to the direction of working had few pits. It may be 
seen in an examination of the microstructure that 
the grains, when exposed in longitudinal section, 
are elongated and the intermetallic compounds are 
strung out along the grain boundaries. This condi- 
tion may be contrasted, Fig. 11, to the structure 
shown in the transverse section. In the transverse 
section the grains are irregularly shaped and again 
surrounded by the intermetallic compounds. Be- 
cause of the smaller apparent grain size and the 
very irregular shape of the grains, the actual distri- 
bution of the compounds approaches a random pat- 
tern without the “stringer” type of aggregation shown 
in the longitudinal section. 

Hardness transverses were made across the forg- 
ing prior to and after quenching. No signifi¢ant vari- 
ation was found in either transverse, although the 
quench did raise the average hardness level from 


85 Rg in the annealed bar to 87 in the quenched bar. 
The tensile tests at 600° F made on the specimens 
cut from the control slabs illustrated the anisotropy 
of the forged structure in two ways. The first was 
the obvious difference in the longitudinal properties 
as shown by specimen 56 and the transverse prop- 
erties shown by specimens 51 to 55. The second 
indication of anisotropy was the elliptical fractures 
of the test coupons. The general strength and duc- 
tility of this forging is about average for the sections 
of this size in general. Specimen 52 was defective 
and results reported for this specimen should be 
ignored. The test was not repeated because the 
sample material was exhausted. In general, the 
tests showed that the mechanical properties of this 
forging at 600° F were acceptable under MIL-Z- 
19859A ,* but that the transverse ductility was very 


*MIL-Z-19859A (SHIPS) Specification for Zircaloy-2 Wrought Pro- 
ducts used in the Naval Reactor Program. 


close to the specified minimum. 
After quenching, the anisotropy disappeared and 
properties were the same in all directions. The 
strength levels rose about 15 pct above the previous 
transverse strength, and 40 to 60 pct above the longi- 
tudinal strength of the as-forged and annealed bar. 
The elongation averaged 29.8 pct compared to 34 pct 
prior to heat-treatment. This is just under the 
minimum requirement of 30 pct in the transverse 
direction but well above the longitudinal requirement 


Table VY. Room-Temperature Tensile Properties Before and After Quenching from 2100°F 


0.2 Pct Offset 


Ultimate Yield Elongation Reduction 

Direction of Test Heat Treatment Strength Psi Strength Psi in 1In. Pct in Area Pct 
Longitudinal Annealed at 1550°F 71,200 50,900 19 33 
Transverse Annealed at 1550°F 70,200 61,700 24 38 
Quenched from 2100°F 74,400 58,400 16 28 
Quenched from 2100°F 75,600 55,600 15 23 
Quenched from 2100°F 74,800 55,600 15 22 
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Fig. 10—Microstructures of quenched forging showing 
slight enlargement of the Widmanstatten platelets in the 
center of the section. Polarized light, X60, electrolytic 
etch. 


of 24 pct. The reduction of area is not specified but 
was measuredata 63.4 pct average for the quenched 
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Longitudinal section 


Transverse section 
Fig. 11—Structure of test forging showing difference in 
distribution of intermetallic compounds in longitudinal and 
transverse sections. Bright field, X60 magnification, 
chemical polish. Reduced approximately 26 pct for repro- 
duction. 


material. The specimens from the quenched forging 
exhibited a circular fracture cross section as 
opposed to the elliptical fracture mentioned pre- 
viously and thus illustrated the change to isotropic 
behavior. A shallow surface strengthening effect 
was noted in the quenched bar. Specimens taken 
immediately adjacent to a surface showed higher 
strength than those taken from the interior. The ef- 
fect was noted only in the outer 1/2 in. Elongation 
and reduction in area appeared slightly higher but 
there were not enough tests to be sure of the effect. 

Room-temperature tensile tests paralleled the 
600° F tests with a marked increase in ultimate 
strength and a decrease in ductility. The data are 
given in Table V. Direction of test is not given for 
quenched samples because properties were the same 
in all directions. 


EFFECT OF TEMPERING 


The possibility that stress relief or partial re- 
crystallization of the quenched structure would im- 
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Table VI. Effect of Tempering on Mechanical Properties of the Quenched Forging 


Ultimate 0.2 Pct Offset 
Tensile Yield Elongation Reduction 
Strength Psi Strength Psi in 1 In. Pct in Area Pct 
Tempering Room Room Room Roo 
Specimens Treatment Temp. 600°F Temp. 600°F Temp. 600° F Temp 600°F 
71 to 59 None 77,400 35,800 58,400 24,900 16 31 28 62 
74 None 75,600 55,600 15 23 - 
75 None 74,800 55,600 15 22 
63 200°F for 24 hr 72,800 32,900 50,200 23,200 10 Di 16 55 
64 400°F for 24 hr 80,600 35, 200 60,800 23,800 11 22, 23 50 
65 600°F for 24 hr 73,800 40,600 51,200 28, 100 16 26 25 53 
66 1000°F for 24 hr 77,400 35,800 57,400 23,000 15 36% 25 51 
1? 1200°F for 24 hr 78,400 32,800 61,000 21,900 18 24 30 68 
73 1200°F for 48 hr 79,000 33,600 62,300 23,500 12 26 30 68 
67 1200°F for 1 hr 74,400 38,800 55,300 24,800 13 28 32 58 
68 1400°F for 1 hr 73,800 36,700 55, 200 24,400 15 26 31 53 


*Specimen necked down in two places giving an erroneous elongation. 


prove ductility led to experimentation in this area. 
Material from the quenched forging was tempered 
and tested both at room temperature and at 600° F 
as shown in Table VI. 

Tempering did not yield improved ductility, but 
rather appeared to give rise to submicroscopic 
precipitation that lowered the ductility. Tempering 
in the 200° to 400° F range resulted in considerably 
lower ductility at room temperature. Tempering at 
600° to 1000° F recovered the original properties but 
made no improvement. The tests at 600°F also 
showed a loss of ductility after tempering but, in this 
case, initial elongation values were not regained even 
when tempered for 48 hr at 1200°F. It was possible, 
however, to regain original levels for strength and 
reduction in area. 

Tests of tempering at 1200°F for 1, 24, and 48 hr 
showed no change in properties with increasing time. 

Scatter in the data caused by the large prior B 
grain size makes rigorous interpretation of the re- 
sults difficult. A great many tests using a test speci- 
men of greater cross sectioned area would be re- 
quired to really follow the progress of the tempering 
effects. It is estimated that since the average 6 
grain size was approximately 1.5 mm, only about 200 
grains were affected by plastic deformation in the 
R-3 tensile test specimen. 

It is clear even from these tests that the quenched 
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structure must contain some of the alloy in a super- 
saturated solution and that a very fine precipitate 
forms when tempering is carried out at favorable 
temperatures. This precipitate then interferes with 
the movement of dislocations through the lattice and 
leads to lower ductility. The higher tempering tem- 
peratures evidently give a different form to the 
precipitate that has less effect on the movement of 
the dislocations. This is an over-simplification 

of a complex phenomenon involving stress relief, 
recrystallization, and precipitation. The data pre- 
sented here are not sufficient to distinguish between 
these effects and represent the sum of their actions 
and interactions. 
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Ta-W-Re System 
| J. H. Brophy, M. H. Kamdar, and J. Wulff 


A constitutional diagram for the Ta-W-Re alloy 
system is presented. Rhenium dissolves in the com- 
plete range of solid solutions between tungsten and 
tantalum up to 48 wt pct in tantalum to about 30 wt 
pct in tungsten. Intermediate x and 0 phases only are 
found. X-ray diffraction and fluorescence, metal- 
lography and melting-point measurements were em- 
ployed. 


Tue constitution diagram of ternary alloys of tung- 
sten, tantalum, and rhenium for temperatures above 
1000°C is reported in this paper. Alloys in this sys- 
tem rich in tantalum and tungsten are of interest*for 
high-temperature applications, and those rich in 
rhenium for electronic applications. 

No ternary phase diagram appears to be available 
in the literature. The three-component binary dia- 
grams have been previously established’ * and the 
present ternary data are consistent with these. 


EXPERIMENTAL TECHNIQUES 


Commercially pure tantalum (99.7 pct), rhenium 
(99.99 pct), and tungsten (99.9 or 99.95 pct) powders 
were purchased from Fansteel Metallurgical Corp., 
Chase Brass and Copper Co., and Fansteel or 
Westinghouse Electric Corp., respectively. These 
powders were pressed without binder and arc- 
melted under helium. The preparatory and anal- 
ytical techniques employed were identical to those 
used for the Ta-Re system investigation carried out 
in this laboratory.*’* These included X-ray diffrac- 
tion and metallographic phase identification, X-ray 
fluorescent and wet chemical analyses, solidus de- 
terminations and heat treatments in a resistance- 
heated tantalum-filament vacuum furnace. 

For microstructural examinations standard 
mechanical polishing techniques were used through 
diamond laps. Polished speciments of all composi- 
tions were etched by swabbing with 4 parts HF, 4 
parts HNOs, and 1 part H2O. Since the microstruc- 
tures of alloys containing one or two phases closely 
resembled their counterparts in the respective 
binary systems, typical examples are omitted in 
this presentation. In all the alloys examined, it was 
possible to observe the number of phases present. 
Particularly when there were small amounts of one 
phase involved, it was possible to identify it only by 
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a combined conclusion based on X-ray diffraction, 
position of an alloy in a composition series, and the 
phase rule. 

A total of 100 different alloy compositions was 
arc-melted and studied in the as-cast condition 
metallographically and by X-ray diffraction. Speci- 
mens of each of these compositions were heat- 
treated at 2680, 2530, and 2020°C for 1, 2, and 4 hr, 
respectively. Those which were treated at 2020°C 
were given a preliminary homogenization treatment 
at 2500°C for 1 hr. Specimens of 25 alloys were 
heat-treated at 1200°C for 168 hr. Solidus tempera- 
ture measurements were made by the detection of 
incipient melting in eighteen alloy compositions. 
The metallographic and X-ray diffraction results 
are Summarized in Table I. Graphically, this in- 
formation appears in the isothermal plots of Figs. 2 
and 3. Within the accuracy of the experimental 
methods, two such plots are sufficient to locate 
these data, since the results for 1200°C were simi- 
lar to 2020°C and those at 2530°C resembled 2680°C 


3410 °C 
31I80°C 
2965°C 
2680°C 
2530°C 


2020°C 
1200°C 


Ta 
Fig. 1—Schematic W-Ta-Re phase diagram. 
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Fig. 2—Isothermal sections of the W-Ta-Re ternary dia- 
gram at 1200 and 2020°C. 


closely. Fig. 4 presents the solidus data in the 
ternary outline. 


DEVELOPMENT OF THE DIAGRAM 


The proposed W-Ta-Re phase diagram is shown 
schematically in Fig. 1. In this figure the diagram 
is viewed from:the side of the full range of Ta-W 
solid solutions. The W-Re binary diagram used in 
this construction was presented by Dickinson and 
Richardson,” the Ta-W liquidus and solidus lines 
have been approximated as indicated by Hansen and 
Anderko,* and the Ta-Re diagram was determined 
in this laboratory. Each of the diagrams has been 
distorted in both temperature and composition to 
facilitate a clearer sketch. For the exact location 
of the various features, reference Should be made 
to the component binary diagrams, and the iso- 
therms and solidus temperature plots which follow. 

The isothermal sections show that a large region 
of rhenium in Ta-W solid solutions exists. These 
bec alloys exist from 0 to 48 pct Re in pure tan- 
talum, and from 0 to 30 pct Re in pure tungsten. The 
surface of maximum Solubility curves smoothly 
from the Ta-Re solvus to the W-Re solvus in the 
isothermal sections. It shows a detectable change in 
maximum Solubility with temperature as indicated 
by a comparison of Figs. 2 and 3. 

Among the specimens prepared in the region of 
solid solution, there were no indications of solid 
state reactions. Most of the alloys in this region 
were easily crushed for powder samples. The ex- 
ceptions were alloys containing more than 90 pct 
Ta and alloys in an unclearly defined region near 
the maximum solubility of rhenium in tungsten, ex- 
tending into the ternary compositions to about 20 pct 
Ta. In these relatively ductile specimens powder 
specimens were made by filing. 

The same two intermediate phases which appear 
in the component binaries, identified by their X-ray 
diffraction patterns, extend entirely across the 
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Fig. 3—Isothermal sections of the W-Ta-Re ternary dia- 
gram at 2530 and 2680°C. 


ternary system, at least in a limited range of tem- 
perature. No new ternary intermediate phases were 
detected. The o phase is a complex tetragonal 
structure isomorphous with that of the Fe-Cr sys- 
tem. In the Ta-Re binary, it is stable near 59 pct 
Re and forms peritectically at 2690°C and decom- 
poses eutectoidally at 2460°C. It forms peritecti- 
cally at 3000°C in the W-Re binary, and is stable 
below 1200°C from 43.5 to 66 pct Re. The X phase 
is a complex cubic structure isomorphous with @ 
manganese. In the Ta-Re system it melts congru- 
ently at 2790°C and is stable at 1200°C over a wide 
range of compositions while in the W-Re system it 
forms peritectoidally at 2125°C and is stable at 
1200°C from 73 to 76 pct Re. 

The rhenium-rich solid solution region extends 
from less than 3 pct Ta in Ta-Re alloys to 11 pct W 
in W-Re alloys, and has been denoted § in the ter- 
nary plots. 

This behavior of intermediate phases in the two 
binary systems suggested the existence of a plane 
of four-phase equilibrium. The location of the plane 
was indicated by incipient melting determinations. 
Fig. 4 shows a region over which liquid first ap- 
peared at the same temperature, 2750°C. This 
temperature lies beneath the o-8 eutectic at 2825°C 
in the W-Re system, beneath the x-f8 eutectic at 
7255 C in the Ta-Re system, above the o peritectic 
at 2740°C in the Ta-Re system, and above the x 
peritectoid at 2125°C in the W-Re system. 

These observations are consistent with ternary 
four-phase equilibrium designated Class II by 
Rhines.° The reaction is indicated by an isothermal 
area bounded by four nonparallel straight sides and 
approximately located in Fig. 4. The four resulting 
corners of this area represent the phases: liquid, 
8, X, and o saturated with one another at 2750°C. 
As indicated in Fig. 1, the three-phase volumes 
originating at the Ta-Re X-L-f8 eutectic horizontal, 
2755°C, and at the W-Re 6-L-o eutectic, 2825°C, 
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open downward to the top of the four-phase plane 
and the volumes originating at the Ta-Re L-0o-X 
peritectic, 2740°C, and at the W-Re B-X-o peritec- 
toid, 2125°C, open upward to the bottom of the four- 
phase plane at 2750°C. Efforts to locate the compo- 
Sitions of the four corners by the microstructure of 
as-cast alloys were unsuccessful and heat treat- 
ments immediately below the indicated isotherm 
were not made. 

The presence of this class of four-phase equilib- 
rium leads to a single-phase o region which is 
relatively restricted in the Ta-Re side and Opens 
continuously as tungsten is added, terminating at 
the W-Re side with stability over a relatively broad 
range of composition and temperature. At the same 
time, this set of reactions results in a Single-phase 
X region broad in the Ta-Re binary diagram and re- 
stricted in the W-Re diagram with a relatively 
Smooth transition between. This configuration indi- 
cates that added amounts of tungsten increase the 
Stability of o phase and decrease the Stability of x 
phase. No maxima or minima occur in the Single- 
phase volumes of the intermediate phases. 

The various regions in the isothermal sections in 
Figs. 2 and 3 were located by metallographic and 
X-ray studies of alloy compositions straddling the 
boundaries. Those boundaries represented by solid 
lines were bracketed to +1 pct and those represented 
by broken lines were bracketed to within 5 pet. In 
the 1200 and 2020°C sections the three-phase tri- 
angle of a-o-X equilibrium indicates that the eutec- 
toid horizontal in the Ta-Re system opens downward 
through 1200°C. In the 2530 and 2680°C sections the 
existence of a three-phase, B-X-o, triangle was indi- 
cated both by the development of the four-phase iso- 
therm and by phase identification in adjacent two- 
phase alloys. 


SUMMARY AND CONCLUSIONS 


According to the experiments described above, 
the solubility of rhenium varies from 48 wt pct in 
pure tantalum, through about 35 pct in a 50-50 W-Ta 
alloy, to about 30 pct in pure tungsten. 

Only the two intermediate phases of the component 
binary systems were found in the ternary. Theo 
phase, which exists only in a small range of compo- 
sition and temperature in the Ta-Re System, is 


1140-VOLUME 221, DECEMBER 1961 


Re (3180°C) 


3000 
@2810 


@2820 


@ 2870 


(2965°C) To 


Fig. 4—Solidus temperatures in the W-Ta-Re ternary dia- 
gram. 


continuously stabilized by the addition of tungsten. 
On the other hand, the X phase, which exists in a 
restricted range of composition and temperature in 
the W-Re system, is continuously stabilized by the 
addition of tantalum. There are no maxima or 
minima in the stabilization of either phase and the 
configuration leads to a plane of four-phase equilib- 
rium at 2750 + 20°C. 
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Kinetics of the Platinum-Catalyzed Hydrogen 
Reduction of Aqueous Cobalt Sulfate-Ammonium 


Acetate Solutions 


R. Ted Wimber and Milton E. Wadsworth 


Cobalt sulfate solutions containing ammonium ac- 
etate and chloroplatinic acid weve reduced by hydro- 
gen ina pyrex-glass lined autoclave in the tempera- 
ture range of 170° to 232°C and hydrogen partial 
pressure range of 115 to 830 psia. The reduction 
vate was directly proportional to the hydrogen partial 
pressure and surface area of the pyrex glass and was 
independent of the quantity of chloroplatinic acid 
added initially. Experiments involving the variation 
of the relative concentration of ammonium acetate 
indicated that the reducible cobalt complex was prob- 
ably the diacetate complex of cobalt, Co (Ac)z2 4H20, 
or a new monoacetate complex Co Ac*, which was in 
solubility equilibrium with a pink precipitate of 
Co (A C)2 °4H20. 


Tue reaction in which a metal is dissolved by an 
acid to produce gaseous hydrogen and a salt solution 
was discovered early in the history of chemistry. In 
1859 Beketoff' found experimentally that this reaction 
could be reversed; z.e., a salt solution could be re- 
duced by gaseous hydrogen to produce a metal and 

an acid. A review of work done on this phenomenon 
since that time may be found elsewhere.” The hydro- 
gen reduction of a cobalt salt solution is facilitated 
by complexing the cobalt ion. An ammonia complex 
of cobalt has been reduced commercially*’# in the re- 
covery of cobalt metal. A new reducible complex of 
cobalt was discovered® when it was found that a co- 
baltous sulfate solution containing ammonium acetate 
could be reduced by hydrogen at temperatures in the 
region of 200°C. 

When a cobalt sulfate-ammonium acetate solution 
was heated to a temperature below its normal boiling 
point, a violet color became apparent, indicating com- 
plex formation. The nature of this complex was inves- 
tigated® by the addition of NH,Ac to a CoSO, solution 
maintained at 85°C. During the first additions of 
NH, Ac, the pH of the solution remained fairly con- 
stant at about 5.85. However, as the ratio of NH,Ac 
to CoSO, approached two, the pH rose and then leveled 
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off at about 6.05. The absorption spectra of a Co(Ac), 
solution and a CoSO,, NH,Ac solution were obtained 
at 85°C and were compared and found to be the same. 
These findings suggested that the diacetate complex 
of cobalt, Co(Ac),:4H,O, was formed at 85°C. 

When a cobalt sulfate-ammonium acetate solution 
was heated to a temperature above about 165°C, a 
finely divided pink precipitate appeared. The X-ray 
diffraction pattern of this precipitate indicated that 
it was Co(Ac), - 4H,O. In addition, it was discovered 
that when chloroplatinic acid, H, PtCl;, was added 
initially to the cobalt sulfate-ammonium acetate solu- 
tion, a faster reduction was obtained. The roles of 
the solution complex, pink precipitate and chloropla- 
tinic acid in the reduction process were then investi- 
gated. 


APPARATUS 


The experimental work was carried out in a two- 
liter stainless-steel autoclave. Adetailed description 
of the autoclave and the auxiliary equipment used in 
maintaining constant temperature and pressure may 
be found elsewhere.® Because the stainless steel was 
corroded, and also because it acted as a hydrogena- 
tion catalyst, an all-glass liner was fabricated such 
that the solution came only into contact with flame- 
polished pyrex glass. 


EXPERIMENTAL PROCEDURE 


The solutions used in the experimental work were 
prepared by dissolving reagent grade chemicals in 
distilled water. Although variation of the brand of 
ammonium acetate appeared to have no effect on the 
experimental results, CoSO, - 7H,O from the J. T. 
Baker Chemical Co. of Phillipsburg, N. J., was found 
to give faster reductions than that prepared by Allied 
Chemical and Dye Corp., N. Y. The former was used 
throughout the course of the experimental work and 
was weighed up at the outset of each experiment. The 
ammonium acetate was dissolved to form a 6M stock 
solution, which was stored under refrigeration. A 
10 pct solution of chloroplatinic acid (J. T. Baker 
Chemical Co.) was diluted to a 1.15 x 107? M stock 
solution, which was standardized by precipitation of 
K,PtCl, as outlined by Scott.” 

The appropriate volume of the chloroplatinic acid, 
H,PtCl,, solution was pipetted into the clean, dry 
glass liner. The cobalt sulfate-ammonium acetate 
solution, which had previously been saturated with 
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hydrogen at atmospheric temperature and pressure, 
was then added to the liner such that the total volume 
of solution was one liter. After the autoclave was 
quickly assembled, it was evacuated and then heated 
for a period of 33 to 51 min depending upon the tem- 
perature desired. The stirrer was set in motion in 
the middle of the warm-up period. As soon as the 
supply of heat was discontinued, the pressure in the 
autoclave was increased to the desired level. The 
partial pressure of hydrogen was found by subtract- 
ing the vapor pressure of water from the total abso- 
lute pressure. The vapor pressure of the solution was 
found to be essentially equal to the vapor pressure of 
water when the evacuated autoclave was heated and 
allowed to come to thermal equilibrium without the 
application of an overpressure. 

The application of the hydrogen overpressure 
caused a rise in temperature corresponding to 20 to 
30°C. After about 25 min had lapsed from the time of 
the application of the overpressure, thermal equili- 
brium was attained and sampling was commenced. 
The zero of time corresponded to taking the first 
sample. 

From time to time a sample (approximately 2 cc) 
of the solution was collected in a sample bottle con- 
taining a teflon-covered Alnico magnet, which col- 
lected any metallic cobalt carried over by the sam- 
ple. The sample was then poured into a second bottle 
leaving the magnet and any metallic cobalt behind the 
first bottle, thereby minimizing the dissolution? of the 
cobalt metal in the sample. The sample tube coming 
from the autoclave extended to the bottom of the first 
sample bottle, which had previously been chilled in 
ice water; thus losses of water vapor from the hot 
sample were minimized. Sample contamination was 
reduced when the contents of the sample tube and 
valve were flushed into a flask immediately before a 
sample was taken. 

After an experimental run was over, the samples 
were analyzed spectrophotometrically for cobalt. The 
depth of the absorption band centering at approxi - 
mately 515 yw was measured using a Beckman DK2 
ratiorecording spectrophotometer. The samples were 
diluted 25 fold with 1M NH, Ac before they were ana- 
lyzed in a silica absorption cell having a 5 cm path 
length. 


EXPERIMENTAL RESULTS 


A typical run was carried out at a temperature of 
200°C under a partial pressure of hydrogen equal to 
445 psi with a solution composition of 0.3M CosoO,, 
0.6M NH,Ac, 5.8 x 10-°M H, PtCl,. At the conclusion 
of the experimental run the autoclave was cooled, de- 
pressurized, and opened for inspection. The metallic 
cobalt, which adhered quite loosely to the glass sur- 
faces, was very porous and showed a dendritic tree- 
like structure as viewed by unaided eye. An electron 
micrograph at 25,000 magnification revealed a rough 
ragged surface of high-surface area. 

The cobalt analyses for the samples obtained dur- 
ing this run are plotted as a function of time in Fig. 
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Fig. 1—Concentration of cobalt vs time. 


1. The samples taken during most of the run con- 
sisted of a pink precipitate suspended in a clear vio- 
let solution. During the last part of the run, clear 
violet solutions were obtained. The pink precipitate, 
formed in the autoclave at high temperatures, redis- 
solved when the samples were allowed to stand at 
room temperature for a period of less than 1 hr, such 
that a clear solution was available for analysis in all 
cases. Therefore, the sample analyses indicate the 
quantity of cobalt in solution plus that in suspension 
in the pink precipitate. 

It is interesting to note the dip in the concentration 
during the first 30 min. A similar run was made in 
which no H, PtCl, was added. A similar dip in the 
concentration was observed. However, this time, the 
concentration rose again and leveled off as indicated 
by the dashed line of Fig. 1. In the absence of the 
H, PtCl, no reduction was detected during a period of 
150 min. The initial dip in concentration was thought 
to have no part in the reduction process, and was con- 
sidered as part of an induction period, which was fol- 
lowed by a linear decrease in the concentration. A 
possible, but questionable, explanation for the dip in 
concentration is that the precipitate formed as the 
temperature increased, conglomerated, and was thrown 
away from the sample tube by centrifugal force. With 
continued stirring, however, the conglomerates were 
broken up such that the centrifugal action was no 
longer effective. Although the induction period was 
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Fig. 2—Effect of the concentration of NH4Ac on the reduc- 
tion rate. 


not reproducible, the straight-line portion following 
it was fairly reproducible, and its slope was taken 
as the rate of reduction of the cobalt. The error in 
the reproducibility was usually less than +8 to 10 pct 
in this temperature region. 

The dependence of the rate on the stirring speed 
for the apparatus used was investigated. A series of 
experimental runs under the conditions of tempera- 
ture, pressure, and composition mentioned above 
indicated that for stirring speeds above 800 rpm, the 
rate was independent of stirring speed. The balance 
of the work was then carried out at a stirring speed 
of approximately 810 rpm. 

The effect of the concentration of the reactants on 
the reduction rate was next investigated. The concen- 
trations of the cobalt sulfate and chloroplatinic acid 
were fixed at 0.3 molar and 5.8 x 1075 molar, respec- 
tively, when the concentration of the ammonium ace- 
tate was varied between 0.15 molar and 1.8 molar 
for a series of runs made at a temperature of 200°C 
and partial pressure of hydrogen equal to 445 psi. 
The reduction rates for this series of experiments 
are presented in Fig. 2. It is interesting to note the 
maximum reduction rate for a ratio of ammonium 
acetate to cobalt sulfate equal to 2.0. Fig. 3 shows 
a plot of the concentration of cobalt vs time for the 
reduction of the solution in which the ratio of ammo- 
nium acetate to cobalt sulfate equaled one. It should 
be noted that approximately only half of the cobalt 
was reduced. Throughout the balance of the work the 
ratio of ammonium acetate to cobalt sulfate was 
fixed at 2.0. Mention should be made of the fact that 
the solution 1.8 molar in NH,Ac did not develop the 
pink precipitate, but instead remained clear. 

With the concentration of H, PtCl, and the ratio of 
ammonium acetate to cobalt sulfate held constant at 
5.8 x 1075 molar and 2:1 respectively, the concentra- 
tion of cobalt sulfate was varied between 0.3 and 0.5 
molar. The rate was found to be independent of the 
concentration of the cobalt sulfate. The reduction for 
the 0.5 molar cobalt sulfate solution was of interest 
in that the plot of concentration vs time indicated a 
straight line throughout a concentration range cover- 
ing 75 pct of the initial quantity of cobalt. 
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Fig. 3—Concentration vs time for equal concentrations of 
CoSO, and NH,Ac. 


The effect of the H, PtCl, was next investigated by 
variation of its concentration in a series of runs car- 
ried out at a temperature of 200°C and partial pres- 
sure of hydrogen equal to 445 psi. Although variation 
of the concentration of chloroplatinic acid between 
5.8 x 1075 and 2.9 x 1074 molar showed no variation 
in rate, shorter induction periods were observed with 
higher H, PtCl, concentrations. In conjunction with 
this study, a run was made in which shiny platinum 
foil was wired to the sample tube and thermocouple 
well. However, in the absence of the chloroplatinic 
acid, no reduction was obtained. In addition, plati- 
num black was electrolitically deposited on the shiny 
platinum foil which was then wired to the thermo- 
couple well and sample tube, and another attempt was 
made at reducing the cobalt. Once again, no reduction 
was obtained. 

The importance of the pyrex wall area was inves- 
tigated by rigidly positioning flame-polished pyrex 
glass rings coaxially with the stirrer. Platinum wire 
was used to fix the rings to the thermocouple well 
and sample tube. The rate was found to be directly 
proportional to the surface area of the flame-polished 
pyrex glass as indicated in Fig. 4. In the balance of 
the experimental work, the surface was fixed at 775 
sq cm when the rings were not used. 

The effect of variation of the partial pressure of 
hydrogen at 200°C was investigated for a series of 
solutions whose composition was 0.4M CoSO,, 0.8M 
NH, Ac, and 5.8 x 107° H, PtCl,. Variation of the par- 
tial pressure of hydrogen between 115 and 800 psi 
indicated that the rate was directly proportional to the 
partial pressure of hydrogen as suggested by Fig. 5. 
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Fig. 4—Effect of the surface area of the pyrex glass on the 
reduction rate. 


The effect on the rate of variation of the tempera- 
ture was investigated when a series of runs was 
made at different pressures at temperatures varying 
between 170 and 232°C. The results of these runs are 
also presented in Fig. 5. It should be noted that the 
rate increased with increasing temperature as well 
as with increasing pressure. 

The pink precipitate showed an inverse solubility ; 
z.e., the solubility decreased with increasing temper- 
ature. With the runs made at the lower temperatures 
(170° to 180°C), the pink precipitate was present only 
during the first part of the runs, and the plots of con- 
centration vs time gave curved lines during the last 
part of the runs. A plot of the logarithms of the con- 
centrations vs time for the data taken during the last 
part of the runs yielded straight lines. At tempera- 
tures above 180°C enough precipitate was present so 
that by the time it had disappeared, the back reaction 
(dissolution of metallic cobalt in acetic acid) was be- 
coming pronounced and the plots of the logarithms 
of the concentration vs time were not linear. 


DISCUSSION OF RESULTS 


The cobalt acetate complex, Co(Ac), 4H,O observed 
at 85°C was found to be present at all of the tempera- 
tures of this kinetic study. It is not possible to delin- 
eate clearly just what the active species in the reduc- 
tion process is since Co. and also CoAc’ are un- 
doubtedly present in some equilibrium distribution 
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Fig. 5—Effect of variation of temperature and partial pres- 
sure of hydrogen on the reduction rate. 


along with CoAc,, and perhaps even higher cobalt 
acetate complexes (CoAc;, and so forth). The true 
role of the acetate ion may simply be one of provid- 
ing a buffering action by the formation of HAc during 
the course of the reaction. Sucha buffering effect 
would be consistent with the observed fact that only 
slightly greater than 50 pct reduction was obtained 
for a Co’: Ac™ ratio of 1:1. Since two H ions are 
formed for each Co" reduced 


H, + [1(a)] 
all of the Ac” ion in the 1:1 system would be used up 
to form HAc when 50 pct of the cobalt is reduced. An 
additional complication results when all Ac™ has been 
converted to HAc because of the rapid increase in H 
in the absence of the buffering effect of Ac™. Similar 
results would be observed if the active species were 
Com CoAc’, or CoAc, since all the complexes would 
be completely dissociated at 50 pct reduction. It may 
appear that Co is not the reactive species since the 
reduction reaction stopped when all complexes were 
dissociated, but the rapid increase in pH at the 50 pet 
reduction point precludes a definite conclusion in 
this case. The various alternatives do not rule out 
CoAc, as the reactive species, but serve to illustrate 
the inability of the kinetic study to determine the re- 
active species unambiguously. In fact, at first glance 
the maximum rate at a NH, Ac:CoSO, of 2:1 as shown 
in Fig. 2 suggests CoAc, as the reactive species. It 
should be pointed out, however, that the increase in 
rate as the 2:1 ratio is approached may be a result 
of an increase in pH resulting from the addition of 
NH,Ac. Also the decrease in rate above the 2:1 ratio 
may be the result of the formation of higher cobalt 
acetate complexes which would in turn reduce the 
concentration of either CoAc’ or CoAc,. Interpreta- 
tion of kinetic results will be presented in terms of 
the CoAc, camplex. Similar equations in terms of a 
monoacetate complex CoAc* would also explain the 
kinetic results. Some decrease in the reduction rate 
could be attributed to decreasing solubility of hydro- 
gen with increasing concentrations of dissolved salts. 
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The magnitude of this effect upon the system was not 
determined. 

As a solution of the diacetate complex was heated 
to temperatures in the range of this experimental 
work, the solubility was exceeded and the pink preci- 
pitate, Co(Ac), - 4H,O, appeared in appreciable quan- 
tities. As long as there was any of the precipitate 
present, the concentration of the various complexes 
in solution would remain constant if the temperature 
remained constant. At the outset of an experimental 
run, when the pink precipitate was present, the re- 
duction rate was constant because the concentration 
of the cobalt complex being reduced was constant. 
Increasing the quantity of the pink precipitate should 
not effect the rate unless the rate is dependent on the 
surface area of the precipitate. The rate was con- 
stant when the concentration of CoSO, was varied be- 
tween 0.3 and 0.5 molar with the NH,Ac to CoSO, ra- 
tio fixed at two. 

The fact that the rate was directly proportional to 
surface area of the glass indicates that the rate-con- 
trolling step in the reduction process took place at 
the surface of the glass. If the rate-controlling step 
had taken place at the surface of the cobalt metal, the 
rate would have increased as the reduction proceeded 
and more cobalt metal appeared. Instead the rate re- 
mained constant as the surface area of the porous 
dendritic cobalt metal varied appreciably —even for 
the solution initially 0.5 molar in cobalt. 

The H, PtCl, was thought to have had a dual role in 
the reduction process. It was thought that a very 
small quantity of H, PtCl, was adsorbed on the surface 
of the glass from the cold solution with the rest of it 
remaining in solution. The smooth glass surface 
could be saturated by the adsorption of a very small 
quantity of H, PtCl,. With the application of the hy- 
drogen pressure, the H,PtCl, would have been reduced 
to metallic platinum. The platinum associated with 
the glass surface could then have been a site for the 
adsorption of hydrogen and reduction of the cobalt 
complex. The metallic platinum out in the solution 
phase would have behaved similarly but would have 
been quickly covered over with metallic cobalt and 
would act only as a seed for the precipitation of the 
balance of the metallic cobalt. 

The intimate association of the platinum with the 
glass was indicated when platinum was shown to be 
carried over from one run to the next. At the conclu- 
sion of a normal run in which H,PtCl, was added ini- 
tially, the glass exposed to the solution was cleaned 
by soaking it in 1:1 HNO, for about 1/2 hr and then 
by washing it with soap, water, and a brush. In the 
following run no H,PtCl, was added. Although no 
measureable reduction was obtained, at the end of 
the run when the autoclave was opened, a thin film of 
cobalt metal was observed onthe surface ofthe glass 
in the same pattern as in the preceding run. The ab- 
sence of a measureable reduction was attributed to 
a lack of seeds ordinarily provided by the platinum 
out in the bulk of the solution. The role of the ex- 
cess platinum in the bulk of the solution as a seeding 
agent seemed also to be borne out by the fact that in- 
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creasing the quantity of H,PtCl, added initially de- 
creased the length of the induction period even though 
the rate remained unchanged. 


THEORETICAL INTERPRETATION 


The rate-controlling step in the kinetics of a proc- 
ess involving a heterogeneous system such as this 
may, in theory, be any one or combination of the fol- 
lowing successive phenomena: 

1) Absorption of the gas into the bulk of the solution 

2) Diffusion of the reactants to the surface 

3) Adsorption of the reactants onto the surface 

4) Chemical reaction on the surface 

5) Desorption of reaction products fromthe surface 

6) Diffusion of reaction products away fromthe sur - 
face 

Steps 1, 2, and 6 were probably not rate controlling 
in this study because the rate was independent of the 
stirring speed and because the activation energies 
mentioned below are much higher than those (2 to 5 
kcal per mole) characteristic of diffusion. The ad- 
sorption of reactants may have been rate controlling; 
however, this phenomenon will be assumed to have 
occurred relatively rapidly in comparison with the 
surface reaction or the desorption of products in ac- 
cordance with the proposed mechanism. The reduc- 
tion process may proceed by the following steps in 
agreement with the experimental data: 


H, (gas) = H, (solution) (fast) [1] 
H, (solution) + 1S Ki S- 2H (fast) [2] 
Co(Ac), * 4H,O (solid) Ke Co(Ac),4H,O 

(solution complex) (fast) [3] 


+k’ 
S 2H + Co(Ac),4H,O = Il +—> 


Co(Ac),4H,O -2H+:S (slow) [4] 
Co(Ac),4H,O - 2H — Co° + 2HAc + 4H,O 
(fast) [5] 


A molecule of hydrogen is first absorbed by the solu- 
tion from the gas phase and is thenadsorbed ona sur - 
face site, |S, which consists of the metallic platinum 
on the surface of the pyrex glass. The Co(Ac),4H,O 
complex, which is in equilibrium with solid Co(Ac), - 
4H,O, reacts comparatively slowly with the adsorbed 
hydrogen to produce Co(Ac),4H,O - 2H, which is free 
to diffuse through the solution and decompose to de- 
posit metallic cobalt and to free acetic acidand water. 
This last step is a necessary part of the mechanism 
because the metallic deposit was found to be of uni- 
form composition. Samples of the metallic cobalt 
were taken from various positions in the deposit and 
were analyzed quantitatively for platinum by arc- 
spectroscopic methods. If the cobalt complex had 
been reduced and deposited on the surface of the glass, 
a cobalt rich-platinum poor region would have exis- 
ted near the surface of the glass. 

The rate expression for the slow step may be writ- 
ten in accordance with the Absolute Reaction Rate 
Theory.*’® 
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where k’ is the specific reaction rate constant, IC; 


is the product of the concentrations of the reactants, 
kK is the transmission coefficient (usually taken as 
unity), T is the absolute temperature, k andh are 
the oto and Planck constants, respectively, and 
AF‘ is the free energy of activation in the standard 
state. 

Since Eq. [4] is the rate controlling step for the 
reduction process, Eq. [6] becomes 


Rate [7] 


where C, represents the concentration of |S - 2H and 
C, represents the concentration of Co(Ac),4H,O. Let 
N, equal the total number of sites per liter of solution 
capable of adsorption of dissolved hydrogen, kK, equal 
the equilibrium constant for Eq. [2], Kz equal the 
Henry’s Law constant, equal the partial pressure 
of hydrogen, and a a factor converting mole fraction 
to moles per liter. For K,Cy, « 1, it can be shown 
that Eq. [7] takes the following form: 


Rate = k’N, Puy [8] 


Ky 
For a single experiment at constant temperature and 
pressure, this expression becomes 


dC, _ 


= AC, [9] 


Rate = —- 


where A is a constant. If C, were not constant (when 
the pink precipitate was not present), Eq. [9] would 
integrate to give the first order expression observed 
for the low temperature data. As long as there is 
any of the pink precipitate present, the value of C, 
will equal K,, the solubility constant of Eq. [3]. Eq. 


[8] may then be written as follows: 
Rate = AK, = [10] 


where B is a constant for a given run and has the fol- 
lowing value 
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B= N,k'K,a = Pu, 


an PH, + AH? + RT 
+ AS? + AS3yR 


[11] 

where the changes of enthalpy and entropy are all for 
the reactions in their standard states. Eq. [11] may 
be rearranged in the following form 


= aN, e- (ZAHYRT (2AS)/R 


Since ZAS is essentially independent of temperature, 
a plot of log, [BKy/TPy, | vs (1/T) should yield a 
straight line whose slope will be equal to -ZAH/R. 
Values” of the Henry’s Law constant for the solubility 
of hydrogen in water were used in the absence of data 
for the solubility of hydrogen in the solutions used in 
this study to obtain Fig. 6. The plot consists of two 
intersecting straight lines. Above 200°C the slope 
yielded a least-squares value of 3.9 kcal per mole 
for DAH; below 200°C, a least-squares value of 17.7 
kcal per mole was obtained. 

An approximate value for AH, was obtained from 
approximate solubility data. In each run, the concen- 
tration of the last sample to appear cloudy and the 
concentration of the first sample to appear as a clear 
solution were recorded. A plot, Fig. 7, of the natural 
logarithm of these values vs 1/T yielded an approxi- 
mate value of -4.4 kcal per mole for AH, . There 
would be some uncertainty in this value because the 
solubility equilibrium would shift as the sample was 
drawn from the autoclave. Also, a very fine precipi- 
tate could fail to be detected by the unaided eye. This 
value was subtracted from the values of DAH to re- 
duce the summation to the sumof AH¢ and 
AH+ plus AH,° equalled approximately 8 kcal per mole 
in the high- emneetare range above 200°C and ap- 
proximately 22 kcal per mole in the range below 
200° Cc. More information is needed to obtain values 
of AH+ and AH, separately in each of the two ranges. 

At first, it was thought that the change in the value 
of ZAH may have been due to a phase change for one 
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of the solids present. This was discounted when the 
X-ray diffraction patterns of the Co(Ac), - 4H,O and 
beta-hexagonal cobalt metal formed at temperatures 
in each of the twotemperature ranges were compared. 
The same solid existed in each case independent of 
the temperature at which it was formed. A rapid in- 
version of a high-temperature form on cooling the 
autoclave through 200°C seemed highly improbable. 
Neither platinum metal nor pyrex glass has a phase 
change in the range of temperatures of this study. 

The kinetic data obtained will also fit equations 
arising from three other possible reduction mecha- 
nisms. In addition to the mechanism proposed in 
which the hydrogen adsorbed on the surface and re- 
acted slowly with the cobalt complex in the solution, 
a second mechanism may be proposed in which the 
cobalt complex adsorbs on the surface and reacts 
slowly with hydrogen from the solution. A third me- 
chanism in which both the hydrogen and cobalt com- 
plex adsorb on the surface and react slowly on the 
surface gives rise to equations which also will fit 
the data. As a fourth possibility, the rate of adsorp- 
tion of both hydrogen and the cobalt complex might 
be slow. Of the four mechanisms, the one worked out 
in detail above (adsorbed hydrogen reacting with the 
solution complex) seems more acceptable because of 
its simplicity and because hydrogen is known to ad- 
sorb on platinum, a well known hydrogenation catalyst. 
The possibility of simultaneous adsorption of the 
Co(Ac),4H,O should not be ruled out however; Schilow 
and Nebrasow"! observed the adsorption of the cobal- 
tous diamine complex on solid carbon. DeHemptinne 
and Jungers” observedthe solution adsorption of ace= 
tone, water, alcohol, and potassium acetate on the 
surface of nickel in hydrogenation studies. Similarly, 
the acetate complex might have adsorbed on the pla- 
tinum-glass surface. More information is necessary 
to decide whether or not the diacetate complex actu- 
ally did adsorb on the platinum-glass surface. 


COMPARISON OF THE COBALT SULFATE- 
AMMONIA SYSTEM AND THE COBALT SUL- 
FATE-AMMONIUM ACETATE SYSTEM 


It was of interest to compare the reduction rates 
for the cobalt sufate-ammonia system and the cobalt 
sulfate-ammonium acetate system under similar con- 
ditions to obtain an idea of the relative ease of reduc- 
tion for the two in view of the fact that ammonical 
cobalt sulfate solutions are reduced commercially. 
An ammonical cobalt sulfate solution (0.4m CoSO,, 
0.8M NH,OH, 5.8 x 10-5 M H, PtCl,) was reduced at 
200°C under a partial pressure of hydrogen equal 
to 448 psia. A reduction rate of 41.4 gm Co per liter 
hr was observed as compared to a value of 33.6 when 
ammonium acetate was used. Thus, the cobalt sul- 
fate-ammonia system yielded a 23 pct faster rate than 
the cobalt sulfate-ammonium acetate system when 
they were both reduced by hydrogen in the presence 
of platinum in an all-glass system. 

The importance of stainless steel as a hydrogena- 
tion catalyst for the reduction of the cobalt sulfate- 
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ammonia and cobalt sulfate-ammonium acetate sys- 
tems was investigated. The reduction’ of an ammo- 
nical cobalt sulfate solution containing colloidal gra- 
phite at 200°C and under a partial pressure of hydro- 
gen equal to 441 psia yielded a rate of about 11 gms 
Co per liter-hr in an unlined stainless steel auto- 
clave. In a glass liner a solution of the same compo- 
sition when exposed tothe same conditions of temper - 
ature and pressure yielded no detectable reduction 
when observed for a period of 110 min. When a co- 
balt sulfate-ammonium acetate solution was reduced 
in a Carpenter 20 (corrosion resistant steel) liner 
under the preceding conditions of temperature and 
pressure, a rate of 18.2 gm Co per liter-hr was ob- 
served. When a solution of the same composition 
was exposed to these conditions in a glass liner, no 
detectable reduction was obtained when observed for 
a period of 150 min. (No H,PtCl, was added in these 
investigations.) These investigations indicated that 
stainless steel and Carpenter 20 were definitely ca- 
talysts for the hydrogen reduction of these two sys- 
tems, but they were not as good catalysts as was the 
platinum on the surface of the flame polished pyrex 
liner. 


SUMMARY 


1) In a pyrex glass system, reduction of cobalt sul- 
fate-ammonium acetate solutions initially containing 
H, PtCl, was found to be linear in time during a por- 
tion of each run in the temperature range from 170 
to: 232°C: 

2) Studies involving the variation of the concentra- 
tion of the ammonium acetate indicated that the redu- 
cible cobalt complex was the diacetate complex, 
Co(Ac),4H,O, whose isothermal solubility concentra - 
tion remained constant in the presence of the pink 
precipitate, Co(Ac), - 4H,O. 

3) The role of the platinum produced by the reduc- 
tion of the H,PtCl, was thought to be two fold. Asmall 
portion of the platinum was associated with the sur- 
face of the pyrex glass where the rate-controlling 
step in the reduction process took place. The balance 
of the platinum acted as seed for the precipitation of 
the beta-hexagonal cobalt metal. . 

4) The reduction rate was directly proportional to 
the partial pressure of hydrogen and the surface area 
of the pyrex glass exposed to the solution; however, 
the reduction rate was independent of the surface 
area of the cobalt metal. 

5) In accordance with data obtained, a mechanism 
was proposed in which hydrogen adsorbed ona surface 
site and reacted slowly with the Co(Ac),4H,O in the 
solution phase to produce an intermediate which de- 
composed to yield the cobalt metal. 

6) The sum of the standard state enthalpy changes 
from the activation step and for the adsorption of the 
hydrogen was found to be approximately 8 kcal per 
mole above 200°C and approximately 22 kcal per mole 
below 200°C. 

7) The CoSO, -NH,OH and CoSO,-NH,Ac reduction 
systems were compared. When each solution, initially 
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containing H,PtCl, was reduced in all-glass appara- 
tus, the rates were compared, and it was found that 
the rate for the CoSO,-NH,OH system was 23 pet 
faster than that for the CoSO,-NH,Ac system. 

8) Carpenter 20 and type 316 stainless steel acted 
as Catalysts for the reduction of the CoSO,-NH, Ac 
and CoSO,-NH,OH systems, respectively. 

9) The metallic cobalt deposit adhered less tena- 
ciously to the glass surfaces than it did to the stain- 
less steel surfaces. 
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On The Thermally Activated Mechanism of 


Prismatic Slip in Magnesium Single Crystals 


P. Ward Flynn, J. Mote, and J. E. Dorn 


The effect of strain and strain rate on the critical 
resolved shear stress for prismatic slip in specially 
oriented single magnesium crystals was determined 
over a range of temperatures in an effort to identify 
the thermally activated strain-rate controlling dis- 
location process. Below about 450°K prismatic slip 
was preceded by twinning and fracturing. Above 
450°K extensive prismatic slip was obtained followed 
by fracturing. Neither the Peierls’ mechanism nor 
the dislocation intersection mechanism can account 
for the observations. The data, however, are in good 
agreement with the dictates of Friedel’s theory for 
cross slip to the prismatic plane. 


P REVIOUS investigations on single and polycrys- 
talline magnesium have resulted in the identification 
of the mechanisms of plastic deformation summar- 
ized in Table I. 

The_only well-confirmed mechanisms are {0001}, 
{1010}, {1011} slip plus {1012} twinning. The other 
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twinning modes were only tentatively established and 
additional investigations are required to further con- 
firm their operation. 

As noted in Table I, slip in this hexagonal close- 
packed metal invariably occurs in the direction of 
greatest atomic density, revealing that the Burger’s 
vector for active slip dislocations is always given by 
b = a/3<1210>. Slip is easily induced on the basal 
plane, and recent investigations®-” have shown that 
the strain-rate controlling mechanism at low tem- 
peratures is the thermally activated intersection of 
the glide dislocations with dislocations threading the 
basal plane. In contrast, very little is known about 
prismatic slip, It has been reported to be active at 
points of stress concentration in polycrystals below 


Table |. Mechanisms of Deformation 


Type Mechanism Reference 
Basal slip (0001) <1210> 1253 
Prismatic slip {1010} <1210> 
Pyramidal slip {1011} 13 
Twinning {1012} <1011> 1 
Twinning {3034}  <2023> 
Twinning { 1013} - 7 
Twinning {1124} 
Twinning {1011} - 6 
Twinning {1014} - 6 
Twinning {1015} - 6 
Twinning {1121} ~ 6 
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Fig. 1—Position of basal and prismatic planes with respect 
to specimen surface and tensile axis. 


195°K? and in notched single crystals at 83°K and 
possibly 298°K,” Reed-Hill and Robertson used 
specially notched single crystals in their studies on 
prismatic slip. In view of the unknown state of stress 
in these crystals it is difficult to use their data to 
identify the strain-rate controlling mechanism for 
prismatic slip, Several clear identifications of pyra- 
midal slip have been made as documented in Table I, 
But the pyramidal slip reported by Bakarian and 
Mathewson! at 559°K might have been prismatic slip. 

It was the purpose of this investigation to study in 
greater detail prismatic slip in magnesium single 
crystals in an attempt to arrive at the dislocation 
process responsible for the observed strain rate. 
Stress-strain data as well as apparent activation 
energies and apparent activation volumes for the de- 
formation process were obtained. These data were 
compared with the predictions based on the three in- 
dependent dislocation mechanisms that were believed 
might be responsible for the observed behavior, It 
will be shown that neither the Peierls’ mechanism 
nor the intersection mechanism can account for the 
observations. In general, the observed results are 
consistent with Friedel’s theory for cross-slip to the 
prismatic plane. 


EXPERIMENTAL TECHNIQUE 


Triply sublimed magnesium having the following 
spectrographic analysis was obtained from A, D, 
MacKay, Inc., in 3/4 in. sq extruded rods: 


Al Mn Fe Ni 
0.003 0.0005 0.0005 0.0005 
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Pb Ca Sn 
0.003 0.003 0.001 


Cu Si 
0.001 0.003 


Single crystal spheres were produced by directional 
solidification under an argon atmosphere in a split 
graphite mold using a modified Bridgman technique. 
Orientations were determined by the Laue back-re- 
flection technique and the oriented spherical crystals 
were used to seed rectangular crystals in the shape 
of the tensile specimens, The major part of the in- 
vestigation was conducted on single crystal specimens 
so oriented that the angle 90-x, between the tensile 
axis and the normal to the prismatic slip plane and 
the angle X, between the tensile axis and slip direc- 
tion were 45 deg + 1 deg, see Fig. 1. As shown in the 
text, two other orientations were employed in an ex- 
amination of the strain-hardening characteristics, 

A 1 in, long reduced test section was used, A 
cross section of 1/8 by 1/4 in. was selected to keep 
total loads small, allow rapid approach to equilibrium 
in tests where the temperature was changed, and to 
reduce bending at the grips due to lattice rotation. 
All specimens were X-rayed to check orientation and 
perfection; no asterism was observed. Test sections 
were reduced in dimension by dissolution in 5 pct 
HCl after protecting the grip sections with electro- 
platers tape. The rate of attack of the acid was very 
uniform, square corners being retained on the edges 
while some rounding took place at the transition of 
the test section to the grip section. The grips were 
attached to the specimen 3/16 in. from the shoulder 
to avoid any grip effects on the gage section, Light- 
weight aluminum alloy grips were used to reduce the 
possibility of bending the crystals during handling, 
and serrated lavite inserts were used between the 
grips and specimens to reduce heat losses and main- 
tain constant temperature across the test sections, 
Thermocouples were attached to each grip in a way 
that allowed the junctions to be placed on the shoul- 
ders of the specimens. 

For the purpose of obtaining apparent activation 
energies, a low-heat capacity furnace to permit rapid 
temperature changes was designed to be used with 
the Instron testing machine. Concentric aluminum 
radiation shields were employed to maintain uniform 
temperature around the specimen, A short, sepa- 
rately wound and controlled furnace section was 
placed at each end of the center 4-in. section to al- 
low for compensation of end heat losses, The tem- 
perature was controlled by a Micromax and anticipa- 
tory control. Temperatures were measured and re- 
corded on a1 mv span recorder so that + 0,1°K 
could be detected. Specimen temperatures were 
monitored continuously; the absolute temperature of 
each specimen was kept to within + 1.5°K of the 
reported values, Temperature changes accurate to 
+ 0.1°K were made by briefly increasing or decreas- 
ing the power input; and temperature stability was 
achieved in 2 to 5 min. 

Loads were determined to within 0.5 pct of the 
recorded value while the syncronously driven cross- 
head and chart permitted specimen elongation to be 
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Fig. 2—Critical resolved shear stress vs absolute tempe- 
rature. 


determined to 0.0002 and 0,002 in. respectively at 
strain rates of 0,002 and 0.02 per min, A ten-to-one 
gear speed change incorporated in the machine per- 
mitted strain-rate changes to be accomplished within 
3 sec, 

All specimens were annealed for 15 min at 778°K 
(the maximum test temperature) prior to testing to 
remove any small effects of strain hardening that 
might have been introduced during handling of the 
specimens, 


EXPERIMENTAL RESULTS 


The critical resolved shear stress for prismatic 
Slip at the beginning of plastic deformation is plotted 
as a function of test temperature in Fig. 2. Tests 
conducted below 450°K exhibited {1012} twinning be- 
fore the onset of slip. Under these conditions the 
ductility was observed to be small and the plane of 
fracturing coincided approximately with the trace of 
the original {1012} plane. 


30x10 
28 
26 
24 
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(0) 0.10 0.20 0.30 040 0.50 0.60 0.70 O80 


RESOLVED SHEAR STRAIN, Y 


Fig. 3—Strain hardening characteristics. Resolved shear 
stress vs resolved shear strain. 
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Table Il. Activation Energies 

a y q 

°K Min™* Ergs 
587 0.004 16 x 10"** 
664 0.004 20 x 107** 
700 0.004 Ome 
PH) 0.004 19 x 10°** 
727 0.004 24 x 10°** 
0.004 Io) 
727 0.004 


Above 450°K, however, deformation took place ex- 
clusively by prismatic slip as determined by analysis 
of slip-line traces on the specimen surface and Laue 
back-reflection radiograms at various stages of de- 
formation. 

The strain hardening characteristics during pris- 
matic slip at 673°K are shown in Fig. 3 for three 
different initial crystal orientations. These data re- 
veal that the resolved shear stress increases linearly 
with the amount of strain at first and then increases 
less rapidly with increasing strain. The strain at 
which the strain hardening deviates from linearity 
is always less than that necessary to give sufficient 
lattice rotation for two prismatic planes to be equal- 
ly stressed. 

To facilitate identification of the operative disloca- 
tion mechanism that controls the rate of prismatic 
slip, the stress sensitivity of the strain rate, 


ToL [1] 


2 


where 


y = the shear-strain rate, 
T = the shear stress and 
T = the absolute temperature, 


was also determined as documented in Fig, 4, These 
data were obtained by measuring the change in re- 
solved shear stress, T, — T, , upon changing the shear 
strain rate from y, toy, by a factor of about ten 


150x108 
} 
a 
° 
Q 
473°K 


0.20 0.40 0.60 
RESOLVED SHEAR STRAIN, 7 


Fig. 4—Values of 8 vs resolved shear strain. 
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Table Ill. Values of w (from the Lothe-Hirth Expression) and 
7, (from the Weertmann Expression) Calculated from 
the Experimental Data Assuming the Operation of the Peierl’s Mechanism 


T 7, Dynes/cm? B, cm?/Dyne r 


x 1077 x 10° w Dynes/on? 
473 13.5 3.6 44b 2.95 x 10° 
577 1255 190b 2.78 x 107 
664 US 52.0 854b 


times, In general, 8 increased with temperature and 
decreased slightly with strain, 

Finally, a few tests were made to determine the 
apparent activation energy, g, as defined by 


[2] 
where k = Boltzmann’s constant, Since y is a func- 


tion of T and 7 as well as y the value for g was 
determined from 


olny alny oT 
aT aT /p \aT/y 

oT 


where (87/87)., was determined by the effect of small 
changes in temperature on changes in flow stress, 
The determined values of g, shown in Table II, how- 
ever, are not considered to be highly accurate in view 
of the fact that the errors in 8 are compounded on 
errors in 97/8T in this evaluation. 


DISCUSSION 


Prominent among the various dislocation proc- 
esses that might be responsible for the rate of pris- 
matic slip in Mg are the Peierls’, intersection, and 
the cross-slip mechanisms, A brief comparison be- 
tween the experimental results and theory clearly 
reveals that neither the Peierls’ nor the intersection 
mechanism can be operative. We will show, however, 
that the experimental results are in-good agreement 
with predictions based on Friedel’s theory, for pris- 
matic slip. 

When the effect of stress on the activation energy 
for the formation of a kink is retained in the Lothe- 
Hirth formulation of the Peierls’ process," the creep 
rate for prismatic slip, considering the motion of 
screw dislocations, is given by 


(RT)? T17 
2U, - 1.6247 wh? 
[4] 
RT 


where 


p =the density of dislocations on the prism plane, 
b =the Burger’s vector, 
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Table IV. Kink Energies Calculated from the Experimental Data 
Assuming the Peierls’ Mechanism 


q Exptl. Avg 0.812 7b?w 

OK Ergs x 10*° Ergs x 10** Ev 
587 19 231 0.79 
664 20 2.64 0.84 


L = average length of dislocation segment, 
Tp = the Peierls’ stress, 

T =the applied stress, 

v, = the Debye frequency, 

k =the Boltzmann’s constant, 

T = the absolute temperature, 

I’ = the dislocation energy per unit length, 
U, = the energy to form one kink and 

w =the minimum width of a stable kink. 


If one considers an edge dislocation the pre-~expo- 
nential numerical coefficient becomes 0.46 and the 
numerical coefficient of the stress term of the acti- 
vation energy becomes 1,0. The special attributes of 
the Peierls’ process is that w does not exceed about 
10b and that U in metals has a small value of less 
than a few tenths of an electron volt. 

According to Eq. [4], when the Peierls’ process is 
operative 


[5] 


Consequently, w, as shown in Table III, can be de- 
termined from the experimental data extrapolated to 
zero Strain. 
Since the acceptable value of w is less than about 
10b, the Peierls’ process cannot be responsible for 
prismatic slip. The apparent activation energy for 
the Peierls’ process is given by 

q = - - - 

Using the experimental data recorded in Table IV 
gives the exceptionally high kink energies shown in 
the last column again denying the validity of the 
Peierls’ mechanism, 

Weertmann"’ has derived the following expression 
for the strain rate also making use of the Peierls’ 
stress: 


_1 , 1,624b'w 


[6] 


y= b®/2 M?/2) 


[7] 
where 


a =the distance between Peierls’ hills, 
G =the shear modulus, 
M = the density of dislocation sources 


and where by Seeger’s theory 


4ab ab 
= eens 


L 
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Fig. 5—Critical resolved shear stress vs apparent activa- 
tion volume @ kT = xlb). 


and 


v (2) (5a T, [9] 


where 


v, = the velocity of shear waves in the material, 
According to Eq. [7] 


Hence, from the experimentally determined values 
of 6 the Peierls’ stress, Tp, Can be calculated, as 
shown in Table III. These results require that the 
Peierls’ stress change by a factor of 104 in the tem- 
perature range 473° to 771°K; therefore, the Peierls’ 
process as derived by Weertmann cannot be respon- 
sible for prismatic slip in magnesium. 

The observed results are also incompatible with 
the intersection mechanism. According to Basin- 
ski’s'® modification of the Seeger!‘ theory for inter - 
section of dislocations 


[11] 


be exp BT 


where 


N = the number of points per unit vol where in- 
tersection can occur, 
2 = the mean spacing of the forest dislocations, 
U; = the activation energy for intersection, 


F 4, = the maximum force necessary to effect in- 


m 


tersection, 
F = Tlb = the force assisting thermal activation 
and 


x = the distance through which a dislocation must 
move to complete intersection. 


For the intersection mechanism 


1 aU; 
OT T [12] 
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Fig. 6—Schematic of cross-slip mechanism for prismatic 
slip in hep crystals. 


where /bx is a function of the applied stress 7. Once 
constriction of the forest dislocations is complete tT 
should increase precipitously with decreasing xlb at 
a value of x~b. Applying this to the data given in 
Fig. 5 suggests that 1x cm’. Consequent- 
ly, the density of forest dislocations estimated in this 
way has the wholly unacceptable value of p = 1//? > 
for an unworked crystal.'%,!6 Consequently, is 
not consistent with the dictates of the intersection 
mechanism, 

Having concluded that prismatic slip in magnesium 
cannot be ascribed to either the Peierls’ mechanism 
or the intersection mechanism, we now show that the 
experimental observations are in excellent agree- 
ment with Friedel’s concept that prismatic slip rate 
is determined by the rate of nucleation of cross- 
slip.’’ Friedel’s theory assumes that dislocations 
containing edge components slip with ease on the 
prism plane until they traverse the entire plane, com- 
bine with dislocations of opposite sign or become 
blocked. Such blocking can occur in the vicinity of 
screw dislocations which automatically dissociate 
with a decrease in energy into their partials on the 
basal plane. Continued slip therefore requires con- 
tinued recombination of the partials on the basal 
plane to form screw dislocations on the prismatic 
plane as shown schematically in Fig. 6. Friedel 
shows that the activation energy for the nucleation of 
cross-slip is given by 
25/2 R3/2p 1/2 

3Tb 


where U, = the energy to form a constriction in the 
partials on the basal plane and R = the energy to re- 
combine a unit length of the two partials. Both U, 
and R are constants in the present case since the re- 
solved shear stress on the basal plane was always 
zero and therefore the partials were separated by 
the equilibrium spacing under zero stress. 

The shear strain rate for prismatic slip is given 
by the usual expression 


U=U, + [13] 


114] 


y = NAbv exp - = 


where 


N = the number of points per unit vol at which 
cross-slip can occur, 
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Table V. Determination of R¥ 71°"? 


100C 500 333 
T 
°K Dynes/cm* cm?/Dynes Ergs7/cm? 
| = 
77 8.5 1.69 1.69 
I40P 664 13.4 1.40 1.40 
i20F 577 40.2 2.85 1.73 
Average value: 1.61 
iS 80 
60h Since the first term to the right of the equality is a 
4ob constant and the second term varies only modestly 
20 ‘ with the applied shear stress, 1/7T should decrease 
almost linearly with 1/7. The excellent correlation 
2 


Fig. 7—1/rTT vs 1/T. 


A =the average area swept out per process, 

v = v,b/Y = the frequency of cross slip, where 

Y = 25/2(RT)/2/7b and 

N = 2/Y, where 

d = the total length per unit vol of screw disloca- 
tions on the operative prismatic plane. 


Consequently, the shear-strain rate for prismatic 
slip according to Friedel, becomes 


7? U, 
25/2 R3/2 
3kT 1b [15] 


We will now demonstrate that the experimental re- 
sults agree well with the dictates of Eq. [15] and 
that the experimentally evaluated values of U, and R 
are in good agreement with theoretical estimates. 

a) Effect of Temperature on the Yield Strength. 
Rewriting Eq. [15] reveals that 


1 3bk  Abty, 3bkin 
95/2 In 8RTy 93/2 p3/2p 1/2 
3bU, 


[16] 
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Fig. 8—-A Avs strain. 
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of the experimental results with this prediction is 
shown in Fig. 7. Extrapolation of the experimental 
data reveals that prismatic slip would require a very 
large stress at temperatures below 450°K, the range 
where twinning was observed to precede prismatic 
slip experimentally. 

From the slope of the 1/7TT vs 1/T line, we deduce 
that 


5 = 100 cm? /dyne 


b) Effect of Change in Strain Rate on the Stress. 
For Friedel’s mechanism of prismatic slip 


alny 9) 25/2 1/2 
or 
3bkT 3bkT T 


Employing the values of f and 7 at the yield strength 
for various temperatures gives the average value of 


1.61 x 10733 ergs? /em? [ 20] 


as shown in Table V. 

Using the approximate value of I ~ Gb?/2 where G is 
the shear modulus (taken as 1.28 x 10!! dynes per sq 
cm) we estimate R ~ 6.5 x 107-8 erg per cm. Accord- 
ing to the relation*® 


R 1 d 
In [ 21] 
the separation of the partials on the basal plane is 
d ~ 2.3b. 

Correspondingly, U, of Eq. [17] becomes 1.52 ev 
and according to the relation!® 

Gb?d/, d\/ 

= 
the separation of the partials on the basal plane is 
d ~ 8b. The agreement between the two values for 
the separation of the partials is considered good in 
view of the theoretical approximations incorporated 
in the derivations of Eqs. [21] and [22]. 

c) Strain Hardening. Strain hardening must result 
from a decrease in AA with deformation. Introducing 
the previously quoted values of U, and R°/?T"/? into 
Eq. [15] and solving for \A as a function of strain 
we obtain the data shown in Fig. 8. It is not evident, 


[22] 
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however, whether the decrease in \A is due to ex- 
haustion of dislocations in screw orientation or re- 
duction in the area A swept out. 


CONCLUSIONS 


1) Below about 450°K prismatic slip was preceded 
by twinning and fracturing. 

2) Above 450°K extensive prismatic slip was ob- 
tained followed by fracturing. Over this region the 
rate of prismatic slip is in good agreement with the 
theory of thermally activated cross-slipping of screw 
dislocations extended in the basal plane. 
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Evaporation of Solutes in Floating Zone 


Refining of Semiconductors 
John R. Gould 


A mathematical treatment of multiple-pass floating- 
zone vefining of semiconductors, including the evapo- 
vation of solutes from the melt at reduced pressure, 
is presented. Vapor pressures and evaporation rate 
constants for phosphorus, arsenic, and antimony in 
germanium have been determined from floating -zone 
experiments conducted at 10°° mm Hg. Rate sensi- 
tivity of arsenic in germanium has been examined 
over the range of 1 to 10 in. per hr growth rate. 

The equilibrium value of the segregation coefficient 
of arsenic in germanium, as determined by an ex- 
trapolation of these data, was found to be 0.09. 


P FANN? has treated the segregation of nonvolatile 
solutes in the zone-melting process, Bradshaw and 
Mlavsky? considered the evaporation of solutes in 
a vacuum during the growth of crystals by pulling 
from the melt, and van den Boomgaard® has shown 
that it is possible to bring a volatile impurity ele- 
ment homogeneously into an ingot by means of zone- 
melting under a constant pressure of that element. 
This paper is concerned with the volatilization of 
solutes during zone-melting in a vacuum. The 
mathematical analysis by Lord? of multiple-pass 
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zone melting is extended to include evaporation of 
solutes. A method is presented in which evaluations 
of vapor pressures, evaporation rate constants, and 
distribution coefficients may be derived from the 
variation of solute concentration in the floating- 
zone refining of germanium at 10°° mm Hg. 


EXPERIMENTAL 


Ingots of zone refined germanium, approximately 
1/4 in. in diam and 10 to 12 in. in length, were sub- 
jected to several floating-zone passes at 107° mm 
Hg in order to provide intrinsic material for these 
studies. These ingots were then seeded in a [111 ] 
direction and “solid-doped” to a constant impurity 
concentration of approximately 101° atoms per cm3 
in a forming gas ambient (10 pct H, — 90 pct A) at 
1/2 atm gage. The resulting crystals were subjected 
to repeated floating-zone passes at 10-5 mm Hg and 
a concentration profile along the length made after 
termination of each pass. Concentrations were de- 
termined from four-point probe resistivity measure- 
ments, and proper precautions were taken to prevent 
contamination during handling. A constant zone 
length, crystal cross section, and growth rate were 
maintained during zoning. A stationary coil and 
moving crystal system were employed for floating- 
zone growth with neither the section of crystal above 
nor below the melt rotated. 
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DISTRIBUTION OF SOLUTE 


Factors controlling the distribution of solute must 
be considered in determining solute concentration 
as a function of distance when a molten zone is 
passed along an ingot at reduced pressure. Assuming 
the following: 

1) the solute is homogeneously distributed in the 
liquid phase, 

2) composition of the solid does not change after 
crystallizing from the melt, z.e., diffusion in and 
evaporation from the solid are not significant fac- 
tors, 

3) the distribution coefficient remains constant 
and is independent of concentration for dilute solu- 
tions, 

4) vapor pressure of solvent is negligible, 
then factors controlling the distribution of solute 
are: a) evaporation from the melt, b) retention of 
solute by the growing crystal, and c) entrance of 
solute to the melt as the zone advances. The con- 
centration C,,(x) in the crystal formed by advancing 
a.zone of length b a distance dx at a constant rate 
can be determined by a summation of these effects. 

A) Evaporation Loss. Solute will be lost from the 
melt at a rate described by 


Since ; 

dt = dx /v 

d Cy = (Q/v) Cy (x)z dx [2] 
where 


C,, (*)z = solute concentration in the liquid (n 
designates the number of zone passes) 
= evaporation rate constant 
= zoning rate (cm per sec) 
B) nea of Solute. The change of solute 
concentration in the melt resulting from the freezing 
of k C,,(«)z dx in the growing crystal is 


= — (k /b) C, (x)r dx [3] 


C) Solute Entering the Melt. The solute entering 
the melt at (x +6), which is determined by the con- 
centration resulting from the (n — 1) st-pass, is 
C,-, (« +6)dx. Therefore, the concentration in the 
melt is changed by 


= 07 Cyn, b) dx [4] 


Therefore the net change of solute concentration in 
the melt is 


EC, AX)L 


= [- Cy (x)z (R/b) Cy, 
#0 (x +6) dx [5] 


or in terms of the concentration in the growing crys- 
tal 


dC,,(%) (x +0) PC, (x)]dx [6] 
where 
P=Q/v +k/b 
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Eq. [6] has the general solution 


Cryer” [8] 
where K is a constant which may be determined by 
the condition that the impurity content in the starting 
zone is constant, that is, 


x 
=k/b +b)dx +K 


b 
C,, (0) = RC» =k/b [9] 
Then the particular solution of [6] is 
C,, (x) = (k/b) Cy-1 (x +b) dx 
(x)ax| [10] 


When n = 1 


which reduces to Pfann’s equation 


=C, -a- 


C(x) 
when =o. 
Whenn =2 
k | RC, 
C, (x) (1 bP)e 


k 
(1 - bP) 


This leads with repeated operation 8 on e~?* to 


Lord? has included in his article calculated results 
of the iterated operation @ on the quantity e"*@ for 
values of z up to 8. These results, with the appro- 
priate modifications, may be used in Eq. 11. Eq. 11 
is valid over the length of the ingot (D) with the ex- 
ception of the section where normal freezing occurs, 
i.e., when x >D- nb. 


EVAPORATION RATE CONSTANT 


If the solute obeys the perfect gas laws, the evap- 
oration rate constant (Q) defined by Eq. 1 may be re- 
lated to the mass loss of solute from unit area of 
solution surface in unit time (m), such that, for a 
solution of Wgrams and an evaporating surface of 
A cm? 


Q = Am /WCy, [12] 
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Fig. 1—Phosphorus in germanium 
Dushman® expresses m as 
m=157 ap (M/2nRT)!/2 [13] 
where 
a@ = condensation factor (assumed = 1) 
M = molecular weight of solute 
R = gas constant = 2 cal per °K gm-mole 
p = equilibrium vapor pressure of solute, atm 


T = degs Kelvin (may be taken as melting point 
of the solvent for very dilute solutions) 
A = surface area of solution 
W = weight of melt = weight of solvent for dilute 
solutions, 

The experimental conditions employed in this study 
are ideally suited for a ready evaluation of m, since 
1) at pressures in the order of 107° mm Hg the mean- 
free paths of the solute atoms are long with respect 
to the distance between the surface of the melt and 
the containing vessel (therefore no specular inter- 
action), and 2) the surface of the bell-jar housing 
the system (several zone-diameters removed from 
the melt) is at a temperature considerably below that 
of the melt. As a result solute atoms leaving the 
melt surface are not reflected back to the surface 
of the crystal being zoned. For systems in which 
the melt is supported by other than electromagnetic 
levitation, Rossmann, and Yarwood® describe in de- 
tail how Eq. [13] is modified to include the reflec- 
tion of solute atoms from crucible walls. 


EVALUATION OF CONSTANTS 


The equation for the first pass, Eq. [10] may be 
restated as 
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Fig. 3—Antimony in germanium 


TRANSACTIONS OF 


THE METALLURGICAL SOCIETY OF AIME 


0.8 8 
06 
4 
4 
} x 
x 
2 7 


Table |. Vaporization of Solutes in Germanium: Summary of Data 


v Q 
cm/Sec Sec™* Pp 
Solute 10* 105 Microns k ke* 
Pp 8.04 0.54 5 0.18 0.080 
As 8.04 23 19 0.11 0.020 
Sb 70.40 13.5 60 0.08 0.003 


*Trumbore’ includes in a recent report a summary of the distribution 
coefficients of various solutes in Ge and Si. 


from which the distribution coefficient may be evalu- 
ated at x = 0, when C, (0) =C; =kC,. The distribu- 
tion coefficient may also be determined by zoning 
until a stationary state (C,, = RC, /bP) is attained. 
Since it may readily be shown that 


=y 1 (CA C ) 

[15] 
it is expedient to determine the value of P from the 
slope of the curve on a graph of In [C,, - C, (x) ] 
VS x. 

With a knowledge of P and the distribution coef- 
ficient, the evaporation rate constant Q may be 
evaluated from Eq. [7]. Then one may determine 
the vapor pressure (p) of the solute over the liquid 
alloy from Eq. [12] and the Dushman relation as 
follows 


= 44.3 (A/W) p (M/T)/? 


DISCUSSION OF RESULTS 


st 


[16] 


The results of experiments with phosphorus, ar- 
senic, and antimony as the solutes in germanium 
are shown in Figs. 1, 2, and 3 and are summarized 
in Table I. Included in each figure are graphs of In 
[C, (x) /C, ] vs distance along the crystal which 
represent the theory for the cases in which volatili- 
zation of the solute is and is not employed. To dem- 
onstrate the method of evaluating the constant, P, 

a graph of In[C,, - C,(x)] vs x is included. 

The stationary state is approached more rapidly 
by operation at reduced pressures, Figs. 1, 2, and 
3, by decreasing the growth rate, and by reducing 
the length of the floating zone, Eq. [7] and [14]. 

_The value of the constant P is also affected by the 
rate sensitivity of k for some solutes.’ ,® 

The summary of the data, Table I, shows the time 
required to reduce the concentration of phosphorus, 
arsenic, and antimony by 1/e in the absence of crys- 
tal growth is 5.1, 1.2, and 0.2 hr, respectively. 


Table Il. Rate Sensitivity of Arsenic in Germanium 
keff 
Growth Rate Zone Length P 
(cm/sec) 10* cm cm~* Exp. Cale. 
8 0.89 0.41. 0.110 0.109 
21 0.48 0.39 0.126 0.132 
36 0.48 0.37 0.140 0.146 
42 0.64 0.39 0.150 0.150 
70 0.48 0.37 0.153 0.160 
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Fig. 4—K,gp vs growth rate arsenic in germanium 


These values are quoted on the basis of 1 gram of 
solution with 1 sq cm of surface for evaporation. 

The results of a survey conducted to show rate 
sensitivity of the distribution coefficient of arsenic 
in germanium are shown in Fig. 4 and are summa- 
rized in Table Il. An extrapolation of these data re- 
sults in an equilibrium value of the segregation co- 
efficient of 0.09. This figure is a factor of 2 to 5 
greater than the value of 0.02 reported by Jillson 
and Sheckler?® and that of 0.04 due to Burton, 
et al., and Hall.1?, However, this figure compares 
with results of a theoretical investigation made by 
Weiser?* in which he reports a value of 0.10. 

Much work has been completed to determine 
segregation coefficients of various acceptor and 
donor impurities in elemental and compound semi- 
conductors. If some of this work was undertaken 
without considering the impurity evaporation loss 
from the melt, the reported segregation coefficients 
may be appreciably less than actual for values of 


SUMMARY 


A method, considering solute evaporation, is pre- 
sented in which solute concentration along the zoned 
ingot may be determined for multipass zone refining. 
Also included is a method of determining vapor pres- 
sures, evaporation rate constants, and distribution 
coefficients for solutes in germanium or silicon. 

The rate sensitivity of arsenic in germanium was 
examined over the range of 1 to 10 in. per hr growth 
rate, and the equilibrium value of the segregation co- 
efficient deduced from these data was found to be 
0.09. The experimental approach, z.e., the use of the 
floating zone technique, considerably simplified the 
theoretical analysis of the problem. Good agreement 
was found between theoretical calculations and ex- 
perimental results. 
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The Influence of Alloying Elements on the Internal 
Friction of Cold Worked and Quenched 


Martensitic Iron and Steel 
|. Tamura, T. Mura, and J. O. Brittain 


Plain carbon steel in the cold worked or marten- 
sitic conditions has an internal friction peak at 
about 250°C at a frequency of 1 cps. The influence 
of substitutional alloying elements on this peak was 
examined experimentally. The alloys were vacuum 
melted Co-, Cr-, Mo-, Ni-, and Si-iron (about 3 pet 
alloying elements), and carburized Si-ivron. The 
internal friction of the alloys in the temperature 
range 30° to 500°C was determined by means of a 
torsion pendulum, The 250°C peak of the cold- 
worked alloys was lower in height than that ob- 
served in plain C-iron and steel. Carburized Si- 
ivon in the quenched condition had a peak which 
occurred at a slightly lower temperature than in 
quenched plain C-steel, but the height of the peak 
was substantially greater than that found for the 
same alloy in the cold-worked condition. The 
activation energy of this peak for martensitic Si- 
steel was about 35 kcal per mol. 


ANNEALED a@ iron has two internal friction peaks 
due to nitrogen and carbon at 20° and 40°C respec- 
tively, at a frequency of 1 cps. If a iron is cold 
worked, these diffusion peaks become smaller and 
a new peak appears at about 250°C.!»? The activa- 
tion energy for the 250°C peak is in the range of 

32 to 44 kcal per mol and has an average value of 
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38 kcal per mol.? It has been experimentally veri- 
fied that both interstitial solute atoms and disloca- 
tions are necessary for the 250°C peak.'»? Wert 
has also shown that an incubation period precedes 
the appearance of the 250°C peak.* 

With regard to quenched martensitic steel, Ke 
et al.»® observed two peaks at around 130° and 
250°C. They conjectured that the 250°C peak in 
martensite was due to the same mechanism as the 
250°C peak in cold worked q iron, and the 130°C 
peak was due to the nature of tempered martensite. 
They did not report the activation energy for these 
peaks. Chernikova’ found only one peak at about 
200°C in tempered martensite. In a previous paper? 
we reported an activation energy of approximately 
40 kcal per mol for the 250°C peak in plain carbon 
martensitic steels. Ichiyama® found the activation 
energy to be about 36 kcal per mol for the 250°C 
internal friction peak in steels in the martensitic 
condition. 

The present authors proposed a theory for the 
250°C peak for cold worked and quenched iron and 
steel. The theory for the peak is based upon the 
addition of a strain-energy term to the free energy 
for the formation of a carbide precipitate due to the 
presence of a disclocation. The model employed 
for the relaxation process consists of the growth 
and solution of a carbide precipitate of critical size 
as a consequence of an oscillating dislocation. 

In this report, the influence of substitutional alloy - 
ing elements on the 250°C peak is examined and the 
experimental results are discussed in terms of our 
theory for the peak. Most of the experimental work 
on the alloy steels was confined to the Fe-Si-C 
alloys. 
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Fig. 1—Logarithmic decrement vs temperature curves for 
the 65 pct Ry cold-worked state. @Ingot iron, A Fe-Co-C, 
A Fe-Ni-C, ¥ Fe-Mo-C, OFe-Cr-C, ¥V Fe-Si-0.09C. 


I) PREPARATION OF SPECIMENS AND EXPERI- 
MENTAL PROCEDURE 


The chemical composition of the vacuum melted 
irons and steels used in this study are listed in 
Table I. A part of the Fe-Si alloys was carburized 
after cold drawing to 0.072 in diam. The carburi- 
zing was carried out at 920°C in a hydrogen-heptane 
atmosphere or in a Homocarb furnace. The carbu- 
rized Fe-Si alloys were subsequently homogenized 
at 850°C for 15 hr in a vacuum of less than 50 p. 
All alloys were cold swaged and drawn to 0.038 in 
diam in such a manner that the cold-worked speci- 
mens had final degrees of cold working of 22, 54, 
and 65 pct R 4. 

The heat-treated specimens were austenitized by 
passing an ac current through the wire in a vacuum 
chamber and quenched with helium gas which had 
been precooled to 77°K. Immediately after the 
quench, the specimens were cooled to liquid nitrogen 
temperature in order to reduce the retained austen- 
ite. The martensitic condition of the specimens was 
confirmed by the extreme brittleness of the wires, 
by metallographic examination of the ends of the 
specimens and by electrical resistance measure- 
ments at 77°K. The latter measurements indicate 
that some variations in the martensite content of the 
quenched wires existed although they can be con- 
sidered as essentially martensitic. The quenched 
specimens were stored in dry ice prior to the meas- 
urements of the internal friction. 

An inverted torsional pendulum similar to that 
described by Wert® was used to determine the strain 
independent internal friction. A counterweight was 
used to give a tensile stress of 500 psi on the speci- 
men. Four pendulum arms which had different in- 
ertias were used to obtain frequencies of about 0.5, 
0.9, 2.5, and 5.0 cps at room temperature. In the 
work reported here a frequency of 2.5 cps was 
generally used. 

A linear variable differential transformer was 
used as a detector in order to record the amplitude 
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Fig. 2—Expanded scale of internal friction of the cold- 
worked Fe-Si-0.09 C alloy. @65 pct Ry, O22 pct Ry. 


of the oscillations by means of a hot-wire oscillo- 
graph. A 10-3/4-in. furnace which had three sepa- 
rate heating zones was used to heat the specimen. 
Each zone was wound noninductively as an independ- 
ent circuit and regulated by a separate autotrans- 
former to provide uniformity of temperature. 

The temperature was measured by three chromel- 
alumel thermocouples located in close proximity to 
the specimen at intervals of 2 1/2 in. from each 
other; i.e., one thermocouple at the center of the spec- 
imen and one at each end. In order to obtain the 
specimen temperature, a probe thermocouple was 
set in the apparatus in place of a specimen and the 
variations between the temperatures of the three 
fixed thermocouples in the apparatus and that of the 
probe couple replacing the specimen were obtained 
under the conditions realized in experimental runs. 
These results indicated that there was a difference 
between the specimen temperature and the meas- 
ured temperature. In all cases measured tempera- 
tures have been corrected. 

The vacuum in the torsion pendulum apparatus 
was about 50 yw and the temperature was increased 
at a rate of about 2.5°C per min during a run. The 
maximum temperature difference at the 3 positions 
along the specimen was 1.5°C. The oscillations 
were generally recorded every 5 min, and occasion- 


Table |. Chemical Composition 


Designation Chemical Composition in Wt Pct 
C Si xX Mn Cu 

Ingot Iron 0.013 0.05 0.86 0.018 0.35 0.05 

1070 0.008 0.011 

1090 0.93 0.06 0.007 0.011 
Fe-Si-C 0.04 2.40 0.01* 0.004* 0.004* 0.01* 
Fe-Si-C 0.09 2.40 0.01* 0.004* 0.004* 0.01* 
Fe-Si-C 0.39 2.40 0.01* 0.004* 0.004* 0.01* 
Fe-Cr-C 0.044 0.043 3.05 0.09 0.004 0.006 
Fe-Mo-C 0.066 0.023 2.50 0.05* 0.002 0.002 
Fe-Ni-C 0.042 0.072 3.27 0.05* 0.003 0.004 
Fe-Co-C 0.042 0.017 3.08  0.05* 0.002 0.002 


*Less than pct indicated. ; 
X = pct second element in designation. 
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Fig. 3—Logarithmic decrement of the martensitic Fe-2.40 
pet Si-0.39 pct C alloy for various frequencies. 


ally at 2.5 min intervals. The logarithmic decre- 
ment, 6, was determined in the usual manner. 

The activation energy for a sample was calculated 
by means of the least-squares method using the 
measured peak temperatures and frequencies. 


II) EXPERIMENTAL RESULTS 


Decrement vs temperature curves for the cold 
worked (65 pct R 4) ingot iron, and the vacuum 
melted alloys are shown in Fig. 1. It is clear that 
the addition of 3 pct of Si, Cr, Mo, Ni, or Co has 
resulted in a decrease in the peak height and that 
the first three elements were more effective in 
suppressing the peak height than nickel or cobalt. 
In order to show the presence of the peak in the 
Fe-Si-C alloy more clearly, the data for the 65 pct 
Ra specimen together with the results obtained on 
a 22 pct R4 specimen are plotted on an expanded 
scale in Fig. 2. The presence of the peak with a 
reduced height for the Fe-Si-C alloy is confirmed. 
The results obtained on the Fe-Si-C alloys indicate 
that the suppression of the 250°C peak by addition 
of silicon is independent of the carbon content within 
the concentration limits listed in Table I. 

A second observation that can be made from Fig. 
1 is the effect of additions of silicon, chromium and 
molybdenum upon the grain-boundary peak which is 
normally observed at about 470°C with a frequency 
of 1 cps.1 Chromium and molybdenum appear to be 
more effective than silicon in increasing the grain- 
boundary peak temperature. 

In the martensitic condition the Fe-Si-C alloy 
had an internal friction peak as shown in Fig. 3 
which is similar to that observed in the quenched 
eutectoid steel. Under the usual assumption that the 
relaxation process obeys an Arrhenius’ equation, 
the activation energy for the relaxation process in 
the quenched Fe-Si-C alloy was obtained from the 
plot of the logarithm of the frequency vs 1/ T» where 
Ty is the peak temperature, Fig. 4. From the slope 
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Fig. 4—Logarithm of the frequency vs the inverse of the 
peak temperature for the martensitic Fe-2.40 pct Si-0.39 
pet C alloy. 


of this line the activation energy was determined 

as 34.5 kcal per mol while a least-square calcula- 
tion resulted in an activation energy of 35.4 + 6 kcal 
per mol for a 90 pct confidence limit. 

The variation in the strength of the relaxation in 
Fig. 3 is believed to be associated with the struc- 
ture of the quenched specimens. Thus, the as 
quenched resistivities.at 77°K of the four specimens 
designated f= 0.5, 0.9, 2.5, and 5.0 were 34.8, 36.7, 
37.9, and 34.0 microhm-cm respectively. This is 
interpreted” as a variation in the pct martensite in 
the as quenched specimens in the order f = 2.5, 

0.9, 0.5, and 5.0 which is the same order as the 
strength of the relaxation. The austenitic grain size 
was essentially the same in all specimens with an 
average of 2 to 4 grains in the cross-section of the 
wire. 

The 3 pct Si addition has apparently increased the 
grain-boundary relaxation peak temperature in the 
quenched specimens. We have not positively identi- 
fied the increasing internal friction above the 250°C 
peak as a boundary relaxation peak but have assumed 
its origin is similar to that in the cold-worked 
material. 


III) DISCUSSION 


In the previous paper® the authors proposed a 
theory for the 200° to 250°C internal friction peak 
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for cold-worked and martensitic plain carbon steel. 
The theory is based upon the model that the internal 
friction peaks in the 250°C temperature range are 
due to a growth and solution of a carbide precipitate 
as a consequence of an oscillating dislocation. The 
peak height in the authors’ theory is 


(tan 6) peak or 2 kTp B a 


where C, is the density of carbon atoms in the pre- 
cipitates, {2 the dislocation density, A the inelastic 
strain in the precipitate per unit increase of carbon 
atoms, k the Boltzmann constant, T, the peak height 
temperature, A the attraction coefficient between a 
solute atom and a dislocation, 6 is the strength of 
locking which depends on crystal structure and the 
effective number of locking solute atoms, M is the 
shear modulus of the precipitate, a is the lattice 
constant, and LZ, and L, the relaxation lengths 
which are assumed to be of the same order as the 
diameter of the precipitate. 

In the present experiments with the Fe-Si-C al- 
loys, the suppression of the peak height in the cold 
worked state but not in the quenched state is diffi- 
cult to explain with a high degree of certainty. How- 
ever, the following observations on the influence of 
silicon additions to Fe-C alloys provide some as- 
sistance in tenatively assigning a role to silicon in 
the internal friction experiments. First, it has been 
observed that the addition of approximately 3 pct Si 
to an Fe-C alloy resulted in a decrease in the solu- 
bility of carbon in the Fe-Si ferrite by approximately 
one order of magnitude.'! Second, Leslie et al.'? 
found that the carbide precipitated from a Fe-Si-C 
alloy in quench aging was neither the € or the ce- 
mentite carbide. Subsequently,** the carbide was 
identified as orthoPhombic (a = 8.8 A, b = 9.0 A, 
c= 14.4 A) but the chemical composition was not 
determined. Owen et al."* identified an Fe-Si-car- 
bide as hexagonal (a = 11.7 A, c = 10.8 A)witha 
chemical composition of about Fe,, Si, C,. While 
there is still a degree of uncertainty concerning the 
crystal structure and chemical composition of the 
Fe-Si-carbides, the existence of such carbides seems 
beyond question. Third, studies on the kinetics of 
tempering of approximately 3-pct-Si steels indicated 
that the kinetics of the first stage of tempering were 
not influenced by the presence of silicon and that the 
initial precipitate was an € carbide.” Finally, the 
tempering studies have indicated a suppression of 
the transition of the « to cementite carbide in the 
Fe-Si-C alloys.” 

In view of the above observations on the effect of 
silicon additions to Fe-C alloys, we postulate that 
the decrease in relaxation strength is primarily due 
to the nature of the carbide precipitate. Whereas the 
C, term in the relaxation strength is estimated from 
Petch’® to be 2.6 x 1072 per cm, for cementite and 
from Jack’ to be 2.9 x 10? per cm? for e€ carbide, 
in the case of the Fe-Si-carbides C, has been es- 
timated from Humphrey and Owen’s*™ data to be 
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approximately 1.2 x 107 per cm® for a hexagonal 
structure or 3.9 x 107° per cm® for a hexagonal 
close packed structure. In the case of either of the 
latter values for Co, the reduction in C, by the for- 
mation of the Fe-Si-carbide is such that a substan- 
tial reduction in the peak height would be realized. 
According to the equation for the peak height it is 
difficult to fit the reduction in solubility of carbon 

in the Si- Fe ferrite into the present theory although 
it has been experimentally verified’,»” that the 
presence of the cold-worked peak does depend upon 
the presence of carbon or nitrogen atoms in the iron. 
The presence of carbon atoms in solution has been 
verified with the Fe-Si-C alloys in a few strain-aging 
experiments at 28° and 60°C in which the strain ag- 
ing was observed to occur at an appreciably slower 
rate than in Fe-C alloys. However, since the Fe-Si-C 
alloys did show strain aging at strains of approxi- 
mately 3 to 15 pct, we conclude that there is still 
sufficient carbon in solution to interact with the dis- 
locations and the reduction in relaxation strength is 
primarily due to the nature of the carbide formed at 
a low temperature involved in the internal friction 
experiments. 

Our observations on the suppression of the relaxa- 
tion strength in the other ternary alloys were not in- 
vestigated in any detail. However, the suppression 
of the 250°C peak in cold worked iron alloys has 
also been reported for additions of 0.25 to 1.25 pct 
Mo and 3 to 6 pct Cr by Késter? and for additions of 
1.83 and 5 pct W.”® In all of the ternary alloys the 
results of Hultgren’® indicate that the substitutional 
elements are partitioned between the matrix and the 
carbides. Since we hope to continue the internal 
friction study on the ternary alloys, we shall not 
dwell or speculate on them at this time. 

The presence of the substantially unreduced re- 
laxation strength in the Fe-Si-C alloys in the mar- 
tensitic condition seems likely to be due to initial 
precipitate of the epsilon carbide. 


IV) CONCLUSION 


1) The internal friction peak at 250°C of cold 
worked alloys which were vacuum melted Co-, Cr-, 
Mo-, Ni-, and Si-iron was depressed compared with 
that of plain carbon iron and steel. The decrease in 
the relaxation strength was found to be in order Co, 
Ni, Mo, Cr, Si. 

2) Theoretical explanation of the depression of the 
peak in Fe-Si-C alloy was made in terms of the car- 
bon density in the precipitates, C,, which is propor- 
tional to the relaxation strength in our theory. 

3) The internal friction peak at around 250°C for 
quenched vacuum melted Si-steel was similar to that 
of quenched plain carbon steel in height. The better 
resolution of the peak in the quenched Fe-Si-C alloy 
appears to be due to the increase in the grain boun- 
dary relaxation peak temperature which is caused 
by the:silicon addition. 
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The System Titanium-Zirconium-Oxygen 


Michael Hoch, Robert L. Dean, 
Chung K. Hwu, and Samuel M. Wolosin 


The general shape of the 1450°C isotherm of the 
Ti-TiO-Zv02-Zr region was evaluated from the sur- 
rounding binary phase diagrams and from thermo- 
dynamic data on the metal-oxygen binaries. The 
phase boundaries were accurately determined using 
X-vay and metallographic techniques. At 1450°C the 
system shows a large bcc B field, which extends Svom 
the two metal-oxygen binary systems as a Gaussian 
error function, and is stable up to 30 at. pct O when 
Tt and Zr are present in equal amounts. At higher 
O concentrations, the 8 field is in equilibrium with 
t-ZrO . The following four regions, with three solid 
phases, are present: twoa + B+t-ZrO,,a+TiO + t- 
ZvO2, and TiO +t-ZrO2+c-ZrO2. On cooling the B 
phase transforms into the a phase, going through the 
w transition phase. The isotherm at 1500°C for the 
region TiO-TiO2-ZrO2 was obtained by using X-vay 
diffraction. At 1500°C a large c-ZrO> region is 
present as well as a large two-phase field, TiO 
+c-ZvOz2. The following regions, with three solid 
phases in equilibrium, were found: TiO + Ti203 + c- 
ZYOz, Ti203 + Ti305+ C-ZYVOz, Ti305 + TisOg+ 
+ c-Zv02+ TiZrO4 Ti;0g+ TiO,+ TiZ7vO4, 
c-Zv0,+ TiZvO, +t-ZvO>. These regions are rela- 
tively small. The solidus and liquidus relationships 
were determined by observing samples suspended 
in a tungsten crucible by means of a fine tungsten 
wire and heated in vacuum. Eleven univariant points 
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were found. C-ZrO, decomposes through a peritectic 
reaction into liquid +t-ZrO,. The activities of Ti 
and TiO in the w+ TiO +t-ZrOzand in the two a + B 
+t-ZrO2 regions were measured using the Knudsen 
effusion method. In the @+TiO + t-Z7vO, region the 
activities of Ti and TiO are the same, as in the o 

— Ti +TiO binary. In the two w+ 8B + t-ZrO, regions, 
the Ti activity is high and the TiO activity very low, 
although all phases present contain at least 30 at. 
pct O. This indicates a short-range order in the 
solid phases, Zr atoms being preferentially sur- 
rounded by O. 


Tue system Ti-Zr-O is of interest because of the 
wide ranges of solid solubility exhibited by the boun- 
dary systems; as titanium and zirconium both belong 
to the same group of the periodic table, large single- 
phase regions should occur within the system, with 
a great variation of properties (as the composition 
changes within the Single-phase region). Further- 
more, the possibility of modifying ZrO, to make it a 
more usable refractory by the addition of other met - 
als makes this system also of interest. Because of 
the high affinity of titanium and zirconium for oxy- 
gen, the oxygen partial pressure is very low at all 
compositions; thus, there exists a ternary metal- 
metal-oxygen system in which the oxygen pressure is 
not an important variable, so long as it is low enough. 

When a sample is heated in vacuum to a tempera- 
ture high enough for vaporization to occur, the vapor 
phase will consist of metal and metal-oxide gas, the 
oxygen concentration being very low. 

The phase relationships in the surrounding binary 
systems have already been reported in the litera- 
ture; therefore, the study of the ternary diagram 
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could be undertaken immediately. The approach 
here involved the determination of the phase rela- 
tionships at 1450° to 1500°C from the X-ray diffrac- 
tion patterns and micrographic inspection of sam- 
ples of various compositions. 

The solidus and liquidus relationships of the ter- 
nary system were determined by visual observation 
of samples suspended on a thin tungsten wire in va- 
cuum. 

The composition of gas in equilibrium with solid 
phases and the activities of the components at ele- 
vated temperature were determined using the Knud- 
sen effusion method. 


PREVIOUS INVESTIGATIONS 


The results of the investigations of the binary sys- 
tems surrounding this ternary have been compiled 
and discussed by Hansen!” and Levin, McMurdie, and 
Hall.?° 

Andersson, Collen, Kuylenstierna, and Magneli® 
studied the TiO-TiO, region at 1150°C and found the 
following homogeneity ranges for the intermediate 
compounds: 


Ti,O,: very narrow around TiO, 
TiO,: TiO, 


The vatue for rutile is in agreement with data ob- 
tained from vaporization measurements by Groves, 
Hoch, and Johnston"! who found the lower homoge- 
neity range limit of rutile to be TiO,,,,, at 1700°C. 

Furthermore, Andersson, et al.* describe a set of 
compounds formed at 1150°C of the formula Ti, O,,-_, 
(4<n<10), which thus are placed between Ti,O, and 
TiO,. They all have quite similar X-ray diffraction 
patterns, and according to Hurlen’® are ordered 
structures: titanium atoms are located in the fairly 
large interstices of the basic rutile structure. At 
1500°C these structures will become quite disordered, 
and they probably will decompose into a two-phase 
Ti,O,-TiO, region. 

Weber, et al.”® investigated three samples with 
high- ZrO, content in the Ti-ZrO, system. They 
found a titanium andm- ZrO, in room temperature 
diffraction patterns of two of their samples (contain - 
ing the greater amounts of titanium). However, they 
failed to find a titanium in any of the samples in 
high-temperature diffraction patterns. 

In their study of the TiO- ZrO, system Weber, ef 
al.® report that TiO stabilizes ZrO, in its cubic 
form, finding c- ZrO, to be the principal phase pres- 
ent in equilibrated samples containing TiO in con- 
centrations of 15 mole pct or greater. 

Duwez and Loh® have performed a preliminary 
investigation on the ternary system. Their investiga- 
tion was confined to samples containing 45 at. pct O 
or more and containing from 15 to 50 at. pct Zr. 
They report the presence of the B phase in the room- 
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temperature diffraction pattern of the sample 

Ti,, Zr 5904, . The sample had been quenched from high 
temperatures. Duwez and Loh® found c-ZrO, in all 
their samples, while this phase was absent in our 
samples. Because of the presence of a number of 
unidentified reflections in their X-ray patterns, 
Duwez and Loh were unable to make definite conclu- 
sions about the ternary system. 


EQUIPMENT AND MATERIALS 


A) Equipment. The equipment used in this inves- 
tigation consisted of a high-temperature vacuum X- 
ray diffraction camera,'* a vacuum-induction fur - 
nace,’* room-temperature Norelco diffraction equip- 
ment, and a Bausch and Lomb metallograph. 

Room-temperature diffraction patterns were ob- 
tained using a Phillips Norelco X-Ray Unit emitting 
nickel-filtered copper radiation. The Debye-Scherrer 
type powder cameras used were 57.3 and 111.4 mm 
in diameter. 

The samples were mounted in bakelite and polished 
on 1, 1/0, 2/0, and 3/0 emery papers and finally on 
a cloth wheel using Gamal Polishing Solution. 

B) Materials. The samples used in this investiga- 
tion were made up of Ti, Zr, TiO,, and ZrO, pow- 
ders. The titanium powder was supplied by the Fair- 
mount Chemical Co., N.Y., and was 99.6 pct pure ac- 
cording to the manufacturer. Oxygen analysis of 
this powder by the Frank L. Crobaugh Co., Cleve- 
land, Ohio, revealedthe presence of 0.435-wt-pct O. 
The zirconium powder was obtained from the Charles 
Hardy Co., Inc., N.Y. and was better than 99.5 pct 
pure. The dissolved oxygen content of this powder 
was found to be 0.639 wt pct by the Frank L. Cro- 
baugh Co. “Baker’s Analyzed” C.P. Grade TiO, pow- 
der with a TiO, content of better than 99.9 pct was 
used. The ZrO, powder was obtained from the Oak 
Ridge National Laboratories and its hafnium content 
was less thar 0.025 pct by weight. 

The sample powders, weighed and having a total 
weight of approximately 1 g, were transferred to an 
agate mortar and intimately ground and mixed by 
hand for 15 min using an agate pestle and then trans- 
ferred to a glass bottle. 


ISOTHERMAL SECTION AT 1450°C OF THE Ti- 
TiO-ZrO,-Zr REGION 


A) Theoretical Considerations. 1) Shape of B 
Phase Field. The difference between the free ener- 
gies of mixing of a and 8 Ti-Zr alloys of the same 
composition was evaluated by Kaufman?® as 


F, - F, =*(1 - x) [- 2340+1.267] cal/mol [1] 


where x is the mole fraction of titanium. 


The simpler, regular solution approximation (using 

only the minimum point on the a-8 transition—535°C 
and 50-at.-pct Ti'?—and the heats and temperatures 

of transition of titanium and zirconium? gives 


Fy F, = x(1 -—x)[- 1015] cal/mol [2] 
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In the temperature range 535° to 900°C, where Eq. 
[1] was derived, Eqs. [1] and [2] give nearly the 
same results. 

Eqs. [1] and [2] show that alloying titanium with 
zirconium, and vice versa, stabilizes the B field 
more than the a field. Furthermore, this effect is 
most pronounced at equimolar titanium and zirconi- 
um because Eqs. [1] and [2] are symmetric with 
respect to the titanium and zirconium concentrations. 

From the data of the binary Ti-O and Zr-O sys- 
tems at 1450°C’? it can be seen that oxygen addition 
stabilizes the @ phase. In the ternary system, the 
two effects (8 stabilization by metal, a stabilization 
by oxygen) will work against each other. The two 
binaries Ti-O and Zr-O have the same shape.” If 
the alloying did not stabilize the B field more than 
the a field (constants in Eqs. [1] and [2] equal 0, 
then the 8 field boundary would be a straight 
line, connecting 6-at.-pct O on the Ti-O boundary 
with 6-at.-pct O on the Zr-O boundary. Because 
metal alloying does stabilize the B phase field more 
than the a field, in the ternary system the boundary 
of the 8 phase will extend to higher oxygen concen- 
tration; this extension will be maximum at equimolar 
titanium and zirconium concentrations because there 
the difference in stabilization is maximum. The £ 
field will therefore look like a Gaussian error func - 
tion. Because the free energy of formation of ZrO, 
is larger than that of TiO, the first oxide to form 
when oxygen is added to Ti-Zr alloys is ZrO, (except 
when the Zr concentration is below 3 at. pet, see be- 
low). 

The question to be answered is, will the extended 
8 phase meet the ZrO, phase and form (on the line 
connecting 50-at.-pct Ti and 00-at.-pct Zr with ZrO,) 
B, 8 + ZrO,, and ZrO, phase fields, or will the phase 
fields be similar to that of the Zr-O binary, the £ 
phase being extended only to higher oxygen concentra- 
tion ? 

Mah, Kelley, Gellert, King, and O’Brien?? and A. D. 
Little, Inc.” give accurate but not consistent data on 
the partial free energy of oxygen in titanium at low 
oxygen concentration. Kubaschewski and Dench!7,!8 
give less accurate data for high oxygen concentra- 
tion in Ti-O and Zr-O systems. Assuming that the 
Ti-O and Zr-O systems behave identically, and using 
the above data plus Eq. [2], it is possible to show 
that within the error limits of the above data, 526 
the free-energy diagram of the 50 pct Ti + 50 pet 
Zr-O system shows the £ phase in equilibrium with 
ZrO, ; however, the error limits are too great to 
eliminate the possibility of having an a field extend- 
ing across the whole diagram. Because the oxygen 
partial free energy in the Zr-O system is lower than 
in the Ti-O system, the maximum stabilization of the 
8 phase will be pushed to somewhat higher titanium 
concentrations (Ti to Zr ratio > 1), i.e., the B, Bt 
ZrO,, and ZrO, pseudobinary will extend from a 
somewhat Ti-rich Ti-Zr alloy to ZrQ,. 


2) Zr-TiO-ZrO, Equilibrium. The maximum solu- 
bility of zirconium in titanium which is in equilibri- 
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um with TiO, before ZrO, forms, can be calculated 
from the free energy of formation of TiO and ZrQ,. 
Coughlin® gives the following thermodynamic data 
at 1800°K: 


Zr + O, = ZrO, AF° = -181 +0.25 kcal 

Ti + 1/20, = TiO AF° = -84,.2 +0.3 kcal 

At equilibrium, for the reaction Zr + 2TiO 
= 

= AF?(ZrO,)i= (10) 


2 
=-RTIn 


Az, 

= 1 (ZrO, does not 
dissolve much 
Ti or TiO), 


If it is assumed that: 1) A704 


(neglecting the 
effect of Ti sol- 
ubility in TiO 
and the small 
Zr solubility), 
and 


2) Atio = 


3) @z,= Nz, (assuming the 
Ti-Zr solution 
behaves ideally). 


Ar, = No; 
then Nz, = 0.03. 


As the solution is not ideal, but shows positive 
deviation from ideality’®* the solubility limit will 
be smaller than 0.03. The phase boundary was con- 
structed at 1.5 at. pct Zr halfway between 0 and 0.03 

B) Procedure. A portion of the mixed samples was 
introduced into a brass die and samples approxi- 
mately 1 mm in diam and 3 mm in length were 
pressed. 

The sample was then placed in a tantalum holder, 
positioned within the high-temperature camera, and 
heated in a vacuum better than 5 x 10-5 mm Hg to 
1450°C. This temperature was maintained for 2 hr 
before the X-ray beam was turned on. One-half hr 
exposure was sufficient to obtain a diffraction pat- 
tern. 

After the sample had cooled to room temperature, 
the rod-shaped sample was mounted on a glass ca- 
pillary and a room-temperature diffraction pattern 
taken. The surface of the sample was then removed 
by means of a small file so that a diffraction pattern 
of the interior could be obtained. The diffraction 
patterns of the surface and of the interior did not 
contain the same phases. Both the high-temperature 
and the surface room-temperature patterns con- 
tained ZrC lines. 

A great effort was made to eliminate this carbide 
contamination occurring while the sample was being 
heated at 1450°C. It was believed that the vapor of 
the Narcoil-40 diffusion oil in the diffusion pump 
was reacting with the sample. Dow Corning No. 704 
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Fig. 1—Isothermal section at 1450°C of 
the Ti-TiO-ZrO,-Zr region. 
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Silicon diffusion pump oil was substituted for the 
Narcoil-40. However, this did not eliminate the con- 
tamination. Zirconium metal chips were placed with- 
in the bottom tantalum heater surrounding the sam- 
ple to act as a “getter” for the contaminant, but this 
also failed. . 

Therefore, the following procedure was adopted 
for carrying out the investigation: 

The samples were heated at 1450°C for 2 hr and 
then allowed to cool. Room-temperature X-ray dif- 
fraction pictures were taken of the samples after 
their surfaces had been filed down. The 2-hr holding 
time at 1450°C was believed to exceed the time 
needed to attain equilibrium as further heating did 
not change the X-ray diffraction pattern nor the mi- 
crostructure. 

To check what changes occur during quenching, 
several samples containing the various phases were 
X-rayed at high temperature and after quenching to 
room temperature. It was found that no change oc- 
curred on quenching in any of the samples except 
that the 6 metal phase sometimes transformed into 
the w phase, as discussed later, and that t-ZrO, 
transformed completely to m-ZrQO,. 

Many of the samples containing 30 at. pct O or less 
were mounted in bakelite and polished, using stan- 
dard metallurgical procedures. They were etched 
in a solution of 3 cc HF (48 pct) + 12 cc HNO, (conc.) 
+ 85 cc glycerine. a, which was stable at high tem- 
perature, was identified by observing the microstruc- 
ture at low magnifications under polarized light. 

Former £ grains, which transformed to @ on 
quenching, showed up as Widmanstatten a phase in 
the microstructure. This plate-like phase, hereafter 
referred to as a’, appeared very fine and needle- 
like in some of the samples and coarser in others. 

The phases in the room-temperature diffraction 
patterns were determined by comparing the “d” val- 
ues with those found in the ASTM card set? or NBS 
circulars.??> The tantalum card was used for the in- 
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tensity of the lines present in the 6 bcc pattern. 

In those instances when either 8 solid solution or 
TiO was present in the room-temperature X-ray 
patterns, the lattice parameters, d,, of both phases 
were determined. The method used was the Taylor, 
Sinclair, Nelson, and Riley Extrapolation Method* 
and takes into account the absorption of the X-rays 
by the sample. 

C) Experimental Results. The results of this in- 
vestigation can be seen in Fig. 1. 

The experimental points have been numbered 
within the phase diagram and all the pertinent infor - 
mation about the samples can be found in Table I. 
This table lists the composition of the samples, the 
phases present in the room-temperature diffraction 
patterns, the phases detectable in the microstruc- 
ture, and calculated lattice parameters of the Bphase 
and the TiO phase. The shapes of the various phase 
fields have been constructed upon the basis of the 
experimental points and the thermodynamic require- 
ments. 

The extent of the TiO field into the ternary, 7.e., 
the solubility of ZrO, in TiO is very small, as the 
TiO lattice parameter of sample 37 (a, = 4.192) in 
the a + TiO + t-ZrO, region is the same as that of 
samples 46 and 47 in the two-phase a+TiO region of 
the binary system. If a large amount of zirconium 
were soluble in the a + TiO region, one would ex- 
pect the TiO lattice parameter to be greater than it 
is, since zirconium is larger than titanium and would 
expand the TiO lattice. 

The lattice parameters of the TiO phase in sam- 
ples 41, 42, 43, and 45 are above that of stoichio- 
metric TiO, point 48, indicating that the TiO corner 
of the TiO + c-ZrO, + t-ZrO, three-phase region 
lies between TiO,,,, point 48, and the lower stability 
limit of the TiO phase, TiO,,,,. The part of the 
phase diagram surrounding the line TiO + ZrO, is 
shown enlarged in Fig. 2. 

The diffraction patterns of samples 2, 3, 4, 5, 11, 
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Table I. Experimental Data of the Isothermal Section at 1450°C for the Ti-TiO-Zr0,-Zr Region 


Phases in Room Temperature 


Composition, At. Pct X-Ray Patterns* Phases in Microstructures* Phases at 1450°C* Betaias)) )TiO%a, 
Point Ti Zr a TiO @ a B a A A 

6 88.8 5.0 6.2 st m m m — - 

1 74.9 18.7 6.4 st = = = st 

2 48.9 43.9 st - - st st 3.424 

if 84.2 4.9 10.9 st - = - - m m = m nm — - - - 

9 74.2 14.6 11.2 st - ~ = = m Ww - m Wo - = - 
10 68.9 19.7 11.4 st w w st w st - - 

3 49.0 39.2 11.8 st m st st 3.414 - 
15 29.3 58.5 122 w st - - m w st w w st = - 3.462 - 
19 9.7 12.6 st - - st vw - st vw — = 
13 79.1 4.9 16.0 st st = st - - - - 

8 75.0 10.0 15.0 st - m m m - 

4 49.1 34.4 16.5 st st = = = = St - 3.410 - 
16 20.0 65.0 15.0 m m ~ ~ - m m - m Se - 3.494 - 
20 10.0 72.0 18.0 st - st vw - st vw — - 
14 74.1 4.9 21.0 st st st - - - - 
11 49.2 29.5 2153 Ww st st w st - w st 3.406 

5 39.3 39.2 st m = st w st — 3.434 - 
17 20.0 60.0 20.0 m m m m - m nm 3.483 
18 24.6 46.9 28.5 w st - = st = = - m m — - 3.498 - 
35 68.0 2.0 30.0 st w - st - - - - 
34 64.5 4.9 30.6 st - w st - w 
32 59.5 9.8 30.7 st w st w st wow - - 
31 54.3 15.0 30.7 st Ww w w st - m - - = 
30 44.4 24.4 Silay m st w = m w m = w st w - 3.407 - 
25 - m Ww m vw? st - - Stay - 3.507 - 
22 20.0 50.0 30.0 w m w - - vw? st - w stl ww - 3.516 - 
21 9.8 58.8 31.4 vw st w - w vw? m - w st w _ 3.546 - 
33 54.4 9.9 st - m = st - 
29 45.0 20.0 35.0 w m - = - m st - m st w - 3.407 _ 
36 58.0 5.0 37.0 m yw vw? = - st w vw? - 
37 58.0 2.0 40.0 m - vw st — - - - m - w st - 4.192 
26 30.0 30.0 40.0 st m - - st m 3.411 
24 20.0 40.0 40.0 vw? st st _ w - - - w st m - 3.514 - 
27 25.6 41.7 vw? m st - - Ww m st 3.407 
23 11.9 46.2 41.9 ww m st w m st 3.516 
40 37.8 11.8 50.4 m m - = m m 4.192 
28 18.0 30.0 52.0 m st - - - - w 3.408 
38 24.8 20.1 vw? m m - vw - m - 4.191 
41 35.0 1270 753.0 m m - om m 4.186 
44 15.0 25.0 60.0 - - st vw? _ - - - - - st vw - - 
47 57.0 - 43.0 - st = - - - - - st 4.192 
48 50.0 - 50. 0 st - - - st 4.179 
46 66.7 m - - m m - m - 4.192 
49 44.0 56.0 - - st+Ti,O, - - - st - 4.172 


*st = strong, m= medium, w = weak, vw = very weak, vw? = questionable. 


15, and 25 contained reflections that could not be 
identified as a, 8, or oxide phase lines. They were 
never present alone, but always together with the 
retained 6 phase, and the “d” values varied together 
with the a, of the retained @ phase, thus indicating 
that they are the transition phase lines. The reflec- 
tions are quite similar to those identified as an w 
phase in the Ti-Mn system by Frost, Parris, Hirsch, 
Doig, and Schwartz.}° 
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ISOTHERMAL SECTION AT 1500°C OF THE 
TiO-TiO,-ZrO, REGION 


A) Procedure. The samples were pressed ina 
steel die into pellets 1/4 in. in diam and about 1/16 
in. long. The pellets were placed in a tungsten cru- 
cible, introduced into the vacuum cell, and heated at 
1500°C for 2 hr. After quenching, the sample was 
ground and an X-ray diffraction pattern taken. The 
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sample was recompacted and reheated at 1500°C for 
2 hr. This procedure was followed until two consec- 
utive X-ray diffraction patterns did not show any 
change. In most cases, equilibrium had been reached 
after the first heating, except in the region Ti,O,- 
TiO,-ZrO,, where two or three heatings were neces- 
sary. 

The phases were identified by comparing their X- 
ray diffraction patterns with those found in the ASTM 
card set? or the NBS circulars.”* The X-ray diffrac- 
tion pattern for TiZrO, was taken from Coughanour, 
et al.,> whereas our own patterns for Ti,O, and 
Ti,O, were used, which agreed well with the data of 
Andersson, ef al.° 

B) Experimental Results. The compositions inves- 
tigated are shown in Table II and Fig. 3, together 
with the phases present and the intensity of their 
diffraction pattern, and also the lattice parameters 
of the TiO and c-ZrO, phases. The only change oc- 


Fig. 3—Isothermal section at 1500°C of 
the TiO-TiO,-ZrO, region. 


curing during quenching is the transformation of t- 
ZrO, to m-ZrO,, all other phases remaining un- 
changed. Several X-ray diffraction patterns taken 
at 1500°C confirmed this. It was found advantageous 
to investigate quenched samples, as it is much eas- 
ier to differentiate between c-ZrO, and m-ZrO,, 
than between c- ZrO, and t-ZrOQ,. 

The center of the phase diagram is occupied by a 
large, single-phase c- ZrO, region. The stabilization 
of the cubic phase by the oxides of titanium is due 
both to the presence of oxygen and to the presence 
of titanium. The oxygen-to-metal ratio is the lar- 
gest (1.93) wherethe c-ZrO, touches the TiZrO, + c- 
ZrO, + t-ZrO, region, and is the smallest (1.71) 
where the c- ZrO, touches the c-ZrO, + TiO + Ti,O, 
three-phase region. The Zr:Ti ratio is 4.26 on the 
TiO-ZrO, pseudobinary at the zirconium-rich end of 
the cubic region, whereas the ratio is 0.538 where 
the c-ZrO, touches the Ti,O, + Ti,O; + c- ZrO, three- 
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Table Il. Experimental Data of the Isothermal Section at 1500°C for the TiO-TiO,-ZrO, Region 


Composition Lattice Parameter 
Mol Pct Phases Present at 1500°C TiO c-Zr0, 
Pt. No. TiO TiO, Zr0, TiO TiO, TiO, Ti,O, TiO, t-ZrO, TiZrO, c-ZrO, ay R 
H-1 17.3 55.0 vw - s 5.019 
H-2 17.8 182 69.0 = = = s 5.038 
H-3 9.9 15.1 75.0 - - - - = m - s 5.030 
H-5 95.0 5.0 s - m 4.176 5.055 
H-6 6.0 48.0 46.0 = s m 5.00 
H-7 5.0 60.0 35.0 - - _ m vw - s - 
H-8 10.0 73.0 17.0 _ w - s 
H-9 5.0 43.0 52.0 - - - - —_ s s s 5.00 
H-10 Sy 48.5 19.4 = w m = s 4.906 
H-11 17.0 63.0 20.0 - = - m - - w s 
H-12 25.0 60.0 15.0 = = m w - - = s 4.966 
H-13 36.9 45.5 17.6 - m w - - - - s 4.906 
H-14 20.0 80.0 = s - 
H-15 11.0 89.0 = = - = m m - - - 
H-16 271 33.4 39.5 - = = s 4.955 
H-17 26.0 74.0 - m Ss - - 
H-18 5.0 95.0 - s - 
H-19 7.8 53.3 38.9 - - - vw - - m s 
H-20 19.3 65.2 - - vw s 
H-21 16.1 77.8 6.1 s w - vw 
H-22 - 90.0 10.0 — - s - 
H-24 4.9 79.9 vw s vw - 
H-26 15.0 85.0 - s w - - 
H-27 27.6 64.5 7.9 - — w s - - w 
H-28 19.5 44.6 35.9 = - w vw - = - s 4.970 
H-29 50.0 50.0 = - s 
H-30 17.9 82.1 - s vvw - 
H-126 2553 34.8 39.9 = = = = = Ss 4.960 
T-6 9.7 90.3 - - = s Ww 
T-7 6.9 93.1 = - s 
T-14 23.0 77.0 w - s 3,072 
T-15 20.9 it 44.0 = - - s 4.975 
T-17 33.0 62.0 5.0 w s - - 
T-18 4.9 22.6 72.6 - = s s 5.031 
T-19 65.0 19.9 - - m w s 
T-20 9.9 43.3 46.8 - s 4.980 
T-21 5.3 72.2 DOES - - w w - s 
T-22 60.0 37.6 2.4 s w - - - - - w 4.169 
T-23 34.2 63.3 m s - w 
T-24 10.1 79.9 10.1 = - - w w - s - 
T-25 10.0 30.0 60.0 - - - - - vw - s 5.020 
T-26 30.0 10.0 60.0 m - - - - - - s 4.183 5.065 
T-27 25.8 64.9 9.4 - - w m - - - w 
T-28 10.1 49.9 40.0 - ~ - vw _ - m s 4.994 
T-29 fe5 12.6 79.9 - - = - = s - s 
T-30 27.0 59.9 w - = s 4.178 5.043 
104 60.0 - 40.0 S - - - = - ~ s 4.190 5.080 
109 33.0 - 67.0 w - - s 4.198 5.072 
110 30.7 30.7 38.6 vw - s 4.961 
114 90.0 - 10.0 s - - s 4.178 5.052 
115 20.0 80.0 - = - s 5.080 
116 10.0 10.0 80.0 - - - = - m - s 5.070 
117 42.7 42.7 14.6 - m = - - - - s 4.914 
120 5.0 10.0 85.0 - - 
121 26.0 - 74.0 w -_ - - - - - s 5.072 
122 47.0 47.0 6.0 - s - - - - - w 
123 29.0 58.0 13.0 m - - s 4.932 
124 50.0 25.0 25.0 s - - - - - - s 4.171 5.004 
125 10.0 70.0 20.0 - - - Ww vw - s 
126 25.0 35.0 40.0 - - = = - - - s 4,959 
Ya) 18.0 60.0 22.0 - - - w - - s s 4.935 
128 65.0 10.0 25.0 s - s 4.180 5.045 
12 67.0 28.0 5.0 s - - - - - - w 4.169 4,960 
151 17.6 35.1 47.3 - - Ss 4.982 
190 10.0 19.0 71.0 - = - m s 5.040 


vw-very weak w-weak m-medium. sg - strong 
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Table Ill. Solidus-Liquidus Data for the Ti-TiO-Zr0,-Zr Region 


Composition Number Average Average 
Sample At. Pct of Solidus Liguidus 
No. Ti Zr (@) Determinations ec °c Remarks 
1 17.8 29.9 52ES 1 1845 1925 
2 34.7 15.0 50.3 5 1757+9 187848 
3 8203) 13.0 54.7 3 1736+17 1806+4 
4 34.8 12.0 53.2 1 1788 1788 No solidus observed — possible 
eutectic composition. 
5 9.9 30.0 60.1 1 1866 1945 
6 59.6 40.4 1782+32 1841414 
7 59.5 5.0 35.5 3 18 27+4 1862+4 
8 89.1 - 10.9 4 1795 1880+10 Only one solidus determined. 
9 74.4 - 25.6 2 1868+13 ~ No liquidus determined. 
10 29.7 39.1 312 1 1842 - Liquidus between 1842° and 
1925°-C. 
1G 9.8 70.2 20.0 2 1899+7 2035 Only one liquidus determined. 
12 19.8 63.0 W7e2 2 1845+1 1945 
IS 24.7 44.0 31.3 5 1847+6 1877+7 
14 - 68.3 ley 5 1944+4 2069+18 
15 9.8 58.8 31.4 5 1844+2 2030+6 
16 18.2 51.6 30.2 5) 1833+7 1919+7 
34.3 34.4 31.3 1872+5 1898+5 
18 44.4 24.4 4 1828+5 1836414 
19 54.3 15.0 30.7 4 182346 1852+5 
20 59.5 9.8 30.7 5 1835+10 1854+10 
69.6 30.4 6 1846+6 1874+9 
22 74.9 18.7 6.4 4 1685+8 1748 Only one liquidus determined. 
23 88.8 yal 6.1 7 1732+12 1838+8 
24 74.2 14.6 12 4 1713+4 1840+2 
25 84.2 5.0 10.8 4 1762+5 1864414 
26 79.1 4.8 16.1 5 1845+9 1877+4 
28 74.1 4.9 21.0 4 1871+7 1904+5 
29 74.2 9.9 15.9 3 1782+4 185346 
30 32.4 46.2 21.4 1 1847 - Liquidus between 1847° and 
31 64.9 19.7 15.4 22 1783+3 1867 Only one liquidus determined. 
32 73.6 24.5 1.9 5 1617+15 1655+11 
33 93.7 4.9 1.4 3 169442 1727+10 
34 68.9 19.7 11.4 5 172145 1823+15 
37 24.8 20.1 Soh)! 2 1772 2005 Only one determination for each. 
43 49.4 29.3 21.3 2 1845+2 1886+8 
46 29.8 14.9 5553, 2 1754 1914 Only one determination for each. 
48 19.6 58.7 2 2 1855+10 2000 Only one liquidus determined. 
49 9.7 77.8 IAS 2 1858+8 1981 Only one liquidus determined. 
50 29.3 58.5 1232. 1 1798 1896 
Syl 48.9 43.9 Feil 2 1766+4 1810 Only one liquidus determined. 
52 49.4 39.3 IE? 2 1785 1872 Only one determination for each. 
53 49.1 34.4 16.5 2 1817 188 2+4 Only one solidus determined. 
54 39.3 39.2 215 1 1865 1912 
58 54.4 1832+5 1832+5 No solidus observed — possible 
eutectic composition. 
59 37.8 11.8 50.4 1 1753 1811 
60 64.5 4.9 30.6 2 181343 1852+11 
61 21.6 1 1835 1865 
62 24.6 46.9 28.5 1 1866 1898 
63 11.9 27.9 60.2 1 1852 2150 
64 S27, 25.6 41.7 2 1827 1868 Only one liquidus determined. 
65 11.9 46.2 41.7 2, 1848+8 2008 Only one liquidus determined. 
phase region. The lattice parameter varies in this elevated temperatures. 


cubic region, the maximum of a, = 5.079A occuring 
where the Zr:Ti ratio is the minimum. The constant- 
lattice parameter lines through this cubic region are 


SOLIDUS AND LIQUIDUS RELATIONSHIPS IN THE 
Ti-Zr-O SYSTEM 


curved and in general connect the two long sides. A) Procedure. A cylindrical sample, approxi- 
The fact that Ti,O, is stable up to 1500°C and high- mately 2 mm in length and 1 mm in diam, prepared 

er is in agreement with the findings of Andersson, in a small press under approximately 150,000 psi, 

et al., who from all the compounds Ti,O2,-,, could was suspended in a tungsten crucible by means of a 


prepare only Ti,O, as a single crystal and grow it at very fine tungsten wire. As a result of this suspen- 
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Table IV. Solidus-Liquidus Data for the TiO-TiO,-ZrO, Region 


Composition Number Average Average 
Sample Mol Pct of Solidus Liquidus 
No. TiO TiO, ZrO, Determinations 2G 26 Remarks 
35 76.8 18.8 4.4 2 1660 1700+1 Only one solidus determined. 
36 76.3 1.6 2201 2 1724+2 1724+2 No solidus observed — possible 
eutectic composition. 
38 76.8 3 1671+7 No solidus determined. 
39 66.4 21.9 la 2 1652 1718 Only one determination for each. 
40 65.9 29.1 5.0 4 1653+4 1706+7 
41 57.9 2.4 39.7 5 171845 1935 
42 90.8 5.0 4.2 3 1684 1710+2 Only one solidus determined. 
44 50.0 37.5 125 3 1661+4 1714+2 
45 48.7 26.4 24.9 3 1665+1 1788+4 
47 14.3 71.4 14.3 4 1711+7 1721+10 
55 66.2 33.8 - 2 1673+8 1851+9 
56 49.6 50.4 - 1 1876 1876 Congruent melting. 
33.0 67.0 1 1856 1856 Con gruent melting. 
66 93.5 LS 5.0 3 1713+8 1756 Only one liquidus determined. 
104 59.3 0.8 39.9 2 1725+5 2145 
109 32.8 0.5 66.7 1 1705 1830 
111 32.8 33.9 3353 1 1856 2077 
113 Days 52,5 22.3 1 1875 1909 
114 88.6 1.4 10.0 4 1732+5 1778 Only one liquidus determined. 
121 25.5 0.4 74.1 2 1702+3 2145 
122A 30.0 31.0 39.0 1 1990 2145 
122B 46.2 47.8 6.0 1 1824 1856 
125 9.8 70.2 20.0 1 ~ 1804 No solidus determined. 
126 24.5 35.4 40.1 At 1996 2145 
127 fesdf 60.3 22.0 1 1785 1837 
128 63.9 11.0 Zonk 1 1719 1848 
151 1755) 35.0 47.5 1 2000 2145 
T-21 5:2 128 2) 2 1718 1760+12 Only one solidus determined. 
T-22 59.0 38.6 2.4 1 - 1821 No solidus determined. 
T-24 9.9 80.1 10.0 2 1710 1789+9 Only one solidus determined. 
T-27 25.4 65.4 9.2 1 1788 1826 
H-14 20.0 80.0 0.0 1 1755 1770 


sion, the sample was in contact only with the tungsten heated in the vacuum induction furnace until the so- 


wire, and then just over a very small surface area. 
The crucible with the suspended sample was 


ZrO,-Zr region, 
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lidus and/or liquidus points were reached. The va- 
cuum was less than 7 x 1075 mm just before the 


Fig. 4—Liquidus projection for Ti-TiO- 
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solidus temperature was reached. At the solidus, 
the sample was observed to undergo a slight round- 
ing off of the edges. In most cases this was accom- 
panied by a marked change (sudden increase followed 
by gradual decrease to original value) in vacuum 
gage readings. At the liquidus, the sample was ob- 
served to change completely into a spherical or drop 
shape. The absence of any reaction between sample 
and wire was verified by the fact that only one sam- 
ple melted at the wire; furthermore, after rapid 
cooling from the liquidus, the samples were easily 
separated from the wire. 

The temperature of the solidus and liquidus points 
was determined by reading the surface temperature 
of the tungsten crucible when the solidus and liquidus 
were reached. The relation between crucible surface 
temperature and sample temperature was obtained 
by melting platinum, mp 1769.3°C and aluminum ox- 
ide, mp 2040°C.*° Six runs using platinum and twelve 
using aluminum oxide were made at various heating 
rates. For both materials, the agreement among 
runs was very good and showed no dependence on 
heating rates or position within the crucible so long 
as the sample did not touch the crucible. 

The average heating rate used was 57°C per min, 
with the extremes ranging from 31° to 113°C per 
min. 

Because of this method of determination, it is pos- 
sible that the solidus temperatures may be slightly 
high, while the liquidus temperatures may be slight- 
ly low. Furthermore, this investigation was limited 
to temperatures up to 2150°C as Groves, ef al.'! re- 
ported that titanium and titanium compounds undergo 
excessive vaporization above this temperature. 

B) Experimental Results. The data obtained are 
given in Tables III, IV, and V, and represented in the 
Liquidus Diagrams Figs. 4 and 5. 

To compare this method with other methods sey- 
eral compositions on the Ti-TiO, binary, points 8, 9, 
21, 6, 55, and 56, were investigated. The agreement 
with data obtained by other methods’? is good. 

The univariant points could possibly be moved 3 


at. pct in the direction of the corners of the triangles. 


The two-phase regions, 6 + t-ZrO, and a-Ti + t- 
ZrO,, may possibly form quasibinaries. The maxi- 
mum temperature for the B + t-ZrO, phase is placed 
at 1885° +15°C along the line connecting the points 
(33.2 at. pct Ti, 29.8 at. pct O, 37.0 at. pct Zr) and 
(7.0 at. pct Ti, 58.8 at. pct O, 34.2 at. pct Zr). The 
maximum temperature for the a-Ti + t- ZrO, region, 
determined from point 58, occurs at 1835° +5°C along 
the line connecting the points (64.3 at. pct Ti, 30.9 
at. pct O, 4.8 at. pct Zr) and (10.7 at. pct Ti, 60.6 at. 
pet O, 28.7 at. pct Zr). 

The system Ti,O,-ZrO,, where the c- ZrO, phase 
extends to the lowest ZrO, content, forms a three- 
phase equilibrium (liquid — solid 1 + solid 2) witha 
temperature maximum of 1730° +10°C in the vicinity 
of 31 mole pct TiO, 62 mole pct TiO,, 7 mole pct 
ZrO, ; also in the Ti,O,- ZrO, system, the peritectic 
reaction, c-ZrO, + liquid — t-ZrO,, is a quasibinary, 
with the peritectic temperature of 2000° +30°C at the 
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Table V. Univariant Points in the System Ti-Zr-O 


Com position 
Ate Type of Temperature 
Ti Zr O Reaction Reaction ce 

Congruent L (liquid) 1930415 
melting 

19.0 46.0 35.0 I, Ternary L 1845+10 
eutectic a—Zr, B, t-ZrO, 

47.0 19.0 34.0 I, Ternary L 1825+10 
eutectic a-Ti, B, t-ZrO, 

53.6 4.3 42.1 I, Ternary L 1750+10 
eutectic a—Ti, TiO, t—ZrO, 

33.7 11.8 54.5 I, Ternary LE 1700+10 
eutectic TiO, c—ZrO,, t—-ZrO, 

Composition 
‘Mol Pct 

TiO TiO, ZrO, 

61.5. 24.5, 14:0 I, Ternary L 1650+10 
eutectic TiO, c—ZrO, 

38.0 55.0 7.0 I, Ternary L 1800+15 
eutectic TiO,, Ti,O;, c—-ZrO, 

13.0 74.0 13.0  I,Ternary L 1700+15 
eutectic Ti,O,, Ti0,, TiZrO, 

1720) II L + 1730+10 

Ti,O, + c—ZrO, 
/ II L + c—ZrO, 1710+10 
Ti,O, + TiZrO, 
5.0) 42:0 II L +t-ZrO, 1790+10 


TiZrO, + c—ZrO, 


Table VI. Composition of the Gas Phase Above the Ti-Zr-O System 


Composition 
Composition of Gas 
Ti Zr O 
At. Pct Phase Region n 
66.6 0 33.3 a-Ti + TiO 1.31 
62.5 0 37.5 a-Ti + TiO 1.99 
58.9 0 41.1 a-Ti + TiO 1.61 
66.6 0 3353 a-Ti + TiO 1.93 
Avg: 1.70 +0.25 
58 2 40 a+ TiO + t—ZrO, 1.84 
58 5 SH/ a+ TiO + t—ZrO, 1.56 
52 8 40 a+ TiO + t—ZrO, 1.84 
61 4 35 a+ TiO + t—ZrO, 157 
Avg: 1.70+0.14 
30 30 40 a+ 6+t-ZrO,1 2.00 
18 30 52 a+ B+t—ZrO, Il 1.97 
9:9 37.8 52.3 a+ $8+t-ZrO, I 2.09 
Avg: 2.02 + 0.04 
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Table VII. Activity of Ti and TiO in the Ti-Zr-O System 


Composition 
of Solid Evap Rate Pri Prio 
Ti ZY oO Temp mg/min atm atm 
At. Pct Phase Region °K x 10’ CA 2Ti0 
62.5 0 37.5 a+ TiO 1895 10.79 14.00 6.94 0.30 112 
58 40 a+TiO +t—ZrO, 1896 11.75 15.25 7-51 0.331 1.20 
58 5 ey) «+TiO +t-ZrO, 1896 10.27 13.3 6.66 0.29 1.06 
52 8 40 a+ TiO +t-ZrO, 1895 11.20 14.52 7.20 0.31 1.16 
60 4 36 %+TiO+t—ZrO, 1901 11.59 15.05 7.50 0.30 1.09 
Avg: 0.31+0.02 1.13+0.05 
18 30 52 a+B+t-ZrO, I 1895 7.76 15:81" 4 0.69 
45 20 35 a+B6+t-ZrO,I 1893 7.91 16.10 0.72 
25 25 50 a+ B+t-ZrO,I 1888 6.76 13.74 0.67 
Avg: 0.69 
9.9 37.8 52.3 a+ B6+t-Zr0, 1892 4.39 8.94 0.41 
10 48 42 «+B+t-+ZrO, II 1895 4,77 9.71 0.42 
Avg: 0.41 
composition 21 mole pct TiO, 42 mole pct TiQ) 30 emissivity of tungsten.’ To correct for temperature 
mole pet ZrO,. fluctuations, the effective time tose Was calculated 
by the averaging method.°,25 The correction for non- 
COMPOSITION OF THE GAS PHASE AND 
was placed in the crucible and heated in vacuum for 
A) Apparatus and Experimental Procedure. The 2 hr at 1500°C. One part of the sample was removed, 
method used was similar to that of Groves, et al. and the other part (80 to 120 mg) heated at 1600° to 
for study of the Ti-O compounds. The samples were 1650°C (below the solidus) for an additional 1 to 2 
contained in a tungsten crucible (1/4 in. ID x 3/8 in. hr. During this period, 4 to 8 pct of the sample va- 
high x 1/8 in. wall thickness). The temperature was porized. Thus the rate of evaporation was obtained. 
measured on the surface of the tungsten crucible As titanium and titanium oxides are far more vola- 
with a Leeds and Northrup optical pyrometer and tile than zirconium and zirconium oxides, 1191324 
was corrected for nonblack-body conditions and ab- only titanium and titanium oxides vaporized during 
sorption by the glass window by use of the spectral the heating at 1600°C. The removed sample and the 


TiO 


Fig. 5—Liquidus projection for TiO-TiO,- 
ZrO», region. 


Ti Oo 1760 = 1820 TED 500 7500 Zr Oo 
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vaporization residue were each oxidized in air at 
800° to 850°C in a platinum crucible to TiO, and 
ZrO,. From the oxidation weight gains of the two 
samples the composition of the vaporizing gas could 
be calculated. 

B) Experimental Results. 1) Composition of the 
Gas. Table VI gives the gas composition data. The 
gas composition is given as n in TiO,_, because the 
analysis, which consists of oxidizing the samples 
to TiO,, gives this value. There is some scatter in 
the data, which is due to the difficulty of oxidizing 
titanium to stoichiometric TiO,. In the presence of 
large amounts of zirconium, the oxidation proceeds 
very easily, and in these cases the scatter of the 
data is small. 

2) Activity Measurements. The vapor pressure 
and activity data for the four univariant regions are 
given in Table VII. The vapor pressures were cal- 
culated from the rate of effusion, using the equation 


P=mV21RT/M 


where P is the pressure in atmospheres, R is the 
molar gas constant, T is the absolute temperature, 
m is the rate of effusion in g per sq cm per sec, and 
M is the molecular weight of the vapor. 

In the presence of more than one species in the 
gas, the measured total rates of effusion were divi- 
ded according to the ratio of molecular weights of 
the components, multiplied by the composition of the 
gas phase, and the pressure calculated for each 
component. 

The activity is defined as a = P/P,, where P is the 
measured pressure and A the pressure in the stand- 
ard states. The values of AR were calculated for ti- 
tanium and TiO from the equations given in Table 
XI of Groves, et al." 

C) Discussion of Results. The composition of the 
gas above the a-Ti+ TiO in the binary system is the 
same as that above the a+ TiO + ZrO, univariant 
region—70 mol pct Ti, 30 mol pct TiO (TiO, and O, 
are negligible). This can be expected, as the solubil- 
ity of ZrO, in TiO is very small, and the boundary of 
the three-phase region is very close to the a-Ti + 
TiO binary. Following the same reasoning, the tita- 
nium and TiO activities in the binary a-Ti+ TiO 
system should be equal to those in the a + TiO + 
ZrO, three-phase region, which is the case, as can 
be seen from Table VII. 

The activity of TiO in Table VII is larger than 1, 
which is impossible. However, the true activity of 
TiO will be close to 1, because for example in the 
a + TiO two-phase region in the binary, the compo- 
sition of the TiO phase is Ti,, ,O,7,,, which is very 
close to stoichiometric. A temperature increase of 
5 deg (which is quite small) would bring the activity 
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of TiO down from 1.13 to 1. Above the two other uni- 
variant regions the gas consists of pure titanium. 
Surprisingly, the activity of titanium in those two re- 
gions is larger than in the a + TiO + ZrO, region, 
though the Ti-richest phases contain less titanium 
than the a+ TiO + ZrO, region. The Ti-richest pha- 
ses also contain somewhat less (1 to 2 pct) oxygen 
than the a + TiO + ZrO, region, but they do contain 
larger amounts of zirconium. The presence of pure 
titanium in the gas phase and the high activity of ti- 
tanium in the two @ + 6 + t-ZrO, regions can only be 
explained by the strong bond between zirconium and 
oxygen; this produces short-range order, the zirco- 
nium atoms, rather than the titanium atoms, being 
surrounded preferentially by oxygen, forbidding the 
vaporization of TiO and enhancing the vaporization 

of titanium. 
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Effect of Strain on Diffusion in Metals 


A. G. Guy and J. Philibert 


Diffusion in the presence of deformation was stud- 
ted by the method of vacuum dezincification of cop- 
pey-vich and silver-vich solid solutions containing 
7 to 30 pet Zn. The specimens were designed to per- 
mit the study of diffusion in separate portions of a 
given specimen characterized by strain rates rang- 


ing from essentially zero to approximately 107+ sec™’. 


No effect of deformation on diffusion was observed. 


Becmninc with the work of Buffington and Cohen,} 
interest in the question of the effect of stress or 
strain on diffusion has largely been concentrated on 
the enhancement of diffusion in specimens subjected 
to continuous plastic deformation. The present re- 
search is a contribution to this limited area. How- 
ever, as a preliminary to focusing attention on this 
special topic, it will be desirable to make a broad 
survey of the larger question, especially since there 
has been considerable foreign work in areas outside 
those of current interest in the United States. Since 
most of the topics referred to in the following section 
are both complex and imperfectly understood at pres- 
ent, it has been expedient in most instances to offer 
only a guide to the general nature of the work rather 
than a critical evaluation. 


PREVIOUS WORK 


The effect of elastic stress on diffusion has re- 
ceived considerable attention, especially with regard 
to the thermodynamic driving force for diffusion. 
The thermodynamic treatments have been based on 
the work of Gibbs,? Voigt,> Planck,* and Leontovich.® 
Konobeevskii and Selisski® made a first attempt at 
treating the problem in 1933, and Gorskii’ a few 
years later gave a solution applicable to single crys- 
tals as well as to polycrystalline specimens. In 1943 
Konobeevski® published treatments that have been the 
basis of much Russian work up to the present. For 
example, Aleksandrov and Lyubov® used his work in 
explaining the velocity of lateral growth of pearlite. 

Early work in the United States was that of 
Mooradian and Norton,” which showed that lattice 
distortion tends to be relieved before it can signifi- 
cantly affect the diffusion process. Druyvesteyn and 
Berghout™ observed a slight effect of elastic strain 
on self-diffusion in copper, while de Kazinczy?}? 
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found that both elastic and plastic deformation in- 
creased the rate of diffusion of hydrogen in steel. On 
the other hand, Grimes*® observed no effect of either 
elastic or plastic straining on the diffusion of hydro- 
gen in nickel. High-frequency alternating stresses 
have been reported by various investigators!%™> to 
increase the rate of diffusion. 

A special form of elastic stressing is the imposi- 
tion of hydrostatic pressure, a condition that is amen- 
able to conventional thermodynamic analysis. Most 
of the experimental results in this area are consist- 
ent in showing a slight decrease in diffusion rates at 
high Although Geguzin?® reported a 
pronounced effect of relatively small pressures, 
Barnes and Mazey?° failed to corroborate this find- 
ing, while Guy and Spinelli# advanced an explanation 
of the phenomenon observed by Geguzin. 

It has been recognized that the thermodynamic 
treatment of diffusion phenomena in an arbitrarily 
stressed body is complicated by the fact that the de- 
sired state of quasi-equilibrium ofthe shear stresses 
cannot be maintained during a general diffusion proc- 
ess. However, attempts have been made by Meix- 
ner??-24 and to treat certain restricted 
cases, such as relaxation. Fastov?’ has also incor- 
porated the general stress tensor into the thermo- 
dynamics of irreversible processes. 

The lattice strain that accompanies the formation 
of a solid solution has been the subject of much 
study, 7°-*°and indirectly it has entered into many re- 
cent theories of diffusion. However, some Russian 
investigators*!»5? have taken other views of this mat- 
ter and have predicted large effects on diffusion 
rates because of “concentration stresses.” 

In completing this brief resume of previous work 
involving elastic strains and before proceeding to a 
consideration of the effect of continuous plastic de- 
formation, it should be pointed out that deformation 
of various additional types may also influence dif- 
fusion. The effect of cold-working on subsequent 
diffusion has been studied directly by Andreeva *° 
and by Schumann and Erdmann-Jesnitzer,°4 while 
indirect evidence has been obtained by Miller and 
Guarnieri*® and by Vitman.*° Thermal stresses may 
also influence diffusion, contributions to this subject 
having been made by Fastov*® and by Aleksandrov 
and Lyubov.® The work of Johnson and Martin,?® 
Dienes and Damask,°? and Damask*®® considered the 
question of radiation-enhanced diffusion. 

In considering previous work on the subject of 
plastic deformation and diffusion, attention will be 
directed to those studies concerned primarily with 
diffusion rather than with its relation to creep, e.g., 
the work of Dorn, or to the acceleration of diffusion- 
controlled reactions. Observations of the effect of 
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Twisted End Fixed End 


Neutral 
Axis 


| 


(b) 


0.004" Depth of Diffusion 


TRAVERSE FOR CENTER DIFFUSION CURVE 


Fig. 1—Sketches of specimens employed: (a) location of the 
transverse hole in the cylindrical specimen subjected to 
simultaneous twisting and diffusion; (b) location of the two 
traverses with the microprobe used to determine “edge” 
and “center” diffusion curves. 


plastic deformation on diffusion were reported as 
early as 1921,*° although the first systematic study 
was that of Buffington and Cohen! in 1952, corrected 
and extended by Ujiiye.*! Russian publications at 
this time were concerned with theory,*?,** design of 
experiments,** and methods for calculating diffusion 
coefficients.*°,4® The latter two papers were far 
inferior to the solutions published in the United 
States.47,4® When the Russian experimental results 
were published in 1958,*°,°° they agreed with the 
later results of two groups in the United States *»™ 
in ascribing a large accelerating effect on diffusion 
to simultaneous plastic deformation. However, other 
work in the United States *5»°* and in France® indi- 
cated that plastic deformation has little influence on 
the rate of diffusion. 


EXPERIMENTAL PROCEDURE 


In an effort to obtain evidence on the effect of 
strain rate on diffusion, an experiment was designed 
in which the strain-rate variable was isolated for 
study. This goal was achieved by producing a range 
of strain rates at various positions within a single 
specimen subjected to ordinary chemical diffusion 
for a given time at a given temperature. Therefore, 
any variation in diffusion behavior could be attributed 
to the influence of strain rate. 

The experimental procedure involved dezincifica- 
tion of a copper-rich or a silver-rich solid-solution 
alloy from the surface of a small transverse hole 
through a cylindrical specimen, the specimen being 
twisted at a constant rate during the diffusion proc- 
ess, Fig. 1(a). Along the neutral axis of the speci- 
men the strain rate was essentially zero, and so the 
rate of diffusion would have the normal value at this 
position in the specimen, Fig. 1(6). However, near 
the surface of the specimen the alloy was subjected 
to a constant near-maximum strain rate, so the rate 
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Fig. 2—Apparatus used to heat a specimen for dezincifica- 
tion while simultaneously twisting it at a constant rate. 


of dezincification into the hole at this position would 
reflect any acceleration of diffusion on this account. 
The strain rate was chosen on the basis of the re- 
sults of Lee and Maddin® such that acceleration by 
a factor of about 10 might be expected. 

The Zn-Cu alloys were commercial extruded 
brass rods containing 10, 20, or 30 wt pct Zn. The 
actual zinc contents were within 0.1 pct of the nom- 
inal analyses, and impurities of lead, iron, and 
nickel were each less than 0.01 pct. The Zn-Ag alloy 
rod was prepared by Handy and Harman Co. with a 
zinc content of 7 pct. Each specimen was 1/2 in. 
diam by 8 in. long and contained a transverse hole 
at its midpoint. A good interior surface on the hole 
was obtained by first drilling to 0.042 in. and then 
enlarging this to 0.047 in. using a slightly larger 
bit. Longitudinal reference lines were scribed on the 
surface of the specimen, and the cleaned specimen 
was then subjected to combined twisting and dezinc- 
ification in vacuum in the apparatus shown in Fig. 
2. The experimental conditions are summarized in 
Table I. It was difficult to measure the tempera- 
ture, and the values shown are only approximations. 

After the diffusion-and-twisting treatment the 
total amount of shear strain at the surface was de- 
termined in the diffusion zone as the tangent of the 
angle of inclination, a, of the initially longitudinal 
reference lines. Division of tan a by the duration of 
the treatment in seconds gave the (maximum) con- 
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Table |. Experimental Conditions and Observed Strain Rates 


Time of 
Specimen Nominal Approx. Temp. Diffusion, Total (max) Max Strain 


No. Analysis of Diffusion,°C Min. Shear Strain Rate, sec? 


E 417 20 Zn 800 60 0 0 
80 Cu 

E 408 15 Zn 800 40 0 0 
85 Cu 

E 409* 30 Zn 800 20 0.09 Hey SOY 
70 Cu 

E 416 10 Zn 800 195 0.65 5.650 10s 
90 Cu 

E 414 7 Zn 700 60 0.60 Vhs WSS 
93 Ag 


*This specimen was sectioned transversely, rather than longitudinally, 
for chemical analysis. 


stant strain rate experienced by the specimen. An- 
other effect of the deformation was to convert the 
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Fig. 3—Diffusion curves for control specimens, not sub- 
jected to twisting during the diffusion treatment. 
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Fig. 4—Diffusion curves for Zn-Cu specimens subjected to 
twisting during the dezincification treatment: (a) 30 Zn—70 
Cu specimen given 9 pct total deformation; (b) 10 Zn—90 Cu 
specimen given 65 pct total deformation. 


circular cross section of the hole to an elliptical 
shape, except at the neutral axis of the specimen 
where it remained circular. The inclination of the 
major axis of the elliptical cross section at the sur- 
face of each specimen was found to agree with the 
known relation for a plane surface.°* This behavior 
indicates that the theoretical stress concentration 
existed in the vicinity of the hole, and therefore the 
strain rate near the hole was even larger than the 
value calculated from angle a. 

In preparing the longitudinal section, Fig. 1(bd), 
for determination of the diffusion-penetration curves 
on the Castaing electron probe microanalyzer, great 
care was exercised to prevent deformation of the 
specimen. The initial saw cut was made about 0.025 
in. short of the central plane of the specimen, and 
the additional metal was removed by filing and 
grinding. As soon as the “channel” of the hole could 
be opened up, its surface was examined under a bin- 
ocular microscope for evidence of grain-boundary 
cracking. Finally, the channel was filled with soft 
solder to protect the edges during grinding, and the 
specimen was ground down to the central plane and 
given a metallographic polish in preparation for 
chemical analysis on the Castaing microanalyzer, 
The solder allowed measurements to be made on the 
Cu-Zn specimens up to the very edge of the hole. 
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However, the Ag-Zn alloy reacted with the solder 
and formed a masking layer 3y thick, thus prevent- 
ing complete tracing of the diffusion curves for this 
specimen. 

The concentrations of zinc were measured on the 
Castaing microanalyzer® along a line perpendicular 
to the hole both at the center of the specimen (along 
the neutral axis) and near the edge, Fig. 1(b). The 
traverse at the edge was made about 0.03 in. below 
the surface of the specimen to avoid the zone of de- 
zincification caused by diffusion towards the exte- 
rior surface of the cylinder. 


RESULTS AND DISCUSSION 


Fig. 3 shows the penetration curves for two Zn-Cu 
specimens that were carried through the above ex- 
perimental procedure except that they were not sub- 
jected to twisting. For one of these specimens, the 
20 Zn-80 Cu alloy, Fig. 3(a), the center and edge 
curves are sufficiently similar to justify the conclu- 
sion that the zinc vapor was removed effectively 
from the center of the cylindrical hole, thus giving 
the same boundary conditions at both edge and cen- 
ter. On the other hand, the two curves for the 15 
Zn-85 Cu alloy, Fig. 3(b), differ in a fashion that 
would suggest that a higher zinc content existed at 
the surface of the hole in the center. An evident ex- 
planation for’this condition is that the rate of evacu- 
ation through the hole was not sufficiently high dur- 
ing the diffusion treatment of this specimen. 

Curves for Zn-Cu specimens subjected to twisting 
during the diffusion treatment are given in Fig. 4. 
The 30 Zn-70 Cu specimen, Fig. 4(a@), had a total de- 
formation of only 9 pct with the result that there was 
little, if any, grain-boundary cracking to give spu- 
rious acceleration of diffusion in the more highly de- 
formed portions of the specimen. The curves for 
center and edge are essentially identical, showing 
that the imposed strain rate did not appreciably af- 
fect diffusion. The curves for the 10 Zn-90 Cu spec- 
imen suffered from two complicating effects con- 
nected with the large total deformation, 65 pct. First, 
there was considerable grain-boundary cracking, 
especially near the edge, and second, the hole be- 
came almost closed during its change in cross-sec- 
tion from circular to increasingly elliptical. As a 
result, these curves cannot be easily interpreted. 
However, a clear example is given by Fig. 4(0). 

The 7 Zn-93 Ag alloy, although subjected to a 
relatively large deformation, 60 pct, gave experi- 
mental points through which a single curve can be 
drawn, Fig. 5. This curve, which extrapolates to 
0 pct Zn at the surface of the hole, clearly demon- 
strates the absence of any effect of deformation on 
the rate of diffusion. 


CONCLUSIONS 


The results of this investigation show that strain 
rates on the order of 10-* sec™! have no appreciable 
effect on diffusion in polycrystalline alloys at the 
moderate temperatures employed. 
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Fig. 5—Diffusion curve for 7 Zn—93 Ag specimen subjected 
to 60 pet total deformation by twisting during the dezincifi- 
cation treatment. 


The results also suggest that the study of this 
question can be extended to higher strain rates and 
lower temperatures by the method employed here 
provided the complicating effects associated with 
large deformations are avoided. 
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Yield Points in Alpha Cu-Al Single Crystals 


T. J. Koppenaal and M. E. Fine 


A yield point effect attributed to short-range order- 
ing (SRO) occurs in Cu base Al. At at 296°K varies 
with heat treatment, decreasing as the annealing tem- 
perature is raised from 433° to 598°K. Davies and 
Cahn’ observed a corresponding decrease in SRO, 

AT (523°K anneal, measured at 77°K) is approximate- 
ly proportional to [¢,, (1-c,,) |’. The variations of 
Art with strain rate and testing temperature are also 
consistent with the idea that At is associated with 
SRO. 


A preliminary investigation of the tensile proper- 
ties of a Cu-Al single crystals showed the presence 
of a rather strong yield-point effect (drop in flow 
Stress after initial yielding). The object of this re- 
search was to investigate its origin and behavior. 
a Cu-Al alloys are particularly interesting because 
diffuse X-ray scattering measurements by Davies 
and Cahn,’ Houska and Averbach,” and Borie® es- 
tablished the presence of short-range order. The 
degree of local order may be changed with heat 
treatment.’ Cottrell? Suggested that the presence of 
local order might result in a yield-point effect, and 
thus the possibility exists here for experimentally 
ascertaining the importance of short-range order 
with respect to yield points in these alloys. 

Since a 12 pct difference exists between the 
atomic sizes, elastic or Cottrell locking® must also 
be considered. Further, Howie and Swann® have 
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shown that the stacking fault energy of copper is re- 
duced by aluminum additions. The width of extended 
dislocations should thereby increase. Thus the con- 
ditions appear attractive for Suzuki locking.° Finally, 
the possibility of stress-induced order at disloca- 
tions, Schoeck locking,’ must also be examined. 


EXPERIMENTAL PROCEDURE 


Alloys up to 14 at. pct Al were prepared by induction 
melting high-purity (99.999 pct) Cu and (99.996 pet) 
Al in a graphite boat under a dynamic vacuum of 
5 x 10°° mm of Hg. After homogenizing the ingots at 
900°C for at least 24 hr under vacuum, they were 
rolled with intermediate anneals to Strips 1.55 mm 
thick. Single crystals 10 in. long were grown by 
lowering strips, contained in a split graphite mold 
sealed in fused quartz at 5 x 107° mm of Hg, through 
a Single coil induction heater at a constant rate of 
1/2 in. per hr. 

Tensile specimens 1.25 in. long were cut from the 
Single crystal strips and reduced cross sections 
about 0.7 in. long and 3.0 to 3.5 mm? in area were 
introduced by filing and abrading.® To remove the 
worked portion about 10 pct of the cross-sectional 
area was removed by etching. Back-reflection Laue 
photographs of a filed and etched Specimen were 
taken before and after annealing at 900°C for 24 hr. 
Small, well defined Laue spots were obtained with no 
visual difference in the two photographs. Further, 
specimens with and without the reduced sections be- 
gan yielding at about the same stress. Hence, for 
our purposes, filing and abrading did not affect the 
structure of the specimens. 

Each single crystal specimen was annealed at 
900°C in vacuum for at least 24 hr and furnace 
cooled; while cooling through the range of 250° to 
200°C, the rate was about 55°C per hr. Orientations 
were determined by the usual back-reflection Laue 
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Fig. 1—Initial stage of plastic deformation at 
room temperature in three 14 at. pct Al crys- 
tals furnace cooled from 900°C. 


technique. Prior to testing, each crystal was elec- 
trolytically etched with a 60 pct phosphoric acid 
solution. 

All tension testing was done with an Instron Test- 
ing Machine; unless otherwise stated, the cross- 
head speed was 0.002 in. per min. For the 0.7 in. 
gage length, this amounts to a strain rate of about 
100 sec 

All yield points reported in this investigation were 
obtained in the easy glide range of deformation. 

Young’s modulus was determined dynamically by 
measuring the longitudinal resonant frequency with 
electrostatic excitation and detection of vibrations.° 


RESULTS 


1) General Observations. Fig. 1 shows the initial 
stage of plastic deformation at room temperature in 
three 14 at. pct Al crystals furnace cooled from 
900°C. Defining the yield drop, AT, as the difference 
in the resolved shear stress between the upper and 
lower yield stresses, the A7’s in Fig. 1 vary from 
220 to 310 gm per sq mm. For 10 at. pct Al crys- 
tals the largest initial A7 observed was about 100 
gm per sq mm and for 5 at. pct Al crystals about 
50 gm per sq mm. The Shear Strain increment, Ay, 
associated with the yield drops in Fig. 1 is large and 
varies from 0.02 to 0.03. The unloading during the 
yield drop is nearly always ‘‘jerky’’. 

2) At as Function of Testing Temperature. To 
restore the yield points after plastic deformation 
beyond Ay, the crystals were annealed at 523°K, in 
silicone oil, for 1 1/2 hr and air cooled. Recrys- 
tallization was not observed. Four successive tests 
with one 14at. pct Al specimen after annealing at 
523°K gave Ar = 227 + 16 gm per sq mm; the crystal 
was extended 0.04 shear strain during each test. 

By use of this annealing procedure, AT was 
measured at various temperatures in alloys of 5, 
10, and 14at. pct Al with the standard strain rate of 
5 x 107° sec ™*. The results are given in Fig. 2. In 
the 14 at. pct Al alloy, Av is rather independent of 
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Fig. 2—Yield drop vs testing temperature for 
crystals annealed 1.5 hr at 523°K and air 


testing temperature below 200°K; At decreases sig- 
nificantly with increasing temperatures above 200°K. 
Yield points observed in the three alloys at 77K are 
shown in Fig. 3. In this figure the lower yield stress 
has been drawn at the same level for comparison 
purposes; the actual magnitudes of the lower flow 
stresses are also given. At 77K the unloading is 
smoother than that at room temperature, compare 
Figs. 1 and 3. 

3) At as Function of Annealing Temperature. AT 
was measured at 296 K in 14 at. pct Al crystals 
after air cooling, still air, from various tempera- 
tures, Fig. 4. Except for the lowest temperature, 
annealing times were 1 1/2 hr. At decreases by 
about 60 pct on raising the annealing temperature 
from 433° to 598°K and then Av increases on further 
heating to 673°K. During cooling from 598K, the 
cooling rate decreased from an initial value of 6.0° 
to 0.7K per sec at 423°K. 

4) At as Function of Strain Rate. At was inves- 
tigated as a function of strain rate at 483°K in 14 and 
5 at. pct Al crystals by alternately straining and then 
annealing 10 min, Fig. 5. Strain rates of 5, 12.5, and 
25 x 10°° sec” *, corresponding to cross-head speeds 
of 0.002, 0.005, and 0.010 in. per min, were em- 
ployed. In the 14 at. pct Al crystal the upper yield 
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Fig. 3—Initial stage of plastic deformation at 
77°K in crystals annealed 1.5 hr at 523°K and 
air cooled. 
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Table I. Flow Stress as Function of T and Al Content 


At. Pct Al 296 °K 373°K 473°K 523K 
14 ISIS 1.32 1.34 to 1.43* 1.37 to 1.51* 
10 1.24 1.07 1.04 to 1.09* 1.04 to 1.17* 

5 0.88 0.75 0.70 0.66 


Unit is kg/mm*. Strain rate = 5 x 10-5 sec. 
* Lower and upper yield stresses during serrated yielding, 


stress is essentially constant, but AT increases with 
the strain rate through a decrease in the lower yield 
stress; At’s of 125, 200, and 232 gm per sq mm 
were obtained for strain rates of 5, 12.5, and 

25 x 10°° sec”*. Hence, the flow stress, or lower 
yield stress, exhibits an inverse strain rate effect 
at this temperature, that is, it decreases with 

Strain rate. 

The serrations in the flow curve for the 14at. pct 
Al crystal are closest together for the slowest 
Strain rate. This type of yielding was always ob- 
Served in 10 and 14 at. pct Al alloys at testing tem- 
peratures of 415°K or higher but was never observed 
in alloys of 5 at. pct Al or less for testing tempera- 
tures to 523°K, the highest temperature studied. The 
serrations become more pronounced with increase 
in testing temperature. Fig. 5 also shows that AT 
is essentially independent of strain rate in the 5 at. 
pet Al crystal; the lower and upper yield stresses 
both increase with increasing strain rate. 

Table I gives values of the lower yield or flow 
stress at various temperatures. In 10 and 14 at. pet 
Al crystals the flow stress increases on heating ina 
certain temperature range. This is inverse from 
the usual behavior and correlates with the inverse 
Strain rate effect previously mentioned. 

5) Strain Aging. Strain aging kinetics were meas- 
ured in the temperature range 296 to 332°K. Here 
the rate of increase of the yield point is slow enough 
to be conveniently measured. Four identically ori- 
ented 14 at. pct Al crystals were used and, unless 
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Fig. 5—Initial stage of plastic deformation at 
483°K in 5 and 14 at. pct Al crystals tested at 
various strain rates, sec™!, Specimens were 
annealed at 483°K for 10 min between each 
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Fig. 4—Yield drop at room temperature vs 
annealing temperature for 14 at. pct Al crys- 
tals. Specimens were annealed for the indi- 


otherwise indicated, a stress of 1.2 to 1.4 kg per sq 
mm was applied during aging. 

The effect of strain rate on Av after strain aging 
is shown in Fig. 6. For the subsequent Strain-aging 
experiments a strain rate of 12.5 x 10°° sec’! was 
used since Av varies slowly with strain rate here. 

The thermal variation of At for a given treatment 
was evaluated by aging 5 min at 323°K and testing 
both at 323° and 296K. Tests at 296°K gave AT of 
140, 146, and 135 gm per sq mm; 136, 131, and 145 
gm per sq mm were obtained at 323°K. The average 
Av at 296K is 2 pct larger than that at 323°K. The 
spread of values observed at the same temperature 
is much larger than 2 pct. 

The influence of the aging stress on the strain- 
aging behavior was also studied. A 14 at. pet Al 
crystal was aged 1 min at 323°K using various values 
of stress. The resulting AT’s are given in Fig. 7. 
For aging stresses lower than about 0.7 kg per sq 
mm, AT increases significantly with the aging 
stress; above 1.0 kg per sq mm, the resulting AT is 
reasonably constant. In similar tests at 77K, yield 
drops were not observed. 
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Fig. 6—Yield drop vs strain rate ina 14 at. pet 
Al crystal. The squares represent testing and 
aging (30 sec) at 323°K and the circles represent 
testing and aging (5 min) at 296°K. An aging 
stress of 1.3 kg per sq mm was used. 
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Fig. 7—Yield drop vs aging stress ina 14 at. 
pet Al crystal aged 1 min pee tested at 323°K. 
Strain rate was 12.5 x 107 sec™ 


a 


To determine the kinetics of strain aging, crystals 
were alternately tested and aged for various times at 
323°, 309°, and 296K; the specimens were extended 
2 pct shear strain during each test. The observed 
AT’s are plotted against log time in Fig. 8. 

Defining f as: 


DEG. K 
of 323 309 296 
103 
S 
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= 
=iob 
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I/T (°K) x 10° 


Fig. 9—Annealing times (log scale) to reach 
given values of f plotted against 1/T. The 
activation energies determined from the slopes 
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Fig. 8—Yield drop vs annealing time at 296°, 
309°, and in at. pet Al crystals, 
y = 12.5 x 107° sec™!. 


ATr- AT; 
[1] 


where ATy is the final yield drop, taken as 220 gm 
per sq mm, See Fig. 8, and Az; is the yield drop at 
aging time ¢, the times corresponding to selected 
values of f are plotted on a logarithmic scale against 
1/T in Fig. 9. Reasonably good linear relationships 
are observed for all f values selected and activation 
energies of motion, €,,, were calculated for each. 
The activation energy increases steadily from 
€,, 0.67 ev for f = 0.99 toe, = 113 ev tory = 
Ay’s and A7’s for all of the strain-aging yield 
points are plotted in Fig. 10. Despite the rather 
large variation observed it is evident that Ay gen- 
erally increases with AT; the increase appears to be 
roughly linear. The data for the three crystals 
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Fig. 10—Yield drop vs shear strain for un- 
loading. All strain aging data are included 
(solid circles). Data from Fig. 1 are open 
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Fig. 11—Typical yield points in a 14 at. pct Al 
crystal, y = 12.5 107 sec™!, for strain aging 


shown in Fig. 1 are also included in Fig. 10 and 
they are seen to fall within the extrapolated limits 
of the other data. 

Typical yield points for the strain aging at 296K 
are shown in Fig. 11. The discontinuities during the 
yield drop are much smaller than those shown in 
Fig. 1; the strain rate for the data of Fig. 11 was 
2.5 times faster. 
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Fig. 13—Yield drop at 77°K vs composition for 
crystals annealed 1.5 hr at 523°K and air cooled. 
Various theoretical curves are also shown. 


These have been normalized with the experimental 
curve at 0 and 14 at. pct Al. 
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Fig. 12—Relative change in Young’s modulus in 
a 14 at. pct Al single crystal vs annealing tem- 
perature. Specimen was air cooled from each 
temperature and measured at room temperature. 


The maximum yield drops for aging at 323°K were 
also measured in 5 and 10 at. pct Al alloys and 
values of 47 and 132 gm per sq mm, respectively, 
were obtained, compared to 220 gm per sq mm for 
14 at. pct Al. 

6) Slip Line Observations. The surfaces of elec- 
tropolished crystals were examined at different 
stages of deformation with a light metallograph. 
After 0.01 shear strain, on crystals of 2.5 or less 
at. pct Al there is a high density of very fine Slip 
lines like those observed in pure copper.” Alloys of 
3. or more at. pct Al show localized areas of very 
coarse slip lines characteristic of a-brass.’°” 
With 5 or more at. pct Al, further straining pro- 
ceeds by the coarse slip lines propagating across 
the gage length of the crystals. This is similar to 
the behavior in a-brass single crystals observed by 
Piercy, Cahn, and Cottrell” and referred to by them 
as Liders band propagation. Along with the coarse 
Slip lines, cross slip was also observed after an 
initial 0.01 shear strain; the cross-slip tendency in- 
creased with Al content. 

The total amount of slip associated with the Slip 
bands in a 14 at. pct Al crystal was measured using 
an interference microscope. The specimen was ex- 
tended 0.01 strain, which corresponds to 0.022 shear 
strain. With a gage length of 2.044 cm the total 
shear in the crystal computes to 0.045 cm. The 
total longitudinal length occupied by the Slip bands 
was found to be 0.29 cm or about 14 pct of the gage 
length of the crystal. The slip height of each Slip 
band was then measured with the interference mi- 
croscope. The smallest step measurable with this 
instrument is 0.054. The total of the slip heights 
measured was 85.17y. The total shear, S, was cal- 
culated from the total height, ”, by the relationship, 


sin ¢sin@ 


where ¢ is the angle between the slip plane and the 
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surface, and @ the angle between the slip direction 
and the slip line. A total shear due to the slip bands 
of 0.019 cm was obtained. Since the crystal received 
a total shear of 0.045 cm, the measured shear 
accounts for only 42 pct of the total shear. It is 
evident that an appreciable amount of slip has 
occurred on a fine sub- microscopic (light) scale. 

7) Young’s Modulus Measurements. The resonant 
frequency of a 14 at. pct Al single crystal was mea- 
sured at room temperature after air cooling to room 
temperature from 673° to 473°K. The specimen was 
held 1 1/2 hr at each temperature prior to cooling in 
Still air. The results of this experiment are shown 
in Fig. 12 as AE,,/E,, where E, is Young’s modulus 
observed on furnace cooling from 900°C. The modu- 
lus decreases with increasing annealing tempera- 
tures to 618K, and then increases. Comparing 
Figs. 4 and 12 shows a Similarity in the modulus 
and yield-drop behavior. 


DISCUSSION 


In the discussion which follows, the experimental 
findings are analyzed in terms of the various mech- 
anisms which have been proposed as sources for 
yield point effects; that is, short-range ordering, 


Cottrell locking, Suzuki locking, and Schoeck locking. 


The yield point effect ina Cu-Al we think is due to 
short-range ordering. 

1) Variation of At with Composition. The A7’s ob- 
tained at 77K after air cooling from 523K, Fig. 2, 
are replotted as a function of composition in Fig. 13; 
AT is approximately proportional to [c(1-c)]?, where 
c is the atomic concentration of solute. AT,,,, for 
strain aging at 323°K also approximately follows 
[c(1-c)]’. Suzuki® analyzed the compositional de- 
pendence of Cottrell locking in a substitutional solid 
solution at low temperatures and predicted that the 
locking force is proportional to c(1-c). Theoretical® 
and experimental® evidence indicates that Suzuki 
locking is also proportional to c(1-c). 

Flinn” proposed the following relationship for 
short-range order strengthening on the basis of 
quasi-chemical theory considering nearest neigh- 
bor interactions and neglecting strain energy and 
entropy effects: 


va [3] 


In Eq. [3], v is the interaction energy, a@ the short- 
range order parameter of the nearest neighbor 
shell, and a, the lattice parameter. The relationship 
between v and a@ has been derived by Flinn’” based 
on nearest neighbor interactions and the quasi- 
chemical model of a solid solution. 


Ta? = ¢(1-c) [exp [4] 


T is the temperature at which a is the equilibrium 
short-range order parameter. When the amount of 
local order is small, Eq. [4] reduces to:** 
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[5] 


Substituting [5] into [3] gives: 
t « [c(1-c)]? [6] 


The amount of local order in Cu-Al alloys is not 
small; consequently the short-range order strength- 
ening was calculated from [4] and [3]. The data of 
Houska and Averbach’ with Eq. [4] give v = -0.04 ev, 
and then a values of -—0.038, -0.075, and —0.113 
were computed for 5, 10, and 14 at. pct Al, respec- 
tively. The locking forces calculated with Eq. [3] are 
0.33, 1.0, and 2.35 kg per mm for 5, 10, and 14 at. 
pct Al. These values are approximately five times 
larger than the observed values of AT. While Eq. [3] 
and [4] are approximations, the large discrepancy 
may mean that A7 doesn’t correspond to complete 
destruction of short-range order in the slipped 
region. 

Since Schoeck locking is also an ordering effect, a 
variation with c similar to short-range order 
strengthening might be anticipated. 

While it is not possible to quantitatively compute 
At vs c for short-range order, Suzuki, and Cottrell 
locking, the qualitative predictions are perhaps im- 
portant. Thus, all of the theoretical curves in Fig. 13 
were normalized to the experimental data for 14 at. 
pet Al; the best agreement with the data is obtained 
with the normalized curve for short-range order 
strengthening. 

2) Variation of AT with Testing Temperature and 
Strain Rate. Using a constant anneal of 1 1/2 hr at 
523K, Az (strain rate = 5 10°° sec’*) is roughly 
independent of T below 200°K but varies rapidly with 
T above 200K, Fig. 2. 

Cottrell locking is thought to be highly tempera- 
ture dependent at low temperatures.” Since the 
stress field about a dislocation decreases inversely 
with the distance from the dislocation, one expects 
any stress-induced ordering about a dislocation 
(responsible for Schoeck locking) to be rather short 
range, thus significantly more important at low than 
at high temperatures. Suzuki and short-range order 
strengthening are long-range effects and should, 
therefore, be nearly independent of temperature. The 
data below 200°K thus points to one of these. 

The decrease of AT on heating above 200°K we 
attribute to thermally activated atomic rearrange- 
ment. Assuming AT is due to local order, a similar 
explanation could be advanced for Suzuki locking, 
point defects created by plastic deformation are 
presumed to enhance diffusion at these temperatures, 
permitting reordering on the slip planes between 
successive dislocation passes. The steady-state 
degree of local order across an active slip plane 
at constant strain rate is presumed to increase with 
increasing temperature above 200° and, hence, 

AT decreases. Further, during Ay the flow is less 
jerky at 77K, Fig. 3, than at 296%, Fig. 1. 

As shown by Wechsler and Kernohan,* defects in- 

troduced by neutron irradiation at 153°K in a Cu-15 
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at. pct Al single crystal are immobile at 153°%K but 
start annealing out at about 223°K. This correlates 
well with the interpretation of our data proposed. 

The variation of At with strain rate above 200% is 
still further evidence for local diffusion. Increasing 
the strain rate by a factor of 50 at 296 or 323°K 
approximately doubles Art, Fig. 6. In the experi- 
ments at 483°K with 14 at. pct Al, Fig. 5, the lower 
yield stress decreases with increasing strain rate. 
A similar strain rate effect was also observed by 
Ardley’’ in Cu,Au single crystals above the Curie 
temperature. In Cu,Au” and 14 and 10 at. pet Al, 
Table I, the flow stress increases with temperature 
in certain ranges of temperature. In all of these 
cases, as the temperature is increased or the strain 
rate is decreased more diffusion takes place be- 
tween each local increment of flow and the steady- 
state degree of order increases. 

The serrated flow may also be due to local diffu- 
Sion and fluctuating local order close to the active 
Slip planes. In both the 10 and 14 at. pet Al alloys 
the serrated flow is observed above approximately 
413°K, whereas it is never observed in alloys of 5 or 
less at. pct Al at least to 523°%K. Ardley and Cottrell?® 
also observed serrated flow in Cu-10 or more at. pet 
Zn alloys at 423° to 478°K but not in alloys of 1 and 5 
at. pet Zn. 

3) Variation of Av with Annealing Temperature. 
The strongest evidence that short- range order is re- 
sponsible for the yield point effect is the variation of 
AT at 296K, air cooled, with annealing temperature, 
Fig. 4. Davies and Cahn’ reported that the degree of 
short-range order at room temperature in water 
quenched specimens decreases as the annealing 
temperature is increased from 425° to 827K. Wech- 
sler and Kernohan’® measured the resistivity of a 
Cu-15 at. pct Al single crystal at room temperature 
as a function of annealing temperature. The resis- 
tivity was maximum for 593°K on air cooling and 
723°K on water quenching. The explanation is that on 
initially increasing the annealing temperature less 
short-range order is quenched in and the resistivity 
increases. At higher temperatures sufficient vacan- 
cies are quenched in to allow ordering to take place 
during the quench and immediately after. Wechsler 
and Kernohan’’ observed a decrease in resistivity 
with time after quenching from 723°K and studied the 
kinetics in detail. 

The air cooled Young’s modulus values, Vee, 1727, 
show good correlation with the resistivity changes 
observed by Wechsler and Kernohan;’® while a 
resistivity maximum was noted at 593°K, a mini- 
mum modulus was noted near 613°K. We have re- 
ported elsewhere”” upon the kinetic changes in the 
modulus after quenching. 

In Fig. 4, Av at 296K, air cooled, decreases as the 
annealing temperature is increased from 433° to 
598K. The correlation appears quite clear; less 
short-range order is frozen in as the annealing tem- 
perature is increased, giving a decrease in AT. 
Increasing the annealing temperature above 598K 
causes an increase in AT, correlating with the 
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modulus and resistivity data. - 
It should be remarked that Davies and Cahn’ did 


not observe an increase in the local order at room 
temperature on increasing the annealing tempera- 
ture above 732°K. An increase is indicated by the 
resistivity data for water quenching.’® This is a 
point which requires further investigation. 

4) Specific Heat Considerations. Differential 
thermal analyses by Panin and Zenkova”’ and Masu- 
moto, Saito and Takahashi” show the presence of a 
heat effect in Cu-Al alloys between 450° and 600°K 
correlating with the resistivity, modulus, AT, and 
diffuse X-ray scattering data. Graphically measur- 
ing the extra area under the specific heat vs tem- 
perature curve reported by Panin and Zenkova gives 
a total excess heat content of 59 cal per mole of 
alloy. A simple calculation shows that this value 
can be understood on the basis of short-range order 
but not on the basis of Suzuki segregation, that is, 
Al atoms segregating to stacking faults. Consider- 
ing Suzuki segregation first, by assuming a disloca- 
tion density of 10° lines per sq cm and stacking fault 
widths of 100 atoms, the probability of finding an 
atom in a stacking fault is 7 x 10°°. Assuming that 
the composition of a fault changes from 100 pct Cu 
to 100 pct Al, the segregation energy per atom would 
have to be about 400 ev to give the observed heat 
effect. This value is unreasonably high and actually 
is an underestimate. For comparison, the heat of 
formation of GP zones in Al-Cu alloys is only about 
0.08 ev per Cu atom. Thus Suzuki segregation does 
not appear to be the source of the heat effect. 

The energetics are much more reasonable for 
short-range ordering. Rudman and Averbach”” give 
the following expression for the enthalpy change for 
a change in local order, assuming quasi-chemical 
near neighbor interactions: 


= c(1-c)ZN, vida) 


[7] 


5H™ is the enthalpy change, Z the coordination num- 
ber, N, Avagadro’s number, and the other symbols 
have the same meanings as before. With Eq. [4], a 
was calculated to be —0.139 at 448K and -0.101 at 
598K for the 15.9 at. pct Al alloy used by Panin and 
Zenkova. From the difference, 0.038, 5H™ was com- 
puted to be 56 cal per mole with Eq. [7]. This com- 
pares excellently with the experimental value of 59 
cal per mole. The good agreement must be regarded 
as Somewhat fortuitous because of the assumptions 
involved in Eq. [7]; however, the specific heat effect, 
which occurs approximately over the same tempera- 
ture range as the observed change in local order, 
and the Av, Young’s modulus, and resistance effects 
may be rationalized on the basis of a short- range 
ordering reaction but not on the basis of Al atoms 
Segregating to stacking faults. 

A similar effect of roughly the same heat content 
is observed in a-brass”™ and it, too, is too large to 
be accounted for on the basis of Suzuki segregation. 

In conflict with our conclusions, Cahn and Davies”® 
published the results of a low-angle scattering study 
of anneal hardening in Cu-15 at. pct Al and proposed 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


that their results strongly support solute segregation 
to stacking faults. However, the low-angle scattering 
effects are perhaps due to double Bragg reflections 
rather than scattering from GP-like zones. Further, 
Howie and Swanrt did not observe Suzuki segregation 
on annealing of cold-worked specimens with trans- 
mission electron microscopy. 

5) Strain Aging Behavior at 296°to 323°K. In the 
data discussed so far, the yield points were devel- 
oped by annealing at 433°K or higher without external 
load. Here, the evidence points to short-range 
ordering as the origin of the effect. 

On strain aging 1 min at low temperatures, Fig. 7, 
an applied stress during the aging significantly in- 
fluences AT. With small aging stresses AT increases 
rapidly with stress. The yield points here are not 
due to off-loading effects’””* per se because similar 
tests at 77K did not show yield points. 

It is suggested that reordering near room tem- 
perature for the aging times investigated is largely 
at and near dislocations and is stress-assisted 
Similar to Schoeck locking. The applied stress then 
causes dislocations to bow between obstacles pro- 
ducing a longer total length; this results in a greater 
amount of locking. 

As noted previously, one anticipates a similar 
variation of locking stress with composition for 
short-range order strengthening and Schoeck lock- 
ing. ATwax for 323°K aging and Az for 1 1/2 hr 
annealing at 523°K both depend upon composition 
approximately as [c(1-c)]’. 

The effective activation energy, €,,, increases 
steadily as the aging progresses near 300°K, Fig. 9. 
Wechsler and Kernohan observed a similar behavior 
on annealing after quenching’? and low temperature 
neutron irradiation’® in Cu-15 at. pct Al single 
crystals. They suggested that single vacancies and 
vacancy pecrceaies were present and these had dif- 
ferent €,,’s. The defect with the greatest mobility 
would anneal out faster and the effective 
Cr would t then increase with time. Li and Nowick™ 
also discussed the possibility of different point de- 
fects in annealing processes in Cu-Al alloys. 

6) General Comments. The experimental results 
strongly indicate that the yield-point effect is assoc- 
iated with short-range ordering. However, a detailed 
explanation of the yield point in terms of short-range 
ordering is not simple. 

The deformation associated with the coarse Slip 
lines is highly localized during the early stages of 
easy glide. As the deformation proceeds, the regions 
containing the coarse slip lines grow. Since the 
amount of slip associated with the coarse slip lines 
accounts for only about 42 pct of the total slip, it is 
suggested that fine slip, not detected with a light 
microscope, is occurring in other portions of the 
specimen. 
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One might suggest that the yield point is associated 
with the formation of Luders bands and their propa- 
gation, that is, propagation requires less stress than 
formation. However, Liiders bands are observed 
whether or not a yield-point effect is seen, and, 
hence, a Liiders band can form with or without a 
yield point. Apparently if the region of the band has 
appreciable short-range order, a yield drop is ob- 
served. The yield drop we suggest is associated with 
the destruction of short-range order on the slip 
planes which are active during the deformation cor- 
responding to Ay. In addition to coarse slip, fine 
slip is presumed to occur during Ay and it is further 
suggested that the subsequent coarse slip associated 
with the spread of the Liiders bands is at the sites 
of previous fine slip. 

In this paper we have reported upon the strength- 
ening represented by a yield point; a future report 
will analyze the strengthening of the lower yield 
stress with aluminum additions. 
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Kinetics of Reduction of Magnetite to Iron and Wustite 


in Hydrogen-Water Vapor Mixtures 


Jean M. Quets, Milton E. Wadsworth, and John R. Lewis 


Samples of synthetic magnetite were reduced in 
hydrogen-water vapor atmospheres in the tempera- 
ture range 450° to 900°C. The reaction was always 
surface controlled, indicating the final products of 
reaction are nonprotective. Three separate cases 
have been identified from the kinetic results: Case if 
reduction of magnetite to iron below 570 Caseul, 
reduction of magnetite to iron above 570 °C; and 
Case Ill, reduction of magnetite to wustite above 
570°C, In Cases I and III the kinetics have been 
explained by the formation of oxygen anion vacan- 
cies in the magnetite surface followed by associated 
diffusional processes. In Case II the observed 
kinetics have been related to the concentration of 
tron cation vacancies in the wustite layer formed, 
followed by associated steady-state diffusional 
processes. The concentration of cation vacancies 
in the wustite is maintained constant by the mag- 
netite-wustite equilibrium, 


Tue reduction of the oxides of iron has been a 
subject of study and interest for many years. How- 
ever, few attempts have been made to interpret the 
results in terms of the mechanism of reduction of 
an iron oxide by either hydrogen or carbon mon- 
oxide. 

Stalhane and Malmberg’ using CO, H,, and CO-H, 
mixtures, developed the rate expression: 

Gm =k s (P- Pe) 
where m = mass of oxide reduced, t = time, k =a 
constant, s = surface area, P = partial pressure of 
of CO or H,, and P, = partial pressure of the re- 
ducing gas at equilibrium. The rate of reaction per 
unit area was proportional to the difference between 
the partial pressure of the reducing gas and its 
pressure at equilibrium. Hansen, Bitsianes, and 
Joseph? studied the reduction of pellets of hematite 
to magnetite with mixtures of CO-CO,. They con- 
cluded that below 450°C the reaction proceeded ac- 
cording to a model in which CO reacts with the 
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hematite surface producing an oxygen ion vacancy. 
The rate controlling step was then assumed to be 
oxygen ion diffusion through vacancies resulting in 
the formation of magnetite. They derived an ex- 
pression giving the rate of reduction proportional to 
the CO/CO, ratio. 

Recently McKewan® published results for the re- 
duction of magnetite spheres in H, -H,O-N, atmos- 
pheres below 570°C. He explained his results by an 
equation of the form 


Ke [Pu, HO 


Kp 
PH, 


Rate = [ 1b] 


where Kg is the equilibrium constant for wustite- 
iron equilibrium attributed to the formation of 
wustite as an intermediate in the reduction of mag- 
netite. According to McKewan, Ky is an equilibrium 
constant for H, -H,O adsorption in which oxygen is 
deposited on the surface from the H,O and sub- 
sequently acts as a poison for reduction by hydrogen. 
Sample Preparation and Experiments. In this 
work the authors used the same apparatus and ex- 
perimental procedure employed in the hydrogen re- 
duction of magnetite. Sintered disk samples weigh- 
ing approximately 1.5 g and measuring 1.2 cm in 
diameter and 0.25 cm in thickness were prepared by 
a method described previously.* Partial pressures 
of hydrogen and water vapor were controlled by 
bubbling hydrogen through a series of flasks con- 
taining distilled and deionized water maintained at 
constant temperature in an oil bath. The total flow 
rate of the reacting gases—hydrogen and water 
vapor —was approximately 0.5 liter per min. The 
entire external system was maintained at a tempera - 
ture above the oil bath to prevent condensation of 
water vapor. This was accomplished by wrapping 
electrical resistance elements over all surfaces. 
The glass column containing the weighing system — 
a McBain balance suspended from a gold chain—was 
enclosed in an aluminum tube heated by nichrome 
resistance wire enclosed in an insulating material. 
The temperature of the glass column was held 
constant by means of a series of thermocouples con- 
nected in parallel to a Leeds and Northrup tempera- 
ture controller. This was necessary since variations 
in temperature resulted in expansion and contraction 
of the glass column and could be readily observed 
with the cathetometer. The spring extensions were 
measured through a window with a gaertner cathe- 
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Fig. 1— Equilibrium diagram showing phase relationships 
at various temperatures and hydrogen-water vapor ratios. 


tometer, permitting determinations of weight changes 
as small as 0.02 mg. 

Equilibrium Conditions The equilibrium diagram, 
Fig. 1, as shown by Edstrom® gives the stable 
regions for iron, wustite, and magnetite, the scale 
of the partial pressure being too small to show the 
hematite range. Below 570°C the equilibrium reac- 
tion along line a of Fig. 1 is 


Fe,O, + 4H, = 3Fe + 4H,O [1] 
Above 570°C wustite becomes stable and the equi- 
librium reaction along 0 is 
Ke 
Fe,O, + H, = 3FeO+ H,O [ 2] 


Likewise along c the equilibrium is represented by 


Kg 
FeO + H, = Fe+ H,O [3] 
The extension of a, designated d in Fig. 1, above 
570° may be evaluated by the expression 


where K,, K,, and K, are the equilibrium constants 
of Eqs.[1], [2] and[3] respectively. 


EXPERIMENTAL RESULTS AND DISCUSSION 


Case I: Reduction of Magnetite to Iron Below 
570°C. Included under Case I is the reduction of 
magnetite to iron below 570°C. Typical linear rate 
plots are illustrated in Fig. 2 for magnetite reduc- 
tion at 500°C in several H,-H,O mixtures. The 
rates of reduction are represented by the slopes of 
the weight change vs time plots. Inall casesthe rates 
were linear, indicating the iron formed is non-pro- 
tective. Similar results were reported for magnetite 
in pure hydrogen by us* and by McKewan*)® for 
hematite and magnetite. Rates of reduction for 
various H,-H,O gas compositions are shown in 
Fig. 3 where the rate refers to the removal of oxy - 
gen atoms from the oxide lattice measured as mol- 
ecules cm~? sec~! on the left ordinate of the figure 
and g cm~? sec-! on the right ordinate. The abscissa 
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Fig. 2—Weight loss-time curves for magnetite reduction 
to iron in various atmospheres of hydrogen and water 


vapor. Pressures have been corrected to a total pressure 
of 1.0 atm. Actual total pressure is 0.86 atm. 


refers to the fraction of the gas which is H,O [ frac- 
tion = Pu,o/(Pu,0 + Pu,)] the remainder 
being H,. For the three temperatures studied (450°, 
500°, and 550°C) the curves are clearly concave up- 
ward. The rates approach zero as the partial pres- 
sure of H,O increases. The points along the 500°C 
curve for example all lie along the vertical dashed 
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Fig. 3—Measured rates for various fractions PHgo [frac- 
tion = PH20/(PH20 + PH,)] for magnetite reduction 
to iron below 570°C. Lines drawn through experimental 
points are calculated curves according to Eq. [15]. 
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line e of Fig. 1. The Pu.o values corresponding to 
equilibrium or zero rate, indicated by the points on 
the horizontal axis of Fig. 3, were taken from along 
line a of Fig. 1. 

Following concepts advanced by Hauffe7»® the re- 
duction of magnetite below 570°C may be considered 
to take place in three separate steps: 


1 = 
Fe,O, + H, Fe,O, +O,+20 +H,0 [ 6] 
2 


= ks ++ 
(Fe,O, + O, +2 0) Fe,O, + Fe, +20 [7] 
4 

ks 
he 
where om is an oxygen ion vacancy in the magnetite 
surface, © represents an electron in the lattice, and 
Fe, is an iron cation on the magnetite surface. 

The weight change per unit surface area and conse- 
quently the number of oxygen ions (n,) reacting per 
unit area can be found from Eq. [ 6], since Eqs. [7] 
and [8] do not involve weight changes. The constants 


k, and k, represent the forward and backward rate 
constants for Eq. [6] and 


Fe, +20 = Fe [8] 


dn 


where @ is the number of reactive sites per unit 
area and C,= is the concentration of oxygen ion 
vacancies per unit volume in the surface of the mag - 
netite. The standard state for reactions k, and kp 

is one mole of gas per liter; whereupon k, andk, 
are of the form k, = (k/Rh) e ~A4F;*/RT 


where k and d are the Boltzmann and Planck con- 
stants respectively and AF; + isthefree energy of 
activation. The term X is the thickness of a single 
surface oxide ion layer and is necessary to convert 
Coa to the number of oxygen ion vacancies per unit 
area. 

Assuming a steady-state process for the forma- 
tion and removal of oxygen ion vacancies and Fe,** 
ions at the magnetite surface: 


Cog Rs + Cre = 0 [ 10] 
and 
AC 
at = Cre ete 
Cre t+ ks +> by = 0 [11] 


The quantity 1/A is factored out of k, for conveni- 
ence in clearing terms and is a thickness converting 
concentration of active sites included in k, to the 
number of active sites per sq cm. Eqs. [9], [10], and 
[11] may be combined to give 
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dn ky Pio Rake [12] 
H,0 4 5 


For reasons which will be presented later it may be 
assumed k, « k,, and Eq. [ 12] becomes 


dn ky = Piro 
dl [13] 
H20 kak 


The constants of Eq. [13] are not completely arbi- 
trary as may be seen from the boundary conditions. 
When = 0, Eq. [13] becomes dn, /dt = ky 
which describes the reduction of magnetite in pure 
hydrogen or hydrogen-nitrogen mixtures as reported 
previously.* When the rate of reduction is zero 
(dn, /dt = 0) at the equilibrium partial pressures 
(Pus Py, ) it is apparent from Eq. [13] and the 
summation of Eqs. [6], [7], and [8] that 


Pu, 


[14] 


where K,’ is the equilibrium constant determined 
from line a of Fig. 1. Eq. [ 13] therefore becomes 


Gh _ [15] 
dat Pwo Art l 


where A, = k,k, /ksks and is the only arbitrary 
constant. Selecting one point from each experimental 
curve to determine A, at the temperatures studied 
and using $k, from previous studies in H,* and 

kK,’ from line a of Fig. 1, the theoretical curves 
shown as solid lines in Fig. 3 were calculated. Also 
it is possible to determine the value of k, independ- 
ently for each temperature since $k, = Re. 
According to the mechanism proposed here, the 
equilibrium along line a of Fig. 1 resulting from 
the summation of Eqs. [6], [7], and [8] is 


H, + (Fe,O, + 02 +20) =Fe+H,O [16] 

X-ray examination of reduction products prior to 
complete reduction showed the presence of wustite 
below 570°C. Even at 500°C some wustite was in 
evidence when the fraction of Pio was near equi- 
librium. At 550°C wustite was in evidence when the 
fraction of Pyo was 0.1. The presence of wustite 
may be explained as a transient product resulting 
from the reaction 


Fe,0, +O; +20 3FeO [17] 


The amount of wustite present did not vary ap- 
preciably during the course of one run. This fact 
plus the fact that the temperature coefficient below 
570°C,* and the continuity of data shown in Fig. 3 
suggest that the formation of wustite according to 
Eq. [17] may be a parallel reaction having little ef- 
fect on the kinetics because of the relatively con- 
stant amount present during the course of the reac- 
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Fig. 4—Rates of reduction of magnetite to iron vs PH, at 
550°C where the PH,0/PH, ratio is held constant but 
dilution is effected using nitrogen as the diluent. 


tion. On the other hand, it may be a transient 
product in the series of reactions observed in the 
kinetics if it represents a recrystallization inter - 
mediate for the reformation of magnetite from the 
surface magnetite containing oxygen ion vacancies, 
providing the wustite does not form a protective 
coating over the magnetite surface. Once the wus- 
tite is formed it would rapidly revert to magnetite. 
The fact that FeO can form at all below 570°C 
provides evidence for the formation of oxygen ion 
vacancies in the surface of the magnetite according 
to reaction [6]. Other investigators®°-! have also 
reported finding wustite below 570°C. 

If the ratio of (Pix /P x, ) is maintained constant, 
Eq [15] eon ce a nonlinear variation of rate with 
Py. When Fy,5 = 0* or a small number such that 
Pino Ar <1 the rate will increase linearly with 
Py,- This may be checked by dilution with N, while 
keeping the (Pa, ratio constant. At 500°C 
and ratios of o/Py, less than 0.04/96, 

Pr, oA «l and the calculated rate according to 
Eq. [15] increases linearly with Py, up to atmos- 
pheric pressure for various N, dilutions in agree- 
ment with the findings of McKewan.* However, at 
higher (Py ,) ratios, particularly at higher 
temperatures, the nonlinearity of rate with P, 


at constant (Pj, o/Py,) should be readily observable. 


Fig. 4 illustrates the nonlinear dependence of rate 
with B,, at 550°C for (Py.o/F,,) ratios of 0.05/ 
0.95, 0. i0/0. 90, and 0.125/0.875. This result has 
appreciable practical implication since it indicates 
that the benefit of increased pressure at constant 
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Fig. 5—Measured rates for various fractions PH2o for 
magnetite reduction to iron above 570°C. Lines drawn 
through experimental points are calculated curves ac- 
cording to Eq. [26]. The extended dashed lines to the 
right of line c indicate the regions in which iron is 
thermodynamically unstable. 


(Pro /Py, ) ratios becomes less and less important 
as the total overpressure increases. In fact a 
limiting rate should be approached at which addi- 
tional total overpressure should have little further 
effect. 

The mechanism presented here is very similar 
to that proposed by Hansen, Bitsianes and Joseph? 
for the reduction of hematite to magnetite in CO-CO, 
mixtures. They considered the first step of their 
reaction as equilibrium and obtained the equation, 
rate = A Pco/Peo,: This expression, however, does 
not give zero rate at the equilibrium CO-CO, par- 
tial pressures. Using the steady-state approxima- 
tion their equation becomes of the same form as 
Eq. [15] above. In their case the first term in the 
denominator is much larger than one and would re- 
sult in the expression rate = A Poo /P co, - B, which 
provides for a zero rate at the equilibrium CO-CO, 
partial pressures. 

Case II: Reduction of Magnetite to Iron Above 
570°C. Above 570°C a dense layer of wustite forms 
as a result of the reaction 


(4X 3) Fe + Fe,O, -4 FexO 


[18] 


Edstrom and Bitsianes’? studied the kinetics of re- 
action [ 18] and found the rate to be controlled by 
diffusion of iron through cation vacancies in the 
wustite. This reaction involves no weight change. 
Quets* ef al. have shown that the kinetics of hydro- 
gen reduction of magnetite to iron above 570°C are 
controlled by the reduction reactions at the wustite- 
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iron interface, iron being nonprotective. The rates 
were again linear in the H, -H,O mixtures. 

The results of these studies are shown in Fig. 9, 
These curves are similar to those obtained below 
570 deg as shown in Fig. 3, with the exception that 
iron is not stable at higher fractions of water vapor 
as indicated by the dashed line. This may be seen 
by examining line f in Fig. 1 for 900°C; the points 
on the 900°C curve of Fig. 5 fall on line f of Fig. 1. 
Between points f, and £ wustite is the final stable 
phase rather than iron. Points f, and f, are also 
shown on the 900°C curve of Fig. 5. Point f, is on 
line d of Fig. 1 and may be calculated by Eq. [ 4]. 
This point is never actually reached because wustite 
becomes the stable phase below f,. The region be- 
tween f, and f, will be presented separately as 
Case III since the kinetics in this region represent 
the reduction of magnetite to wustite. 

The presence of a bulk wustite phase above 570 
deg may be attributed to the rapid diffusion of iron 
through wustite resulting in the formation of wustite 
as indicated by Eq. [18] with the rapid establishment 
of equilibrium at the magnetite-wustite interface ac- 
cording to the reaction’ 


Fe,O, = 4FeO+ +20 [ 19] 
where Fey” represents a cation vacancy and ® is 
an electron hole. An additional equilibrium condition 
at the magnetite-wustite interface may be expressed 
as 


3FeO = Fe,O, + 03, +20 [ 20] 


Since the wustite formed is protective, the reduction 
observed in H,* and in this study in H, -H,O mix- 
tures represents the kinetics of reduction occurring 
at the wustite-iron interface. The iron is porous, 
permitting access of gaseous reactants and products 
to and away from the wustite surface. 

The results shown in Fig. 5 may be explained by 
the reactions 


k 
FeO+2@+H, = [ 21] 
ke 
++ Rg 
Fe." += Fe.+ 2.6 [ 22] 
Rio 


If the kinetics are surface controlled such that bulk 
diffusion of cation vacancies is not rate controlling, 
then the concentration of cation vacancies and sub- 
sequently electron holes at the wustite surface is 
controlled by the equilibria of Eqs. [19] and [ 20] 
and remains constant as long as the magnetite-wus- 
tite equilibrium prevails. 

The weight change and consequently the rate of 
removal of oxygen atoms per unit surface area may 
be expressed by considering the forward and back- 
ward reactions k, and k,, 


[ 23] 


Pu k, = ACRe ++ Puoks 
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If steady-state conditions are assumed for the 
formation and removal of Fe, 


dt = Pu, ky - Cre ++ Re 


1 
Cregt+ Rg + — Ryo = 0 [24] 
r 


Eqs. [23] and [ 24] may be combined resulting in 


© 200 
Re [25] 
t 


which is of the same form as Eq. [13] for Case I. 
As before, Eq. [25] may be solved in the limits such 
that 


d HO 

Ky [26] 
dt Pao An +1 


where Ay, = k,/k,. The quantity Ay, is the only arbi- 
trary constant since AC, @ k, is determined for 
wustite reduction in pure hydrogen* and Kj’ is cal- 
culated by Eq. [4], line d of Fig. 1. Fig. 5 illus- 
trates the calculated curves according to Eq. [ 26] 
where A), is selected to give the best correlation of 
the data and XC, @ k, is the rate constant in pure 
hydrogen.* The points shown on the horizontal axis 
of Fig. 4 lie along line d of Fig. 1. The constant 

k\, may be determined separately from the relation- 
ship @ k,/K,! Ay = Pio: 

The mechanism proposed here is similar in con- 
cept to that presented by Smeltzer?!3,!4 for wustite 
scale formation during the oxidation of iron in 
CO-CO, atmospheres. In oxidation, however, the 
concentration of cation vacancies is controlled by 
equilibrium at the wustite-iron interface. 

Case III. Reduction of Magnetite to Wustite above 
570°C. A discontinuity in the kinetics results when the 
ratio of water vapor to hydrogen is such that wustite 
is stabilized. Such a point is f, of Fig. 5. Above A 
iron is the final stable form and below f, wustite 
is the final stable form. As may be seen from Fig. 1 
for 900°C, f, is on the boundary between the iron and 
wustite phases of the diagram. Conditions are very 
different below f, since no metallic iron phase can 
form to produce the protective wustite layer by iron 
cation diffusion according to Eq. [18]. Asa conse- 
quence, the wustite now formed is nonprotective. 
This is evidenced by the fact the rates are linear in 
this region as before and are not influenced by the 
thickness of the wustite layer. Also, separate por - 
Osity measurements were made in boiling water 
which demonstrated the high porosity of the wustite 
formed. In one sample, reduced at 800°C, the wustite 
layer had a measured porosity of 45.5 pct. The re- 
duction process may therefore be considered to 
represent the direct reaction between magnetite and 
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hydrogen as in Case I with wustite as the final stable 
phase. 

Fig. 6 represents the rates measured for various 
hydrogen-water vapor atmospheres where wustite 
is stable. The rate is plotted against fraction water 
vapor of the hydrogen-water vapor mixture. The up- 
per points were taken from along line c of Fig. 1 at 
the appropriate temperatures and the points at zero 
rate on the horizontal axis represent corresponding 
partial pressures for the equilibrium between wus- 
tite and magnetite taken from line 6 of Fig. 1. For 
example, the experimental points on the 900°C rate 
isotherm of Fig. 6 lie between /, and f, on the 
dashed 900°C line of Fig. 1. 

The results presented in Fig. 6 may be explained 
by a mechanism similar to that proposed in Case I 
in which oxygen is removed from the magnetite 
surface leaving an oxygen anion vacancy followed by 
steady-state crystallization of wustite: 


Fe,O, + Hy at Fe,O, + O, +20+H,0 [ 27] 
12 
Fe,0, +03 +2013, 3Fe0 [28] 


Ry4 


The weight change and consequently the rate of 
removal of oxygen atoms from the sample may be 
represented by the forward and backward reactions 


dn, 


dt 


= Pu, A Pr [ 29] 
where 9’ is the number of active sites available for 
the reaction. If steady-state conditions are assumed 
for the formation and removal of oxygen anion va- 
cancies in the magnetite lattice 


dC 
ky, =0 [ 30] 


Eqs. | 29] and [30] may be combined resulting in 
Ry2Ri4 
Ris 


[31] 


which is of the same form as Eq. [13] and [ 25] for 
Case I and Case II respectively. Again Eq. [31] may 
be solved in the limits such that 


Ry 
Pu, Ry Pro Ra [32] 
at Ann + 1 


where K, is the equilibrium constant of Eq. | 2] and 
may be determined from line b of Fig. 1. In this 
case Aj; is not the only arbitrary constant which 
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Fig. 6—Measured rates for various fractions PH,0 for 
magnetite reduction to wustite above 570°C. Lines drawn 
through experimental points are calculated curves ac - 
cording to Eq. [32]. 


must be determined. The quantity ’k,, is the 
hypothetical rate constant for the reduction of mag- 
netite to wustite in pure hydrogen which is not phys- 
ically possible. Consequently, both ¢’ k,, and Ayjyy 
must be determined from the experimental points of 
Fig. 6. The value of k,, may be determined sepa- 
rately since @’ Ky = 14. The solid curves 
of Fig. 6 are calculated according to Eq. | 32]. 

Cases I, II, and III may be compared in terms of 
the calculated enthalpies of activation. In pure hy- 
drogen the weight loss may be written 


Adi [33] 
and K may be shown to be given by # 
RNh 


where M is the atomic weight of oxygen and wy is the 
number of active sites per sq cm and is represented 
by ¢ in Case I, AC, @ in Case II, and @” in Case III. 
Fig. 7 is a plot of log,, K vs 4. for the three cases, 


resulting in calculated enthalpies of: A H, * = 14,700 
cal per mole, AH,* = 3200 cal per mole, and 

Boeke i= 16,400 cal per mole. The small value of 
3200 cal per mole for magnetite reduction to iron 
above 570°C was attributed? to the presence of a 
protective layer of wustite formed as an intermedi- 
ate product. The AH, tis probably an apparent ac- 
tivation energy containing the enthalpy of adsorption 
of hydrogen which would be negative, thus accounting 
for its low value. 

It might be expected that the AH i line for Fig. 7 
should be an extension of the AH,* line to higher 
temperatures since each involves the reaction be- 
tween the magnetite surface and hydrogen. The ab- 
rupt shift of the AH, + line to the AH,,* line and the 
slightly greater value of AH ah over A H,+ may 
represent a change in the activated state. Such a 
shift would occur if the entropy of activation de- 
creased by a factor of approximately 4.5 e.u. Also, 
a decrease in the number of active surface sites by 
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Fig. 7—A plot of log K vs 1/T where K is the rate constant 
in pure hydrogen (PH, = 0.86). The AH;,?, AH,*, and 

AH,‘ are the corresponding enthalpies of activation for 
Cases I, II, and III respectively. 


a factor of ten would explain the observed shift. It 
is not possible to determine unambiguously which of 
the two factors has caused the observed shift, al- 
though the change in activated complex seems more 
likely because of the increase of AH,,* over A H,* 
and the coincidence with the temperature at which 
wustite becomes thermodynamically stable. 

As noted earlier, the values of k,, k,,, andk,, for 
the three cases considered may be determined 
separately. Fig. 8 is a plot of log k;/T vs T where 
z refers to the subscript of the rate constants. It is 
apparent that AH, + line is continuous with the 
AH,," line extended to higher temperatures. An 


T qT 


T 
700 600 550 500 450 400 


AH, + - AH, 


1000 900 800 


4.2 ant, - ant, 460 cal/mole 
=4,600 cal/mole 


°K 


log AT 


8,410 cal/mole 


°K 
T PLS 


Fig. 9—A plot of log A;T, log Ay;7, and log Ay1;7T vs 1/T 
for Cases I, Il, and III respectively. 
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Fig. 8—A plot of log kg/T, log k4o/T and log ky/T vs 1/T 
corresponding to Cases I, II, and III respectively. 


examination of Eqs.[8] and[22] shows that each 
refers to the same kinetic process, back diffusion 
of iron. The low value of 5820 cal per mole suggests 
short range surface diffusion of iron from the iron 
lattice. The coincidence of the k,, k,, temperature 
dependence is the basis for assuming k, > k, in 
Case I. The value for AH,,* is 4330 cal per mole. 
The low value again suggests surface diffusion. 

The quantities A;, A;;, and Ay; are ratios of rate 
constants which cannot be separated. For this reas- 
on the temperature dependence results from the 
sums and differences of the corresponding enthal- 
pies. Fig. 9 presents the A values on a log AT vs 
1/T plot giving: AH,+ + AH,+ - AH,+ — AH,+ = 
4600 cal per moles, AH at 6410 caliper 
mole, and/AH = AH,,+ = 460 cal per mole. 


SUMMARY 


The reduction of magnetite in hydrogen-water 
vapor mixtures has been studied over the tempera- 
ture range 450° to 900°C. In all cases the rates 
were linear, indicating the products of reaction are 
nonprotective. The observed kinetics have been 
separated into three groups as follows: Case I 
reduction of magnetite to iron below 570°C; Case II, 
reduction of magnetite to iron above 570°C; and 
Case III, reduction of magnetite to wustite above 
570°C. The observed kinetics have been explained 
quantitatively by a series of chain reactions between 
the limits of maximum rate in pure hydrogen and 
zero rate at the appropriate equilibrium 
ratios. 

In Case I the kinetics have been explained in terms 
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of the direct reaction of hydrogen with an oxygen of 
the magnetite surface forming an oxygen anion va- 
cancy, followed by steady-state diffusion of the va- 
cancy in the surface layer and surface diffusion of 
iron to and away from the bulk iron phase. By this 
model, the enthalpy for the reaction of H, with the 
oxygen of the magnetite lattice is 14,700 cal per 
mole and the enthalpy for the surface diffusion of 
iron is 5820 cal per mole. Wustite was found to 
form below 570 deg and has been attributed to an 
intermediate product crystallized from magnetite 
containing oxygen ion vacancies. 

In Case I, wustite forms as a protective layer 
over the magnetite surface such that the kinetics 
represent the rate of reduction of wustite. Accord- 
ing to the mechanism proposed, the hydrogen-wustite 
reaction is controlled by the concentration of hydro- 
gen in the gas phase and cation vacancies in the wus- 
tite. The concentration of cation vacancies in turn is 
controlled by the equilibrium between magnetite and 
wustite at the magnetite-wustite interface. Associ- 
ated steady-state reactions then complete the over- 
all reaction. The enthalpy of reaction of hydrogen 
with the cation vacancy is 3200 cal per mole; how- 
ever, this may include the enthalpy of adsorption 
which would be negative and may account for the 
small observed value. The enthalpy for surface dif- 
fusion of iron is 5820 cal per mole, checking results 
observed in Case I. 


In Case III, wustiteis the final stable phase. In 
this case the wustite formed was porous and non- 
protective, permitting access of H, to the magnetite 
surface. The enthalpy of the hydrogen reaction with 
the oxygen of the magnetite lattice according to the 
mechanism proposed is 16,400 cal per mole and the 
enthalpy for surface diffusion of FeO is 4330 cal per 
mole. The initial removal of an oxygen ion is then 
followed by surface diffusion resulting in the forma- 
tion of the porous wustite. 
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The Role of Dilute Binary Transition Element Additions 


on the Recrystallization of Vanadium 


E. P. Abrahamson, II 


The effect of transition element binary solid-solu- 
tion additions upon the recrystallization temperature 
of vanadium has been investigated. Cr, Fe, Co, Ni, 
Mo, Ru, Rh, Os, and Ir lower the vecrystallization 
temperature, while Ti, Mn, Zr, Cb, Pd, Hf, Ta, W, 
Re, and Pt raise it. The majority of elements have 
their greatest effect in less than 0.15 at. pct. Both 
the vate of change of vecrystallization temperature 
with atomic percent solute and the limit of initial 
linearity are found to correlate with the free atom 
gvound state outer electron configuration of the 
solute element. 


Tue work of Abrahamson and Grant’ and Abraham- 
son and Blakeney” has shown that the solute’s elec- 
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tron configuration appears to be a prime determinant 
of both brittle-to-ductile transition and recrystalli- 
zation temperature in dilute binary alloys. It has 
also been shown by Abrahamson‘ that the limit of 
linearity, z.e., the limit of initial linear change of 
recrystallization temperature with atomic percent 
solute, is also a function of the electron configura- 
tion of the solute in iron base alloys. 

Because of the systematic nature of the solute 
electron configuration correlation, it is to be ex- 
pected that some systematic variation might be ob- 
served upon changing the solvent. Thus, this study 
of recrystallization in vanadium base alloys is the 
first of a series aimed at defining the role played 
by the electron configuration of solute in determin- 
ing the recrystallization characteristics of dilute 
transitional alloys. 


PROCEDURE 


All alloys were made using 99.8 pct V containing 
0.011 C, 0.024 N, 0.08 O, 0.006 H, 0.035 Ta, and 
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According to the published phase diagrams‘ and 
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Fig. 3—Recrystallization temperature vs atomic percent 
solute for elements in the third transition series. 
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Fig. 2—Recrystallization temperature vs atomic percent 
solute for elements in the second transition series. 


metallographic examination at X750, all alloys used 
were solid solutions. 

The alloys were arc melted six times and cast in- 
to cubic 400-g ingots under an argon atmosphere. 
They were then hot forged at 1200°C to 0.6-in. diam, 
annealed for 3 hr at 1000°C under argon, and furnace 
cooled. The specimens were then machined to 
0.400-in. diam. Grain size was checked and found to 
remain essentially constant at 140 grains +30 per 
sq mm. The specimens were then cold worked by 
swaging to 0.187 in. diam, yielding 46 + 1 pct cold 
work. The alloys were all analyzed chemically or 
spectrographically or both. In all cases the inter- 
stitial content remained within 10 pct of the values 
of the starting material, and the tungsten pickup was 
limited to 0.006 to 0.007 wt pct. 

The swaged rod was cut into 8-1/4-in. lengths and 
heat treated in a gradient furnace for 1 hr. The 
gradient was 600° to 1100°C over an 8-in. length, re- 
corded by twelve thermocouples and controlled to 
+ 3°C at the hot end. 

The recrystallization temperature was determined 
metallographically at X200 as that temperature at 
which the first recrystallized grain appears. Speci- 
mens were rechecked and the agreement was gen- 
erally found to be + 2°C, 


RESULTS 


Eight different pure vanadium specimens were 
tested, and the recrystallization temperature was 
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found to be 860°C. Figs. 1 through 3 show the effect 
of the three transition series on the recrystalliza- 
tion of vanadium. The elements Cr, Fe, Co, Ni, Mo, 
Ru, Rh, Os, and Ir lower the recrystallization tem- 
perature, while Ti, Mn, Zr, Cb, Pd, Hf, Ta, W, Re, 
and Pt raise it. All but three of the additives result 
in a reduction of absolute slope at additions of less 
than 0.15 at. pct solute (less than solubility limit). 
Three solutes, Ti, Zr, Hf, yield slope increases at 
similarly low-solute concentration. Such increases 
in slope were not noted in the iron or chromium base 
systems.*° 

The iron recrystallization studies indicated that 
all the transition elements immediately raised the 
recrystallization temperature. In the present study 
one half of the elements immediately raised it. 

If one considers the absolute slope of these data, 
Figs. 1 through 3, a definite periodicity can be noted. 
Further, the solute composition at which the break 
in the curve occurs, the limit of initial linearity, is 
also periodic. A plot of these two parameters vs the 
free atom ground state outer d shell electron con- 
figuration® demonstrates this periodicity, cf Figs. 
4 and 5. 


DISCUSSION 


As shown previously on iron base recrystalliza- 
tion®° and chromium base brittle-to-ductile transi- 
tion studies,’ an electron configuration correlation 
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Fig. 5—Limit of linearity in atomic percent solute vs num- 
ber of outer d shell electrons of added element. 


is present. It has previously been postulated by the 
author!-° that these property changes are a prime 
function of the electron configuration of the elements 
concerned. The data on vanadium base alloys sup- 
port this postulation. 

The recrystallization temperatures and the limit 
of initial linearity are functions of the free atom 
ground state outer d and s electrons of the solute. 
Those elements with the same outer electron con- 
figurations have similar rates of temperature 
changes and limits of linearity. Solute elements hav- 
ing like numbers of s shell electrons lie on the same 
curves. The curves for s = 0, 1, and 2 electrons 
are parallel. 


For solute atoms having a like number of d shell 
electrons, the fewer outer s shell electrons, the 
greater the magnitude of absolute rate of recrystal- 
lization temperature change. 

The vanadium base correlation differs in shape 
from that observed in iron in that it is in the form of 
an inverse “V”. However, the relative positions of 
the s = 0, 1, and 2 curves remain the same. The 
apex in the s = 2 curve is found at the element 
tungsten, whose d shell configuration is one more 
than that of the solvent. 

The Ti, Zr, and Hf alloys are the first to show a 
lesser effect on recrystallization temperatures at 
the low concentrations than at higher concentration 
and this is worthy of note. 
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CONCLUSIONS 


1) The elements Ti, Mn, Zr, Co, Pd, Hf, 
Re, and Pt raised and Cr, Fe, Co, Ni, Mo, Ru, Rh, 
Os, and Ir lowered the recrystallization temperature 
of vanadium. 

2) All solutes studied showed a limit of linearity 
at less than their limit of solubility in vanadium. 

3) A correlation exists when the number of outer 
S shell electrons in the solute is constant, such that 
both the logarithm of the absolute rate of change of 
recrystallization temperature with atomic percent 
solute, and limit of linearity, are linear functions of 
the number of d shell electrons of the solute. The 
curves for additives having 0, 1, and 2 outer s 
electrons are parallel. A maximum occurs in the 
s = 2 curve with 4 d shell electrons. 

4) Atoms with the same outer electron configura - 
tions exhibit similar effects. 
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The Role of Dilute Binary Transition Element Additions 


on the Recrystallization of Columbium 


E. P. Abrahamson, II 


The effect of transition element binary solid solu- 
tion additions upon the recrystallization temperature 
of columbium has been investigated. The elements 
Mn, Fe, Co, Ni, W, Re, and Os lower the recrystal- 
lization temperature, while Ti, V, Cr, Zr, Mo, Ru, 
Rh, Pd, Hf, Ta, W, Ir, and Pt raise it. A correlation 
ts noted between the rate of change of recrystalliza- 
tion temperature with atomic percent solute and the 
free atom electron configuration of the solute ele- 
ment. 


Tue work of Abrahamson and Grant? has indicated 
a correlation between the free atom ground-state 
electron configuration and the change in brittle-duc- 
tile transition temperature per atomic percent solute 
in chromium base alloys. A similar correlation was 
observed for the change in the recrystallization tem- 
perature of iron base alloys by Abrahamson and 
Blakeney” and Abrahamson.* It was also observed 
that the limit of rapid change in recrystallization 
temperature also correlated with the electronic con- 
figuration of the free solute atom. A further study 
by Abrahamson‘ established the generality of the 
phenomenon by yielding similar results for vanadium 
base dilute alloys. It has been inferred that a peri- 
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odicity might be expected with changes in the free 
atom electron configuration of the solvent element. 

This study is the third set of transition base metal 
systems to be studied. It is the object of this and 
further studies on transitional metal systems to de- 
tect any systematic variations in the observed corre- 
lation which might contribute to the understanding of 
the electron interactions which are evidently exhibit - 
ing themselves. 


PROCEDURE 


All alloys were made using 99.9 pct Cb with 
0.030 Ta, 0.016 O, 0.0025 H, 0.003 Mo, 0.021 Fe, 
0.005 C, and 0.002 N. The solute elements were 
99.9 + pct pure. According to the published binary 
phase diagrams® and metallographic examinations 
at X750, all additions were in solid solution. 

The alloys were arc melted and remelted 6 times 
in the form of cubic 400-g buttons under an argon 
atmosphere. They were then hot forged at 1200°C 
to 0.6-in. diameter, annealed for 3 hr at 1200°C 
under argon, and furnace cooled. The specimens 
were then machined to 0.400-in. diameter. Grain 
size was checked and found to remain essentially 
constant at 150 + 30 grains per sq mm. The speci- 
mens were then cold swaged to 0.187-in. diameter, 
yielding 46 + 1 pct cold work. All alloys were 
chemically analyzed for the major solute. Analyses 
of random samples indicated that the impurity con- 
tent remained at the values of the starting material. 
Tungsten contamination was held to 0.007 pet. 
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Fig. 1—Recrystallization temperature vs atomic percent 
solute for the first transition series. 


The swaged rod was cut into 8.25-in. lengths and 
heat treated in a gradient furnace for 1 hr. The 
gradient was 650° to 1200°C over an 8-in. length, 
recorded by twelve thermocouples, and controlled to 
+ 3°C at the hot end. 

The recrystallization temperature was determined 
metallographically as that temperature where the 
first recrystallized grain appears at a constant 
magnification, X200. Specimens were repeated and 
the agreement was generally found to be + 2°C. 


RESULTS 


Five different pure columbium rods were tested 
and the recrystallization temperature was found to 
be 990 + 1°C. Figs. 1 through 3 show the effect of 
the transition elements on the recrystallization of 
columbium. The elements Mn, Fe, Co, Ni, W, Re, 
and Os lower the recrystallization temperature, 
while Ti, V, Cr, Zr, Mo, Ru, Rh, Pd, Hf, Ta, W, Ir, 
and Pt raise it. It should be noted that where breaks 
from linearity occur, the solubility limits have not 
been reached. 

If one considers the absolute slope of the curves 
in Figs. 1 through 3, a definite periodicity is ob- 
served. A plot of the slope vs the free atom ground- 
state outer d shell electron configuration® of the 
solute demonstrates this periodicity, cf. Fig. 4. 
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Fig. 2—Recrystallization temperature vs atomic percent 
solute for the second transition series. 


DISCUSSION 


As shown previously in vanadium and iron base 
recrystallization?-* and chromium base brittle- 
ductile transition studies,’ an electron configuration 
correlation is present. The form of the columbium 
plot is the same as the brittle-ductile transition tem- 
perature plot for chromium. The plot can best be 
described as a series of V’s with their apexes dis- 
placed by one dshell electron. This differs from the 
iron recrystallization data where the apexes are 
found at the same number of d shell electrons. One 
fact in common to all of the electron configuration 
work accomplished thus far is that the apex for the 
s = 2 electrons V, occurs consistently at those 
elements having one outer d electron more than the 
free-atom configuration of the solvent. 

Vanadium and columbium occur in the same group 
in the periodic table, however the vanadium base 
recrystallization correlation results in an inverted 
V while the columbium correlation results in a 
normal V. It will be necessary to investigate lower 
d shell configuration transition element solvents such 
as titanium and zirconium to note whether the re- 
versal of the V-shaped curve can be attributed to the 
d shell configuration of the solvent. 

It will be noted that breaks in the curves are present 
in Figs. 1 through 3 as in the other systems noted. 
Due to the lack of sufficient data it was impossible to 
accurately fix the limit of linearity of all systems. 
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Fig. 3—Recrystallization temperature vs atomic percent 
solute for the third transition series. 


As in the case of chromium and vanadium, initial 
negative changes in recrystallization temperature 
are noted. The negative changes are limited to a 
consecutive series of elements on the s = 2 electrons 
curve. 


CONCLUSIONS 


1) The elements Mn, Fe, Co, Ni, W, Re, and Os 
in solid solution lower the recrystallization tem- 
perature of columbium, while the other transition 
elements investigated raise it. 

2) A correlation between the logarithm of the rate 
of change of recrystallization temperature per 
atomic percent solute and the free atom ground state 
number of outer d and s shell electrons of the solute 
is observed. This correlation is similar to others 
carried out on Fe and V base materials and for 
brittle -ductile transition temperature in Cr base 
alloys. 

3) The apexes for the s = 2 curves on all systems 
studied occur at those elements having one outer d 
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Fig. 4—Rate of change of recrystallization temperature with 
atomic percent solute vs ground state outer electron con- 
figuration of solute. 


electron more than the free atom configuration of 
the solvent. 
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The Role of Dilute Binary Transition Elements 


on the Recrystallization of Zirconium 


E. P. Abrahamson, II 


The effect of transition elements which form binary 
solid solution upon the recrystallization temperature 
of zirconium has been investigated, All additions 
vaised the recrystallization temperature. A correl- 
ation is obtained between the logarithm of the rate of 
change of recrystallization temperature with atomic 
percent solute and the free atom ground state elec- 
tron configuration of the solute element. 


Tue work of Abrahamson, e al.,+~® on dilute bi- 
nary solid-solution alloys indicated a correlation 
between the free-atom ground state electron con- 
figuration of the solute and either the brittle-ductile 
transition or recrystallization temperature. These 
studies were carried out on bcc base materials. 
The implication is that the outer s and d electrons 
of the solute are the prime determinant of the ab- 
solute rate of change of recrystallization or transi- 
tion temperature. Furthermore, the limit of linearity 
has been shown to be a function of solute electron 
configuration for recrystallization in iron and vana- 
dium. 

To date no complete systematic recrystallization 
study of dilute binary zirconium base alloys has 
been made. It is the purpose of this study to note 
whether the change in solvent structure from bcc to 
hcp will influence the correlation. It was also de- 
sired to learn more of the role of the electron con- 
figuration of the solvent on recrystallization tem- 
perature. 


PROCEDURE 


All alloys were made using 99.87 pct Zr with 
0.01 Cr, 0.04 Fe, 0.006 Hf, 0.003 Mg, 0.003 Mn, 
0.003 N, and 0.080 O (132 BHN). The solute elements 
were 99.9 + pct pure. According to the published 
binary phase diagrams® and metallographic exam- 
inations at X750, all alloys used were solid solutions. 

The alloys were arc melted and remelted six 
times in the form of cubic 200-g buttons under an 
argon atmosphere. They were then hot pressed at 
950°C to 0.450 in., upset pressed to 0.350 in., and 
annealed at 800°C for 1 hr. The specimens were 
then Blanchard ground to 0.250 in., removing 0.050 
in. from each side. The grain size of the material at 
this stage was found to be 8000 + 100 grains per sq 
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mm. The specimens were then cold rolled to 0.130 
in. and cold pressed to 0.125 in., yielding 50 + 1 pct 
cold work. All alloys were then chemically analyzed 
for the principal addition. The interstitial contents 
remained at the values of the starting material when 
checked on random alloy specimens. 

The rolled sheet was cut into 6.75 by 0.25-in. 
lengths and heat treated in a gradient furnace for 
1 hr. The gradient was 250° to 900°C over the 6-in. 
length, recorded continuously by six thermocouples 
resting on each specimen. Control was + 3°C, 
accomplished at the hot end. 

The recrystallization temperature was determined 
metallographically using polarized light. The crite- 
rion chosen was the point on the specimen showing 
the first recrystallized grain at a constant magnifi- 
cation, X200. Specimens were repeated, and the 
agreement was found to be + 3°C. 


RESULTS 


Three different pure zirconium specimens were 
tested, and the recrystallization temperature was 
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Fig. 1—Recrystallization temperature vs atomic percent 
solute for elements in the first transition series. 
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Fig. 2—Recrystallization temperature vs atomic percent 
solute for elements in the second transition series. 
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Fig. 4—Rate of change of recrystallization temperature per 
atomic percent solute as a function of the ground state 
electron configuration of the solute. 
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Fig. 3—Recrystallization temperature vs atomic percent 
solute for elements in the third transition series. 


found to be 500°C + 2°C. Figs. 1 through 3 show the 
effect of the transition elements on the recrystalli- 
zation of zirconium. All solute elements raised the 
recrystallization temperature. 

If one considers the slope of the curves in Figs. 
1 through 3, a definite periodicity can be noted. A 
plot of the logarithm of this parameter versus the 
free-atom ground state electron configuration’ 
demonstrates this periodicity, c/. Fig. 4. 


DISCUSSION 


As shown previously on iron, vanadium, and 
columbium base recrystallization? -5 studies and 
chromium base brittle-to-ductile transition studies,’ 
an electron configuration correlation is present. As 
in the prior cases, elements with similar free atom 
configurations exhibit similar rates of temperature 
change with solute. Elements having a like number 
of s shell electrons have slopes which fall on one 
curve. If fewer solute s electrons are present, the 
slope of the recrystallization temperature vs per- 
cent solute curve is greater, d shell electrons being 
held constant. 

The curves in Fig. 4 are inverse V’s as were 
those found in vanadium base recrystallization : 
studies.* However, the correlation curves for the 
other studies are normal V’s,7.e., they exhibita mini- 
mum rather than a maximum. The free atom ground 
state electron configuration of zirconium is 4d25s?. 
It will be noted that the elements at the apex on the 
s = 2 electrons curve are tantalum and vanadium, 
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d®. As in previous studies® the apex for the s? curve 
occurs at that element having one d electron more 
than the solvent. No other apex is noted as there 
are no transition elements with configurations of 
or 

The breaks from linearity observed in Figs. 1 
through 3 are similar to the other studies. Prior 
work *»* has shown this limit of linearity to be a 
function of solute electron configuration. The data 
in this study are insufficient to accurately establish 
the limit of linearity for all of the systems. 


CONCLUSIONS 


1) All transition element additions investigated 


raise the recrystallization temperature of zirconium. 


2) A correlation exists between the logarithm of 
the slope of the recrystallization temperature vs 
atomic per cent solute curve and the free atom 
ground state outer d shell electron configuration of 


the solute. The curve is in the form of an inverse V. 


3) The apex of the correlation curve for solutes 


having 2 s-electrons occurs at tantalum and vana- 
dium. 
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The Use of Vanadium Nitride Inclusions for the 


Development of Cube-on-Edge Texture in 3 Pct. Si-Fe 


H. C. Fiedler 


A high degree of cube-on-edge grain orientation 
and good magnetic properties were obtained in 
Si-Fe strip processed from laboratory heats con- 
taining vanadium nitride inclusions. The higher 
the nitrogen content the greater was the re- 
straint on normal grain growth and the greater 
was the ability to undergo secondary recrystal- 
lization. The degree of restraint in a heat con- 
taining magnanese sulfide inclusions was slightly 
gveater than that in the lowest nitrogen vanadium 
nitride heat. The high rate of diffusion of nitro- 
gen in the temperature range in which the texture 
is developed makes it necessary to retard the loss 
of the inclusions until the texture has been de- 
veloped. 


May and Turnbull’ have shown that to develop the 
cube-on-edge secondary recrystallization texture in 
Si- Fe it is necessary that inclusions, such as man- 
ganese sulfide, be present to prevent normal grain 
growth. They showed that the driving force for the 
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growth of the secondary grains is inversely propor- 
tional to the diameter of the matrix grains, and that 
the function of the inclusions is to maintain a small 
matrix grain size.* Fast? has developed cube-on- 


. Walter and Dunn” have shown that secondary recrystallization to the 
(110)[001] texture in high purity Si-Fe occurs if low-oxygen material is 
annealed in a nonoxidizing atmosphere. This process does not depend 
upon inclusions. The low gas-metal interfacial energy of the (110) sur- 
faces provides the driving force for growth of these grains. 


edge texture in Si-Fe by nitriding the hot rolled 
band. The silicon nitride thereby formed promotes 
secondary recrystallization during the anneal of the 
final gage strip. 

To obtain the best magnetic properties, the inclu- 
sions must be removed from the strip after the 
grain orientation has been developed. Nitride inclu- 
sions have an inherent advantage over sulfide inclu- 
sions in that the greater diffusivity of nitrogen as 
compared to sulfur permits the use of shorter times 
and/or lower temperatures for the purification heat 
treatment. The purpose of the work to be described 
was to examine the usefulness of vanadium nitride 
inclusions in developing the cube-on-edge texture 
and to determine the magnetic properties of oriented 
strip made from heats containing these inclusions. 
A comparison is made with a heat having had iden- 


VOLUME 221, DECEMBER 1961-1201 


Table 1. Composition of Heats 


Heat Pct N PctS PectV PctSi PctO PctMn PctC 
0.0015 0.003 0.09 3:3 0.005 0.003 
2 0.004 0.003 0. 10 Shs: 0.005 - 0.003 
3 0.009 0.006 0.11 3.1 0.004 - - 

4 0.015 0.003 0.10 3:3 0.005 - 0.002 
5 0.002 0.025 - 3.3 0.004 0.054 0.005 


tical processing but containing manganese sulfide 
rather than vanadium nitride. 


EXPERIMENTAL PROCEDURE 


Electrolytic iron and 98 pct ferrosilicon were 
used as the base material for all of the heats listed 
in Table I. The first four heats are low in sulfur and 
range in nitrogen content from 0.0015 to 0.015 pct. 
To heat 5 were added manganese and iron sulfide, 
but no vanadium. With the exception of Heat 3, all 
were poured at 1630°C into a graphite mold with a 
cavity cross section of 2 5/8 by 5 in. Heat 3 was 
poured at 1600°C into a cast-iron mold with a cavity 
cross section of 2 1/4 by 11 in. 

Some control of the nitrogen content of the ingots 
was achieved by the following procedure. Argon was 
blown over the surface of all heats during melting 
with the exception of Heat 4, and argon was bubbled 
through the baths of Heats 1 and 5 after the ferro- 
silicon was added. These latter two heats, as a re- 
sult, hadthe lowest nitrogen content of the group. An 
argon cover was used for Heats 2 and 3 during melt- 
ing, but they were bubbled with nitrogen rather than 
argon and were consequently of an intermediate 
nitrogen content. The high nitrogen content in Heat 4 
was achieved by both melting under and bubbling 
with nitrogen. 

Vanadium nitride inclusions in Heat 4, as-cast, 
are shown in Fig. 1(@), Although the inclusions in 
the ingot are large, subsequent processing reduces 
their size, as indicated by the inclusions in 12-mil 
recrystallized strip from the same heat, shown in 
Fig. 1(b). Positive X-ray identification of extracted 
residues from samples could not be made because 
of the similarity of the lattice parameters of vana- 
dium nitride, carbide, and oxide. The high nitrogen 
content of the extracted residues did, however, sup- 
port the belief that the inclusions are vanadium ni- 
tride. 

A 2-1/4 in.-thick slab from Heat 3 was reduced 
to 90 mil thick hot rolled band after a single heating 
to 1075°C. All of the other heats were hot-rolled by 
taking 1-in.-thick slabs from the ingots, heating to 
1000°C, and reducing to 80 to 90 mil thick band with- 
out reheating. After pickling, the bands were heat- 
treated for 5 min at 900°C in hydrogen, cold-rolled 
to 25 mils, heat treated for 5 min at 860°C in hydro- 
gen, and cold-rolled to 12 mils, the final gage. The 
significance of these processing steps to the devel- 
opment of the cube-on-edge texture has been dis- 
cussed,* 
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Fig. 1—Vanadium nitride inclusions in Heat 4 (0.015 pct 
N), (a) as-cast, and (b) after processing to 12-mil-thick 
strip and recrystallizing. The inclusions are large and 
plate-shaped in the ingot but are reduced in size by the 
subsequent working and tend to be strung out in the 
rolling direction. X1000. Reduced approximately 2 pct 
for reproduction. 


RESULTS AND DISCUSSION 


The effectiveness of inclusions in retarding nor- 
mal grain growth is indicated by the primary grain 
size of the final gage strip after heat-treating for 
10 min at 950°C, cf. Table Il. The higher the nitro- 
gen content, the larger the number of inclusions and 
the greater the restraint on normal grain growth. 
The degree of restraint is only slightly larger in the 
manganese sulfide heat than in Heat 1, which con- 
tains the smallest number of vanadium nitride in- 
clusions, 

In Fig. 2 are samples of 12 mil-thick strip after 
being heat-treated for 15 min in a temperature gra- 
dient. The ability to undergo secondary recrystal- 
lization between 1000° and 1100°C increases with 
increasing nitrogen content. The ability of the man- 
ganese sulfide heat to undergo secondary recrystal- 
lization in this temperature range is slightly greater 
than that of the lowest nitrogen vanadium nitride 
heat. 
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Table Il. Grain Size of Final Gage Strip After Primary 
Recrystallization, Heat Treated 10 min at 950°C 


Heat Pct N in Ingot Grain Size —mm 
1 0.0015 0.034 
2 0.004 0.024 
3 0.009 0.022 
4 0.015 0.015 
5 (MnS) 0.031 


To compare the secondary recrystallization be- 
havior, samples were heat-treated for 15 min at 
temperatures between 1000° and 1100°C in mixtures 
of nitrogen and dry hydrogen and in hydrogen alone 
with a specified dew point. The nitrogen mixed with 
the dry hydrogen had a dew point of about —40°F. 

Fig. 3 shows the per cent cube-on-edge texture 
developed by heat treating for 15 mininatmospheres 
containing either 25 or 67 pct N, balance dry hydro- 
gen. Each point represents the averaged maximum 
torque of four disk samples, measured in a field of 
1000 oe, divided by the maximum torque for a sin- 
gle crystal having the same silicon content and the 
(110) plane in the plane of the disk. Only Heats 1 
and 5 showed any secondary recrystallization after 
15 min at 1000°C; the samples from the other heats 
remained fine-grained during this heat treatment. 
The maximum degree of texture, which is achieved 
in samples comprised wholly of grains developed 
by secondary recrystallization, is attained at in- 
creasingly higher temperatures, the higher the ni- 
trogen content of the atmosphere and the higher the 
original nitrogen content of the sample. The sam- 
ples from the manganese sulfide heat undergo mainly 
normal grain growth regardless of the atmosphere. 

In Fig. 4 are the nitrogen contents (determined by 
vacuum fusion) of the samples from Heat 4 after the 
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Fig. 3—The per cent cube-on-edge texture developed by 
heat-treating for 15 min at the temperatures shown in an 
atmosphere of either 25 pct N, balance hydrogen, or 67 
pet N, balance hydrogen. The lowest nitrogen vanadium 
nitride heat and the manganese sulfide heat develop little 
texture in either atmosphere, but the trend in the other 
three vanadium nitride heats is toward increasing degree 
of texture at higher temperature, the greater the nitrogen 
content of the alloy and the greater the nitrogen content of 
the atmosphere. 
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Fig. 2—The macrostructure of strip samples from the four 
vanadium nitride heats (the per cent nitrogen is indicated 
at the left) and the manganese sulfide heat after heat- 
treating in a temperature gradient for 15 min. The ability 
of the vanadium nitride heats to undergo secondary re- 
crystallization increases with increasing nitrogen content. 
Secondary recrystallization is slightly more extensive in 


the manganese sulfide heat than in the lowest nitrogen 
vanadium nitride heat. 


850 900 950 


15 min heat treatments between 1000° and 1100°C. 
There is no loss of nitrogen within 15 min at 1000°C 
with either the 25 or 67 pct N, balance dry hydrogen 
atmospheres. At higher temperatures, the greater 
the amount of nitrogen in the atmosphere, the less 
is the loss from the strip. The poorer degree of 
texture obtained in this heat between 1050° and 
1100°C with the 25 pct N atmosphere is due to the 
greater loss of inclusions and the consequent com- 
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Fig. 4—The per cent nitrogen in samples from Heat 4 after 
heat-treating for 15 min at the temperatures shown in an 
atmosphere of either 25 pct N, balance hydrogen, or 67 pct 
N, balance hydrogen. The loss of nitrogen increases with 
temperature above 1000°C but is less the higher the 
nitrogen content of the atmosphere. 
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Fig. 5—The per cent cube-on-edge texture developed by 
heat-treating for 15 min at the temperatures shown in 
hydrogen with a dew point of either —20° or —40°F. The 
lowest nitrogen vanadium nitride heat and the manganese 
sulfide heat develop little texture in either atmosphere. 
With the two highest nitrogen vanadium nitride heats, the 
wetter atmosphere requires a higher heat-treating tem- 
perature for complete secondary recrystallization. 


petition of normal grain growth with secondary re- 
crystallization. 

The per cent cube-on-edge texture obtained by 
heating in wet hydrogen atmospheres is shown in 
Fig. 5. Runs were made with the dew point of the in- 
let hydrogen at -20° and-40°F. The dew point had 
little effect on the degree of texture developed in the 
two lowest nitrogen heats. These heats were capa- 
ble of secondary recrystallization only in the lower 
portion of the temperature range. The degree of 
texture developed in Heats 3 and 4 is, however, af- 
fected by the dew point. The drier the gas, the low- 
er is the temperature at which secondary recrystal- 
lization begins. Samples from Heat 4 heat-treated 
at 1050°C in the -20°F dew point hydrogen had not 
begun secondary recrystallization, whereas samples 
heat-treated in the -40°F dew point atmosphere ex- 
perienced partial secondary recrystallization. The 
degree of texture in the manganese sulfide heat is 
low after heat-treating at 1000°C in either atmos- 
phere and becomes poorer as the temperature of the 
heat treatment is increased. 

The nitrogen contents of the samples from Heat 4 
heat-treated in the hydrogen atmospheres are plot- 
ted in Fig. 6. The behavior is distinctly different 
from that in Fig. 4, when relatively dry atmospheres 
containing nitrogen were used. With the hydrogen at 
the inlet to the retort having a dew point of =205, 
little nitrogen is lost at any heat-treating tempera- 
ture. With an inlet dew point of -40°F, the loss of 
nitrogen at a temperature as high as 1050°C is mod- 
erate, but is precipitous at higher temperatures, It 
is likely that the retention of nitrogen in the -20°F 
dew point hydrogen and the retention as high as 
1050°C with the -40°F dew point hydrogen are due to 
the formation of silica on the surface of the sample. 
Owing to the loss of vanadium nitride inclusions 
above 1050°C, normal grain growth competed with 
secondary recrystallization, and the degree of tex- 
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Fig. 6—The per cent nitrogen in samples from Heat 4 
after heat-treating for 15 min at the temperatures shown 
in hydrogen with a dew point of either —20° or —40°F. 
The loss of nitrogen with increasing temperature is 
moderate in the —20°F dp hydrogen and as high as 
1050°C in the —40°F dp hydrogen, but is precipitous at 
higher temperatures. The wetter atmosphere was 
oxidizing to the strip over the entire temperature range, 
whereas it is probable that the drier atmosphere was 
not oxidizing above 1050°C. In the absence of an oxide 
film, the nitrogen is readily lost. 


ture is low. In marked contrast to the factor of 30 
decrease in the nitrogen content of Heat 4 after heat- 
treating for 15 min at 1100°C in -40°F dew point 
hydrogen, Heat 5 after the same treatment contained 
0.023 pct S, which is nearly equal to that found in the 
ingot. 

Using the activity for silicon in Silicon-iron as 
determined by Seybolt, ° the temperature above which 
hydrogen of a given dew point is no longer oxidizing 
can be estimated. Simple calculations suggest that 
hydrogen with a dew point of —40°F should not be 
oxidizing above 900°C, or above 1050°C with a dew 
point of -20°F. The discrepancy between the tem- 
peratures found and those predicted is probably due 
in part to insufficient purging of air from the retort 
before the beginning of the run, so that the dew 
point of the atmosphere around the Samples was 
wetter than that of the hydrogen at the inlet, which is 
where the dew point was measured. 

The secondary recrystallization behavior of the 
heats was also compared by heating from 900° to 
1100°C at 100°C per hr in mixtures of nitrogen and 
dry hydrogen and in hydrogen with controlled dew 
point. This heat treatment is less demanding on the 
ability of the inclusions to promote secondary re- 
crystallization than the short isothermal heat treat- 
ments discussed above. As before, four disks from 
each sample were tested and the per cent texture 
determined from the ratio of the averaged maxi- 
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mum torque and the maximum torque of a single 
crystal. These results are in Table II. 

The degree of texture developed in the vanadium 
nitride heats by heat-treating in an atmosphere con- 
taining nitrogen is appreciably better than that ob- 
tained with a dry (<-60°F dew point) hydrogen at- 
mosphere. Adding water vapor to the hydrogen does, 
however, markedly improve the degree of orienta- 
tion that is obtained. The interpretation is, again, 
that the loss of nitrogen from the strip is retarded 
either by having nitrogen present in the atmosphere 
or by forming an oxide layer on the surface of the 
strip. Heat 4, which has the highest nitrogen con- 
tent, can best afford to lose nitrogen during the heat 
treatment, and consequently of the vanadium nitride 
heats it is the least sensitive to the conditions of the 
heat-treating atmosphere. The degree of texture de- 
veloped in Heat 5, which contains manganese sulfide 
inclusions, would not be expected to be dependent 
upon the heat-treating atmosphere since the loss of 
sulfur is insignificant in the temperature range in 
which the texture is being developed. Except perhaps 
for the somewhat anomalously high per cent texture ob- 
tained by treating in the 25 pct N atmosphere, the 
results are consistent with this view. 

The magnetic properties of Heat 3 parallel to the 
rolling direction were measured on an Epstein pack 
of 0.0127 in.-thick strips. The strips were heated 
from 900° to 1200°C at 100 C per hr in a mixture of 
2/3 nitrogen and 1/3 hydrogen, followed by 1/2 hr 
at 1200°C in hydrogen to insure the removal of ni- 
trogen from the strips. The energy loss at 15,000 
gausses was 0.598 w per lb. and the a-c permeability 
at 10 oe was 1810. A similar pack from another 
heat made and processed as was Heat 3 had an en- 
ergy loss at 15,000 gausses of 0.580 w per lb. and an 
a-c permeability at 10 oe of 1832. 


SUMMARY AND CONCLUSIONS 


The development of cube-on-edge texture in Si-Fe 
strip by secondary recrystallization depends upon 
the presence of inclusions to inhibit normal grain 
growth. It has been demonstrated that a high degree 
of grain orientation and good magnetic properties 
are obtained in strip processed from heats contain- 
ing vanadium nitride inclusions. 

The secondary recrystallization characteristics 
of strip containing vanadium nitride inclusions were 
compared with those of strip containing manganese 
sulfide inclusions. The manganese sulfide heat con- 
tained 0.025 pct S, and the four vanadium nitride 
heats, which were low in sulfur, ranged from 0.0015 
to 0.015 pct N. The higher the nitrogen content of 
the vanadium nitride heats, the greater was the re- 
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Table Ill. Percent Cube-On-Edge Texture of Samples Heated 
at 100°C per Hr from 900° to 1100°C 


Pct Nitrogen in Ingot 


0.0015 0.005 0.009 0.015 MnS 
Atmosphere (Heat 1) (Heat 2) (Heat 3) (Heat 4) (Heat 5) 
25 PctiN;,./5 Pct H, 80 91 88 92 88 
67 Pct N,, 33 Pct H, 82 91 87 88 84 
< -60°F dp H, 68 80 78 85 82 
-54°F dp H, 74 82 89 88 84 
-30°F dp H, 79 88 86 86 84 


straint on normal grain growth and the greater was 
the ability to undergo secondary recrystallization. 
The degree of restraint in the manganese sulfide 
heat was slightly greater than that in the lowest ni- 
trogen vanadium nitride heat. 

In contrast to the other heats, the manganese sul- 
fide heat and the lowest nitrogen vanadium nitride 
heat showed little capacity for developing cube-on- 
edge texture during short time isothermal heat 
treatments at 1000°C or higher. When precautions 
were taken to prevent the premature loss of nitro- 
gen from the vanadium nitride samples, moderate 
to high degrees of orientation were obtained in all 
of the heats, including the one with manganese sul- 
fide, by heating at 100°C per hr from 900° to 1100°C. 

The high rate of diffusion of nitrogen in the tem- 
perature range in which the texture is developed 
makes it necessary to prevent or retard the loss of 
the inclusions until the texture has been developed. 
The higher the nitrogen content of the heat treating 
atmosphere, the greater is the amount of nitrogen 
retained in the strip. The inclusions are also re- 
tained by heat-treating in hydrogen containing water 
vapor if at the temperature of the heat treatment 
the dew point is high enough for the atmosphere to 
be oxidizing to the alloy, thereby forming a film of 
silica on the surface which functions as a barrier. 
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On the Intersection Mechanism of Plastic Deformation 


in Aluminum Single Crystals 
S. K. Mitra, P. W. Osborne, and J. E. Dorn 


A refinement of the Seeger model for intersection 
process ts investigated which is in better agreement 
with experimental observations than the original. It 
ts shown that, in single crystals, the strain harden- 
ing in Stage II is mainly due to the short-range inter- 
actions when intersection is the vate -controlling 
process. Itis also demonstrated that the creep 
curves, as predicted by this theory, are in good 
agreement with the experimental observations. 


Morr; Cottrell,’ and Seeger have developed an 
approximate theory for plastic deformation of single 
crystals over the range of variables where the strain 
rate is controlled by the rate of intersection of dis- 
locations. Although it is now generally agreed that 
the low temperature deformation of many pure metals 
is controlled by the intersection mechanism, various 
dictates of the over-simplified Seeger model are not 
in good agreement with all the experimental facts. 

It is the purpose of this paper to reveal that by ap- 
propriate extensions of the Seeger model, particu- 
larly those suggested by Basinski,* a much more 
reliable theory results. The refined model to be pre- 
sented here will be shown to account, in a satisfac- 
tory way, for the effect of stress, temperature, and 
strain on the creep rate under constant stress and 
for the effect of temperature and strain on the flow 
stress in constant strain-rate tests. 


EXPERIMENTAL METHOD 


To check the theoretical deductions, both creep 
and tension tests were conducted on single crystals 
of high-purity Al (99.994 pct Al) so oriented that 
both the active slip plane and the Burger’s vector of 
the operative dislocations on that plane made angles 
of about 45 deg to the tension axis. Single crystals 
of aluminum (5/8 in. by 1/10 in. by 8 in.) were grown 
in a graphite mold under an inert atmosphere using 
the Bridgman method. The chemical composition of 
the aluminum is given in Table I. A common seed 
was used for all crystals and their orientation is 
shown in Fig 3. 

The extensometry consisted of two differential 
transformers with matched outputs mounted so as to 
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measure the extension in a 2 in. gage length. The 
amplified difference in output of the two transform- 
ers was recorded by a potentiometer. The amplifi- 
cation was calibrated before each run so that one 
chart division of the recording potentiometer indi- 
cated a 10°° shear strain on the specimen. Stresses 
were measured to the nearest 1 x 104 dynes per sq 
cm. 


ACTIVATION VOLUME 


The concept of Basinski that the activation volume 
is not constant but is a function of the force that aids 
thermal fluctuation in effecting the cutting of disloca- 
tions will be adopted in this section. The force act- 
ing due to an applied shear stress 7 on the disloca- 
tion being intersected is 


F=(7 + 7*) Lb [1] 
where L is the mean spacing between the forest dis- 
locations, b is the Burger’s vector and T * is the 
back stress. A detailed discussion about the origin 
of back stress will be taken up later in this report. 
As shown by Basinski, the activation energy, U, that 
must be supplied by a thermal fluctuation in order 
to effect intersection, is equal to 


Fin 
U-= x dF [2] 


where x is the distance through which the disloca- 
tion must be translated for complete intersection, 
and F,, is the maximum force encountered in inter- 
section. When the applied stress is decreased abrupt- 
ly F also decreases and the activation energy in- 
creases correspondingly as documented in Eqs. [1] 
and [2]. 

The Seeger equation for the strain rate when the 
deformation is controlled by rate of intersection of 
dislocations is 


y=NL?bv 
6 


[3] 


where 
y =the shear strain rate (per sec) 
N = the number of points per unit vol at which 
intersection can take place 


Table |. Chemical Analysis of the Pure Aluminum Stock 


Cu Fe Si Me. SOthere 
wt pet 0.002 0.000 0.004 
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7, RESOLVED SHEAR STRAIN 


Fig. 1—B = (8Iny/8T) vs resolved shear strain. 


b =the Burger’s vector (2.86 x 107° cm for Al) 


vy =the Debye frequency (7.6 xX 102 per sec for Al) 


k =the Boltzmann constant (1.38 x 107° erg per 
deg) 

T = the absolute temperature in °K 

An increase in activation energy, when other 
factors are identical, results in a decrease in strain 
rate. Details of Eq. [2], therefore, can be obtained 
from the effect of small abrupt decrease in stress 
on the strain rate. Increases in stress were not 
employed in this evaluation because of their possible 
effect on modification of substructure. 

The quantity, 8, which was obtained experimen- 
tally from both creep and tension tests is defined by 


Alny 
[4] 


Reference to Eqs. [1], [2] and [3] reveal that 


kT [5] 

The values of 8 obtained by application of Eq. [ 4] 
to the effect of small changes in stress on the creep 
rate are recorded in Fig. 1. In the three cases a, 
b, c documented in the figure, the decrease in stress 
was made at the same strain rate of y = 2.5 x 107° 
per sec in creep tests. In order to determine £ at 
a given creep rate the stress was periodically in- 
creased throughout the series of measurement. The 
plots (a) and (b) represent the values of 8 measured 
at temperatures 160°K and 114°K respectively, for 
a stress drop of 1.5 x 10° dynes per sq cm. The 
B’s for the plot (c) were obtained at 77°K for three 
stress drops of 1.5 10°, 2.9 10°, and 4.9 x 10° 
dynes per sq cm all of which gave the same values 
of 8 within the experimental scatter. In the other 
two cases, viz. (d) and (e) the values of 8 were 
determined from the effect of decrease of strain 
rate on stress in tension tests at 77° K. The strain 
rate for (d and (e) was 1.5 X 107? and 1.5 x 104 
per sec respectively, and was dropped to one tenth 
of its initial value for the determination of f. 

For a given state of the crystal, defined by a 
given value of L and T*, the activation energy U of 
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Eq. [2] can, with the aid of Eqs. [5] and[1i], be 
expressed as 


where T,, is the maximum stress necessary to cause 
intersection in the absence of thermal fluctuations. 
Since a constant state is being considered, however, 
T* and L are constant and the above expression for 
activation energy reduces to 


Tn 
U= BRT ah [7] 
The activation energy, however, is linearly re- 
lated to the shear modulus of elasticity and there- 
fore U decreases with temperature in accord with 


U =U,G/G, [ 8] 


where 
U, = the activation energy corrected to 0°K for 
the change in shear modulus 
G =the shear modulus at T°K 
G, = the shear modulus at zero deg K. (2.82 x 10 
dynes per sq cm for Al)*® 
Thus, referring to the activation energy corrected 
for the change in shear modulus with temperature 
we can write 


U,= 


BRT d (TG,/G) [9] 


In order to conduct the integration of Eq. [9] it is 
necessary to establish the condition for identity of 
states for tests conducted at different temperatures 
for the same strain rate and for different strain 
rate at the same temperature. This is particularly 
necessary because of the inherent scatter in the 
state of different as-grown crystals and because 
Stage II is initiated at different strains as a function 
of the temperature. The criterion for the identity of 
states that will be used here, as based on Eqs. [1], 
[2], and [3], is that crystals exhibiting the same 
flow stress at the same temperature and strain rate 
are in the same state. Actually, as previously men- 
tioned, the same state should refer to the same 
value of T* and L. Consequently, the proposed cri- 
terion for identity of states presumes that T* and L 
are uniquely related. The assumed criterion for the 
identity of state will therefore be justified a pos- 
teriovi later in this report. 

To identify the same states for the series of tests 
run at different temperatures under the same strain 
rate, the Cottrell-Stokes® ratio 


was used. This relationship was obtained by strain- 
ing one crystal at a strain rate of 2.5x 10° per sec 
at a fixed temperature, i.e., 77°K and periodically 


changing to other temperatures for a short time. 
From these data the relationship shown in Fig. 2 
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Fig. 2—The Cottrell-Stokes ratio of the flow stress at tem- 
perature T to the flow stress at 77°K for a strain rate of 
2.5 x 10 per sec. 


were obtained. And on the basis of these data the 
stress-strain curve for the same strain rate at 
114°K and 160°K were plotted as corrected to the 
temperature 77°K as shown in Fig. 3. Thus, the 
strains at equivalent states for test at each tempera- 
ture were readily established. 

Equivalence of states between the tension tests 
conducted under two different strain rates at a fixed 
temperature of 77°K was obtained as follows. Re- 
ducing periodically the strain rate of the faster test 
to that of the slower one (y = 2.5 x 107° per sec) the 


ratios of 7, to Ty at Y =2.5 xX 107° per sec were ob- 


tained as shown in Fig. 4. With the help of these 
ratios the stress-strain curves of y, = 1.5 x 1078 
per sec and y, = 1.5 X 10°* per sec at 77°K were ad- 
justed to y = 2.5 10 © per sec at the same temper- 
ature and are also shown in Fig. 3. 

Having thus determined the five equivalent states 
a,b, c, d, and e documented in Fig. 3, the actual test 
values of 7G,/G at the true test temperature for each 
state were plotted as a function of Bk T as shown in 
Fig. 5. The activation volumes, therefore, increase 
as the stress is decreased in harmony with Basin- 
ski’s suggestion; and the amount of change depends 
on the state of the crystal. 


BOWING, CONSTRICTION, AND JOGGING 


When the leading partial of the dislocation on the 
glide plane is first impressed against the first par- 
tial of the forest dislocation, the pair of forest par- 
tials bow out on their glide plane along its line of 
intersection with the active slip plane of the glide 
dislocation. As higher net stresses are imposed on 
the glide plane, the bowing of the forest dislocation 
increases and the partials of both the glide disloca- 
tion and the forest dislocation begin to constrict. At 
a sufficiently high stress, constriction is complete, 
Up to this point no jogging takes place. At yet higher 


o—t = 1.5*10°/SEC. 
— | 
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Fig. 4—The ratio of the flow stress at a strain rate Y; to the 
flow stress at a strain rate y = 2.5 x10~* per sec plotted as 
a function of strain for a temperature of 77°K. 
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Fig. 3—Cumulative stress-strain curves for aluminum single 
crystals. Curves 2, 3, 4, and 5 have been corrected to a tem- 
perature of 77°K and a strain rate of y = 2.5 x 10 per sec. 


stresses jogging occurs accompanied by continued 
bowing, but no additional constriction takes place. 
Throughout this process the total applied stress 
must do work against the back stress field. Conse- 
quently, the total stress acting on a dislocation at 
any stage can be visualized to be the sum of the 
stress components necessary to induce jogging (7;), 
constriction and bowing (7,), and to overcome the 
back stress field (7*) as given by 


T 
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Fig. 5—Temperature corrected stress vs the activation vol- 
ume ($RT) for five different states. 
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Fig. 6—The bowing of a forest dislocation B (pinned at By, 
and B») by an intersecting dislocation. 


TG, /G =(7;7 +7. +T*)G,/G [10] 


Whereas 7; and 7, depend on the value of x during 
jogging and constriction, T* is independent of x and 
varies only with the work-hardened state of the 
crystal. Consequently, the curves for the various 
states shown in Fig. 5 have analogous shapes and 
differ from each other only with respect, first, to 
the displacement of the ordinate arising from differ- 
ences in 7* and, secondly, with respect to a multi- 
plicative effect on the abscissa due to the variation 
of L with the ‘Strain-hardened state. 

During the increase in stress necessary to effect 
intersection mechanically, the force acting on the 
glide dislocation imposes an equal force on the for- 
est dislocation at their point of contact, as shown in 
Fig. 6, causing the forest dislocation to bow out. 
The force required to bow the forest dislocation is 


Fg =T (2 a? 

where I =1/2Gb? is the dislocation line tension. 
Because the line tension is great, the displacement 

y will always be small relative tol, or 1l,. Further- 
more, the average values of 1, andl, will be about 
1/4 and 31/4. Consequently, the bowing force can 

be approximated by 


where y, is the total displacement required for com- 
pletion of intersection mechanically. The mean value 
of 1 is approximately 3Z and therefore 


Fg = TBLb = 


FR = x) 


[12] 


During any slow purely mechanical process of inter- 
section, the force at any stage for intersection can 
be equated to that given for bowing, revealing that 


This suggests that (7 7 *)G,/G for a given state 
should decrease linearly as x increases, a conclusion 


[13] 
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Table If. Values of L and 7* 
Estimated from Fig. 5 
dynes 
State L, cm T*6/C dynes 
a 2.82 x 107° 2.16 x 107 1.74 x 10-° 
b 232 2.60 x 10’ 
c 3.45 x 10’ 175% 
d 4.32 x 10’ 1.74 x 10-° 
e 5.18 x 10’ 1572 


which is in sharp contrast to the actual data recorded 
in Fig. 5. The origin of this false deduction is con- 
tained in the tacit assumption that the thermally acti- 
vated process of intersection is accomplished by tra- 
versing the same series of equilibrium states as 
those obtained by slow mechanical intersection. 

A certain amount of bowing, as given by Eq. [13] 
takes place under static effect of an applied stress. 
But under the additional effect of a successful ther- 
mal fluctuation, a shock is imposed locally at the 
point of contact of the glide dislocation with the forest 
dislocation, resulting in completion of constriction and 
jogging without inducing extensive additional bowing. 
As a result of the conditions of shock imposed by a 
thermal fluctuation, the distance x appropriate to the 
data recorded in Fig. 5 refers approximately to the 
geometrical displacement necessary to complete con- 
striction and intersection and not that necessary for 
bowing. Therefore, for aluminum and other metals 
that have relatively low constriction energies, a pre- 
cipitous increase in the TG,/G vs xLb = BkT curves 
of Fig. 5 will take place, as x decreases atx ~b. At 
this point the constriction becomes complete and jog- 
ging first begins. The values of L, obtained by esti- 
mating the point xLb = Lb? at which a rapid increase 
in ordinate is observed in the curves of Fig. 5, are 
recorded in Table II. The values obtained for various 
states give an order of magnitude for the density of 
dislocations that is reasonably consistent with other 
observations and further reveal that the density of 
the forest dislocations increases with strain harden- 
ing during Stage II. It is believed, however, that the 
values of Z documented in Table II might be slightly 
higher than the actual mean spacing between the 
forest dislocations because of the arbitrary proce- 
dure that had to be adopted in estimating the value 
of «Lb at which TG,/G began to increase rapidly. 

Since TG,/ G approaches asymptotically the value 
of T*G,/G as xLb increases, the value of T*G,/G 
can also be estimated to be slightly below the lowest 
values of TG,/G obtained in the data given in Fig. 5. 
Such estimated values are also given in Table II. 

From the now known values of L, given in Table 
Il, it was possible to determine the curves given in 
Fig. 7, where the values of (7 Lb) G,/G are plotted 
as a function of x. The striking result is obtained 
that the plots of (F + T*Lb) G,/G vs x coincide ex- 
tremely well regardless of the work hardened state 
of the material. This can only mean that (7*Lb) G,/ G 
must be a constant, independent of the strain hardened 
state. Since the value of (TLb)G,/G should be only 
slightly greater than that for (7* Lb) G,/G for the 
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Fig. 7—The plot of tLb/(G/G») against x the distance be- 
tween the intersecting dislocation for five different states to- 
gether with the mean curve. 


highest value of x investigated, the value of the con- 
stant (7* Lb) G,/G is estimated from the mean curve 
of Fig. 7 to be about 1.73 x 10-5 dynes. The same 
value can be found by taking the average of the last 
column of Table II which was estimated on the basis 
that the values of TG,/ G for the highest values of 
xLb approach the value of T*G,/ G for each state 
shown in Fig. 5. 


ACTIVATION ENERGY 


From the Seeger equation for creep rate given as 
Eq. [3] we see that a small abrupt change in tempera- 
ture from T, to T, if made, without affecting the 
state of the material, will cause a corresponding 
change in the strain rate from jy, to 7. A quantity q, 
the apparent activation energy, defined as 


In (% /%) [14] 


was calculated from such changes at different tem- 
peratures and strains at a strain rate of 1 x 1076 
per sec. A typical example of such a test run is 
shown in Fig. 8. 

In order to get the apparent activation energy q 
for the given strain rate, the change in temperature 
was always made when the strain rate equalled 
1X 10°° per sec. This was effected by periodically 
increasing the stress during the course of creep 
and then delaying the change in temperature until 
the desired creep rate was obtained. The average 
values of g measured throughout Stage I and II at 
different temperatures are recorded in Fig. 9 after 
being corrected to a strain rate of 2.5x 10° per 
sec. 

The apparent activation energy, g, is related to 
U according to 


[15] 
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Fig. 8—Typical apparent activation energy determination. 


where AT is the small abrupt change in temperature 
made at T°K and 


As shown by Eq. [9], the activation energy U, can 
be calculated from the data given in Fig. 7, by de- 
termining the area under the curve from (TLb)G,/G 
to the value of F,,, which must yet be evaluated. An 
increase in temperature AT = T, - T, at a constant 
stress for a given state, will cause an increase of 
the force on the dislocation by a factor of G,/G,, 
where G, and G, are the shear moduli at tempera- 
tures 7, and 7, respectively. The area between 
these two ordinates gives the value of AU; Thus the 
values of T, (AU/AT) for 77°K, 114°K, and 160°K 
were calculated for each of the five states shown in 


q, ACTIVATION ENERGY, ERGSxIO-/UNIT PROCESS 
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Fig. 9—Apparent activation energy vs temperature for alu- 
minum single crystals at a strain rate of approximately 2.5 
x 10-6 per sec. 
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Table Ill 


Difference 
of U, between 
114° to 77°K 
160° to 77°K 


Calculated from 


900x 10-** erg 1300 cal/mole 
2200 10-** erg 3200 cal/mole 


Calculated from B 


1000 10-** 1400 cal/mole 
2700 erg x 10~** 3900 cal/mole 


Fig. 3. Values of U for the given strain rate y = 
2.5xX10°° per sec were computed by subtracting the 
average values of 7, (AU/AT) for the three tempera- 
tures from the corresponding values of g. The plot 
of U against temperature is shown in Fig. 10. 
According to Eq. [3] the activation energy 


2 
U =RT 
6Y 


should increase linearly with temperature for a con- 
stant strain rate over the range where NL? remains 
constant. The plot of Fig. 10 shows that U varies 
linearly with temperature and that NL? stays sub- 
stantially constant over the range of conditions in- 
vestigated. 

As mentioned before, the area enclosed between 
two ordinates and the curve of Fig. 7 gives the dif- 
ference in activation energy for two temperatures 
at a given state and fixed strain rate. The difference 
of activation energies between 77°, 114°, and 
160°K for all five states were thus calculated and 
their average value has been tabulated in Table II. 
These values, as can be seen, are computed from 
the observed values of 8 obtained by the change in 
stress at a fixed temperature. The same energy 
difference can also be calculated from the observed 
values of g obtained by change in temperature at a 
fixed stress. 

The agreement between the difference in U, calcu- 
lated by two alternate techniques, being within ex- 
perimental accuracy, confirms the nominal validity 
of the assumed theoretical approach adopted here. 

From the known value of true activation energy, 
U, of about 3400 cals per mole at 77°K for a strain 
rate of 2.5 107° per sec, F,, shown in Fig. 7 was 
calculated. The remainder of the curve, between 
0 < x < 0b was faired in as shown by the solid line in 
Fig. 7, to give the complete force vs distance dia- 
gram. 


[16] 


STRAIN HARDENING 


The data contained in Fig. 3 clearly reveals that 
when stress-strain curves are adjusted by the Cot- 
trell-Stokes ratio to refer to the single temperature 
at 77°K, they all exhibit the same rate of strain 
hardening, 9 = dt/dy over Stage II. This correlation 
is a direct consequence of the fact that T*Lb is a 
constant. To illustrate this point using Eqs. [1] and 
[16] we have 


Fm 2 
\ xd — 7*)Lb} = [17] 
Lb 
consequently 
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Fig. 10—The plot of true activation energy, U, as calculated 
from apparent activation energy against temperature. 


[18] 
where wW is an appropriate function given by the in- 
tegral and @ is its inverse. For a given strain rate 
at a fixed temperature, since dF/dy = 0 the rate of 
strain-hardening 

dt _ T*d1n(t*Lb) 


dy 
This fact plus the experimental correlation that for 
a given strain rate the ratio of strain hardening at 
two temperatures = where 77, and 
T 7, are flow stresses at any given Strain for the two 
temperatures demand that T*Lb must be a constant 
as shown in Fig. 7. Consequently, the method of 
using the flow stress as a measure of the strain 
hardened state of the crystal at a given strain rate 
and temperature is confirmed a posteriori. 

Many theories have been proposed to account for 
the linear strain hardening effects that are so pro- 
nounced over Stage II. Mott! originally suggested 
that the back stresses arising from dislocation ar- 
rays on the slip plane, which were piled up against 
stable Cottrell-Lomer dislocation, were responsible 
for the long range back stresses giving rise to T*. 
Freidel’” and Seeger ® independently suggested alter- 
nate quantitative models based on this mechanism. 
Stroh,® however, illustrated that Cottrell-Lomer dis- 
locations are not stable under localized stress fields 
of piled-up arrays, whereas Cottrell and Stokes 
pointed out that the independence of the Cottrell- 
Stokes relation with strain hardened state could only 
be rationalized if the forces responsible for strain- 
hardening arose from the neighboring dislocations 
rather than long range stress field. More recently 
Basinski* emphasized that since the forest and glide 
dislocation may not be mutually perpendicular, the 
local interaction between their stress field is the 
factor responsible for strain hardening. 

To a first crude approximation the local interac- 
tion force over a region b, between forest and glide 


TL 


constant [19] 
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dislocation separated by one Burger’s vector will 
be about 


2 


7 OX3.7X 10% dynes 


[20] 
where 6 is of the order of magnitude of unity. The 
experimentally determined value of T*LbG,/G = 
1.73 x 10-°(see Fig. 7) shows that the force due to 
back stress is almost equal to the theoretically esti- 
mated value of localized interaction force. Conse- 
quently, the force due to long-range interaction is 
not much effective in retarding the motion of glide 
dislocation. 

The preceding analysis therefore reveals that the 
strain hardening of single crystals of Al in Stage II 
arises almost exclusively due to the increase of lo- 
calized interaction force as a result of the increase 
in density of forest dislocations with strain. This 
conclusion also supports the rather extensive evi- 
dence that the deformation of Single metal crystals 
at low temperatures obeys the mechanical equation 
of state. 

The variation of 1/L with the value of (y - %) re- 
ferred to 77°K for Stage II (vide Fig. 3) is given in 
Fig. 11. The major question confronting the com- 
plete description of strain hardening of single cry- 
Stals in Stage II now concerns only the details of the 
mechanism whereby the density of the forest dislo- 
cations is increased to give the linear dependence of 
1/L on strain. 

Although single crystals of aluminum appear to 
strain harden exclusively as a result of the increase 
in density of the forest dislocations, the deformation 
characteristics of polycrystalline aluminum might 
also be dependent on the effects of long-range back 
stresses induced by dislocations piled u against 
grain boundaries. In this case 7* and 1/L may well 
vary independently. Perhaps this is the major factor 
responsible for the differences in the mechanical 
behavior of single crystals and polycrystalline ag- 
gregates. It is worthy of consideration because it 
may be possible that the two independent state vari- 
ables 7* and 1/L account for the well-documented 
failure of the mechanical equation of state for defor- 
mation of polycrystalline aluminum. 


LOW-TEMPERATURE CREEP 


The creep behavior of single metal crystals at low 
temperatures has not yet been adequately treated by 
a unified theoretical approach. It is well-known that 
under certain conditions of temperature and stress, 
logarithmic creep is obtained, whereas under other 
conditions a somewhat parabolic behavior results, and 
yet both laws are ascribed to the operation of the 
intersection process as the rate controlling mecha- 
nism, It is the present contention that the observed 
differences in the creep laws arise principally from 
the differences in the slope of the F vs x curves for 
intersection at various stress levels and strain- 
hardened conditions. As creep proceeds at a given 
stress, L decreases causing F to decrease. This in 
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Fig. 11—The variation of 1/L with resolved shear strain, 
(Y — Yo), for stage II referred to 77°K (see Fig. 3). 


turn results in an increase in the activation energy 
U and consequently results in lower creep rates. But 
the intimate trends of creep straining on the creep 
rate will depend on the initial value of Fandthe shape of 
the F- x curve at that value of F. The fact that creep 
curves can be predicted from the F - x data will now 
be demonstrated without reference to any of the va- 
rious empirical time laws for creep. 

Making the approximate assumption that N is con- 
stant during the course of limited creep, 


_(G) 


RT 


[21] 


where subscript one refers to a standard state on a 
creep curve. In Fig. 12 the standard state was taken 
at a strain rate of 2.5 x 10°° per sec and at a strain 
Y, = 0.03155 where the calculated and observed 
curves are brought into coincidence. The value of 
U, at 77°K when referred to Fig. 7 gives the value of 
F,G,/G. The plot of 7Lb vs x which can be obtained 
from Fig. 7 gives the value of T*Lb and the value 

of L,, therefore, can be calculated from Eq. [ay 
When referred to Fig. 11 this gives a value of 

(% - Y¥)) where % is an unknown constant of the cry- 
stal. If a second smaller strain y, is now assumed 
the corresponding value of L, can be obtained from 
which the value of F, can be calculated. The differ- 
ence in the activation energy between this and the 
standard state is merely 


U, - U, 


Il 
— 


[22] 


2 


which can be obtained by the graphical integration of 
TLb vs x curve. Introducing the values for L and 
(U,) - (U,) into Eq. [21] gives the creep rate for 
the second strain that was selected, and so forth. 
The creep curves shown in Fig. 13 were calculated 
in this way for comparison with the actual experi- 
mental results at two temperatures, viz. 77° and 
160° K with the same applied shear stress of 4.9 x 10” 
dynes per sq cm. The good agreement confirms the 
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Fig. 12—Calculated and observed creep curve with an applied 
shear stress of 2.95 x 10’ dynes per sq cm at 77°K. 


general validity of the proposed procedure and sug- 
gests that the debate on the time laws for low-tem- 
perature creep can only be rationalized in terms of 
F curves. 


CONCLUSIONS 


1) Extensive evidence based on activation energies 
for deformation and activation vols strongly support 
the contention that the rate of deformation of single 
Al crystals at subatmospheric temperatures is con- 
trolled by thermally-activated intersection of dis- 
locations. 

2) Analyses of the dependence of the flow stress on 
the activation vol permit the estimation of the force- 
displacement diagram for the intersection of a dis- 
location pair. 
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Fig. 13—Calculated and observed creep curves with an ap- 
plied shear stress of 4.9 x 10’ dynes per sq cm at 77°K and 
160° K. 


3) The long-range back stress was found to be 
zero, the entire strain-hardening over Stage II being 
attributable to short-range stress fields encountered 
upon intersection. 

4) The linear strain hardening in Stage II results 
from the linear increase in the reciprocal of the 
spacing of forest dislocations with strain. 

5) The shape of the creep curves depends on the 
nature of the force-displacement diagrams for inter- 
section of dislocation pairs. 
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The Titanium Rich Region of the Titanium-Aluminum- 


Vanadium System 


Paul A. Farrar and Harold Margolin 


The Ti-Al-V system has been delineated from 50 
to 100 wt pet Ti and from 600 to 1400°C by X-ray and 
metallographic techniques. Isothermal sections were 
delineated at 600, 700, 800, 900, 1000, 1100, 1200, 
1300, and 1400°C. X-ray and metallographic evidence 
indicated the presence of two phases a1 and 5 Ti, Al) 
in addition to those reported by previous investigators 
of the ternary system}-°, 


Tue titanium-rich region of the Ti-Al-V system as 
originally proposed by Rausch ef al.+»2 and Jordan 
and Duwez° was based on the binary Ti-Al diagram 
as proposed by Bumps ef al.* As additional phases 
have been shown to exist®-° in the region previously 
thought to be all a, the titanium-rich region of the 
Ti-Al-V system is open to serious question. There- 
fore, in order to determine the effect of the indicated 
changes in the Binary Ti-Al system on the ternary 
Ti-Al-V system the present inve stigation was initi- 
ated. 


EXPERIMENTAL PROCEDURE 


The experimental procedures in this investigation 
are the standard techniques used in the study of 
titanium-alloy systems which have been described in 
detail previously.’° Consequently, only details perti- 
nent to the present work are discussed. 

The alloys employed for the delineation of this 
system were prepared from titanium obtained from 
the Bureau of Mines (73 BHN) 99.99 pct Al and 99.7 
pet V, by the consumable arc-melting technique. The 
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titanium was premelted into buttons of 25 g because 
spattering during the first melt caused uncontrol- 
lable loss of alloying constituents. Typical analyses 
of the material used have been reported elsewhere 
(Al,° Ti, and 

Attempts to hot roll the alloys prior to heat treat- 
ment were made on the first series of alloys pre- 
pared, but as the area of extensive hot workability 
was fairly restricted, see Table I, this practice was 
discontinued. 

The times of isothermal annealing are given in 
Table II. A preliminary heat treatment of 96 hr at 
1000°C was used prior to heat treatment at lower 
temperatures. 

The standard techniques used for polishing speci- 
mens involved belt-grinding, grinding on emery pa- 
per, polishing electrolytically, and etching with 
Remington “A” etch. In the low-alloy region it was 
found that the “R” etch, developed by Ence and Mar- 
golin,’? gave better contrast between phases. Where 
this procedure did not differentiate between phases 
clearly, the method of stain etching developed by 
Ence and Margolin?}3,!4 was used. 

It has been previously reported?® that filing of 
titanium alloys is not desirable for producing X-ray 
powders, since the powder becomes contaminated 
by the file material. Therefore, for those samples 
not brittle enough to crush, the procedure described 
below was used. The specimen was wrapped in 
molybdenum sheet and placed in a vacuum system 
and evacuated to 0.03 yu. Palladium-purified hydro- 
gen was then admitted to the system until a partial 
pressure of 50 cm of H was reached. The specimen 
was heated in the system to the temperature of orig- 
inal heat treatment and was slowly cooled over a 
period of 3 hr to 400°C while the partial pressure of 
hydrogen was maintained. The sample was removed 
from the system after it had completely cooled and 
was crushed to a powder of 230 to 270 mesh. 

The powder, wrapped in molybdenum sheet, was 
dehydrogenated at the temperature of original heat 
treatment until a partial pressure of 0.03 LL was 
maintained in the system for at least 1/2 hr. The 
tube containing the powders was quenched in iced 
brine while still connected to the vacuum system. 
After dehydrogenation, the powder, except for the 
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Table 1. Chemical Analysis and Hot Rollability of Selected Alloys 


Table |. (Continued) 


Nominal Composition 


Analysed Composition 


Pct Hot Rollability 


Nominal Composition Analysed Composition Pct Hot Rollability 


Pct Al Pct V Pct Al Pct V at 800°C Pct Al Pct V Pct Al Pct V at 800°C 

; ‘G 50 32 8 30.60 7.50 

36 2 34.40 1.99 

38 6 36. 20 5.68 

4 8 3.80 7.98 60 

4 12 60 

4 16 60 single phase 11 pct Al-1 pct V* alloy at 700 C, was 
*All compositions are in wt pct 

4 24 60 Pp 

4 28 60 reannealed in quartz capsules at the temperature of 
the original anneal. 

5 3 The powders were then mounted in Lindemann 

5 10 50 glass capillaries (0.03 mm diam). Exposure times 
5 12 50 were 20 to 28 hr at 35 kv and 20 ma. 

S 14 50 Chemical analysis of 33 of the 216 alloys used in 
‘ 5 6.17 10.23 : this investigation was carried out by the Academy 
6 14 at Testing Laboratories, Inc., New York. In general 
7 1 6.65 Lu the agreement between nominal and analysed com- 
7 2 6.84 2.18 50 positions was quite good, as shown in Table I. In 

7 4 6.80 3.94 50 plotting the diagram the analysed alloys are shown 
as squares while those for which nominal composi- 
7 10 6.76 10.42 50 tions were used are shown as circles. 

7 ib} 50 

8 rt 7.69 1.09 50 

8 2 7.81 2. %6 EXPERIMENTAL RESULTS 

: : ee 3.99 i A) Accuracy of Determination of Phase Bound- 

8 12 50 aries. The isothermal sections were finally con- 

8 16 60 structed after adjusting the isothermal with perti- 
8 20 50 nent vertical sections where necessary to bring them 
8 24 60 into agreement with each other and the binary Ti-Al 
P 2 pO system as proposed by Ence and Margolin’»® and the 
9 1 8.72 1.05 

9 9 8.59 9.20 50 Ti-V system as determined by Ermanis et al." In 
9 4 8.75 4.07 50 the sections as presented the phase boundaries 

9 6 50 drawn as solid lines are thought to be accurate to 

9 10 7.42 10.35 35 within +0.5 pct with those drawn as dashed lines be- 
10 1 9.92 1.18 15 ing less accurately determined. 

10 4 10.15 4.13 

10 8 25 

10 10 10.08 10. 28 

11 2 10.78 2:22 

11 4 10.24 4.08 

11 6 20 

11 8 20 

12 1 11.45 1.09 

12 4 40 

12 8 2 

12 16 20 

12 20 20 

12 24 20 

13 1 13.09 1.11 

13) 2 12.69 2.02 

13 4 12.63 3.88 

14 1 13.70 1.05 

14 2 13.80 2.08 

16 12 5 

16 16 2 

20 20 2 
22 12 21.60 11.82 
22 20 20.80 19.45 
24 D 21.65 1.84 
24 12 23.80 11.82 
26 12 24.70 11.68 Fig. 1—Partial isothermal section of the Ti-Al-V system 
28 12 27.50 11.78 at 1400°C. 
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Table Il. Heat Treatment Times and Temperatures 


Temperature °C Time, Hr. 
1400 
1300 8 
1200 24 
1100 48 
1000 96 to 166 
900 168 
800 432 
700 840 to 1154 
600 3696 to 4608 


B) Isothermal Sections. The partial isothermal 
sections covering the region up to 50 pct V and 50 
pct Al are shown in Figs. 1 to 9 for the temperature 
region 1400° to 600°C inclusive. 

The phases encountered are the following: a, B, 
Alp 6 Ti,Al and . From the binary Ti-Al 
data the phase TiAl, should appear in the very high- 
aluminum region of sections at 1100°C and below, Fig. 2—Partial isothermal section of the Ti-Al-V system 
but no specimens which contained the phase were at 1300°C, 
prepared. As its presence in the binary diagram is 6 : , et 
not questioned it has been included, where neces- In the 
sary, to complete the drawing of the sections eral configuration is encountered in the high-alumi- 

The isothermal sections at 1400°. 1300° a m num region as was found in the sections at higher 
shave general temperature, with the phase boundaries being shifted 
Figs 1 2 and 3. The phase fields pent ean a to still lower aluminum contents and the solubility 

the three-phase field 8 + 873, a1 + €r1aq, the two- of vanadium in Ori al decreasing further. In the 
phase fields 8 + 573 a1, B + ec and 6r3, a1 low-alloy region an additional three-phase field 
2 4 2 


+€ria1 4S well as the corresponding single-phase B + Yrigar + Oni, a1 has been introduced even though 


‘cls no three-phase alloys were obtained, since the mi- 
At 1 100°C and below the phase relations become crostructuresios abe euoys in the field Bee! 
more complex. The peritectoid reaction B+ Yvi,a1 Were definitely different from those in the 
B + Ors, Al phase field. 
B+ ora, Al YTig Al The solubility of vanadium in the Yti.a1 Phase at 
and the. peritectoid reaction this temperature is considerably less than 1 pct 
P and no direct evidence for this or the Yigal + Ont, Al 
B+ UA Re phase field was obtained. 
as reported by Ence and Margolin”»® occur in the In the low-alloy region of the 1000°C section, 
Fig. 6, the three-phase field B + + a; has 
binary Ti-Al diagram. 3 2 


expanded and direct microstructural evidence for 


Fig. 3—Partial isothermal section of the Ti-Al-V system Fig. 4—Partial isothermal section of the Ti-Al-V system 
at 1200°C. at 1100°C, 
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Table III. Summary of X-Ray Data 


X-Ray Type Heat 
Nominal Microstructural _Identi- of Treatment 
Composition Identification fication X-Ray Temp °C 
Ti-24 pct Al-8 pct V B B+6 P 1400 
Ti-28 pct Al-8 pct V B B+6 P 1400 
Ti-32 pct Al-8 pct V B+68 B+8 P 1400 
Ti-36 pct Al-8 pct V O+e O+e G 1300 
Ti-24 pct Al-4 pct V B+6 B+6 Ee 1200 
Ti-24 pct Al-8 pct V 1200 
Ti-24 pct Al-12 pct V B B+6 P 1200 
Ti-28 pct Al-4 pct V 6 6 Pp 1200 
Ti-28 pct Al-8 pct V B+6 B+8 12) 1200 
Ti-28 pct Al-12 pct V B+6 B+6 ie 1200 
Ti-32 pct Al-4 pct V O+e OS +e 12 1200 
Ti-32 pct Al-8 pct V Ot+e O +e P 1200 
Ti-36 pct Al-4 pct V € +e 12 1200 
Ti-40 pct Al-4 pct V € € P 1200 
Ti-7 pet Al-2 pct V a+Bt+y a+B ie 1000 
Ti-8 pct Al-1 pct V at+Bty a 32) 1000 
Ti-11 pct Al-1 pct V y at+y )2 1000 
Ti-11 pct Al-4 pct V B+y+8 a+B+Y Pp 1000 Fig. 5—Partial isothermal section of the Ti-Al-V system 
Ti-14 pct Al-1 pet V y+6 y+6 P 1000 at 1000°C. 
Ti-24 pct Al-4 pct V 12 1000 
Ti-32 pet Al-4 pet V Se S+e P 1000 its existence at this temperature was obtained. An 
Ti-8 pct Al-8 pct V B+ry+8 y+ G 800 additional three-phase field a +B + ¥7;.,4; has also 
Ti-10 pet Al-4 pet V Bry ¥ G ou been introduced, again with direct microstructural 
Ti-11 pet Al-1 pet V y G evidence being obtained. 
Ti-12 pct Al-4 pct V B+ry+6 B+6 G 800 ; A ° ° ° 
Ti-16 pct Al-8 pct V B48 B+8 G 800 The isothermal sections at 900, 800°, 700, and 
Ti-3 pet Al-1 pct V x ” Pp 700 600°C, Figs. 6-9 inclusive, are all similar in con- 
Ti-8 pct Al-1 pct V a+y a+yY P 700 struction to the 1000°C section with the three-phase 
Ti-8 pct Al-4 pet V a+B+y at+B+y  P 700 fields being expanded with decreasing temperature. 
Aka pet Bey 700 served throughout the system are shown in Figs. 10 
Ti-12 pct Al-1 pet V y y P 700 to 18. 
Ti-14 pet Al-1 pct V y+6 y+6 P 700 Figs. 10 (26 pct Al-10 pct V alloy heat treated at 
Ti-19 pet Al-1 pet V 8 a a au 1100°C), 11 (28 pct Al-10 pct V alloy heat treated at 
Ti-16 pct Al-4 pct V to) 6 2 600 


P — Powder pattern. 


G — Solid sample goniometer pattern. 


1100°C) and 12 (34 pct Al-8 pct V alloy heat treated 
at 1100°C) show the progression of microstructures 
as the aluminum content is increased at approxi- 
mately constant vanadium content. Fig. 10 shows a 
typical structure of 57;, 4, in a transformed 8 ma- 


Fig. 6—Partial isothermal section of the Ti-Al-V system 


at 900°C. 
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Fig. 7—Partial isothermal section of the Ti-Al-V system 
at 800°C. 
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Fig. 8—Partial isothermal section of the Ti-Al-V system 
at 700°C, 


trix. Fig. 11 shows Ori, a1 and €7;,; in a transformed 
8 matrix while in Fig. 12, small amounts of retained 
8B are shown dispersed in an €7;q; matrix. 

Fig. 13 (6 pct Al-2 pct V alloy heat treated at 
1000°C) shows a typical a + structure, while 
Fig. 14 (6.84 pct Al-2.18 pct V alloy heat treated at 
1000°C) shows a plus transformed Y7i,a1 Plus trans- 
formed fp. Fig. 15 (7.81 pct Al-2.26 pct V alloy heat 
treated at 1000°C) shows transformed y7;,q) in a 
transformed 6 matrix. Thus by the change of only 
2 pct in the aluminum composition the phase relations 
have changed progressively from a +8 toa +8 
+ and then to B + ¥7;, 41. 

In Fig. 16 (10.24 pct Al-4.08 pct V alloy heat 
treated at 1000°C) small amounts of 57;, 4; as well 
aS Y7i,a1 Can be seen in the 6 matrix, Fig. 17 (14 pct 
Al-4 pct V alloy heat treated at 1000°C) shows only 
Ori,a1 and 8. It should be noted that there is some 
indication of transformation of the Sti, a1 in this al- 


Fig. 9—Partial isothermal section of the Ti-Al-V system 
at 600°C. 


loy as has been reported previously’»® for Ti-Al 
alloys in which the oni, A, is low in aluminum content. 
Fig. 18 (12 pct Al-4 pct V alloy heat treated at 
800°C) exhibits a typical peritectoid structure of 

8B +¥riga1 and 67;,,4;. This structure shows the for- 
mation of Y7i,4; by the reaction of B and 67;, 4; upon 
cooling from the 1000°C preliminary anneal to the 
final heat-treatment temperature of 800°C. 

D) X-Ray Diffraction Data. A total of 36 X-ray 
diffraction patterns were obtained from representa- 
tive samples throughout the system and the data ob- 
tained is summarized in Table III, Of the phases en- 
countered in this investigation, e.g.,(@, 8, Yti,a1; 
and 4), all but yz; 3A1 have structures which 
have been identified previously. 5ti,a1 Was identified 
as hexagonal with a suggested isomorphism with 
Ti, Sn with a c/a ratio approximately half that of a.® 
Although oni, Ay Occurs Over a rather broad range of 
composition, no large change in lattice parameter 


Reduced approximately 19 pct for reproduction. 


Fig. 10—Ti-26 pct Al-10 pet V Alloy. 


1100°C-48 hr, I.B.Q., ‘‘A’’ etch, 
X350. Isothermal ina matrix 
of 6 partially transformed to OTi, Al: 
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Fig. 11—Ti-28 pct Al-10 pct V Alloy. 
1100°C-48 hr, I.B.Q., ‘‘A’’ etch, ‘‘HG”? 
electrolytic stain, X600. 67;,a; (long 
white plates) + €p;,a; (adjacent twin 

like structure) in transformed B ma- 
trix. 


Fig. 12—Ti-34 pet Al-8 pct V Alloy. 
1100°C-48 hr, I.B.Q., ‘‘A”’ etch, 
X350. Small amounts of Bin €7i,; 
matrix. 
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Reduced approximately 19 pet for reproduction. 


Fig. 13—Ti-6 pct Al-2 pct V Alloy. 
1000°C-162 hr, I.B.Q., ‘‘A’’ etch, 
“‘TA’’ electrolytic stain, X225. a in 
transformed matrix. 


formed matrix. 


was noted. € has been determined as face centered 
tetragonal.?® 

X-ray diffraction data of alloys annealed at 1200°, 
1300°, and 1400°C proved that the decomposition 
products of both and €7;,) are 57;, in the higher 
aluminum region, é.g., above approximately 20 pct 
Al. For example, the 24 pct Al-8 pct V alloy heat 
treated at 1400°C showed a partially transformed 
8 microstructure, while the X-ray diffraction pat- 
tern was B + O7;, 41. 

From diffraction data obtained of alloys annealed 
at 700°, 800°, and 1000°C, the Yqi,A1 Phase was ten- 
tatively identified as hexagonal c/a = 0.403, 
a=11.550A, c = 4.655A. Typical X-ray diffraction 
data for 700°C are given in Table IV. The data for 
the Ti-3Al-1V alloy, see Table IV, is that of a typi- 
cal a structure while the Ti-8Al-1V pattern shows 
additional lines. The Ti-10 pct Al-1 pct V, Ti-12 pct 
Al-1 pet V and Ti-14 pct Al-1 pct V alloy have still 
more lines. In the Ti-19 pct Al-1 pct V alloy only the 
lines associated with Ti, Al are observed, see 
Table IV. Since and 57;, 4) all have been 


Fig. 16—Ti-11 pct Al-4 pet V Alloy. 1000°C-162 hr, I.B.Q., 
etch, ‘‘TA”’ electrolytic stain, X600. (A) + 
(B) + transformed 8. Reduced approximately 19 pct for 


reproduction. 
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Fig. 14—Ti-7 pet Al-2 pet V Alloy. 
1000°C-162 hr, I.B.Q., ‘‘A’’ etch, 
“TA’’, electrolytic stain, X350. a 
(dark) + transformed yry;,4; in trans- 


Fig. 15—Ti-8 pet Al-2 pct V Alloy. 
1000°C-162 hr, I.B.Q., ‘‘A’’ etch, 
“TA”? electrolytic stain, X225. Trans- 
formed y7;,a1 in transformed matrix. 


indexed as hexagonal structure with multiple c/a 
ratios a ~ Al 0.8, and 0.4, itis 
very difficult to identify positively X-ray structures 


Fig. 17—Ti-14 pet Al-4 pet V Alloy. 1000°C-162 hr, I.B.Q., 
etch, ‘‘TA”’ electrolytic stain, X600. (dark) 

+ retained 8. Reduced approximately 19 pct for reproduc- 
tion. 


Fig. 18—Ti-12 pct Al-4 pet V Alloy. 1000°C-96 hr, 800°C- 
432 hr, I.B.Q., ‘‘R’’ etch, ‘‘HG’’ electrolytic stain, X350. 
B (white) + dy; a1 (dark) + Yy;,a1- Reduced approximately 

19 pet for reproduction. 
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Table IV. X-Ray Diffraction Data of Ti-Al-V Alloys Heat Treated at 700°C 


10 Pct Al-1 12 Pct Al-1 14 Pct Al-1 19 Pct Al-1 
3PctAl-lPctV __aTi* PctAl-1PctV V Ti Pct V Pet V Pct V Ti, Al*** 
5.6 vw 7/7 vvw 5.8 vvw 
200 5.001 4.9 vw 4.95 vvw 100 5.001 w 
4.3 vw 4.2 vvw LOTTA vvw 
3.8 vw 3.8 vVw 210 3.781 3.81 vvw 3.8 vvw 
3.40 vvw 201 3.407 3.40 vvw 3.40 vw 3.40 w 101 3.399 m 
22935 3.01 vvw 
220 2.887 2.88 vvw 2.90 vw 110 2.887 vw 
301 2.710 2.57  vvw 
2.54" m LOOMS / m 2.51 m 400 2.501 2.505 m 2.50 m 200 2.500 ms 
snl 2.37 vvw 
2.34 m 0022233152: 33: m 002 2.328 2.320 w PA) 2:33 ms 002 2.319 ms 
2.27 vvw 22207 2.27 vvw 
1012222222 s 2°21 220322203 2:20 is 201 2.201 s 
202) 251109825120 
420 1.890 1.890 ww 1.885 vvw 1.90 vvw 210 1.890 vw 
501 1.838 1.845 vvw 
222 1.812 1.810 ww 1.810 vvw 1.81 vw 112 1.802 w 
421 1.751 1.750 vvw 
im: 102) 1.710 m 402 1.704 1.705 m 1.702 m 202 1.700 ms 
203 1.482 1.482 vvw 103 1.477 vw 
1.465 w 422 1.467 
1.470 m 110 1.459 1.460 m 1.447 w 440 1.444 1.450 m 1.448 m 1.450 m 220 1.444 ms 
1.435 vvw 
602 1.355 1.360 vvw 302 1.353 vvw 
432 1.343 1.341 vvw 
1.330 m 19321 403°) 153189 m 1.319 ms 1.320 ms ims 
522 1.304 1.305 vvw 
540 1.281 1.282 vvw 
612 1.276 1.276 vvw 
1.274 vw 200 1.263 1.260 vvw 1.251 vvw 800 1.250 1.257 vvw 1.254 w 1.257 w 400 1.251 w 
1.218 vvw 1.220 vvw 
1.233 m 20 1.210 m 801 1.208 1.213 m 401 1.208 m 
423 1.199 1.197 vvw 
1.170 vw 004 1.166 1.64 w 1.163 w 004 1.164 1.165 vvw 1.163 w 1.165 w 004 1.160 m 
104 1.156 1.155 vvw 
640 1.147 1.148 vvw 
542 1.123 vvw 
1.117. vvw 1.115 vvw 
1.110 vvw 632 1.108 
1.122 vw vw 1.103 m 1.108 w 402 1.101 m 
731 1.094 1.092 vvw 
082 1.083 vvw 
821 1.063 1.063 vw 
1.067 vw 104 1.058 1.056 w 1.055 w 404 1.055 1.058 w 1.055 m 1.058 m 204 1.052 m 
642 1.029 1.031 vvw 
* Calculated d values based on a = 2.918A, c = 4.662A 
** Calculated d values based on a = 11.550A, c = 4.655A 
*** Calculated d values based on a = 5.775A, c = 4.638A‘ 
s Strong 
ms Medium strong 
m Medium 
w Weak 
vw Very weak 
vvw Very very weak 


containing 2 or more of these phases. The presence 


of the more complex structure can be determined by 


the presence of the additional lines, but the simpler 


structure can only be detected by line broadening 


due to overlap of almost identical lines. 
The Ti-11 pct Al-1 pct V alloy was identified as 
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single-phase Y7;, 4, at 700°C by microscopic means, 
but as @ by X-ray. The reason for this was that the 
X-ray powder was not reannealed after the dehydro- 
genation and as the cooling rate after this operation 
was not fast enough, the Ytiga1 transformed to an 
a@-like structure. 
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DISCUSSION OF RESULTS 


The results obtained in this investigation can, in 
general, be said to support the conclusions of Ence 
and Margolin® as to the nature of the Ti-Al diagram 
between 0 and 50 pct Al. Definite X-ray and metal- 
lographic evidence has been obtained to support 
their findings as to the existence of y7;.,, and 
Sri,a1- The data obtained at temperatures of 1200°C 
and above also tend to support their contention that 
no peritectoid reaction exists in the Ti-Al system 
at 1240°C and 31 pct Al as was reported by Bumps 
et al.* 


The X-ray data obtained from the ternary system 
did not give any evidence for the existence of the 
€ phase reported by Sagel ef al. This phase was 
reported by them to exist at about 18 pct Al below 
1000°C. 

The Y7;,a1 phase was found to decompose very 
readily and it was only through the use of very 
careful technique in quenching that it could be re- 
tained. This and the fact that an a-like structure 
was obtained from the transformed Y7i,A1 Would sup- 
port the contention that YTigai reacts eutectoidally 
to form a + dy;,,; at some temperature below 700°C. 
However, from data obtained previously?” it seems 
that the transformed structure itself is different 
from a. 
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Reduction Rates of Iron Ores in a Fluid Bed Reactor 


H. P. Meissner and F. C. Schora 


Iron ore from Cerro Bolivar, Segre’, and Sierre 
Grande was reduced in fluid beds at about 800°C, 
using gas analyzing 20.5 pct CO, 41 pct H,, and 
38.5 pct N,. Except in the early stages of re- 
duction, the rate of oxygen loss from the bed was 
directly proportional to the oxygen concentration 
in the bed, independent of gas composition as long 
as the gas was reducing, and little affected by 
temperature. The percentage veduction of the bed 
solids at any time was independent of particle size. 
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Cambridge, Mass. F.C. SCHORA, Member AIME, is 
Project Leader with Arthur D. Little, Inc., Cambridge, Mass. 

Manuscript submitted January 16, 1961. ISD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Tue reduction of spheres or cubes of dense iron 
ore in a slowly moving stream of either pure H, or 
pure CO has been found to take place at distinct in- 
terfaces between well defined layers of iron and the 
iron oxides.!»+ These interfaces generally penetrate 
the ore lump in topochemical fashion, remaining 
parallel to the original contours of the specimen. 
Thus in the earlier stages of reducing hematite, the 
specimen’s core is Fe,O, surrounded by successive 
shells of the lower oxides, and finally by an exterior 
shell of iron. McKewan® assumed that the rate limit- 
ing step occurred at the Fe-FeO interface, with re- 
ducing gas penetrating up to this interface through 
the external porous iron shell, and reduction of the 
higher oxides within the ore lump occurring by dif- 
fusion of iron through the dense FeO shell. He 
developed an analytical expression based on this 
model relating the amount of oxygen removed from 
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a Spherical ore specimen to the time needed for 
such reduction. His equation agrees well with pub- 
lished experimental data for particles ranging from 
1 mm to 5/16 in. in diameter at 800°C and above, 
and shows that time for complete reduction of ore 
lumps varies directly with diameter. Von Bogdandy 
and Riecke,*° on the other hand, found that the degree 
of reduction attained above 800°C at any given time 
was independent of diameter for lumps below 10 mm. 
The object of the work described here was to re- 
duce selected iron ores in a fluidized bed, to develop 
a rate equation, and to explore the relation of reduc- 
tion rate to particle size. The reducing gas used, 
which analyzed 20.5 pct CO, 41 pct H, , and 38.5 pct 
N,, was generated by the partial combustion of CH, 
with air and is here called “standard gas” for 
convenience. 


EXPERIMENTAL 


Reductions were carried out in an externally 
heated vertical tube, 4 in. in internal diameter and 
9 ft high. Standard reducing gas made ina Lindberg 
Endothermic generator was preheated to Operating 
temperature before entering the reactor. Reactor 
superficial gas velocity in all the runs reported here 
was 3 ft per sec. The off-gases passed through a 
cyclone to remove dust, and this dust could then be 
recycled to the bed if desired. 

This apparatus, which has been described else- 
where in somewhat more detail,® can be operated 
either batch-wise or continuously. In batch opera- 
tion, ore is added to the reactor tube, the system is 
brought to operating temperature with nitrogen gas 
flow, after which reducing gas is substituted for the 
nitrogen. Since some adjustments are required in 
changing from nitrogen to standard gas, there is 
always uncertainty as to the exact starting time of 
the run. Similarly, when operating without return 
of cyclone solids, there is uncertainty as to the 
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Fig. 1—Cerro Bolivar ore, batch run 94, 800°C. Reduction 
with ‘‘Standard Gas’’; G = 4.7 lb.mols per (hr) (sq ft), 
equivalent to 3 ft per sec; W= 1.7 lb. atoms Fe per (sq ft). 
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weight of bed present in the reactor because of loss 
of fines to the cyclone system. 

In continuous operations, an overflow pipe 1/2 in. 
in diameter is provided within the reaction tube, 
through which product is withdrawn from the bed. 
Fresh solid feed is blown continuously into the re- 
actor along with the reducing gas. The solid feed in 
the continuous runs reported here had all been pre- 
reduced; so that X, (atoms oxygen combined with 
iron per atom iron present in this feed material) 
was generally about 0.9. 

Bed temperature and pressure drop through the 
system are recorded. Gas compositions are de- 
termined by a mass spectrometer, while samples of 
bed solids are analyzed for total iron and metallic 
iron by the method of Zimmerman-Reinhardt as 
described in Treadwell-Hall.? When X is less than 
unity, these two iron determinations make it possible 
to calculate X directly. 


BATCH RESULTS 


It was found that the reduction of iron ore ina 
fluid bed using standard gas may be divided into two 
time periods. In the first period, the off-gases are 
substantially at equilibrium with the bed solids dur- 
ing their progressive change from Fe,O, through 
Fe,O, to FeO. Feinman and Drexler® similarly re- 
port high rates when reducing Fe,O, to FeO in 
fluid beds using hydrogen at 1300° F and below. In 
the second period, the off-gases are no longer in 
equilibrium with the bed solids as these solids show 
a further progressive loss of oxygen. This second 
period is further characterized by the fact that 
values of X plotted against time on a semi-log scale 
fall on a straight line as shown by the typical results 
in Fig. 1 for run 94, in which Cerro Bolivar ore was 
reduced with standard gas at 800°C. These results 
can be represented by the equation: 


1 
Log X= +B [i] 


In Eq. [1], # and B are constants, and @ is time (the 
factor 2.3 is inserted to simplify conversion from 
Naperian to base-ten logarithms). During the first 
period, this straight line relationship is not main- 
tained. The dividing point between the first and 
second periods, as further discussed below, comes 
at a value for X of about 0.9 in this run. 

Reduction rate data for other ores are presented 
in Fig. 2, and inspection shows that data points again 
fall on straight lines on semi-log coordinates in the 
latter parts of all these runs, with & values as in 
Table I. Thus Eq. [1] applies in the second period 
of reduction to the various ore types tested for this 
range of temperature level and bed depth. Differenti- 
ation of Eq. [1] yields the rate expression: 


ax 
[2] 
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Fig. 2—Selected batch reductions. Reduction data on ores 
as listed in Table I, for a gas velocity of 3 ft per sec, or 
G = 4.7 lb. mols per (hr) (sq ft). 


Inspection of Eq. [2] shows that the reduction rate 
in the second period is first order with respect to 
the oxygen in the solid. 

Beds of ore undergoing reduction were sampled 
from time to time, and the resulting solid samples 
were separated into various particle size fractions 


by screening. Analysis of these size fractions showed 


that the percent reduction attained at any given time 
is usually similar for all fractions regardless of 
particle size. The largest size particie present in 
these fluid bed studies was about three mms. Typi- 
cal results are presented in Table II for a Sierre 
Grande and Cerro Bolivar ore. It might be noted in 
passing that the particle size distribution of the 
product reported here is very similar to that of the 
ore originally used in these runs. These results are 
in agreement with those of Ess and Wild,” who found 
that time for complete reduction of ores fluidized 
with hydrogen at 800°C was independent of particle 
size. Again in fixed beds, Udy and Lorig® as well as 
Von Bogdandy and Riecke?° found that time to a given 
percentage reduction varied very little with particle 
diameter. 

It is now evident that since the degree of reduc- 


tion attained with a given ore at any time is independ- 


ent of particle size, then the constant Rk in Eqs. [1] 
and [2] must be the same for all particle sizes. 

The dividing point between periods 1 and 2 can 
now be established. That is, by material balance, 
the loss of oxygen from the bed solids equals the 
oxygen pickup by the gases passing through the bed, 
or 

- GYd@ = Wdx [3] 


where G is the pound mols of H, and CO in the en- 
tering gas per sq ft per hr, W is bed weight in lb. 
atoms of contained iron in all forms per sq ft of bed 
crosssection, and Yis the quantity (CO, + H, O) 
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Table |. Data on Batch Reduction of Various Ores 


Gas Velocity is 3 ft per sec, hence G is 4.9 Ib. mols per (hr) (sq ft) 


of H, and CO. 
W 
Iron in Bed, 
lb. Atoms Per k, 
Run No Ore Type Hine Xe Sq Ft Eq. [2] 

84 Sierre Grande 820-840 22 0.435 
86 Sierre Grande 740-760 2D 0.435 
90 Segre’ 830 DI 0.5 
93 Cerro Bolivar 800 Le7: 1.53 
94* Cerro Bolivar 850 17, 0.85 
95 Cerro Bolivar 890 3.4 1.02 
* Fig. 1: 


/ (CO +H, + CO, + H,O). Combining Eqs. [2] and 


GY = WRX [4] 


However, Since inspection of Fig. 1 indicates the 
solid phase to have a value for X of less than unity at 
the dividing point between the two stages, Y cannot 
exceed the equilibrium gas composition for the re- 
actions: 


FeO + CO = Fe + CO, [5] 
FeO +H, = Fe + H,O [6] 


At 800°C, the equilibrium value of Y for both Eqs. 
[5] and [6] is about 0.33. Thus, at 800°C, Y cannot 
exceed 0.33 in Eq. [4]. The highest corresponding 
value of X at which this equation can apply, marking 
the beginning of period two, is here designated as 


Table Il. Reduction vs Particle Size 


Run 78, 810°C, Sierre Grande Ore, after 5 Hr, with Recycle 


Pct X; Atoms Oxygen 

Cumulative Per Atoms Iron 
Mesh Size Wei ght in Bed Solid 
+14 11.4 0.11 
Bie) 42.2 0.29 
= 59.1 not available 
- 60 + 80 67.4 0.10 
- 80 + 100 as not available 
-100 100. 0242 


Run 8, 800°C, Cerro Bolivar Ore, without Recycle, after 2 Hr 


X; Atoms Oxygen 
Per Atoms Iron 


Mesh Size in Bed Solid 
+ 16 0.15 
- 16+ 35 0.16 
- 35+ 48 0.08 
- 48 + 80 0.08 
- 80 + 100 0.08 
-100 + 160 0.11 
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Table Ill. Continuous Runs, Cerro Bolivar Ore 
F xX W 
Feed, Ib. Atoms Atoms Iron in 
Atoms Iron OxygenPer Oxygen Per Bed, lb, 
Per Sq Ft AtomIron AtomIron AtomsPer &k, from 
Run No. PerHr in Feed in Bed SqFt  Eq.[10] 
3A 805 0.71 0.9 0.11 Sel 1.64 
3AA 790 0.76 0.9 0.193 2.95 0.94 
3AAA_ = 790 0.86 0.9 0.343 2.8 0.5 
5A 800 0.71 0.9 0.35 ez. 0.92 
6A 805 0.71 0.89 0.31 137. 0.96 
Average 0.96 


X,, and can be obtained by rearranging Eq. [4] as 
follows: 


0.33G 
Xs 


Substituting values of G, W, andz& from run 94 into 
Eq. [7], X, is found to equal about 0.9. In this way, 
the value of X, can be calculated directly for any 
given run. There is some uncertainty in this calcu- 
lation as applied to the work reported here, since 
dusting from the bed introduces uncertainty as to the 
exact bed weight at this point. 

The degree of reduction attained at any time in a 
batch reduction can now be predicted. That is, during 
the first period, the composition of the bed at any 
time is determined by the fact that the off-gases 
are in equilibrium with the bed. Knowing this equi- 
librium composition at the temperature in question 
as the bed solids change progressively from Fe5O; 
to Fe,O, to FeO to Fe, and knowing the weight of 
solids in the bed and the gas flow rate, the bed com- 
position at a given time may be computed by simple 
stoichiometry. The end of the first period can be 
estimated by the method just outlined. The composi- 
tion at any time during the second period can be 
computed directly from Eq. [1], recognizing that 
B has the following value: 


log Xx +33 Os 


where X, and @, are values at the outset of the sec- 
ond period. 


[8] 


CONTINUOUS RUNS 


In continuous operation, particle residence time 
in the bed varies widely. Divide the bed particle 
population into 2 equal parts, so that 1/n** of the bed 
population is present an average of @,, hr, the next 
1/n* is present 6, hr, and so forth. Since the solids 
in the bed are perfectly mixed and k is independent 
of particle size, the rate of oxygen loss from each 
1/n* part of the bed is (W/n)kX atoms per unit 
time, by Eq. [1]. An oxygen balance as in Eq. [9] 
below can now be written for any 1/n*® part of the 
bed, here called the “i”** part. In this equation, 
the term on the left is the oxygen feed, while the 
terms on the right are respectively the oxygen out- 
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put due to gaseous reduction and the oxygen output 
in the overflow product. The solid feed rate is F lb. 
atoms of iron per sq ft per hr: 


n n n 


[9] 


where X, is the solid feed composition. Making 7 
large and summing: 


Sip 

FX; 

FX, = > 
~=0 


Recognizing that X, the average composition of the 
product stream, equals i =n 


n 


FX, = WRX + FX [10] 


Results of continuous runs made on prereduced 
Cerro Bolivar ores in the 4 in. tube at various feed 
rates are presented in Table III. The values of k 
calculated from Eq. [10] presented in the last col- 
umn of Table III, and having an average value of 
0.96, agree reasonably well with the k values 
reported in Table I for the batch runs on Cerro 
Bolivar ores which average 1.13. Thus the constant 
k to be used for continuous runs can be estimated 
from batch run data, and vice versa. The quantity 
W equals pL, where p is fluidized bed density in 
pounds iron content per cu ft of fluidized bed, and 
L is the fluidized bed depth. Eq. [10] can be re- 
written: 


pLk+F 


The effect of bed depth in continuous operation can 
be determined directly from this equation. 


[11] 


DISCUSSION 


The literature indicates that at 800°C or higher, 
larger lumps of ore show reduction times which are 
proportional to diameter,’»®»? while reduction times 
become independent of diameter for smaller 
lumps.?»°,1° In particles of from 1 to 10 mm in 
diameter, McKewan reports the first type of behav- 
ior, while Von Bogdandy and Riecke report the sec- 
ond, This apparent disagreement may reflect dif- 
ferences in porosity and reactivity of the ores stud- 
ied. In the work reported here, the ore particles 
were all 3 mm or finer, and all showed reduction 
times independent of particle size. This finding was 
made not only on the ores from Sierre Grande, Cerro 
Bolivar, and Segre’ discussed above, but also on 
ores from Michigan and Minnesota. 
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NOMENCLATURE 


B Constant in Eq. [1] 

F Feed rate of iron, in lb. atoms iron per sq ft 
per hr 

G Mass flow rate of gas on a nitrogen-free basis, 

namely lb. mols (CO + CO, + H,O + H,) per sq 

ft of bed crosssection 

Constant in Eqs. [1] and [2] 

Bed depth, ft 

See Eq. [8] 

Iron content of bed expressed as lb. atoms per 

sq ft of crosssection 

Atoms oxygen per atom iron in solid 

Atoms oxygen per atom iron in solid feed 

Gas stream composition, (CO, +H,O) / 


fe) 


(CO, + H,O + CO, +H,) 
6 Time, hr 
p Bed density, lb. atoms iron per cu ft 
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The Sintering and Strength of Coated and Co-Reduced 


Nickel Tungsten Powder 


J. H. Brophy, H. W. Hayden, and J. Wulff 


Experimental evidence in recent years shows that 
nickel coated hydrogen reduced tungsten powder can 


be sintered to 98 pct of theoretical density at 1100°C. 


New data indicate that the sintering vate is the same 
for nickel contents ranging from 0.125 wt pct (mon- 


atomic layer) to 5.0 wt pct Ni coated on 0.56 tungsten 


powder. Nickel tungsten made by coreduction from 
oxides sinters in a kinetically similar way, but the 
rate tends to increase with higher nickel contents. 
The activation of sintering can be accomplished with 
a minimum amount of nickel if coated powder is 
used. Transverse rupture strength was found to in- 
crease in specimens containing 0.25 pct Ni as 
density increased during the initial stage of the car- 
rier-phase sintering process. Upon the onset of 
grain growth in the final stage, strength was found 
to decrease. With increasing nickel contents up to 

4 pet, strength increased. Maximum strengths in 
three-point loading were observed at 73,000 psi for 
0.25 pct Ni and 93,000 psi for 5 pct Ni. These were 
comparable to that of massive tungsten recrystal- 
lized in the presence of nickel and tested in the 
same way. The results were sensitive to the mode 
of powder treatment and ductility was negligible in 
all cases. 
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Tue study and application of sintered bodies of 
nickel and tungsten is not new; however, the analysis 
of the mechanism by which small additions of nickel 
increase the sintering rate of tungsten promises to 
contribute new information regarding sintering the- 
ory in general. Initial experimental evidence was 
presented by the authors showing that nickel-coated 
hydrogen-reduced tungsten powder may be sintered 
to 98 pct of theoretical density at 1100°C in 16 hr.?,? 
Simultaneously, a kinetic analysis of the process 
showed that it took place in two distinct stages. In 
the first stage, nickel evidently served as a carrier 
phase through which tungsten atoms could move. 
This stage was kinetically similar to the “solution- 
precipitation” step postulated when the carrier phase 
is liquid* although in the nickel tungsten case, there 
is no evidence of the existence of a liquid phase 
either in equilibrium phase relationships or in mi- 
crostructures at the temperatures under considera- 
tion. 

In the present work, new data for nickel-coated 
tungsten powder are offered in support of the pro- 
posed mechanism, and a more explicit study of the 
second stage of densification is presented. Concur- 
rently, the sintering kinetics of these coated powders 
are compared to Ni-W powder made by coreduction 
of oxides. In this way the present work can be com- 
pared to earlier results in nickel activated sintering 
of tungsten in which the coreduction process was 
employed.* 

The ultimate utility of such an activated sintering 
process will be determined to some extent by the 
mechanical and physical properties of the final prod- 
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Fig. 1—Linear shrinkage of Ni-W powder as a function of 
time and sintering temperature. 


uct. Recent references indicate that such a combina- 
tion as nickel and tungsten has little ductility.5 The 
present investigation was undertaken to determine 
room temperature transverse rupture strengths for 
sintered Ni-W powder produced in several ways. 


EXPERIMENTAL PROCEDURE 


Three modes of powder manufacture were em- 
ployed. The first of these called for the evaporation 
of a water solution of nickel nitrate upon elemental 
hydrogen reduced tungsten powder having a BET 
average size of 0.56 uw. This powder is referred to 
as “coated”. The second mode was identical to the 
first plus a prereduction step at 800°C in hydrogen 
for one half hour. This type isreferredjtoas “coated, 
prereduced”. The third mode of manufacture per- 
mitted a direct comparison to previous work in this 
field+ and involved the coreduction of nickel nitrate 
and tungstic oxide at 800°C in hydrogen. This powder 
is called “co-reduced”. 

Specimens were pressed at either 13.5 or 27 tsi in 
the form of rectangular bars 2 in. by 3/16 in. by 
1/8 in. Green densities and subsequent sintering 
behavior were independent of the pressing pressure. 
Sintering was accomplished in vycor tubes under an 
atmosphere of purified hydrogen. Upon insertion in 
the hot zone, a specimen required about 30 sec to 
reach temperature. This interval has been recog- 
nized in reporting short sintering times. 

Measurements of both linear shrinkage and den- 
sity were recorded in most cases. Densities were 
measured by weight loss in water, followed by wet 
weight in air to indicate open porosity. When linear 
shrinkage was not measured directly, it was com- 
puted from the relation: 


AL 14 
[1] 
Ly Ps 
where p, and L, are density and length as-pressed, 
and p, is sintered density. 


In the study of second stage densification, data 
scatter suggested that the random occurrence of 
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abnormally large pores resulting from pressing 
variations prevented a consistent comparison of 
final densities from specimen to specimen. To min- 
imize the effect of this variation in the explicit study 
of the second stage, several specimens were sintered 
by accumulating time intervals at the sintering tem- 
perature while making density measurements be- 
tween intervals. In this way identical starting condi- 
tions were provided for each isothermal treatment 
and an idea of the scatter in density values due to 
differences in initial porosity could be obtained. 

Sintered bars were surface ground such that their 
sides were flat and parallel and their dimensions 
were measured to + 0.0001 in. These were then 
tested to rupture in the standard three point loading 
manner on an Instron tensile tester at a cross head 
speed of 0.02 in. per min. The load at fracture was 
read in pounds force and this was then transformed 
to pounds per square inch by the equation: 


o = 3PL/2wt?2 [2] 


where: o is the transverse rupture strength, pounds 
per square inch; P is the load at rupture, pounds 
force; L is the distance of span, inches; w is the 
width of the compact, inches; and? is the height of 
the compact. 


EXPERIMENTAL RESULTS AND DISCUSSION 


Coreduced Powders. The experimental results 
confirm the previously published observation that 
coreduced Ni-W powders may be sintered to high 
density at relatively low temperatures.* Similarly, 
the early rather rapid densification of the coreduced 
powder resembles that observed in coated powders 
by the present authors.’,? This may be seen in Fig.1 
which represents the data for 1 pct Ni coreduced 
powder superimposed on curves found valid for 0.25 
and 1 pct Ni coated powder. There is an indication 
in these data that the transition to the second stage 
may occur sooner in the case of the coreduced pow- 
der. Reference again to Fig. 1 shows that at 1100°C 
the points lie below the second stage line from 30 
min on. It has been postulated that the transition to 
the second stage occurred when grain growth started? 
The microstructure of sintered specimens of co- 
reduced powder appear in Figs. 2 and 3. These 
structures indicate that grain growth begins after 
15 min. A significant difference can thus be seen 
between this behavior and that of the nickel-coated 
powder in which grain growth began after 30 min. 
From these it has been concluded that the transition 
to second stage sintering occurs when grain growth 
begins; that the transition occurs sooner in the case 
of coreduced powder than in coated powder. It is 
also possible that the rate of second stage sintering 
may be related to the rate of grain growth, nickel 
content and location, and original particle size. 

Effect of Nickel Content. In making a comparison 
between powders prepared by the two different proc- 
esses, it was anticipated that the nickel might be 
more homogenously distributed within the particles 
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1100°C, X500. (CuSO4, NH4OH etch). Enlarged approxi- 
mately 4 pct for reproduction. 


of coreduced powder than in the coated powder. If 
this were the case, the effectiveness of a given 
amount of nickel as an activating agent might be 
greater in the case of coated powder. A comparison 
of this sort is possible by considering the amount of 
shrinkage after sintering 1 hr at 1000°C as a function 
of nickel content. These results are shown in Fig. 4. 
The sharp change in the coated powder was previ- 
ously interpreted to indicate a phase boundary re- 
action rate controlled process, since the break oc- 
curred at a calculated monatomic layer of nickel on 
the 0.56 u powder and the process was essentially 
insensitive to added amounts of nickel above 0.125 
pet.’»? In the present investigation this has been 
extended to 5 pct Ni on coated powder with essential- 
ly the same result. However, in the coreduced pow- 
der, greater amounts of densification are possible 
with greater amounts of nickel after sintering for 

1 hr at 1000°C. It is not clear that this demonstrates 


a fundamentally different rate controlling mechanism, 


but it is evident that there is greater variance in the 
coreduction process than in the coating process. In 
view of this, the coated powder offers a somewhat 
more dependable material for kinetic analysis al- 
though both types are capable of producing sintered 
products of comparable densities after comparable 
heat treatments. 

Second Stage of Sintering. Following the onset of 
grain growth, the nickel activated sintering process 
no longer follows the AL/L, ~ t*/? relationship. 
Direct observations indicate that this change in 
sintering kinetics takes place at a density near 92 
pet of theoretical, which corresponds to linear 
shrinkage of approximately 0.175. If it is assumed 
that during the initial stage of sintering circular 
flats are developed between adjacent particles 
packed in a simple cubic array, it is possible to 
calculate the density and linear shrinkage at which 
interparticle flats first impinge upon one another. 
This calculation yields a density of 96 pct and 
shrinkage of 0.180 for uniform sized particles. In 
view of the range of particle sizes, variations in 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


1100°C, X500. (CuSO4, NH4OH etch). Enlarged approxi- 
mately 4 pct for reproduction. 


packing, and nonspherical particle shape, the cal- 
culated end of the first stage at 96 pct is in reason- 
able agreement with the observed end at 92 pct. 
Although the postulated first stage sintering model 
cannot lead to greater densities than 92 pct, the ex- 
perimental data show that densification continues 
beyond 92 pct at a much lower rate. This second 
stage does not lend itself so conveniently to a model 
analysis, largely due to the uncertainties introduced 
by grain growth and increased sensitivity to the ex- 
istence of abnormally large pores late in the process. 
To minimize the latter variable, the density was 
measured on the same specimen at intervals during 
the sintering treatments. In this manner, two speci- 
mens were sintered at 1100°C and one at 1050°C for 
times up to 16 hr. These results, together with the 
1100°C conventional treatments, are summarized in 
Fig. 5. Density difference from theoretical at 19.25 
g per cc has been used as the dependent variable to 
focus attention on remaining porosity. The logarith- 
mic plotting axes are solely for convenience, but 
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Fig. 4—Linear shrinkage of Ni-W powders sintered 1 hr at 
1000°C as a function of nickel content. 
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Fig. 5—Second stage densification of coated 0.25 pct Nickel 
Tungsten, 

clearly show that densification continues during 
longer sintering treatments. The similarity in shape 
of the curves in Fig. 5 is characteristic of the sec- 
ond stage densification. The difference in intercept 
of these curves reflects random variations from 
specimen to specimen resulting from differences in 
green compacts. 

Strength of Sintered Compacts. According to the 
theory of carrier phase sintering proposed earlier }»? 
it is possible to develop a systematic basis for plot- 
ting strength results for the first stage of sintering. 
This region has been typified by densities less than 
92 pet of theoretical and by structures free of grain 
growth. 

If it is assumed that the bond between sintered 
particles is the weakest point in a sintered compact, 
and it is further assumed that the bond has a constant 
strength per unit bond area, the apparent strength is 
then related to the bond strength by the relation: 


op A [3] 


where: o , is the apparent strength; og is the bond 
strength; A is the cross sectional area of the com- 
pact, and a is the total bond area in the cross sec- 
tion. 

Continuing with the proposed model, it was 
postulated that a flat surface of radius x is generated 
between two spherical particles of radius 7. Ifh is 
one half the center to center shrinkage at any time 
during sintering, then the radius of the flat surface 
is expressed by: 


x2 ~ Qhyr [4] 


This relation implies that the surface is bounded 
only by a small circle of the truncated spheres. For 
the case that this flat surface also includes material 
which has been removed at the contact points and 
has then been redeposited on the surface of the 
spheres, the radius of the flat surface would corre- 
spond to the relation: 


42 ~ Ahr 


[5] 
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Fig. 6—Transverse rupture strength of 0.25 pct Ni-W. 


Since the normal green densities were near 50 pct, 
it has been assumed that in a compact of ” particles 
of radius 7, the initial packing arrangement corre- 
sponds to simple cubic packing. The volume of the 
compact is then: 

V [6] 
where L is the length of the compact. The cross 
sectional area of the compact would be: 

A=L? [7] 


If the compact shrinks a distance 2n'/h in each of 
the orthogonal directions, then the sintered cross 
sectional area of the compact would be: 


A =n 4(r [8] 


The total bond area in this cross section would be 
the total area of circular interparticle contacts: 
a x2 = rh 


[9] 


Taking the ratio of Eqs. [9] and [8] it can be seen 
that: 


a/A = (4nh/r) /4(1 - [h/r])? [10] 


Since h/r = AL/L,, combining Eq. [10] with Eq. 
[3] results in: 


[11] 


Strictly speaking, this analysis applies only to 
the first stage of sintering defined previously}, 2 
In the second stage of sintering, grain growth as 
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RA 
Fig. 7—0.25 pct Ni-W sintered 8 
monium sulfate etch, X500. Enlarged approximately 4 pct 
for reproduction. 


well as porosity affects strength and the results are 
not so predictable. 

The transverse rupture strengths of compacts 
containing 0.25 pct Ni are plotted against AL/L, in 
Fig. 6. The strengths of coated and coreduced pow- 
ders are generally scattered and lower than those 
observed for coated prereduced powder. This may be 
due to the possibility of unreduced oxides being trapped 
within the structure of compacts prepared from 
coated and coreduced powders. Also, in the initial 
few seconds of sintering when nickel nitrate and any 
remaining tungstic oxide are reduced, the gaseous 
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Fig. 8—0.25 pct Ni-W sintered 16 hr, 1100°C, copper am- 
monium sulfate etch, X500. Enlarged approximately 4 pct 
for reproduction. 


products might possibly create pits and blowholes 
which do not close during the remainder of the 
sintering treatment. 

The results for the coated prereduced powder 
seem to follow quite consistently up to the point at 
which grain growth begins. The curve plotted for 
these points was calculated from the relationship 
predicted in Eq. [11]. As can be seen, the results 
agree quite well with the predicted theory. From 
the curve in Fig. 6, a theoretical bond strength of 
approximately 83,000 psi can be calculated using 
Eq. [11]. This would correspond to the maximum 
strength which could be attained in a fully dense 
compact of tungsten with the addition of 0.25 pct Ni 
if grain growth could be impeded. 

Photomicrographs are presented in Figs. 7 and 8 
of samples containing 0.25 pct Ni in which grain 
growth has been observed. The sintering treatments, 
densities, and strengths are presented together with 
grain size for these samples in Table I. From these 
data it can be seen that both density and grain size, 
as measured by a chord analysis, are effective in 


for reproduction 
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Fig. 10—1 pet Ni-W sintered 16 hr, 1000°C, copper am- 
monium sulfate etch, X500. Enlarged approximately 4 pct 


Table |. Transverse Rupture Strength of Sintered Nickel Tungsten 


Pet Temp Time AL/L, Density TRS Grain Size 
Ni Min gm perce psi mm 
Coated 
0.25 green 0 9.56 2,500 
0.25 950 60 0.0533 12.44 21,000 
1000 150.0515 11.63 21,800 
30 0.1037 14.35 27,600 
960 0.1875 18.50 50, 100 
1050 15 0.0926 13.85 37,600 
1100 5 0.0786 12.76 25,900 
30 1670 17.68 33,600 
60 0.1758 18.17 35,100 
240 0.1822 18.52 54,600 
Coated Prereduced 
0.25 1000 60 0.1037 14.35 35, 200 
240 0.1592 18.47 58, 100 
960 0.1725 18.84 72,600 0.019 
1440 0.1844 18.75 54,800 0.022 
1050 5 0.0659 13.10 25,000 
10 0.0879 13.64 36,300 
60 380.1652 69,300 
240 0.1761 18.68 60,100 0.009 
0.25 1100 5. 050745 12.77 23,300 
=0.0926 14.05 37,100 
480 0.1848 18.95 50,300 0.016 
960 0.1919 18.99 55,300 0.035 
1.0 1100 30 15.62 60,000 
60 1600 74,600 
960 1875 18.94 74,800 
2.0 1000 30 .0751 12,84 46,600 
60 .0997 13.61 51,900 
3.0 1000 30 .0770 12.70 52,100 
60 0980 13.56 68,300 
1100 960 1962 18.48 90, 200 
4.0 1000 30 0840 12.78 61,800 
60 1073 13.89 75,300 
5.0 1000 30 -0818 12.52 63,300 
60 -0983 13.30 71,300 
1100 960 1970 18.01 93,000 
Coreduced 
0.25 1000 60 0.1305 15.97 30,000 
60 0.1458 16.72 31,300 
960 .1580 17.70 51, 200 
0.25 1100 30 .084 14.45 34,300 
240 .10 13.08 17,700 
240 1205 14.92 24,700 
2.0 1000 60 1652 17.09 54,800 
3.0 1000 60 1678 16.79 56,800 


determining the strength. These results are quite 
consistent with those of Kreider ® who has allowed 
small amounts of nickel to diffuse into massive 
tungsten at 1350°C for several hours. He has found 


that with increasing grain size, the strengths of such 
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fe 11—5 pct Ni-W 16 1100°C, copper am- 
monium sulfate etch, X500. Enlarged approximately 4 pct 
for reproduction. 


specimens decreased from approximately 75,000 psi 
to approximately 46,000 psi. 

It is shown in Fig. 9 that the strength in the first 
stage of sintering (30 and 60 min at 1000°C) in- 
creases with increasing nickel content up to a com- 
position of 4 or 5 pct, after which the strength seems 
to level off or possibly decrease with further addi- 
tions of nickel. 

It can be seen from these results that strength 
during the second stage of sintering also increases 
with increasing nickel content. Photomicrographs 
of those samples containing 1 and 5 pct Ni which 
were sintered for 16 hr at 1100°C are presented in 
Figs. 10 and 11. Comparing these with Fig. 8, it can 
be seen that grain size is Significantly less with in- 
creasing nickel. The net result is that stronger 
sintered bodies are produced with higher nickel con- 
tents presumably due to the grain refining effect of 
the nickel. 

It should be observed, however, that lower nickel 
content is potentially more useful for high tempera- 
ture applications. The commonly available Ni-W 
equilibrium diagram” shows that liquid phase could 
be expected at temperatures above 1495°C for 
greater than 0.3 pct Ni. On this basis, sintered 
bodies with less than 0.3 pct Ni might be expected to 
exist as solids to higher temperatures. Furthermore, 
if subsequent nickel removal is desirable, the low 
nickel content represents a more favorable starting 
material. 


CONCLUSIONS 


Continued work on the nickel activated Sintering 
of tungsten has shown that the process is sensitive 
to the mode of powder preparation. Coreduced pow- 
der is capable of comparable sintered density, and 
the course of sintering is kinetically similar to that 
of coated powders considered previously. The dif- 
ference that exists centers on the effect of nickel 
content. This particular phase of earlier nickel 
tungsten work has been extended to higher composi- 
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tions. The new results confirm the conclusion that 
coated Ni-W sinters at a rate independent of nickel 
content, while coreduced powders sinter at a some- 
what higher rate with larger amounts of nickel. 

Evidently, tungsten sintering can be activated with 
a minimum amount of nickel if the coating process 
rather than the coreduction process is used. 

New data confirm that after the initial rapid stage 
of sintering, densification continues, but at a slower 
rate. The mechanism for this is not yet clearly de- 
fined. 

Mode of powder preparation is significant in de- 
termining the strength of sintered compacts of tung- 
sten with additions of nickel. In particular, it has 
been found that the strengths of those compacts pre- 
pared with powder which had been coated and pre- 
reduced prior to pressing were in general higher and 
more consistent than those which had not been so pre- 
reduced and those which were coreduced. 

The strengths of compacts prepared with prere- 
duced powder increase with linear shrinkage and 
density up to the point where grain growth begins. 
This behavior follows a relation predicted from the 
model which has been used to describe the nickel- 
activated sintering of tungsten, previously. 

After grain growth begins, strength is determined 
by both density and grain size. It has been found that 
after grain growth has been appreciable, there is a 
significant decrease in strength. 


Increasing nickel content up to 4 or 5 pct contrib- 
utes to higher strength in the first stage of sintering, 
and by presumably acting as an impediment to grain 
growth also contributes to significantly higher 
strengths in the second stage of sintering. 

The strength of nickel-activated sintered tungsten, 
even though less than full density, is comparable to 
massive tungsten having a similar grain size after 
recrystallization with nickel. 
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Thermal Expansion of Titanium and Some Ti-O Alloys 


R. J. Wasilewski 


Axial expansion has been determined by X-ray 
diffraction up to 600° to 760°C in a titanium and 
four high-oxygen alloys. 

Expansion data cannot be fitted to the usual quad- 
vatic expression and anomalies observed are be- 
lieved indicative of the changes in the bonding con- 
figuration of the valence electrons. Furthermore, 
there is significant disagreement between data ob- 
tained on polycrystalline and single crystal powder 
specimens, The major disagreement occurs within 
the temperature range (~470°C) where both mechan- 
ical and electrical properties also show markedly 
anomalous behavior. 


Tus work forms part of an investigation of physi- 
cal properties of pure titanium and its “solid solu- 
tion” alloys with oxygen and nitrogen. In view of the 
anomalies observed in both the electrical resistivity’ 
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and the susceptibility behavior? it was decided ac- 
curately to determine the thermal expansion behav~ 
ior of the pure and alloyed a titanium. 


PREVIOUS WORK 


The axial expansion coefficients reported for pure 
titanium are listed below. As can be seen, there is 
a marked discrepancy between the axial expansion 
and the experimentally determined coefficients on 
polycrystalline material. Thus, if we take the most 
recently reported axial expansivities*»* we obtain 


a =1/3 (2a, + a) =10.4X 10-° per °C for the tem- 
perature interval of 25° to 700°C. The experimental 
value reported for polycrystalline metal is, however, 
of the order of 9.7 107° per °C.” 


EXPERIMENTAL 


I) Pure Titanium. High purity titanium powder of 
-325 mesh was used throughout most of this work. 
The only significant impurities present were the 
interstitials, oxygen and nitrogen, which analyzed 
respectively 650 and 80 ppm. The purity of the ma- 
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Table I. Published Axial Thermal Expansion Coefficients 
in Pure Titanium 


Temperature 
Range, °C || oe Specimen Reference 
25 °-200° 11.0 8.8 powder Brocklehurst ° 
10.0 11.45 rod Medoff & Cadoff * 
25°-400° 10.0 11.60 rod ; 
10.2 11.03 rod Berry and Raynor * 
25°-700° 9.83 rod 
11.03 13.40 powder 
9.5 10.65 rod 
900°1070° 12 (B-Ti) 


terial is indicated by the low hardness (108 BHN, 
500 kg load) of test buttons melted from the powder. 
Powder specimens were sealed in double, evacuated 
Silica capillaries and mounted in a Unicam high tem- 
perature diffraction camera (19 cm diam). Cobalt K 
a@ radiation was used throughout in order to obtain 
convenient high-angle reflections. A filter (Fe,O, 
in plastic) was placed between the specimen and the 
film, thus serving both to filter out the 8 radiation, 
and to reduce the background intensity. The long 
exposure times required by the use of a double silica 
capillary (20 hr) required careful temperature con- 
trol, generally to + 2°C during any single run. The 
wave lengths used were CoK a, = 1.78890, and 
CoK a, = 1.78504A. The camera was calibrated 
using a platinum standard.® The values of the two 
parameters were obtained by a least squares solu- 
tion using sin? values for the reflections (2023), 
(2131), and (1124) at all temperatures, and also for 
the (2132) reflection at the highest temperatures in- 
vestigated. The errors are estimated not to exceed 
+ 0.0005A and+ 0.0007A for thea andc param- 
eters respectively, hence the axial ratio values ob- 
tained are also accurate to + 0.0007. The relative 
precision, as indicated by the reproducibility of the 
parameter values, was very appreciably higher. 
The results obtained are shown in Fig. 1. Several 
powder specimens were used, and measurements 
were taken at a) increasing, b) decreasing, and 
c) random temperatures on different specimens. 
Significant differences are observed between the 
varying heating sequences, though similarly heated 
specimens give highly reproducible results. The 
data shown are only those for which the lattice ex- 
pansion, as determined after the completion of the, 
high temperature exposures, did not exceed 0.001A 
and 0.003A ina andc parameters respectively, 
corresponding to an interstitial pick-up of the order 
of oxygen adsorbed on the surface of the powder, 
thus indicating no significant contamination by SiO.* 
The following features of the thermal expansion 
curve are evident: 
1) Measurements taken at decreasing tempera- 
tures are in fair agreement with the recent data 3-5 
(dashed lines), though somewhat higher curvature 
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Fig. 1—Thermal expansion of titanium between 25° and 

730°C. Dashed curves calculated from equations of ref. 3. 


was obtained in the c parameter expansion. Similar 
results were also obtained in check experiments 
with a wire specimen, and a random temperature se- 
quence. 

2) An appreciable scatter is observed in the tem- 
perature range of 400° to 500°C for all the powder 
specimens. 

3) Powders investigated at increasing tempera- 
tures show anomalously high expansion in the a 
parameter at temperatures below some 500°C with 
a maximum at about 430°C. This is not reproducible 
on cooling once the powder has been heated above 
500°C. 

The average axial expansivities observed for a 
number of temperature ranges are listed below, 
together with the values obtained* by the usual 


*Dilatometric measurements obtained courtesy J. S. Clark on annealed 
polycrystalline rod. 


dilatometric method. The divergence between the 
calculated mean expansivity and the experimentally 
observed values is very marked. That between the 
axial expansivities of a powder and a thin rod sam- 
ple is shown in Fig, 2. 

II) Titanium Oxygen Alloys. The effect of oxygen 
addition on the lattice parameters of a titanium was 
first determined at 25°C, and the results are shown 
in Fig. 3. All the alloys investigated were slowly 
(5°C per hr) furnace cooled from 600°C to at least 
250°C. As can be seen, the observed parameter 
variation is in good agreement with that reported 
by Hurlen® except at compositions above Ti,O, 
where Significantly lower a parameter values have 
been obtained in present work. This is probably due 
to the difference in heat treatment of the samples 
prior to parameter measurement, and it is believed 
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Fig. 2—Instantaneous axial expansion coefficients of titanium 
between 50° and 600°C. Comparison of bulk and powder 
specimens. 


that the present values are closer to equilibrium. 
The parameters of four of the alloys, throughout the 
“solubility” range, were then determined, on -325 
mesh powder specimens, at temperatures up to 

500° to 600°C, the relative axial expansion and alloy 
compositions being shown in Figs. 4 and 5. 


DISCUSSION 


The following thermal expansion anomalies appear 
to have been established in previous and present 
work: 

a) Basal expansion observed on powder specimens 
cannot be fitted to the usual quadratic equation. A 
slope discontinuity was found at 450° + 30°C. 

b) The discrepancy between the mean linear ex- 
pansivity, as measured on polycrystalline material, 
and the averaged axial expansion coefficients. 

c) The discrepancy between the a, values as ob- 
tained on powder and on solid specimens. 

d) The discontinuity of expansion slope along a 
axis in powder Ti, Ti + 11.85 pct O,, and Ti + 16.4 
pet O, alloys. 

e) The apparently inconsistent variation of a, 
and a, with increasing oxygen content. 

As regards (c) above, it is significant that the 
values obtained for a, are in fair agreement, thus 
indicating that the effect is a real one, and not caused 
by interstitial contamination, which affects predom- 
inantly the c parameter. 


Table II. Comparison of Axial Expansivities in Titanium Powder 
and Thin Rod, and Experimental Expansivity of Polycrystalline Rod 


Powder Rod a 

48 ture Dilato- 

125°C. 13.65 12.2 11.8 12.9 10.6 8,58 
be) 14.3 10.64 9.40 
225°=325°C 10.8 10.9 10.9 10.40 9.80 
325°-425°C 7.8 10.0 8.5 10.33 9.98 
425°-525°C 1.0 8.7 9.62 11.58 3.6 1027) 10811 
9.45 11.62 10.8 10.17 9.50 
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Fig. 83—Lattice parameter variation with oxygen content in 
titanium-oxygen solid solution alloys at 25°C. 


An expansion of the crystal lattice can be expected 
along the direction in which a Brillouin zone overlap 
takes place;!° similarly, due to the interaction be- 
tween the zone boundary and the Fermi surface, lat- 
tice expansion can be expected in directions where 
the latter is close to (but does not touch) the zone 
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Fig. 4—Relative thermal expansion of titanium-oxygen alloys 
containing 11.85 and 16.4 at. pct O. 
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Fig. 5—Relative thermal expansion of titanium-oxygen alloys 
containing 23.9 and 31 at. pct O. 


boundary.* Thus the observed trend of a, in the 
essentially unconstrained single crystal powder 
particles may be explained if we postulate an over- 
lap in the a direction either taking place, or disap- 
pearing at approximately 450°C. Zone approach, 
however, demands treatment of the valency electrons 
as free, which does not appear sufficiently justified. 
An alternative possibility may lie in a variation in 
electron bonding. It is reasonable to assume that 
with its largely empty d shell titanium may have a 
number of possible bonding electron configurations. 
The energy difference between some of these levels 
may well be small; and the temperature variation 
may cause the reversal of the relative stability of 
any two alternative bonding configurations. Thus, 
the a = £ transformation is presumably due to a 
rearrangement of bonding electrons, the high tem- 
perature structure possessing more isotropic 
character. It is known, however, that changes in the 
bond character can occur without an accompanying 
gross structural transformation. Thus, it has been 
suggested that in spin orientation ordering,’ the 
transition ferro-~ antiferromagnetic, being of first 
order, is accompanied by a discontinuous lattice 
spacing change. Spin orientation variations involved 
in transitions ferro-para and antiferro-paramagnetic 
are second order, and these are therefore accom- 
panied by a change in slope of the lattice spacing- 
temperature curve. These were investigated on, 
amongst others, the intermetallic compounds MnAs, 
MnSb*? , and CrSb,13,+4 all of which show slope dis- 
continuities consistent with a second order change. 
Similarly, the antiferromagnetic-paramagnetic tran- 
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sition in Cr*® is accompanied only by relatively 
minor Singularities in thermal expansion, resistivity 
and internal friction. 

It is, therefore, suggested that the expansion 
anomalies (a, c, d above) observed in the basal plane 
expansion may be due to a rearrangement of bonding 
electrons and/or their spins. If the spin orientation 
changes, the effect may be also observable in mag- 
netic susceptibility/ temperature plot. Work on mag- 
netic susceptibility of single crystal titanium, now in 
progress, may thus clarify the nature of the change. 

An alternative explanation may involve ordering of 
the interstitial atoms. The expansion curves of the 
alloys (Figs. 4 and 5) show, in fact, slope disconti- 
nuities, which may be attributed to order-disorder 
changes. Thus, the 16.4 at. pct alloy, Fig. 4, shows 
a discontinuity at 420°C, in good agreement with 
order-disorder transformation temperature proposed 
by Wasilewski’ but not observed by Hurlen et 
The slope variation in 31 pct alloy, Fig. 5, is far 
less marked at 530°C, where both the above inves- 
tigators suggest an O-D change. 

The total interstitial content of the “pure” titanium 
used in this work is equivalent to 0.2 pct (atomic), and 
is thus well belowthe minimumalloy content at which 
ordering has been observed. Therefore, it is be- 
lieved that ordering-if any-of the interstitial atoms 
is more likely to accompany, rather than cause, the 
observed anomaly. 

The apparently low values of linear expansivity 
observed in polycrystalline metal and the discrep- 
ancy between the averaged axial expansion coeffi- 
cients and the linear expansivity (b) cannot be ex- 
plained solely on the basis of nonrandom orientation, 
since at most temperatures investigated the experi- 
mental value of @ is less than the smaller axial ex- 
pansion coefficient. Therefore, the effect of the 
neighboring grains goes beyond the purely mechani- 
cal constraint and the strain energy accompanying 
anisotropic expansion. This is further indicated by 
the scatter in the a, values obtained on powder 
heated above 500°C prior to measurements at lower 
temperatures. This heat treatment is known to 
cause only negligible densification in the loosely 
packed powder, and thus only slight mechanical con- 
straint by neighboring particles. It appears that the 
formation of metal to metal contacts between parti- 
cles of different orientations Significantly affects 
the expansion characteristics of the lattice. 

It may be noted* that structural phase transitions 


*Thanks are due to the referee for this comment. 


have been reported in thin, metallic films,16.!7 the 
appearance of structures other than those observed 
in bulk material being ascribed to the removal of 
bulk constraints. In view of the relatively gross size 
of the individual particles (~ 30), it is doubtful 
whether thin film concepts can be directly applicable. 
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The Notch Sensitivity of Ti-5A1-2.5Sn, Ti-6A1-4V, 
and Ti-2Fe-2Cr- 2Mo Titanium Alloys 


H. R. Ogden, R. W. Douglass, F. C. Holden, and R. |. Jaffee 


The notch sensitivity of titanium alloys is affected 
by impurity content, microstructure, and heat treat- 
ment, Using notch tensile properties to evaluate 
notch sensitivity, three commercial titanium-base 
alloys were investigated over the temperature range 
of —320° to 390°F. The alloys studied were Ti-5Al- 
2.5Sn, Ti-6Al-4V, and Ti-2Fe-2Cr-2Mo. Six inter- 
stitial levels weve studied for each alloy in four mi- 
crostructural conditions. The a-f alloys were stud- 
ied in both the annealed and heat-treated condition. 
All tests were conducted using 1/4-in. diam round 
tensile samples. The notched samples had a 50 pct 
notch with a notch sharpness (a/r) of 53, corres- 
ponding to K, 6.3. Notch sensitivity was increased 
by increased interstitial content, low temperature, 
and acicular-type microstructures. The heat- 
treated, high-interstitial content a- 6 alloys were 
more notch sensitive than the same alloys in the 
annealed condition. In addition, minima in the notch 
tensile-tempervature curves were observed at tem- 
peratures near 32°F, These minima became more 
pronounced with increasing interstitial content. 


Tue increased use of titanium alloys inhigh strength 
applications at subzero temperatures requires thata 
better under standing of the low-temperature behavior 
of the alloys be obtained. At low temperatures, metals 
generally exhibit increased strength with lowered duc- 
tility and toughness. Notch sensitivity and the factors 


which influence it become more important as the strength 


level is increased and the temperature is decreased. 
Some of the factor s which affect notch sensitivity in ti- 
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tanium alloys are composition, inter stitial content, mi- 
crostructure, and heat-treatment condition. In this pa- 
per, the results of a study of these variables on the 
notch sensitivity of three titanium alloys at temper- 
atures from —320° to 390°F are reported. 

The notch geometry selected for this program was 
chosen to provide a severe test of notch sensitivity. 
The ability of the metal to flow without initiating 
fracture under these severe conditions is reflected 
in the notch-strength values, Since notch strength is, 
in part, determined by the constraint exerted by the 
combined tensile stresses, the behavior of notch 
specimens reflects the properties of the material 
under combined stresses, For example, a material 
with a high notch-unnotch strength ratio may be ex- 
pected to withstand the biaxial stresses encountered 
in a pressure vessel better than a material with a 
low ratio of notch-unnotch strengths. This implies 
that maximum strength alone isnota sufficient crite- 
rion for applications of this type. It further may be 
concluded that the various conditions that promote poor 
notch behavior also will affect adversely the per- 
formance of materials under combined stresses. In 
the alloys studied, these included low temperatures, 
high interstitial levels, and transformed microstruc- 
tures. 


EXPERIMENTAL PROCEDURES 


Three alloys, Ti-5Al-2.5Sn, Ti-6Al-4V, and 
Ti-2 Fe-2Cr-2Mo, were purchased from commercial 
producers as 2-in.-diam rod stock, Oxygen and ni- 
trogen were added to these alloys by remelting to 
obtain a variety of interstitial contents as shown in 
Table I. In order to compensate for the much more 
potent strengthening effect of nitrogen compared 
with oxygen, an oxygen equivalent content is used to 
describe the total oxygen plus nitrogen contents 
studied. It has been suggested previously’ that nitro- 
gen is approximately twice as effective in strength- 
ening as oxygen, and carbon, to the extent it is in so- 
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Table |. Compositions of Titanium Alloys Used in this Investigation 
Alloy Analyzed Composition, pct 
No. Composition* Oxygen Nitrogen Hydrogen Oxygen Equivalent** 


Base 


11 SAI-2.5Sn 0.138 0.010 0.0020 0.158 
14 SAI-2.5Sn 0.134 0.038 0.0100 0.210 
12 SAI-2.5Sn 0.250 0.013 0.0067 0.276 
16 SAI-2.5Sn 0.254 0.033 0.0059 0.320 
13 SAI-2.5Sn 0.300 0.013 0.0080 0.326 
15 SAI-2.5Sn 0.370 0.037 0.0059 0.444 
Pa 6Al-4V 0.120 0.010 0.0173 0.140 
24 6Al-4V 0.144 0.031 0.0035 0.206 
22 6Al1-4V 0.260 0.013 0.0040 0. 286 
25 6Al-4V 0.290 0.027 0.0050 0.344 
26 6Al1-4V 0.300 0.030 0.0068 0.360 
23 6Al-4V 0.350 0.013 0.0060 0.376 
31 2Fe-2Cr-2Mo 0.253 0.015 0.0058 0. 283 
34 2Fe-2Cr2Mo 0.255 0.033 0.0039 0.321 
32 2Fe-2Cr-2Mo 0.365 0.016 0.0028 0.397 
35 2Fe-2Cr-2Mo 0.370 0.034 0.0057 0.438 
33. 2Fe-2Cr-2™Mo 0.405 0.016 0.0059 0.437 
36 2Fe-2Cr-2Mo 0.374 0.0026 0.446 


* Analyzed composition of bases: 
Ti-5Al-2.5Sn: 5.15 pet Al-2.34 pct Sn (0.055 pct C). 
Ti-6A1-4V: 6.29 pet Al-3.90 pct V (0.014 pct C). 
Ti-2Fe-2Cr-2Mo: 2.13 pet Fe-1.95 pct Cr-1.98 pct Mo (0.033 Co): 


** Oxygen equivalent = pct O+ 2x pet N. 


lution, has approximately the same strengthening ef- 
fect. However, since the carbon was not varied, and 
the amount in solution was indeterminate, it was not 
included in the oxygen equivalent in the present 
work, Although this approximation may not be pre- 
cise, it does provide a means for comparing the ef- 
fects of combinations of oxygen and nitrogen on 
properties of titanium alloys. 

The arc-melted ingots, approximately 10 lb. each, 
were fabricated by forging to 3/4-in.sq bars, rolling 
these bars to 5/8-in.-diam round, and finally swag- 
ing to 1/2-in.-diam rods. Specimens cut from these 


rods were heat treated according to the schedule 
given in Table II to obtain the microstructural con- 
ditions indicated. Fabrication temperatures for the 
alloys are also given in this table. These heat treat- 
ments were designed to provide a comparison of 
equiaxed annealed structures with acicular annealed 
structure and heat-treated equiaxed structures with 
heat-treated acicular structures. 

Standard 1-in.-gage length, 0.25-in.-diam round 
specimens were used for the unnotched tensile tests. 
The notched specimens had a 60-deg, 50 pct notch 
with a root radius of 0.002 in. resulting in a high 
notch sharpness (a/r = 53) corresponding to a stress 
concentration factor (K;) of 6.3. The unnotched 
specimens were tested at a uniform crosshead speed 
of 0.01 in. per min while the notched specimens 
were tested at a crosshead speed of 0.005 in. per 
min. Maximum and fracture loads were recorded 
for all specimens. A failure at maximum load is 
indicative of low ductility and may be used as a cri- 
terion of notch sensitivity. 


RESULTS 


The Base Materials. Fig. 1 shows the effects of 
temperature on the notch and unnotch tensile 
strengths of the three alloys in the equiaxed annealed 
condition. Both the Ti-5A1-2.5Sn and the Ti-6Al1-4V 
alloys show no notch sensitivity at temperatures 
down to —320°F. However, the Ti-2 Fe-2Cr-2Mo 
alloy shows a definite loss in strength in the notched 
condition at —320°F. Also, there is a tendency 
toward a minimum in the notch tensile strength of 
Ti-6Al-4V at about 30°F. Ductility (as measured by 
reduction in area of unnotched samples) of Ti-5Al1- 
2.5Sn decreases slightly with decreasing temper- 
ature while the ductilities of Ti-6Al-4V and 
Ti-2 Fe-2Cr-2Mo drop much more rapidly, particu- 
larly at low temperatures. 

When titanium alloys are heated into the £ field 
prior to annealing, the a phase formed has an acic- 


Table I]. Fabrication Temperatures and Heat Treatments used in this Study 


Treatment Ti-5A1-2,5Sn Ti-6A1-4V Ti-2Fe-2Cr-2Mo 
Forging temperature, °F 2010 1740 1600 
Rolling temperature, °F 1700 1540 1400 
Swaging temperature, °F 1600 1540 1400 


Equiaxed annealed* 


Acicular annealed** 


Equiaxed, heat treated 


Acicular, heat treated 


50 hr at 1470°F, furnace cooled. 


1/2 hr at 2100°F, furnace cooled. 


2 hr at 1290°F, air cooled. 


1 hr at 1900°F, furnace cooled to 
1290°F, held 2 hr, and air cooled. 


1 hr at 1740°F, water quenched, 
aged 24 hr at 1000°F, air cooled. 


1 hr at 1900°F, furnace cooled to 
1740°F, held 1 hr, water quenched, 
and aged 24 hr at 1000°F. 


24 hr at 1200°F, air cooled. 


1 hr at 1650°F, furnace cooled to 
1200°F, held 24 hr, and air cooled. 


1 hr at 1470°F, water quenched, 
aged 24 hr at 900°F, air cooled. 


1 hr at 1650°F, furnace cooled to 
1470°F, held 1 hr, water quenched, 
and aged 24 hr at 900°F. 


*Annealed to have an equiaxed o or o-f microstructure. 
**Annealed to have an acicular (transformed 8) « phase in the microstructure. 
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Ti-5al-25Sn — Ti-6AI-4V ] Ti-2Fe-2Cr—2Mo | 
Annealed 50 hr at 1470 F Annealed 2 hr ot I290F___| Annealed 24 hr ot 1200 F. 
and furnace cooled and air cooled and air cooled 


Tensile Strength, 1000 psi 
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| 
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Fig. 1—Effect of temperature on the notch and unnotch ten- 
sile strength of three titanium alloys in the equiaxed an- 
nealed condition. 


ular shape. The effects of temperature on the notch 
and unnotch tensile strengths of the three alloys in 
this condition are shown in Fig. 2. Unnotch strengths 
are very Similar to those for the equiaxed annealed 
condition with tensile ducilities being lower as 
would be expected with the acicular structure. In 
the notch tests, the Ti-5Al1-2.5Sn alloy shows no 
notch sensitivity, the minimum in the Ti-6A1-4V 
notch strength curve is more pronounced, and the 
notch strength of Ti-2Fe-2Cr-2Mo at —320°F is 
considerably lower in the acicular condition. 
Effects of Heat Treatment. The effects of heat 
treatment on the unnotch and notch tensile strengths 
of the two a-8 alloys for both the equiaxed and acic- 
ular microstructural condition are shown in Fig 3. 
As for the annealed condition, the unnotch tensile 
strength of Ti-6Al1-4V is about the same for the 
equiaxed and acicular conditions. However, the heat- 
treated acicular condition for Ti-2 Fe-2Cr-2Mo has 
somewhat higher strength than the equiaxed condition. 
The decrease in tensile strength of the acicular 
Ti-2 Fe-2Cr-2Mo below —100°F is indicative of 


T T 
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Fig. 3—Effect of temperature on the unnotch and notch ten- 


sile strength of heat-treated Ti-6Al-4V and Ti-2Fe-2Cr- 
2Mo. 
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Fig. 2—Effect of temperature on the unnotch and notch ten- 
sile strengths of three titanium alloys in the acicular an- 
nealed condition. 


brittle behavior. Ductility is very low for both al- 
loys in the acicular condition with the Ti-2 Fe-2Cr- 
2Mo alloy having nil ductility below —100°F. 

Notch strength of heat-treated Ti-6Al-4V shows 
a drop to a minimum at about —100°F in both the 
equiaxed and acicular conditions with some recov- 
ery at lower temperatures. In the acicular condi- 
tion, the notch strength is lower than the unnotch 
strength at temperatures below about —60°F. A 
similar, but much more pronounced behavior is 
noted for the Ti-2 Fe-2Cr-2Mo alloy. In the acic- 
ular condition, the minimum occurs at about 30°F, 
while the notch-unnotch ratio is unity at about 
140° F. 

It is apparent that Ti-6Al-4V and Ti-2Fe-2Cr- 
2Mo are more notch sensitive in the acicular condi- 
tion than in the equiaxed condition. Also, heat treat- 
ing to a higher strength level increases notch sensi- 
tivity. Ti-2Fe-2Cr-2Mo is more notch sensitive 
than Ti-6Al1-4V. 

The minima which occur in the notch strength- 
temperature curves are very Similar to the ductil- 
ity minima which occur in slow-strain rate tests on 
high-hydrogen content a-f titanium alloys. 
Schwartzberg, Williams, and Jaffee? show that, in 
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Fig. 4—Effect of interstitial content on the unnotch and notch 
tensile strength of heat-treated Ti-5A1-2.5Sn in the @ an- 
nealed condition. 
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Fig. 5—Effect of temperature on the tensile strength of an- 
nealed (equiaxed a) Ti-5Al-2.5Sn at various interstitial 
levels. 


the temperature range --100° to +100°F, the Ti-2Fe- 
2Cr-2Mo alloy containing 375 ppm hydrogen has 
very low ductility, but at lower or higher tempera- 
tures the alloy is very ductile. Removing the hydro- 
gen or increasing the strain rate restored ductility 
in the alloy. This similarity suggested that hydro- 
gen may be affecting notch sensitivity in this tem- 
perature range. Therefore, several samples were 
vacuum annealed, reducing the hydrogen content 
from 58 to 20 ppm. The results of notch tests on 
these specimens, included in Fig. 3, show an in- 
crease in notch strength in the vicinity of the mini- 
mum, but the dip in the curve still remains. On the 
basis of these limited data, it is not possible to con- 
clude that this is solely an effect of hydrogen, al- 
though hydrogen seems to be involved. As will be 
shown later, increasing the oxygen and nitrogen con- 
tents of the alloys also cause pronounced minima in 
the notch-tensile-strength curves in this tempera- 
ture range. 

Effects of Interstitial Content. The effects of in- 
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Fig. 7—Effect of temperature on the notch and unnotch ten- 
sile strength of Ti-6Al-4V, annealed and heat treated (equi- 
axed structure) at two interstitial levels. 
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Fig. 6—Effect of temperature on the tensile strength of B an- 
nealed (acicular) Ti-5Al1-2.5Sn at various interstitial levels. 


creasing interstitial content on the notch properties 
of a-annealed Ti-5Al-2.5Sn are shown in Fig. 4. 
Unnotch tensile strength is increased slightly as the 
interstitial content is increased from an oxygen 
equivalent* of 0.16 to 0.45 pct. Ductility remains 


* 
Oxygen equivalent is oxygen content plus 2x nitrogen content. See 
Table I for specific analyses. 


high at all testing temperatures except -320°F 
where ductility decreases with increasing intersti- 
tial content. In the notch condition, embrittlement, 
as evidenced by a drop in notch strength, appears to 
occur at the same interstitial level (>0.33 pct) over 
the temperature range 80° to —100°F. At —320°F 
embrittlement occurs above an oxygen equivalent of 
0.21 pct. Only at 390°F does the notch strength in- 
crease with increasing interstitial content up to 
0.45 pet O equivalent. More complete data showing 
the effect of temperature on the unnotch and notch 
strengths of a-annealed Ti-5Al-2.5Sn are given in 
Fig. 5. The minima in the notch-strength curves 
that were observed previously for the a-f alloys 
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Fig. 8—Effect of temperature on the notch and unnotch ten- 
sile strength of Ti-6Al-4V, annealed and heat treated (aci- 
cular structure) at two interstitial levels. 
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Fig. 9—Effect of temperature on the notch and unnotch ten- 
sile strength of Ti-2Fe-2Cr-2Mo, annealed and heat treated 
(equiaxed structure) at two interstitial levels. 


also occur in this alloy, becoming more pronounced 
with increasing interstitial content. At —320°F, 
notch embrittlement occurs at interstitial contents 
above 0.21 pct O equivalent. The data for B-annealed 
(acicular structure) Ti-5Al-2.5Sn are shown in Fig. 
6. Unnotch strength is about the same as the equi- 
axed annealed condition with ductility being signifi- 
cantly lower. In notch tests, the minima are more 
pronounced and the low-temperature embrittlement 
is more severe for the acicular structure. Exami- 
nation of the minima in the notch-strength curves of 
Figs. 5 and6 illustrates one shortcoming in the use 
of the oxygen equivalent concept. Two different 
combinations of interstitials give an oxygen equiva- 
lent of about 0.32 pct, yet the combination with the 
higher nitrogen level shows a more pronounced 
strength minimum. 

Similar plots for the Ti-6Al-4V and Ti-2Fe-2Cr- 
2Mo alloys are shown in Figs. 7 through 10. In these 
plots, only the lowest and highest interstitial con- 
tent alloys are shown so that both the annealed and 
heat-treated conditions could be included. In the 
equiaxed conditions, the unnotch strength of Ti-6Al1- 
4V, Fig. 7, is increased by increasing interstitial 
content and heat treatment. Ductility is decreased 
at low temperatures by increasing interstitial con- 
tent. A sharp drop in ductility of the high intersti- 
tial content material occurs in both the annealed and 
heat-treated conditions below room temperature in- 
dicative of a transition behavior. In the notch condi- 
tion, the minima become more pronounced and notch 
strength is less with increasing interstitial content. 
In the acicular condition, Fig. 8, the unnotch ductil- 
ity is lower and the notch sensitivity is greater than 
in the equiaxed condition. In both conditions, the 
heat-treated sampks are more sensitive to notches 
than the annealed samples. 

The effects of interstitial content, heat treatment, 
and microstructure are much more pronounced on 
the properties of Ti-2Fe-2Cr-2Mo than on Ti-6Al- 
4V or Ti-5Al-2.5Sn. Even unnotch, heat-treated, 
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Fig. 10—Effect of temperature on the notch and unnotch ten- 
sile strength of Ti-2Fe-2Cr-2Mo, annealed and heat treated 
(acicular structure) at two interstitial levels. 


high-interstitial content Ti-2 Fe-2Cr-2Mo becomes 
brittle at cryogenic temperatures. In the notch tests, 
severe embrittlement is encountered in the heat- 
treated condition at 0.45 pct O equivalent at all tem- 
peratures below room temperature. Changing the 
microstructure from equiaxed to acicular results in 
more severe embrittlement, both for notched and un- 
notched specimens. 


DISCUSSION 


Notch sensitivity of the titanium alloys investi- 
gated is influenced by testing temperature, micro- 
structural condition, heat-treatment condition, alloy 
composition, and interstitial content. 

Using the criterion that a notch-unnotch ratio of 
unity is evidence of a transition from notch insensi- 
tivity to notch sensitivity, the graphs of Fig. 11 il- 
lustrate the effects of interstitial content, micro- 
structure, heat treatment, and alloy composition on = 
this transition temperature. These data show that 
the equiaxed annealed condition for all three alloys 
can tolerate a higher interstitial content than the 
other conditions, and that the following factors in- 
crease notch sensitivity: 

1) Increasing interstitial content. 

2) Changing microstructure from equiaxed to 
acicular. 

3) Increasing strength level by heat treatment for 
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Fig. 11—Effect of interstitial content on the transition 
temperature of three titanium alloys. (Transition tempera- 
ture defined as temperature where notch/unnotch ratio is 
unity.) 
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the high-interstitial content, a-£ alloys. 

Thus, it is apparent that the most notch sensitive 
condition is the heat-treated, acicular condition with 
a high interstitial content. 
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A Study of Fibrous Tungsten 


John F. Peck and David A. Thomas 


Fibrous microstructures and their development 
have been studied by metallography and by hardness 
and quantitative metallographic measurements. 
Thin, curved grains were observed in transverse 
sections of commercial tungsten wire and were de- 
veloped in laboratory-drawn iron wire at reductions 
greater than about 70 pet. The unusual grain shapes 
are attributed to the nonuniform mode of deforma- 
tion of the grains associated with the characteristic 
[110] preferred orientation that develops in bcc met- 
als during drawing. Transverse sections of heavily 
swaged iron wire showed a ‘‘spiral nebula’’ struc- 
ture that appears to result from the elliptical shape 
of the cross section of the swaging dies and their 
rotary motion. Hardness and quantitative metallo- 
graphic results show unusual trends that parallel 
the changes in microstructure. Other phenomena 
are considered in light of the results, including the 
strength of fine wires of bcc metals, ‘‘cylindyvical’’ 
textures, and the ductility of fibrous tungsten. 


‘Tue microstructure of tungsten wire in a longi- 
tudinal section shows grains highly elongated in the 
working direction, giving the appearance of a bundle 
of parallel fibers, Fig. 1(a). Wires of tungsten and 
other bcc metals show a pronounced preferred ori- 
entation in which a [110] direction is parallel to the 
wire axis.1_ The microstructure and texture of tung - 
sten develop during warm working (working above 
room temperature but below the recrystallization 
temperature) into wire by swaging and drawing. 
Fibrous tungsten so produced has limited but useful 
room-temperature ductility, whereas annealed 
tungsten is brittle at room temperature. 

During an investigation of the effect of recovery 
annealing on the substructure of commerical 0.030 
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and Iron 


in, diam tungsten wire, it was found that transverse 
sections of the as-received material showed thin, 
curved grains, Fig. 1(b), instead of the expected 
equiaxed grains. The fact that Figs. 1(a) and (d) 
show different sections of the same material at the 
same magnification is at first disconcerting, because 
the long dimension of the curved grains in the trans- 
verse section is several times the average fiber 
width in the longitudinal section. However, a longi- 
tudinal section cuts most of the curved grains across 
their narrow dimension, giving the appearance of a 
multitude of narrow fibers. On the other hand, the 
plane of a longitudinal section occasionally includes 
a long dimension of a curved grain, resulting in a 
broad “fiber”, such as A in Fig. 1(a). 


EXPERIMENTS AND RESULTS 


To investigate the origin of fibrous microstruc- 
tures and particularly the unusual transverse-sec- 
tion structure of tungsten, rods of iron (also bcc) 
were drawn and swaged in the laboratory. One rod 
of annealed Ferrovac E was drawn in six steps to a 
total reduction in area of 87 pct (0.10 to 0.036 in. 
diam), and a second rod was swaged to the same re- 
duction, using approximately the same reduction 
steps. 

Longitudinal and transverse sections of the swaged 
and drawn iron wires are shown in Fig. 2, for re- 
ductions in area of 39, 73, and 87 pct. A fibrous 
microstructure in longitudinal section is first evi- 
dent at 73 pct reduction, and it is further developed 
at 87 pct reduction. The grains in transverse section 
remain equiaxed until about 73 pct reduction, when 
they become somewhat elongated and curved. At 
87 pct reduction, the drawn wire shows thin, curved 
grains in the transverse section, similar to those 
observed in tungsten. 

The transverse sections of the iron wires swaged 
83 and 87 pct reduction in area show the striking 
“spiral nebula” structure in Fig. 2(d). This struc- 
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ture was also observed in copper? and in an Fe-Ni 
alloy,® both of which are fcc. A greater amount of 
deformation occurs at the center than at the edge 
of the wires. 

Deformation bands become prominent at large 
reductions in longitudinal sections. Fig. 3 shows 
both defor mation band boundaries and grain bound- 
aries in a longitudinal section of drawn iron wire, 
at 60 pct reduction in area. The sharp boundaries 
are grain boundaries, and the others are deforma- 
tion band boundaries, Deformation bands were 
evident metallographically at reductions of 60 pct or 
more, and their boundaries became sharper and 
more distinct with increasing reduction. At reduc- 
tions of 83 pct or more, the boundaries were suf- 
ficiently sharp and parallel to the boundaries of the 
fibered grains that they were often difficult to dis- 
tinguish from grain boundaries. 

Quantitative metallographic measurements were 
made by counting the number of grain boundary 
intercepts per unit length (N/ L) on traverses normal 
to the wire axis across longitudinal sections. The 
results are compared in Fig. 4 with the “ideal” curve 
expected if the grains undergo the same change in 
shape as the macroscopic change in shape of the 
wire. In the ideal case, 


N/L = (N/L), (D,/D) = (N/L)p (A,/A}? 


where (N/ L), is the number of intercepts per unit 
length in the annealed wire of diameter D), D is the 
diameter after reduction, and A, and A are the initial 
and reduced crossectional areas, respectively. Above 
about 73 pct reduction in area, both the drawn and 
swaged wires have much larger values of N/L than 
expected. The deviation results from the inclusion 

of deformation-band boundaries in the grain count 
and from the nonequiaxed transverse shape of the 
grains at large reductions, 

Hardness vs percent reduction in area in the drawn 
and swaged iron wires is given in Fig. 5, and itis 
clear that the drawn material is appreciably harder 
than the swaged material. The hardness values are 
the average of microhardness traverses across 
longitudinal or transverse sections. The hardness 
was generally not uniform across a section, usually 
being higher in the interior than near the surface. 
The spiral nebula structure at 87 pct reduction 
exhibited the greatest extremes in hardness, ranging 
from about 125 near the surface to almost 180 in 
the middle. 

Both the swaged and drawn wires in Fig. 5 show 
an unusual increasing rate of hardening above a re- 
duction in area of about 70 pct, an effect that is also 
evident when the reduction is plotted on a true strain 
basis. The hardness of cold-worked metals usually 
increases at a decreasing rate for all reductions, 
as illustrated for drawn wires of a fcc Au-Ag alloy * 
in Fig. 6. However, data similar to those in Fig. 5 
exist for other bcc metals, such as low-carbon 
steels® and swaged tantalum,® the latter being in- 
cluded in Fig. 6. 
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Fig. 1—Microstructure of 0.030 in. tungsten wire. (a) lon- 
gitudinal section, (0) transverse section. Etched in HF, 
HNO3;, HCl (1:1:1). X2000. Enlarged approximately 2 
pet for reproduction. 


DISCUSSION 


The thin, curved grains in transverse sections of 
tungsten wire, Fig. 1(b), and heavily drawn iron 
wire, Fig. 2(d), are attributed to the nonuniform 
mode of deformation of the grains, associated with 
the strong [110] texture developed in wires of 
bcc metals.* The [110] fiber texture becomes 


“The authors thank Prof. W. F. Hosford for this important suggestion. 


sharper with increasing reduction, until eventu- 
ally the ideally oriented grain has its <111> slip 
directions disposed about the wire axis as in Fig. 
7. Slip directions A and B lie in the (110) plane, 
which is perpendicular to the wire axis, and thus 
cannot contribute to extension of the grain along the 
wire axis as further drawing is carried out. Slip 
directions C and D lie in the (110) plane, which is 
parallel to the wire axis, and are 35 deg 16 min 
from the wire axis. These slip directions alone can 
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(a) 
NEAR 


f 


(2) as annealed 


Fig. 2—Microstructures of drawn and swaged iron wire. 
Etched in nital. X150. Reduced approximately 3 pct for 
reproduction. 


contribute to extension of the grain along [110]. 
Slip in directions C and D results in extension of the 
grain and in lateral contraction in the (110) plane 
only, just as in the plastic extension of a [ 110] 
oriented, bcc single crystal. The grain thus thins 
in the [001] direction and tends to become elliptical 
in cross section, It is apparent that, in a polycrystal- 
line aggregate with a strong [110] texture, the 
grains can not maintain continuity with their neigh- 
bors if they undergo thinning in [001] alone, be- 
cause the grains tend to be random in orientation 
about their common [110] axis, and the major axes 
of the ellipses are therefore not parallel. Intergran- 
ular stresses undoubtedly force activity on slip di- 
rections A and B and enable the thinned grains to 
curve and conform to their neighbors. The thinned 
grains do not always succeed in conforming to each 
other, as shown by the localized intergranular 
cracks in the wire reduced 87 pct by drawing, 
Fig. 2(d). 

Since the grains in a transverse section at 39 pct 
reduction, Fig. 2(b), are equiaxed, it seems probable 


Longitudinal sections 


Transverse sections 


Fig. 2 (6)—39 pct reduction in area 


1242—VOLUME 221, DECEMBER 1961 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


aN 
| 
/ \ 
. 
\ 
\ 
Drawn Swaged 


Longitudinal sections 


Transverse sections 


( 


BSS 
Fig. 2 (c)—73 pct reduction in area 


Longitudinal sections 
Fig. 2 (d)—87 pet reduction in area 


NS OF 
SOCIETY OF AIME VOLUME 221, DECEMBER 1961-1243 


Drawn 
Swaged 


Transverse sections 


Fig. 2 (d) (cont’d) 


that the [110] texture is insufficiently developed at 
that reduction to lead to the above effect. At 73 pet 
reduction, thinning of the grains was noticeable, in- 
dicating sufficient texture development. The theory 
described above suggests that the long dimension of 
the thinned grains in transverse section would not 
change appreciably after thinning begins. Thus the 
long dimension should be approximately equal to the 
grain diameter d just as thinning begins, say at 
about 60 pct reduction, when d =d, (A/A,)3/? = 

0.63 d,. Figs. 2(c) and 2(d) show that the long di- 
mension of the grains remains about the same for 
73 and 87 pct reduction and that it is somewhat less 
than the average grain diameter in the annealed ma- 
terial, Fig. 2(a), as expected. The theory further 
suggests that the grains in fcc metals would remain 
equiaxed, because the duplex [100] and [111i] wire 
textures that occur? have four-fold or three-fold 
symmetry of active <110> slip directions about the 


Fig. 3—Grain boundaries and a deformation band in iron 
wire, drawn to a 60 pct reduction in area. Etched in nital. 
X1000. Enlarged approximately 24 pct for reproduction. 
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wire axis, and the grains could thus undergo the 
same change in shape as the overall shape change of 
the wire. Fig. 8 shows that the grains remain equi- 
axed in copper wire drawn to an 84 pct reduction in 
area, as expected. 

The unexpected increased rate of hardening above 
about 70 pct reduction, Fig. 5, may be rationalized 
on the basis of the intersection of active slip sys- 
tems. Slip directions A and B, Fig. 7, are forced to 
operate as the thinned grains curve to maintain 
continuity with their neighbors. Slip in the principal 
directions C and D then becomes more difficult be- 
cause of the additional intersecting slip, and in- 
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Fig. 4—Average number of grain boundary intercepts per 
mm (N/L) vs reduction in area for drawn and Swaged iron 
rod. Also calculated ‘‘ideal’’ values of N/L. 
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Fig. 5—Average Vickers hardness vs reduction in area for 


drawn and swaged iron wire. 


creased work hardening occurs. In terms of disloca- 
tions, motion of dislocations is made more difficult 
because of the increased dislocation interactions as 


dislocations move to produce Slip in directions A 


and B as well as in C and D. In the fcc case (Au-Ag 


alloy in Fig. 6), the usual levelling off of hardness 
occurs at high reductions in area, consistent with 


the slip direction symmetry and the maintenance of 


equiaxed grains. The increased hardening rate at 
high reductions is probably general for bcc metals, 
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Fig. 7—Relation of {110} planes and <111> directions 
A, B, C, and D to the wire axis in a perfect <110> wire 
texture. 
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Fig. 6—Hardness vs reduction in area for swaged electron 


beam melted and arc melted tantalum,® and a drawn Au-Ag 
alloy.‘ 


as suggested by its occurrence in tantalum® and 
steel.° It seems likely that the exceptionally high 
strengths of fine tungsten wire and music wire (the 
latter being drawn from a fine pearlite struc- 
ture) result, at least in part, from the increased 
rate of hardening at high reductions. On the other 
hand, an increased rate of hardening would not be 
expected for heavily rolled sheet, because the 
(100) [011] rolling texture of bcc metals orients 
the grains such that slip directions of the types C 
and D, Fig. 7, produce the same elongation and 
thinning of the grains as is produced by the overall 
shape change in rolling. 

Leber” has demonstrated that a “cylindrical” 
texture exists in bcc wires at intermediate stages 


Fig. 8—Transverse section of copper wire, drawn to an 
84 pct reduction in area. Etched in ammonium hydroxide- 
hydrogen peroxide. X500. Enlarged approximately 4 pct 
for reproduction. 
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Fig. 9—(a) Cross section of Swaging dies when the dies 
are completely closed. The elliptical shape of the die 
cavity is exaggerated. (b) Cross section of Swaging dies 
at the start of the stroke following that depicted in (a). 


of reduction. In the cylindrical texture, {100} planes 
of the grains tend to be parallel to the wire surface, 
so that complete randomness about the [110] wire 
axis does not exist. Further reduction leads gradu- 
ally to almost complete randomness about [110] Or, 
in other words, to the conventional fiber texture. 
The present work suggests that the transition to 
randomness about [110] may be related to the 
microstructure development in transverse section. 
In particular, the curving of thinned grains above 
about 60 pct reduction in drawing of iron wire must 
increase randomness about [110] and could be the 
principal factor in achieving a true fiber texture. 
The unusual spiral nebula structure of Fig. 2(d) 
could be due to the elliptically shaped cross section 
of the swaging dies, Each time the dies close, the 
metal will be deformed to an approximately ellipti- 
cal cross section as shown in Fig. 9(a). The next 
stroke of the dies will occur after the dies rotate 
about 60 deg relative to the swaged rod, if the rod 
is not allowed to rotate. The dies will first strike 
the metal at points that are not directly opposite 
each other, shown in Fig. 9(b), The resulting force 
couple, along with the rotary motion of the dies, 
tends to produce tangential flow, leading to a spiral 
structure. Flow is more pronounced in the center 
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because of the constraint offered by friction at the 
die-rod interface, just as in compression between 
plates. This is consistent with the highly deformed 
grains in the center of Fig. 2(d) and with the higher 
hardness observed at the center of the swaged rod. 

The ductile-to-brittle transition temperature of 
polycrystalline tungsten is reduced as a fibrous 
microstructure develops during working.® At the 
same time, the brittle fracture mode passes from 
intergranular in annealed tungsten to at least par- 
tially transgranular (across the fibers) in fibrous 
tungsten, since there is very little grain boundary 
area normal to the wire axis. The pointed grain 
ends and the consequent lack of grain boundary area 
normal to the wire axis are evident in drawn iron 
wire at 60 pct reduction in area, Fig. 3. Thus 
tungsten wires fracture in a mode somewhat anal- 
ogous to that of tungsten single crystals, as modified 
by the presence of grain boundaries, cold work, and 
so forth, and the transition temperature is lower 
than that of annealed polycrystalline tungsten. 
Smithells® has cited the case of a tungsten bicrystal 
wire, with the boundary parallel to the wire axis. 
The wire was ductile at room temperature, showing 
that a grain boundary parallel to the wire axis is 
not fatal and, furthermore, that plastically deformed 
grains are not essential to obtain a reduced transi- 
tion temperature, 


CONCLUSIONS 


1) The thin, curved grains observed in transverse 
sections of heavily drawn tungsten and iron wires 
are attributed to the nonuniform mode of deforma- 
tion of the grains associated with the characteristic 
[110] preferred orientation that develops in bcc 
metals during drawing. 

2) The spiral nebula structure in transverse sec- 
tions of heavily swaged iron wire appears to result 
from the elliptical shape of the cross section of the 
Swaging dies and the rotary motion of the dies. 

3) Hardness and quantitative metallographic 
measurements on drawn and swaged iron wire show 
unusual trends that parallel the development of the 
fibrous microstructure and the unusual transverse 
section microstructures, 

4) Other phenomena, such as the strength of fine 
wires of bcc metals, cylindrical wire textures, and 
the ductility of fibrous tungsten, may be affected by 
the presence of fibrous microstructures and their 
development. 
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Vapor Pressure Studies on Iron and Chromium and 


Several Alloys of Iron, Chromium, and Aluminum 


E. A. Gulbransen and K. F. Andrew 


Weight loss measurements weve made using a 
sensitive microbalance operating in a high vacuum 
system, The Langmuir equation was used to cal- 
culate the vapor pressures of the several metals 
and alloys, Aluminum lowered the vapor pressure 
of ivonina 5.4 Al-94,.6 Fe alloy, and of iron and 
chromium ina 4.8 Al-21.5 Cr-73.7 Fe alloy. The 
influence of oxide films formed on the alloys on the 
effective vapor pressures of the alloys was also 
studied, These studies were used to aid in the in- 
terpretation of the high temperature oxidation of 
alloys based on iron, chromium, and aluminum, 


Recent studies on the oxidation of chromium? 
and the heat resistant alloy 5 Al-22 Cr-73 Fe? 
showed transitions in the rate of oxidation at 900° 
and 1050°C respectively. The transition for chrom- 
ium occurred at a temperature where the rate of 
evaporation of chromium from oxide-free surfaces 
equalled the rate of chromium atoms reacting with 
oxygen. 

This paper presents new vapor pressure studies 
on iron, chromium, and the specially prepared alloys 
5.4 Al-94.6 Fe, 21.9 Cr-78.1 Fe, and 4.8 Al-21.5 Cr- 
73.7 Fe. The ternary alloy is similar in basic com- 
position to the patented heat-resistant commercial 
alloy known as Kanthal. The binary alloys were 
studied to show the individual effects of aluminum 
on the vapor pressure of iron and of iron on the va- 
por pressure of chromium. 

The purpose of the proposed studies was to test 
the influence of metal volatility on the oxidation be- 
havior of heat-resistant alloys based on iron, 
chromium, and aluminum. Since oxide films formed 
on the metal may limit metal transfer to the surface, 
the influence of oxide films on metal volatility was 
also studied. 


LITERATURE 


A) Vapor Pressure. The vapor pressure of iron ' 
has been studied by Jones, Langmuir, and Mackay,° 


Dornte and Norton,* Edwards, Johnston, and Ditmars,° 
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and McCabe, Hudson, and Paxton.® Stull and Sinke’ 
have calculated a heat of sublimation at 298°K of 
99.83 kcal per g atom. 

The vapor pressure of chromium has been reported 
by Bauer and Brunner,® Speiser, Johnston, and 
Blackburn,® Gulbransen and Andrew,’° Vintaikin,™ 
McCabe, Hudson, and Paxton,® and Kubaschewski 
and Heymer.’? 

Good agreement was obtained except for the early 
work of Bauer and Brunner.® Stull and Sinke” cal- 
culate a heat of sublimation at 298°K of 95.0 kcal 
per g atom. 

Vapor pressure measurements on aluminum have 
been made by Brewer and Searcy,'* Bauer and 
Brunner,’ and Farkas.‘ Stull and Sinke,’ giving 
Brewer and Searcy’s!* data the most weight, derive 
a heat of sublimation of 77.5 kcal per g atom at 
298° K. 

B) Method. Two methods?> are used for measur - 
ing the vapor pressure of metals: 1) The Langmuir 
free evaporation method, and 2) the Knudsen effusion 
method. In the Langmuir method, used in the pres- 
ent work, the vapor pressure of the metal P is given 
by the equation: 

-1/2 
[1] 


1 dwfwM 
27 RT 


Here /M is the molecular weight of the vapor species. 
T is the absolute temperature. (dw/dt) is the rate 
of sublimation in g per sq cm per sec and a is the 
condensation coefficient. a is a measure of the erx- 
ficiency of condensation of molecules striking the 
metal surface from the vapor. If condensation re- 
sults from each collision a is unity. This coefficient 
has been found to be unity,®’ 1° for metais. These re- 
sults establish the general validity of the Langmuir 
free evaporation method as applied to metals. 


EXPERIMENTAL 


A) Vacuum Microbalance Method. A modification 
of the Langmuir free evaporation method was used. 
Strip specimens were suspended from a sensitive 
microbalance operating inside of a high vacuum 
system. For alloys, microbalance methods?” must 
be used on large area samples at relatively low 
temperatures to minimize composition changes. The 
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Table |. Analyses of Fe-Al, Fe-Cr, and Fe-Cr-Al Alloys (Wt. Pct) 


Table Il. Rates of Evaporation and Vapor Pressure of Iron 


Fe - Al Fe- Cr Fe - Cr- Al 
Al 5.4 - 4.83 
Cp 21.9 2155 
Mn <0.002 <0.002 <0.002 
P 0.0006 0.0038 < 0.0005 
S 0.009 0.0051 0.0047 
c 0.006 0.013 0.0012 
Fe bal, bal. bal. 


precaution of using relatively low temperatures is 
based on the fact that the temperature coefficient of 
evaporation is much higher than the temperature 
coefficient of diffusion. At these relatively low tem- 
peratures the rate of evaporation is low and diffusion 
processes in the alloy act to remove surface com- 
position changes due to the selective evaporation of 
one element. 

Weight loss measurements were made at a series 
of temperatures for 30 to 60 min time periods. 
Readings were made on some Specimens every 5 
min. For tests on oxide-free surfaces of pure met- 
als and alloys the rate of weight loss at any given 
temperature was constant. Measurements were 
made on an ascending series of temperatures fol- 
lowed by a series of descending temperatures to as- 
sure equilibrium values and to test for composition 
changes on the weight loss. A single specimen was 
used for the series of measurements. Agreement 
in the weight loss values on the heating and cooling 
series of measurements substantiates the premise 


that surface composition changes were not occurring. 


For iron and chromium, samples of 0.76 sq cm 
area were used; while for the alloys, samples of 
about 4.00 sq cm were used. For alloy specimens 
where composition changes could occur the total 
weight loss during a series of measurements was 
about 0.3 pct of the sample weight. 

B) Apparatus. The samples were suspended by a 
2 mil tungsten wire in a quartz or mullite furnace 
tube which was sealed to the all pyrex glass vacuum 
system.'® A furnace was placed around the furnace 
tube for the evaporation experiments. A Pt-Pt 10 
pct Rh thermocouple was used to measure and con- 
trol the temperature. This thermocouple was cali- 
brated against a NBS standard thermocouple. Tests 
with thermocouples attached to the specimen showed 
the furnace temperature to be within + 2°C of the 
specimen temperature. A high sensitivity recorder - 
controller was used to control the furnace tube tem- 
perature to + 1.5°C. 

A high-quality vacuum system was used to prevent 
contamination of the specimen with oxide films and 
adsorbed gases. A liquid nitrogen trap was used be- 
tween the pumping system and the microbalance and 
furnace tube. With the furnace tube at 1000°C a leak 
rate’ of 2.5 x 10-8 mm of Hg-liters per sec was 
measured. If the gas were all oxygen 4.2 x 10-1! ¢ 
of O per sec would be entering the system. This is 
equivalent to the formation of a mono-layer of oxy- 
gen on a 4.00 sq cm surface in 84 min. 
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vf Rate -log P AH? 
SK g/cm’/Sec x 10° Atm kcal/Mole 
1298 5.88 9,20 100.0 
1298 4.60 9.30 100.6 
1313 6.83 9.13 100.7 
1323 9.53 8.89 100.0 
1328 11.4 8.90 100.4 
1343 17.0 8.73 100.5 
1348 14.8 8.79 101.2 
1358 24.0 8.57 100.6 
1373 33.4 8.43 100.8 
1373 8.42 100.8 
1398 67.4 8.12 100.6 
1423 96.9 7.96 101.2 
1373 46.1 8,29 99.9 
1343 19.9 8.66 100.1 
1313 8.74 9.02 100.1 


Mean 100.5 + 0.4 kcal per mole 


The microbalance” had a sensitivity of 0.85 pg 
per 0.001 cm deflection for the 4.00 sq cm samples 
and 0.91 wg per 0.001 cm deflection for the 0.76 sq 
cm samples. 

C) Samples. 1) Chromium. The chromium was 
vacuum cast high-purity electrolytic chromium. 
Spectrographic analyses showed traces of tin and 
lead and minute traces of silicon. The presence of 
copper, silver, and iron were suspected but not 
established. Chemical analyses showed 0.04 pete: 

2) Iron, The analysis of the zone-melted high- 
purity iron was: 

Ni, 0.0012; Cu, 0.0002; Al, 0.0015; Si, 0.001; 

Mg, < 0.0005; Cr, < 0.0005; B, < 0.0005; 

Co, 0.0001; C, 0.001; Oo, 0.0017; S, 0.0009; 

N, < 0.0002; H, < 0.00002.19 

3) Alloys of Fe-Al, Fe-Cr, and Fe-Cr-Al. 
High-purity iron, chromium, and aluminum were 
used in vacuum melting these alloys. Table I shows 
the analyses of the three alloys. 

D) Sample Preparation. The samples were pre- 
pared by abrading from 1/0 polishing paper through 
4/0 polishing paper under purified kerosene and then 
cleaned chemically. 


RESULTS 


A) Vapor Pressure Studies. 1) Iron. Weight loss 
measurements were made at 8 temperatures between 
1025° and 1150°C for 30 or 60 min time periods on 
specimens of 0.76 sq cm area. Table II shows a sum- 
mary of the weight-loss data, the calculated values 
of the vapor pressures, and the calculated values of 
the heats of evaporation of iron, AH>. Fig. 1 shows 
a log P vs (1/7) plot of our data and the data of 
Edwards, Johnston, and Ditmars.® Our data shows 
slightly lower values for the vapor pressures than 
those of the earlier workers.®> ® 

For the calculations of AH> the thermodynamic 
functions of solid and gaseous iron were evaluated 
from those given by Stull and Sinke.? A mean value 
of 100.5 + 0.4 kcal per mole was obtained for AHS: 
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Fig. 1—Vapor pressure of iron. 


Edwards, Johnston, and Ditmars® obtained a value 
of 99.21 kcal per mole. 

2) Chromium, Weight-loss measurements were 
made at 5 temperatures between 1000° and 1100°C on 
samples having surface areas of about 0.77 sq cm. 
Table III shows the weight-loss data and the vapor 
pressure calculations while Fig. 2 shows a log P vs 
(1/T) plot of the results. The present data are 
lower than the data of earlier workers.°-!? The cal- 
culated values for the heats of evaporation of chro- 
mium, AH; are shown also in Table III]. A mean 
value of 95.4 + 0.2 kcal per mole was found for AH> 
using the thermodynamic functions for solid and 
gaseous chromium evaluated from the tables of Stull 
and Sinke” This value is higher than the value of 
93.5 +0.2 kcal per mole given by Speiser, Johnston, 
and Blackburn® and the value of 93.9 + 0.18 kcal per 
mole obtained in our earlier work.’° 

3) 5.4 Al-94.6 Fe Alloy, Measurements were 
made at 7 temperatures between 1010° and 1100°C on 
a sample having a surface area of 4.27 sq cm. Good 
agreement was found for values obtained on the heat- 
ing and cooling cycles. Fig. 3 shows the results, 
curve C, together with those for pure iron, curve A. 
The atomic weight of iron was used for / in the 
Langmuir equation to calculate the vapor pressures. 
Since the evaporating vapors were largely iron, the 
error introduced by using the atomic weight of iron 
was not large. Curve C of Fig. 3 shows the vapor 
pressures of the alloy were only 35 pct of those for 
pure iron. 

The composition of the vapors was determined by 


Table Ill. Rates of Evaporation and Vapor Pressure of Chromium 
Rate -log P AHS 
SK: g/cm?/Sec x 10° Atm kcal/Mole 
1273 1.168 8.89 95.8 
1298 25ST, 8.54 95.6 
1323 5.075 8.24 95.5 
1348 9.86 7.95 95.5 
1373 20.1 7.63 95.3 
1348 10.7 7.91 95.3 
1323 8.21 95.4 
1298 2.94 ' 8.48 95.2 
1273 1.52 8.78 95.2 


Mean 95.4 + 0.2 kcal per mole 
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Fig. 2—Vapor pressure of chromium. 


heating a sample of the alloy in a high vacuum sys- 
tem designed to collect the evaporated metal vapors. 
A 0.55 mg sample of the condensed vapors collected 
on heating the alloy sample for 2 hr at 1027°C ana- 
lyzed 10 + 1 wt pct Al and 90 wt pct Fe. 

The small loss of aluminum from this alloy was 
unexpected since the vapor pressure of aluminum 
over liquid aluminum at 1027°C was 4.8 x 10 “atm.” 
Our results at 1027°C show a total vapor pressure of 
1.82 x 10°” atm. 

4) 21.9 Cr-78.1 Fe Alloy, Measurements were 
made at 5 temperatures between 920° and 1040°C on 
both heating and cooling cycles using a sample of 
4.01 sq cm area. Fig. 3, curve E, shows the results. 
Temp.— °C 
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Fig. 3—Comparison of vapor pressures of iron and chro- 


mium and alloys containing Fe-Al-Cr. 
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Fig. 4—5.4 Al-Fe alloy, effect of oxide film. 


The atomic weight of chromium was used for Min 
the Langmuir equation since chromium has a vapor 
pressure of about 15 times that for iron. Composition 
studies on the vapors were not made since the alloy 
showed nearly ideal behavior. 

5) 4.8 Al-21.5 Cr-73.7 Fe Alloy, Measurements 
were made at 5 temperatures between 920° and 
1040°C using a sample of 4.01 sq cm area. Good 
agreement was found for the values obtained on the 
heating and cooling cycles. Since chromium was the 
major component in the vapors the atomic weight of 
chromium was used for Min the Langmuir equation. 
Since the atomic weights of chromium and iron dif- 
fer by only a few percent, the error introduced in 
using the atomic weight of chromium was not large. 
The calculated average vapor pressure curve lies 
close to that for pure iron. The addition of aluminum 
to the 21.9 Cr-78.1 Fe alloy lowered the vapor pres- 
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Fig. 6—4.8 Al-21.5 Cr-Fe alloy, effect of oxide film. 
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Fig. 5—21.9 Cr-Fe alloy, effect of oxide film. 


sure of the alloy compared to the Cr-Fe alloy. 

The composition of the vapors was determined by 
collecting and analyzing the vapors on heating the 
alloy for 2 hr at 1050°to 1100°C. The deposit had 
the following analyses in wt pct: Fe, 26 + 1; 

Al, 12 + 1; and Cr 62 + 1. At 1027°C the vapor pres- 
sure of the alloy was 5.37X10°" atm. This may be 
compared to a value of 5.37X10° “atm for pure iron 
and a value of 3.2410 °atmfor pure chromium at 
102726. 

B) Effect of Oxide Films. The results of section 
A have shown that aluminum has a very beneficial 
effect in lowering the vapor pressure of chromium 
and iron of oxide free surfaces. This effect may be 
of considerable importance in the high-temperature 
heat-resistant properties. However, most alloys in 
oxidizing atmospheres have oxide films on the sur- 
face. The presence of an oxide film adds a barrier 
to the loss of metal by evaporation. The effective- 
ness of this barrier may be affected by the oxide 
thickness and by the nature and composition of the 
oxide layer. 

1,) 5.4 Al-94,6 Fe Alloy, The effects of two oxide 
films were studied. The first sample was oxidized 
at 800°C for 2 hr in oxygen at 0.1 atm and had a film 
thickness corresponding to a weight gain of 17 ug 
per sq cm. The second had a film thickness of 80 ug 
per sq cm and was prepared by oxidizing at 950°C for 
65 min in oxygen at 0.1 atm. 

Weight loss measurements were made at 4 tem- 
peratures between 1025° and 1100°C. However, the 
reproducibility of the measurements on the heating 
and cooling cycles was not as good as for the studies 
on clean metals. Fig. 4 shows the calculated effective 
vapor pressures based on the atomic weight of iron. 
The calculated vapor pressures are termed effective 
vapor pressures since the pressures are nonequilib- 
rium values. The thin oxide film had only a small 
effect on the calculated effective vapor pressures 
while the thick oxide film had a large effect. 

2) 2169 Re Alloy, The effects of two oxide 
films were studied. One sample oxidized at 800°C and 
0.1 atm of O, for 65 min had a film thickness cor- 
responding to a weight gain of 18.5 ug per sq cm. 

A second sample had a film thickness corresponding 
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to a weight gain of 79.0 ug per sq cm. This sample 
was oxidized at 950°C and 0.1 atm for 100 min. 

Fig. 5 shows the calculated effective vapor pres- 
sures based on chromium evaporating from the sur - 
face. Curve A is for the oxide free alloy while curve 
B shows the effect of 79.0 ug per sq cm oxide film. 
The effective vapor pressures of the alloy having the 
18.5 ug per sq cm oxide film showed results identical 
with curve B. For this alloy the presence of an oxide 
film, even when rather thick, has only a minor effect 
on the effective vapor pressure of the alloy. 

3) 4.8 Al-21.5 Cr-73.7 Fe Alloy, Only one oxide 
film was studied. The alloy was oxidized at 950°C 
and 0.1 atm O for 12 min to give an oxide film of 
26 wg per sq cm wt gain. Weight-loss measurements 
were made at 4 temperatures. Fig. 6 shows the cal- 
culated effective vapor pressures based on chromium 
evaporating from the alloy and the vapor pressure 
data for the oxide free alloy. Fig. 6 shows that even 
a thin oxide film greatly reduces the effective vapor 
pressure of the alloy. 


ACTIVITY CALCULATIONS 


A) 5.4 Al-94.6 Fe Alloy. The activities A qj (alloy) 
and Age (alloy) can be calculated knowing the composi- 
tions of the vapors, N a; and Nge, in mole fractions, 
the vapor pressure of the alloy, P(alloy), and the 
vapor pressures of the pure metals, Pa, (lig) and 
P¥e (solid) by uSing the equations 


[2] 


Pvatloy) (vapors) 


A Z 
Al (all 
and Pat (tig) 


P(alloy) 
Are alloy) Fe (vapors) 


Pre (solid) 


[3] 


At 1027°C the vapor pressure of the alloy was 
1.82 x 107° atm. The vapor pressure of aluminum 
over liquid aluminum is taken as 4.8 x 1077 atm,’ 
while the vapor pressure of iron at 1027°C is taken 
as 5.37 x 10-!° atm from the data of Table II. Values 
of 10>*:for Aaj (alloy) and 0.28 for (alloy) 
are obtained from Eqs.2and3. These values com- 
pare to mole fractions of 0.11 for aluminum and 
0.89 for iron in the alloy. 

The low activity of aluminum in the Al- Fe may 
result from a strong bonding of the 3d electrons 
from iron with the 3s and 3p electrons of aluminum. 
This result is in agreement with the trend in values 
given by Chipman and Floridas *°for aluminum in 
liquid Al-Fe alloys. Aluminum also lowers the 
activity of iron in Fe-Al alloys. 

The 5.4 Al-Fe alloy is in the solid solution region 
of the phase diagram. Aluminum increases the lat- 
tice parameter from 2. 866A for pure iron to 2. 881A 
for the 5.4 pct alloy.”-* 

B) 4.8 Al-21.5 Cr-73.7 Fe Alloy. The activities 
A at (alloy) » AFe (alloy) » 29d Ac (alloy) Can be calculated 
using the equations and method of the previous sec- 
tion. At 1027°C the vapor pressure of the alloy was 
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5.37 x 107!° atm while the values for pure iron and 
pure chromium were taken as 5.37 x 107?° atm and 
3.24 x 10-° atm respectively. 

From the chemical analyses of the vapors and the 
above data we calculate a value of 2.36 x 10-* for 


A qj (alloy) » 2 value of 0.094 for AG, (ayoy) » anda 
value of 0.221 for Age (alloy). The corresponding 
mole fractions were 0.0931 for aluminum, 0.216 for 
chromium, and 0.690 for iron. 

The low activity of aluminum in this alloy is sim- 
ilar to that observed for the 5.4 Al-94.6 Fe alloy. 

A strong bonding probably exists between the 3d 
electrons of iron and chromium with the 3s and 3p 
electrons of aluminum. Aluminum has a low activity 
in the alloy so its normally high vapor pressure in 
the liquid state was not found. The major effect of 
the aluminum is the lowering of the activity of 
chromium and iron. 

C) 21.9 Cr-78.1 Fe Alloy. McCabe, Hudson, and 
Paxton® have found that the solid solution of chro- 
mium in iron is nearly ideal. Vintaiken™ has found, 
in contrast, that solid solutions of chromium and 
iron show strong positive deviations from ideal be- 
havior. Our measurements can be used to test the 
nature of the solid solutions of iron and chromium. 
Assuming ideal behavior, we calculate the vapor 
pressure of the alloy at 1025°C from the chemical 
analyses of the alloy and the vapor pressures of 
iron and chromium to be 1.14 x 10-° atm. The ex- 
perimental value was 1.10 x 107° atm. This alloy 
is nearly ideal. Kubaschewski and Heymer?!” have 
confirmed this “near ideal” behavior in a very 
recent paper. 


DISCUSSION 


The addition of 5.4 wt pct of Al to iron lowers the 
vapor pressure of iron far below that expected from 
ideal behavior. Thus, the activity of iron in the al- 
loy was 0.28 while the mole fraction was 0.89. Alu- 
minum was found to have the same effect on the ac- 
tivities of both iron and chromium in the ternary 
alloy 4.8 Al-21.5 Cr-73.7 Fe alloy. 

This effect of aluminum on the vapor pressures of 
aluminum and iron supports the earlier conclusions 
of Gulbransen and Andrew’? on the role of metal 
volatility in the oxidation of pure chromium and a 
high heat-resistant alloy based on aluminum, chro- 
mium, and iron. We feel now that these conclusions 
can be extended in the following way: consider high 
heat-resistant alloys which form an adherent oxide 
film which is neither soluble in the metal nor vola- 
tile. Above some specific temperature the vapor 
pressure of one of the elements is so high that it 
short circuits normal diffusion processes. If this 
temperature can be raised by alloying certain metals 
such as aluminum then the useful temperature range 
may be extended. Aluminum appears to function in 
this manner in the 4.8 Al-21.5 Cr-73.7 Fe alloy. 

Aluminum has other effects in the ternary alloy 
4.8 Al-21.5 Cr-73.7 Fe. On oxidation of this alloy 
a-Al,O, was formed in the oxide scale. The amount 
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of a-Al, O, increases with the temperature of oxida- 
tion.** The oxide film formed at 950°C on both the 
5.4 Al-94.6 Fe alloy and the 4.8 Al-21.5 Cr-73.7 Fe 
alloy lowered the rate of evaporation of chromium 
and iron by a factor of ten at 1050°C. These results 
are supported by some vacuum weight-loss tests on 
bright and oxidized samples of Kanthal.24 Oxidized 
samples evaporated at a much slower rate than 
bright samples. 

We conclude that the formation of q-Al, O, in the 
oxide film on both Fe-Al and Fe-Cr-Al alloys has 
a major influence on metal transfer through the 
oxide film. 

Aluminum may also act to improve the adherence 
of the oxide scale. This effect has been discussed in 
an earlier paper. 


SUMMARY 


The vapor pressures of pure iron and chromium 
and the alloys 5.4 Al-94.6 Fe, 21.9 Cr-78.1 Fe, and 
4.8 Al-21.5 Cr-73.7 Fe were determined by the 
Langmuir free evaporation method. A sensitive 
microbalance was used operating in a high vacuum 
system. Specimens of 4 sq cm area were used for 
the alloys. These conditions made possible the study 
of alloys under temperature conditions where com- 
position changes were small. 

Vapor pressure studies on pure iron and pure 
chromium gave values lower than those previously 
observed. A mean value of 100.5 + 0.4 kcal per mole 
was found for the heat of evaporation for pure iron 
and a value of 95.4 + 0.2 kcal per mole for the heat 
of evaporation of pure chromium. 

Vapor pressure studies on a 5.4 wt pct Al-Fe alloy 
showed the vapor pressure of iron was lowered to 
35 pct of that for pure iron. The activity of aluminum 
relative to liquid aluminum was 7 x 1075, 

Vapor pressure studies on the 21.9 Cr-78.1 Fe 
alloy showed nearly ideal behavior while studies on 
the 4.8 Al-21.5 Cr-73.7 Fe alloy showed strong de- 
viations from ideal behavior. The aluminum lowered 
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the vapor pressure of both iron and chromium. 

The effect of oxide films on the evaporation process 
was studied on three alloys. Oxide films on the 21.9 
Cr-78.1 Fe alloy had only a small effect on the rate 
of evaporation of metal atoms from the alloy. Oxide 
films formed on the 5.4 Al-94.6 Fe alloy and the 
4.8 Al-21.5 Cr-73.7 Fe alloy greatly reduced metal 
transfer to the evaporating surface. 

It was concluded that aluminum has a beneficial 
effect in certain high-temperature heat-resistant 
alloys. This effect is associated with the lowering 
of the effective vapor pressures of chromium and 
iron. This has the effect of raising the tempera- 
ture at which the vapor pressure of chromium short 
circuits normal diffusion processes. 
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The Phase Structure of Inconel 718 and 702 Alloys 


M. Kaufman and A. E. Palty 


The phase structure and aging characteristics of 
two nickel-base alloys, Inconel 718* and 702,* were 


*International Nickel Co., Huntington Division, Huntington, W. Va. 


investigated. Wrought and cast Inconel 718 showed 
NisCb as the major hardening phase, as well as 
Fe,Ti, Cv7C3 and (Ti, Cb) (C, N). The Ni3sCb struc- 
ture was positively identified. Inconel 702 had Ni3Al 
as the major hardening phase, as well as Cr7C3- 
Cv23Ce and Ti(C, N). For both alloys, the variation 
of the phase amounts with temperature was deter- 
mined. 


Tue value of phase structure and aging rate in- 
formation in the utilization of alloys has been well 
established. As part of a continuing program, the 
results obtained on two nickel-base alloys, Inconel 
718 and Inconel 702, are presented here. 

Inconel 718 is a relatively new alloy considered 
for application in both sheet and cast form. Its 
novelty lies in the use of high columbium + tantalum 


levels in a Ni-Cr-Fe base. No previous work on this 


type of alloy has been reported in the literature. 

Inconel 702 is being used now as an oxidation-re- 
sistant sheet alloy. Occasional fabrication problems 
spurred work on its basic structural behavior. The 
composition of 702 is essentially nichrome plus 
aluminum and titanium for strengthening and added 
oxidation resistance. This puts it in the basic class 
of other nickel-base alloys which have already been 
studied. 

The two alloys will be treated separately. 


INCONEL 718 


Phase Study Methods. The phases present after 
the various conditions investigated were determined 
by X-ray diffraction analysis of two different elec- 
trolytically extracted residues and microscopic 
examination. The extraction methods, using 10 pct 
HCl in alcohol and 10 pct H, PO, in water and the 
X-ray technique have been described previously.? 

The effect of temperature on the phase behavior 
was studied on sheet material using the following 
heat treatments: 

2250°F, 2 hr, ice brine quench + 1300°F, 100 hr, 
water quench 

2250°F, 2 hr, ice brine quench + 1400°F, 100 hr, 
water quench 

2250°F, 2 hr, ice brine quench +1500°F, 100 hr, 
water quench 


M. KAUFMAN and A. E. PALTY, member AIME, are with 
the Thomson Engineering Laboratory of the General Electric 
Co., West Lynn, Mass. 
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2250°F, 2 hr, ice brine quench +1700°F, 48 hr, 
water quench 

2250°F, 2 hr, ice brine quench + 1850°F, 24 hr, 
water quench 

2250°F, 2 hr, ice brine quench + 2000°F, 6 hr, 
water quench 

The high solution temperature was an attempt to 
dissolve as many phases as possible without causing 
melting. Aging exposures were made longer than 
normal heat treating times in order to approach 
equilibrium conditions more closely. Cast material 
was examined only in the as-cast condition and with 
the normal heat treatment (1700°F, 1 hr, air cool + 
1325°F, 16 hr, air cool). 

Materials. The full phase study was performed on 
sheet specimens approximately 1/2 in. by 2 in. by 
1/16 in. The cast pieces were cut from the gating 
system of a vacuum-cast test piece. An all weld- 
metal specimen was made by running many weld 
beads on the sheet using filler made from the sheared 
edges of the sheet. All external contamination was 
removed by belt-sanding followed by an electro- 
polishing treatment. 

The typical composition of wrought Inco 718 is as 
follows: 


O05) 5.3 19.0 3.0 
B Zr Ni Mn Si Fe 
0.006 0.03 53 0.2 0.3 Bal 


The alloy is air-melted. Cast Inco 718 may have 
higher molybdenum, 

Due to the expectation of finding a Ni-Cb phase 
(Ni, Cb) for which no X-ray diffraction pattern was 
available in the ASTM Index, a special 5 lb heat to 
the stoichiometric composition of this intermetallic 


NO 


Fig. 1—NigCb ingot section. 
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Table |. X-Ray Diffraction Pattern for Ni, Cb 


d* rel. * tel d rel. 
hkl calc A from 6B Cu,Ti obs film A film- est obs goniometer At goniometer 
100 5.106 
001 4.556 5 
010 4.251 
101 3.399 5 3.403 2 
110 3. 267 5 3.262 10 
O11 3.108 5 
111 2.655 5 
200 2.553 2. 568 4 
002 2. 278 10 2. 267 VVVW 2.265 18 
201 25222 VVW 2.229 35 
210 2.189 
020 2.126 40 2.116 M 2.124 100 
102 2.079 2.073 if 
012 2.008 60 1.9963 W 2.001 75 
211 1.973 100 1.9683 W 1.973 75 
120 1.962 1.950 5 
021 1.926 
112 1.869 
121 1.803 1.804 2 
300 1.702 
202 1.700 
220 1.634 
212 1.578 5 
022 1.554 5 1.549 5 
221 1,538 20 1.5371 VVVW y/ 7 
003 1.519 
122 1.487 5 
030 1.417 
203 1.305 20 1.2995 Vw 1.303 17 
400 10 1.2776 1.282 8 
213 1.248 5 1.2316 VVVW 
032 1.203 10 1.1999 VVW 1.198 7 
231 1.195 20 
004 1.139 5 1.1313 VVVW 1.132 4 
223 W112 20 1.1094 Vw 14 
420 1.094 10 1.0949 Vw 1.095 11 
412 1.078 30 1.0766 Vvw 1.079 5 
040 1.063 1.0605 VVVW 1.061 5 


* “qd” values calculated on the basis of structure and parameters as listed in Reference 2. The indexing is based on the orthorhombic struc- 


ture to agree with the 8 Cu,Ti pattern in the ASTM card file. 8 Cu,Ti is isomorphous with Ni 


Parameters for Ni,Cb from Reference 2 are: = 5.106 A 
b, = 4.251A 


cy = 4.556 A 


** Film values for “d” are uncorrected and, consequently, 


values at low a’s. 


T Goniometer settings (Norelco unit using filtered Co radiation at 39 kvp, 
Scanning Speed 
Divergent Beam Slit 
Receiving Beam Slit 
Scatter Beam Slit 


Scale Factor 
Multiplier 
Time Constan 


t 


— 1 deg 
— ldeg 
— % deg 
— ldeg 
8 


3Cb, and its listed intensities were used as a guide, 


should appear somewhat smaller than actual values at large d’s and approach true 


10 ma, gas filled proportional counter and pulse height analyzer). 


per min 
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Table Il. Phases in Inconel 718 


Sheet™ Casting 
1300°F 1400°F 1500°F 1700°F 1850°F 2000°F All-Weld 1700°F, 1hr, AC 

Phase 100 hr 100 hr 100 hr 48 hr 24 hr 6 hr Metal Spec As-Cast +1325°F, 16 hr, AC 

Ni,Cb VW WM M M VW ? VW VW W 
Fe Ti, Cb) W WwW W WM WM WM WM W W 
(Ti, Cb)(C,N) W W W W WwW W WM W W 

Cre. Vw W W O O O O O (@) 
Hardness, R , 39.4 35.6 22.9 8.6 1.9 -1.4 20 30 37 

S = Strong, M = Medium, W = Weak, V = Very. Hardness converted from R3g9n. 


* All sheet specimens solution treated 2250°F, 2 hr, ice brine quenched, and water quenched after indicated aging treatment. 


compound was obtained from the Metallurgical 
Products Department, General Electric Co. The 
Ni, Cb vacuum-cast ingot was used for an X-ray 
comparison in the as-cast condition. 

Phase Studies. The Ni,Cb standard results are 
presented in Table I. Parameter values from 
Hansen” were used to calculate a pattern, and ap- 
proximate intensities were obtained by comparison 
with the ASTM card for 8 Cu,Ti, which is isomorphous 
with Ni,Cb. The spacings and intensities from the 
film and the goniometer trace show a satisfactory 
match with the calculated values. No extraneous 
lines were found. A photomicrograph, Fig. 1, shows 
the presence of small particles, probably of colum- 
bium carbo-nitrides. The larger interdendritic 
phase may be excess nickel. The diffraction lines 
of nickel would coincide with some of the Ni,Cb 
lines and, therefore, would be hidden. 


4 
4 
a 


Fig. 2—Inco 718 sheet, 2250°F, 2 hr, IBQ + 1300°F, 100 
hr, WQ. 
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The phases present in the various conditions in- 
vestigated and the corresponding specimen hardness 
are included in Table Il. The four phases found were 
Ni, Cb, Fe, (Ti, Cb); (Ti, ‘Cb)(C, N) and: Cr 
possible presence of nitrogen due to air melting 
makes it difficult to pinpoint the (Ti, Cb)(C, N) com- 
position by measurements of lattice parameters. 
Micrographs for each of the conditions are shown 
in Figs. 2-10. From inspection of the phase results, 
micros, and hardness measurements, the following 
conclusions can be drawn: 


Ni, Cb: Major strengthening phase. Precipi- 
tates in extremely fine form at 1300° 
F; coarser at 1400°F; agglomerates 
in an acicular form at 1500° and 
1700°F; solutioned below 1850°F, 


Fe, (Ti,Cb): Massive grain boundary phase present 


Fig. 3—Inco 718 sheet, 2250°F, 2 hr, IBQ + 1400°F, 100 
hr, WQ. 
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Table Ill. Aging Rate Results for Inconel 718 an, ¥ 


? 
Cumulative Time Aging Temperature : J 
at Temperature 1300°F 1400°F 1550°F 
As-solutioned** 3.2 S52 
3 min 4.4 0.1 4.4 
6 min 3.1 6.4 8.2 
25 min 26.5 
1 3/4 hr 21.8 36.5 24.7 
41/2 hr 28.8 38.8 22.9 
20 hr 39.4 38.8 20.4 
69 hr 19.4 
92 hr 40.3 38.6 
259 hr 40.8 37.6 
475 hr 21.9 
511 hr 42.1 
592 hr 36.0 
809 hr 21.0 
1006 hr 39.5 


* Hardness converted from R jon. 


** All specimens solution treated 1900°F for 2 hr, water quenched. 


in all conditions. Tends to agglomer- 


ate and spheroidize at 1850° and 
2000°F. 
(Ti,Cb)(C,N): Angular, dispersed particles. Rela- 
tively unaffected by temperatures up Fig. 4—Inco 718 sheet, 2250°F, 2 hr, IBQ + 1500°F, 100 
to 2250°F. hr, WQ. 
Cr7.Coe Probably grain-boundary carbide, present in weld metal or cast speci- 
associated with Fe,(Ti,Cb). Dissolves mens. High temperature solution 


between 1500° and 1700°F. Was not (2250°F) may aid in its formation. 


e 


Ni / 


| 
| 


Fig. 5—Inco 718 sheet, 2250°F, 2 hr, IBQ + 1700°F, 48 hr, Fig. 6—Inco 718 sheet, 2250°F, 2 hr, IBQ + 1850°F, 24 hr, 
WQ. WQ. 
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Fig. 7—Inco 718 sheet, 2250°F, 2 hr, IBQ + 2000°F, 6 hr, 


A pictorial summary of the phase behavior is 
shown in Fig. 11. 
Aging Rate Study. Specimens used for the aging 


Fig. 9—Inco 718, cast + 1700°F, 1 hr, AC + 1325°F, 16 hr, 
AC. 
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Fig. 8—Inco 718, as-cast. 
rate study were essentially the same as those used 
for the sheet phase study. A solution treatment of 
1900°F, 2 hr, water quenched was chosen. Hardness 
was brought down to ~ R,3, which is near the mini- 
mum attainable; see phase study hardnesses, Table 
II. Aging was done at 1300°, 1400°, and 1550°F in 
air. Specimens were placed in the furnace for the 
required intervals, removed and water quenched, 
measured, and replaced for the next interval. 
Hardness results (R, converted from R,.y) are 
listed in Table III. Considering the heating rates, 
the actual times at aging temperatures are not the 
total times in Table Ili. Correcting for heating 
rates according to the data in Reference 3, the actual 
time at aging temperatures (over 1300°F) can be 


Fig. 10—Inco 718, all weld-metal specimen. 
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Zz 
Ni3zCb © STRENGTHENING PHASE 
Cr7C3,FeoaTi 5 ENBRITTLING PHASE 
(Cb, TI\(C,N) A LITTLE EFFECT 
zw 
ab 
AMOUNT 2 2 
OF PHASE 9 
5 
\ 422 

(ceri)(C,n) --—- 

io} 


o 

Cr7c3 N 
@S 1300F I400F 1500F 1700F 1S50F 
SOl. 1OOWRS IOOHRS OOHRS 4sHRs 24uRS 


Fig. 11—Behavior of phases in Inconel 718. 


calculated. The aging results are plotted on this 
basis in Fig. 12. Initial aging is considerably 
slower than found in nickel-base [Ni,(Al,Ti)] hard- 
ened alloys,*’* considering the low starting hard- 
ness. Overaging occurs rapidly at 1550°F (after 
1/2 hr) and the maximum hardness is under 27R,. 
At 1400°F, overaging can be noted after about 14 hr, 
with a maximum hardness of 39 R,. Even at 1300°F, 
overaging takes place after 500 to 600 hr. A maxi- 
mum hardness of R,, 42 was obtained at 1300°F, 
Aging after the 1700°F temperature usually used for 
solution treatment would probably give somewhat 
different results, but this alloy would seem to be 
limited to long-time applications at a maximum of 
1300°F. 

Discussion of Inconel 718 Results. The major 
hardening phase is Ni,Cb. The structure of this 


intermetallic compound is not such as to be coherent 


with the matrix. Hardening occurs somewhat more 
slowly than in Ni, (Al,Ti) precipitating alloys, but 


Table IV. Inconel 702 Composition Variation 


Source of c Al Ti Cr 
Heat Number Analysis Pct Pet Pct Pet 
nominal 0.08 3.2 0.6 15.5 
1702 Vendor 0.04 3.61 0.52 15.59 
G.E. - AAT 0.054 3.44 0.49 15.98 
1797 Vendor 0.07 3.29 0.74 15.65 
G.E. - AAT 0.078 3.42 0.56 16.12 
1869 Vendor 0.06 3.40 0.60 15.48 
G.E.- AAT 0.075 3.18 0.53 15.98 
8359 Vendor 0.05 3355 0.62 16.19 
G.E. - AAT 0.058 3.14 0.48 16.20 
8373 Vendor 0.03 3.63 0.60 15.66 
G.E.- AAT 0.044 S07 0.39 14.80 
8376 Vendor 0.03 3.57 0.59 15.00 
G.E. - AAT 0.05 3.04 0.51 16.02 
*8428 Vendor 0.05 3.07 0.86 16.03 
G.E.- AAT 0.05 3.28 0.70 14.50 


* Heat used in phase study. 
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Fig. 12—Aging at 1300°, 1400° and 1550°F for Inco 718. 


because of the lack of coherency, overaging occurs 
more quickly. Solution strengthening, however, is 
fairly effective. 

Development of fair amounts of Fe, Ti at the grain 
boundaries with long exposures will lead to decreased 
ductility. High temperature solution treatments ap- 
pear to promote this, and consequently should be 
avoided. Possible Cr,C, grain boundary carbide 
formation under the same conditions is also un- 
desirable. 


INCONEL 702 


Phase Study Methods. The same techniques were 
used as with Inco 718. The heat treatments were 
as follows: 


2200°F, 2 hr,-ice brine quench +no age 

2200°F, 2 hr, ice brine quench + 1300°F, 100 hr, 
water quench 

2200°F, 2 hr, ice brine quench + 1400°F, 100 hr, 
water quench 

2200°F, 2 hr, ice brine quench + 1550°F, 48 hr, 
water quench 

2200°F, 2 hr, ice brine quench + 1800°F, 24 hr, 
water quench 

2200°F, 2 hr, ice brine quench + 1975°F, 8 hr, 
water quench 

2200°F, 2 hr, ice brine quench +2100°F, 4 hr, 
water quench 


Table V. Phases in Inconel 702 Sheet 


Aging Treatment * 


1300°F 1400°F 1550°F 1800°F 1975°F 2100°F 
No Age 100 hr 100hr 48 hr 24 hr 8 hr 4hr 


Ni,Al O Vw M MS MS oO O 
M WM M M 16) O 
Cre O 2 W ? ? O O 
Ti(C,N) ? W VW Vw Vw M WM 
Hardness, 
=6 28.0 27.8 SiS} 


Cc 


S = Strong, M = Medium, W = Weak, V = Very. 
Hardness converted from Raon. 
*All specimens solution treated 2200°F, 2 hr, I.B.Q., and water 
quenched after indicated aging treatment. 
**Fine particles. 
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Fig. 13—Inco 702 sheet, 2200°F, 2 hr, IBQ. 
Materials. The nominal composition of Inco 702 
is as follows: 


0.08 0.6 3.2 15.5 


1 .0 max Balance 


~ 


he 
& 


hr, WQ. 


Because differences in the behavior of different 
heats of Inco 702 sheet were observed, a survey of 
the normally encountered variation in chemical 


Table VI. Aging Data for Inconel 702 


Heat Nos - No Intermediate Age 


Heat Nos. - 1550°F, 4 hr, AC - Intermediate Age 


8428 1702 1997 1869 8359 8373 8376 8428 


8.2 20.9 22.1 23.0 15.0 1592 20.5 18.9 


18.9 27.0 29.4 2355 19.5 20.5 Dpas's) 26.5 
Dioet DfT 32.0 29.4 20.1 23.5 24.9 30.4 
26.4 30.0 29.4 28.0 23.0 Zouk 24.9 24.1 
DS) 27.4 30.8 30.0 Pia 24.5 28.9 30.3 


Time, Temp, 

Hr °F 1702 1797 1869 8359 8373 8376 
0 sas 16.6 7.8 6.2 -4.8 4.8 13.2 

1 1300 19.5 23.0 19.5 12.2 ig}, 92 17.0 

4 20.9 23.5 26.4 Te 17.2 21.4 
16 24.8 278 24.1 20.7 20.9 22.9 
100 28.5 30.3 30.3 23.5 24.1 25.1 
1 1400 21.0 24.8 23.7 13.6 17e 20.1 

4 24.5 26.8 19.1 19.0 
16 24.8 28.5 28.0 20.1 21.9 23.5 
100 26.4 27.0 28.0 21.9 21.9 22.9 


24.5 27.0 19.5 22.5 27.0 
23.7 28.4 28.4 24.1 21.9 21.1 23.8 24.5 
25.8 26.0 27.0 27.0 TORS 23.8 24.0 26.1 
26.4 25.0 25.4 27.0 21.4 22.5 BPA 25.5 


% 1500 20.9 24.8 23.1 14.2 15.6 1954 


1 20.5 25.8 26.1 11.6 18.1 17.6 
4 23.9 25:5 24.8 14.6 
16 20.1 19.1 UBS) 12.0 13.0 18.9 


22.1 2335) 19.9 14.2 16.5 18.9 
24.4 229) 25.0 24.8 14.2 18.0 19.9 22.9 
20.5 24.5 22.9 24.1 14.6 
TONE 24.5 21.5 15.2 16.0 20.1 


% 1600 17.0 21.9 18.0 6.2 1352 16.0 


14.2 18.1 18.5 18.0 Ue? 13.0 14.2 16.9 


1 19.5 20. 1 17.6 8.1 Oot 12.6 16.5 18.1 16.9 12.0 7.5 7.2 12.0 16.0 

4 - 18.1 18.0 4.5 - - - - 18.1 1532, 5.8 - - - 
16 17.0 15.6 12.6 aha) 6.8 ofS 12.6 14.6 16.0 11.6 3.3 10.7 BI 16.6 
Thickness, in. 0.028 0.020 0.028 0.018 0.018 0.026 0.048 0.028 0.020 0.028 0.018 0.018 0.026 0.048 


All specimens initially solution treated 1975°F, 1/2 hr, air cooled. Specimens air cooled after aging treatment. 


All hardness in converted from R 
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Fig. 15—Inco 702 
hr, WQ, 
composition was undertaken. The compositions of 
seven heats typical of the normal variation are 

listed in Table IV. Both Vendor and General Electric 
analyses are reported. In some cases, there were 


Fig. 17—Inco 702 sheet, 2200°F, 2 hr, IBQ + 1800°F, 24 


hr, WQ. 
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Fig. 16—Inco 702 

hr, WQ. 

considerable discrepancies in the analyses, é.g., 
Heat 8376 in Al content. This is, undoubtedly, due 

to sampling techniques used in normal mill practice. 
Heat-to-heat range of carbon was 0.03 to 0.076 pet, 


% 
: 


Q: 
< 
Fig. 18—Inco 702 sheet, 2200°F, 2 hr, IBQ + 1975°F, 8 
hr, WQ. 
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Fig. 19—Inco 702 sheet, 2200°F, 2 hr, IBQ + 2100°F, 4 
hr, WQ. 
that of aluminum 3.04 to 3.63 pct, and that of titan- 
ium 0.39 to 0.86 pct. These variations in hardening 
elements can cause significant differences in prop- 
erties. 

The seven heats listed in Table IV were used in 
the aging studies discussed further on, and Heat 
Y8428 was used in the phase studies. 

Phase Studies. Four phases were found in Inco 
702. These were Ni,Al, Cr,C,, Cr.,C,, and Ti(C,N) 
with the latter phase nitrogen-rich. Table V shows 
the action of the phases and the hardness after heat 
treatment. Figs. 13 to 19 are the corresponding 
photomicrographs. The following observations of 
phase behavior can be made: 


Ni, Al: Major strengthening phase. 
Precipitates as fine particles at 
1300°F, coarser at 1400° to 
1800°F. Solution temperature 
between 1800° and 1975°F, 


probably closer to 1800°F. 


Probably grain boundary car- 
bides. Precipitate at least as 
low as 1300°F. Solution tem- 
perature between 1800° and 
1975°F, probably closer to 
1800°F. 


Relatively nitrogen-rich car- 
bide; angular particles distri- 
buted throughout structure. 
Probably would dissolve slightly 
over 2200°F. 


Cr, C, and Cra; C,: 


Ti(C,N): 
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Fig. 20—Behavior of phases in Inconel 702. 


As with Inco 718, a pictorial summary is shown in 
Fig. 20. 

The behavior of the Ni,Al phase is as expected, 
considering the similarity of this alloy to some of 
the basic compositions investigated by Taylor and 
Floyd in the Ni-Cr-Al system® and Nordheim and 
Grant in the Ni-Cr-Ti-Al system.® The solution 
temperature (near 1800°F) agrees with that predic- 
table from Reference 5, and is lower than that found 
in the more complex nickel-base alloys such as U500! 
and René 41 types.® The absence of molybdenum 
leads to formation of Cr,C, and Cr,,C, rather than 
M,,;C, or M, C. The latter have higher solution 
temperatures, Air melting has permitted nitrogen 
pick-up, and results in a nitrogen containing Ti(C,N), 
which generally has lower solution temperatures 
than TiC. All the preceding phase differences 
would tend to produce lower strengths at elevated 
temperatures, but better oxidation resistance. 

Aging Rate Study. The specimens used were 1/2 
in. by 2 in. rectangular pieces cut from the thickness 
of sheet available, Thicknesses ranged from 0.018 
to 0.048 in. and are listed in Table VI along with the 
aging results. In order to obtain aging results that 
would aid directly in evaluating the shop problems, 
the solution treatment used was the same as nor- 
mally applied (1975°F, 1/2 hr, air cooled), and the 
specimens were always air-cooled from the aging 
temperatures, This would permit some aging during 
the air cool, and thus hardnesses are higher than 
would be encountered with water quenching. One set 
of specimens was given an intermediate age of 
1550°F, 4 hr, air cool, before aging. The intermedi- 
ate age had been suggested as an aid toward improv- 
ing weldability by coarsening the carbides (Cr, C, 
and Cr,, C, ) so that they would not precipitate at 
grain boundaries during welding. The response to 
aging after this intermediate age was in question. 

Aging data at 1300°, 1400°, 1500°, and 1600°F for 
the seven heats with and without the intermediate 
age are provided in Table VI. Solutioned hardnesses 
varied from -4.8 to 16.6 R, (converted from R,.n). 
Hardnesses after the intermediate age varied from 
15.0 to 23.0 R,, and maximum hardnesses from 
23.5 to 30.8 R,. The wide range in hardness, espe- 
cially as-solutioned, could lead to considerable dif- 
ferences in forming and working behavior. Even 
after aging, a significant range of hardness persists. 
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Differences in measured carbon, aluminum and 
titanium contents do not satisfactorily explain the 
wide hardness ranges. The presence of varying un- 
determined amounts of nitrogen has been suggested 
as a possible reason. 

Overaging occurs near 100 hr at 1400°F, 16 hr at 
1500°F, and 1 hr at 1600°F, Maximum hardnesses 
decrease with increasing aging temperature in the 
normal manner, and are quite low at 1600°F. The 
hardness of Inco 702 is lower than many other 
nickel-base alloys containing the same total amounts 
of aluminum + titanium. As mentioned in the phase 
study section, the absence of molybdenum leads to 
lower dissolving carbides and less solution harden- 
ing. Low titanium contents in the Ni,(Al,Ti) type 
phase also results in less effective hardening. 
Other elements which would raise hardness, such 
as cobalt, columbium, tungsten, and so forth, are 
absent. On the other hand, the lack of hardening 
elements permits attaining the low hardnesses re- 
quired for easy forming. 

Discussion of Inconel 702 Results. Inconel 702 
is a nickel-base alloy hardened by precipitation of 
Ni,Al, as in many other alloys. Due to low titanium 
content, and the absence of molybdenum, tungsten, 
columbium, or other hardeners, low maximum 
hardnesses are the result (near R30). Low solution 
treated hardness permits relatively easy forming. 
Large variations in hardness from heat to heat ex- 
ist and cannot be explained by variation in the 
measured C, Al, Ti, or Cr contents. It has been 
suggested that nitrogen, which is not usually meas- 
ured, is responsible for the differences noted. There 
is a possibility of embrittlement after exposure to 
1300° to 1400°F temperatures by carbide precipita- 
tion. Operation at 1600°F or over will cause ag- 


glomeration or solution of the carbides, and should 
eliminate any embrittlement problem. 
Conclusions. 
1) The phases found in Inconel 718, and their 
solution temperatures are: 


Ni,Cb 1700° to 1850°F (hardening phase) 

Fe,(Ti, Ch) > 2000°F (grain boundary 
phase) 

Cr7G; 1500°to 1700°F (grain boundary 
phase) 

(Ti, Cb)(C, N) > 22505E (distributed 
particles) 


2) Aging of Inconel 718 is somewhat slower than 
in Ni,(Al, Ti) hardened alloys. Overaging occurs at 
1400°F after 14 hr. 

3) The phases found in Inconel 702, and their 
solution temperatures are: 


Ni,Al 1800° to 1975°F (hardening phase) 
1800° to 1975° F (grain boundary 
CrasCe phases) 
Ti(C,N) > 2200°F — (distributed 
particles) 


4) Chemistry can vary considerably in Inconel 
702, as can hardening response. Overaging occurs 
after 100 hr at 1400°F. 
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Corrections to Volume 221, No. 5 


An Analysis of Powder Compaction Phenomena by R. W. Heckel 


Page 1002 
The last part of Eq. [3] should be + 


Page 1006 


v20 


Count 7 lines down from Eq. [15]. Fraction should be 1/V2o, 
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Technical Notes 


The Growth of Cobalt Crystals 


for Deformation Studies 


K. G. Davis and E. Teghtsoonian 


Tue preparation of cobalt crystals offers prob- 
lems: on cooling through 400°C a phase transforma- 
tion takes place whereby the structure changes from 
face-centered cubic tothe low temperature close- 
packed hexagonal form. There are a few references 
in the literature which describe the preparation of 
cobalt crystals for magnetic work'»? where melt- 
solidification methods were used. Reasons will be 
given why such methods were found unsuitable for 
our purposes. 

The following techniques were tried: 


1) Solid state methods. Any mechanical shaping 
of tensile specimens would lead to uncertainty with 
regard to residual strains. With this in mind, fol- 
lowing Kaya,* strain-anneal and grain growth tech- 
niques were extensively investigated. In no case 
were useful single crystals obtained. The transfor - 
mation boundaries, which are crystallographically 
similar to twin boundaries, are probably extremely 
stable and inhibit the grain growth. 

2) Growth from the melt. Normal melt-solidifi- 
cation methods were tried, using recrystallised 
alumina crucibles, and also a “soft mold” tech- 
nique* in which cobalt rod was packed in alumina 
powder. Trouble was encountered with gas evolution 
on solidification of the melt, giving porosity. Some 
adhesion of cobalt to the alumina also took place. 
Only a small proportion of the runs gave single crys- 
tals. 

3) Zone-refining. Much the best results have 
been obtained using an electron-beam floating zone 
refiner. The refiner, based on a design by Calverly 
et al.® had a single-turn tungsten filament. It was 
operated at 600 v with an emission current around 
45 ma. Commercial cobalt rod 1/8 in. in diam was 
given one pass at a rate of zone travel normally 
25 cm per hr, under a vacuum approximately 10-°mm 
of Hg. Over 50 pct of the runs gave long sections of 
single crystal. Crystals up to 20 cm long with good 
uniformity of cross section and straightness have 
been grown in this way. Increase in the length of the 
molten zone resulted in higher single-crystal yields, 
but control of zone stability was reduced. Sub- 
boundaries in the zoned crystals were few, and Laue 
X-ray spots were sharp. The success of the method 


E. TEGHTSOONIAN and K. G. DAVIS, Student Member 
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tively, at the University of British Columbia, Vancouver, 
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RATE OF ZONE TRAVEL 
© 25 cm. per hr. 
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2110 


Fig. 1—Axes of the zoned cobalt crystals. 


is believed to lie in two factors, namely i) the absence 
of crucible restraints during the transformation, and 
ii) extreme axiality of heat flow during cooling. 

The axes of the zoned crystals were clustered 
around the [1010] pole, the pole of the basal plane 
being at least 60 deg from the specimen axis. Crys- 
tals grown at lower rates of zone travel showed the 
same orientation range, Fig. 1. This orientation is 
similar to that for other hexagonal metals grown 
from the melt, which is a little surprising when the 
mode of formation of the hexagonal phase is con- 
sidered. The preferred orientation is probably 
caused by anisotropy of heat conduction, 7.e., that 
crystal which can most effectively conduct heat away 
from the transformation interface will be favored. 
Fig. 2 shows the area on a standard cubic stereo- 
gram in which there are no poles more than 60 deg 
from one of the four <111> directions. This area 


Fig. 2—Standard cubic stereogram, showing «reas (shaded) 
containing no pole more than 60 deg from one of the <Slla 
poles (A). 
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being small, a preferred orientation in the cubic 
phase is not necessary to give the observed hexag- 
onal orientations. 

Crystals 5 to 10 cm long grown in the manner de- 
scribed have been tested in tension. They show ex- 
tensions up to 350 pct resolved shear strain with 
low work hardening. Details of these tests will be 
published. 

This work received financial support from the 
Canadian Defence Research Board and in the form 
of an International Nickel Co. Fellowship. 


ale G. Walker, H. J. Williams, and R. M. Bozorth: Rev. Sci. Instr, 1949, vol. 
20, p. 947. 
*H. D. Myers and W. Sucksmith: Proc. Roy. Soc., 1951, vol. A207, p. 427. 
5S: Kaya: Sci. Repts. Tohoku Univ. 1931, vol. 20, p. 323. 
ase Noggle: Rev. Sci. Instr., 1953, vol. 24, p. 184, 
INS Calverly, M. Davis, and R. F. Lever: J. Sci. Instr., 1957, vol. 34, p. 142. 


Control of Oxygen in Copper 
During Refining 


William F. Harris and Joseph Easha, Jr. 


FE OR many years basic control of refinery opera- 
tions depended on visual observation of small chill 
specimens poured at various intervals during proc- 
essing. The “set” of these samples was related to 
the physical and chemical properties of the metal. 
Since the “set” is dependent on many factors other 
than oxygen content, this method, while giving a 
general indication of the condition of the copper, 
does not accurately measure the oxygen content. 

For the last 3 years a modified vacuum fusion 
procedure which enables the operator to determine 
the oxygen content of the copper within 15 min of 
sampling has been in use ai the Westinghouse Copper 
Mill. For use with this apparatus a sampling tech- 
nique has been developed which gives oxygen values 
representative of the oxygen content of the wire bar. 
The sampling technique is based on a statistical 
study, which compared the oxygen content of the 
laboratory sample of copper poured at the same time 
a wire bar was being poured, with the oxygen content 
of the wire bar. 

The apparatus used for the determination of oxygen 
in copper is shown in Fig. 1 and is essentially the 
same as previously described’ but with one impor- 
tant modification. A very porous fritted glass disc 
has been inserted in the tubing between the manom- 


WILLIAM F. HARRIS is Research Chemist, Chemical and 
Physical Measurement Laboratories, Westinghouse Centra 
Piksncres: Pittsburgh, Pa. JOSEPH EASHA, JR. is Manu- 
facturing Engineer, Westinghouse Copper Mill, East Pitts- 
burgh, Pa. 
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Fig. 1—Fusion apparatus 


eter and 40/50 ground glass joint. The fritted disc 
retains the copper vapor and copper particles in the 
furnace section and prevents contamination of the 
mercury in the manometer. Without the disc the 
manometer became difficult to read after a few 
weeks of operation. 

In earlier work’ it had been established that the 
simplified vacuum fusion apparatus used at the Cop- 
per Mill gave essentially the same results as a con- 
vential vacuum fusion apparatus. However, for this 
study it was necessary to determine the difference, 
if any, between the oxygen content of the wire bar 
and the oxygen content of the small chill sample 
used for the oxygen analysis. This correlation was 
established by taking a chill sample at the same time 
wire bars were being poured. The wire bar being 
poured at the time the chill sample was taken was 
marked and removed for further analysis. 

The copper is sampled at various times during re- 
fining and cast into laboratory size samples with the 
mold shown in Fig. 2. The mold is made of cold 
rolled steel and is 2 in. high and 2 1/2 in. in diam. 
The large upper portion of the cast sample is used 
for measurement of the conductivity of the copper, 
The lower portion which is a rod about 1/4 in. diam 
by 3/4 in. long is used for determination of the Oxy - 
gen content. This portion of the sample weighs 
about 5 g which is approximately the size sample 
used for the analysis. The only preparation neces- 


Fig. 2—Sample mold 
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Fig. 3—Sampling of wire bar 


Table | 
Wt Pct Oxygen 
Wire Bar 1 Wire Bar 2 Wire Bar 3 

Chill Sample 0.032 0.048 0.044 
Center Section, top 0.026 0.047 0.044 
center 0.038 0.051 0.045 

bottom 0.035 0.050 0.046 

End Section, top * 0.025 0.057 0.025 
center 0.034 0.042 0.041 

bottom 0.034 0.045 0.038 


sary before analysis is a physical cleaning to re- 
move the oxidized surface of the sample. 

Fig. 3 shows the method by which the wire bar 
was sampled. Two cross sections were cut from 
each bar selected, one from the center and the other 
from a position near one end of the bar. Each cross 
section was sampled by cutting three plugs, one each 
from the top, center, and bottom of the cross sec- 
tion. The samples removed from each wire bar 
were then compared to the results obtained from the 
chill sample. 

Table I compares the values obtained from the 
chill samples to those obtained from the various sec- 
tions of the wire bars. Statistically there is no dif- 
ference in oxygen content between the samples taken 
at varying positions in the wire bar. 

It can be seen however that the oxygen content of 
the samples taken from the top of the wire bar varies 
more widely than that taken from the other positions. 
This is to be expected because of the variation in 
zone refining effects caused by the early freezing of 
the surface of the wire bar. In general, the relation- 
ship between the oxygen contents of the laboratory 
chill sample and the samples taken from the wire 
bar is very good. This study has shown statistically 
that within the precision of the method there is no 
significant difference between the oxygen content of 
the chill sample and that of the wire bar. 


1w. F, Harris and W. M. Hickam: Anal. Chem., 1959, vol. 31, p. 281. 
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The Effect of Grain Boundary 
Migration on Creep Ductility 


P. W. Davies and B. Wilshire 


Ir has been shown that grain-boundary migration 
during high-temperature creep can reduce or even 
prevent the formation of intercrystalline voids, giv- 
ing a considerable increase in ductility. A similar 
observation has been made in a recent investigation 
of the creep properties of various grades of nickel 
and nickel alloys. The results can be illustrated by 
the observations made on: 

a) Pure vacuum-cast nickel (99.993 pct Ni) 

b) Impure vacuum-cast nickel (99.97 pct Ni) 

c) Pure nickel containing internal voids (produced 
by a process of sintering).? 

d) A substitutional solid solution alloy of pure 
nickel containing 1.16 pct Sn. 

All the materials were given a high-temperature 
anneal (>850°C) to produce a stable grain size of 7 
to 10 grains per linear mm. The apparatus and tech- 
niques used to obtain the present results have been 
described elsewhere.? 

In this series, grain growth was observed only in 
the highest-purity, vacuum-cast metal. Thus we may 
consider that in the other materials grain-boundary 
migration was prevented by either preexisting voids 
or solute atoms. 

The effect of migration on the creep ductility of the 
above materials can be seen from Fig. 1, which 


| | | | 
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1-16 Sn Alloy 
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Fig. 1—The variation with stress of the total elongation at 
fracture for specimens tested at 600°C. 
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Fig. 2—The elongation up to the onset of the tertiary stage 
of creep as a function of stress at 600°C. 


gives resulis for tests carried out at 600°C. It is 
evident that at all stresses high total elongations are 
obtained with the pure vacuum-cast nickel and low 
elongations with material containing solute atoms. 
However, the sintered metal appears to have a duc- 
tility transition range. 

To determine where most of the elongation occur- 
red, the extension taking place in the different re- 
gions of the creep curve were investigated. Fig. 2 
shows that there is no significant difference in the 
elongations obtained up to the onset of tertiary creep 
when the different metals are compared at a given 
stress over a range of stresses. Thus the deforma- 
tion in the tertiary stage, obtained from a comparison 
of Figs. 1 and 2, must be responsible for the large 
variation in the total elongations at fracture. 

Metallographic examination of the fractured spe- 
cimens showed that poor ductility was always ac- 
companied by a high incidence of intergranular 
cracking, whilst very little cracking occurred in 
the specimens exhibiting high elongations. The grain 
growth observed in the vacuum-cast high-purity nic- 
kel, gave rise in the extreme case (lowest stress) 
to a single crystal across the section of the speci- 
men and a characteristic wedge type fracture. 

At low stresses the sintered metal had as high a 
crack incidence as the alloy or impure metal, but at 
high stresses very little cracking took place. How- 
ever, the sintered specimens exhibiting this high 
ductility were completely recrystallized in the necked 
region. Thus the absence of ductile fractures at high 
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stresses in the impure nickel and the alloy may be 
due to the effect of solute atoms on the recrystalliza- 
tion properties of the base metal. In these materials 
recrystallization was only infrequently observed in 
localized regions on the fracture surface. 

From these results, it is clear that whenever re- 
covery processes in the region of the grain bound- 
aries cannot take place, low ductilities and a high 
crack incidence will result. When either complete 
recrystallization in the necking region or grain- 
boundary migration can occur, ductile fractures are 
obtained with little or no intercrystalline cracking. 

The authors would like to thank the International 
Nickel Co. (Mond) Ltd., for the supply of materials. 


*C. W. Chen and E. S. Machlin: Trans. Met. Soc. AIME, 1960, vol. 2185 peli 
*P. W. Davies and J. P. Dennison: J. Inst. Metals, 1959-60, vol. 88, p. 471. 


The Quasibinary System PbTe-Bi 
R. P. O'Shea, J. A. Donovan, and E. A. Peretti 


As part of a program to investigate phase relation- 
ships in ternary systems containing semiconducting 
elements and compounds, an X-ray survey of alloys 
in the system Pb-Te-Bi was carried out which re- 
vealed that the pair PbTe-Bi probably formed a 
quasibinary system. This portion of the ternary 
was examined fully by thermal analysis, X-ray, and 
microscopic procedures. 

More than twenty-five alloys were made by melt- 
ing together the proper combinations of the elements 
in quartz tubes at a temperature of 1000°C. The 
compositions which were high in PbTe content were 
prepared in evacuated, sealed, quartz tubes, allowed 
to freeze in vacuum, and then transferred to cru- 
cibles for thermal analysis. The bismuth-rich al- 
loys were made directly in the crucibles under a 
protective gas cover. The starting elements were 
obtained from the American Smelting and Refining 
Co. and had a purity greater than 99.99 pct. 

Cooling curves were made with about 50 g of al- 
loy in graphite crucibles which were placed ina 
covered quartz container in which a protective at- 
mosphere of helium or nitrogen was maintained. 
The thermocouple protection tube was made of mul- 
lite and served as a stirring rod when connected to 
a reciprocating stirring motor. Temperatures were 
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Fig. 1—The quasibinary system PbTe-Bi. 


measured with calibrated platinum-rhodium and 
chromel-alumel thermocouples at cooling rates of 
0.5° to 3°C per min and were recorded graphically 
on a Minneapolis-Honeywell extended range re- 
corder. 

Conventional polishing procedures gave satisfac- 
tory results in preparing specimens for microscopic 
examination. Etching was done with solutions of 
concentrated nitric acid and water (1:1) between 
polishing steps, and the final etchant was an aqueous 
solution of potassium iodide, iodine and hydrochloric 
acid. 

Debye-Scherrer patterns were taken of the alloys, 
under cobalt K-q@ radiation. 

The phase diagram is shown in Fig. 1. The mutual 
solid solubilities of bismuth and PbTe are very lim- 
ited, and a eutectic is formed at 1.5 wt pct Bi, 

98.5 pct PbTe which melts at 266°C. 

We wish to thank the National Science Foundation 

for a grant which made this work possible. 
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Kinetics of the Iron Oxide 
Reduction Steps 


A. J. Wilhelem and G. R. St. Pierre 


In connection with the reduction of hematite or 
magnetite to metallic iron, it appeared desirable to 
study the rate of reduction of each oxide to the next 
lower oxide under conditions which excluded all 
other condensed phases. For this purpose, pellets 
of Fe,0O,, Fe,0,, and “FeO” were prepared. A gas 
train for the preparation of Ar-H2-H2O mixtures 
was employed to establish a continuous flow of a 
controlled atmosphere over a pellet suspended on a 
balance. In this manner the following individual re- 
duction steps could be studied: 


3Fe,O0, +H, = 2 Fe,0,+H,0O [1] 
Fe,O, + H, = 3“FeO” + H,O [2] 
“FeO” + H, = Fe+H,O oq 


For example, pellets of hematite were reduced solely 
to magnetite by adjusting the gas atmosphere such 
that it was oxidizing to wustite. In other words, the 
reaction was complete when the hematite pellet had 
been totally converted to magnetite. The pellets were 
prepared from Baker Chemical ferric oxide. The 
ferric oxide powder was moistened and handrolled. 
Air sintering at 950°C produced Fe,O, pellets with 
a density of 3.65 g per cm’. The pellets ranged in 
size from 0.6 to 1.2 cm diam. The magnetite and 
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Fig. 1—The temperature dependence of the rate of reduc- 
tion of porous wustite pellets. (McKewan’s? data for the 
reduction of dense hematite pellets to iron is shown for 
comparison.) 
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Fig. 2—The effect of product layer thickness on the reduc- 
tion of hematite to magnetite. 


wustite pellets were prepared by controlled reduc- 
tion of the Fe,O, pellets in H,-H,O atmospheres. 
The resulting Fe,O, and “FeO” pellets had the same 
diameter as the starting hematite pellets. The por- 
osities of the pellets were: Fe,O,, 30 pct; Fe,0,, 
31 pct; “FeO”, 42 pct. Pellets of the three oxides 
were reduced to the next lower condensed phase at 
several H,O/H 2 ratios and temperatures. 

In the case of the reduction of wustite to iron it 
was found that the weight loss per unit time was 
directly proportional to the apparent interface area 
(the 2/3 power of the volume of the unreacted wustite 
core) and independent of the thickness of the iron 
product layer. The gas flow rate by the specimen 
was sufficiently rapid so that a variation of the flow 
rate produced no change in the rate of reaction. 
McKewan,’»? and Quets, Wadsworth, and Lewis? 
have presented similar results for total reduction of 
Fe,0O, and Fe,O, to Fe. Over the temperature 
range from 623° to 1106°C the rate constant defined 
by McKewan,'* 


*The function, f{(R)= Todo [1—(1— R)'/*], results from the definite 
integral of at from r. to r where A = 477rr? and W = mass of unreacted ox- 
ide core. The derivative of f(R) with respect to time is 4 a If it is found 
that f(R) is directly proportional to the super of time during the re- 
duction of a pellet, then the constancy of dt iS established. However, 
care must be taken to use the proper definition of R. f(R) is unambiguous 
only when the pellet consists of two phases, the inner core of unreacted 
oxide and the outer shell of a single reduction product. For example, if 
the reduction is from hematite to iron, the layers of magnetite and wustite 
must be of a negligible thickness. For the reduction of wustite to iron, R 
is the observed weight loss divided by the total weight loss to be real- 
ized by the complete conversion of the pellet from wustite to iron. The 
units of f(R) are determined by the product rd,. If dy is given as the 
density of the unreacted core in g per cm* and ro is given in cm, then the 
units of f(R) are grams of original oxide reduced per square centimeter. 
To calculate the actual rate of weight loss it is necessary to multiply 
A(R) hy d, where fis the mass of oxygen removed from the pellet per unit 
mass of original oxide reduced. For example, 


Reduction 
FeO —'Fe 0.222 
Fe,0,~ FeO 0.0691 
Fe,0,—Fe,0), 0.0335 
Fe,0,~Fe 0.276 
It may be noted that dand R are related by the equation, 
R= = 


Mo x 
where Mo and M are the original pellet mass and total pellet mass at any 
time, respectively. 
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[4] 


varied from 0.01 to 0.09 g per sq cm-min. Partially 
reduced pellets were split and examined. In all 
cases a sharp reaction interface delineated the unre- 
acted core from the reaction product. The rate of 
reduction of the oxide core per unit of apparent in- 
terface area, ( 1ldw , was found to vary linearly 

A dt 


with the gas variable, E 


1 
ol; where, Py 


3 


and F;o are the partial pressures of hydrogen and 
water vapor in the gas passed over the specimen 
and K, is the equilibrium constant for reaction [3]. 
The “activation energy” for the reduction process 
was calculated in accordance with the following em- 
pirical relationship: 


K' = [5] 


No attempt has been made to introduce a temperature- 
dependent coefficient in Eq. [5] because of the un- 
certainty of the reaction mechanism. A plot of log 
K* (g of wustite reduced per sq cm-min-atm) vs 
(1/ T) is shown in Fig. 1. Although there is consider- 
able scatter at the higher temperatures, it is quite 
clear that a single straight line does not describe 
the data. Between 620° and 720°C, an activation 
energy of about 15,000 cal per mole is indicated; 
however, the activation energy, as calculated in this 
manner, becomes quite small above 750°C. Above 
the a - ytransformation temperature, there is an 
increase in the slope of the curve similar to that ob- 
served by Quets, Wadsworth, and Lewis.® The acti- 
vation energy in the temperature range from 620° to 
720°C is of the same magnitude as that observed by 
McKewan? for much less porous pellets. Although 
the external diameter of the pellets was not observed 
to change during these reductions, the pore size did 
enlarge for reduction experiments above 720°C. It 
is believed that this type of sintering is responsible 
for the variation of the apparent activation energy. 
For the reduction of hematite to magnetite and 
magnetite to wustite it was found that the rate of re- 
duction was dependent upon the thickness of the prod- 
uct layer. The rate of reduction of oxide per unit of 
apparent interface area was not constant. Fig. 2 
shows a typical result (d, is the density of the hema- 
tite core). The two pellets were identical in compo- 
sition and porosity, and differed only in size. It can 
be seen that the rate of weight loss was quite dif- 
ferent at points of identical unreacted core diameter. 
The reactions Fe,0, to Fe,O, and Fe,O a to “FeO” 
are apparently fast enough that gas diffusion through 
pores of the product layer can be important in de- 
termining the rate of reduction in contast to the ob- 
served behavior of the FeO to Fe reaction in small 
pellets. 
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Note on the Pb-Se Phase Diagram 
D. Seidman, |. Cadoff, K. Komarek, and E. Miller 


In the course of a study of the electronic and 
thermodynamic properties of Pb-Se alloys it was 
found necessary to have an accurate knowledge of 
the phase diagram. However, the literature is in 
disagreement as to whether or not a monotectic 
reaction occurs in the lead rich portion of the phase 
diagram. 

Pelabon’ reported only a two-phase region con- 
sisting of lead-rich liquid and solid PbSe extending 
from almost pure lead to the compound PbSe, and 
gave the melting point of PbSe as 1065°C. The data 
of Friedrich.and Leroux? are in general agreement 
with this type of diagram, with the melting point of 
the compound being 1088°C. However, Nozato and 
Igaki* by inverse rate thermal analysis observed 
a monotectic reaction isotherm existing at 860°C 
with a monotectic composition of 20.5 at. pct Se. 
The miscibility gap in the liquid state extends from 
7.5 to 20.5 at. pct Se. Hansen and Anderko?* accepted 
Nozato and Igaki’s phase diagram in the region of 
the lead-rich monotectic. 

To reinvestigate this portion of the phase diagram, 
both thermal analysis and metallographic examina- 
tion of various compositions were performed. The 
thermal analysis apparatus was constructed accord- 
ing to the specifications of the National Bureau of 


Table |. Alloys Investigated for Monotectic Arrest 


Average Average 
Cooling Liquidus 
Rate Temp 
At. Pct Pb °C/Min “GC 

90.00 0.7 825.9 
79.50 0.75 926.0 
75.00 0.85 952.4 
70.00 969.1 
65.00 1.0 982.1 
59.99 0.8 1006. 2 
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Fig. 1—The Partial Pb-Se Phase Diagram. 


Standards.* A Pt/Pt-10 pct Rh thermocouple was 
calibrated against the melting point of copper (NBS), 
zinc (NBS), and antimony (A. D. Mackay), the emf 
being measured with a Rubicon Type B potentiome- 
ter sensitive to luv. The absolute accuracy of the 
thermal analysis obtainable with this system is 

+ 0.5°C. 

Starting materials were semiconductor grade 
lead and selenium purchased from the American 
Smelting and Refining Co. Both elements were 
99.999+ pct pure with only trace impurities detected 
upon spectroscopic examination. One hundred g alloys 
were sealed in quartz crucibles with a central 
thermocouple well under a vacuum of less than 1 yu. 
This procedure prevented any composition change 
due to vaporization during the run. Cooling curves 
were obtained on the alloys listed in Table I. Data 
was taken by the direct method at cooling rates 
ranging between 1/2 to 2°C per min. The alloys 
were heated well above the liquidus and shaken 
vigorously to insure homogeneity. 

No evidence of an arrest indicative of the mono- 
tectic reaction was observed, and the two-phase 
region reported by Peiabon? and Friedrich and 
Leroux,? was confirmed in general, although our 
data give higher liquidus temperatures than Fried- 
rich and Leroux. The melting point of stoichiomet- 
ric PbSe determined for two different samples was 
1080.7 + 0.5°C. The results of this investigation are 
compared with Nozato and Igaki’s data in Fig. 1. 

To complement the thermal analysis data, an 86 
at. pct Pb specimen was examined microscopically. 
This composition was in the center of the misci- 
bility gap reported by Nozato and Igaki.* The alloy 
was heated to 1000°C, held for 1/2 hr, and water 
quenched. The specimen was polished using standard 
metallographic techniques for lead. The alloy was 
etched with an acetic-nitric acid etchant® for 10 
min at 45°C. Microscopic examination did not indi- 
cate the existence of two separate layers or solidi- 
fied droplets imbedded in a matrix, as would be ex- 
pected if a miscibility gap were present. The mi- 
crostructure shown in Fig. 2 consists of uniformly 
dispersed, dendritic PbSe in a lead-rich matrix. 


VOLUME 221, DECEMBER 1961-1269 


| 1080.7° 
9) 
a 
1000 1076" 
| 
| 
550 
Co) 5 10 ‘5 20 25 30 35 40 45 50 
Pb PbSe 


Fig. 2—14at.pctSe; X30 under polarized light; lead selenide 
dendrites in a lead matrix; specimen air cooled from 
1000°C. Enlarged approximately 26 pct for reproduction. 


Both the thermal analysis and the metallographic 
study therefore indicate that a monotectic reaction 
isotherm does not exist in the lead-rich portion of 
the lead selenium system. The thermodynamic data 
obtained from the redetermined phase diagram will 
be published shortly. 

The work presented in this paper is based on re- 
search sponsored by Wright Air Development Divi- 
sion, Wright-Patterson Air Force Base, Ohio, on 
Contract No. AF33(616)-3883, J. W. Poynter, project 
engineer. Permission to publish the results is grate- 
fully acknowledged. 

*H. Pelabon: Compt. rend., 1907, vol. 144, pp. 1159-61. 

2K. Friedrich and A. Leroux: Metallurgie, 1908, vol. 5, pp. 355-58. 

3R. Nozato and K. Igaki: Bull. Naniwa Univ. (Japan), 1955, vol. A3, pp. 125- 
Bing Hansen and K. Anderko: Constitution of Binary Alloys, pp. 1110-1112, 
McGraw-Hill Book Co., New York, 1958. 

g ve. F. Roeser and S. T. Lonberger: Nat. Bur. Standards Cire. 590, February 


°G. Kehl: Principles of Metallographic Laboratory Practice, 3rd Edition, 
McGraw-Hill Book Co., New York, 1949. 


Increased Martensite Formation 
Temperature in Thin Films 


H. Warlimont 


In recent investigations of the microstructure 
and crystallographic features of martensite by 
electron microscopy,’»?,* thin films (about 50 to 
1000A in thickness) have been used as specimens. 
It was found by W. Pitsch? »? that the lattice rela- 
tionships between the supersaturated fcc matrix 
and the martensite formed in thin films were dif- 
ferent from those observed after transformation in 
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Table |. Chemical Compositions and Approximate Bulk 
M,—Temperatures of Thin-Film Specimens 


Chemical Composition Bulk - M, 
No. C, Wt Pct Ni, Wt Pct Mn, Wt Pct C 
1 1.15 - 5.1 -90 
2 30.9 -40 
3 - -54 


bulk material. Corresponding differences are to be 
expected in nucleation and in reaction kinetics in 
the formation of martensite in thin films, but have 
not yet been reported. 

In the course of the preparation of thin films of 
iron-base alloys for investigation by electron 
microscopy it was observed that films of alloys, 
whose martensite formation temperature (M,) was 
below room temperature, formed martensite during 
the electrochemical thinning process conducted at 
or above room temperature. The chemical compo- 
sitions and approximate bulk M,-temperatures of 
the three materials on which this observation was 
made are listed in Table I. The alloys were vacuum- 
melted from high-purity metals. It can be seen that 
the effect occurred in alloys that contain only sub- 
stitutional components as well as in alloys that con- 
tain carbon as an interstitial solute. 

The appearance of martensite formed in this 
manner is illustrated in Fig. 1, which represents a 
polished film of alloy No. 1 at X10 magnification. 
The martensite plates can be recognized by their 
surface relief effects. In addition, heavily strained 
(“wrinkled”) austenite can be seen near the edges of 
the film where it is thinnest and transformation 
stresses or strains can be accommodated by plastic 
deformation most easily. The nonuniform distribu- 
tion of transformed regions is probably due to the 
varying thickness of the film. These observations 
were common to all materials listed in Table I. 
Because effects of supercooling or straining can 


Fig. 1—Thin film of an Fe-1.15 pct C-5.1 pct Mn alloy. 
Unetched, X10. Enlarged approximately 26 pct for repro- 
duction. 
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be excluded as causes for this martensite formation, 
the most probable explanation is an increase of the 
M,~-temperature by the decrease of the film thick- 
ness. 

According to recent nucleation theory of marten- 
site,*° it is to be expected that the strain-energy 
term in calculations of the critical embryo size is 
reduced when the embryo size and specimen thick- 
ness have the same order of magnitude. This would 
result in reducing the required activation free 
energy for nucleation and thus in raising the M, - 
temperature. 

The critical embryo size can be calculated with 
reasonable accuracy,*’® and direct observations of 
martensite embryos® seem to have corroborated 
these calculations. The calculations yield, in ef- 
fect, embryo sizes which have the same order of 
magnitude (e.g., upto 1080A in an Fe-30.7 pct Ni 
Alloy®) as the film thickness of electron micro- 
scope specimens. 

It may be concluded that the film thickness and 
the M,-temperature are inversely related. Meas- 
urements to establish this relationship quantitative- 
ly are underway in this Laboratory and will be re- 
ported with a more extensive discussion after their 
completion. 


tw. Pitsch: J. Inst. Metals, 1958/1959, vol. 87, p. 444. 

2w. Pitsch: Phil. Mag., 1959, vol. 4, p. 577. 

3p, M. Kelly and J. Nutting: Proc. Roy. Soc., 1960, vol. 259, p. 45. 
4M. Cohen: Trans. Met. Soc. AIME, 1958, vol. 212, p. 171. 

SL. Kaufman and M. Cohen: Progr. in Metal Phys., 1958, vol. 7, p. 165. 


°M. H. Richman, M. Cohen, and H. G. F. Wilsdorf: Acta Met., 1959, vol. 7, p. 819. 


Effects on Impurity Content of 
Cropping Directionally Frozen Ingots 


Leonard R. Weisberg 


Tue procedure of directional freezing by the 
Bridgman technique? is frequently used in crystal 
preparation. On those occasions where the crystal 
is regrown, it can be advantageous to crop part of 
the ingot before regrowth to achieve purification. 
This note describes some simple, yet interesting, 
observations concerning the effects of cropping an 
ingot between successive freezes. 

First, it is not effective to crop the front end of 
an ingot, whether or not the distribution coefficient, 
k , of the impurities is greater or less than unity. 
This can be shown as follows. The concentration 
C, of an impurity in a directionally frozen ingot 
of length d with a uniform cross section is given by? 


where x is the distance along the ingot, and C, is the 
initial concentration per unit length. It is assumed 
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in deriving this equation that diffusion is negligible 
in the solid, is complete in the melt, and that 2 is 
constant. Consider that a section of the ingot Ad is 
removed from the front end. Then the average im- 
purity concentration in the remaining (d- Ad) sec- 
tion of the ingot can be shown by integration to be 
given by 


c = C, (1 - Ad/ad)P™ [2] 


When the ingot is remelted and refrozen, the new 
impurity distribution is given by 


C, = ke[1 -x,/(d - [3] 


where x, is the distance along the refrozen ingot. 
Substituting the value of c into Eq. [3], one finds 


This is identical to Eq. [1] when x = (x, + Ad), 
which represents the original impurity distribution 
in the (d — Ad) section of the ingot after the first 
directional freeze. Therefore, the cropping and re- 
freezing accomplished nothing. This can also be 
seen physically by realizing that the average im- 
purity content in the melt after the first Ad section 
is frozen, is identical to that after the resulting in- 
got has been cropped and remelted. Hence, it is 
assumed in the following sections that only the tail 
end of the ingot is cropped. However, it must be 
realized that for impurities with k greater than one, 
the pieces cropped from the tail end are purer, and 
are therefore saved. 

After cropping an amount Ad from the tail end of 
an ingot, the average impurity concentration of im- 
purities in the remaining portion of the ingot is 
given by 


C=C,0-f*)/(1 -f) [5] 


where f = Ad/d. For the case of k < 1, the purifica- 
tion is defined as C,/C. It is obvious from Eq. [5] 
that the purification increases as f increases, but 
the increase in purification is not large. For ex- 
ample, if f is doubled from 0.1 to 0.2, the purifica- 
tion increases by only 10 pct for k = 0.5, by only 

24 pet for k = 0.1, and by 32 pct for Rk = 0.01. Much 
smaller values of f than 0.1 are not desirable since 
insufficient purification is achieved. These figures 
indicate that much larger values of f do not lead 

to substantial improvement, especially considering 
that much of the original ingot is lost. Therefore, 
it is generally useful to crop about 1/10 of the ingot 
to achieve purification. 

As compared to doubling the value of f, it is much 
more helpful to remelt, refreeze, and crop the ingot 
twice. Using Eq. [5] reiteratively, and assuming 
f = 0.1, it is found that the purification after this 
process is found to be increased over the purifica- 
tion after a single freeze and cropping by 33 pct for 
k= 0.5, 450 pct for k= 0.1, and 4100 pct for k= 0.01. 
This indicates that considerable purification can be 
obtained by this procedure. However, if purification 
is the main goal, one should resort to zone refining,°® 
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which is usually experimentally a much simpler 
procedure. 

In the above case, it was assumed that the quan- 
tity f (or Ad) remained constant even though the ingot 
length changed. The question arises for successive 
freezes if the quantity f should be varied between 
each freeze. To exaggerate the effect, computations 
have been carried out for five freezes and croppings, 
assuming that the total amount cropped is half the 
ingot. Of several computed possibilities, the poorest 
purification was found when the amount cropped is 
small at first and is gradually increased. For ex- 
ample, when f is successively 0.01, 0.04, 0.10, 0.15, 
and 0.20, the purification is 4.0. The greatest purifi- 
cation was found when a constant fraction of the re- 
maining ingot length is cropped, i.e., a purification 
of 4.8 when f is successively 0.13, 0.113, 0.098, 
0.086, and 0.073. However, the small difference in 
the purification between these two cases indicates 
again that the exact amount cropped is not a sensi- 
tive variable. 

When the predominant impurity has ak greater 
than unity, the purification is then Crh cy where 
c, is the impurity concentration in the cropped 
material, and is given by 


Cy ACH phot [ 6] 


It can be seen that the greatest purification occurs 
for the smallest amount that can be cropped. In fact, 
any degree of purification can be achieved for 

k > 1by removing a small enough piece, as com- 
pared tok <1, where the maximum purification in 
a single freeze is RC,. Usually, however, an ingot 
will contain impurities with ak both greater and 
less than unity. When the concentration of the for- 
mer cannot be neglected, at least two directional 
freezes and crops are necessary. After the first 
freeze, the cropped piece is saved, which should 
have a reduced concentration of impurities with 

k > 1, This cropped piece is then remelted, refro- 
zen, and cropped, which should reduce impurities 
with k <1. However, unless one wishes to crop 
large fractions of the ingot, or repeat the process 
several times, it is found that this procedure does 
not result in substantial total purification. 

In conclusion, if an ingot is to be directionally re- 
frozen, purification can be achieved by cropping the 
tail end of the ingot after the first freeze. No puri- 
fication occurs if the front end of the ingot is 
cropped. Auseful quantity to crop is about1/10 of the 
initial ingot length. Increasing the amount cropped 
does not substantially increase the purification; 
however, repeating the process of cropping, remelt- 
ing, and refreezing an additional time can result in 
a large increase in purification. While substantial 
purification can be achieved when the dominant im- 
purities all have either ak greater or less than 
unity, when they are present in roughly equal amounts, 
cropping will not appreciably improve the total purity. 

The author is indebted to Drs. B. Abeles, J. Blanc, 
and K, Weiser for helpful advice and encouragement. 
This research was supported by the Electronics 


1272-VOLUME 221, DECEMBER 1961 


Research Directorate, Air Research and Develop- 
ment Command, under Air Force Contract No. 
AF 33(616)-5029, 

*P, W. Bridgman: Proc. Am. Acad. Arts Sci., 1925, vol. 60, pp. 305, 385, 423. 
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Activity of SiO, in Slags 
John Chipman 


Tue lecture on “Thermodynamic Properties of 
Blast Furnace Slags”* prepared in 1959 and pub- 
lished two years later required revision in one par- 
ticular before it appeared in print. 

The activity of SiO, was determined through stud- 
ies of the equilibrium: 

SiO, (in slag) + 2C (graphite) = Si (in Fe) 


+ 2CO (1 atm) 


The ratio asio, for each experimental tempera- 
ture was found from the heat of formation of cris- 
tobalite, the entropies and heat capacities of the re- 
actants, by virtue of the third law of thermodynam- 
ics. 

Discrepancies between several kinds of data led 
to investigations regarding other equilibria involving 
SiO, on the suspicion that there might be an error 
in the third-law value of its free energy. In particu- 
lar the equilibrium: 


SiO, (c) +3C (graphite) = SiC (c) +2CO 


was restudied by Kay and Taylor? who confirmed the 
earlier results of Baird and Taylor %on which their 
SiO, activities depended. The free energy of SiC 
was also rechecked* independently. These and 
other ° equilibrium measurements led to the conclu- 
sion® that the free energy of SiO, at high tempera- 
tures is in error and requires a correction of about 
-5 kcal. The exact source of the error is uncertain; 
it could lie either in the entropy of SiO, or in its 
heat of formation, but it more probably lies in the 
latter. 

Adjustment of this free energy lowers the ratio 
as ik Asio, by a factor of approximately 4. Accordingly 
it will be necessary to multiply by this factor all of 
the SiO, activities determined by this method.’> ® 
Referring to the lecture cited, this correction should 
be applied in Figs. 8, 9, 10, 19, and 20. It applies 
also to the experimental data of Fig. 13, bringing 
these as well as those on the ternary system into 
good agreement with the work of Taylor and associ- 
ates. At the same time it eliminates the discrepancy 
shown in Fig. 11, lowering both lines until the upper 
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line comes into agreement with the data of Baird and 
Taylor. 

Reported activities of CaO will require multipli- 
cation by 0.5 along the line of saturation with Ca,SiO,, 
Figs. 13, 19, 20, but not at their opposite end. 

Experimental work is in progress which will lead 
to more dependable values for the free energy of 
SiO, at high temperatures and its activity in metal- 
lurgical slags. 


ty Chipman: Thermodynamic Properties of Blast Furnace Slags. Met. Soc. 
AIME Conference. Physical Chemistry of Process Metallurgy, G. R. St. Pierre, 
Ed, p. 27, Interscience Publishers, New York, 1961. 

3D A. R. Kay and J. Taylor: Trans. Faraday. Soc., 1960, vol. 56, p. 1372. 

Hus D. Baird and J. Taylor: Jbid, 1958, vol. 54, p. 526. 

,D- H. Kirkwood and J. Chipman: J. Phys. Chem., 1961, vol. 65, p. 1082. 

H. F, Ramstad and F. D. Richardson, with an appendix by P. J. Bowles: 


Thermodynamics of Silicon Monoxide, Trans. Met. Soc. AIME, vol. 221, pp. 
1021-29. 


°J. Chipman: J. Am. Chem. Soc., 1961, vol. 83, p. 1762. 

iJ: C. Fulton and J. Chipman: AJME Trans., 1954, vol. 200, p. 1136. 

F. C. Langenberg, H. Kaplan, and J. Chipman: The Physical Chemistry 
of Steelmaking, p. 65, Technology Press and John Wiley, New York, 1958. 


X-Ray Diffraction Powder Data 
of U, Fe 


G. Katz and A. J. Jacobs 


Many of the studies of intermetallic compounds 
containing uranium were performed during the early 
1940’s under the aegis of the Manhattan Project. 
Subsequently, much of this work was declassified and 
published after 1949. In some instances this early 
work, completed with relatively impure materials, 
represents the only source of X-ray diffraction pow- 
der data available in the literature. In the case of 
the intermetallic compound U, Fe some discrepancies 
in the powder pattern exist in the literature. Since 
this compound has been prepared in this laboratory, 
it is believed that the publication of the indexed 
powder pattern would help clarify the conflict in the 
literature. 

In studies of the U-Fe system, Gordon and Kauf- 
mann? and Grogan and Clews? independently reported 
the intermetallic compound U, Fe in 1950. The crys- 
tal structure was described by Baenziger, Rundle, 
Snow, and Wilson’ in 1950. It is isostructural with 
U,Mn, U,Ni, and U,Co and crystallizes in a body- 
centered tetragonal lattice. The lattice constants 
determined by Baenziger ef al. are: 


a= 10.31 + 0.04A, c= 5.242 0.02A 


giving an X-ray density = 17.7 ¢ em for 4 mol per 
unit cell. 
The compound used in this study was prepared by 
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melting a stoichiometric mixture of the constituent 
metals in an argon-arc furnace using a nonconsum- 
mable tungsten electrode. Before the argon of 99.98 
pct purity was introduced into the furnace, it was 
passed through CaCl, to remove water vapor and 
afterwards through a stainless steel tube containing 
calcium turnings heated at 600°C for the removal of 
nitrogen and oxygen. The purity of the uranium used 
was better than 99.9 pct and that of the iron was 
99.97 pct. Before and during melting a zirconium 
getter was used to further purify the argon atmos- 


Table |. Observed and Calculated d-Spacings for U,Fe-Cu KaRadiation 


UO = U ,Fe*** 
hkl atc days d obs d obs 
3.150 M 35157 100 Bagels M 
301 2.873 2.860 W 
2.724 W 23735 48 
002 2.621 2.612 W-M 2.60 M-W 
321 2.509 2.505 S 2.50 S 
420 2.305 2.295 VW 
411 2.257 2.254) vw W 
222 PE 2.129 M 2.10 VW 
510 2.022 2.019 VW 2.02 M-W 
1.935 W-M 1.934 49 
402 1,837 1.833 W 1.83 W 
332 1.782 1.786 VVWw 
600 1.718 
108 1.717 1.72 W 
1.648 M 1.649 47 
611 1.613 1.611 VVW 1.60 W 
323 1.490 1.488 M-S 1.49 M-S 
550 1.458 1.456 W 1.46 W 
602 1.437 1.437 W-M 1.43 S 
622 1.384 1.385 W-M 1.365 S 
004 1.310 1.307 W 1.31 S 
ay 1.274 1.274 M 1.275 M-W 
642 1.255 1.256 W, Br 15205 18 
1.224 VW, Br 1.233 15 
613 1.216 VW, Br 1.22 M-W 
831 1.176 M 1.175 M-S 
910 1.138 1.138 VW Pls5 W 
901 1.119 1117: W-M 1.1163 13 
504 1.099 1.099 W-M 1.095 W 
842 1.055 1.054 W, Br 1.0523 15 
770 
i 1.042 1.041 W, Br 
10,00 
1.031 1.030 W, Br 
833 0.992 0.9927 W-M 
325 0.985 0.9837 W 
714 
zt 0.975 0.9743 W 
862 
0.959 0.9596 VW 
871 0.954 .9535 WwW 
853 0.926 
11,01 ar .9236 M, VBr 0.9243 15 
880 0.912 .9123 VVW, Br 
615 0.892 .8907 VVW, Br 
-8106 M, Br 
.7906 M, VBr 
.7748 M, Br 


XS = strong, M = medium, W = weak, V = very, Br = broad 
*xDattern of H. E. Swanson and R. K. Fuyat: Natl. Bur. Stand. 
Circular 539, 1953, vol. II, p. 33. 
***Reference 2. 
Cu Ka(d = 1.5418A) 
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phere. The specimen in the form of a 20 g “button” 
was turned over and remelted twice to insure homo- 
geneity. Negligible weight loss was observed after 
melting. 

Difficulty was encountered in grinding fragments 
of the specimen in an agate mortar. The powder 
produced was severely cold worked as evidenced by 
broad and diffuse lines in the powder pattern enabling 
only low angle reflection lines to be observed. Con- 
siderable improvement was effected in the X-ray 
pattern after the U, Fe powder was annealed in a 
sealed silica tube which had been evacuated to 
0.02 4. Hg. The sample was held at 600°C for 24 hr 
and quenched in an ice water bath. The X-ray pow- 
der pattern was obtained with a Straumanis type 
Philips camera of 114.6 mm diam. Although Ni 
filtered Cu K,(A = 1.5418A) radiation was used, no 
objectionable fluorescence was observed. The 
powdered specimen was mounted in a 0.2 mm diam 
glass capillary and sealed before exposure to the 
X-ray beam. 

The powder diffraction data are given in Table I. 
There is excellent agreement between the observed 


and calculated d-spacings based on the unit cell 
dimensions of Baenziger et al. Since the single 
crystal studies of Baenziger et al. were limited to 
(2k 0) and (hk1) data, it was not possible to com- 
pare all the intensities of the powder and single crys- 
tal patterns. However, the strongest reflections of 
both studies, the (321) reflection, agree very well 
when the appropriate multiplicity factor is used. 
Good agreement was also found in a number of other 
reflections of lesser intensity. Despite the precau- 
tions taken in annealing the U, Fe powder, an appre- 
ciable amount of UO, was detected in the powder 
pattern after heat treatment. The powder pattern 
reported by Grogan and Clews is given in Table I. 
Except for the 3.15A line, which is the strongest 
line of UO,, their pattern, as far as it goes, com- 
pares favorably with the data from this study. 
Gordon and Kaufmann have reported a diffraction 
powder pattern purported to be U, Fe but it bears 
very little resemblance to the patterns of Table I. 


*P, Gordon and A. R. Kaufmann: J. Metals, 1950, vol. 188, p. 182. 

?J. D. Grogan and C. J. Birkett Clews: J. Inst. Metals, 1950, vol. 77, p. 571. 

SNeiC Baenziger, R. E. Rundle, A. I. Snow, and A. S. Wilson: Acta Cryst., 
1950, vol. 3, p. 34. 


The Effect of Zinc on the Conductivity 
of Copper 


J. W. Borough 


The electrical conductivity of pure copper is 
markedly decreased by small amounts of impurity in 
solution. The magnitude of this effect has been very 
carefully determined by numerous investigators who 
studied a wide variety of impurity elements. Much 
of this work is summarized in an excellent review by 
Pawlek and Reichel. 

The case of zinc impurity in copper is an excep- 
tion to the above in that there has been no well- 
documented study of the effect using high-purity 
starting materials. The values for the effect of zinc 
on conductivity, which are usually taken from unpub- 
lished work by Skowronski,? indicate that zinc in low 
concentration has no effect whatever in lowering the 
conductivity of pure copper. 

This effect, if true, is unusual since it is generally 
known that even in lowest concentration, impurities 
exert an effect on conductivity which is proportional 
to the amount dissolved. It is more reasonable to 
suspect that in the original work on the effect of 
zinc some of the zinc was oxidized out of solution 
during specimen preparation. The following experi- 
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ments were carried out to redetermine the effect of 
zinc on conductivity using high-purity starting ma- 
terials and processing conditions capable of produc- 
ing oxygen-free alloys. 

Materials used in the experiment were ASR 99.999 
pet Cu and Cumingo 99.999 pct Zn. Four 1 lb melts 
were prepared with identical procedure in argon 
atmosphere with crucibles made from Speer No. 580 
graphite. The compositions were 0.0, 0.1, 0.3 and 1.0 
pet Zn. 

Standard No. 14 wire (0.064 in. diam) was made 
from these melts as follows. The 1 pct Zn sample 
was first reduced 94 pct by cold Swaging with five 
annealing treatments of 800°C for 10 min in hydrogen 
between swagings, and then reduced 94 pct to the 
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Fig. 1—Percent of I.A.C.S. conductivity as a function of 
percent zinc in solid solution. 
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final dimension by cold drawing. The other melts 
were reduced 99 pct by cold swaging and then 50 pct 
to the final dimension by cold drawing without inter - 
mediate heat treatment. 

Three samples from each composition were 
selected and cut to approximately 20 in. for conduc- 
tivity determinations in the cold worked condition. 
Current and voltage measurements were made using 
the four probe technique with a Rubicon High Pre- 
cision Bridge. The samples were then tightly wrapped 
in foil made from 99.999 pct Cu and heat treated 
for 10 min at 500°C in hydrogen. The sample con- 
ductivities were then redetermined in the annealed 
condition. Following the final conductivity measure- 
ments the specimen compositions were verified by 
chemical analysis. 

It is noted by inspection of the plotted data that 
zinc in low concentration has an effect on the conduc- 
tivity of copper which is nearly linear. An approxi- 
mation to the data for the annealed condition is 
given by: 


K = K, 15.6 (% Zn) 


for zinc content of less than 1.0 pct where K is the 
conductivity of the alloy in per cent of the Interna- 
tional Annealed Copper Standard and K, is the per 
cent conductivity of the unalloyed copper. 

The author is indebted to R. E. Cech for guidance 
and assistance in both the experimental work and 
the writing of this report. 

Electrical measurements were made by L. A. 
Riccardi. 


‘rk. Pawlek and K. Reichel: Der Einfluss von Beimengungen auf die elek- 
trische Leitfdhigkeit von kupfer. Z. Metallk., 1956, vol. 47, p. 347. 

2S. Skowronski: quoted by L. Wyman, Gen. Elec. Rev., 1934, vol. 37, 
p. 120. 


Artifacts in Extraction Replicas 


R. C. Glenn and F. W. Aul 


Extraction techniques are of particular impor- 
tance in determining size, shape and crystal struc- 
ture of particles smaller than 1000A in steels and 
other alloys. However, artifacts that can arise dur- 
ing the preparation of extraction replicas may lead 
to erroneous conclusions. The purpose of this note 
is to illustrate some of these artifacts and the mis- 
information that can result from their presence. 

An alloy of iron with 0.8 pct Cu was investigated 
in the following conditions: 

1) Solution treated 3 days at 925°C in dry hydrogen 


R. C. GLENN, Edgar C. Bain Laboratory for Fundamental 
Research, U. S. Steel Research Center, Monroeville, Pa. 
F. W. AUL, formerly with the Edgar C. Bain Laboratory, is 
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(a) Transmission Electron Micrograph 


Fig. 1—Rod-like 
particles from Fe- 
0.8 pet Cu alloy 
quenched from 925 
C aged in steps. 
Dry extraction re- 
licas (b) & (c) 
show additional 
copper particles 
precipitated from 
liquid solution dur- 
ing etching. X32, 
000. Reduced ap- 
proximately 39 pct 
for reproduction. 


° 


(0) 5 min etch in super picral 


& 


(c) 1 min etch in 2 pct nital 


and quenched in water. Aged in steps to precipitate 
copper, as follows: heated to 700°C, held 1 day; 
then furnace cooled to 500°C, held 3 days; then fur- 
nace cooled to room temperature. 

2) Solution treated 3 days at 925°C in dry hydrogen 
and furnace cooled to room temperature. 

3) Solution treated 3 days at 925°C or 17 hr at 
1100°C in dry hydrogen to dissolve all copper, then 
quenched in water. 

A normal parlodion dry-extraction technique was 
employed after etching the specimens with “super 
picral”* or with 2 pct nital. A wet-extraction method 


*Saturated solution of picric acid in ethyl alcohol, to which a few 
drops of ‘‘Zephiran Chloride’’ are added. 


was also used in which the parlodion film was sepa~- 
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a 


(a) Furnace cooled 
from 925°C 


(0) Quenched from 
925°C 


Fig. 2—Similarity of copper particles precipitated from 
the etching solution during the extraction process. 
Fe-0.8 pet Cu alloy. Wet extraction replicas, 1 min 
super picral etch, X32,000. Reduced approximately 

43 pct for reproduction. 


rated from the specimen by immersion in saturated 
picral. 

In a study of the precipitation of copper from 
solid solution in this alloy, it was noted that “pre- 
cipitates” extracted from furnace-cooled specimens 
appeared in chain-like aggregates of spherical par- 
ticles similar to those described and discussed in a 
previous paper.’ Further investigation showed that 
particles of the same type were obtained by extrac- 
tion both from quenched and from aged specimens. 
This result was unexpected and it was decided, 
therefore, to compare these particles with precipi- 
tated particles of known shape. It had been shown 
previously?» that copper particles precipitated 
from ferrite at high temperatures or after very slow 
cooling are rod-like, whereas particles formed at 
low temperatures are spherical. A foil was prepared 
from a sample that had been solution treated at 
925°C and furnace cooled in steps. Examination of 
this foil by electron transmission microscopy re- 
vealed the rod-like particles shown in Fig. 1(a). 
Dry extraction replicas were then prepared from 
this material after etching 5 min in super picral or 
1 min in 2 pet nital. Figs. 1(b) and (c) show that 
the rod-like particles were extracted, but that 
spherical particles not apparent in the foil also are 
present. These are more prevalent in the extraction 
from the sample etched with super picral, Fig. 1(d). 

In specimens furnace cooled from 925°C, no evi- 
dence of precipitation was found by transmission 
electron microscopy but particles were obtained by 
extraction, Fig. 2(a). Similar particles were also 
obtained by extraction from specimens quenched 
from 925°C, Fig. 2(b), and even from specimens 
quenched from 1100°C, Fig. 3(b). These particles 
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». 
(a) 30 sec etch 


4 min etch 


Fig. 3—The effect of etching time on the size of particles 
precipitated from the etching solution. Fe-0.8 pet Cu 
alloy, quenched from 1100°C. Dry extraction replicas, 
super picral etch, X32,000. Reduced approximately 43 pct 
for reproduction. 


were identified as copper by electron diffraction. 
Thus, spherical particles were found in the extrac- 
tion replicas although it is known that all of the cop- 
per was in solid solution in the iron. It is concluded, 
therefore, that the spherical copper particles are 
artifacts precipitated from the etching solution. 

Figs. 3(a) and (0) show that the number of par- 
ticles precipitated from the etchant in contact with 
the alloy increases with increased etching time. 
Particles were first observed after etching 30 sec 
in super picral; after a 4 min etch they are more 
numerous and some of them appear to have grown 
considerably larger. It is obvious that variations 
in particle size and number can be produced by 
changing the etching time on a specimen which in 
reality contains no precipitate. 

These particles are the result of an electrochemi- 
cal reaction taking place in the etching solution. 
During the etching of Fe-Cu alloys, iron may reduce 
copper ions to metallic copper by the reaction 
Fe + Cutt — Fet+ + cu. 

In an investigation of iron alloyed with 12 pet Au, 
Similar artifact particles were extracted, but in 
this instance, the difference in the shape of the par- 
ticles (very thin plates) as seen by direct examina- 
tion of thin foils and those originating from the etch- 
ing solution was so pronounced as to preclude any 
danger of misinterpretation. 

Special care is required in interpreting extraction 
replicas from alloys containing elements that are 
widely separated in the electromotive series (Fe-Cu, 
Fe-Au). The evidence on hand indicates that extrac- 
tion techniques are an important analytical tool, but 
as in the instances discussed, the information thus 
obtained should be verified by other methods. 
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We are indebted to W. C. Leslie and to E. Horn- 
bogen for helpful discussions and for permission to 
report observations made in the course of their 
work, 


tr. L. Rickett and W. C. Leslie: Recrystallization, Structure, and Hardness 


of Low Carbon Steels Containing up to 1% Copper, Trans. ASM, 1958, vol. 51, 
p. 310. 


*R, Hornbogen and R. C. Glenn: A Metallographic Study of Precipitation of 
Copper from Alphalron, Trans. Met. Soc. AIME, 1960, vol. 218, p. 1064. 


Activities in Dilute Liquid Solution 
Fe-Si-O 


John Chipman and T. C. M. Pillay 


Tue Si-O equilibrium in liquid iron was investigated 
in some detail by Gokcen and Chipman’ who reported 
equilibrium constants of the following reactions: 


SiO, (s) =Si+ 20; K, = [% Si] x[%O]? [1] 
SiO, (s).+ 2H, (g) = Si (2); 
Ky = (% Si] x (by 0/P [2] 
(8) + Q= H,0(8)} =Py 
x [% O]) [3] 


In each case the thermodynamic equilibrium con- 
stant K was obtained by extrapolating X' to infinite 
dilution. Their results on reaction [1] were con- 
sistent with those of earlier observers, and there 
seems to be little doubt as to the approximate valid- 
ity of the equilibrium product determined. On the 
other hand, the results on reactions [2] and [3] in- 
dicated unusual curvilinear relationships between 
the activity coefficients of silicon and of oxygen and 
the silicon concentration. Since a linear relation is 
observed in all other similar instances, it was con- 
cluded that some source of error had affected the 
gas-metal equilibrium relationships. 

Recently the authors undertook a restudy of these 
equilibria with the view especially to establishing 
the equilibrium constant of reaction [2]. Their ex- 
periments, however, were discontinued before a 
thoroughly satisfactory answer had been obtained and 
consequently have remained unpublished until the 
present time. 

Quite recently Matoba, Gunji, and Kuwana? 
published the results of a very thorough study of 
these equilibria. It is the purpose of the present note 
to compare these three sets of experimental data, a 
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comparison which leads to confirmation of the re- 
sults of Matoba and coworkers. The experimental 
arrangements described by Dutilloy and Chipman $ 
were employed. A controlled mixture of H,, H,O, 
and argon was led into the induction furnace over the 
surface of the Fe-Si melt contained in a silica cru- 
cible. On account of the slow approach to equilibrium, 
runs were continued for at least 8 hr and, in some 
cases, as much as 12 hr. Samples were taken by 
means of silica tubes at the start and during the final 
4-hr period of each run. Out of twelve runs only 
seven appeared to have approached equilibrium with 
sufficient certainty to be reported here. The results 
of these experiments, all at 1600°C, are shown by 
the triangles in Fig. 1. Equilibrium was approached 
from both oxidizing and reducing conditions and the 
direction of approach is indicated by the shape of 
the triangle. Attempts to extend the study to higher 
silicon concentrations were unsuccessful on account 
of the transfer of silica from the metal bath to the 
upper portions of the crucible by means of a silicon- 
monoxide mechanism. 

Matoba, Gunji, and Kuwana used similar methods 
and approached equilibrium from both sides. Their 
results at three temperatures are shown by the solid 
lines of Fig. 1. A line corresponding to 1600 deg is 
interpolated from their equations and is shown by 
the dotted line. The results of Gokcen and Chipman 
at 1600 deg in the range 0.02 to 2.0 pct Si are also 
shown. At concentrations up to about 0.6 pct Si, 
these investigators approached equilibrium from 
both directions, and their results in this range ap- 
pear to be trustworthy. Above 1 pct Si, however, all 
of their experiments involved oxidation only, as 
shown by a decrease in the silicon content of the 
bath. It now seems certain that they failed to reach 
equilibrium at these higher silicon concentrations 
and that the curvilinear relation shown by their re- 
sults is incorrect. It is evident that their results in 
the lower silicon range are in good agreement with 
those of Matoba and coworkers. In fact, a straight 
line drawn through their results would parallel the 
dotted line and would differ from it by only 0.05 in 
log K. The new data also lie close to that line. It 
may thus be concluded that the three sets of data are 
in good agreement and that the equations proposed 
by Matoba and coworkers for reaction [2] are satis- 
factory. They take the limiting value of log K', at 0 pet 
Si as log K,. The slope of each line gives the value 


e§!, defined as d log f,; /d [% Si]. Their equations 
follow: 


log K, = -15,640/T + 4.85; AF; = 71,540 - 22.177 


eg; =d log f,, /d [% Si] = 3,910/T - 1.77 


Matoba and coworkers report values for the equi- 
librium constant in reaction [1] which are only 
slightly smaller than those reported by Gokcen and 
Chipman. Compared at 1600 deg the two investiga- 
tions lead to values of 2.3 and 2.8 x 10°° respec- 
tively. It must be recognized that the three equations 


VOLUME 221, DECEMBER 1961-1277 


(S252 
x 
1680° 
V Oxidizing 
A Reducing 
O Gokcen 
3.0 | | 
1.0 2.0 
Silicon, percent 
H,O\ 2 
Fig. 1—Equilibrium in Reaction [2], K’, = [% Si] (2) 
pH, 


Lines: Matoba, Gunji and Kuwana. Cireles Gokcen and 
Chipman 1600 deg Triangles, present work 1600 deg. 


written are not independent since any one could be 
derived thermodynamically from the other two. Re- 
action [3] has been studied by Floridis and Chipman 4 
whose results are expressed by 


AF, = — 32,200 + 14.637 


When this is combined with the above free-energy 
expression for reaction [2s we find for reaction 


AF°= + 135,940 - 51.437; 
log K, = - 29,700/T + 11.24 


This equation is now to be preferred to either that 
given by Gokcen and Chipman or by Matoba, Gunjji, 
and Kuwana. It is in good agreement with the latter 
and gives values for the equilibrium product which 
are compared with experimental values in the table 
below. 

In each investigation it was found that the product 
[%Si] x [%O]? is approximately constant up to about 
2 pet Si. This affords a measure of the interaction 
coefficient e §! which, according to this calculation, 
would be negative to half the value for e Stn At 
1600 deg this would be - 0.16. The plot given by 
Matoba and coworkers leads to a value of e x i= 
-0.137. The experimental data are not sufficiently 
precise to distinguish between these two closely 
agreeing values. 

Despite the excellent agreement indicated here, 


Table |. Values of the Equilibrium Product 5;°99 x105 


Temperature 1550 1570 1600 1625 1650 1680 
Matoba 1.25 (2.3) 3.65 10.6 
Gokcen 1.05 2.8 7.0 

Calculated 0.9 1.3 23 3.8 6.0 10.5 


we must be cautious in accepting such a large devia- 
tion from Henry’s law for silicon in liquid iron. The 
slope in Fig. 1 indicates a value of € st = 
din y5;/d Ns; = 36 at 1600°C compared to a value of 
about 4 reported by Chipman, Fulton, Gokcen, and 
Caskey * or a more probable value of about 10 to 12 
from their data. Until this discrepancy is also 
eliminated, we cannot be completely certain of the 
correct slope of the lines in Fig. 1. 

*N. A. Gokcen and J. Chipman: AJME Trans., 1952, vol. 194, p. 171; 1953, 
vol. 197, p. 1017. 

25. Matoba, K. Gunji, and T, Kuwana: Tetsu to Hagané, 1959, vol. 45, p. 
229; Stahl u. Eisen, 1960, vol. 80, p. 299. 

'D. Dutilloy and J. Chipman: Trans. Met. Soc. AIME, 1960, vol. 218, p. 428. 

“T. P. Floridis and J. Chipman: Trans. Met. Soc. AIME, 1958, vol. 212, p. 
549, 


5J. Chipman, J. C. Fulton, N. Gokcen, and G. R. Caskey: Acta Met., 1954, 
vol. 2, p. 439, 


The Formation of Sigma Phase and 
its Effect on the Workability of 
Mo-Re Alloys 


C. Feng and P. Levesque 


Tue addition of rhenium to molybdenum is known 
to produce alloys with good workability. Lawley 
and Maddin found that the critical stress for twin- 
ning in this system was lowered by the addition of 
35 pcet* Re, which suggests that twinning may re- 


* . . . 
Alloy compositions, unless otherwise noted, are given in atomic 
percent. 


place the usual slip operation as the major element 
of deformation. The twinning elements in bec Mo-Re 
alloys have been reported as the {112} planes and 
the <111> directions.’ This note represents the 
continuation of this investigation, in which the au- 
thors found that the occurrence of twinning promotes 
the formation of a bcc tetragonal phase, previously 
identified as o by Greenfield and Beck.? 

Specimens of Mo-35 pct Re alloy, prepared as 
described previously,* were solution annealed at 
2400°C, cooled to room temperature, and plastically 
deformed by compression to induce twinning. After 
subsequent aging for 8 hr at 1300°C, traces of o were 
observed along the grain boundaries and at the inter - 
faces between the twins and the matrix, Fig. 1. With 
increased aging time the o phase grew into larger 
clusters and finally occupied the entire twinned 
area, Fig. 2, Experiments also indicated that if 
twinning did not precede aging, there was no visible 
evidence of o in the microstructure. 
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Inc., Watertown, Mass. CHARLES FENG, formerly with 
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Fig. 1—Mo-35 pct Re alloys, aged at 1300°C for 8 hr. 
Magnification, X150; etchant, diluted Murakami reagent. 
Enlarged approximately 12 pct for reproduction. 


Similar experiments were carried out with other 


Mo-Re alloys containing smaller amounts of rhenium. 


It was found that in alloys where the rhenium content 
was 26 pct or lower, no o phase was observed after 
aging, irrespective of the presence of twinning. The 
results are summarized in Table I. The formation 
of o in Mo-Re alloys is thus believed to be bound by 
two conditions: 

1) The alloys must be subjected to twinning or 
other types of plastic deformation. 

2) The rhenium content must be above its solu - 
bility limit in molybdenum. 

Nucleation of o phase along the grain boundaries 
and at the interfaces between the twins and the ma- 
trix demonstrates that the transformation from the 


Fig. 2—S: 
Magnification, X300; etchant, diluted Murakami reagent. 
Enlarged approximately 12 pct for reproduction. 
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Table I. Transformation in Re-Mo alloys after cold working and aging. 


Occurrence of 


Twinning after Annealing 
Re Compression at Time at o Phase 
Alloys At. Pct Room Temperature 1300°C Formation 
A 2.5 no * 100 no 
B 5.6 no * 100 no 
Cc 12 no * 100 no 
D 18 yes 100 no 
E 26 yes 100 no 
F 35 yes 240 20 pet 


* 
Deformed at more than 10 pct reduction from original height 


bcc to the tetragonal lattice is initiated in a highly 
stressed region. Thermodynamically, twinning as 
well as other forms of plastic deformation may be 
considered as an energy storing process. Upon heat- 
ing, this energy is released and becomes available 
for other purposes, such as recovery and recrystal- 
lization. In the case of Mo-Re alloys, the energy 
stored by twinning is released upon aging and is 
used for the formation of o phase. If such energy is 
unavailable, transformation to o will be inhibited. 

Mechanical tests on the Mo-35 pct Re alloy in- 
dicated that there was a significant drop in ductility 
after the o phase was formed. Originally, when 
cooled to room temperature from its solution treat- 
ment at 2400°C, the alloy was fairly ductile and 
could be deformed more than 50 pct without failure. 
However, the same alloy, after being deformed less 
than 1 pct and aged at 1300°C for 240 hr, was found 
to be brittle and incapable of standing further de- 
formation without failure. Such a loss of ductility 
is connected with the large amount of o present in 
the microstructure, Fig. 2. 

Although twinning in high rhenium alloys may be 
a major element of deformation, it is by far not the 
only element in operation. As mentioned previously, * 
when rhenium content is below 12 pct, no twinning 
was found after a deformation of as much as 30 pct. 
Other types of deformation, such as slip, must be 
taking place in such instances. It is possible that 
the introduction of rhenium atoms into the molyb- 
denum bcc lattice changes the slip system into a 
more favorable one. It is also possible that the ad- 
dition of rhenium may ease the obstruction against 
slip operation which was built up by the interstitial 
elements, such as oxygen, nitrogen, and carbon. 
Both of these possibilities could explain the ductility 
of Mo-Re alloys. The authors feel that in order to 
avoid the danger of o formation which leads to em- 
brittlement of the alloy, the rhenium content should 
be limited between 18 to 26 pct. With proper pre- 
paration and melting techniques, Mo-Re alloys can 
be produced which will be free of o and have good 
workability. 


1G. A. Geach and H. R. Hughes: The Alloy of Rhenium with Molybdenum or 
with Tungsten Having Good High—Temperature Properties. Plansee Proceedings 
1955, p. 245, Pergamon Press Ltd., London, 1956. 

24. Lawley and R. Maddin: J. Metals, 1959, vol. 11, no. 9, p. 591. 

3c. Feng: Trans. Met. Soc. AIME, 1960, vol. 218, no. 1, p. 192. 

“P. Greenfield and P. A. Beck: AJME Trans., 1956, vol. 206, p. 265. 
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Steady State Creep in a CuAu,-Alloy 


R. G. Davies 


WwW EERTMAN’ has shown that the high temperature 
steady state creep rate, €, in lead and indium-base 
alloys obeys an equation of the form 


€ exp — 

RT 
where AH is the activation energy, o the applied 
stress, n the stress exponent, and R and T have 
their usual meanings. He observed a variation in n 
from 4.5 for pure metals to 3 for concentrated al- 
loys, which he interpreted as due to change in creep 
mechanism from the climb of dislocations in pure 
metals to a micro-creep mechanism in the alloys. 
The Cottrell-Jaswon microcreep mechanism of the 
moving dislocation taking its impurity atmosphere 
with it was considered to be the most likely process, 
although short-range order and the segregation of 
solute atoms to a stacking fault will also give a 
stress exponent of 3. 

Steady state creep has been investigated ina Au — 27 
at. pct Cualloy at temperatures above 1 /2 Ty Where Tyy 
the absolute melting temperature. As the oxidation 
resistance of this alloy is excellent all tests were 
carried out in air with a furnace built to give a tem- 
perature variation of less than +1°C along the 60 mm 
gage length. A lever-arm arrangement applied the 
stress with a load being adjusted between each creep 
test to maintain a constant stress. As each test pro- 
duced less than 0.5 pct creep strain, the variation in 
stress during the test was negligible. The creep 
strain was measured by a transducer at the end of 
one of the alloy-steel grips, with the out of balance 


T T T T T T T T T T T 


Au-27at %Cu 


ine) 

i=) 
T 


T 


Stress 3-9 kgmssq.mm. 


PERCENT ELONGATION 
S 


temp. 372°C 
O5- 
0 2 4 6 8 10 
TIME IN MINS. 


Fig. 1—Typical creep curve for gold-27 at. pct Cu alloy. 
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Fig. 2—Double logarithmic plot of steady-state creep rate 
at various temperatures for a gold-27 at. pct Cu alloy. 


potential being finally recorded on a variable speed 
chart recorder. A typical creep curve is shown in 
Fig. 

The results, Fig. 2, confirm that x is nearer to 3 
than to 4.5; the creep mechanism could be any of 
those given above. The activation energy, AH, which 
is independent of stress, is consistent with a diffu- 
sion controlled process; the activation energies for 
the self-diffusion of gold and for the diffusion of gold 
into copper are both ~ 45 kcal per mol.?:3 

There is now considerable evidence,}»4~ that, when 
the steady state creep is dependent upon diffusion, 
irrespective of the actual creep mechanism, the ac- 
tivation energy is independent of the stress. 

The author would like to acknowledge the financial 
assistance provided by the International Atomic En- 
ergy Agency, Vienna, and the Argentine Atomic En- 
ergy Commission. 


*y. Weertman: Trans. Met. Soc. AIME, 1960, vol. 218, p. 207. 
7A. C. Gatos and A. D. Kurtz: J. Metals, 1954, vol. 6, p. 16. 
TAB: Martin, R. D. Johnson, and Frank Asaro: J. Appl. Phys. 1954, vol. 25, 


© 


364. 
“A, Lawley, J. D. Coll, and R. W. Cahn: Trans. Met. Soc. AIME, 1960, vol. 218, 
166 


5R, E. Frenkel, O. D. Sherby, and J. E. Dorn: Acta Met., 1955, vol. 3, p. 470. 
J. G. Harper, L. A. Shepard, and J. E. Dorn: Acta Met., 1958, vol. 6, p. 509. 
7J. G. Harper and J. E. Dorn: Acta Met., 1957, vol. 5, p. 654. 
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